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FOREWORD 

The European Co-operation in the field of Scientific and Technical Research (COST) is a 
well-established organisation for the co-ordination of national research and development 
programmes on the European level. The series of Liège conferences began in 1978 with 
the aim of disseminating the results of the COST Action 50 in which materials for gas 
turbines were investigated. Since then, a Liège Conference has been held every four years 
and the results of COST Actions 501 and 522, which were concerned with materials for 
power generation plant, reported. At this, the Eighth Liège Conference, the materials 
research and development work being carried out in the current COST Actions 536 ‘Alloy 
Development for Critical Components of Environmentally Friendly Steam Power Plant’ 
with the acronym ACCEPT and 538 ‘High Temperature Plant Lifetime Extension’ will be 
reported. 

Reliable energy supply at reasonable cost is one of the most important factors in the 
development and maintenance of the modern industrial society, but there are increasing 
concerns about the environmental impact of energy production as well as about the need to 
conserve valuable energy resources for future generations. New and emerging energy 
technologies are of great interest, but fossil fuels will continue to make a considerable 
contribution to energy requirements into the foreseeable future. The emphasis in this field 
is therefore on the most efficient use of fossil fuels, which can be achieved by increasing 
the thermal efficiency of the energy conversion process. For steam power plant and gas 
turbines, this means raising the temperature and pressure of the process. This in turn 
requires the application of improved materials that are able to withstand the increasingly 
arduous service conditions.  

In the COST Actions, the materials research and development activities that are necessary 
for the critical components of advanced, highly efficient power generation plant have been 
based on the principle of work-sharing, bringing together materials scientists and 
engineers, plant designers, alloy producers, component manufacturers, plant constructors 
and plant operators. This constellation of expertise reflects the need to match materials 
properties to component behaviour.  

In order to put the European efforts into a world-wide scenario, there are in this conference 
a number of invited papers that will discuss the energy perspectives and the development 
of power plant materials in the USA, Japan, India and China.  

The Conference Proceedings are organised as follows: 

Part I:   INAUGURAL SESSION 
   Invited papers 
   

EUROPEAN ENERGY MATERIALS RESEARCH 
Invited papers 

ENERGY PERSPECTIVES  
   Invited papers 
   
   



iv

ADVANCED GAS TURBINE MATERIALS  
Invited papers 
Contributed papers 

    Mechanical properties 
    Microstructure 

Part II:  ADVANCED GAS TURBINE MATERIALS  
Contributed papers

    Modelling 
    Joining technology  
    Oxidation and hot corrosion 
    Coating technology 
    Intermetallics and ceramics 

ADVANCED STEAM TURBINE MATERIALS  
   Invited papers 
   Contributed papers 
    Mechanical properties 
    
Part III:  ADVANCED STEAM TURBINE MATERIALS 

Contributed papers
Microstructure 

    Modelling and alloy design   
Welding technology 

    Steam oxidation and coatings 
    Austenitic and nickel-base alloys 

  ADDENDUM 

The Technical and Editorial Board members would like to express their gratitude to all the 
members of the COST 536 and COST 538 Management Committees, for their supervision 
and support of the considerable research and development efforts, both in their own 
countries and across national borders. Those who were involved in the reviewing of the 
submitted papers are also sincerely thanked for their important contribution to the 
production of the Proceedings.   

                  



Research Centre Jülich - 50 Years of Innovation

Addressing society's challenges, questions and expectations and delivering solutions with the

aid of excellent, strategically positioned research: this is the mission that Research Centre

Jülich has been involved in ever since its foundation 50 years ago. Over the course of the

years, it has undergone a huge transition, moving from research focused on the peaceful uses

of nuclear energy to a research enterprise run on a multi-programmatic and interdisciplinary

basis with an internationally unrivalled profile.

The key to this profile is the close linking of Jülich's traditional core competence, physics, to

the other sciences. The basic insights gained in physics contribute decisively to a better

understanding of the complex systems in energy, chemistry, biology, medicine and the

geosciences, while the questions encountered in these fields extend the approaches adopted in

physics. A further core competence that has evolved in Jülich with a remarkable momentum

over the last few years is scientific computing. The operation of medium and large-scale

equipment and a well-developed scientific and technical infrastructure round off the profile.

This leads to the co-operation between and mutual enrichment of the different areas of

expertise in Jülich, which remains internationally unparalleled in both nature and intensity.

The positive effect of this cross-linking is further enhanced through strategic alliances with

other centres in the Helmholtz Association, as well as with universities, industrial companies

and research institutions worldwide.

The Research Centre Jülich will use this profile as a focal point for its research over the next

two decades, making thus significant future contributions to the following four grand

challenges: responsible management of the environment's natural resources, sustainable and

comprehensive energy supply, securing food for and the health of a growing world

population, and the provision and solutions-orientated linking of large quantities of

information.
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ENGINEERING SUSTAINABILITY 
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Abstract 

Humankind faces the most serious challenge ever – sustainable development. This is described from a physical 
and ecological perspective. A new engineering paradigm based on increasing nature’s capital instead of 
exploiting it is presented, as well as fundamental ecological principles and exergy based concepts and methods in 
order to understand, analyze and optimize engineering processes towards sustainability.

Keywords: Sustainable development, Environmental sciences, Ecological engineering, 
Energy and Natural resources, Exergy 

Introduction 

The ongoing depletion of nature’s capital must come to an end before it is too late. Values are 
lost and substances are spread in the environment when nature’s capital is exploited and 
consumed in our economies. The physical conditions in nature change and create instability. 
New life forms that are better fitted to these new conditions will appear, i.e. survival of the 
fittest. Some of these new organisms will not support present higher forms of life, e.g. homo 
sapiens. We see this as new diseases. The bird flu virus is just but one example of an ongoing 
creation of new organisms that will go on as long as suitable conditions are offered. Thus, 
present industrial society is fertilizing its own extinction. The only solution to sustainable 
development for humankind is to restore and preserve nature’s capital. This enforces a new 
paradigm based on increasing the capital of nature instead of exploiting it. Present technology 
and social management are founded, to a large extent, on the knowledge offered by science. 
Yet it is precisely these structures and their impact, which we know to be unsustainable. This 
implies tremendous efforts from science, which gradually adopts the new situation. In some 
areas of science this even relates to a complete change of paradigm. Science is partly the 
problem as well as a part of the solution for a sustainable development. 

The evolution of knowledge is essential to human cultures. Every human culture carries a 
unique cultural paradigm—the soil for knowledge to grow and flourish. The diversity of 
cultures in our world is essential to the evolution of human knowledge—our creative 
diversity. This diversity is the wellspring of our progress and creativity. 

Present focus must be on relationships; between humans and with nature. Today these 
relationships are characterized by greed and violence fostered by the present cultural 
paradigm, or arrogance and ignorance instead of friendship and compassion. This must 
change into a culture of peace. Peace within us, peace among us and peace with nature are 
essential for happiness, harmony and knowledge to flourish. 
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We, the people of the world, are also children of earth with a common goal to care for life 
itself. We were given intelligence, emotions and possibilities, but also responsibilities. With 
these gifts we have created a world of prosperity, but also of poverty. The world has brought 
us together, but also apart and away from nature. We face a future of threats and limitations, 
but also possibilities. These challenges demand careful and responsible actions from 
everyone, based on a better understanding together with moral obligations. 

Nature’s Engineering 

Nature is the only creature and holder of life, as far as we know. From our understanding 
there are some fundamental conditions that maintain this unique capacity of nature. 

Contrast, Motion, Exergy, and Time

In order for things to happen, i.e. motion to occur, there must be a driving force: something 
that can create action. A force is created by a difference in space of some kind, i.e. a contrast. 
This is a physical quantity such as temperature, pressure or tension. When this force, due to a 
contrast, is acting, it also “eats up” its source of power. The depletion of power into action is 
the creator of time. By allowing a contrast that is enclosed into the three-dimensional space to 
act, a new fourth dimension is created, i.e. time. 

Exergy is the physical concept of contrast, which quantifies its power of action. A system in 
complete equilibrium with itself and the environment does not have any exergy, i.e. no power 
of action. Exergy is defined as work, i.e. ordered motion, or ability to perform work. If there 
is exergy then time can be experienced, however, only if exergy is destroyed. This is an 
irreversible process, which creates a motion in a specific direction, i.e. in the direction of 
time. 

The limited speed of light is also of essential importance for the life support systems. If light 
could move at infinite speed, the sun could, in principal, release all its stored exergy 
immediately, thus, there would be no time for life to appear. The light from other stars in the 
universe brings also with it the history, due to the limited speed of light. When we look into 
space, we look into the history of the universe. The border of the universe gives us its time of 
birth, or the so-called “big bang,” perhaps the birth of time. However, if the universe is 
infinite, then also time would be infinite. 

Energy, Matter, Exergy, and Entropy

Energy and matter cannot be created, destroyed, produced or consumed. Energy and matter 
can only be converted into different forms. This occurs by the consumption of contrast. 
Locally, the contrast may increase, but this can only occur at the expense of an even greater 
deterioration of the contrast elsewhere. On the whole it is a question of continuous 
deterioration of contrast, thus, pointing out the existence and direction of time, see Fig. 1. 

Energy and/or matter flow through a system. The motive force of the flow of energy and/or 
matter through the system is the contrast or the level of order. Energy and/or matter are falling 
from high order, i.e. low entropy, in the inflow into low order, i.e. high entropy, in the 
outflow. This is also expressed as a destruction of exergy [1]. 
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Fig. 1 The flow of energy and matter through a system. 

Energy and matter only serve as carriers of contrast, which is partly consumed when it flows 
through a system. When energy and matter flow through a system, a very small part of this 
may sometimes be stored in or removed from the system. If there is a balance between inlets 
and outlets of energy and matter, the system will remain unchanged, a kind of steady state that 
is described in Fig. 1. Such steady state systems are the moon and a car. The moon offers us 
moonlight and a car is a mean of transport, however, the systems remain in principal 
unchanged. 

If exergy is stored in the system we may have a viable state, i.e. life may occur. Logic would 
suggest therefore that the existence of life and the evolution of life imply that exergy from the 
sun must be stored on the earth. 

The Earth, the Sun, and Space

Fig. 2 The sun-earth-space system. 

The source of exergy on the earth is secured from the contrast between the sun and space, see 
Fig. 2. The exergy on the earth, exists through the conversion of energy from sunlight into 
heat radiation, which flows from the earth back into space. Due to this, all flows of energy 
and matter are carried forward through systems on the earth’s surface, and life can be created 
and maintained. 
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Life

Life in nature relates to three 
fundamental processes: production, 
consumption, and decomposition. These 
maintain the circulation of matter by 
using the incoming solar exergy in a 
sustainable and evolutionary way, see 
Fig. 3. 

Green plants, which represent the 
production process, convert exergy from 
sunlight into the exergy-rich matter of 
biomass, via photosynthesis. The exergy 
as biomass then passes through different 
food chains in the ecosystems. At every 
trophic level exergy is consumed and 
decomposition organisms dominate the 
last level in this food chain. There is no 
waste, however a removal of “unwanted” 
substances. Nature operates a unique machinery of development on the earth by capturing and 
sealing certain substances into minerals in the earth’s crust. A fraction of the exergy from the 
sun-space contrast is stored as an increase of the exergy capital on the earth. This appears as a 
net-flow of “unwanted” substances from the biosphere into the lithosphere as well as a 
redistribution of other substances in the environment, e.g. oxygen to the atmosphere. Thus, 
the exergy capital on the earth is increasing, which is a key element in nature’s process of 
evolution. 

Society’s Engineering 

Resource Use in the Society

Present industrial society, is built on an 
unsustainable resource use, see Fig. 4. 
Fossil fuels and metals that originate 
from deposits of minerals in the 
lithosphere are unsealed and spread in 
the environment, which is exactly the 
opposite of what is done by nature (Fig. 
3). This is obviously not sustainable, at 
least not for a very long time. Resource 
depletion and environmental destruction 
are two consequences of the use of 
deposits. In a closed system “nothing 
disappears and everything disperses” 
which state that these substances will 
unavoidably end up in the environment. 

Fig. 3 The circulation of matter in nature is 
powered by sunlight. 

Fig. 4 Society depletes nature’s capital and returns 
waste.
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In Fig. 5, we see how the 
resource use in the 
society is maintained. 
The greater part of the 
exergy requirements are 
utilized from the 
terrestrial exergy stocks, 
i.e. funds and deposits. 
Only a very small part of 
the exergy flow from the 
sun is used directly. 
Through society we see 
an almost continuous 
exergy loss. Some 
exergy flows, such as 
flows of metals, initially 
increase their exergy 
when passing through 
society. However, other 
flows decrease their 
exergy all the more. A 
tank, which contains the 
funds and the deposits, 
indicates the limited 
amount of exergy stocks 
or capital on the earth. 
As long as the levels are 
kept stable, i.e. the output of resources does not exceed the input from the sun and the 
biological processes, then we have a sustainable situation. However, if the level is dropping, 
i.e. the exergy capital is depleting then we have an unsustainable situation and substances will 
be contaminated in the environment. As long as these substances are under control this may 
not be a serious problem. Large amount of substances are accumulated in the society as 
constructions, e.g. buildings and machines, and, as long as these remain, their substances may 
not effect the environment. However, when they are allowed to decompose some of them may 
pose a serious threat, e.g. old nuclear, chemical, and biological arms that are not safely stored 
or destroyed. This also relates to harmful substances that are accumulated by a purification 
system, e.g. used filters and sediments from sewage treatment works, cyclone separators and 
scrubbers. However, human constructions and buildings will not last forever. Sooner or later 
they will deteriorate and their substances will end up in the environment. Thus, environmental 
pollution is an inevitable consequence of the use of deposits. The depletion of the resource 
may not be the most serious problem, but rather the emission of pollutant and unwanted 
substances into the environment. The concern for an eventual lack of non-renewable resources 
must be combined by a similar concern for the environmental impact and its consequences 
from the emission of these substances. Presently, only nature offers the machinery to put these 
substances back into the lithosphere (Fig. 3). However, the present damage may take nature 
millions of years to repair, and in the meantime there will be a serious impact on the living 
conditions for all forms of life. 

Fig. 5 Exergy flows to the society. 
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Fig. 6 Exergy use in the Swedish society in 1994. 

Figure 6 shows the exergy flow in the society in more detail, in this case the main conversions 
of energy and materials in Sweden in 1994 [2]. The flows go from the resource base to the 
consumption sector. Thus, the diagram basically represents the resource supply sector where 
resources such as crops and minerals are turned into consumer goods such as food, transport 
and thermal comfort. The inflows are ordered according to their origins. Sunlight is thus a 
renewable natural flow. Besides a minor use of wind power, far less than 5 PJ, this is the only 
direct use of a renewable natural flow. Harvested forests, agricultural crops, and hydropower 
are renewable exergy flows derived from funds. Iron ore, nuclear fuels, and fossil fuels are 
flows from deposits, which are exhaustible and also carry with them toxic substances. The 
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unfilled boxes represent exergy conversions, which in most cases represent a huge number of 
internal conversions and processes. The total inflow of resources during 1994 amounts to 
about 2720 PJ or 310 GJ per capita and the net output becomes 380 PJ or 40 GJ per capita. 
Thus, the overall efficiency of the supply sector can be estimated at less than 15%. As we can 
see, some sectors are extremely inefficient. Some resource conversion systems have a 
ridiculously poor efficiency. For nuclear fuel to space heating through short circuit heaters the 
utilization becomes less than 0.025% [2]. 

The emission of unwanted substances from the industrial society is likely to produce diverse 
and unpredictable consequences in the biosphere. New microorganisms adapted to new 
environments will appear, see Fig. 7. Existing microorganisms, i.e. bacteria, fungi and 
viruses, provide the conditions on which present forms of life are founded. All forms of life 
are built on the existence of a specified mixture of certain microorganisms. 

Fig. 7 “Survival of the Fittest” is a driving force in the evolution . 

The incredible power of these tiny organisms must not be ignored. One single bacterium 
could in theory fill out the entire solar system within a few weeks if it were able to multiply 
without limitations. This describes the power of the living foundation of nature’s life support 
system and the danger of interfering with this. By changing the physical environment it 
becomes unfavorable for existing microorganisms as well as for higher forms of life. This 
may be recorded as a reduction in the number of species. However, the new physical 
environment that is offered will also encourage new forms of life to appear, initially by new 
microorganisms that are better fitted to the new conditions, e.g. bacteria that develop 
immunity to antibiotics. Later new insects or insects with new characteristics will appear, 
such as the malaria mosquito that is resistant to DDT. This is what Darwin expresses as “the 
survival of the fittest.” Toxicity is a condition that can be reversed when transferred to 
different biological systems. A toxic substance is of course harmful for some organisms but at 
the same time it offers a new ecological niche that soon will be occupied by new organisms. 
This is a dangerous consequence of environmental pollution and an important perspective on 
the bird flu virus. 

Thus, industrial society may nourish its own extinction by degrading the biological 
foundations of human existence. It would be very naive to believe that new microorganisms 
will only live in harmony with the present higher forms of life. The immediate signs of this 
are the appearance of new diseases as the bird flu virus, less resistance against existing 
diseases due to a weakened immune system and the increasing rate of chronic allergy. 
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Sustainable Engineering 

Sustainable Development

There are more than hundred definitions of sustainable development, however, the most 
widely-used was coined in 1987 by the Brundtland Commission in their report, Our Common 
Future: “to meet the needs of the present without compromising the ability of future 
generations to meet their own needs.” This may sound very attractive since everyone will get 
what they “need”, now and forever. However, this does not free the rich from dealing very 
concretely with the problems associated with redistribution of current wealth to those who are 
in greater need. Still, need must be treated with global justice to remain its meaning. United 
Nations Development Programme Human Development Report has stated that the annual 
income of the poorest 47 percent of the earth’s people is less than the combined assets of the 
richest 225 people in the world. Given this obscenely unequal distribution of wealth and 
income, the top fifth of the world’s people consume 86 percent of all the goods and services 
while the bottom one-fifth must subsist on a mere 1.3 percent. Sustainable development must 
not become a mantra used as an excuse and justification to sustain economic growth at the 
expense of continued human suffering and environmental destruction. Thus, it must 
incorporate explicit and well-founded notion of the globe’s carrying capacity and an 
awareness of the consequences of exceeding this. However, since the Brundtland report was 
presented, resource depletion and environment destruction have only proceeded and worsen. 
The poor are still ignored and left out with a catastrophe. Thus, the time of lip service must be 
replaced with action and true change. This implies the fulfillment of moral obligations 
concealed for generations. 

Exergy is a suitable scientific concept in the work towards sustainable development. Exergy 
accounting of the use of energy and material resources provides important knowledge on how 
effective and balanced a society is in the matter of conserving nature’s capital. This 
knowledge can identify areas in which technical and other improvements should be 
undertaken, and indicate the priorities, which should be assigned to conservation measures. 
Thus, exergy concept and tools are essential to the creation of a new engineering paradigm 
towards sustainable development. 

Exergy

The exergy concept originates from works of Carnot [3], Gibbs [4] Rant [5] and Tribus [6]. 
Exergy of a system is [1] 

i
ii nSTVPUE 000  (1) 

where U, V, S, and ni denote extensive parameters of the system (energy, volume, entropy, 
and the number of moles of different chemical materials i) and P0, T0, and i0 are intensive 
parameters of the environment (pressure, temperature, and chemical potential). Analogously, 
the exergy of a flow can be written as: 

0 0i iE H T S n  (2) 

where H is the enthalpy. 
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All processes involve the conversion and spending of exergy, thus high efficiency is of most 
importance. This implies that the exergy use is well managed and that effective tools are 
applied.

Exergy Losses 

Energy is always in balance, however, for real processes exergy is never in balance due to 
irreversibilities, i.e. exergy destruction that is related to the entropy production by 

tot tot tot
in out 0 in out( ) 0i

i
E E T S E E  (3) 

where totS  is the total entropy increase, tot
inE  is the total exergy input, tot

outE  is the total exergy 
output, and iEE )( outin  is the exergy destruction in process i.

The exergy loss, i.e. destruction and waste, indicates possible process improvements. In 
general “tackle the biggest loss first” approach is not always appropriate since every part of 
the system depends on each other, so that an improvement in one part may cause increased 
losses in other parts. As such, the total losses in the modified process may in fact be equal or 
even larger, than in the original process configuration. Also, the use of renewable and non-
renewable resources must be considered. Therefore, the problem needs a more careful 
approach.

Exergy Efficiencies 

A simple definition of efficiency expresses all exergy input as used exergy, and all exergy 
output as utilized exergy. So the exergy efficiency ex,1 becomes: 

in

outin

in

out
ex,1 1

E
EE

E
E  (4) 

However, this efficiency does not always provide an adequate characterization of the 
thermodynamic efficiency of processes, such as heat transfer, separation, expansion etc. 
Often, there exists a part of the output exergy that is unused, i.e. an exergy waste wasteE to the 
environment. Thus, the utilized exergy is given by wasteout EE , which we call the exergy 
product Epr . The output consists of two parts. 

wasteprout EEE  (5) 

The exergy efficiency ex,2  now instead becomes 

in

waste
ex,1

in

pr

in

wasteout
2,ex E

E
E
E

E
EE

(6)

Sometimes a part of the exergy going through the system is unaffected. This part of the 
exergy has been named the transit exergy Etr, see Fig. 8. Example of transit exergy is the 
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exergy which goes unaffected through a production process, e.g. the exergy of crude oil being 
refined into petroleum products. 

Fig. 8 Process flows. 

If the transit exergy Etr is deducted from both the input and the output exergy (or rather from 
exergy product), the exergy efficiency 3,ex  becomes 

trin

trpr

trin

trwasteout
3,ex EE

EE
EE

EEE
(7)

These latter definitions are compared by applying them to a system with two different 
processes A and B (Fig. 9) The exergy efficiencies are for process A: ex,2=91% and 

ex,3=10%, and for process B: ex,2= ex,3=50%. Thus, determining which is the most efficient 
process is a matter of defining efficiency. In addition, the exergy destruction of process A is 
larger than that of process B, 9 versus 5. 

Fig. 9    Comparing exergy efficiencies.
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A better insight is offered by using exergy flow diagrams since it shows: (1) the exergy 
efficiencies of the various parts of a system, (2) the different exergy inputs and outputs, (3) 
where the various exergy flows come from and go to, (4) the amount of transit exergy, (5) 
how much exergy is destroyed in each processes. 

Exergy diagrams

Exergy flow diagrams 

Fig. 10  Energy and exergy flow diagrams of a heat power plant. 

From the above it is clear that ambiguity reduces if an exergy flow diagram is used to 
demonstrate an exergy transfer instead of a ratio. In engineering, these diagrams are often 
used to describe the energy or exergy flows through a process.  
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Figure 10 shows a typical heat power plant, its main components and roughly the main energy 
and exergy flows of the plant. This diagram shows where the main energy and exergy losses 
occur in the process, and also whether exergy is destroyed from irreversibilities or whether it 
is emitted as waste to the environment. In the energy flow diagram energy is always 
conserved, the waste heat carries the largest amount of energy into the environment, far more 
than is carried by the exhaust gases. However, in the exergy flow diagram the temperature of 
the waste heat is close to ambient so the exergy becomes much less. The exergy of the 
exhaust gas and the waste heat are comparable. 

Figure 11 illustrates the energy and exergy flows of an oil furnace, an electric heater, an 
electric heat pump and a combined power and heat plant, i.e. a co-generation plant. The 
produced heat is used for space heating. In the oil furnace the energy efficiency is assumed to 
be typically about 85%, losses being due mainly to the hot exhaust gases. The exergy 
efficiency is very low, about 4%, because the temperature difference is not utilized when the 
temperature is decreased, to a low of about 20°C, as a comfortable indoor climate. 

Fig. 11 Energy and exergy flows through some typical energy systems. 

Electric heating by short-circuiting in electric resistors has an energy efficiency of 100%, by 
definition of energy conservation. The energy efficiency of an electric heat pump is not 
limited to 100%. If the heat originating from the environment is ignored in the calculation of 
the efficiency, the conversion of electrical energy into indoor heat can be well over 100%, e.g. 
300% as in Fig. 11. The exergy flow diagram of the heat pump looks quite different. The 
exergy efficiency for an electric heater is about 5% and for the heat pump, 15%. 
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In Fig. 10 the energy and exergy efficiencies are the same because the inflow of fuels and the 
outflow of electricity both have an exergy factor of about or exactly 1 respectively. For a 
combined power and heat plant, i.e. a cogeneration plant (Fig. 11) the exergy efficiency is 
about the same as for a thermal power plant (Fig. 10). This can be better understood from the 
exergy diagrams. The main exergy loss occurs in the conversion of fuel into heat in the boiler. 
Since this conversion is practically the same in both the condensing and the combined power 
plants, the total exergy efficiency will be the same, i.e. about 40%. However, it may be noted 
that the power that is instead converted into heat corresponds to a heat pump with a 
coefficient of performance (COP) of about 10. Thus, if there is a heating need a cogeneration 
plant is far superior to a condensing power plant. The maximum energy efficiency of an ideal 
conversion process may be over 100%, depending on the definition of efficiency. The exergy 
efficiency, however, can never exceed 100%.  

Total Exergy input/output Analysis

Exergy Analysis 

To estimate the total exergy input that is used in a production process it is necessary to take 
all the different inflows of exergy to the process into account. This type of budgeting is often 
termed Exergy Analysis [1]. There are basically three different methods used to perform an 
Exergy Analysis: a process analysis, a statistical analysis or an input-output analysis. The 
latter is based on an input-output table as a matrix representation of an economy. Every 
industrial sector is represented by a row and column in the matrix. The main advantage of this 
method is that it can quickly provide a comprehensive analysis of an entire economy. The 
main disadvantages results from the use of financial statistics and from the degree of 
aggregation in the table. In order to obtain a more detailed disaggregation than used in input-
output tables it may be sufficient to make use of the more detailed statistics from which input-
output tables are usually compiled. The method is called statistical analysis, which is basically 
a longhand version of input-output analysis. This method has two advantages over the input-

output method: 
firstly, it can 
achieve a more 
detailed analysis, 
and secondly, it 
can usually be 
executed directly 
in physical units, 
thus avoiding 
errors due to pre-
ferential pricing, 
price fluctua-
tions, etc. How-
ever, its dis-
advantage com-
pared to the 

input-output method is that the computations usually have to be done manually. Process 
analysis, see Fig. 12, focuses on a particular process or sequence of processes for making a 
specific final commodity. It evaluates the total exergy use by summing the contributions from 
all the individual inputs, in a more or less detailed description of the production chain. 

Fig. 12 Levels of an exergy process analysis. 
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Net Exergy Analysis has also 
been introduced, see Fig. 13. 
All exergy being used, 
directly or indirectly, in the 
production of the product 
will be deducted from the 
exergy of the product, in 
order to define the net exergy 
product.

Life Cycle Analysis or 
Assessment 

Environmentally oriented 
Life Cycle Analysis or 
Assessment (LCA) has 
become very popular in the 
last decade to analyze 
environmental problems 
associated with the 
production, use and disposal 
or recycling of products or 
product systems, see Fig. 14. Every product is assumed to be divided into these three “life 
processes”, or as it is sometimes named “from cradle to grave”. 

Fig. 14 The life cycle “from cradle to grave”. 

For every “life process” the total inflow and outflow of energy and material is computed, 
thus, LCA is similar to Exergy Analysis. In general Exergy Analysis and LCA have been 
developed separately even though they are strongly linked. This inventory of energy and 
material balances is then put into a framework as described in Fig. 15. Four stages in the LCA 
can be distinguished: (1) Aims and limits, (2) Inventory, (3) Environmental impact, and (4) 
Measures. These four main parts of an LCA are indicated by boxes, and the procedure is 
shown by arrows. Solid arrows show the basic steps and dashed arrows indicates suitable next 
steps, in order to further improve the analysis. 

Fig. 13 Net exergy analysis. 
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In LCA the environ-
mental burdens are 
associated with a 
product, process, or 
activity by identifying 
and quantifying energy 
and materials used, and 
wastes released to the 
environment. Secondly 
one must assess the 
impact on the 
environment, of those 
energy and material uses 
and releases. Thus it is 
divided into several 
steps (Fig. 15). 

Life Cycle Exergy 
Analysis

The multidimensional approach of LCA causes large problems when it comes to comparing 
different substances, and general agreements are crucial. This problem is avoided if exergy is 
used as a common quantity, which is done in Life Cycle Exergy Analysis (LCEA) [2]. 

Fig. 16 LCEA of a fossil fueled power plant. 

In this method we distinguish between renewable and non renewable resources. The total 
exergy use over time is also considered. These kinds of analyses are of importance in order to 
develop sustainable supply systems of exergy in society. The exergy flow through a supply 

Fig. 15 Main steps of an LCA. 
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system, such as a power plant, usually consists of three separate stages over time (Fig. 16). At 
first, we have the construction stage where exergy is used to build a plant and put it into 
operation. During this time, 0 t tstart , exergy is spent of which some is accumulated or 
stored in materials, e.g. in metals etc. Secondly we have the maintenance of the system during 
time of operation, and finally the clean up stage. These time periods are analogous to the three 
steps of the life cycle of a product in an LCA. The exergy input used for construction, 
maintenance and clean up we call indirect exergy Eindirect  and we assume this originates from 
non renewable resources. When a power plant is put into operation, it starts to deliver a 
product, e.g. electricity with exergy power prE , by converting the direct exergy power input 

inE  into demanded energy forms, e.g. electricity. In Fig. 16 the direct exergy is a non-
renewable resource, e.g. fossil fuel and in Fig. 17 the direct exergy is a renewable resource, 
e.g. wind. 

Fig. 17 LCEA of a wind power plant. 

In the first case, the system is not sustainable, since we use exergy originating from a non-
sustainable resource. We will never reach a situation where the total exergy input will be paid 
back, simply because the situation is powered by a depletion of resources, we have 

indirectinpr EEE . In the second case, instead, at time paybacktt  the produced exergy that 
originates from a natural flow has compensated for the indirect exergy input, see Fig. 17, i.e. 

indirect
0

indirectpr

lifebackpay

start

)()( EdttEdttE
tt

t
(8)

Since the exergy input originates from a renewable resource we may not account for it. By 
regarding renewable resources as free then after paybacktt  there will be a net exergy output 
from the plant, which will continue until it is closed down, at closett . Then, exergy has to be 
used to clean up and restore the environment, which accounts for the last part of the indirect 
exergy input, i.e., Eindirect , which is already accounted for (Eq. 8). By considering the total life 
cycle of the plant the net produced exergy becomes net,pr pr indirectE E E . These areas 
representing exergies are indicated in Fig. 17. Assume that, at time t=0, the production of a 
wind power plant starts and at time starttt  it is completed and put into operation. At that 
time, a large amount of exergy has been used in the construction of the plant, which is 
indicated by the area of Eindirect  between t=0 and starttt . Then the plant starts to produce 
electricity, which is indicated in Fig. 17 by the upper curve prnet,indirectpr EEE . At paybacktt
the exergy used for construction, maintenance and clean up has been paid back. For modern 
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wind power plants this time is only some months. Then the system has a net output of exergy 
until it is closed down, which for a wind power station may last for decades. Thus, these 
diagrams could be used to show if a power supply system is sustainable. 

LCEA is very important in the design of sustainable systems, especially in the design of 
renewable energy systems. Take a solar panel, made of mainly aluminum and glass, that is 
used for the production of hot water for household use, i.e. about 60°C. Then, it is not obvious 
that the exergy being spent in the production of this unit ever will be paid back during its use, 
i.e., it might be a misuse of resources rather than a sustainable resource use. The production of 
aluminum and glass require a lot of exergy as electricity and high temperature heat or several 
hundred degrees Celsius, whereas the solar panel delivers small amounts of exergy as low 
temperature heat. LCEA must therefore be carried out as a natural part of the design of 
sustainable systems in order to avoid this kind of misuse. Another case to investigate is the 
production of biofuels in order to replace fossil fuels in the transport sector. This may not 
necessarily be sustainable since the production process uses a large amount of fossil fuels. 
Thus, it may well turn out to be better to use the fossil fuels in the transport sector directly 
instead. 

Sustainable engineering could be defined as systems which make use of renewable resources 
in such a way that the input of non-renewable resources will be paid back during its life time, 
i.e. indirectinpr EEE . In order to be truly sustainable the used deposits must also be 
completely restored or, even better, not used at all. Thus, by using LCEA and distinguishing 
between renewable and non-renewable resources we have an operational method to define 
sustainable engineering. 

Exergy and economics

Exergy measures the physical value of a natural resource. Thus, it is also related to the 
economic value, which reflects the usefulness or utility of a resource. 

In order to encourage the use of sustainable resources and to improve resource use, an exergy 
tax could be introduced. The use of non-renewable resources and its waste should be taxed by 
the amount of exergy it accounts for, since this is related to the environmental impact. In 
addition to this, toxicity and other indirect environmental effects must also be considered. In 
the case of irreversible environmental damage, a tax is not suitable, instead restrictions must 
be considered. 

A system could be regarded as a part of two different environments, the physical and the 
economic environment. The physical environment is described by pressure P0, temperature 
T0, and a set of chemical potentials i0 of the appropriate substances i, and the economic 
environment by a set of reference prices of goods and interest rates. These two environments 
are connected by cost relations, i.e. cost as a function of physical quantities (Fig. 18). 

With the system embedded in the physical environment, for each component there are mass 
and energy balances needed to define the performance of the system. In addition, these 
balances describe the physical behavior of the system. 
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Fig. 18 The system surrounded by the physical and the economical environments, which are 
linked through cost relations. 

If the cost relations are known, then the physical and economic environments could be linked. 
The cost equations can sometimes be simplified to a scale effect, times a penalty of intensity. 
Then the system of lowest cost, which is physically feasible, can be found. Usually the 
maintenance and capital costs of the equipment are not linear functions, so in many cases 
these costs have more complex forms. If, by some reason, it is not possible to optimize the 
system, then at least cost could be linked to exergy by assuming a price of exergy. This 
method is called Exergy Economy Accounting (EEA). 

Exergy Economy Accounting 

Since exergy measures the physical value, and costs should only be assigned to commodities 
of value, exergy is thus a rational basis for assigning costs, both to the interactions that a 
physical system experiences with its surroundings and to the sources of inefficiency within it. 
The exergy input is shared between the product, and the losses, i.e. destruction and waste. 

EEA simply means determining the exergy flows and assigning economic value to them. 
When there are various inflows and outflows, the prices may vary. If the price per exergy unit 
does not vary too much, an “average price” can be defined. This method allows comparison 
of the economic cost of the exergy losses of a system. Monetary balances are formulated for 
the total system, and for each component of the system, being investigated. EEA gives a good 
picture of the monetary flows inside the total system and is an easy way to analyze and 
evaluate very complex installations. 

EEA does not, however, include consideration of internal system effects. It does not describe 
how the capital investments in one part on the system affect exergy losses in other parts of the 
system. In the EEA method the exergy losses are numbers and not functions. However, this 
simple type of analysis sometimes gives ideas for, otherwise, not obvious improvements, and 
a good start of an optimization procedure, in which the exergy losses would be functions. 
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Exergy Economy Optimization 

When constructing a system, the goal is often to attain the highest possible technical 
efficiency at the lowest cost, within the existing technical, economical and legal constrains. 
The analysis also includes different operating points (temperatures, pressures, etc.), 
configurations (components, flow charts, etc.), purpose (dual purpose, use of waste streams, 
etc.), and environments (global or local environment, new prices, etc.). Usually, the design 
and operation of systems have many solutions, sometimes an infinite number. By optimizing 
the total system, the best system under the given conditions is found. Some of the general 
engineering optimization methods could be applied, in order to optimize specific design and 
operation aspects of a system. However, selecting the best solution among the entire set 
requires engineering judgment, intuition and critical analysis. Exergy Economy Optimization 
(EEO) is a method that considers how the capital investments in one part of the system affect 
other parts of the system, thus optimizing the objective function. The marginal cost of exergy 
for all parts of the system may also be calculated to find where exergy improvements are best 
paid off. 

Optimization, in a general sense, involves the determination of a highest or lowest value over 
some range. In engineering we usually consider economic optimization, which in general 
means minimizing the cost of a given process or product, i.e. we need a well defined objective 
function. It is also important not to be misled by a local optimum, which may occur for 
strongly non linear relations. It is only the global optimum that truly optimizes the objective 
function.

Conclusions 

From a sustainable development point of view, present industrial resource use is a dead-end 
technology, leading to nothing but resource depletion and environmental destruction in the 
long run. The exergy capital is used and become waste in a one-way flow (Fig. 4). Instead we 
need to develop a vital and sustainable society, similar to what is practiced by nature. 

Nature has so far generated life and awareness by means of natural evolution. Present social 
evolution is instead governed by increased wealth in terms of money, often indicated by 
Gross Domestic Production (GDP). This is when asphalt, smokestacks and color TVs replace 
rain forests, or when rice fields, cultivated for more than 5000 years, are converted to golf 
courses. This myth of progress must be questioned if we are serious in our efforts for 
sustainable development. At first we must find the roots to the problem. The reason for our 
failure is a consequence of our deep-rooted weakness of building empires. The so-called 
human civilizations appearing some 10,000 years ago may be characterized as the beginning 
of an empire builder era of humankind. This empire building era must come to an end in order 
to reestablish a sustainable development. Then, we must work for a change through education, 
true actions, practical exercises, and precaution. Finally we must secure a guidance based on 
morals and responsibility. 

Exergy is an excellent concept to describe the use of energy and material resources in the 
society and in the environment. A society that consumes the exergy resources at a faster rate 
than they are renewed is not sustainable. From the description of the conditions of the present 
industrial society, we may conclude that this culture is not sustainable. One may argue about 
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details, such as how or when, but not that a culture based on resource depletion and 
environmental destruction is doomed. The educational system has a crucial role to play to 
meet this change towards sustainable development. This must be based on a true 
understanding of our physical conditions. Exergy is a concept that offers a physical 
description of the life support systems as well as a better understanding of the use of energy 
and other resources in society. Thus, exergy and descriptions based on exergy are essential for 
our knowledge towards sustainable development. 

Time to turn is here. Time to learn and time to unlearn has come. Education must practice true 
democracy and morals to enrich creativity and knowledge by means of joy in learning. 
Culture of peace must replace cultures of empire building, violence and fear. The torch of 
enlightenment and wisdom carried through the human history must be shared within a spirit 
of friendship and peace. 
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Abstract 

This paper describes the research strategy put in place by the Directorate General for Research of the European 
Commission in the field of the mitigation of CO2 emissions. This is first placed in the general context of the 
Commission energy policies. This section covers the main policy actions and instruments relevant to energy 
policy, that is namely the climate change issue, the introduction of renewable energy sources, the security of 
energy supply, the promotion of energy efficiency and the opening of energy markets. 
The paper then concentrates on the research policies of the Commission, mainly the European Research Area 
concept and its number one instrument, the Framework Programmes for research and technological 
development. The rational and the analysis supporting the ERA are covered, as well as the structure and the 
implementation modalities of the Framework Programmes. Initial ideas for the 7th framework programme 
covering the years 2006-2013 are debated. 
The paper then goes into some details of past and present projects in CO2 capture and sequestration and shows 
how they are organised and how they fit into the above-mentioned research policy, while contributing to the 
successful deployment of the Commission energy policies. These projects represent a portfolio of the order of 
130 m€ of research and technological development. 
Emphasis is put on the new integrated projects and networks of excellence resulting from the calls for proposal 
of FP6 in this field.  
The new technology platform on zero emission fossil fuel power plants is presented, in its organisation, working 
methods, objectives and achievements – mainly its vision and the corresponding strategic research agenda and 
strategic deployment agenda. 

Keywords : European Commission, research, energy, fossil fuels, CO2 

Introduction 

Sustainable development and world-class economic competitiveness are central objectives for 
the European Union. These overriding needs are reflected in the European Union’s research 
priorities in order to implement sustainable development, with energy as a key aspect. Three 
key strategic objectives for energy are: 

• to reduce greenhouse gas and pollutant emissions,  
• to secure a future sustainable and diversified energy supply, with the increased use of 

new and renewable energy sources  
• to ensure a competitive European industry 
• 

In order to achieve an impact in the medium to long term, considerable RTD effort is required 
to implement a sustainable energy system with clean energy sources, carriers and conversion 
technologies that are economically attractive and technically robust. Within this scenario, 
fossil fuel use will be required to fulfil a long-term transitional role prior to the increasing 
introduction of new and renewable energy sources. However, if fossil fuels are to be part of 
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this sustainable energy scenario, then near-zero emissions fossil fuel systems will be required. 
Accordingly, the development of CO2 capture and sequestration systems associated with 
fossil fuel power plants is a key priority within the RTD Framework Programmes of the 
European Union (EU).  

Within the context of global environmental policy issues and initiatives, this paper provides 
an overview of such RTD activities together with comments on the complementary 
international cooperation and coordination actions by the EC.  

Global Environmental Policy Issues

Worldwide, there is increasing concern regarding climate change issues related to Green 
House Gas (GHG) emissions. It is also recognised that global issues require global responses. 
This approach has been reflected in the Kyoto Protocol, with many major nations agreeing to 
limit greenhouse gas emissions in the period up to 2012. Thus the European Union intends to 
decrease its GHG emissions by 8% in 2008-2012 compared to 1990 under the Kyoto 
Protocol. This will be achieved through a burden sharing agreement between Member States 
taking into account the fuel mix and situation pertaining within each State. The EU is making 
reasonable progress so far, although there is still uncertainty on whether a reduction by 8% 
will be achieved in the designated timescale. Entry into force of the Protocol is subject to the 
ratification by countries representing at least 55% of total CO2 emissions. After the US 
withdrawal, this means that Russia should ratify and thus has in effect the future of the 
Protocol in its hands.  

The European Climate Change Programme (ECCP) was also established to identify the most 
promising and cost-effective routes. With regard to the practicalities of reducing GHG 
emissions, this will be achieved through a combination of the more rational use of energy in 
all sectors together with a switch to lower carbon fuels including a greater introduction of 
(zero carbon) renewable energy sources. A second phase of the ECCP has started in early 
2006, has a working group on carbon dioxide capture and storage and will give birth to a 
Commission Communication to the Council and the Parliament on carbon dioxide capture and 
storage.  

Indeed at the Johannesburg World Summit on sustainable development, it was reaffirmed that 
increasing the use of clean renewable energy will have multiple benefits for developed and 
developing countries alike, with a positive outcome likely to arise from increasing the global 
share of renewable energy sources. However, as is noted below, the use of fossil fuels will 
continue to dominate the energy mix for a variety of reasons and as such there is a need to 
ensure that fossil fuel systems become more energy efficient and have a less adverse 
environmental impact.  

For fossil fuel utilisation systems, the drive will be towards near zero emission power plant 
and for such units the currently proposed way forward is to introduce CO2 Capture and 
Sequestration techniques with the existing systems. Such techniques are not yet cost effective 
in the Kyoto horizon, but the results so far are promising. Thus, further RTD is worthwhile. 
Mitigation costs are high although they vary according to the technology to be used and even 
within the same technology there may be differences in costs (1), as shown in Figure 1. 
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Figure 1: Cost effectiveness of CO2 reduction technology (source: ECCP) 

With regard to GHG, since the 1st of January 2005, mandatory emissions limits are placed on 
all big industrial and energy intensive businesses on a continent-wide scale.  The EU-wide 
emissions trading scheme is tailored to suit the Kyoto Protocol.  This draws in five industry 
sectors across 25 EU Member States and the three EEA States (Iceland, Lichtenstein and 
Norway).  The scheme covers power generation over 20 MW, including industrial 
installations, such as refineries, coke ovens, cement, metals, minerals and the pulp and paper 
industries (but not the chemicals sector) except for hazardous or municipal waste burners.  A 
Linking Directive has been developed to bring CDMs and Joint Initiatives credits within the 
emissions trading umbrella.  

For CO2 capture and sequestration, it is deemed essential that the use of such technologies can 
receive credits in the context of these two directives. It would appear that this should be the 
case since neither directive refers to any particular technology while defining emissions as 
releases to atmosphere. However, the position needs to be clarified and in particular, 
guidelines are required for the storage. About half of the EU’s total CO2 emissions are 
covered by the scheme, with 5,000 firms taking part.  It covers all greenhouse gases but only 
CO2 will be traded in the first instance as it accounts for 80% of emissions in the EU.  The 
other gases will be traded from 2008 onwards when the scheme will be extended to other 
sectors and chemicals will almost certainly be brought in. 

In the post-Kyoto scenario, more significant reductions of CO2 will be needed. On the basis of 
current climate models, it has been suggested that a maximum 2°C increase in global 
temperatures could be accommodated, which would equate to an atmospheric CO2

concentration level of some 450 ppmv. On the basis of 1990 levels this would require 50% to 
60 % less emissions of CO2 by 2050 and a path going through -20 to -30% by 2020, as 
recently approved by the Council. This would need to come not only from developed 
economies but also from economies in transition since in the latter case even if per capita 
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emissions are relatively low, total emissions will become ever more significant. Any post-
Kyoto negotiation process will need to recognise the right to development of less developed 
and transitional economies. 

International Projections and Comparisons for Energy Use 

Following on from the previous point, various scenarios and projections have been made. A 
key study is the so called WETO Report (2), supported by the EU, which examined the world 
energy, technology and climate policy outlook in order to provide assistance to decision 
makers in defining their long term policies. Two of the key results arising from this work are 
as follows: 

• If no specific policy initiatives and measures are taken, world CO2 emissions are 
expected to double by 2030 and, with a share of 90%, fossil fuels will continue to 
dominate the energy system. 

• As the largest growing energy demand and CO2 emissions originate from developing 
countries, Europe will have to intensify its cooperation, particularly in terms of 
technology transfer. 

The former point is shown in Figure 2, taken from the WETO study (2). Complementary 
work by the IEA (3) also indicates that on a global scale, coal demand for power generation is 
expected to double over the period to 2030, with the major increase arising within economies 
in transition. The IEA estimates that 4500 GW of new power plant will be required, of which 
coal fired plant is expected to be 40% of this with natural gas providing the very great of the 
remaining capacity. These projections arise from the recognition that the use of renewables 
can only be accelerated in the medium to long term both in developed and developing 
countries. 
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Figure 2: Scenarios and projections – fuels (source : WETO) 
           
With regard to carbon intensity compared to GDP, the WETO report indicates that the EU is 
amongst the lowest, as shown in Figure 3. 
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Figure 3: Scenarios and projections (source : WETO) - Carbon intensity of GDP 

There are also scenarios and projections for CO2 emissions per capita. Here, the EU is above 
the world average but below some other continents, as shown in Figure 4 
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Figure 4: Scenarios and projections (source : WETO) - CO2 emissions per capita 
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Key Energy Considerations within the EU 

Within the European vision of energy sustainability, key issues include the need for security 
of energy supply and the need to ensure EU industrial competitiveness in a post Kyoto 
scenario. These key issues must also be reconciled with environmental protection. 

Thus, in this context, within Europe, the EC Green Paper (4) identifies the need to establish a 
sustainable approach to energy use and management. There is a focus on ensuring diversity of 
supply while meeting environmental standards and limits through increased use of indigenous 
renewable energy sources. At the same time, the Green Paper explicitly recognises that 
doubling the renewables share in the energy supply quota from 6 to 12% and raising their part 
in electricity production from 14 to 22% is an ambitious objective.  Indeed a prevailing view 
amongst EU energy experts is that the future energy needs of the enlarged EU will require the 
full range of available fuels (including renewables, nuclear, natural gas, oil and coal) to be 
utilised on an environmentally acceptable basis to meet the projected overall needs.  Such an 
approach is considered sustainable as it will ensure the necessary diversity and security of 
supply, provided adequate environmental performance can be achieved.  Consequently fossil 
energy usage will require advanced technologies with near zero emissions. This will mean the 
use of CO2 capture and sequestration technologies integrated with the advanced fossil fuel 
power plant. 

The other key issue is EU industrial competitiveness. EU industry needs to be placed in a 
position to compete globally in a post-Kyoto scenario. Since the expectation is that there will 
be a major upsurge in new and retrofit power station construction, based on fossil fuels (and 
subsequently renewables), the need is to ensure that the EU power generation and associated 
equipment manufacturers can remain competitive for the supply of fossil energy utilisation 
systems and components, both for EU markets and on a global basis. This will also help 
ensure a cheap and secure energy supply to all the citizens of Europe. Such systems will, in 
the medium to long term, need to be equipped with CO2 capture and sequestration techniques. 
In the electricity sector alone, 4500 GW of new generating plant will be required by 2030 to 
meet the increased demand.  This represents a major market opportunity for EU industry to 
supply such export markets, particularly in Eastern Europe, Asia and Australasia, provided 
that the necessary technology has been developed and proven.  Historically, EU industry has 
supplied close to 50% of the global market and to date has had an enhanced reputation for 
innovation in the development of advanced systems and components, much of which has 
arisen from RTD projects supported by the EU.  There will be significant competition from 
industry in the USA and Japan, where Government support for the development of carbon 
management techniques is significant, with the recognition that the return on such investment 
is expected to come from increased export of advanced technology. 

The other key point to stress is that the introduction of renewables and fossil fuels with CO2

capture and sequestration are complementary from a timing point of view, from a generation 
mix point of view and to ease the penetration of hydrogen as an energy vector. 

There are also synergies between CO2 capture and sequestration applied to fossil fuel and 
renewables (in this instance biomass) plants. For example, biomass utilisation in itself is seen 
as CO2 neutral.  Consequently, should CO2 capture and sequestration be applied to biomass 
plants, this would in effect result in negative CO2 emissions. There are also technical 
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synergies in the co-utilisation of biomass with solid fossil fuels in large scale power plant, 
which again can also result in CO2 credits in a tax /trading environment. 

EU Carbon Management RTD Policy Issues 

Within Europe, the challenge is to establish a sustainable energy system that will allow the 
preservation of equilibrium for ecosystems while also encouraging economic development. 
The medium to long term objective is to develop and establish new and renewable energy 
sources and energy vectors, such as hydrogen and electricity, which are affordable, clean and 
can be readily integrated into a long-term sustainable energy supply and demand structure. It 
is also recognised that the RTD necessary to achieve such objectives requires resources 
beyond the capacity of any one Member State. Indeed, the pressure of international 
competition necessitates an integrated European response. Work toward this goal started 
within the EU Fifth Framework Programme and this will be taken forward and consolidated 
within the Sixth Framework Programme that is now implemented. 

Within this vision, it is recognised that fossil fuels will continue to be used for the foreseeable 
future and it is therefore imperative that cost effective solutions are required to establish near 
zero emissions technologies of a high environmental standard. Accordingly, the capture and 
sequestration of CO2 associated with cleaner fossil fuel power plants is deemed to be an 
essential factor for fossil fuels to be part of the sustainable energy scenario. The approach, 
which is a priority topic within FP6 (2002-2006), will include both cost effective, safe and 
environmentally compatible disposal options together with the technology for CO2 capture 
thereby enabling cleaner and more efficient fossil fuel plants (5).  

The plans for FP7 also include a priority on CO2 capture and storage, with a view towards 
zero emission fossil fuel power generation. 

There are significant costs involved in CO2 capture and sequestration, of which capture 
represents 70-80% of total costs. Therefore, the primary RTD objective for the EU is to 
decrease the cost of capture. The target is to reduce the costs of CO2 capture from 50-60 € 
down to 20-30 € per tonne of CO2 captured, whilst aiming at achieving capture rates above 
90%.  Methods include pre-combustion capture (applicable to gasification systems); post-
combustion capture and oxyfuels combustion. 

There is also a strong need to assess both the reliability and long term stability of CO2 

sequestration in order to map geological storage potential, determine safety aspects and to 
build public confidence to ensure acceptability. CO2 sequestration options of interest to the 
EU include geological based storage in aquifers, depleted oil and gas reservoirs (with the 
possibility of enhanced oil recovery) and deep un-mined coal beds (that offer the benefit of 
enhanced coal bed methane recovery). In addition, there are certain chemical techniques and 
other innovative ways that appear to be promising. At present, the EU’s Sixth Framework 
Programme supports research on oceans and biospheric sinks such as forests and algues, but 
does not support the development of storage techniques in these sinks, because of the risk 
potential associated with the degrees of uncertainty in such techniques.  

It is also recognised that while the sustainable energy economy is under development, for a 
transition period, hydrogen is likely to be mostly produced from fossil fuels. For fossil fuel 
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based gasification technologies, when CO2 is removed from the gas stream the fuel that 
remains is hydrogen. Thus within the FP6 RTD Programme, there is strong complementarity 
between the work on capture and sequestration of CO2 from fossil fuels and another strategic 
priority, namely the development of new technologies for future energy carriers and 
converters such as hydrogen and fuel cells (5). 

The Current and Proposed EU RTD Portfolio on Carbon Capture and Sequestration 

The current portfolio of EU funded research projects is summarised in Table 1.  

European 
project 
acronym 

Topic Total cost 
(m €) 

EC funding 
(m €) 

Coordinator 

AZEP Advanced membrane 
cycles 

9.3 3.4 Siemens 

GRACE Capture in processes 3.2 2.1 BP 
GESTCO Sequestration potential 3.8 1.9 GEUS 
CO2STORE SACs2 follow up on 

land 
2.4 1.2 Statoil 

NASCENT Natural storage 
analogues 

3.3 1.9 BGS 

RECOPOL Enhanced coal bed 
methane 

3.4 1.7 TNO 

WEYBURN Weyburn monitoring 2.2 1.2 BGS 
SACS2 Monitoring of Sleipner 2.1 1.2 Statoil 
CO2NET Thematic Network 2.1 1.4 Technology 

Initiatives 
Table 1.   The portfolio of EU funded research projects under FP5 

This indicates that the EU is contributing some 16 m€ to support nine projects, worth over 
30m€ of total investment. This contains two projects on CO2 capture, six projects covering 
CO2 sequestration and sequestration monitoring and one Thematic Network.  
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Fig. 5 – Sleipner – CO2 injection into the Utsira formation  - courtesy of Statoil. 

The projects listed above are supported within the Fifth RTD Framework Programme of the 
EU. In addition, there is funding available for this priority RTD area within FP6. The first 
FP6 call was published in December 2002, with a budget of 198 million € for medium to 
long-term energy research. These projects are summarised in Table 2.  

Project acronym Project type Topic 
ENCAP IP – Integrated Project Enhanced capture of CO2

CASTOR IP – Integrated Project CO2 from capture to storage 
CO2SINK IP – Integrated Project In-situ laboratory for capture 

and sequestration of CO2

CO2GeoNet NoE – Network of Excellence Network of excellence on 
geological sequestration of 
CO2

ISSC STREP – Scientific Technical Research 
Project 

Innovative in-situ CO2

capture technology for solid 
fuel gasification 

Table 2.   RTD projects from the first half of FP6 

The proposed support for these projects reflects the commitment by the EU to continue to 
create and develop the European Research Area. A short description of each project is given 
below. These projects represent a total EC funding of the order of 35 m€ and a total cost of 
the order of 60 m€.
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ENCAP  
This project has been put forward by major players within the EU power industry to establish 
the basis for the integration of enhanced CO2 capture techniques within fossil fuel power plant 
concepts. 

CASTOR 
This project builds on earlier work to develop effective, innovative techniques for post-
combustion CO2 capture. 

CO2SINK 
This project offers the prospect of a large-scale land based detailed study of CO2

sequestration, with the basis for an in-situ laboratory being established at the demonstration 
site. 

CO2GeoNet 
This Network of Excellence is designed to bring together the key research institutes to 
rationalise and share their resources in order to create a critical mass capable of responding 
positively to the European challenges for geological sequestration of CO2. 

ISCC 
This project will undertake RTD to develop innovative techniques for in-situ capture of CO2

appropriate for solid fuel gasification technologies. 

The second half of FP6 

The second half of the budget for FP6 has been made available to a number of projects 
described below, which are now started. These brings the total commitment under FP6 up to 
68 m€, for a total research cost well in excess of 120 m€. 

CACHET

CO2 capture and hydrogen production from gaseous fuels (IP) 

CO2REMOVE

The monitoring and verification of CO2 geological storage (IP) 

DYNAMIS

Preparing for large scale H2 production from decarbonised fossil fuels including CO2 
geological storage (IP) (HYPOGEN PHASE1) 

CLC GAS POWER, C3-Capture, DeSANNS, HY2SEPS

Advanced separation techniques (STREP) 

EU GeoCapacity
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Mapping geological CO2 storage potential matching sources and sinks (STREP)  

A Technology Platform 

Zero emission power generation is in the process of becoming the topic of an industry-lead 
technology platform grouping all the stakeholders getting together to define a Strategic 
Research Agenda on a number of strategically important issues with high societal relevance 
where achieving Europe’s future growth, competitiveness and sustainable objectives is 
dependent upon major research and technological advances in the medium to long term.  

This platform is clearly expected to build a roadmap towards the vision of a zero emission 
power generation plant. 

International Cooperation and Coordination Activities 

Within the EC, there is a clear recognition that the need to deal with environmental challenges 
requires an international approach. Accordingly the EC is involved in a wide range of 
international cooperation and coordination activities that complement the RTD activities that 
they manage directly. 

Thus, the EC takes an active role in the International Energy Agency (IEA) of the OECD. It 
participates in the “Committee of Energy Research and Technology - CERT” and in the 
“Working Party on Fossil Fuels - WPFF”, with a particular role in the “Zero Emission 
Technologies - ZETS” strategy.  

It also sponsors and participates in the IEA “Greenhouse Gas” Implementing Agreement and 
in the IEA “Clean Coal Centre” Implementing Agreement. 
In addition, the EU, via the EC, has Science and Technology Cooperation Agreements with 
many countries such as Argentina, Australia, Brazil, Canada, China, India, Russia, South 
Africa and the USA. The EC has also signed a Memorandum of Understanding with the US 
Department of Energy (DoE) and is a Member of the Carbon Sequestration Leadership Forum 
(CSLF), which is an initiative led by the USA. 
  
At the EU level, within the European Initiative for Growth, a number of “quick start” projects 
will probably be launched to stimulate the European economy. Among the research projects 
considered is HYPOGEN, a full size demonstration plant for the production of hydrogen from 
fossil fuels with CO2 capture and storage. This initiative also underlines the link between CO2

capture and storage and the future hydrogen economy. 

Within the European Union, the EC is involved in the open co-ordination of Member State 
activities as part of the process for the creation of the European Research Area. At the policy 
strategy definition level, co-operation may be done through open co-ordination in which 
Member States voluntarily agree to coordinate amongst themselves in an informal way. With 
regard to structuring EU RTD work, co-ordination is carried out at the project level through 
STREPs, IPs, Networking and Co-ordination actions that are the instruments of the EU 
Framework Programmes . It may also be carried out at the Programme level through ERA-
NET activities. Of relevance here is a project in an exploratory phase (FENCO) to undertake a 
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specific support action for Fossil Energy Concerted Actions. The intention is to establish the 
feasibility for a subsequent co-ordination action that could create the basis for a unified 
approach within Europe for the development of near zero emissions technologies and carbon 
management strategies for fossil fuel power generation. 

Conclusions 

The European Union’s research priorities include the need to establish sustainable 
development, with energy as a key aspect, while ensuring EU industrial competitiveness. The 
future fuel mix is expected to be diverse, thereby ensuring security of supply, and fossil fuels 
will be part of that mix provided that environmentally acceptable techniques can be 
established, with the emphasis on carbon management. Accordingly, when considering a post 
Kyoto scenario, the development of CO2 capture and sequestration systems associated with 
fossil fuel power plants is a key priority within the RTD Framework Programmes of the EU.  

There is now a significant RTD Programme that is designed to ensure both cost effective, safe 
and environmentally compatible disposal options together with the technology for CO2 

capture thereby enabling cleaner and more efficient fossil fuel plants. This is being 
undertaken by EU industry in collaboration with research institutes and universities. The 
involvement of EU industry is critical since they are the technology stakeholders that will 
subsequently have to compete in the global market place.  
In addition, there is a clear recognition that the need to deal with global environmental 
challenges requires an international approach. Accordingly the EC is involved in a wide range 
of international cooperation and coordination activities that complement the RTD activities 
that they manage directly. 

A great deal of additional information on the European Union is available on the internet. 
It can be accessed through the Europa server (http://europa.eu.int). 

Legal notice 

Neither the European Commission, nor any person acting on behalf of the Commission is 
responsible for the use which might be made of the information contained in this publication. 
The views expressed here are those of the authors and do not necessarily reflect those of the 
European Commission. 
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Abstract

In Europe development of boilers and steam turbines for plant operating at temperatures in excess of 700°C is
being carried out within the EU supported AD700 project. This collaborative project involves all of the major
European power plant manufacturers supported by utilities and research institutes. The first phase of the project
began in 1998 and was extended to run until the end of 2003. A second phase began in 2002 and runs until the
end of 2006. The objective has been the development of all technology necessary for the construction and opera-
tion of such plant.

This paper describes the development of the high temperature materials technology essential to underpin the
development of the AD700 power plant technology. It describes the factors influencing alloy design and
selection and the scope and results of investigations on candidate alloys carried out within the project. It then
goes on to describe the programme of full-scale prototype component manufacture which is currently in
progress. These prototype components are being characterised through extensive long term testing programmes.
The development of joining procedures for these materials is also described.

Keywords: Materials, boiler, steam turbine, AD700

The AD700 project

The overall objective of the AD700 project is to develop and demonstrate a new generation of
pulverised coal-fired power plants featuring advanced steam conditions [1]. This is being
achieved through the application of nickel-based superalloys to bring the live steam
temperature up to about 700°C, resulting in an increase in efficiency from around 47%,
representing the current state-of-the-art plant, to around 55%, an increase yielding reductions
in fuel consumption and carbon dioxide emission of almost 15%. The plant will have an
output within the range of 400-1000MW, making it suitable for the range of utility scale
generation. The project involves nearly all the major European power plant manufacturers and
their material suppliers, the largest European utilities and major research organisations.

The principal innovation which underlies this development is the replacement of iron-based
alloys by nickel-based alloys for the highest temperature components. These alloys are al-
ready used in the aerospace and gas turbine industries so that the project has been to some
extent one of technology transfer. However much larger components are required for boilers
and especially for steam turbines than are currently produced for gas turbines and significant
technical challenges have been overcome to achieve the manufacture of larger components. In
addition, these components will be required to operate under significantly different conditions
of environment, stress and temperature. Therefore demonstration of manufacturing capability
and appropriate material characteristics as been required. Nickel-based alloys are much more
expensive than alloy steels and this aspect has motivated further innovations to minimise the
requirement for these alloys. This challenge has been addressed through radical new concepts
in plant architecture and innovation in turbine construction and also through material deve l-
opments to maximise the strength of austenitic and ferritic steels.
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The first phase of the project began in 1998 and was extended until the end of 2004 to allow
the continuation of long term creep tests. A second phase began in 2002 and will run until the
end of 2006. The objective has been the development of all technology necessary for the
construction and operation of such plant. The success of the AD700 project has underpinned
the COMTES 700 project, an in-plant demonstration of critical boiler and turbine components
which was launched in 2004 [2].

Material selection

Development and demonstration of appropriate materials and their properties, especially in
the case of the nickel based alloys, is critical to establishing the technical feasibility of the
new power plant concept. As well as creep strength sufficient for long term operation at these
high temperatures (typically 100,000 hour rupture strength of around 100MPa at the metal
temperature is required), materials requirements include corrosion resistance in boiler flue
gases and under conditions of steam oxidation, resistance to thermo-mechanical cycling and
the ability to be manufactured and welded in thick section.

Most modern-day nickel based alloys have been developed from a relatively simple Ni20%Cr
alloy. In order to achieve the required creep properties, further strengthening through solid
solution strengthening or dispersion strengthening is necessary. Additions of elements like
Mo, W and Co confer solid solution strength. Alloys relying principally on this mechanism,
such as alloys 230 and 617, are used in the solution treated condition and have the advantage
of being relatively easy to weld with no requirement for complex post weld heat treatment.
However their proof strengths are relatively low and where this property is important addi-
tions of Ti and Al to form dispersions of the gamma prime precipitate, conferring high proof
strength as well as improved creep strength, can be made. Alloys such as these, for example
alloy 263 and waspaloy, must be aged after solution treatment to produce the strengthening
dispersion and thus post weld heat treatment requirements are more complex. Additions of Ti
and Al are limited by the requirement for weldability: where these additions are too high the
kinetics of gamma prime precipitation become such that precipitation occurs in the heat af-
fected zone (HAZ) during welding, the reduced ductility resulting from which leads to the
potential for HAZ cracking. An alternative approach to dispersion strengthening is by alloy-
ing with Nb, leading to the more sluggishly precipitated gamma double prime. With regard to
corrosion resistance, where flue gas corrosion resistance is required, increased levels of Cr
may be necessary. Finally the economic aspects of material selection cannot be neglected so,
in order to mitigate the high cost of nickel-based alloys, significant additions of Fe, such as
are made in the case of alloys 718 and 901, may be considered.

Boiler materials

In order to realise a 700 °C USC boiler, extensive materials development and qualification is
necessary, including the use of Ni based superalloys in the most severely exposed components.
These developments can be categorized into three groups reflecting the key components of such
plant, i.e:
• Furnace panels
• Superheaters
• Thick section components and steam lines
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Furnace panels
The behaviour of water and steam in the furnace panels changes rapidly as steam pressure
increases from sub to super critical conditions, and in particular, at constant enthalpy increase
(constant heat input) the rise of water/steam temperature also grows rapidly. Therefore, the
water/steam temperature at the outlet of the furnace panels of super critical boilers grows con-
stantly, as steam parameters moves towards the advanced conditions of 350 bar and 700 °C
planned for the AD700 technology.

Typically, the enthalpy at the outlet of the furnace panels would be in the range of 2600-2700
kJ/kg, and Figure 1 indicates how temperature grows from ~375 °C to ~450 °C as steam pres-
sure increases, which means growing problems with the strength of conventional well proven
low alloyed steel like 13CrMo 44. On the other hand the cooling characteristics of single
phased super critical water/steam are good as no evaporation takes place.
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Figure 1. Water/steam temperature versus enthalpy

However, also increased steam temperatures, which rise from 540-560 °C into the range of
700 °C add to the temperature rise of water/steam in the furnace panels, as feed water and live
steam flows are reduced. In these circumstances the steam temperature in the furnace outlet
panels will grow to around 525 °C, resulting in a calculated mid wall temperature of 575 °C at
start of service. Further, due to the growth of magnetite on the internal tube surface, mid wall
temperatures could increase to about 600 °C, if low alloy steels were used. Therefore more
oxidation resistant and stronger furnace tube materials are needed than the 1Cr 0.5Mo used at
present.

Three newly developed steels have been selected as candidate materials for furnace panels in
future boilers with advanced steam parameters. The high alloyed 12%Cr tube steel HCM12
developed by Sumitomo Metal Industries and Mitsubishi Heavy Industries has excellent creep
strength, oxidation and corrosion resistance and, due to a duplex microstructure of approximately
30% d-ferrite and 70% tempered martensite, it is possible to weld this steel without preheat and
post weld heat treatment (PWHT) [3]. The lower alloyed 2½%Cr tube steel HCM2S developed
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by Sumitomo Metal Industries and Mitsubishi Heavy Industries and the Mannesmann developed
2½%Cr tube steel 7CrMoVTiB1010 both have sufficient high temperature strength and a
metallurgy which makes it possible to omit PWHT [4,5]. The chemical composition and
mechanical properties for all three steels are given in Figure 2.

Testing of HCM12, HCM2S and 7CrMoVTiB1010 is in progress in Europe to establish practical
experience with the handling of these steels. In the furnace panels of an existing subcritical once
through boiler, test sections of all three steels have been installed, and service under cycling
conditions has been tested for several years. For the HCM2S and 7CrMoVTiB1010 tube
materials no problems have been encountered during the production of the test panels or during
operation at steam temperatures up to 500 °C. For the tube steel HCM12 which has a rather
complicated microstructure, lack of sufficient filler material has caused problems with cracks
after welding due to embrittlement, and further development of suitable filler material is required
before a reliable welding procedure can be established. Test panels of HCM12 have been service
exposed with steam temperatures up to 530 °C under cycling conditions. A full size wood chip
fired boiler furnace construction operating with steam temperatures up to 540 °C for more than
five years demonstrates that HCM12 could be a candidate for furnace tubes in future advanced
USC boilers.

Chemical composition, mass %

C Cr Mo W Others
1Cr½Mo 0.13 0.9 0.5
HCM2S 0.06 2.25 0.3 1.6 V,Nb,N,B

7CrMoTiB1010 0.07 2.4 1 V,Ti,N,B
HCM12 0.1 12 1 1 V, Nb
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Figure 2. Materials for furnace panels
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In connection with the in-plant test and the construction of the wood chip boiler, a computer
furnace panel calculation programme has been set up by Elsam to simulate the service exposure
and life consumption of a furnace panel in a USC boiler during operation [6]. Calculations first
of all demonstrate that at media temperatures higher than around 450°C the temperature rise
during operation is strongly dependent on the rate of self oxidation and on the deposition rate of
oxides from the feed water. High quality feed water chemistry assuring minimum oxide in feed
water is therefore essential if USC plants with advanced steam parameters are to be realised.

Based on these calculations it can be demonstrated that the use of either HCM2S or
7CrMoVTiB1010 is sufficient for media temperatures up to 475°C. For higher media tempera-
tures, only the 12% Cr-steel HCM12 should be considered due to the need for better oxidation
resistance. In 2005, however, it was realised that a major reduction in long-term creep rupture
strength at temperatures above 550°C must be foreseen. This reduction is due to the formation
of Z-phase in this steel not intentionally alloyed with nitrogen. Any future use of HCM12 for
furnace panels operating at elevated temperatures must wait for a thorough assessment of the
creep rupture strength of this steel.

In COMTES700, fabrication trials leading to in-plant exposure testing have just been finished
and in-plant testing began in July 2005. The possible use of the INCONEL® alloy 617 is
investigated in parallel as an alternative to HCM12. Of course, alloy 617 has much better
mechanical properties and does not generate any significant internal oxide, and therefore it can
be exposed to much higher temperatures than HCM12. The fact that alloy 617 tubes cost roughly
10 times more than HCM12 and call for a far more expensive fabrication means, however, that
the whole boiler economy must be carefully considered before such a choice of material is taken.

Superheater tubing
For superheater tubing the aim has been to develop an improved austenitic tube material with
sufficient strength and flue gas corrosion resistance to operate at steam temperatures around
650 °C, and to develop a Ni base superalloy to fill the gap up to 700 °C steam temperature.
Intensive development work has been undertaken in the AD700 project to demonstrate a suit-
able austenitic tube material with 100,000 hour rupture strength of about 100 MPa at 700 °C
and a Ni based tube material with 100,000 hour rupture strength of 100 MPa at 750 °C - both
materials to demonstrate a flue gas corrosion resistance better than 2 mm metal loss during an
exposure of 200,000 hours.

Austenitic tube material
30 trial melts were manufactured based on the following alloy design principles:
• Precipitate strengthening through the precipitation of Nb(C, N), NbCrN and Cu-rich pre-

cipitates.
• The precipitation of fine M(C, N) to induce the precipitation of fine and stable M23C6.
• Addition of W to improve the high temperature strength and stabilise carbonitrides. The

creep rupture strength of W alloyed steels is much higher than that of the Mo alloyed
steels at higher temperatures.

• Addition of a large amount of Ni, approximately 25 wt%, together with a relatively high
amount of N and  low amounts of Mn, Mo and Si to suppress the precipitation of sigma
phase.
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• A Cr content of approximately 23-25 wt% and low Mo content to improve the corrosion
resistance in coal-fired boilers.

All trial melts were forged to bars simulating a tube production. After appropriate heat treat-
ment, fourteen of the samples were tested for mechanical properties as well as steam oxida-
tion and flue gas corrosion resistance up to 5,000 hours. This screening test indicated that four
of the fourteen tested trial melts might be able to meet the targets. After another 10,000 hour
testing one of the four alloys showing the best properties was selected. The chemical compo-
sition and room temperature mechanical properties of this alloy called Alloy 174 are shown in
tables 1 and 2.

C Cr Ni W Co Cu Nb
0.08 22.2 24.9 3.5 1.5 3 0.49

Table 1. Chemical composition for alloy 174

Tensile strength
(MPa)

Yield strength
(MPa)

Elongation
(%)

Reduction
of area (%)

Hardness
(HV)

Charpy impact
value (J/cm2)

785 345 55 70 195 216

Table 2. Mechanical properties at room temperature for alloy 174

Figure 3 demonstrates the improvements in creep rupture strength compared with some of the
best commercial austenitic superheater tube alloys. The extrapolated rupture data of alloy 174
are based on 20,000 hours of testing. Ongoing steam oxidation and flue gas corrosion test
demonstrate properties comparable to or slightly better than those obtained for a large variety of
22 - 25% Cr austenitic superheater steels. So far all targets are fulfilled. Full scale tube produc-
tion has been successfully demonstrated by the production of 50 m superheater tubes with di-
mensions 41.4 mm OD x 8 mm wall thickness, and fabricability trials including welding and
bending have been completed successsfully. Different filler materials were considered for
similar and dissimilar welds. So far, Inconel alloy 617 has been chosen due to its excellent me-
chanical properties, comparable to alloy 174.

Long term creep rupture properties for base material as well as cross-weld specimens and
microstructural stability test are ongoing and will complete the characterisation of this super
austenite which will be launched in the market under the name Sanicro 25.

Nickel base tubing
A literature survey conducted by Special Metals concluded that an existing alloy, viz.
NIMONIC® alloy 263, had adequate strength to meet the creep requirement, but, from previ-
ous work, it was felt that its corrosion resistance would be inadequate. Hence it was decided
to develop a new alloy based on alloy 263 for the superheater and reheater tubular compo-
nents, which would be exposed to corrosive flue gas/ash conditions. The alloy optimisation
process considered creep strength and corrosion resistance. Over thirty trial compositions
were produced in 22 kg heats which were worked to bars. Improvement of the coal ash corro-
sion resistance of the alloy was developed in a series of coal ash corrosion tests at different
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temperatures employing samples with a systematic variation in alloy constituents. The tests
used an atmosphere of 15 vol % CO2 + 10 vol % H2O + 1 vol % SO2 with balance N2 , and the
test specimens were coated with a synthetic coal ash,  K2SO4 + (Fe2O3/Al2O3/SiO2) in the
ratio 1:1:1.

Chemical composition, mass%

Cr Ni W Nb Cu Others
Super 304H 18 9 0,4 3 N

NF709 20 25 0,25 Mo, Ti, N
HR3C 25 20 0,4 N

SAVE 25 23 20 1,5 0,4 3 N
Alloy 174 22 25 3,5 0,5 3 N
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Figure. 3. Materials for superheater tubes

The resultant optimised chemical composition which was selected is given in Table 3. The
new alloy INCONEL® alloy 740, based on alloy 263, is a nickel chromium cobalt alloy which
is age hardenable by the precipitation of gamma prime but also benefits from solid solution
hardening. Table 4 gives the ash corrosion results for this alloy.

A large creep test programme is presently underway covering two major test temperatures,
725 °C and 775 °C, with some shorter term tests at 700, 750 and 800 ºC. Test durations up to
65,000 hours are being targeted, and the results to date are shown in Figure 4.

C Ni Cr Mo Co Al Ti Nb Mn Fe Si
0.03 Bal 25.0 0.5 20.0 0.9 1.8 2.0 0.3 0.7 0.5

Table 3. Composition of INCONEL alloy 740

Ageing trials are underway with target times up to 70,000 hours.  Up to now, 1,000, 3,000 and
15,000 hours have been completed at 700 °C, 750 ºC and 800 °C.  The long term ageing trials
are being carried out on material which has been given the initial strengthening/ageing treat-
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ment of 4 hours at 800ºC.  After 1,000 hours at 700 °C, the Charpy impact values dropped to
some 45% of the values after the initial ageing/strengthening treatment, and further exposure
to 3,000 hours exhibited a reduction to around 27% (of the initial aged/strengthened values).
The absolute values after 3000 hours are around 25 J.

Time (hours) Metal loss ( m) Depth of attack ( m)
116 0 4
500 4 14

1000 5 19
1984 16 33
5008 39 60

Table 4. Penetration results for INCONEL alloy 740 in coal ash corrosion tests at 700°C

Figure. 4. Inconel alloy 740 creep results

Welding trials have been initiated and have demonstrated that alloy 740 is readily fabricated
in the annealed condition. Joining is accomplished with the gas tungsten-arc welding
(GTAW) process using both INCONEL Filler Metal 740 and NIMONIC Filler Metal 263.  If
a high joint strength is required, the deposited weldment may be precipitation hardened. The
need for repair of boiler tubes is inevitable and successful welding on aged material has been
undertaken although the mechanical test results are not yet available.

A commercial size cast of the alloy has been produced and put through the normal tube pro-
duction route to produce 100 m superheater tubes with dimensions 38.1 mm OD x 7.7 mm
wall thickness. Welding trials and fabrication trials – i.e. tube bending - have been success-
fully performed and long term creep rupture data for base material as well as cross-weld
specimens and microstructural stability tests are ongoing and will complete the characterisa-
tion of this nickel alloy.

In the framework of work sponsored by major European generators known as the Emax initia-
tive, fabrication trials of superheater sections partly made of Sanicro 25 and alloy INCONEL®
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alloy 740 leading to in-plant exposure testing have been finished successfully. In-plant tests
taking these superheater tube materials to temperatures above 700 °C began in September 2004
at the power plant Esbjergværket [7] and in July 2005 at the power plant Scholven as part of the
COMTES 700 project.

Thick section components and steam lines
For thick section boiler components and steam lines there were two goals for the materials
development. An improved ferritic/martensitic 9-12%Cr steel is desirable to expand the pres-
ent temperature range for ferritic steels up to app. 650 °C.  A Ni-based superalloy with a
100,000 hour rupture strength of 150 MPa at 700 °C is needed to allow construction of outlet
headers and main steam lines with acceptable wall thicknesses.

Ferritic pipe steels
The task of improving the 9-12%Cr steels on top of the impressive developments in the last two
decades has proved to be very difficult. In the last five years worldwide research has resulted in
a large number of new alloys being announced, and from short-term tests they seemed very
promising. However, in long-term tests the steels show sigmoidal creep behaviour and so far no
ferritic alloy has demonstrated long-term creep strength better than steel P92. In AD700 an
attempt was made to improve the creep rupture strength of 9-12% Cr steels. Seven trial melts
were manufactured and mechanical properties were obtained up to 12,000 hours. Six of the
seven melts turned out to be weaker than P92 and only one melt, a 9%Cr5Co2WVNbN, showed
creep rupture data similar to P92. In parallel, tests were made on steel NF12. Short-term data
demonstrated a major improvement, but longer term data showed a dramatic drop in strength
also for this steel (Figure 5).

Systematic microstructure investigations of new ferritic steels showing sigmoidal creep be-
haviour have demonstrated that precipitation of the complex Z-phase nitride (Cr(V,Nb)N)
takes place in the steels at the expense of the strengthening MX carbonitrides, which dissolve.
This mechanism is responsible for the reduction in creep strength, and it seems that high Cr
steels are more prone to Z-phase formation than low Cr steels. In order to be able to improve
the strength, a fine-tuning of the composition is needed based on a thorough understanding of
recent developments. Recent advances in microstructure characterisation techniques and ther-
modynamically based microstructure models may prove to be the only way to go further in the
development of improved ferritic steels [8].

A potentially interesting new ferritic steel is the low carbon 9Cr3Co3WVNbN steel currently
under development at the NIMS in Japan. This steel is strengthened only by nitrides and Laves
phase precipitates, and the unstable M23C6 carbides are not present. Creep tests up to about
10,000 hours at 650°C show no signs of sigmoidal creep behaviour, see fig. 5. If the low C
steels can maintain microstructure stability up to long times, this idea may serve as an important
platform for future developments of ferritic steels. The low Cr content will, however, lead to
poor steam oxidation resistance, and a surface coating will be needed. At the moment, it does
not seem to be possible to obtain high creep strength together with high oxidation resistance at
the same time in ferritic steels.
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Figure. 5. Ferritic steels 650 °C

Nickel base piping
NIMONIC® alloy 263 or an improved version of INCONEL® alloy 617 meet the demands for
outlet headers and steam lines at 700 °C steam temperature. However longer term creep data
and demonstration of fabricability – pipe production, hot bending and welding – are needed
before a 700°C power plant can be realised. Alloy 263 is under investigation in the AD700
project, and the improved version of alloy 617 is investigated by the German national project
MARCKO DE2. Alloy 617 pipes were successfully manufactured in late 2002.
The precipitation hardened Nimonic alloy 263 chemical composition, see table 5, had only
limited stress rupture data available as its designed purpose was for industries that do not re-
quire 100,000 hour creep data. Therefore, the biggest experimental effort expended on this
alloy is in creep testing of commercially available 15 mm diameter bar.

C Ni Cr Mo Co Al Ti Mn Fe Cu B
0.04
0.08

Bal 19.0
21.0

5.6
6.1

19.0
21.0

0.6
Max

1.9
2.4

0.60
Max

0.7
Max

0.2
Max

0.0005
Max

Table 5. Composition of Nimonic alloy 263 (Note:  Ti + Al :  2.4 – 2.8)

The failed tests up to now along with running tests are shown in Figure 6. These data suggest
that the alloy will easily meet the creep criteria. This will enable the design of components
with relatively small thicknesses and thereby reduce production costs.
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A vital demonstration of the viability of this alloy in the context of the AD700 programme is
the ability to manufacture in thick section. A NIMONIC® alloy 263 ingot has been put
through the normal pipe production route to produce 4.5 meter steam pipe with dimensions
310 mm OD x 66 mm wall thickness shown in Figure 7. Welding trials have been success-
fully performed and long term creep rupture data for base material as well as cross-weld
specimens and microstructural stability test are ongoing and will complete the characterisa-
tion of this nickel alloy.

In the German MARCKO DE2 project, mechanical testing and welding trials are established
on alloy 617. Both tube and pipe products are available and a review of the existing creep data
base, covering creep rupture data for more than 20 heats with testing times above 100,000 h,
resulted in an update of creep strength values for both tube and pipe products. Figure 8 shows
the ASME creep rupture data of alloy 617 and the proposed revised data obtained in the
MARCKO DE2 project as well as the extrapolated creep rupture data of alloy 263 based on
20,000 hours testing.

Figure. 6. Nimonic alloy 263 creep results
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Figure. 7. Extruded NIMONIC® alloy 263 steam pipe
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Turbine materials

In addition to the factors already described, the selection of a first generation of candidate
alloys in the AD700 project was influenced by the requirement to produce very large compo-
nents so that experience of the project participants in producing large forgings in, for example
alloys 706 and 718, and large castings in, for example, alloy 625 was taken into account. The
selection was also influenced by the extent of data already available on the alloy, albeit gener-
ally not in the appropriate product form, for example the large body of data on tubes and pipes
in alloy 617.

All these considerations, a review of the literature and of other data available to the project,
led to the selection of nine alloys for investigation: alloys 155, 230, 263, 617, 625, 706, 718,
901 and waspaloy. In a couple of cases, alloys were selected in more than one heat treatment
condition.

Investigation of candidate alloys
The main focus of the initial investigation was the identification of the best candidate alloys
for the large rotor and casing components. The smaller components such as blading and bolt-
ing are equally important, but it was recognised that the product forms required for these
components, bar and possibly investments castings, were already available for the gas turbine
industry and could be applied to steam turbines with relatively little effort, perhaps limited to
additional materials characterisation to establish those materials parameters required for steam
turbine design. The nine candidate alloys were produced in various product forms, conven-
tional castings, centri-spun castings, and bar or forgings. One alloy was also investigated in a
powder metallurgy form.

A first series of investigations was intended to confirm reported or expected short-term prop-
erties and to gain indications of response to ultrasonic testing and welding. These investiga-
tions included room temperature and elevated temperature tensile testing, creep testing at
700°C to target durations of 300-3,000 hours, and ageing trials at 650 and 700°C. The ageing
trials involved impact and tensile testing after exposure for durations of 300, 1000 and 3000
hours. Welding trials were carried out on testpieces in each alloy. The weldments were around
35mm in thickness and all were made with the same, alloy 617, consumable. Ultrasonic in-
spection was carried out on samples of the test materials to establish attenuation properties.
Where possible, these investigations were carried out on already available materials but in
many cases materials were manufactured specifically for the project.

The mechanical property investigations yielded results which were generally consistent with
expected values. In terms of tensile properties castings were generally weaker than wrought
products. The properties of centri-spun castings were similar to those of conventional cast-
ings. There was some concern that the low proof strength of the castings might lead to poor
resistance to thermal cycling. A low cycle fatigue test programme mounted on these alloys
has indicated that although relatively low strains lead to endurances of around 100 cycles, the
gradient of the endurance curves is shallow so that the strains for endurance of around 5000
cycles are acceptable for steam turbine applications (Figure 9). Nearly all of the alloys re-
sponded to long term ageing through increased tensile strength but reduced impact strength.
The reductions in impact strength were large enough to be of concern and prompted further
investigation. In alloy 617, values of Charpy-V impact strength were observed to fall to as
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low as 10J. However when fracture toughness tests were carried out on this embrittled mate-
rial, values of fracture toughness in excess of 70MPam0.5 were measured, values which are
considered acceptable for steam turbine applications. The kinetics of embrittlement were very
similar in all of the alloys. There was little difference in ageing response at 650 and 700°C
and most of the embrittlement appears to be complete after 1000 hours so that the differences
between properties measured after ageing for 1000 hours and 3000 hours were relatively
small (Figure 10). The creep tests indicated properties generally in line with expectations.
However the creep properties of the powder metallurgy product, in alloy 625, were disap-
pointing. Investigation showed that premature, low ductility creep failures occurred at prior
particle boundaries due to the presence of nitrides. However process improvements were
identified with potential to overcome this problem. One notable success was the development
of a modified heat treatment for alloy 718. The alloy normally undergoes a two-stage ageing
treatment involving ageing at around 720°C and then 620°C. An increase in the temperature
of these ageing treatments by 30-40°C has resulted in a significant increase in long term creep
strength. Figure 11 shows the creep master curve of the modified heat treatment [9].
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Figure 9. Upper and lower bounds to low cycle fatigue endurance data obtained from tests on
cast alloys 263, 617 and 625

The welding trials indicated potential weldability for all of the alloys. No heat affected zone
cracking was observed in any case. The ultrasonic investigations showed that the wrought
alloys could be inspected by ultrasonics but very clearly showed this would not be possible in
cast components. Attenuation levels were so high that in some cases no back wall echo was
observed even after ultrasonic path lengths less than 100 mm. Therefore volumetric inspec-
tion of castings will be carried out by radiography.

Alloy selection for full scale or model component prototype demonstration
The first round of investigations confirmed that a number of alloys were potentially suitable
for application to steam turbine components. The next stage in the project was the selection of
alloys for manufacture of full scale prototypes or of components which realistically simulate
full scale components.
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Figure 11. Larson-Miller master curve of modified heat treatment alloy 718 [9]

Even if the properties of castings are poorer than those of forgings, there are strong drivers for
their application to valve chest and turbine casings arising from their lower costs and more
flexible geometries. Castings require good weldability for the upgrading process arising from
defects in the casting itself, but also due to the requirement to join castings to other compo-
nents. This is especially true in the AD700 concept where the limited size of nickel alloy
castings, coupled with the desire to restrict their application to the highest temperature parts
of the turbine, means that welded joints in turbine casings, either between two nickel alloy
castings, or between nickel alloy castings and steel castings, will be required. The weldability
of alloys used in the solution treated condition is generally high due to the relatively low lev-
els of hardening elements such as Ti and Al. Furthermore the absence of phase changes dur-
ing the welding process means that these nickel alloys require no PWHT to modify the micro-
structure in the heat affected zone and that they can tolerate any PWHT that is appropriate to
the steel base material in dissimilar joints. Taking into account all available data and experi-
ence, alloys 617 and 625 were selected for further casting development.
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Very similar factors drove the selection of alloys for forging development. Again limited size
and high cost mean that welded constructions will be necessary, again favouring the solution
treated alloys. For these reasons alloys 617 and 625 were also selected for further forging
development. However two additional alloys were also selected. It is unlikely that alloy 718
in its standard form has adequate long term creep strength, but, with the heat treatment
modification developed in the first round of investigations, it may provide a lower cost
alternative to 617 and 625. Therefore this alloy was also selected for continued development.
Finally, in case longer term testing showed unexpected reductions in the creep strength of
these first three alloys, a fourth alloy, expected to have even higher strength, alloy 263, was
also selected.

The initial round of investigations had also revealed that waspaloy is an excellent alloy for
application to smaller, non-welded components such as blading and bolting.

Casting manufacture
Model castings (step blocks with sections up to 200mm) were successfully manufactured in
alloys 617 and 625 (Table 6). Additional blocks were also cast for the manufacture of similar
metal joints. Joints 70mm in depth and 500mm long were successfully manufactured and in-
spected using dye pentrant and radiographic techniques. In the case of both alloys, the joints
were manufactured using matching consumables. These castings and welded joints were sec-
tioned and are currently being subjected to an extensive and long term testing programme.
Investigation of dissimilar joints is also in progress.

617 and 625 casting geometry: Stepped block 300mm in length with sections of 50, 100 and 200mm

617 and 625 casting weight: 750kg

Heat treatment: 617: 1170C/water quench
625: 1200C/water quench

Cast analysis:
Alloy C Ni Fe Cr Mo Co Nb Ti Al Mn Si P S Others
617 0.06 bal 0.6 21.6 9.2 12.2 <0.01 0.53 1.09 0.27 0.34 <0.01 0.001 N, 0.021

Cu, 0.02
625 0.02 bal 0.5 21.9 8.4 0.2 3.59 0.3 0.3 0.16 0.18 0.005 0.002 N, 0.033

Cu, 0.08

Table 6: Details of castings for long term property investigation

Full scale valve chests (delivery weight about 3.5 tonnes) have also been manufactured in
alloys 617 and 625 (Figure 12). Further work is in progress to confirm the properties of these
full scale castings are similar to those of the model castings and a valve chest casting in alloy
625 has been incorporated in the COMTES 700 service exposure project as part of the
demonstration of a turbine valve [10].
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Figure 12. 617 valve chest casting after re-
moval from mould and shot peening (cour-

tesy of Goodwin Steel Castings)

Figure 13. 617 forging during automatic
ultrasonic inspection (courtesy of Saar-

schmiede)

Rotor forging manufacture
In both of the principal candidate alloys, 617 and 625, full scale HP and IP rotor forgings,
repectively 700mm and 900-1000mm in diameter have been successfully manufactured (Fig-
ure 13). Careful selection and control of heat treatment parameters is necessary to avoid ex-
cessive grain growth which leads to poor ultrasonic inspectability. A first attempt to manu-
facture the 617 HP forging was unsuccessful but success was achieved on the second attempt
after further heat treatment trials and adoption of a modified heat treatment practice. The final
result has been sound forgings in a fully solution treated condition but with minimum detect-
able defect sizes of better than 3mm diameter flat bottomed hole equivalent. These forgings
have been sectioned and are currently being tested in a long term test programme.

Model forgings have been manufactured in alloys 718 and 263, heat treatment parameters
being controlled to simulate as far as possible the larger forgings manufactured in alloys 617
and 263. These forgings have also been sectioned for investigation. Details of all forgings
investigated in this testing programme are given in Table 7.

Welding development has focussed on the two primary candidates and on the requirement for
dissimilar joints. Different welding processes and filler metals have been investigated and an
optimum solution has been defined. This involves manufacture of the joint using a narrow-
gap TIG process and a nickel based filler metal. Manufacture of full scale joints to
demonstrate this solution have been successfully completed and a full investigation of
weldment properties is in progress.

Candidate materials for blading, bolting and valve components
As previously stated, the identification of the optimum alloy selection and manufacturing
route for blading and bar products such as bolts received a lower priority in the early stages of
the programme. It is clear there are many alloys with properties more than sufficient for the
requirements of steam turbine applications. However a significant decision was required over
the manufacturing route for blading. The conventional route involves machining of blades
from bar. However as the value of the alloy and the difficulty of machining rises, then the
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attraction of a near-net shape process grows. For example, investment castings have been ap-
plied very successfully in gas turbines.  However cost estimates showed that this route was
marginally less attractive than the conventional route, at least for the relatively low volumes
anticipated during the early stages of exploitation of this technology. Therefore work is now
focussing on development of all the properties needed for application of blades machined
from bar.

Alloy C Ni Fe Cr Mo W Co Nb Ti Al B Zr Mn Si P S Others
263 0.052 bal 0.34 19.5 5.8 19.5 2.21 0.48 <0.005 0.04 0.09 <0.005 <0.002 Cu, <0.10
617 0.060 bal 0.35 22.8 9.0 0.02 11.9 0.003 0.48 1.15 0.0002 0.005 0.02 0.05 0.005 0.001 Cu, 0.013;

N, 0.004;
V, 0.005

625 0.030 bal 2.17 21.9 9.1 0.03 0.02 3.7 0.20 0.19 0.004 0.010 0.01 0.02 0.002 0.001 Cu, 0.012;
N, 0.006;
V, 0.01

718 0.023 54.1 bal 18.8 3.0 <0.01 0.04 5.0 0.93 0.46 0.004 0.01 0.09 0.009 0.0006

Alloy Dimensions

Solution
treatment

Ageing 1 Ageing 2

263 600mm diameter x 
100mm

1150/10/air 800/8/air

617 700mm diameter x 
800mm

1100/3/water

625 725mm diameter x 
1230mm

1100/6/water

718 730mm diameter x 
320mm

1065/1/air 760/8/furnace 650/12/air

Heat treatment (Hold temp, C/ hold 
time, h/ cooling medium)

Alloy Rp0.2 Rm A Z
MPa MPa % %

263 615 912 21 18
617 359 772 48 45
625 363 763 57 52
718 1155 1340 19 21

Table 7: Details of forgings for long term property investigation

Bolting materials will inevitably be machined from bar and materials with appropriate
properties are already available.

Wear resistance is an important issue for valve components and hard-facing solutions are ap-
plied in conventional steam turbines. The wear performance of these conventional solutions,
as well as more advanced solutions, has been investigated.
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Investigation of rotor forging and casting model and full-scale prototypes
The materials manufactured as full scale prototypes or as model components for rotor forg-
ings or castings have been sectioned and are currently under investigation. The objective is to
provide a basis for full validation of all allowable stresses used in steam turbine design and to
investigate all potential failure mechanisms. In the as-received condition tensile, fracture
toughness, long term creep (>30,000 hours), fatigue crack growth, creep crack initiation and
growth, low cycle fatigue, creep-fatigue and steam oxidation properties have all been investi-
gated. To investigate the influence of service exposure on properties, tensile, fracture tough-
ness, fatigue crack growth, low cycle fatigue and creep-fatigue tests have been repeated on
material aged for 1000 hours at 650°C.

Weldments are being investigated to define cross-weld, heat affected zone and weld metal
properties. Cross-weld tensile, long term creep and low cycle fatigue tests have been under-
taken. The heat affected zone fracture toughness, creep crack initiation and growth and fatigue
crack growth properties have also been investigated. Finally the weld metal properties have
been assessed through fracture toughness, creep crack initiation and growth, fatigue crack
growth, low cycle fatigue, creep-fatigue and steam oxidation tests.

This programme of testing has been in progress for over 35,000 hours. The results already
available have revealed no unexpected behaviours or parameters which would create major
difficulties for steam turbine design.

Conclusions

Alloys have been identified which meet the requirements for boilers and steam turbines oper-
ating at 700-720°C. Manufacture of a series of prototype components in these alloys has suc-
cessfully demonstrate the feasibility of manufacture. A comprehensive materials testing pro-
gramme has been carried out to investigate these prototype components and has addressed all
critical properties and potential failure mechanisms. Currently the test programme is con-
firming the expected properties and has identified no technical obstacles to design and manu-
facture of boiler and steam turbines.

The results of this project have placed the European power generation industry and its supply
chain in a powerful position for exploitation of this technology which on its own has a signifi-
cant potential for mitigation of carbon emissions. When coupled with emerging technologies
for carbon capture and storage, this technology can also facilitate the transition to zero-
emission coal-fired power generation.
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Abstract 

Coal will remain an indispensable major source of energy for European power generation in the coming decades 
(today: 30%). There will be a considerable demand for new power plants in the EU-25 beginning in the year 
2010. 200,000 MW are estimated to be replaced due to the age structure of the current power plant park in the 
next 20 years, additionally 100,000 MW will be needed according to rising electricity consumption. Sustainable 
technologies for coal-fired power plants have to be developed to optimise environmental protection and to save 
valuable resources. Future coal fired steam power plants aim at elevated steam temperatures of 700 °C to reach 
an efficiency of minimum 50%. The paper gives an overview over the main projects started and planned in 
Europe to meet this goal.  

The main running project is a Component Test Facility named COMTES700 which was integrated into the 
E.ON power plant Scholven in Germany to demonstrate how advanced, mainly nickel based materials and 
power plant components can pave the way towards future optimised and efficient coal-fired power plant. The 
operation started on 15th July 2005. A flow diagram, the used materials and components and same characteristic 
photos of COMTES700 are content of the presentation. In an overview additional material and component tests 
in Europe are pointed out. The next steps towards a demonstration plant with 400 MW are shown and 
scheduled. 

1. COMTES700 in Power Plant Scholven 

a) Description of the Project
The objective of the COMTES700 project is to design, manufacture, erect and operate a 
Component Test Facility (COMTES700) to test high temperature durable new materials 
needed to realise a coal based power plant with efficiencies above 50 %. 

Within COMTES700 (Component Test Facility for a 700 °C Power Plant) designing and 
testing of a smaller scale evaporator panel and superheater banks in an existing boiler is 
included. But whereas the new materials have already been used in gas turbines and 
experience in manufacturing exists, there is a strong need to gain experience in handling the 
new materials in bigger scale on the boiler side including valves and pipelines. 

So in the COMTES700 the following components are tested: 
• an evaporator panel operated as superheater 
• a number of superheater banks including a steam header 
• a long steam line 
• a HP bypass valve 
• a safety valve and 
• the necessary shut off and control valves. 

During a four year operation period beginning with the 15 July 2005 with at least 
approximately 20,000 hours it is planned to carry out after two-year operation a preliminary 
evaluation and at the end a detailed evaluation over about half a year. 

61



As it is expected that a lot of aged coal-fired capacity has to be replaced by new capacity in 
the period 2010-2030 the COMTES700 technology fits well into this time frame as the first 
commercial projects may be in service in 2015, and they will offer more than 20% reduction 
of CO2 emissions compared with the plants, which are replaced. 

The generating companies behind this project are EDF, ELECTRABEL, Elsam Kraft, EnBW 
Kraftwerke, ENERGI E2, E.ON Energie and E.ON Kraftwerke respectively, PPC, RWE 
Power and Vattenfall Europe Generation (see Figure 1). 

The manufacturing side with Alstom Power Boiler, Babcock-Hitachi Europe, Burmeister & 
Wain Energy and Siemens also counts the most important European suppliers of power plant 
equipment and share the engineering and the manufacturing of the components. 

The overall project co-ordination and management including the relation towards the 
European Commission (EC) Research Fund for Coal and Steel (RFCS) is taken over by the 
VGB. VGB is a voluntary association of companies for which the operation of power stations 
and heating plants and the associated technology form an important basis of their corporate 
activity. 

The total project budget exceeds 15 M€, herein about 6 M€ from RFCS. 

Figure 1: Parties involved in the COMTES700 Project

b) E.ON Kraftwerk's Power Plant Scholven F
Headquartered in Hanover, Germany, E.ON Kraftwerke GmbH operates the E.ON Energie 
Group's conventional power stations (30 coal, gas, and oil-fired power stations) with a total 
generation capacity of approximately 15,000 megawatts (MW). These power stations 
generate around 50 billion kilowatt-hours (kWh) of electric power each year. This amounts to 
around 11% of Germany's entire electricity consumption and makes E.ON Kraftwerke one of 
Europe's largest conventional electricity generators. 

Host plant

Supplier Utilities 

Evaluation 

Coordinator

Public Funding (RFCS) 
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E.ON Kraftwerke operates 17 hard-coal power stations and seven lignite-fired generating 
facilities with an aggregate installed capacity of approximately 10,300 megawatts. The 
Scholven plant is E.ON Kraftwerke's most powerful coal-fired generating station, with a net 
capacity of 2,254 megawatts (see Table 1 and Figure 2). 

Table 1: Year of commissioning and capacity of the units of Scholven 

Units Commissioned Net output capacity in MW(el)
B – E 1968 - 1971 1,440 
F 1979 676 
FWK 1985 138 
Sum  2,254 

Figure 2: Plan of the Scholven Site

Unit F with a net capacity of 676 MW(el) and a firing thermal capacity of 1,860 MW (see 
Table 2) is the largest unit at the Scholven site. It is a bituminous coal-fired supercritical plant 
with a once-through boiler and a natural draught wet cooling tower commissioned in 1979. 
The boiler was manufactured by EVT Energie- und Verfahrenstechnik Stuttgart (now Alstom 
Power Boiler GmbH) and the steam turbine was delivered by KWU (now Siemens Power 
Generation). 
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Table 2: Scholven F design data 

Fuel Hard coal 
Firing thermal capacity 1,860 MW 
Steam production 2,200 t/h 
HP- / IP- temperature 537 °C 
HP- /IP- pressure 191 / 37 bar 
Coal consumption at full load 280 t/h 
Net heat rate 9,900 kJ/kWh
Number of pulverized coal/oil burners 32 

c) COMTES700 Design
The steam for the testing purpose (12 kg/s approx. 40 t/h) is taken from the inlet header of the 
SH1 and is led to the evaporator panel, where it is heated up to 610 °C (see Figure 3). 
Between the evaporator panel and the superheater an injection is placed, which can quickly 
control the temperature level before the test superheater inlet. The evaporator consists of 
tubes made of T24, HCM12 and Alloy 617. The steam is heated in the test superheater 
(material selection see Table 3) up to 705 °C and enters then either the HP bypass test valve, 
or will pass through the turbine valve and be cooled down at SH4 temperature level and 
mixed with the main superheater steam. In the first case the steam after leaving the HP 
bypass test valve will be cooled down and led to the RH2 outlet header. 

Table 3: COMTES700 - Material Selection 

Temperature Material 
Evaporator 410 - 610°C T24, HCM12, Alloy 617 
Superheater 580 - 705°C DMV310N, HR3C, Alloy 617, Alloy 740, Sanicro25 

(Alloy 174) 
Header, pipes 410 - 705°C 13CrMo44, 10CrMo910, P91, P92, Alloy 617 
Turbine valve1 705°C Alloy 625 

The test evaporator is located between 56.5 m and 66.2 m with the superheater above. The 
main components of COMTES700 listed in Table 3 and shown in Figure 3 were delivered by 
the suppliers listed in Figure 1. COMTES700 required a lot of additional piping and 
components for venting and draining which were delivered by E.ON Kraftwerke. Therefore 
the integration of COMTES700 into the existing system and boiler house was a complex task.  
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Figure 3: COMTES700 - Principal flow chart 

d) Time Schedule
The project COMTES700 started in July 2004. COMTES700 should have been integrated 
into the Scholven F unit during a planned big inspection between 23rd April 2005 and 1st 
July 2005. Due to problems during the manufacturing process begin of operation was delayed 
by 14 days.  

e) First Results
Connecting a complex research and developing project with a big electrical power producing 
unit is a very challenging task. Outages of the test facility are very cost intensive and 
therefore the test facility gets a high importance. Project costs may be influenced by this 
factor. 

Manufacturing of components of nickel-based alloys can only be done by a few companies in 
Europe, because special machines, allowances and a lot of experience are needed. For 
example it was not so easy to find a company which was prepared to cast the housing of the 
big turbine valve which is out of alloy material for commercial operation. In the end 
Goodwin in UK delivered it. Up to now it is operating very well.  

Forging of thick walled components must be planned due to possible problems with 
increasing grains. Choosing the false normalising temperature or time can cause unacceptable 
big grains. A lot of experience is needed to get the right conditions for optimised forgings.  

Manufacturing of Alloy tubes and pipes in high quantities is also not so easy because of the 
ductility of Alloy materials. It is important to optimise all boundary conditions so that cracks 
can be avoided. In this context I have to mention that a reliable non-destructive testing 
method for a bigger amount of tubes and pipes would be an invaluable advantage.  

Starting operation in July 2005 there was a problem with fouling in the steam system, 
because due to lack of time it was not possible to blow out the system in advance. 700 °C 
steam temperature is a big challenge for sealings. Leakages can occur and cause a lot of 
noise. A lot of know how is necessary to seal up the valves permanently. Perhaps new 
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research project must be launched to develop better sealings. Another way can be to put the 
sealings as possible at a place with lower temperatures. 

2. Important Material Projects on the Way to the 700°C Power Plant

Beside the COMTES700 project there are a lot of additional material and component projects 
in Europe where materials are qualified and manufacturing processes are optimised. Some 
important of them shall be mentioned here. 

AD 700 was the first project on the way to the 700°C power plant. It started in 1998 and is 
still ongoing. The development of materials, components and concepts were also in the focus 
of this project like the first planning of a demo plant. Although this project will end soon the 
purpose of AD 700 will be continued. 

In the German research and development project MARCKO 700 material values, 
producibility of tubes and pipes and proving methods in laboratory up to 700/720 °C are 
examined. The programme started in 2004. Results are expected in 2008.  

Two test rigs with temperatures until 720 °C in the hard coal fired power plant Esbjerg and 
the lignite fired power plant Weisweiler began operation in 2004 and will deliver additional 
operation experience. The tube and pipe materials are almost the same than in COMTES700. 
Therefore the projects started one year before COMTES700 operational problems oxidation 
and corrosion can be determined in advance. 

In the German COORETEC research and development programme that will start in 2006 and 
last until 2010 several projects for the 700 °C power plant were launched. In one project 
corrosion behaviour of nickel-based alloys under high temperature and as a function of 
oxygen content in the flue gases is examined. Caking of melting ashes on the tubes and their 
influence on corrosion must also be checked. Material values of promising alloys and 
coatings which are improving the corrosion resistance must be determined. Reliable non-
destructive testing during the manufacturing process and the outages are a very important 
precondition for the building of 700 °C power plants. Therefore another project shall evaluate 
and improve these methods. 

3. Pre-Engineering Study for the 400 MW Demonstration Plant 

In spring 2006 the participants of the COMTES700 project launched the pre-engineering 
study for the 400 MW coal fired demonstration plant. Aim of the study is to get the best 
concept for the demonstration plant and to improve the manufacturing processes which were 
used in COMTES700.  

To achieve this goal the basic engineering for three designs for the tower boiler were started. 
Burmeister & Wain, Babcock Hitachi and Alstom Power are working out the variants. End of 
2006 the detail engineering for the chosen design for the boiler and the turbine island will 
start. At the same time the manufacturing processes have to be examined and proposals for 
improving them will be worked out. Membrane wall arrangements and material interferences 
are also in the focus of the project. Last but not least a scale-up to a 1000 MW hard coal and 
lignite power plant will be examined. The study will last 18 months and will end at the 
beginning of 2008. 
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4. Erection and Operation of the Demonstration Plant 

In 2008 we can do the next step on the way to the 700 °C power plant. It is planned  
• to choose a site for the demonstration plant,  
• find the partners for the project  
• and begin with the call for tenders for the demonstration plant.  

In 2009 the permit procedure can be started. Erection of the plant should be possible in 2010, 
so that operation is expected to begin in 2015. But to reach this goal, a lot of difficulties must 
be overcome.  
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Abstract 

Solid Oxide Fuel Cells (SOFCs) with electrical efficiencies above 50 % are considered as very promising option 
for future decentralized energy conversion. At the Research Centre Jülich (FZJ) planar SOFC stacks are 
currently being developed and tested at 800°C and up to 10000 h using H2 and methane as fuel. Stacks in the kW 
class routinely reach power densities of 600 W/cm². Typically the layered material composite of the FZJ-stack 
consists of cells with yttria stabilized zirconia (YSZ) electrolyte, Ni-YSZ anode and a cathode of lanthanum 
strontium manganite. The cells are mounted between ferritic steel interconnects. The fuel and air compartment 
are sealed by glass ceramic. With this material combination significant progress in reliable stack operation has 
been achieved over the past decade. However, problems with thermo-chemical and thermo-mechanical 
compatibility still remain a major challenge. To illustrate the complexity of material interactions in SOFCs, 
selected problems related to the degradation of electrochemical performance and mechanical failure processes 
are presented and solution strategies are discussed. As examples, short circuiting due to interaction between 
glass-ceramic and ferritic steel, Cr-poisoning of the cathode, and electrolyte fracture triggered by Ni-oxidation in 
the anode are addressed. 
The examples emphasize the importance of an in-depth understanding of the interaction processes of the 
composite materials in SOFC stacks for further progress in this advanced energy conversion technology.

Keywords: Solid oxide fuel cell, material compatibility, Ni-YSZ cermet, glass ceramics, 
ferritic steel  

1. Introduction 

The basic ideas of solid oxide fuel cells (SOFCs) have their origin in the high temperature 
conductivity of stabilized zirconia, first observed more than a century ago by Nernst [1]. 
Today, with considerable advances in theory and experiment, the SOFC is considered as the 
most efficient device for converting chemical fuels directly into electrical energy. The 
electrical efficiency (~ 50%) even increases when coupled with a gas turbine in a power plant. 
The SOFCs also offer multi-fuel capability (e.g. hydrogen, carbon monoxide, methane etc.). 
In particular, in the past decade SOFC development has made significant progress as evident 
in a tenfold increase of power density [2]. 
There are essentially two main concepts under development, the tubular and the planar 
design. As far as proof of long term stability and demonstration of plant technology are 
concerned, the tubular concept is far more advanced whereas the planar design offers higher 
volumetric and gravimetric power density [2]. Standard SOFC cells comprise yttria stabilised 
zirconia (YSZ) as electrolyte, porous Ni-YSZ cermet as anode and lanthanum-strontium-
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manganite (LSM) as cathode [3]. Typical operation temperatures are in the range between 
600°C and 1000°C. In order to operate the SOFC in the lower temperature regime (700 – 
800°C) either thin YSZ electrolytes and/or oxides with higher ionic conductivity, such as 
CeO, Sc stabilized zirconia, are used. Recent progress in electrochemical performance has 
also been achieved with improved cathodes. Composite cathodes (LSM + YSZ) increase the 
number of electrochemically active sites for oxygen reduction (three phase boundaries of 
electrolyte/cathode/air) [4]. Also new cathode materials of (La,Sr)(Co,Fe)O3 composition 
(LSCF) reveal superior performance [5].  
In planar designs, larger power units of SOFCs require stacking of the cells and their 
connection in serial mode with intermediate bipolar plates via contact layers. Moreover, the 
fixation of the cells and the sealing of anode and cathode compartment need appropriate 
material solutions [6]. The development of a robust, reliable SOFC stack with such a complex 
multilayer composite arrangement still poses various problems. They are related with the 
different high temperature behaviour of the involved materials and their partial lack of 
thermo-chemical and thermo-mechanical compatibility in the stack composite.  
It is the aim of the present work to highlight some of the critical material aspects at high 
temperature. The interaction effects are demonstrated with results obtained within the SOFC 
project of the Research Centre Jülich (FZJ). Since planar SOFCs are being developed at FZJ 
the focus is directed to this design concept.  
First the current status of planar SOFC development is outlined. Thereafter three selected 
aspects of material interaction are presented, which have emanated at FZJ from stack tests and 
their routine post-operation “autopsies”. The examples are related with sealing, degradation 
by Cr-poisoning of the cathode and cell failure by anode re-oxidation. 

2. Current status of planar SOFC development 

Planar SOFC concepts distinguish between electrolyte and electrode-supported cell designs. 
In the first variant the electrolyte with a thickness of 100 – 200 µm serves as the load 
supporting layer of the cell (Fig. 1). Operation temperatures are typically between 850°C and 
1000°C due to the relatively high ohmic resistance of the thick electrolyte. In this temperature 
regime ceramic interconnects are advantageous because of negligible corrosion and therefore 
low stack degradation. 
The electrode-supported variant allows the use of a much thinner electrolyte layer (5 – 10 µm) 
and thus decreases the ohmic resistance. Accordingly the operation temperature can be 
reduced to 700 – 800°C, whilst retaining the same power density as electrolyte-supported 
cells at 950°C. An anode- rather than cathode-supported cell is most frequently used (Fig. 1). 
The better electrical conductivity of the Ni-YSZ anode cermet compared to the perovskite 
materials of the cathode favours the design of mechanically more rigid cell geometries. At 
lower operation temperature also metallic interconnects become attractive. Ferritic steels with 
higher chromium content (>16%) form conductive oxide scales and can be furthermore 
compositionally adjusted to the thermal expansion of the mechanically dominating anode [7]. 
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cathode LSM – (La1-x Srx)1-y MnyO3  electrolyte YSZ (yttria-stabilised ZrO2) 
            anode  Ni/YSZ 
Fig. 1: Schematic of planar SOFC design concepts. Standard materials are indicated [2]. 

Starting more than a decade ago, FZJ was one of the first research institutions to focus the 
planar SOFC activities on anode-substrate supported cells. To date in more than 200 stack 
tests, new approaches with respect to materials, fabrication of components and stack design 
have been investigated. The current standard experimental “short”-stack contains 2-cells of 
100 x 100 mm² size. Larger stacks with a larger number of planes (10, 20, 40 and 60) are 
typically assembled with cells of  200 x 200 mm² in size. A 60 plane power stack is shown in 
Fig. 2. Both experimental “short”-stack and power stack are considered to enhance the 
development of SOFCs for stationary application.  

Fig. 2: SOFC stack with 60 planes (200 x 200 mm² cells) [8]. 
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Recently the development of light-weight stacks for mobile auxiliary power application 
(APU) has also been started. As one option pre-fabricated cassettes are used in the APU 
stacks as repeating unit [9]. The development of planar SOFCs has matured to a level that 
long term experience can be based on several stacks each operated for more than 5000 h. 

Fig. 3: Improvements of power density and net gross power of FZJ stacks between 
1998 and 2004 [8]. 

The increase in power density which has been achieved at FZJ between 1998 and 2004 with 
the stack variants for stationary application is shown in Fig. 3. In addition the increase in 
stack gross power is plotted. The maximum power densities of 0.7 W/cm² obtained in stack 
tests with LSM cathodes are in good agreement with the respective values measured in single 
tests [4]. The data in Fig. 3 also indicate a higher power density when using LSCF cathodes. 
Note that the power density can be more than twice as high for single cells with LSCF 
cathodes [5].  
A benchmark survey of worldwide SOFC technology shows on average similar results. The 
degradation rates of the stacks are always significantly higher than the single cell results [4]. 
Also single cell tests at FZJ exhibit degradation rates below 0.4% / 1000 h, whereas the 
lowest long term (~ 8200 h) stack degradation measured to date was not better than 1% / 1000 
h. Since both values represent state of the art performance, the need of further improvement 
for long term application of planar SOFCs in stacks is obvious. However, in order to analyze 
the origin of the long term degradation behaviour, the possible competing short term failure 
mechanisms need to be eliminated in the first place.  
Three examples of material related stack degradation or failure are presented in the 
subsequent sections.  
i) First, as a short term effect, the material interaction between a specific combination of 

glass-ceramic sealant and ferritic steel is addressed. 
ii) Cr-poisoning of the cathode is generally considered to be one of the major degradation 

effects during stack operation with chromia-forming ferritic steel as interconnect. In a 
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second case study results of microstructural investigations are presented, which illustrate 
the Cr deposition at the cathode / electrolyte interface after 8200 h stack operation. 

iii) Finally the detrimental re-oxidation problem of anode supported cells with Ni-YSZ 
anodes is demonstrated and discussed. 

3. Chemical interaction between glass-ceramic sealant and ferritic steel 

Standard joining and sealing concepts of the dissimilar and similar materials of planar SOFC 
stacks are often based on electrically isolating glass-ceramics. At FZJ the rigid fixation of the 
cell in the metallic frames and the sealing of anode and cathode compartment are typically 
provided by glass-ceramics of the BCAS (BaO-CaO-Al2O3-SiO2) system [10]. Compositional 
variations and the selection of minor additives allow adjustment, within certain limits, of the 
thermal expansion of the sealant to the metallic interconnect and the anode substrate of the 
cell. Good adherence to the metallic and ceramic joining partners can then be obtained 
[11,12]. However, considering the complexity of possible high temperature material 
interactions, chemical compatibility problems may occur. As an example, rapid degradation 
of stack performance has been observed with special variants of the BCAS glass ceramic and 
the ferritic steel [13]. Short circuiting effects after stack operation times of only ~ 200 h could 
be attributed to the chemical interactions along the seals between interconnect and cell frame 
[13]. In addition pronounced differences between the air and fuel side of the seal occurred. 
Near the three phase boundary of oxidant (air), glass ceramic and ferritic steel internal and 
surface oxidation of the metal was observed [13]. The voluminous outward growth of highly 
conductive iron-containing oxide nodules provided material bridges, which short-circuited the 
metallic cell frame and the interconnect, otherwise separated and isolated by the sealant.  

Fig. 4: Corrosion reaction of glass ceramic with unprotected ferritic steel (left) at a stack seal. 
Plasma sprayed YSZ coating on steel surface (right) suppresses the corrosion. a) 
Formation of Fe-oxide nodules at air side, which can bridge the seal gap and can cause 
short-circuiting. b) Internal oxidation at fuel side of seal with surface uplift of steel. 

a b
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The basic effect is demonstrated in a cross-section of a glass ceramic seal between coated and 
uncoated ferritic steel (Fig. 4). Note that the specimen was prepared after short term stack 
operation at 800°C. The SEM micrograph in Fig. 4a shows the effect of massive outward 
oxidation from the unprotected ferritic steel, whereas the plasma sprayed YSZ coating 
completely suppresses the reaction. Under the conditions of the fuel atmosphere at the other 
end of the seal, the unprotected ferritic steel exhibits excessive internal oxidation 
accompanied by a substantial volume increase (Fig. 4b). Bulging of the steel is manifest in 
surface uplifts up to several hundred microns [13]. Again no corrosion is visible at the YSZ 
coated steel surface. 
Model experiments on laboratory scale with the unprotected ferritic steel reproduced the 
rapid, massive internal oxidation at the fuel side and the formation of Fe-oxide nodules on the 
air side [14,15]. Both effects only occurred in BCAS sealants with PbO additive. The rate of 
corrosion attack increased with increasing Si-content in the ferritic steel. Accordingly 
compositional modifications of the glass-ceramic and the steel were carried out yielding the 
same positive results like the protective YSZ coating. Thereafter successful long term 
operation (>5000 h) of stacks could be demonstrated with seals comprising BCAS glass 
ceramics without PbO and/or ferritic steels with low Si-content [13]. 

4. Cr-poisoning due to deposition at cathodic triple phase boundaries 

Chromia-forming metallic interconnects are favourably used for SOFC stacks with lower 
operation temperature (600-850°C). They satisfy to a certain extent key functional and 
structural requirements of the interconnect, such as high electrical conductivity, chemical 
stability in fuel and air, thermo-chemical and thermo-mechanical compatibility with the other 
stack materials. 
In particular, chromia-forming ferritic steels have conductive oxide scales and exhibit a 
decreasing thermal expansion with increasing Cr-content [7]. The ferritic interconnect steel 
developed at FZJ matches well in thermal expansion coefficient with the Ni-YSZ cermet of 
the anode substrate and forms a conductive double layered oxide scale of chromia and Cr-Mn-
spinell at the surface [7]. Based on this development the commercial ferritic steel 
Crofer22APU (ThyssenKrupp) is now available. 
However, despite the progress with chromia-forming materials, there are two main 
disadvantages of these metallic interconnects. The formation of the oxide scales during stack 
operation leads to ohmic losses and the metallic interconnects release volatile Cr-species, 
which affect cathode performance and cell voltage. 
Several studies of the Cr-effect revealed that the evaporation of volatile Cr-oxide and 
oxyhydroxide species gave rise to a rapid degradation of the electrical properties of 
SOFCs [16,17,18]. Cr-containing species (e.g. Cr-Mn-spinells) were observed in LSM 
cathodes with preferential localisation near the electrolyte/cathode interface in case of applied 
current density. One of the proposed degradation mechanisms [19] is based on the 
electrochemical reduction of the gaseous, higher valent CrO3 and CrO2(OH)2 at the triple-
phase boundaries (TPBs) between LSM cathode, YSZ electrolyte and air. The solid reaction 
products from the electrochemically active sites (TPBs) inhibit the oxygen reduction and thus 
degrade SOFC performance. As an alternative Cr-poisoning mechanism also the reaction of 
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Mn2+ species, generated in the cathode under cathodic polarization or at high temperature, 
with the gaseous Cr species in discussed [19]. Ultimately both mechanisms can lead to the 
formation of Cr-Mn-spinels. 

Fig. 5: SEM analysis of Cr-poisoning near interface between LSM cathode and YSZ 
electrolyte. Specimen has been prepared from a cell after 8200 h stack test. Isolated 
Cr-Mn spinell formation is observed. 

Various strategies have been developed to reduce the chromium poisoning effect. Although 
the chromium volatilization is reduced with lower temperature, a reduction of the SOFC 
operation temperature does not lead to a significant improvement of the stack performance. 
Material options rely on minimising the chromium transport in the cathode compartment. 
Either “Cr-getter” materials such as La2O3 [20] can be used on the cathode or additional 
protective layers can be coated on the surface of the ferritic interconnect. Lanthanum 
chromites, manganites and cobaltites have been tested [21]. A two layer system of proprietary 
composition which is currently used as contact and protective coating in the SOFC stacks of 
FZJ has proved good Cr-retention [22]. Over 8200 h operation time the degradation of stack 
performance at 300 mA/cm² and 8 % fuel utilization was only about 1 %/1000 h. Post-
operation examination of the electrolyte/cathode interface was performed using SEM with the 
analytical tools. The analyses revealed only limited and isolated grains of Cr-Mn spinel in the 
TPB regime (Fig. 5) emphasizing the good Cr-retention of the protective FZJ interconnect 
layers.  

5. Re-oxidation of Ni in anode substrate 

The planar SOFCs with a relative thick, load supporting Ni-YSZ cermet as anode substrate 
(600 – 1500 µm) and a thin YSZ electrolyte (5 -10 µm) take advantage of good 
electrochemical operation at lower temperature. However, in case of any (unintended) oxygen 
access to the anode compartment, such anode supported cells are very prone to mechanical 
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failure. Material aspects related to the irreversible transition from the oxidised to reduced and 
re-oxidised state of the Ni play the key role for the failure behaviour. 
The standard fabrication procedure of FZJ for planar anode supported SOFCs follows a 
ceramic route, where a porous anode (NiO and YSZ)  is co-fired at 1400°C with a thin YSZ 
electrolyte film [23]. Due to the thermo-elastic mismatch between anode and electrolyte layer 
of ∆α ∼2 . 10-6K-1, residual stresses develop upon cooling. 
At room temperature they are highly compressive in the electrolyte (∼ 500 MPa [24]), which 
is advantageous for the required mechanical integrity of the electrolyte. After deposition of 
the mechanically less important LSM cathode and new co-firing, the cells are assembled, 
fixed and sealed in the stacks. The cells are still in oxidised state during sealing with glass-
ceramics. After sealing the stack is kept at operation temperature (800°C) and the anode is 
reduced with the H2 fuel. Although the residual stresses are lower at operation temperature 
compared to RT, a compressive stress is still maintained in the electrolyte [24]. The NiO-
reduction shifts the compressive electrolyte stress only slightly [24]. However, the residual 
stress situation in the electrolyte changes considerably when re-oxidation of the Ni takes place 
[25].  
The microstructural changes within the sequence of NiO reduction and Ni re-oxidation have 
been studied in laboratory experiments [25]. Fig. 6 displays in a sequence of SEM 
micrographs from exactly the same location the microstructural changes of an anode 
supported FZJ half cell. Obviously the reduction step of Ni is not reversible by a subsequent 
re-oxidation. The microstructure of the re-oxidised Ni requires a larger volume (~0.5 % strain 
increase) compared to the initial oxidised state [25]. In model experiments the kinetics and 
geometrical implications of the re-oxidation have been studied [25].  

Fig. 6: Microstructural changes in anode and anode substrate during sequence from co-firing 
via reduction to re-oxidation. The NiO reduction is not reversible. The porous re-
oxidized NiO requires a larger volume, causing compressive stresses in the anode and 
tension in the electrolyte [25]. 
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The movement of a re-oxidation zone, propagating  from the free anode substrate surface 
towards the electrolyte is reflected in an unconstrained half cell by changes in curvature as 
shown in Fig. 7. The material expansion related with the anode re-oxidation causes global 
tensile stresses in the electrolyte. Mechanical modelling of the effect [25] reveals that 
complete anode re-oxidation yields tensile stresses in the electrolyte which may exceed the 
combined material resistance of residual and fracture stress. Similar to the model experiments 
(Fig. 8) electrolyte fracture is typically observed after complete anode re-oxidation of the cell 
in stacks [26]. 

Fig. 7: Change of curvature (1/r) in unconstrained half cell due to anode re-oxidation. The 
curvature depends on the position of the re-oxidized material compared to the neutral axis of 
the specimen [25]. 

Fig. 8: Complete re-oxidation causes electrolyte fracture [25]. 
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Various geometrical and material approaches are being considered so solve this detrimental 
problem. Thicker electrolytes and/or mechanically weaker anodes with higher porosity have 
been proposed [25], but also materials which serve as oxygen getter and the replacement of Ni 
by alloys are options currently discussed and examined. 

Conclusions 

In the past decade the development of planar SOFCs with metallic interconnects for operation 
temperatures between 700°C and 800°C has matured to a level such that increasingly long 
term operation can be realized with power densities of 0.7 W/cm² and degradation rates of a 
few percent / 1000 h. Both design and material solutions contributed to the remarkable 
progress. 
The three presented case studies from the planar SOFC stack development at FZJ give some 
insight into the solved and still existing problems with materials interaction. Identifying 
further critical material aspects and developing solutions with respect to thermo-chemical and 
thermo-mechanical compatibility remain as on going tasks for reliable, long term operation of 
the multi-layered composite of a planar SOFC stacks. 
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Abstract 

According to current knowledge and understanding, nuclear fusion can be developed to a sustainable energy 
technology. Fuel is abundant and key points as fusion power production and alpha particle heating have already been 
demonstrated. The next-step device ITER is designed to demonstrate net power production and to address all 
relevant technological issues on the way to a power reactor. There is, however, a series of materials problems to be 
addressed in the frame of the ITER project and by a long-term development programme. A survey of the current 
status of materials development for fusion applications is given, emphasizing low-activation structural materials and 
on the development of plasma-facing materials and components. To provide materials which can sustain the severe 
loading conditions in a fusion environment is a key issue in developing fusion as a nuclear technology without long-
lived radioactive waste. 

Keywords: nuclear fusion, low activation materials, plasma-facing materials, high heat flux materials, ExtreMat 
Integrated Project 

1. Introduction 

Controlled nuclear fusion of hydrogen isotopes has been a research topic in the world since 
around 1950. Among many attractive features are the abundance of fuel for the reaction, the high 
specific energy release per reaction, and - in contrast to nuclear fission techniques - the inherent 
safety of the process due to its thermonuclear nature. To achieve controlled nuclear fusion on 
earth various schemes have been proposed, among which the magnetic confinement in the so-
called tokamak arrangement has been the most successful one up to now.  

The principal problem to overcome in the fusion of two atomic nuclei is the repulsive 
electrostatic force, which acts in between them. The highest probability to achieve the fusion 
process, i. e. the highest reaction rate can be met when the two hydrogen isotopes deuterium (D) 
and tritium (T) are employed at a temperature in the range of 10...20 keV, one to two hundred 
million K:  

D + T             4He (3.5 MeV) + n (14 MeV) 

The released energy of 17.5 MeV is distributed between a neutron and a charged 4He nucleus, an 
alpha particle. In a magnetic confinement scheme, the neutron is not confined and escapes from 
the plasma. The charged 4He particle, however, is confined by the magnetic field. Its energy must 
be thermalized to sustain the high plasma temperature.  

The availability of these two fuel components on earth is very different: Deuterium is 
abundant in nature, its concentration in natural hydrogen is about 0.015%. Therefore it is 
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practically inexhaustibly available from seawater. Tritium, however, does not occur naturally in 
sufficient quantities because it is radioactive with a half-life of about 12 years. The concept for a 
fusion power plant is that the fusion reactor produces its own supplies of tritium in a self-
sustained fashion. The neutrons produced by the fusion reaction are employed for producing 
tritium from the two naturally occurring lithium isotopes: 

6Li + n             4He + T + 4.8 MeV 
7Li + n             4He + T + n' -2.5 MeV 

This is achieved by surrounding the plasma vessel with a so-called blanket, a structure that 
absorbs the neutrons and contains the tritium breeding fuel. It is this blanket which also absorbs 
the energy released with the neutron. Therefore it must contain coolant channels. The coolant 
carries the produced tritium to an extraction stage and the tritium is finally injected into the 
plasma as new fuel. In this way radioactive tritium is handled only inside a closed system of a 
fusion reactor facility. 

2. The status of fusion research 

Magnetic confinement of fusion plasmas has been widely investigated in various field 
configurations. Nowadays two toroidally closed configurations are mainly pursued: The tokamak 
and the stellarator. Since a purely toroidal magnetic field configuration does not yield a stable 
plasma confinement, an additional twist of the field lines is necessary. In the tokamak 
configuration this is achieved by using an external toroidal field and additionally driving a 
current through the plasma in the toroidal direction. The stellarator concept, on the other hand, 
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Figure 2: Achieved fusion power in the JET 
tokamak during the 1997 deuterium/tritium 
experiment (after [2]). The peaked profiles 
refer to special transient discharge scenarios. 

Figure 1: Development of the fusion product 
of plasma density (n), plasma temperature (T) 
and energy confinement time(τ) (after [1]).
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does not employ current drive inside the plasma, but instead uses external magnetic fields of 
complex shapes. Tokamaks nowadays produce the better results concerning the so-called fusion 
product of plasma density, temperature, and energy confinement time. Stellarators have no 
necessity for current drive and therefore have a general advantage concerning stability and 
continuous operation. Figure 1 shows the progress of the fusion product that has been made over 
the last decades. Today's large devices are close to the breakeven condition Q=1, which means 
fusion power equals input heating power. Since the fusion product also scales with the volume of 
the plasma, reactor conditions can only be met in a next step device. 

Present day fusion research facilities generally do not operate with deuterium/tritium mixed 
plasmas. The breakeven condition of a D-T plasma, however, has already been reached. Only a 
few experiments on realistic mixtures producing fusion power have been done. In its 1997 
deuterium/tritium experiment the Joint European Torus tokamak JET has achieved the substantial 
amount of 16 MW of fusion power corresponding to Q=0.62 [2] (see Figure 2). Significant alpha 
particle heating of the confined plasma has been demonstrated in the Princeton tokamak fusion 
test reactor TFTR [3] as well as in JET [4]. 

3. The ITER project 

Recognizing the importance of the next step to a rector-scale fusion device, in 1987 the 
European Union, Japan, the Russian Federation, and the United States initiated the so-called 
Conceptual Design Activities for ITER, the International Thermonuclear Experimental Reactor. 
It was agreed that the overall objective of ITER would be "to demonstrate the scientific and 
technical feasibility of fusion energy for peaceful purposes"[5].  

The scientific and technical performance specifications were reformulated in 1998. Now the 
ITER design envisages the demonstration of extended burn of deuterium-tritium plasmas with a 
fusion power of 500 MW and a ratio of fusion power to input heating power Q at least ten [6]. 
Another target is the demonstration of technologies essential to a reactor in an integrated fusion 
technology system. ITER will allow to study the science of self-heated plasmas in power plant 
relevant regimes. Prototypes of key components have already been manufactured and tested: 
Central Solenoid for inductive current drive, superconducting toroidal field coils, complete 
blanket module mock-ups as well as full scale modules of the vacuum vessel [6].  

In 2005 the decision was made to build ITER in Cadarache (France) as a joint project of the 
European Community, Japan, Russia, US, Rep. Korea, China and India.  

In conjunction with further materials development, modelling and neutron irradiation 
experiments of these materials, ITER is supposed to provide a sufficient scientific and 
technological basis for a "first of its kind" fusion reactor [7]. The Power Plant Conceptual Study 
has evaluated different options for a commercial fusion power plant based on varying degrees of 
technological extrapolation from the present state [8]. These variants include a water-cooled 
reactor design, and several Helium cooled reactor designs. The availability of suitable materials 
and the achievable progress in plasma engineering dictates which of these variants will become a 
realistic base for the design of a fusion reactor. 
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4. Material issues in fusion energy systems 

4.1 Structural materials

One of the main features of fusion reactor material issues is the intense irradiation with 
neutrons. This immediately brings about two of the key problems in the development of structural 
materials:  
- The materials must not suffer strong radiation-induced embrittlement or other degradation 
- Radioactive waste must be minimized: The half-life of neutron-induced activation products 

should be as short as possible 

In order to meet these requirements, three lines of development are being pursued [9]: 
Reduced activation ferritic-martensitic steels are currently the furthest developed technology. 
Vanadium alloys based on the V-Cr-Ti system have a great potential for high-temperature 
operation in combination with a liquid lithium breeder system. Finally, SiC-fiber-reinforced SiC 
composite ceramic materials (SiC-SiC) would have a great potential for very low radioactivity 
and for very high operating temperature, corresponding to a high degree of efficiency. This 
system, however, surely constitutes the most difficult technological challenge of the three groups. 
The aim is to arrive at materials which allow operation at reactor relevant coolant temperatures 
and, at the end of the life, recycling or disposal under strongly relaxed conditions.  

The mainstream of this work has resulted in a ferritic-martensitic steel with 9% Cr and 
substitution of the elements which cause the strongest activation like Mo and Nb. Data regarding 
the properties after neutron irradiation hint that embrittlement can be reduced when this material 
is being irradiated above 250°C to 300°C. Of highest importance in this respect is the irradiation 
induced shift of the ductile to brittle transition temperature (DBTT). Irradiation data of this 
material group as  a function of the displacement damage are shown in Figure 3. Recently 
developed grades like F82H and the European EUROFER grade, which is not yet included in 
Figure 3, show only a moderate shift of the ductile to brittle transition temperature DBTT. In a 
recent irradiation experiment to a high dose of 32 dpa at 300°C irradiation temperature 
EUROFER showed an increase of the DBTT by 200 degrees from -100°C to +100°C [10]. 
However, this shift will be enhanced by irradiation with high energy neutrons typical for the 
fusion neutron energy spectrum. Under fusion conditions the high energy neutrons will cause He 
production from transmutation reactions on the order of 10 appm/dpa in steel. The He will 
interact with the displacement-induced damage and increase the embrittlement at low 
temperatures. EUROFER is currently in a state of development, where due to the low activation 
composition the neutron-induced radioactivity would have decreased to the hands-on level after a 
storage time on the order of one hundred years. 

Further development is being carried out on oxide dispersion strengthened 9%Cr and 12/14% 
Cr steels to increase the upper temperature limit for operation from 550°C for EUROFER V to 
higher values [10].  

In addition to this the properties of SiC-SiC especially in terms of thermal conductivity and 
resistance to neutron irradiation are being improved. The use of SiC-SiC either as structural 
material or as heat insulation liner material would allow coolant temperatures in a range up to 
1000°C [11]. 
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The specific neutron energy spectrum which includes a large portion of high energy neutrons 
up to 14 MeV leads to different neutron damage in materials as compared to the neutrons from 
fission reactors. This is caused by the additional production of He and H in the bulk of the 
materials due to transmutations. In order to test materials for a fusion power reactor in a relevant 
neutron environment, an intense high energy neutron source is needed. Such a source based on 
the D-Li stripping reaction, the International Fusion Materials Irradiation Facility (IFMIF) is 
presently under international planning [9].  

4.2 Plasma-facing materials and components

The loading conditions of the materials for the plasma-facing components in ITER and a fusion 
reactor are listed in Table 1 [13]. 

In addition to the neutron damage, very high heat loads to the divertor under steady state 
operation the effect of heat flux transients has major impact on the materials selection. 
Experimental investigations on the materials damage resulting from thermal transients have been 
carried out in plasma, electron and ion beam facilities [14]. Concerning a fusion reactor, it is 
expected that the effect of thermal transients has to reduced very strongly to allow the operation 
of components with reasonable lifetime, since the erosion and fatigue of the plasma-facing 
materials would be excessively large.  

Figure 3: DBTT shift of reduced activation steels under neutron 
irradiation (fission reactor spectra) (after [9]).
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ITER 

                   

reactor 

First Wall Divertor target  First Wall  Divertor target 
     
component replacements none up to 3 5 year cycle 5 year cycle 
av. neutron fluence
(MWa/m2) 

0.3 max.0.15* 10 5 

displ./transmut. product. 

dpa / appm (He);  
(dpa / %Re for W) 

Be   1 / 1000 
Cu   3 / 30 
SS   3 / 30 

CFC  0.7 / 230 
W   0.7 / 0.15% Re 
Cu    1.7 / 16  
SS   1.6 / 16 

W    30 / 6% Re
RAFM steel 
        120 / 1200

W        15 / 3% Re
Cu         60 / 600 
RAFM st. 60 / 600 

    

normal operation     

No. of cycles  30000 10000 < 1000 < 1000 
Peak particle flux 
(1023/m2s) 

0.01 ~10  0.02 ~10 

Surface heat flux 
(MW/m2) 

< 0.5  ~10** / 3 < 1 ...10... 

PFM operational temp.  
(°C) 

Be: 200...300 W:     200...1000 
CFC: 200...1500 

W: 550...700 W: 350...500 

ELM energy density 
(MJ/m2) 

- < 1 – reduced 

ELM duration (ms)/ 
{Frequency} 

- 0.2/  {few Hz} – “grassy”? 

off-normal operation     
Peak energy density 
(MJ/m2) 

60 (VDEs) 30 (Disr.) - ? 

Duration (ms)/ {Frequ. 
(%)} 

300 {1%} 
(VDEs) 

1-10 {<10%} (Disr.) - 1-10, max. 10 
events 

*   without replacement; 
** slow transients 20 MW/m2 lasting 10 s (10% frequency) 

Table 1: Operation conditions for the plasma-facing components of ITER and a of DEMO-like 
fusion reactor [13] 

Regarding the development of plasma-facing materials and high heat flux components, the 
ITER project is currently representing the most advanced status. The components facing the 
plasma will consist of carbon-fibre reinforced carbon, tungsten and beryllium as plasma facing 
material and CuCrZr as high thermal conductivity heat sink. The selection of these materials has 
been driven mainly by the need to furnish the ITER first wall with low-Z plasma facing material 
in order to provide maximum operational flexibility with coincides with the high tolerance of the 
plasma towards influxes of low Z impurities. The use of carbon on the first wall, as applied in 
most present day experiments, has been avoided, since the first wall is subject to erosion 
processes. The eroded carbon would eventually redeposit in the form of amorphous hydrocarbon 
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films with high fractions of tritium and thus lead to a rapid build-up of a high tritium inventory. 
This is undesirable from a radiological point of view for ITER, but it must also be avoided in a 
fusion reactor because tritium must be produced on site and must not get permanently bound in 
hydrocarbon films. 

 Regarding the divertor, the component of a fusion reactor receiving the highest heat flux, the 
materials selection has been mainly driven by highly peaked transient heat fluxes which would 
lead to excessive erosion of most materials during e.g. disruptions. In divertor target areas with 
highest transient heat loads, carbon-fiber reinforced carbon material (CFC) with 3-d fiber 
reinforcement and very high thermal conductivity will be applied. In order to minimize the 
amount of carbon used as plasma facing material, the less highly loaded regions of the divertor 
will be furnished with tungsten. A concise review on the selection of the plasma-facing materials 
for ITER can be found in [15]. 

The joining technology of the plasma facing materials has been developed to a standard 
allowing the removal of stationary surface heat loads on the order of 20 MW/m2. This is of 
special importance, since divertor heat loads in ITER can reach 20 MW/m2 under quasi-
stationary conditions. Joining methods for dissimilar bonds of Be-Cu and W-Cu are high 
temperature brazing and hot isostatic pressing. CFC-Cu bonds can be also joined by active metal 
casting (AMC). The heat removal capability under thermal cycling conditions of CFC-CuCrZr 
model components with active cooling has been subject of a review [16]. For ITER a detailed 
Materials Assessment Report has been issued which compiles the fusion relevant aspects of the 
Be, W and CFC materials [17].  

Beryllium to cover the major part of the plasma-facing wall will not be a suitable option for 
an economic fusion reactor concept. Therefore an alternative must be identified. Plasma material 
interaction studies in the tokamak ASDEX Upgrade indicate that tungsten may be a plasma-
facing material which can provide sufficient lifetime of the first wall components [14,15]. The 
use of tungsten in this tokamak on large surface areas resulted in low plasma impurities, well 
below the tolerable limit of 10-5 and very little tungsten erosion from energetic neutrals. ITER 
will allow the achievement of a conclusive result on the selection and use of plasma-facing 
materials for a fusion power reactor. Plasma-facing materials issues related to the application in a 
reactor are described in more detail in [20]. 

Hydrogen isotopes as the fuel of the fusion reaction constitutes a very general problem for 
metallic materials, especially for ferritic-martensitic steels because of the low solubility and for 
vanadium alloys because of exothermic hydride formation, leading to embrittlement [21,22]. 
Furthermore, the transport of tritium through the heat sink materials into the reactor coolant has 
to be limited. Thin film technology is employed to deposit hydrogen permeation barrier coatings 
with µm thickness and below. These coatings are to be applied as a sandwiched barrier between 
the plasma-facing material and the metallic heat sink material as well as at the breeding blanket 
walls. Work on α-crystalline alumina (Al2O3) films which were deposited by low temperature 
PVD techniques on EUROFER steel showed that permeation reduction factors of 1000 can be 
reached [23].  The issue of tritium breeding and handling, however, puts a special emphasis on 
coatings technology regarding the concepts for breeding blankets. Some design concepts, which 
employ lithium containing liquid metals, must rely on coatings for the purpose of corrosion 
protection as well as their hydrogen barrier function [24,25]. Here, work on thin erbia (Er2O3) 
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coatings has demonstrated that at the same time a good corrosion resistance and a permeation 
reduction by a factor of 200 can be obtained [26]. 

5. Relation of the development of materials for fusion reactors with regard to other 
applications 

Besides the highly specific materials issues related to fusion energy development, at least partly 
similar loading conditions can be identified for other applications. In space applications the 
chemical reactivity of composite protection materials for reentry use has to be reduced. The 
underlying processes are widely similar to the passivation mechanisms explored for carbon-based 
composite materials in fusion. The thruster wall of rocket engines is subjected to very high heat 
fluxes with extreme temperature gradients between the heated surface and the liquid hydrogen 
coolant. In electronics, the heat fluxes to be removed from modern devices are comparable to 
those in fusion as items related to the bonding technology of heat sink materials to the devices 
have similarities to the fusion application. In advanced fission reactor concepts, esp. the VHTR a 
need for self-passivation against water impurities in the He coolant and against erosion under 
accidental air ingress need to be investigated. Parts of the requirements for VHTR control rod 
composite materials are very similar to the PFC loading conditions in fusion and  thus are a field 
for joint development activities. The cross-cutting relations between subjects for research into 
new materials across different applications are listed in table 2. The European Integrated Project 
“ExtreMat” (New Materials for Extreme Environments” is performing materials development 
which is relevant to different applications, such that each single application can carry off a 
benefit from this concentrated joint activity [27]. The R&D subjects of this Integrated Project are 
those listed in table 2.     

Space Electronics Fusion Advanced 
Fission 

Spin-Offs 

Protection 
Materials 

x  x x x 

Heat Sink 
Materials 

x x x (x) x 

Radiation Res. 
Materials 

  x x (x) 

Compound 
Technologies 

x x x x x 

Spin-offs:  - gas turbines: diffusion barriers 
                   - very high temperature heat exchangers 
                   - new brake materials 

Table 2: Relevance of materials R&D subjects with regard to different applications as pursued in 
the ExtreMat Project 
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6. Conclusion 

The physics and technology of hot fusion plasmas have already reached a very elaborate 
stage. Key features of energy production by magnetic confinement thermonuclear fusion have 
already been demonstrated: Alpha particle heating, necessary for self-sustained burn, has been 
demonstrated in the USA and in Europe and a substantial amount of fusion power has been 
produced. Solutions for the materials problems are currently being worked out, some being 
already at hand. The preparations for ITER, for example, have brought the issue of high heat flux 
components a big step forward. The key topic of low-activation structural materials is being 
addressed as well as the further development of the technologies required for the plasma-facing 
components of a fusion reactor.  

Paths towards the development of new materials for fusion applications are also investigated 
in the framework of the European Integrated Project “ExtreMat” which aims at the concerted 
development of new materials for applications with comparable loading conditions. 
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Abstract 

The U.S. Ultra-supercritical (USC) Steam Boiler Consortium, funded by the U.S. Department of Energy and the 
Ohio Coal Development Office, has been working to develop the necessary materials technology to construct a 
steam power boiler with maximum steam conditions of 760ºC and 35MPa. One large component of this work is 
to evaluate the properties of the materials chosen for such a boiler. While long-term creep strength of base metal 
is initially used to set temperatures, stresses, and simple design rules, it is clear that base metal creep strength is 
not always the material property of most importance when selecting an alloy. The fabrication issues (typically 
weldability), the properties of materials after fabrication, the corrosion resistance of the material, and material 
cost all need to be considered in addition to baseline mechanical properties. Work is ongoing at Oak Ridge 
National Laboratory to evaluate the material technologies being developed by the USC Steam Boiler Consortium 
and perform additional advanced research activities in areas where new materials developments and better 
fundamental understanding are needed to ensure the long-term success of a 760ºC power steam boiler.  

Keywords: ultrasupercritical, creep, oxidation, 9-12 Cr ferritic steels, Ni-based alloys  

Introduction
Global demand for high-efficiency pulverized coal-fired (PC) power plants has markedly 
increased in the past ~15 years. Environmental concerns, cost of fuel, energy need, and an 
aging energy infrastructure are all factors driving the need for the construction of efficient 
powerplants. Main/reheat steam temperature in recently-constructed power steam boilers have 
increased from ~566/566ºC in standard supercritical technology to 600/620ºC in the current 
state-of-the-art plants [1]. The ability to build and operate these new ultrasupercritical (USC) 
power plants has only been possible through the use of new, higher-strength materials – 
namely creep-strength-enhanced ferritic steels. However, these newer steels cannot be used at 
the highest temperatures needed to further increase the efficiency of PC powerplants, so that 
new materials technology is needed. To respond to these material needs, a U.S. USC Steam 
Boiler Consortium was formed to develop the materials technology necessary to construct and 
operate a USC power steam boiler with maximum steam conditions of 760ºC and 35MPa. The 
consortium is made up of the U.S. boiler manufactures (Alstom, Babcock and Wilcox, Foster 
Wheeler, and Riley Power), the Electric Power Research Institute (EPRI), Energy Industries 
of Ohio (EIO), and Oak Ridge National Laboratory (ORNL), and is funded by the U.S. 
Department of Energy (DOE) and the Ohio Coal Development Office (OCDO) [2]. Through 
its role as the mechanical properties task leader on the consortium, ORNL is providing 
analysis of the materials technology being developed by the consortium. Additionally, ORNL 
is performing longer-term advanced materials research activities to study new materials 
developments, and to provide improved scientific understanding (microstructural analysis, 
thermodynamic modelling, etc.) of PC powerplant materials to ensure DOE’s long-term 
success at the development and implementation of a 760ºC power steam boiler. 
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Background 
A plot of stress for rupture in 100kh as a function of temperature, by materials class, is shown 
in Fig. 1. Since a 760ºC steam boiler will see a large range of temperatures from the waterwall 
to the superheater, the temperature limits of materials, particularly relatively inexpensive 
ferritic steels, is of primary importance. Using as the initial discriminator 100kh rupture 
strength at 100MPa (which allows the use of relatively thin walled tubes and pipes, so 
minimizing thermal fatigue issues), we can see that ferritic steels can be used up to ~620ºC, 
austenitic stainless steels up to ~690ºC, primarily solid solution-strengthened nickel-based 
alloys (based on a recent CCA617 analysis [3]) up to ~720ºC, and age-hardenable nickel-
based alloys beyond 720ºC.  
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Figure 1. Stress for rupture in 100,000 hours as a function of temperature by materials class. 
Solid line at 100MPa gives estimation of maximum use temperature for boiler materials. For 
boilers operation at ~720ºC and above, age-hardenable Ni-based alloys (including Inconel 

740) will be required. 

Consideration also must be given to factors that may decrease the useful temperature limit of a 
given material, which include fabricability (welding, forming, etc.), resistance to high-
temperature corrosion (typically oxidation on the steam-side and oxidation/deposit-related 
corrosion on the fireside), and strength after thermal treatment (welding, aging, etc.). In this 
paper we will only consider these issues as they pertain to ferritic steels and Ni-based alloys.  
In austenitic stainless steels, the combination of high thermal expansion and low thermal 
conductivity can generate large stresses during thermal transients in thick-section components.  
Thus, creep-fatigue and thermal shock is a concern for these alloys. However, thick-walled 
pipes made from austenitic stainless steels have been successfully used in Eddystone, which 
has been operating at USC conditions above 600ºC for over 40 years [4].  Thus, based on 
creep strength and in-plant experience, austenitic stainless steels represent an important class 
of materials for bridging the gap between 620 and 700ºC.  Further improvements in the 
properties of these alloys, including fatigue resistance, are possible, and significant research is 
ongoing elsewhere [5].  
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From Fig. 1, we see that to raise the steam temperature, and thus efficiency, of the current 
USC boiler technology (~620ºC), either new ferritic steels are needed, or austenitic steels 
followed by Ni-based alloys must be used. The preferred configuration would be to avoid the 
use of austenitic steels, but this would depend on minimizing the amount of high-cost Ni-
based alloy needed. It is also clear that current solid solution-strengthened Ni-based alloys 
(including alloy 230 and 617 which are pressure vessel code approved) have the necessary 
strength to reach to 700 to 720ºC. This, not coincidentally, is the temperature goal of the 
European AD700 program [6]. To reach 760ºC (vertical line intersecting the 100MPa line in 
Fig. 1), an age-hardenable nickel-based alloy will be required. The U.S. Steam Boiler program 
is unique in that it is the first research program to consider the factors outlined earlier 
(oxidation, weldability, etc.) as they pertain to the usage of thick-section age-hardenable 
nickel-based alloys (Inconel 740) in a boiler. 

Ferritic Steels 

Ferritic steels are important alloys for a 760ºC power steam boiler for a number of factors. 
First, since they are relatively inexpensive compared to austenitic and nickel-based alloys, 
boiler designers would like to utilize ferritic steels as much as possible to reduce the cost of 
the boiler. Second, the fabrication technology for ferritic steels is well developed so that there 
is no learning curve associated with implementing this technology. Third, extensive welding 
is used to construct waterwall panels, and austenitic steels and nickel-based alloys are not 
commonly used for water-touched tubes because of concerns about stress corrosion cracking. 

Strength Limitations
The strength of creep strength enhanced ferritic steels appears to be limited to ~620ºC. These 
steels include grade 91, 911, and 92, and their creep resistance is due to the precipitation of 
very fine MX (mainly VN) carbonitrides [7]. These steels also contain W and/or Mo for solid 
solution and laves phase strengthening. Hald [8] has discussed the role of W and Mo in these 
alloys, and has concluded that, in fact, little strengthening contribution is due to these 
elements. In terms of long-term microstructural stability, B appears to have a large effect in 
these alloys, apparently slowing the coarsening of grain boundary carbides [9, 10, and 11].  

In an effort to make steels with improved temperature performance, steels with higher 
chromium levels have been developed, including 122 (HCM12A), NF12, and SAVE12. Initial 
strength of these alloys is higher than the nominally 9Cr steels, but long-term creep strength is 
comparable or even inferior. P/T122 failures at ~10% of life have occurred in test 
superheaters operating at 610 and 650ºC [8] and after 30,000 hours service in a utility power 
steam boiler in Japan [12]. This latter failure led to the re-evaluation of allowable stress values 
in Japan for P/T122, which were subsequently lowered close to grade 91 strength values [12]. 
Z-phase, which consumes large amounts of the MX carbonitrides after long-term exposure in 
some ferritic steels, has been identified as one of the primary factors affecting the 
microstructural stability of the 12Cr steels. Z-phase precipitation kinetics appear to be highly 
accelerated at higher Cr levels above 10% [8, 13]. If a 12Cr ferritic steel is to be developed for 
service above 620ºC, new strengthening mechanisms need to be explored, backed by 
fundamental research to ensure long-term structural stability of these alloys.  
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Further complicating the strengthening issues of advanced ferritic steels is the strength of 
weldments. During welding and subsequent post-weld heat-treatment (PWHT), a fine-grained 
(FG) heat-affected zone (HAZ) forms in the base metal, adjacent to the weld metal of ferritic 
steels. The creep strength of this HAZ is inferior to the base metal. Based on long-term creep 
data, the reduction in strength due to this ‘type IV’ failure can be very significant. Efforts 
within the European Creep Collaborative Committee (ECCC) to quantify a reduction in 
strength have shown that between 550 and 600ºC, the weld strength factors for advanced 
ferritic steels can vary between 0.95 and 0.65 [14]. Considering a strength reduction factor of 
0.65, designing a new alloy for weldment strength may be more important than base metal 
strength. 

Steam-Side Oxidation Limits
In the development of the 9-12Cr ferritic steels, consideration also has been given to the 
alloying and microstructural needs for maximizing oxidation resistance in steam. It is well 
known that progressively increasing the Cr level in ferritic steels confers increased resistance 
to oxidation, and ferritic steels with Cr levels in the 9-12% range can form Cr-rich scales that 
are (at least, initially) very protective. Consequently, it is important to understand the factors 
that promote such scales, and if they can provide long-term protection. Extensive studies in 
Japan and Europe have defined the roles of alloy composition on oxidation behavior in steam. 
Of the minor elements typically found in this class of alloys (Si, Mn, Mo, V, W, Nb, Pd, Cu, 
C, and S), Si forms a more stable oxide than Cr; some oxides of Nb have a similar 
thermodynamic stability to Cr2O3; and Mn can form mixed oxides (spinels) which can exhibit 
reduced transport properties for Fe, so that these three elements can exert a beneficial effect 
on protective scale behavior under some circumstances. Studies using tightly-controlled alloy 
compositions have defined the optimum levels of minor elements for maximizing oxidation 
resistance. Silicon and S have been found to be particularly effective; several groups have 
suggested that Si additions have a greater effect than does Cr on the oxidation rate of ferritic 
steels (in the range up to 12%Cr) in steam [15-19]; Fukuda et al. [16] suggested that 1 wt% Si 
is approximately equivalent to 4 wt% Cr; Fujikawa and Otsuka [17] ranked Si more than 5 
times as effective as Cr, especially at temperatures above 600°C in steam. Sulfur additions 
greater than 50 ppmw have been shown to significantly reduce the oxidation rate of 10Cr 
steels at 600-650°C in steam, independent of the Si content [20]. This effect apparently is 
associated with accumulation of S at the alloy-oxide interface [21-23], although the 
mechanism involved has not yet been fully explained.

The effectiveness of optimizing the alloy Cr, Si and S contents on the oxidation behavior at 
650°C in 17 bar steam is illustrated in Fig. 2. The influence of increased Cr content is evident 
for T122 (10.6Cr-0.12Si-0.001S) compared to T91 (8.3Cr-0.13Si-0.001S), T92 (9.2Cr-0.16Si-
0.005S), and SAVE 12 (9.25Cr-0.28Si-0.001S). An experimental alloy (shown as a single 
line) with a higher Cr content but significantly lower than optimum Si and S levels (11Cr-
CoMnWVMo-0.06Si-0.002S) exhibited an even lower oxidation rate to 2.5kh, after which it 
suffered extensive scale loss. In contrast, the MAR alloys [11] with only 9Cr, but with 
optimized levels of Si (0.7%) and S (0.005%), exhibited significantly lower oxidation rates. It 
should be noted, however, that even the slowest oxidation kinetics measured extrapolate to 
300 µm-thick scales (approximately the thickness at which scale exfoliation is expected) after 
only 34-39kh, compared to 5-6kh for P91 and P92 (assuming parabolic behavior). Thus, it 
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Figure 2. Comparison of the oxidation kinetics of 9-12Cr steels in 4kh exposures in 17 bar 
steam at 650°C. 

appears that the maximum oxidation-limited service temperature of nominally 9Cr steels such 
as P/T92 will be significantly less than 650°C, unless protective coatings can be applied.  A 
major issue with coatings is the need to avoid a heat treatment schedule that would interfere 
with that required to fully develop the martensitic microstructure in the alloy. Coating 
approaches involving low-temperature processing were studied in the European COST 522 
program [24] and appear to be very promising. In addition, an extensive evaluation of 
available coatings is in progress in the US USC Steam Boiler Consortium [25], and a small 
effort at ORNL is aimed at quantifying the effects of the application of typical high-
temperature coatings on the creep behavior of alloy T92 [26]. 

Overall experience of the steam oxidation behavior of this class of alloys (mostly in 
laboratory or rig tests) has been that the scale formed typically consists mainly of magnetite, 
with an outer layer of essentially pure magnetite, and an inner layer of magnetite containing 
oxides of alloying elements (especially Cr). In the 9-10Cr steels, these elements also tend to 
accumulate at the base of the inner layer next to the alloy, where they may interfere with the 
outward movement of iron ions, and so modify the oxidation behavior. Figure 3 illustrates the 
complex nature of the inner oxide layer formed on T112, in which multiple, incomplete layers 
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   (a)      (b) 
Figure 3. Cross sections of the scale formed on alloy T122 (10.6%Cr) oxidized for 2kh in 17 
bar steam at 700°C. (a) overall view of specimen corner, showing double-layered scale and 

irregular scale thickness; (b) composite X-ray images of specimen corner, in which the 
bright-appearing, incomplete layers are remnants of Cr-rich subscales that have been 

incorporated as the inner layer grows into the alloy. 

of Cr-rich subscale have been incorporated as the inner layer continues to grow. Each of these 
incomplete layers can serve to modify the local diffusion paths for iron ions involved in the 
growth of the overall scale. As a result, the oxidation behavior of the 9-10Cr steels can be 
highly variable, and it appears sensitive to minor changes in levels of both Cr and minor 
elements.  This means, that not only the thickness and but also the morphology of the scales 
formed can differ substantially. Other factors found to influence the oxidation behavior are 
test temperature, duration, and surface treatment; in addition, anomalous temperature 
dependence has been reported, since the initially-formed scale may control subsequent 
oxidation behavior for long times. Such variability is not apparent in steels containing more 
than approximately 12.5%Cr, which typically exhibit excellent oxidation resistance, forming 
scales in which the inner layer is Cr-rich (up to 40wt%Cr) with an outermost layer of Fe2O3.
The oxidation behavior of the 9-12Cr class of alloys has been discussed extensively in the 
literature, and Zurek, et al. [27] have proposed a way of rationalizing the behavior, using a 
classification based largely on alloy Cr content. 

Fabrication of Waterwalls
The fabrication of waterwall panels requires extensive welding of low-alloy steels such as 
T22/T23. For a 760ºC steam boiler, design studies have indicated that an advanced ferritic 
steel, such as T91/92 may be required, as the pressure and temperature in the waterwall will 
be higher than current designs [28]. This creates significant fabrication issues because the 
current waterwall materials do not require a PWHT, whereas advanced ferritic steels, 
including T91, do. Not only is applying a PWHT to a panel difficult (requiring a large 
furnace), but it will cause distortion of the part. In the field, this part will need to be 
assembled and welded, requiring a localized PWHT.  

Recent materials developments in Japan by Abe at NIMS [29] have shown the absence of a 
fine-grained HAZ after welding of an advanced ferritic steel with highly-controlled B and N 
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levels. Creep-rupture studies have confirmed that weldments in these developmental alloys do 
not fail by a type IV mechanism [29]. It is unclear why these steels do not form the FG-HAZ. 
ORNL are collaborating with NIMS to better understand this potentially significant 
phenomenon.   

Using high-intensity synchrotron radiation, real-time diffraction experiments are being 
conducted to examine the ferrite-austenite-ferrite phase transformations during simulated weld 
heat-affected zone thermal histories.  Figure 4 shows the variations in amounts of austenite 
and ferrite (martensite) during the cooling portions of a thermal history for an experimental 9 
Cr steel developed at NIMS, N130B, and P92.  The steels were heated to peak temperatures 
near 900°C, which is well above the A3 transformation temperatures for both steels.  These 
data indicate that the formation of austenite during heating was much more sluggish for the 
experimental steel.  The maximum amount of austenite in the N130B reached about 40% 
compared to about 85% for the P92.  In addition, retained austenite was only detected after 
this thermal history in the P92.  These results are consistent with metallographic evidence on  
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   (a)      (b) 
Figure 4. Variations of temperature and peak area fractions, i.e., amounts of bcc ferrite and 
fcc austenite, measured by synchrotron diffraction experiments on a NIMS steel (a) and P92 

(b) during cooling for a simulated welding cycle [30] 

HAZ grain structures that suggest austenite nucleation is more sluggish in the N130B steel 
than in P92.  Their implications in determining HAZ microstructures and weldments creep 
properties are still being analyzed. Elimination of FG-HAZ type IV failures and/or PWHT of 
advanced steels could significantly reduce the fabrication cost of a 760ºC steam boiler. 

Ni-Based Superalloys 

Nickel-based superalloys are necessary for the construction of a 760ºC power steam boiler. 
Extensive fabrication efforts have been carried out by the USC Steam Boiler Consortium. 
Thick-section weldments have been successfully produced in Haynes 230 and CCA617, and 
other fabrication technologies (forming, machining, etc.) have been demonstrated [see ref. 31 
in this proceedings]. However, these alloys are limited by base metal strength to ~700ºC. To 
reach 760ºC, Inconel 740 was chosen by the consortium as the alloy of study. The progress on 
Inconel 740, to date, indicates that the alloy has the necessary properties for 760ºC steam, but 
more effort is needed on this alloy before a 760ºC steam boiler can be constructed. 
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Strength and Long-Term Microstructural Stability
In general, solid solution-strengthened nickel-based alloys derive their high-temperature 
strength from a combination of solid solution elements and carbides, and a major feature is 
that their microstructures do not change significantly with time. However, alloy 617 and, in 
particular, CCA617 do contain appreciable levels of Ti and Al which, with Ni and Nb, can 
form intermetallics such as gamma prime. One study conducted by ORNL and the University 
of Cincinnati showed that the creep strength differences in CCA617 and 617 were due to the 
precipitation of an appreciable amount of gamma prime at 700 to 750ºC in CCA617 [32]. 
However, aging for 3,000 hours at 800ºC resulted in dissolution of the gamma prime 
indicating that its effectiveness for strengthening is limited. In agreement with these 
microstructural observations, the experimental creep data indicate a strength advantage of 
CCA617 over 617 up to ~720ºC but no difference at 750ºC and above [33]. 

In contrast to solid solution-strengthened alloys, high-temperature creep strength in Inconel 
740 depends, in part, on gamma prime precipitation. Studies at ORNL on early experimental 
heats of Inconel 740 identified the different phases in Inconel 740, including gamma prime, 
eta phase, g-phase, MX carbides, and M23C6 carbides [34]. Some of these grain boundary 
precipitates contribute to relatively poor creep-rupture ductility in the alloy, and control of 
these precipitates can increase creep ductility [35]. Further studies on the production heats of 
Inconel 740 are being carried out by ORNL and the University of Cincinnati. Figure 5 shows 
the variations of gamma prime precipitate size with aging time and temperature [36]. After 
3,000 hours, there was little coarsening of the precipitates at 700 and 750ºC, but significant 
coarsening was observed at 800ºC. Creep-rupture data on Inconel 740 reported by the AD700 
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program showed different stress dependencies at 725ºC and 775ºC, but no attempt was made 
to explain this observation [37]. Based on Fig. 5, it is clear that the gamma prime growth 
kinetics are highly dependent on temperature and, based on Orowan hardening, one would 
expect Inconel 740 to show different creep behaviour at 750 and 800ºC based on 
microstructural observations. Microstructural studies are continuing to fully describe the long-
term microstructural stability of Inconel 740. 

Internal Oxidation
At temperatures up to 700°C, the external oxides formed in steam on Ni-base alloys 
containing >16%Cr usually are described as being very thin (difficult to observe), uniform, 
and protective, and apparently consist of Cr2O3 with some MnCr2O4 [18, 38, 39]. Of the 
elements used for strengthening Ni-base alloys, Ti and Al form oxides that have increased 
thermochemical stability compared to Cr, while some of the oxides of Nb and Ta have 
stabilities similar to that of Cr2O3, so that these elements can exert a beneficial effect on 
protective scale behavior under some circumstances. At 700°C and above, alloys with 
appreciable levels of elements such as Al and Ti (Inconel 617; IN718) are observed 
increasingly to form a subscale of (usually) discrete, internal oxide particles. Often, such 
internal precipitates take the form of a jumbled layer immediately beneath the continuous, 
protective Cr-rich layer. In some cases the precipitates may form a band that thickens with 
time, often progressing more rapidly along alloy grain boundaries than in grain bodies. The 
consumption of elements such as Al by the formation of a subscale is considered detrimental 
to alloy performance, not only because the Al then is not available for participation in 
precipitate strengthening, but also because the subscale represents either an effective loss of 
load-bearing section or a preferred crack initiation site. Adjustments of the levels of the minor 
alloying additions to modify the type and morphology of the subscale formed is possible, but 
the requirements for improved oxidation behavior and optimum strengthening often conflict, 
and may limit the range of options. 
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Welding of Ni-based Alloys
For solid solution-strengthened Ni-based alloys, welding technology has been demonstrated 
both in Europe and the U.S. for thin and thick section sizes. Cross-weld creep-rupture tests on 
tube butt welds (50mm O.D., 10mm wall) and cross-weld and weld metal tests on plates 
(6.3mm thick) of Haynes 230 (Haynes 230 filler metal) have been performed. Using the 
Haynes 230 database, weld strength factors (WSF = stress for rupture of the weldment / stress 
for rupture of the base metal at a given time and temperature) were calculated. The results are 
shown in Fig. 6 as a function of test temperature; an average WSF of 0.8 was observed. No  
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Figure 6. Calculated weld strength factors for creep-rupture life of Haynes 230 weldments 
(cross-weld and weld metal specimens) as a function of test temperature. All ruptures were in 

the weld metal. 

trend with temperature, test time, weld type, or specimen geometry was observed, and all 
specimens failed in the weld metal. Thus, for Haynes 230 the weld metal was consistently 
weaker than the base metal. A 75mm plate of Haynes 230 has been produced by the US Boiler 
Consortium [2], and cross-weld testing of large specimens will be performed at ORNL to 
compare with the tube and plate data. 

Weld development of Inconel 740 has focused on the end result of welding a 75mm thick 
plate. Plates 12.5mm thick have been welded and subjected to short-time creep-rupture tests 
(~2000 hours). Optimization of the process has produced 37mm plate weldments of 740 
without any visible weld defects. ORNL has provided input to the boiler manufacturers using 
thermodynamically-based solidification modelling, microstructural analysis, short-term 
testing, and hardness mapping. Differences between a matching 740 filler metal and an alloy 
263 filler metal are currently being evaluated. Based on the scale-up results, welding of a 
75mm thick plate of Inconel 740 is anticipated within the year, followed by testing and 
analysis at ORNL. 
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Conclusions 

Ferritic steels will be used extensively in a 760ºC USC boiler. Recent alloy developments 
(12Cr steels) have shown that a better fundamental understanding of these alloys is needed in 
order to improve the temperature capability of the entire alloy class. Potentially significant 
developments, such as the NIMS steel, which may eliminate type IV failure and the need for a 
PWHT, must be understood. Steam oxidation of alloys such as P/T92 is considered to be too 
fast at 650°C, but it is not clear where the limiting temperature should be set, since the 
oxidation behavior of alloys in this Cr range is significantly affected by many factors, 
including relatively small changes in alloy Cr content, and the levels of minor alloying 
additions. The oxidation rate (and its variability) of these alloys can be minimized by 
judicious adjustment of alloying additions such as Si and S, but this has not yet been 
accomplished in production heats. Ferritic steels with improved temperature capability may 
significantly reduce the overall cost of a USC boiler making it a more attractive technology. 
ORNL is studying these issues because, without these developments, the implementation of 
760ºC boiler technology may be limited by factors other than the creep strength of Ni-based 
alloys.  

Developing the Ni-based materials technology for construction of a 760ºC steam boiler is one 
of the critical activities for the USC Steam Boiler Consortium. Base metal creep strength 
differences between CCA617 and 617, and the stress dependency as a function of temperature 
in Inconel 740, have been explained in terms of the microstructural evolution of each alloy. 
Further microstructural studies are being conducted on Inconel 740 to evaluate long-term 
stability of this class of materials. In terms of oxidation behaviour, the Ni-based alloys appear 
to be nominally capable of developing very protective surface oxides. However, internal 
oxidation of alloying additions of, for instance, Al and Ti can result in the formation of a 
subscale which may, with time, result in a surface layer denuded in these elements, as well 
penetration into the alloy along grain boundaries. The welding technology for solid solution 
alloys (Haynes 230 and CCA617) has been successfully demonstrated by the US Boiler 
Consortium, and testing of these weldments is ongoing at ORNL. Thinner section rupture 
tests show the Haynes 230 weld metal strength to be ~80% that of the base metal. For Inconel 
740, ORNL is providing support to the welding development efforts of the consortium. Plate 
weldments 75mm thick are expected within the year for analysis at ORNL.   

To reach the goal of 760ºC power steam boiler, fabrication and welding studies on thick 
sections of Inconel 740 need to be completed. Long-term creep testing (>20,000 hours) will 
be used to evaluate the welding technology and compare to current long-term creep-rupture 
tests. Research on ferritic steel technologies, oxidation/coating evaluations, and long-term 
microstructure stability will still be needed (even if the 740 studies are successful) to make a 
760ºC power steam boiler an economic reality. Finally, a U.S. USC Steam Turbine 
Consortium has been formed and the materials issues have been defined [40]. ORNL is 
actively involved in research and development activities that will enable the materials for both 
these applications. 
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Abstract 
Nuclear technology can provide an essentially inexhaustible supply of energy to meet the world energy needs in 
an environmentally sustainable manner. In order to utilise the available uranium resources effectively, India has 
been successfully pursuing the construction and operation of Pressurized Heavy Water Reactors (PHWRs) and 
Liquid Metal (sodium) Cooled Fast Breeder Reactors (FBRs). In PHWR systems, the main factors responsible 
for shortening the life of in-core components are irradiation damage, in-reactor creep and growth, stress 
corrosion cracking and hydrogen pick up during service life. The materials used for manufacturing fuel tubes, 
pressure tubes and calendria tubes must meet stringent requirements of various properties in order to perform 
reliably in nuclear reactor environments. While Zirconium alloys have proven to be successful in their designed 
usage, a desire for longer life time of components and duty cycle puts more demand on the development of 
newer compositions for zirconium alloys, their processing and fabrication, and their evaluation for critical 
applications. In the next two decades, the progress made in the development and operation of PHWRs will 
depend on how well the performance of the existing structural materials can be improved under the extreme 
conditions prevailing in the reactor.  The crucial constraint in the development of FBRs is the need for high 
temperature structural materials for reactor structural components, primary heat exchanger tubes, steam 
generator tube sheets and piping, and radiation resistant high temperature materials for reactor core components. 
For economic viability of FBRs, the target fuel burn-ups required are more than 20 atom % of heavy metal 
(200,000 MWd/t), and this can be achieved only by the availability of materials resistant to void swelling, 
irradiation creep and irradiation embrittlement, as well as satisfying the high temperature mechanical properties. 
There are several challenging tasks ahead for material scientists and technologists in developing materials with 
high creep strength and yet resistant to void swelling and irradiation embrittlement. Equally challenging task is 
the development of materials that can resist type IV cracking in the weldments of steam generator components 
and develop austenitic stainless steels for structural components that can resist hot cracking. It is a challenging 
task to develop structural materials and coatings for components in the reprocessing of the fast reactor spent fuel 
as they use highly concentrated nitric acid in boiling condition. The environment is highly aggressive as it 
contains noble fission products and high activity. All these issues have been overcome by developing Ti-Ta-Nb 
alloys for dissolver tanks and evaporators of fuel reprocessing plants. Safe operating window for processing, 
corrosion and weldability characteristics for these materials have been established. The future challenge is to 
develop nuclear technologies to meet energy needs through emissions-free production of electricity and in the 
longer-term transportation fuels such as hydrogen. High temperature reactors hold promise in this regard. The 
paper high lights the technologies, processes, and materials research relevant to PHWR and FBR programmes in 
India. Thorium based reactors and Fusion Reactors are important for energy security beyond 2050.  Materials 
challenges in fusion reactors are briefly outlined.  India’s dream of self sufficient in energy can be realized by 
expeditious and efficient harvesting of her limited uranium and vast thorium resources.  

Energy Scenario in India 

At the time of independence in 1947, the total installed electricity generation capacity was a 
meager 1,363 MWe. It rose to 30,214 MWe in 1980-81 and to 66,086 MWe in 1990-91. It 
stood at 136,973 MWe as on 31st March 2003, the corresponding growth rates being 9.54 
%/yr, 8.14 %/yr and 6.26 %/yr.  The average growth rate over the entire period thus has been 
an impressive 8.6 %/yr [1]. Electricity is a primary pre-requisite for development in today’s 
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industrial world. Per capita gross national product is directly related to the per capita 
electricity consumption in the country. Quality of life and health are also closely linked to the 
per capita electricity consumption: any additional electricity generation in the country will 
lead to a sharp increase in life expectancy (Fig. 1). India is on the right path to provide energy 
security commensurate with fast pace of economic growth by adequately planning for the 
envisaged power requirements. 

Fig. 1: Dependency of average life expectancy on per capita electricity consumption. 

In spite of over hundredfold increase in the installed capacity since independence, the average 
per capita consumption presently is only about 610 kWhr per year. This is only about one 
sixth of the world average. In addition, the share of non-commercial energy resources 
continues to be much higher than in the developed countries. Domestic production of 
commercial energy has registered an average growth of about 5.9 %/yr during the period 
1981-2000. Various constraints, particularly the poor coal and hydrocarbon resource base, 
have forced an increased reliance on energy imports, which has grown at the rate of about 
7.1%/yr. The electricity sector has also experienced severe shortages during the above period 
despite an impressive growth. During the year 2000-01, there was an average electricity 
shortage of 7.8 % and a peak power shortage of 13%.  There is a need for careful energy 
planning to ensure growth based on future demands and projected scale of population growth 
during the coming decades. It is expected that India’s population would stabilise at about 1.5 
billion by the year 2050.  If we consider continuously improving energy intensity of GDP and 
the fact that India has a tropical climate, we would need per capita electricity generation at a 
modest level of about 5000 kWhr per year to reach the status of a developed nation by 2050.  
Toward achieving this, we would need a total electricity generation capacity of 8000 billion 
kWhr by 2050.  Raising the electricity availability by about 8 times in the next 5 decades calls 
for a careful examination of all issues related to sustainability including abundance of 
available energy resources, diversity of sources of energy supply and technologies, security of 
supplies, self sufficiency, security of energy infrastructure, effect on local, regional and global 
environment and demand side management [2]. It is true that energy policy is the central issue 
with India attracting highest level of attention at political level and focused attention by 
technologists and scientists.  
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Energy Alternatives

The primary energy resources presently are based on coal, natural gas, oil, hydel and nuclear. 
Wind, solar and fuel cell technology is currently possible only for distributed energy systems 
of smaller power rating. Fusion and hydrogen based energy resources are still in the 
technology development stage and are not expected to be available for large-scale deployment 
at least for the next two decades. India has around 16% of the world's population, but has only 
about 6% of the worlds coal reserves and less than 1% of oil and gas. However, India has 
about 32% of the world’s thorium reserves. Considering the unique distribution of available 
fuel resources, large-scale development of nuclear power becomes inevitable for energy 
planning of our country. Table 1 summarises [1] various fuel resources, availability, 
electricity potential and maximum Potential capacity that can be used for 100 year 
sustainability of fuel. The expected electricity installed generation capacity in India by the 
middle of the century is about 1500 GWe-yr.  As can be seen from the table, this requirement 
can be met with a three-stage nuclear power programme.  

Table 1: Availability of various fuel resources and their electricity potential 

Fuel Amount available Electricity Potential GWe-Yr 

Coal 38 BT 7614 

Hydrocarbon 12 NT 5833 

328 

Uranium metal 
in PHWR 
in FBR 

61,000 T 

42,231 
Thorium Metal in  Breeders 2,25,000 T 1,55,502 
Hydro 150 GWe 69 

Non- Conventional  
Renewable 

100 GWe 20 

  
Three-stage Nuclear Power Programme

India’s power strategy is based on the present status of implementation of the Three Stage 
Nuclear Power Programme that has been the key-driver propelling the activities of the 
Department of Atomic Energy in the five decades of its existence (Fig. 2). The three-stage 
programme was planned based on a closed fuel cycle concept, meaning reprocessing of spent 
fuel from every reactor, to judiciously reutilise all available fissile material for peaceful 
purposes. 238U the dominant isotope of uranium is a fertile material and cannot make the 
reactor critical by itself. It has to be converted to fissile 239Pu. The process of conversion takes 
place in a nuclear reactor and the spent fuel from thermal reactors contains 239Pu, which is 
most efficiently burned in a fast reactor. Similarly, thorium is a fertile material and has to be 
converted to a fissile material, viz.   233U. To ensure long term energy security for the country, 
a closed cycle approach, involving reprocessing of spent fuel to separate the useful 239Pu and 
233U isotopes from 238U and 232Th has been adopted as a guiding principle for  our nuclear 
energy programme [1, 2].  
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The first stage comprising setting up of Pressurised Heavy Water Reactors (PHWRs) and 
associated fuel cycle facilities is already in the industrial domain. Nuclear Power Corporation 
of India Limited (NPCIL) is presently operating fourteen nuclear power units at six locations 
and is implementing construction of eight on-going nuclear power projects and handling other 
related activities consistent with the policies of the Government of India. The commercial 
viability of first stage owes its success amongst others to the multi-faceted mission oriented 
materials research programme. The Nuclear Fuel Complex, Hyderabad indeed was based on 
the intense materials research programme on Zirconium and its alloys conducted at BARC, 
Mumbai.

The commissioning of Fast Breeder Test Reactor (FBTR)-the flagship of Indira Gandhi 
Centre for Atomic Research, in October, 1985 marked the birth of the second stage of India’s 
nuclear programme. Again, in this stage also, materials research has been to a good extent, 
responsible for its success. The confidence to proceed with carbide fuel, for the first time in 
the world, was gained from the expertise on the thermodynamics of various fuels. The 
experience in construction, commissioning and satisfactory operation of FBTR for the past 
twenty years have demonstrated the mastering of the multi-disciplinary technology for energy 
production using a fast reactor and provided sufficient feedback to enable the launch of the 
work on building a Fast Breeder Reactor Project (PFBR) of 500 MWe capacity.  

The third stage will be based on the Th-233U cycle. 233U is obtained by irradiation of thorium 
in PHWRs and FBRs. India has vast resources of thorium. It is the endeavour of DAE to 
develop suitable technologies for utilization of this resource to bridge the gap between the 
country’s energy needs and energy resources. An advanced Heavy Water Reactor (AHWR) is 
being planned at BARC to gain useful experience in using thorium-based fuels and to 
expedite the transition to thorium-based systems. AHWR is a 300 MWe, vertical, pressure 
tube type boiling light water cooled, and heavy water moderated reactor and is designed to 
achieve large-scale use of thorium. The design of AHWR has been developed to a level 
needed for initiating a detailed safety review followed by construction of a nuclear power 
plant. In addition, it will enable us to sustain some of the PHWRs.  Simultaneously work is in 
progress at BARC on the development of Compact High Temperature Reactor (CHTR) that 
will operate on thorium based fuel with low fissile inventory. CHTR provides a source of heat 
at temperatures close to 1000 oC for application in production of hydrogen for use as clean 
fuel and enables to develop compact nuclear power stations for supplying non-grid-based 
electricity in remote areas, which are difficult to access [1].  

India plans to have an installed nuclear capacity of 20 GWe by the year 2020 and it is 
envisaged that 7 GWe of this will be based on Light Water Reactor (LWR) technology. As the 
presently known economically extractable coal reserves would have been nearly exhausted by 
2050, it is necessary to ensure that nuclear power generation through fast breeder reactors and 
thorium fuelled reactors gains enough maturity by then to replace some of the coal based 
plants. Fast breeder reactors have the potential to ensure that generation by the middle of the 
present century is about a quarter of the total electricity generation. This path would enable us 
to limit the primary energy import to about 30%. Development of U-Pu fuel based FBRs of 
requisite breeding characteristics and associated fuel reprocessing technologies should be 
completed in the next 15-20 years. Use of metallic fuels would ensure faster doubling time, 
resulting in quicker generation of fissile isotope inventory to sustain continuous growth of the 
FBRs. It is expected that metal-fuelled FBRs of 4 GWe capacity or more will be installed 
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annually from 2021 till the plutonium inventory from PHWR discharged fuel lasts. Similarly 
FBRs will be installed from the plutonium generated in PHWRs and also from the plutonium 
bred in FBRs themselves. The combination of power reactors from all the three stages would 
ensure long-term energy security for the country.  

Fig. 2: Three stages of the Indian Nuclear Programme 

Issues in the Development of FBR materials 

Materials play a very crucial role for the successful development of fast reactor technology. 
Fast breeder reactor (FBR) components operate at high temperatures under complex loading 
and environmental conditions which include sodium coolant, water and superheated steam 
and high fast neutron flux depending on the component. These materials are broadly classified 
as core, structural and steam generator materials. Core components consist of the fuel pins 
and wrapper tubes which together form the fuel subassemblies. They have a limited design 
life of about two years. The use of liquid metal (sodium) cooled fast breeder reactors for 
energy production poses a challenge to the metallurgists and the designers on development of 
suitable structural and cladding materials. The materials inside the reactor core have to 
withstand intense neutron irradiation and temperatures upto 923 K. These hostile 
environments introduce materials problems unique to fast reactors, like void swelling, creep 
and embrittlement which determine the permissible life of core components. For economic 
viability, the target burn-up required for FBRs is large, more than 20 atom% of heavy metal 
(~ 200,000 MWd/t) and this can be achieved only by the availability of materials resistant to 
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void swelling, irradiation creep and irradiation embrittlement, as well as satisfying high 
temperature mechanical properties [2-4]. The residence time of fuel sub-assembly and hence 
the achievable fuel burn-up is limited by either void swelling of the hexagonal sheath material 
or creep strength of clad. Since fuel cycle cost is strongly linked with burn-up, development 
of materials resistant to void swelling and irradiation embrittlement is very important and a 
challenging task. Structural components operate at moderate temperatures upto 823 K and 
should be compatible with flowing sodium. These components are exposed to low levels of 
neutron irradiation and are designed for 40 years of operation. Mechanical properties such as 
creep and low cycle fatigue strength at these temperatures, corrosion resistance and 
weldability, are important considerations in the choice of materials for structural components. 
The heat generated through nuclear fission is extracted by liquid sodium and is converted into 
steam in the steam generator. In the steam generator, hot sodium and water/steam are 
separated by thin walled tubes. Any leak in the tubes would lead to violent sodium-water 
reaction and affect other tubes in their vicinity. Therefore, austenitic stainless steels resistant 
to aqueous and caustic corrosion are selected. Ferritic steels are employed for steam generator 
components in view of their good mechanical properties and excellent resistance to stress 
corrosion cracking. IGCAR has set up a comprehensive range of facilities and evaluated the 
metallurgical properties of variety of materials selected for PFBR.  

Indigenous Development of FBR Materials

While most of the core and structural materials used in the Fast Breeder Test Reactor (FBTR) 
were imported, all the materials required for PFBR have been developed within the country. 
IGCAR has played a leading role in the collaborative efforts carried out with other units of the 
DAE as well as public sector and private industries. In FBTR, modified type 316 SS has been 
chosen as the fuel clad and wrapper material. It is now well recognized that swelling of these 
steels would be too high at displacement doses of 100-200 dpa and these steels would not be 
acceptable for the economical viability of commercial breeder reactors. Alloy composition, 
level of cold work and second phase precipitates are reported to influence the irradiation 
resistance of these steels. The compositional adjustments in terms of decreasing chromium 
and increasing nickel and addition of titanium to improve the resistance to void swelling 
culminated in the development of a 15Cr-15Ni-2.2Mo-Ti modified austenitic stainless steel 
(Alloy D-9) conforming to ASTM A771/UNS S38660 as the reference cladding and wrapper 
material for fast breeder reactors [5]. In this context, a systematic programme has been 
pursued towards indigenous development and characterisation of Alloy D-9 which is intended 
for use in a 500 MWe proto type fast breeder reactor (PFBR), at IGCAR Kalpakkam.  

The indigenous development of alloy D9 started with a large number of laboratory melts 
made at IGCAR to optimise the melting, casting, forging and heat treatment conditions 
followed by industrial production of Alloy D-9 ingots with Ti/C ratios of 4, 6 and 8, with a 
fixed carbon content of 0.05% at MIDHANI, Hyderabad.  Using these ingots, clad and 
wrapper tubes have been successfully produced at NFC. The processing technology has been 
fully developed to produce the estimated 50,000 fuel clad tubes of 2.7 metre long and 0.45 
mm wall thickness required for PFBR. Whereas alloy D9 will be used for the initial core of 
PFBR, efforts are underway to develop modified grades of alloy D9 called D9I for clad tubes. 
Improved D9I version includes specific alloy additions P and Si to improve void swelling 
resistance. As alloy D9 would be used in the cold worked condition for high resistance to void 
swelling, and also be subjected to prolonged exposure at elevated temperatures, stability of 
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the microstructure has been carefully evaluated at various Ti/C ratios as a function of the 
amount of PCW in the range of 2.5 to 30% [6, 7]. The optimum level of cold work that would 
not lead to softening of the material due to recrystallization was estimated to be 20% by 
employing the Larson – Miller parametric approach. Using a thermodynamic model the 
amount of primary carbide which remains undissolved after solution annealing treatment, and 
the secondary TiC precipitates which form during ageing, were estimated.  The amount of 
primary coarse precipitates increased with an increase in Ti/C ratio which facilitated early 
onset of recrystallisation. Secondary TiC precipitates were fine in the alloy with Ti/C ratio of 
4 and this is beneficial to retard recovery and recrystallisation. This composition provided the 
best resistance against recrystallisation of the cold worked structure and hence also the highest 
creep strength (Fig. 3) [8]. Creep rupture strength of Alloy D9 clad tubes was found to be 
higher than that of 316 SS in the range 923 to 1073K [9].  

Modified 9Cr-1Mo steel is selected for PFBR steam generators based on superior corrosion 
resistance and high temperature mechanical properties compared with 2.25Cr-1Mo used in 
FBTR... The creep-rupture strength of indigenously developed modified 9Cr-1Mo steel in 
rolled, forged and tube product forms were found to be higher than the average strength 
values reported in RCC-MR design code (Fig. 4) [10, 11].The seamless tubes of Modified 
9Cr-1Mo steel in the sizes required by PFBR (23 meters long) have been produced through a 
collaborative programme between IGCAR, MIDHANI and NFC.  Steel meeting stringent 
requirements was produced by electro slag refining process at MIDHANI and the forged 
rounds were then converted into long seamless tubes at NFC. Strict quality control was 
carried out at all stages including development of innovative non-destructive testing 
techniques. Microalloying with B and Ce has been found to increase the short term creep 
rupture life of Mod.9Cr1Mo steel.  
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Fig. 3: Influence of Ti/C on creep life of 20% cold worked D9 bars at 973 K 
Fig. 4: Comparison of creep rupture strengths of tube, plate and forging of modified 9Cr-1Mo 
steel with the design curves 

Structural components of FBTR have been made using nuclear grades of 304 and 316 SS. In 
order to reduce the susceptibility of welds to corrosion and stress corrosion cracking, low 
carbon grades of 304 and 316 SS strengthened by nitrogen alloying called 304(L)N and 
316(L)N SS, have been selected for PFBR. Another strategy has been to eliminate the number 
of welds by using large size plates and long size tubes. All plates in sizes required for 
304L(N) and 316(L)N SS have been produced within the country for the first time and the 
evaluation of their creep properties gave very promising results compared to the imported 
materials [12]. The successful indigenous development of PFBR structural materials 
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necessitated constant interaction at various stages between IGCAR, SAIL and private sector 
industries. 

In order to design PFBR for 40 years of lifetime with a load factor of 75%, detailed 
investigations have been performed to obtain creep allowable stresses for Mod. 9Cr-1Mo steel 
at a life of 2,63,000 h. Allowable stress values predicted by Larsen-Miller parametric 
approach and multilayer perception ANN lie very close to those obtained by extrapolating 
RCC-MR (French Code) data at a creep rupture life value of 2,63,000 h [13]. These 
investigations gave the confidence that LMP and ANN can be used as complimentary 
techniques for extrapolating creep rupture lives for service conditions of PFBR steam 
generator  

Low Cycle Fatigue, Creep-Fatigue Interaction and Thermomechanical Fatigue and life 
Prediction of Structural Materials of PFBR

The components in PFBR operate for extended periods of time at temperatures between 0.3 to 
0.5 Tm and have design lives that have limited by creep. Service conditions experienced by 
components would also involve cyclic loading during start-up and shut down or during power 
transients leading to fatigue. The combination of cyclic loading and steady state operation of 
the reactor at elevated temperatures introduces a special phenomenon known as creep-fatigue 
interaction damage that can have a detrimental effect on the performance of components. 
When temperatures are high enough, time-dependent creep strains as well as cyclic (fatigue) 
strains can be present, interpretation of the effect that one has on the other becomes extremely 
important. A detailed characterization of high temperature fatigue in different metallurgical 
conditions under the relevant operating conditions of PFBR has been carried out. The relevant 
time and temperature dependent damage processes and the synergistic interactions affecting 
the LCF behaviour of 304SS, nitrogen alloyed 316SS and modified 9Cr-1Mo have been 
established. In these alloys the LCF lives were shown to be significantly affected by dynamic 
strain ageing (DSA), inelastic deformation, deformation ratcheting, slip character, mean 
stress, oxidation, creep damage and phase instabilities in the temperature range of their 
operation. These time dependent mechanisms have been found to act either independently or 
synergistically depending on the test conditions and caused premature failure when compared 
with fatigue failure under time-independent conditions. DSA has been noticed to be 
particularly harmful in austenitic stainless steels at moderately elevated temperatures where 
creep and oxidation damage effects were not operative [14, 15]. The negative strain rate 
sensitivity of half-life cyclic stress is established as a potent indicator of DSA effects in 
fatigue [14, 15].  

LCF and creep-fatigue interaction data generated in house on 316L(N) stainless steel has been 
used to assess the capability of Artificial Neural Network (ANN) approach for life prediction. 
LCF and creep-fatigue life prediction carried out by ANN approach gave values very close to 
the actual lives [15]. These investigations revealed that the success and accuracy of prediction 
depends upon (i) quality of data, (ii) extent of coverage of training data in the domain of 
prediction, (iii) selection of appropriate input variables, (iv) transformation of input variables 
and (v) optimization of neural network parameters. The detailed investigations on thick 
section forged 9Cr-1Mo steel have shown that the total strain controlled LCF resistance and 
creep properties are inferior to those of hot rolled thin sections. The fatigue lives at very low 
strain ranges that were not covered by laboratory testing were successfully predicted by 
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employing suitable life prediction models and fatigue design curves for different temperatures 
were formulated using the appropriate safety factors. The forged Mod. 9Cr1Mo alloy 
exhibited lower cyclic stress response than extruded or rolled material under strain controlled 
LCF conditions [16].  

The heating and cooling cycles during start-up and shutdown operations, such as those 
expected in main vessel of PFBR, cause thermal stresses that often occur in combination with 
mechanical loads. The resulting thermo-mechanical fatigue (TMF) cycles lead to material 
degradation mechanisms and failure modes typical of service conditions. It is recognized that 
the synergism between the combined thermal and mechanical loads cannot be reproduced by 
means of isothermal fatigue tests. In view of this detailed investigations have been performed 
to evaluate TMF behaviour of 316L(N) Stainless Steel under in-phase and out-of-phase 
conditions. The out-of-phase TMF tests were established to be more deleterious in the sub-
creep range while in-phase tests were found to be more detrimental in the creep range [17].  

Radiation Damage Studies at IGCAR on FBR  Materials
Radiation induced dimensional changes resulting from void swelling and creep in fuel 
cladding and wrapper of FBR impose severe limits on the achievable fuel burn up. Detailed 
investigations on radiation damage are currently under progress at IGCAR for understanding 
the basic phenomenon and develop core structural materials with better radiation resistance. 
Void swelling behaviour of Alloy D9 simulated by heavy ion irradiation was evaluated using 
step height and positron annihilation measurements [18]. . Alloy D9 samples in 18% cold-
worked condition were pre-implanted with helium at 170 keV and 275 keV energies to create 
a uniform helium concentration of 100 appm around 588 nm depth region. Subsequently the 
samples were subjected to 2.5 MeV Ni ion irradiation to create a peak damage of ~ 84 dpa at 
various irradiation temperatures between 700 and 970 K.  Defect-sensitive positron 
annihilation line shape S-parameter revealed clear changes consequent to void formation as a 
function of sample depth.  From the variation of average S-parameter as a function of 
irradiation temperature, the peak swelling temperature has been deduced. The results obtained 
by the step height profilometry and positron annihilation are in good agreement and the peak 
swelling temperature as determined by two techniques differed by 50 K. Currently the 
screening of indigenously produced D9I steel is in progress under 5MeV Ni ion irradiation in 
order to optimize the chemical composition with respect to minor alloying element 
concentration.  

Weldability of Austenitic Stainless Steels
Failures in FBR components have generally been associated with the welds. Weldability 
studies are conducted for ensuring that components are welded without defects and that the 
welded components possess adequate mechanical and other engineered properties to perform 
satisfactorily during their design life. Detailed weldability evaluation of PFBR materials was 
carried out to obtain clear quantitative guidelines for excluding the possibility of hot cracking. 
Weld metal and heat affected zone (HAZ) cracking propensity, quantified in terms of the 
brittleness temperature range (BTR), has been studied in 316L(N) and D9 [19]. The D9 
alloys, despite having low P+S (0.014 wt-%), showed high susceptibility to solidification and 
HAZ cracking because of the fully austenitic microstructure and segregation of Ti, S, N and C 
to the grain boundaries. The study showed that a Ti/C of about 4 showed least susceptibility to 
solidification as well as HAZ cracking and highlighted the importance of controlling weld 
metal N to minimise cracking. Studies on effect of N on cracking in 316L(N) base metal and 
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modified 316 weld metals showed that N has no detrimental effect on cracking, if Creq/Nieq is 
maintained to obtain a ferritic solidification mode (FA) during welding. Based on these 
studies, a Ferrite content of 3-7 FN is specified for the modified E316-15 welding electrodes 
that would be used for welding all 316L(N) components of PFBR. Studies on nickel alloy 718 
revealed that weld metal cracking could be minimised by using lower heat input and by using 
alloy 82 filler metal rather than consumable of matching composition. 

Weldability of Cr-Mo Ferritic Steels
The major technological issues in weldability of modified 9Cr-1Mo (grade 91) steel are the 
determination of critical preheat temperature to avoid hydrogen assisted cracking (HAC) and 
achievement of adequate toughness in the weld metal. Weldability studies on grade 91 
revealed that susceptibility to HAC is a strong function of composition. Backing of electrodes 
and control of preheat temperature were found to be critical steps in the control of HAC. 
Achieving good toughness in the weld metal produced by processes that involve fluxes (like 
SMAW, SAW and FCAW) in grade 91steel is a challenging task due to the higher inclusion 
content compared to flux less welding such as GTAW. To improve weld metal toughness, the 
chemical composition of welding electrodes was optimized by controlled additions of Ni, Mn, 
Nb and Si and by avoiding delta-ferrite in the deposited weld metal [19] 

Mechanical Behaviour of Welds and Weldments for Component Design 
High temperature nuclear design codes did not contain adequate design data for welds; instead 
design has been largely based on properties of the base metal. In the absence of sufficient 
guidelines in the codes extensive studies on the creep behaviour of the modified 316 SS and 
316L(N) SS weld metals and weldments were performed. It is noticed that the creep strength 
of the weld metal is significantly lower than that of the base metal. The delta ferrite in the as 
welded 316SS which is essential for avoiding hot cracking during welding undergoes 
transformation to brittle intermetallic phases during creep,, thereby lowering weld metal creep 
strength and ductility. These studies enabled arriving at appropriate creep strength reduction 
factors for welds at different temperatures for realistic design of components. A comparative 
evaluation of LCF lives and cyclic stress-strain properties and fracture behaviour of type 
304SS base, 3O8SS welds and 304/308 weldments (as well as 316LN base, 316 welds and 
316LN/316 weldments) has been carried out at various temperatures. The inferior properties 
of stainless steel weldments in LCF have been shown to arise from the presence of coarse 
grain and residual stresses in the heat affected zone [20]. Optimization of stress relieving 
treatments has been carried out to improve the fatigue resistance of weldments. Influence of 
weld discontinuities on LCF properties have been assessed. It has been found that the type 
and location of the flaw determine the LCF life of austenitic stainless steel welds; these 
studies provided much needed information for the acceptance and performance of welds 
containing defects and realistic life assessment procedures. 

Extensive analysis on creep deformation and fracture was conducted on the base, weld, 
weldments and the simulated HAZ structures of 2.25Cr-1Mo, 9Cr-1Mo and Mod. 9Cr-1Mo 
steels with a view to optimizing performance of the weldments.  In Mod.9Cr1Mo Creep 
rupture lives of weld joints were found to be significantly inferior compared to the base metal 
(Fig. 5a) [21]. The failure location changed from base metal to intercritical region of HAZ 
with increase in test temperature and decrease in applied stress (Fig. 5b). The type IV 
cracking in (craking in intercritical HAZ) weld joint occurred as a result of preferential 
accumulation of creep strain with associated creep cavitation. Poor creep strengths in weld 
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joints have been attributed to the microstructural degradation in this region. These 
investigations have identified that the reduction in width of intercritical zone has to be 
controlled to improve the performance of ferritic steel weldments  

         
Fig. 5: (a) Variation of rupture life of modified 9Cr-1Mo base metal and weld joint with 

applied stress and (b) Creep failure location of the weld joint and creep cavity density with 
distance of modified 9Cr-1Mo similar weld joint failure location of the weld joint at 823 K, 

120 MPa. 

Welding of Dissimilar Metals
Welding of dissimilar-metals becomes a necessity, as different materials have to be chosen for 
different components operating under different service conditions. Differences in physical and 
mechanical properties of base metals and their influence on the in-service behaviour of the 
weld joint as also alloying between the base metals and filler metal are major considerations. 
In the steam generator circuit of PFBR, 316L(N) SS pipes from the intermediate heat 
exchangers have to be welded to the modified 9Cr-1Mo steel pipes of the steam generators. 
These dissimilar metal welds in steam generators are prone to large-scale premature service 
failures, leading to expensive plant outages, due to the difference in thermal expansion 
coefficients between the ferritic steel base metal and weld metal. The problem was 
circumvented by engineering a gradient in the thermal expansion coefficients along the joint 
by using an Alloy 800 transition piece. For welding 316L(N) SS to Alloy 800 and Alloy 800 
to modified 9Cr-1Mo steel, ER16-8-2 and Inconel 82/182 welding consumables, respectively, 
have been chosen. Thermal cycling performance tests have shown that this tri-metallic 
transition joint has at least four times superior service life than the joints presently in use [22]. 

Metal Forming
The demanding and hostile environment in the PFBR necessitates the components from 
special materials are to be processed by judicious selection of hot, warm or cold forming 
methods. To achieve the required service properties, it is essential that the microstructural 
development during hot working should be carefully controlled and defects and flow 
instabilities are avoided. The processing maps and instability maps have been generated for 
the materials used in reactor systems such as stainless steel 304, 316, 304LN, 316LN and 
Mod. 9Cr-1Mo steel [23, 24]. The “safe” processing windows delineated by dynamic 
recrystallisation (DRX) and dynamic recovery (DRY) are identified. In certain regimes of 
temperature and strain rate, austenitic stainless steels exhibited flow localization and these 
“unsafe” domains need to be avoided during mechanical working. The usefulness of these 
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maps for controlling the industrial processes such as press forging, extrusion and hammer 
forging has been validated under industrial process conditions with a considerable reduction 
in the rejection rates. This has generated full confidence that the PFBR components can be 
produced within the country at a competitive cost. 
Development of Materials for dissolver tank assemblies of Fuel Reprocessing Plants
Demands on structural materials for reprocessing spent fuel of fast reactor assembly are 
stringent due to its high concentration of plutonium, which has forced the conventional 
PUREX process to be changed to electro-oxidative process.  In this process, the structural 
materials are exposed to high molality of boiling Nitric acid, which is orders of magnitude 
more corrosive than the environment in PUREX process. Hence, replacement of the 
conventional materials by more corrosion resistant materials would increase the lifetime of 
the component in addition to reducing the radio-active waste.  The perspective corrosion rate 
of 304 L is not satisfactory for long life of reprocessing plants. Hence, a Ti-5Ta-2Nb alloy has 
been fabricated and examined for its fabricability, weldability, optimization of thermo-
mechanical treatments and corrosion behaviour in boiling Nitric acid [25,26].  The fabrication 
of Ti based alloys is known to be easier in the duplex phase field of  high temperature bcc β
and low temperature hcp α. Since the transition temperatures of this alloy are not known, 
these have been evaluated using  metallography, differential scanning calorimetry (DSC) and 
computational methods. The flow chart for the thermo-mechanical processing is also 
developed. Physical metallurgy data base for this alloy was established and the thermo-
mechanical treatments yielding desirable and detrimental structures with respect to corrosion 
behaviour were identified. Controlled treatments were carried out based on experience of 
commercial α+β Ti alloys to identify the optimum microstructure for best performance. 
Evaluation of mechanical and corrosion properties show that the average corrosion rate is 
below 1mpy in liquid and vapor state, while it is 2.5-3 mpy in condensate phase.  These 
studies showed that this alloy exhibits a superior corrosion resistance as compared to the 
presently used SS 304 and Grade 2 Ti. The measured Yield strength and UTS are in the range 
of 300-340 MPa and 410- 440 MPa respectively with 30-35% ductility, which are comparable 
to that of commercial Ti alloys. Weldability studies on 3mm plates of Ti-Ta-Nb alloys 
enabled the selection of welding and weld qualification procedures. Since most of the failures 
in Ti alloys during service occurred in the weld, simulated weld and HAZ structures were 
studied in detail and a microstructural map was generated.  This can be used to predict the 
microstructures that would result for various cooling rates. 

Hardfacing
All components in static/dynamic surface contact in liquid sodium are prone to adhesive wear 
(self-welding) or fretting wear. Hence, suitable hardface coatings on the contact areas are 
necessary for imparting adequate high-temperature in-sodium wear-resistance. Cobalt-base 
alloys and other designation ERCoCr-A, B and C as per AWS A5.21 (Stellites) are the most 
commonly used hardfacing materials in nuclear reactors, and have been used in the FBTR as 
well. However, for in-core components, where radiation dose is very high, activation 
products, primarily Co60, formed in cobalt-base Stellites result in additional activity in the 
primary circuit. Such induced radioactivity during maintenance, component handling and 
decommissioning must be minimized. Hence, based on detailed induced radioactivity and 
shielding calculations, nickel-base cobalt-free ERNiCr-B has been chosen to replace the 
cobalt-base alloys as the hardfacing material for all nuclear steam supply system components 
of PFBR made of 316L(N) and 304L(N) SS. While ERNiCr-B hardface coatings were used 
satisfactorily in fast breeder reactors, but there are at least a few reports of failures in some 
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hardfaced components operating at 823 K. Hence, to address this concern regarding reduction 
in hot-hardness of ERNiCr-B above 723K, the hardness degradation in long-term aged 
ERNiCr-B deposits was characterized [27]. Based on time-temperature correlation, the 
estimated hot-hardness after exposure at 823 K showed that these hardface deposits would 
retain adequate hardness even after 40 years of service. 

For hardfacing of PFBR components with ERNiCr-B, deposition procedures using the plasma 
transferred-arc welding (PTAW) process, instead of the conventional GTAW process, has 
been developed in collaboration with industry. The PTAW deposition procedures minimize 
dilution of the coating by the austenitic SS substrate thereby ensuring adequate hardness in 
the hardface coating. These PTAW deposition procedures have been successfully 
implemented for hardfacing (with ERNiCr-B) of some critical PFBR components, such as the 
roller bearings of the transfer arm and most significantly on the inner surface of grid plate 
sleeves at a location 450 mm away from the ends.  High-temperature wear-resistant ERNiCr-
B bushes are required in various components for in-sodium service in PFBR. These ERNiCr-
B bushes, conventionally manufactured by precision casting, are not available in India and 
have to be imported at very high costs. As an import substitution measure, these bushes have 
been fabricated using a novel procedure involving GTA deposition of ERNiCr-B on austenitic 
SS rods followed by precision machining of the hardface deposits. These bushes were found 
to meet the dimensional tolerance and surface-finish requirements and have excellent 
dimensional stability on high-temperature ageing. This procedure has been successfully 
implemented for fabricating ERNiCr-B bushes for the transfer arm gripper assembly of 
PFBR. 

For minimising fretting wear of tube bundle support structures under flow-induced vibrations 
of steam generator tubes, aluminised Inconel 718 was chosen based on international 
experience. Either pack cementation process or vapour-phase aluminising process, both of 
which require special equipment and proprietary procedures and reagents, were used to 
produce aluminide coatings on Inconel 718 strips in different FBRs. A highly cost-effective 
and efficient process technology was indigenously developed and implemented for 
aluminizing of Inconel 718 steam generator bundle support structures of FBRs. This 
technology uses a procedure involving thermal spraying of aluminum followed by diffusion 
heat treatment in vacuum to obtain the desired coating. 

Design of FBR Components and Structural Integrity Evaluation
PFBR is designed for a plant life of 40 y (extendable to 60 y) in compliance with design codes 
viz. RCC-MR (2002) [28, 29] and ASME-Section III (2003) [30], respecting all the safety 
criteria stipulated by Atomic Energy Regulatory Board. The design was done ‘by analyses 
and hence necessitated detailed structural mechanics investigations of all possible failure 
modes (Fig. 6). The creep-fatigue damage  is assessed for the high temperature  components, 
viz. main vessel,  control plug, inner vessel and intermediate heat exchangers (IHX)  as well 
as steam generator shell-skirt support,  as per RCC-MR (1993) code. For the main vessel and 
inner vessel the stresses and strains are  computed using viscoplastic analysis, since it is not 
possible to respect the creep fatigue damage limits through elastic analysis route for these 
components. For the viscoplastic analysis, the Chaboche  model was employed [31].  For 
other components viz. control plug, IHX and SG  shell-skirt support, elastic analysis route 
was followed.  The summary of computed creep fatigue damage assessment of hot pool 
components is presented  in Table 3.  
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Fig. 6: High temperature failure modes in FBR 

Table 3 : Creep fatigue damage for PFBR Components [30] 
30 y 45 y 

Component Analysis Dc Df Deff Dc Df Deff

Main vessel 
Inner vessel 
Control plug 
IHX 
SG 

Viscoplastic 
Viscoplastic 
Elastic 
Elastic 
Elastic 

0.01 
0.03 
0.24 
0.29 
0.20 

0.004 
0.010 
0.003 
0.002 
0.020 

0.020 
0.053 
0.250 
0.300 
0.250 

0.02 
0.05 
0.36 
0.45 
0.30 

0.007 
0.015 
0.005 
0.003 
0.030 

0.036 
0.086 
0.370 
0.460 
0.310 

   
These results indicate that the maximum creep-fatigue damage estimated based on design load 
cycles (Deff) is less than 50 % of code allowable value (unity). Hence structural mechanics 
considerations permit a design life of 45 y with a comfortable margin. This analysis has 
formed a basis for the selection of higher operating temperature (820 K) and longer plant life 
(40 y) for PFBR 

Fracture mechanics studies were conducted mainly for the LBB analysis of main vessel, 
sodium piping and SG shell [31]. The critical parameters required to demonstrate LBB are 
asymptotic crack length (2Cs), detectable crack length (2CL) and critical crack length (2CG). 
2Cs is the crack length of a particular surface whose crack front touches the opposite wall 
surface, i.e. crack depth (a) is equal to wall thickness (h).  2CL is the crack length, which can 
produce detectable leak (Qd) of sodium in the pipe. Qd is equal to the sensitivity of leak 
detection system (Qs) multiplied by a factor of safety 10. 2CG is the crack length, with which 
the structure becomes unstable under the design basis loads, such as safe shutdown 
earthquake (SSE) or large sodium water reaction (LSWR). For demonstrating LBB, 2(Cs+CL) 
should be less than 2CG with a factor of safety (α). The value for α depends upon the 
procedure followed for determining CG parameter and material. Figure 7 depicts the Cs, CL

and CG, pictorially.  
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Fig. 7:LBB Parameters 

Creep-fatigue and fracture analyses completed for PFBR components are validated by 
systematically planned experiments. Tests were conducted on models of  shells subjected to 
axially varying temperature gradients to simulate thermal ratcheting which happens on the 
vessels subjected to free level variations of sodium. Creep-fatigue damage assessment 
methodology was validated based on tests on specimens having component features. The 
rolled and welded tube -to-tubesheet joints of IHX were qualified by carrying out tests for pull 
out strength after simulating creep relaxation. The SG tubes made of Mod.9Cr1Mo were 
tested at high operating temperature under internal pressure with axial deformations to 
simulate the creep rupture. All these tests have provided results that assure the operation of 
components at high temperature, for the design life of 40 yr. Reactor vessels are basically 
large diameter thin walled shells, which are prone to buckle. Geometrical imperfections 
imposed during manufacturing stage and subsequently by progressive deformations during 
operation, plastic deformations, seismic loadings and their dynamic effects reduce the 
buckling strength significantly. Buckling of vessels have been investigated extensively with 
the help of numerical analysis and validated thoroughly based on tests on scaled down 
models. Tests were conducted on 1/30 and 1/8 scale down models of main vessel under 
bending moment and shear forces and on 1/13 models of inner vessel under internal pressure 
and concentrated loads transmitted through stand pipes. Fracture assessment including 
analysis for  LBB justification and crack propagation behaviour has been studied on 316LN 
and G91 plates by subjecting them to bending loads. Also a series of fatigue and fracture tests 
conducted on 1/5 scale modes of primary sodium pipe and SG tube bends, subjected to 
internal pressure and bending moment, confirmed the applicability of RCC-MR:A16(2002) 
rules and validated the design. Fatigue and fracture tests were conducted on typical large size 
tees, bends and SG nozzle junctions with the objective of demonstrating LBB. 

Non-destructive Testing for Quality Control of FBR Clad Tubes
Non-destructive testing (NDT) methods were developed for stringent quality control of fuel 
cladding tubes [32, 33].  The quality of the tubes could be comprehensively assessed using 
complementary NDT techniques such as ultrasonic (UT) and eddy current (ECT). For the 
indigenous development of cladding tubes, an advanced eddy current testing methodology has 
been developed to detect banding (fabrication defect) of tubes, and also defects in the 
presence of banding, with high sensitivity and reliability.  Procedures based on laser scattering 
technique were developed to characterize the surface of the tubes.  A close correlation 
between the roughness outside surface and thickness variation has been established which 
enabled 100% assessment of the tubes for detecting unacceptable variations in thickness and 
surface conditions.  As the tube thickness is only 375 microns with close tolerances, it is 
crucial that all such unacceptable variations are detected.  For actual inspection of the tubes, 
the basis for comparison of the severities of the defects was the defect depths as percentages 
of the tube wall thickness.  Tubes having no defects or defects less than 7% wall thickness 
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were accepted.  The significant percentage of unacceptable tubes after the tubes were tested 
ultrasonically, underscored the importance and the essential nature of eddy current testing for 
the pre-service quality control.  Random checks by metallography indicated that both ECT 
and UT are complementary for detection of different types of defects. For example, ECT 
detected localized dispersion of fine inclusions, while UT successfully detected large 
inclusions.  The outside surface defects could be detected by ECT with high reliability and 
sensitivity, while the inside defects could be detected by UT.  The standard ASTM procedure 
was followed for ultrasonic testing, and the complete procedure along with suitable probes 
has been developed at IGCAR for the eddy current testing.  

Future Directions in the Development of FBR Core and Structural Materials 

Since fuel cycle cost is strongly linked with burn-up, development of materials resistant to 
void swelling and irradiation embrittlement is very important and a challenging task. In FBRs, 
ferritic and martensitic steels are contemplated for use as possible structural and/or fuel 
cladding and other incore component applications. Ferritic steels, HT9 and Mod.9Cr1Mo are 
of interest because they display low swelling compared to conventional austenitic stainless 
steels 304 and 316 when irradiated. However, the irradiation hardening in these steels affects 
their toughness and fatigue properties. The embrittlement effect in these steels is reflected 
through the increase in ductile-brittle transition temperature and reduction in upper shelf 
energy. Development of ferritic steel compositions which are less prone to irradiation 
hardening effects is urgently needed and it is a great challenge to alloy designers. An 
improved version of Mod.9Cr-1Mo steel with superior impact toughness, as compared to the 
standard grade, is being developed for wrapper applications in the later cores of PFBR. In the 
first phase of this programme, the influence of nitrogen and silicon on the swelling behaviour, 
impact and tensile properties, formability and weldability will be investigated on the heats 
produced by a combination of Vacuum Induction Melting and Electro Slag Refining.  

Oxide dispersion strengthened ferritic/martensitic (9-12% Cr) steels (ODS) show the potential 
to be used as cladding material in FBRs with the ability of operating temperatures beyond 
650C. The major problem that hindered their widespread application is the anisotropy of 
mechanical properties owing to the processing procedures. These alloys show bamboo-like 
grain structure and a strong deformation texture which are responsible for their anisotropic 
mechanical properties, especially an inferior biaxial creep –rupture strength. Research and 
development programmes are needed to produce equi-axed structure and to explore new alloy 
compositions. There are other problems with ODS steels besides anisotropy. At present, there 
is no information on the production of thick-walled parts or large-diameter tubing. Fabrication 
processes for these materials for heavy sections still need to be established, and this includes 
the problem of joining these materials. Therefore, even if the anisotropy problems are solved, 
much research and development is required for establishing the commercial acceptance of 
ODS steels for structural applications.  

In order to ensure the longer design life of structural components in future FBRs, materials 
with superior creep strength and high temperature LCF properties are being developed. 
Several heats of 316L SS with varying nitrogen content (0.06% to 0.22%) have been 
produced. A comprehensive programme to evaluate the effects of nitrogen on mechanical 
properties, weldability and corrosion behaviour is currently under progress at IGCAR..  
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Zirconium Alloys for PHWR  Applications 

Zirconium based alloys are the natural choice for both fuel element cans and in-core structural 
components such as pressure tubes, calendria tubes, garter springs etc. in the water cooled 
thermal reactors [34]. The general requirements for these components include low thermal 
neutron absorption cross section, adequate strength, ductility and toughness at ambient and 
reactor operating temperatures, good corrosion resistance, low hydrogen absorption, long term 
dimensional stability in irradiation environments, compatibility with fuel and coolant under 
service conditions, good heat conductivity and resistance to fracture [35]. Pure zirconium 
undergoes uniform surface oxidation in high pressure water at 573 K. after a certain time 
interval, however, film cracking occurs leading to breakaway corrosion.  It was found that the 
presence of impurities like nitrogen, carbon, aluminium, titanium and silicon are associated 
with the above phenomenon. Further it was noticed that additions of iron, chromium, nickel or 
tin, combined with restriction of nitrogen content reduces the tendency for film cracking.  
This led to the development of zircaloy-2 alloy, with 1.5%Sn, 0.12% Fe, 0.1% Cr and 0.05% 
Ni. ZIrcaloy-2 was widely used as clad, wrapper, pressure tube (PT) and calandria tube (CT) 
materials for PHWR.  The major problems associated with this alloy are hydriding, stress 
corrosion cracking and irradiation creep.  Hydriding can result either from attack by coolant 
or by reacting with the moisture in the fuel. Since nickel is known to increase the hydrogen 
absorbing tendency in zirconium, zircaloy-4 (1.5% Sn,-0.18-0.24 Fe, 0.1Cr, Ni<0.007) in 
which the hydrogen absorption rates are reduced top about half of that in ziorcaloy-2 have 
been developed for clad applications.  

The requirements for pressure tube alloys differ from those for fuel cladding, largely because 
of the fact that an improvement in the strength of the material can significantly reduce the 
quantity of parasitic material within the core and that the pressure tube, unlike the fuel 
cladding, is expected to have a long service life preferably extending up to the design life of a 
reactor.  Pressure tubes being the final pressure boundary containment structures in PHWRs, 
their integrity is to be maintained during reactor operation and safety demands that leak 
before break (LBB) criterion is met with.  During service, all the zirconium alloy core 
components in general and pressure tubes in particular are subjected to very slow aqueous 
corrosion, hydride induced embrittlement and radiation damage.  Zr-Nb based alloys are 
known to exhibit superior irradiation creep and hydriding resistance compared to zircaloy-4. 
Zr-2.5 Nb is a precipitation hardened alloy and thereby the irradiation creep rate is 
significantly low.  Also Zr-Nb alloys show slower hydrogen pick up rate, resulting in lower 
build-up stress around the blisters.  Crack initiation is therefore delayed. Zr-2.5Nb alloy has 
therefore been chosen as the construction material for pressure tube and calandria tube of 
PHWRs under construction. India has indigenously developed zirconium production 
technologies and NFC is producing components of zircaloy-2, zircaloy-4 and Zr-2.5Nb [1]. In 
PHWR systems, various zirconium products are used in the form of tubes either to clad the 
fuel or to contain the pressurized heavy water coolant. The structural components like fuel 
tubes, pressure tubes and calendria tubes are exposed to highly aggressive environments 
during reactor operation. The main factors responsible for shortening the life of in-core 
components are irradiation damage, in-reactor creep and growth, corrosion and hydrogen pick 
up during service life. Therefore, the materials used for manufacturing these components must 
meet stringent requirements of various properties in order to perform reliably in nuclear 
reactor environments.  
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Calandria tube is exposed to low temperature and low stress and hence excessive deformation 
and creep is not of much significance. But irradiation growth does pose some concern. Garter 
spring possesses high strength and is subjected to complex loading at relatively lower 
temperature. Due to exposure to relatively lower temperature, hydrogen pick up is not of 
concern. The major concern for Garter spring is their displacement from their designed 
location, which is also greatly reduced by employing tight fit springs. Moreover, these 
components are not the final pressure boundary containment structures. The pressure tube 
poses the major challenge for PHWR safety. Two main life limiting factors associated with 
fuel tubes were hydride embrittlement and Iodine induced stress corrosion cracking (SCC) as 
a result of pellet-clad interaction. Excessive hydriding could lead to performance limiting 
embrittlement. The extent to which the hydrides embrittle the clad also depends on the 
orientation of the hydrides.  Formation of radial hydrides is an undesirable situation as it 
greatly reduces the ductility while circumferentially oriented hydrides have only marginal 
effect.  Crystallographic texture has therefore an important influence in determining the 
orientation of hydrides. For a favourable hydride orientation, it is necessary that the alpha 
grains of zircaloy be oriented with the basal plane normals close to the radial direction.  The 
development of texture is influenced by the strain history of the cladding tubes during 
fabrication.  Careful optimization of process parameters at NFC involving cold pilgering to 
final dimensions, has led to the development of clad tubes with desired texture. Stress 
corrosion cracking is also one of the important problems associated with clad tubs.  This 
occurs when a fuel element, which has been exposed to prolonged irradiation at relatively low 
power, has its power increased.  The resulting thermal expansion of the fuel stresses the 
cladding while fission product iodine released from the fuel is the likely corrodant.  This 
problem has been solved by incorporating a thin layer of graphite on the inner surface of the 
cladding.  After carrying out considerable developmental work at NFC the production process 
for graphite coating of zircaloy tubes was standardized. An automatic coating equipment has 
been designed and fabricated with a high capacity vacuum backing unit. With this equipment 
the graphite coating process could be taken up on a production scale and it has become a part 
of the flow sheet since 1990.  

Fabrication of Zr-Nb Tubes
India occupies a distinguished position among countries that have developed the total 
technology for the processing, fabrication, characterization and use of zirconium alloy 
components in the nuclear industry [1]. While the zirconium alloys have proven to be 
successful in their designed usage, a desire for longer lifetime of components and increased 
duty cycle puts more demand on materials performance. This demand has led to more in-
depth studies of phenomena associated with zirconium alloy composition, development of 
fabrication techniques and to the evaluation of newer zirconium alloys for critical 
applications. Although zircaloy-2 was used as a pressure tube material in the very early 
versions of CANDU- PHWRs, there has been mounting evidence that these zircaloy-2 tubes 
showed accelerated oxidation and hydrogen-up take over longer exposures in reactors. These 
led to the development of Zr-2.5 Nb alloy. Based on the extensive development work done , a 
fabrication route was evolved at NFC for production of thin walled larger diameter tubes 
through seamless route. NFC has established advanced facilities to manufacture the seamless 
tubes with close dimensional tolerances with required quality and stringent mechanical 
properties. It was found that the fracture toughness of Zr-2.5Nb pressure tube alloy can be 
improves substantially by reducing the level of trace element impurities like hydrogen (from 
25 ppm to 5 ppm), chlorine (From >2.5 ppm to 0.5 ppm), carbon and phosphorous.  Such 
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refining is achieved by multiple consumable vacuum arc melting.  It was demonstrated that 
such purity can be routinely achieved by qudraplate vacuum arc melting practice at NFC.  
These are very significant development since the reduction in trace elements gives a 
substantial increase in the coolant channel life. During the last three decades, NFC has 
acquired industrial scale experience on manufacturing grade zirconium sponge, using zircon 
sand as starting material. A number of zirconium alloys and components have been 
successfully manufactured and utilized in all the 14 operating water-cooled reactors in India.  

Cold Reduction of Large Diameter Thin Wall Tubes
Normally large diameter thin wall tubes are rolled in cold pilger mills using 2 roll dies.  NFC 
has designed both rolling and auxiliary toolings for 150 VMR cold pilger mill and 
successfully rolled tubes with outer diameter to all thickness ratio of around 100.  This 
development resulted in successfully producing calandria tubes for PHWRs, which were 
earlier fabricated by seam welding process but are now produced by seamless process giving 
better integrity and uniform stress during expansion of mouth ends and subsequent rolling of 
joints in the reactor. This innovating seamless pilgering process developed has resulted in 
achieving superior texture and consequent mechanical properties and dimensional tolerances 
over long lengths.  NFC has also recently manufactured seamless zirconium alloy calandria 
tubes and coolant tubes for PHWR-540 MWe at Tarapur.  The PHWR 540 is the first in the 
series of 500 MWe type PHWR units in the country.  Each PHWR 540 core has 392 co-axial 
assemblies of zircaloy-4 tubes and Zr-2.5 Nb coolant tubes inside which the uranium fuel 
assemblies are loaded.  Such long and thin walled seamless calandria tubes have been 
manufactured for the first time in the world [1].  

Nuclear Fusion Technology  

In India, a road map for future technologies is envisioned in terms of on-going basic research 
work on fusion devices at the Institute of Plasma Research (IPR), Ahmedabad, as well as 
development of accelerator driven sub-critical reactor system (ADS) at BARC. In the case of 
fusion research, apart from detailed studies on fundamental aspects of plasma physics i.e., 
generation and confinement of plasma, diagnostic tools for characterization have been well 
studied using the Mark-1 TOKOMAK, ADITYA since 1989 [1]. A steady state 
superconducting tokomak SST-1 is presently in the final stage of assembly at IPR [36]. It is a 
large aspect ratio tokomak configured to run elongated plasma with pulse duration of 1000s. 
Superconducting magnetic field coils are deployed to produce the toroidal and poliodal fields 
in SST-1.The plasma facing components (first wall) of SST-1 comprises of diverters, limiters, 
passive stabilizers, baffles and auxiliary baffles. Fabrication works of all the PFC components 
has been completed successfully. The major breakthrough in the PFC fabrication is in the 
process of brazing copper alloy modules to SS cooling tubes [34]. The chosen high strength 
copper alloy materials are the Cu-Cr-Zr for diverters and baffles and Cu-Zr for passive 
stabilizers. The brazing cycle normally deteriorates the electrical, mechanical and thermal 
properties of copper alloy material. Hence a suitable heat treatment needs to be applied in 
order to retrive the deteriorated properties. A new method of brazing combined with heat 
treatment cycle is selected and thereby, strength of 310 MPa is regained for CuCrZr alloy 
after brazing with 83% IACS .  

International Thermonuclear Experimental Reactor (ITER) Project
In June 2005 the European Union, USA, Russia, Japan, Chaina and South Korea committed to 
build a new fusion reactor known as International Thermonuclear Experimental Reactor 
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(ITER), at Cadarache in southern France. Once operational, in 2015, ITER will become the 
main focus of world fusion research.. India is now one of the seven partners of International 
Thermonuclear Experimental Reactor (ITER) project. A critical element in the ITER mission 
since its inception has been testing integrated blanket modules in special ports. The principal 
objectives of ITER Test Blanket Module (TBM) programme include the development of 
technology necessary to install breeding capabilities to supply ITER with the tritium 
necessary for operation in its extended phase, and the acquisition of experimental data vital to 
evaluating the feasibility , constraints, and potential D-T cycle for fusion systems. TBMs will 
be installed in ITER from the beginning of its operation with the aim of obtaining information 
on (i) demonstration of structural integrity of TBM structures and attachments during 
disruption and vertical displacement events, (ii) assessment of the impact of 
Ferritic/Martensitic steel, used as a structure for most TBMs, on magnetic fields deformation 
in static conditions; (iv) testing of fluid flow, particularily MHD, in the complex magnetic 
field environment, (iv) establishment of TBM first wall requirements and (v) screening of 
flaws in TBMs so that they can be fixed prior to D-T operation. Maximum utilization of ITER 
for blanket and material testing is essential for the advancement of energy related fusion 
technology that in turn provides essential feedback to possible plasma physics operating 
regimes and boundary conditions.  

Fusion can only fulfill its promise of providing safe, economical, and environmentally 
acceptable energy if materials science and engineering can develop and deliver new materials 
for the first wall, blanket and diverter systems. To realize the potential safety and 
environmental advantages of fusion the materials must have low neutron activation 
characteristics. This limits the practical choices of material systems from which a structural 
material can be developed. Low activation goals limit the choice of alloying elements from 
which structural material can be synthesized and require that certain elements which are often 
present as impurities be maintained at ppm levels. The fusion programmes have focused on 
alloys having 7-10%Cr with W substituted for Mo and V and Ta as carbide forming elements 
as low activation counterparts to the commercial 9Cr-1Mo and 12Cr-1Mo alloys. Properties 
of the low activation alloys are similar to those of their commercial counterparts with the 
exception of the fracture behaviour, as measured by Ductile to Brittle Transition Temperature, 
both before and after irradiation, which is superior[37-39]. Specific challenges identified but 
awaiting in-depth research include the effects of transmutation-generated helium on many 
facets of irradiation response, development of plasma diagnostic materials and insulators to 
limit MHD power losses in liquid metal systems, design methods for ceramic composite 
structures, development of vacuum vessel and superconducting magnetic materials and the 
feasibility of using ferromagnetic steels in magnetic confinement concepts. India has unique 
capabilities and strong base in materials development for fast breeder reactors, the design and 
operation of safety critical nuclear systems and vast experience in experimental and 
theoretical research in the physics of magnetically confined hot plasmas and non-linear 
plasma phenomena.  

Accelerator Driven Sub-critical Reactor System (ADS)
ADS is one of the emerging technologies, which can have a major impact on the nuclear 
energy scenario, It is a sub-critical reactor device for producing nuclear power, which would 
operate with high neutron economy and safety. In ADS, a high energy proton beam generates 
neutrons directly through spallation reaction in a non-fertile/non-fissile element like lead [1]. 
A sub-critical blanket can further amplify this external source as well as produce energy. 
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Development of such a system offers the promise of  a short doubling time with Th-233 U 
systems, incineration of long-lived actinides and fission products and can provide robust 
technology for large scale thorium utilization. Major activities in ADS are in progress at 
BARC, Raja Ramanna Centre for Advanced Technology, Indore, Variable Energy Cyclotron 
Centre, Kolkata.  
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Abstract 
In order to achieve deep reductions in CO2 emission from power generation, the implementation of technologies 
for CO2 capture and storage are required can complement the other options used to reduce generation such as the 
improvement of fuel use efficiencies, the switch to low carbon fuels, the use of renewable energies and of 
nuclear energy.  Capturing CO2 consists in its separation from other components in gaseous or liquid mixtures.  
Three main options are currently developed for that purpose: removal of CO2 from the flue gas or flue gas 
decarbonisation; removal of carbon from the fuel or fuel gas decarbonisation; oxyfuel combustion systems using 
pure oxygen as fuel oxidizer. The performance and environmental impacts of the CO2 capture and storage 
technologies are discussed in this paper with a special focus on the materials issues. On the transport and storage 
side, the materials issues come from corrosion and may be solved by a proper treatment of the CO2 stream,  
which is dried and from which oxygen and impurities have to be removed.  On the capture side, there are no 
specific issues on the materials used in the different technologies such as chemical absorption of CO2 in an 
appropriate solvent (usually amines).  Advances on materials are only needed in the oxyfuel combustion systems 
using high temperature membranes for separation of oxygen from nitrogen in air in relation to their ion 
conduction properties, to their thermal and mechanical stability and to their lifetime when integrated in boilers, 
fluidized beds and gas turbine systems. In general, the performance of the systems integrating oxygen separating 
ceramic membranes is largely depending on the operating temperature so that the behaviour of these materials at 
higher and higher temperatures is a real technical challenge. 

Key words :  CO2 emissions mitigation, oxyfuel, ceramic membranes, CO2 capture, advanced 
power plants 

Introduction 
International framework
In Kyoto, in 1997, a protocol was adopted as a first step towards the world reduction of 
greenhouse gases emissions by around 5 % compared to the 1990 emissions taken as the 
baseline by 2008-2012. Today and in the near future, however, the world is not on a way of 
greenhouse gases concentration stabilization and certainly not of reduction of the emissions. 
Europe will not be able to comply with the Kyoto target by 2012.  As an illustration, if the 
current emissions are projected up to 2010, Europe-15 will be 7.5 % pts below the target 
(reduction by 0.5% below 1990 level instead of 8%) [1]. In addition, the real environmental 
target is asking for a seriously deeper reduction than that considered in the Kyoto protocol.  
In many of the models that IPCC has considered, stabilization at a level of 550 ppmv of CO2

in the atmosphere would require a reduction in global emissions by 2100 of 7–70% compared 
with current rates and the emissions should start to decrease by 2030. If the target were to be 
lower (450 ppmv), even deeper reductions of 50-60% y 2050 would be required [2, 3].  

For deep reduction, capture and storage technologies (CCS) offer a particularly well suited 
option for power generation and other heavily polluting industrial sectors in order to fill the 
gap between the Kyoto scenario and a 50% and more emissions reduction. Within the Kyoto 
protocol, technological options for reducing net CO2 emissions to the atmosphere include: 
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increasing the efficiency of energy conversion and/or utilization; switching to less carbon 
intensive fuels, for example natural gas instead of coal; increasing the use of renewable 
energy sources; and sequestering CO2 by enhancing biological absorption  in forests and soils. 
All these measures taken with their maximal economic potential are not able to reduce the 
emissions. In order to achieve a stabilization of the CO2 concentration at 450 ppmv and 
decrease the emissions accordingly, new tools have to be implemented, among which are the 
capture and storage of CO2. 
  
Materials development   

Regarding the materials development and characterisation in the power plants themselves, it is 
well known that new alloys for supercritical power plants are developed to achieve higher 
temperatures and consequently higher efficiencies. Demonstration of their use in forgings and 
castings is needed. Improved welding procedures and weld failure prediction methods are 
required. This is especially important because of the current small number of new advanced 
coal-fired plants. 

As far as CCS is concerned, there is no specific need to develop new materials in 2 links of 
the CCS chain, namely transport and storage of CO2. Transport is a mature technology 
whereas storage still requires more demonstration at large scale. Apart the usual corrosion 
issues due to existing oxygen and water in CO2, there is no need to develop new materials. In 
capture techniques based on the use of solvents to absorb CO2, the technology is well known 
and mature from other engineering sectors but the new materials are new solvents themselves. 
On the other hand, in oxy-fuel combustion systems, there is a need to develop new materials 
such as high temperature membranes for oxygen production as an alternative to conventional 
cryogenic systems. Ion transport membrane systems promise indeed higher purity of 
separated oxygen with lower energy consumption and lower capital costs than existing 
systems. Work is needed to scale-up to the capacity required in power generation. There is 
also a need to assess other developing options such as the oxygen transport in chemical 
looping combustion. There is still a need for work to assess the possible corrosion of and 
deposition on boiler heat transfer surfaces as well as component development and to identify 
the best materials for membranes in oxyfuel systems and metallic particles in chemical 
looping combustion. 

CO2 capture and storage (CCS) chain 

As fossil fuels are predicted to remain the dominant form of primary energy used worldwide 
(about 85%) and are responsible for about 75% of anthropogenic CO2 emissions for the next 
decades [4] , the CCS technology allows to continue using them in a clean way  and to make 
the bridge towards an economy based on carbon free energy carriers such as hydrogen and 
electricity production from renewable sources . Power plants are the best candidates for CCS 
since they are large centralized sources contributing for around 35% of the world emissions in 
2001.  A storage of the total flue gas can not be cost-effective because of the high amount of 
N2 , together with  existing pollutants,  to compress and store . The removal of CO2 from flue 
gases , as well as from fuel gas, for storage is hence unavoidable. 

Capturing the CO2 arising from the combustion of fossil and renewable fuels, as in power 
generation, or from the preparation of fossil fuels, as in natural gas processing, the production 
of hydrogen, ammonia, iron and steel, or cement, involves separating the CO2 from some other 
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components in a mixture. The CO2 having then to be transported to a storage site where it will 
be stored away from the atmosphere for several centuries, it is compressed to supercritical 
conditions (73 bar, 30°C) in which it is in a ‘dense phase’ and occupies around 0.2% of the 
volume in the gaseous phase at standard conditions. Storage reservoirs must ideally be large 
relative to annual emissions, be tight and safe for a very long time. The averaged leakage rate 
should be less than 0.01% per year giving a fraction retained of 99% over 100 years. 

The concept of CCS is based on a combination of known technologies applied to the new 
purpose of mitigating climate change. CO2 capture techniques were developed 60 years ago in 
connection with the production of town gas involving scrubbing CO2 from the gas stream with 
a chemical solvent [5]. Subsequently they were adapted for capturing CO2 from the flue gas 
streams of coal- or gas-burning plants for the carbonation of drinks and for enhancing oil 
recovery.  

Considering storage, the world capacity of CO2 storage sites is much larger than the CO2

production for the predicted lifetime of the fossil fuels. Possible storages are in the deep 
ocean, in carbonate minerals or in geological reservoirs such as deep saline formations, 
depleted gas and oil reservoirs, un-minable coal beds, with possible enhancement of oil and 
methane recovery from oil fields and coal seams respectively using CO2 instead of water 
injection. The single existing storage at commercial scale at present is a deep saline aquifer 
under the North Sea operated by Statoil (Norway) since 1996 with a CO2 injection rate of 1 
Mton per year [6]. From this experiment, the permanence, the leakage rate and safety of the 
storage should be demonstrated. Transport and storage are comparatively less expensive than 
capture (typically 20-25% of capture and compression cost, but this is very much site 
dependent) and are both economically feasible, transport by pipelines being in a mature 
market while enhanced coal bed methane recovery is still in a demonstration phase.  

Although CO2 is routinely separated today at some large industrial plants, CO2 capture has 
only been applied to several small power plants. However, there are no current applications at 
large-scale power plants that are the major source of CO2 emissions. For power plant 
applications, the main options for CO2 capture may be divided into 3 categories  [3, 7, 8].  
• Removal of CO2 from the flue gas or de-carbonization of the flue gas from energy-

intensive industry: power generation, refinery, chemistry, cement…  
• Removal of carbon from the fuel or de-carbonization of the fuel gas  
• Oxy-fuel combustion or near ZERO EMISSION TECHNOLOGIES in boilers, fluidized 

beds and gas turbine systems 
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Fig 1  Post- and pre-combustion CO2 capture 

The 2 first options are based on a de-carbonisation process as shown on fig 1, that is on the 
removal of a large amount of carbon atoms injected via the fuel in the system, either before or 
after the combustion, that is to say, either from the flue gas or from the fuel itself, generally in 
the form of CO2. The third option is based on the de-nitrification of air, that is, on the 
separation of oxygen from nitrogen in air.  Separation of components from mixtures, either 
CO2 from N2 in the flue gas de-carbonisation, or CO2 from hydrogen in fuel de-carbonisation 
or O2 from N2 in an air separation unit, is of course at a cost. From thermodynamics, these 
separation processes induce large penalties on the performance as well as significant 
additional capital and operation and maintenance costs. So removing CO2 means increasing 
the fuel consumption and thus the generation of CO2 as well as of other pollutants and 
increasing the energy costs. 

Flue gas de-carbonisation 
In post-combustion capture or flue gas decarbonisation, a large fraction of the CO2 generated 
in the combustion process is removed from the flue gas (air+water+ pollutants). CO2 is at a 
low partial pressure in the flue gas, namely 3-5% vol and 10-15% vol for natural gas and coal 
fired power plants respectively, in mixture with 85-97% N2 so that the separation will be 
costly both in energy and money.  Among several techniques, namely chemical absorption, 
membranes, cryogenic distillation, selective adsorption, the first one is the best suited to 
power plants, that is, to small CO2 concentrations at atmospheric pressure and large flue gas 
mass flow rates. It will be the first one available in the near term (possibly within this decade) 
for large centralized sources. The other 3 techniques are not well adapted to large power 
plants because they require higher CO2 partial pressures and smaller throughputs. CO2

scrubbing is just like flue gas de-sulphurisation, and as such can be used in retrofit of existing 
(coal) boilers, at low capital cost. This technique ‘saves’ the boiler (no change of the plant 
itself). The CO2 retention rate is typically 80-85% but with large scrubbers may reach 90% of 
the amount of CO2 generated in combustion. Most of the acid gases NOx and  SO2, as well as 
particulates, have to be removed at a high level of retention from the flue gas before entering 
the absorber to minimize consumption of solvent. The separated CO2 being at atmospheric 
pressure, CO2 has still to be compressed up to 110-135 bar where it is liquid (critical point:  
73 bar; 30°C).  
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The heat requirement for solvent regeneration and CO2 de-sorption from the solvent in the 
form of steam extracted from the steam turbine is high (typically 4-5 GJ/t CO2 captured) so 
that the performance is heavily penalized, namely around 25% decrease of efficiency, which 
means 10-13 % points efficiency drop for coal and gas fired power plants. The chemical 
scrubbing commonly used for CO2 removal from natural gas (separation from methane) and 
syngas is not yet at commercial scale for removal from flue gas of power plants, except in a 
few small units.  

For post-combustion capture, absorption technology is a leading option but its implementation 
in a power station will decrease the efficiency of generation by 25% and increase the cost of 
the generated electricity above 50% [3,9,10,11,12,13]. In a EU funded project called 
CASTOR (CAPture and STORage) running from 2004 to 2008, the objectives are on the one 
hand to cut the capture costs by a factor 2 and raise the retention rate up to 90% and on the 
other hand to demonstrate the feasibility of the new CO2 capture/storage technologies during 
the 2 next years. A pilot plant has been commissioned in March 2006 at the Esbjerg coal fired 
power plant (Denmark), operated by Elsam. One tonne CO2 per hour (7 kton instead of 2.1 
Mt/y) is captured in a fraction of the flue gases mass flow rate diverted from the existing plant 
on a sufficiently large scale to ensure reliable industrial extrapolation. In this largest 
installation in the world, the captured CO2 from a fraction of the diverted flue gas is fixed into 
a calcium cycle, yielding calcium carbonate (limestone) while the remaining flue gas is passed 
over a special solid to adsorb CO2. The final product is thus either limestone or gaseous CO2 

for geological storage 

Regarding the materials, various novel solvents are developed for achieving a reduced energy 
consumption for solvent regeneration. In addition, novel process designs are also currently 
under development such as a hybrid system [14;15].   

Fig 2  Scheme and basic principle of a membrane contactor. The flue gas enters the absorber 
section at 40°C and after having given up a large fraction of its CO2 leaves the absorber 
towards the stack while the amine solution loaded in CO2 goes inside a stripper section where 
heat brought by steam at 120°C bled from the steam turbine liberates the absorbed CO2 and 
regenerates the amine. The steam leaving the stripper with CO2 is condensed out and recycled 
with the amine while CO2 is compressed for transport.
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Fig 2 shows that the membrane forms a gas permeable barrier between a liquid and a gaseous 
phase and enhances the mass transfer rate between gas and solvent thanks to the very high 
surface area to volume ratio resulting in a compact system. When it is a porous medium, 
gaseous CO2 in the flue gas diffuses selectively through the pores under a partial pressure 
gradient and is absorbed by the liquid solvent on the other side. When the membrane is non-
porous, it ensures the contact between gas and liquid phases by dissolving the gaseous CO2

inside it and diffusing it through. Membrane/solvent systems avoid several operational 
problems (such as foaming, flooding entrainment and channelling) occurring in conventional 
solvent absorption systems where gas and liquid flows are in direct contact. Furthermore, the 
use of compact membranes result in smaller equipment sizes with capital cost reductions. The 
choice of a suitable combination of solvent and membrane material is a key point. The  
material characteristics should be such that  the transfer of gas is favoured at operating 
pressure gradients of typically 50–100 kPa, while the transfer of solvent is hindered. 
Membrane/solvent systems can be both used in the absorption as well as in the desorption step 
[15,16] .  

Fuel gas de-carbonisation 
In pre-combustion capture or fuel de-carbonisation, a large fraction (around 90%) of carbon is 
extracted from the fuel before its combustion [3]. This technique is based either on natural gas 
reforming using steam or on the gasification of fossil and renewable fuels, and their 
conversion in a synthetic gas, mixture of mainly CO and hydrogen. CO may be shifted with 
water into CO2 and H2. The components of the mixture may then be efficiently separated by 
physical absorption in a solvent, leaving H2 as a fuel and CO2 for possible re-use and storage.  
This technology is also available from chemical engineering. However its adaptation at the 
power generation scale still requires further R&D efforts [3,17,18]. On the other hand, the 
best adapted power plants (integrated gasification combined cycle or IGCC) are not 
commercially available yet so that this mitigation option is expected in the medium term (15 
to 20 years).  Many commercial H2 and ammonia plants based on gasification are in operation 
and produce pure H2 and CO2. Gas turbines firing H2 rich fuel gas (H2 + N2) are currently 
under development and near to commercial availability for advanced heavy duty gas turbines 
(GE’s experience is however mostly on older low power gas turbines) [19]. CO2 removal from 
the fuel is less penalizing than flue gas de-carbonization, with around 15% capacity decrease, 
which means 5-7% pts efficiency drop. The challenge is that gasification based chemical 
plants and IGCC, even without CO2 capture, are complex processes and thus expensive and 
not suitable to off-design and transients. They also require much space on the ground and are 
still at the demonstration level (Buggenum, NL and Puertollano, SP in Europe). A significant 
asset is the opening of the pathway towards a H2 economy.  

In Europe, the EU project called ENCAP (ENhanced CAPture) running from 2004 to 2009 
has the objective of demonstrating the feasibility of IGCC with pre-combustion capture  and, 
in particular,  the development of H2 gas turbine. In USA, the FutureGen Industrial Alliance 
project consists also of a coal-fuelled IGCC co-generating electricity and H2 while pre-
combustion capturing and permanently storing CO2 with EOR but is still at the design level 
today. 9 states (22 sites) have expressed in 2006 their interest in hosting the project. Recently 
BP has announced its decision to build a demonstration plant rated at 350 MWe and based on 
natural gas reforming with pre-combustion capture of 1.3 Mt CO2/ year used for EOR in one 
of its platform in the North Sea and ultimate storage in the depleted oil field. No special 
development of new materials different from those involved in post-combustion is needed. 
However the development of a GT operating on H2 instead of NG is required. 
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Oxy-fuel combustion  
Oxy-fuel combustion uses oxygen instead of air for combustion, producing a flue gas that is 
mainly H2O and CO2 , which is readily captured either in a simple condenser or in a 
cooler/separator. This concept is currently under development. Because fuel combustion in 
pure O2 generates very high temperatures, the combustion or exhaust products are partly 
recycled back to the upstream combustion process in order to control the flame temperature 
and to meet temperature limitations of equipment materials. Because CO2 or H2O replaces the 
nitrogen of air as a thermal ballast, the production of thermal NOx is practically zero. Despite 
the avoidance of costly chemical absorption in the flue gas, there is however a high energy 
penalty due to O2 production by cryogenic distillation and O2 compression  amounting to 
some 13%pts . In other words, separation of CO2 from N2 after the combustion or separation 
of O2 from N2 before combustion results roughly in the same efficiency drop [3,20,21,22].  
There are 4 main oxyfuel options under consideration today: oxyfuel combustion in 
atmospheric boilers; oxyfuel combustion in circulating fluidized beds under pressure or not;  
oxyfuel combustion in gas turbine cycles; and chemical looping combustion. Their 
performance is expected to increase with advancements both in oxygen production techniques 
based on membranes and in gas turbine technology.  

Fig 3   Scheme of an oxyfuel combustion gas turbine with CO2 recycling 
in a combined cycle configuration 

Fig 3 shows a CO2 gas turbine in a combined cycle configuration (Matiant cycle) with O2

produced in a separate cryogenic air separation unit. Water is extracted in a cooler/separator 
while the CO2 generated in the combustion (10%vol of total flow) is extracted through a 
simple valve. 90%vol of the flow is recycled back to the compressor inlet for a flame 
temperature control and travels along the cycle in a closed loop. The heat of the turbine 
exhaust gas is given up to a steam cycle in a heat recovery boiler. Some water (~2%) and the 
excess O2 flow together with the CO2 working fluid. An example of such an oxycombustion 
cycle has been developed at the University of Liège (Belgium) and is called the Matiant cycle 
in the literature [3,23,24,25,26]. Fig 4 shows a T-s diagram of an oxyfuel (Matiant) combined 
cycle with a reheat in the CO2 gas cycle and two pressure levels and reheat in the steam cycle. 
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With a 1300°C at turbine inlet and 700°C at the steam generator inlet, the efficiency is about 
49-50%. Other oxyfuel options such as the water cycle [27], the Graz cycle [28] and the 
AZEP cycle [29] are currently under development. 

In oxy-fuel combustion, while nearly 100% of CO2 from combustion can theoretically be 
removed, the other acid oxides (NOx, SO2) may be left in the « raw » CO2 product together 
with other impurities (Ar; N2; O2; H2O). If pure CO2 is needed for enhanced oil recovery or 
storage for example, purification of the raw CO2 gas, its compression and liquefaction and 
stripping of acid oxides and inert gases require more power and capital. Then some 3% of the 
combustion CO2 escapes from the system with inert gases. Also, NOx and SOx could be 
removed by the purification of the raw CO2 flow instead of the flue gas.  

Fig 4  T-s diagram of an oxyfuel combustion combined cycle (Matiant cycle) 

Oxygen production 

Oxygen is the key requirement for any oxy-fuel combustion system. It is also a key 
technology for pre-combustion CO2 capture. On top of advances in conventional cryogenic 
distillation of air, emerging concepts aimed at reducing the energy consumption and cost are 
analyzed here under. 

Separation with membranes 

High temperature oxygen ion transport membranes or ITM 
Ceramic mixed metal oxides have been developed which exhibit simultaneous oxygen ion and 
electron conduction at temperatures above 500°C and preferably above 700°C [30-37]. 
Typical crystal structures which exhibit these properties include the perovskites and the 
brownmillerites. The selectivity of these materials for oxygen is theoretically infinite. The 
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oxygen permeability is primarily controlled by the oxygen ion vacancies in the metal oxide 
lattice. The flow of oxygen through the membrane is usually driven by the partial pressure 
difference across the membrane. When oxygen molecules are ionized on the ceramic surface, 
the ions travel through the crystal structure by jumping from vacancy to vacancy and give up 
their electrons when leaving the ceramic. The electron conduction path is through the metal 
ions in the lattice. As the membrane is a dense, impermeable ceramic, no gas can pass 
through, so that it is permeable to oxygen and no other substance. Fig 5 shows the O2

production by a pressure-driven ceramic membrane with ionic and electronic conductivity at 
800-1000°C and 6-20 bar. The O2 flux is proportional to the log of partial pressure ratio and 
inversely proportional to the thickness. 

Fig 5  Ceramic conducting membrane with air feed (retentate or non-permeate side) and 
sweep gas (permeate side) 

In the technical literature, the engineered structures (plain tubes or hollow fins on a central 
collector tube) of these ceramic mixed metal oxides are referred to as ion transport 
membranes, ITM or oxygen transport membranes, OTM. Among the many design problems 
of ITM/OTM reactors, thermal and mechanical stability is a crucial one because it determines 
both the performance and the lifetime.  Since the oxygen flux is inversely proportional to the 
thickness, thin dense membranes with a thickness of a few tens of micrometers are currently 
manufactured.  These membranes must be supported on a porous ceramic substrate which 
may sinter at high temperatures, reducing the porosity and decreasing the performance. 
Porous perovskite are reported to resist at some 30 bar absolute pressure difference and some 
900 °C (above a non-negligible sinter activity develops [34]). 

There are many different types of membrane materials (polymeric, metallic, ceramic) that 
may find application in CO2 capture systems to preferentially separate H2 from a fuel gas 
stream, CO2 from a range of process streams or O2 from air. Although membrane separation 
finds many current commercial applications in industry (some at a large scale, like CO2 

separation from natural gas) they have not yet been applied at the scale of large CO2 capture 
systems. A large worldwide R&D effort is in progress aimed at the manufacture of more 
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suitable membrane materials with the reliability and low costs required for CO2 capture in 
large scale applications. 

As an illustration, the AZEP cycle shows how an ITM may be integrated in a GT cycle. The 
compressed air is feeding the ITM reactor on one side of a ceramic membrane while the other 
side is swept with the flue gas (CO2+ H2O) from the combustion chamber (~1250°C). O2 is 
conducted from air to the flue gas through the membrane and the depleted air, after been 
heated by the hot flue gas, is expanded and then gives up its heat to a steam cycle in a steam 
generator. The flue gas enriched in O2 (~90%vol of total flow) and cooled through a 
preheating of the compressed air is recycled back to the combustion chamber for temperature 
control. The extracted CO2 (~10%vol of total flow) is either expanded in a CO2 turbine or sent 
to the steam generator for more steam production (avoiding so the development of a CO2

turbine).  To adjust the amount of O2 required for the combustion (with a slight excess), a by-
pass of part of the air from the compressor towards the turbine is introduced. The authors 
claim an efficiency of 52%. In order to increase it, a supplementary firing is installed in the 
exhaust gas (still containing O2) and then the efficiency rises to 55% but now 15% of the 
combustion CO2 is released at the stack, resulting in a trade-off between efficiency and CO2

retention rate. 

Fig 6  AZEP cycle integrating a membrane in an ITM reactor

 The membrane reactor is a large mixed oxide ceramic module (ITM reactor) operating at 
temperatures as high as 1250ºC while the membrane operation temperature is limited to some 
900 °C. Air heaters for pulverized coal-fired air turbines are another example of large ceramic 
components at high temperatures. After many decades of work, these air heaters are still a 
problem.  Two designs exist with combustion chamber incorporating an ITM module into the 
same vessel or as shown in the figure a combustion chamber and an ITM module separated. 
When the combustion takes place in the ITM reactor itself, the temperature is controlled by 
the temperature of combustion. Due to a possible embrittlement of the materials, the 
temperature of the combustion must remain relatively low (<1250°C). Such a low temperature 
results in a relatively low efficiency.  In addition to this, the AZEP designers have studied a 
staged combustion using partial catalytic oxidation as the best method of achieving low 
temperature complete combustion [29,38,39].  This method of combustion brings its own 
engineering challenges. The authors claim efficiencies close to 50% and in order to increase 
the efficiency, which is limited by the membrane operation temperature, a supplementary 
firing has been introduced. In this configuration the efficiency climbs up to 52 -55% but now 
the CO2 retention rate decreases down to 85%. 
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Ceramic Autothermal Recovery (CAR) 
An alternative to ceramic membrane technology, referred to as Ceramic Autothermal 
Recovery (CAR), utilises oxygen storage properties on perovskite type materials at high 
temperature (600-800°C) based on an adsorption process rather than oxygen transport based 
on ionic conduction. Perovskite is alternately exposed to oxidizing / reducing conditions  in 
two beds containing  spherical perovskite pellets  similar to well known adsorbent or catalyst 
materials. In a cyclic operation using partial pressure swing (using a sweep gas such as steam 
and CO2 to reduce the O2 partial pressure), one bed is fed with a high temperature air stream 
(250-300°C) and the oxygen is stored  in the material at 600-800°C while in the other bed the 
oxygen is released by reduction of partial pressure due to the sweep gas , which is the 
recycled working fluid CO2 + H2O in a power plant, and is removed. The two beds exchange 
their function in cyclic form resulting in the generation of an nitrogen rich gas or an oxygen 
rich gas in mixture with steam and carbon dioxide with internal heat regeneration at constant 
temperature  . 
Regarding the materials, composite materials are developed to increase their capacity to store 
oxygen  from a current  0.5 wt% to 1.6 wt%. Also manufacturing techniques of pellets 
(extrusion, granulation and dry pressing) are developed to decrease the costs. In an oxyfuel 
PC boiler with a 38% net efficiency and a thermal power of 1866 MWth, the CO2 capture rate 
amounts typically to 96%, so that 4% are released with N2 -rich stream. 

Fig 7 Ceramic Autothermal Recovery Systems 

Chemical looping combustion 
Originally proposed by [40] and with subsequent significant contributions by[41] , the main 
idea of chemical looping combustion is to split combustion of a fossil or renewable fuel into 
separate oxidation and reduction reactions by introducing a suitable metal oxide as an oxygen 
carrier to circulate between two reactors (Figure 7). Separation of oxygen from air is 
accomplished by fixing the oxygen as a metal oxide. Consequently no air separation plant is 
required. The reaction between fuel and oxygen is accomplished in a second reactor by the 
release of oxygen from the metal oxide in a reducing atmosphere caused by the presence of a 
fuel. The recycle rate of the solid material between the two reactors controls the temperature 
levels in each reactor. The effect of having combustion in two reactors compared to 
conventional combustion in a single stage is that the CO2 is not diluted with nitrogen gas, but 
is almost pure after separation from water, without requiring any extra energy demand and 
costly external equipment for CO2 separation. 

The chemical looping combustion principle in a gas turbine cycle shown on Fig 8 is similar to 
a circulating fluidized bed except that here the particles are moving in a loop are the fuel.
Possible metal oxides are some oxides of common transition-state metals, such as iron, nickel, 
copper and manganese  [42]. The metal/metal oxide may be present in various forms, but 
most studies so far have assumed the use of particles with diameter 100-500 microns. In order 
to move particles between the two reactors, the particles are fluidized. This method also 
ensures efficient heat and mass transfer between the gases and the particles. A critical issue is 
the long-term mechanical and chemical stability of the particles that have to undergo repeated 
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cycles of oxidation and reduction, to minimize the make-up requirement. When a chemical 
looping cycle is used in a gas turbine cycle, the mechanical strength and the filtration system 
are important to avoid damage to the turbine. The temperature in the reactors may be in the 
range 800°C-1200°C. NOx formation at these typical operating temperatures will always be 
low. The fuel conversion in the reduction reactor may not be complete, but it is likely that the 
concentrations of methane and CO when burning natural gas are very small [43]. In order to 
avoid deposit of carbon in the reduction reactor, it is necessary to use some steam together 
with the fuel. 

The chemical looping principle may be applied either in a gas turbine cycle with pressurized 
oxidation and reduction reactors, or in a steam turbine cycle with atmospheric pressure in the 
reactors. In the case of a gas turbine cycle, the oxidation reactor replaces the combustion 
chamber of a conventional gas turbine. 

Fig 8  Chemical Looping Combustion system 
  
The exothermic oxidation reaction provides heat for increasing the air temperature entering 
the downstream expansion turbine. In addition, the reduction reactor exit stream may also be 
expanded in a turbine together with steam production for power generation. The cooled low 
pressure CO2 stream will then be compressed to pipeline pressure. Another option is to 
generate steam using heat transfer surfaces in the oxidation reactor. Current circulating 
fluidized bed combustion technology operating at atmospheric pressure in both the oxidation 
and reduction stages necessitates the use of a steam turbine cycle for power generation. For a 
chemical looping combustion cycle which uses natural gas as fuel and supplies a gas turbine 
combined cycle power plant and delivers CO2 at atmospheric pressure, the efficiency is 
estimated to be in the range 45-50% [3,44] . Work on chemical looping combustion is 
currently in the pilot plant and materials research is carried out on the appropriate metallic 
carriers. 

Status and outlook 

From studies by the IEA GHG R&D Programme [8], it turns out that the efficiency penalty 
due to capture is around 8-9 % points for post-combustion capture both with coal and natural 
gas as well as for pre-combustion capture in an IGCC fed with a dry coal (much less for a coal 
slurry) . The results show that the efficiency penalty is also around 9 % pts for an oxyfuel 
combustion steam boiler, equipped with an air separation unit, a recycling of the flue gas CO2

+ steam and a CO2 compressor, when compared to an air based boiler without capture 
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whereas the efficiency penalty is higher, around 11 % pts, for an oxyfuel combustion gas 
turbine combined cycle compared to a standard natural gas combined cycle. 

In conclusion, there is no clear winner (if any) among the 3 options post- and pre-combustion 
capture and oxyfuel coal boiler. Each option might have its own niche of application. As 
projections to the 2010-2020 time frame are predicting efficiencies above 50% [44;45] for 
coal plants using ultra-supercritical steam conditions (45% today), an increase in efficiency of 
more than 5% points can therefore be expected for future oxy-fuel capture systems based on 
coal firing that could potentially match the best efficiencies realisable today for pulverized 
coal-fired plants without CO2 capture. 
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compared to efficiency of the same plant without capture for coal and natural gas based 

power plants. Oxyfuel coal boiler and oxyfuel gas turbine are compared with air based boiler 
and gas turbine. 

Similarly, natural gas fired combined cycles will have efficiencies of 65% in 2020 [8] from 
current efficiencies between 55 and 58%, which will enable plant efficiencies for natural gas 
fired oxy-fuel cycles with CO2 capture above 50%. In addition, these options involve the 
minimal modification of technologies and infrastructure that have hitherto been already 
developed for the combustion of fossil and renewable fuels in air. The energy penalty for 
producing oxygen is by far the most important cause for reduced efficiency in an oxy-fuel 
cycle compared to a conventional power plant. 

Oxy-fuel combustion is feasible since no technical barriers for its implementation have been 
identified. However, several novel applications proposed for oxyfuel combustion steam and 
gas turbine cycles still require the development of new components such as oxy-fuel 
combustors, higher temperature tolerant components such as CO2- and H2O-based turbines 
with blade cooling, CO2 compressors and high temperature ion transport membranes for 
oxygen separation. As for Chemical Looping Combustion, it is currently still at an early stage 
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of development. Current technology development envisages very high efficiency separation of 
NOx, SOx, and Hg, as part of the CO2 compression and purification system. Improved 
separation efficiencies of these contaminants are possible based on further process and heat 
integration in the power cycle.  Current cryogenic oxygen technology is showing continuing 
cost reduction based on improved compressor efficiencies, more efficient process equipment 
and larger scale plants. The new high temperature oxygen membrane could significantly 
improve power generation efficiency and reduce capital cost. 

Future oxy-fuel demonstration plants could be based on new designed boilers or retrofits to 
existing boilers, in order to minimize development costs and achieve early market entry. 
Several demonstration units may be expected within the next few years particularly in Europe, 
USA, Canada and Australia where active research initiatives are currently underway. As these 
developments proceed and the technologies achieve market penetration they may become 
competitive relative to alternate options based on pre- and post-combustion CO2 capture. t 
present, only tests on pilot plant boilers and retrofit of existing boilers and heaters have been 
carried out. This option « saves » the boiler but needs compression of CO2 to the supercritical 
state (typically at or above 110 bar) and an air separation unit. Vattenfal has recently decided 
to implement a pilot plant of an oxyfuel boiler with CO2 recycling and capture next to its 
lignite fired plant in Berlin (Schwarze Pumpe) and  the commissioning is expected in 2008. 
Other similar projects are under development [47-51]. 
  
Conclusion

Proven post-combustion CO2 capture technologies based on absorption processes are 
commercially available today. However, they require a large scale up of the current unit 
capacities for deployment in large-scale power plants in the 500 MWe capacity range. The 
intense development efforts on novel solvents for improved performance and reduced energy 
consumption during regeneration, as well as process designs incorporating new contacting 
devices such as hybrid membrane-absorbent systems (but also solid adsorbents and high 
temperature regenerable sorbents not considered here) may lead to the use of more energy 
efficient post-combustion capture systems. However, all these novel concepts still need to 
prove their lower costs and reliability of operation on a commercial scale. The same 
considerations also apply to other advanced CO2 capture concepts with oxy-fuel combustion 
and pre-combustion capture. Oxygen production is a key element and advances on high 
temperature ceramic membranes strongly depend on the development of new materials both 
for conducting and storing membranes integrated to oxyfuel combustion systems and for 
metallic particles in chemical looping combustion. 

It is generally not yet clear which of these emerging technologies, if any, will succeed as the 
dominant commercial technology for energy systems incorporating CO2 capture. Each option 
could find its own niche application so that it is not necessarily wished to identify an absolute 
winner option. 
.  
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Abstract 
This paper focuses on the current discussion on the contribution of the hydrogen economy to a "sustainable 
energy system". It discusses whether advantages for the environmental situation and energy carrier supply can be 
expected from the already visible future characteristics of hydrogen as a new secondary energy carrier. 
Possible production paths for hydrogen from hydrocarbon-based, renewable or carbon-reduced/-free primary 
energy carriers are evaluated with respect to primary energy use and CO2 emissions from the fuel cycle. Whether 
generated by electrolysis or by reforming, and even if produced locally at filling stations, the gaseous or liquid 
hydrogen has to undergo different processes before it can be used by the customer as a product. Hydrogen has to 
be packaged by compression or liquefaction, transported by surface vehicles or pipelines, stored and transferred 
to the end user. In order to provide an idea of possible markets, a technical systems analysis of possible hydrogen 
applications is performed for the stationary and mobile sector.  
Hydrogen may represent an option for clean energy use if hydrogen can be produced with carbon-reduced or -
free primary energy carriers like renewable energy, biomass or nuclear energy. It can be produced from fossil 
primary energy carriers, too, if the CO2 emissions during processing are captured and stored. So far the energetic 
use of hydrogen competes with the direct use of clean primary energy and/or with the use of electric energy 
which is produced without CO2 emissions. As a substitute for other secondary energy carriers hydrogen must 
have advantages in comparison to the use of traditional energy carriers, especially electricity 

Keywords 
Hydrogen generation, distribution, storage, application, energy supply chain 

I Introduction 
Energy represents a fundamental resource for economic and societal development. Energy is 
needed for agriculture, industrial production, transportation and for mobility. 

For centuries, the energy history was dominated by biomass in form of wood. The discovery 
of coal and the invention of the steam engine have substituted the horse-drawn vehicles by 
steam locomotives whereby large distances became fast bridgeable and have led to 
industrialisation. In the second half of the 20th century coal lost its dominant role and was 
displaced by oil or better by oil products in several energy sectors. Especially the 
transportation systems benefited from liquid fuels as they were easier to handle (storage and 
use), which was also an advantage for stationary applications in industry or households. Since 
three to two decades, natural gas is favourite for heating systems if a connection to the gas 
grid exists. Again the simple handling of this continuously delivered energy carrier and the 
omission of storage room were/are motivation for users to substitute oil. 

The wide use of coal, oil and gas for thermal combustion can have severe impacts on the 
environment and on living conditions. Moreover, climate change most likely results from CO2

emissions. Another concern is raised from finiteness of the global oil and gas reserves and 
resources. Increased prizes for oil and gas are expected. 
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2

The discussion on sustainable development in the energy sector so far has pointed out the 
dependency of industrialized countries and regions like the EU on fossil energy carriers. 
Figure 1 shows, that the energy supply is based at a high amount on fossil fuels, 37% oil, 
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Figure 1: Consumption of primary energy in EU 25 up to 2004 [1] 

24% gas and 17% coal, which set free a large amount of greenhouse gas (GHG) emissions. 
Though there are ambitious programs in several countries to push the use of renewables, their 
share at the energy mixture is actually not more than 8%. 

Figure 2 shows the development of the GHG emissions of EU countries since 1990, the year 
when the Kyoto protocol was signed with the commitment to reduce the GHG emissions by 
6% by 2008 - 2012. The linear line symbolises the reduction pathway towards the Kyoto 
target and at the first view the results seem not to be so bad. But between 2003 and 2004 the 
emission increased by 18 million tonnes, whereas 11.5 million tonnes are caused by the EU-
15 countries, see the little graph. Main reasons for that development were the increasing road 
transport and the manufacturing of iron and steel [2]. 

In the mean time it is commonly held that the large amount of the world wide anthropogenic 
greenhouse gas (GHG) emissions, especially carbon dioxide and nitrous oxide, must be seen 
as important reasons for the observed global warming. As the effect is appraised as a 
significant threat, current political and social intentions are to develop strategies towards a 
“sustainable development” with less emission and less resource consumption. 
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Figure 2: EU greenhouse gas emissions and Kyoto target [3] 

The scientific cognition about the reasons for the observed climatic change and its velocity 
raised the question how to transform present energy systems into ones which can provide 
affordable energy services to a broad public accompanied by strongly reduced emissions. 
Additional pressure arises if a country decides to withdraw from using specific energy forms 
like nuclear energy for instance. [4] 

The European Commission has given high political priority to sustainable development. In the 
context with sustainable development the EU evaluates several options. The hydrogen 
economy represents one of them because the use of hydrogen as a secondary energy carrier 
offers a huge potential with respect to emissions. [5] 

The strategies for sustainable development involve at the supply side new technologies for the 
environmentally friendly conversion of coal as well as the provision of low or zero emission 
secondary energy carriers and at the demand side the availability of suitable devices and the 
acceptance of the consumer of new secondary energy carriers, such as bio-fuels or/and 
hydrogen [6, 7, 8, 9]. Figure 3 shows the coherences and dependencies between the different 
stages and levels of modern energy supply systems. They form the framework into which new 
fuels have to fit and to grow. 
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Figure 3: Scheme of a today’s energy supply system 

Challenges for the supply side are 
• the development of decarbonisation technologies combined with carbon dioxide capture and 

storage to use the fossil primary energy carriers, especially the large coal reserves  
• the development and introduction of accepted and low or zero emission secondary energy 

carriers, such as  hydrogen for the multifaceted application in the consumer sectors. 

No problems should be expected at the generation and conversion side. The technologies for 
carbon dioxide capture and storage are under demonstration, coal conversion technologies to 
produce clean fuels are well proven and technologies for the use and conversion of biomass 
are also practised. 

On the demand side an adjustment of the existing infrastructure and of the application devices 
to the new challenges seem to be necessary. The properties of oil-, coal- or biomass-based 
liquid fuels on one hand and of natural gas and hydrogen on the other hand differ 
significantly, so that it is doubtful whether the effectiveness of the current distribution 
systems and application devices could be preserved without improvements. The problems 
which occurred with the conversion from town gas to natural gas in the Ruhr district in 
Germany in the 1960s can be seen as an example for necessary modifications. Even if the 
today’s pipeline material and fittings are more suitable, questions remain: Are the TM steel 
pipelines or the PVC respectively PE pipelines suitable for a hydrogen rich gas or for pure 
hydrogen; can the safety standards be fulfilled; are the application units (heating vessels or 
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stoves, for example) suitable for a hydrogen-rich gas or for a gas with a varying hydrogen 
content? 

A similar situation can already be observed in the transportation sector, where biomass based 
fuels shall substitute petroleum products. Actually car manufactures give no guarantee, if 
modern diesel engines are operated with pure bio-fuels. Up to now they are added with a 
share of only 5 to 10 percent to the oil-based fuels. Two reasons are addressed by the car 
manufacturers; the first one has to do with the aggressiveness of bio-diesel against some 
materials which are used for pumps, fuel feed pipes or others in the car and the second one is 
the probability of exceeding the stringent emission standards, if fuels with no fixed 
specification are used. It is fact that the specification of bio-fuels varies corresponding to the 
variability of the biomass feedstocks. 

II Supply side: Hydrogen production 

Hydrogen does not occur in nature in its elementary form, which could be used as a clean 
energy carrier without giving off harmful emissions. It is linked in chemical compounds such 
as water and hydrocarbon carriers (oil, natural gas, coal, biomass and others) [10]. These 
feedstocks must be reformed or refined to generate hydrogen, which is not an exotic or 
unknown product. The current world consumption amounts to ~ 550x 109 Nm3, of which 
about  50% are used for ammonia production and about 37 % in petroleum refineries for 
sulphur removal and others [10]. So far hydrogen is a very common crude material with well 
established production routes. About 60% are produced from fossil fuels and 40 % as by-
product in the petrochemical industry and by the chlor-alkali electrolysis from water [11]. 

In principle there are two main routes to produce hydrogen. The first one is the thermal 
reforming of hydrocarbons, such as oil or natural gas, and the second one is the electrolytic 
dissociation of water. [12, 13] 

The most effective thermal process is the steam reforming of natural gas, a production form 
with relatively little environmental impact, as a good part of the produced hydrogen comes 
from the reactant water vapour [14]. 
A further production process is the partial oxidation of heavy hydrocarbons with the 
theoretical advantage of a more compact technical construction but with the disadvantage of a 
product flow with more inert components or, better said, with a more diluted hydrogen 
product gas [15]. 
Hydrogen can also be produced by thermal gasification and partial oxidation of coal and 
biomass such as wood, energy plants, straw and others. In principle the biomass generation 
processes are comparable to the conventional ones, but they are not yet in commercial use, as 
the processing is not yet profitable. The research and developing activities target to more 
efficient catalysts and cheap materials that will increase the yield and reduce the costs. 
Nevertheless it is expected that biomass processing will complete the hydrogen production 
possibilities. In the case of a sustainable hydrogen production from coal, one has so separate 
and to store the accompanying carbon dioxide (CCS = Carbon Dioxide Capture & 
Sequestration). The first demonstration plants are designed and under construction, so that 
they can start within the next 5 years. 
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The European Well-to-Wheels study [16] analysed a couple of today’s and future automotive 
fuels to calculate the energy effort for the well to wheel chain. Figure 4 shows for seven fuel-
routes the energy requirements along the whole chain. The results include the production 
(mining), the conversion and the distribution and the consumption with a modern car. 

Well-to-Wheel: Energy requirement
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Figure 4: Energy demand for secondary energy carrier routes [16] 

The process chains for diesel and gasoline (petrol) refined from crude oil have the smallest 
energy requirements with 29 MJ/100 km (or with 0.16 MJ/MJdiesel and 0.14 MJ/MJgasoline). The 
energy consumption for motion is 209 MJ/100 km for a direct injection spark ignition internal 
combustion engine. The production of hydrogen for any considered pathway amounts to 
essentially more energy. In the case of electrolysis, no CCS technology is considered. The 
proportional energy demand for production and for distribution is the highest of the shown 
pathways. The hydrogen consumption of the direct injection spark ignition hydrogen internal 
combustion engine is calculated at 180 MJ/100 km. Comparing all cases, the diesel and 
gasoline pathways show the lowest energy demand along the well to wheel chain, as the 
production is relatively easy and efficient. 

Figure 5 gives the GHG emission results for the fuel routes of figure 4. The lowest GHG-
emission shows the compressed hydrogen from biomass (in this case planted wood). The 
second best solution is hydrogen from coal gasification using the CCS technology. No 
essential differences can be addressed between diesel, hydrogen from natural gas and 
gasoline; their emissions are calculated to 164, 177 and 183 gCO2equ/km respectively. The 
electrolysis-hydrogen pathway is burdened by an emission of 364 gCO2equ/km so that it seems 
to be the most unfavourable route. The reason is the chosen European power generation mix 
without CCS or, better said, the emissions of the coal power generation and the high coal 
power share at the European electricity mix. 
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GHG emissions (CO2-equivalent): Well-to-Wheel
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Figure 5: Specific GHG emission of production chains of energy carriers [16] 

If the generation mix were modified in favour of electricity from hydropower, which is done 
on a large scale in Norway, Switzerland and Austria, the result would be completely different. 
Hydropower is free of emissions, so that the electrolysis would not be burdened by the coal 
power plant emissions. Additionally this production pathway would have economic 
advantages, as the electricity generation costs are obviously lower than those of coal power 
plants. The electricity price for Norwegian industrial consumers was ~ 3,5 cent/kWh in 2005. 
On the base of such an electricity price, the hydrogen generation cost can be calculated to ~ 
27 cent/Nm3H2 following the assumptions of Norsk Hydro for a 230 MW electrolysis facility 
(that 27 cents corresponds to 2.5 cent/MJ H2 or ~ 79 cent/litre gasoline equivalent), see figure 
6 [17]. 

Other green power generation technologies, such as wave and tidal power, are not yet 
available and even wind power, which has an essential contribution to the power generation 
of several European countries, is still so expensive, that its consideration has only a 
theoretical character, but they are zero emission. 

167



8

Hydrogen generation cost - NorskHydro 230 MW concept
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Figure 6: Importance of the electricity price to the hydrogen generation cost [17] 

Especially the cost aspect shows the gap between the expectations or hope and the reality. But 
this discrepancy describes the necessities too: low cost generation technologies have to be 
developed. Their realisation is a question of simple and cheap materials, which only can be 
used if the processing causes less material stress. That means that process optimisation has to 
take place. The same can be said for physical/chemical processes (reformation), whose 
efficiency must be increased and for which more efficient catalysts have to be explored 
whereby they have to be cheaper at the same time. As an example can be seen the research 
activities on catalysts for the Fischer-Tropsch synthesis to produce fuels from coal as well as 
from biomass, which is a research topic in many institutions and companies. 

III Distribution system for the secondary energy carriers 

Figure 7 shows in principle the linkages between the secondary energy carriers and the 
consumer, which belong to the four main energy consumption sectors, transportation, 
industry, small consumer and household. The four central icons symbolise the two 
distribution philosophies: on one hand not grid bounded and discontinuous delivery of 
storable energy carriers such as oil products, on the other hand the grid bounded and 
continuous delivery of such not storable energy carriers as gas or electricity. 

In certain limits gas can and must be buffered to balance daily and seasonal load curves. But 
that means investment costs and efficiency losses caused by varying the grid pressure or by 
charging/discharging storages (underground caverns and gasometers). 

The storing of electricity is strictly limited to batteries or has to be done indirectly, for 
example, via pumped storage plants. Normally the electricity generation orientates itself to the 
expected consumption curve and reacts by a high sophisticated combination of generation 
units with different operation characteristics. The electricity grid can be seen as a lake with a 
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continuous flow in and a corresponding take off at the same time as otherwise an overflow 
would occur (= system blackout). 

Liquids

Gas

Solids
(coal

Biomass)

Electricty
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Residential
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Distribution system

a

a

a
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Figure 7: Energy distribution and application variety 

Other secondary energy carriers such as heating oil, gasoline or diesel can be handled more 
easily and stored without problems; they do not need a grid connected distribution system. 
The distribution is based on a fleet of tanker trucks, which can be operated around-the-clock 
to supply the consumers. In Germany circa 9,000 trucks distribute the ~ 50 Mio t diesels and 
gasoline as well as the ~ 20 Mio t heating oil, which are consumed per year in the sectors 
transportation, household and small consumer. The trucks have a high transportation 
(=supply) velocity and a high variability into the area so that consumers can be supplied, 
which have no connection to a gas or even electricity grid. In earlier times, also railway tank-
wagons were used, but as it takes too long to reach a consumer, their use is rare today. 

The discontinuous distribution system requires storage at the consumer side to enable the 
operation of machineries, heating vessels or others for a certain time. The properties of 
heating oil or even gasoline and diesel make it easy and uncomplicated. 

The supply of the transportation sector has a special position. The distribution chain ends at 
filling stations, where the consumers have to reload the fuel tanks of their vehicles, trucks or 
passenger cars. In Germany 15,000 filling stations, distributed over the whole federal 
territory, form the area-wide infrastructure. 

The existing distribution infrastructures and systems for the secondary energy carriers were 
developed over a long time and they were optimised with regard to the fuels and the 
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applications respectively devices. The successful introduction and integration of a new fuel 
into a high developed energy economy takes place without problems, if the existing 
infrastructure and logistic can be used without the necessity of costly retrofitting or upgrading 
measurements. As example can be seen the substitution of leaded by unleaded gasoline or the 
introduction of bio-diesel. 

Though the properties of hydrogen differ obviously from those of gas, diesel or gasoline, the 
transportation and storage systems are very similar: Pipelines are used as well as road trailers. 
The safety requirements for the hydrogen systems are very high and find their expression in 
the materials and construction for pipelines, seals and tanks. There exist many national and 
international (European) guidelines and directives for production, storage, transportation and 
use. 

The handling is state of the art, which is proven by the operation of around 22 hydrogen 
pipelines worldwide with a total length of 2,300 km [18]. For the mobile transportation of 
liquefied hydrogen, cryogenic-tank trailers are used, while gaseous compressed hydrogen is 
delivered with tube or cylinder package trailers. The different components are shown with 
figure 8, a hydrogen product pipeline, a scheme of the H2-pipeline in the Rotterdam area and 
trailer tank types. 
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Figure 8: Pipeline, LH2-trailer, tube and cylinder packages trailer for CGH2 [19, 20, 21] 

But the currently operated H2-pipeline grids are not designed to supply the energy demand of 
a large number of consumers like thousands of households, neither with regard to the possible 
capacity (flow-rate) nor with regard to the required distribution density. Therefore it is a 
question, whether the existing gas pipeline systems can be used for the hydrogen supply. The 
high costs of around 700,000 USD/km [22] for a new pipeline are motivation to analyse that 
challenge. Prerequisite for such a plan is 
• the qualification of the pipeline material, its condition with regard to the special hydrogen 

properties as any metallic component may be susceptible to hydrogen effects, 
• the status of the welds, valves and flanges, if they can hold hydrogen, 
• the qualification of the fittings and other aspects which have to be regarded by a risk 

analysis, 
• the availability of suitable compressors. 
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These requirements describe the main areas of the research. It is the question of the condition 
and the applicability of the material if existing pipeline systems can be used/retrofitted at low 
cost or not. If they cannot be converted to hydrogen, the research activities have to 
concentrate on the development of highly qualified but cheap material and embedding 
technologies to reduce to cost for new pipelines. 

IV Stationary and mobile application of hydrogen 

If one speaks today of the energy carrier hydrogen, then one thinks of the fuel cell technology 
too. Except for the methanol direct fuel cell, all fuel cells need hydrogen though the high 
temperature fuel cells – solid oxide fuel cell (SOFC) and molten carbonate fuel cell (MCFC) 
– can be fuelled with natural gas which has to be reformed to hydrogen and carbon monoxide. 
Hydrogen can be oxidised electrochemically and reactions start at the boundary layer of the 
electrode. Natural gas does not react electrochemically. 

For the existing situation, fuelling the fuel cells with natural gas, the electrical efficiencynet is 
calculated to ~30% for the polymer electrolyte fuel cell (PEFC) including pre-reforming, to 
~45% for the MCFC and to ~50% for the SOFC. The researchers, who are engaged in 
developing and optimising fuel cells, calculate that the efficiency of the PEFC would be 
raised obviously (to ~50%) if it were fuelled with pure hydrogen, as the effort for the 
reforming would be cancelled and as the whole PEFC system would have more favourable 
reaction kinetics. 

Though a couple of fuel cell systems have operated over thousands of hours, the development 
has not yet reached the expectations. The degradation of the electrode units is too high, the 
life time too short. Systems have problems with the size, the volume and the weight. The used 
material for the cell and the auxiliary components such as heat exchangers are very costly, as 
is the manufacturing too, so that the economy compared to other technologies is not yet 
achieved. Actually it is spoken of costs of ~ 14,000 EUR/kW for the PEFC, 8,000 EUR/kW 
for the MCFC and of ~20,000 EUR/kW for the tubular SOFC. Nearly 60% of the costs are 
caused by the balance of plants, so that many activities aim at new materials for and at 
simplification of the auxiliary components. Those aspects are barriers for the broad successful 
introduction of fuel cells up to now. 

It was already mentioned that the storage of hydrogen is an important point. It is a key 
function for the transportation sector or, better said, for the application in vehicles. Hydrogen 
can be used in modified internal combustion engines, as demonstrated by the car 
manufacturer BMW with the hydrogen concept car H2R and the dual-mode version of the 
current 7-Series (hydrogen and gasoline). Other car manufacturers use hydrogen with a fuel 
cell which delivers power for an electric propulsion of the vehicle. 
Apart from the technical challenge of the realisation the fuel cell/electric propulsion, the 
hydrogen storage is a further serious task. Hydrogen has a low density (0.0899 kg/Nm3) and 
the energy content of 1 Nm3 hydrogen corresponds to 0.34 l gasoline or diesel. Today the 
vehicles have only limited space for the fuel tank system so that the tank volume is as small as 
possible, whereas conventional driving ranges must be achieved. In the case of long-distance 
trucks ~3,000 km and more are demanded, which can be met with ~1,000 litre diesel as the 
modern long distance trucks have a specific consumption of ~30 litres/100 km. The minimum 
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range for passenger cars is seen at 500 - 600 km, so that the tank volume has to be of ~50 - 70 
litres, whereas the more frugal cars come along with a smaller tank volume, which reduces 
the weight of the vehicle too. 

Today's state-of-the-art for hydrogen storage includes 3,000 psi (~200 bar) compressed gas 
tanks and cryogenic liquid hydrogen tanks for on-board hydrogen storage. The current status 
in terms of weight, volume and cost of various hydrogen storage technologies is shown with 
the upper part of the two schemes of figure 9 [9]. 

2,7

1,5

1

0,6

1,2

0,8

0,5

3

2

1,4

0,8

1,7

1,6

1,9

0 1 2 3 4

kWh/kg

kWh/L

2015 target

2010 target

Chemical hydrids

Complex Metal
Hydrides

Liquid H2

CGH2 @ 10,000 psi 

CGH2 @ 5,000 psi

0 5 10 15 20

2015 target

2010 target

Chemical hydrids

Complex Metal Hydrides

Liquid H2

CGH2 10,000 psi 

CGH2 @ 5,000 psi 

$ 2 / kWh

$ 4 / kWh

$ 8 / kWh

$ 16 / kWh

$ 6 / kWh

$ 18 / kWh

$ 15 / kWh

 
Figure 9, left: volumetric & gravimetric energy capacity; right: system cost [19] 

The DOE, the U.S. Council for Automotive Research (USCAR) and the energy companies 
established those values as targets for on board storage systems, which can be seen at the 
lower parts in figure 9 [19]. And none of the today’s hydrogen storage systems meets the 
combined gravimetric, volumetric and system cost targets. 

Research into new materials of construction such as metal ceramic composites, improved 
resins, and engineered fibers is needed to meet cost targets without compromising 
performance. Materials to fulfil performance and cost requirements for hydrogen delivery and 
off-board storage are also needed. 

V Summary 

With regard to the today’s use of hydrogen in the chemical or petroleum industry it can be 
said, that a hydrogen economy already exists. But it is a closed society that is using it and they 
use it normally not as energy carrier. 

The main difference between the industrial and an energetic use is the fact that at the one side 
people handle that product who have long experience with it, while at the other side people 
must handle it who are neither trained nor educated. So it will be necessary to reach a high 
level of safety for all forms of applications. 
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It can be expected that natural gas or/and coal will not suffice to make available the amount of 
hydrogen that is necessary to deliver an essential contribution to the energy supply. It will be 
inescapable to activate all available feedstocks, including renewable and electrolysis. The 
realisation depends on the technological advance, if it will be possible to develop efficient and 
cheap processes. 

The economical use of hydrogen as energy carrier, compared to petroleum products or natural 
gas is not yet achieved. With respect to the vision of a common hydrogen economy, it is a 
strong challenge to the research and developing activities, to meet the targets with regard to 
distribution and application systems. The targets for all components of the hydrogen are: high 
safety, high reliability, high efficiency, low cost, easy handling and consistency with the 
principles of a sustainable development. 
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Abstract 

In order to reduce CO2 emissions for environmental protection and to conserve energy, improved efficiency has 

been sought in power plant design through higher temperature and pressure.  About twenty modern ultra super 

critical coal-fired power plants are already in service in Japan that were commissioned from 1995 to date 

employing newly developed high strength ferritic steels and austenitic steels, and recently studies on the 

advanced 700  class power plants has been started. However during the last decade many material-related 

issues have arisen due to increased temperature and uncertainty in terms of the properties of fabricated metal of 

new alloys for high temperature components. The maximum use temperature have been greatly elevated through 

the achievement thus far of high strength ferritic and austenitic steels, but the stability of their properties in the 

vicinity of their temperature limits must be ascertained, and new materials must be developed with an 

appropriate balance between strength and cost for practical application in 700  class plants. 

Keywords: Power plant, heat resistant alloy, creep failure, thermal fatigue, steam oxidation

Introduction 

Higher temperature and pressure steam conditions for fossil-fired power plants are essential 
in the quest for reductions in CO2 as well as conservation of resources and energy1).   To 
achieve this, Japan began to aggressively develop heat-resistant steels for thermal power 
plants from the 1970s, resulting in ferritic and austenitic steels that could be used at higher 
temperatures.  Currently, ferritic steels are used for high-temperature components in boilers 
and turbines, with 600°C class plants realized from 1995 onward2), and all newly designed 
plants feature steam temperatures of over 600°C.  Even higher temperatures are now being 
considered so as to achieve a jump in thermal efficiency for coal-fired plants, which face a 
disadvantage in terms of CO2 reduction, and there is an increasing need for research and 
development work on high-temperature materials, and studies on the integrity assessment of 
components made of these newly developed materials used under higher temperature and 
pressures for long period of operation.  Higher strength and greater corrosion resistance is 
also required in order to address the various materials-related issues associated with higher 
temperature and pressure steam conditions surpassing those found in the latest 600°C class 
USC (ultra super critical) plants.  The following paper describes higher temperature trends in 
Japanese coal-fired power plants and materials-related issues accompanying higher 
temperatures, in addition to noting materials development progress to date, the current state of 
development for 700°C class boiler materials, and future directions. 
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Trends in Power Plant Development 

Let us review Japan’s recent history of power supply.  Looking at trends in the capacity of 
power generating facilities, thermal power overtook hydro in 1963, followed by substantial 
progress in larger capacity facilities and higher efficiency, with a shift from coal to cheaper oil 
for fuel.  However, the oil crisis of 1973 sparked active pursuit of energy sources to subsitute 
for oil, and diversified fuel sources came to include nuclear, coal, and LNG.  At present, the 
composition of electrical generating capacity is 20% nuclear, 26% LNG, 15% coal, 20% oil, 
and 19% hydro.  Nevertheless, as indicated in Fig. 13), the composition of electrical power 
generation is 26% nuclear, 28% LNG, 24% coal, 12% oil, and 9% hydro, such that coal-fired 
generation occupies a very strong position in terms of the ratio of electricity generated to 
facilities capacity.  This is related to the fact that all coal-fired power plants constructed 
since 1993 have featured ultra high temperature and pressure, and these plants now account 
for roughly half of all coal-fired output.  Table 1 presents the steam conditions and materials 
utilized for plants built in Japan from 1995 to 2004.  The steam temperatures currently 
adopted are to a maximum of 613°C, and the materials used to achieve these temperatures 
consist universally of high-stength, heat-resistant steels developed over the last two decades. 

Coal-fired generation systems currently under development include ultra super critical 
pressure steam turbines (USC), pressurized fluidized-bed combustion boilers (PFBC), and 
integrated gasification combined cycle generation (IGCC), and these face competition from 
LNG-powered gas turbine combined cycle generation (GTCC) and solid oxide fuel cells 
(SOFC) in terms of efficiency and construction costs.  Comparison between USC and IGCC 
is attracting considerable attention, and steam temperatures elevated to over 700°C would 
potentially deliver USC efficiency of approximately 48%, thus becoming the stronger 
candidate. 

Fig. 1  Power generation and construction in Japan 
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Fig. 2 shows the past, present, and future utilization ranges for ferritic steels, austenitic 
steels, and Ni-base alloys, plotted in a diagram indicating steam temperature and pressure for 
USC developed in the 1950s and USC as currently operated or under development.  Both the 
European Thermie and US DOE projects aimed at 700°C conditions show clearly that Ni-base 
alloys would have to be utilized even with future progress in materials development.  The 
economic viability of such plants requires consideration, but maximum generating efficiency 
(HHV) of 48% is anticipated. 

USC development has thus far been undertaken in the Europe, US, and Japan.  In the case 
of Japan, as shown in Fig. 3, project-based research was conducted from 1981 to 1993, 
culminating in steam temperatures of 593°C for ferritic steel and 649°C for austenitic steel.  
A subsequent project was launched in 1994 for the realization of a 30Mpa, 630°C /630°C  
class plant using ferritic steel, and this was successfully concluded in 2001.  At the R&D 
level, then, a 630°C class plant using ferritic steel is considered possible.  However, the 
reliability of ferritic steel, including weldments and fabricated components must be carefully 
considered, and the highest temperature yet achieved in an actual plant remains at approx. 
610°C.  While materials R&D work aimed at realizing 650°C with ferritic steel has been 
undertaken, the temperature limit in terms of actual utilization has yet to be determined.  
R&D work in Japan on 700°C class USC plants is at the feasibility level, and full-scale 
research has not been attempted.  In 2005, however, a group of Japanese experts came 
together to prepare for a new project.  Research is also being pursued on 700°C  
high-temperature materials, and it is expected that affordable heat-resistant steels and Ni-base 
alloys will be developed for use at 700°C and above. 

Although Ni-base alloys would be utilized for the highest temperature components of 
700°C class thermal power plants, there have been relatively few examples in Japan of 
Ni-base alloy development for steam turbine power plants to date, and data on material  

Table 1  Recent coal-fired USC power plants in Japan 
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Fig. 3  R&D project on USC power plants in Japan 

properties are insufficient.  Furthermore, little progress is being made on standardization, 
which would be required for boiler materials.  If Ni-base alloys were to be used for 
large-diameter, thick-walled components, problems would arise with currently available 
materials in terms of welding and fabricability, and improvements would be required.  On 
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the other hand, ferritic and austenitic candidate steels have been developed in Japan that 
would be suitable for the mid-temperature range in 700°C class facilities, although 
consideration is certainly needed with respect to further elevation of the utilization limit 
temperature and the stability of strength in the vicinity of that limit.  In particular, accurate 
prediction is required for long-term creep strength in the range of 600~650°C for ferritic 
steels, and for long-term structural change and precipitation behavior in the range of 
650~700°C for austenitic steels. 

Material Experience with Increasing Steam Temperature 

If ferritic steels are to be used at temperatures of about 600°C and greater, and if austenitic 
steels are to be used at temperatures higher than presently, important materials-related issues 
will include the degradation of weldments and fabricated parts in comparison to base metal 
properties, as well as the impact on plant reliability due to thermal fatigue, high-temperature 
corrosion, and steam oxidation. 

Degradation in fabricated metal
Degradation in creep strength as a result of cold working is well known in austenitic steels, 

and ASME Sec.I PG-19 provides standardized countermeasures4).  This problem continues 
to affect even recently developed creep-strength enhanced (high-strength) ferritic steels. 

Another issue is that the creep strength of the fine-grained heat affected zone (HAZ) of 
high-strength ferritic steel weldments tends to degrade increasingly severely as the 
temperature increases, meaning that weldment strength reduction factors setting and system 
stress evaluation are important factors.  Fig. 4 presents the results of 655°C internal pressure 
(65MPa hoop stress) creep rupture testing performed on a header made of high-strength 
ferritic P122 (11Cr-0.4Mo-2W-Cu-V-Nb) steel, exhibiting Type IV failure at the HAZ after  

Fig. 4  Type IV failure in P122 pressure vessel test 
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1mm 1mm

A B

179



6

approximately 8000h.  This type of rupture has been experienced recently in 600°C class 
USC power plants in Japan, suggesting the need to reconsider allowable stresses and 
extrapolation methods for determining the long-term strength of high-strength ferritic steels5).  
Fig. 5 shows a comparison among three grades of high-strength ferritic steels in terms of the 
creep rupture strength of base metal and welded joints.  Although the Larson-Miller 
parameter dependency of stress-to-rupture differs among the three grades, the strength of the 
welded joint (ruptured at the HAZ) compared to that of the base metal is consistently low.  
The 105h extrapolated strength is about 20% lower than for the parent metal, and the rate of 
decline increases with higher temperature.  Accordingly, it is necessary to set creep strength 
reduction factors appropriately for welded joints of high-strength ferritic steel. 

Thermal fatigue
Thermal fatigue is an inescapable problem in the case of austenitic steels, and the 

development of materials having a small thermal expansion coefficient is required if plant 
operation with few startups and shutdowns cannot be specified.  Fig. 66) shows an example 
of thermal fatigue cracking in a control valve made of TP316 (17Cr-12Ni-2.5Mo) austenitic 
steel and used for about 20000h at 650°C in Eddystone power station No. 1 unit.  Ni-base 
alloys have smaller thermal expansion coefficients than austenitic steels, serving to reduce 
stress from that source, but thermal conductivity is low (as is the case with austenitic steels) 
making for a large thermal gradient and therefore the potential for substantial thermal stress. 

Hot corrosion and steam oxidation
High-temperature (hot) corrosion is not a particularly major issue when coal with low sulfur 
content is used, but corrosion-induced thinning occurs more easily at high temperatures in the 
superheater and reheater tubes in the boiler furnace.  However, material corrosion resistance 
generally depends heavily on the amount of Cr content, with substantial improvement seen 
when the amount is over 20%.  High-Cr austenitic steels and Ni-base alloys are therefore 
often used in these applications.  Notwithstanding, the Ni element itself contained in 
Ni-based alloys reacts with the S in molten ash, and caution is required with respect to sulfide 
corrosion.  The corrosiveness of combustion ash and gas in coal-fired boilers is determined  

Fig. 5  Creep rupture strength of base metal and welds for P91, P92, and P122 

PV BM FailureUniaxial BM
Uniaxial Cross-Weld PV HAZ Failure

60
0

62
5

60
0

62
5

60
0

62
5

Base Metal

Weldment 872h

655 87MPa

20

30

50

70

100

200

300

400

S
tr

es
s 

(M
P

a)

31 32 33 34 35 36 37 38
T(36+log tr) 10-3

655 56MPa

2903h

Base Metal

Weldment

655 105MPa

31 32 33 34 35 36 37 38
T(36+log tr) 10-3

655 66MPa

4562h(DMW)
6859h

1020h

Base Metal

Weldment

655 87MPa

31 32 33 34 35 36 37 38 39
T(36+log tr) 10-3

655 56MPa

6383h(DMW)

4208h

(7989h)

P91 P92 P122

180



7

50mm 10mm

Fig.6 Thermal fatigue cracks on the inside surface of Type 316 stainless steel control valve 
used at 650°C 

by the presence of N2SO4 and K2SO4 in the ash and the concentration of SO2 in the gas.  
Accordingly, particular attention must be paid to the type of coal used for fuel and the amount 
of S contained. 

The problem of steam oxidation becomes increasingly serious as the temperature increases, 
and the only countermeasure currently available for ferritic steels is the selection of a material 
with high Cr content.  For austenitic steels, shot-blasted, fine-grained, and high-Cr materials 
can be selected, although the effective temperature limits have not yet been clarified for the 
respective options available.  However, the limit for recently developed 9-12% Cr 
high-strength ferritic steels is considered to be over 600°C, and this type of material has 
become widely used in 600°C class USC plants, although it has also been reported that 
oxidation behavior differs from that of conventional ferritic steels7).  For example, 
Mod.9Cr-1Mo (9Cr-1Mo-V-Nb) steel (T91) is a ferritic steel, but differs from conventional 
ferritic steels in that exfoliation often occurs from the interface between the scale inner and 
outer layers (as with austenitic steels) rather than from the interface between the scale and the 
metal.  Fig. 77) indicates the state of exfoliation of oxidation scale on the inner surface of 
T91 reheater tube.  Cracks occur in the scale in the circumferential direction at intervals of 
about 30 mm, with the scale outer layer separating from the tube surface.  However, the 
scale does not detach easily, and can become a cause of heat transfer insulation and 
overheating, leading to creep rupture.  This type of phenomenon may also occur in other 
high-strength ferritic steels, and further research is required.  Problems induced by steam 
oxidation scale, as have been known for some time, are essentially 1) tube blockage due to 
exfoliated scale, leading to overheating and creep rupture, and 2) erosion of turbine parts due 
to dispersion of exfoliated scale.  Both of these occur more frequently in conjunction with 
higher temperature. 
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Fig. 7 Typical appearances of inner surface of damaged T91 tube 

Alloy Development for Advanced Power Plants 

Steam turbines
The steam temperatures of fossil-fired power plants in Japan have conventionally been 

elevated in 50°F intervals, to 538°C (1000 F), 566°C (1050 F), 593°C (1100 F), 623°C  
(1150 F), and 649°C (1200 F), but in modern plants with operations based on load changing, 
the maximum temperature is approximately 600°C.  In demonstration tests, steam 
temperatures of 623°C and 649°C have been realized for ferritic steels and austenitic steels 
respectively.  Now, however, research is being considered that would propel steam 
temperatures in a leap past 650°C to arrive at 700°C. 1CrMoV steel or conventional 12Cr 
steel can be used through 566°C for turbine rotors, the most important components of steam 
turbines, but the limits for these materials are considered to be 570°C and 590°C respectively.  
12Cr steel for which 1.5% W is added in substitution for the equivalent amount of Mo can be 
used through approximately 610°C, but higher temperatures require 12Cr steel with the 
addition of W and Co.  While the limit has not been clearly defined, safety considerations 
suggest a temperature of around 630°C.  The appearance of ferritic steels that can withstand 
650°C is awaited, but advanced materials development is needed since rotors require not only 
high-temperature strength, but also good tensile strength and toughness.  Austenitic 
superalloys such as Discaloy (Fe-13Cr-25Ni-3Mo-Al-Ti) and A286 (Fe-15Cr-26Ni- 
1.5Mo-Al-Ti) have demonstrated performance at the 650°C level, but temperatures over 
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700°C would require Ni-base alloys such as Inco617 (Ni-22Cr-13Co-9Mo-Al-Ti) or Waspaloy 
(Ni-19Cr-14Co-4.5Mo-Al-Ti), or Fe-Ni base alloys with improved creep strength.  From the 
standpoint of practical application, fabricability would need to be improved to enable the 
manufacture of large components.  Fig. 8 presents the relationship between 105h creep 
rupture strength and temperature for various materials, based on the results of research to date.  
In Japan, along with consideration of Inco617, efforts are also being made to improve 
Inco706 (Ni-16Cr-36Fe-3Nb-Al-Ti) and to develop alloys modifying the low thermal 
expansion Inver-type Ni alloy.  Of these, LTES700 (Ni-12Cr-18Mo-Al-Ti)8) is an austenitic 
alloy featuring a low thermal expansion coefficient similar to ferritic steels, and having creep 
strength equivalent to that of Refractaloy26 (Fe-18Cr-38Ni-20Co-3Mo-Al-Ti). Utilization is 
anticipated for turbine rotors and various other turbine components. 

Boiler tube and pipe work
Figs. 9 and 10 show the latest development progress diagrams for ferritic and austenitic 

steels used for power boiler tubing and main steam piping respectively, while Fig. 119)

presents a comparison of allowable stresses for various materials.  If materials developed 
thus far were utilized, ferritic steels could be used to approximately 630°C, austenitic steels to 
approximately 700°C, and Ni-base alloys for higher temperatures.  With the substantial gains 
in strength delivered by 9-12%Cr steels, the conventional 538°C limit on steam temperature 
has been elevated to 600°C at present.  Research aimed at development of ferritic steels for 
use at 650°C is being actively pursued, but, given the requirements of toughness, fabricability, 
and weldability for the thick-walled, large-diameter critical boiler components such as main 
steam piping and headers, a 9-12%Cr tempered martensite structure would likely be adopted.  
There are a number of points to be clarified with respect to the stability of the strength and 
structure of such materials in the temperature range over 600°C, and the limit for ferritic 
steels has yet to be determined.  TP316 steel has been used for 650°C class plants in the past, 
but various newly developed high-strength austenitic steels can also be applied within this 
class. 

Fig. 8  Comparison of 105h creep rupture strength turbine of rotor alloys 
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Fig. 11  Comparison of maximum allowable stresses for boiler alloys 

  Currently, the greatest 700°C, 105h creep rupture strengths available are 70MPa for 18%Cr 
materials and 90MPa for 25%Cr materials.  As 100MPa is thought to be required for 
high-temperature, high-pressure plants, the limits for application of 18%Cr and 25%Cr steels 
in 35MPa plants would be approximately 660°C and 680°C respectively.  Ni-base alloys 
could be used as is or improved, but data is insufficient for most of these, and 105h creep 
rupture strength cannot be accurately predicted.  Table 2 lists the austenitic steels and 
Ni-base alloys that can be used at temperatures over 620°C. 

700°C class plant design is possible using Ni-base alloys, but prices for these materials 
ranging from several times to an order of magnitude higher than those for austenitic steels 
would necessarily impact on the economic viability of such a plant.  As indicated in Fig. 12, 
the logarithmic cost ratios for various boiler materials increase with temperature limit 
(strength).  The limit for austenitic steels is approximately 700°C (in a 24MPa plant).  On 
the other hand, while Ni-base alloys can be applied at temperatures in excess of 700°C, the 
cost rises quite steeply.  As a result, and as shown by the figure, no currently available 
material occupies the region of balance between cost and strength (named as the “alloy lack 
triangle”)9).  In the future, continued search and development is needed for Ni-base alloys 
that can be applied at temperatures over 700°C, cost around the same as austenitic steels, and 
have superior fabricability, or alternatively for austenitic steels that can be used at over 700°C. 

Summary 

Past development of new high-strength ferritic steels allowed the realization of 600°C class 
USC plants, but the temperature limits for ferritic materials remain unclear, and it  
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Table 2  Candidate alloys for USC power boiler 
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P. T195622Cr-13Co-9Mo-Al-Ti

620

660

P. T218827Cr-23Fe-2.75Si

T25Cr-42Ni-N

T23Cr-18Ni-W-Cu-Nb-N

T20Cr-25Ni-Nb-Ti-N

T211525Cr-20Ni-Nb-N

T232818Cr-8Ni-Cu-Nb-N

T18Cr-10Ni-Nb
Austenitic 
Steels
(18%Cr)

Temp. of 
Application

(metal)

Preferred
Application

ASME Code 
/Code Case

Nominal CompositionTrade Designation

T Superheater/Reheater Tubes
P Pipes and Headers
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appears unlikely that these materials will be applicable in plants over 630°C.  For 700°C 
class plants, USC is considered to be economically superior to IGCC, but actual realization 
depends on practically applicable materials.  Higher temperatures are also accompanied by 
substantial declines in the strength of weldments and fabricated components of newly 
developed high-strength materials, and countermeasures are needed.  Higher temperatures 
also mean that issues affecting safe operations such as thermal fatigue and steam oxidation 
take on a new dimension of importance.  The maximum use temperatures have been greatly 
elevated through the achievement thus far of higher strength ferritic and austenitic steels, but 
the stability of their properties in the vicinity of their temperature limits must be ascertained, 
and new materials must be developed with an appropriate balance between strength and cost 
for practical application in 700°C class plants. 
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Abstract 

   The power industry is a forerunning industry for the sustained development of national economy. In the 
past half century after the establishment of new China, the China power industry already climbed to a very high 
level. Up to 2002, not only the total installed capacity of electricity, but also the annual overall electricity 
generation, jump to the second place in the world, next to the United States, Among the energy resources, the 
coal deposit is the highest, In 2000, the coal consumption occupied 67% of the total energy consumption in 
China, among which 40% of the energy consumption is used for electricity generation; besides, the installed 
capacity using coal reaches 67.3% of the total installed capacity. China has abundant hydropower, but its 
installed consumption only occupies 24.8% of the total. The nuclear power and gas power now are in the 
initiative stage, occupying 0.7% and 0.3% respectively. In the next one or two decades, China will pay great 
attention to raise the coal utility and develop highly efficient clean supercritical and ultra-supercritical power 
stations, to build up large scale hydropower stations, natural gas power stations and 1000MW nuclear power 
stations. After the energy structure gradually by increasing the proportion of hydro, natural gas and nuclear 
power stations in the energy structure, the future China energy structure is demonstrated in Table 1 [1]. 

Table 1.   Energy structure in 2000~2020 period 

   Except hydropower, all the developments of coal power, natural gas power and nuclear power needs various 
high temperature structural materials, such as high quality heat resistant steels and superalloys. 

Keywords: High temperature materials, GH2984 superheater alloy, Hot corrosion resistant 
superalloys, GH690 alloy tube, Gas turbine 

1. Coal power 

1.1 Progress of coal power in China. 
    China is the largest country by using coal burning for electricity generation, and coal 
power is still a major one in the following decades. Recently the average capacity of coal 
power generators is less than 100 MW, and the capacity of subcritical 300 MW coal power 
generators only occupies less than 50% of the total coal power capacity with an average coal 

Year  
2000  2010  2020  

installed capacity MW 319320 590000 960000 

hydropower % 24.8 25.8 27.1 

coal power % 69.3 63.3 58.6 

nuclear power % 0.7 2.3 7.5 

natural gas power % 0.3 5.4 4.2 

new energy resources % 0.1 0.7 0.1 
other fuels  (%) 4.8 2.5 2.5 
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consumption of 399 g/kW⋅h, 25% higher than the advanced record from foreign countries, 
that makes the resource waste and the exhaust gas exhalation serious. Develop the 
supercritical and ultra-supercritical power generators is an efficient and economic way to raise 
the coal utility percentage and lower the environment pollution as shown in Table 2[2]. The 
higher the vapor temperature, the higher the net efficiency and the lower the coal consumption. 
The world level reaches 33.5 MPa and 630°  for the ultra-supercritical coal power generator 
and the next target will be 40 MPa and 720° . In the Chinese high tech plan, the proposed 
targets are 30 MPa vapor pressure, 600°C vapor temperature and 43-45% net efficiency. 

Table 2. Net efficiency and coal consumption of various coal power generators [2] 

(g(kW·h)-1)

    Because the vapor pressure and vapor temperature become higher, the requirement of the 
supreme quality high temperature material is urgent.  Particularly, the superheater and 
reheater in boiler are the parts suffering severely in corrosive medium due to higher pressure 
and temperature. In this case, the alloys must possess good creep, oxidation resistant and 
corrosion resistant properties.  
    For the subcritical set, low alloying ferritic heat-resistant steel is traditionally used, 
nearly up to the service limit. For supercritical and ultra-supercritical sets, better heat-resistant 
steels and superalloys should be used. When the vapor temperature is lower than 600-620°C, 
the ferritic heat-resistant steels, such as T91 or T92 are selected for the superheater and 
reheater materials. If the vapor temperature reaches 650°C, the ferritic steel is not satisfied 
due to poor oxidation resistance, and the austenitic stainless steels are preferred, such as 
TP347HFG, TP310CbN and Super 304H steels. When the vapor temperature exceeds 700°C, 
it is necessary to use superalloy. In the world advanced ultra-supercritical sets developed in 
USA and European Community in twenty first century, the vapor parameters are 700°Cand 
37.5 MPa, some nickel-base superalloys, for example, Inconel 617, Inconel 690 and Inconel 
671 alloys, are selected, but these alloys cannot satisfy simultaneously all the requirements of 
high temperature strength and hot corrosion resistance for the superheater tube[3]. In 2003 the 
Special Metals Co, USA, announced a new alloy Inconel 740 [4, 5], developed on the base of 
Nimonic 263 alloy, that can satisfy all the requirements. Up to now, China cannot produce all 
the key high temperature materials for the supercritical and ultra-supercritical sets, a new 
Ni-Fe-base superalloy GH2984 used for the superheater and reheater tube material of ultra- 
supercritical boiler has been developed [6]. 

1.2 GH2984 Ni-Fe-base superalloy
    The Institute of Metal Research, Chinese Academy of Sciences started to develop 
GH2984 alloy for superheater tube materials in 1969, which was successfully finished in 1978, 
that was used for the superheater tube for marine application. After ten-year service, GH2984 
tubes were well in shape without any damage which can be continuously used[6] that proves 
GH2984 alloy is an excellent superheater tube material, which main properties are at the same 
level as Inconel 740 alloy. Following are the important characteristics of GH2984 alloy. 
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1.2.1 Chemical composition with high Fe and Co-free
    GH2984 alloy contains high Fe content and without Co. Table 3 lists the chemical 
compositions of GH2984 and related alloys. It can be seen that Inconel 740, Inconel 617 and 
Nimonic 263 alloys contain 19.8%, 12% and 20% Co respectively, but there is no Co in 
GH2984 alloy; secondly, GH2984 alloy contains low Ni and Fe as high as 32-34%, but other 
three alloys contains high Ni and very low Fe. Co and Ni are the strategic metallic materials, 
so to save them has important strategic significance as well as magnificent economic benefit.  

Table 3 Chemical compositions of superalloys used for superheater tube (%) [6]

Alloys C Cr Co Mo Nb Ti Al Fe Si Mn Ni 

GH2984 0.04/ 
0.08 

18-20 1.8/2.2 0.9/1.2 0.9/1.2 0.2/0.5 32/34 0.5 0.5 Bal 

lnconel 
740 

0.06 24.97 19.80 0.58 2.01 1.69 0.87 0.71 0.47 0.30 Bal 

lnconel 
617 

0.09 21.65 12.0 8.72 0.31 1.16 0.58 0.54 Bal 

Nimonic 
263 

0.04/ 
0.08 

19/21 19/21 5.6/6.1 1.9/2.4 0.60 0.70 0.4 0.6 Bal 

lnconel 
625 

0.10 20/23 1.0 8.0/10.0 3.15/4.15 0.40 0.40 5.0 0.5 0.5 Bal  

1.2.2  Better mechanical properties 
    GH 2984 alloy has promising mechanical properties, particularly the tensile strength 
from room temperature to high temperature and the stress rupture at 650-750°C. From Table 4 
and Fig 1 the room temperature and 700°C tensile strengths are higher than those of Inconel 
625 and Nimonic 263, but lower than Inconel 740[7]. The elongation and area reduction 
maintain at high levels, completely in accordance with the designers′ requirement. Due to the 
long service life of the marine boiler, the 30 000h stress rupture property is minimum 
requirement. Comparing the stress rupture data of 30 000h and 100 000h at 700  between 
GH 2984 and Inconel 740 alloys, they are at the same level, Besides, the stress rupture 
properties at 650 and 750°C, they also nearly the same. The minimum requirement of stress 
rupture strength for 100 000h is 110 MPa for the ultra-supercritical set, so GH2984 and 
Inconel 740 alloys satisfy the designers’ requirement, but Nimonic 263 cannot. 

Table 4 Mechanical properties of some superalloys used for boiler tube [6]

R.T. 700
700  stress rupture 

strength  MPa
Alloys 

UTS  

(MPa) (MPa) 

EL 

(%) 

RA 

(%) 

UTS 

(MPa) MPa) 

EL 

(%) 

RA 

(%) 
30000h  100000h 

GH2984 1107 686 26.6 46.6 745 539 34.4 52.3 149 130

Inconel740 1150 705 30.0 39.0 905 650 37.0 44.5 149 130 

Inconel625 960 514 48.0 - 651 398 40.0 - 162 - 

Nimonic263 960 580 43.0 46.0 740 490 26.0 34.0 120 100 

Note:  The standard heat treatment of GH2984 alloy is :1100 , 1h, AC+760 , 8h, hC /500  650 , 16h, AC 
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Fig 1 Stress rupture properties of GH2984, Inconel 740 and Nimonic 263 alloys 

1.2.3 Good corrosion resistance 
    The chemical property usually consists of oxidation resistance and corrosion resistance. 
One of the advantages of GH 2984 alloy is that the alloy possesses excellent oxidation 
resistance as well as corrosion resistance, because the alloy contains 18-20%Cr, which can 
form a tight and adherent Cr2O3 film, that guarantees the alloy having better oxidation 
resistance. Table 5 lists the oxidation rate of GH2984 alloy, which is better than the oxidation 
rates of GH2135 and GH1140 alloys. The latter two alloys are also Fe-Ni-base alloys 
developed in China. 

Table 5  Average oxidation rates of GH2984 alloy at 700-900  for 100h (g/m2
⋅h)[8] 

The hot corrosion of superalloy is caused by the surface sulfate attack that is formed by 
the interaction of S in the fuel gas and salt in the environment. The attack by the hot corrosion 
on the superalloy machine parts is stronger than that by pure oxidation. The hot corrosion 
resistance of GH2984 alloy was studied by crucible method and burner rig test. The corrosion 
medium in the crucible method was 25% NaCl+ 75%Na2SO4 at 650 -820  for 3h, The 
corrosion weight loss data are compiled in Table 6. The hot corrosion of GH2984 alloy at 750

 is best. In the burner rig test, the diesel oil and artificial sea-water were selected. The high 
salt concentration was preferred for accelerating the test. The test temperature was 900  and 
corrosion time is 25h. Table 6 lists the hot corrosion resistance of GH2984 alloy. 
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Table 6 Hot corrosion resistance of GH2984 alloy (weight loss  mg/cm2
⋅h) 

    GH2984 alloy also has good anti-intergranular corrosion property, which is free both after 
various heat treatments or welding. By immersing the GH2984 alloy tube with 25 mm in 
diameter and 2mm in thickness in sea-water for 21 months, the outer and inner tube surfaces 
were not corroded [8]. 

1.2.4 Stable microstructure 
    The microstructure stability test was carried at 700°C from 1000 to 18000 h . After 
prolonged aging, it was proved that GH2984 alloy is fairly stable, that satisfies the 
requirement of long-term service for large ships and ultra-supercritical boiler. 
    After standard heat treatment, the spherical γ′ strengthening phase particles with an 
average diameter of 23µm and an amount of 5.74 wt% uniformly distributed in the austenitic 
γ matrix. Besides, there is also minor MC phase, including NbC and Ti(N,C) locating inside 
the grains as well as at the grain boundary and having a size of 1-10µm and an amount of 0.52 
wt%. 
    After 700°C prolonged exposure, the radius of γ′ particles increases linearly with the 
third root of aging time and obeys the diffusion –controlled coarsening kinetics that governing 
the growth rate of γ′ phase. The amount of γ′ phase gradually increases to 7.23 wt% after 
18000h. The strengthening effect due to the increase of γ′ amount compensates the loss of 
strength caused by the γ′ particle growth. The change of γ′ composition also proves that γ′

phase is rather stable during the prolonged aging[9].  

1.2.5 Easy formability 
    Besides excellent mechanical properties and corrosion resistance, a superalloy for 
producing tube should have good formability. Otherwise, it cannot be easily formed into tubes 
and loses its real application. GH2984 alloy exhibits very good cold or hot workability and 
can be easily deformed into tube products; the tendency of grain growth is low[10].  
    The temperature of hot billet piercing is 1100°C and increases to 1160-1180°C during 
piercing. The rate of finished product can reach 100%. The technical property of cold rolling 
or cold extrusion is similar to that of 1Cr18Ni9Ti stainless steel. The surface quality and size 
tolerance are in accordance with the tube standard. The tube reaming is easy up to 38% .The 
tubes with a radius of 65mm can be bent with perfect quality. The tube expansion is also easy 
particularly fitting the manufacture of expansion type of superheater. 
    Finally from the understanding of comprehensive properties, GH 2984 alloy is a 
promising tube candidate for the superheater and reheater of ultra-supercritical boiler. 

2. Development of gas turbine and application of superalloy 

2.1 Development of gas turbine in China
    In the years between sixty to seventy last century, China began to self-design the gas 
turbine with a gas inlet temperature of 700°C, and the typical turbine sets are 1 MW, 1.5 MW 
and 6 MW electricity generators, 6 MW marine turbine, 3500 hp and 4500 hp locomotive 
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engines. In the middle of seventh decade, 23000 kW gas turbine with a gas inlet temperature 
of 990°C has been built. A total of three sets have been put in service for electricity generation. 
Up to now, more than twenty sets have been produced [11]. 

In order to reuse the coal gas generated in the blast furnace, the cooperation was 
continued to manufacture gas turbine by burning fuel of low calorific value. In 2003 China 
started to produce heavy gas turbine of 100 MW and 200 MW. These joint projects run 
smoothly. 
    China medium size gas turbines were mainly manufactured in the aviation industry. 
Beginning from seventh decade, a series of gas turbines more than 100 sets have been 
produced, such as WJ5G, WJ6G, WP6G, and WZ6G. Another example is the cooperation with 
Pratt & Whitney Co, to manufacture FT-8 type gas turbine, having a power of 25 MW and 
efficiency of 38.4%. China side is responsible for the production of low pressure compressor 
and turbine, combustion chamber, case etc. roughly about 30% of the work load. Up to now 
more than 100 sets of FT 8 gas turbines have been produced[11].  
    At the end of year 1999, installed capacity of gas turbines for electricity generation in 
China main land reaches 5939 MW, about 2% of the total installed capacity for electrical 
generation in China. Among them, the installed capacity of large gas turbines is 4735 MW, 
about four fifth of the total installed capacity. 
    There are 42 sets of gas turbines that have above 30 MW capacity, and 4 sets even reach 
300 MW level [11]. It is sure that China gas turbine electricity stations enter a stage of large 
capacity and high efficiency. According to the 2003 statistics, the installed capacity of gas 
turbines for generating electricity goes up to 7000 MW, and about 3% of the total. In the 
coming five to ten years. China requires a total of 34000 MW gas turbines, for the hot parts of 
gas turbines, superalloys with good comprehensive properties are necessary. China already 
develops a series of superalloys possessing high mechanical properties, excellent oxidation 
and hot corrosion resistance. 

2.2 Superalloys for gas turbine 

2.2.1 Hot corrosion resistant superalloys 
   Materials for blades and vanes in gas turbine are always the hot corrosion resistant 
superalloys. Beginning from 1973, the Institute of Metal Research, Chinese Academy of 
Sciences developed K438 conventional cast Ni-base superalloy, used in the 23000kW gas 
turbine. Recently other five hot corrosion resistant cast superalloys  (K435, K444, K452, 
K4537, K438G), one wrought superalloy (GH413) one directionally solidified Ni-base alloy 
(DZ38G) and one single crystal Ni-base alloy(DD8) have been developed [12-18], and their 
chemical compositions are compiled in Table 7. 

Table 7 Chemical compositions of hot corrosion resistant superalloys developed by IMR 

− − − − − − −

− − − −

− − −

− − − −

− − − − − −

− − − − −

− − − − − −

− − − − − −

− − − − − − −
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The common characteristics of the above –mentioned alloys are as following: 
(i) High Cr content 
  Cr is usually higher than 15% in order to form tight and dense Cr2O3 film to protect the 
alloy against hot corrosion. Of course too much Cr addition will accelerate the σ phase 
precipitation that impairs the mechanical property.
(ii) Appropriate Al and Ti contents 
   Addition of Al and Ti can form the main strengthening γ′ phase to keep the high 
temperature strength at a high level. From Table 7, it can be seen that most of the alloys 
contain 6-8% (Al+Ti). The amounts of γ′ phase are around 37-50%. 
(iii) Moderate addition of refractory metals 
    The refractory metals (Mo, W, Ta etc) are usually added in the hot corrosion resistant 
alloys to improve the mechanical properties, but too much refractory metals, particularly Mo, 
will deteriorate the hot corrosion resistance. In K435, K452, K444 and GH413 alloy, there is 
no Ta addition that can cut down the alloy price. Their stress rupture and 900°C tensile 
properties are listed in Table 8 and 9, respectively. 

Table 8.  Stress rupture properties at 900°C of hot corrosion resistant alloys(MPa) 

− − −

−

* 850  stress rupture data 

Table 9.  900°C tensile properties of hot corrosion resistant alloys 

The newly developed K435 alloy has no σ phase precipitation after 800-900°C 
prolonged aging for 1000 h, but γ′ phase has a little growth. The influence of prolonged aging 
on stress rupture is not pronounced, which can be proved in Table 10. K452 and GH413 
alloys also have good phase stability similar to K435 alloy, but K444 alloy has very small σ
precipitation after 3000 h prolonged aging at 900°C
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Table 10.  900°  tensile and 900°C/245 MPa stress rupture properties of  
K435 alloy after prolonged aging 

− −

Table 11 shows the hot corrosion results of some alloys tested by crucible method in a 
corrosive medium of 75% Na2SO4 +25%NaCl, that proves the hot corrosion resistances of 
K435, K444, and K452 alloys are better than K438 alloy. 

Table 11. Corrosion resistance of K435,K444 and K452 alloys 

⋅

2.2.2  Disk superalloy 
    There are four superalloys used for gas turbine disk materials in China and their chemical 
compositions are listed in Table 12. 

Table 12 Chemical compositions of disk superalloys for gas turbine. 

− − − − − −

− − − − −

− − − −

− − −

Now we choose GH4698 alloy as an example, which is recently used for the disk 
material of large gas turbine[19]. The disk size of gas turbine is usually larger than that of jet 
engine. The disk diameter of GH4698 alloy reaches 1200 mm and a weight of 1300 kg, which 
is the largest disk size ever made in China. The alloy was first melted in a vacuum induction 
furnace of 6t capacity, and remelted in a vacuum consumable electrode furnace into an ingot 
with a diameter of 660 mm. The γ′ amount was 27% by controlling the Al, Ti, Nb contents at 
their upper levels. Afterwards the ingot was homogenized at high temperature to reduce the 
dendritic segregation. Table 13 proves that the ingot segregation after homogenization 
treatment is not serious. 
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Table 13 Chemical compositions at different locations in GH4698 alloy ingot (diameter 660mm) 

    The ingot was forged into φ435×1115 mm rod in a 2000 t quick forging machine between 
1140-1170°C, which was finally deformed into disk cake in a 30000 t hydraulic press. The 
mechanical properties of GH4698 alloy specimens taken from the disk cake are collected in 
Table. 14. 

Table 14 Mechanical properties of GH4698 alloy specimens taken from disk cake 

σ τ

3. Superalloy exchanger for nuclear power 

    China already held the advanced technology to manufacture 300 MW and 600 MW 
nuclear power stations. In the future, a 1000 MW pressurized water nuclear power station will 
be constructed. In China long term programme, the nuclear generated electricity will reach 
12700–14000 MW in 2010 and 30000~40000 MW in 2020[20]. 
    In the pressurized water nuclear reactor, one of the most important high temperature 
materials is the superalloy used for heat exchanger tubes. In the early years, 304 and 316 
stainless steels were used for exchanger tubes, but they had serious stress corrosion cracking 
during the service. Afterwards these stainless steels were replaced by Inconel 600 or Inconel 
800 superalloys. But their corrosion resistance is still not good. In order to enhance the reactor 
reliability, Inconel 690 superalloy was developed to replace the old one[21]. The Inconel 690 
alloy tubes used in Dayawan nuclear power station were supplied by France. China started to 
produce GH690 alloy tube by own effort, which composition is similar to Inconel 690 alloy. 

3.1 GH690 alloy tube production
    GH690 alloy was produced by VIM+ ESR duplex smelting process. The sulfur content 
can be dropped to less than 20 µg/g (ppm) that made the area reduction higher than 50%. If 
the S content was higher than 20 µg/g, the ductility was worsened, as shown in Fig.2 [22]. 
When the area reduction was larger than 50%, it was easy to produce the tubes [23]. Of course 
it is better to control the S content below 10 µg/g. 

In the VIM smelting process, slag as well as desulfurizer were added; the slag 
composition was 50 CaO-25CaF2-25Al2O3 and the desulfurizer was Ca-containing. The S 
content can be lowered from original 35 to 18 µg/g. After electroslag remelting, the S content 
was further dropped to 10-12 µg/g. Such very low S content can completely eliminate the hot 
shortness, raise the high temperature ductility and increase the tube productivity to higher 
than 42% [24]. 
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Fig.2 Influence of S content on the area reduction of GH690 alloy[22]

3.2 Corrosion resistance of GH690 alloy

    The Cr content of GH690 alloy is 30%, that guarantees the alloy to have excellent 
corrosion resistance. However, if the heat treatment system was not appropriate, there 
happened severe intergranular corrosion or alkali stress corrosion. It was found the 
intergranular corrosion became smaller, if the solution treatment was between 1000°C and 
1100°C. At the same time the stress corrosion in 50% NaOH high concentration solution was 
also not heavy. Therefore the best heat treatment system is 1050°C solutioning plus 715°C 
aging[25]. 
    Why this heat treatment system can improve the corrosion resistance? Careful 
microstructural observation can give the answer [21]. With the rise of solution temperature, the 
matrix grains enlarge and carbide dissolves more. After aging, the M23C6 with fcc. structure 
precipitates in the grain boundary. In the vicinity of grain boundary, there appears an obvious 
Cr-poor region, which width can reach 200nm, as shown in Fig 3. After 715°C/205 h aging, 
the Cr solutes adjacent to the Cr-poor region diffuse into this region. At the same time, the 
carbide particles appear in grain boundary in a chain-like mode that will enhance the 
anti-corrosion property. 
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Fig. 3 Cr content adjacent to the grain boundary after 715  aging for various time[21]. 

4. Conclusion 

1) China will pay great attention to overcome the energy shortage due to rapid progress of 
economic reconstruction. 

2) In coal power generator, China will put great effort to set up supercritical and ultra- 
supercritical electricity generator. 

3) In order to change the energy structure, China will continuously reinforce the manufacture 
of large gas turbines and build new nuclear power station. 

4) Recently China will plan the future research and development on superalloys having 
better high temperature strength and corrosion resistance to meet the need of new power 
stations. 
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Abstract

Single crystal Nickel-base superalloys are in use for the front rows of blading in advanced land-based gas 
turbines. This is for their higher creep capabilities as well as outstanding low cycle fatigue properties as 
compared with conventionally cast Nickel-base superalloys. The continuous efforts to improve the high 
temperature creep properties of SX superalloys resulted in the development of the fourth generation of these 
alloys. Nevertheless, this improvement in the high temperature capability of these materials required the use of 
higher contents of Re and Ru which increased their densities and costs. The application of SX superalloys at 
higher temperatures results in microstructural changes called rafting and a topological inversion of their
γ/γ`phases. These two microstructural features reduce the tensile and low cycle fatigue properties of the SX 
superalloys. The extent of degradation in the microstructure and mechanical properties, in a certain SX 
superalloy, depends on the exposure temperature, duration and to a lesser extent on the applied stress. The 
consequences of these changes in microstructure and properties should be taken into consideration in the 
evaluation of the mechanical properties of SX superalloys. 

Keywords:  Single crystals, superalloys, degradation, gamma prime, blading 

Introduction 

Modern land-based gas turbine designs have been employing single crystal (SX) superalloys 
in high-pressure turbine vanes and blades to achieve high operation performance and life 
cycle objectives as well. The benefits of using SX components have been well documented 
and can be summarized as improved creep-rupture properties, low cycle fatigue (LCF) 
strength and oxidation resistance [1-5]. 
In addition, SX superalloys retain a higher fraction of their thick section rupture life as wall 
thickness is reduced [5]. Four generations of SX superalloys have been developed with the 
goal of improving the high temperature capability under creep and fatigue conditions [6-8]. 
Directional coarsening or “rafting” of γ’ precipitates in SX superalloys has been reported in 
different alloy systems [9-13]. Though it has been extensively studied experimentally and 
theoretically, the exact nature of the driving force, the associated kinetics and its 
consequences on the mechanical properties, are controversial and still discussed [14-18]. 
Nevertheless, it is generally agreed that the rafting morphology and its kinetics are governed 
by two key parameters, namely the lattice misfit between the two phases γ and γ’, and the sign 
and magnitude of the uniaxial applied stress. Additionally, it has been reported that plastic 
pre-strain and residual internal stresses can induce rafting of γ’ in SX superalloys [18,19]. 

The aims of the present investigation are:  
(a) Review the status of SX superalloys development
(b) Present recent results on the effect of the different parameters on the rafting kinetics in 

different SX superalloys 
(c) Present results on the effect of the microstructural degradation on the mechanical 

behaviour of different SX superalloys, i.e. tensile and LCF properties. 
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Status of SX Superalloys Development 

The main goal of developing Nickel–base SX superalloys has been the increase in their creep 
strength [20]. This improvement of the temperature capabilities of the SX superalloys has 
been achieved by increasing the volume fraction of γ’ up to 70-75% and using potent solid 
solution hardening refractory elements such as Re and Ru [8, 20]. At present, there are four 
generations of SX superalloys developed for blade applications in aero jet engines and land–
based gas turbines. Table 1, gives the nominal chemical compositions of selected SX 
superalloys of the 1st, 2nd, 3rd and 4th generations.
A comparison of the creep strength of selected SX Superalloys from the four generations is 
given in Figure 1. 
The improvements in the creep strength of the 3rd and 4th generations of SX superalloys are 
accompanied by an increase in density and a significant reduction in Cr content necessary to 
suppress the precipitation of topologically closed packed phases. 

Rafting Process 

The microstructure of SX superalloys consists of two phases, the ordered intermetallic γ’ 
precipitates coherently embedded in the disordered γ matrix. Under the combined influence of 
stress and temperatures above 800°C, the initially cuboidal γ’ precipitates coalesce into 
extended rafts [9, 15]. This phenomenon of rafting or directional coarsening has been 
observed in several SX superalloys [13,33]. An example of a rafted microstructure in N5 is 
shown in Figure 2. 

Figure 1
Creep rupture 
strength of selected 
SX superalloys 
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Table I:  Nominal compositions of selected SX superalloys of the 1st, 2nd, 3rd and 4th generations 

Figure 2:  
Rafted microstructure of N5 (T=1000°C, t=2999 h, 
σ=90 MPa) 

The evolution of the microstructure of the SX 
superalloys leads finally to an effect called 
topological inversion: the γ’–phase surrounds 
the γ-phase and becomes topologically the 
matrix [13, 34]. At high temperatures this 
topological inversion takes place within few 
hundred hours [13]. It is evident from 

numerous experimental and theoretical investigations that rafting is strongly controlled by the 
sign and magnitude of applied stress, lattice misfit δ, and the difference between the elastic 
constants of γ and γ’ phases [13, 18]. The definition of lattice misfit δ is: 
 δ= (aγ’–aγ)/0.5(aγ’+aγ)            (1) 
Most of SX superalloys have negative lattice misfit δ at service temperatures. This is because 
the thermal expansion coefficient of γ-phase is larger than that of γ’-phase. One-way to 
explain the rafting process is to consider a typical γ/γ’ structure with a negative lattice misfit 
as illustrated in Figures 3-a & 3-b [35, 36]. They show the internal stresses in γ and γ’ phases, 
in absence and presence of an external stress, respectively. Figure 3-a assumes that in the 
absence of external stress, the chemical potentials of the phases at points 1 and 2 are equal. 
Under this condition, normal non-directional coarsening is expected. When an external stress 
is applied as in Figure 3-b, a situation characterised by un-equal stress components and  

Alloy Ni Cr Co Mo W Ta Re Nb Al Ti Hf Ru Ir Density g/cm3
Ref.

1 st  Generation
PWA1480 bal. 10 5 - 4 12 - - 5 1.5 - - - 8.7 1

PWA1483 bal. 12.8 9 1.9 3.8 4 - - 3.6 4 - - - 8.2 21

René N4 bal. 9 8 2 6 4 - 0.5 3.7 4.2 - - - 8.56 22

SRR99 bal. 8 5 - 10 3 - - 5.5 2.2 - - - 8.56 23

CMSX-2 bal. 8 5 0.6 8 6 - - 5.6 1 - - - 8.56 24

CMSX-6 bal. 10 5 3 - 2 - - 4.8 4.7 0.1 - - 7.98 25

CMSX-11B bal. 12.5 7 0.5 5 5 - 0.1 3.6 4.2 0.04 - - 8.44 26

2 nd  Generation
CMSX-4 bal. 6.5 9 0.6 6 6.5 3 - 5.6 1 0.1 - - 8.7 27

PWA1484 bal. 5 10 2 6 9 3 - 5.6 - 0.1 - - 8.95 2

MC2 bal. 8 5 2 8 6 - - 5 1.5 0.1 - - 8.63 28

René N5 bal. 7 8 2 5 7 3 - 6.2 - 0.2 - - 8.64 29

3 rd  Generation
CMSX-10 bal. 2 3 0.4 5 8 6 0.1 4.7 0.2 0.03 - - 9.05 30

René N6 bal. 4.2 12.5 1.4 6 7.2 5.4 - 5.75 - 0.15 - - 8.98 31

TMS75 bal. 3 12 2 6 6 5 - 6 - 0.1 - - 8.82 32

4 th  Generation
EPM-102 bal. 2.5 16.5 2 6 8.25 5.95 - 5.55 - - 3 - 9.2 20

MC645 bal. 5 - - 6 5 4 - 6 0.5 0.1 5 - 8.78 8

TMS-138 bal. 2.9 5.9 2.9 5.9 5.6 4.9 - 5.9 - 0.1 2 - 8.87 32

TMS-139 bal. 2.9 11.6 1.9 5.8 5.8 4.9 - 5.8 - 0.1 - 3 8.81 32

TMS-162 bal. 2.9 5.8 3.9 5.8 5.6 4.9 - 5.8 - 0.1 6 - 8.96 32

σσσσ
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Figure 3
Schematic 
illustrations of the 
roles of lattice 
misfit and external 
stress σext on γ/γ’ 
structure. 
(a) σext=0 
(b) σext>0 

 hydrostatic pressures at positions 1 and 2 will develop. The major effect of the external 
applied stress as shown in Figure 3-b is that the local stresses are modified and hence the 
chemical potentials of the phases at the positions 1 and 2. This will result in a stress directed 
diffusion flux [37] producing the rafting effect and inducing the topological γ/γ’ inversion 
[13, 18, 35, 36]. 

Effect of Rafting in SX Superalloys on Mechanical Properties 

Effect of Rafting on Tensile Properties
Tien and Gamble were the first to report on the effect of rafting on the yield stresses, at 
various temperatures, of UDIMET 700 [11]. They observed an enhancement in the yield 
stresses in the samples rafted under compressive stress at 954°C to produce a rod structure of 
the γ’-phase parallel to the stress axis as compared with the samples rafted under tensile stress 
to produce a plate structure of γ’-phase perpendicular to the stress axis. Nevertheless, no 
topological inversion of γ/γ’ was reported since the volume fraction of γ’ in UDIMET 700 is 
less than 50%. 
Recently, it has been reported that rafting by tensile creep in the SX superalloys N5,  
CMSX-2, CMSX-6, CMSX-11B and PWA1483 caused a marked drop in the yield stress at 
room temperature RT [38]. The rafting in these SX superalloys was accompanied by a 
topological inversion of γ/γ’, i.e. γ’ matrix surrounding elongated rafts of γ [38].

A significant drop in the tensile ductility in these rafted SX superalloys was also observed. 
Additionally, a {100} type of cleavage cracking was found in all of the five SX rafted 
superalloys tested at strain rates <7x10-6 s-1 and under moist environment [39]. This behaviour 
was explained on the basis of a hydrogen embrittlement mechanism similar to that reported in 
Ni3Al intermetallic [39]. This environmental effect in Ni3Al can be simply explained by the 
following chemical reaction: 

2Al + 3H2O� Al2O3 + 6H                               (2) 
The Aluminium atoms in γ’ react with moisture during testing at RT resulting in the 
generation of atomic hydrogen that penetrates into the γ’ by moving dislocations causing 
{100} type of cleavage fracture [39].  
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Figures 4-6 
Yield stress vs. temperature of 
<001> specimens, virgin and 
degraded conditions. 

      

                                              Fig.4: CMSX-6

                                             Fig.5 CMSX-2

                                            
      Fig.6: CMSX-4 
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   Fig. 7: γ’-alloy Ni-Cr-Al [40].

In the present investigation, tensile tests of a number of SX superalloys were carried out at 
various temperatures on <100> orientated specimens pre-rafted by tensile creep. The results 
on yield stress σ0.2 vs. temperature, of the pre-rafted specimens and the fully heat treated ones, 
i.e. in virgin condition, are given in Figures 4-6 for CMSX-6, CMSX-2 and CMSX-4, 
respectively. Figure 7 shows σ0.2   vs. T for the γ’-alloy Ni-Cr-Al, for comparison [40]. The 
yield stress of the pre-rafted specimens of the three SX superalloys exhibited positive 
temperature dependence similar the well-known behaviour of Ni3Al intermatallic as shown in 
Figure 7 and later reported in ref. [41]. This behaviour of the pre-rafted specimens can be 
attributed to the topological inversion of the γ/γ` microstructure since all of these SX 
superalloys have a γ` volume fraction > 60%. Several factors can influence the strengthening 
mechanism, to different extents, in the pre-rafted specimens. These factors are: - lattice misfit 
at RT, volume fraction of γ`, antiphase boundary energy APBE of γ`matrix, stacking fault 
energy SFE of γ rafts, thickness and inter-rafts spacing of γ and the refractory elements 
content in the superalloy. The lattice misfit, depending on its sign at RT, can induce a tensile 
or compressive internal stress in γ` matrix of the pre-rafted specimen. Both of the thickness 
and inter-raft spacing of γ depend on the degree of the microstructural degradation, which in 
turn depends on the temperature, time and to a lesser extent on the stress [18]. During tensile 
tests of pre-rafted material the dislocations enter the γ’-phase as it is seen in TEM image 
presented in Figure 8. 
In the present study, CMSX-4 specimens, degraded by tensile creep at different temperatures 
and different durations, were tensile tested at RT. Figure 9 shows the yield stresses of the 
degraded specimens vs. a degradation parameter “D”.
                        D =(T-800)t 1/2

σ
1/5        (3)

Where T=creep temperature in °C, t= creep time, i.e. duration of degradation in h, and 
σ=creep stress in MPa. This degradation parameter reflects the influence of temperature, time 
and applied stress. The effect of temperature in inducing the microstructural evolution is 
relevant, at T > 800°C. The time dependence in the degradation parameter D was taken as t 1/2

This time dependence was found to give a better correlation of the data than the typical time 
dependence of t 1/3 found in LSW theory [42, 43]. Additionally, this selected time dependence 
of t1/2 agrees well with the reported results on the channel widening of γ in CMSX4 [44]. The 
performed quantitative SEM analysis of the microstructure of degraded specimens of CMSX-
4 showed a clear correlation between the reduction of σ0.2(RT) and the increase of γ-channel 
width. 

Temperature [°C]

210



  

Degradation in Single Crystal Nickel-Base Superalloys / M.Nazmy et al. / Liège 2006 7 /12  

0

200

400

600

800

1000

1200

0 10000 20000 30000 40000 50000 60000

Degradation "D"=(T-800) * t 1/2 * σ 1/5

1050°C/8552h/45MPa950°C/8760h/95MPa

CMSX-4

1050°C/305h/115MPa

Figure 8. Dislocations enter the γ’-phase and then move as a tongue-like loops in 
 pre-rafted single-crystal of CMSX-4 after tensile testing. 

Figure 9
Effect of 
degradation i.e. 
pre-rafting on the 
RT yield stress of 
<100> CMSX-4. 

Effect of Rafting on Low Cycle Fatigue
It has been reported that pre-rafted specimens of CMSX-6, exhibited lower LCF lives at 
950°C as compared with specimens with cuboidal γ/γ’ microstructure [45]. The reason for 
that is the fast growth of fatigue cracks along the γ/γ’-interfaces extended perpendicular to 
applied load as shown in Figure 10 [46]. This is a general effect in all materials with the plate-
like structure. 

0.2 µµµµm 

200 γγγγ’
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Figure 10. Growth of LCF cracks along extended semi-coherent γ/γ’-interfaces in the pre-
rafted microstructure of CMSX-4 [46]. 

In the present investigation, LCF specimens of CMSX-4 were degraded by creep at high 
temperature before fatigue testing at 950°C. The pre-rafted specimens exhibited lower lives as 
compared with those with normal γ/γ’ microstructure as shown in Figure 11. These results are 
in agreement with the LCF results reported in [47] on the same alloy. 

Figure 11
Effect of degradation on 
LCF of <100> CMSX-4 
specimens at 950°C 

  Recently, it has been reported that the rafting of the γ/γ’-microstructure causes a significant 
deterioration in the RT LCF properties of SX superalloys, PWA1483 and N5 [48]. 
In the present investigation, pre-rafted specimens of CMSX-4 were tested under LCF at RT in 
moist environment. The results are shown in Figure 12. The reduction in LCF lives of the 
degraded specimens was accompanied by a cleavage failure of {100} type. 
This behaviour of the degraded specimens was attributed to the effect of moisture on the 
ductility of the intermetallic Ni3Al, i.e. γ’-matrix of the inverted microstructure [48]. 

crack tip

10 µµµµm 

σσσσ
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Figure 12
Effect of degradation 
on LCF behaviour of 
<100> CMSX-4 
specimens at RT in 
moist environment 

Effect of Rafting on Creep Properties:
In literature, there is a large volume of experimental data on the creep behaviour of SX 
superalloys [46, 47, 50]. However, the influence of rafting on the creep properties of SX 
superalloys is not well understood. For example, it was reported that the coarsening of γ’-
phase in SX superalloys increases the creep resistance during creep because the rafted 
morphology suppresses the dislocation by pass mechanism which slows down the recovery 
process resulting in improved creep resistance [9]. On the other hand, it was reported that 
rafting of CMSX-4 specimens by prior-creep, increases the creep rate, i.e. decreases the creep 
resistance [33]. Recently, it has been shown that the pre-rafted specimens of SRR99 exhibited 
a tendency for improved creep lifetime at 1050°C and stresses lower than 150 MPa [50]. 
Based on the referred results on SRR99, two creep mechanisms were proposed to explain the 
effect of rafting on creep resistance [50]. The first mechanism was related to low temperature 
and high stresses and the second one was concerned with the low stresses and high 
temperatures conditions. 
However, it is noteworthy to point out that the experimental data presented in [50] was 
obtained for relatively short creep durations, less than few hundred hours. Hence, it is 
essential to examine the validity of such mechanisms at longer creep durations as well as on 
different SX superalloys. 

Conclusions

1. The development of SX superalloys, starting from the 1st to the 4th generation, resulted 
in an improved creep capability, which was achieved by alloying with Re and Ru. 

2. The degradation of SX superalloys under high temperature creep conditions results in a 
topologically inverted γ/γ’ microstructure with high dislocation density and inverted 
internal stresses. 

3. The degraded SX superalloys with inverted γ/γ’structure exhibit lower yield stress at RT 
accompanied by {001} cleavage fracture and lower LCF strength at all temperatures.  

4. The consequences of the microstructural changes on the mechanical properties of SX 
superalloys, exposed to high temperature loadings, should be taken into consideration in 
the evaluation of mechanical properties of SX superalloys. 
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Abstract

The quality and endurance of metallic and thermal barrier coatings used on gas turbine components is a 
key issue for life management. As a consequence there is increasing industrial interest in techniques 
that assess coating condition not only prior to introduction into service but also after operation ie to 
monitor the actual degradation level of the metallic coating (bond coat) and the integrity of TBCs. 
Recently there has been increasing interest in the development of reliable non-destructive techniques 
that are able to evaluate the condition of coatings, thus avoiding irreversible component damage.  In 
this paper a range of non-destructive techniques applicable to such complex coatings are reviewed.  
Examples are drawn from work contributed to COST522 and COST538; activities with the authors’ 
Institutes; and from published literature. 
This review describes the complementary capabilities and peculiar characteristics (eg spatial 
resolution) of the following techniques: frequency scanning eddy-current technique (F-SECT); photo-
luminescence piezospectroscopy  (PLPS); pulsed thermography; laser back scattering; impedance 
spectroscopy and acoustic emission.  
The potential for each of these techniques for in-situ monitoring of component condition is also 
discussed.

Keywords: Coatings, gas turbines, NDE, Frequency-Scanning Eddy Current, Photo-
Luminescence Piezospectroscopy, Laser Back-Scattering 

Introduction 

Initially coatings were applied to hot parts in gas turbines to increase resistance to 
high temperature oxidation and hot corrosion. More recently the possibility to 
increase inlet temperatures and thus significantly increase turbine efficiency came 
with the introduction of ceramic thermal barrier coatings (TBCs) on combustion 
chambers and rotating blades. The endurance of such coatings is a key concern for 
both manufacturers and operators as very variable lifetimes can be registered. As a 
consequence it is important both to assess the condition of the coating prior to 
introduction into service and to monitor the actual degradation level of the metallic 
coating (or bond coat, BC) and the integrity of TBCs after operation. 

Detailed description of the composition, processing and subsequent microstructure of 
individual coating systems is beyond the scope of this review, which will focus on the 
use of non-destructive techniques to monitor the evolving condition of coatings after 
service exposure.  However a distinction will be made between ceramic layers 
produced by electron-beam plasma vapour deposition (EB-PVD) and air-sprayed 
plasma (APS) techniques.  Both the residual protective capability of the metallic 
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coating from oxidation and hot corrosion, and the detection of incipient failure of 
TBCs before macroscopic spallation will be considered. 

Industrial needs 

Gas turbine users usually follow the maintenance schedule suggested by the OEM, 
which is usually based on very conservative criteria to increase plant reliability. In 
practice, after a defined operation period the coatings of hot parts in each specific 
plant could have a different residual life, depending on the particular operation history 
experienced. Even if life prediction modelling of metallic coatings is nowadays well 
developed, the actual coating durability reduction due to fuel changes and/or higher 
degradation due to cycling is still less known. Moreover the problem of coating 
assessment (both in the as produced situation and after service) is even more critical 
for ceramic thermal barriers, as the endurance of such coatings is still a key issue and 
very variable lifetimes are registered.  

As a consequence both the OEMs and the utilities have a common interest in the 
development of non destructive techniques able to evaluate both initial coating quality 
and the actual coating situation after an operation period, on several respects: 

thickness measurement; 
incipient defects and detachments;  
protective capability deterioration of the bond coat (BC); 
internal oxidation and interdiffusion at the interface with the substrate;  
growth of the thermally grown oxide (TGO) at the metallic/ceramic interface, 
with the development of high compressive stresses at the bottom of the TBC; 
sintering of the ceramic layer (TBC)  and consequent thermal conductivity and 
stiffness increase;
microcracking of TGO and TBC  

All these aspects of coating degradation are happening inside a multi-layer system and 
non-destructive techniques should be able to detect the different damage mechanisms 
that contribute in an interactive way to the final TBC failure.  Recent development of 
such techniques are both in the direction of higher reliability and sensitivity and also 
in the direction of the applicability in situ during scheduled inspections, without 
dismounting the blades.  

A further step highly desirable in perspective for industry could be the possibility to 
use such non destructive techniques directly on blades mounted in the gas turbine, 
even without opening the turbine case. New methodologies could implement the 
inspections based today only on the visual inspection with the aid of optical fibres and 
video cameras and give a more complete coating assessment. Such data could be a 
starting point for more precise residual life evaluations, permitting optimised 
inspection intervals and reduced maintenance costs. 

Individual Techniques:

Frequency scanning eddy-current technique (F –SECT)
The degradation level of the protective capability of metallic coatings, which are used 
for protective against environmental attack or as bond coats, is the first issue to be 
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considered in coating life assessment of hot parts. It depends on the residual content 
of the aluminium-rich  phase, which is gradually reduced due to interdiffusion of Al 
with the substrate on one side and the formation of alumina on the other. Modelling of 
these phenomena is well developed [1-4] and allows residual life estimates based on 
coating thickness and residual phase content, using inverse problem solution 
techniques [5].

The Frequency Scanning Eddy Current method (F-SECT) [6-10] is a special 
application of the eddy current technique.  It is based on the principle of scanning the 
frequency of the sinusoidal currents applied to the transmitter coil of the probe, held 
near the surface of the component.  The magnetic field produced at each frequency 
penetrates in the material at a depth inversely proportional to the square root of the 
frequency.   The receiver coil inside the probe detects the field “reflected” by the 
material in the form of an induced voltage at its terminals. The probe output voltage 
vs. frequency is influenced by the small differences in electrical conductivity between 
adjacent layers of electrically conductive multiple-layer materials, such as the metallic 
coating-substrate system of hot parts. From these raw data the physical parameter 
“normalised impedance” is obtained, by a computerised system. As shown in 
Figure 1, different shapes of the impedance vs frequency plot are associated to 
different damage levels of an MCrAlY coating. [6]. 

Figure 1 Examples of impedance vs frequency plots associated to different damage levels 

of an MCrAlY coating. The parameter EBT is also indicated [6]. 

An inter-comparison exercise, organised by EPRI, verified the capability to measure 
the thickness of new MCrAlY coatings  [7]. On service exposed components the total 
thickness of the metallic coating can be measured and also the diagnostic parameter 
called EBT (effective  thickness (see Figure 1)), indicating the thickness of the 
residual protective layer inside the coating (see Figure 2) [7, 9]. 
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Figure 2 Demonstated agreement between the coating thickness and EBT values 

estimated by F-SECT and measured by metallographic analyses [7, 9].   

Figure 3 Example of F-SECT results on 18 points of an operated component with EB-

PVD TBC and NiCoCrAlYRe bond coat: thickness of TBC ( ), residual 

protective layer of the metallic coating ( ) and anomalous precipitation layer 

at the interface with the base material ( ), [8]. 

In modern gas turbines a metallic layer is present under the ceramic thermal barrier 
and is subjected to similar aluminium depletion.  Figure 3 shows an example [8] of 
the application of the F-SECT system to evaluate the degradation of the 
NiCoCrAlYRe bond coat on an operated V94.3A2 gas turbine. An additional benefit 
of the F-SECT technique is that the thickness of the TBC can also be measured, 
through the lift-off signal, if the distance of the probe is kept always at a fixed 
distance from the component surface, as in the case of the probe developed by CESI. 
This sensor is applicable in situ on mounted blades in the turbine after service 
exposure [8], as shown in Figure 4. On the first blade several measurements are taken 
to find out the hottest region; then in that position measurements are performed on all 
the blades (or on a statistically significant number of blades of the same wheel), to 

precipitation

0

50

100

150

200

250

300

350

400

0 2 4 6 8 10 12 14 16 18

# measurement

E
s

ti
m

a
te

d
 t

h
ic

k
n

e
s

s
 (

m
ic

r
o

n
)Ceramic

layer

     EBT

depleted coat

anomalous

at interface

0

50

100

150

200

250

300

0 50 100 150 200 250 300

Destructive measurements, m

F
-S

E
C

T
  
e

s
ti

m
a

te
s

 ,
 

m

Equivalent beta thickness of coating after service exposure

Thickness of new coating
0

50

100

150

200

250

300

0 50 100 150 200 250 300

Destructive measurements, m

F
-S

E
C

T
  
e

s
ti

m
a

te
s

 ,
 

m

Equivalent beta thickness of coating after service exposure

Thickness of new coating

220



obtain a representative assessment of blade coating degradation, to support 
maintenance decisions.  

Finally examples were recently published of the possibility to estimate the mean 
operation temperature of the measured region of the component [11, 12] using coating 
degradation models and inverse analysis methods applied to F-SECT results.  

Figure 4 New F-SECT sensor for in situ measurements on mounted blades. 

Photo-Luminescence Piezospectroscopy  (PLPS) 
PLPS is used to monitor residual stress in the thermally grown oxide (TGO) within 
the TBC system.  The principle of the technique is that laser excitation of small 
amounts of Cr3+ ions in the TGO causes fluorescence to occur and the spectral 
response is pressure (stress) dependent [13,14].  Thus should the TGO become 
detached the stress would be reduced and would be detected by a peak shift in the 
fluorescent spectra.  The surface of a laboratory specimen or component can be 
scanned to determine a spatial distribution of TGO stress and hence (potentially) 
delaminations. 

There are however many subtleties in interpreting the luminescence signal to 
determine the TGO stress. For a single homogenous stress state at a given temperature 
a well-defined doublet is observed which requires at least eleven parameters to 
describe its R1/R2 spectrum. [15,16].  These are the peak positions of the R1 and R2 
line and their separation, the intensities of the R1 and R2 lines and their ratio, the 
halfwidths of the R1 and R2 lines and their ratio, and the shape of the R1 and R2 lines 
conventionally expressed as the fraction of Lorentzian versus Gaussian character for 
each R line (Figure 5). 
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Figure 5   Representative spectrum from luminescence of Cr
3+

 ions showing the 

parameters required to define the peak fully  

In practice the spectra obtained from aged TBC systems often contain more than a 
single stress state and two or more R1/R2 doublets must be used to interpret the 
signal. In this case a fit to two doublets is implemented, with the parameters from the 
fit to a single doublet utilised to obtain an initial estimate of the parameters for the 
optimisation routine.  Occasionally even two doublets are insufficient to fit the 
experimental data and in this case the signal cannot be interpreted.  Examples of 
fitting experimental data are shown in Figure 6. 

(a)     (b) 
Figure 6 Fitted spectra obtained from two different regions of IN738/Amdry 997/ EB-

PVD coating system after exposure for 1200 h at 1000 °C (a) good fit obtained 

(b|) poor fit 

A selection of spectral collection and fitting procedures were compared [16].  The 
exercise had two components – spectra collection and spectral analysis and involved 
University of California, Santa Barbara (UCSB), University of Connecticut (UConn), 
Oak Ridge National Laboratory (ORNL), University of Trieste (U Trieste), National 
Physical Laboratory (NPL) and Imperial College (IC).  Four institutes carried out 
measurements on TBC samples aged for various times.  The results showed good 
consistency as demonstrated in Figure 7. 
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Figure 7 Comparison of PLPS measurements from different laboratories carried out on 

TBC specimens aged at 1000 °C for various times (data from ref [16]). 

A similar comparison was carried out for spectral fitting where the dataset was 
distributed electronically to five institutes for fitting using their ‘in-house’ procedures.  
Again good agreement was obtained when the spectrum was analysed using 
procedures that fitted the data to a pair of doublets rather than assuming a single stress 
state (Figure 8). 

Figure 8 Comparison of R1 And R2 wavenumbers derived by different institutes from a 

common dataset  obtained from a TBC system after ageing for 100 h at 1000 °C 

(Data from Ref [16]). 

The evolution of TGO stress with time at temperature has been studied by several 
researchers on EB-PVD [17,18] and APS [17, 19] systems.  A typical pattern of stress 
evolution with exposure for an EB-PVD system is shown in Figure 9 – the specimen 
failed completely before 700 cycles had been completed.  It can be seen that for the 
majority of the coating life the mean stress derived from the two R2 peaks (see Figure 
6 for explanation) remains effectively constant but that just prior to failure the mean 
compressive stress decreases and the scatter between points measured on the same 
specimen increases.  

Detailed analysis of the data obtained after each exposure time show that early 
warning of failure may be obtained.  Figure 10 shows individual data points from each 
of the above conditions, plotted on a probability diagram. It can be seen that the stress 
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values indicate a significant event, attributable to the initiation of failure, after 500 h 
exposure.  The technique has potential use for inspection without dismantling the gas 
turbine.  Towards this aim a portable system, incorporating a small probe that can be 
inserted through the inspection ports of the engine is presented in [20].  The 
limitations of this technique are that the attenuation of the signal is very high, 
particularly in APS TBC systems. Subsequently the technique at the moment is 
effectively limited to EB-PVD TBCs, even if a recent application of PLPS to pseudo-
columnar APS TBCs seems to give positive results [21], worthy of further 
investigation.
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Figure 9 Evolution of TGO stress with exposure time for EB-PVD\ MCrAlY Coating on 

IN738 aged at 1000 °C

Figure 10   Probability plots of TGO stress as a function of exposure time (a) high stress 

component (b) low stress component  

Laser Back Scattering (LBS)

LBS is a non contact optical technique recently developed at Argonne National 
laboratories [22,23] and based on the transparency of ceramic materials at visible and 
near infrared radiation.  Figure 10 shows the principle of the technique: a polarised 
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He-Ne laser beam is scanned along the ceramic surface, partially transparent to it.  
The radiation backscattered by the metal/ceramic interface or by defects in the 
ceramic layer is collected in real time and sent to two detectors (A and B in 
Figure 10). A reflecting surface with a small hole (typical diameter 100 m) is placed 
in front of the first detector, so that it collects only the low angle back scattered beam; 
the high angle fraction is collected by the second detector; one fraction of the back 
scattered light is also sent to a video camera to form the image of the inspected area. 

Computerised 3D scanning of the surface is performed; in each point the signals of 
the two detectors are collected and used to form two images:  a grey scale image of 
the surface and an image obtained with the ratio between the two signals, containing 
information about the lateral extension of the area containing defects.  Dedicated 
software performs a statistical analysis of the grey levels distribution of the two 
images, obtaining quantitative information about the type of defect (e.g. size of small 
cracks, detachments)  [24].    

Figure 11 Schematic of the laser backscattering technique, developed by Ellingson [22] 

This technique has been applied to the analysis of the degradation of thermal barrier 
coatings used on blades and vanes of gas turbines [24]. Back scattered light images 
were measured on specimens of CMSX4 with an MCrAlY bond coat and a 7-8 wt% 
YSZ ceramic layer  (APS or EB-PVD), which had been exposed to thermal cycling in 
a cycling oxidation test.  One of the most important results is that the shape of the 
grey levels histogram changes during the thermal cycling of the specimen, as shown 
in Figure 11. The peak position is correlated with the number of thermal cycles and 
consequently to the increase of the interface between the bond coat and the zirconia 
layer.  These preliminary results are promising but further studies are needed to better 
evaluate the reliability of the indications relative to the damage level of the thermal 
barrier.
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Figure 12 Laser back scattering technique applied to  CMSX-4 specimens with MCrAlY 

bond coat and YSZ thermal barrier.  Change of the grey level histogram with 

number of thermal cycles and roughening of the metallic/ceramic interface. 

Impedance spectroscopy (IS)
IS is a non-destructive technique, based on the measurement of electrical impedance 
at different frequencies; it is extensively used to identify the microstructural changes 
of ceramic materials which induce variations of electrical properties (as densification 
and microcracking associated to phase transformation) [25]. In the last years [26-28], 
this technique has been applied to characterise Thermal Barrier systems and to assess 
the TGO growth in TBCs after exposure at high temperatures. Impedance 
measurements are possible only at temperatures where the ceramic coating has a 
sufficient conductivity due to oxygen ions transport. As a consequence the specimen 
under test has to be heated, in air, at temperatures higher than 200 °C. 

To perform the IS measurements, the metal side of the coated specimen acts as one 
electrode; the ceramic TBC side is coated with a silver paint, to serve as the other 
electrode.  During the application of an alternating current (a.c.) with varying 
frequency (typically in the range 1 Hz-1x107 Hz), the voltage and current responses 
related to YSZ, TGO and mixed oxide layers are measured and presented in the 
impedance spectra [24,25]. These spectra are acquired by measuring the magnitude 
and phase shift of the resulting current.  

The most frequently used presentations of impedance data are as Nyquist and Bode 
plots [25-27]. In a Nyquist plot, also termed the complex plane impedance plot, the 
impedance is represented by a real part Z’ and an imaginary part Z’’ with the formula 
Z( )=Z’+jZ’’, where  is the angular frequency and j=the square root of (-1). For a 
simple resistor-capacitor (R-C) circuit, the Nyquist plot is characterised by a 
semicircle. If the physical system is more complicated, few semicircles could be 
present, as shown in Figure 10, relating to as-sprayed and oxidised specimens [26,27]. 
These spectra have to be fitted with an equivalent circuit, using proper Equivalent 
Circuit software, which corresponds to a physical model of the multi-layer system. 
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The equivalent circuit represents the main electrical features of the model when fitting 
measured spectra   [27,28]. 

Figure 13 Typical Nyquist plots for the specimens as-received and oxidised at 950°C for 

different times: IS  measurements  at 400°C [25]. 

In a Bode plot, the modulus of the impedance and the phase angle are both plotted as 
a function of frequency. The phase angles as function of frequency are represented in 
Figure 14. In this diagram the relaxation frequencies of each layer of the system are 
evidenced. Changes of the relaxation processes are related to the changes in material 
microstructure (porosity, densification, micro-cracks) and microchemistry (mixed 
oxides). In Figure 14, for instance, two relaxation processes are evidenced for the as-
sprayed and 100h oxidised specimens, while for the specimens oxidised for 1000 h or 
more there are three processes [27].  The two relaxation processes of the as received 
material in the impedance spectra correspond to the alumina and to Yttria Stabilised 
Zirconia (YSZ) topcoat, when a discontinuous alumina layer is formed between the 
top and bond coats. Instead, three relaxation processes were found in the impedance 
spectra, corresponding to the alumina layer, the mixed oxide layer, and the YSZ layer, 
when a continuous alumina layer and a mixed oxide layer were formed between the 
top and the bond coats. 
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Figure 14 Phase angle as a function of frequency at 400 °C for the specimens as received 

and after oxidation at 950°C for different times.  

Recently, using the IS technique and SEM/EDX, Anderson et al [30] have 
characterised a range of isothermally heat-treated plasma sprayed (PS) and electron 
beam physical vapour deposited (EB-PVD) thermal barrier coatings.

Overall IS seems to be a powerful non-destructive tool to monitor TGO growth, 
mixed oxide formation and, in general, for the analysis of the whole TBC systems. 
Nevertheless, its application, for the practical requirements (high temperature 
operation, electrode), is still confined to laboratory assessment. 

Recently a new implementation of this technique, named Electrochemical Impedance 
spectroscopy (EIS), has been pressed in literature to perform in electrolyte solution 
[29,30], room temperature assessment of both free-standing TBC samples and multi-
layered Thermal Barrier. The feasibility of this technique is still under investigation. 

Acoustic Emission (AE)
AE is well known as a non-destructive method for detection of damage initiation and 
growth induced for example by thermal or mechanical stresses. Energy release during 
damage processes generates ultrasound waves inside the material that can be easily 
detected with appropriate transducers.  Recently AE has been used during mechanical 
tests performed on TBC coated specimens to determine the deformation level at 
which delamination occurred [31-35]. The use of two or more sensors allows the 
location of the damage to be defined, thus permitting only those of interest to be 
analysed.
Moreover in some laboratories acoustic emission is also applied to detect both oxide 
spallation and TBC detachments during cyclic oxidation tests [31]. In such case a 
metallic guideline welded to the testing specimen is necessary to preserve the sensor 
from the high temperatures experienced by the specimen.  

A recent development in AE analysis is the use of wavelets to differentiate between 
different damage mechanisms.  To date the authors are not aware of any direct 
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application of this analysis to gas turbine coating but the technique has been used to 
determine fracture features in scratch testing of coated steels [36]. 

Finally it must be noticed that the applicability of this technique is presently limited to 
laboratory tests. 

Thermography 
Thermography can be used to inspect coating systems in several ways.  In the simplest 
case the area of to be inspected is heated either through conduction or radiation and 
the surface temperature monitored using a suitable imaging system such as a scanning 
infra-red camera with mK resolution.  Areas of cracking/delamination are detected as 
cool or hot spots respectively.  This is illustrated in Figure 11 for a 
IN738/MCrAlY/EB-PVD system.  The thermographs in Figure 11a and 11b show the 
image obtained from conduction and radiation heating respectively.  Figure 11c shows 
a cross-section of the coated specimens and clearly shows the delamination causing 
the thermal contrast. 

Figure 15 Example of application of thermography in a IN738/MCrAlY/EB-PVD 

coating system (a) Conduction heating mode (b) Radiation heating mode 

(c) Metallographic cross section 

(a) (b)

(c)

(a) (b)(a) (b)

(c)(c)
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The theory of thermal wave imaging is well established [37,38] and has been used to 
demonstrate that the technique will not detect cracks that are normal to the surface 
[37].  In addition the theory allows other characteristics of the coating to be 
determined eg thickness and thermal properties [38]. 

Conclusions

Several NDE techniques exist for assessment of the condition of gas turbine coatings 
both prior to entry into service and after exposure.  Each technique produces 
complementary information and for a full assessment of coating condition a 
combination of NDE techniques is recommended. 

The capabilities, limitations and applicability of the techniques are summarised in 
Table I. 

Table I Comparison of Available Techniques 
Technique Detection capabilities Limitations In Field applicability 

F-SECT MCrAlY or bond coat 
degradation
(quantitative 
parameters) 
TBC thickness 

Requires
preliminary 
calibration on 
each type of 
metallic coating

also on mounted 
blades - open turbine 
case

PLPS Very early stages of 
damage at TBC/BC 
interface can be 
detected
TGO residual stress 
level (quantitative) 

Only EB-PVD 

Application to 
Pseudo-
segmented APS 
is under study 

Portable instrument 
with optical fibre – 
dismounted blades 

Thermography Detachment at TBC/BC or 
metallic coating/substrate 
Interfaces 

An air layer 
must be formed 
at interfaces, 
several mm 
wide

YES if component 
accessibility exists 

Laser BKS Interface TBC/BC 
Roughness increase 

 Only laboratory 

IS – EIS Evolution processes and 
TGO growth  

 Only laboratory 

AE Initial delamination of TBC
During laboratory testing  
(active technique) 

 Only laboratory 
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Abstract 

Gasification of feedstock such as coal, petroleum coke, refinery residuals, biomass, waste and their blends is an 
emerging technology to produce syngas as a fuel for gas turbines and for chemical processing. More than twenty 
syngas-fired turbine plants have been constructed world wide and many more are being considered for the future. 
Although these plants utilize multiple stages of cleanup of the product gas, limited quantities of impurities pass the 
cleanup systems; these enter the gas turbine hot section flow path after combustion leading to a risk of damage to the 
vane and blade materials. Since the turbines used in these plants and their hot gas path materials have typically been 
designed to operate with natural gas (the purest of fuels), materials performance associated with operation with 
syngas fuels is of concern.  

This paper discusses materials experience and issues related to gas turbines operating with fuels produced by 
gasification systems. Operational requirements that affect the hot section materials environments are reviewed. 
These include injection of diluents (such as steam) for the control of NOx emissions and increased hot section mass 
flow due to the relatively low energy content of syngas. Levels and composition of impurities in syngas produced at 
an Integrated Gasification Combined Cycle (IGCC) plant are discussed along with potential compositions of 
impurity compounds resulting from the combustion of gasification product gas. Available information on corrosion, 
erosion, and deposition degradation of turbine alloys and coatings from pilot plant tests and IGCC turbine 
experience is described. Remaining materials issues for syngas turbines are presented, including the effects of higher 
inlet temperatures in future turbines to increase efficiency and power output, and thereby improve the economics of 
IGCC plants.  

Keywords: syngas, turbine, materials, issues 

Introduction 

In recent years, more than twenty commercial plants have been constructed that utilize gas 
turbines operated with synthetic gases (syngas). Because of decreasing availability of low cost 
fuels and other factors, many more syngas turbine plants are being considered for the future. The 
wide range of feedstock to the gasifiers that produce the syngas has included coal, petroleum 
coke (petcoke), biomass, waste, and blends of these feedstock. The gasifier product gases are 
typically processed by many stages of cleanup to remove environmental pollutants and to protect 
the components in turbine hot section from corrosion, erosion, and deposition due to feedstock 
ash impurities. The combustible products (H2/CO) in the syngas and overall level feedstock ash 
carryover to the turbine combustor are well controlled by the gasification and syngas treatment 
processes. However, the composition of the remaining limited level of impurities in the syngas 
combustion products and their effects on turbine hot section materials can potentially vary 
greatly between different plants, depending on the wide variety of feedstock, gasifier 
configurations, types and number of syngas processing stages, and operating conditions. This 
paper considers the effects of several of these many factors affecting hot section materials 
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performance to identify potential materials issues and needs for turbines operating in advanced 
gasification systems. Since relatively little in-depth information is available in the open literature 
on syngas impurity compositions, severity of syngas turbine materials environments, and 
characterization of the extent and nature of materials degradation, the information discussed in 
this paper represents an initial perspective on materials issues for syngas turbines and potential 
solutions.  

Syngas turbine operational factors 

Low heating values typical of syngas and injection of diluents (to control combustion 
temperatures and therefore thermal NOx) have resulted in higher mass flows (~14%, Ref. [1]) 
through the turbine hot section than for operation with natural gas. This produces 20-25% higher 
turbine output power compared to natural gas but also tends to increase the heat transfer to the 
hot section vanes and blades. Accordingly, syngas turbines have been operated at reduced firing 
temperatures to maintain hot gas parts at temperatures similar to those of the same model 
turbines operated with natural gas (Ref. [1]). Future higher inlet temperature turbines produced 
for operation with syngas may need higher temperature TBC/alloy designs and/or increased 
cooling of the upstream rows of the hot section and also higher temperature alloys for the 
uncooled downstream rows. 

Both steam and nitrogen have been used as syngas diluents in IGCC plants to control NOx 
emissions. For example, a representative nitrogen diluted syngas fired in the turbine combustor 
at one IGCC plant contains about 53 % N2 for dilution with about 11% H2 and about 4% H20 
(Ref. [2]). A representative steam diluted syngas fired in the turbine combustor at another IGCC 
plant (Ref. [2]) contains 22% H20 and 28% H2 (all of the above are expressed as volume %). 
Consequently, the diluent used (steam vs. nitrogen) and water vapor formed from H2 in the 
combustion process along with differences in water input for various gasification processes result 
in significant differences in possible in water vapor levels in the combustion gases flowing 
through IGCC turbine hot sections. This may result in differences in hot section component 
degradation since increased water vapor levels have increased oxidation rates in laboratory tests 
of turbine materials (Ref. [3]). 

Syngas turbine inlet temperature is another important operational factor affecting materials 
performance, as to be discussed in some detail in a later section. 

Impurities in syngas 

The levels and composition of the limited impurities that are carried after cleanup into the 
turbine depend not only on the specific cleanup processes and equipment at the syngas plant but 
also on the gasifier feedstock. For coal feedstock (and coal blends with other fuels such as 
petcoke), the potential range of impurity concentrations and composition are large along with the 
potential variation in impurities that might enter IGCC turbines, as suggested by Table 1 below.  
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Impurities in the cleaned syngas entering an IGCC turbine combustor can be in gaseous or 
particulate form. Very little data on IGCC syngas impurities appear to be available in the 
literature. However, Table 2 gives data on impurities (Ref. [5] data converted to ppmw) that have 
been measured in the undiluted syngas immediately upstream of the turbine combustor at the 
Polk Power Station IGCC Plant operated with a the gasifier feedstock consisting of a blend of 
coal and petcoke. The total particulate loading is 0.41 ppmw, which is substantially greater (by 
about 20x) than the sum of the listed particulate elemental concentrations in Table 2. This is due 
to several factors including: 
i) The mass of silicon and aluminum are not given in the analyses above. Expressed as oxides, 

silica and alumina constitute about 49.2% and 20.5% (by weight) of the ash minerals in a 
typical coal/petcoke blend feedstock used at the plant. Presumably, a large fraction of the 
syngas particulate would consist of compounds of silicon and aluminum, which were not 
measured.  

Element Range (%) 
    
Na 0 — 0.20 
Mg 0.1         — 0.25 
Al 0.43 — 3.04 
Si 0.58 — 6.09 
Cl 0 — 0.56 
K 0.02 — 0.43 
Ca 0.05 — 2.67 
Ti 0.002 — 0.32 
Fe 0.32 — 4.32 
Zn 0 — 0.56 
  (ppm)  
Be 0 — 31 
B 1.2 — 356 
F 10 — 295 
P 5 — 1430 
Sc 10 — 100 
V 0 — 1281 
Cr 0 — 610 
Mn 6 — 181 
Co 0 — 43 
Ni 0.4 — 104 
Cu 1.8 — 185 
Ga 0 — 61 
Ge 0 — 819 
As 0.5 — 106 
Se 0.4 — 8 
Br 4 — 52 
Y <0.1 — 59 
Zr 8 — 133 
Mo 0 — 73 
Cd 0.1 — 65 
Sn 0 — 51 
Sb 0.2 — 9 
La 0 — 98 
Hg 0.01 — 1.6 
U <10 — 1000 
Pb 4 — 218 
    
Table 1. Trace Element Range in US Coals 
                            (Ref. [4]) 

Element                Particulate       Gaseous      
       
Arsenic                   < 16E-6*         <0.00023* 
Calcium                  0.0024              0.063        
Iron                         0.0021              0.0049  
Mercury                  < 3.9E-6*        0.0048 
Nickel                     0.000026          0.00011
Potassium               0.00053            0.0051 
Sodium                   0.0128              0.095 
Carbonyl sulfide                             173.0 
Hydrogen sulfide                               1.6 
Ammonia                                        0.116 
HCl                                                 0.036 

Table 2.  Syngas Impurity Levels (ppmw) 
(*indicates levels below detection limit values 
shown) 
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ii) The masses of the other elements (e.g., S, Cl and possibly F) that form the ash particulate 
compounds in the syngas are not given in Table 2. 

iii) Since coal ash contains a large range and variety of elements (Table 1), the syngas particulate 
(and also gaseous) impurities very likely contain significant quantities of other elements not 
measured.  

                                               
Materials environments in syngas turbine hot sections  

The addition of N2 or H20 for NOx control and the air used in the turbine combustion processes 
dilute the concentrations of particulate and gaseous impurities entering the turbine hot section. 
For example, the total particulate concentration of impurities entering the turbine hot section is 
estimated to be reduced by about a factor of ten (to about 0.04 ppmw) for the syngas (diluted 
with N2) which impurities are listed in Table 2. A GE turbine fuel specification (Ref. [6]) limits 
total sodium plus potassium (Na +K) in conventional fuels to less than 1 ppmw. At a typical 40:1 
air to fuel ratio in turbine combustion of conventional fuels results in a maximum allowable limit 
of <0.024 ppmw in the turbine hot section expansion gases. The factor of ten dilution of 
impurities just discussed for the syngas of Table 2 (due to addition of NOx diluents and 
combustion air) results in a calculated particulate and gaseous Na+K value of about 0.01 ppmw, 
about 40% of the limit implied by the GE standard. Note that the more stringent ASTM Standard 
(Ref. [7]) of <0.5 ppmw Na+K in the fuel implies an allowable syngas turbine hot section Na+K 
limit <0.012 ppmw which is only slightly higher than calculated for the syngas which impurities 
are listed in Table 2. The calcium levels (particulate plus gaseous) in Table 2 correspond to about 
13% of the limit implied by the GE standard of 2 ppmw (Ref. [6]).  
                                                                                                           
Since the above discussed fuel impurity standards are based on experience related to past fuels 
(e.g., residual oils), their applicability is not certain for gasified solid fuels which have a broader 
range and different relative concentrations of impurities than oil-derived fuels. Also, the flow 
path impurities produced by oil-derived fuels typically enter the hot section as gaseous phases 
that condense as very small particles which experience very low rates of delivery to turbine flow 
path surfaces. Table 2 of syngas impurities shows particulate in addition to gaseous phases. If 
these particulate do not vaporize in the turbine combustion process and enter the hot section, 
rates of delivery of some critical impurities to turbine surfaces could be significantly higher than 
for oil-derived fuels, even at lower concentrations in the syngas than corresponding to the fuel 
specifications.     

Assuming sufficient reaction time in the burner, the combustion process oxidizes impurities that 
existed in the syngas under reducing conditions. Thermal-chemical analyses representing the 
transformations of syngas impurities and hot section materials environments resulting from 
turbine combustion do not appear to be available in the literature. Such analyses would be useful 
to identify critical impurities (e.g., those resulting in molten phases) for laboratory tests to 
evaluate turbine alloys and coatings for syngas turbine conditions.   
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Turbine materials experience  

IGCC plant experience
Information in the literature on turbine materials experience at IGCC plants is very limited. 
Deposits (attributed to pipe scale) formed on turbine combuster liners and hot section vanes and 
blades during early operation of one US IGCC Plant. Installation of a syngas filter immediately 
upstream of the combustor significantly reduced the deposition. Even after installation of the 
filter, coatings on first stage vanes and blades had to be refurbished after each scheduled periodic 
inspection at least through early 2001 (Ref. [8]). Figure 1 shows a first stage rotor blade (GTD-
111 DS, CoCrAlY coating with over-aluminide) taken from the turbine after about 24,000 hours 
of service operating with syngas produced from coal and petcoke and #2 distillate fuel (for 
startup). The airfoil had experienced erosion on the leading edge and on the downstream pressure 
surface extending to the trailing edge at the tip regions. Some areas of the airfoil were not 
significantly affected while in other areas the coating were significantly degraded. 

                          Figure 1. First Stage Syngas Turbine Blade  

Fig. 2 (Ref. [9]) shows a section of the blade and the range of surface conditions at the nose and 
downstream regions. The coating in the eroded nose region had been completely removed and 
the underlying alloy substrate was oxidized with internal particles of alumina and some nitrides. 
Cracking of the coating is seen immediately downstream of the leading edges on both the 
concave and convex surfaces of the airfoil. Other analyses (Ref. [5]) show sulfides and the 
absence of a continuous alumina layer in areas of the leading edge. 
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Figure 2. Cross Section of First Stage Syngas Turbine Blade 

At another IGCC plant during one period of operation well after the plant was commissioned, the 
first stage vanes and blades of the turbine needed replacement at a much shorter interval than for 
a natural gas turbine. At a later inspection (and less than 12,000 operating hours after the 
vane/blade replacement), spalled TBC coating and deposits fragments were obtained from the 
first stage vanes of the turbine. The turbine had operated with syngas (produced from coal and 
later from petcoke) in addition to startup with fuel oil and natural gas. The spalled TBC and 
deposits from the vanes were analyzed at the University of Pittsburgh (Ref. [9]). X-ray 
diffraction analyses of the spalled TBC coating indicated the presence of NiFe2O4. EDS 
analyses confirmed the presence of Ni and Fe in the spalled TBC. Analyses of the vane deposits 
indicated Fe2O3 and possibly FeS2. EDS analyses of the deposits also showed the presence of 
Fe and S in addition to Ca and Ni. Other analyses showed that the deposit penetrated into the 
porosity of the TBC and appearance suggested that the deposit might have been molten.  

Hot section parts from other syngas turbines at IGCC plants have also been analyzed (Ref. [10]).  
Analyses of a NiCoCrAlY coated syngas turbine first stage blade showed a spinel (Ni/Co-rich) 
oxide scale on the coating and some internal sulfidation. Analyses of TBC coated turbine part 
(from another IGCC plant) that had experienced deposition and regions of spallation showed 
Fe2O3 as the primary constituent of the deposit with also the presence of Si, Al, Ca, Mg, Na, K, 
and sulfate ions. Oxides of Co, Cr, Si and Mg were observed throughout the depth of the 8YSZ 
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coating thickness. Significant presence of spinel compounds (e.g., NiFe2O4, NiCr2O4, 
CoCr2O4) was observed in the analyses of surfaces exposed by the spallation of the coating.  

Although Si and Al are typically the impurity elements of highest concentrations in coal ash and 
petcoke ash, Fe sometimes appeared to occur at relatively higher concentrations in the analyses 
of deposits adjacent to areas of turbine coating/alloy degradation described above. As indicated 
earlier, spalled scales from upstream piping has been considered as a source of iron in deposits 
on hot section components in at least one IGCC turbine. Also, a well know laboratory method for 
extraction of iron involves flowing carbon monoxide over an ore to produce iron carbonyl 
(Fe(CO)5). Consequently, iron extracted from upstream piping by syngas CO might potentially 
be another the source of the higher relative concentrations of iron in turbine component deposits 
compared to other elements in gasifier feedstock ash.  

Significant deposition typically requires molten phases for attachment/sticking of particles 
delivered to surfaces from the high velocity flow stream. This often results in higher deposit 
concentrations of elements involved in the molten phases that attach the deposits than their 
concentrations in the fuel ash. Molten phases are also usually implicated in corrosion. 
Consequently, although Fe is usually not implicated in corrosion of turbine materials, lower 
melting point compounds containing iron might be involved in some of the syngas turbine 
materials degradation described above. For example, even without the presence of alkali or 
sulfur, oxide eutectics of Fe and other ash elements (e.g., Ca and Si) can be molten in the vicinity 
of 1200 C and lower (Ref. [11]).  

Materials test data 
A materials program in Japan exposed specimens of turbine alloys and coatings for periods up to 
350 hours and temperatures of 850, 950, and 1050 C to the combustion products from a cleaned 
syngas produced by a Texaco type, entrained bed coal gasifier pilot plant (Ref. [12]). Syngas 
cleanup included a zinc oxide process to remove sulfur and a hot gas filter to remove particulate. 
This resulted in less than 150 ppm H2S, 300 ppm COS, and under 5 mg/m3N particulate in the 
cleaned syngas. Analyses of the cleaned syngas indicated Na, K, and Ca levels of 0.05mg/m3N, 
0.03 mg/m3N, and 0.12 mg/m3N, respectively. At the same time as the materials tests, 
deposition results were obtained for a row of small airfoils exposed to the flow of the combusted 
syngas. 

In the corrosion tests, the uncoated alloys Rene 80H and FSX414 experienced depth of corrosion 
penetration up to 100 microns and greater in 350 hours. Initial depth of penetration through 100 
hours was low for the CoCrAlY and CoNiCrAlY coated specimens but they appeared to 
experience the start of breakaway degradation by 350 hours. The 8YSZ TBC experienced the 
least depth of damage (less than 30 microns in 350 hours) of any of the materials tested. 

Although the syngas cleanup system produced an ash loading mostly under 1 micron in diameter, 
delivery of particles was sufficient to produce deposits in the airfoil test. Si, Fe, and Ni were the 
highest detected level elements on the concave (pressure) surfaces and Al, Si, and Ni were 
detected at the highest levels on the convex (suction) surfaces. Although P was not listed in the 
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minor element analysis of the syngas, significant levels of P were measured at all nine analyzed 
concave and convex surface locations. Since oxides of P can form relatively low melting point 
compounds with oxides of other ash elements (e.g., Fe and Si), molten compounds involving P 
likely contributed to sticking of particles delivered to the airfoil surfaces and bonding of the 
deposits. Molten phases involving P might also contribute to corrosion. 

Another element often not detected in corrosion for turbines using conventional fuels is Ca. 
However, coal ash typically contains significant levels of Ca and combustion rig tests under 
conditions of turbines operated with coal-water fuels showed two atypical forms of very 
aggressive corrosion involving Ca for CoCrAlY coated specimens (Ref. [13]). Recent cyclic 
oxidation laboratory tests (Ref. [14]) for platinum aluminide coatings on Rene N5 in dry and wet 
air (0.1 atm. H2O partial pressure) have shown substantial attack due to CaO deposits at 
temperatures of 950 and 1150 C. At these temperatures, CaO deposits caused more severe 
degradation than either Na2SO4 or CaSO4 deposits, and CaO attack was more severe in wet 
compared to dry air.  
  
Effects of higher inlet temperatures for future syngas turbines  

Among other factors, the high capital cost and lower plant efficiency compared to natural gas 
fired combined cycle plants have been deterrents to the commercialization of IGCC plants. For 
most turbine applications, increased inlet temperature is used to improve power output and 
efficiency and therefore economics. Consequently, turbines with higher inlet temperatures than 
those for which materials experience is described above might be expected in future syngas 
turbine plants. Although no materials data at higher gas temperature conditions of future syngas 
turbines appears to be available, past turbine materials test experience might provide some 
insights concerning the effects of increased syngas turbine inlet temperatures. This is because 
common materials degradation factors associated with increased gas temperatures have been 
experienced in turbine materials tests with a wide range of coal-derived and other alternate fuels. 
These factors are probably also significant for turbine operation with fuels produced by 
gasification.  

Before natural gas became the land based turbine fuel of choice, extensive rig tests in the 1970’s 
and 1980’s were conducted with alternate fuels to assess the effects on turbine materials 
degradation of increased turbine temperatures. Refs. [15] and [16] describe results from a 
number of past materials rig tests which are summarized here. These observations were 
consistent from materials test results using coal water fuels, coal derived liquids, residual oils, 
and deposition from pulverized coal. In summary, the past tests indicated that even extremely 
low levels of gas stream ash and impurities are capable of producing significant materials 
corrosion, deposition, and erosion degradation (as shown again by the degradation described 
above for IGCC components). The most critical factors affecting the type and rate of degradation 
are the size distribution of particulate (affecting the rates of delivery to surfaces) and levels of 
molten phases arriving at materials surfaces. Relatively low levels of corrosion and deposition 
along with weak deposits occur for low levels of molten phases delivered to surfaces. However, 
there is a transition temperature above which corrosion and deposition rates can drastically 
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increase (by an order of magnitude and more) as gas temperatures increase to a point where a 
significant fraction (probably only a few percent by mass) of the larger (order of 0.5 micron 
diameter and larger) gas stream particles are molten. Not only does the level of corrosion and 
deposition greatly increase above the transition temperature, but also the nature of degradation 
substantially changes. Above the transition temperature, additional and higher levels molten 
phases with different reactivity affect the modes of corrosion attack. Above the transition 
temperature deposits are very strong, tend to dominate greatly on upstream surfaces (protecting 
those surfaces from erosion) and grow approximately linearly with time. Below the transition 
temperature, deposits (if they occur) are relatively weak, have thickness of the same order of 
magnitude or less on upstream compared to downstream surfaces and deposit growth rates tend 
to decrease with time, often to a near limiting deposit thickness.    

Consequently, as syngas turbine inlet temperatures increase in the future, levels of materials 
corrosion and deposition may be at higher levels than experienced to date, unless additional 
approaches are taken to protect flow path components. These approaches might include selection 
of more corrosion resistant coatings and alloys, additional syngas cleanup, fuel feedstock ash 
specifications, or possibly even increased hot section component cooling. Development of these 
approaches for future higher temperature syngas turbines would probably require significant test 
programs, for example, to identify the most resistant coatings/alloys or define syngas impurity 
specifications for feedstock selection and/or cleanup specifications to limit levels of specific 
aggressive impurities.  

Identification of the turbine inlet temperature range above which a transition to extreme 
corrosion and deposition might be anticipated also requires testing. This temperature range is 
determined by the levels and composition of the ash particulate and vapor phase constituents that 
enter the turbine hot section. These are affected by the gasification feedstock ash chemistry and 
also by the plant syngas cleanup system. However, since combustion is an oxidation process, an 
initial criterion on an inlet temperature range where significant additional testing might be 
considered is temperatures above which oxide eutectics of primary ash elements (usually Si, Al, 
Fe, and Ca) can exist as molten phases. At these temperatures, sodium, potassium and sulfur 
(primary contributors to corrosion in past turbine experience) are no longer needed to produce 
molten ash phases. The much higher levels of the primary ash constituents in the fuel feedstock 
(compared to Na and K) might also be expected to result in relatively higher levels of these 
oxides carried into the turbine in a larger particle size range that results in substantially greater 
delivery rates to flow path surfaces than for the smaller size range of condensed alkali 
compounds.  A review of phase diagrams (Ref. [11]) involving oxides of Si, Al, Fe, and Ca 
suggests the potential for a variety of molten ash phases significantly increases starting at 
temperatures above 1250 C and that Ca appears to be the element most involved in the eutectics 
with the lowest melting points.       
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Syngas turbine materials issues - summary and conclusions 

This paper has reviewed limited available data related to syngas turbines to present a perspective 
on hot section materials issues for turbines operated in advanced gasification systems. Greater 
materials degradation (corrosion, erosion, and deposition) has occurred in at least some syngas 
turbines to date than for the same model turbines operated with conventional fuels such as 
natural gas. For properly designed and operated syngas cleanup systems, no forced turbine 
outages resulting from hot section materials degradation associated with syngas appear to be 
reported at IGCC plants. However, at least in some cases, hot section coatings, vanes, and blades 
have needed replacement during routine maintenance shutdowns at more frequent intervals than 
for natural gas fired turbines. The hot section materials degradation experienced to date may well 
be alleviated by using field experience to refine the selection of turbine coatings and alloys and 
syngas cleanup equipment. However, the basic mechanisms and impurity sources of the 
degradation do not currently appear to be well understood and fundamental considerations 
suggest a potential for much more severe of turbine hot section degradation in future higher 
temperature turbines than experienced to date at IGCC plants. Consequently, considering the 
lack of understanding of the fundamental processes of syngas turbine materials degradation, the 
variability of plant equipment and feedstock ash properties, and the potential for more severe 
degradation for higher temperature syngas turbines, additional materials testing (preferably on a 
slip stream at an existing syngas plant) is recommended. These tests would help define impurity 
specifications for syngas cleanup system performance and possibly feedstock selection, and for 
coating/alloy selection or refinement for turbines operating at gasification plants.  
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Abstract 

Due to Denmark’s pledge to reduce carbon dioxide emissions, biomass is utilised increasingly as a fuel for 
generating energy. Extensive research and demonstration projects especially in the area of material performance for 
biomass fired boilers have been undertaken to make biomass a viable fuel resource. When straw is combusted, 
potassium chloride and potassium sulphate are present in ash products, which condense on superheater components. 
This gives rise to specific chlorine corrosion problems not previously encountered in coal-fired power plants. The type 
of corrosion attack can be directly ascribed to the composition of the deposit and the metal surface temperature. In 
woodchip boilers, a similar corrosion rate and corrosion mechanism has on some occasions been observed. Co-firing 
of straw (10 and 20% energy basis) with coal has shown corrosion rates lower than those in straw-fired plants. With 
both 10 and 20% straw, no chlorine corrosion was seen. This paper will describe the results from in situ investigations 
undertaken in Denmark on high temperature corrosion in biomass fired plants. Results from 100% straw-firing, 
woodchip and co-firing of straw with fossil fuels are summarised and compared.   

Keywords: biomass, straw, woodchip, co-firing, high temperature corrosion, chlorination,  

Introduction 

In Scandinavia, there have been serious efforts to reduced carbon dioxide emissions by using 
carbon dioxide neutral fuels which do not contribute to the greenhouse effect. The Danish 
government has pledged to reduce carbon dioxide emissions to 80% of the 1988 levels, by the 
year 2005. This resulted in the biomass agreement from 1993 between the utility operators (Elsam 
and Energy E2) and the government, where power plants have to utilise 1.4 million tonnes 
biomass for power production. The extensive research and development programme in the area of 
biomass firing is a direct result of this agreement. Therefore, in Denmark, straw or woodchip has 
a growing utilisation as a fuel for generating energy. Denmark has concentrated its efforts on 
straw since it does not have large forest areas like the other Scandinavian countries. There are 
currently seven straw-fired CHP (combined heat and power) plants in operation and one 
woodchip boiler. Two co-firing plants (Studstrup with straw and coal and Avedøre II with oil + 
gas + wood pellets) have recently commenced operation.  

Many field investigations have been undertaken into corrosion due to straw combustion in 
Denmark over the past decade, and more detailed discussion of the results can be found in these 
publications [1-10]. This paper will highlight the significant results and compare the corrosion 
mechanisms and rates from straw, woodchip and co-firing with straw and fossil fuels. The results 
included in this paper are from field investigations in various plants: a summary of the data from 
the plants and the investigations conducted is given in Table 1. Three types of corrosion 
investigations have been undertaken: a) exposure of metal rings on air/water cooled probes, b) 
exposure of test tubes in the test superheater c) exposure of test tubes in existing superheaters. The 
aim of the corrosion programme has been to i) measure accurately corrosion rates in existing 
superheaters, ii) measure corrosion rates of possible alternative materials at other temperatures 
and iii) measure corrosion rates at higher steam temperatures (increase efficiency). The exposure 
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temperature are measured with thermocouples on corrosion probes, or calculated based on inlet 
and outlet steam temperatures and steam flow. The latter calculations are associated with some 
uncertainties, mainly due to lack of knowledge of heat flux distribution on superheaters. 
Corrosion rate is calculated based on residual metal thickness which is metal loss + internal 
corrosion subtracted from the original metal thickness. For low corrosion rates, oxide thickness 
measurements are used. 

Table 1: Summary of in situ investigations 
Plant Description  Steam 

Temp. C
Pressure 
MPa

Size 
MWth

Investigations 

Rudkøbing CHP grate-fired 
100% straw   

450 6.1 10.7 Deposit studies: probe and matured deposits. 
Corrosion studies: probes. 

Masnedø CHP -   grate-
fired: 
Almost 100% straw 

520 9.2  33 Deposit studies: probe and matured deposits. 
Aerosol measurements. Corrosion studies: probes, 
test tubes in existing superheaters and in test 
superheater (up to 600 C).

Maribo Sakskøbing CHP 
grate-fired: 100% straw 

540 9.3 33 Mature deposit studies. Corrosion studies: test 
tubes in existing superheaters. 

Ensted  CHP 
grate fired 
- 100% straw boiler 
- 100% woodchip 

470 
470-540 

20.1 
20.1  

99.4 
16.3 

Deposit studies: probe and matured deposits. 
Aerosol measurements. Corrosion studies: test 
tubes in existing superheaters. Additive 

Studstrup suspension fired 
coal plant modified for coal 
+ 10-20% straw  

540 14.3 380 Deposit studies, aerosol measurements, gaseous 
emission. Corrosion studies: probes and test tubes 
in existing superheaters.   

Avedøre II 
-Biokedel: straw firing 
-main boiler: oil+gas+wood  

540-580 
540-580 

30 600 Deposit studies, probe measurements, test tubes in 
existing superheaters in main boiler, test 
superheater loop in biomass boiler. Additive 

Straw firing  

The four plants from which results are included in this section are Rudkøbing, Ensted, Masnedø 
and Maribo Sakskøbing. Rudkøbing and Ensted are plants of the Elsam power company, and 
Masnedø and Maribo Sakskøbing are plants of Energy E2 power company. Specific areas which 
will be included in this section are alloy composition, weld performance, steam and flue gas 
temperature.  

Sulphur dioxide and potassium chloride are released when straw is combusted, and these 
compounds result in the deposition of potassium chloride and potassium sulphate on superheater 
components. This gives rise to chlorine corrosion problems. 

Alloy Composition 
In conventional coal-firing, an alloy with high chromium content results in lower corrosion rates, 
however the contrary is the case for straw-firing plants.  The results from three separate in situ 
investigations[1,2,4] where a variety of steels have been tested show that at high temperatures, 
high chromium steels are rapidly attacked.  Figure 1 shows one set of results where a range of 
alloys from a 2½% Cr to a 30% Cr steel were investigated [4]. The graph shows total corrosion 
rate with respect to chromium percent, and additionally shows the contribution of internal 
corrosion (selective corrosion + grain boundary attack) and material loss as a function of 
corrosion rate. The low chromium steels exhibit a high material loss whereas the higher 
chromium steels are characterized by severe internal corrosion in the form of chromium depletion. 
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Iron is also depleted however nickel has a higher corrosion resistance in this environment. These 
results indicate a minimum in total corrosion rate of steels at an intermediate chromium content of 
12-18% Cr.     
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Figure 1: Corrosion rate with various chromium contents in the alloys at approx. 580°C.

Figure 2 shows the different types of corrosion attack for a TP347H (18Cr 12Ni Nb) type steel. 
Selective removal of chromium resulting in a porous metal structure and grain boundary attack is 
observed. For austenitic steels, grain-boundary corrosion is a precursor to corrosion within the 
grains. The corrosion products formed are chromium oxides and iron oxides; these are present at 
the surface of the specimen. In many cases, nickel is also present in the outer corrosion product as 
non-reacted nickel. If chlorine is detected, it is close to or at the corrosion front. Exposure of a 
13%Cr-13%Mn steel in the test superheater at Masnedø revealed both manganese and chromium 
depletion [5].  

Cr mapping Fe mapping 

Oxide selective 
corrosion 

grain 
boundary 

attack 

Ni mapping O mapping 

Figure 2: TP347H FG exposed for 3500 hours at Masnedø: steam temperature 567 C, calculated 
metal temperature 613 C.
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Preferential corrosion attack of chromium-rich austenite grains in martensitic steel has been 
observed for HCM12 (12Cr1Mo1W) at high temperatures. Even at low temperatures (below 
500 C), after a three year exposure preferential attack was seen, however, at low temperatures the 
corrosion rate was minimal due to the formation of a protective chromium-rich iron oxide.

For weld overlay specimens, there is no grain boundary attack, but a slight tendency to 
preferential attack in the interdendritic zone [10]. Investigation of a Sanicro 63 (9%Mo, 3.5% Nb, 
22% Cr, <5% Fe, rest Ni) specimen also indicates other elements that are preferentially attacked. 
Figure 3 shows the outer oxide of the specimen and the depleted metal. As previously mentioned, 
the metal is chromium depleted but as can be observed, niobium and titanium have also formed 
oxides and therefore are also susceptible to attack. Molybdenum and nickel are not attacked. 
Niobium is not completely depleted from the alloy and therefore it is suggested that niobium 
carbides are more susceptible to attack similar to that seen by us and other workers with 
chromium carbides.  

 O Si Cl Ti Cr Fe Ni Nb Mo 
9733 A 16  1 5 14 1 7 56  
9733 B 16 1 1  74 2 2 3 1 
9733 C     3  77 1 19 
9733 D 18  <1 5 19   56  

Figure 3: SEM analysis of corrosion products on Sanicro 63 exposed at 1400 hours at Masnedø at 
an approximate temperature of 580°C. Analysis in wt.%. 

Based on these observations, it is concluded that the elements having a high affinity for oxygen 
and therefore also chlorine are more likely to be attacked. Thus the reason why chromium, 
manganese, titanium and to a lesser extent niobium are preferentially attacked lies in their 
thermodynamic stabilities with respect to chlorine.

Performance of welds 
A test loop fabricated by welding different test tubes of iron based alloys together with the weld 
filler Nibas 625 was exposed for 3500 hours at 500-600°C steam temperature [7]. The 18% Cr 
and 12% Cr tube sections incurred severe corrosion attack in the area adjacent to the Nibas welds. 
Such attack was not observed for the same material welded with an 18Cr-8Ni weld filler material. 
The extent of localised attack decreased with temperature and distance from the Nibas weld as 
shown in Figure 4 such that at the steam temperature of 514°C, this type of attack was not seen. 
This type of attack is believed to be a type of high temperature galvanic corrosion such that the 
nickel rich Nibas is the cathode and the 18-8 stainless steel tube is the anode. The electrolyte 
which has not been positively identified could be a metal-chloride: alkali-chloride mixture. As the 
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tubes steam temperature increases, the electrolyte becomes more molten and the depth of galvanic 
attack increases. In addition, the amount of attack decreases with greater distance from the 
cathode. Thermal stresses due to the different thermal expansion coefficients of the tube and weld 
may also contribute to this attack. 

(a) (b) 
Figure 4: Macrographs of cross-sections of Nibas welds exposed for 3500 hours in Masnedø test 
loop showing corrosion adjacent to weld at steam temperatures a) 570°C and b) 514°C. 

Replacing the welds with a weld of similar composition to the tube reduced the problems with this 
type of attack however preferential chromium carbide attack was observed, i.e. attack of the 
interdendritic zone as shown in Figure 5. Figure 5b is a backscattered micrograph showing darker 
precipitates in the preferentially attacked interdendritic zone of the welded area. It is assumed that 
the precipitates in the weld are chromium carbides although a positive analysis of these is 
difficult. This type of corrosion attack needs to be monitored but is not as severe as the attack 
observed in Figure 4. 

(a) (b) 
Figure 5: 18-8 welds exposed at Maribo Sakskøbing at steam temperature 540°C for 4 years.  

Influence of steam and flue gas temperature
For the austenitic alloys investigated, a gradual change in the corrosion product morphology as a 
function of temperature is observed as seen in Figure 6. A protective oxide is formed at surface 
metal temperatures below 500 C.  At around 500-520 C, both grain boundary attack and 
protective oxides can be observed for the same specimen. This indicates that at this temperature 
region, there is a transition in the type of corrosion attack. Above this temperature, chromium 
depletion and grain boundary attack are always observed and at estimated metal temperatures of 
600°C, it can be over 0.5 mm in depth.  
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a b 
Figure 6: TP347H exposed at Masnedø for 3500 hours with a calculated metal temperature of a) 
462˚C and b) 525˚C.
In Figure 7, the corrosion rate of 12-18% Cr steels is plotted against temperature [5]. Corrosion 
rates are modest at 460°C, where as shown in Figure 6, a relatively protective oxide can be 
formed. With increase in temperature up to 525°C, then corrosion rates become more linear with 
respect to temperature. For the steels for 12-18% chromium content, similar corrosion rates are 
measured and they all increase steeply with increase in metal temperature. 
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Figure 7: Corrosion rate of specimens in one investigation in Masnedø straw-fired plant relating 
metal temperature to corrosion rate.  

In Figure 8, corrosion rates for TP347H (both fine and coarse-grained) from various straw-fired 
plants are collated. The results are illustrated on an Arrhenius type plot, with natural log of 
corrosion rate in mm/1000h on the y-axis and metal temperature as 1/T in Kelvin on the x-axis. 
For test tubes in existing superheaters, the metal surface temperature is taken to be steam 
temperature plus 20 C, if more accurate data cannot be obtained. For TP347H, the corrosion rates 
fit into a broad band. The variations observed could be due to an effect of flue gas temperature. In 
the high flue gas temperature areas, heat flux will be higher and hence the temperature increase 
from steam to tube surface might be higher than the assumed 20 °C.  The flue gas temperature 
will also affect the thickness of the deposit and the morphology and composition of the deposit. 
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These factors influence the possibility of melt deposit formation that may lead to faster corrosion 
rates. Flue gas temperatures have been classified into high flue gas (over 900 °C) and low flue gas 
temperature. Corrosion rates of actual superheaters are also given which are generally lower than 
those for test superheaters and probes. The specimens from actual superheaters at the higher steam 
temperature end have low flue gas temperature, since the boilers are designed with superheaters 
cocurrent, that is, with the final superheater located at lower steam temperatures. There can be 
great variation in corrosion from a specific tube depending on its location in the superheater bank, 
i.e. leading tube or shielded tube, heat flux from combustion chamber, close to walls or ceilings 
where there is less heat flux - these are important parameters but difficult to quantify [6].  
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Figure 8: Arrhenius type plot of corrosion rates for TP347H steels in straw-fired plants.  

Corrosion Mechanism
The following mechanism explains the preferential attack of certain elements such as chromium 
and the linear increase of corrosion rates with temperature. Initially, an outer oxide of magnetite 
and haematite and an inner oxide of chromium-rich iron oxide is formed at the surface of the 
metal. Short-term deposition experiments show that potassium chloride constitutes the initial 
condensate on the probes [11]. Thus chlorine has to be released from these condensed deposits to 
result in corrosion. The initiation reaction due to the presence of potassium chloride deposits can 
be one or a combination of the following three reactions, depending on the presence of sulphur 
dioxide and water vapour.

HClSOKOHSOOKCl 2½2 42222                             (1) 

2 2 2 2 4 2KCl O SO K SO Cl                     (2)

2422232 ½2 ClOFeKOOFeKCl                   (3)

Eq. (1) releases HCl and Eq. (2) and (3) result in the release of chlorine gas. The released chlorine 
then migrates through the protective oxide to react at the metal-oxide interface (Eq. 4).    

32½1 CrClClCr                                                                                                                                       (4) 
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A similar reaction for CrCl2 would also apply. Chlorine is observed to preferentially attack 
chromium; this is due to chromium’s greater affinity for chlorine than iron and nickel (more 
negative Gibbs free energy). In the same way, manganese and titanium are also preferentially 
attacked due to their high affinity for chlorine.  

The metal chloride migrates out to an area of higher oxygen partial pressure and is converted to 
metal oxychloride or metal oxide and chlorine (Eq. 5 and 6). Although chromium chloride has 
lower volatility compared to iron chloride, a temperature gradient due to the difference in metal 
temperature and gas temperature encourages the evaporation of metal chlorides. Thus a higher 
flue gas temperature will give a greater corrosion rate. In addition, chromium chloride oxidises 
partially to chromium oxychloride which has a high volatility. The released chlorine then migrates 
back to the corrosion front to form metal chlorides again.  

22222 ClCrOOCrCl    (5)

23223 ½1½12 ClOCrOCrCl                                             (6) 

This behaviour explains the voids seen at grain boundaries at the corrosion front due to 
evaporation of metal chlorides, and also explains the presence of oxides at grain boundaries or 
within the grains where the partial pressure of oxygen is higher than at the corrosion front. The 
precipitated chromium and iron oxide is non-protective and therefore spalls off with the ash. 

For austenitic materials, it is noted that grain boundaries are the initial course of attack, followed 
by attack of chromium within the grains. Grain boundaries present fast short-circuit diffusion 
paths for chlorine into the metal and chromium out of the metal. Attack of chromium may also be 
due to preferential chlorine attack of chromium carbides that are present at grain boundaries. For a 
number of austenitic steels exposed to an oxygen-chlorine environment at 500-600 C, chromium 
carbides were preferentially attacked to form chromium chlorides and carbon dioxide[12].  For 
weld overlays, there is an indication that chromium carbides and niobium carbides present in the 
interdendritic zone are preferentially attacked.

Thus at higher temperatures, it is primarily the metal affinity for chlorine that governs the 
selective and grain boundary corrosion. Accordingly, chromium does not form a protective oxide 
at high temperatures. As the temperature decreases, the volatility of the metal chlorides becomes 
more significant.

An expression for the corrosion rate incorporating the important parameters can be given as:

dTTC
T

bAc mg
m

)(.exp               (7) 

where
c is corrosion rate in mm/1000h 
Tm is metal temperature in K 
Tg is gas temperature in K 
A is a constant related to the alloy composition, e.g. amount of chromium etc. 
C is a constant related to the flue gas temperature 
b and d are empirical constants.
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Woodchip firing 

As straw-fired boilers demonstrated high corrosion rates, it was expected that woodchip would be 
a less corrosive biomass alternative. A comparison of the two fuels shows that woodchip has less 
ash and corrosive compounds [13]. The content of potassium and chlorine in straw is about an 
order of magnitude higher than in woodchip. There has been no investigation program for 
woodchip firing, as it was believed that the lower ash and chlorine content would not give 
corrosion problems. Ensted CHP plant, commissioned in 1998, consists of a straw-fired and a 
woodchip boiler [8]. The straw-fired boiler has an outlet steam temperature of 470 C. This steam 
is led into the woodchip boiler which has an outlet steam temperature of 540 C. The woodchip 
boiler is fabricated from HCM12 steel (12Cr 1Mo 1W).  

Analysis of the ash from high temperature components in the boiler has revealed the presence of 
potassium sulphate and calcium sulphate close to the oxide, and in some cases potassium chloride 
closer to the flue gas-deposit interface. Potassium and chlorine have been detected at and near the 
corrosion front, which indicates that a mechanism similar to that in straw-fired boilers can occur. 
Two adjacent TP347H FG tubes were exposed simultaneously in the plant for 2000 hours. In 
most positions on both tubes, the formation of a protective oxide was observed; however, on one 
specimen there were areas of grain boundary attack and unprotective oxide.

TP347H collation 24.09.2002 + woodchip
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Figure 9: Two similar specimens of TP347H FG exposed for 2000h at Ensted woodchip boiler 
with a surface metal surface temperature of 520 C.

In Figure 9 which compares corrosion rates in straw fired boilers with those from Ensted 
woodchip boiler, a difference in corrosion attack is also reflected in the corrosion rates. It is 
suggested that in areas with potassium chloride present in the deposit, high corrosion rates will be 
observed. In the case of TP347H this occurs as grain boundary attack similar to that in straw-fired 
boilers. The variability of the deposit composition leads to variable corrosion mechanisms and 
corrosion rates.
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Corrosion problems were encountered on the membrane panels of Ensted constituting the final 
superheater and having an exit steam temperature of 540 °C.  An extensive repair procedure was 
carried out, consisting of weld overlay with Inconel 625 (approx. 60% Ni, 21% Cr, 9% Mo). The 
calculated surface metal temperature in the corrosion affected areas was up to 580 C. During a 
boiler inspection after 6 months, a chip of Inconel 625 was removed. This chip revealed that a 
zone below the oxide-metal interface was depleted in chromium. The corrosion attack is similar to 
that in straw-fired plants i.e. the depletion of chromium from the surface of the alloy by the 
formation of chromium chloride. The chromium chloride is then oxidized to chromium oxide. 
Nickel and chlorine together with oxygen were found on the surface of the material. Nickel also 
reacts with chlorine, however not as readily as chromium. In addition, the formation of nickel and 
chlorine-rich corrosion products is more stable since nickel chloride is not readily oxidized when 
the partial pressure of oxygen increases. It is suggested that nickel binds the aggressive chlorine 
and slows down the active oxidation mechanism.  

Despite the use of Inconel 625, there were still unacceptable high corrosion rates with steam outlet 
temperatures of 540 °C which is the design temperature of the plant. Therefore the plant is now 
limited to operating with a steam outlet temperature of 520 °C and reduced load. The chromium 
content of 23% results in chromium depletion of the Inconel 625 which increases rapidly at higher 
temperatures.

How to decrease corrosion rates in biomass combustion 

As described in the previous section, combustion of biomass results in corrosion problems which 
are difficult to overcome with normal material solutions, such as higher chromium content in 
steel. The formation of metal chlorides and metal oxychlorides and their increased volatility at 
temperatures approaching 600°C results in extremely high corrosion rates. From investigation of 
the Nibas welds, there is also the indication that a molten phase is becoming more stable at higher 
temperatures. Therefore due to the corrosiveness of straw, possibilities to increase electricity
production from straw combustion by increasing the steam temperature is limited as this leads to 
unacceptable corrosion rates. Thus to achieve higher temperatures when burning biomass, it is 
necessary to hinder potassium chloride produced in the gas phase from condensing on metallic 
surfaces. Various methods to achieve this will be described in the following sections. 

Co-firing of straw with coal
Elsam has carried out on-site investigations at the Studstrup power plant into the feasibility of co-
firing straw with coal with respect to corrosion, ash deposition and aerosol formation. On the 
basis of the positive results obtained, two co-firing plants are now in operation. The results 
described in this section are from long-term exposures in a suspension-fired boiler with 10 and 20 
% straw (% energy basis) [9,14]. The results are compared with those from straw-firing.  

Corrosion Morphology 
The ash adjacent to the corrosion products on corrosion test tubes was investigated with SEM-
EDS and the trend in Figure 10 was observed. The main elements detected in the ash are 
aluminium, silicon, sulphur, potassium, calcium and iron. Whilst aluminium and silicon decrease 
as the percentage of straw in fuel increases, the percentage of sulphur and potassium increases. 
Deposition studies support this observation. No chlorine was detected in the deposits or corrosion 
product, or at the corrosion front.  
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Figure 10: Average composition of main elements in ash adjacent to corrosion products for 
TP347H FG. (Analysis has been undertaken with SEM-EDS where elements below sodium could 
not be analysed). 

Figure 11: TP347H FG steel located in platen superheater at Studstrup – metal temperature 525 C
with 20% straw co-firing. 

EDS analysis of the composition of the ash (Figure 11) showed particles rich in aluminium, 
silicon, potassium and oxygen in a matrix rich in potassium, sulphur and oxygen, i.e. potassium 
sulphate. Iron oxide precipitates were also present within this potassium sulphate matrix.  
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The corrosion morphology for 10% straw and 20% straw co-firing at low metal temperatures is 
similar to that seen in coal-firing plants, i.e. an outer layer of iron oxide, and an inner layer of iron 
chromium oxide. For the higher alloyed steels, a thin chromium rich oxide is formed. The lower 
alloyed steels had thicker oxides. Sulphur in the form of sulphates or sulphides are present within 
the oxide.    

With 20% straw co-firing at high temperatures (approx. 580 C), as well as the corrosion 
morphology described above, large shallow oxide pits are present, especially for the austenitic 
steels.  Figure 12 shows a thin and thick oxide on the same specimen of HR3C steel (niobium 
modified 310 stainless steel). The thin oxide is similar to that seen with 10% co-firing for this high 
alloyed steel. In the base regions of the oxide pit, sulphates or sulphides are detected.

Figure 12: Two different areas on HR3C (niobium modified 310 steel) specimen with a metal 
temperature of 586 C exposed at Studstrup to 20% straw co-firing for 3000 hours.

Corrosion Mechanism 
The following corrosion mechanism is proposed. Potassium chloride from straw combustion 
reacts in the combustion chamber (Eq. 8 and 9) to form potassium aluminium silicates and 
potassium sulphate. Chlorine is released as hydrogen chloride according to the following 
reactions.    

HClSiOOAlOKOHSiOOAlKCl 2662 23222232                       (8)
HClSOKOOHSOKCl 2½2 42222                                              (9)

Potassium sulphate is deposited on the metallic components together with potassium 
aluminosilicates. Hydrogen chloride gas is released into the flue gas. An increase in straw content 
from 10% to 20% results in a greater amount of potassium chloride in the combustion chamber. 
This is converted to more potassium sulphate (Eq. 9) which is deposited on the superheaters. In 
addition, hydrogen chloride emission from the stack increases due to increase in straw percentage 
[14].

In contrast to the above finding, severe chloride attack was experienced in a circulating fluidized 
bed (CFB) plant firing 18% straw with coal [1,2]. This difference was attributed to the differences 
in combustion temperature, since CFB combustion takes place at 850 C whereas in a suspension-
fired boiler, combustion temperatures are in the region of 1400-1700 C.  Thus in the CFB plant, 
most potassium is found in the form of KCl. Also lower content of sulphur is available for 
sulphation of KCl due to the in-bed desulphurization by addition of limestone. The lower heat-up 
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rates and lower sulphur dioxide partial pressures are not favourable for incorporation of potassium 
in insoluble silicates, or for major sulphation in the flue gas. 

At 10% straw co-firing and at 20% straw co-firing at low temperatures in pulverised fuel boilers, 
sulphidation and oxidation occur according to Eq. 10 and 11 where the oxidants are supplied from 
potassium sulphate present in the deposit. Similar oxidation and sulphidation are observed in coal 
firing. 

322½12 OFeOFe                (10) 
FeSSFe 22 2              (11) 

When there is more sulphur and potassium in the deposit, i.e. with 20% co-firing, increased 
corrosion due to a greater amount of potassium sulphate salt in contact with the metal is observed.  

At 20% straw co-firing at higher metal and gas temperatures, both formation of large shallow pits 
and thin chromium rich oxide is observed for high alloy steels. This indicates a more corrosive 
environment in some localized regions. The deposit adjacent to the oxide is highly heterogeneous 
with aluminate and silicate particles surrounded by potassium sulphate (Figure 14). Corrosion 
increases with potassium sulphate concentration indicating that potassium sulphate is the 
corrosive species in the deposit. Iron oxide at the oxide-salt interface can react with sulphur 
trioxide to form iron sulphate (Eq. 12).

342332 )()(3 SOFegSOOFe               (12) 

The phase diagram of a eutectic melt of iron sulphate and potassium sulphate gives a melting 
point of 621 C and contains approximately 90 mol.% potassium sulphate [15]. It must be noted 
that the presence of sodium which could come from other coal types will decrease this melting 
point.  There are two criteria that have to be fulfilled to result in the presence of a ferric sulphate-
potassium sulphate eutectic melt. The ash must have a high potassium sulphate concentration and 
the temperature of the melt must be close to the eutectic melting point. At 20% co-firing at metal 
temperatures of 580 C, there is a high concentration of potassium sulphate, and it is assumed that 
the temperature at the oxide-deposit interface is sufficient to form a eutectic melt. It is therefore 
suggested that low temperature hot corrosion occurs at the higher temperatures with 20% straw 
co-firing. Thus iron sulphate forms a melt with potassium sulphate, and due to SO3 gradients, iron 
sulphate will migrate to the outer part of the melt and precipitate haematite. The net result is that 
at high temperatures of 580-600 C, the presence of potassium sulphate leads to acidic fluxing of 
iron oxide.

Corrosion Rates 
 Co-firing in a suspension-fired boiler with either 10% or 20% straw removes the danger of 
catastrophic chlorine corrosion. The corrosion rate is much lower than that seen in straw-fired 
power plants and is closer to that in coal-fired power plants. For comparison purposes, the 
corrosion rates for TP347H FG have been plotted on an Arrhenius type plot (Figure 13) assuming 
parabolic kinetics according to Eq. 13. Here x is the thickness of corroded away material, t is the 
duration of exposure, and the natural logarithm of the parabolic rate constant (ln kp) is plotted on 
the y-axis. 

tkx p22                (13) 

257



These corrosion rates are compared with coal-firing and straw-firing. Parabolic kinetics is 
assumed for the three types of corrosion although it is apparent that linear kinetics is more 
applicable for corrosion in 100% straw-fired boilers at high temperatures. Corrosion rates in straw 
co-firing lie in the same region as those for coal-firing and significantly below the results for 
straw-firing. For specimens with 10% straw co-firing, corrosion rates can be considered as similar 
to coal-firing for all temperature ranges. For 20% straw co-firing at low temperatures, the 
corrosion rate is also in the same range as coal-firing. There is an increase in the corrosion rate at 
high temperatures due to the change in corrosion mechanism as iron sulphate-potassium sulphate 
melt is formed.  Recent results from a newly built power plant from Studstrup show that long term 
corrosion rates with 10% straw are in the upper end of the 10% straw area on Figure 13 [16]. This 
is attributed to the greater amount of internal sulphidation observed after much longer exposures 
of up to 3 years. However the rates are still much lower than the straw-firing corrosion rates.  
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Figure 13: Arrhenius type plot showing corrosion of TP347H FG in co-firing of straw and coal 
compared to 100% coal-firing and 100% straw-firing.  

Co-firing of wood pellets with heavy fuel oil
The main boiler at the Avedøre 2 power plant currently uses heavy fuel oil and gas together with 
wood pellets at steam outlet temperatures of 540°C [17]. From the extensive amount of research 
on straw-firing, the risk of potassium chloride deposit corrosion was known. In order to monitor 
this, potassium chloride in the gas phase was measured using an IACM system (In situ alkali 
continuous Monitor System) developed by Vattenfall - a system based on differential optic 
absorbance spectroscopy. This showed that combustion of wood pellets together with natural gas 
results in high potassium chloride concentration in the flue gas. However the addition of heavy 
fuel oil containing sulphur removes potassium chloride at a specific oil to wood ratio. Potassium 
chloride from the wood pellets reacts with sulphur dioxide from the heavy oil in the combustion 
chamber resulting in potassium sulphate as in equation 9. The type of deposit formed is shown in 
Figure 14. The corrosion morphology is similar to that for coal/straw co-firing (c.f. Fig 11) where 
there are iron oxide needles within an alkali sulphate matrix. In addition localised internal 
corrosion was also observed after 19,000 hours exposure. However an added problem with heavy 
oil is the presence of vanadate compounds which can also lead to severe vanadate corrosion.  
Trials using coal flyash as an additive indicate that this might reduce vanadate corrosion and in 
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any case will help alleviate chloride corrosion [18]. The corrosion rate thus needs to be monitored 
with future increase in temperature with respect to internal sulphidation and vanadate corrosion.  

 Main 
elements 

Minor 
elements 

A S O K  Ca Ni 
B Fe O S 
C Fe V Ni O  
D Fe O  
E Cr Fe O Ni S 
F Cr Fe O S Ni 
G Cr Fe O S Ni Mn 

Figure 14: Composition of fireside oxide on TP347H FG tubes after 2 years exposure at Avedøre 
II main boiler. 

Use of additives
Another way to reduce deposition of potassium chloride is the use of additives. In the same way 
that the components of fossil fuels, such as sulphur, silicates and aluminates react with potassium 
chloride to produce less corrosive deposits, then additives can also be used. Trials with sulphur 
and alumina and silica additives have been conducted at two straw fired plants (Ensted and 
Avedøre biomass boiler) and at Ensted wood chip plant [19,20]. At Ensted and Avedøre straw-
fired boilers, the addition of additives showed modest decrease of potassium chloride levels 
however a total elimination is required to ensure that there is no risk for corrosion. Due to the high 
amount of potassium content in straw, large amounts of additive (5% of dry fuel weight) are 
required to obtain significant KCl conversion. Additives must be fed in so they can react with the 
gaseous potassium chloride in the correct temperature window for the additive concerned and 
before the potassium chloride condenses on the vulnerable components. This is different for both 
sulphate and aluminium silicate additives. In addition there are certain practical problems in 
feeding in such large amounts of additive. Thus it was concluded that dosing with additives in 
straw firing, although theoretically a possibility is practically not a viable solution. However there 
was success with additive dosing for woodchip firing because the potassium and chloride content 
of the woodchip is markedly lower.  

Conclusions 

In straw-fired boilers, high corrosion rates are observed due to the presence of potassium and 
chlorine rich deposits. At high temperatures, a chlorination reaction occurs where the alloy is 
attacked first at the grain boundaries followed by chromium depletion within the grains. 
Experience from woodchip fired boilers also indicates the threat of chlorine corrosion due to a 
similar mechanism as in straw-fired plants. However, there are variations in corrosion rates, which 
probably relates to the heterogeneous character of the deposits. The solution to the corrosion 
problem is to react gas-phase KCl in the combustion chamber such that the non corrosive 
potassium aluminium silicate or less corrosive potassium sulphate are the only alkali-containing 
species that can come in contact with the vulnerable high temperature metallic components. This 
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has been undertaken in two full-scale plants in Denmark by co-firing with coal and 10 - 20 % 
straw (on energy basis), co-firing wood pellets and heavy fuel oil, and by using additives. Co-
firing with coal is by far the most viable way to avoid corrosion problems when using straw as the 
biomass fuel. This is due to the large amounts of potassium chloride in the fuel which need to be 
neutralised. Due to the lower amount of potassium and chloride in woodchip, use of additives is a 
possibility in boilers using this fuel.

Acknowledgements: Some of this work has been funded by PSO (public service obligations) 
through ELTRA and Elkraft Systems. 
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RE-QUALIFICATION OF BOILER DRUMS 
IN THERMAL POWER PLANT  

Peter Brziak, Peter Bernasovský 
Welding Research Institute – Industrial Institute of Slovak Republic 

Abstract 

The technical condition and serviceability of boiler drum operating in thermal power plant Zemianske Kostolany 
(Slovakia) with exhausted design life were determined.  
Fulfillment of conditions stated by the Slovak acts on safety and health protection at work & safety of technical 
equipment was approved. 

1. Introduction, legislative framework 

Servicing of pressure components of power equipment with exhausted design life is usual 
practice not only in the East European countries but also in the countries of Western Europe. 
The key factors of prolonging the life are the economical reasons leading the user to effort to 
postpone the demanding investment connected with replacement of equipment or some its 
components.  On the other hand servicing of equipment which has exhausted its design life is 
connected with several technical and also legislative problems. In European measure, a 
unified legislation does not exist, neither unambiguous criterion, which could be applied in 
decision making process on possible prolonging of equipment life. Thus it is on the user 
proper, how he would approach to the given problem.  

In general, any legal instrument that would strictly order to the user to shutdown the 
equipment with exhausted design life there does not exist. In case of selected dedicated 
technical equipment (DTE) the equipment user on Slovak territory is obliged to prove by 
documents the safety in the sense of several relevant laws, decrees and regulations  [1, 2, 3]. 
In practice this concerns the compulsory periodical (or exceptional in case of interference to 
pressure system, for example owing to repair or replacement of several components) 
performance of constructional and pressure test of the DTE in the sense of Slovak technical 
standards.  

In Slovak Power Plant Inc. the issue of servicing the pressure components of equipment is 
solved in the form of plant standards (PS). The issue of prolonging the service of boiler drums 
is included in plant standard: „Re-qualification of boiler drums and selected stationary 
pressure vessels with exhausted design life“ [4]. 

The above-mentioned plant standard regulates the procedure of determination of technical 
condition (re-qualification) and serviceability of the selected dedicated pressure equipment up 
to service temperature of the wall of 350 °C after exhausting the design life according to an 
approved set of technical guidelines   for the conditions of Slovak Power Plant, Inc. The 
technical guidelines were agreed by the Technical Inspection1 in the issued special binding 
standpoint as the safety – technical requirements for assessment of condition of the selected 
                                               
1 The Technical Inspection (thereinafter "TI") was in order to perform state technical supervision on 
occupational safety. The TI is public contributory organization. The Director of TI is appointed and recalled by 
the Minister of Labour, Social Affairs and Family of the Slovak Republic. 
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pressure equipment [5]. The re-qualification of boiler drum in sense of (4) was performed by 
Welding Research Institute - Industrial Institute of Slovak Republic (WRI) as an authorized 
assessor (just assessor in next) on the basis of request. The WRI has met the requirements laid 
on the authorized assessor in such a manner that it showed its professional competence to the 
customer, by acquiring the certificate of TI for performing the re-qualification [6].  

2. Information about boiler drum 

The boiler drum was constructed in the years 1962 – 1964 according to the standard valid 
at that time. The shell consists of four welded bent rings and two cups. The main dimensions 
are as follows: length: 15.25m (11.65 m without cups), outer diameter: 1.8 m, wall thickness: 
94 mm. 

The working parameters are 15.86MPa/344°C. The design life is 200 000 h. Total 
operating time is 214 000 h. Total amount of start-ups: 1656, cold shut-downs: 1543, hot shut-
downs 113, pressure tests: 16 (performed at working pressure multiplied by 1.25).  

The chemical composition of base metal (BM) is seen in Table I. The Mo-Mn according 
STN 41 5233 steel devoted for temperature range up to 400°C is concerned. This steel has no 
foreign equivalent. The base material was delivered in quenched + tempered condition. 
Another tempering was performed after circumferential welds were manufactured.  

Table I Chemical composition of boiler drum compared with standards. 

Chemical composition (weight %) 
C Mn Si P S Cu Ni Cr Mo 

15 223 
STN 

standard 

0.7 
↓

0.23 

1.2 
↓

1.6 

0.15 
↓

0.4 

↓
0.04 

↓
0.04 

↓
0.3 

↓
0.25 

↓
0.2 

0.3 
↓

0.5 
Boiler 
drum 

0.228 1.54 0.21 0.021 0.012 0.11 0.058 0.082 0.43 

3.  Re-qualification program 

The re-qualification in sense of [4] consists of the following procedure: 
1. Specification of re-qualification documentation.
2. Specification of inspections, mechanical and non-destructive tests. 
3. List of inspected zones. Requirements on treatment of the inspected surface.  
4. Specification of zones and sampling procedure for the material from the boiler drum. 
5. Assessment of technical condition of boiler drum and classification of its serviceability.  
6. Schedule of tests. 
7. Requirements for assuring the work safety. 

The re-qualification procedure is given in Fig. 1. The collaboration with customers was 
crucial to get proper information about device and its history. Some parts of re-qualification 
are in details mentioned as follows: 
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Fig. 1 Sequence of re-qualification process 

3.1 Specification of re-qualification documentation

Boiler drum was specified on the basis of following data which were provided by the user to 
assessor: 

1. Evidence data and boiler drum passport.  
2. Data about the design life. Documents on quality.  
3. Constructional and accompanying documentation. 
4. Service regimes and parameters necessary for calculation of residual life (extent given 

by the assessor’s specification).  
5. List of materials and their mechanical characteristics at +20°C and at the service 

temperature. 
6. Data on results of periodic inspections and test. Map of the found out defects. Really 

measured thickness of shell and bottom, thickness at welded joint of shell with 
bottom, thickness of nozzles. 

7. Survey of failure occurrence and reproving measures. 
8. Data on modifications and repairs that were done on the boiler drum. 

3.2 Specification of inspections, non-destructive and mechanical tests and their scope 

3.2.1 Non-destructive tests 

NDT tests were used for: 
• identification and location of flaws – material defects caused by the service 

thermal and mechanical loading or environment aggresiveness, 
• determination of damage range (depths of defects) and their quantification. 

The following NDT tests were performed on the boiler drum in the following scope: 

Preparation of re-qualification documentation.

Performance of re-qualification (NDT, mechanical tests, check calculation).

Pressure test: constructional test, leakage test, pressure test. 

Preparation of the final re-qualification protocol on technical condition and serviceability of boiler drum.

Repeated official test. 
Performed by TI, based on the results of pressure tests and outputs from the re-qualification protocol.
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• visual inspection of the inner and outer surface according to EN ISO 58-17,  
EN ISO 6520-1, EN 12062, EN 970 

• 100 % magnetic inspection of all weld joints (circumferential and 
longitudinal) according to EN 1291/A1  

• 100 % ultrasonic inspection of all weld joints (circumferential and 
longitudinal) according to EN 12062, EN 1712, EN 1714 

• measurement of wall thickness according to EN 14 127 
• metallographic examination by means of replica for a brief microstructure 

comparison. 

For the needs of NDT the insulation and building-in had to be removed from the boiler 
drum. The surrounding of welded joints was ground to metallic gloss at minimum 10 cm 
distance on both sides.  

3.2.2  Mechanical tests 

The mechanical tests of BM were performed on drilled off material in the range given by 
dimensions of the sampled material (cylinder ф 102 mm, height app. 90 mm): 

• tensile test, 2 pieces at +20 °C,  1 piece at + 350°C, 
• CVN test,  
• fracture toughness test.  

The measured values were compared with the WRI database. A cylinder 102 mm in diameter 
was drilled off from the boiler drum – rolled ring 4. The location of bore is shown in Fig. 2. 
The opening was then blinded. The layout of specimens in cylinder is seen in Fig. 3. For 
performing the drilling off and blinding, the assessor contracted the by Slovak boiler producer 
SES Tlmace, Inc. which determined the location and size of bore, performed the strength 
calculation and designed the blinding technology.  Whole documentation was then agreed by 
the manufacturer of drum – Vitkovice Steel Inc. (Czech Republic) and approved by the TI, 
what enabled to apply this procedure during re-qualification.   

Fig. 2 Sketch of the bore location (arrow) and subsequent blinding. 

Rolled ring 4 
Blinded Bore 
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4. Results of re-qualification  

4.1 Visual inspection and NDT testing 

Visual inspection and NDT testing of boiler drum have shown that from the last 
inspection of drum done in the year 2001 none new crack-like defects were found out. Neither 
other defects were found in the locations detected at previous inspection of the drum.   

4.2 Mechanical properties 

 Some data attained about the real mechanical properties are as follows: 

The strength characteristics are summarized in Tab. II. The values of strength characteristics 
of the serviced base metal type are comparable to those measured in virgin material.  

Table II Tensile properties of boiler drum. 

Material
Testing 
temp. 
(°C) 

Re  

(MPa) 
Rm  

(MPa) 
A  

( % ) 
Z  

( % ) 
Note

+20 
min. 
373 

539 
to 735  

min.   
16.0 

_ 

Boiler drum 
+350 

min. 
314 

- - - 

According to standard 
STN 

41 5223 

+20 548  656  20.0 62.8  Boiler drum 
(year 1962) 

virgin +350 490 643 17.0 30.3 

Rolled ring 4, 
    Data selected from 

passport. 
Specimen direction (Y)

+20 
529 

± 3.0  
674 

± 3.0  
23.9 ± 1.6 66.6 ± 0.5

+350 485 635 19.8 62.5 
Boiler drum 
(year 2005) 

214 307 hours

+350 
562.4 
± 19.7 

692.0 
± 14.7 

22.6 ± 2.2 62.0 ± 2.1

Rolled ring 4, 
    Tested at WRI 

Specimen direction (Y)

1 x specimen: fracture toughness, 
thickness:  25mm 

3 x specimens CVN, thickness: 12mm 

1 x specimen: fracture toughness, 
thickness:  25mm 

3 x specimens CVN, thickness: 12mm 

3 x  tensile specimens, thickness: 12mm 

    Outer Surface 
Fig.3 Layout of specimens in 
cylinder removed from boiler 
drum. 
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Notch toughness of base metal was compared to virgin materials. As it can be seen 
from Fig.4, the base material embrittled during service.  The transition temperature is high, 
the 40 J value is achieved at +65°C, comparing with virgin material, where T40 value is 
achieved at -35°C.   

Fig.4 The absorbed energy of base metal: open symbols-virgin base metal, solid symbols – 
base metal serviced for 214 307 h (rolled ring No.4). 

Fig.5 The fracture toughness of base metal: open symbols-virgin base metal, solid symbols – 
base metal serviced for 214 307 h (rolled ring No.4). 
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The deterioration of toughness was also proved by static fracture toughness tests. For the 
thickness of 25 mm, very low valid KIC values were measured.  The steel will attain the 
criterion value of notch toughness KIK(base metal) = 100 MPa√m just above the  temperature 
of TK100 ≥ 115, eventually 125 °C. The KCJ measurements are summarized in Fig.5. 

Based on the attained data it was stated that the base metal of boiler drum is embrittled 
and the several measures have to be done to fulfill the safe operation. Besides all, the 
temperature of obligatory pressure tests was increased; and acoustic emission was 
recommended.  

4.3 Microstructural analysis 

The microstructure testing by means of small sampling was applied to compare the 
microstructure of ring 4 (from which the cylinder for mechanical test was removed) to other 
parts of drum shell. 

The microstructure of base metal of bent ring 4 is bainitic with a low proportion of 
ferrite and pearlite, see Figs. 3 – a, b. Direct comparison with microstructures of other rings 
(identified by NDT metallography – not documented) was impossible, since their surface 
layers are decarburized to greater depth than the depth of surface preparation at current NDT 
techniques.  

a) wall centre b) outer surface 

Fig. 3 Microstructure of base metal of boiler drum, ring No. 4. 

However, from comparison of surface layer of ring No. 4 and other studied zones it 
follows that those are principally the same; therefore we suppose that also the non-
decarburized microstructures are similar. It is therefore possible to conclude that the 
mechanical properties of BM of the ring No. 4 are representative for BM of the entire boiler 
drum. 

4.4 Check calculation of strength and life 

Based on the check calculation2 it can be stated for that: 
Calculation of static strength: acceptable  
Calculation of fatigue damage at cyclic loading: acceptable 

                                               
2 The calculations are based on Slovak standards and finite element analysis. This article is not focused on this 
issue. 
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The residual life up to attaining the admissible value of low-cycle fatigue damage: 
42 311 h (about 8 years) 

4.5 Pressure tests 

The pressure test at wall temperature around 65 °C (estimated ductile – brittle 
transition of  base metal) - was performed with the result: Acceptable for the requirements of 
Slovak standard STN 07 0624: 1979. 

4.6 Acoustic emission 

  

 The acoustic emission was performed in parallel with the pressure test with the 
result: no indications of “living” cracks.

5. Conclusions  

Based on above mentioned results the Welding Research Institute elaborated the final 
re-qualification protocol, which was used as one of the documents for TI at issuing the 
positive binding expert standpoint about the repeated official test.  

The result of binding expert standpoint is the certificate stating that the boiler drum 
meets the basic requirements laid on safety of technical equipment. Regarding the legislative 
viewpoint, all assessments of service safety regarding the dedicated pressure equipment, 
available in the Slovak Republic, were thus performed on the boiler drum. 
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Abstract

In advanced industrial gas-turbine systems, there has been a great demand for new single crystal (SC)

superalloys with an excellent combination of high-temperature creep strength, hot-corrosion resistance and

oxidation resistance. In this study, twelve nickel-based SC superalloys were designed with the aid of the d-

electrons concept. Their chemical compositions were in the range of 1.2-1.5%Ti, 3.8-6.5%Cr, 11%Co, 0-

1.4%Mo, 0-3.0%Ru,6.5-7.4%Ta, 5.0-6.4%W, 3.6-5.4%Re, 5.1-5.5%Al, 0.12-0.14%Hf and balanced Ni in wt%.

A series of experiments such as creep rupture tests, burner rig tests and cyclic oxidation tests were conducted

with the heat-treated SC specimens of these alloys. Almost all the designed alloys were found to be superior in

creep rupture life to a 2nd generation superalloy currently used in the world. In the hot-corrosion resistance

estimated from the burner rig tests, any designed alloys were similar or even superior to a 2nd generation

superalloy. The oxidation resistance was very different among the designed alloys, but some of them showed

better resistance than the 2nd generation superalloy. Thus the SC alloys containing about 4-5 wt% Re had about

30� or more higher temperature capability than the 2nd gene-ration superalloy, while exhibiting excellent hot-

corrosion resistance and good oxidation resistance.

Keywords: Ni-based superalloy, d-electrons concept, creep strength, oxidation resistance,

hot corrosion resistance

1. Introduction

There has been a strong need to develop new superalloys with excellent heat resistant

properties, but no 3rd generation SC superalloys have been used for power plants

commercially despite their excellent creep strength at high temperatures.

The reasons can be summarized as follows:

1) It is difficult to grow a large single crystal blade for power plants with no grain defects in

conventional casting experiments. .
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2) The oxidation resistance at high temperatures is much lower than that of the 2nd generation

superalloys.

3) The phase stability is also poor at high temperatures, so that the TCP phases tend to form in

the alloy, resulting in the degradation of long time properties, which are critical for power

generation gas turbines.

In this study, we have designed twelve different superalloys using the d-electrons concept to

solve these problems, and conducted a series of experiments to examine their creep strength,

hot corrosion resistance and oxidation resistance as well. We have previously succeeded in

finding alloys with high creep strength and good hot-corrosion resistance [1]. So, this time we

have tried to develop nickel-based superalloys which possess higher oxidation resistance than

the 2nd generation superalloys. For this purpose, the contents of Cr, Mo, W and Ta were

optimised in the 4-5 wt% Re containing superalloys. Some alloys did not contain Mo, because

Mo is known to deteriorate oxidation resistance. Also a Ru-containing alloy was tested so as

to examine the effect of Ru on the creep strength. It will be shown that some of the designed

SC alloys had an excellent combination of high creep strength, hot corrosion resistance,

extremely good oxidation resistance and good castability.

2. Experimental Procedure

2.1. Alloy chemistry

Twelve Nickel-based SC superalloys containing Ti-(3.8-6.5)Cr-Co-Hf(-Mo,Ru)-Ta-W-(3.6-

5.4)Re-Al-Ni,were designed with the aid of the d-electrons concept. Their chemical

compositions are listed in

Table1. The d-electrons

concept has been devised

on the basis of the

molecular orbital

calculation of electric

structures [2]. In this

concept both the Md and

Bo parameters are used,

where Md is the d-orbital

energy level of alloying

element and Bo is the

bond order between

alloying element and Ni

atom. Both the Md and

the Bo  values for the

designed alloys are
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Table1 Chemical compositions and alloying parameters

of experimental alloys�mass��
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shown in the Table1. They were

obtained from the compositional

average of the d-electron

parameters, Md and Bo of each

alloying element. The

compositions of the refractory

elements such as Cr, Mo, W and

Ta in the alloys were adjusted so

that the Md and Bo  values lay in

the range of :(0.97-1.00),:(0.65-

0.69), since the target region for

alloy design is located in this

range] [3]. Also, in the Md - Bo

map shown in Fig. 1, the twelve

designed alloys are located

nearer to the 2nd generation SC

superalloys than the 3rd

generation SC superalloys. In

Table 1, eight alloys of TA,SA,A

thru F are Mo-free alloys,

designed so as to raise the

oxidation resistance.

Alloys K, L, and M are

reference alloys, i.e., the

chemical compositions of K, L

and M are the same as CMSX-4,

CM186LC and TMS75,

respectively.

2.2 Alloy Preparation and Heat Treatments

First, the master ingots of the experimental alloys were made in a vacuum induction furnace

by controlling the contents of gas elements to be as low as possible. Then, using those ingots,

single crystals 15mm in diameter and 180mm in length were grown by a directionally

solidified method. The conditions of solution heat treatment and aging heat treatment are

listed in Table 2. Every specimen was first heat treated following the parameters given in

Table 2 and then supplied for a series of experiments

Table2 Heat treatment conditions employed in this study

Alloy Solution 1st Step aging 2nd Step aging

TA

SA

A 1433K/4h, AC

B 1413K/4h, AC

C

D 1433K/4h, AC

E

F

G

H

I

J

1583K/10h+1593K/12h 1433K/4h, AC 1144K/20h, AC

1573K/12h+1583K/12h
+1593K/24h

1433K/4h, AC 1144K/20h, AC

1573K/8h+1583K/4h
+1588K/8h

1433K/4h, AC 1144K/20h, AC

1593K/12h+1598K/12h
+1603K/24h

1393K/4h, AC 1144K/20h, AC

1583K/10h+1593K/12h
+1598K/12h 1453K/4h, AC 1144K/20h, AC

1573K/4h+1583K/6h
+1588K/12h

1144K/20h, AC

Fig.1 Bo-Md Map of the designed alloys and the references
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2.3 Microstructural Observation

The microstructures in the SC alloys were examined with SEM before and after the creep

rupture tests. The cross section of the specimens after a hot corrosion test and oxidation

tests were also investigated using a SEM equipped with the EDX analyzer. For these micro-

structural analyses, the specimen surface was first polished mechanically with emery papers

and then with a buff dripping water containing Al2O3 powders. Subsequently, the surface was

etched chemically in an HCl-HNO3 solution

2.4 Creep Rupture and Tensile Test

The heat-treated SC alloys were machined mechanically into the specimens for the creep

rupture tests and the tensile tests. The gauge length of the specimen was 6mm in diameter

and 30mm in length. These tests were performed following the standard of ASTM-E139. The

tensile tests were carried out at room temperature and 973K with the strain rate of 5.56�10-

5/s. The creep rupture tests were performed under the temperature/stress conditions of

1313K/137MPa, 1255K/206MPa, 1193K/314MPa, 248MPa, 206MPa, and 1123K/441MPa.

The additional creep rupture tests of 1373K/137MPa were carried out for the three designed

alloys-TA,SA,B and the reference 2nd generation alloy.

2.5 Oxidation and Hot Corrosion Test

The plate specimens with the size 10x25x1.5 mm were cut from the SC alloys by an electro-

spark machine. Two kinds of oxidation tests were realized in this study. One was the cyclic

oxidation test, in which the specimen was held in air at 1373K for 20 hours followed by air

cooling in each cycle. This cycle was repeated 12 times, so the total exposure time at 1373K

was 240hours. The other was the continuous oxidation test at 1313K for 3,600 hours and at

1193K for 10,000 hours. In order to examine the hot corrosion resistance of the SC alloys, a

burner-rig test was carried out at 1173K for 35 hours with specimens of 8 mm in diameter and

30 mm in length. The burning gas was prepared by using a fuel containing 0.04% sulfur and

the atomized brine of 80 ppm NaCl.

2.6 Single Crystal Casting of a Model Bucket

The casting test was carried out with a model bucket for the first stage of 25MW class gas

turbine. The model bucket was 170 mm long, and there was a return-flow type cooling

structure inside it.

3. Experimental Results

3.1 Microstructure

The microstructures of some of the designed alloys after the 2nd step aging are shown in Fig.

2. While every alloy appeared to have a similar uniform  γ/γ’ phase microstructure, but still
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there was a little difference in the aspect and the size of the γ’ phase among the alloys. The

shape of the γ’ phase in the alloys A and H was partially irregular. The size of the γ’phase was

about 0.5µm in alloys A through E, and about 0.3-0.4µm in alloys F through J and SA. Thus,

the Mo-free alloys A through E (except for alloy SA and F) had the larger γ’ phase as

compared to the Mo-containing alloys G and H. Also, the size of the  γ’ phase was larger in
the alloy SA than in the Ru- containing alloy TA. Thus, the Ru addition was effective in

making the fine precipitates of the γ’ phase in the alloy. Besides this, no correlation was

found between the micro structure and the chemical compositions of the alloys

3.2 Creep Strength

The results of the creep rupture tests are given in Fig. 3. The measured creep strength of the

designed alloys varied to some degree depending on the chemical compositions. As for the

creep condition of 1313K, 137Mpa, the creep rupture life of the designed alloys TA, SA, B,E

through I exceeded 1000 hours, much longer than the rupture life, 726 hours, of the second

generation superalloy( alloy K). Among them, alloys TA and SA had the longest rupture life

of 2050 and 2016 hours, respectively. As for the creep condition of 1255K, 206MPa, the

creep rupture life of all the designed alloys were longer than that of the 2nd generation

superalloy, and the life of alloy TA (1504 hours) was better than the rupture life (1215 hours)

of the 3rd generation SC superalloy (alloy M). Thus, it can be said that the creep rupture

strength of the designed alloys was at a very high level. Although alloys TA,SA, A through F

contained no Mo, the creep strength was superior or comparable to that of alloy G containing

Fig.2 SEM micrographs of typical specimens of the investigated alloys after

the  heat treatment
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0.5%Mo. Also, alloys SA, B and C contained 4.8%,4.4%and 3.6% Re respectively and the

rest of the alloy compositions were almost same among them. So, the difference in the

measured creep strengths between them is mainly attributable to the differences in the Re

content. It was stressed here that the alloy TA showed the longer creep rupture life in every

condition compared to the alloy SA, indicating that the addition of 3%Ru was beneficial to

the improvement of the creep strength even in the alloy without Mo. Alloys H, I and J showed

relatively higher creep strength among the designed alloys. This result may also be interpreted

as due to the Re content, since these alloys contained 5.2-5.4%Re but the other alloys

contained 3.6-4.4% Re. In addition, alloy J had the highest Mo and Re contents (e.g., 1.4%

Mo and 5.4% Re) among alloys H, I and J, but it showed weaker creep strength than alloys H

and I. In this case, it seemed that Mo played no significant role on the improvement of the

creep strength at high temperatures.

3.3 Hot Corrosion Resistance

The results of mass changes in the hot corrosion test are shown in Fig. 4 for the designed

alloys and the reference alloys. This burner rig test was performed at 1173K for 35 hours.

Every designed alloy exhibited good hot-corrosion resistance, and their mass change was

similar to or even smaller than that of 2nd generation alloy-K(CMSX-4.) Among the

experimental alloys, Alloy D exhibited the largest mass change, 1.86mg/cm2, but still its

Fig.3 Results of creep rupture tests.
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magnitude was similar to that of alloy-

K(CMSX-4). On the other hand, the

mass changes of the two reference

alloys, L(CM186LC) and M(TMS-75),

were larger than 10mg/cm2. In case of

the 14% CrCC alloy, which is a

practically used material for the first

stage blade of 1300� TRIT( Turbine

rotor inlet temperature) power

generation gas turbine, the mass

change was –1.9 mg/cm2 , because the

corroded scale that formed on the

surface flaked off. The appearance of

the specimens after the burner rig test

are shown in Fig.5 for the six designed

alloys, TA, SA, A, B, F, H, and also

the four reference alloys. In contrast to

these designed alloys, two of the

reference alloys, L(CM186LC) and

M(TMS-75), showed a very rough

surface covered with thick and ragged

corroded scales, indicating that the hot-

corrosion resistance was extremely low

in these alloys

3.4 Oxidation Resistance

The results of the continuous oxidation

tests at 1193K and 1313K and the

cyclic oxidation tests at 1373K are

shown in Figs. 6,7 and 8, respectively.

At all tested temperatures , it was

found that the mass changes were

smaller in the Mo-free alloys than the

Mo-containing alloys. Thus, as might

be expected from the detrimental effect of Mo, the Mo-free alloys had better oxidation

resistance than the Mo-containing alloys. Also, judging from the result of oxidation test of the

alloy TA at 1313K, Ru has probably a detrimental effect on the oxidation resistance to some

degree. In addition, the reference alloy K (CMSX-4) and alloy L (CM186LC) exhibited very

good oxidation resistance. In general the oxidation reaction becomes more active with
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Fig.5 Photos of test specimens after hot

corrosion burner rig tests

Fig.4 Results of hot corrosion burner rig tests

279



increasing temperature, so that the cycle of forming oxidation scale, flaking off, and then

forming new oxidation scale, will be accelerated with temperature, resulting in significant

mass reduction. However, there was little mass change in alloys B and D, although these

alloys showed a little mass gain in the beginning of the oxidation test. As shown in Table 1,

the chemical compositions are quite similar among the Mo-free alloys, SA,A through F, for

example, their Ti, Co and Al contents are equal, but only alloys B and D exhibited almost no

mass change in the oxidation test at every temperature. The reason why the oxidation

resistance was so different among these alloys despite a little difference in the chemical

compositions, still remains unclear. But the present results will provide us a clue to the

improvement of the oxidation resistance, so it is necessary to investigate the cause of this

phenomenon in the future.
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Fig.6 Results of continuous oxidation tests at 1193K
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Fig.8 Results of cyclic oxidation tests at 1373K

Fig.7 Results of continuous oxidation tests at 1313K
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3.5. Single crystal casting of a model Bucket

It is well known that there is great difficulty

in casting 3rd generation superalloys in a

large size, gas turbine blades. In order to

evaluate single crystal bucket castability, a

casting test of alloy F and TA was carried out

using a model bucket for the first stage blade

in the 25MW class gas turbine. We have

successfully cast a SC model bucket with the

length of 170mm. The photo is shown in Fig.

9. The model bucket was heat-treated

following the aging condition of each alloy

shown in Table 2, and test pieces were cut

from the single crystal bucket. The

microstructure is shown in Fig. 10 together

with the one obtained from the round bar

specimen. Although the size of the γ’phase
of the model bucket was slightly larger than

that of the round bar specimen, the

microstructure still consisted of uniform γ + γ’ phases. The reason why the γ’phase in the
model bucket tended to be large is probably due to the fact that as the bucket was larger and

thicker than the round bar specimen, and hence the cooling rate of the bucket after the heat

treatment was slower than that of the round bar specimen. It is, however, supposed that the

Fig.9 Photo of the single-crystal model

bucket (length : 170 mm)

Fig.10. SEM micrographs showing the γ/γ’ microstructure of  the model bucket and
the round bar specimen after aging
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creep strength of the bucket is nearly the same as the round bar specimen, since the creep test

results and the sizes of γ’phase of the bucket and the round bar specimen of alloy H were
almost the same [1].

4. Discussion

4.1. Creep strength

Great efforts have been made to enhance the creep strength of the superalloys by controlling

the volume fraction of the γ’phase and also by increasing the contents of refractory elements
such as Mo, W, Re and Ta in the alloy. In fact, the total wt% of (Mo+W+Re) in 3rd

generation superalloys is typically more than 10%. In addition, the lattice misfit between the γ

and γ’phases is controlled to be a proper value (ie:�0.2%)[4] and several SC superalloys

have been developed along this approach [5]. The chemical compositions of the designed

alloys in this study were first optimized by the d-electron theory and then the contents of Cr,

Mo, Ta, W and Re were varied by about 0.5% to optimize the oxidation resistance and the

castability as well. Although it was found that the addition of Re yielded a beneficial effect on

the creep strength, there was no extremely large difference in the creep strengths among the

same Re content alloys except alloy SA. The difference in chemical composition between

alloy SA and B is only 0.5%W and 0.4%Re, the rests are completely the same. The reason of

this big difference in creep strength is still remain unclear.

Furthermore, the alloying of Mo has been believed to be effective in improving the creep
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Fig.11. Creep rupture strength of alloy TA,SA and alloy B
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strength, but this was not necessarily true according to the present results. This knowledge is

probably very important to develop new SC superalloys with an excellent combination of

high creep strength and very good oxidation resistance. Further, by comparing the rupture life

between the alloy TA and alloy SA, it is evident that the Ru addition yields a beneficial effect

on the creep-strengthening as reported in Superalloy2004 [ 9 ]. We also investigated the

microstructures of alloy-SA,TA and B after the creep tests. No TCP phase was observed in it,

which was in contrast to CMSX-10 [6] and MC2 [7]. Thus, the phase stability of alloy-SA,TA

and B was excellent indeed. It was noted here that alloy-SA,TA possessed much higher

creep strength than the 2nd generation superalloy, CMSX-4, as shown in Fig. 11. Alloy-SA

and alloy-TA had about 30-40°C higher temperature capability than CMSX-4, while

exhibiting excellent hot corrosion resistance and good oxidation resistance as shown in Fig.

4,Fig.7 and  Fig.8 .

4.2 Oxidation resistance

According to our previous study, it is important to control the Ti/Al compositional ratio in

order to keep oxidation resistance good. In this study, all the designed alloys had almost the

same Ti/Al compositional ratio, so it was supposed that the oxidation resistance was similar

among the alloys. However, this was not the case. The results of oxidation tests varied greatly

among the alloys. This is partially due to the presence of a large amount of Re, 3.6%- 5.4%,

Fig. 12. SEM micrographs and the corresponding semi-quantitative EDX analyses of

surface scale taken from the cross section of alloy B and alloy F after the

continuous oxidation test at 1313K for 3600 hours
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in the alloys, because Re is an element that can deteriorate oxidation resistance due to the

formation of the volatile oxides of Re [8]. Also, it was found from the present experiments

that the oxidation resistance changed depending on the contents of Mo, Cr, W and Re in the

alloy

It is well known that Mo is an element to form volatile MoO3 at high temperatures. In

accordance with this Mo effect, as shown in Fig. 6,7 and Fig. 8, any Mo-containing alloys had

lower oxidation resistance than Mo-free alloys, nearly independent of the contents of the

refractory elements in the alloys. SEM micrographs and the corresponding semi-quantitative

EDX analyses of surface scale are shown in Fig.11 for the alloy B and the alloy F.  Despite

that both alloys were Mo-free, alloy-B had the highest oxidation resistance, whereas alloy-F

had relatively low resistance among the designed alloys.

The differences in their chemical compositions were mainly the Cr and W contents between

them. But the appearance of the oxidation scale was very different between them. In case of

the alloy F, the most inner scale of Al2O3 eroded the base alloy without forming the dense

layer. On the other hand, in the case of alloy B, the most inner Al2O3 scale was formed in a

condensed way, so it worked as a barrier to the oxidation, resulting in the high oxidation

resistance of alloy B.

Concerning the Ru, it has been said that the Ru addition is not harmful to the oxidation

resistance. However, this is not the case in the oxidation for a long term. As shown in Fig. 7,

the alloy TA exhibited the largest mass reduction among the Mo-free alloys, and its reduction

rate was similar to that of the 3rd generation superalloy. However, the oxidation resistance of

the Ru-containing, Mo free alloys would be improved to a practical-use level by adding a

trace amount of some elements (e.g., Ce ) [ 1 ].

5. Conclusions

Ni-based single crystal superalloys were designed in order to develop single crystal alloys

which are usable for the first stage blades in the 1500� or even higher class industrial gas

turbine with high efficiency. The results are summarized as follows :

1. Most of the designed alloys had high tensile strength, excellent creep strength, hot

corrosion resistance and stable microstructure. No TCP phases or undesirable phases were

observed even after a long term creep test. It was also found that Mo is not a critical

element to enhance the creep strength of the superalloy.

2. Mo-free alloys had higher oxidation resistance than Mo-containing alloys. Also, it was

possible to improve oxidation resistance greatly even in the alloys containing more than

4% Re by optimizing the contents of the other refractory elements such as Cr, W and Ta.
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3. There was no inherent problem of castability in the Mo-free alloys. A single crystal model

bucket 170 mm in length was grown for use in the first stage blade of 25MW class

industrial gas turbine.

4. The designed alloys, SA and TA, possessed about 30°C~ 40°C higher temperature

capabilities than the 2nd generation superalloys.
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Abstract
The effect of crystallographic orientation, alloy elements and heat treatment on the creep rupture strength of 
single crystals of a nickel-base superalloy was examined at 750 °C in detail. Two initial tensile orientations were 
selected on the standard stereographic triangle. CM186LC, CMSX4 and TMS75 showed distinct primary creep, 
and the {111}<112> slip system was activated during the creep deformation. Whereas, in PWA1480, the 
operation of {111}<112> slip was found to be difficult to occur because the small primary creep strain and no 
lattice rotation were observed. It was revealed that Re and Co promoted the <112> slip, and that Ta and Ti 
prohibited it during primary creep stage. In CM186LC, solution heat treatment promoted <112> slip because the 
eutectic and irregular shape ' were dissolved into the matrix and reprecipitated as coherent cuboidal ' particle. 
The grain boundary strengthening elements did not reduce the anisotropy in creep strength at 750 °C. 

Keywords: Ni-based superalloys, single crystal, creep, anisotropy, primary creep 

Introduction 

In single crystal Ni-based superalloys, [001] orientation provides better creep strength and a 
low Young's modules that enhanced thermal fatigue resistance. Therefore, the longitudinal 
direction of single crystal turbine blades are designed within 10 ° to 15 ° of the [001] axis. 
However, the strength property of single crystal superalloys varies widely in this orientation 
range at temperatures between 700 °C and 850 °C. For example, in the tensile orientation with 
about 15 degrees off the [001] along the [001] - [111] boundary of the stereographic triangle, 
creep strength of single crystal superalloys are very weak [1]. The reason is that the 
orientation is single slip orientation for {111}<112> slip system, and there is the maximum 
Schmid factor near the orientation. The extent of primary creep strain correlates well with the 
activation of secondary slip systems, thus high primary creep strain causes the short creep 
rupture life [2]. The majority load of the turbine blade is borne by the cooled webs of the 
blade calculated to be as low as 700 °C to 850 °C [3], therefore the {111}<112> slip systems 
would be active in this environment. Furthermore, this {111}<112> slip would decrease low 
cycle fatigue strength with increase of compressive stress hold time [4,5]. In air cooled blade 
and vane of gas turbine, the external surface of high temperature regime is compressive stress 
state, and the cooled core is tensional stress state because of these temperature difference. 
This compressive stress in outer surface is held during rated operation of gas turbine. 
Consequently, the external superficial layer is compressive strain controlled low cycle fatigue 
condition during start-and-stop of gas turbine [6]. Ni-based superalloys does not deform 
plastically in normal test condition because of high proof stress alloy, so only the stress 
relaxation arises. When the number of cycles increases, the tensile residual stress increases. 
The compressive creep strength of single crystal superalloys is lower than tensile one due to 
the deformation twin associated with the {111}<112> slip operation on [001] loading [7]. 
That is, the high tensile residual stress occurred by large stress relaxation would decreased 
low cycle fatigue strength of single crystal superalloy. Therefore, it is important to clarify the 
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influence factors on {111}<112> slip to control it. It is known that the addition of C, B, Zr, 
and Hf into a single crystal superalloy reduces the anisotropy in the creep rupture lives [8]. 
However, the effect and the mechanism have not been clarified yet. Therefore, we 
investigated the effect of alloy elements including the grain boundary strengthening elements, 
tensile orientation, and heat treatment on creep anisotropy at the temperature where the 
operation of {111}<112> is active.  

Experimental procedures 

The composition and heat treatment are listed in Table 1 and Table 2, respectively. The 
specimens for creep rupture tests were cut from the single crystal rods by a spark cutter. The 
misorientation of tensile direction in each specimen was within 2 °. The specimens were cut 
from the same single-crystal bar. The rectangular-cross-sectional specimens had a gage 
section of 2.7 mm × 3.0 mm × 18.5 mm. First, in order to investigate the most remarkable 
temperature of {111}<112> slip, creep test was performed at temperatures between 700 °C 
and 800 °C under a nominal stress of 750 MPa. Then creep test was performed under the 
same resolved shear stress for {111}<112> slip system between the different tensile 
orientation samples (Fig. 1). One is [001] orientation and another is the easy glide orientation 
which has the maximum Schmid factor. The specimens of the [001] orientation having the 
Schmid factor of 0.46 were tested under 750 MPa. The specimens having the maximum 
Schmid factor of 0.50 were tested under 708 MPa. The effects of grain boundary 
strengthening elements and solution treatment on creep strength were investigated in 
CM186LC. The solution treatment was performed at 1274 °C for 8 hours, which condition 
corresponds to the solution index (SI) of 70 % [9]. The SI value is defined as the volume 
percent of the region where ' phase completely dissolved into the  phase during solution 
heat treatment [9]. Following the treatment, they were aged at 1080 °C for 4 hours and 871 °C 
for 20 hours. For the determination of the lattice rotations which occurred upon deformation,  

Table 1 Chemical composition of alloys (mass %) 
Alloy Co Cr Mo W Al Ti Ta Re C B Zr Hf Ni

PWA1480 5 10 - 4 5 1.5 12 - - - - - bal.
CMSX-4 9 6.5 0.6 6 5.6 1 6.5 3 - - - 0.1 bal.
TMS75 12 3 2 6 6 - 6 5 - - - 0.1 bal.

CM186LC 9.3 6 0.5 8.3 5.74 0.73 3.4 2.9 0.072 0.016 0.005 1.4 bal.

Table 2 Heat treatment condition of alloys 
Alloy Solution heat treatmenta Aging treatment 

PWA1480 1282°C/1 hr + 1287°C/2 hr + 1294°C/1 hr/GFC 1080°C/4 hr/AC+ 
870°C/32 hr/AC 

CMSX-4 1277°C/2 hr + 1288°C/2 hr + 1296°C/3 hr + 1304°C/3 
hr + 1313°C/2 hr + 1316°C/2 hr + 1318°C/2 hr + 
1321°C/2h/GFC 

1140°C/4 hr/GFC + 
870°C/20 hr/GFC 

TMS75 1240°C/1 hr + 1280°C/2 hr + 1300°C/2 hr + 1320°C/8 
hr/GFC

1150°C/4 hr/GFC + 
870°C/20 hr/GFC 

CM186LC As Cast 1080°C/4 hr/GFC + 
871°C/20 hr/GFC 

aGFC – Gas Fan Cooling. 
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electron-backscattered patterns (EBSPs) were taken within 100 m × 100 m squares near the 
fracture surface. The specimens were interrupted on primary creep stage for TEM analysis. 
The interrupted specimens were cut along {111} plane. 

Results

The outstanding primary creep strains were observed between 700 °C and 750 °C under 750 
MPa (Fig. 2). {111}<112> slip would be most active in this temperature range. In this study, 
the temperature of 750 °C was selected as creep test temperature. The creep curves are shown 
in Fig. 3. In CMSX4, TMS75 and CM186LC, the amount of primary creep strain in 
orientation A is almost three times larger than those of [001], but difference between these 
orientations was hardly observed in PWA1480. Moreover, only in PWA1480, the creep life of 
orientation A was longer than that of [001] (Fig. 3(a)). The extremely high creep strain rates 
with the strain softening at primary creep and correspondingly short creep rupture lives were  

10° 
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001 011
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Fig. 1. The initial tensile axis of the single crystals on the standard stereographic triangle 
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Fig. 2. Influence of temperature on primary creep strain in <001> oriented single crystal 
superalloys at 750 MPa 
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Fig. 3. Creep curves of four kinds of superalloys under the same resolved shear stress for 
{111}<112> slip at 750 °C: (a) PWA1480; (b) CMSX-4; (c) TMS75; (d) CM186LC. Test 
stresses of orientation A and [001] were 708 MPa and 750 MPa respectively  

Fig. 4. Lattice rotation measurement by EBSP in orientation A  
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observed in orientation A of TMS75 and CM186LC (Fig. 3(c) and (d)). The lattice rotation for 
orientation A during creep was followed by EBSP and the orientation is plotted in the standard 
stereographic triangle (Fig. 4). The eutectic of CM186LC would cause the dispersion of the 
dots of the lattice orientation. The lattice rotations toward the [112] pole were observed in 
CMSX4, TMS75 and CM186LC. On the contrary, the lattice rotation was not observed in 
PWA1480. Fig. 5 showed the influence of solution heat treatment on microstructure of 
CM186LC. The specimens subjected to both solution and aging treatments showed higher  

Fig. 5. Optical photograph (left), and SEM photograph (right) of CM186LC specimen after 
(a) cast and aging treatment and (b) solution heat treatment 
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primary creep strain and longer incubation periods prior to primary creep on each orientation 
(Fig. 6). Fig. 7 is the micrograph taken from the sample tested to 0.8 % strain and sectioned 
on the (111) plane. As for PWA1480 (Fig. 7(a)), the stacking faults in ’ were rarely observed, 
and the Burger's vector of dislocation which was concentrated in  matrix was determined 
a/2<110> using the analysis of the dislocation contrast for various two-beam diffraction 
conditions [10,11]. Fig. 7 (b) and (c) shows the TEM micrographs of CMSX4 and TMS75 
crept at 1.4 % strain respectively. The Burger's vector of the dislocation which sheared the '
was identified a/3<112> by the two-beam method.  

Discussion 

In CMSX4, TMS75, and CM186LC, the large primary creep strain with incubation period  
was observed. In addition, the lattice rotation towards [112] was indicated by the analysis by 
EBSP and the Burgers vector of the dislocation which shear the ' was identified a/3<112> by 
TEM observation. Therefore, {111}<112> slip would be activated during primary creep in 
CMSX4, TMS75, and CM186LC. Re and Co [12], which preferentially partition into the 
matrix and are originally hexagonal close packed elements, will lower the stacking fault 
energy and hence may facilitate the formation of a/2<112> type widely dissociated 
dislocations which are required for the intrinsic/extrinsic shearing of the ' particles during 
creep [13]. Thus the dislocations are able to pass through both  and ' phases without the  

Fig. 7. TEM micrograph of the [001] samples deformed to the start of secondary creep at 
750 °C and 750 MPa: (a) PWA1480; (b) CMSX4; (c) TMS75. The specimens were sectioned 
on the (111) plane 
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Fig. 8. The effect of alloy elements on primary creep strain at 750 °C under 750 MPa in [001] 
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constriction of the stacking faults. Furthermore, Re is solid solute hardening element for the 
matrix and would prohibit a/2<110> dislocations from bowing and gliding in the matrix 
channel. As a result, the generation of interfacial dislocation network in matrix would be 
restricted. The loss of coherency of the - ' interface might prohibit partial dislocations from 
shearing cuboidal precipitates. Link and Feller-Kniepmeier [14] have shown that the shearing 
of ' precipitates by the {111}<112> slip requires coherent interfaces, because (i) coherency 
stresses allow the energetically favorable deposition of a/6<112> dislocation in the interface, 
and (ii) dislocation networks in the interface inhibit the partial dislocation from entering into 
' precipitates and the propagation of the triple dislocation node. The formation of interfacial 

dislocation networks destroys these conditions. Thus {111}<112> slip was promoted by the 
impediment of interfacial dislocation network formation in the Re-bearing alloys, i.e., 
CMSX4, TMS75, and CM186LC, and caused the large primary creep strain. The amount of 
primary creep strain was promoted more by solid solution treatment in CM186LC. The solid 
solution treatment causes eutectic and large irregular-shape precipitates to go back into 
solution and reprecipitate as cuboidal coherent precipitates with the coherent ineterface.  

The creep behavior of PWA1480 is quite different from other three alloys. In the alloy, 
a/2<110> dislocations were concentrated in the matrix at 0.8 % strain (Fig. 7(a)). However, 
assuming that only the {111}<110> slip operated, the Schmid factors of orientation A and 
[001] are 0.452 and 0.409 respectively. Creep life in orientation A was longer than that of 
[001], although the resolved shear stress of 320 MPa in orientation A is higher than that of 
307 MPa in [001] orientation. Thus creep mechanism of PWA1480 cannot be explained only 
by operation of {111}<110> slip. The dominant deformation mode should be a combination 
of both dislocation's bowing in matrix and its climbing along / ’ interface. Both Ta and Ti 
will prohibit {111}<112> slip by the solid solution strengthening of the ’ phase resulted from 
(i) lattice parameter changes [15,16], (ii) increase of APB energy on (111) [16] and (iii) 
promoting a Suzuki locking effect of {111}<112> slip resulted from segregation of Ta to the 
superlattice stacking fault (SSF) [13]. The deformation mechanism during primary creep is 
shear of the  and ' by dislocations separated by intrinsic and extrinsic stacking faults and a 
narrow anti-phase boundary fault in the ' [17]. Thereby it would be effective against the 
activation of {111}<112> slip to increase the energy of stacking fault and anti-phase boundary, 
and to produce the incoherent / ’ interface.  

It follows from what has been said that both Re and Co promote the primary creep which is 
the reflection of {111}<112> slip, and that both Ta and Ti prohibit that as shown Fig. 8. The 
figure also includes the experimental reference dates of CMSX6, CMSX10 and TMS82+. 
CM186LC contains the grain boundary strengthening elements that are more than the amount 
provided by the patent [8], but, outstanding decrease of primary creep could not be observed. 
It seem reasonable that conclude the grain boundary strengthening elements do not decrease 
the anisotropy occurred by {111}<112> slip.  

Fig. 9 showed the stress dependence of secondary creep rate. The primary creep deformation 
terminates only after the occurrence of sufficient strain hardening because of the interaction of 
{111}<112> type slip system, and the {111}<101> slip system by the slip of a/2<110> 
dislocation pairs becomes the dominant deformation mechanisms during the secondary creep 
region [2,18]. The slope of PWA1480 was smaller than other alloys. This suggests that the 
mechanism is different between the alloy and others. The dominant deformation mode should 
be combination of both a/2<110> dislocation's bowing on {111} plane in matrix and climb 
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process along / ’ interface as well as primary creep region, that is to say, the creep rates 
would be controlled by the dislocation climb process throughout primary and secondary creep 
regions. The dominant deformation mechanism in the other alloys would be a diffusive slip of 
a/2<110> dislocation pairs. However TMS75, which showed the remarkable {111}<112> slip 
during primary creep region, resulted in the highest creep rate among the alloys, therefore, 
{111}<112> slip system would be partly operative even during secondary creep region. In the 
alloys deformed by a{111}<112> slip in primary creep stage, the principal deformation 
mechanism during secondary creep is the shearing of the ' by partial dislocations trailing 
stacking fault, and rate determining process is the formation of dislocation configurations able 
to enter the ' [19]. 

Conclusions

1. The {111}<112> slip system was activated during creep at 750 °C under 750 MPa in 
CMSX4, TMS75 and CM186LC. As for TMS75, {111}<112> slip would be operative 
throughout primary and secondary creep regions. It was promoted by solution treatment in 
CM186LC due to the increase of coherent interface by cuboidal ' reprecipitation.  
2. The {111}<112> slip was not activated in PWA1480 due to the solid solution strengthening 
of the ’ phase by Ti and Ta. 
4. The amount of primary creep strain could be explained by the elements of Ti, Ta, Re and 
Co. Both Re and Co promote the {111}<112> slip, whereas both Ta and Ti inhibit it.  
5. The influence of C, B, Zr, and Hf on the plastic anisotropy occurred by {111}<112> slip 
was found to be neglected.   
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Abstract

Creep damage reduces fatigue strength and therefore this degradation of the material properties has to be 
considered in lifetime modelling of turbine blades. Investigation of the influence of high temperature creep on 
low cycle fatigue (LCF) of the single-crystal superalloy CMSX-4 showed, that a short primary creep at 1100-
1150°C reduces LCF lifetime for several times, while further creep has nearly no degrading effect. 
Metallographic analysis of creep deformed specimens showed that the reduction of LCF lifetime correlates with 
rafting of the ’-microstructure. To remove this microstructural damage a “rejuvenation heat treatment” was 
applied dissolving the ’-rafts. CMSX-4 deformed up to 0.5% creep strain showed no recrystallization after this 
heat treatment. The ’-microstructure attained again cuboidal morphology and the LCF lifetime was several 
times longer compared with creep deformed material, however shorter than in virgin condition. Consequently the 
main high temperature creep damage is rafting, but also other damage accumulated during high temperature 
creep contributes to the LCF lifetime reduction. 

Keywords: Superalloys, CMSX-4, single crystal, creep, fatigue  

Introduction 

A reduction of fatigue strength due to creep damage is an important effect, which has to be 
considered in lifetime modelling of engineering components operating at high temperatures 
under static and cyclic loadings. Such components are blades of gas turbines operating under 
centrifugal force, pressure of the gas jet, thermal stresses and vibrations. Two types of creep 
damage should be distinguished: 

“Plastic damage” based on dislocation mechanisms. This is typical for short creep 
deformation under high applied stresses, resulting in large plastic strain. 

“Microstructural damage” based on diffusion processes, which is typical for long-term 
annealing under low applied stresses, resulting in a degradation of the microstructure.

Plastic creep damage is investigated for different materials, usually by performing relatively 
short mechanical tests (creep+LCF) under cyclic loading with dwells [e.g. 1-4]. 
Phenomenological theories describe this type of damage and allow to take it into account in 
mechanical engineering [e.g. 5, 6]. Investigations of microstructural creep damage are quite 
rare as they are very time consuming. They need long-term load annealing experiments 
followed by LCF tests (creep LCF) and accompanied by the characterisation of the 
microstructure. For gas turbine blades operating at high temperatures for thousands of hours 
(aircraft engines) or tens of thousands of hours (power plants), the relevance of 
microstructural creep damage is great. Under these service conditions the ’-microstructure 
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of rotor blades made out of nickel-base superalloys transforms from cuboidal into rafted 
microstructure [7, 8], loses phase stability (precipitation of topologically close packed (TCP) 
phases [9]) and porosity grows [10, 11]. These structural processes influence the LCF 
lifetime, e.g. ’-rafting increases the rate of fatigue crack propagation [12] and hereby 
decreases the LCF lifetime [13]. The aim of this work was to determine the kinetics of 
microstructural creep damage of the single-crystal nickel-base superalloy CMSX-4 during 
long-term annealing at high temperature and low applied stresses. The question was, how  the 
duration such tests influences the LCF lifetime. Additionally the effect of a heat treatment, 
which rejuvenates the creep deformed CMSX-4 by restoring the cuboidal ’- morphology, 
was investigated.

Experimental

Single-crystal cylindrical bars ( 19 mm, length 175 mm) of CMSX-4 were solidified in [001] 
direction and heat treated by Howmet Alcoa, USA. Creep specimens with total length 170 
mm were machined from these bars (Fig. 1b). The gauge length was 32 mm, the gauge 
diameter 12 mm. The specimens were tested in constant load machines equipped by short two 
zone furnaces (ATS Inc.). The temperature gradient along the gauge length was less than 7°C. 
The screw specimen heads were placed outside the furnace to reduce the risk of welding 
between specimen heads and grips which often occurs at such high temperatures. 
Additionally, the specimens and grips were slightly oxidized before the tests. These measures 
allow the destruction free removal of the specimens from the grips which is important for 
combined creep LCF tests. 

a

b

c

Fig. 1: Specimens used for combined creep LCF tests. 
Technical drawing (a) shows, how from the creep specimen (b) the LCF-specimen (c) is 

machined. 

The interrupted creep tests were performed under a stress level of 90 MPa at two 
temperatures: 1100°C for 100 h, 640 h, 1240 h and 1800 h; 1150°C for 25 h and 420 h. At 
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these testing conditions [001] single-crystals of CMSX-4 show classical creep curves with 
extended secondary creep (Fig. 2). Stresses and testing times were dimensioned in such a 
way, that deformation proceeds slowly and the tests cover the creep stages from primary to 
accelerated creep. For all tests, except a test at 1150°C for 420 h, the creep strains did not 
exceed 0.5%, which is close to the creep strain limit for gas turbine blades.  
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Fig. 2: Creep curves of CMSX-4 at 1100°C and 1150°C, 90 MPa. The lifetimes are about 
2000 h and 500 h respectively. Dots show the durations of the different tests. 

After the creep tests the LCF specimens were machined out of the creep specimens (Figs 1a, 
c). The diameter of the LCF specimens ( 6 mm, gauge length 16 mm) is much smaller than 
that of the creep specimens, to be sure that the oxidized surface layer having formed during 
the preceding creep test is totally removed. After machining the LCF specimens the surfaces 
were ground and subsequently polished using diamond abrasive down to 1 m. The LCF 
rupture tests were performed in a hydraulic universal testing machine (MFL) at 700°C under 
strain controlled loading with reversible straining cycle R= maxmin = 1 with a total strain 

range = max min=1.25% and strain rate =10-3/s. The LCF testing temperature of 700°C 
was chosen, because at this temperature surface oxidation is greatly reduced and the effect of 
microstructural damage should therefore be clearer to observe. 
After LCF tests the fracture surfaces of the specimens were investigated in scanning electron 
microscope (SEM), then the specimens were cut and investigated metallographically. 

Results

The results of the LCF tests of the creep deformed specimens are shown in Fig. 3. After a 
short primary creep (100 h) at 1100°C the LCF lifetime has decreased dramatically from 
about 16000 down to about 2000 cycles (circular dots in Fig. 3). Further steady creep up to 
1200 h has no remarkable effect on the LCF lifetime, however after 1800 h creep some 
increase of the LCF life up to about 3500 is observed. A similar result was found for the 
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specimens deformed for creep at 1150°C: the LCF life strongly decreases due to creep 
deformation (square dots in Fig. 3). The finding, that lifetime reduction is less at higher 
temperatures has to be investigated by additional experiments.  
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Fig. 3: Influence of high temperature creep on LCF life of CMSX-4.  
LCF test at 700°C, =1.25%, R= 1. SEM images show the initial and rafted structure. 

Analysis of the fracture surface showed that in all specimens (undeformed and pre-deformed) 
LCF fracture started in the interdendritic region from the largest cluster of solidification pores 
(Fig. 4a, b). Usually only one fracture nucleus was observed. The position of the fracture 
nucleus relative to the cylindrical surface differs from specimen to specimen. Generally it was 
close to the surface, in a range from about 0.1 mm up to 1 mm. Three zones of crack 
development could be distinguished in the fracture surface (Fig. 4a). The first zone has a 
circular shape (so-called “fish eye”, Fig. 4a) and smooth topography. The radius of this zone 
is equal to the distance between the fracture nucleus and the specimen surface. Within this 
zone the fatigue crack grows very slowly, perpendicular to the load direction. The second 
zone shows fatigue striations (Fig. 4c). Each line belongs to one cycle, giving an increased 
crack propagation rate of about 2 m/cycle. The third zone corresponds to the final rupture, 
where the crack grows very fast. Here the fracture surfaces are {111} planes indicating {111} 
shearing as crack growth mechanism. In general the fracture surface was found to be similar 
for all specimens tested under the given conditions. 
SEM analysis of the microstructure showed that after primary creep CMSX-4 attained a rafted 

’-microstructure (see Fig. 2). By visual inspection no remarkable difference in the ’-
microstructure of the different specimens could be observed. In earlier investigations [14] 
however it was shown by quantitative metallography that under similar creep conditions 
(1100°C, 120 MPa)  the ’-microstructure of CMSX-4 rapidly becomes rafted during 
primary creep and then coarsens slowly during steady creep. 
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a

b

c

Fig. 4: Fracture surface after a LCF test at 700°C, =1.25%, R= 1.
a - Overview of the fracture surface.  
b - Fracture nucleation from a cluster of solidification pores in the centre  
     of a “fish  eye” placed about 300 m from the specimen surface (1st zone).
c - Fatigue striations in 2nd zone.
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Fig. 5: Growth of LCF cracks along extended semi-coherent ’-interfaces  
in the rafted microstructure of CMSX-4. 

Fig. 5 shows that the fatigue cracks grow along the extended semi-coherent ’-interfaces, 
indicating that the interfaces facilitate the crack propagation by their defects and their 
geometry. Analysis of longitudinal cuts of the specimens showed no additional fracture 
nuclei. Only a few small cracks were found at pores near the fracture surface, probably by-
products of the growth of the main primary crack. So fractography confirms the 
metallographic findings: the crack nucleates at just one centre. It propagates from this centre 
resulting in specimen fracture. Precipitation of TCP phases was found to be moderate, after 
600 h creep at 1100°C the TCP phase volume fraction is about 0.1%. 
Assuming that rafting of the ’-microstructure is the main reason for the observed reduction 
of LCF lifetime after creep we tried to recover the LCF strength of creep deformed CMSX-4 
by application of a “rejuvenation heat treatment” as applied by some commercial companies 
on turbine blades after service. A creep specimen deformed for 640 h at 1100°C, 90 MPa was 
held at 1305°C for 30 min to dissolve the ’-rafts ( ’-solvus for CMSX-4 is 1280 2°C,
measured by electrical resistivity method [15]). Then an annealing process according to the 
standard heat treatment of CMSX-4 was applied, i.e. 1140°C/6 h + 870°C/16 h. Afterwards 
the specimen surface was etched by a grain boundary selective agent (HCl + 10% of H2O2). 
No indication of recrystallization was found in this specimen deformed up to about 0.5% 
creep strain. The ’-microstructure attains again the cuboidal morphology typical for 
undeformed material. A LCF specimen was machined from the rejuvenated creep specimen 
and tested under the same conditions as the previous specimens. The LCF lifetime was found 
to be 8279 cycles compared to 1800 cycles for a not rejuvenated creep deformed specimen 
(1100°C, 90 MPa, 640 h) and 16511 cycles for undeformed material, so the rejuvenation heat 
treatment increased the LCF lifetime of the creep deformed specimen by about 4.5 times. 
Compared with the virgin material rejuvenated material is only half as good. The ruptured 
specimen (crept + rejuvenated + LCF tested) was investigated by fractography, showing the 
fracture surface to be similar to those of the other specimens. 

crack tip

10 m
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Discussion

It is seen in Fig. 2 that primary creep at high temperatures and low stresses results in a strong 
reduction of the strain rate (work hardening) but on the other hand it dramatically reduces the 
LCF strength (Fig. 3). It is unambiguous that this effect is mostly caused by rafting, i.e. by the 
formation of extended semi-coherent ’-interfaces orientated perpendicular to the applied 
load direction. In [12] it was found for CMSX-2 that the formation of a rafted ’-
microstructure accelerates fatigue crack growth by about 3-5 times, which is comparable to 
our results. Obviously the effect of rafting is stronger when the rafts are long and when the 
interfaces are densely covered by interfacial dislocation networks. Such a microstructure 
forms in superalloys with a high ’-misfit. After  heat treatment CMSX-4 has a well aligned 
cuboidal ’-microstructure, which allows the formation of very regular rafts. The rafts are 
the longest and the interfacial networks are the densest in the middle of the creep process 
when the creep rate is slow and steady. According to Fig. 3 the LCF lifetime has a minimum 
between 100 h and 1200 h (1100°C). Coarsening of the rafted ’-microstructure during 
creep is connected with the effect of topological inversion: neighbouring rafts become 
interconnected. For the crack propagation this means a reduction of the mean free path length, 
which is probably the reason for the slight increase of the LCF life at 1800 h.
Because the recovering of the ’-microstructure (dissolution of the ’-rafts and the formation 
of the cuboidal ’-microstructure) did not fully restore the LCF properties one can conclude 
that there is additional creep damage besides rafting, reducing LCF lifetime. Such damage 
could be the growth of porosity during creep and the precipitation of the TCP phases. 
Investigation of the porosity growth by measuring the material density showed that during 
primary and steady creep at 1100°C, 90 MPa the porosity volume fraction increases by about 
0.1 vol.% (Fig. 6). 
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Fig. 6: Increase of porosity in CMSX-4 during creep at high temperatures. 
Porosity was determined by density measurements in water. 
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This porosity growth is comparable with the initial porosity 0.16 vol.% determined by 
comparison of the densities of standard heat treated and hot isostatically pressed (HIPPed) 
CMSX-4 (see Fig. 6). This relative increase of the porosity volume fraction is about 60-70%, 
whereas the relative increase of the pore diameter is significantly smaller, not more than 20% 
(absolute increase few microns). It is assumed that such a pore enlargement is not enough to 
be the main reason for the observed dramatic reduction of the LCF life, but it could contribute 
to the lifetime reduction too. 
It should be mentioned that according [13] rafting decreases the LCF lifetime of CMSX-4 by 
a factor of two, whereas the present investigation  shows a 4-8 fold decrease in life time. In 
[13] the creep specimens were pre-deformed at 950°C and then tested for LCF at the same 
temperature. Three reasons could be proposed for this discrepancy. First: the quality of the 
rafted ’-microstructure depends on the testing conditions and consequently can be different 
after creep at 950°C and 1100-1150°C. Second: with LCF tests at 950°C the surface oxidation 
during testing can somewhat smooth the effect of rafting, while at 700°C the surface 
oxidation effect is very small. Third: during creep at 1100-1150°C there are additional types 
of creep damage besides rafting. 

Conclusions

1. The LCF lifetime of CMSX-4 is dramatically reduced (4-8 times) after primary creep at 
1100-1150°C. The main reason is rafting of the ’-microstructure. For reliable prediction of 
LCF lifetime under creep-LCF conditions the kinetics of raft formation has to be considered.  
2. The LCF lifetime of creep deformed CMSX-4 specimens can be significantly improved by 
application of a rejuvenation heat treatment dissolving the ’-rafts and recovering the initial 
cuboidal ’-microstructure. After rejuvenation CMSX-4 shows a shorter LCF lifetime than 
in virgin condition, which could be due to creep induced porosity or TCP phases.
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Absract 
Long component-life of at least two years under a daily start and stop condition is required on turbine blades 

and vanes in land-based power plants. For this reason, creep rupture life of 10,000 hours or longer is required for 
the application of Ni-base superalloys.  In this paper, long –term creep property of more than 15,000 hours was 
analyzed for a second-generation Ni-base single crystal superalloy, TMS-82+. Consequently, Larson-Miller 
parameters in the range of C=12–14 resulted in good fits over the short-to-long-term creep rupture life, even 
though C=20 is conventionally used for Ni-base superalloys. In addition, the creep strength of TMS-82+ exceeds 
that of CMSX-4 under wide range of stress / temperature conditions, especially under the higher temperature and 
lower stress condition. 

The creep data obtained is input in the material database of the virtual jet engine simulation program that is 
currently under development. 

Keywords: single-crystal, second generation, Ni-base superalloy, long-term creep, Larson-Miller 
parameter 

1. Introduction 
Creep rupture tests lasting 1000h are sufficient for the proper evaluation of Ni-base 

superalloys for use as aero-jet engine components. The time at maximum load lasts merely 
several minutes during takeoff, and even if 10,000 flights are assumed, the time at maximum 
load would not exceed 1000h. However, in the case of the industrial gas turbine used for 
power generation, it must operate at maximum load for two years or more, under daily 
start-stop conditions. Thus, creep rupture tests lasting 10,000 hours or longer are required. 

In this paper, the long–term (>15,000 hours) creep properties of a second-generation 
Ni-base single crystal (SC) superalloy, TMS-82+, have been analyzed.

2. Experimental procedure 

TMS-82+1)
, a second generation Ni-base SC superalloy, has been developed through a joint 

research venture between Toshiba Corporation and the National Institute for Materials 
Science (NIMS), as part of the "High temperature Materials 21 project”2). A computer-aided 
Alloy Design Program (ADP)3), based on empirical equations derived from a database of SC 
superalloys developed at NIMS, was used for developing this alloy. ADP can estimate various 
mechanical and microstructural properties of an alloy, such as creep rupture life, 
heat-treatment window, phase stability, concentrations of solid solution elements in  and '
phases, ' phase volume fraction, and lattice misfit between  and ' phases. 

TMS-82+ has superior creep strength, especially at high temperature, and also has excellent 
microstructural stability, although a small amount of topologically close packed (TCP) phases 
would precipitate during long-term high temperature exposure. Additionally, its good 
castability allows it to be cast as large SC blades with lengths of up to 300mm. The 
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composition of TMS-82+ is shown together with a commercial 2nd generation SC superalloy, 
CMSX-4, in Table 1. 

SC bars, 10mm in diameter and 130mm in length, were cast with a directional solidification 
furnace at NIMS. All bars used in this experiment were within 10° of the [001] orientation 
along their longitudinal axes. Heat treatment conditions were as follows: the bars were held 
for 1 h at 1300°C, followed by a hold for 5 h at the solution temperature of 1320°C, and 
air-cooled. A two-step aging treatment, 1100°C for 4 h, followed by air-cooling, then 870°C 
for 20 h, followed by air-cooling, was performed. Creep test specimens, 4mm in diameter and 
22mm gage section length, were machined from these heat treated SC bars (Figure 1). Creep 
tests were carried out under various conditions; experiment temperatures ranged from 800°C 
to 1150°C, and applied stresses ranged from 78MPa to 392MPa.

Two types of extensometers were used for the strain/elongation measurements of creep tests 
in the experiment temperature range; one is the conventional extensometer, and the other is a 
newly developed, non-contact extensometer. Usually, the conventional extensometer is used 
in creep tests of metals. The creep specimen is supported by a jig with rods, and the dial 
gauge through the rods measures specimen elongation during creep testing. From this, 
specimen creep strain is determined. At temperatures beyond 900°C, the accuracy of 
elongation measurement decreases, as jig and rod deformation can occur (Figure 2).

A non-contact extensometer4) has been newly developed for creep tests at higher 
temperatures. This is a collaboration between Toshin Kogyo and NIMS. As shown in Figure 3, 
the CCD camera is put outside of the furnace with a small quarts window, so that the sample 
can be observed through the window. We need a sample with two projections as shown in 
Figure 1 to detect the strain. Prior to a creep test, the CCD camera memorizes the projection’s 
initial shape and position. During a creep test, the CCD camera records the changes in 
projection position due to specimen elongation. Creep tests at temperatures above 1000°C 
were carried out by using the non-contact extensometer. This was the first usage of this 
non-contact extensometer to measure the results of a long-term (>15000h) creep test. 

Table 1: Nominal compositions (mass% Ni-bal.) of the alloys. 

 Co Cr Mo W Al Ti Ta Hf Si Re 
TMS-82+ 7.8 4.9 1.9 8.7 5.3 0.5 6.3 0.1 0.4 2.4 
CMSX-4 9.6 6.4 0.6 6.4 5.6 1.0 6.5 0.1 - 3.0 

       

Figure 1:  Schematic draw of creep test piece. 
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Abstract

The state of the art technique for the production of industrial gas turbine blades is the high rate solidification 
casting method (HRS process). The new liquid metal cooling technique (LMC process) offers great potential for 
cost reduction and microstructure improvement due to higher temperature gradients and cooling rates. 
In the present study, high-cycle fatigue tests were performed on samples of the single crystal alloy PWA 1483 at 
elevated temperature. Primary dendrite arm spacings studied comprised 400 microns in the LMC process and 
600 microns in the HRS process due to the different solidification conditions. In terms of stresses, the fatigue 
strength is found to be improved by 20 % in the LMC samples. The origin of fatigue failure is found to be 
casting pores as they are the largest microstructural defect present in the samples. Casting porosity in the LMC 
samples is smaller which can be attributed to the smaller dendrite arm length as well as the more regular 
structure, resulting in improved conditions for feeding. 

Keywords: Directional solidification, liquid metal cooling, single crystal superalloy, 
homogenisation, fatigue 

Introduction 

The increase in turbine inlet temperature leads to an increased demand for directionally 
solidified and single crystal turbine blades for industrial gas turbines (IGT). Also the size of 
the turbine blades increases with the development of larger gas turbines with higher power 
output. This trend to larger and more complex blades reveals the limits of the established 
Bridgman (high rate solidification, HRS) casting technique. Especially for large blades the 
necessary temperature gradient at the solidification front for a directionally solidified 
microstructure cannot be established. This is due to the heat transfer by radiation to the 
ambiance being less efficient for large components and cluster castings. A promising 
alternative is the liquid metal cooling process (LMC) where the cooling conditions are 
improved. Earlier work suggests that due to larger temperature gradients a refined 
microstructure is produced leading to enhanced mechanical/fatigue properties and 
improvements with respect to homogenization treatment [1-3]. However, the argument was 
largely based on heat balance considerations and the experimental evidence presented has 
been limited. The present study aims to reiterate the advantages of the liquid metal cooling 
process, in particular for the properties of large scale single crystals from Ni-based 
superalloys. Special emphasis will be put on the homogenization of the as-cast segregation 
pattern and the improvement of the fatigue behaviour. 
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Materials and experimental procedures 

The alloys used in this study comprise the 
first generation single crystal Ni-based 
superalloy PWA 1483 and the second 
generation single crystal Ni-based superalloy 
CMSX-4. The nominal compositions of the 
two superalloys are listed in Table 1. To vary 
the solidification conditions two casting 
setups were used. Single crystals were grown 
in the world’s largest LMC casting unit at 
Doncasters Precision Castings in Bochum. A 
schematic drawing of the casting set up is 
shown in Figure 1. It comprises a heating 
zone were the ceramic mould is heated and 
the molten superalloy is poured. After 
pouring the mould is withdrawn into the 
liquid tin bath where the heat is led away by 
conduction cooling. A dynamic, floating 
baffle separates the heating from the cooling 
chamber and helps to establish the 
longitudinal temperature gradient. For 
comparison purposes the well established 
HRS/Bridgman technique was used. Here 
the main heat transfer is done by radiation 
cooling to the ambiance. 

LMC – Process:
Liquid Metal Cooling

Dynamic
Baffle

Cooling by
conduction

Liquid metal 
bath (Tin)

Heating
Radiation
Heating

Melt

Solidified
Alloy

LMC – Process:
Liquid Metal Cooling

Dynamic
Baffle

Cooling by
conduction

Liquid metal 
bath (Tin)

Heating
Radiation
Heating

Melt

Solidified
Alloy

Figure 1: LMC Process [2]. The mould is 
withdrawn into a liquid tin bath after pouring 
the superalloy melt. Cooling by conduction 
gives an increased temperature gradient. 

Table 1: Nominal compositions of the investigated Ni-based superalloys in wt.-% [4]. 
Alloy Cr Co Mo Al Ti Ta W Re C Hf Ni
CMSX-4 6.5 9.0 0.6 5.6 1.0 6.5 6.0 3.0 - 0.1 bal.
PWA 1483 12.2 9.0 1.9 3.6 4.1 5.0 3.8 - 0.07 - bal.

Homogenization treatment
As-cast CMSX-4 slabs and bars were cut to cubical and cylindrical samples with a volume of 
approximately 350 mm3. The homogenization experiments were conducted in a high 
temperature furnace in air. The heat treated specimens were cut perpendicular to [001] for 
further microstructural studies. For analysing the element distribution microprobe 
measurements (JEOL JXA-8100) were performed on a 1250 m by 1250 m square grid at a 
spacing of 5 m. The probe diameter was 10 m.
In order to characterize the change of the element concentration in the dendrite core and in the 
interdendritic areas with proceeding homogenization time the residual segregation index i is 
used [5], see eqn. (1). The concentration values c with the superscript 0 represent the initial 
concentration of the element i. Maximal concentrations are denoted with a M and minimal 
values with a m. cM and cm are the maximum and the minimum concentrations at time t, 
respectively. 
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Mechanical properties
Solution heat treated single crystal PWA 1483 slabs (140 x 100 x 20 mm3) were used for the 
determination of the mechanical properties. After casting a standard heat treatment was 
applied to remove the / ´ eutectic that is known to have an important effect on fatigue 
strength [6]. In this way we made sure that the microstructural condition investigated is 
representative of standard gas turbine blades in service. Laue orientation measurements were 
employed to determine the [001] direction of the slabs. Testing in the high cycle fatigue 
regime at elevated temperature was conducted using a resonance testing machine (Roell 
Amsler 2 HFP 421) exciting the sample with an electromagnet. 

Experimental Results 

Microstructure
Primary dendrite arm spacing 
Optical microscopy pictures are presented in Figure 2 representing the two different 
microstructures obtained by changing the casting setup from radiation cooling (HRS) to 
conduction cooling (LMC). In the HRS case dendrite crosses can be identified due to cutting 
perpendicular to the primary dendrite trunk. Large secondary dendrite arms originating from 
the middle of the crosses are also visible. Furthermore well developed tertiary arms grown 
from the secondary arms are observed. The LMC microstructure shows dendrite crosses but 
they are standing closer together with secondary arms attached. In contrast to the coarse HRS 
microstructure nearly no tertiary arms are found. 
To obtain a first impression of the solidification conditions the primary dendrite arm spacing 

1 was analysed. The dendrite arm spacing for the HRS process is 600 m whereas for the 
LMC process a dendrite arm spacing of 400 m is found at a withdrawal rate of 
v=3.5 mm/min. 
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a) HRS, 1=600 m, PWA 1483 

1

b) LMC, 1=400 m, PWA 1483 

1

Figure 2: Optical microscopy pictures of the two different sample materials after solution 
heat treatment. Dendrite crosses appear in both pictures with different spacing. Figure 2 a): 
HRS microstructure with well developed secondary and tertiary dendrite arms. Figure 2 b): 
LMC microstructure with secondary and no or less pronounced tertiary dendrite arms. 

Porosity
The microporosity content and size was determined by light optical microscopy on a 
sufficient number of polished samples. The results for solution heat treated PWA 1483 are 
shown in Figure 3. The upper diagram shows the overall microporosity content over the 
primary dendrite arm spacing for the two investigated microstructures. For the Bridgman 
casting technique (mean value 1 = 600 m) a mean microporosity content of 0.28 percent is 
observed. For the liquid metal cooling technique (mean value 1 = 400 m) the microporosity 
content is determined to be about 0.15 percent. Furthermore the standard deviation of the 
microporosity is smaller when using LMC casting conditions. In the lower diagram of 
Figure 3 the microporosity size distribution is plotted. The number of pores per measured area 
is shown over the pore size classes ranging from 100 m2 to sizes greater than 1000 m2. It 
can be seen that for the large dendrite arm spacing in HRS an increased number of pores is 
found for all pore classes. The difference is particularly notable in the largest pore size class 
(pore sizes greater than 1000 m2). The samples produced by liquid metal cooling show a 
smaller number of pores for all sizes. It is also important to notice that there is a reduced 
number of large pore sizes.
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Figure 3: Microporosity content (area percent) over the dendrite arm spacing and number of 
pores over pore size classes. LMC gives reduced overall porosity, smaller and fewer pores 
than the HRS casting setup. 

Carbides
As carbides may also play a dominant role in the high-cycle fatigue fracture behaviour their 
content and size is analysed. The carbides are found in the interdendritic region of the 
samples. From the two dimensional cuts it seems that the carbides are not interconnected and 
do not form any kind of carbide network. Also no sharp edges which may act as stress raisers 
are observed. The overall carbide content is about 0.55 percent for the examined samples. The 
mean carbide size is shown in Figure 4 for the two employed solidification conditions. A 
slight decrease of the mean carbide size from 7.7 m2 to 6.4 m2 in the LMC microstructure 
is found. The scatter of the results of the carbide content and size is nearly the same if the two 
solidification processes are compared. 
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Figure 4: Carbide size for the two 
casting setups. The carbide content 
remains constant for different thermal 
conditions at 0.55 percent. But the 
carbide size is sensitive to the heat 
extraction method. 

Fatigue properties
One main purpose of this study was 
the determination of the high cycle 
fatigue properties for microstructures 
typically found in large industrial gas 
turbine blade castings at completely 
reversed stresses (stress ratio R = 
minimum stress/maximum stress = -1). 
The results of the high cycle fatigue 
testing at elevated temperature T = 
800°C are presented in Figure 5. 
Therefore the applied stress amplitude 
is plotted over the number of cycles to 
failure for the two examined 
solidification conditions labelled as 
HRS and LMC. The applied stress 
amplitudes range from 340 to 500 
MPa. The two examined 
microstructures show remarkable 
differences in their fatigue behaviour. 
For example at a stress amplitude of 
400 MPa the HRS microstructure 
sustains 1x105 cycles until failure 
whereas the LMC microstructure has a fatigue life of 2x106 cycles. Averaged over the whole 
stress range an enhancement of fatigue life of one order of magnitude for the microstructure 
obtained by the liquid metal cooling solidification condition is found. In terms of stresses, the 
fatigue limit is found to be 20 % higher approximately. 
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Figure 5: Fatigue life dependence of the two 
microstructures for different applied stress 
amplitudes in the high cycle fatigue regime. The 
finer microstructure produced by liquid metal 
cooling shows a by approximately one magnitude 
improved fatigue life. 

Fracture behaviour
The fracture surface is inclined by approximately 45° to the sample [001] direction. The 
fractured surface and the facets associated with fracture are shown in Figure 6. A SEM picture 
of the whole fracture surface and a magnified insert of the origin of failure are presented. The 
origin of failure is found to be porosity with very few exceptions, perhaps caused by 
unsuitable sample preparation. The fatigue life determining casting pore is surrounded by a 
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smooth fracture initiation zone. The next zone attached is the transition zone which shows 
some broken carbides. Its appearance is rougher than the fracture initiation zone. Finally, in 
most cases, the overload fracture zone follows. The appearance of this zone is rough and 
similar to the one found after static tensile testing. 

Overload fracture

Crack 
Initiation 
Zone

Pore

Transition Zone

Figure 6: Fracture surface in 
the SEM. Fracture is initiated 
at a casting micro pore (see 
magnified picture). The pore 
is surrounded by a flat 
fracture initiation zone. A 
transition zone follows which 
passes over to the rough 
overload fracture zone. 

Possible fracture sites
It was shown before that the fatigue life is 
improved comparing the liquid metal 
cooling technique with the 
HRS/Bridgman technique and that 
fracture originates from pores. Now the 
question arises what is the reason for this. 
In Fig. 7 the size of the potential fracture 
relevant microstructural features is plotted 
for the two casting setups. The equivalent 
radius is calculated by assuming a circular 
defect area in the cross section. It is 
obvious from the diagram that pores are 
indeed the largest defects present in our 
case. The pores found to initiate the 
fracture observed on the fracture surface 
by SEM were found to be larger than the 
largest pore observed with light optical 
microscopy (OM). This shows that 
fatigue is more efficient to detect the 
largest pore in the sample than metallography with its very limited volume of material 
investigated.  
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Figure 7: Size comparison for possible fracture 
initiation sites. Casting pores are the largest 
microstructural defect present. Therefore it is 
concluded that micropores determine the fatigue 
life of the samples in this study. 
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Change of microstructure during heat treatment
As shown above, porosity plays a defining role in high cycle fatigue. In order to understand 
the origins of casting porosity better, the change of the microstructure during heat treatment 
was investigated. Unfortunately, for this set of experiments a different set of samples made 
from a different alloy had to be used. The as-cast microstructure of CMSX-4 in this case 
shows again a dendritic pattern with eutectic islands separating the dendrites when cutting 
perpendicular to [001]. Microporosity is observed in the space between the dendrites. The 
mean primary dendrite arm spacing was determined to be 1 = 470 m for the HRS setup and 

1 = 345 m for the LMC setup. 

Porosity growth 
The area fraction and size of micropores for various heat treatment periods at 1315°C of 
CMSX-4 samples is presented in Figure 8 a) and b). With increasing time at homogenization 
temperature the microporosity increases. The major increase is seen up to eight hours of 
homogenization. At longer times the slope of the microporosity increase flattens. The porosity 
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Figure 8: Overall microporosity content (area percent) and mean pore size for different 
homogenization times at 1315°C. The LMC samples show less microporosity and smaller 
pore sizes at all homogenization times. 
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for the LMC microstructure is significantly reduced compared with the HRS microstructure. 
The difference between the two microstructures remains for all homogenization times.  

Change of elemental segregation 
Figure 9 shows the residual segregation index  for various homogenization times at 1315°C 
heat treatment temperature. The results for the LMC and HRS microstructure with special 
emphasis on rhenium Re and tungsten W are plotted. In the as-cast condition the residual 
segregation index  is 1. For complete homogenization it drops to 0. The largest change in 
residual segregation is observed at short homogenization times. After long homogenization 
heat treatment the segregation index changes only slightly. It is observed that the 
homogenization of W occurs more readily than for Re. But there is also a difference between 
the two different casting setups. The LMC microstructure with a primary dendrite arm 
spacing of 1 = 345 m shows a better homogenization than the HRS case being characterized 
by a dendrite arm spacing of 1 = 470 m.  
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Figure 9: Residual segregation 
index  for different 
homogenization times. For the 
chosen elements W and Re the 
refined microstructure produced by 
the liquid metal cooling technique 
shows a better homogenization as 
the coarse Bridgman microstructure. 

Discussion

Porosity in the as-cast condition
The microporosity found in vacuum casting is generated due to the volume decrease during 
solidification (shrinkage porosity). During mushy zone freezing liquid pools are trapped in the 
space between already solidified dendrites. Furthermore these pools may be more or less 
isolated from the feeding of the remaining liquid. Due to solidification contraction and 
hindered feeding a pressure drop occurs which finally leads to porosity nucleation and 
growth. The extent of microporosity is directly related to the solidification parameters like 
dendrite arm spacing or development of secondary and tertiary dendrite arms, temperature 
gradient and solidification velocity which is coupled with the withdrawal rate [7, 8]. The 
dendrite morphology influences the feeding where smooth dendrite morphologies (no tertiary 
arms) favour low microporosity content. The lower microporosity content of the LMC 
microstructure is explained in the following way. The smaller dendrite arm spacing and the 
less pronounced appearance of tertiary dendrite arms lead to an increased feeding in the 
mushy zone. Furthermore a large temperature gradient helps feeding by reducing the mushy 
zone length. As the withdrawal rate was kept constant in the present case there should be no 
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influence of the solidification velocity at the end of the solidification on the microporosity 
content.

Porosity growth during annealing
An important result of the heat treatment experiments is that porosity increases during 
annealing, both in the HRS and LMC microstructures. A study [9] on porosity growth during 
heat treatment suggests four pore growth mechanisms. At first there may be coalescence of 
dissolved gas, secondly pores formed by carbon reaction products. These two mechanisms 
can be excluded here due to vacuum casting conditions and the absence of carbon in CMSX-
4. Furthermore vacancy formation by the molar volume difference of the constituent phases 
and ´ and vacancy creation within the crystal through a diffusional mechanism (Kirkendall 
effect) are mentioned. Diffusional porosity growth is due to asymmetric diffusion fluxes 
mainly caused by the asymmetric distribution of the slow diffusing elements Re and W 
between dendrite core, interdendritic area and eutectic. It is believed that the last mechanism 
generates vacancies in our case. The microporosity content increases in the two used 
microstructures by a factor of 2. This increase in microporosity content is observed in LMC 
and HRS microstructures. LMC conditions show that low initial microporosity content is 
beneficial for a reduced extent of microporosity after homogenization treatment. With the 
content increase also a size increase is observed. The LMC microstructure shows a smaller 
pore size at all homogenization times leading to improved fatigue properties as discussed 
below.

Advantages of the LMC casting process
The fatigue life determining microstructural feature is the casting microporosity in this study. 
The carbides present are too small to cause fracture in the studied range of dendrite arm 
spacing or thermal gradients acting. The fatigue life diagram together with the analysis of the 
possible fracture sites shows clearly that the smaller pore size found in LMC castings leads to 
an enhancement of fatigue life of one order of magnitude. One might argue that hot isostatic 
pressing could be employed to close casting porosity and improve fatigue strength. It should 
be remembered though that HIP is not straightforward in a single crystal because of 
recrystallisation.
Another advantage of the finer microstructure in LMC castings is seen in an improved 
homogenization especially for the slow diffusing alloy constituents W and Re. This leads to 
more homogeneous properties of the heat treated microstructure. Furthermore heat treatment 
time can be shortened which is an enormous economic effect with respect to heat treatment 
times up to 24 h for modern superalloys. The reason for the more homogeneous 
microstructure or reduced heat treatment time respectively is seen in the shorter diffusion 
distance between the dendrites. 
Other advantages of the LMC technique that have been pointed out earlier include the shorter 
cycle time due to the potential for higher withdrawal rate and larger clusters.
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Abstract 

Thermal mechanical fatigue (TMF) of a number of nickel-base single crystal superalloys has been studied 
in an effort to assess the factors which affect TMF life. Based on the experimental data, multiple regression 
analysis has been performed for the correlation between the number of TMF cycles to failure and the alloy 
compositions. The multiple correlation coefficient is found to be R=0.84, indicating that the alloy 
composition has a close relationship with the number of TMF cycles to failure. Especially the addition of 
Co, Ru and Al can effectively improve the TMF properties. In addition, the TMF life is also related to the 
high temperature mechanical property and microstructural parameters. 

Keywords: nickel-base single crystal superalloys, thermal mechanical fatigue,  
regression analysis, alloy composition, mechanical properties,   
microstructural parameter  

1. Introduction 

Nickel-base single crystal superalloys are widely used for turbine blades of aircraft engines 
and stationary gas turbines with increased temperature for higher thermal efficiency. In the 
case of turbine blade of gas turbine for power generation, external surface temperature is 
about 900  at the time of operation, and the inside is about 600  by cooling. At the time of 
a pause, the temperature of the whole blade drops to about 400 . The big temperature 
difference due to alternate operation and pause will cause thermal mechanical fatigue (TMF). 

The strength evaluation of Ni-base single crystal superalloys has mainly been performed by 
creep test. In fact, the TMF properties are also very important for practical application. 
However, TMF evaluation of nickel base single crystal superalloys was seldom done 
systematically 1). So far the factors, which may influence TMF properties, have not been 
clarified. 

In this paper, two kinds of multiple regression analysis are carried out on the basis of TMF 
test. One kind is done for the correlation between TMF and alloy composition. The other is 
tried to understand the effect of microstructural parameters and mechanical properties. 

2. Experimental 

The alloys were designed and cast at National Institute for Materials Science (NIMS, Japan). 
A total of 28 kinds of the Ni-base single crystal superalloys were tested and their range of 
composition is listed in Table 1. 
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Table.1 Range of chemical compositions in this study (mass%,Ni-bal.) 

After cast, heat treatments including solution treatment and aging were performed for all the 
alloys. Cylindrical specimens as shown in Figure 1 were machined from single crystal bars in 
[001] orientation. TMF testing was carried out on a hydraulic-servo system fatigue machine 
(MTS type 810) with a capacity of ±50 kN. The test piece was heated by the high frequency 
heating method. The temperature range is from 400 to 900  and the strain range is ±0.64%. 
The frequency is 66 min/cycle. The load was applied in the out of phase mode to simulate the 
practical working condition of gas turbines for power generation. 

Fig.1 Schematic diagram of  TMF specimen. 

Figure 2 shows typical stress-strain hysteresis loop of the TMF test. Stress relaxation 
happens during hold time (1 hour) in compression. The amount of the stress relaxation in the 
first cycle was assumed to be σR. Moreover, work hardening happens during the tension. The 
difference (ultimate tensile strength (UTS) 0.2% proof stress) was assumed to characterize a 
work hardening tendency in this study. And the work hardening tendency (UTS 0.2% proof 
stress) was used for multiple regression analysis. The UTS and 0.2% proof stress were 
obtained from high temperature tensile test (Figure 3) at 400  with a strain rate of 0.3%/min 
(5x10-5s-1).  

Two kinds of multiple linear regression analysis were carried out to investigate the effect of 
chemical composition, microstructural parameters, and mechanical properties. Lattice misfit 
(%), volume fraction of γ′ phase and stacking fault energy (SFE)(J/m2) were employed as the 
microstructural parameters. For the mechanical properties, the ultimate tensile strength (UTS) 
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and 0.2% proof stress (MPa) were used. The formula in the reference [2] was utilized for 
calculation of SFE as follows. 

SFE (Γ/Gb×103)=12.914 0.224XCr 0.356XMo 0.0826XFe 0.271XNb 

0.822XTi 0.238XAl 0.113XCo 0.720XW 0.271XTa.

where, Xi is the i element concentration in an alloy. 

Fig.2 Typical stress-mechanical strain hysteresis loop. 

Fig.3 Schematic diagram of tensile test specimen. 

3. Results and discussions 

Multiple regression analysis by alloy composition
The multiple regression analysis is first carried out by alloy. The regression equation is 

shown below: 

i
i

i XaaNf ∑+= 0)log(  (1) 

Where, Xi is i element concentration in an alloy composition. ia  is the regression 
coefficient.  

The coefficient and error probability of each element in regression equation (1) are shown in 
Table 2. The multiple correlation coefficient is R= 0.84. The scatter chart of TMF life (Nf) 
tested and calculated by regression equation (1) is shown in Figure 4. The experimental 
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values are distributed along a regression line. Therefore, the prediction of the regression 
equation is considerably accurate. It is suggested that addition of Co, Ru, and Al increase the 
number of TMF cycles to failure from the sign (+/-) of the coefficient and the error 
probability in Table 2.The element Co is effective in promoting miniaturization of γ/γ′

microstructure. 3) 

Table 2 Coefficients of the regression equation (1) explained by the alloy compositions.
multiple correlation coefficient R=0.84 

Fig.4 Relationship between observed and calculated number of cycles to failure (Nf).                
Calculated values were obtained by the regression equation (1). 

So the dislocations accompanying modification during TMF test can be controlled in some 
degree. Al is one of the alloying elements in γ′ and its addition can increase the volume 
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fraction of γ′ phase, which is harder than γ phase. As to the addition of Ru, it maybe lower 
stacking fault energy of the alloys. Formation of stacking faults will prevent the motion of 
dislocations. Thus work hardening is promoted.  

On the other hand, both Hf and Ir have error probability as low as 5% and 20%, respectively. 
The two elements seem to have an influence on TMF life. However, the composition range of 
Hf is very narrow (0 0.2mass%). Therefore, it is difficult to evaluate the influence of Hf on 
TMF life at this stage. Since one alloy of the total 28 contains Ir, its effect on TMF life in the 
alloy cannot be judged.  

Multiple regression analysis by microstructural parameter and mechanical properties
The multiple regression analysis shows that the microstructural parameters and mechanical 

properties also bear a relationship with TMF life. The regression equation is produced as 
follows: 

∑ −+=
i

Ri ARproofUTSMisfitSFEVfbbNf ).,%2.0,,2.0,,,()log( 0          (2) 

Where, ib  is the regression coefficient.  

Table 3 Coefficients of the regression equation (2) explained by the mechanical and 
microstructural properties. 

multiple correlation coefficient R=0.62 

The coefficient and error probability of each microstructural parameters and mechanical 
properties in regression equation (2) are shown in Table 3. The scatter chart of TMF life (Nf) 
tested and calculated by regression equation (2) is shown in Figure 5. The multiple correlation 
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10-4MPa) 

UTS-0.2 

MPa) 

10-2

80 40 10 40 Probability of 
error (%) 
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coefficient is R= 0.62, which marks the effect of the considered factors on TMF life. From 
Table 3, the volume fraction of γ′, the stacking fault energy and the work hardening tendency 
are related to the TMF life. An increase of the γ′ volume fraction can raise the number of 
TMF cycles to failure. If the stacking fault energy is small, the number of TMF cycles to 
failure will increase. This result is consistent with the above analysis based on chemical 
compositions. Increase of the volume fraction of γ′ is directly concerned with the aluminum 
addition. On the other hand, it is reported that addition of Co and Ru is effective in lowering 
stacking-fault energy. 4)5) If stacking-fault energy is small, it will become easy for the 
dislocations to extend accompanying modification. When a dislocation becomes an extended 
one, its existence increases the resistance for a gliding dislocation to intersect with it. 
Therefore, work hardening takes place to an alloy and the number of TMF cycles to failure 
increases. Considering the mechanical property factor, the TMF life can be improved if work 
hardening tendency is strong. 

Fig.5 Relationship between observed and calculated number of failure Nf . 
              Calculated values were obtained by the regression equation (2). 

4. Summary 

The TMF test has been done for a number of Ni-base single crystal superalloys. The influence 
on the TMF life of several factors, such as chemical composition, mechanical property and 
microstructural parameter, is examined on the basis of multiple regression analysis. The 
following conclusions can be drawn in the present study. 
1) The prediction of TMF life can be made accurately only based on the alloy composition.  
2) Of all the alloying elements in superalloys, Al, Co and Ru can increases the TMF life 

effectively.  
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3) The microstructural parameter (stacking fault energy or volume fraction of γ′) and 
mechanical property (UTS or 0.2% roof stress) have a close relationship with the TMF 
life of superalloys. 
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HIGH TEMPERATURE PROPERTIES OF SELECTED  
Ni-BASE SUPERALLOYS  
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SVUM a.s., Prague, Czech Republic, hightempmat@svum.cz 

Abstract 
For advanced methods of remaining lifetime predictions of hot parts in gas turbines and 

turbosuperchargers it is necessary to evaluate dependencies of creep plastic characteristics on temperature, stress 
and time adequately. Quantitative relations of this type will be presented for the widely used cast superalloys IN 
713 LC, IN 738 LC and IN 792 5A. 

 
Key words: turbines, superalloys, creep properties, mathematical models, lifing. 

 
1. INTRODUCTION 

 
The term superalloy has been used since the end of the fifties of the past century as a 

designation of complex alloyed Fe-, Ni- or Co-base materials used primarily for the 
production of the most stressed high-temperature parts of gas turbines or turbochargers. The 
basic requirements for these materials are: 

- Resistance to complex mechanisms of damage due to mechanical stress at high 
temperatures 

- Resistance to the corrosion effects of working media 
- Satisfactory technological properties. 
 

Due to their strategic importance, primarily in aviation, superalloys became the most 
investigated group of metallic materials. The result of this development is a large number of 
these materials and many new technologies [1] that are available today (certainly due to 
commercial and patent applications). Relatively frequently used superalloys, including 
examples of applications by the foremost world producers, are reviewed in paper [2]. 

 
Manufacturers of aviation and stationary turbines and turbochargers in our country 

(primarily MOTORLET – now WALTER Engines a.s., Prague, PBS Brno, PBS Velká Bíteš 
a.s.) were primarily using materials from the former USSR and from POLDI Kladno. For 
processing these materials, adequate technologies were mastered (vacuum metallurgy, 
investment casting – including casting of blades with hollow channels, crystallization 
refinement of investment castings, transient liquid-phase bonding, electron-beam welding, 
friction welding, etc.). 

 
A serious problem occurred after political and economical changes at the end of the 

20th century. As a consequence of the interruption of production in Poldi Kladno and 
breaking links to traditional suppliers of special materials from Russia, it was necessary to 
find an alternative solution. 

 
In this context, the objective of this contribution is to present basic information on the 

high-temperature properties of selected supperalloys of western origin that meet the 
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requirements of the current technological environment and the level or requirements of design 
engineers expected in the nearest future. We will discuss typical blade materials IN 713 LC, 
IN 738 LC and IN 792 5A, whose frequent application in designs is reviewed in [2]. The IN 
713 LC alloy is the best known in our country and has been already used in domestic designs 
(various parts of turbochargers and gas turbines). We will be using this alloy as a reference 
material for the characterization of two further materials.  

 
2. GENERAL CHARACTERISTICS OF THE EVALUATED ALLOYS 

 
All the alloys discussed in this paper are complex alloyed precipitation-hardenable Ni-

base alloys. A typical technology for those alloys is vacuum investment casting. The nominal 
chemical composition and some physical characteristics of these alloys are indicated in Table 
I and II. 

 
Table I Nominal chemical composition of the discussed alloys (wt.%, Ni – base) 
Alloy C Cr Co Mo W Nb Ta Ti Al Zr B 
IN 713 C 0.12 12.5 - 4.2 - 2.0 - 0.8 6.1 0.10 0.012
IN 713 LC 0.05 12.0 - 4.5 - 2.0 - 0.6 5.9 0.10 0.010
IN 738 0.17 16.0 8.5 1.7 2.6 0.9 1.7 3.4 3.4 0.10 0.010
IN 738 LC 0.10 16.0 8.5 1.75 2.6 0.85 1.75 3.4 3.4 0.05 0.010
IN 792 0.12 12.4 9.0 1.9 3.8 - 3.9 4.5 3.1 0.10 0.020
IN 792 5A 0.08 12.5 9.0 1.9 4.17 - 4.17 3.97 3.37 0.03 0.015
 
Table II  Some physical properties 

Temperature [°C] Alloy 
Solids Liquids 

Density 
[g.cm-3] 

IN 713 C 1260 1288 7,91 
IN 713 LC 1288 1321 8,01 
IN 738 1230 1315 8,11 
IN 792 1235 1320 8,25 

The IN 713 LC alloy is a low-carbon modification of IN 713 C (LC – low carbon). It is 
one of the cast alloys of the so-called 1st generation, where vacuum metallurgy was applied 
during production. Lowering the C content shifted the solid and liquid toward higher 
temperatures and improved some material characteristics (primarily plasticity). The alloy is 
commonly used in the cast condition and is considered to be structurally stable from the point 
of view of the precipitation of the topologically close-packed phases during operational 
exposure. In our country, the equivalent of this alloy was formerly produced under the 
LVN-10 designation. 

 
The IN 738 alloy and its IN 738 LC modifications are higher materials of the 2nd 

generation in comparison with IN 713 LC. The heat resistance of the more frequently used IN 
738 LC version is comparable to IN 713 LC, however, thanks to a higher Cr content and other 
alloying materials, it is more resistant to high temperature corrosion. With respect to more 
complex alloying (see Table I), it is more expensive and technologically demanding. In the 
event of unsuitable combination of the content of the alloying elements, there is a danger of 
the formation of the undesired σ phase during operational exposure. Precipitation of this 
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phase can be prevented by optimizing the chemical composition by the PHACOMP method. 
The alloy is used in a state heat treated, in most cases by the 1120°C/2h/air + 845°C/24h/air 
procedure. 

 
From the discussed alloys, IN 792 is the youngest one from the point of view of 

development and has the highest creep resistance and corrosion resistance is comparable to 
IN 738 LC; however, it is the most expensive. It also belongs to the cast alloys of the 2nd 
generation. It is produced in several modifications that slightly differ in chemical 
composition. We will focus on the IN 792 5A alloy that is, obviously, the most frequently 
used. Contrary to the basic composition (see Table I), modifications denoted as 5B and 5C 
contain 0.5 or, as the case may be, 0.9 % Hf and are more expensive than the 5A alternative. 
In the same manner as in the case of IN 738 LC, the chemical composition must be optimized 
using the PHACOMP method in order to avoid the formation of the σ phase. The optimum 
properties of the IN 792 5A alloy are achieved by a two-stage heat treatment, identical to the 
above-indicated process for IN 738 LC, or by a three-stage procedure 1120°C/2h/air + 
845°C/4h/air + 760°C/16h/air. 

 
During the production of castings, the foundry primarily guarantees the chemical 

composition (and in the case of IN 738LC and IN 792 5A, also documents the mean value of 
the µNv electron vacancies as a criterion of the optimum composition from the point of view 
of sigmatization). Apart from the control of shapes, dimensions and the interior and surface 
quality of castings, the alloy quality is usually declared by the result of a short term test of 
creep strength. These tests are routinely carried out by the accredited test laboratory of SVUM 
for a number of customers. According to the experience of this test laboratory, various 
examples of the acceptance requirements are indicated for the discussed materials in Table III. 

 
Table III Conditions of creep acceptance tests and minimum required properties. 

Acceptance requirements 
Alloy 

Temperature 
[°C] 

Stress 
[MPa] Time to rupture 

[h] 
Elongation 

[%] 
Reduction of area 

[%] 
980 150 30 4 - 
760 530 50 2 - IN 713 LC 
870 353 29 3.5 - 
760 545 60 - - 
930 230 20 - - IN 738 LC 
982 152 35 5 10 

IN 792 5A 950 230 16 5 5 
 

3. EXPERIMENTS 
 

All the evaluated heats were cast by a standard technology in the foundries of precision 
casting either in PBS Velká Bíteš a.s. or PCS a.s. Prague. During the production of castings, 
master heats were used that were delivered from foreign producers that specialize in Ni-base 
high temperature alloys. The chemical composition of the heats was satisfactory in all the 
cases (see Tab.IV.). In the case of the IN 738 LC and IN 792 5A alloys, admissible values of 
the µNv electron vacancies were found. In the case of these alloys, the material of these casts 
was subject to standard heat treatment. All the details of the technological character are 
indicated in [3,4]. Creep experiments were carried out on air during a permanent load. 
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Table IV Chemical composition of tested alloys (wt.%, Ni base) 
IN 713 LC IN 738 LC IN 792 5A Element 

RCL 433/09 009H16/027 Q197/15 RC 443/18 C3873 RC 458/24 
C 0.045 0.05 0.10 0.093 0.10 0.078 
Cr 11.63 12.00 15.74 15.83 16.09 12.28 
Mo 4.24 4.42 1.74 1.66 1.75 1.81 
Nb 1.90 1.91 0.82 0.76 0.83 <0.10 
Ta - - 1.75 1.74 1.61 4.12 
Al 6.04 6.0 3.45 3.55 3.39 3.36 
Ti 0.75 0.72 3.29 3.25 3.26 3.98 
B 0.01 0.008 0.008 0.009 0.008 0.015 
Zr 0.081 0.094 0.04 0.023 0.041 0.031 
Si <0.10 <0.02 0.04 <0.05 0.04 <0.10 
Mn <0.05 0.01 0.01 <0.05 <0.02 <0.10 
Fe 0.12 0.04 0.31 0.07 0.30 0.16 
Co <0.05 0.05 8.42 8.32 8.36 8.87 
W - - 2.4 2.60 2.63 4.10 
Hf - - - - 0.04 - 
Cu <0.02 <0.01 <0.01 <0.02 <0.02 - 
S <0.003 <0.001 0.002 <0.003 0.005 <0.002 
P - <0.005 0.03 0.003 <0.005 <0.002 
ppm N2 8.00 10.0 14.0 - 18.0 - 
ppm O2 4.00 3.0 11.0 - 5.0 - 
ppm Ag - - <5.0 <0.1 - <0.1 
ppm As - - <15.0 <5.0 - <5.0 
ppm Bi - - <0.5 <0.1 - <0.1 
ppm Cd - - - <0.1 - <0.1 
ppm Ga - - <20.0 <15.2 - <10.0 
ppm In - - - 0.1 - <0.1 
ppm Mg - - <50.0 - - 8.4 
ppm Th - - - - - <1.0 
ppm Pb - - <5.0 <0.3 - 0.3 
ppm Sb - - <2.0 <1.0 - <1.0 
ppm Se - - <1.0 <2.0 - <2.0 
ppm Sn - - <20.0 <5.0 - <5.0 
ppm Te - - <0.5 <1.0 - <1.0 
ppm Tl  - - <0.5 <2.0 - <0.2 
ppm Zn - - <4.0 <1.0 - <1.0 
µNv - - 2.29 2.30 2.30 2.26 

 
3.1 Methodology of the evaluation of experiments 

For the evaluation of the dependence between the time to rupture, temperature and 
stress, the following relation was chosen according to [5] in the form 
 

2
LM3LM21 PAPAAlog ⋅+⋅+=σ , (1) 

where )At(logTP rLM 4+⋅= , 
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  T  is temperature, 
  σ  is stress, 

tr  is the time to fracture, 
A1 - A4  are the material constants. 

 
For the evaluation of the deformation characteristics, individual creep curves were 

assessed by means of a model [7] 
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where   
εc is the overall plastic deformation, t   is time, 
ε0 is the initial deformation,  σ   is stress, 
T is temperature,   K, M, N, εm, E1-3 are the material constants. 
 

Examples of some creep curves evaluated by the indicated procedure are in Fig. 1. 
 
The temperature and stress dependencies of the creep limit and creep rate were 

expressed from the processed data. A regression model formally identical to (1) was used for 
the evaluation of the creep limit, 

 
2
LM3LM21 PBPBBlog ⋅+⋅+=σ , (3) 

 where )Bt(logTP 41LM +⋅= ,    
T   is temperature,     
σ   is stress, 

  t1  is the time to 1% plastic deformation  
B1 - B4  are the material constants. 

 
A model was used for the evaluation of the creep rate according to [6] in form 

( )[ ] ( )[ ]T
T

TC
T

CC ⋅⋅⋅−⋅+⋅⋅⋅+−⋅+= σCsinhlog
C

11
logC  σCsinhlog

C

11
logε log 6

5
463

5
21& (4) 

where  
ε&  is the minimum creep rate (%/h),  σ  is stress (MPa), 
T is temperature (K),    C1-C6 are the material constants. 
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Fig. 1  Creep curves of the IN 738 LC alloy  
 

3.2 Evaluation of the creep characteristics  
 

3.2.1 IN 713 LC 
Altogether 55 tests were used for the evaluation from two heats (chemical composition 

see Table IV). The tests were carried out in the 80-480 MPa range of stress, 730-950°C 
temperature range and times to fracture 29-6776 h. The total time of the carried out 
experiments was 114235 h. Detailed information on the experiments is in paper [4]. The 
results of the evaluation are show in Fig.2. 
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Material constants from relation (1) valid for RmT [MPa], T [K], tr [h] 

A 3,41051917E+00 A3 -3,96133382E-09 
A2 5,59013351E-05 A4 1,88884956E+01 
  

 
 
 
 

 
 
 
 

 
 
 
 

 
a) Rupture strength RmT 

Material constants from relation (3) valid for RmT [MPa], T [K], tr [h] 

B 1,10913690E+00 B3 -6,52773577E-09 
B2 2,19648275E-04 B4 2,06036529E+01 
    

 
 
 
 

 
 
 
 

 
 
 
 

 
b) Strength for 1% creep strain R1%/T 

Material constants from relation (4) 
C -1,31999909E+02 
C2 -4,40592396E+01 
C3 1,42050861E+01 
C4 4,88454774E+01 
C5 -7,95396959E+03 
C6 1,32548306E-06 

.

ε  [%h-1], σ [MPa], T [K] 

 
 
 
 
 
 
 
 
 
 

c) Minimum creep strain rate 
.

ε  
Fig. 2 Creep properties of the IN 713 LC alloy 
 
3.2.2 IN 738 LC 

These characteristics were determined on the basis of the evaluation of 58 tests of the 
material from three heats (chemical composition see Tab IV). The tests were carried out in the 
65-530 MPa range of stress, 750-1000°C temperature range and 65-5862 h range of times to 
fracture The total time of the carried out experiments was 76265 h. Detailed information on 
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the experiments is in paper [4]. The results of the evaluation of the experimental data are 
obvious from Fig.3. 

 
Material constants from relation (1) valid for RmT [MPa], T [K], tr [h] 

A 3,94363667E-01 A3 -9,42817312E-09 
A2 3,10429148E-04 A4 1,85422591E+01 
    

 
 
 
 

 
 
 
 

 
 
 
 

 
a) Rupture strength RmT 

Material constants from relation (3) valid for RmT [MPa], T [K], tr [h] 

B -2,82039086E-01 B3 -8,07777944E-09 
B2 3,14852133E-04 B4 2,10941619E+01 
  

 
 
 
 

 
 
 
 

 
 
 
 

 
b) Strength for 1% creep strain R1%/T 

Material constants from relation (4) 
C 9,56308425E+01 
C2 3,04703938E+01 
C3 -1,69707424E+01 
C4 -4,89543766E+01 
C5 6,76138414E+02 
C6 3,34390031E-06 

.

ε  [%h-1], σ [MPa], T [K] 

 
 
 
 
 
 
 
 
 
 

c) Minimum creep strain rate 
.

ε  
Fig. 3 Creep properties of the IN 738 LC alloy 

 
3.2.3 IN 792 5A 

These characteristics were determined on the basis of the evaluation of 45 tests of the 
material from one heat which chemical composition is in Tab.IV. The tests were carried out in 
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the 80-540 MPa range of stress, 750-975°C temperature range and 36-10495 h range of time 
to fracture The total time of the carried out experiments was 81718 h. Detailed information on 
the experiments is in paper [4]. The results of the evaluation are summarized in Fig.4. 

 
Material constants from relation (1) valid for RmT [MPa], T [K], tr [h] 

A -4,68657401E-01 A3 -9,39400294E-09 
A2 3,56137884E-04 A4 1,99733928E+01 
  

 
 
 
 

 
 
 
 

 
 
 
 

 
a) Rupture strength RmT 

Material constants from relation (3) valid for RmT [MPa], T [K], tr [h] 

B -2,32361121E-01 B3 -6,23516284E-09 
B2 2,78827287E-04 B4 2,46893793E+01 
  

 
 
 
 

 
 
 
 

 
 
 
 

 
b) Strength for 1% creep strain R1%/T 

Material constants from relation (4) 
C -2,13513420E+01 
C2 -3,86464846E+00 
C3 -6,26871693E-01 
C4 -1,95308164E+00 
C5 1,35048670E+03 
C6 6,20537446E-05 

.

ε  [%h-1], σ [MPa], T [K] 

 
 
 
 
 
 
 
 
 
 

c) Minimum creep strain rate 
.

ε  
Fig. 4  Creep properties of the IN 792 5A alloy 
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3.3 Comparison of the creep properties of the evaluated alloys 
For the comparison of the high temperature properties of the investigated alloys, model 

(1) was used in which the uniform coefficient was used for all the alloys.  
 
The dependence of the creep strength limit on the Larson-Miller parameter (LMP) is 

displayed graphically in Fig.5. A similar comparison is given in Fig.6, where the dependence 
of the 1% creep limit is illustrated. For illustration, the corresponding stresses are evaluated 
for the chosen LM parameters, corresponding to the chosen temperatures of the creep 
exposition and the rapture times (Fig. 5) or, as the case may be, times for achieving 1% 
permanent deformation (Fig.6). While there is no much difference between IN 713 LC and IN 
738 LC from the point of view of the load-carrying capacity, it is obvious from both figures 
that the IN 792 5A alloy exhibits the highest values.  

 
Another evaluation, carried out on the basis of the calculation according to relation (1), 

is illustrated graphically in Fig.7; it compares alloys from the point of view of their durability. 
The corresponding times to rupture are plotted for the chosen temperatures and stress. It is 
obvious that in comparison with IN 713 LC and IN 738 LC, the IN 792 5A application 
increases durability approximately three times. Fig.8 offers a similar interpretation; in this 
figure, the limit temperature of the application is determined for the chosen strengths and 
times to rupture. 

 
 
 
 
 
 
 
 
 
 
 

 

 

Fig.5 Comparison of the creep strength of 
the IN 713 LC, IN 738 LC and IN 
792 5A alloys. 

Fig. 6 Comparison of the creep strength for 
1% creep strain of the IN 713 LC, IN 
738 LC and IN 792 5A alloys. 

  
 
 
 
 
 
 
 
 
 

 

Fig. 7 Comparison of the IN 713 LC, IN 
738 LC and IN 792 5A alloys at a 
temperature of 850°C and the given 
stress. 

Fig. 8 Comparison of the IN 713 LC, IN 
738 LC and IN 792 5A alloys at a 
selected stress and time to rupture in 
relation to temperature. 
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4. DISCUSSION 
 
The IN 713LC alloy is historically the oldest one. However, it has a number of advantages 

due to which it remains the most often produced and used cast Ni alloy from the point of view 
of quantity. It has a relatively simple alloying and is not prone to sigmatization, has a short 
solidification interval (see Table II) and castings can be used in a cast state. IN 713 LC is 
technologically undemanding, the level of its high temperature properties is good and in most 
cases, there are no problems with achieving the required properties during creep tests (see, 
e.g., [7]). 

With high temperature properties comparable to those of IN 713 LC, the advantage of IN 
738 LC is increased resistance to high temperature corrosion, primarily in the sulphuric 
environment [8,9]. This is achieved by more complex alloying, which, however, increases its 
specific mass (see Table II) and the price of the alloy (in comparison with IN 713 LC, it is 
approximately half more expensive). IN 738 LC is prone to sigmatization during operation 
and for this reason, its composition must be optimized. In comparison with IN 713 LC, the 
temperature interval of solidification is approximately two and half wider, which must be 
taken into account when choosing the risering of castings in order to avoid microporosity. 
Heat treatment is necessary for achieving the required use properties of the alloy. 

The IN 792 5A alloy is also a material with high resistance to high temperature corrosion 
in a sulphuric environment. Its main advantage is that it has the best high temperature 
properties of all the evaluated alloys. However, it is obvious from Table II that is also has the 
highest specific mass and the same solidification interval as IN 738 LC. It has the same 
procedure of thermal treatment and is prone to sigmatization. The disadvantage of the IN 792 
5A alloy is that it is approximately three times more expensive.  

 
5. CONCLUSION 

 
The main application sphere of the IN 713LC, IN 738 LC and IN 792 5A alloys are the 

cast high temperature parts of gas turbines and turbochargers. Creep characteristics are 
important material documents for the construction design of these parts. In the present paper, 
creep strengths, 1% creep limits and creep rates are given for all the above-indicated alloys 
and some technological aspects that may be helpful in choosing the optimum material 
solution.  
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Abstract

Many of land base gas turbines for power plants are already long-time operating and lots of efforts were brought 
to evaluate the remnant life of turbine components. The aims is to assess the actual conditions of the material 
used for critical components are sustainable with respect to remaining life judgement. The present work provides 
information on land-base gas turbine first-stage turbine blade structure degradation due to long-term 
thermomechanical and environmental exposure. The virgin blade was of cast and heat treated nickel base 
superalloy IN 738 and prior examination it was exposed more than 70 000 hours at turbine inlet temperature, 
operating by Electricity Generating Authority of Thailand (EGAT) company. The pieces, differently localized 
along the blade, were cut off for microstructural analyses, which were performed using light and scanning 
electron microscopy. After long-term service the gamma prime coarsening, re-precipitation of finer gamma 
prime precipitates and grain boundary carbide precipitates dissolving were observed. The most degraded 
microstructure was found at top part of trailing edge and at the middle leading edge of blade  where small cracks, 
pores and nests of voids were observed. In order to find proper condition to recover the microstructure the 
attempt of rejuvenation involving hot isostatic pressing (HIP) followed by standard heat treatment of IN 738 
alloy was employed to pieces of the blade. The series of HIP treatments at two different temperatures and at 
different holds have been conducted. This process appeared to be successful in healing of micro voids and pores 
in interior of blade, but no restoration of surface defects was observed. Increasing the HIP temperature and 
extending the HIP time higher efficiency for micro voids and porosity closing were observed.  

Keywords: Nickel base superalloy, long term exposure, structure degradation, hot isostatic 
pressing (HIP), structure analysis. 

Introduction

Nickel base superalloys are used within the industrial gas turbine (IGT) engines for electricity 
generating leading to the need of the high temperature path components. These materials can 
be exposed to very severe operating conditions where high tensile strength, good fatigue and 
creep resistance as well as oxidation and hot corrosion resistances are all required. A range of 
nickel base superalloys, from dilute, solid solution strengthened alloys to the highly alloyed 
precipitation hardened materials are available for high temperature loading performance and 
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environmental resistance. For optimal performance, high pressure/high temperature turbine 
blades are generally made of nickel base superalloys. The choice of precipitation temperatures 
governs not only the type but also the size, distribution and volume fraction of precipitate. 
Multiple precipitation treatments are usually common in wrought alloys but uncommon in 
cast alloys [1]. Usually, selection of a single aging temperature may result in obtaining 
optimal amounts of multiple precipitating phases. In case higher hardening is expected, 
alternatively, a double-aging treatment at different temperatures, which produces different 
sizes and types of gamma prime precipitate, may be utilized [2]. A principle reason for a need 
of double aging, in addition of gamma prime precipitation, is carbides precipitation, and/or 
grain boundary carbide morphology control [3]. 

Superalloys normally respond to heat treatment, and thus, exposure of these alloys to elevated 
temperatures, with or without stress, can cause microstructural changes and resultant changes 
in properties. Generally, the higher the exposure temperature, the more rapid the structure 
changes [4]. At the highest exposure temperatures, an alloy may be subject to incipient 
melting. As exposure temperature decreases, the type of microstructural degradation may 
change. In addition, oxidation and surface corrosion may take place at all temperatures for 
which these alloys are normally specified. 

Some superalloys are exposed to extremely high temperatures in furnace and petrochemical 
applications, but loads are not very high. Alloys for gas turbine applications generally are 
exposed to the most demanding combination of high temperature and stress. The approximate 
metal temperature for airfoils of some cast superalloys may range as high as 1093°C. Within 
the range of about 727 to 1093°C microstructural changes readily occur with time at 
temperature. Furthermore when stress is applied, the changes may be accelerated. The break 
down of primary carbides, primary geometrically closed-packed phases agglomeration and 
formation of topologically closed-packed (tcp) phases could appear. 

IN-738LC, a cast nickel base superalloy was originally developed as a material for turbine 
blade applications. It was specially designed for long-term service in excess of 100000 hours 
at temperature up to 980°C with surface coating. The chemical composition of alloy was 
proposed to provide an excellent combination between mechanical and physical properties 
such as high temperature tensile and fatigue strength, creep strength, fracture toughness, 
thermal fatigue, structural stability including hot corrosion and hot oxidation resistance. The 
IN-738 superalloy is used as a material for gas turbine in power plants of Electricity 
Generating Authority of Thailand  (EGAT) in a present days. 

In present study, as the first step, the assessment of structural degradation of the first-stage 
turbine blade exposed long-term in land base gas turbine was carried out. The airfoil was 
exposed in actual operational conditions for 70000 hours and as effect a consequence of the 
exposure the structure degradation should result. The extent of microstructure changes due to 
long-term exposure was evaluated. In order to restore the structure, consequently, the series of 
hot isostatic pressing, where pressing time and temperature were variables, followed by 
standard heat treatment process were applied with aim to restore the structure. The 
microstructure changes resulting form HIP process have been evaluated and the results of are 
presented in this work.
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Experimental material and procedures

The nickel base superalloy Inconel 738 was the material the airfoils were cast from. This 
superalloy is frequently used for the investment casting of turbine airfoils of gas turbine 
engines in power plants, where the operational temperature is up to 980°C. The chemical 
composition of the alloy in weight % is shown in Table 1.

   Table 1. Chemical composition of IN 738 in weght %. 

Cr Co Ti Al W Mo Ta Nb Fe Zr B Ni 

15,8 8,5 3,5 3,5 2,5 1,9 1,7 0,9 0,07 0,04 0,12 bal. 

 The IN-738 is a ’ precipitation-strengthened nickel base superalloy, which is widely used as 
turbine blades in hot sections of gas turbine engines due to its outstanding strength properties 
at high temperature as well as excellent hot corrosion resistance. Inconel 738 contains 
substantial amount of Al and Ti together more than 6 wt%, which provides abundant 
precipitation strengthening of ordered L12 intermetallic Ni3 (Al, Ti) ’ phase [5]. The size 
distribution and, sometimes, the type of ’ precipitate are affected by aging temperature. 
Usually, selection of a single aging temperature may result in obtaining optimal amounts of 
multiple precipitating phases.  

The nominal two steps heat treatment applied to airfoil prior exposure was as follow:
Solution heat treat at 1125°C for 2 hours, air cooling 
Aging at 845°C for  24 hours, air cooling 

The airfoil serviced for 70000 hours was received from EGAT, Thailand is documented in 
Fig. 1. About 1 cm2 rectangular plates were cut from the most severe degradation zone of 
turbine blades. Metallography investigation was carried out along the blade in a plane 
perpendicular to the longitudinal blade axis. The study of microstructure characteristics of  the 

initial heat treated alloy and those of 
thermomechanically exposed was 
conducted by means of light and 
scanning electron microscopy (SEM). 
The plates cut off the blade have been 
subjected to HIP treatment. All plates 
were isostatically pressed by identical 
pressure of 100 MPa. Two 
homogenization temperatures of 1100°C 
and 1200°C and four different hold times 
in range of 1 to 4 hours at each 
temperature were conducted. The HIP-ed 
plates were then heat treated according 
to the standard heat treatment procedure 
of IN738 alloy. The merit of applied HIP 
process was investigated using SEM of 
unetched   samples   where  the   size   of 
voids and pores and their frequency were 
measured and related to the HIP 
condition.

 Fig. 1.  The  exposed   airfoils  delivered   for 
 structure   analysis and  hot isostatic pressing. 
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Experimental results and discussion 

Microstructure of virgin material
The microstructure of virgin IN738 cast superalloy subjected to two-steps heat treatment is 
documented in Fig. 2.  The structure consists of large dendritic grains with irregular grain 
boundaries. Eutectic islands, accidentally scattered in grains, of irregular gamma prime    were 
found accidentally scattered within the grains. The fine carbides precipitates are embedded 
along the grain boundaries, Fig. 3. Scarcely inside the grains and also deposited along the 
boundaries were found the course irregular in shape the most probably MC carbides. The 
microstructure of as-cast and heat treated alloy consists of extensive precipitation of ordered  
gamma prime precipitates, which are of cuboidal morphology and of high volume fraction. 
The size of these intermetallic precipitates is in range of  500- 700 nm.      

Microstructure of exposed blade
SEM micrograph, obtained from the transverse section at about mid-blade height of the 
exposed airfoil, is shown in Fig. 4. The changes in gamma prime distribution and grain 
boundary carbides modification is apparent. Service exposure at about 980°C caused 
extensive degradation of structure. The reduction of the amount of gamma prime phase, the 
form   modification and  increasing irregularity of particles  are due to long term operation.  If 

 Fig. 2. SEM micrograph of  blade    
 structure after nominal heat treatment.  

Fig. 3. Gamma prime homogeneous 
distribution together with fine carbides 
along grain boundary and eutectic area
in IN738 after nominal heat  treatment.   

Fig. 5. Morphology of degraded gamma 
prime and carbides residue.   

Fig. 4. SEM micrograph of degraded blade 
structure after exposure of 70000 h. 

     50 µm   10 µm

 10 µm     5 µm 
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gamma prime dissolved, the re-precipitation of fine gamma prime, as can be seen in Fig. 5, is 
possible during subsequent shut down periods of gas turbine. Carbide phases behave 
somewhat like gamma prime, but subsequent re-precipitation is not reversible process in time 
of exposure. As regards carbides, they can dissolve or agglomerate during exposure, resulting 
in substantial variation in amount, morphology and distribution. In Fig. 5 in vicinity of these  
carbide residues the presence of pores was observed. It can evoke the suggestion that a reason 
for pores appearance is either creep process, either incipient melting or as-cast porosity.

In order to compare an extent of microstructure degradation in area of blade leading edge and 
in area of airfoil locks the investigation was carried out. It is expected that that temperature 
and stress level in the blade root is not as severe as for leading edge of blade and structure 
changes should be less. The representative structures corresponding to root of blade are 
presented in Fig. 6 and Fig.7. The noticeable difference in structure obtained from different 
locations can be easily distinguished in term of gamma prime degradation, size and volume 
fraction, and carbides changes. This indicates that the microstructure changes along blade 
edge are on a much greater scale. The structure in lock is well-preserved and only negligible 
changes of carbides on grain boundaries were observed.

This study showed that extensive changes resulted from long-term thermomechanical 
exposure of airfoil extracted from the first stage of high pressure gas turbine section. Service 
exposure not only modified the morphology of gamma prime but also sufficiently reduced the 
amount of gamma prime phase and thereby can reduce the alloy creep strength. On the other 
side some small gamma prime precipitates have been re-precipitated but they can not recover 
the original properties of blade. In addition to these changes the modification of grain 
boundaries carbides could deteriorate the alloy creep strength as well. Moreover, dissolution 
of coarse MC carbide nucleated the microvoids and pores in vicinity of carbide remainings. 
All these blade structure changes observed can then consequently influenced creep behaviour.

Microstructure of hot isostatic pressed blade

Under prolonged application at elevated temperature, even the most well-designed component 
will exceed its service life. If the life is exceeded, then failure could occur. The microstructure  
analysis  of   exposed   airfoil  unambiguously  confirmed   that  long  term   exposure   caused 
degradation   of  microstructure,  however  the  failures   likewise   surface   cracks   were   not 

Fig. 7.  Uniform gamma prime in matrix 
and fine carbides along grain boundary. 

Fig. 6.  Carbides  decoration  of  grain 
boundaries in blade root .

10 µm      5 µm 
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observed. On the other side the presence of various internal defects including pores, voids, 
cavities, and also cracks close to MC carbides have been observed, Fig. 8 a Fig. 9. As 
previous results showed the restoration of these defects by using solution heat treatment was 
not effective [4,6]. Therefore it was expected that by applying hot isostatic pressing almost 
complete recovery of internal structural defects would be possible. After conducting the HIP 
treatment  according to the condition  stated, the SEM structure  analysis  of  processed  plates  

was performed. After conducting HIP process, accepting all testing conditions, apparent 
recovery of the defects was observed. The SEM analysis of unetched samples confirmed the 
effective defects healing by rejuvenation. HIP is successful to almost remove internal voids 
and cavities and promote diffusion welding. This indicates that defects in the structure can be 
restored, as can be seen in Fig. 10.  Evaluating the HIP processing the amount of internal 
defects decreased by an increased of HIP temperature and time. The higher temperature and 
longer time provides the significant beneficial effect in sintering of defects. The relationship 
between the internal voids diameter and HIP parameters are shown in Fig. 11. It was found 
that amount of remain microvoids decreased as HIP time and temperature increased.      

An aspect of microstructural and creep degradation that has received some attention, with 
limited  commercial application, is  the reported ability to heat treat  exposed alloys to recover 

Fig. 8. Microvoids located at matrix and 
at carbides.

5 µm 

Fig. 9. SEM micrograph of voids and cracks 
in structure of exposed superalloy.

   5 µm 

Fig. 10. SEM micrograph of resulted 
structure after HIP at 1200°C for 4 hours. 

Fig.11. Relationship between internal 
void diameter and HIP parameters. 

   20 µm 
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creep strength. The damage however depends on time of exposure and the possible recovery 
can be maintained by using a combination of HIP process and solution heat treatment. The 
concept was investigated in this study and effect of post HIP heat treatment was analysed with 
aim to identify the deviations of structure development with respect to IN 738 superalloy 
virgin structure. The HIP-ed blade pieces, prior exposed at 1200°C for 4 hours, were 
subjected to standard heat treatment as stated earlier in this work. The resulted microstructure 
recovery observed after applying such combined treatment is documented in Fig. 12.  
Comparing this restored structure with that one observed in blade after long term exposure 
(see Figs. 4 and 5) the progress in microstructure restoration is evident. On the other side the 
structural characteristics of resulted structure suggested that full recovery was not obtained. 
Especially the characteristics of the gamma prime morphology and its volume fraction are 
apparently different. Concerning also the precipitation of fine carbide precipitates M23C6

along   the   grain boundary  it   is  insufficient.  Instead  of  that   the  carbide  clustering   and
agglomeration is surviving. The obtained 
results suggest that full recovery was partial 
with respect to virgin superalloy. All these 
microstructure achievements suggest that the 
resulted structure degradation process has been 
preceded to such extent that complete recovery 
of structure would be difficult to maintain.  

According to the previous studies [7,8,9] it 
was reported that very few procedures 
concerning rejuvenation  heat treatment have 
been developed and carried out in Thailand.  
Usually repairing process for degraded gas 
turbine components should be modified 
mainly concerning the solution part of thermal  
treatment, for  next  gamma  prime and carbide 

precipitation in appropriate morphology and distribution and subsequently receive 
qualification   tests, including   microstructural examination and mechanical testing to ensure 
rejuvenated materials meet the original  materials specification. However, to complete 
microstructure recovery is for as-cast components very rare due to complex alloying of blade 
materials. Therefore, the re-heat treatment can restore the microstructure to some extent, but if 
considering the recovery of the creep properties it will resulted in their limitation.   

Hot isostatic pressing process offers the possibility of eliminating closed porosity, voids and 
creep cavities in cast components. HIP process is able also to improve the homogeneity of the 
microstructure, both by dissolution of segregates and by elimination of porosity, as well as the 
material properties. This is especially important in the case of cast parts, which are subjected 
to high stresses, such as turbine blades cast of nickel base superalloys. Turbine blades for 
aircrafts and stationary gas turbines are among the first applications of HIP process to cast 
products [6,10,11]. Furthermore, HIP process, as was shown, may significantly accelerate the 
healing process, at least for voids and creep cavities, which are locked inside structure. 
However, as results of experimental showed applied combination of HIP followed by 
standard heat treatment used for serviced IN 738 superalloy only partially restored the 
degraded structure of blade. This study showed that microstructure to some extent was 
recovered when compared to that of long term exposed, but neither gamma prime morphology 

   Fig. 12.  Microstructure  resulting  from  
   rejuvenation process.

  10 µm 
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nor volume fraction nor grain boundary carbides re-precipitation was such quality that they 
could guarantee safety run of gas turbine for further long period.

Conclusions

The experimental was carried out with an aim to evaluate the structural degradation of turbine 
blade cast from IN 738 nickel base superalloy that has been exposed for long term in working 
condition of land base gas turbine. The state of structure degradation was compared with 
virgin material. The series of HIP treatments combined with standard heat treatment, ordinary 
applied for blades prior installing, were carried out to with purpose to restore the structure of 
exposed blade material. The results obtained are as follow:

- Structure degradation of exposed blade was of great extent considering the change of 
gamma prime morphology, its volume fraction and grain boundary carbides dissolving. 

- The defects in structure including pores, voids and cavities resulting from long 
thermomechanical exposure were found in structure. 

- Hot isostatic pressing was used with success to restore all flaws present in structure.  

- Standard heat treatment applied after hot isostatic pressing restored the structure 
characteristics to some extent. The further investigation is needed to optimise the structure 
characteristics of exposed blade material.       
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Abstract
There is always a need to increase the upper temperature limit of turbine disks to allow higher operating 

temperatures in the design of high efficiency engine. We recently proposed a new concept to design disk 

alloy. This concept is based on combining the characters of two kinds of - ’ two-phase alloys (Ni-base 

and Co-base alloys). The preliminary results show that this design concept leads up to some promising 

candidate alloys that can be processed by normal cast & wrought (C&W) route and have 50 C up in 

temperature capability compared with C&W U720LI superalloy.  

Keywords: Ni-base superalloy, Ni-Co-base superalloy, Disk application, U720Li 

1 Intoduction 

Higher engine performance can be achieved by higher turbine inlet gas temperature and 

compression ratio, which mainly depend on the development of the materials with 

higher temperature capabilities for the key components of turbine engines, such as the 

turbine blades and the disks. 

For enhancing the turbine entry temperature, much work has been done on the 

improvement of the temperature capability of turbine blades. Figure 1 shows a 

perspective for the alloy and process improvement in the temperature capabilities of the 

superalloys for turbine blade components 1-3 . We choose the creep performance (here 
taken as the highest temperature at which rupture occurs at no less than 1000 hours at 

137 MPA) as a measure for the progress. There is about 400 C improvement in the 
latest 60 years and the latest target temperature indicated in Figure 1 is the objective of 

the High Temperature Materials 21 Project (HTM21) led by the Japanese National 

Institute for Materials Science in collaboration with gas-turbine industries. 
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Figure 1. Improvement in temperature capability of Ni-base superalloys for blades. 

Figure 2. Improvement in temperature 
capability of Ni-base superalloys for disks. 

Comparatively speaking, the thermal 

capability of disk materials is not 

subjected to such extreme temperatures 

as blades but has higher requirements 

for strength, creep and dwell fatigue 

crack growth properties for increasing in 

the compression ratio. Figure 2 shows 

the progress of turbine disk superalloys 

ranked by creep/rupture performance 

(the stress for 1000 h life at 630 MPa)

4-10 . For the latest 30 years, there are 

about 50 C increase in the thermal 
capability for the disk superalloys 

produced by C&W process route and 60 

C improvement by P/M process route. 
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2 Alloy design 

Ni-base superalloys are the typical materials for the hot parts such as blades and disks of 

either aircraft engines or land-based gas turbines because of their excellent properties, 

which include high-temperature strength, resistance to creep and fatigue, hot corrosion 

and oxidation resistance. Most Ni-base disk alloys contain 10-20 wt.% Cr, up to 8 wt.% 

Al and Ti, 5-23 wt.% Co, and small amounts of B, Zr, and C. Other common additions 

are Mo, W, Ta, Hf, and Nb 4-10 .

In the HTM21, recently, we 

proposed a new concept to design 

new disk alloy. This concept is 

based on combine the characters 

of two kinds of ’ two phase 
superalloys (Ni-base and Co-base 

superalloys) as shown in Figure 3.  

Based on our new concept, some 

Ni-Co base superalloys, called 

TMW alloys, are designed for the first trial property investigations. The nominal 

chemical compositions of these TMW alloys are listed in Table 1. Here we refer U720LI  

Table 1. The chemical Compositions of TMW alloys, wt% 

Alloy No. Co Cr Mo W Al Ti C B Zr Ni 

TMW-1 
(U720LI)

14.8 16.3 3.06 1.29 2.36 4.79 0.032 0.016 0.03 Bal.

TMW-2 21.8 14.4 2.75 1.19 2.28 5.92 0.033 0.015 0.033 Bal.

TMW-3 23.1 16.8 3.12 1.25 1.87 5.44 0.03 0.018 0.022 Bal.

TMW-4 26.3 14.9 2.81 1.09 1.93 6.02 0.017 0.017 0.019 Bal.

TMW-5 28.6 12.8 2.42 1.0 2.0 7.4 0.03 0.013 0.021 Bal.

TMW-6 30.0 14.6 2.7 1.08 1.78 6.35 0.029 0.015 0.020 Bal.

TMW-7 31.1 15.6 3.0 1.05 1.58 5.65 0.032 0.017 0.022 Bal.

Figure 3. New concept to design disk alloys 
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alloy as TMW-1 alloy as a comparative and other six new disk alloys are named as 

TMW-2 to -7 alloy respectively. In the TMW disk alloys, the contents of Co and Ti are 

higher than that of normal disk alloys, and Co content is varied from about 22 to 31wt% 

and Ti content is varied from 5.1 to 7.4 wt%.  

3 Microstructure 

For these seven TMW alloys, 50-kg ingots were cast and then hot rolled in the Special 

Metals Corporation. The hot rolling was conducted smoothly at about 1100 C with 
reduction of 75% (from 50.8 mm to 12.7 mm). For microstructures investigation, small 

samples were cut from as-rolled plates and heat treated at 1100°C/4h + air cooling (AC) 

Figure 4. SEM images from some 

heat-treated TMW alloys 
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+ 650 °C /24h AC + 760 °C/16h AC. The grain sizes for all heat treated alloys are about 

5 to 10 m. Figure 4 shows some SEM images of the microstructures. For TMW-1 

(U720LI), TMW-2 and TMW-4 alloys, - ’ two-phase structure was identified and the 

morphology and size of ’ phase are almost the same. For TMW-3 and TMW-5 alloys, 
some plate-shape phase was found. EDS results indicated that the plate-shape phase was 

rich in Ti and Ni. 

4 Property assessment 

The properties requirements for disk alloys are complex but high yield (0.2% offset) and 

ultimate tensile strengths with good tensile ductility, high creep resistance are major 

ones.  

The tensile yield strengths as a function of the tested temperatures for tested alloys are 

shown in Figure 5. At room temperature, all tested TMW alloys showed high yield 

strength at about 1200 MPa. However, the yield strength of TMW-1 alloy (U720LI) 

dropped quickly than TMW-2 to -4 alloys at temperatures below 750 C. At 650 C,

there was about 70 C up to the strengths of TMW-2 and -4 comparing with TMW-1 

(U720LI). At 750 C, the yield strength of TMW 2 and 4 alloys still kept at about 950 
MPa, which was about 100 MPa higher than that of TMW-1 alloy (U720LI). Meanwhile, 

Figure 5. The tensile yield strengths of the tested alloys. 
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at temperatures above 1100 C, the yield strengths of all tested TMW alloys were almost 
the same, which indicates that TMW alloys may be processed by hot forge like TMW-1 

(U720LI) alloy. 

Another important critical property that must be considered is creep resistance of new 

disk superalloys. Tensile creep tests were conducted at 650 C and 725 C under initial 
applied stresses of 628 or 630 MPa. Figures 6 and 7 display the strain-time curves.  

At 650 C and 628 MPa (Figure 6), TMW-2 and -6 alloys had better primary creep 
resistance as illustrated by a lower creep strain for the first 300 hours. Time to 0.2% 

creep strain was about 810 hours for TMW-1 alloy (U720LI) and was over 1000 hours 

for the other tested TMW alloys. It was noted that 1000-hour creep strain was only 

about 0.05% for the TMW-2 alloy. 

At 725 C and 630 MPa (Figure 7), time to 0.2% creep strain was about 10 hours for 
TMW-1 alloy (U720LI), 62 hours for TMW-2 alloy and over 120 hours for -4 alloy. So 

there is 12 times improvement in creep resistance of TMW-4 alloys compared with 

TMW-1 alloys (U720 LI) at such high temperature and stress.  

5 Summary 

All above results show that our new design concept leads up to some promising 

candidate alloys, such as TMW-2 and -4 alloys, which have - ’ two-phase structure, 

can be processed by cheap “cast & wrought” (C&W) route and have at least 50 C
increase (compared with C&W 720Li superalloy) in temperature capability.  
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Figure 6. Tensile creep curves at a  650 C/628 MPa and b  725 C/630 MPa. 
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Abstract 

An experimental study of thermal fatigue (TF) behaviors of two polycrystalline nickel-base superalloys K445 

and K438 was conducted between the temperatures ranging from 800 to 900 °C and 25 °C, using plate 

specimens notched to induce crack initiation. Conventional optical microscopy (OM), scanning electron 

microscopy (SEM) and transmission electron microscopy (TEM) examinations were conducted to investigate 

crack development and TF damage mechanisms. Almost all of the primary fatigue cracks at elevated 

temperatures propagate intergranularly and the secondary crack is transgranular. At 800 °C, crack propagation is 

carbide-predominant, where small blocky M23C6 discretely precipitating at grain boundaries (GBs) can 

effectively impede crack initiation in alloy K438. On the other hand, coarse MC carbides either at GBs or within 

the grain interior, as well as decohesion of MC/matrix interface, are the preferential sites of crack initiation and 

propagation in alloy K445. At 900 °C, crack propagation is an oxidation-dominant and carbide-assisted process. 

Stress assisted grain boundary oxygen (SAGBO) embrittlement is the principle mechanism of the environmental 

degradation to the alloy at the crack-tip region in two alloys. 

Keywords: superalloys, thermal fatigue, crack, carbide, oxidation.

Introduction  

Thermal fatigue (TF) caused by thermal strains and stresses which are associated with heating 
and cooling of components in the absence of external loads is one of the primary life limiting 
factors of nickel-base superalloys for turbine blades and vanes in advanced gas turbine [1]. 
Glenny and co-workers introduced a fluidized bed technique using tapered disc specimens [2]. 
Wedge-type specimens and a burner rig were widely applied to evaluate the TF resistance of 
candidate materials for turbine components by some researchers [3-6]. Influence of test 
conditions (temperature, environment etc.), specimen geometry and microstructures on TF 
behavior of superalloys has been determined in detail in references [3-4, 7]. In addition, short 
crack initiation and growth mechanisms were also discussed in some detail [8, 9]. The 
oxidation-fatigue interaction was found to be the main mechanism of TF failure, thus 
oxidation damage models were developed favored by a finite element computation of the 
temperature field and a uniaxial calculation of the stress-strain cycle [4, 10]. 
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Carbides, in the form of MC, M23C6, M6C, M7C3 etc., play a crucial role in determining 
high-temperature mechanical properties of superalloys, though the behavior is quite complex. 
Some researchers devote themselves to modify the MC morphology in order to enhance the 
creep and fatigue properties of superalloys at elevated temperatures by adding carbon, 
hafnium and magnesium [11-13]. The influence of grain boundary (GB) precipitates (for 
example, M23C6) on the properties of Ni-base superalloys has also been recognized [11, 
14-15]. Both globular grain-boundary M6C and massive acicular interdendritic M6C are 
detrimental to fatigue life [7]. Generally, carbide strengthening is controlled by the size, 
morphology and distribution, as well as the mismatch.  

Hence, in this study much attention is paid to the effects of microstructure (distribution, 
morphology and categories of carbides), environment and maximum temperatures on TF 
resistance of two cast nickel-base superalloys K445 (a newly developed superalloy by IMR) 
and K438 (a superalloy exhibiting a variety of excellent properties) respectively, using 
notched plate-like specimens. 

Experimental procedures 

Nominal compositions of tested materials are listed in Table 1. This two materials, in the form 
of cast discs as received, were heat treated simultaneously in the muffle furnace after a 
solution treatment at 1120 °C for 2 hours and subsequent an aging heat treatment at 850 °C 
for 24 hours, both followed by cooling to room temperature in still air. 

Table 1. Nominal compositions of K445 and K438 alloys (wt.%) 
     Alloy     C        Cr        Co      W      Mo    Al      Ti 
     K445  0.07-0.12  13.7-14.1   9.5-10.5  4.0-4.6  1.2-1.8  3.7-4.3  2.4-3.0 
     K438  0.10-0.20  15.7-16.3   8.0-9.0   2.4-2.8  1.5-2.0  3.2-3.7  3.0-3.5 

Alloy     Nb       Ta         B           Zr          Ni 
K445     -       4.4-5.0    0.01-0.04    0.025-0.125    Balance 

     K438   0.6-1.1    1.5-2.0   0.005-0.015    0.05-0.15     Balance 

Specimens for TF tests were machined from the as-heat-treated discs according to the 
dimensions demonstrated in Fig.2. Two main faces of each sample were ground up to 
1500-grit of water SiC paper and then mechanical-polished in order that the influence of nicks 
on the initiation and growth of cracks could be reduced to a negligible extend. Thermal 
shocks of TF specimens were simulated by heating them in a furnace at maximum 
temperatures ranged from 800 to 900 °C for about 15 minutes and cooling them immediately 
for 5 seconds in water controlled at 25 °C constantly. Tests were periodically interrupted to 
check for crack initiation, inspect specimen surfaces and measure the length of most cracks on 
both surfaces of every specimen using a binocular microscope with a graduated eyepiece. 
Only evolution of major cracks, which generally formed first, is reported in this paper. The 
final magnitude of the length of cracks after a certain thermal cycles was obtained by 
averaging all the lengths of major cracks observed on three similar specimens applied to every 
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testing temperature at the same time. Besides, isothermal oxidation experiments were carried 
out at 800 and 900 °C to determine the oxidation effect. 

Metallographic observations were made on the etched specimen surfaces using optical 
microscope (OM) and scanning electron microscope (SEM) equipped with energy dispersive 
spectroscopy (EDS) system.  

Figure 1:  Geometry and dimensions of thermal fatigue test specimens. 
  

Results 

The heat-treated microstructures for both alloys consist of γ matrix, γ′ precipitate, γ+γ′

eutectic and carbides, distribution of which is shown in Fig.2 and summarized in Table 2. 
Alloy K445 has mostly a few large, blocky or rod-like (Ti, Ta)C type carbides at the grain 
boundaries (GBs) (Fig. 2b) as well as in the matrix (Fig. 2a) according to the EDS analysis in 
Fig. 2e. In alloy K438, (Ti, Nb, Ta)C has a propensity to situate within the grain (Fig. 2c and 
f), but small blocky M23C6 carbides are located discretely only along the GB (Fig. 2d). 
However, when GB passes through eutectic regions in alloy K438, MC carbide tends to 
precipitate in these areas.  

Several cracks were observed to initiate and propagate during tests in all examples. As 
described above, only the length of the major crack (the longest) is plotted as a function of TF 
cycles in Fig. 3. With the exception of the constant growth rate at 900 °C, which is 
8.32µm/cycle and 9.42µm/cycle for K445 and K438 alloys respectively, the TF resistance of 
K438 is somewhat superior to that of K445 at all tested temperatures. This is verified by 
activation energy calculations in the constant-rate crack propagation period following the 
classic Arrhenius equation, i.e. Qp=108.95kJ/mol for alloy K445 and Qp=130.94kJ/mol for 
alloy K438 in this testing condition. Furthermore, almost all of the major cracks progressed 
following a kind of similar course, initiating from the notches within the first few shock 
cycles at a pretty high rate in the successive 10 to 30 cycles, and then propagating at a 
constant but lower growth rate. 

From metallurgical observations, it can be noticed that in all the specimens tested in the 
temperature range, especially at 800 °C, fatigue cracks are predominantly initiated from 
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cracked primary carbides or carbide/matrix interface along GBs. As shown in Fig. 4, large 
MC carbides always lead to early crack initiation, and connection of the cracks initiated at or 
along the carbides is contributed to the crack’s propagation. It should be noticed that 
oxidation does not seem to influence the initiation process at 800 °C  because only a quite 
thin oxide scale was visible in the specimens. 

Figure 2: SEM images showing carbides distributions of K445 and K438: (a) K445, grain 
interior; (b) K445, grain boundary; (c) K438, grain interior; (d) K438, grain boundary; (e) 
Typical EDS analysis of MC in (a) and (b); (f) EDS analysis of MC in (c). 

The crack propagation path has also been studied on the surface of thermal-fatigued 
specimens. Almost all of the primary cracks propagate along the GBs, although some 
secondary cracks grow into the grain interior. A major crack with a secondary crack developed 
is shown in Fig. 5. It is worth noting that this secondary crack passes through a MC carbide 
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distributed in the interdendritic area in the vicinity of the primary crack, ahead of which 
occurrence of de-cohesion of carbide/matrix interface is detected. Further observation shows 
that cracks in alloy K438 have more inclination to propagate along GBs where γ+γ′ eutectic 
exists (Fig. 4b). 

Table 2. Carbide distributions of K445 and K438.
Alloy   grain boundaries        grain interior     proximate to γ+γ′ eutectic 

K445   MC (coarse, dominant)    MC (coarse)     M23C6, M6C (coarse, few) 
           M23C6 (coarse, few) 
   K438   M23C6 (fine, dominant)    MC (coarse)          MC (coaarse) 
           MC (coarse) 

On the other hand, oxidation begins to become important as testing temperature increases 
though the influence of carbides still has to be taken into account considerably. Fig. 6a shows 
a typical view of a TF crack on a specimen surface. Obviously, a much thicker oxide scale 
with internal oxidation occurring is formed at the crack flanks along the grain boundary far 
from the tip where the crack opening is rather narrow. The EDS analysis (Fig. 6b) 
demonstrates that the internal oxide is Al2O3, which is affirmed by an oxidation experiment at 
900 °C carried out in this study. It is well worth noting some individual carbides in the matrix 
as well as those at the crack are fractured and oxidized. And this is in a good agreement with 
that discussed in reference [16]. 
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Figure 3: Plot of the longest fatigue crack length L as a function of number of thermal cycles 
N at various temperatures 

Discussion 
  

Effect of carbides in TF behaviors
In thermal fatigue, stresses and strains resulting from temperature gradients cycle between 
maximum and minimum values, so that some studying methods of LCF or creep can be 
applied to TF investigations [7]. 
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Figure 4: SEM images showing the cracking of primary MC carbides at 800  for 200 cycles: 
(a) K445; (b) K438. 

Based on the curves in Fig. 3, alloy K438 is a little better than K445 in terms of crack 
initiation and propagation generally. Previous investigations [14] on superalloys have shown 
that high temperature strength is strongly affected by carbide morphology and distribution at 
GBs. It has been widely reported that blocky, discrete M23C6 particles at GBs can improve 
creep properties [11]. Thus, small, discrete M23C6 precipitates at the GBs in all K438 (Fig. 2d) 
are undoubtedly responsible for its superior resistance to TF failure. The much finer GB 
M23C6 carbide can effectively prevent GB migration during deformation, strengthening GB, 
and be beneficial to the fatigue property of the alloy. 

Figure 5: SEM image showing the propagation path of a primary crack with a secondary 
crack developed, K445 at 850 , 200 cycles. 

On the contrary, coarse MC carbide, either precipitates at GBs or within grain interior, can 
serve as origins of crack initiation and propagation by de-cohesion of the MC/matrix interface 
or the cracked MC carbide, as shown in Fig. 4, 5 and 6. This is consistent with the results 
obtained in references [15]. Large irregular MC carbide particles are often observed at GBs in 
alloy K445 and correspondingly contributed to its weakness of TF property. It is also the case 
for MC carbides along GBs near eutectic regions in alloy K438, though it has been reported 
that eutectic MC carbides along GBs will enhance creep performance through inhibiting GB 
sliding [11]. Besides, as described above MC precipitates within the grains enable easy 
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transgranular cracks propagation both in alloy K445 and K438.  

Effects of oxidation
Influence of oxidation either on TF behaviors [4, 10] or mechanical fatigue [17-19] of 
superalloys has been discussed, which suggested that a longer fatigue life can be obtained as 
the oxygen partial pressure increases. It is necessary to mention that merely a negligibly thin 
oxide scale can be observed at 800 °C. As a result, a conclusion can be drawn that it is only at 
higher temperatures that oxidation has to be taken into consideration to analyze crack 
initiation and propagation mechanisms [20]. 

Figure 6: (a) SEM image showing a typical view of TF crack with sever oxidation occurring, 
K445 at 900  for 100 cycles; (b) EDS analysis of internal oxide. 

Figure 7: SEM image showing the cross-sectional micrograph of scales formed on K445 at 
900  for 25 hours. 

As discussed above, primary cracks along the GBs are in good agreement with that under 
atmospheric pressure intergranular crack is predominant [17, 19]. During the process of TF, 
stresses are induced due to the sudden change of temperature field distribution. Stress assisted 
grain boundary oxygen (SAGBO) embrittlement [20] may be the principal mechanism at the 
region of high stress concentration such as at the crack-tip region, because environment did 
not produced significant attack in unstressed materials [21]. According to the results of simple 
oxidation experiments at the same temperature (Fig. 7), an outermost surface scale consists of 
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NiCr2O4 and TiO2 is formed firstly, which is porous and pervious to oxygen. Thus, at this 
stage the crack growth rate is higher. Later the formation of a dense Cr2O3 and Ta-contained 
oxide sub-layer can prevent oxygen penetration along the GB effectively leading to the 
reduction of crack growth rate. Moreover, internal stress is a ubiquitous phenomenon to 
damage oxide scale, which is severest when temperature decreases. As a result, internal stress 
may also play an assisted role in the cracking and opening of oxide scale at GB as the 
specimen is cooled. The narrowest crack tip in both Fig. 5 and Fig. 6 show that crack initiates 
and grows in the cooling period. Simple oxidation tests at 900 °C demonstrate that oxidation 
resistance ability of alloy K445 is better than that of alloy K438. This may be contributed to a 
lower crack propagation rate of alloy K445, though its crack length is shorter. 

Nevertheless, it is rather difficult to conclude whether the oxidation of GBs occurs before 
their cracking or the cracking occurs before oxidation. It seems that both cases are possible to 
take place. In terms of the former, GB tends to be oxidized preferentially in comparison with 
the grain interior. Thus, under the exposure of thermal fatigue, the GB probably becomes 
susceptible enough to crack due to the cycled impact of thermal stresses. As for another case, 
GB cracks firstly because of the existence of MC carbides. Then oxidation takes place at the 
crack flanks. Consequently, the influence of oxidation, as well as the carbides, accelerates the 
crack propagation together. Besides, it is necessary to mention that carbide oxidation is not 
discussed in this paper though it can also influence the thermal fatigue behavior.  

Conclusions 
    

This study has focused on the TF behaviors of two polycrystalline Ni-base superalloys K445 
and K438 using notched specimens machined from bulk castings. The investigation of K445 
and K438 under TF cycling has shown the following results: 

1. Alloy K438 displays a better TF resistance than K445 at all tested temperatures in general. 
2. Primary TF cracks usually propagate intergranularly, while the secondary TF cracks are 

transgranular mostly. 
3. Crack propagation is a carbide-predominant process at 800 °C, but oxidation-dominant 

and carbide-assisted at 900 °C. 
4. Small blocky M23C6 particles discretely precipitating at grain boundaries of alloy K438 

can effectively prevent crack initiation. On the other hand, cracked coarse MC carbides as 
well as decohesion of MC/matrix interface are the preferential sites of crack initiation and 
propagation in both alloys. 

5. Stress assisted grain boundary oxygen (SAGBO) embrittlement is the principle 
mechanism of the environmental degradation to the alloy at the crack-tip region and can 
be attributed to the bigger crack propagation rate of the alloy K438. 
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Abstract 
The low cycle fatigue behavior of wrought nickel based superalloy GH413 had been examined both at room 

temperature and 850  in laboratory air. A cyclic hardening had been observed at both temperatures. The fatigue 
properties can be rationalized in term of the Manson and Coffin equation relating the total strain range with the 

number of cycles to failure. For given total strain range the fatigue life of GH413 alloy at 850  is substantially less 
than that at room temperature. The fracture surface of the fatigue specimens was studied using scanning electron 
microscopy and transmission electron microscopy. It was found that the fatigue crack initiation is transgranular, the 
fatigue crack propagation is transgranular, and the mixed mode of transgranular and intergranular. The cyclic 
deformation, creep and oxidation are regarded as the main causes of fatigue life reduction and intergranular cracks 
propagation. 
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1. Introduction  

  GH413 alloy is a new researched solid –solution strengthened Ni based superalloy that 
possesses excellent strength at elevated temperature, and combines with very good resistance to 
heat corrosion. This alloy is being used in gas turbines of sea ships. Due to cyclic thermal and 
mechanical stresses applied to these parts in service, failure can often be related to fatigue. In 
order to obtain satisfactory service for engineering applications, it is necessary to characterize the 
fatigue behavior of GH413 alloy, not only under loading at a design temperature but also under 
the start-up condition at room temperature. 
  A great deal of attention has been paid to the low cycle fatigue performance of superalloys. It 
has been well documented that low-cycle fatigue properties of superalloys, such as cyclic stress 
responses, cyclic stress–strain curves, and low-cycle fatigue lives, could be affected by different 
parameters relating to microstructure and testing conditions [1-7]. Concerning the low-cycle 
fatigue life data analysis, the well-known Manson–Coffin equation was often used to describe the 
relationship between the strain range and fatigue life and to predict the fatigue life of structural 
materials, especially for new materials [8-10]. 
  The purpose of this paper is to study experimentally the low-cycle fatigue behavior of GH413 
alloy in order to obtain reliable and useful data of this new superalloy for engineering 
applications, 
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2. Experimental 

  The alloy was supplied as hot-rolled bar of 23 mm diameter. Its nominal chemical composition 
of the GH413 alloy is listed in Table 1. Solution-annealing was carried out at  1210 for 2 
hours followed by air cooling to room temperature, firstly precipitated at 1050  4 hours 
followed by air cooling, then secondly precipitated at 850  for 16 hours followed by air cooling 
to room temperature. The material is mainly composed of face-center-cubic austenitic grains with 
annealing twins. The tensile properties of the alloy after the heat treatment are in Table 2. 

Table1. The composition of GH413 alloy (wt.%) 
C Cr W Mo V Al Ti Fe Mn B Si Mg Ni 

0..04 14.82 6.05 3.27 0.5 2.48 2.0 0.18 <0.01 0.013 0.11 0.004 Bal 

Table2. The tensile properties of GH413 alloy 
Temperature( ) Yield strength 

(MPa) 
Ultimate strength 

(MPa) 
Elongation (%) Reduction of area 

(%) 
R T 
850 

745 
653 

1060 
769 

11.0 
20.0 

10.5 
26.0 

Push-pull cylindrical fatigue specimens, with a gauge length of 12 mm and a diameter of 6 mm, 
were machined after heat treatment. Fatigue tests were carried out at room temperature and 
850°C in air on a computer-controlled MTS 810 closed-loop servo-hydraulic test machine under 
different fully reversed strain amplitudes ranging. The stress stain hysteresis loops for selected 
cycles were recorded by a computer. A triangular strain waveform with zero mean strain and with 
frequent f = 0.125 Hz was used for all the tests conducted between room temperature and 850°C. 
The temperature fluctuation over the gauge length area was maintained within ±2°C. All 
specimens were run to failure. The fracture surfaces of failed specimens were examined by a 
scanning electron microscope to determine the fatigue crack initiation and propagation modes. 
The microstructure of GH413 alloy after fatigue testing was examined by a transmission electron 
microscope. The samples for TEM were obtained from thin slices of 0.5 mm in thickness, and cut 
from the regions adjacent to the fracture surface. Thin foils were prepared by initially grinding 
the slices down to 0.1mm and then electro polishing in a solution containing 5 volumes 
percentage (vol. %) of perchloric acid and 95 vol.% of ethanol using a twin jet apparatus. 

3. Results and discussion 

3.1. Low-cycle fatigue life behavior
From the viewpoint of engineering applications, the best way to describe the low-cycle fatigue 

behavior of the GH413 alloy is to use the fatigue life of the alloy as a function of total strain 
amplitudes at different temperatures, as shown in Fig. 1. It was found that temperature had a 
significant influence on the low cycle fatigue life. The low-cycle fatigue life of the alloy at room 
temperature is longer than that of the alloy at 850  at a given total strain amplitudes. The total 
strain amplitudes that the alloy received at room temperature is larger than that of the alloy at 850

at a given cyclic life. 
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Fig.1 Strain amplitudes – life curves of GH413 alloy at 850  and room temperature. (a) Total 
strain amplitudes – life curve, (b) elastic and plastic strain amplitudes – life curve. 

A better knowledge of low cycle fatigue behavior of the alloy is generally obtained by 
separating the total strain amplitudes into the plastic and elastic strain amplitudes. Based on the 
Coffin–Manson relationship [11], the total strain amplitudes can be expressed as 
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where tε∆ pε∆ ,and eε∆ are the total, plastic and elastic strain amplitudes, respectively, Nf  is 

the number of cycles to failure, E is Young’s modulus, '
fο '

fε , 'c  and 'b  are the fatigue 

parameters.                              
The cyclic stress-strain curves for various testing temperatures are shown in Fig. 2. The stress 

amplitude is obtained at half of fatigue life. The variation of the stress amplitude with plastic 
strain amplitude is generally represented by a power law 
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                 (2) 
Where ο∆  is the stress range, pε∆  the plastic strain range, '

fk the cyclic strength 

coefficient and n’ the cyclic strain hardening exponent. Using an apparent linear fit program, the 
strain amplitudes – life curve and the cyclic stress-strain data are analyzed according to Eq (1) 
and (2). The results of the analysis are given in Table 3. 

Extensive studies [4-6, 12, 13] have clearly shown that at elevated temperatures, cyclic plastic 
deformation mode, creep and oxidation are the most important factors which influence the fatigue 
life of various materials. In this investigation, a combination of the three kinds of damage can be 
used to interpret the changes in fatigue life with testing temperature and total strain amplitude. It 
is obvious that if the imposed total strain amplitude is lower, the corresponding plastic strain 
component is very small and thus damage resulting from creep can be essentially neglected. Thus, 
a time-dependent damage process, i.e. oxidation, may contribute to the substantial reduction of 
low-cycle fatigue lives due to the increased temperature. 
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Table 3 Strain fatigue parameters of GH413 at different temperatures 

Temperature )(' MPafσ 'b (%)'
fε

'c )(' MPak f
'n

R T 
850

1668 
1383 

 -0.092 
 -0.1497 

0.306 
2.4319 

-0.622 
-0.4343 

1701 
4497 

0.116 
0.33 

Fig .2 The cyclic stress-strain curves for different temperatures. 

Fig. 3 The SEM micrograph of the surface of the fatigue sample 
failed at 850  (∆εt/2 = 0.32%,, Nf = 814 cycles ) 

Obviously, a higher temperature could enhance the oxidation damage, and thus the alloy gave 
shorter fatigue lives at higher temperatures at the lower strain amplitudes, because it tends to 
assist intergranular cracking. Figure 3 is the surface micrograph of the fatigue sample failed at 
850  which is lightly oxidative and filled with cracks. At intermediate total strain amplitudes, 
however, damages induced by creep, oxidation and cyclic plastic deformation processes are 
associated with the loss of fatigue life. The decrease in fatigue life resulted from creep is 
generally attributed to the fact that creep taking place during fatigue loading at higher 

Stress axis 
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temperatures can promote intergranular crack propagation. At the high total strain amplitudes, the 
time at elevated temperatures is shorter because the fatigue life of the alloy is relatively low, and 
hence the effect of oxidation is relatively weak. The reduction in fatigue life can be taken as the 
consequence of damage induced by the cyclic plastic deformation process and creep. 

3.2. Cyclic Stress response behavior
The cyclic stress response curves of the alloys, cycled under different total strain amplitudes at 

room temperature and 850 , are depicted in Fig.4. In all the tests at room temperature and 
850°C, the stress amplitudes were obtained by averaging for corresponding compressive and 
tensile reversals. It is clear from Fig. 4 (a) that the cyclic stress response behavior of the GH413 
alloy is closely related to the imposed total strain amplitudes. Generally, the alloy exhibited 
higher cyclic stress amplitude with increasing total strain amplitudes at room temperatures. At 
room temperature, an initial cyclic hardening, followed by cyclic softening was observed at 
higher total strain amplitudes equal to or above 1.27 %, while the total strain amplitudes is equal 
to 0.9% after a short cyclic hardening the stress saturation stage begins and is maintained until 
the sample failed. After a short cyclic hardening, the gradually cyclic softening was noted at the 
low total strain amplitudes of 0.34% and 0.6%.  

At 850 , the cyclic stress response behavior of the GH413 alloy is depended on the total 
strain amplitudes from Fig. 4(b). At the 0.67% total strain amplitude the cyclic stress response 
behavior is similar with that of the higher total strain amplitude at room temperature. While the 
total strain amplitude is equal to 0.39% after a short cyclic softening the cyclic hardening was 
observed and then the cyclic softening again. At the 0.29% total strain amplitude, the gradually 
cyclic softening is maintained after a short initial softening. The cyclic hardening was arrived at 
the peak value at almost 200 cycles, and then gradually cyclic softening at the 0.19% until the 
sample failed.  

The cyclic stress response behavior can be rationalized based on the individual or combined 
effects of (i) the interaction between dislocations and solute atoms (dynamic strain aging, DSA), 
(ii) dislocation–dislocation interactions and (iii) precipitation of fine carbides on dislocations 
during testing [14-17].In this investigation, the cyclic hardening at two testing temperature can be 
attributed to the interactions between dislocations and the interactions between the dislocations 
and the precipitates. With the plastic deformation exceeding, the slip bands generated at the local 
strain zone, as shown in Fig. 5. The number and density of slip bands related to the total strain 
amplitude imposed. The cyclic hardening is caused by the density of slip bands at beginning of 
cycling. At the high total strain amplitude the multi-slip systems start up synchronously, the 
interactions between two or three {111}slip systems form the tangles of the dislocations and 
retard the motion of dislocation. The hardening relates to the reduction of the mean free slip 
length of a dislocation on {111} slip plane by other interacting {111} slip systems [18]. 

The γ’ precipitates cumber the movement of dislocation too. After the initial cyclic hardening 
the cyclic softening was observed, the intermediate softening stage was not due to crack 
nucleation, which generally occurred later in the fatigue life. The γ’ precipitates are sheared and 
softening occurs through the continual reduction of the mean precipitates diameter in the slip 
plane, as shown in Fig. 5(a). At the intermediate total strain amplitude at room temperature, the 
cyclic stress saturation stage is due to the component of the plastic strain. The total strain 
amplitude is lower; the component of the plastic strain is lower, too. The rate of dislocation 
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multiplication equals to the rate of dislocation annihilation, the effect of hardening counteracts 
the effect of softening. The cyclic stress saturation stage can be maintained until the sample 
failed.   

Fig. 4 The cyclic stress response curves of GH413 at different temperature  

3.3 The initiation and propagation of the fatigue cracks
SEM examination of fracture surfaces on fatigued specimens reveals that the fatigue cracks 

initiate transgranularly at the free surface of specimens under all testing conditions, as shown in 
Fig. 6(a). Moreover, the micrograph at low magnification shows that there exist multiple fatigue 
crack initiation sites on all fracture surfaces and the machining marks around the entire specimen 
circumference are the most likely crack initiation sites. The arrows indicate the initiation sites of 
the fatigue cracks in the Fig. 6(a) and the propagation range of the fatigue crack is larger if the 
lower total strain amplitude is applied, as shown in Fig. 6(a) (850 , ∆εt/2 = 0.198%). The 
cleavage-type marking is often observed in the crack initiating region at two temperatures. 
However, the fatigue cracks grow by a mixture of transgranular and intergranular modes at the 
adjacent regions of the crack initiating region at both temperatures, as pointed out in Fig. 6(c). 
The fatigue striations and the cleavage steps are obviously seen in the fatigue crack propagation 

408



7

regions at both the test temperature. The arrows in Fig. 6(c) and (d) indicate the directions of the 
fatigue striations propagation. It is easy to find that the modes of crack propagation are 
intergranular in the instantaneous fracture zones in Fig. 6(a). Fig. 6(e) is the amplifying image of 
the boundary failed at room temperature and Fig. 6(f) is the back scattered image of Fig. 6(e) at 
the same place; the arrows indicate discontinuous precipitate on the boundary. Although the 
crack propagation modes of the instantaneous fracture zones are intergranular, the large amount 
of dimple indwelling on the grain boundary indicate that the crack propagation modes of the 
instantaneous fracture zones are intergranular ductile fractures. 

Fig.5 TheTEM micrograph of the fatigue samples failed. (a) RT, ∆εt/2 = 1.05%; (b) 850 , ∆εt/2 = 
0.67%. 

The typical cleavage character in the region of fatigue crack initiation should be attributed to the 
concentration of plastic deformation in slip planes. Fracture usually occurs on crystallographic 
slip planes as a result of the concentration of plastic deformation in these planes. The component 
of the shear stress on the slip planes, which lie at an angle of about 45 degree with the direction 
of the imposed load, is larger than the critical value, the slip systems start up. When the local 
strain at the crack tip exceeds a critical value, cyclic cleavage takes place. So the fatigue cracks 
always initiate in a transgranular mode at all temperatures. With the crack propagation the slip 
system moved take place turning and the angle between the slip systems and the direction of the 
load imposed will be changed, the mode of fatigue crack propagation change from the 
transgranular mode to the mixed mode of transgranular and intergranular , as shown in Fig. 6(c). 
The area of the fatigue sample decreases and the stress of the sample imposed increases with the 
crack propagation. The instantaneous fracture zones display intergranular fatigue fracture. 
Obviously the high stresses promote the boundary failure in the propagation process. The 
discontinuous precipitates on the boundary play an important role in the intergranular fatigue 
fracture. With the plastic deformation increasing the cavities generate at the interfaces between 
the discontinuous precipitates and the boundary. Moreover, at high temperature, the creep strain 
component is enhanced and grain boundary cavities become easy to form. The generated grain 
boundary cavities grow up and combine with each other, which finally results in intergranular 
fracture. Another important reason resulting in intergranular crack propagation is the air 
environment, and specifically oxygen. In case the formation of fatigue crack, the grain boundary 
connecting to the crack tip will be exposed in air, the grain boundaries will become the favorable 
sites for oxygen penetration and oxidation. Those oxidized grain boundaries are apparently 

(a) 1.2 m (b) 0.75 m
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weakened and have lower strength than the matrix. Consequentially, micro-scale plastic 
deformation and final fracture will be localized on these inherently weak grain boundaries, 
causing intergranular cracking. 

Fig. 6 The SEM micrograph of the fracture surface of the fatigue samples failed. (a) 850 , ∆εt/2=0.199%, 
(b) 850 , ∆εt/2=0.197%, (c) 850 , ∆εt/2=0.3%, (d) RT, ∆εt/2=0.32%, (e) and (f) RT, ∆εt/2=1.66%, 
(f) is the back-scattered electronic image of (e) at the same place. 

(a) (b)

(e)

(c)
(d)

(f)
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4. Conclusions 

To summarize this investigation of the low cycle fatigue behavior of the alloy GH413, the 
following conclusions can be drawn:  

1.The Coffin–Manson equation and fatigue parameters were obtained for the GH413 alloy at 
room temperatures and 850 . The Coffin–Manson equation fitted the experimental results well, 
which indicated that these equations could be used to predict the low-cycle fatigue lives of the 
GH413 alloy at the various strains and temperatures investigated. The low cycle fatigue life of 
the alloy shows strong dependence on both total strain amplitude and temperature. 

2. At all testing temperatures, the fatigue cracks initiate transgranularly. The fatigue cracks 
propagation modes are transgranular. At two temperatures, the fatigue striations and the cleavage 
steps can be observed. The large amount of dimple indwelling on the grain boundary indicates 
that the crack propagation modes of the final fracture zones are intergranular ductile fractures.  

3. The behavior of the cyclic stress response of GH413 alloy relates to the temperature and the 
total strain imposed. The hardening can be explained based on the reduction of the mean free slip 
length of a dislocation on {111} slip plane by other interacting {111} slip systems and the 
interactions between dislocation and the precipitates.  

4. A combination of the cyclic plastic deformation, creep and oxidation is responsible for the 
substantial reduction in fatigue life and the transition from transgranular to intergranular fracture.
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Abstract
Thermal fatigue (TF) tests on nickel-base K465 superalloy in as-cast and solution treated conditions were 

conducted from 1050  to 20  repeatedly. Main experimental results showed that thermal fatigue crack of 
as-cast K465 alloy propagated faster than that of solution treated K465 alloy, and the rise of holding time at the 
maximum temperature accelerated TF crack propagation. Metallographic observations depicted that the TF 
cracks were nucleated at Chinese script MC carbide and propagated along the cracked MC carbide in as-cast 
condition, whereas most M6C carbide particles obstructed TF crack growth in solution treated condition. Chinese 
script MC carbide was responsible for the reduction of TF life in as-cast condition. 

Keywords: K465 cast superalloy; thermal fatigue crack growth oxidation carbides

1 Introduction 

A nickel-base cast superalloy, K465, containing many refractory metal elements, such as 
tungsten, molybdenum, niobium, etc., is strengthened by precipitates, solute elements and 
carbides, and is being used for gas turbine blades and vanes operating at high temperatures 
where thermal fatigue (TF) is very easy to occur[1]. Therefore, the knowledge of the TF 
properties of this alloy is very important for prediction the service life of this alloy.  

There were many factors effecting on the TF property including alloy variables, such as 
compositions and microstructure, and testing parameters, especially, the testing temperature 
and holding time[1-4]. This paper was focused on the effects of carbides on the TF property 
under different alloy conditions. 

  The carbides precipitated at grain boundaries played an important role in the strengthening 
of grain boundaries at elevated temperature[5,6]. Uniformly distributed fine carbides inhibited 
grain sliding and enhanced elevated temperature strength; however, coarse or continuous 
script-like carbides were detrimental because they served as crack initiation sites and 
propagation paths[7,8]. On the other hand, primary MC type carbide mainly containing Ti, Ta 

                                                       
1 Corresponding author. Tel.: 86 24 23971807; Fax.: 86 24 23891320 
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and Nb was oxidized at high temperature and acted as crack source and propagation 
passage[9,10]. In addition, the TF cracks were produced and proceeded along networks of fine 
M23C6 carbide or carbides colonies[1].

  The effects of M6C and MC carbides on crack initiation and propagation were emphasized 
on the above investigation. However, the role of M6C carbide in the TF property was unclear 
up to now. In this paper, the influences of MC and M6C carbides on the TF property were 
illustrated in detail. 

2. Experimental  

Table 1 Nominal composition of the alloy (wt.%) 

Alloy C Cr Al Ti Mo W Co Nb Ni

K465 0.17 10 5.5 2.8 2.2 10.5 11 1.1 Bal. 

The tested specimens in as-cast and solution-treated conditions (1210  holding for 4 
hours, air cooling) which chemical composition (wt%) is provided in Table1, were machined 
according to Fig.1, and quenched into 20  recycling water for 10s after having held at 
1050  (respectively for 100s and 300s) in electric resistance furnace. Measurement of crack 
length was made on the longest cracks on both surfaces using a microscope having 
reading-scale lens with a resolution of 1 m. The measured data were the averages of six 
readings of the two longest cracks on both surfaces. The samples for the optical microscope 
(OM) and scanning electron microscope(SEM) were sectioned around the main TF cracks, 
then were ground and polished, finally were etched in the CuSO4 mixing with HCl and H2O. 
These etched samples were observed by SEM and OM. Semi-quantitative analysis was 
performed using energy diffraction spectrum (EDS). 

3 Results and discussion 

Fig.1 Specimen size in mm and angle 

2

3.1 Initial carbides and their changes during thermal fatigue
In as-cast K465 alloy, most Chinese script MC carbide particles are distributed in 

interdendritic region besides a small part of blocky MC carbide particles as shown in Fig.2(a). 
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Their chemical compositions are listed in Tab.2 using EDS, showing higher amounts of W 
Ti and Nb. The value of O element in Tab.2 only shows its existence and the relative amount. 

2 m

b

5 m

a

Fig.2 Carbides in K465 alloy: (a) the Chinese script MC carbide (white) in as-cast 
condition and (b) the MC (gray) and M6C (white) carbides in solution treated condition 

MC carbide is partly decomposed into another type white carbide after solution treated 
(Fig.2(b)). EDS analysis shows that this carbide is rich in W Mo and Cr (Tab.2), which is 
identified to be M6C carbide based on the previous investigation[4,5,9]. Further, script MC 
carbide networks are fractured into more small fragments and islands in morphology, and 
thinned out in size (Fig.2(b)). 

2 m

a

2 m
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Fig.3 The carbide precipitates during thermal fatigue (a) the rod-shaped and cuboidal M6C
carbides in interdendritic region and (b) dendritic arm; (c) the selective area diffraction pattern
of rod-like M6C carbide; (d) the selective area diffraction pattern of cuboidal M6C carbide 
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The carbides have significant changes during TF. The short rod-like and cubic carbides are 
precipitated in interdendritic region(Fig.3(a)) and dendritic arm(Fig.3(b)) besides the 
transformation of MC carbide into M6C carbide. EDS analysis indicates that this new carbide 
is rich in W Mo and Cr(Tab.2). The TEM and selective area diffraction analysis demonstrate 
that these precipitates are M6C carbide (Fig.3(c)-(d)). He[5] also discovered the cubic M6C
carbide precipitated at dendritic core regions during creep tests. 

Table 2 Chemical compositions of carbides given by EDS (wt.%) 

O W Mo Nb Ti Ni Al Cr Co

MC in Fig.2(a) 45.96 5.20 16.48 28.82 2.23 1.31 
M6C in Fig.2(b) 68.64 4.19 3.44 1.30 3.12 0.48 13.24 5.60
Cubic M6C in Fig.3(a)  65.76 4.41 4.98 0.56 19.09 6.90

Rod-like M6C in Fig.3(a) 65.32 4.49 4.93 0.57 4.57 18.85 1.27
Region1 in Fig.6(b) 19.74 15.57 4.26 1.46 1.64 26.25 1.50 18.79 3.90

Blocky M6C in Fig.7(b)-1 75.15 7.80 3.28 2.18 13.22 0.60 10.86 

3.2 TF crack growth kinetics in two conditions
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Fig.4 Crack growth kinetics curves: (a) for 100s and 300s (b) for as-cast K465 
alloy; (c) for 100s and 300s (d) for solution treated K465 alloy 
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Crack growth kinetics curves are plotted respectively in Fig.4(a) and (b) for as-cast K465 
alloy, and Fig.4(c) and (d) for solution treated K465 alloy. Comparing with these curves, the 
TF cracks in as-cast condition propagate faster than in solution treatment condition, and the 
increment of holding time at the maximum temperature accelerates crack propagation in two 
conditions.

For as-cast K465 alloy, there is considerable scatter in the overall TF crack lengths 
indicating the complexity of TF crack formation.  Moreover, TF cracks are not retarded in 
final propagation stage when holding 300s at 1050 , which is catastrophic to TF property of 
the alloy, but when holding 100s, the propagation rate of TF cracks becomes slowly after 80 
cycles. Therefore, the increment of holding time not only promotes TF crack growth, but also 
makes crack propagation become more complex. 

For solution treated specimens, there is a small scatter band in crack lengths indicating the 
higher stability of microstructure. In addition, crack bluntness is pronounced in final stage of 
crack propagation, which is advantageous to resisting crack growth. 

The above analysis indicates that there are many factors resulting in TF damage, and it is 
very difficult to define single factor effect, respectively. However the microstructure 
influences are dominant[1,11-13], especially the carbides in this alloy[5.13].

3.3 Metallographic observation and analysis
  In as-cast K465 alloy, TF crack nucleation is predominantly dependent on Chinese script 
MC carbide as shown in Fig.5(a). Further, interfacial debonding and MC carbide fracture led 
to TF crack initiation[14]. Interfacial cracking (Fig.5(b)-1) between  matrix and MC carbide 
might be induced by oxidation of MC carbide because EDS analysis indicates the existence of 
O element in MC carbide(Fig.5(c)) and  matrix(Fig.5(d)). Expansion and contraction of 
matrix and MC carbide, their cohesive stress and thermal fatigue stress are related to 
interfacial cracking, but are secondary of importance. 

Cracking of MC carbide(Fig.5(b)-2) is mainly caused by its strength and thermal fatigue 
stress. In contrast to  matrix and  precipitates, these MC type carbide particles have lower 
ductility and higher toughness at high temperature where stress concentration is prone to 
occur, in particular, the MC carbide particles nearly perpendicular to thermal fatigue stress, 
must lead to earlier crack initiation. In addition, EDS analysis shows that the fractured MC 
carbide particles are oxidized because it contains O element(Fig.5(d)) that is only a 
semiquantitative result because of its low atomic number.  

TF crack propagation is more dependent on Chinese script MC carbide, which have been 
broken at multi-sites as shown in Fig.6(a), subsequently, TF cracks propagate by linking up 
these cracked paths(Fig.6(b)). The evidences from EDS analysis show that the MC carbide 
and matrix might be oxidized (Tab.2 and Fig.6(b)). The oxidized carbide particles were prone 
to fracture and separate from matrix. Many previous investigations[1,8] proved that primary 
MC carbide was preferently oxidized and served as crack initiation site and propagation path. 
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As a result, the TF cracks are zigzag having considerable bendings and branchings which are 
formed due to the distribution of script MC carbide. However these bendings and branchings 
can not reduce crack propagation energy at crack tip, and inversely, provide the easy paths for 
crack advancement, which makes TF cracks propagate very rapidly. 

b

15 m

1

1

2

10 m

a

Under solution treated condition, carbides play double roles in crack growth. On one hand, 
the size and amount of script MC carbide are decreased, which weakens the detrimental 

Fig.5 TF cracks in as-cast condition: (a) initiating; (b) propagating along the cracked
script MC carbide particles; and the energy diffraction spectrum of region 1 (c) and 2 (d) 
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Fig.6 TF cracks in as-cast condition: (a) the zigzag TF crack; (b) propagating along 
the cracked script MC carbide 
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effects of MC carbide on TF property. Meantime, the M6C carbide transformed from script 
MC carbide and perpendicular to crack propagation direction causes crack bending, which 
consumes a part of propagation energy at crack tip as shown in Fig.7(a), that leads to crack 
retardness. Further, the M6C carbide colonies produced by the decomposition of MC carbide 
do not act as crack propagation path, whereas obstruct crack advancement and lead to the 
bluntness at crack tip(Fig.7(b)-1). These M6C carbide particles are not oxidized based on their 
EDS results(Tab.2). The above analysis explains the obstruction of crack growth in this 
condition(Fig.4(c) and (d)).

5 m

b

1

Fig.7 TF cracks in solution treatment condition: (a) bending and (b) bluntness at crack
tip induced by M6C carbide 

10 m

a

1

5 m

a
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c

Fig.8 TF cracks in solution treated condition: (a) crossing M6C carbide; (b) cracked 
blocky M6C carbide and (c) fractured M6C colonies at crack tip  
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On the other hand, TF cracks can penetrate the larger blocky M6C carbides locating in 
interdendritic regions (Fig.8(a)-1). The M6C carbide particles are cracked earlier when its 
fracture strength is lower than TF stress.  

In addition, secondary cracks are produced around the large blocky M6C carbide particles 
(Fig.8(b)) and the cracked M6C carbide colonies (Fig.8(c)). The decohesion at carbide/
matrix interface is formed at the site where TF stress is above the interfacial cohesive stress. 
Meantime, the different expansion and contraction of carbides and  matrix are possibly 
responsible for the decohesion, also, but it is not detrimental because  matrix around M6C
carbide is enough “soft” at high temperature to cooperate the interaction between two phases. 
Furthermore, these secondary cracks may have no effect on TF property because they are too 
tiny to connect with the principal crack. Totally, M6C carbide increases the resistance to TF 
crack propagation. 

Besides the MC and M6C carbides transformed from MC carbide, the short rod-like and 
cubic M6C carbide particles are precipitated during TF as shown in Fig.9. Because these 
precipitates stengthen the region which the M6C carbide particles are precipitated. As a result, 
TF cracks are very difficult to invade this region. This means that the M6C carbide 
precipitates inhibit TF crack propagation by the strengthening of small rod-like and cubic 
M6C carbide particles.  

5 m

Fig.9 Crack tip morphology near the short rod and cubic M6C carbide 

MC carbide is partly decomposed into M6C and some M6C carbide particles are 
precipitated in as-cast K465 alloy during TF. However, these reactions are much slower than 
in solution treatment. As a result, the bluntness of crack growth induced by M6C carbide is 
very late to take place (Fig.4(c)), even not to occur till material failure (Fig.4(d)). 

4. Conclusions 

1 Thermal fatigue crack of as-cast K465 alloy propagates faster than that of solution treated 
K465 alloy, and the rise of holding time at the maximum temperature accelerates TF crack 
propagation.
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2 TF cracks are nucleated at Chinese script MC carbide and propagated along the cracked 
MC carbide in as-cast condition, whereas most M6C carbide particles obstruct TF crack 
growth in solution treatment condition. 

3 Chinese script MC carbide is responsible for the reduction of TF life in as-cast condition. 
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Abstract

The low cycle fatigue behaviour of UDIMET 720 Li has been investigated at 700oC in vacuum and air 
environments under strain control tests. Hold times have been introduced at peak tensile strain in order to 
determine the effects of creep and fatigue interactions. The fatigue life of the alloy is practically independent of 
hold time in both environments at high strain ranges while hold time has beneficial effect at low strain ranges. 
The main factor that adversely affects the life of the alloy is oxidation as the fatigue life is reduced in air 
compared to vacuum especially at high strain ranges. The increase in fatigue due to hold time at lower strain 
ranges is attributed to stress relaxation.  
The fatigue crack growth rate has been investigated at 700°C in vacuum and air environments using corner crack 
specimens. The crack growth rate was considerably low in vacuum and remained practically unchanged with 
increase in hold time at maximum load until about 120 s.  The crack growth rate was considerably high in air 
compared to vacuum tested specimens and the crack growth rate increased as the loading frequency decreased. 
The fracture surfaces then showed evidence of micro-cavity formation that was attributed to damages resulting 
from creep deformation.

Keywords: Nickel base superalloys, gas turbine, low cycle fatigue, fatigue crack propagation, 
environmental effect. 

Introduction 

There is a continuous effort to develop new materials that can withstand the demand of high 
service temperatures and stresses encountered by structural components such as blades and 
discs for turbine engines. Ni-base superalloys have performed satisfactorily well as turbine 
blade and disc materials because of their excellent mechanical and corrosion resistance 
properties at high temperatures [1]. However the life of these components is usually limited 
by initiation and subsequent growth of cracks that often occur at stress concentration regions 
due to thermal gradients or pre-existing flaws under the action of cyclic loading [2]. The 
reduction in the service life of these alloys is even more remarkable when cyclic loading is 
applied at low frequency or is combined with static load and in the presence of an oxidising 
environment [3, 4]. Under such conditions, time dependent microstructural damages evolve 
and produce a cumulative effect with cyclic deformation that can result into considerable loss 
in fatigue life. The effect of oxidation on fatigue life of superalloys has been largely 
discussed and plays a significant role in the mechanism of fatigue failure [5, 6]. Oxygen can, 
for example, react with the carbides at the grain boundaries to cause microcrack formation 
and therefore lead to increase in growth rate of an advancing crack. On the contrary oxidation 
may also play a beneficial role at extremely high temperatures by blunting the crack tip so 
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that crack growth rate is reduced and retardation effect of oxide-induced crack closure has 
been reported [7, 8].

In the present work the low cycle fatigue and fatigue crack propagation behaviour of a 
polycrystalline superalloy UDIMET 720 Li at 700oC in both vacuum and air environments
has been examined in order to determine the factors limiting the fatigue life of the alloy. The 
tests under vacuum allow  prediction of the alloy behaviour when cracks are embedded in the 
interior of the component and then propagate in the absence of air. The fatigue parameters of 
the Coffin – Manson life prediction relationship have been calculated and discussed.

Material and experimental technique

The UD720Li alloy has been supplied by Thyssen Umformtechnik (D) in form of a forging to 
disc size. The microstructure consists of rather uniform grain size, from ASTM 9 to 10, with 
uniform gamma prime distribution (Fig. 1). The chemical composition of the material is 
shown in table 1. The button head specimens for LCF and the CC (corner crack) specimens
for FCG have been cut directly from the disc. 

10 m

Fig.1 - SEM microstructure of U720 Li: the primary ’ precipitates
in the grain boundaries were etched away. 

In all the experiments specimens have been heated by induction coil and the temperature
controlled by type K thermocouples spot-welded outside the gauge length to avoid crack 
initiation in correspondence of the welding. 

LCF tests have been performed in strain controlled conditions with trapezoidal wave shape
(R=0) and defined as the time in seconds to follow the cycle shape: for example 1-1-1-1 
indicates respectively the time to go from 0 to the maximum strain, the hold time, the time to
return to zero strain and finally the hold time at zero strain. In the case of 1-120-1-1 a hold 
time of 120 s is introduced at the maximum strain. 

Fatigue crack propagation rate (FCPR) tests were carried out in load control (R=0.1) at the 
temperature of 700°C in air and in vacuum (P O2 =10-3 Pa) at the frequency of 5 Hz. The
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influence of wave shape of the applied load has been analysed adding a hold time of 120 s at 
maximum load, to the triangular wave. Corner crack specimens (CC) with a square gauge 
cross section of 7 x 7 mm2 and a 0.2 mm deep starter notch were used.  

Table 1 – Chemical composition (wt %) of UDIMET 720 Li alloy. 

Al Co Cr Mo Ti W Zr Fe Ni
2.5 14.7 16 3.0 5.0 1.25 0.4 0.5 Bal.

Experimental Results 

Low cycle fatigue.
The LCF results are shown in Fig. 2. In air test for the higher strains a low influence of hold 
time on the fatigue life is apparent, and no influence at all is observed for strain below 1%. 
When tests are performed in vacuum there is a small increasing of fatigue life at high strain, 
no influence of hold time and the same fatigue life of air tests for strains below 1%. The low 
influence of hold time can be ascribed to the 120 s hold time that is not long enough to 
introduce sensitive creep effects at the temperature of 700°C.  

The fatigue results have been analysed by the following Basquin and Coffin – Manson 
relationships: 

e=A*N-          (1) 

p=B*N-          (2) 

where e and p are the elastic and plastic strain components evaluated at half life, N the 
number of cycles to failure, A, B,  and  constants of the material. The parameters obtained 
for both materials are reported in table 2, where R2 is the confidence parameter (R2=1 is the 
best fit).

Table 2 – Fatigue parameters according to (1) and (2) equations. 

Wave shape and 
environment 

A R2 B R2

1-1-1-1, air 0.018 0.096 0.65 0.153 0.62 0.98
1-120-1-1, air 0.019 0.116 0.87 0.084 0.49 0.95

1-1-1-1, vacuum 0.032 0.148 0.84 0.235 0.62 0.72
1-120-1-1, vacuum 0.018 0.070 0.74 0.824 0.76 0.75
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Fig. 2 - Influence of hold time (HT=120 s) and environment on fatigue life. 

Fig. 3 shows the plot of the elastic and plastic strain components in function of the number of 
cycles to failure for air tests. The plastic strain component is higher when the 120 s hold time
is applied as it can be expected, showing a creep component induced by hold time. The
elastic strain component is almost the same in both cases. The correspondent strain 
components for vacuum tests are reported in Fig. 4. In this case the hold time has no 
influence on elastic and plastic strain components that are not substantially different. 
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Fig. 3 - Elastic and plastic strain range components vs. N for air tests. 
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UD720LI,  700°C, Vacuum
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Fig. 4 - Elastic and plastic strain range components vs. N for vacuum tests. 

Fatigue crack propagation
Fig. 5 shows the influence of hold time (HT) as well as the environment on the fatigue crack
propagation rate at the temperature of 700°C.  Under vacuum condition, da/dN versus K
curves  do not  result  into any  appreciable  difference for  0.1–0–0.1–0  and 1–1–1–1  wave
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shapes, whereas the crack growth rate is increased by a factor of about 7 when the hold time
at maximum tensile load is increased from 1 to 120 s. In air environment, crack growth rate 
increases with the hold time, in all cases, as evidenced by the comparison between da/dN 
versus K curves for 0.1–0–0.1–0 and 1–1–1–1 wave shapes (Fig. 5) even though no 
difference was observed for these two wave shapes under vacuum condition.  When hold
time increases to 120 s, the crack growth rate increases by a factor of about 600 above the 
0.1–0–0.1–0 wave shape showing that the influence of hold time in air environment is more
pronounced than in vacuum

Fracture surfaces

In the LCF experiments the crack initiation occurs at the specimen surface and subsequently
propagates inwards as shown typically in Fig. 6. When polycrystalline materials are 
subjected to LCF, the crack initiation may occur at a grain boundary intercepting the

 0.4 mm

Fig. 6 – Typical micrograph of the fracture surface showing
crack initiation at the specimen surface. Arrow indicates crack

starting: vacuum, 1-120-1-1, t=1.5%.

  10 m

Fig. 7 – SEM micrograph of the fracture surface showing fatigue striations 
and secondary cracks: vacuum, 1-1-1-1, t= 1%.
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specimen surface. Attempts were made to examine closely the area of crack initiation. There 
was no evidence that the crack initiated at a grain boundary. In vacuum tested specimens,
the salient features on the fracture surface are easily discernible since the surface is less
oxidised. At low strain range the fracture mode was transgranular with the presence of 
fatigue striations as shown on scanning electron micrograph in Fig. 7. 

Similar fracture mode was observed even when static loading is combined with cyclic 
deformation and there is no evidence of cavity formation on the fracture surface. This 
suggests that creep damage does not play a significant role in the overall material failure.

In an air environment at high strain range the mode of fracture is intergranular as shown in 
Fig. 8, which implies that the loss of fatigue life is due to grain boundary oxidation effects. 

  30 m

Fig. 8 – SEM  micrograph of the fracture  surface  showing 
intergranular  fracture: air, 1-1-1-1, t= 1.2 %. 

When the fractographic results are correlated with FCPR results, it is possible to identify
two different fracture mechanisms of crack growth depending on the frequency of loading. 
The first is when the damage is purely of fatigue origin as typified by the 0.1–0–0.1–0 and 
1–1–1–1 wave shapes.  The results show clearly that the fracture mode is transgranular and 
the stress field ahead of the crack tip can be adequately described by the stress intensity
factor K.  The mechanism of crack growth under pure cyclic deformation is well known and 
it is usually explained in terms of blunting and re-sharpening of the crack tip or due to shear 
de-cohesion mechanism [9].

The second case is identified with low frequency of loading or when creep and fatigue 
deformations occur simultaneously, as typified by 1–120–1–1 wave shape where cavities or 
micro-voids are observed on the fracture surface (Fig. 9).
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Fig.9 - SEM micrograph of the fracture surface after 1-120-1-1
FCPR test in vacuum at 700°C 

The mechanism of crack growth can be explained with the aid of the schematic
representation shown in Fig. 10, where voids are nucleated ahead of the crack tip and stress 
field ahead of the crack is characterised by a C*-parameter analogous to the Rice's J-integral 
[10].

  30 m

Fig. 10 - Schematic representation of the mechanism of crack growth 

The subsequent growth of the crack will therefore be due to the growth and coalescence of
the micro-voids ahead of the main crack in addition to the cyclic deformation.  The origin of
these cavities, as observed on the fracture surface, is not well known, but it may be due to 
vacancy condensation during the tensile hold time or due to plastic deformation ahead of the 
crack tip [11]. The interaction between slip and gamma prime precipitates on the grain 
boundaries can also lead to void or micro-cavity formation. However it should be remarked
that cavity formation arising from diffusion process usually produces round shape cavity 
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unlike those observed in the present study, but the loading and reloading could modify the 
shape of the crack as well as to enhance the crack growth rate.

Discussion

The crack growth rate under the combined influence of creep and fatigue deformation can
be expressed as the summation of damages arising from pure fatigue and from pure creep 
such that [12]

fatiguecreep dt
da

dt
da

dt
da

(3)

where a is the crack length and t is the time.  When the specimens are pre-cracked, we are 
concerned with fatigue crack propagation rate and the crack initiation period is not involved.
However under static loading stress concentration is induced at the crack-tip with the 
consequences that cavity formation due to vacancy condensation or other time-dependent
processes can occur so that the initiation period of the creep related damages must be taken 
into consideration.  The damages arising from the creep effect involve cavity nucleation 
process, its subsequent growth and coalescence.  The nucleation of cavities based on 
thermodynamics approach has been treated theoretically by several authors and the time for
critical cavity size can be expressed as [13]: 

cbvc

vc
i rDDr

Fr
t

/

6
2

3/43

(4)

where rc = radius of curvature of the cavity of critical size, = atomic volume, Fv = 
geometric factor for cavity, Dv and Db are volume and grain boundary diffusion coefficients. 
The contribution of the creep to the overall crack growth rate will depend therefore on the 
time for cavity initiation.  When hold time at maximum load is below ti it is plausible to 
suggest that the creep damage will not make any contribution to the overall crack growth 
rate.  This could explain why hold time does not have any significant effect on the crack 
growth rate, under vacuum condition, below 120 s of hold time at maximum load (Fig. 4),
but it is difficult to estimate the time required for cavity nucleation. Although the incubation 
period for cavity nucleation could determine the hold time necessary for the creep and 
fatigue interaction to occur, the rate at which cavities grow and coalescence will eventually
determine the crack growth rate. Again, several models have been proposed for the growth 
of cavities under creep loading [14,15] and for the particular case where creep cavities are 
formed ahead of main crack the criterion for crack growth has been related to a critical value 
of strain given by [16]: 

Ief d //4.0 (5)
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where e is the equivalent stress, I the principal stress respectively  the interparticle 
spacing and d is the cavity diameter. This critical strain can be easily attained when both 
static loading and cyclic loading act together, although it is difficult to specify the exact 
contribution of pure fatigue damage from the total crack growth rate.  The specimen tested 
with 1–120–1–1 wave shape spends a large proportion of its life under static loading but the 
imposition of cyclic loading could lead to re-sharpening of the micro-cavities that have been 
formed ahead of the major crack.  This can increase the rate of material transport from the 
cavities and consequently increase the crack growth rate. 

The LCF results on UD720Li have shown a low influence of hold time on fatigue life either 
in air or in vacuum. On the other side also the effect of environment is not strong mainly at 
higher endurance and lower strain. This behaviour is correlated to the good oxidation 
resistance of the alloy and to the fact that at the testing temperature creep plays a secondary 
role for the fatigue life. As observed in FCG tests, the FCGR is usually dependent on hold 
time and environment [17, 18]. In our case a strong influence of hold time on FCPR is 
observed in air tests, but not in vacuum tests [19]. This is not in contrast with the LCF 
results described above. In fact the LCF total life can be seen as a combination of crack 
incubation time and crack propagation time. As observed also in other nickel base 
superalloys [20, 21], the first is largely prevailing at lower strains and long lives, while the 
second is predominant at higher strains and shorter lives. Therefore the environment 
influences the fatigue life mainly at high strains while it is less effective when strain is 
progressively reduced. 

These effects have been studied in detail in a previous work [22] on the same material in 
which a model is derived. This model has the advantage of providing the proportion of the 
life consumed under each phase of crack nucleation and crack propagation and more so the 
constants involved are material constants or parameters that can be derived from 
experiment. As a consequence at higher strains, where the propagation portion of life is 
prevailing the environment reduces fatigue life, while at lower strains where the initiation 
portion represents most of the life the environment is less important.  

Conclusions

LCF and FCG testing on UDIMET 720Li in air and in vacuum at 700°C has shown a good 
resistance of the alloy to environment effect and a small influence of hold time on fatigue 
life. 

Fracture surface examination of specimens tested in air at higher strain rate or without hold 
time has shown that fatigue crack (or cracks) starts on the external surface and propagates in 
transgranular mode for both the alloys. Fatigue striations are also apparent. At lower strain 
rate or in presence of hold time the fracture becomes mixed transgranular – intergranular 
without striations and with secondary cracks. In vacuum the aspect of the fracture surfaces is 
similar. 

The Coffin – Manson relationship describes the fatigue life in air with good accuracy and 
confirms the good fatigue resistance of the UD720 Li alloy. 
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In vacuum environment the fatigue crack growth rate of UDIMET 720 Li superalloy 
remains practically unchanged for hold time up to 1 s, while a little increase is observed 
when the hold time is increased up to 120 s.  The lack of influence of hold time on FCPR is 
rationalised in terms of the incubation period necessary for the creep related damages to 
occur.  The fatigue crack growth rates in air environment increase with increasing in the 
hold time period and is considerably higher than those obtained in vacuum, indicating the 
adverse effect of oxidation. 

The fracture mode is predominantly transgranular of cleavage type when frequency of 
loading is high, whereas the fracture mode changes to a dimple ductile type, suggestive of 
microcavity formation when the hold time was about 120 s. The crack growth rate reaches 
the highest level when both static and cyclic loading are combined in air environment.  The 
proposed mechanism of fracture takes into consideration the role of oxygen and the form of 
damage resulting from creep and cyclic deformation. 
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Abstract

The evolution of  features of a nickel base superalloy is investigated in solution heat treatment conditions. In the 
1170 /t/air-cooled solution heat treatment, a single fine-size precipitate microstructure is developed after t = 1 and 
3 h, an ideal cubical precipitate microstructure is yielded after t = 4 h while after t = 7 h, a morphological instability 
phenomenon (solid state dendrite structure) of the coarse precipitates that is related to the point effect of diffusion, 
occurs. In the heat treatment of 1170 /4 h/C.R (specimens were cooled from 1170  to 900  with cooling 
rate C.R. = 5, 10, 20, 40, and 100 /min) followed by 1050 /4 h/AC and 850 /16 h/AC, the morphological 
evolution of undergoes splitting, alignment, and normal distribution. In addition, faster cooling rate is helpful 
for the refinement of the precipitate microstructure. In the solution heat treatments T/4 h/AC with T in the range of 
1170 -1240  followed by 1050 /4 h/AC and 850 /16 h/AC, higher solution temperature is benefit to enhance 
the average size of precipitates. 

Keywords: Superalloy, Heat treatment,  precipitate, Morphology instability, Microhardness
E-mail: jshou@imr.ac.cn 

1. Introduction 

Nickel base Superalloys are widely used in gas turbine engines because of their good high 
temperature mechanical properties, which are due to characteristics of the  precipitates such 
as volume fraction, distribution, particle size, morphology and composition [1, 2]. The 
parameters (temperature, time, cooling rate) of the heat treatment can modify the 
characteristics. Therefore, it is necessary to investigate the effect of heat treatment conditions on 

 evolution.
/The experimental alloy, which consists of  matrix,  precipitates,  eutectic, carbides, 

and minor borides, is a cast nickel base superalloy [3]. To possess excellent hot-corrosion 
resistance and high temperature oxidation resistance capability, the alloy contains 16% Cr and 
10% Co in weight percent. To possess a relatively high volume fraction of  precipitate, the 
alloy contains  7.5% precipitation strengthening elements (Al Ti). In the present study, the 
influence of various solution and aging heat treatments on microstructural evolution of this alloy 
is considered with respect to the morphological instability and growth kinetics of precipitate. 
Particular attention is paid to the characteristic of  particle size since it is a main factor to 
influence the strength. The variation of hardness exhibited by the alloy after different heat 
treatments is considered on the basis of particle hardening theories.  

 1
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Table 1 Chemical composition of the alloy in wt.%

Al Ti B C Hf Co Cr Mo Nb W Ni
3.10 4.40 0.075 0.073 0.35 10.80 15.40 2.07 0.24 5.58 Bal. 

Table 2 Heat Treatment Schedules for the alloy

Solution treatment Aging treatment 
1170 /1 h/AC 
1170 /3 h/AC 
1170 /4 h/AC 
1170 /5 h/AC 
1170 /7 h/AC 

1170 /4 h/C.R. 1050 /4 h/AC + 850 /16 h/AC 
(cooled to 900  with C.R. (cooling rate) = 5, 10, 20, 40, 100 /min) 

1180 /4 h/AC 1050 /4 h/AC + 850 /16 h/AC 
1200 /4 h/AC 1050 /4 h/AC + 850 /16 h/AC 
1220 /4 h/AC 1050 /4 h/AC + 850 /16 h/AC 
1240 /4 h/AC 1050 /4 h/AC + 850 /16 h/AC 

2. Experimental 

   The chemical composition of the alloy prepared by vacuum casting is reported in Table 1. 
Samples 8mm×5mm×5mm were cut from cast rod and were applied various heat treatments 
using a vertical electrical furnace with SiC heating elements. The temperature error was 
controlled within 5 .The optimum dissolution of the particles was obtained by applying 
various solution treatment temperatures between 1170  and 1240  for 1 to 7 h followed by 
air cooling. A double aging treatment was then applied to the samples to observe the precipitate 
growth. Table 2 shows the various heat treatments used in the present investigation. The ground 
and polished specimens were etched with a solution of 10% perchloric acid, 2% distilled water 
and 88% methanol. A JSM-6301 or SUPRA 35 type scanning electron microscope (SEM) was 
used to characterize the morphology of the  precipitates. Quantitative measurements of 
size were made directly on the SEM micrographs using a semi-automatic image analyzer. The 
reported values for size were the average values from the measurements made on ten SEM 
micrographs of each sample. The magnifications, 10000 and 20000 , were selected so that at 
least 60 particles presented in each picture. Hardness testing was carried out under a load of 
5 kg using a calibrated Vickers hardness indentation machine. The results presented were the 
average of 6-15 measurements.  

3.Results and discussion 

3.1 Effect of solution holding time
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   The formation of the single cubical microstructure was determined through heat treatments at 
1170  for different holding time. Figure 1 shows the  microstructures after holding time 
from 1 to 7 h. With increasing holding time, the size of  in dendrite cores becomes more 
inhomogeneous, while the average size of  precipitate increases within 1-4 h and decreases 
when the time exceeds 4 h. After solution for 7 h (Fig. 1(e)), the coarse precipitates exhibit a 
morphological instability phenomenon (butterfly structure). In these treatments, the 
precipitate possesses a single regular cubic shape only at the holding time of 4 h (Fig.1(e)). The 
precipitates in interdendritic regions (Fig.1 (b), (d), (f), (h) and (j)) exhibit flowerlike or 
butterflylike morphology. 

Dendrite core Interdendritic region

(b)(a)

2 m

(d)(c)

2 m

(f)(e)

2 m
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(g)

2 m

(h)

(i)

2 m

(j)

Fig.1 Morphologies of  phases after solution treatment at 1170  for different holding times. (a, b) 1 h; (c, d) 3 
h; (e, f) 4 h; (g, h) 5 h; (i, j) 7 h. 

3.2 Effect of solution cooling rate

Microstructures obtained after solution treatment at 1170 /4h with cooling rate of 5-100 
/min followed by double agings have much difference in  morphology and size, as can be 

seen in Fig. 2. Under these heat treatment conditions, the alloy exhibits duplex-size 
microstructure and morphological evolution of coarse undergoes splitting, alignment, and 
normal distributing with increasing cooling rate (Fig. 2 (a), (c), (e), (g) and (i)). Moreover, 
precipitate refinement is observed, which is always reported in thermal processes [4,5]. With 
cooling rate increasing from 5 to100 /min, the average edge length for coarse cuboidal 
precipitates in dendrite cores decreases from 523 nm to 110 nm indicating that fast cooling rate is 
helpful for the refinement of the precipitate. Furthermore, the fine precipitates keep a constant 
size, i.e. 30 nm, although their quantity decreases with increasing cooling rate. In interdendritic 
regions, the average size of coarse precipitates decreases with increasing cooling rate. There is no 
remarkable difference in the morphology of these coarse precipitates. 

Dendrite core Interdendritic region
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(e)

 5

439



1 m

(h)

1 m

(g) 

1 m

(i)

1 m

(j)

Fig.2 Morphologies of  phases after heat treatment of 1170 /4 h/C.R (specimens were cooled from 1170  to 
900  with different cooling rate C.R.) followed by 1050 /4 h/AC and 850 /16 h/AC. (a, b) 5 /min; (c, d) 
10 /min; (e, f) 20 /min; (g, h) 40 /min; (i, j) 100 /min 

There are two types of morphological instabilities of  in Ni base superalloys, which can be 
found in both low misfit case and high misfit case [6-8]. One is in equilibrium shape such as 
splitting of cuboidal  precipitates in two-phase coherent superalloy, which is determined by 
the total energy minimization condition. The other is in growth shape such as solid-state dendrites 
and flower-like unstable structure of  determined by the fast growth conditions, which is 
developed normally in a low misfit superalloy with spherical  precipitates.  

At low cooling rate (5-10 /min), the splitting patterns of the  particles (Fig.2(a) and (c)) 
which can be observed commonly in superalloys, are schematically shown in Fig.3. When the 
particles splits or fissions into two or more smaller particles, the decrease of the elastic energy 
resulting from the transition more than compensates for the accompanying increase in the 
interfacial energy, thus, the total energy is preserved minimum. 

Fig.3 The various split-patterns of  precipitates observed in the alloy 
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At the cooling rate of 20 /min, alignment or selective coarsening phenomena is observed. 
Ardell et al. [9] and Doi et al. [10] point out that the aligned particles would grow at the expense 
of the unfavorably located particles, so the particles aligned along a certain direction. Similar 
phenomena can also be observed in Fig. 2(e). When the cooling rate is higher (more than 40-100

/min), the precipitated  particles distribute dispersedly in matrix (Fig. 2(g) and (i)).  
Figure 1(i) and the precipitates in interdendritic regions (Fig.1 (b), (d), (f), (h), (j)) show the 

examples of morphological instability in growth shape. The large particles exhibit a 
morphological instability (solid-state dendrites), which is related with point effect of diffusion. 
Ricks et al. [11] pointed out the mechanism of this phenomenon. When the  grows in 
supersaturated  phase in a diffusion controlled manner, the point effect of diffusion competes 
with stabilizing factors like surface energy, surface diffusion or anisotropy of surface tension. If 
point effect of diffusion is dominant, morphological instability occurs. High supersaturation is 
essential to this type of instability. With prolonged solution time, the precipitates formed during 
cast stage can dissolve sufficiently, which is benefit to enhance the supersaturation. 

3.3 Effect of solution temperature

  Figure 4 shows the morphologies of  phases after heat treatment at five different 
temperatures (1180 , 1200 , 1220 , and 1240 ) followed by double agings. At these heat 
treatment conditions, dendrite core and interdendritic region are not distinguishable. With 
increasing temperature, the  precipitate size increases. There are several precipitate patterns 
observed in Fig. 4. Cuboidal / triangular precipitate shape is observed in Fig. 4(a), and 
trapeziform / triangular, and triangular / triangular precipitate shapes are observed in Fig. 4(c). 
Similar morphologies were reported in IN738LC [4]. The observed morphology difference 
should be due to the difference in grain orientations [5,6]. On the {100} plane of f.c.c superlattice, 
cuboidal morphology can be observed, and on the {111} plane, the octahedral morphology 
(triangle and trapezium) can be observed. These observations also suggest that the possibly 
splitting of  precipitates occurs along a certain plane or direction, although it is seldom 
reported.

(b)

1 m

(a) 

1 m

 7

441



(c)

1 m

(d)

1 m

Fig.4 Morphologies of  phases after solution at different temperatures for 4 h and air cooled, followed by 1050 
/4h/AC and 850 /16 h/ AC. (a) 1180 ; (b) 1200 ; (c) 1220 ; (d) 1240 .

Precipitates sizes were measured after solution heat treatments at different temperatures (T/4 
h/AC +1050 /4 h/AC + 850 /16 h/AC) using the SEM micrographs. Precipitate growth data 
obey the following well-known growth equation: 

Ktdd nn
0                    (1) 

where T is the absolute temperature. d)Rexp(0 TQKK / 0 and d are the initial and final 
precipitate size, respectively. t is the time, n is the growth exponent and K is a growth-rate 
parameter involving the interface energy between matrix and precipitate. From the plot of 
precipitate growth data in Fig. 5, the activation energy for the precipitate growth, is caculated 
to be 224 kJ/mol in the range of 1170  to 1240  by taking d =0 0 and n = 3. It should be 
noticed that in the above studies for the calculation of the activation energy Q, the concentration 
of  forming elements in equilibrium (Ce) is considered as a constant at the first approximation, 
which may take a deviation of the activation energy. Considering the Ce term as a variable with 
temperature, the parameter K should be expressed as: 

)R)exp(/( e0 TQTCKK /          (2) 
where K0 is a constant. It is reasonable to consider that the phases consist of Al and Ti atoms, 
so the term Ce is the sum of Al and Ti contents of the matrix. The atomic percentages of Al + Ti 
in the matrix evaluated with CALPHAD method were 5.8, 6.2, and 6.4 at.% for solution 
temperature of 1170 , 1220 , and 1240  respectively. Based on these data and formulae 
(2) and (1), the activation energy for growth is evaluated to be 199 kJ/mol, which is close to 
the calculated value 224 kJ/mol when Ce is considered as a constant. According to the formulae 
(2) and (1), the coarsening kinetics of in high temperature aging can be estimated by: 
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precipitates d at different solution temperaturesFig.5 Plot of log d vs. 1/T derived from average diameter of 

4. Conclusions 

  The evolution of  morphology, size, and distribution at solution heat treatment conditions 
has been investigated. With increasing solution cooling rate, the morphological evolution of 
undergoes splitting, alignment, and normal distributing. Faster solution cooling rate is helpful for 
refinement of the precipitate microstructure. At the same solution temperature and cooling rate, 
longer solution holding time is benefit to enhance the supersaturation in  matrix which 
promotes the formation of  morphological instability. With increasing solution temperature, 
the average size of  precipitates after a solution and double agings increases. 
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Abstract

An investigation has been made into the effects of heat treatment and long-term aging on the 
microstructural stability of a cast Ni-base superalloy K452. Specimens after heat treatment were aged at 
temperatures of 800, 850 and 900  for different times up to 10000 h, respectively. The microstructure 
examination indicated that the morphologies of ' precipitates and MB23BCB6B carbide exhibited the similar evolution 
laws. ' precipitates were dendrite like in shape in the as-cast condition, then became cuboidal after heat 
treatment and finally spheroidal during long-term aging. MB23 BCB6B carbide dendritically precipitated from 
supersaturated  solid solution in the initiation of aging, and then grew octahedral with increasing aging 
temperature or time. A conclusion was drawn that not only the minimization of the total free energy of the 
system but also the interfacial character, isotropic or anisotropic, are the root reasons of the morphological 
evolutions of the ' precipitate and MB23 BCB6 B carbide. The three-dimensional morphologies of the ' precipitate and 
MB23 BCB6 B carbide in the different condition were displayed with different etching technologies. 

Keywords: long-term aging; ' precipitate; MB23 BCB6 B carbide; morphological evolution; free 
energy 

1. Introduction 

' phase is the focus of all industrial heat treatment, and is the most important 
strengthening phase in Ni-base superalloys. Its quantity, size and morphology have a great 
influence on the property [1].  

The equilibrium shapes of ' precipitates depend on the competition between the 
interfacial and elastic energies [2-4]. When ' precipitates are small, they are spheres for the 
interfacial energy is minimized; however, as ' precipitates coarsen during aging, they become 
sequentially cubes, doublets of plates, octets of cubes and finally platelets (dendrites) as the 
elastic energy is minimized [5-8].  

In fact, the shape evolution of ' precipitates is determined by the requirement that the 
sum of the elastic and interfacial energies be minimum. For example, when ' splits, the 
decrease in the elastic energy resulting from the shape transition more than compensates for 
the accompanying increase in the interfacial energy [8].  

Carbide is another important strengthening phase, even though it is a minor phase 
relative to ' phase. Carbide mostly exists in the forms of M(CN), MC, MB7BCB3, BM B23BCB6B and MB6BC
in Ni-base superalloys [9-11]. M(CN) and MC are generally primary carbides while MB7 BCB3,
BM B23BCB6 B and M B6BC carbides precipitate from  matrix. 

The precipitation of carbides in Ni-base superalloys has been extensively studied [12-19]. 
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Isothermal changes in shape of MB23BCB6 B carbide in austenitic steels were also investigated 
[20,21]. However, the precipitation and evolution of M B23 BCB6 B carbide in  matrix in Ni-base 
superalloys has never been systemically reported. 

The present work exhibits the morphological evolutions of the ' precipitate and MB23BCB6 B

carbide during long-term aging. Micro mechanisms are also revealed. The three-dimensional 
displays of the ' precipitate and M B23BCB6 B carbide in the different condition facilitate and 
visualize the morphological observations. 

2. Experimental procedure 

The nominal chemical composition of the alloy investigated in the present paper is given 
in Table 1. Raw material was rinsed to remove oil and oxide stains and was vacuum induction 
melt. Cast sample was machined into specimens, three groups of four, for heat treatment. The 
heat treatment was designed to obtain different size ' particle, so the sample was solution 
heat-treated at 1170  for 4 h followed by a furnace cooling down to 900  and then air 
cooling. It was subsequently aged at 1050  for 4 h and 850  for 16 h. After heat 
treatment, specimens were heat exposed at temperatures of 800, 850 and 900  for times of 
1000, 3000, 5000 and up to 10000 h, respectively.  

Table 1. Composition of K452 

 Cr Co Al Ti Nb Mo W C Ni 

wt.% 20.9 11.15 2.5 3.5 0.25 0.6 3.5 0.11 Balance 

The microstructure was examined using scanning electron microscopy (SEM) equipped 
with an energy dispersive X-ray spectroscopy (EDX) system. Specimens for SEM observation 
of M B23 BCB6 B carbide were chemically etched using a solution containing 20 g CuSO B4 B, 50 ml HCl 
and 100 ml HB2 BO. Transmission electron microscopy (TEM) was used for phase identification. 
Foils for TEM were prepared on a twin-jet electropolisher with a solution of 10% perchloric 
acid and 90% ethanol at – 20 .

The three-dimensional morphology of the ' precipitate was clearly shown with deep 
etching technology. The etching was carried out in a solution of 200 g KCl, 50 g citric acid, 
200 ml HCl and 1000 ml HB2 BO with 0.1-1 A/cmP

2
P at 0 .

3. Results and discussions 

U3.1 Morphological evolution of ' phase
After the alloy melt has solidified completely, the ' phase precipitates from the 

supersaturated  solid solution if the solid alloy is further cooled [22]. The ' precipitate is 
spherical owing to its small size at the early stage of the precipitation. When a small 
perturbation impacts on the spherical ' surface, dendritic growth is induced for the growth 
rate at the perturbed point accelerates relative to the rest of the precipitate (Fig. 1). The steep 
concentration gradient in the supersaturated  solid solution is also in favor of the dendritic 
growth. The occurrence of dendritic growth needs three necessary conditions to be met [23]: 
(1) isotropic / ' interface; (2) low diffusion rate within the precipitates; (3) low lattice misfit 
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between the  and ' phases. 

The dendritic ' precipitate contains a large surface area or interface energy to volume 
rate. The interfacial energy makes the precipitate apt to change its shape with a smaller 
surface area. Therefore during the standard heat treatment, the dendritic ' precipitate 
agglomerates into cuboidal blocks (Fig. 2). The morphological transition depends not only on 
the interfacial energy whose decrease is the driving force but also on the elastic energy 
(mainly the misfit strain energy) whose anisotropy ultimately determines ' to be cuboidal not 
spheroidal. In Fig. 2b and 2c, the duplex distribution of ' is clearly shown: the bigger in  

Fig.1 ' phase in the cast condition: (a) chemically etched; (b) deeply etched. 

Fig.2 ' precipitates in the heat treatment: (a) chemically etched; (b) and (c) deeply etched. 

2µm2µm

0.5µm

2µm 2µm

449



cuboidal shape is the primary ' whose origin is the dendritic ' mentioned above while the 
much smaller in spherical shape is the secondary ' which precipitates during heat treatment 
and has an inappreciable misfit strain energy [24]. 

Completely different from the previous references [3-7], in the present study the cuboidal 
' precipitates do not split into so-called doublet or octet after experiencing coarsening at the 

different temperatures of 800, 850 and 900  with different times up to 10000 h. On the 
contrary, they become spherical in shape at all the temperatures. Due to the similarity, only 
the morphological evolution of the ' precipitates at 900  is shown in Fig. 3. During 
long-term aging, as the ' phase and M B23BCB6 B carbide much precipitate from the  solid solution  

Fig.3 Morphologies of ' phases: (a) and (b) 900 /1000h; (c) and (d) 900 /5000h; (e)
and (f) 900 /10000h.  
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in grain interior and at grain boundary, the / ' lattice misfit 
aa

)aa(2
 decreases owing 

to the reduction of a  which the equilibrium redistribution of elements results in. A small 
lattice misfit corresponds to a low elastic energy. Therefore relative to the elastic energy, the 
interfacial energy dominates the total free energy and makes the shape of the ' precipitates 
spherical [2]. Khachaturyan [4] defined the coarsening process driven by the decrease in the 
interfacial energy of the system during long-term aging as an interface-controlled
coarsening. 

U3.2 Morphological evolution of M UBU23UBUCUBU6 UBU carbide during long-term agingU

At the aging temperatures of both 800 and 850 , the morphologies of MB23 BCB6 B carbide 
particles basically remain dendrite-like. They begin to precipitate from the supersaturated 
solid solution at the aging time of 1000 h and then grows bigger and thicker with increasing 
aging time up to 10000 h. However, at 900  the morphology of M B23 BCB6 B carbide particles 
changes more remarkably with the aging time.    

The morphological evolution of MB23BCB6 B carbide particles at 900  with different time is 
shown in Fig. 4. Two important phenomena can be observed: first, the morphology of M B23 BCB6 B

carbide particles evolves sequentially from a small dendrite to a big and thick dendrite to an 
irregular block to a regular octahedron; second, the ' precipitate embed in the MB23BCB6 B dendrite 
migrates outwards and gradually forms a thick ' envelope around the octahedral MB23 BCB6 B

particle.

2µm2µm

2µm 2µm
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According to the above observations, several important viewpoints can be drawn. The 
decrease in the interfacial energy is the driving force of breaking-down of the '/M B23 BCB6 B

dendritic cell. The breaking-down minimizes the '/M B23BCB6 B interface and the ' shell enveloped 
outside the MB23BCB6 B particle has a spherical shape with a low interfacial energy. MB23BCB6 B carbide 
has an excellent crystallographic relationship with  (or '), that is, 111//111

623CM  with 
110//110

623CM
, which tends to make MB23BCB6 B particles octahedral in shape (Fig. 5). That is, 

the crystallographic relationship determines the most stable morphology of MB23 BCB6 B carbide to 
be an octahedron whose surfaces are the {111} planes. 

4. Conclusions 

In the present study, the morphology of the ' precipitate changes from dendrite to cube 
to sphere, orderly corresponding to the conditions of as-cast, heat treatment and long-term 
aging. MB23BCB6 Bparticle evolves from small dendrite to large dendrite to octahedron in shape. 
Obviously, the two processes both begin with dendrite and end with regular gyometry. The 
similarity is determined not only by the minimization of the total free energy of the system 
but also by the interfacial character, isotropic or anisotropic. The isotropic interface makes the 
ultimate form of the ' precipitate be spherical while the ultimate morphology of MB23 BCB6
Bparticle is an octahedron bounded by {111} surfaces which is lowest-energy. 

Fig.4 Morphological evolution of MB23BCB6 B carbide during long-term aging: (a) 900 /1000h; (b)
900 /3000h; (c) 900 /5000h; (d) and (e) 900 /10000h.  

Fig.5 Diffraction patterns of MB23BC B6B carbide and matrix: (a) diffraction patterns; (b) indexing. 
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Abstract
The Burgers vectors and the slip planes of dislocations in the � channels were identified on the [001] oriented single crystal
nickel-based superalloy, CMSX-4, crept at 1273K and 160MPa. The creep curve consisted of two stages, that is, the transient
and the accelerating creep stage. The plates of the rafted �’ precipitates were arrayed perpendicular to the stress axis at the time
of the minimum creep rate, but the regularity of the rafted �’ precipitates was lost at the accelerating creep stage. The change in
the slip systems during creep deformation was discussed. The slip systems at the beginning of the transient creep stage were
characterized by <101> and <011>, irrespective of the slip planes. With further creep deformation during the transient creep
stage, the operation of the <110> slip systems was confirmed. After the time of the minimum creep rate, the slip systems were
restricted to two directions on one slip plane. At the end of the accelerated creep stage, the ratio of the above two slip systems
became larger. From above results, the twelve slip systems acted uniformly during the transient creep stage, but during the
accelerating creep stage, the crystal began to rotate and the two specific slip systems, for example (111)[-101] and (111)[0-11],
acted in preference to the other slip systems. Further creep deformation promotes the crystal rotation and the action of these two
specific slip systems becomes larger.

Key words: Creep, Single crystal, Nickel-based superalloy, � channel, Slip system

Introduction

It is well known that crystal orientations of single crystal nickel-based superalloys, in general, vary
during creep deformation and the final orientations after creep tests are different from the initial
ones[1-4]. McLean et al. reported crystal rotations during creep deformation of SRR99 with different
initial orientations in the standard stereographic triangle at 1123K with an applied stress of 450MPa[1].
Miyazawa carried out creep tests at 1173K and 29.4MPa up to creep strains of 50% on single crystal
Ni-20Cr alloys with tensile orientations of [001], [011], [111] and within the standard stereographic
triangle, and suggested that rotations of crystals with orientations of [011], [111] and within the standard
stereographic triangle during creep deformation, might be caused by preferentially activated specific slip
systems[3]. On the other hand, the reason why a crystal with the orientation of [001] didn’t rotate during
creep deformation was assumed to result from the uniform operations of all eight slip systems. Crystal
orientations at the gauge portions near the ruptured surface of a [001] oriented single crystal
nickel-based alloy, CMSX-4, creep-ruptured at 1273K and 100 to 400MPa, were compared with those
at the grip ends, and crystal rotations were detected on crystals crept at the applied stresses in excess of
130MPa by the current authors and co-workers[5]. Therefore, crystal rotations of single crystals during
creep deformation seem to be related closely to the changes in slips systems. In these studies on crystal
rotations of single crystals, the Burgers vectors and the slip planes of dislocations were not identified, so
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that the change in the slip systems during creep deformation was not clear.
The objective of this study is to investigate the change in the slip systems during creep deformation by
identifying the Burgers vectors and the slip planes of dislocations in the � channels of a single crystal
nickel-based superalloy crept at 1273K and 160MPa.

Experimental procedure

Single crystal specimens of CMSX-4 (Ni-6.4Cr-9.3Co-5.5Al-0.9Ti-6.3Mo-6.2Ta-6.2W-2.8Re-0.1Hf)
were cast as the 13mm diameter cylindrical bars with orientations within 5 degrees of the <001>
orientation. The bars were solution treated and aged using the standard CMSX-4 heat treatment. The
solution treated and aged bars were machined into creep specimens with a gauge portion of 6mm in
diameter and 30mm in length. The creep test
of CMSX-4 with the stress axis of the [001]
orientation was conducted up to rupture at
1273K and 160MPa (3.60x106s creep rupture
strength). In addition, creep tests were
interrupted at the times up to 3.24x106s using
the specimens with a gauge portion of 8mm
in diameter and 50mm in length to perform
the microstructural observations. The creep
strain was recorded automatically through the
linear variable differential transformers
(LVDT’s) attached to the extensometers on
the ridge of the gauge portion.
Microstructural observations by the scanning
electron microscope (SEM) and the
transmission electron microscope
(TEM) were carried out on the
specimens cut parallel to the (100)
plane determined by the Laue X-ray
diffraction. Samples for SEM
observations were metallographically
prepared by polishing and
electro-etched with a super-saturated
solution of oxalic acid in water. The
TEM discs with 0.15mm in thickness
and 3mm in diameter were machined,
then mechanically polished, followed
by twin-jet electro-polishing with a
solution of 10% perchloric acid in
ethanol.

2µm

Fig. 1. Scanning electron micrograph of a single
crystal nickel-based superalloy, CMSX-4.

Fig. 2. Creep rate-time curve of solution treated and aged
CMSX-4 at 1273K and 160MPa. Open circles depict the
times when creep tests are interrupted to perform
microstructure observations.
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Experimental results and discussion

Microstructure of solution treated and aged
specimen
A typical microstructure of a solution treated and
aged CMSX-4 is shown in Fig. 1. The cuboidal �’
precipitates are arrayed uniformly through the �
channels. The eutectic �’ phases could not be
detected. The average edge length of the cuboidal
�’ precipitates is controlled to be about 0.5µm and
the average width of the � channels is estimated as
0.09µm.

Interrupted creep tests
The creep rate-time curve of a solution treated and
aged CMSX-4 at 1273K and 160MPa is shown in
Fig. 2. Open circles depict the times when creep
tests are interrupted for the microstructural
observations. This creep rate-time curve is
consisted of the transient and accelerating creep
stage. The minimum creep rate is attained at about
106s and creep tests are interrupted from the latter
half of the transient creep stage to the end of the
accelerating creep stage.

Microstructure of interrupted creep specimens
The scanning electron micrographs of the
specimens crept for 1.08x105, 1.08x106 and
3.24x106s are shown in Fig. 3. Most of the
cuboidal �’ precipitates remain unchanged at
1.08x105s, whereas some of the cuboidal �’ precipitates connect to each other (Fig. 3(a)). On the other
hand, the directional coarsening of the �’ precipitates, which is called as rafting, is observed
perpendicular to the applied stress axis at 1.08x106s (Fig. 3(b)). The �’ precipitates coarsen in a direction
parallel to the applied stress, as well as perpendicular to the applied stress, and then some of the �
channels turn their shapes to granular, as mounted within the �’ matrix at 3.24x106s (Fig. 3(c)).
The transmission electron micrograph of the specimen crept for 1.08x105s when the �’ precipitates
remain cuboidal, is shown in Fig. 4, where the incident beam direction, B, was close to [100]. A few
bowed-out dislocations are observed in the � channels and a small number of dislocations are present at
the �/�’ interfaces. However, there are no dislocations in the �’ precipitates.
The transmission electron micrograph of the specimen crept for 1.08x106s when the well developed
rafted �/�’ structures are formed, is shown in Fig. 5, where B= [100]. The number of bowed-out

Fig. 3. The scanning electron micrographs of
the specimens crept for 1.08x105(a),
1.08x106(b) and 3.24x106s(c).
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dislocations in the �

channels is small, similar
to that of the specimen
crept for 1.08x105s, but
the radius of these
bowed-out dislocations
becomes larger.
Furthermore, the
dislocation density at the
�/�’ interfaces becomes
higher.
The transmission
electron micrograph of
the specimen crept for
3.24x106s when the
regularity of the rafted �’
precipitates is lost, is
shown in Fig. 6, where
B= [100]. The number of
bowed-out dislocations
in the � channels is still
small, similar to that of
the specimens crept for
1.08x105 and 1.08x106s,
and these bowed-out
dislocations have the
larger radius. A large
number of dislocations
are observed at the �/�’

interfaces. Therefore, the
radius of bowed-out
dislocations in the �

channels and the dislocation density at the �/�’ interfaces increase with increasing creep-testing time.

Slip planes of dislocations in � channels of interrupted creep specimens
In this section, the slip planes of dislocations in the � channels will be identified on the interrupted creep
specimen. The TEM observations on the same region are performed with five incident beam directions,
B=[100], [211], [2-11], [21-1] and [2-1-1], so as to make the slip plane edge-on[6,7] and the bowed-out
dislocation straight. That is to say, the incident beam direction, B=<211>, where the bowed-out
dislocation is observed to be straight, is examined on the specimens cut parallel to the (100) plane, and
the {111} plane which is parallel to this incident electron beam, B=<211>, is identified as the slip plane.

Fig. 4. The transmission electron micrograph of the specimen crept for
1.08x105s, where B= [100].
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Fig. 5. The transmission electron micrograph of the specimen crept for
1.08x106s, where B= [100].
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Fig. 7 shows examples
of the transmission
electron micrographs on
the dislocation in the �

channel of the specimen
crept for 3.24x106s to
identify the slip plane of
this dislocation. The
dislocation which is
observed with an
incident beam direction,
B=[100](Fig. 7(a)), is
straight only with [21-1]
(Fig. 7(d)), but curved
with the other incident
beam directions (Figs.
7(b), (c) and (e)), and then
the slip plane of this
dislocation is identified as
(1-11). The identification of
the slip plane is performed
on more than 40
dislocations and an area of
over 100µm2 of each
interrupted creep specimen.
The slip planes of
dislocations in the �

channels of the specimen
crept for 1.08x105s are
given in Fig. 8. This figure
is the same image as Fig. 4.
Dislocations, whose slip
planes could not be
identified, are designated as
UK. Most of dislocations
stay equally on four slip planes, that is, (111), (-111), (1-11) and (11-1).
The slip planes of dislocations in the � channels of the specimen crept for 1.08x106s are given in Fig. 9.
This figure is the same image as Fig. 5. Many dislocations stay on the specific slip plane of (-111), and
this result is different from that at 1.08x105s (Fig. 8).
The slip planes of dislocations in the � channels of the specimen crept for 3.24 x106s are given in Fig. 10.
This figure is the same image as Fig. 6. Most of dislocations stay on a specific slip plane of (111),

Fig. 6. The transmission electron micrograph of the specimen crept for
3.24x106s, where B= [100].
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Fig. 7. Examples of the transmission electron micrographs on
dislocation in the � channel of the specimen crept for 3.24x106s to
identify the slip plane of the dislocation. (a) B= [100], g=[020],
(b) B= [211], g=[02-2], (c) B= [2-11], g=[022], (d) B= [21-1],
g=[022], (e) B= [2-1-1], g=[02-2]

a b c

d e 0.3µm

a) (100), g=020

b) (211), g=022

c) (211), g=022

d) (211), g=022

e) (211), g=022
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similar to the result at
1.08x106s (Fig. 9).
Fig. 11 shows the ratio
of the number of
dislocations on {111}
to that of all
dislocations of the
interrupted creep
specimens.
Dislocations in the �

channels of the
interrupted creep
specimens at the
transient creep stages,
that is, 1.08x105 and
3.60x105s, stay
equally on four slip
planes. However,
dislocations in the �

channels of the
interrupted creep
specimens at the time
of the minimum creep
rate, that is, 1.08x106s,
and the accelerating
creep stages, namely,
1.80x106 and
3.24x106s, stay on the
specific slip plane.
And the ratio of the
number of
dislocations on the
specific slip plane to
that of all dislocations increases with increasing creep-testing time. From these results, it is confirmed
that dislocations migrate equally on four slip planes during the transient creep stage of a [001] oriented
single crystal nickel-based superalloy, but during the accelerating creep stage, the crystal rotation allows
dislocations migration on the specific slip plane, and further creep deformation promotes a crystal
rotation and dislocations glide on the specific slip plane.

Burgers vectors of dislocations in � channels of interrupted creep specimens
In this section, the Burgers vectors of dislocations whose slip planes were already identified in the

Fig. 8. The slip planes of dislocations in the � channels of the specimen
crept for 1.08x105s. This figure is the same image as Fig. 4.
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previous section, will be
determined by finding
the reflection in which
the dislocation becomes
invisible. Six invisibility
conditions where
required for determining
a Burgers vector using
the g�b=0 invisibility
criterion[8, 9]. The TEM
observations on the same
region are performed
with four incident beam
directions, B=<211>,
and six g vectors,
g=<111> and <022>, so
as to make the
dislocation invisible. The
Burgers vector is determined
by examining whether the
invisible dislocation lies on
the slip plane which was
identified in the previous
section. The determination of
the Burgers vector is
performed on more than 40
dislocations and an area of
over 100µm2 of each
specimen.
The Burgers vectors and the
slip planes of dislocations in
the � channels of the specimen
crept for 1.08x105s are shown
in Fig. 12. This figure is the same image as Figs. 4 and 8. Dislocations, whose Burgers vectors could not
be identified, are designated as UK. Most of dislocations with three types of the <110> Burgers vectors
stay equally on each {111} slip plane.
The Burgers vectors and the slip planes of dislocations in the � channels of the specimen crept for
1.08x106s are shown in Fig. 13. This figure is the same image as Figs. 5 and 9. There are many
dislocations with only two types of the <110> Burgers vectors on the specific slip plane, in this case,
having the Burgers vectors of [101] and [01-1] on the (-111) slip plane, and this result is different from
that at 1.08x105s (Fig. 12).

Fig. 10. The slip planes of dislocations in the � channels of the
specimen crept for 3.24x106s. This figure is the same image as Fig. 6.
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The Burgers vectors
and the slip planes of
dislocations in the �

channels of the
specimen crept for
3.24x106s are shown
in Fig. 14. This figure
is the same image as
Figs. 6 and 10. Most
of dislocations with
only two types of the
<110> Burgers
vectors stay on the
specific slip plane, in
this case, having the
Burgers vectors of
[10-1] and [01-1] on
the (111) slip plane,
similar to the result at
1.08x106s (Fig. 13).
The Burgers vectors
of dislocations of all
interrupted creep
specimens, are normal
to the line directions at
the bowed-out
segments, and then
these segments seem
to be edge
dislocations.
Fig. 15 shows the ratio
of the number of
dislocations with three
types of the <110>
Burgers vectors on
each {111} to that of all dislocations of the interrupted creep specimens. Dislocations with two types of
the <101> and <011> Burgers vectors exist at the beginning of the transient creep stage, that is,
1.08x105s, independent of the slip planes. And dislocations with three types of the <110> Burgers
vectors stay equally on each of four slip planes at the transient creep stages, that is, 3.60x105s. However,
dislocations have the Burgers vectors of [101] and [011] types on the specific slip plane at the time of
the minimum creep rate, that is, 1.08x106s, and the accelerating creep stage, namely, 1.80x106 and

Fig. 12. The Burgers vectors and the slip planes of dislocations in the �
channels of the specimen crept for 1.08x105s. This figure is the same
image as Figs. 4 and 8.

0.5µmS
tr
es
s
d
ir
ec
ti
o
n

(11-1) / [1-10]

(111) / [10-1]

(111) / [1-10]

(1-11) / [011](1-11) / [011]

(1-11) / [011]

(111) / [10-1]

(-111) / [101]

(-111) / [101]

(-111) / [101]

(11-1) / [011]

(-111) / [101] (-111) / [101]

(-111) / [101]

(-111) / [110]
UK

(111) / [10-1]

(-111) / [101] (1-11) / [01-1]

(1-11) / [011]

(1-11) / [10-1]

(11-1) / [011]

(-111) / [01-1]

(11-1) / [101]

UK

(1-11) / [101]

(1-11) / [011]

(111) / [1-10]

Fig. 13. The Burgers vectors and the slip planes of dislocations in the �
channels of the specimen crept for 1.08x106s. This figure is the same
image as Figs. 5 and 9.

0.5µm

S
tr
es
s
d
ir
ec
ti
o
n

(-111) / [101]
(1-11) / [110]

(111) / [1-10]

(111) / [10-1]
(111) / [10-1]

(-111) / [01-1]

(11-1) / [011]

(-111) / [01-1]

(-111) / [101]

(-111) / [110]

(-111) / [01-1]

(111) / [10-1]

(-111) / [01-1]

(-111) / [01-1]

(-111) / [101]
(-111) / [101]

(-111) / [01-1]

(11-1) / [101]

(-111) / [01-1]

(111) / [01-1]

(11-1) / [101]

(11-1) / [011]

UK

UK

(1-11) / [10-1]

(-111) / [110]
(111) / [10-1]

(111) / [1-10]

(11-1) / [011]

(-111) / [01-1]

UK (-111) / [101]

UK

(11-1) / [011]

(-111) / [01-1]

(11-1) / [011]

462



3.24x106s. The ratio of
the number of
dislocations with these
Burgers vectors on the
specific slip plane to that
of all dislocations
increases with increasing
creep-testing time.
Consequently, it is
assumed that twelve slip
systems are equally
activated during the
transient creep stage of a
[001] oriented single
crystal nickel-based
superalloy, but at the
accelerating creep stage,
the crystal rotation
allows two preferential activated slip systems, such as (111)[10-1] and (111)[01-1], and further creep
deformation promotes a crystal rotation and two preferential slip systems activation, and inhibits the
other slip systems operation.

Conclusion

The change in the slip systems during creep deformation is investigated by characterizing the Burgers
vectors and the slip planes of dislocations in the � channels of a single crystal nickel-based superalloy
crept at 1273K and 160MPa. The results can be summarized in the following:
1) Directional coarsening of the �’ precipitates is observed perpendicular to the applied stress axis at the

time of the minimum creep rate. Further creep deformation allows the �’ precipitates to coarsen in a
direction parallel to the applied stress, as well as perpendicular to the applied stress, and then some of
the � channels turn their shapes to granular, as mounted within the �’ matrix.

2) Dislocations glide equally on four slip planes at the transient creep stage, but at the accelerating creep
stage, the crystal rotation allows the dislocation migration on a specific slip plane, and further creep
deformation promotes a crystal rotation and the dislocation glide on a specific slip plane.

3) Dislocations with three types of the <110> Burgers vectors are equally present on four slip planes at
the transient creep stages. However, dislocations in the � channels have the Burgers vectors of [101]
and [011] types on the specific slip plane at the time of the minimum creep rate and the accelerating
creep stage. The ratio of the number of dislocations with these Burgers vectors on the specific slip
plane to that of all dislocations increases with increasing creep-testing time.

4) It is concluded that twelve slip systems are equally activated at the transient creep stage, but at the
accelerating creep stage, the crystal rotation allows two preferential activated slip system, such as

Fig. 14. The Burgers vectors and the slip planes of dislocations in the �
channels of the specimen crept for 3.24x106s. This figure is the same
image as Figs. 6 and 10.
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(111)[10-1] and (111)[01-1], and
further creep deformation promotes a
crystal rotation and two preferential
slip systems activation, and inhibits
the other slip systems operation.
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Fig. 15. The ratio of the number of dislocations with three
types of the <110> Burgers vectors on each {111} to that
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Abstract
The dislocation substructures at the �/�’ interfaces of a single crystal nickel-based superalloy, CMSX-4, after the interrupted
creep tests at the stages when the �’ precipitates were still cuboidal, were observed to investigate the correlation between creep
deformation and the rafting of the �/�’ structures. The interrupted creep tests were conducted at 1273K and 250MPa using the
CMSX-4 with the stress axis of the [001] orientation, at the times from the transient creep stage to the beginning of the
accelerating creep stage. Microstructural observations by a TEMwere carried out on the �/�’ interfaces parallel to the (010) and
(001) planes of the interrupted creep specimens cut parallel to the (130) and (103) planes, respectively. The �’ precipitates were
still cuboidal at the beginning of the accelerating stage. The numbers of dislocations at the �/�’ interfaces parallel to both the
(010) and (001) planes increased during creep deformation. Thenumber of dislocations at the �/�’ interfaces parallel to the (001)
planewas larger than that at the �/�’ interfaces parallel to the (010) plane. TheBurgers vectors of all dislocations were identified.
Dislocations at the �/�’ interfaces have six kinds of the <110> Burgers vectors equally, independent of the creep strain and the
interfaces. Consequently, dislocations at the �/�’ interfaces may not be misfit dislocations, but the traces of mobile dislocations
which led to creep deformation.

Keywords :Single crystal, Nickel-based superalloy, �’ pricipitates,Dislocation substructure, Burgers vectors

1 Introduction

The cuboidal �’ precipitates of the single crystal nickel-based superalloyswith the stress axis of the [001]
orientation turn their shapes into the plate like ones perpendicular to the stress axis during high
temperature creep deformation [1-8]. This drastic morphological change in the �’ precipitates is called as
rafting. Many papers discussed the rafting mechanisms during creep deformation. However, the rafting
mechanism has not been elucidated. In our previous works, the creep tests in the wide stress range from
100 to 400MPa at 1273K were carried out by using a single crystal nickel-based superalloy, CMSX-4,
with the stress axis of the [001] orientation [9-11]. The changes in the aspect ratios of the �’ precipitates
with increasing creep testing time and the creep strain were investigated at each stress. At the stresses
less than 200MPa, the maximum aspect ratios were attained at a strain of 1%, independent of the stress.
This result suggested that the formation of the rafted �/�’ structures was strongly related to the
dislocation substructures at the �/�’ interfaces. However, at the stresses more than 250MPa, the
maximum aspect ratios was attained at a strain of 10% or more, and the �’ precipitates were still
cuboidal at a strain of 1% [11]. At these stress conditions, it was assumed that there was not enough
time for the solute elements, such as Al and Ti, to diffuse, even though the dislocation substructures
were fully induced by creep deformation at a strain of 1%. To confirm this assumption, the simple aging
was conducted on the samples on which the creep tests were interrupted at the strains less than 1%
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under the stresses more than 250MPa [12]. The �’ precipitates of the interrupted creep specimens
coarsened directionally only by conducting the simple aging, and then the complete rafted �/�’ structures
perpendicular to the stress axis was confirmed in the interrupted creep specimen at a strain of 0.74%.
From these results, it was suggested that the formation of the rafted �/�’ structures required the
dislocation substructures at the �/�’ interfaces corresponded to the creep strain. However, the dislocation
substructures at the �/�’ interfaces have not observed on the interrupted creep specimens, yet. The
correlation between the dislocation substructures at the �/�’ interfaces and creep deformation must be
investigated to clarify the raftingmechanism.
In this study, the creep tests at 1273K and 250MPa on the single crystal nickel-based superalloy,
CMSX-4, with the stress axis of the [001] orientation are interrupted at the strains less than 0.74%, and
the changes in the dislocation substructures at the �/�’ interfaces with increasing creep strain was
investigated.

2 Experimental procedure

A single crystal of the nickel-based suprealloy of CMSX-4, (with a chemical composition in weight per
cent ; 6.4Cr, 9.3Co, 5.5Al, 0.9Ti, 6.3Mo, 6.2Ta, 6.2W, 2.8Re, 0.1Hf, balance Ni), were prepared in the
form of bars with 13mm in diameter and 160mm in length by a directional precision casting. The
orientations of the longitudinal direction of the specimens were determined by Laue X-ray
back-reflection technique; the angles between the [001] orientation and the longitudinal axis of single
crystals were within 5 degrees. The eight steps solution treatment was employed as follows,

1550K-7.20x103s 1561K-7.20x103s 1569K-1.08x104s 1577-1.08x104s 1586K-7.20x103s
1589K-7.20x103s 1591K-7.20x103s 1594K-7.20x103s GFC, then the three steps aging treatment
was conducted as follows, 1413K-2.16x104s 1353K-2.16x104s 1144K-7.20x104s AC. The as-heat
treated single crystals were machined into the creep specimen with a gauge portion of 6mm in diameter
and 30mm in length. The creep test was carried out at 1273K and 250MPa under a constant load.
Furthermore, the creep tests were
interrupted at the strains less than 0.74%
on the specimens with a gauge portion
of 8mm in diameter and 40mm in length.
The creep strain was measured
automatically through the linear variable
differential transformers (LVDT's)
attached to the extensometer.
Microstructural observations were
carried out by a field emission scanning
electron microscopy (FE-SEM) and a
transmission electron microscopy
(TEM) on the specimens sectioned
parallel to the (010), (001), (130) and
(103) planes determined by Laue X-ray

Fig.1. Scanning electron micrograph of a single crystal
nickel-based superalloy, CMSX-4.

2µm
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back-reflection technique. The specimens for the SEM observation were prepared metallographically
and electroetched with a supersaturated oxialic acid aqueous solution. TEM foils were prepared by
electropolishing using a twin jet polisher with the 10% perchloric acid-alcohol solution. The Burgers
vector, b, of dislocations at the �/�’ interfaces were identified by the g�b=0 contrast invisibility criterion
[13, 14].

3Results and discussion

3.1 Microstructure of as-heat
treated specimen
The scanning electron
micrograph of the as-heat
treated CMSX-4 is shown in
Fig.1. The cuboidal �’
precipitates are regularly
arrayed in the � matrix. The
average edge length of the
cuboidal �’ precipitates is
about 0.5 µm. The average
width of the � channels is
approximately 0.1 µm. The
volume fraction of the �’
precipitates is estimated as
78 %. No eutectic �’
precipitates were detected
after the heat treatment.
The transmission electron
micrograph of the as-heat treated
CMSX-4, where the incident beam
direction, B, is closed to [010], as
shown in Fig.2. Few dislocations
are observed at the �/�’ interfaces
and there are no dislocations within
the �’ precipitates.

3.2 Creep rate-time curve of
CMSX-4 at 1273K and 250MPa
The creep rate-time curve of
CMSX-4 at 1273K and 250MPa
consists of the transient creep stage
and the accelerating creep stage, as

1µm
[100]

[001]

Fig.2. Transmission electron micrograph of a single crystal
nickel-based CMSX-4, where the incident beam direction, B, is
closed to [010].

Fig.3. Creep rate-time curve of CMSX-4 at 1273K and
250MPa. The open circles on the curve show creep testing
times at which the creep tests are interrupted.
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shown in Fig.3. The open circles on the curve indicate
creep testing times at which the creep tests are
interrupted. Creep tests are interrupted at the times
showing the end of transient stage, the minimum creep
rate and the beginning of the accelerating creep stage.

3.3Morphological change in �’ precipitates
The SEMobservations are carried out on the specimens
cut parallel to the (010) plane. The scanning electron
micrographs of the interrupted creep specimens at the
strains of 0.42, 0.51 and 0.74% are shown in Fig.4. The
�’ precipitates of the interrupted creep specimen at a
strain of 0.74% at 1273K and 250MPa, remain still
cuboidal (Fig.4 (c)).

3.4 Dislocation substructures at �/�’ interfaces
The TEM observations are carried out by using the
interrupted creep specimens cut parallel to the (130)
and (103) planes, to investigate the changes in the
dislocation substructures at the �/�’ interfaces parallel to
the (010) and (001) planes, respectively with creep
deformation.
The transmission electronmicrograph of the interrupted
creep specimen at a strain of 0.46%, the end of the
transient creep stage, is shown in Fig. 5, where the
incident beam direction, B, is closed to [010]. A few
dislocations are observed at
the �/�’ interfaces parallel to
the (010) plane.
The transmission electron
micrograph of the interrupted
creep specimen at a strain of
0.74%, corresponding to the
beginning of the accelerating
creep stage, is shown in Fig. 6,
where B=[010]. There are a
number of dislocations at the
�/�’ interfaces parallel to the
(010) plane, compared with
the interrupted creep
specimen at a strain of 0.46%

Fig.4. Scanning electron micrographs of
the interrupted creep specimens at the
strains of (a) 0.42, (b) 0.51 and (c) 0.74%.

Fig.5. Transmission electron micrograph of the interrupted creep
specimen at a strain of 0.46%, B= [010].
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(Fig.5).
The transmission electron
micrograph of the interrupted
creep specimen at a strain of
0.46%, is shown in Fig. 7,
where B=[001]. A few
dislocations are observed at
the �/�’ interfaces. The number
of dislocations at the �/�’
interfaces parallel to the (001)
plane is larger than that at the
�/�’ interfaces parallel to the
(010) plane (Fig.5).
The transmission electron
micrograph of the interrupted
creep specimen at a strain of
0.74%, is shown in Fig. 8,
where B=[001]. There are a
lot of dislocations which are
tangled with each other at the
�/�’ interfaces parallel to the
(001) plane. Therefore, the
number of dislocations at the
�/�’ interfaces parallel to the
(001) plane is larger than that
at the �/�’ interfaces parallel to
the (010) plane, and these
numbers seem to increase
during creep deformation.

3.5 Dislocation density at the �/�’ interfaces
The dislocation density at the �/�’ interfaces
is estimated by using the interrupted creep
specimens in order to quantify the change
in the dislocation substructures at the �/�’
interfaces during creep deformation. Two
invisibility conditions on the basis of the
g�b=0 invisibility criterion, as shown in
Table.1. For example, when the TEM
observations are performed with the
incident beam directions, B=[010], and the

Fig.6. Transmission electron micrograph of the interrupted creep
specimen at a strain of 0.74%, B= [010].
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Fig.7. Transmission electron micrograph of the interrupted creep
specimen at a strain of 0.46%, B= [001].
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Table.1. Two invisibility conditions on the basis of
the g�b = 0 invisibility criterion.
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110
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g-vector, g=[002],
dislocations with the Burgers
vectors of [10-1], [101], [011]
and [01-1] are visible, but the
ones with the Burgers vectors
of [110] and [1-10] are
invisible. Based on this
criterion, all dislocations
cannot be detected by using
only one g-vector and then the
accurate dislocation density
cannot be estimated. The
TEM observations should be
carried out with two different
g-vectors on the same region
and the image with one
g-vector should be
superimposed on the other to
express the accurate
dislocation substructures at
the �/�’ interfaces.
The TEM observations where
B=[010], g=[002] and [200],
are performed in the same
region at the �/�’ interfaces
parallel to the (010) plane, by
using the interrupted creep
specimen at a strain of 0.74%,
and these two images are
superimposed, as shown in
Fig.9. This figure corresponds
to a part of the TEM image of
Fig.6. The number of dislocations in this figure is larger than that in Fig.6 and it is possible to express all
dislocations at the �/�’ interfaces.
The TEM observations where B=[001], g=[020] and [200], are performed in the same region at the �/�’
interfaces parallel to the (001) plane, by using the interrupted creep specimen at a strain of 0.74%, and
these two images are superimposed, as shown in Fig.10. This figure corresponds to a part of the TEM
image of Fig.8. The number of dislocations at the �/�’ interfaces parallel to the (001) plane seems to be
larger than that parallel to the (010) plane. The accurate expression of all dislocations at the �/�’
interfaces parallel to the (010) and (001) planes can be attained by using with the two different g-vectors
on the same area.

Fig.9. Superimposed image of transmission electron micrographs
where B=[010], g=[002] and [200], on the same region at the �/�’
interfaces parallel to (010) plane of the interrupted creep
specimen at a strain of 0.74%.

Fig.8. Transmission electron micrograph of the interrupted creep
specimen at a strain of 0.74%, B= [001].
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The changes in the dislocation
densities at the �/�’ interfaces
parallel to both the (010) and
(001) planes with the creep
strain are shown in Fig. 11. The
dislocation density at the �/�’
interfaces parallel to the (001)
plane is larger than that parallel
to the (010) plane, and the
dislocation densities at the �/�’
interfaces parallel to the (010)
and (001) planes increase with
increasing creep strain.
It is well understood that the
lattice constant at the room
temperature of the �’ phase of a
single crystal nickel-based
superalloy is smaller than that of the � phase, and
the elastic constant of the �’ phase is larger than
that of the � phase [15, 16]. Under an applied
tensile stress, the lattice mismatch between the �
and �’ phases at the �/�’ interfaces parallel to the
stress axis is expanded, but that at the �/�’
interfaces perpendicular to the stress axis is
reduced. And the interfacial dislocations will be
introduced to relief the lattice mismatch between
the � and �’ phases at the �/�’ interfaces. From these
assumptions, the dislocation density at the �/�’
interfaces parallel to the tensile axis will be larger
than that at the �/�’ interfaces perpendicular to the
tensile axis. Furthermore, in the case the interfacial
dislocations are regarded as the misfit ones, the
interfacial dislocation density will saturate at the
higher strain during creep deformation because of
the constant lattice misfit. However, these
assumptions are exactly different from the results
in this study. That is, the dislocation density at the
�/�’ interfaces parallel to the stress axis is smaller
than that of the �/�’ interfaces perpendicular to the stress axis, and the dislocation densities at the �/�’
interfaces increase with increasing creep strain (Fig.11). Therefore, dislocations introduced at the �/�’
interfacesmay not be themisfit ones.

Fig.10. Superimposed image of transmission electronmicrographs
where B=[001], g=[020] and [200], on the same region at the �/�’
interface parallel to the (001) plane of the interrupted creep
specimen at a strain of 0.74%.

0.5µm
[010]

[100]

Fig.11. Changes in the dislocation density at
the �/�’ interfaces parallel to the (010) and
(001) planes with the creep strain.
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3.6 Burgers vectors of dislocations at �/�’ interfaces
The correlation between the strain, �, and the mobile dislocation density, �, are represented as Orowan’s
equation as follows, � = �bl, where b is the Burgers vector and l is the average migration length of the
dislocation [17]. That is, the creep strain is proportional to the dislocation density. In this study, the
dislocation densities at the �/�’ interfaces parallel to the (010) and (001) planes are directly proportional
to the creep strain, as shown in Fig.11. Dislocations at the �/�’ interfaces seem to be the traces of mobile
dislocations in the � channels which led to creep
deformation. Therefore, the Burgers vectors of
dislocations at the �/�’ interfaces are identified in
this section. In general, mobile dislocations of
FCC metals have six kinds of the <110> Burgers
vectors [18]. If dislocations at the �/�’ interfaces are
the traces of mobile dislocations, dislocations at
the �/�’ interfaces with six kinds of the <110>
Burgers vectors, will be detected. Four invisibility
conditions where required for identifying a
Burgers vector using the g�b=0 invisibility
criterion. The TEM observations on the same
region are carried out with two incident beam
directions, B={110} and {001} and four g-vectors,
g =<-111> and <200>, as shown in Table.2.
The Burgers vectors of dislocations at the �/�’
interfaces parallel to the (010) plane of the
interrupted creep specimen at a strain of 0.46% are
shown in Fig.12. All dislocations at the �/�’
interfaces with six kinds of the
<110> Burgers vectors are
detected. The Burgers vectors of
all dislocations at the �/�’
interfaces parallel to both the
(010) and (001) planes of the
interrupted creep specimens are
identified in same way (Fig.12).
Based on this identification
procedure, quantitative
comparisons between the ratio
of six kinds of the <110>

Burgers vectors to all
dislocations and the creep strain
are examined.
The ratios of dislocations at the

Fig.12. The Burgers vectors of dislocations at the �/�’ interfaces
parallel to the (010) plane of the interrupted creep specimen at a
strain of 0.46%.

Table.2. Four invisibility conditions on the
basis of the g�b = 0 invisibility criterion for
identifying a Burgers vector.
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�/�’ interfaces parallel to the (010) and (001) planes
with six kinds of the <110> Burgers vectors to all
dislocations of the interrupted creep specimens at the
strains of 0.46, 0.51 and 0.74% are shown in Figs.13
and 14, respectively. Dislocations at the �/�’
interfaces with six kinds of the <110> Burgers
vectors are detected equally, independent of the
creep strain and the interfaces. Consequently, it is
suggested that dislocations at the �/�’ interfaces may
not be misfit ones, but the traces of mobile
dislocations in the � channels which led to creep
deformation.

4. Conclusions

The creep test and the interrupted creep tests are
carried out on the [001] oriented single crystal
nickel-based superalloy, CMSX-4, at 1273K and
250MPa, and the changes in the dislocation
substructures at the �/�’ interfaces parallel to the (010)
and (100) planes with increasing creep strain is
discussed. The following conclusions are obtained.
1) The accurate dislocation substructures at the �/�’
interfaces parallel to the (010) and (001) planes can
be express with the two different g-vectors on the
same region.
2) The dislocation density at the �/�’ interfaces parallel to the (001) plane is larger than that at the �/�’
interfaces parallel to the (010) plane independent of the creep strain, and the dislocation densities at the
�/�’ interfaces parallel to the (010) and (001) planes increase with increasing creep strain.
3) All dislocations at the �/�’ interfaces with six kinds of the <110> Burgers vectors are detected equally,
independent of the creep strain and the interfaces.
4) From these results, it is concluded that dislocations at the �/�’ interfaces may not be misfit ones, but
the traces ofmobile dislocations in the � channels which led to creep deformation.
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Abstract

Rafting i.e., directional coarsening of the ' precipitates usually occurs in Ni-base superalloys under high
temperature creep loading and has been often observed in turbine blades after service. This instability of the
microstructure can also lead to a significant degradation of the monotonous and the cyclic strength of these
alloys. Hence, modelling tools to predict the occurrence of rafting in blades under service condition are highly
desirable. A constitutive model that represents rafting has been developed. It is argued that the driving force for 
rafting can be best described by the back stress, which can be identified by the usual testing methods at the
macroscopic level. The developed constitutive model has been validated for the alloy SRR99 at 980°C.
Keywords: Ni-base superalloys, rafting, modelling, creep, single crystals

1. Introduction 

Advanced single crystal superalloys, as nowadays used in blades for gas turbines or aero 
engines, have a high volume content of the ' phase (>40%). This second phase initially 
consists in quasi-periodically arranged cubic precipitates. Its predominant influence on the
mechanical behavior and on the strength of these alloys is now well understood [1-3]. During 
high temperature deformation, the precipitate phase loses its stability and various morphology 
types may appear, depending on the local stress state and on the alloy characteristics.
Typically, under uniaxial tension, the ' precipitates coalesce to form plates perpendicular to
the load axis, a phenomenon usually referred to as rafting. This microstructural transformation
may significantly affect the subsequent monotonous or cyclic strength of the considered alloy. 
Reported effects of the plate morphology include reduction of the fatigue life [4,5] or
creep/tensile strength [6-9].

For a reliable mechanical analysis of turbine blades it is thus necessary to estimate the 
kinetics of rafting and its influence on the mechanical behaviour of the alloy. The main
objective of this work is thus the development of a constitutive law with the following
features:

- The anisotropy of the behaviour is taken into account. 
- The main high temperature deformation mechanisms are represented.
- The driving force for rafting can be estimated.
- The kinetics of rafting can be predicted. 
- The effect of rafting on the alloy strength can be evaluated. 
- The model can be used for structural analysis as a constitutive law in a FE code. 

The present model originates from previous analyses of the mechanical behaviour of the ’-
microstructure at the dislocation level [10,11]. This former work enables an analysis of the 
driving force for rafting and confirms the paramount role of the channel width in controlling
the mechanical strength of those alloys. In this paper, the new constitutive model is presented
and calibrated with test data from the single crystal superalloy SRR9.
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2. Model presentation 

2.1. General frame

The proposed model has been designed to describe the behavior of arbitrary oriented crystals 
under temperatures higher than 750°C, so that dislocation glide in the channels is the 
controlling deformation mechanism. It relies on the small strain assumption with the usual 
additive strain decomposition

, (1),e p
= + C : e

where the cubic stiffness tensor is denoted by C. The octahedral and the cubic slip systems
will be throughout denoted with the superscript o, respectively c. In particular, the total plastic

strain rate can be written as function of the shear rates on the octahedral and cubic systems o
g ,

resp. c
g

12 6

1 1

1 1
,

2 2

where , Slip direction and , Slip plane.

p o o o o o c c c c c
g g g g g g g g g

g g

o c o c
g g g g

gn m m n n m m n

m m n n

 (2) 

Thereby, the 12 octahedral slip systems {111} 101  and the 6 cubic slip systems

{001} 101  are taken into account. The resolved shear stresses on both families of slip 

systems are as usual defined as ,o o o c c c
g g gm n m ng g g .

2.2 Estimate of the Orowan stress for dislocation glide in the channels

For the octahedral systems, the plastic shear rate is supposed to be mainly controlled by the 
magnitude of the Orowan stress given by

orowan Kb
w

, (3)

where the current channel width is denoted by  and the magnitude of the Burgers vector 
is . The factor  depends on the elastic constants and on the orientation of the trailed
dislocation segments [10]. In the simplest case of elastic isotropy it is just the shear modulus. 
To simplify things, we take in the following

w
b K

1212K C . The numerical factor  is often

assumed to be approximately one. However, there exist large uncertainties concerning the 
exact value of the Orowan stress (core energy, shape of the loop). Furthermore, one should 
also mention the large scatter in the actual channel width. In practice, it turns out that the
value is much too high, as demonstrated by the following discussion: 

In the case of the alloy SRR99 at room temperature, the ’ volume fraction 'f is about 0.7. At 

980°C, this volume fraction is somewhat lower, i.e. 62.0'f . Taking the size of the initially

cubic ’ particles as , the size of the periodic cell 2 can be obtained fromnmc 4662 0 L
3

0
'

2

2

c f
L

 , (4)
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which gives . Hence, the initial channel width isnmL 5.272 nmcLw 7922 00 . With the 

Burgers vector given by b  and C0.25nm MPa930001212  at 980°C, we can estimate of the 

Orowan stress for the initial cubic morphology without its corrective factor 

1212

0

294Orowan C b MPa
w

. (5)

However, [001] specimens already creep at 980°C under a tensile stress as low as 170MPa,
which corresponds to a resolved shear stress of 68MPa. This makes clear the necessity to 
introduce the corrective factor  in (3). The later will be treated as an adjustable parameter of

the model.

The final channel width after rafting due a long term uniaxial positive pre-deformation

will be estimated from the following assumptions:

w

- The '  volume fraction 'f is not altered by the rafting process. 

- The raft structure consists of infinite plates perpendicular to the load axis.
- The periodicity length  remains constant in the direction perpendicular to the plates.

This is only true during the initial stage of rafting. Subsequently, the rafts coarsen and the 
periodicity length significantly increases [12].

2L

Accordingly, after completed rafting the relationship between the width of the  plates 

and the volume fraction of the '2c  phase is 

'

2

2

c f
L , (6)

from which follows the following estimate of the channel width 2 2 204w L c nm .

2.3. Octahedral systems

The deformation mechanisms are assumed to be thermally activated. This is achieved by
using a sinh law of the form

1/

sign ,

1
ˆsinh 1 ,

ˆ
1

o o o o
g g g g

n

o
fo o

g g g n
g

orowan

v x

V
v

kT

 (7) 

where ˆ o o
g g gx , o

gx  is the back stress on the slip system g and V is an activation volume.

The Boltzmann constant is denoted by  and T  is the absolute temperature. Note that the use 
of an exponent function inside the sinh allows the description of a smooth elastic-plastic 
transition. The degree of smoothness of the elastic-plastic transition is controlled by the
exponent . By this means, fluctuations like those due to the scatter in the channel width can

be accounted for. The quantity 

o
f

k

n
o
g  is assumed to be proportional to the dislocation density of

the corresponding slip system. We assume for it a law with saturation, i.e.
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0 0 1 exp /o o o o o o
g bg , (8) 

where o
g  is the cumulated glide on the octahedral system g. Kinematic hardening is assumed

to be described by a tensor variable denoted by , as resulting from the calculations of the 
internal stresses in the ' compound performed in [10]. The back-stresses at the level of the 
slip system are then obtained by 

o
X

o o o o
g gx gn X m . (9)

The internal stress  depends on a strain-like internal variable o
X o through a structural cubic 

fourth order tensor, here taken as isotropic for simplicity

, (10) : ,o o o o o o ocX 1
ocX

where is a numerical constant homogeneous to a stiffness. Physically, originates from
the dislocations deposited on the 

oc o
X

/ '  interfaces. Its saturation is due to precipitate shearing

at high stresses or dislocation climb during long term deformation processes, as explained in 
[10]. In accordance, a phenomenological evolution law is formulated as follows: The

evolution of  is obtained by adding the contributionso o
g of each slip system

12

1

1

2
o o o o o o

g g g g
g

n m m n g . (11) 

The pseudo shear rates o
g  are assumed to take the form

sinh sinh
o o o o

d g s go o o o o
g g g

V x V x
d h

kT kT
 (12) 

The second and the third terms on the right hand side of equ. (12) correspond to thermally
activated dynamic and static recovery, respectively.

2.4 Cubic systems

The plastic shear rate for the cubic systems is supposed to follow a similar thermal activation 
law (without exponent) of the form

0
sign , sinh .

c c c c
f g gc c c c c c

g g g g g g

V x r
v x v

kT
 (13) 

According to the observations on <111> specimens reported in [13], macroscopic cubic slip is 

due to alternating cross-slip of 011  dislocations on two conjugate octahedral planes. 
Accordingly, the dislocation density for cubic slip is driven by the intensity of octahedral slip.
This is acknowledged by taking the dislocations density for the cubic system asg

12

0 0
1

1 exp /

1

0

c c c c o c
g gi i

i

gi

gi

b

if g and i havethe same Burgers vector

if g and i have a different Burgers vector

. (14) 

In accordance, is the cumulated slip on the octahedral system i, see equ.(7). In a similar

way to octahedral systems, the internal stresses generated by cubic slip are also represented 
by a tensor stress variable, i.e. 

o
i
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 ,c c c c
g gx n X mg (15)

The evolution of the internal stress  is assumed to follow similar laws to those of the 
octahedral systems, i.e.

o
X

12

1

: , ,

sinh sinh ,

1

2

c c c c c c c c

c c c c
d g s gc c c c c

g g g

c c c c c c
g g g g g

g

c c

V x V x
d h

kT kT

X 1 X

n m m n

 (16) 

where is a numerical constant homogeneous to a stiffness. The second and the third terms
on the right hand side of (16)

cc
2 correspond to dynamic and static recovery, respectively.

2.5 Modelling of rafting

The thermodynamic driving forces for the morphology change have been extensively 
analysed during the last twenty years (see, e.g. [14]). From FE calculations [15], dislocation 
models [16] and energy calculations [17-19] a coherent picture has emerged, in which the 
dominant part of the driving force for rafting originates from the anisotropic relaxation of the 
coherency stresses through the deformation induced dislocations. This conclusion is also 
supported by several recent observations [20-21], according to which the onset of measurable
rafting coincides with the formation of misfit-relieving dislocation networks. 

To illustrate this point, the elastic energy stored in the periodic cell of the '  microstructure

under uniaxial tensile stress has been calculated for the alloy SRR99, which has an 

unconstrained misfit ratio . It is assumed that only the channels V perpendicular

to the load axis [001] are plastically deformed and that the local plastic strain tensor in these 

channels has the form

/

u 3

3

1/
2

0 1
3

p
3
p

2 0 0

/ 2 0

0 0 1

. The average density of the elastic energy

stored in a periodic cell of the microstructure W can be evaluated following the procedure 

described in [10] for homogeneous elastic constants. It consists of a macroscopic partW ,

which is independent of the morphology and a microscopic part W

macro

micro

33 34 443 3 3

,

1 1 1
: : , : : : : : :

2 2 2

macro micro

macro e e micro p p p

W W W

W WC
 (17) 

where is the macroscopic elastic strain, e *
ij u ij  is the eigenstrain of the precipitates in

the unconstrained state and are fourth order tensors strongly dependent on the underlying 

'morphology. If the volume fraction of the channels V  is
ij

/ 3 3f , the macroscopic plastic

strain is just 3 3
p pf . Its magnitude is proportional to the dislocation density on the 

interfaces perpendicular to [001]. The relevant part W  of W is plotted in Fig. 1 as function 
of the macroscopic creep strain for the cubic and for the plate microstructures.

/ '
micro
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Fig.1. Cubic and plate morphologies (a). Elastic microscopic energy versus creep strain (b). 

It can be concluded that plastic strain initially relieves the misfit stresses. If straining
continues, the elastic energy increases again. This energy can be either decreased by shearing
the '  particles, by dislocation climbing or by rafting. From the theory of dissipative

processes, the driving force  for a transformation parameterized by  is given byiX ip

33 34 44
3 3 3

1 1
: : : : : :

2 2
p p p

i
i i i

WX
p p p pi

. (18) 

In particular, it remains unaltered by removal of the applied stress. This result is in agreement
with the detailed observations of rafting after pre-deformation reported in [20]. Even after 
complete unloading, rafting still continues if a threshold pre-strain has been exceeded. Within
this micro-mechanical analysis, the back-stress in the channels V is obtained as3

*
3 33 343

3

: :p

f
B . (19)

For creep strains larger than 0.1%, the first term on the right hand side of equ. (18) becomes
predominant. From this analysis, it becomes clear that the driving force for rafting (18), the
local plastic strain  and the local back stress (19) in V are strongly correlated. Moving back

to our more phenomenological present model, we thus conjecture that the macroscopic
counter-part to (19), i.e. the back-stress  that is given by equ. (10) essentially controls the 
rafting process.

3
p

3

o
X

Finally, simulations of tensile tests with a (stable) raft microstructure have been performed in 
[11]. They reveal that for sufficiently high stresses, the main mechanical consequence of 
rafting is a strength decrease, which can be rationalised by the reduction of the Orowan stress
due to channel broadening. In the presented model, the degree of advancement of rafting is 
defined by the scalar value  such that at any stage, the current channel width 

is given by 

( ) 0 ( ) 1t t

0 (1 )w w w (20)

For the kinetics of rafting, a simple linear evolution law is assumed, with a driving force
proportional to the magnitude of , so that o

X

1o
raftf X , (21)
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where  is a model parameter.raftf

3. Results 

The model parameters have been calibrated for the alloy SRR99 at 980°C. The test data basis 
included tensile, cyclic and creep tests for various specimen orientations. Some of the test 
simulations, which have been used to identify the model parameters, are presented in the
Figures 2-4. Note the progressive increase of the strain rate during creep due to the 
broadening of the matrix channels in Fig. 4.
The decrease of the alloy tensile strength can also be observed in Fig. 5. Firstly, specimens
have been pre-deformed at 980°C under 200MPa until 0.4% creep strain to generate a fully 
formed raft structure. In a second step, the specimens have been submitted to tensile loading.
The same loading sequence has been simulated, demonstrating that the model is able to
represent the strength decrease due to rafting. 
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Fig. 2. Simulation of LCF tests with various orientations and strain amplitudes.
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The strain rate is 10  in all cases.s/3

Finally, the degree of advancement of rafting  defined in (20) has been plotted in Fig. 6 for 
a creep loading with a [001] oriented specimen and MPa200 . The results are compared with
micrographs of the microstructure in crept specimens examined after interrupting the tests at
different stages. A reasonable qualitative agreement can be observed, the plates are already
formed after about 0.4% creep strain.
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Abstract

The structural stability of the nickel-base superalloys CMSX-4 and CMSX-10 during creep at 1100°C was 
investigated by scanning electron microscopy, X-ray diffraction and transmission electron microscopy. The 
microstructural processes responsible for the deformation behaviour of these superalloys were identified. In 
CMSX-4 the / ’-microstructure rapidly takes a stable rafted morphology and then slowly coarsens during the 
creep process, therefore this superalloy shows a creep curve with extended slow secondary creep. In CMSX-10 
the / ’-microstructure becomes rafted after a delay and forms short unstable rafts, which results in an incubation 
before primary creep followed by a monotonically accelerating deformation. In spite of the lower structural 
stability CMSX-10 shows a lifetime nearly two times longer than CMSX-4 because of a much longer tertiary 
creep. This effect is caused by a more effective solid solution hardening of the -phase because of the two times 
higher concentration of rhenium in CMSX-10. 

Keywords: superalloys, CMSX-4, CMSX-10, creep, microstructure 

Introduction 

For high temperature alloys stability of the microstructure is an important factor determining 
the mechanical properties under service conditions. Therefore the microstructural stability has 
to be investigated to predict the mechanical behaviour and to model it with sufficient 
reliability. The microstructure of single-crystal (SC) nickel-base superalloys consists of two 
phases: the -matrix hardened by small cuboidal precipitates of ’-phase. Under high 
temperature creep conditions the / ’-microstructure first becomes rafted, then slowly 
coarsens and becomes irregular. In superalloys with a high concentration of refractory 
elements additionally topologically closed packed (TCP) phases precipitate in the dendrite 
arms. Coarsening of the / ’-microstructure and precipitation of the TCP phases result in the 
deterioration of the mechanical properties of superalloys. In the work presented the above 
microstructural processes were investigated in two SC superalloys, CMSX-4 and CMSX-10, 
creep deformed at 1100°C. The results show a clear correlation between the kinetics of 
microstructure evolution and the kinetics of creep deformation. Comparison of CMSX-10 (6 
wt% Re) with its direct predecessor CMSX-4 (3 wt% Re) allows to understand the effect of 
rhenium on the mechanical and structural behaviour of modern nickel-base superalloys.  

Experimental

SC bars of CMSX-4 and CMSX-10 (see composition in Table 1) with axial orientation close 
to [001] were solidified by Doncasters Precision Castings (DPC), Bochum, Germany. The 
bars were standard heat treated, CMSX-4 by DPC, CMSX-10 by Cannon&Muskegon, 
Muskegon, USA. Cylindrical specimens with gauge length 60 mm and diameter 6 mm were 
machined from these bars and tested for creep at 1100°C, 120 MPa in a constant load testing 
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machine. Creep tests were performed for different times to obtain the microstructures 
corresponding to the characteristic stages of the creep process: CMSX-4 for 4 h, 25 h, 75 h, 
150 h, 292 h and until rupture at 393 h1 and 692 h1; CMSX-10 for 25 h, 60 h, 200 h, 330 h 
and until rupture at 552 h. To check the influence of the TCP phases on creep lifetime a 
specimen of CMSX-4 and one of CMSX-10 were pre-annealed at 1100°C for 500 h (to 
precipitate TCP phases) and then tested for creep at 1100°C, 120 MPa until rupture. The 
microstructural changes during creep deformation were investigated by scanning electron 
microscopy (SEM), evolution of the / ’-interface by X-ray diffraction (XRD) and 
transmission electron microscopy (TEM). Loss of the interface coherency was characterised 
by the change of / ’-misfit measured by XRD. Detailed analysis of the interfacial dislocation 
networks was performed in TEM. Care was taken to identify the area in the dendritic 
structure, i.e. the primary dendrite arm (PDA), the secondary dendrite arm (SDA) and the 
interdendritic region (IR), before analysing it by SEM, XRD and TEM. To allow the 
positioning of the SEM frame and the X-ray spot at these defined areas the specimens were 
cut along planes deviating from the PDA axis by a few degrees, a method described in [1, 2]. 

Table 1. Compositions of investigated superalloys according to certificate (in wt%). 

Alloy Al Ti Cr Co Ni Mo Hf Ta W Re 
CMSX-4 5.7 1.0 6.5 9.7 Base 0.6 0.1 6.5 6.4 3.0 

CMSX-10 5.6 0.2 2.3 3.3 Base 0.4 0.02 8.3 5.5 6.3 

Results

Creep curves. The creep behaviour of CMSX-4 and CMSX-10 at 1100°C, 120 MPa up to 300 
h is compared in Fig. 1. CMSX-4 shows the classical creep behaviour: fast primary creep 
starting immediately after loading, followed by extended secondary creep with slow nearly 
constant creep rate, which transits into accelerated creep after about 60% of lifetime. The 
creep behaviour of CMSX-10 is more complex. Creep starts with a very fast and short plastic 
deformation with a strain smaller than 0.1% and a duration of about 1 h, then the creep 
process slows down but after about 30 h it accelerates again.
The following secondary creep is remarkably shorter and faster than in CMSX-4: deformation 
starts to accelerate already after about 35% of lifetime. However at given testing conditions 
CMSX-10 shows a lifetime nearly two time longer than CMSX-4. The reason is, that the 
creep acceleration during tertiary stage is much slower in CMSX-10, thus reaching the rupture 
strain later. A similar difference in creep behaviour was found in [3] for the superalloys AM1 
(no rhenium) and MC-NG (4 wt.% rhenium) at 1050°C and 150 MPa. Moreover the rupture 
strain of the CMSX-10 specimen is larger than for CMSX-4, which fits with the observation, 
that CMSX-4 shows a very localized necking in the rupture zone, while the cross section 
reduction in CMSX-10 is homogeneous. 
Pre-annealed specimens of CMSX-4 and CMSX-10 showed remarkably smaller primary 
creep strain and shorter lifetimes than after standard heat treatment (see Fig. 2). The relative 
reduction of lifetime was found to be higher for CMSX-4 (about 42%) than for CMSX-10 
(about 30%). 
SEM. Kinetics of the morphological transformation of the / ’-microstructure of CMSX-4 and 
CMSX-10 during creep is shown in Fig. 3. After standard heat treatment the initial 

1 These 2 ruptured specimens were tested at 117 MPa and 105 MPa respectively, all others at 120 MPa. 
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microstructure in CMSX-10 is much finer than in CMSX-4. Within the first 25 h the 
microstructure in CMSX-4 rapidly becomes rafted, while in CMSX-10 it remains still 
cuboidal. Rafts in CMSX-4 are regular, long and stable (see Fig. 3, 25 h and 150 h), in 
CMSX-10 they are irregular and short (Fig. 3, 200 h). In both superalloys TCP phases 
precipitate after long-term creep (see Fig. 3, 393 h for CMSX-4 and 552 h in CMSX-10), but 
their morphology is different: in CMSX-4 globular, in CMSX-10 elongated. In the (010) 

longitudinal sections of CMSX-10 the TCPs are visible as fine lines close to 101  and 110  

directions, which means that they are thin plates (thickness about 0.5 m) with orientation 
close to {111}. 
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Fig. 1. Creep curves of CMSX-4 and CMSX-10 at 1100°C, 120 MPa. Both tests were 
interrupted. Under these testing conditions lifetime of CMSX-4 is about 335 h, 

of CMSX-10 about 575 h. 

Time, h

0 50 100 150 200 250 300

C
re

e
p

 s
tr

a
in

, 
%

0,0

0,2

0,4

0,6

0,8

1,0

1,2

1,4

1,6

1,8

2,0

Standard heat treated

Pre-annealed

Fig. 2. Creep curves of CMSX-4 at 1100°C. Two material conditions:  
after standard heat treatment and pre-annealed at 1100°C for 500 h. 

509



CMSX-4 CMSX-10

0 h 0 h 

25 h 25 h 

150 h 200 h 

393 h 
rupture

552 h 
rupture
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The TCP precipitates are surrounded by a ’-halo because during growth they absorb the -
forming elements rhenium, tungsten, cobalt and chromium [4] from the surrounding, which 
results in a ’ phase transformation around the TCP precipitates. 
Coarsening of the / ’-microstructure was characterized by the increase of the structure period 

 in load direction [001]. For cuboidal ’-morphology  is the sum of the -channel width and 
the ’-cube edge length, for rafted morphology the sum of the widths of the - and ’-lamellae. 

 was measured by Fourier analysis of SEM images as described in [5]. The results are 
presented in Fig. 4 and Table 2. They show that the rate of microstructure coarsening 

dtd measured in the SDA, which represents most of the material, is about 2.9 times higher 

in CMSX-10 than in CMSX-4. This ratio is nearly the same as the ratio 2.6 between the 
minimal creep rates for these alloys (see Table 2). This result fits with [5], where it was found 
that dtd  for exponential-like creep curves of the SC superalloy SRR99 at 980°C, 200 

MPa.
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Fig. 4. Kinetics of the coarsening of the / ’-microstructure during creep at 1100°C, 120 MPa.  
Black symbols: CMSX-4, white symbols: CMSX-10. Circles and long-dashed lines: PDA; 
squares and solid lines: SDA; triangles and short-dashed lines: IR. The ruptured CMSX-4 

specimen was tested at 117 MPa. 

The amount of the TCP phases was characterized by the precipitate area fraction A measured 
in backscatter electron images with an area of 46 46 m2 taken in the central parts of PDA 
and SDA. SEM results for the kinetics of the TCP precipitation are presented in Fig. 5 and 
Table 2. During precipitation the rate dtdA  is nearly constant. In CMSX-4 the TCP 

precipitation reaches saturation after about 400 h2, while in CMSX-10 saturation is not 
attained within the investigated time interval, probably reaching saturation after 552 h. dtdA
is about three times higher in the PDA than in the SDA, obviously because of a higher level of 
the refractory elements. No TCP phases were observed in the IR. The difference in the 
precipitation rates between CMSX-4 and CMSX-10 was found to be small. 

2 Precipitation kinetics in CMSX-4 (monotonic growth followed by saturation) is in accordance with classical 
kinetics of phase precipitation in solid state [6]. 
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Fig. 5 shows that after exposure at 1100°C for about 500 h the TCP volume fractions in 
CMSX-4 and CMSX-10 are nearly equal, however the relative reduction of the lifetime after 
pre-annealing 1100°C/500 h was found to be higher for CMSX-4 (about 42%) than for 
CMSX-10 (about 30%). One reason could be that the morphologies of the TCP phases 
forming in these alloys are different. According to [7] the elongated TCP morphology is less 
detrimental for the mechanical properties than the globular shape, probably due to a better 
cohesion with the matrix and a reinforcing effect. A second reason could be the different ’-
morphologies. It was found in [8] that after annealing at 1100°C for 300 h the / ’-
microstructure in CMSX-4 is completely rafted but with different raft orientations in the PDA, 
SDA and IR. In CMSX-10 however the ’-morphology is still cuboidal except for a slight 
rafting in the PDA. Third, the reduction of rhenium in the matrix by TCP precipitation should 
weaken more strongly the solid solution hardening effect in CMSX-4, because both alloys 
have the same amount of TCP precipitates, but CMSX-4 contains half as much rhenium as 
CMSX-10.
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Fig. 5. Kinetics of the TCP precipitation in PDA and SDA during creep at 1100°C, 120 MPa.
Black symbols and solid lines: CMSX-4, white symbols and dashed lines: CMSX-10. Circles: 

PDA; squares: SDA. The last two points for CMSX-4 at 393 h and 692 h were measured in 
specimens tested at 117 MPa and 105 MPa respectively. 

XRD. Fig. 6 shows the kinetics of misfit change in CMSX-4 and CMSX-10 during creep 
measured by XRD. This constrained misfit  is measured on lattice planes, which are 
perpendicular to the / ’-interface, therefore is zero as long as the interface is fully coherent. 
In CMSX-4 the misfit deviates from the zero level indicating the loss of coherency of the / ’-
interface almost immediately after loading. Already after 4 h primary creep the X-ray 
reflections measured in the PDA and SDA show a pronounced asymmetry, giving misfit 
values of about -0.14% and -0.11% respectively. In the IR the X-ray reflection is symmetrical 
meaning that the phases are still coherent. After 100-150 h, which is the middle of steady 
creep,  in the PDA and SDA reaches a maximum. At this time the difference in misfit 

between PDA ( 0.34%), SDA ( 0.31%) and IR ( 0.26%) is the most pronounced. The 
absolute values decrease from PDA to IR as for the unconstrained misfit in undeformed 
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CMSX-4 at room temperature (RT) given in Table 23. It is remarkable that the maximum of 
, which means according to the Brooks formula the highest density of interfacial networks, 

corresponds to the minimal creep rate (see Fig. 6a and b). During further creep deformation 

in PDA and SDA becomes smaller which indicates a relaxation process resulting in a decrease 
of the dislocation density in the / ’-interface.
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Fig. 6. Misfit change during creep at 1100°C and 120 MPa in comparison with the strain rate 
for CMSX-4 (a) and CMSX-10 (b). White circles and long-dashed lines: PDA; black squares 

and solid lines: SDA; black triangles and short-dashed lined: IR. 
Last points for CMSX-4 at 393 h were measured in a specimen tested at 117 MPa. 

3 The constrained misfit in undeformed CMSX-4 and CMSX-10 was measured by XRD in [1] and [8] 
respectively. The unconstrained misfit one gets by dividing the constrained misfit by the factor 2.3 [9], 
considering the coherency strains of the -lattice.
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Table 2. Minimum creep rate, / ’-coarsening rate, TCP precipitation rate and unconstrained 
misfit measured separately in PDA, SDA and IR. 

Superalloy Minimal  
creep rate 

min ,

%/1000 h 

Position in 
dendritic
structure

/ ’-
coarsening 
rate dtd ,

m/1000 h 

TCP
precipitation 
rate dtdA ,

area %/1000 h 

Unconstrained
/ ’-misfit 

un  at RT, % 

PDA 0.69 6.8 -0.17 
SDA 0.79 1.9 -0.13 CMSX-4 1.2
IR 1.02 0 +0.02 

PDA 2.46 5.3 -0.04 
SDA 2.31 1.9 0CMSX-10 3.1

IR 2.75 0 +0.03 

After about 300 h the misfit scatters strongly exceeding the misfit difference between PDA, 
SDA and IR. Such kinetics of the misfit change (fast increase, followed by slow decrease) fits 
with the results of TEM measurements regarding the dislocation spacing in interfacial 
networks for the superalloy NASAIR 100 crept at 1000°C and 207 MPa [10]. 
In CMSX-10 the misfit change was investigated in the PDA only. Similar kinetics  was found 
as in the PDA and SDA of CMSX-4. However the maximal absolute misfit in the PDA of 
CMSX-10 is remarkably smaller than in CMSX-4 (for about 0.13%) which corresponds to the 
difference in the unconstrained misfit in the undeformed superalloys (see Table 2). 
A remarkable difference in the kinetics of the misfit change is, that the loss of coherency in 
CMSX-4 starts immediately, whereas in CMSX-10 it has a delay of about 25 h. This delay has 
the same reason as the observed incubation of creep deformation in CMSX-10 (see Fig. 1), 
namely the preservation of the cuboidal / ’-microstructure for the first 25 h (see Fig. 3). 
TEM. Plastic deformation in superalloys starts by dislocation movement in the -matrix. The 
dislocation segments deposited in the / ’-interface are an indication for this process (Fig. 7).  
In the PDA of CMSX-4 many interfacial dislocations are found already after 4 h creep (Fig. 7), 
whereas in the IR it is difficult to find some dislocations at all, which is in accordance with 
XRD investigations, showing that the loss of coherency starts in the PDA, in CMSX-4 
immediately, in CMSX-10 delayed. This inhomogeneous plastic deformation is explained by 
the misfit inhomogeneity and residual stresses in the dendritic structure [11], both effects of the 
dendritic segregation. At the end of primary creep, in CMSX-4 at about 25 h, when the / ’-
microstructure is totally rafted all over the dendritic cell, the / ’-interfaces are covered 
completely by dislocation networks (Fig. 7, 150 h). The networks are homogeneous and remain 
quite stable almost until rupture. In CMSX-10 a 25 h incubation period precedes primary 
creep. The dislocation configuration after this time is shown in Fig. 7, 25 h. As in CMSX-4 
much more dislocations are observed in the PDA than in the IR. In CMSX-10 primary creep 
ends at about 60 h. The microstructure in the PDA and the SDA is now rafted, but in the IR it 
still is cuboidal. The ’-rafts are covered by inhomogeneous dislocation networks, which soon 
lose stability and planar configuration (see bowing segments in Fig. 7, 200 h). a[001]
dislocations having formed in the / ’-interface due to dislocation reactions enter the ’-lattice 
and climb through the ’-rafts. This lowers the absolute misfit value, as found by XRD both in 
CMSX-4 and CMSX-10 (see Figs 6a and b) and accelerates the deformation process as seen in 
the creep curve of CMSX-10 after 200 h (see Fig. 1). A detailed description of this TEM 
investigation is given in [12]. 
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Fig. 7. Dislocation structures in the PDA of CMSX-4 and CMSX-10 after creep at 1100°C and 
120 MPa. 

Left side: CMSX-4. Cross sections, showing interfacial dislocation networks during primary 
creep (4 h, =0.10 %) and steady creep (150 h, =1.3 %). 

Right side: CMSX-10. Interfacial dislocation networks during primary creep (25 h, =0.12 %) 
and transition from steady to accelerated creep (200 h, =1.6 %). Bottom: Longitudinal section 

of the CMSX-10 specimen tested for 200 h: prismatic loops of a[001] dislocations climbing 
through the ’-rafts marked by arrows.  
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Discussion

To understand the effect of rhenium on the high temperature creep behaviour of superalloys, 
comparison of the two superalloys CMSX-4 (3 wt.% Re) and CMSX-10 (6 wt.% Re) showed 
to be helpful. The first striking difference in the creep behaviour is the incubation period found 
for CMSX-10. Such an incubated creep is reported for many superalloys [e.g. 3, 13-15] and it 
is assumed that it is related to the initial ’-size. Detailed investigations of the effect of ’-size
on creep properties was performed by Nathal [13] for superalloys of the MAR-M200 type. He 
found that a quenched superalloy with small unaligned ’-precipitates shows at 1000°C, 124 
MPa a creep curve with incubation period and fast, short secondary creep very similar to 
CMSX-10 in the work presented. The ’-size effect was found to be dependent on the 
magnitude of the / ’-misfit. Similar results on the ’-size effect are reported by Caron and 
Khan [14] and by Gabb et al. [15]. 

Fig. 8. Undeformed microstructure of CMSX-4 (left) and CMSX-10 (right) as seen in the 
SEM (top) or in the reciprocal space (bottom). The half width of the reflections in azimuth 

direction gives .

1 m1 m

a b

c d
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In our case the unconstrained misfit at RT is nearly zero in CMSX-10 and about 0.13% in 
CMSX-4. The lower absolute misfit of CMSX-10 is caused by the reduction of Cr (from 6.5 
wt% to 2.3 wt%), Co (from 9.7 wt% to 3.3 wt%) and W (from 6.4 wt% to 5.5 wt%) 
necessary to suppress the tendency of CMSX-10 to TCP phase precipitation when the 
concentration of refractory elements is very high. According to data from [16] a side effect 
should be the decrease of the -lattice spacing lowering the absolute / ’-misfit. 
Consequently the alignment of the ’-cuboids, which is driven by coherency stresses [17], 
becomes worse. Another effect of rhenium results from the fact, that rhenium is nearly not 
compatible with the ordered ’-lattice. So the transformation ’ can take place only after 
the Re-atoms have left the matrix area. The slow rhenium diffusion however retards this 
removal, which results in the reduction of the mobility of the / ’-interface and 
consequently a slower coarsening rate. This explains the finer microstructure of CMSX-10. 
Both effects (misalignment and smaller ’-size) can be clearly seen on SEM images (Fig. 8, 
top and quantified by Fourier analysis of these images (Fig. 8, bottom). The Fourier analysis 
gives the microstructure period  and the deviation of the interface from the {100} 
orientation . For CMSX-4 one gets =0.63 m, = 13°, for CMSX-10 =0.46 m, 

= 17°.

Summarising the findings of [3, 10, 13-15] and our results leads to the following conclusions. 
In the fine / ’-microstructure as in our case in CMSX-10 the -channels are thin and the 
Orowan stress, which is inversely proportional to the channel width, blocks the dislocation 
movement in the -matrix. Under high temperature creep conditions plastic deformation starts 
only after some microstructural coarsening accompanied by widening of the -channels.
The finer microstructure however is connected with a worse alignment of the ’-precipitates. 
Therefore during creep the ’ cuboids form short rafts, which are less effective for blocking 
the dislocation movement in load direction. Moreover short rafts are morphologically less 
stable because of the short diffusion paths between the raft edges and centre, allowing a faster 
microstructure coarsening and degradation [18]. Caron and Khan [14] come to the same 
conclusion after investigation of the influence of different heat treatments on the creep 
behaviour of CMSX-2. The ’-sizes after heat treatment were either 0.35 m or 0.45 m. The 
finer microstructure showed about two times faster and shorter secondary creep, which they 
explained by better alignment of the larger ’-cuboids resulting in longer stable rafts. 
Therefore secondary creep is fast and rapidly turns into accelerated creep  
The advantage for creep lifetime resulting from the incubation period in CMSX-10 is small 
compared with the disadvantage of a short fast secondary creep. The most beneficial effect of 
rhenium in CMSX-10 is solid solution hardening. The large rhenium atoms strongly distort the 
nickel lattice and form clusters as well. This becomes important in tertiary creep, when 
precipitation strengthening is much less effective because the / ’ microstructure has become 
degraded. Now the mechanical behaviour is no more that of a compound but rather that of 
single phase material. The -phase is weaker but the rhenium is concentrated there and 
therefore in tertiary creep the mechanical properties of CMSX-10 suddenly become much 
better than these of CMSX-4. 
The general effects of rhenium and the structural and mechanical effects alternatively for 
CMSX-4 or CMSX-10 are summarized in the graphic, shown in Fig. 9. 

517



    

    Long 
stable rafts 

       
    Alignment of 

’-cuboids
      
    High

/ ’-misfit 

Slow and 
long

secondary
creep

       

 Large atoms 
Dense

interfacial
networks

  Clustering, 
  segregation
 in -phase Solid solution 

hardening

Slow
primary 
creep

       

Slow
/ ’-

coarsening 

Slow
tertiary 
creep

   Rhenium 

Slow
diffusion,
very low 

solubility in 
’-phase

Fine initial 
/ ’-

microstructure 

 Incubation 
period

       

Limited 
solubility in 

-phase

Short unstable 
rafts

Fast and 
short

secondary
creep

     

    
TCP phases 

Shorter
lifetime 
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Conclusions

From creep tests, SEM, X-ray diffraction- and TEM investigations it can be concluded: 
At 1100°C, 120 MPa , CMSX-10 has an about two times longer creep lifetime than 

CMSX-4. The creep curve of CMSX-4 shows the classical shape with extended steady creep. 
In CMSX-10 creep starts with an incubation period, followed by primary and short secondary 
creep which turns after 35% of lifetime into an exponential tertiary creep. 

In standard heat treated condition the microstructure of these two materials is different. 
In CMSX-4 the ’-cuboids are larger and better aligned than in CMSX-10. During creep 
CMSX-4 forms quickly long rafts which are stable till the end of steady creep, while rafting 
starts later in CMSX-10 but degradation sooner. 
These differences can be explained by the different rhenium concentrations in the alloys. 

In CMSX-4 rhenium causes a high misfit. The resulting misfit stresses lead to the 
aligned / ’-microstructure in the virgin material, allowing the formation of long rafts during 
creep. The high misfit results in dense misfit dislocation networks, preventing dislocations 
from entering the rafts. This regular stable raft structure explains the extended secondary creep. 

In CMSX-10 the rhenium concentration is higher, but the misfit lower than in CMSX-4. 
This results from a reduction of the elements chromium, cobalt and tungsten, necessary to 
avoid the strong TCP precipitation. The high rhenium concentration retards the growth of the 
’-cuboids, but because of the low misfit they are worse aligned. The fine cuboids are effective 

at the beginning of creep by blocking the dislocation movement in the matrix channels, which 
is the reason for the creep incubation. The rafts forming during creep however are short and 
therefore not stable. The degradation proceeds very fast. In the degraded microstructure the 

’-compound hardening is less effective  compared with the rhenium solid solution hardening 
effect of the -matrix. At this stage of creep, which amounts to 2/3 of total life time, the higher 
rhenium concentration of CMSX-10 is advantageous. 

The volume fraction of TCP phases precipitating in CMSX-4 and CMSX-10 is nearly 
identical. The resulting reduction of creep lifetime is stronger in CMSX-4, supposedly because 
precipitation leads to a stronger reduction of rhenium in the matrix of CMSX-4, having less 
rhenium already before. 
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Abstract

Porosity in single crystal nickel-base superalloys has 3 different reasons, represented by 3 types of pores: pores 
generated during solidification (S-pores), during homogenisation (H-pores) and during high temperature 
deformation (D-pores). These pores can be distinguished by their shapes: S-pores have irregular shape, H-pores 
are spheres and D-pores polyhedrons. Therefore the pore shape provides information about the pore formation. 
The pore distribution is inhomogeneous. Shape, size and spatial distribution were analysed with X-ray 
tomography at the European synchrotron radiation facility ESRF in Grenoble. 
The method was applied to characterize the porosity in undeformed CMSX-6, SRR99, CMSX-4 and CMSX-10, 
showing clearly, that pore number and size increase with the content of refractory elements. Analysis of CMSX-
4 specimens crept for different times at 1100°C, 120 MPa gave that during creep the pre-existing pores transform 
into polyhedrons and that a second fraction of small pores (about 5 µm) is formed. The spatial distribution of 
these D-pores depends on the creep rate. 

Keywords: Superalloys, microporosity, tomography, creep. 

Introduction

Porosity in superalloys has different reasons as shown in [1]. First the dendritic solidification 
impedes the melt flow in the interdendritic region (IR). The result are irregularly shaped 
solidification pores (S-pores) [2, 3]. Second, the homogenisation heat treatment causes 
diffusion fluxes: Al, Ti and Ta diffuse from the IR into the dendrite arms and centre but the 
flux of the refractory elements W, Re, Cr and Co into the opposite direction is much slower 
[4]. Consequently homogenisation pores (H-pores) form with characteristic spherical shape. 
This effect is pronounced in modern superalloys [1] with high content of refractory elements, 
making necessary an extensive heat treatment [5]. The third reason is high temperature creep, 
which causes a diffusion flux too but in this case by dislocations climbing in the  channels 
perpendicular to the [001] tension axis, thus producing vacancies. Climb along [001], which 
would absorb these vacancies, is blocked by the ’-rafts [6]. Therefore the vacancies condense 
in pores, having polyhedral shape due to the fact that surface energy is anisotropy at creep 
temperature [1, 7]. Such deformation pores, reported in [1, 7, 8], are designated as D-pores. 
Characterisation of these pores is not trivial, because they are small (down to few µm), 
complex in shape and inhomogeneous in spatial distribution. Therefore it needs a 3D 
visualisation with high spatial resolution, which can be attained by synchrotron tomography at 
the European synchrotron radiation facility (ESRF). 
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Experimental

Single crystal superalloys with [001] orientation of CMSX-6, SRR99, CMSX-4 and CMSX-
10 were solidified and heat treat by Doncasters Precision Casting, Bochum. Creep tests were 
performed at 1100°C with tensile stresses between 105 MPa and 135 MPa at the Federal 
Institute of Material Research and Testing (BAM), Berlin. The tomograms were taken at the 
ESRF, beamline ID 19. The high density of superalloys (8 9 g/cm3) requires a high photon 
energy (50 keV) but anyhow the high spatial resolution [about 1µm] restricts the cross-section 
area to about 0.5 mm 0.5 mm. Therefore thin bars with 0.5 mm thickness along the 
secondary dendrite arm directions [100] and [010] were cut with the bar axis pointing in 
primary dendrite arm direction and being 14 mm long. One tomogram consists of 1000 slices 
of the (001) plane with a slice distance of 1 µm, so the scanned volume is about 0.5 0.5 1.0
mm3.
Details about collecting and processing of the tomograms are reported in [6]. 

Results

Fig. 1 shows tomograms of the different pore types. Fig. 1a is taken in a CMSX-4 specimen,
creep deformed at 1100°C, 135 MPa for 149 h. 3 pores are obviously much bigger than the 
rest and irregular in shape. These are S-pores. A closer look at the smaller pores of the same
specimen shows that they are polyhedral, representing the D-pores (Fig. 1b). On contrary in 
heat treated undeformed material the H-pores are nearly spherical with the size strongly 
scattering (Fig. 1c). 

100 m

a

Fig. 1. Different pore types in single crystal superalloys. Notice the different scales! 
a. S-pores in CMSX-4 deformed at 1100°C, 135 MPa, 149 h. 
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b

10 m

c

50 m

Fig. 1. Different pore types in single crystal superalloys. Notice the different scales! 
b. D-pores in the same specimen as in Fig. 1a. 

c. H-pores in undeformed CMSX-10. 

The spatial pore distribution is illustrated by Fig. 2. In a three dimensional view of the 
porosity in CMSX-4 after 392 h creep deformation at 1100°C, 117 MPa, the pores seem to be 
distributed randomly (Fig. 2a). A projection of the pores along the primary dendrite axis [001] 
(Fig. 2b) however reveals that they are concentrated in the IR. A projection along the 
secondary dendrite arms (Fig. 2c) shows a pore depleted zone in [001] direction. 
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a

[001]

[010][100]

[010]

[100]

b

200 m

[100]

[001]

c

200 m

Fig. 2. Pore distribution in CMSX-4, crept at 1100°C, 117 MPa, 392 h. 
a. 3D projection of the pores in the scanned volume. The dendrite axis is along [001]. 

b. All pores projected into the (001)-plane (“dendrite cross section”). 
c. Same for the (100) plane (“dendrite longitudinal section”). 

This interpretation is confirmed by scanning electron microscope (SEM) images (Fig. 3) 
allowing to visualize simultaneously the dendrites and the pores. Orientation differences 
between the dendrites cause different grey levels. The small black pores are strictly positioned 
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in these low angle boundaries, visible in cross sections (Fig. 3a) and longitudinal sections 
(Fig. 3b). The higher image brightness in the dendrite arms is caused by the segregation of the 
refractory elements to these areas. 

a

100 m

b

100 m

Fig. 3. Pores in the interdendritic regions of undeformed CMSX-4. 
SEM back scatter electron images.
a. Cross section. b. Longitudinal section 

Undeformed material: For quantitative analysis of the porosity first the total porosity in 4 
standard heat treated single crystal superalloys was measured (Fig. 4). It confirmed previous 
metallographic measurements [1], where an increase of the porosity with the concentration of 
refractory elements Mo, Ta, W and Re was observed. 
In hot isostatic pressed (HIP) CMSX-4 no pores could be detected at all. 

Fig. 4. Porosity in different superalloys, measured by tomography.
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Tomography allowed to determine the volume of each pore. In Fig. 5 it is shown, how much
pores with a certain size contribute to the total porosity. The big peaks between 7 m and 15 

m are caused by H-pores, peaks further right by S-pores. So H-pores cause most of the 
microporosity in undeformed superalloys, whereas the pore size and number increases with 
the content of refractory elements.

Fig. 5. Contribution of pores with a certain size to the total porosity. Equivalent pore diameter
means the diameter of a sphere having the identical volume as the respective pore. 

Creep deformed material: The dynamics of creep strain and porosity growth are correlated at 
high temperatures as shown in Fig. 6. Further results about porosity growth under different 
temperatures and stresses are reported in [7]. 
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Fig. 6. Correlation between creep curve and porosity increase in CMSX-4 at 1100°C. 
 The white square symbol at 0 h gives the porosity in undeformed material.
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In Fig. 7 the change of porosity in CMSX-4 during creep at 1100°C is analysed again for each 
pore size separately. The peaks become higher and shift to the right during creep as expected 
from Fig. 6. The change of the shape of the histogram is unexpected. The most pronounced it 
is in the 392 h specimen, where a second peak appears at about 7 µm, but already the curve 
for 150 h shows a small peak on the left. This additional peak corresponds to the D-pores. 

Fig. 7. Porosity-diameter histogram for CMSX-4, crept at 1100°C for different times.
The main peak grows and shifts to the right while a second peak develops on the left. 

SEM observations of these small pores gave that D-pores have {100} and {110} faces or 
both. Fig. 8 shows an example of such a pore in the 150 h specimen. The 4 triangles pointing 
towards the bottom of the pore are formed by {110} faces. 

22 mm

Fig. 8 SEM image of a typical D-pore in CMSX-4, 
creep deformed at 1100°C, 120 MPa, 150 h. 
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Tomography allowed to characterize the shape of each pore by a geometrical parameter [9]. It 
showed that the pore shape presented in Fig. 8 is typical for the D- pores. In total the surface
consists of 12 {110} faces, forming an regular dodecahedron. 
The stress dependence of the pore formation is shown in Fig. 9. 

Fig. 9. Porosity-diameter histogram for CMSX-4 crept at 1100°C at different stresses and 
times. The development of the second peak strongly depends on the stress. 

All 3 CMSX-4 specimens are crept at 1100°C. At 105 MPa D-pores are not found even after 
692 h creep, whereas they become visible in the 120 MPa specimen already after 150 h. At 
the highest stress of 135 MPa however they are very pronounced at that time. The tomogram
of this specimen (Fig. 10) shows, that the pores are no more confined to the IR but that small
pores have developed everywhere. 

100 m

Fig. 10   Pore distribution in CMSX-4, creep deformed at 1100°C, 135 MPa, 149 h. 
Small pores have developed everywhere. 
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Discussion

The investigations show, that porosity in nickel-base superalloys has different reasons. It is 
not sufficient to take into account just the porosity of the undeformed material, because pore 
growth and pore generation during high temperature creep increase the total porosity 
considerably (Fig. 6). It is expected that the effect of this porosity growth on the mechanical 
properties is most pronounced for hot isostatical pressed materials. In such a case creep 
transforms a practically pore free material (as shown for CMSX-4) into a porous condition, 
whereas in unhipped material porosity just increases. Porosity growth however is only one 
aspect of microstructural  degradation during high temperature creep, other important aspects 
are the formation of topologically close packed phases [11] and rafting [12]. First 
investigations, quantifying simultaneously the development of porosity and rafting during 
creep and the effect on low cycle fatigue properties [10] indicate, that the change of the ’-
morphology from cubes to rafts is more relevant, probably because it facilitates crack 
propagation [13, 14]. 
A reduction of porosity in undeformed materials is expected for casting technologies with 
higher thermal gradients, reducing the dendrite spacing [15]. The shorter distances for melt 
flow during solidification and diffusion during homogenisation should reduce S-porosity and 
H-porosity as well. 
In deformed superalloys the porosity increase is correlated with creep strain, as illustrated by 
Fig. 9 and quantified in previous publications [1, 6]. The polyhedral shape of the D-pores is a 
clear indication for their formation at a temperature lower than the homogenisation 
temperatures (which is close to the solidus temperature), because with decreasing temperature 
the specific energy of the pore faces becomes anisotropic.  
With rising applied load more D-pores develop (Fig. 9) and their distribution becomes more 
homogeneous (Fig. 10). This supports the D-pore formation mechanism, as described in detail 
in [6]. It is based on the climb of matrix dislocations in the ’ interfaces of the ’-rafts
perpendicular to the stress axis. Such an interfacial climb and thus creep pore formation takes 
part everywhere in the material. The low angle boundaries distributed densely over the IR 
[16] however provide diffusion paths where the vacancies meet and condense. The 
consequence is, that pores preferably form in the interdendritic areas. When at higher strain 
rates vacancy generation becomes fast, this vacancy migration process has less time. 
Therefore D-pores are less uniformly distributed and more pronounced. 

Conclusions

By synchrotron tomography it is possible to analyse the size and shape of micropores and 
their spatial distribution in single crystal nickel-base superalloys. Combination of the 
tomography results with the detailed inspection of selected pores by SEM allows the 
microstructural interpretation of the statistical tomography data.  
In the superalloys under investigations, CMSX-6, SRR99, CMSX-4 and CMSX-10 porosity 
increases with the content of refractory elements. The reason are pores forming and growing 
during homogenisation. 
During HT creep deformation additional small pores are formed, having polyhedrical shape. 
Their volume fraction and distribution depends on the applied load in accordance with a 
model of anisotropic creep in superalloys with rafted microstructure. 
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Abstract 
Deformation behavior and microstructure evolution in hot working process of highly alloyed nickel base 
superalloy GH742, have been experimentally and theoretically investigated. Isothermal compressive deformation 
test was conducted on MTS machine, and low stress data at various temperatures between 950  to 1150  and 
strain rates between 0.001s-1 to 1s-1 were obtained, microstructure evolution during deformation under the above 
conditions was also investigated. The results show that when deformation was performed at single phase region 
above 1075 rather low flow stress is exhibited, the apparent activation energy approach activation energy of 
grain boundary diffusion, the deformation mechanism is controlled by grain growth rate and fully recrystallized 
structures can be achieved. In two phase region, GH742 alloy presents considerably high activation energy, with 
decreasing temperature and increasing strain rate, the flow stress increases swiftly, while the dynamic 
recrystallization was strongly prohibited. At transition temperature between single and two phase region, a 
discontinuous change in flow stress was observed, and apparent activation energy sharply increased, strain 
induced dynamically precipitated γ′ inhibit the migration of grain boundaries, therefore diameter of recrystallized 
grain is drastically reduced with increase of plastic strain, and the microstructure was effectively refined. 

Keyword: hot working, flow behavior, dynamic recrystallization, nickel base superalloy, activation energy

1 Introduction 

Progressive enhancement of gas turbine engine performance has required increases in the 
compressor pressure ratio and the overall operating temperature, both of which have driven 
the development of materials. Turbine disk is one of critical component in land based 
heavy-duty gas turbine, just as its counterparts in aero gas turbine and rocket engine. 
Specifically, GH742 (EP742 in Russia), a precipitated strengthened Ni-based superalloy, has 
long been demonstrated as an excellent material for turbine disk. This alloy presents excellent 
mechanical properties below 800 , nonetheless, this highly alloyed material exhibit narrow 
processing window, poor formability and high flow stress during hot working process. Both 
flow behavior and resultant microstructures have a strong dependence on deformation 
conditions, especially temperature. Therefore, comprehensive evaluation of the role of various 
processing parameters (temperature, strain rate and strain) on the deformation characteristics 
(flow behavior) and the microstructural evolution remains a matter of an extended 
investigation [1-5]. Extra difficulty is the extension of disk size, in order to meet the necessary 
of heavy land based gas turbine. Additionally for hot working practitioners of GH742 alloy, 
knowledge of the stress-strain relationships for specific values of strain, strain rate and 
temperature is instrumental for the development of finite element models that simulate 
various stages of the manufacturing process [6-14]. Hence, the objective of the present paper 
is to study the influence of the processing temperature, strain rate and deformation degree on 
the flow stress behavior and to perform constitutive modeling of the hot working process for 
GH742. 
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2 Experimental procedures 

Chemical composition of experimental alloy GH742 was given in table 1. The material was 
manufactured via vacuum induction melting and vacuum arc re-melting process, all 
specimens was taken from as-forged bar. Cylindrical specimens with length of 15mm and 
diameter of 10mm were machined form the bar with the specimen axes parallel to that of bar, 
the two-end surfaces of specimen were lubricated with glass powder in order to reduce 
friction. All specimens undergone a solution treatment for 30min at 1150 , then were cooled 
to the test temperatures at 5 /s. After 20s of soaking at the test temperature, the specimens 
were compressed at constant strain rates. 

Table 1 Chemical composition of experimental alloy (Mass fraction %) 

 C Co Cr Mo Al Ti Nb Ni 

GH742 0.054 10.40 14.15 5.03 2.51 2.56 2.62 Bal. 

Isothermal compression tests were conducted on a servo-hydraulic MTS machine, Transducer 
signals for load were obtained using a load cell and cross-head displacement was measured 
using a linear variable differential transformer system. Specimen strains were computed from 
the cross-head displacement after correcting for machine compliance. Si3N4-ZrO2 platens 
which can be heated synchronized with specimen were applied to guarantee the 
homogenization of specimen temperature during deformation. 

Flow stress data at various temperatures between 950  to 1150  and strain rates between 
0.001 and 1 s-1 were recorded, the strains were in the range of 0 to 1.2 true strains. All 
specimens were water quenched immediately after deformation to study the microstructure. 
Specimens were polished and etched for optical and SEM investigation, Electropolished TEM 
specimens were used for TEM observations on a JEOL 2010 operated at 200kV. 

3 Results and discussion 

3.1 Flow behavior of alloy GH742
Initial yield stress and peak stress of GH742 alloy at various deformation temperature and 
strain rate were presented in figure 1(a)(b), respectively. The results show that when 
deformation was performed at single phase region above 1075 rather low flow stress is 
exhibited, while in two phase region, with decreasing temperature and increasing strain rate, 
the flow stress increases swiftly. At transition temperature between single and two phase 
region, flow stress undergoes a steep variation. Flow stress, temperature and strain rate can be 
express by the hyperbolic sine law given in function 1 as follow[15-19]: 

( )[ ]nA
RT

Q
Z ασε sinhexp =⎟

⎠
⎞

⎜
⎝
⎛

= &                       (1) 
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where A, α, n and Q are material dependent coefficients, Z the Zener-Hollomon parameter. 
Apparent activation energies of GH742 alloy corresponding to initial yield stress and peak 
stress were presented in figure 2 (a)(b). The calculation shows that, in temperature range of 
hot working process, apparent activation energy varies in a large-scale. When deformation 
was conducted in two phase region, apparent activation energy was significantly higher than 
that in single phase region. When temperature was confined in two phase region or single 
phase region, apparent activation energy hold a stable value. Activation energy was also found 
undergoes a drastically variation at boundary temperature between two phase and single phase 
regions. Therefore a mean value of apparent activation energy cannot describe the 
deformation behavior very well in the whole temperature regime of hot working process. 

Fig. 1 Initial yield stress (a) and peak stress (b) of GH742 alloy at various deformation 
temperature and strain rate. 

Fig. 2 Apparent activation energies of GH742 alloy corresponding to initial yield stress (a) 
and peak stress (b) respectively. 
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In single phase region, GH742 alloy exhibit relatively low apparent activation energy, under 
circumstance of high temperature and low strain rate, the value of apparent activation energy 
fall into the regime of self diffusion activation energy, and microstructure was controlled by 
grain boundary migrate. When deformation was conducted in two phase region, apparent 
activation energy reach a high level, a high level of apparent activation energy indicate that 
the flow softening mechanism was greatly inhibit, and the temperature and strain rate 
sensitivity of flow stress also increase greatly. Briottet’s work[20] revealed that the fluctuation 
of apparent activation energy at certain temperature region during deformation indicate a 
particular mechanism of microstructure development, for instance, dynamic strain aging 
effect, will be discussed in following section. 

3.2 microstructure evolution during hot deformation
Optical images of GH742 alloy deformed at various temperatures and strain rates were 
presented in figure 3(a)(b) and (c). When deformation was performed at single phase region 
above 1075 coarse grained, equiaxed structures were exhibited. As discussed in section 3.1, 
the apparent activation energy approach activation energy of grain boundary diffusion, the 
deformation mechanism is controlled by grain growth rate therefore fully recrystallized 
structures can be achieved. When deformation was performed at the conditions as follow: true 
strain of 0.51 at 1065  and 0.001s-1, fine recrystallized grain was obtained as shown in 
figure 3(b). 

In two phase region, GH742 alloy presents considerably high activation energy, with 
decreasing temperature and increasing strain rate, the flow stress increases swiftly, while the 
dynamic recrystallization was strongly prohibited. Figure 3(c) is deformed to strain of 0.51 at 
1000  and 0.1s-1, unrecrystallized, elongated original grains can be observed, (d) the 
corresponding structure of (c) after standard heat treatment, presents typical necklace 
structure. Fine, recrystallized grains can be observed on original grain boundaries, twin 
boundaries and surface of coarse primary carbides, dynamic recrystallization was controlled 
by nuclear process[21-23]. 

When alloy was deformation at the temperature of above 1075 , microstructure was a single 
phase austenitic matrix, as shown in figure 4(a), curvature of grain boundary was small, 
which indicated a low grain boundary energy. Strain induced precipitated γ′ can be observed 
in figure 4(b), inhomogeneous distributed coarse γ′ have not significant affect dynamic 
recrystallization process of matrix. Figure 4(c) revealed that these coarse γ′ preferentially 
precipitate near large primary NbC, and figure 4(d) presents solid state dendrite of γ′ can well 
developed during deformation process. 

TEM micrographs of as-deformed GH742 alloy was given in figure 5, (a): deformed to true 
strain of 1.2 at 1050  and 0.1s-1, dense dislocation interact with γ′, (b): deformed to true 
strain of 0.51 at 1065  and 0.1s-1, curving grain boundary indicate the influence of γ′, (c): 
deformed to true strain of 0.51 at 1065  and 0.001s-1, large γ′ can be observed at grain 
boundary, (d): dark field image of location C indicated in (c) shows the fine and dispersed γ′
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in grain interior. At certain deformation temperature, strain induced dynamically precipitated 
γ′ inhibit the migration of grain boundaries, therefore diameter of recrystallized grain is 
drastically reduced with increase of plastic strain, therefore the microstructure was effectively 
refined, as shown in figure 3(b). 

Fig. 3 Optical images of GH742 alloy (a): deformed to true strain of 0.51 at 1150  and 
0.1s-1, showing fully recrystallized structure, (b): deformed to true strain of 0.51 at 1065
and 0.001s-1, exhibiting fine recrystallized grain, (c): deformed to strain of 0.51 at 1000
and 0.1s-1 and (d): corresponding structure of (c) after standard heat treatment, presents 
typical necklace structure. 

4 conclusions 

(1) High temperature and strain rate sensitivity of deformation behavior and microstructure 
evolution of highly alloyed superalloy was exhibited. 

(2) When deformation was performed at single phase region, low flow stress is exhibited and 
microstructure evolution was controlled by grain boundary migrate, fully dynamic 
recrystallized structures can be easily achieved. Grain size exhibit close relationship with 
deformation parameter, decrease with decrease of temperature and increase of strain rate. 

(3) In two phase region, dynamic recrystallization was inhibited by γ′ precipitates and 
secondary carbides, fully dynamic recrystallized structures can only be obtained by 

(a)

100 µµµµm

(b)

100 µµµµm

(c)

100 µµµµm

(d)

100 µµµµm
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application of sufficient plastic strain. Various types of abnormal structure will revealed 
when dynamic recrystallized was inhibit. 

(4) For alloys that possess of high volume fraction of γ′ precipitates, such as GH742 alloy, 
precipitation behavior of γ′ play a predominant role in structure evolution. 

(5) For highly alloyed superalloy, such as GH742, a mean value of apparent activation energy 
can not describe the deformation behavior very well in the whole temperature regime of 
hot working process. 

Fig. 4 SEM micrographs of as-deformed GH742 alloy, (a): deformed to true strain of 0.51 at 
1150  and 0.1s-1, (b): deformed to true strain of 0.51 at 1075  and 0.1s-1, (c): deformed to 
true strain of 1.2 at 1075  and 0.001s-1, presents inhomogeneous distribution of γ′, (d): high 
magnification of (c), exhibiting well developed solid state dendrite of γ′. 
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(a) (b)

20 µµµµm 

(c)

Carbides

γ′ 50 µµµµm 

(d)
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Fig. 5 TEM micrographs of as-deformed GH742 alloy, (a): deformed to true strain of 1.2 at 
1050  and 0.1s-1, (b): deformed to true strain of 0.51 at 1065  and 0.1s-1, curving grain 
boundary indicate the influence of γ′, (c): deformed to true strain of 0.51 at 1065  and 
0.001s-1, large γ′ can be observed at grain boundary, (d): dark field image of location C 
indicated in (c) shows the fine and dispersed γ′ in grain interior. 
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Abstract: K418 superalloy turbine is a pivotal component in advanced small engines requiring high 

metallurgical quality and mechanical properties. The turbine includes blades, turbine disk and shaft. It is a near 

net shaped, thin wall superalloy investment casting. The blades are long and thin, thus they are difficult to fill; 

the shaft is long and thin, which is apt to form porosity and shrinkage cavities. So it has great difficulties in 

casting this turbine. Numerical simulation was adopted to simulate the solidification course and casting defects 

of the turbine under various process conditions. According to the results of simulation, non-conventional sand 

case was designed to control and strengthen the cooling condition of turbine shaft, at the same time, proper 

parameters of casting process were adopted. As a result, the turbine has excellent mechanical properties, high 

metallurgical quality and high percent of qualified products, which satisfies the requirements of usage and 

design well.  

 K418 superalloy turbine, numerical simulation, non-conventional sand case  

1 introduction 

The K418 superalloy turbine is a high speed, high temperature and high loading rotating 
pivotal component in advanced small engine requiring high metallurgical quality and good 
mechanical properties. The turbine is composed of blades, turbine disk and shaft. Blade is 
thin and long, which trailing edge thickness is only about 0.4mm and the length is up to 
56mm, thus cause mis-run easily. The diameter of disk is about 220mm and the thickness is 
about 16mm, which is apt to form porosity defect. The length of shaft is up to 140mm, while 
the diameter is only about 16mm, which is apt to form porosity and shrinkage cavities for 
solidification feeding difficultly. So it has great difficulties in casting this thin wall and 
complex integral precision K418 superalloy turbine. It is hard to acquire best cooling 
condition during solidification and achieve best casting process parameters for this casting. 
The casting process parameters were studied systematically and numerical simulation for 
solidification was adopted to guide and optimize the casting process design.  

2 Experimental procedures 

The material is K418 Ni-base superalloy [1], which major chemical weigh fractions are: 
C: 0.08 0.16, Cr: 11.5 13.5, Mo: 3.8 4.8, Al: 5.5 6.4, Ti: 0.5 1.0, Nb: 1.8 2.5, B: 
0.008 0.02, Zr: 0.06 0.15. The 800  tensile and 800 /490MPa endurance tests were 
carried out to examine the mechanical properties of turbine. The microstructure and porosity 
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were observed by optical metallographic microscope. CASTsoft[2] was adopted to simulate 
the solidification course. 

3. Design of casting process and discuss 

Big pouring cup was designed for pouring melt rapidly to fill mold and form high static 
pressure quickly to avoid the long and thin blades mis-run. The pouring system with spherical 
feeding head was adopted to gain good feeding capacity. In order to gain high mold 
temperature, the mold was stuffed with dry quartz sand and roasted in electrical resistance 
furnace at 1000 . 

The result of casting indicates that spherical feeding head has good feeding capacity, 
leading to high interior metallurgic quality of the turbine disk, while serious micro-porosities 
formed in the long and thin shaft which causes great difficulties in solidification feeding. 
Although different tests were done through adjusting the pouring and mold temperatures and 
other casting process parameters, serious micro-porosities in shaft exist all along. So it is hard 
to eliminate the serious micro-porosities in shaft by conventional casting process. 

A large amount of time would be cost and many experiments should be done to ascertain 
feasible casting process for such complex structure casting according to the method of 
traditional trial and error. In order to save time and cost and gain optimum casting process, 
numerical simulation was adopted to simulate the solidification course under different 
process conditions and predict the porosity defect and so on. The casting process was 
adjusted and optimized according to the result of simulation. 

The numerical simulation soft of solidification adopted is CASTsoft. Three-dimensional 
entity sculpting was done by UG soft firstly, and then the three-dimensional entity sculpting 
was output to CASTsoft through sterolithography style, and mesh subdivision was carried out 
with finite difference calculus method. All physical and casting process parameters were 
properly set respectively according to different casting process and casting solidification 
condition. The Niyam criterion to porosity defect was employed for CASTsoft[2]. 

The solidification courses of different casting process were simulated at various pouring 
and mold temperatures. The simulation results show that the turbine disk has high metallurgic 
quality, but serious porosity defect exist in the shaft when using traditional stuffing dry quartz 
sand around mold, as it could be seen from Fig.1. At the same time, the porosity in the 
interior of the shaft can be reduced to a certain extent and the distributing area also can be 
shifted through adjusting the pouring temperature, mold temperature and other casting 
process parameters. While the thin and long shaft causes limited feeding entryway and 
inferior feeding capacity [3], it is difficult to realize sequential solidification in the area of 
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shaft. As a result, the interdendritic area in the shaft cannot be feeding effectively and form 
serious porosity defect during solidification. It is hard to increase temperature gradient and 
decrease feeding distance through adjustment of pouring and mold temperatures and other 
casting parameters with conventional method only, which was consistent with the practical 
casting . 

 Casting solidification courses with different solidification conditions were simulated. The 
results show that the porosity in the interior of shaft can be eliminated only under the 
condition of controlling and strengthening the solidification cooling in the area of shaft, 
which forms high temperature gradient and proper solidification cooling direction to intensify 
feeding capacity and realize the sequential solidification from the end to the root of shaft. 

The controlling and strengthening solidification cooling is needed to meet the numerical 
simulation requirement for sequential solidification and obtain high metallurgical quality at 
the area of shaft. It is hard to meet this requirement by adjusting pouring and mold 
temperatures and placing iron chill under shaft conventionally because the cooling intensity is 
much lower than the requirement of simulation. Non-conventional sand case with special 
cooling equipment was designed to meet the requirement of strengthening solidification 
cooling for the area of shaft. Solidification cooling condition was improved greatly through 
strengthening cooling of non-conventional sand case, at the same time, pouring and mold 
temperatures were adjusted through numerical simulation to achieve good matching. At last, 
the serious porosities in the shaft were eliminated. The simulation of porosity evident defect 
of turbine using non-conventional sand case could be seen from Fig.2. It was seen that there 
was no porosity in the disk and shaft, shrinkage cavity and porosity were removed from 
casting and distributed in the running channel and gate riser. The simulation of solidification 
course of turbine using non-conventional sand case could be seen from Fig.3. It was seen that 
the solidification of turbine was from the end to the root of shaft and from the edge to the 
center of disk, so it was the ideal sequential solidification. At the same time, the runner 
system with spherical riser using wrapping heat insulation material has high feeding capacity. 
At the end of casting solidification the riser has enough melt to offer feeding static pressure 
ensuring the casting has compact-grain structure. 
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Fig1 Micro-porosity appeared when normal sand box is adopted    

Fig2 Micro-porosity was disappeared when non-conventional type sand box is adopted 

Fig3 process of solidification when non-conventional type sand box is adopted 

4 The result of casting tests with non-conventional sand case  

4.1 The micro-porosity in the interior of casting

It is necessary to know the inner metallurgical quality and the design rationality of 
non-conventional sand case with special cooling equipment, mold temperature, pouring 
temperature and other casting process parameters to ensure the safe and credible usage of 
K418 superalloy turbine casting. The turbine casting was sectioned along axial line to 
examine micro-porosity. The checking samples were got from disk and shaft respectively. 
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The results show that the disk and shaft have compact-grain structure and high metallurgical 
quality. The micro-porosity in the interior of the disk and shaft were shown in Fig.4. It was 
seen that the result of practical casting was in accordance with the numerical simulation well. 

Fig4 Micro-porosity in turbine disk and shaft when non-conventional type sand box is adopted

4.2 Mechanical properties of K418 superalloy turbine

In order to examine the mechanical properties of K418 superalloy turbine using 
non-conventional sand case with special cooling equipment, two turbines was cut by linear 
cutting and made into standard mechanical testing samples with working diameter 5mm.  

Because the solidification feeding capacity of casting is lower than that of standard 
mechanical testing sample generally, the mechanical properties of samples cutting from 
casting is lower than standard mechanical testing sample obviously. The testing results of 
mechanical properties were shown in Table.1. The 800  tensile strength is above 800 MPa 
and the 800  creep rupture life at 490 MPa exceeds 70 hours. At the same time, the 
mechanical properties keep high stability. It was seen that 800  tensile and endurance 
properties of samples cut from the two turbines all reach or(and) exceed the requirement of 
standard mechanical testing sample. 

Table1 mechanical performance of turbine rotor 

5. Summary 

1. The numerical simulation was adopted to select and optimize the casting process 
parameters of K418 superalloy turbine. The result shows it is difficult to achieve high interior 
metallurgical quality of the shaft through adjustments of pouring and mold temperatures only. 
It is necessary to control and strengthen the solidification cooling of shaft. 

Micro-porosity

Micro-porosity
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2. The non-conventional sand case with special cooling equipment was designed to meet 
the requirement of solidification cooling. Sequential solidification of turbine disk and shaft 
were achieved well and porosity and shrinkage defects were avoided effectively. 

3.The K418 superalloy turbine casting has high metallurgical quality and good 
mechanical properties. The 800  tensile strength is above 800 MPa and the 800  creep 
rupture life at (under) 490 MPa exceeds 70 hours, which satisfies the requirements of usage 
and design well. 
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Abstract 
The production process of adopting computer aided investment casting technology (CAICT) to develop and 

produce K4537 superalloy gas turbine was introduced, and the casting process was studied systematically in this 

paper. Through computer aided investment casting technology, rapid shaping of investment pattern, numerical 

simulation of casting process and defect prediction were realized, the research cycle of precision casting was 

shortened greatly, and the cost of development was reduced. By adopting grain refining technology and proper 

casting technology, the blade surface of turbine casting has even and tiny equiaxed grain, and the casting had 

good mechanical properties and high product percent of qualified products. 
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1. Introduction 

The K4537 superalloy gas turbine works at about 850 and the rotational speed reaches 
60000r/min, which is a high speed, high temperature, high loading rotating part, bears high 
stress and serious gas corrosion for a long time. The turbine is a key part in engine. The 
nickel-based casting superalloy K4537 which has good heat corrosion resistance is selected 
[1], and the alloy composition is C0.07-0.12, Cr15.0-16.0, Co9.0-10.0, W4.7-5.2, Mo1.2-1.7, 
Al2.7-3.2, Ti3.2-3.7, Nb1.7-2.2, B0.01-0.02, Zr0.03-0.07(in weight%). 

The integral casting K4537 turbine consists of central disk and 13 blades. The central disk 
of the casting is thick and large, and is apt to form porosity and shrinkage cavity because of 
difficult solidification feeding. The blade profile is complicated, large and thin. It is 50mm 
long, 70mm high, and the thinnest of trailing edge is only 0.6mm, so the casting is difficult in 
shaping. Because the turbine is a high speed, high temperature and high loading rotating part, 
the casting does not allow to repairing welding and require fine metallurgical quality, high 
comprehensive mechanical properties and blade profile dimensional precision. It is difficult to 
cast this K4537 superalloy turbine. After original design is determined, the design department 
demands to get first casting as soon as possible for using in the verifying test. If traditional 
casting method was adopted, it will take very long cycle to machine mould and trial-produce 
casting. If the experimental result of appraisal is unsatisfactory and the design needs to be 
changed, then the mould will be discarded basically and the losses will be very great. In order 
to accelerate development progress and economize the cost, advanced computer aided 
investment casting technology-CAICT has been adopted during the development and 
production of this turbine. The technological process and production process of adopting 
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CAICT to develop and produce K4537 superalloy turbine was introduced systematically in 
this paper. CAICT was adopted to realize rapid shaping of investment pattern and numerical 
simulation of casting process and quality controlling at different stages of casting, which has 
significant influence on investment casting. 

    CAICT adopts integrated mode of “design, material, technology”, which integrates 
some advanced technologies together, such as CAD/CAM technology, rapid prototyping 
manufacturing (RPM), and casting process numerical simulation (CPS) etc., to apply to 
producing the precision casting with high dependability and high percent of qualified products 
[2]. CAICT can realize whole quality control on the production process of casting. The 
process flow of CAICT is shown in Fig.1. The two-dimensional drawing is transformed into 
three-dimensional geometry model in the computer, and then the three-dimensional geometry 
information is input into the rapid prototyping equipment to make investment pattern directly. 
At the same time, the numerical simulation is carried on in the course of solidifying, predicts 
the defect of casting, optimizes casting process parameters, shortens development cycle 
greatly and reduces development cost. CAICT is one of the advanced manufacturing 
technologies with the fastest developing speed in the world. 

  

Fig.1 CAICT process flow diagram

2. Study on casting technique of casting 

2.1 The manufacturing of rapid prototyping investment pattern
Traditional investment casting method needs to make metal die for pressing wax mould in 

advance. Because the structure of this gas turbine is very complicated and the requirement of 
size precision is very high, making die is very difficult and the designing and machining cycle 
is quite long. Moreover, the blade profile precision is high and the die is even machined 
repeatedly, so it needs a large amount of time and cost. As a rule, the making of metal die is 
the bottleneck in the course of investment casting to produce such complicated casting.  

In order to solve this difficult problem, the rapid prototyping technique of investment 
pattern is adopted. At first, the casting three-dimensional modeling is established, then the 
entity model is changed into the format of STL (Sterolithography) with RP file standard and 
the bugs arising during file transferring is mended. After ensuring that files are free from these 
mistakes such as cracks, cavities, suspending surface, overlapping surface and cross surface 
etc., layered treatment is carried out. The thickness of layered tablets is chose between 
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0.10mm and 0.15mm. After complex treatment, the files are transferred to molding equipment. 
The method of district selecting laser sintering (SLS) is adopted to sinter wax mold. After 
certain surface treatment is done for the investment pattern manufacturing, the roughness of 
surface can reach Ra6.3, which has guaranteed the dimensional precision and surface quality 
of investment pattern well. So the fusible vanishing mould instead of traditional wax mould is 
used directly for investment casting, not requiring making metal die or pressing wax mould. 
Three-dimensional modeling and rapid prototyping mould of K4537 superalloy gas turbine 
are shown in Fig.2. 

Fig.2 Three-dimensional modeling and rapid prototyping mould of K4537 superalloy gas 
turbine  

2.2 Mold making
The gas turbine, which works under the conditions of high temperature, formidable 

circumstance, high stress and alternating fatigue stress, needs high fatigue resistance. In order 
to improve the fatigue resistance of turbine blade, the crystal grains of the blade should be 
controlled as tiny equiaxed crystal grains for the best. Grain refinement of casting surface is 
adopted, and zirconite powder is selected as surface fire resisting material because of its high 
melting point and good chemical stability. The slurry of cobalt aluminate-silica sol-zirconite 
powder is used as primary surface layer, and gangue is used for secondary layer because of its 
moderate high-temperature intensity and good concession and dispersion performance.  

Because the fusing temperature range of the sintering powder material used is 178~196
and the flowability of fusing powder is bad, prototype cannot be taken off completely if steam 
stripping is adopted. Studies have shown that prototype can be separated smoothly by toasting 
at high temperature. In order to prevent mold from splitting, hollowed-heart treatment is 
adopted while fritting prototype to reserve some interval for buffering the expanding of the 
prototype during toasting. The material of prototype is toasted at high temperature and is apt 
to leave some ash. Through roasting at high temperature, the majority of ash can be oxidized, 
and the residual ash can be cleared by reaction in the high pure oxygen environment. 
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2.3 Casting process design
The solidifying temperature interval of K4537 superalloy is1255 1335 [1]. In order to 

reduce the crystal grain size of the casting and improve the heat fatigue resistance of the 
turbine impeller blade, it needs to decrease the pouring temperature and avoid big crystal 
grains. However, the blade of the casting is big and thin, it is difficult to shape while the 
pouring temperature is too low, so the pouring temperature is chosen at the temperature 
interval of 1420 1450 . The numerical simulation is adopted to simulate the solidifying 
course. The simulation result shows that the casting is apt to form serious porosity and 
shrinkage cavity near the gate when pouring at upper limit temperature, as shown in Fig.3. 
Pouring at lower temperatures helps to realize the sequential solidification and improve the 
internal metallurgical quality of casting.  

In order to guarantee that the casting has good metallurgical quality, pouring should be 
controlled at lower temperatures. But adopting low pouring temperatures is unfavorable to 
shape the blade trailing edge in practice. On the other hand, the pouring speed has significant 
effect on filling capability of casting and rapid speed is favorable to the filling of casting. In 
order to guarantee good shaping of casting at lower pouring temperatures, gating system with 
big pouring cup that can fill the liquid rapidly is adopted to ensure that the time of filling the 
liquid into gating system is less than 2 seconds. Through the rapid filling of liquid, the 
hydrostatic head has been erected rapidly on one hand, and on the other hand, the distributary 
of liquid has been avoided, which prevents casting from producing cold shut and misrun. 

Fig.3 porosity and shrinkage when pouring at upper limit temperature             
Fig.4 the progressive solidification of the casting with strengthening solidification cooling 

In order to prevent mis-run of blade, higher mold shell temperature has been adopted, and 
the temperature is selected as 1050 . On one hand higher mould shell temperature can 
improve the filling capability of the blade, because for thin wall casting, the main factor 
influencing filling capability of casting is mold shell temperature [3]. Increasing mold shell 
temperature is to reduce the shock cooling on melt, which improves the filling capability of 
casting effectively.  
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Because the turbine disk is thick and big, it needs to realize the sequential solidification of 
the disk in order to obtain high metallurgical quality, and it also needs to improve temperature 
gradient effectively to strengthen feeding capacity of central position [4]. Studies have shown 
that it is difficult to obtain comparatively ideal solidification cooling condition on the turbine 
position just by adjusting mould shell temperature and pouring temperature, and there are 
serious microporosity existing on the central department of the disk. Through strengthening 
solidification cooling partially under the turbine to increase temperature gradient and adopting 
heat insulation measure at the gate to delay the solidification time of gate, the feeding 
capacity has been improved effectively. After strengthening solidification cooling partially, 
the sequential solidification of the casting has been realized well, as shown in Fig.4.  

3. Micro-structure, mechanical properties and experimental appraisal 

To ensure the secure and reliable use of casting, the average crystal grain size on the 
blade surface of casting is limited to 2.0mm.The average size of crystal grains on the blade 
surface of the casting is about 1.0mm, and the grains on the blade surface are tiny and even, 
as shown in Fig.5. 

Fig.5 crystal grains on the blade surface of K4537 superalloy gas turbine 

Fig.6 microstructure of K4537 superalloy gas turbine 

In order to master the rationality of casting process parameters, such as gating system, mold 
temperature, pouring temperature, molding condition, etc., samples are cut from the disk and 
blade of the casting to observe the microstructure. The results show that the microstructure of 
alloy is mainly consists of matrix phase, ’ strengthening phase, massive ( ’) 
eutectic and MC carbide. They distribute thinly and evenly, as shown in Fig.6. 

Because the solidifying cooling condition of precision casting is generally worse than that 
of shaping samples, the mechanical properties of the samples cut from precision casting are 
worse than the shaping samples obviously. The mechanical properties testing results of 
samples taken from the turbine casting of K4537 superalloy gas turbine are shown in Table 1. 
The high-temperature tensile and endurance properties all reach the mechanical properties 
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requirement of K4537 superalloy shaping samples [1], which shows that the casting has high 
metallurgical quality and comprehensive mechanical performance. 

Table 1 mechanical properties of K4537 gas turbine casting
Tensile properties Endurance properties  

Test 

temperature 
b 

MPa

5 

Test 

temperature 
MPa

T 

h

Shaping sample 

requirement 
800 784 3 3 850 363 50 

Sample of casting 

(average) 
800 820 6.0 10.0 850 363 55 

The K4537 superalloy gas turbine which is developed and produced by computer aided 
investment casting technology (CAICT) has passed long-time testing appraisal, and each 
performance index has reached the designing requirement. 

4. Conclusions 
1. Through computer aided investment casting technology, rapid shaping of investment 

pattern, numerical simulation of casting process and defect prediction are realized, the 
research cycle of precision casting is shortened greatly, and the cost of development is also 
reduced. 

2. The K4537 superalloy gas turbine has high metallurgical quality and good mechanical 
properties. The 800  tensile strength reaches 820MPa and 850  creep rupture life at 
363MPa exceeds 50 hours, which satisfy the requirements of usage and design well.
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Abstract

Interdiffusion coefficients of the refractory elements in Ni-X-Y (X, Y=W, Re, Ru, Al) ternary systems, which 
are the fundamental systems of Ni-based superalloys, were estimated by a series of experiments using diffusion 
couples.  The modified ternary Boltzmann-Matano method was employed for analyzing the experimental data.  
The cross interdiffusion coefficients were smaller than the main interdiffusion coefficients in all systems.  
Especially, the cross interdiffusion coefficient  is much smaller by an order of magnitude than the main 
interdiffusion coefficient  in Ni-Ru-Re system.  This result implies that the thermodynamical 
interaction parameter (Wagner’s interaction parameter) between Ru and Re is negligible.   

Ni
ReRu

~D
Ni
ReRe

~D

Keywords: diffusion coefficient, nickel-based alloy, rhenium, tungsten, ruthenium 

Introduction 

Refractory elements such as W and Re play an important role in improving the strength of 
Ni-based superalloys at elevated temperatures [1, 2].  But an excess amount of refractory 
elements leads to the formation of the brittle TCP (topologically close-packed) phases [3], 
resulting in shortening of the creep rupture life.  It is also known that Ru suppresses the 
formation of the TCP phases, but the mechanism is still not clear [4]. 

Diffusion coefficients in multi-component alloys are known to correlate with the 
thermodynamic interaction parameters of the component atoms [5].  Thus it is important to 
examine the diffusion of alloying elements in superalloys [6] in order to make it clear the 
behaviour of these elements in the alloys.  However, there is no available data on diffusion 
even in Ni-Al-X (X: Re, W, Ru) ternary systems, which are very important fundamental 
systems of advanced Ni-based single crystal superalloys.  Furthermore, the examination of 
the diffusion coefficients of Ru, Re and W in Ni-Ru-X (X: Re, W) ternary system is also 
important in order to discuss the thermodynamical interaction between Ru and the refractory 
elements in Ni alloys. 
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The purpose of this study is to measure the diffusion coefficients of Ru, Re and W in Ni-X-Y 
(X, Y: Re, W, Ru, Al) ternary systems, which are fundamental systems of Ni-based 
superalloys.

Theory

In this study, the modified ternary Boltzmann-Matano method was employed to estimate the 
interdiffusion coefficients. This method enables to calculate the interdiffusion coefficients 
without determination of the Matano plane, and hence the diffusion coefficients of 
multi-component alloys can be estimated with accuracy [7].  According to Whittle et al. [8], 
interdiffusion coefficients relate to the experimental values obtained from the concentration 
profiles as the following equations.  

x

x iiiii
k
ijij

k
ii dxYYdxYYdYdxtDdCdCD 112/1~~ ,   (1) 

x

x jjjjj
k
jiji

k
jj dxYYdxYYdYdxtDdCdCD 112/1~~ ,  (2) 

iiiii CCCCY ,                       (3) 

where both  and  are the major interdiffusion coefficients which represent the 
influence of concentration gradients of i and j elements upon their own fluxes, and  and 

 are the cross diffusion coefficients which represent the influence of the 
concentration gradients of i and j elements on the fluxes of j and i elements, respectively.  
Here, the superscript symbol k represents the host element, i.e. Ni in this case.  These 
diffusion coefficients represent the diffusivity of the solute elements, i and j, in the host 
element k. C

k
iiD~ k

jjD~

k
ijD~

k
jiD~ )( ji

i is the mole fraction of i element, and  and  are the values of the 
mole fraction at the positions, 

iC iC
x  and x  (corresponding to the two terminal 

alloys), respectively.  The duration for interdiffusion is denoted by the symbol t.

From Eqs. (1), (2) and (3) adopting the experimental data obtained from the two different 
diffusion couples composed in the same alloying system, we can calculate the interdiffusion 
coefficients at the chemical composition of the cross point of the two different diffusion 
paths which are obtained by tracing the concentration profiles measured from the two 
diffusion couples on the isothermal phase diagram of the employed ternary system. 

Experimental Procedure 

Pure Ni, Ni-5Al, Ni-8Al, Ni-5W, Ni-5Re, Ni-8Ru, Ni-5Al-5W, Ni-5Al-5Re, Ni-8Al-8Ru, 
Ni-8Ru-5W, and Ni-8Ru-5Re (mol%) were arc-melted into the button shape ingots in high 
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purity argon atmosphere.  Materials used in this study were 4N Ni, 4N Al, 2N W, 2N Re 
and 3N Ru.  The compositions of the ternary alloys are selected so that the alloys are in the 
solid solution state at 1250 .  The compositional homogenization and grain growth in 
each specimen cutting from the ingots were accomplished by cold rolling followed by 
annealing at 1250 .

Diffusion couples were prepared in the following way. Surface of the plate specimen was 
mechanically ground using the emery papers followed by polishing using 0.25 m diamond 
slurry, and then the specimen was washed in acetone with an ultrasonic cleaner.  The 
diffusion couples were assembled as shown in Table 1.  These couples were held tightly 
with molybdenum holders.  At that time, as shown in Fig.1, alumina fibers were 
sandwiched between the specimens of the couple as a marker indicating the initial interface.  

Each diffusion couple was encapsulated in a quartz tube with argon and annealed at 1250 .
The duration employed in each diffusion couples are also listed in Table 1.  After this 
annealing, the section of each diffusion couple was examined with a scanning electron 
microscope (SEM) equipped with an energy dispersive X-ray spectrometer (EDX) so as to 
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measure concentration profiles across the diffusion interface.  The origin of the 
concentration profile is set at the position of the alumina fiber (see Fig.1).  

Fig.2 Concentration profiles of W and Ru obtained from (a) Ni-8Ru/Ni-5W and  
(b) Ni/Ni-8Ru-5W diffusion couples annealed at 1250

Results and Discussion 

Concentration profiles and diffusion paths
As the representative examples, the solute concentration profiles obtained from the diffusion 
couples are shown in Fig.2 for Ni-Ru-W system and in Fig.3 for N-Ru-Re system.  The 
profiles exhibit sigmoidal curves without any discontinuity, indicating that the atomic 
diffusion occurred in the solid solution region of each alloying system.  The diffusion paths 
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can be obtained by replotting the data of Figs.2 and 3 into the Gibbs triangle.  The results 
are shown in Figs.4 and 5, respectively.  The chemical composition obtained from the cross 
point of the two diffusion paths was Ni-4.0Ru-2.6W (mol%) in Ni-Ru-W system and 
Ni-3.8Ru-2.6Re(mol%) in Ni-Ru-Re system.  In a similar way, chemical composition at the 
cross point was obtained in each alloying system employed in this study.  The results are 
summarized in Table 2.  The composition at the cross point was used for calculating 
interdiffusion coefficients by the modified Boltzmann-Matano method as will be shown in 
the next section. 

Fig.3 Concentration profiles of Re and Ru obtained from (a) Ni-8Ru/Ni-5Re and  
(b) Ni/Ni-8Ru-5Re diffusion couples annealed at 1250

Interdiffusion coefficients
On the basis of the modified ternary Boltzmann-Matano method represented by Eqs. (1), (2) 
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and (3), the interdiffusion coefficients were obtained in the following way.  Firstly, Yi

values are calculated using Eq.(3) from the experimental data on the concentration profiles 
and then they are plotted against x. Also, the relationship between Ci and Cj was obtained 
from the experimental data.  Secondly, in order to obtain suitable functions representing the 
Yi-x profile and the Ci-Cj profile, the least square fitting was carried out.  Thirdly, both the 
derivative terms and the integration terms in Eqs.(1) and (2) were calculated using the 
functions determined by the least square fitting.  Here, the x value as the integration range 
of Eqs.(1) and (2) was determined from the composition at the cross point of the two 
diffusion paths.  The procedure using the data obtained from the two different diffusion 
couples gave a set of simultaneous equations.  Then the interdiffusion coefficients were 
obtained by solving the simultaneous equations.  The calculated results are shown in Table 
2.  The values in the table are the interdiffusion coefficients at the compositions of the cross 
points of the diffusion paths in the solid solution phase.  

Effective Interdiffusion Coefficients
Dayananda and Behnke introduced the effective interdiffusion coefficient  [9], and this 
is defined in a ternary system as the following equation, 

eff
iD

eff jk k
i ii ij

i

C x
D D D

C x
 .                    (4) 

This means the sum of the main interdiffusion coefficient and the cross interdiffusion 
coefficient weighted by the proportion of concentration gradients, i.e., the effective 
interdiffusion coefficient involves the effect of cross interdiffusion coefficient. The effective 
interdiffusion coefficients in each diffusion couple of this study are summarized in Table 3.  
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Also, interdiffusion coefficients reported previously in Ni-W, Ni-Re and Ni-Ru binary 
systems are shown in Table 4 [10,11].  Comparing the results on the refractory elements in 
Table 3 to those in Table 4, it can be said that the effective interdiffusion coefficients of both 
W and Re are similar to those of the binary interdiffusion coefficients.  This fact suggests 
that the cross interdiffusion coefficients of the two refractory elements are smaller than the 
main interdiffusion coefficients.  In other words, the effect of Al or Ru on the diffusivity of 
both W and Re in Ni is small.  In particular, the effect of Ru on the diffusivity of Re in Ni, 

, is much smaller by an order of magnitude than the main interdiffusion coefficient of 
Re in Ni, , as shown in Table 2.   

Ni
ReRu

~D
Ni
ReRe

~D

Table 2  Chemical composition of the cross point of diffusion paths and  
interdiffusion coefficients in each alloying system.
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Table 3 Effective interdiffusion coefficients.

Table 4  Interdiffusion coefficient in binary system [10,11]

According to the work done by Kirkaldy et al. the relationship between the major 
interdiffusion coefficient and the cross interdiffusion coefficient can be expressed by the 
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following equation if the alloy is assumed as a dilute solution [5].   

1k k
ij ii ij iD D C  ,          (5) 

where ij  is the Wagner’s interaction parameter between i and j elements.  The fact that 
 is much smaller than  implies that the thermodynamic interaction between Ru 

and Re is negligible.  Therefore, it can be concluded that Ru scarcely changes the 
distribution behaviour of Re into the  and the ’ phases, although the influence of Ru on the 
distribution of the refractory elements in nickel-based superalloys was a matter of debate.  

Ni
ReRu

~D Ni
ReRe

~D

In Table 2, all cross interdiffusion coefficients, Ni
lXAD , for Al concentration gradient exhibited 

negative values, although each main interdiffusion coefficient, Ni
XXD , was positive value.  

This indicates that x elements diffuse against Al concentration as shown in Fig.5.   

Fig.6  Schematic illustration showing the concentration distribution and  
X(W, Re, Ru) diffusion in Ni-based alloys. 

Conclusion

The interdiffusion coefficients in the solid solution phase of Ni-X-Y (X,Y: Re, W, Ru, Al) 
ternary systems as the fundamental systems of Ni-based superalloys were estimated by a 
series of experiments. 
The interdiffusion coefficients obtained in this study are summarized in Table 2.  In these 
ternary systems, the cross interdiffusion coefficients of refractory elements (W, Re, Ru) were 
smaller than the main interdiffusion coefficients.  In particular,  was much smaller 
than .

Ni
ReRu

~D
Ni
ReRe

~D
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Abstract 

Haynes 230 is a sheet material used for combustor components in a number of small industrial gas 
turbines manufactured by Siemens.  During service the material is subjected to high temperatures and 
stresses, which lead to degradation of the microstructure and mechanical properties, and hence limit 
the life of the component.  A long-term programme has been initiated to investigate the effects of 
thermal and creep exposure on this material.  The aim of this evaluation is to characterise the 
microstructural and hardness changes that the solid solution alloy undergoes during high temperature 
(stressed and unstressed) exposure.  This involves optical microscopy, SEM and Analytical TEM 
metallographic studies as well as hardness determinations on both thermally and thermo-mechanically 
degraded material to enable characterisation of the microstructural changes.  The final objective will be 
to produce a microstructural model to enable the assessment of component operating temperatures and 
remnant life evaluation. 

This paper covers the first phase of the work being carried out as part of the COST 538 project, which 
has concentrated on initial studies of the effects of long-term high temperature exposure on hardness 
and microstructural changes of creep rupture tested and thermally exposed samples of HA230. 

Keywords:  HA230,  Degradation,  Hardness,  Microstructure. 

Introduction 

Haynes® alloy 230™ is a nickel base alloy that combines excellent high-temperature strength and 
outstanding resistance to oxidising and nitriding environments for prolonged service applications 
up to 1150°C.  It is a solid solution and carbide strengthened alloy that offers excellent long-term 
thermal stability.  In addition, it has good formability and is readily weldable making it ideal for the 
manufacture of gas turbine sheet metal combustion hardware such as combustion cans, transition 
ducts etc.  

The alloy is derived from the Ni-Cr-Mo-W system in which the high nickel content gives it a stable 
austenitic matrix.  Additions of tungsten and molybdenum, in the presence of carbon and boron, 
result in the alloy’s high temperature strength.  Tungsten provides very effective solid solution 
strengthening whilst the presence of carbon promotes the formation of M23C6 carbides, which 
precipitate on and pin glide dislocations at service temperatures and thereby improve creep 
strength.  Tungsten was chosen instead of molybdenum as a major alloying element, since it 
diffuses more slowly in nickel as well as increasing the elastic moduli and decreasing the stacking 
fault energy by impeding cross-slip, all of which promote high-temperature creep strength.  
Environmental resistance is provided by additions of chromium in combination with manganese, 
silicon and lanthanum, which promote excellent resistance to surface attack in oxidising 
environments.   

The material is normally supplied in a solution heat-treated condition, which is carried out at about 
1230°C followed by rapid cooling resulting in an equiaxed microstructure with an average grain 
size in the range of ASTM 4-6.  In this condition the microstructure contains tungsten rich primary 
M6C carbides, which resist solutioning during heat-treatment and thereby help to control the grain 
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size. The controlled grain size achieved helps to achieve a good balance between high temperature 
creep rupture strength favoured by a coarse grain size and LCF - properties favoured by a fine 
grain size. [1,2]. In addition to the primary M6C precipitates some chromium rich M23C6 may also 
be present in the annealed condition precipitated at the grain boundaries and on annealing twins 
within the microstructure, Figs 1a and b. 

a) x155   b) x385  

Fig 1.  Microstructure of solution annealed HA230 showing distribution of primary M6C particles 

In service, the material is exposed to high temperatures for extended periods, during which it 
undergoes microstructural changes that will significantly affect its mechanical properties.  These 
changes involve precipitation of secondary phases such as carbides and possibly intermetallic 
compounds, which may impair the fracture resistance of the material. The thermal and 
microstructural stability of the alloy is therefore of primary concern, since it may determine the life 
limiting parameters of design.   

Programme and procedures 

A three-year study aimed at characterising the microstructural and hardness changes that the solid 
solution alloy undergoes during high temperature thermal and creep exposure has been initiated as 
part of the COST 538 technology programme which commenced in September 2004. The primary 
thrust of this study is to evaluate the microstructural changes which occur in HA230 samples 
which have been exposed for durations of up to 20,000 hours at temperatures in the range 600°C to 
1050°C and compare these with changes which occur in material taken from the same HA230 heat 
which has been creep tested at temperatures between 600°C to 1000°C for durations of up to 
50,000 hours.  

Advanced optical, analytical scanning and transmission electron microscopy, X-ray diffraction and 
other metallographic techniques will be used to identify phase evolution due to long-term thermal 
and creep exposure.  The information gathered will be used to help in understanding the effects of 
thermal exposure on the microstructure and mechanical properties, for the purposes of developing 
a microstructural model to enable estimation of component operating temperatures and, through 
this, remnant life assessment. The effects of the microstructural degradation on the mechanical 
properties of the alloy such as hardness, tensile strength, ductility etc., will also be assessed. 

This report covers the work carried out in the first phase of the project, which has concentrated on 
initial studies on the effects of long-term high temperature exposure on hardness and 
microstructural changes of creep rupture tested and thermally exposed samples of HA230. 
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Materials 

The programme of thermal exposure tests is being carried out on coupons of HA230, 
approximately 30mm x 1000 mm in size.  These are being exposed for durations of up to 20,000 
hours, at temperatures in the range 600°C to 1050°C, for the purposes of determining the effects of 
unstressed long-term exposure on the hardness, microstructure and mechanical properties of this 
alloy.  

In addition similar studies are being carried out on a series of creep samples which have been 
tested at temperatures in the range 650°C to 1000°C for durations of up to 50,000 hours to 
determine the combined effects of long-term thermal exposure and creep deformation on the 
hardness and microstructure of the material. 

Both the thermal exposure and creep rupture tests have been carried out on material taken from a 
single heat of HA230 supplied by Haynes International Ltd to AMS 5878 in the form of 2 mm 
thick sheet in the solution treated and quenched condition. Details of the chemical composition, 
heat treatment and mechanical properties of heat 8305-5-7170 taken from the test certificate are 
shown in Tables 1 and 2, where they are compared with the requirements of AMS 5878. 

Heat Ni Cr W Mo Fe Co Mn Si Al C La B Ti Cu S P 
8305-

5-
7170 

Bal 21.75 13.96 1.32 1.40 0.37 0.49 0.36 0.29 0.12 0.013 0.004 <0.03 0.03 <0.002 <0.005 

AMS
5878 

Bal 20.0 
to

24.0 

13.00 
to

15.00 

1.00 
to

3.00 

3.00 
max 

5.00 
max

0.30 
to

1.00 

0.25 
to

0.75 

0.20 
to

0.50 

0.05 
to

0.15 

0.005 
to

0.05 

0.015 
max 

0.01 
max 

0.05 
max 

0.015 
max 

0.03 
max 

Table 1 - Chemical Analysis 

Properties Heat no 8305-5-7170 AMS 5878 
Heat Treatment Solution Annealed at 

1230°C and quenched 
Solution treat between 1177°C 
and 1246°C and cool rapidly 

0.2% Yield Strength 345 MPa min 448 MPa 
UTS 859 MPa 793 MPa min 

% Elongation 45 40 min 
Hardness  92 HRB 25 HRc max 

Rupture Life at 69 MPa and 927°C 50 hrs  36 hrs min 
% Elongation 34 10 min 

ASTM Grain Size 5.5 3 max 
    

Table 2. Heat Treatment and Mechanical Properties 

Results and Discussion  

Thermal exposure tests
The results of Vickers hardness measurements conducted at a load of 20 kg on HA230 coupons, 
exposed for durations of 1000, 3000 and 5000 hours in the temperature range 750°C to 1050°C are 
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shown in Table 3 and in the form of a parametric Larson-Miller plot, using a C-value of 20 for the 
Larson-Miller constant, in Fig 2. 

Exposure Hardness Values - Hv20 % Changes in hardness 
Temperatures Exposure Duration in Hours Exposure Duration in Hours 

°C 0 1000 3000 5000 1000 3000 5000 
750 221.4 250.5 244.3 243.9 13.14 10.34 10.16 
810 221.4 239.5 233.7 232.1 8.18 5.56 4.83 
870 221.4 233.1 216.1 214.5 5.28 -2.39 -3.12 
930 221.4 221.9 208.9 210.2 0.23 -5.65 -5.06 
990 221.4 214.6 207.0 207.4 -3.07 -6.50 -6.32 
1050 221.4 216.3 209.9 212.8 -2.30 -5.19 -3.88 

Table 3. Hardness measurements on thermally exposed HA230 

Fig 2.  Hardness data on HA230 coupons thermally exposed in the temperature range 750°C-
1050°C 

The results indicate that systematic changes in the hardness of the HA230 occur with increasing 
temperature and exposure durations following thermal exposure of the alloy. As is evident from 
Fig 2 the hardness of the alloy initially increases from the original solution annealed value of 221.4 
Hv20 to a peak value of about 250 Hv20 after exposure for 1000 hours at 750°C, viz., an increase 
of just over 13% compared with the material in the as-received solution annealed condition.  

The relative effects of temperature and exposure durations of 1000, 3000, and 5000 hours are 
shown in the form of percentage changes in hardness relative to that of the material in the as-
received solution annealed condition in Fig 3. The 1000 hours data curve indicates that following 
an initial hardening phase, re-softening of the alloy occurs reaching its original hardness level at an 
exposure temperature of about 930°C, with the curve reaching a minimum of about 215 Hv20 at 
990°C. Exposure for 3000 hours and 5000 hours follow similar patterns with the curves being 
almost superimposed.  In this case the original hardness is regained at an exposure temperature of 
just over 840°C after which softening continues once more reaching a minimum at a temperature 

Initial hardness 
221.4 Hv20
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about 990°C.  However the degree of re-softening at 990°C in the case of the 3000 hour and 5000 
hour exposed samples is over twice that observed for the 1000 hour exposed material, viz., -6.5% 
and –6.32% compared to –3.07%.  In addition to this the data plotted in Fig 2 suggests that the 
initial increases in hardness must occur at exposure times and temperatures of less than 1000 hours 
and 750°C respectively while a C-curve plot of the data suggests that the maximum softening 
temperature for the alloy is close to 1000°C, Fig 4. 
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Fig 3.  Effect of exposure temperature and duration on the % change in hardness relative to that of  
HA230 in the as-received solution annealed condition 
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Fig 4.  C-curve plot for thermally exposed HA230 

Creep Exposure Tests
The results of Vickers hardness tests conducted at a load of 20kg on sections taken from unstressed 
areas in the creep specimen heads follow the same trends as in the case of the thermally exposed 
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test coupons. As before increases in hardness are observed reaching a maximum value of 
approximately 253Hv20 (corresponding to a Larson-Miller parameter value of 23.5), i.e. about 
14% higher than the original 221.4 Hv20 solution annealed hardness value. These data are shown 
as a parametric Larson-Miller plot using a C-value of 20 for the Larson-Miller constant in Fig 5. A 
similar plot for the combined hardness data indicates that the results obtained for the thermal and 
creep exposed materials are closely matched with the maximum and minimum in the hardness v 
Larson-Miller plot occurring at Larson-Miller parameter values of approximately 23 and 29 
respectively, Fig 6. 

y = 0.1174x3 - 9.3181x2 + 241.01x - 1798
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Fig 5. Hardness data on HA230 samples from unstrained regions in the heads of creep specimens 
tested in the temperature range 650°C-1000°C
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Fig 6. Combined hardness data on unstrained  thermally and creep exposed HA230 material  tested 
in the temperature range 600°C-1050°C 
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Data Analysis
Regression analyses on the hardness data on the thermally exposed material shown in the 
parametric shown in Fig 1 indicates that a good fit is obtained for the data set using a cubic 
polynomial of the form, 

Hv  =  aP3+ bP2 + cP + d  

Where, a, b, c, and d are constants, Hv is the thermal exposed hardness value and P is the Larson-
Miller parameter defined as P = (273 + T)(20 + logt)/1000 

Fig 7. Combined hardness data on unstrained  thermally and creep exposed HA230 material  tested 
in the temperature range 600°C-1050°C 

Analyses of the data plotted in Figs 1 and 4 results in the regression equations shown in Table 4 
with respective R2 values of 0.902 and 0.8436. 

On the basis of these analyses and the closeness of the hardness data shown in Fig 7 it is concluded 
that the data from the thermal and creep exposure tests can reasonably be combined for the 
purposes of analysis to produce a Master hardness v Larson-Miller parametric plot for this alloy.  
The results of a regression analysis of the combined data indicates that a cubic polynomial once 
more results in a good fit with an R2 value of 0.8793 and the following master Hardness v Larson-
Miller equation.  

Hv  =  0.13P3 - 10.8P2 + 278.5P - 2099  

Sample Values of regression constants and R2

 a b c d R2

Thermal Exposure 0.145 -11.40 292.07 -2206.7 0.902 
Creep Heads 0.117 -9.32 241.01 -1798 0.8436 

Combined Data 0.137 -10.84 278.53 -2099.3 0.8793 

Table 4.  Regression constants and values for thermally exposed HA230 hardness data 
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Metallographic Studies - Thermally Exposed HA230
Optical microscopy studies on HA230 coupons which have been exposed for 1000, 3000, and 
5000 hours at temperatures in the range 750°C to 1050°C have revealed changes in the 
microstructure which can be related to the results obtained on the hardness studies on these 
samples described above.  The preliminary results indicate that the initial increases in hardnesses, 
above that of the material in the as-received solution annealed condition of 13.14%, 10.345 and 
10.16% following exposure at 750°C for 1000, 3000 and 5000 hours respectively, are due to 
precipitation of M23C6 type carbides, at the grain boundaries and original solution treatment 
annealing twins within the grains.  Subsequent exposure for the same durations at the higher 
temperatures of 810°C, 870°C, 930°C, 990°C and 1050°C result in softening of the material due to 
progressive coarsening of these precipitates, with the microstructure of the alloy tending to 
approach that of the original as-received condition. Typical micrographs illustrating the effects of 
thermal exposure at 750°C, 870°C and 1050°C are shown in Fig 8. Similar conclusions have been 
proposed by Jordan, et al in studies of unstrained HA230 exposed for 10,000 hours at temperatures 
in the range 750°C to 1050°C [3].   

5000 hours at 750ºC 5000 hours at 870ºC

5000 hours at 990ºC 5000 hours at 1050ºC

Fig 8. Microstructures of the 5000 hour thermal exposure samples (Magnifications x155)

Optical studies on the 1000 hour thermally exposed samples indicated that below the oxide scale 
there was increasing oxide finger penetration with increasing exposure temperature. In addition to 
this the depth of the precipitate free zone below the surface oxide scale also increased. Fig 9. 
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1000 hours at 750ºC 1000 hours at 870ºC

1000 hours at 990ºC 1000 hours at 1050ºC

Fig 9. Microsections showing depleted zone at the material surface (Magnifications x155) 

Metallographic Studies - Creep Tested HA230
Similar optical microscopy studies have been carried out on sections taken from areas in the gauge 
lengths close to the final fracture zones of selected creep rupture testpieces, and the microstructures 
compared with those found in the solution annealed and thermally exposed material described 
above. Details of the creep rupture testpieces examined are shown in Table 5 

Testpiece Temp
°C

Rupture Life 
Hours 

%
Elongn.

DKX 650 6577 20.7 
DLA 700 18160 17.2 
DLB 700 4995  
DLH 900 28776 ~ 35 
COG 1000 5366 70.8 

Table 5.  Creep rupture test results on HA230 

In all instances the fractures were intergranular with the damage being present all along the 
testpiece gauge length. In addition the creep cracks tended to occur normal to the axial load on the 
testpiece.  In the case of testpieces DKX, DLA and DLB the creep damage was mainly in the form 
of transverse intergranular cracks, while in specimens DLH and COG the damage was mainly in 
the form of large voids located on the grain boundaries normal to the applied stress, Figs 10a - e. 
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The general microstructure observed in gauge length regions of testpieces DKX, DLA and DLB 
was similar to that observed in the thermally exposed HA230 samples consisting of equiaxed 
grains with chromium rich M23C6 type carbides precipitated at the grain boundaries as well as 
along original twin boundaries.  In addition, large rounded primary M6C carbides, which are rich in 
tungsten and molybdenum, were present randomly distributed throughout the matrix, Figs 10 a-e. 
As Vecchia et al have shown, these phases are easily distinguished by their unique chemical 
signatures [4]. Typical EDX analyses results showing the compositions of the matrix as well as 
M23C6 and M6C carbides in DLH are shown in Figs 11a-d and Table 6.  Both the grain and twin 
boundary precipitation appeared to be more pronounced in testpieces DLA and DLB compared 
with that observed in DKX. This may be due to these tests having been carried out at 700°C 
compared with 650°C in the case of testpiece DKX and further supports the observations already 
made regarding the effects of temperature on the microstructures of the thermal exposed HA230 
specimens.   

      
a) DKX  - 6577 hrs at 650°C  b) DLA  - 18160 hrs at 700°C    

      
c) DLB  - 4995 hrs at 700°C d) DLH  - 28777 hrs at 900°C    

e) COG  - 5366 hrs at 1000°C    

Figs 10 a – e.  Microstructures of gauge lengths in HA230 creep rupture testpieces. 
(Magnifications x155) 
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The microstructures observed in testpieces DLH and COG were totally different from those found 
in the gauge lengths of DKX, DLA and DLB. In the case of test DLH, which ruptured after 28777 
hours at 900°C, the precipitation was almost continuous along the grain boundaries with coarse 
particles being also randomly present within the grains, Fig. 10d.  Whereas it was possible to 
differentiate between the primary and grain boundary carbide types in testpieces DKX, DLA and 
DLB, this was not possible optically in testpiece DLH since the particles were very similar in both 
size and shape.  The microstructural differences were even more pronounced in COG, which had 
fractured after 5366 hours at 1000°C. In this case the grain boundary precipitation was continuous 
with no evidence of discrete particles being present, Fig.10e.  

      
a)  Backscattered electron image  b)  Nickel distribution  -  NiK

      
c)  Tungsten distribution  -  WL    d)  Chromium distribution  -  CrK

Figs 11 a – d. FEGSEM and EDX images of carbides present in gauge length of creep testpiece DLH 

Compositions – wt% 
Microstructural Features Cr W Mo Ni 

Primary M6C carbides 10.95 65.79 5.03 18.23 
Grain Boundary M23C6 41.37 22.79 4.88 30.96 

Matrix 17.22 17.13 2.63 63.02 

Table 6.  EDX analyses of matrix, grain boundary and primary particles in creep tested HA230  
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Conclusions 

The results to date have shown that the hardness data from the thermal and creep exposure tests can 
reasonably be combined to produce a single master hardness v Larson-Miller parametric plot for 
this alloy.  The regression analysis of these data indicates that a cubic polynomial results in a good 
fit with an R2 value of 0.8793.  

Optical microscopy studies on the thermally exposed coupons have revealed changes in the 
microstructure which can be related to the hardness results.  The initial increase in hardness above 
that of the material in the as-received solution annealed condition, are due to precipitation of M23C6
type carbides, at the grain boundaries and original solution treatment annealing twins within the 
grains.  Subsequent exposure (longer times/higher temperatures) result in softening of the material 
due to progressive coarsening of these precipitates 

The microstructures observed in the lower temperature (creep) strained testpieces were found to be 
similar to the thermally exposed test pieces.  However, the effects of strain at higher temperatures 
results in almost continuous precipitation along the grain boundaries with coarse particles being 
also randomly present within the grains.  The effects of creep strain on the microstructure were 
most pronounced at the highest test temperature where the grain boundary precipitation was 
continuous with no evidence of discrete particles being present. 
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SHOT PEENING INDUCED RECRYSTALLIZATION IN A 
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Wenhua Road 72, Shenyang 110016, China 

Abstract 

This paper studied the effect of shot peening induced recrystallization (RX) on microstructure and creep 

properties of a directionally solidified (DS) nickel-base superalloy. It was shown that the depth of surface RX 

induced by shot peening is about 40 µm including a cellular RX layer after heat treatment. The RX grows slowly 

during 980oC, 235MPa creep test. However, cellular RX layer developed during creep. Little effect of the surface 

RX on the creep rupture life of the experimental DS alloy was observed since the recrystallized volume is small 

compared to the overall thickness of the creep rupture specimen. Methods that may reduce the RX were explored 

according to the present results. Surface coating was found to be one of the most effective ways to partially 

reduce the RX induced by spot peening. 

Keywords: Shot peening, Nickel-base superalloy, Recrystallization (RX), Coating 

1. Introduction 

Directionally solidified (DS) turbine blades made from Ni-base superalloys with columnar 
grain or single crystal structures are critical components in modern aero engines and power 
generating plants. Shot peening is a standard treatment after DS casting of the blades. It is 
well known that shot peening will introduce strain to the component surface and may lead to 
surface recrystallization (RX) during the following heat treatment.  

Shot peening induced RX has been characterized in several single crystal superalloys [1-3]. 
Two types of RX were observed depending on the heat treatment temperature: (I) a relatively 
homogeneous surface RX layer can be found after standard heat treatment; and (II) cellular 
recrystallization formed when ageing at temperatures below the γ′ solvus temperature for 
longer time. Much attention has been paid to type I RX since it is readily formed in the “new” 
components.  

It is generally agreed that RX has detrimental effect on mechanical properties of DS alloys 
since reinforcement-free grain boundaries probably perpendicular to the loading direction 
may form. For example, a reduction of fatigue life by local cellular RX was reported in single 
crystal superalloy CMSX-4 by Okazaki et al. [4]. In an experimental DS alloy, only ∼5-50% 
of the creep rupture life can be achieved if a surface RX layer was introduced by shot peening 
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[5]. However, Bűrgel et al. [2] observed that the number of cycles to crack initiation is not 
influenced by surface RX in CMSX-6, although a higher crack density occurred during 
fatigue. Jo and Kim [6] also reported that surface RX does not reduce the creep rupture life of 
CMSX-4 at 982oC, 240MPa in air. Therefore, as pointed out by Khan [7] et al., the influence 
of RX on mechanical properties of an alloy was probably a thickness dependent process. For 
samples with thicknesses of 1.5 mm or more, the reduction in rupture strength is due to the 
recrystallized layer. For thin plate samples (≤1 mm) however, there is a combined “thin wall” 
and RX effect. 

Many efforts have been made to suppress the detrimental RX. It was reported that prior heat 
treatment [8], coating [4,9,10], carburization [11,12], and removing the surface layer [13] may 
all be effective to control the RX. However, these methods can only partially avoid or reduce 
the RX [2,14]. No conclusive technique has been developed so far to solve the RX problem in 
modern DS superalloys.  

The present paper is focused on the shot peening induced surface RX in an experimental DS 
alloy, in both heat treated and creep conditions. The effect of RX on mechanical properties 
was studied. Methods that may reduce the RX were also explored. 

2. Experimental 

A DS nickel-base superalloy with a nominal composition in weight percent of 9Cr, 10Co, 7W, 
2Mo, 5Al, 2.2Ti, 3.5Ta, 0.1C, and balance Ni was prepared using a Bridgman furnace. All 
samples for property test were machined along the DS direction. For creep rupture property 
tests, sheet specimens with 2 mm in thickness were used. Column specimens with gauge 
diameter of 5 mm and gauge length of 25 mm were prepared for the observation of 
microstructural evolution during creep. Shot peening was applied to one surface of the sheet 
samples and on the surface of column samples with 200 mesh SiO2 ball at a pressure of 
0.3-0.4MPa for 1 min. As comparison, sheet samples containing local RX were also used in 
creep rupture tests. (These samples were first indented by using Brinell hardness tester, then 
carefully removing the indentation after full heat treatment. A local RX within the gauge 
length was therefore produced [14].) All samples were heat treated in vacuum in sealed silica 
tubes as follows: 1220oC/2h/air cooling, 1080oC/4h/air cooling, and 900oC/16h/air cooling. 
Creep rupture tests were conducted at 980oC, 235MPa. Several creep rupture tests using 
column specimen were interrupted for microstructure observation before sample failure.  

Several types of surface coating were deposited using MIP-8-800 arc ion plating equipment 
before solution heat treatment. The depositing was carried out with a working pressure of 
7×10-2Pa in argon. Detailed depositing parameters were described elsewhere [15]. 

Specimens were observed using optical microscopy and scanning electron microscopy (SEM). 
Depth of RX was measured using optical microscopy. The mean depth of RX was obtained by 
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averaging 10 measurements from different locations in each sample.  

3. Results 

3.1 Recrystallization after heat treatment
After full heat treatment surface recrystallization was created as shown in Fig. 1. The surface 
RX was about 40 µm in depth. A thin lamellar γ/γ′ layer (cellular RX) on tips of some RX 
grains with maximum thickness around 2 µm was also observed (Fig. 1b). 

Fig. 1 (a) Surface recrystallization in shot peened samples after standard heat treatment, and 
(b) lamellar γ/γ′ layer (cellular RX) in front of the surface RX. 

3.2 Change of surface recrystallization during creep
The depths of surface RX in samples before and after creep tests were measured and 
compared in table 1. One can see that surface RX, but not the cellular RX developed during 
ageing heat treatment since the maximum cellular RX observed was only around 2 µm. The 
RX depth decreases abruptly in creep rupture specimens due to oxidation of the surface and 
deformation. However, it is clear that RX layer developed further into the matrix during creep. 
The value of RX depth in 60h crept sample is still higher compared to that in 40h crept 
sample even there is more oxidation and deformation. Detailed observation shows that the 
cellular RX grows gradually but slowly into the matrix during creep (Fig. 2). 
  

Table 1 Depth of surface recrystallization in heat treated and crept samples (µm). 

Solution treatment 38.69 ± 5.79
Full heat treatment 43.21 ± 7.5 
980oC/235MPa, 40h 31.22 ± 8.9 
980oC/235MPa, 60h 34.1 ± 5.49 

(a) (b)

20µµµµm 2µµµµm

RX
RX

Cellular RX
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Fig. 2 Growth of cellular RX during creep in columnar specimens. After shot peening, the 
samples were heat treated and then crept at 980oC, 235MPa for (a) 40 h, and (b) 60 h. 

3.3 Effect of surface recrystallization on creep rupture life
A surface RX layer around 40 µm in thickness (about 2% of the overall sheet thickness of the 
sample tested) results in no reduction of the creep rupture life at 980oC, 235MPa in the 
present tests (45h rupture life, 17% elongation compared to good specimens with 40h rupture 
life and 13% elongation). However, in the specimens with local RX produced by hardness 
indentation, the creep rupture life shows a significant drop when the maximum RX depth 
exceeds ∼10% of the overall sample thickness [14]. The present results are in good agreement 
with the work reported by Khan et. al [7], i.e. the effect of RX is probably following a 
thickness dependent process. 

3.4 Control of recrystallization
Surface coating before solution heat treatment were applied to explore the possible techniques 
that may reduce the surface RX produced by shot peening. It is interesting to note that 
different coatings show significantly different roles in preventing the development of surface 
RX (Fig. 3). Comparing with samples without coating, C2 coating gives the best result. The 
microstructure of the surface RX layer was compared in Fig. 4.  
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Fig. 3 Maximum RX depth measured in samples without and with different coatings. 

To look at the RX kinetics in coated specimens, samples without coating and with C3 coating 
were heated to the solution heat treatment temperature for various time and quenched in air. 

(a) (b)

2µµµµm2µµµµm

RX
RX
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Similar nucleation kinetics was observed. Samples heated for 1 min and 2 min show no 
detectable RX layer. RX begins to form in samples heated for 3 min. A continuous RX layer 
formed on surface of the uncoated sample (Fig. 5b). On the contrary, RX grains were 
constrained locally under the C3 coating.  

Fig. 4 Morphology of surface RX in samples with (a) no coating and (b) C2 coating. 

  

                                     

Fig. 5 Surface RX formation in samples without coating (a) and (b), and with C3 coating (c) 
and (d). Samples were heated to solution heat treatment temperature for various times. No RX 

formed for samples heated to 1220oC for 2 min. RX began to form in both coated and 
uncoated samples when heated to 1220oC for 3 min. 

RX RX

coating

50µµµµm 50µµµµm

(a) (b)

5µµµµm

C3 coating

(c)

1220 /2min

RX 

C3 coating

(d)

1220 /3min

1220 /2min (a) 1220 /3min 

RX 

(b)
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4. Discussion 

4.1 Formation of cellular recrystallization (RX)
It is generally accepted that RX forms on the surface after shot peening during solution heat 
treatment, while cellular RX will only occur under the condition of low heat treatment 
temperature (below the solution temperature of γ′) and large residual strains [2]. It is 
interesting to note in our present observation that cellular RX formed in front of the surface 
RX after a three steps heat treatment. Several factors may contribute to the formation of this 
cellular RX layer: (a) residual strain may still remain in the matrix although most of the 
residual strain will be consumed during the high temperature heat treatment (solution heat 
treatment); (b) grain boundary diffusion is faster than the diffusion in the lattice. For instance, 
high solubility and diffusivity at the recrystallization interface in wrought superalloys 
(Nimonics PE16, Nimonics 80A, Nimonics 115, and Udimet 720) was observed by Porter and 
Ralph [16]; and (c) the existed RX grain boundary is still migrating into the matrix during 
ageing according to the data shown in table 1, and diffusion at migrating grain boundaries is 
much faster than that at stationary boundaries [17]. 

The development of cellular RX during creep can be contributed to the existence of stress that 
further accelerates the grain boundary diffusion. Carbides were observed to be very effective 
in preventing the formation of cellular RX as shown in Fig. 2.

4.2 Reduction of shot peening induced RX by surface coating
Several previous works have been reported that surface coating could be a very effective way 
to reduce or eliminate the surface RX in DS superalloy components [4,9,10]. The mechanism 
is thought to be that the threshold of RX formation is increased since no more free surface for 
nucleation is available. Our present observation confirmed this argument, i.e. the population 
of nuclei of RX is probably reduced by coating. However, the thickness of local RX layer is 
quite similar when comparing the coated and uncoated samples in Fig. 5(b) and (d). Since the 
final thickness of the RX layer is significantly reduced in coated sample (Fig. 4), it seems that 
the growth of RX is also influenced by surface coating. Different coatings containing different 
elements may have different interactions with the superalloy matrix. Therefore, diffusion was 
constrained to different level and various thickness of the surface RX resulted.  
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5. Summary 

1. Depth of surface recrystallization (RX) induced by shot peening is about 40 µm after heat 
treatment. In front of the surface RX grains there are a very thin layer of the lamellar γ/γ′
structure (cellular RX).  

2. The cellular RX layer developed during creep probably by the accelerated grain boundary 
diffusion aided by stress.  

3. The surface RX (∼40 µm) has little effect on the creep rupture life in the present 
experiments. Comparing with previous results, the effect of RX is probably following a 
thickness dependent process. When the RX volume is small compared to the whole 
specimen, there is little detrimental effect of RX on the creep rupture life.  

4. Coating is an effective method in suppressing the surface RX induced by shot peening. 
However, the efficiency of coating strongly depends on the composition. Preliminary 
analysis reveals that both nucleation and growth of RX is delayed by certain surface 
coating.  

References 
[1] C. Y. Jo and H. M. Kim, Effect of recrystallization on microstructural evolution and 
mechanical properties of single crystal nickel based superalloy CMSX-2 Part 1 - 
Microstructural evolution during recrystallization of single crystal, Mater. Sci. Technol., 19, 
2003, 1665
[2] R. Bűrgel, P. D. Portella, and J. Preuhs, Recrystallization in single crystals of nickel base 
superalloys, Superalloys 2000, 2000, 229 
[3] S. D. Bond and J. W. Martin, Surface recrystallization in a single crystal nickel-based 
superalloy, J. Mater. Sci., 19, 1984, 3867 
[4] M. Okazaki, I. Ohtera and Y. Harada, Prevention of fatigue life reduction relating to 
cellular microstructure in single crystal Ni-base superalloy, CMSX-4, subjected to previous 
local damage, Advanced Materials and Processes for Gas Turbines, TMS, 2003, 63 
[5] Y. R. Zheng, Z. C. Ruan, and S. C. Wang, Recrystallization in surface layer and its effect 
on stress rupture properties for DZ22 alloy, Acta Metall. Sinica, 31, 1995, S325 
[6] C. Y. Jo and H. M. Kim, Effect of recrystallization on microstructural evolution and 
mechanical properties of single crystal nickel based superalloy CMSX-2 Part 2—Creep 
behavior of surface recrystallised single crystal, Mater. Sci. and Technol., 19, 2003, 1671
[7] T. Khan, P. Caron and Y. G. Nakagawa, Mechanical behavior and processing of DS and 
single crystal superalloys, J. Met., 7, 1986,16 
[8] W. J. Gostic, Cyclic Recovery Heat Treatment, UNITED STATES PATENT, Patent 
Number: 5551999, 1996 
[9] M. Okazaki, I. Ohtera and Y. Harada, Damage repair in CMSX-4 alloy without fatigue life 
reduction penalty, Metall. Mater. Trans. A, Vol.35A, 2004, 535-542 
[10] M. Keiichi, Ni-Based single crystal alloy having coating film for preventing 
recrystallization fracture, EU PATENT, EP 1036850 A1, 1999 
[11] J. Corrigan, R. G. Vogt, J. R. Mihalisin, and D. L. Schmiedeknecht, Single crystal 
superalloy articles with reduced grain recrystallization, EU PATENT, EP 1038982 A1, 2000 

589



8

[12] J. R. Mihalisin, J. Corrigan, G.t M. Gratti, and R. G. Vogt, Casting of single crystal 
superalloy articles with reduced eutectic scale and grain recrystallization, US PATENT, Pub. 
No.: 2002/0007877 A1, 2002 
[13] R. W. Salkeld, T. T. Field, and E. A. Ault, Preparation of single crystal superalloys for 
post-casting heat treatment, UN PATENT, 5413648, 1983 
[14] G. Xie, Effect of recrystallization on mechanical properties of DS superalloys, Master 
Thesis, Institute of Metal Research, Chinese Academy of Sciences, 2005  
[15] Q. M. Wang, Y. N. Wu, P. L. Ke, H. T. Cao, J. Gong, C. Sun, and L. S. Wen, Hot 
corrosion behavior of AIP NiCoCrAlY(SiB) coatings on nickel base superalloys, Surf. Coat. 
Technol., 186, 2004, 389 
[16] A. Porter and B. Ralph, The recrystallization of nickel-base superalloys, J. Mater. Sci., 16, 
1981, 707 
[17] Y. Mishin and C. Herzig, Grain boundary diffusion: recent progress and future research, 
Mater. Sci. Eng. A, 260, 1999, 5 

590



I

 
A 

 
Abe F,  II 965, II 1019, II 1041 
Affeldt E,  II 633 
Aguero A,  II 949, III 1553 
Allcock B, III 1553 
Allen D J,  III 1479 
Andersson C, III 1503 
Andren H O, III 1267 
Ang J,  II 655, II 691 
Armaki H G,  II 1157 
Asahi H,  II 1157 
Auerkari P,  III 1309, III 1385 
 
B 

 
Baker B A,  III 1609 
Banhart J,  III 1651 
Barnard P M,  I 485 
Batfalsky P,  I 69
Bauer M,  III 1341 
Baune E,  II 871 
Bednarz P,  II 747, III 1722 
Bendick W,  II 1065, II 1077 
Berger C,  II 1053, II 1137 
Bernasovský P,  I 261  
Berreth K,  III 1571 
Bhanu Sankara Rao K,  I 121 
Białas M,  II 747 
Biede O,  III 1503 
Birnbaum U,  I 161 
Blackler M,  I 485 
Blum L,  I 69 
Blum R,  I 41 
Blum W,  III 1241 
Böck N,  II 1031, III 1207 
Bolt H,  I 81 
Bordenet B,  GT103 
Brabetz M,  II 1031 
Brekelmans W A M,  II 595 
Brózda J,  III 1331 
Brückner U,  I 317, I 507 
Brziak P,  I 261, II 985 
Buršík J,  III 1449 

 
C 

 
Caminada S, II 871 
Cappuccini F, II 717 
Casu A, II 727 
Cempura G, II 773, II 1077 
Cerjak H, II 871, III 1191, III 1199, III 
1217, III 1393 
Chen Q,  II 931 
Chilukuru H,  III 1181, III 1241 
Cizner J,  III 1461 
Cui C, I 385 
Czyrska-Filemonowicz A,  I 485, II 773, 
 II 1077 
 
D 

 
Dahl K V,  II 675 
Daleo J A,  II 737 
Danielsen H K,  III 1251, III 1275 
De Carlan Y,  III 1319 
De Maria L,  I 217 
Dechamps P,  I 25 
Del Genovese D,  III 1651 
Del Puglia P,  II 829 
Dhooge A,  III 1369 
Dietz W,  III 1683 
DiGianfrancesco A,  II 843 
Dinkel M,  II 633 
Doi H,  I 355 
Dong J,  III 1609 
Donth B,  II 843 
Du X,  II 819 
Dubiel B,  I 485 
Durham R,  III 1553 
Durst K,  III 1181, III 1241 
 
E 

 
Efendi, I 561 
El-Magd E,  II 1147 
Emura S,  II 767 
Ennis P J,  III 1285, II 1077, III 1543,  
III 1651 

AUTHOR INDEX 



II

Epishin A,  I 205, I 317, I 475, I 507, I 521 
 
F 

 
Faulkner R G,  II 1117, III 1299 
Fedelich B,  I 475 
Feng D,  I 533 
Folkova E,  III 1401 
Foret R,  III 1449 
Fry A  T,  III 1469 
Fudali S,  III 1427, III 1491 
Fujioka J,  I 385 
Fukui T,  III 1589 
 
G 

 
Gabrel J,  II 1065 
Gajda B,  II 1087 
Gaude-Fugarolas D,  III 1319 
Gebhard J,  II 1147 
Geers M G D,  II 595 
Giannozzi M,  II 699, II 707, II 717 
Giorni E,  II 645, II 699, II 707 
Giovannetti I,  II 699 
Gohil D D,  III 1533 
Göken M,  II 633, III 1181, III 1241 
Golanski G,  II 1087 
Golpayegani A,  III 1267 
Goto N,  I 561 
Grumsen F,  III 1251 
Gu Y,  I 385 
Guan H  R,  I 413, II 627 
Guo J T,  I 189, I 393, I 403, I 435, I 447, II 
819 
Guo X G,  I 403 
 
H 

 
Hagiwara M,  II 767 
Haibel A,  I 521 
Hake J F,  I 161 
Hakl J,  I 365, II 985, III 1461 
Hald J,  II 917, II 675, III 1251, III 1275 
Hansson A N,  III 1663 
Hanus R,  II 855 
Harada H,  I 287, I 309, I 327, I 347, I 385, 
I 495, II 655, II 691 
Harvey B,  III 1479 
Hashizume R,  I 273 

Hattori M,  I 561 
Heinemann J,  III 1597 
Heinz P,  II 633 
Helmrich A,  II 931, III 1597 
Henderson M B,  III 1553 
Henry J F,  II 893 
Hernas A,  III 1357, III 1427, III 1491 
Herzog R,  II 747, III 1722 
Hierro M P,  III 1523 
Höfinger S,  II 1031 
Holdsworth S R,  I 91, III 1309 
Holdway P,  II 793 
Holmström S,  III 1309, III 1385 
Holzer I,  III 1191 
Homkrajai W,  I 377 
Hou J S,  I 393, I 435, I 447 
Hu Z Q,  I 189, I 413, II 627 
Husemann R U,  III 1597 
Hussain K,  II 737 
Huysmans S,  III 1369 
 
I 

 
Igarashi M,  II 1095 
Imai H,  II 655, II 757 
Imazato T,  II 997 
Imosa M,  III 1491 
Innocenti M,  II 645 
Iseda A,  II 1095 
 
J 

 
Jandovà D,  III 1401 
Jensen S A,  III 1503 
Jin T,  II 627 
Jochum C,  II 871, III 1341, III 1369 
 
K 

 
Kager F,  II 1031 
Kakehi K,  I 299 
Kan T,  II 1095 
Kanta V,  III 1401 
Kasl J,  III 1401 
Kauffmann F,  III 1171 
Kawagishi K,  II 655, II 691 
Kern T -U,  II 843, II 855 
Kilgallon P  J,  III 1513 
Kimura K,  II 1019, II 1105, III 1227 



III

Kindratschuk V,  III 1619 
Kitashima T,  I 495 
Kiyono T,  I 273 
Klenk A,  III 1341, III 1597 
Klingelhöffer H,  I 317 
Kloc L,  II 1011, II 1127 
Knoedler R,  III 1581 
Kobayashi T,  I 287, I 309, I 327, I 347,  
I 495 
Koizumi Y,  I 309, I 327 
Komai N,  II 997 
Kondo Y,  I 455, I 465 
Kong S,  I 549, I 555 
Kothleitner G,  III 1217 
Koyabu H,  I 299 
Koyama T,  I 561 
Kozeschnik E,  II 619, III 1191 
Kuboň Z,  III 1437 
Kucharova K,  II 1127 
Kudrman J,  II 1127 
Kunecke G,  I 475 
Kupczyk J,  II 1087 
Kurita K,  I 465 
Kuroda S,  I 541, II 757 
Kushima H,  II 1019, II 1105, III 1227 
 
L 

 
Lamm M,  I 335 
Lanese N,  II 829 
Lapin J,  II 803 
Lardon J M,  III 1319 
Larsen O H,  III 1503, I 245 
Lee J S,  II 1157 
Lefebvre B,  II 1065 
Li G,  II 819 
Li J,  I 549, I 555 
Li W,  I 549, I 555 
Li Y L,  I 393, I 435 
Li Z J,  I 435 
Link T,  I 205, I 317, I 507, I 521 
Linssen J,  I 161 
Liu J D,  II 627 
Lomozik M,  III 1417 
Lou L H,  I 583 
Lucas K,  II 793 
Lüdenbach G,  III 1597 
Luesebrink O,  I 335 
Lupinc V,  II 607 
Lyutovich A,  III 1571 

M 

 
Mack D E,  II 727 
Maier H,  I 81 
Maile K,  III 1171, III 1341, III 1571,  
III 1597 
Makhele-Lekala L Z,  III 1651 
Maldini M,  II 607 
Mao Y,  II 767 
Marchant G,  I 571 
Marchionni M,  I 423 
Mareček J,  II 803 
Maresca P,  II 645  
Maruyama K,  II 1157 
Masset P,  II 783 
Masuyama F,  I 175 
Mathieu P,  I 143 
Matsumoto K,  II 691  
Matsuo H,  II 1095 
Matsuo T,  I 455, I 465 
Mayer K H,  II 843, II 855, II 1053, III 
1171 
Mayr P,  III 1393 
McColvin G,  I 571 
Menzler N H,  I 69 
Meyr P,  II 871 
Minami Y,  III 1589 
Mitsche S,  III 1199 
Miura N,  I 455, I 465 
Montagnon J,  III 1319 
Montgomery M,  I 245, III 1503, III 1663 
Morinaga M,  I 273, I 561 
Moskal G,  III 1357 
Mukherji D,  III 1619 
Mülders B,  III 1639 
Müller M,  II 665 
Murakami H,  I 541, II 757 
Muraki T,  II 1157 
Murakumo T,  I 287 
Murata Y,  I 273, I 561 
 
N 

 
Nazmy M,  I 205 
Nicholls J R,  III 1696 
Nieto J,  III 1523 
Nisaratanaporn E,  I 377  
Norton B,  III 1553 
 



IV

O 

 
Oakey J,  I 233, III 1513 
Ohata H,  I 347 
Onofrio G,  I 423 
Osgerby S,  I 217, III 1469, III 1533 
Osinkolu G A,  I 423 
Ott M,  II 633 
Over H H,  III 1683 
 
P 

 
Pasternak J,  II 871, III 1331, III 1357, III 
1427, III 1491 
Patel S J,  III 1609 
Pein C,  II 619 
Pelachová T,  II 803 
Penkalla H J,  II 773, III 1629 
Pérez F J,  III 1523 
Ping D,  I 385, I 495 
Pirón Abellán J,  III 1285 
Polsilapa S,  I 377 
Portella P,  I 317 
Pratesi F,  II 645, II 699, II 707, II 717 
Pyczak F,  II 633 
 
Q 

 
Qin X Z,  I 435, I 447 
Quadakkers W J,  III 1285, III 1543, III 
1722 
 
R 

 
Raj B,  I 121 
Rajek J,  III 1191 
Rechberger W,  III 1217 
Rinaldi C,  I 217 
Ro Y,  I 347 
Rohr V,  III 1543 
Roos E,  III 1341 
Rösler J,  III 1619  
Ruoff H,  III 1171 
 
S 

 
Sakai T,  I 541  
Salonen J,  III 1385 

Sato A,  I 287, I 385, II 655, II 691 
Sawada K,  II 1105, III 1227 
Scarlin B,  II 931 
Scheefer M,  III 1553 
Scheu C,  III 1171 
Scholz A,  II 1053, II 1137 
Schubert F,  II 773, III 1629, III 1639, III 
1651, III 1722 
Schütze M,  II 783, III 1543 
Schwienheer M,  II 1137 
Seibert T,  III 1181 
Semba H,  II 1041 
Shao C,  I 549, I 555 
Shibata M,  I 541 
Shingledecker J P,  I 107, II 893 
Simms N J,  III 1513 
Singer R F,  II 633, I 335 
Singheiser L,  III 1285, III 1629, III 1722 
Sklenicka V,  II 1011, II 1127 
Smith G D,  III 1609 
Sonderegger B,  III 1199, III 1217 
Sopoušek J,  III 1449 
Spindler M W,  III 1673 
Spiradek-Hahn K,  II 1031 
Stachura S,  II 1087 
Stamatelopoulos G,  II 931 
Stanko G,  II 893 
Staubli M,  I 205, II 843, II 855 
Steinbrech R,  I 69, III 1722 
Stöver D,  II 727 
Strang A,  I 571, III 1251 
Straub S,  III 1171, III 1581 
Stuhrmann J,  II 1147 
Sun C,  I 583 
Sun X F,  I 413, II 627 
Suzuki A,  II 757 
Suzuki T,  I 309 
Svoboda M,  II 1127 
 
T 

 
Tamaki H,  I 355 
Tanaka F,  I 465 
Tanzosh J,  II 893 
Tasak E,  III 1417, III 1427 
Terzigli V,  II 645 
Theofel H,  III 1597 
Tinga T,  II 595 
Toda Y,  II 1019, II 1105 
Toshiharu K,  II 655  



V

Toušová D,  III 1437 
Traeger F,  II 727 
Trunova O, III 1722 
Tschaffon H,  I 61 
Tsuno N,  I 299 
Tsipas D N,  III 1553 
 
V 

 
Vandenberghe B,  II 1065, II 1077, III 
1369 
Vanstone R W,  I 41 
Vaßen R,  II 727 
Vekeman J,  III 1369 
Viswanathan R,  II 893 
Vitalis B,  II 893 
Vlasák T,  I 365, II 985  
Vodarek V,  III 1251, III 1437 
Volek A,  I 335, II 633 
Vossberg A,  II 633 
 
W 

 
Wabderka N,  III 1651 
Walbeck M,  I 161 
Wall G,  I 5 
Wang L,  I 583 
Wang Y,  II 1053 
Wang Y L,  I 413 
Wang Z H,  II 627 
Wangyao P,  I 377  
Weber T,  II 855, III 1543 
Wenglarz R,  I 233 
Wessel E,  III 1639, III 1722 
Willer D,  III 1171 
Wisbey A,  II 793 
Wright I G,  I 107 
Wu J,  I 549, I 555 
Wu Y N,  II 757 
 
X 

 
Xie G,  I 583 
Xie X,  III 1609 
Xu G,  I 533 
 
 
 
 

Y 

 
Yamaguchi A,  I 541, II 757 
Yang H C,  I 403 
Yang J X,  I 413 
Yardley V,  III 1319 
Ye H Q,  I 435, I 447 
Yeh A C,  I 287 
Yin Y F,  II 1117, III 1299 
Yokokawa T,  I 287, I 309, I 327, I 347 
Yoshinari A,  I 273, I 355 
Yoshizawa M,  II 1095  
Yuan C,  I 393, I 403, I 447 
Yutaka K,  II 655 
 
Z 
 

Zabler S,  I 521 
Zeiler G,  II 843, II 1031 
Zeman M,  III 1331 
Zhang B,  I 533 
Zhang J,  I 287, I 583 
Zhao G,  I 533 
Zhao M,  I 549, I 555  
Zhao N R,  II 627 
Zhao S,  III 1609 
Zheng Q,  I 413 
Zhou L Z,  I 435 
Zielińska-Lipiec A,  II 1077 
Zies G,  III 1171 
Zifcak P,  II 985 
Zlámal B,  III 1449 
Zonfrillo G,  II 699, II 707, II 717, II 829 
Zrnik J,  I 377 
Zschau H E,  II 783 
 
 
 
 
 
 
 
 
 
 
 
 
 
 



VI

 
 
 

 
 
 



VII

(Nb,V) CrN particles: III.1251   
10Cr steels: II.843 
12%Cr steel: II.1077, III.1285, 
III.1369
12CrMoVNbN steels: III.1251
3DAP: III.1619
5th generation Ni-base superalloys: 
II.655
6025HT: II.1147
9%Cr steels: III.1393, III.1553 
9%Cr cast steel: II.855
9%Cr martensitic steel: II.1041
9-12% Cr steels: II.917, III.1207, 
II.1031, II.1065, II.1127, II.1137, 
III.1181, III.1199, III.1241, III.1267, 
III.1275, III.1357, III.1543
9-12Cr ferritic steels: I.107
Acoustic emission: II.727  
Activation energy: I.533
AD700: I.41
Advanced creep laws: III.1341
Advanced power plant materials: 
III.1479
Advanced power plants: I.143
AFM: III.1181
Allowable stress: II.1095
Alloy 617 welds: III.1597
Alloy 617: III.1597, III.1639
Alloy composition: I.347
Alloy design: II.917
Alloy-80A: I.91
Alloys: III.1683
Alternating atmospheres: III.1533
Aluminising: I.541, II.757, III.1553
Analysis routines: III.1683
Analytical TEM: II.1077
Anisotropy: I.299
Application: I.161, II.855
APS: II.717
Atom-probe field-ion microscopy: 
I.495
Bainitic structure: II.1087
Biomass: I.245, III.1513
Blading: I.205
Boiler tube: III.1589

Boiler: I.41, II.931
Boron alloyed: III.1393
Boron: II.917, II.965, II.1031
Brazing: II.633
Burgers vectors: I.465
Burner rig test: II.727
Carbides: I.393, I.413, II.985
Carbon and nitrogen 
redistribution: III.1449
Cast steel: II.1087
CDM modelling: III.1299
Ceramic matrix composites: II.829
Ceramic membranes: I.143
Chemistry modification: III.1619
Chlorination: I.245
Chromium steel: III.1461, III.1469
CM186LC: I.485
CMSX-10: I.507
CMSX-4: I.317, I.507
CO2 capture: I.143
CO2 emissions mitigation: I.143
CO2: I.25
Coal: III.1513
Coarsening of laves phase: II.1157
Coatings: I.217, I.583, II.707, II.737, 
II.893, II.949
Co-firing: I.245, III.1503, III.1513
Co-free: I.309
Cohesive zone modelling: II.747
Compositional modification: II.767
Conceptual design: II.893
CoNiCrAlY: I.541
Constitutive equation: II.607, 
III.1341, III.1651
Constitutive model: II.595, III.1207
Conventional Casting (CC): I.355
Cooling time: III.1417
Corrosion resistance: II.893, 
III.1427, III.1491
Corrosion: III.1533, III.1683
COST536: II.843, II.855
CPFBC: II.665
Crack growth: I.413
Crack initiation: I.403, III.1639
Crack propagation: I.403

KEYWORD INDEX



VIII

Crack: I.393
Cr-diffusion: III.1663
Creep behaviour 11-
12%CrWCo(Cu)B(V,Ta,T) steels: 
II.1053
Creep behaviour: II.1127
Creep damage: II.1117, III.1299, 
III.1673
Creep equations: II.1137
Creep failure: I.175
Creep fatigue: II.1137
Creep properties: I.365, II.871, 
II.985, II.1065
Creep rate: II.1117
Creep resistance: II.855, III.1171
Creep resistant steel: II.1011, 
III.1217, III.1449
Creep resisting steels: III.1331
Creep rupture: II.627, II.1137
Creep strain: II.1117
Creep strength: I.273, II.843, 
III.1267
Creep testing: III.1401
Creep: I.107, I.287, I.299, I.317, 
I.455, I.475, I.485, I.507, I.521, 
II.607, II.619, II.767, II.965, II.1019, 
II.1031, II.1041, II.1077, II.1105, 
III.1309, III.1319, III.1369, III.1381, 
III.1437, III.1479
Creep-fatigue: III.1673
Creep-resistance: III.1357
Cr-steel: III.1319
Crystal growth: II.803
Crystal plasticity: II.595
CVD: III.1571
Cyclic strain: I.403
Damage parameter: III.1341
Damage: III.1639
De-cohesion: II.747
Deformation mechanism: II.819
Degradation: I.205, I.571
D-electrons concept: I.273
Delta ferrite: II.1105, III.1393
Development of FBR materials: 
I.121
DICTRA: II.675
Diffusion coatings: III.1543
Diffusion coefficient: I.561
Diffusion: II.619, II.633
Directional solidification: I.335
Directionally solidified (DS): I.355

Disk application: I.385
Dislocation dynamics: III.1207
Dislocation Substructure: I.465
Distribution: I.161
Document management system: 
III.1683
Documentation database: III.1683
Dynamic recrystallisation: I.533
EBSD: II.633, III.1199
ECCC Data sheets: I.91
ECCC: III.1309
Ecological engineering: I.5
EFTEM: III.1217
Electrochemical impedance: 
III.1523
Electron diffraction: III.1251
Energy alternatives: I.121
Energy and natural resources: I.5
Energy supply chain: I.161
Energy: I.25
Energy-filtered TEM: III.1267
Environmental effect: I.423
Environmental sciences: I.5
Equilibrium: II.691
Esshete 1250: III.1503
European Commission: I.25
Exergy: I.5
Experience: II.855
Experimental data: III.1683
ExtreMat Integrated Project: I.81
Fatigue and creep fatigue crack 
growth: III.1629
Fatigue crack propagation: I.423
Fatigue: I.317, I.335, II.793
Ferrite matrix: II.1019
Ferritic steel: I.69, II.985, III.1299, 
III.1309, III.1401
Ferritic/austenitic steels: II.949
Filler metals matching to T/P 23, 
T/P 24, VM 12, Cost CB 2: II.871
Fireside corrosion: III.1503, 
III.1513
Flame thermal cycling: II.707
Flow behaviour: I.533
Flue gas desulphurisation plants: 
III.1427, III.1491
Fossil fuels: I.25
Free energy: I.447
Frequency-Scanning Eddy 
Current: I.217
Furnace cooling: II.1019



IX

Gamma channel: I.455
Gamma prime: I.205, II.737
Gamma prime precipitate: I.435, 
I.447, I.465
Gamma TiAl: II.773, II.793
Gas turbine: I.189, I.217, I.423, 
II.665, II.737
GH2984 superheater alloy: I.189
GH690 alloy tube: I.189
Glass ceramics: I.69
Grade 92 steel: I.91, II.1157
Grain boundary sliding: II.819
Growth stresses: III.1663
HI.2530: I.571
Halogen effect: II.783
Hardness: I.571
Hastelloy alloys: III.1427
HAZ-toughness: III.1393
HCM12: II.1095
Heat affected zone: III.1417
Heat exchanger materials: III.1543
Heat exchanger: III.1513
Heat resistant alloy: I.175
Heat treatment: I.435, II.803, 
II.997, III.1191
Heterogeneous creep: II.1095
Heterogeneous weld: III.1437
High alloy steel: III.1479
High chromium ferritic steel: 
II.1105
High efficiency power plant: 
III.1597
High heat flux materials: I.81
High temperature corrosion: I.245, 
III.1543
High temperature materials: I.189
High temperature properties: 
II.655
High temperature: I.61, II.645, 
II.707, II.717, II.949
High-temperature application: 
II.843
Homogenisation: I.335
Hot corrosion resistance: I.273
Hot corrosion resistant 
superalloys: I.189
Hot corrosion: II.665
Hot isostatic pressing (HIP): I.377
Hot working: I.533
Hydrogen effects: III.1663
Hydrogen generation: I.161

Impact energy: II.1087
Implantation: II.783
IN706: III.1619
Inconel 617: III.1651
Inconel 740: III.1609
Industrial gas turbine: I.485
Influence of multiaxiality of the 
stress state: III.1341
In-situ observation in SEM: 
III.1639
Interdiffusion: II.675, II.691
Intergranular fracture: II.1157
Intermetallic compound: II.1019
Intermetallic: II.773
Intermittent heating: II.1127
Issues: I.233
K418 superalloy turbine: I.549
K4537 turbine: I.555
K465 cast superalloy: I.413
Laminate: II.829
Larson-Miller parameter: I.327
Laser back-Scattering: I.217
Laser cladding: II.699
Lattice misfit: I.287, I.309
Laves phases: III.1285
LCF: II.773
Life prediction: II.1105
Life: III.1381
Lifetime extension: I.261
Lifing: I.365
Liquid erosion: II.699
Liquid metal cooling: I.335
Long term aging: I.447
Long term exposure: I.377
Long-term creep strength: II.1105
Long–term creep: I.327, III.1227
Low activation materials: I.81
Low alloy steel: II.997, II.1011
Low alloy steels: III.1533
Low cycle fatigue: I.403, I.423, 
II.1147
Low stress creep: II.1011
LPPS: I.541
M23C6 carbide: I.447, II.965, 
II.1041
MA 6000: II.645
Martensite: III.1199, III.1417
Martensitic microstructure: II.965
Martensitic phase: II.1019
Material compatibility: I.69



X

Material development: II.843
Materials database: III.1683
Materials properties data: III.1683
Materials: I.41, I.233, II.931
Mathematical models: I.365
MCrAlY: II.675
Mechanical properties data: 
III.1683
Mechanical properties of weld 
joints: III.1357
Mechanical properties: I.347, I.555, 
II.803, II.871, II.893
Microhardness: I.435
Micromechanics: II.595  
Microporosity: I.521
Microstructural changes: II.1127
Microstructural evolution: III.1299
Microstructural parameter: I.347
Microstructural stability: II.1041
Microstructure and modelling: 
II.917
Microstructure evolution: III.1191
Microstructure: I.507, I.571, II.619, 
II.767, II.803, II.985, II.1031, 
II.1077, III.1181, III.1393, III.1401, 
III.1427, III.1437, III.1491, III.1619
Minimum creep rate: II.997
Mismatched weld materials: 
III.1341
Mod. Z-phase: III.1217
Model: III.1309
Modelling: I.261, I.475, II.619, 
III.1469
Modified Z phase: III.1251
Molten salt corrosion: III.1523
Morphological evolution: I.447
Morphology instability: I.435
Multiphase nickel aluminides: 
II.803  
MX and M2X Phase: III.1241
MX carbonitride: II.965
MX precipitates: III.1285
MX: II.1041
Nanoindentation: II.633
NDE: I.217, I.261
Neural network: III.1319, III.1469
Ni-31Cr-3 Mo (Dy) alloy: II.819
Ni-base single crystal superalloy: 
I.287, I.309, I.347
Ni-base superalloy: I.327, I.385, 
II.757 

Ni-based alloy: I.107, I.561
Ni-based superalloy: I.273, I.299, 
I.377, I.423, I.455, I.465, I.475, 
I.533, I.541, I.583
Nickel alloys: III.1491
Nickel based materials: I.61
Nickel content: II.1019
Nickel-base single-crystal 
superalloy: I.495
Ni-Co-base superalloy: I.385
Ni-YSZ cermet: I.69
Non-conventional sand case: I.549
Non-destructive evaluation: II.1157
Nuclear fission: I.81
Nuclear power programme: I.121
Nuclear technology: I.121
Numerical simulation: I.549, I.555
ODS: II.645 
Omega method: II.1117
Outlet header: III.1597
Oxidation resistance: III.1571, 
I.273, I.287, II.691, II.949
Oxidation: I.107, I.393, I.413, 
II.645, II.655, II.783, II.793, II.997, 
III.1461, III.1479
Oxide growth: III.1469
Oxide scale: III.1581
Oxyfuel: I.143
P122: II.1095
P23 steel: III.1437
P91 steel: III.1417, III.1437
P92 steel: II.1147
Pack cementation: III.1543
Partitioning ratio: I.309
PBMR: I.309
Phase computation: III.1609
Photo-luminescence 
piezospectroscopy: I.217
Plasma facing materials: I.81
Plastic properties: III.1417
PM 3030: II.645
Porosity: III.1319
Power generation: III.1331, III.1357
Power plant: I.61, I.175, III.1369, 
II.985
PPCC: II.665
Precipitates: III.1217
Precipitation analysis: III.1171
Precipitation kinetics: III.1191
Precipitation site: III.1227



XI

Premature breakdown of creep 
strength: II.1157
Primary creep: I.299, II.1011
Processing: II.1065
Protective coatings: III.1553
Pt-Ir alloy: II.757
R5: III.1673
Rafting: I.475
Recovery: II.1019
Recrystallization (RX): I.583
Regenerative heat treatment: 
II.1087
Regression analysis: I.347
Remanent life: II.1117
Research: I.25
Rhenium: I.561
Ruthenium or Iridium addition: 
I.495
Ruthenium: I.561
SAGBO effect: III.1629
Sandwich-structures: II.1147
Second generation: I.327
SEM and TEM: III.1629
SEM: III.1181, III.1619
Short-range ordering: I.495
Shot peening: I.583, III.1581
Shot-blasted tube: III.1589
Shroud: II.829
Si: II.655
Siliconising: III.1571
Simulation of diffraction patterns: 
III.1251
Simulation: III.1191, III.1207
Single crystal superalloy: I.335
Single crystal: I.205, I.299, I.317, 
I.327, I.455, I.465, I.475, I.485, 
II.737
Single crystalline: II.633
Single-crystal superalloy: II.627
Size distribution: III.1217
Slip system: I.455
SNMS: III.1285
Solid oxide fuel cell: I.69
Spallation: III.1581
Sputtering: II.757
SRZ: II.691
Stainless steel: III.1589
Steam environment: III.1461
Steam oxidation: I.175, III.1285, 
III.1553, III.1581, III.1589, III.1663

Steam power plant: I.261, II.931, 
II.949
Steam side oxidation: II.1065
Steam turbine: I.41
Steam: III.1469
Steamside oxidation and 
resistance: II.893
Steamside oxidation: III.1503
Steel tubes: III.1571
Steel: III.1381
Stellite: II.699
Storage: I.161
Strain rate: III.1651
Strain: III.1309
Straw: I.245
Strength: III.1381
Stress analysis: II.829
Stress and/or strain effect: III.1227
Stress exponent: II.1011
Stress: II.619
Structural analyses: II.773, III.1449
Structural stability: III.1357
Structure analysis: I.377
Structure degradation: I.377
Structure stability: III.1609
Superalloy: I.205, I.317, I.355, 
I.365, I.393, I.435, I.507, I.521, 
II.595, II.607, II.645, II.675, II.699, 
III.1609
Supercritical: II.931
Superheater tubes: III.1597
Superplasticity: II.819
Surfaces: III.1581
Sustainable development: I.5
Syngas: I.233  
T/P23: II.997
T122: II.1095
TBC: II.717
TCP phase: I.541
TEM: III.1171, III.1181, III.1401, 
III.1619
Temperature estimation: II.737
Tensile test: III.1651
Testing: III.1479
Thermal analysis: II.829
Thermal barriers: II.707
Thermal barrier coating: II.727
Thermal cycles: II.717
Thermal cycling: II.727, II.747
Thermal exposure: II.793



XII

Thermal fatigue: I.175, I.393, I.413
Thermal mechanical fatigue: I.347
Thermal shock: II.707
Thermal spraying: III.1553
Thermal welding cycle: III.1417
Thermo mechanical fatigue: I.287
Thermodynamic and kinetic 
modelling: III.1449
Thermodynamic modelling: II.665
Thermo-physical properties data: 
III.1683
Ti2AINb: II.767
Ti6242: II.773
TiAl: II.783
Titanium alloy: II.767
TLP bonding: II.627
Tomography: I.521
TP347H FG: III.1503
Tungsten: I.561
Turbine: I.233, I.365, II.699
Type 316H: III.1673
U720Li: I.385
Ultrasupercritical: I.107
USC plant: III.1589
USC: III.1609
Variable creep loading: II.1127
VM12: II.1065, II.1077, III.1369
VN precipitation: III.1319
Wallpapering: III.1491
Waspaloy: III.1629
Waste incineration: III.1523
Water quenching: II.1019
Web-enable data: III.1683
Web-services: III.1683
Weld joints: III.1449
Weld: III.1381
Weldability: II.855, II.893, III.1331
Welded joints: III.1331
Welding of pipe E911: II.871
Welding: III.1369, III.1401
Woodchip: I.245
Wrought Ni-based superalloy: 
I.403
YH61: I.355
Z phase: II.917, III.1171, III.1227, 
III.1241, III.1267, III.1275
Zirconia: II.717



Schriften des Forschungszentrums Jülich 
Reihe Energietechnik / Energy Technology 

1. Fusion Theory 
Proceedings of the Seventh European Fusion Theory Conference 
edited by A. Rogister (1998); X, 306 pages 
ISBN: 3-89336-219-3 

2. Radioactive Waste Products 1997 
Proceedings of the 3rd International Seminar on Radioactive Waste Products 
held in Würzburg (Germany) from 23 to 26 June 1997 
edited by R. Odoj, J. Baier, P. Brennecke et al. (1998), XXIV, 506 pages 
ISBN: 3-89336-225-8 

3. Energieforschung 1998 
Vorlesungsmanuskripte des 4. Ferienkurs „Energieforschung“  
vom 20. bis 26. September 1998 im Congrescentrum Rolduc und  
im Forschungszentrum Jülich 
herausgegeben von J.-Fr. Hake, W. Kuckshinrichs, K. Kugeler u. a. (1998),  
500 Seiten 
ISBN: 3-89336-226-6 

4. Materials for Advances Power Engineering 1998 
Abstracts of the 6th Liège Conference 
edited by J. Lecomte-Beckers, F. Schubert, P. J. Ennis (1998), 184 pages 
ISBN: 3-89336-227-4 

5. Materials for Advances Power Engineering 1998 
Proceedings of the 6th Liège Conference  
edited by J. Lecomte-Beckers, F. Schubert, P. J. Ennis (1998),  
Part I XXIV, 646, X pages; Part II XXIV, 567, X pages; Part III XXIV, 623, X 
pages
ISBN: 3-89336-228-2 

6. Schule und Energie 
1. Seminar Energiesparen, Solarenergie, Windenergie. Jülich, 03. und 
04.06.1998
herausgegeben von P. Mann, W. Welz, D. Brandt, B. Holz (1998), 112 Seiten 
ISBN: 3-89336-231-2 

7. Energieforschung
Vorlesungsmanuskripte des 3. Ferienkurses „Energieforschung“  
vom 22. bis 30. September 1997 im Forschungszentrum Jülich 
herausgegeben von J.-Fr. Hake, W. Kuckshinrichs, K. Kugeler u. a. (1997), 
505 Seiten
ISBN: 3-89336-211-8 



Schriften des Forschungszentrums Jülich 
Reihe Energietechnik / Energy Technology 

8. Liberalisierung des Energiemarktes
Vortragsmanuskripte des 5. Ferienkurs „Energieforschung“  
vom 27. September bis 1. Oktober 1999 im Congrescentrum Rolduc und  
im Forschungszentrum Jülich 
herausgegeben von J.-Fr. Hake, A. Kraft, K. Kugeler u. a. (1999), 350 Seiten 
ISBN: 3-89336-248-7 

9. Models and Criteria for Prediction of Deflagration-to-Detonation Transition 
(DDT) in Hydrogen-Air-Steam-Systems under Severe Accident Conditions 
edited by R. Klein, W. Rehm (2000), 178 pages 
ISBN: 3-89336-258-4 

10. High Temperature Materials Chemistry 
Abstracts of the 10th International IUPAC Conference, April 10 - 14 2000, Jülich 
edited by K. Hilpert, F. W. Froben, L. Singheiser (2000), 292 pages 
ISBN: 3-89336-259-2 

11. Investigation of the Effectiveness of Innovative Passive Safety Systems for 
Boiling Water Reactors 
edited by E. F. Hicken, K. Verfondern (2000), X, 287 pages 
ISBN: 3-89336-263-0 

12. Zukunft unserer Energieversorgung 
Vortragsmanuskripte des 6. Ferienkurs „Energieforschung“  
vom 18. September bis 22. September 2000 im Congrescentrum Rolduc und  
im Forschungszentrum Jülich  
herausgegeben von J.-Fr. Hake, S. Vögele, K. Kugeler u. a. (2000),  
IV, 298 Seiten 
ISBN: 3-89336-268-1 

13. Implementing Agreement 026 
For a programme of research, development and demonstration on advances fuel 
cells
Fuel Cell Systems for Transportation 
Annex X. Final Report 1997 - 1999 
edited by B. Höhlein; compiled by P. Biedermann (2000), 206 pages 
ISBN: 3-89336-275-4 

14. Vorgespannte Guß-Druckbehälter (VGD) als berstsichere Druckbehälter für 
innovative Anwendungen in der Kerntechnik 
Prestressed Cast Iron Pressure Vessels as Burst-Proof Pressure Vessels for 
Innovative Nuclear Applications 
von W. Fröhling, D. Bounin, W. Steinwarz u. a. (2000) XIII, 223 Seiten 
ISBN: 3-89336-276-2 



Schriften des Forschungszentrums Jülich 
Reihe Energietechnik / Energy Technology 

15. High Temperature Materials Chemistry 
Proceedings of the 10th International IUPAC Conference 
held from 10 to 14 April 2000 at the Forschungszentrum Jülich, Germany 
Part I and II 
edited by K. Hilpert, F. W. Froben, L. Singheiser (2000), xvi, 778, VII pages  
ISBN: 3-89336-259-2 

16. Technische Auslegungskriterien und Kostendeterminanten von SOFC- und 
PEMFC-Systemen in ausgewählten Wohn- und Hotelobjekten 
von S. König (2001), XII, 194 Seiten 
ISBN: 3-89336-284-3 

17. Systemvergleich: Einsatz von Brennstoffzellen in Straßenfahrzeugen 
von P. Biedermann, K. U. Birnbaum, Th. Grube u. a. (2001), 185 Seiten 
ISBN: 3-89336-285-1 

18. Energie und Mobilität 
Vorlesungsmanuskripte des 7. Ferienkurs „Energieforschung“  
vom 24. September bis 28. September 2001 im Congrescentrum Rolduc und  
im Forschungszentrum Jülich  
herausgegeben von J.-Fr. Hake, J. Linßen, W. Pfaffenberger u. a. (2001),  
205 Seiten 
ISBN: 3-89336-291-6 

19. Brennstoffzellensysteme für mobile Anwendungen 
von P. Biedermann, K. U. Birnbaum, Th. Grube u. a. (2002) 
PDF-Datei auf CD 
ISBN: 3-89336-310-6 

20. Materials for Advances Power Engineering 2002 
Abstracts of the 7th Liège Conference 
edited by J. Lecomte-Beckers, M. Carton, F. Schubert, P. J. Ennis (2002), 
c. 200 pages 
ISBN: 3-89336-311-4 

21. Materials for Advanced Power Engineering 2002 
Proceedings of the 7th Liège Conference  
Part I, II and III 
edited by J. Lecomte-Beckers, M. Carton, F. Schubert, P. J. Ennis (2002),  
XXIV, 1814, XII pages  
ISBN: 3-89336-312-2 

22. Erneuerbare Energien: Ein Weg zu einer Nachhaltigen Entwicklung? 
Vorlesungsmanuskripte des 8. Ferienkurs „Energieforschung“  
vom 23. bis 27. September 2002 in der Jakob-Kaiser-Stiftung, Königswinter  
herausgegeben von J.-Fr. Hake, R. Eich, W. Pfaffenberger u. a. (2002),  
IV, 230 Seiten 
ISBN: 3-89336-313-0 



Schriften des Forschungszentrums Jülich 
Reihe Energietechnik / Energy Technology 

23. Einsparpotenziale bei der Energieversorgung von Wohngebäuden durch 
Informationstechnologien 
von A. Kraft (2002), XII, 213 Seiten 
ISBN: 3-89336-315-7 

24. Energieforschung in Deutschland 
Aktueller Entwicklungsstand und Potentiale ausgewählter nichtnuklearer 
Energietechniken
herausgegeben von M. Sachse, S. Semke u. a. (2002), II, 158 Seiten, 
zahlreiche farb. Abb. 
ISBN: 3-89336-317-3 

25. Lebensdaueranalysen von Kraftwerken der deutschen Elektrizitäts-
wirtschaft 
von A. Nollen (2003), ca. 190 Seiten 
ISBN: 3-89336-322-X 

26. Technical Session: Fuel Cell Systems of the World Renewable Energy 
Congress VII 
Proceedings
edited by D. Stolten and B. Emonts (2003), VI, 248 pages 
ISBN: 3-89336-332-7 

27. Radioactive Waste Products 2002 (RADWAP 2002) 
Proceedings
edited by R. Odoj, J. Baier, P. Brennecke and K. Kühn (2003), VI, 420 pages 
ISBN: 3-89336-335-1 

28. Methanol als Energieträger 
von B. Höhlein, T. Grube, P. Biedermann u. a. (2003), XI, 109 Seiten 
ISBN: 3-89336-338-6 

29. Hochselektive Extraktionssysteme auf Basis der Dithiophosphinsäuren: 
Experimentelle und theoretische Untersuchungen zur Actinoiden(III)-
Abtrennung 
von S. A. H. Nabet (2004), VI, 198 Seiten 
ISBN: 389336-351-3 

30. Benchmarking-Methodik für Komponenten in Polymerelektrolyt-Brenn-
stoffzellen
von Matthias Gebert (2004), 194 Seiten 
ISBN: 3-89336-355-6 

31. Katalytische und elektrochemische Eigenschaften von eisen- und kobalt-
haltigen Perowskiten als Kathoden für die oxidkeramische Brennstoffzelle 
(SOFC)
von Andreas Mai (2004), 100 Seiten 
ISBN: 3-89336-356-4 



Schriften des Forschungszentrums Jülich 
Reihe Energietechnik / Energy Technology 

32. Energy Systems Analysis for Political Decision-Making 
edited by J.-Fr. Hake, W. Kuckshinrichs, R. Eich (2004), 180 pages 
ISBN: 3-89336-365-3 

33. Entwicklung neuer oxidischer Wärmedämmschichten für Anwendungen in 
stationären und Flug-Gasturbinen
von R. Vaßen (2004), 141 Seiten 
ISBN: 3-89336-367-X 

34. Neue Verfahren zur Analyse des Verformungs- und Schädigungsverhaltens 
von MCrAlY-Schichten im Wärmedämmschichtsystem 
von P. Majerus (2004), 157 Seiten 
ISBN: 3-89336-372-6 

35. Einfluss der Oberflächenstrukturierung auf die optischen Eigenschaften 
der Dünnschichtsolarzellen auf der Basis von a-Si:H und µc-Si:H 
von N. Senoussaoui (2004), 120 Seiten 
ISBN: 3-89336-378-5 

36. Entwicklung und Untersuchung von Katalysatorelementen für innovative  
Wasserstoff-Rekombinatoren
von I.M. Tragsdorf (2005), 119 Seiten 
ISBN: 3-89336-384-X

37. Bruchmechanische Untersuchungen an Werkstoffen für Dampfkraftwerke 
mit Frischdampftemperaturen von 500 bis 650°C 
von L. Mikulová (2005), 149 Seiten 
ISBN: 3-89336-391-2

38. Untersuchungen der Strukturstabilität von Ni-(Fe)-Basislegierungen für 
Rotorwellen in Dampfturbinen mit Arbeitstemperaturen über 700 °C
von T. Seliga (2005), 106 Seiten
ISBN: 3-89336-392-0

39. IWV-3 Report 2005. Zukunft als Herausforderung 
(2005), 115 Seiten 
ISBN: 3-89336-393-9

40. Integrierter Photodetektor zur Längenmessung
von E. Bunte (2005), XI, 110 Seiten
ISBN: 3-89336-397-1

41. Microcrystalline Silicon Films and Solar Cells Investigated by 
Photoluminescence Spectroscopy
by T. Merdzhanova (2005), X, 137 pages
ISBN: 3-89336-401-3



Schriften des Forschungszentrums Jülich 
Reihe Energietechnik / Energy Technology 

42. IWV-3 Report 2005. Future as a challenge 
(2005), 115 pages 
ISBN: 3-89336-405-6

43. Electron Spin Resonance and Transient Photocurrent Measurements on 
Microcrystalline Silicon
by T. Dylla (2005), X, 138 pages
ISBN: 3-89336-410-2

44. Simulation und Analyse des dynamischen Verhaltens von Kraftwerken mit 
oxidkeramischer Brennstoffzelle (SOFC)
von M. Finkenrath (2005), IV, 155 Seiten
ISBN: 3-89336-414-5

45. The structure of magnetic field in the TEXTOR-DED
by K.H. Finken, S.S. Abdullaev, M. Jakubowski, M. Lehnen, A. Nicolai, 
K.H. Spatschek (2005), 113 pages
ISBN: 3-89336-418-8

46. Entwicklung und Modellierung eines Polymerelektrolyt-
Brennstoffzellenstapels der 5 kW Klasse
von T. Wüster (2005), 211 Seiten
ISBN: 3-89336-422-6

47. Die Normal-Wasserstoffelektrode als Bezugselektrode in der Direkt-
Methanol-Brennstoffzelle
von M. Stähler (2006), VI, 96 Seiten
ISBN: 3-89336-428-5

48. Stabilitäts- und Strukturmodifikationen in Katalysatordispersionen der 
Direktmethanolbrennstoffzelle 
von C. Schlumbohm (2006), II, 211 Seiten 
ISBN: 3-89336-429-3

49. Eduktvorbereitung und Gemischbildung in Reaktionsapparaten zur 
autothermen Reformierung von dieselähnlichen Kraftstoffen 
von Z. Porš (2006), XX, 182, XII Seiten 
ISBN: 3-89336-432-2

50. Spektroskopische Untersuchung der poloidalen Plasmarotation unter dem 
Einfluß statischer und dynamischer Ergodisierung am Tokamak TEXTOR 
von C. Busch (2006), IV, 81 Seiten 
ISBN: 3-89336-433-1 

51. Entwicklung und Optimierung von Direktmethanol-Brennstoffzellstapeln
von M. J. Müller (2006), 167 Seiten 
ISBN: 3-89336-434-X



Schriften des Forschungszentrums Jülich 
Reihe Energietechnik / Energy Technology 

52. Untersuchung des reaktiven Sputterprozesses zur Herstellung von 
aluminiumdotierten Zinkoxid-Schichten für Silizium-
Dünnschichtsolarzellen 
von J. Hüpkes (2006), XIV, 170 Seiten 
ISBN: 3-89336-435-8 

53. Materials for Advanced Power Engineering 2006 
Proceedings of the 8th Liège Conference  
Part I, II and III 
edited by J. Lecomte-Beckers, M. Carton, F. Schubert, P. J. Ennis (2006),  
Getr. Pag. 
ISBN: 3-89336-436-6 



Energietechnik
Energy Technology

Band /Volume 53, Part I
ISBN 3-89336-436-6

COST is supported by the EU framework 
programme

COST is an intergovernmental European frame-
work for international cooperation between
nationally funded research activities. COST
creates scientific networks and enables scientists
to collaborate in a wide spectrum of activities
in research and technology. COST activities are
administered by the COST Office.

ESF provides and manages the scientific and
technical secretariat for COST




