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ABSTRACT

The efficiency of fast neutron reactors, such as for fusion, breeding and transmu-
tation, depend strongly on the neutron radiation resistance of the materials used in
the reactors. The binary Fe-Cr alloy, which has many attractive properties in this
regard, is the base for the best steels of today which are, however, still not up to
the required standards. Therefore, substantial effort has been devoted to finding
new materials that can cope with the demands better. Experimental studies must
be complemented with extensive theoretical modelling in order to understand the
effects that different alloying elements has on the resistance properties of materi-
als. To this end, the first steps of multi-scale modelling has been taken, starting
out with ab initio calculations of the electronic structure of the complete concen-
tration range range of the disordered binary Fe-C alloy. The mixing enthalpy of
Fe-Cr has been quantitatively predicted and has, together with data from litera-
ture, been used in order to fit two sets of interatomic potentials for the purpose
of simulating defect evolution with molecular dynamics and kinetic Monte-Carlo
codes. These dedicated Fe-Cr alloy potentials are new and represent important
additions to the pure element potentials that can be found in literature.
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1 Introduction

This thesis treats one of the central problems concerning future energy pro-
duction and related waste management. Nuclear power has been a reality
in the world since 1942 when the first self-sustained uranium fission pile was
brought to a critical state of operation. We have come quite a long way
since then in terms of technical development. Still, more than 90 % of the
nuclear power produced today comes from light water reactors (LWR), a
technology developed in the late 1950’s.

The LWR design is simple in that it uses ordinary water as coolant and
neutron moderator. It is also inherently safe since the fuel and coolant have
beneficial safety characteristics, such as a significant Doppler feedback1 and
high fraction of delayed neutrons2 of the fuel as well as a negative void
coefficient for the coolant3.

LWRs use enriched uranium oxide as fuel and the fissile part, U-235,
is efficiently fissioned in the thermal neutron flux present in water moder-
ated reactors. The main concern of the public these days is, however, the
back-end of the fuel cycle, since LWRs also produce radioactive nuclides via
neutron capture in U-238 and U-235. A modern LWR, typically, generates 1
GW electrical power with an energy production of about 7.5 TWh per year
using 20 tons of fuel. Fission and neutron capture reactions produce not
only energy but also waste which contains plutonium, minor actinides and
fission products. The plutonium is, depending on country and policy, either
regarded as fuel or as radioactive waste. The minor actinides neptunium,
americium and curium, are all long-lived radiotoxic nuclides. The fission
products are also radiotoxic but generally have shorter half-lives than those
of the minor actinides. Besides being a waste problem, the accumulation of
fission products is limiting the time a fuel element can remain in the core
before it has to be replaced.

If the spent fuel from an LWR is placed in deep underground deposits,
it would take several hundred thousand years for the specific toxicity to fall
off to the average level of natural uranium ore. This time span is so long
that it strains our capabilities to comprehend, as it goes beyond the time
scale of human cultural experience. A thousand years is easier to grasp. For
instance, we have at least five thousand years of recorded history in terms
of archeological findings and even pictorial and written documents. It is
rather naive to think that we today can anticipate what will transpire over
a time span of several hundred thousand years, except perhaps from a purely

1The neutron capture cross section of U-238 has sharp resonances which are Doppler
broadened when the temperature of the fuel is raised.

2The delayed neutrons are those not released in the fission reaction itself but rather in
the decay of the fission products.

3The void coefficient measures the effect on reactivity when there is a change in density
of the coolant.
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geological perspective. One of the concerns is that some future event could
erase the record of the deep deposits and future generations might mine or
make excavations into the canisters and thus release the toxic nuclides. It
is, therefore, well justified to do something to shorten the time needed for
the deposited waste to fall off to harmless levels of radiotoxicity.

Different alternatives can be considered, for example, the waste can be
diluted to extremely low concentrations but then much larger deposits are
needed which is undesirable. An extreme case would be to dump the waste
in the oceans. Even if it were politically possible, it would not be practical,
as the heavy transuranic elements are not very mobile or soluble in water. In
any case the risk of proliferation of fission material is great in this scenario.
Digging very large deep storages is another alternative of dilution but the
cost would be prohibitive.

A technically advanced alternative is to process the waste by transmuting
it to nuclides of shorter half-lives. The toxicity of spent fuel is dominated
by transuranic elements, of which plutonium, americium and curium are
the most toxic ones. These can be fissioned in a plant that is dedicated
to diminishing these nuclides. All transuranic elements are fertile, or even
fissile to some extent, and could be used as complementary fuel in a LWR.
However, the low energy (thermal) neutrons that mainly drive the fission
process in U-235 are more likely to produce more transuranic elements by
neutron capture than they are to reduce them through fission.

In order to minimise the production of transuranic elements, especially
neutron emitting curium and californium nuclides, the ratio of neutrons
causing fission to those suffering capture should be increased. To this end,
the neutron flux field in the reactor must have higher energy than that in an
LWR. This is often referred to as a fast neutron flux. In other words, a fast
neutron reactor dedicated to nuclide transmutation, a so called transmuta-
tion reactor, is needed in order to reduce the minor actinides in the waste
coming from fission power reactors such as the LWR.

Advanced reactors, see chapter 2, such as for transmutation, breeding
and fusion, are lacking in operational experience and are expected to suffer
from severe radiation effects on the materials due to the fast neutron flux.
Fast neutrons are also present in LWRs but the intensity is so low that the
first signs of material degradation has only been observed after more than
30 years of operation. In advanced reactors, the rate of material degradation
will be much higher and this problem has to be resolved.

The main focus of this thesis is to study the effect of fast neutrons on
materials of potential interest for use in reactors. Experimental studies are
mostly limited to macroscopic mechanical properties of certain metals and
alloys. In order to obtain a deeper understanding of what effect each alloying
element has on the properties of the material, the experimental work has to
be complemented with theoretical modelling since microscopic effects, which
are difficult to measure, contribute greatly to the macroscopic behaviour
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of the materials. Considerable effort is devoted to finding alloys that are
resistant to the mechanical degradation caused by fast neutron radiation.
The alloys based on iron and chromium have attractive properties with
respect to resistance both against radiation damage and to corrosion due to
liquid metals. However, the materials that are available today are deemed
not to be up to the required standards. The life time of the material has
direct impact on the economics of fast neutron reactors. Therefore, a better
understanding of how the fundamental properties of alloys depend on the
composition and structure of the material is needed.

The following chapter describes advanced reactors and the kind of neu-
tron fluxes they have to deal with. Subsequently, the material modifications
caused by fast neutrons are described and an explanation is given to why
the present materials are not expected to perform satisfactorily. The theo-
retical modelling needed to create an understanding of the effects of varying
material compositions is described in some detail. Finally, the steps in this
modelling procedure that we have performed so far are presented.
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2 Advanced reactors

Advanced nuclear reactor concepts are much discussed but there is little
or no operational experience. The category covers the range from fusion
reactors to fast breeder and transmutation reactors, the latter including
accelerator driven systems (ADS). These concepts incorporate several inno-
vative designs in themselves as will be discussed below. Common for them is
the presence of a high intensity fast neutron flux emanating from the reactor
core in fission and transmutation reactors and from the burning plasma fuel
in fusion reactors. The details of the consequences for the materials in the
fast neutron fluxes will be discussed in chapter 3.

Neutrons are conveniently categorised according to kinetic energy range,
see table 1. Light water reactor operation is based on the thermal component
and the advanced reactors on the fast component of the neutron flux field,
although the neutron fluxes in all reactors have energy distributions which
ranges from the cold to the fast.

Table 1: Categorisation of neutron kinetic energy
cold < 2 meV

thermal 2 meV – 100 meV , where 25 meV ≈ 300 K
epithermal 100 meV – 1 eV

intermediate 1 eV – 0.8 MeV
fast > 0.8 MeV

2.1 Fusion

In fusion research, several new technologies and materials are needed in order
to develop a reactor that can create a plasma in which the fuel of deuterium
and tritium ions can burn in a sustained way. The fusion reaction in itself is
not too difficult to achieve but the problem lies in achieving the fuel density
and temperature needed to reach reaction rates corresponding to the energy
release levels of about 1 GW that a thermonuclear reactor requires.

Magnetic confinement is the main track of fusion research and has been
the most successful so far. The general idea is to heat up a plasma, using
external power sources, to the extreme temperatures where fusion occurs at
such a rate that the energy released sustain the temperature of the plasma.
For this to be possible the plasma needs to have a temperature of the order
of a few hundred million degrees, or about 10 keV. It is clearly not possible
to contain matter of this temperature in an ordinary vessel. Therefore, one
practical solution is to use a plasma of charged particles, ions and electrons,
which can be confined in vacuum in a closed magnetic field which effectively
forms a bottle for the fusion fuel. There are several experimental facilities
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in the world today but so far none have reached ignition, where the plasma
will burn by its own fusion power.

The most common reactions in fusion plasmas are

d+ t→ α+ n+ 17.6 MeV (1)

,

d+ d→ {
3He+ n+ 3.2 MeV

t+ p+ 4.0 MeV
(2)

with a branching ratio of about 50:50 and

3He+ d→ α+ p+ 18.4 MeV (3)

where d is a deuteron, t is a triton, n is a neutron, p is a proton and α is a
4He nucleus. The outgoing neutrons of reactions 1 and 2 have energies of 14,
respectively, 2.5 MeV. Even though reaction 3 has the highest fusion power
release, it does not produce any neutrons. Thus, the fusion products will all
be confined by the plasma and all produced fusion power will dissipate to
the vessel wall surface. There is a crucial difference for the dt reaction, since
it, like the dd reaction, produces a fast neutron which interacts relatively
weakly with matter and results in deep penetration and bulk heating. This
is a mixed blessing, since the thermal energy is extracted without risk of
melting the first wall but it is also non-trivial to capture the fast neutrons
without damaging the intermediate materials.

The dt reaction has the highest cross section and is the best candidate for
a reactor. Tritium, with a half life of 12.3 years, is not a naturally occurring
isotope and needs to be produced in some way. The model solution is coupled
with the problem of extracting the kinetic energy of the neutrons to produce
electricity. Tritium can be bred through the fusion reactions

n+6 Li→ t+ α+ 4.8 MeV (4)

n+7 Li→ t+ α+ n− 2.5 MeV. (5)

A reactor with a Pb-Li blanket can in principle produce the needed new
tritium, besides acting as heat absorber. In this design, the lithium is the
tritium breeder while lead acts as neutron multiplier and main heat absorber.

In order to reach ignition, i.e. the power producing state, a very high
reaction rate is needed. Since each fusion reaction produces one neutron,
there would in a real fusion reactor be a high fluence of 14-MeV neutrons that
would seriously affect the structure material. However, the temperatures in
the structural material supporting the Pb-Li as well as the vessel wall would
not be as high as in the core of an advanced fission reactor and therefore the
evolution of the radiation damage would not be as rapid but there would be
a substantial rate of helium generation due to the 14-MeV neutrons.
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Figure 1: A cut away view of the Joint European Torus (JET) located in
Culham, England. The great spokes form the transformer that drives the
current in the plasma which is confined in the central toroidal vessel. The
man standing in the lower left corner gives a general idea of the dimensions
of the machine.
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2.2 Breeding

A breeder reactor is designed to produce not only energy but also fissile
material at a higher rate than the original fissile fuel is consumed. A typical
example is a reactor fueled by U-235 with a blanket of U-238, which is the
fertile nuclide, from which the fissile Pu-239 is bred. The Pu-239 nuclide is
created through neutron capture in U-238 and two successive beta decays,
i.e.,

n+238 U→239 U→239 Np + β− →239 Pu + β− (6)

The breeding time depends on the life times of the intermediate isotopes,
i.e., 23.5 minutes for U-239 and 2.4 days for Np-239. Fission of U-235
gives an average of 2.4 neutrons and thus and since at least one is needed
to sustain the chain reaction, 1.4 neutrons are at the most available for
breeding. In natural uranium, 0.7% is the fissile U-235 and the rest is U-
238. With a uranium breeder reactor it is possible to use both Pu-239 and
U-235 as fuel. Thus one can, in principle, use all natural uranium as an
energy source, effectively increasing the world’s uranium fuel supply by two
orders of magnitude compared to using only U-235 as is done today in LWRs.

An efficient breeder cannot use liquid water cooling since the mean free
path for neutrons is too short. To let the breeding neutrons reach the blanket
efficiently, one must instead use a liquid metal or a gas as coolant of which
liquid sodium is commonly used in fast breeder reactors. The fast neutrons
will, except for breeding new fuel, also damage the structural material in
the reactor vessel faster than the neutrons in a water moderated system.

Breeder reactors can also be used to burn minor actinides. However, not
without compromising the safety parameters. Thus a reactor dedicated to
large scale burning of americium and curium is needed and can be conceived
by ensuring that the reactor cannot sustain a chain reaction without an
external neutron source. In such a subcritical reactor, with an accelerator
driven neutron source, minor actinides can safely be transmuted.

2.3 Transmutation

The introduction of americium in the fuel of fast neutron reactors leads to a
higher void coefficient, smaller Doppler feedback and lower effective fraction
of delayed neutrons. Hence, it is difficult to safely operate such a reactor
in a critical state. In order to achieve large scale burnup of americium, the
implementation of accelerator driven systems (ADS) has been proposed.

An ADS consists of a sub-critical reactor core and a proton acceler-
ator that via spallation produces high energy neutrons. The operational
criticality, and thus the most important safety parameter, of the reactor is
controlled by adjusting the power of the accelerator beam.

Under operation, the accelerator continuously feeds 1-GeV protons into a
lead-bismuth target in the center of the reactor core. The fast protons causes
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spallation reactions in the lead nuclei producing typically 20 neutrons per
incident proton. Since the core by itself is subcritical, these neutrons are
required for steady state operation of the transmutation reactor.

The neutron spectrum is essentially the same as that of a fast breeder
reactor and, hence, the activity from the produced curium might constitute a
problem. In order to decrease the production of curium, a novel core design
has been proposed with neutron absorbers such as 10B in the core [1] to
suppress the soft part of the neutron flux and, hence, harden the neutron flux
field in the reactor. Thus, the increased fraction of fast neutrons is available
to enhance the fission to absorption reaction ratio of the neutron-nuclide
interactions. As a consequence the production of of the most radiotoxic and
long lived nuclides is decreased. In the ADS scheme with neutron absorbers,
the produced amount of curium is decreased so that reprocessing becomes
less cumbersome.

A stand alone ADS would not be economically feasible but it could be
as a part of a greater reactor park where the increased cost of the produced
electricity is justified by the waste burning capability. One such scheme is
the so called double strata fuel cycle, proposed by JAERI in Japan [2, 3] and
refined by CEA in France [4] (see figure 2). The spent fuel from the LWR is
first partitioned so that plutonium and minor actinides are separated. Most
of the extracted plutonium is used as fuel together with uranium in LWRs
and a minor part is used in dedicated fast neutron reactors for plutonium
burning. All the minor actinides from both the LWRs and the plutonium
burners are sent for subsequent treatment in transmutation reactors. This
scheme provides a fully closed fuel cycle and comes at a reasonable added
cost for the produced power.
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74.5% LWR

6.0% ADS

19.5%

Fast 

reactor12 ton Pu

3.8 ton MA

16 ton Pu 40 ton Pu

27 ton TRU

2.8 ton MA

Figure 2: Example of a European double strata fuel cycle. The arrows and
numbers represent mass flows and fractional power production. The first
stratum uses the Pu from the LWR and recycles it in the fast reactors while
the second stratum burns all the minor actinides (MA) and other transuranic
elements (TRU).

3 Neutron radiation effects in materials

Neutrons interact only with the nuclei in materials and consequently, the
cross section of neutron-matter interaction is lower than that of charged
particles, resulting in a greater penetration depth. However, since neutrons
are nucleons they can be absorbed by nuclei forming new nuclides which
in turn form still other ones through decay. Generally, neutron interaction
with matter can be divided into the following categories

• Elastic scattering - The neutron is scattered on the nucleus and the
kinetic energy of the system is conserved.

• Inelastic scattering - The neutron scatters but part of the neutron
energy is absorbed in the nucleus and is usually emitted as gamma
radiation.

• Capture - The neutron is absorbed into a nucleus and the new isotope
emits the excess energy as γ radiation.

• Fission - The neutron is absorbed into a nucleus which becomes un-
stable and fissions, producing two lighter nuclei and neutrons.

• Particle production - The neutron knocks out part of the nucleus, such
as neutrons, protons, deutrons, α-particles, etc.
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Figure 3: Examples of neutron-matter interaction. The number of neutrons
in each nuclei is Nn. (a) Elastic scattering on Fe. (b) Inelastic scattering on
Fe. (c) Neutron capture in Fe. (d) Fission of Fe, releasing one neutron. (e)
Production of an alpha particle from Fe.

The transport of fast neutrons through matter is predominately affected
by elastic and inelastic scattering events in which the hit atoms recoil from
their fixed position in the lattice. These are referred to as the primary knock-
on, or recoil, atoms. If the incident neutron has a kinetic energy in the range
of about 50 eV to 20 keV, the primary recoil atom can start a cascade of
collisions with atoms which are displaced from their original lattice sites (see
figure 4). The displaced atoms, that initially appear in the cascade region
of the material, form what is referred to as the primary damage state and
represents a local melting of the crystal. During the first few pico-seconds,
the temperature dissipates and most atoms recombine into the lattice sites.

The atoms that do not recombine leave behind defects in the form of sin-
gle or clustered vacancies and self-interstitial atoms in the cascade region.
The evolution of these primary defects in the cascade region is the main
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focus of cascade damage studies and consequently important for the over-
all picture of radiation damage studies. Since fast neutrons typically have
kinetic energies of about 1Mev it is fortunate, for reasons of computational
limits, that primary recoils of higher energy than 20 keV normally gener-
ate several sub-cascades. These sub-cascades can, to a first approximation
be considered as separated and non-interacting, thus making it possible to
perform computer simulation of cascades resulting from fast neutrons.
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Figure 4: Cartoons of cascades from incident neutrons. (a) The energy
transfer is not larger than 20 keV and thus only one cascade is created.
(b) The energy transfer is substantially larger than 20 keV, resulting in
subcascade creation.

Fast neutrons can also cause nuclear reactions producing protons and α-
particles that can recombine to form hydrogen and helium gas. The following
sections discuss the time evolution of defects and gas produced in cascades.

3.1 Swelling

Swelling was first observed in the Dounray fast reactor [5] and has been
identified as a significant limit to the achievable burnup in fast neutron
reactors. Several phenomenological models, based on assumptions about
the processes that govern the evolution of different defect types, have been
attempted in order to describe the empirically observed swelling due to elec-
tron, ion and neutron radiation. In the cases of electron and ion radiation
induced swelling, where the created defects are dominated by single vacan-
cies and interstitials, the models have had great success in predicting the
measured effects. This has not been the case for neutron radiation, where
the high fraction of clustered defects relative to singles causes complications.

It is understood that neutron radiation induced swelling is a multi-stage
process. In the initial stage the mobile interstitial singles and clusters are
transported to the grain boundary while the vacancies remain in the bulk of
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the grain which consequently must swell. The standard rate theory used to
describe this process [6, 7] assumes three dimensional diffusion of all defects
and that only single interstitials and vacancies are created in the cascade.
This model underestimates the measured swelling induced by neutron irra-
diation for low doses since the interstitials can be trapped on dislocations
and recombine with vacancies. The production bias model [8, 9, 10] assumes
that interstitial clusters are created in cascades and migrate one dimension-
ally, allowing them to slip past dislocations to reach the grain boundary.
The production bias model has successfully predicted the initial stage of
swelling in, for instance, copper.

In the later stage of the evolution of swelling, the vacancies form large
clusters (voids) that can attract the helium resulting from neutron interac-
tions. When the voids fill with helium and their internal pressure increases,
this adds further to their growth rate, resulting in rapid deterioration of the
mechanical properties of the material.

The rate of swelling depends on the irradiation dose rate [11] but also on
the temperature of the material and its composition if it is an alloy. In order
to analyse this complex swelling behaviour, it is necessary to understand
the response to variations in dose rate and temperature in simple model
materials. For doses up to 30 displacements per atom (DPA) 4 in pure iron,
the swelling rate as function of temperature exhibits two peaks, namely,
at 400 and 500◦C (figure 5a) which fall in the temperature range typical
for reactor operation. It should be noted that measurements on pure iron
exhibit an order of magnitude difference in swelling rates (see figure 5b
[11, 12]) and this kind of discrepancy makes correct theoretical modelling of
the effect harder.

For iron-chromium alloys, the peak swelling as function of Cr content is
complicated (figure 5b). However, the apparent general minimum at about
3% has been qualitatively attributed to a trapping of interstitial clusters on
chromium atoms, thus allowing the interstitials to recombine more efficiently
with the less mobile vacancies [11]. The peak swelling maximum found for
the high dose measurements at about 8% Cr has not yet been explained
satisfactorily. Chromium precipitation effects, which start to occur at a Cr
content of about 10%, decrease the swelling for large doses but enhance it
for low doses. In general, theoretical models have yet to explain the complex
swelling behaviour of iron alloys.

3.2 Embrittlement

Fast neutrons do not only cause swelling in materials, they also increase
the rate of embrittlement and solute precipitation. Pure iron goes from

4The DPA is a measure of the “damage energy” deposited in a material by the irradi-
ating particles. It is the number of times an atom could be permanently displaced from a
lattice site to a stable interstitial site by this damage energy.
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Figure 5: (a) The swelling rate in pure iron for doses of 23 to 30 DPA [11].
(b) The peak swelling at ∼ 400◦C as function of Cr content [11, 12, 13].

brittle to ductile at a temperature of 400 K but irradiation can shift the
transition temperature to 600 K [14]. Clearly this is not acceptable for
reactor materials which must remain ductile under irradiation conditions
over the entire life time of the reactor. Iron-chromium alloys are of interest in
this application as they have a lower ductile-to-brittle transition temperature
with a minimum for Cr contents of 3-9%.

The stress-strain relationship for materials is crucial in determining whether
it is ductile or brittle. A ductile material is plastically deformed over a great
range of strain and eventually breaks at a certain critical value. When com-
paring measurements on unirradiated and irradiated materials it is seen
that the latter responds with a higher stress, but breaks at a lower strain
value than the unirradiated material [15, 16] which responds with a more
symmetric stress around the strain value corresponding to maximum stress
(figure 6).

The irradiation induced hardening is caused by the interaction of defect
clusters and solute precipitates with the dislocations created by the strain.
Cascades accelerate the formation of solute precipitates and these pin dis-
locations, making it harder to strain the material at the cost of a decreased
critical strain value.

Successful modelling of both embrittlement and swelling depends on the
interatomic potentials that are used to describe interactions between the rel-
evant constituents of the material. This, in turn, is the basis for performing
molecular dynamics simulations that are needed to describe the evolutionary
aspects of neutron radiation phenomena.
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Figure 6: Stress-strain curves of the martensitic stainless steel DIN 1.4926
for unirradiated and irradiated samples at 300 K [15].

3.3 Corrosion and thermal conductivity

The materials in reactors are not only affected by the radiation of fast neu-
trons, but are also subject to other aggressive conditions such as that pre-
sented by the use of liquid metal coolants and the high operating temper-
atures. Lead-bismuth is highly corrosive on iron and this is remedied by
introducing an alloying element that segregates to the surface. Chromium
can serve well as a corrosion damper and is also attractive since it can im-
prove the mechanical properties with respect to their radiation resistance,
as already discussed.

However, a concentration of more than 10% Cr is necessary to provide
sufficient corrosion protection and the minima in ductile to brittle transition
temperature is for concentrations of 3-9% Cr. Hence, this binary alloy can-
not be used to resolve this problem since it is the segregation of chromium
that provides both the embrittlement and the corrosion resistance. Conse-
quently, the alloys proposed as reactor material have a chromium concen-
tration of about 9%, as a compromise.

It is desirable to operate reactors with as small gradients in the core
as possible in terms of power and temperature. Since fast neutron reactors
with liquid metal coolants operate at several hundred degrees Kelvin, it is
necessary to have fuel cladding material with a high thermal conductivity.
Therefore, iron based alloys are well suited as the basis for reactor materials.
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4 Multi-scale modelling

Transition metals, such as iron and chromium, are of such complexity that
even to try describing atomistic dynamics of such systems is beyond the ca-
pabilities of the most advanced quantum mechanical theory. For instance,
the processes of swelling and embrittlement of materials are strongly dy-
namical and dependent on both intra- and inter-granular effects. In order
to describe these, one would have to invoke many approximations and use
several overlapping theoretical models.

However, to begin the modelling procedure of complex materials, ab
initio quantum mechanical calculations can provide accurate predictions of
the basic properties that are needed in order to improve the further ap-
proximation models which, although less accurate, can allow much faster
computation.

In the case of the binary Fe-Cr alloy, we start out with ab initio calcu-
lations of the electronic structure on rigid lattices. This is used to predict
the fundamental properties of the alloy which are, in turn, used to fit in-
teratomic potentials describing the interaction between atoms in the alloy.
Once the potentials are available, they can be used in molecular dynamics
simulations of defect production and related material properties, as well as
kinetic Monte-Carlo (KMC) simulations of the long term defect evolution.

In the microscopic quantum mechanical description it is possible to treat
length scales of the order of Ångström and time scales of the order of femto-
seconds at the most. In the advanced kinetic Monte-Carlo models it is
possible to treat length scales of hundreds of nano-meters and macroscopic
time scales of years or more. The approach of using overlapping theories
to treat time and length scales of increasing magnitude is called multi-scale
modelling.

4.1 Ab initio electronic structure

The electronic structure determines the fundamental properties of atoms in
solids and can be treated by ab initio quantum mechanics. The nuclei in
solids can be treated as fixed (the Born-Oppenheimer approximation) as far
as the electronic part is concerned since electrons are so much lighter than
nuclei and move so much faster, i.e.,

√
Mnuc

mel
≈ ωel
ωnuc

≈ 100. (7)

For example, iron consists of 26 electrons around a nucleus of an equal
number of protons and, depending on isotope, between 28 and 32 neutrons.
The nuclei are treated as fixed point objects with 26 positive elementary
charges and only the valence electrons contribute significantly in the deter-
mination of the characteristics of the solid. The remaining electrons can be
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considered as a soft core belonging to each nucleus. Several approximations
beyond these are needed in order to be able to solve the problem numeri-
cally. The following section gives a technical description of the models and
approximations in the computer codes used in this study.

4.1.1 Density functional theory

In 1964 P. Hohenberg and W. Kohn [17] published a theory able to treat an
inhomogeneous electron gas. One year later, Kohn and Sham [18] developed
a method for practical application of the Kohn-Hohenberg theory. Together
these two articles established the base of density functional theory as a
means to solve the Schrödinger equation

[
− ~

2

2m
∇2 + V (r)

]
ψ(r) = Eψ(r) (8)

for complex systems.
An effective one-electron potential is used to represent the electronic

interactions in complex many-body systems such as transition metals. The
resulting set of equations to be solved is called the Kohn-Sham equations
(9,10,11) [

− ~
2

2m
∇2 + veff (r)

]
ψi(r) = εiψi(r) (9)

where veff (r) is the effective one-electron potential as a functional of the
electron density:

veff (r) = veff [n(r)] = vext(r) + e2

∫
d3r′

n(r)

|r− r′| + vxc[n(r)]; (10)

here vext(r) is an external potential, vxc is the exchange-correlation potential
and the electron density is

n(r) =
N∑

i=1

|ψi(r)|2 (11)

These equations are exact and can be solved iteratively towards self-
consistency. However, the exchange-correlation potential vxc is not known
and an approximation model has to be introduced. There are several pos-
sible choices but the one most commonly used is the local density approx-
imation (LDA) [19]. It assumes that the exchange-correlation energy per
electron at a point r in the electron gas of the solid, is equal to that for a
homogeneous electron gas of the same electron density at that point.

The LDA model works well for systems with slowly varying charge den-
sities. However, it is known to predict too strong bindings in solids and
lattice parameters that are too small. This problem can partly be remedied
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with the generalized gradient approximation (GGA) [20] where the gradient
of the local charge density is taken into account. Both the LDA and the
GGA models have their shortcomings, especially, when it comes to complex
crystallographic structures and directional properties like magnetism. For
instance, they both predict a lattice parameter that is too small for iron.
However, they are the best approximations we have at our disposal and
predict most properties with good precision. For iron the GGA model is
the better choice since the LDA fails to predict the crystallographic ground
state energies correctly.

Technically, there are several ways to proceed in order to solve the Kohn-
Sham equations. First, the wave functions have to be expanded in the
framework of some basis set. A recent and efficient basis set is the exact
muffin-tin orbitals proposed by Andersen et al. [21, 22, 23]. This model
assumes that the exchange-correlation potential is represented by a spatially
varying function in the core region around each atom but is constant in the
interstitial region between atoms.

When modelling disordered alloys, the crystallographic sites can not be
fixed to specific atoms and thus one needs to determine averages considering
all possible atomic configurations. The Green’s function approach is suitable
since it entails self-averaging. Moreover, the density of states can be found
from the trace of the imaginary part of the Green’s function. For a one-
electron system, the Green’s function G(r, r′, ε), is defined by

(
~2

2m
∇2 − veff (r) + ε)G(r, r′, ε) = δ(r− r′). (12)

The next theoretical step towards a working code is to solve the problem
of disorder. A perfectly random alloy can be modelled using only one unit
cell. Each studied atom is considered an impurity embedded in an effective
medium which is the concentration weighted average of the constituents.
This, so called, coherent potential approximation, is suitable for alloys where
the constituents are of similar size [24, 25, 26].

The Green’s functions together with the exact muffin-tin orbitals and
the coherent potential approximation offer a complete set of equations for
the determination of the electronic structure of disordered alloys that can
be solved through self-consistent iterations.

4.1.2 Computational methods

From the density functional theory calculations one can predict several in-
teresting alloy properties. These include the total energy, magnetic moment
and density of states for a system with a given lattice parameter and alloy
concentration. The most crucial one is, of course, the total energy since
it indirectly determines many physical properties. The code employed for
the present calculations does not allow for relaxations and thus calculations
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with varying lattice parameters are performed for each specific alloy. The
resulting information on the equation of state5 is used in order to find the
equilibrium properties.

An example of a computed equation of state is shown in figure 7. Only
a few points are usually needed in order to interpolate the equation of state,
but this example indicates how well the code predicts the expected smooth
curve.
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Figure 7: Example of the total energy as function of atomic volume calcu-
lated in the framework of exact muffin-tin orbitals. A fourth degree polyno-
mial is fitted to the points. The equilibrium is at V ≈ 11.4 Å3

All calculations are performed at absolute zero but in order to simulate
high temperature phases it is possible to fix a magnetic configuration that
corresponds to the phase of that temperature. For instance, in ferromagnetic
alloys such as those based on iron, the paramagnetic phases are of high tem-
perature. Paramagnetism can correctly be modelled by randomly inverting
the magnetic moment of half the ferromagnetic atoms, the so called disor-
dered local moments model [24]. For more details regarding the calculation
method see paper I, chapter 2.2.

Since ab initio calculations can only treat a few hundred atoms at the
most while the macroscopic effects of radiation damage depend on dynamical
processes that can include thousands or millions of atoms it is necessary
to use higher levels of approximation. A logical step is to approximate the
electronic interactions by using an interatomic potential and proceed to solve
the equations of motion for the atoms in the solid. The available amount of
measured data on fundamental alloy properties is not sufficient to create a

5The equation of state is the total energy as a function of the lattice parameter or
atomic volume.
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correct interatomic potential. With density functional theory it is possible
to predict the remaining properties.

4.2 Interatomic potentials

Static calculations on atoms in solids can be treated by density functional
theory. However, in order to study the dynamics of the atoms in a solid, the
quantum mechanical treatment of the electronic detail becomes too cumber-
some to be computationally realistic. Therefore, the electronic detail has to
be approximated. A convenient approximation method is the use of an in-
teratomic potential. The dynamical evolution of atoms in the solid can then
be treated for different levels of precision. The equations of motion of the
atoms can be solved directly, using the quantum mechanical wave function
approach but as well by ordinary Newtonian mechanics. In the case of large
systems and long simulation times, stochastic Monte-Carlo methods has to
be used.

In a stochastic model approach, it is possible to treat samples consisting
of millions of atoms which can evolve over macroscopic time scales. The
Newtonian mechanics approach can treat the same number of atoms but
the time scales reach only nano-seconds at the most. This is an enormous
gain in computing efficiency compared to the ab initio electronic structure
calculations but comes at the price of precision.

We have chosen to use the embedded atom method (EAM) of Daw and
Baskes [27] as the formalism for the interatomic potential. This method
describes the energy of an atomic system as given by the functional of its
electron density. The total energy according to the EAM is given by the
sum over the atom energies

Etot =
n∑

i

Ei (13)

where

Ei =
1

2

∑

j

Φ(rij) + F (ρi). (14)

Here Φ(rij) is the pair interaction between atoms i and j, where ρi =∑
j ρ(rij) is the electron density of the system with atom i removed; rij

denotes the distance between atoms i and j. The many-body term F (ρi)
represents the quantum mechanical energy due to the embedding of the atom
i into a homogeneous electron gas of density ρi. This assumption of homo-
geneity is similar to that of the local density approximation (discussed in
section 4.1.1). The EAM approach is based on the use of a central potential
without angular dependence.
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Expanding equations 13 and 14 with respect to the relevant components
of a binary alloy [28] gives

Etot =
∑

iFe

FFe(ρi) +
1

2

∑

iFe,jFe

ΦFeFe(rij) +
1

2

∑

iFe,jCr

ΦFeCr(rij)

+
∑

iCr

FCr(ρi) +
1

2

∑

iCr,jCr

ΦCrCr(rij) +
1

2

∑

iCr,jFe

ΦCrFe(rij) (15)

The pair interaction terms, Φxy, of this expression can be parametrised
as polynomials and, hence, be fitted to experimentally measured values or
to results obtained through ab initio calculations. The embedding function
terms, Fx, are calculated using equation 14, where the total energy of the
constituents is described by the universal Rose expression [29]. The equation
of state of an expanded or compressed perfect crystal can be expressed as a
function of the interatomic separation

ERose(a) = −Ecoh(1 + a)e−a (16)

where

a =

√
9ΩB

Ecoh

(
R1nn

Req1nn
− 1

)
; (17)

here Ω is the atomic volume and B is the bulk modulus while R1nn and
Req1nn denotes the distance to the first nearest neighbour and the equilibrium
distance to the first nearest neighbour.

Although the EAM approach ignores angular effects, it allows for better
transparency in correlating how the changes in the fitting parameters affect
the results of dynamical simulations. However, a concrete problem with
central potentials is the inability to deal with the negative Cauchy pressure,
PC = 1

2(C12 − C44), of, for example, chromium at room temperature. This
problem is circumvented in paper III, by assuming that the simulation tem-
peratures of interest are of such magnitude that chromium is guaranteed to
be paramagnetic and has thus a positive Cauchy pressure. A detailed de-
scription of the potentials we have fitted can be found in papers II and III.

The pair potential terms can be correlated to physical parameters with-
out first doing simulations and seeing how they actually change the evolution
of properties. Two examples of iron pair potentials fitted by us are given
in figure 8. At small interatomic distances the potential governs, for ex-
ample, the behaviour of atoms under cascade conditions where they can be
forced close together. The intermediate range mainly governs the equilib-
rium properties while the long range governs, for instance, correlated motion
of defects.

4.3 Molecular dynamics

Molecular dynamics was first developed by Alder and Wainwright [30] as
a means to treat liquids but soon became an important tool in the study
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Figure 8: Two recently fitted pair potentials for Fe. The fitting procedure
is described in papers II and III.

of solids as well. It was first used to simulate displacement cascades and
subsequently several other bulk and surface systems, both dynamic and
static situations. There are several branches of molecular dynamics, from
the quantum mechanical wave function approach to the fully Newtonian one.
The latter is computationally the fastest but relies on a good interatomic
potential (see chapter 4.2).

With the Newtonian molecular dynamics approach one can calculate the
dynamical evolution of a system of particles through time steps defined as
desired. The interatomic potential defines the interaction strength between
the atoms, spatially located as defined by a certain crystallographic struc-
ture. The boundary conditions can be set to be either reflective, fixed or
periodic. With periodic boundary conditions it is possible to treat a virtually
infinite box of atoms.

All atoms in the simulation box are assigned random motion according
to the Maxwellian velocity distribution of a certain temperature. There are
several methods for changing the temperature where quenching to absolute
zero is of special interest as a means to find values of parameters for states
relaxed to equilibrium. One such algorithm is to set an atom’s velocity to
zero if it is moving in the direction opposite to its acceleration since it is
then climbing out of a local energy minimum. The algorithm makes the
atoms quickly reach equilibrium with their local environment.

Molecular dynamics allows great flexibility to define all temporal and
spatial parameters as desired. The only real limitations concern the comput-
ing time and the validity of the interatomic potential. With the computers
of today one can go as far as nano-seconds on the time scale for spatial boxes
as large as a million atoms. Molecular dynamics provides the total energy of
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the system which, through the given atomic configuration, can be related to
specific aspects thereof, such as formation, binding and migration energies.
One can also study cascades and get snapshots of the primary damage states
and their cooling down phase (see chapter 3) as well as the migration of fast
defects. To study the complete dynamical evolution of a cascade one needs
to go to the next level of approximation, the kinetic Monte-Carlo. However,
to transfer the problem successfully to KMC, a lot of parameters need to be
calculated. In the cases where ab initio is too demanding it is necessary to
rely on molecular dynamics simulations.

To obtain the energies of interest, different atomic configurations are set
up which are either relaxed, to find their formation or binding energies, or
forced to follow some spatial evolution to find energies of migration. The
calculation of these different energies all begin with the total energy of the
system. Usually the total energy per atom, or the cohesive energy, is cal-
culated since it is easy to check if the value it provides is reasonable. The
formation energy of a defect X is, for example, defined as

EXf = N(Erlx
coh(X)− Erlx

coh(ref)) (18)

where N is the number of atoms in the simulation box, Erlx
coh(X) is the

cohesive energy of the relaxed system with defect X inserted and Erlx
coh(ref)

is the cohesive energy of the relaxed reference system. A validation study
of the set of potentials, recently fitted by us, is given in paper II.

In the case of cascade studies, one atom is given a high recoil energy,
usually in a crystallographic direction of high order. This ensures a reason-
ably high statistical weight when correlating to the real case of a recoil from
an incident neutron. The subsequent evolution is studied by taking snap-
shots of the atomic positions and energies untill the system is cooled down.
In the defect configuration that is formed in the lattice, different objects
are identified and studied so that their energies of formation, migration and
binding to other objects can be studied and subsequently imported into a
kinetic Monte-Carlo code.

4.4 Kinetic Monte-Carlo and rate theory

Kinetic Monte-Carlo (KMC) techniques are nowadays well established meth-
ods for the study of medium and long term evolution of radiation damage,
i.e., much beyond the capability of molecular dynamics calculations. The
time step in Kinetic Monte Carlo methods is defined by the probability of
the events and can thus vary. The main limitation of the KMC techniques
is the sample volume of material that can be studied, namely, length scales
of the order of hundreds of nano-meters at the most.

All Monte-Carlo methods have a stochastic basis and to study chains
of events where each event is assigned a known probability. In the case of
radiation damage studies, these events can, for example, be the migration
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of point defects or the annihilation of Frenkel pairs. The sum of the event
probabilities can be normalised to unity. Thus a unique event is chosen by
extracting a random number between 0 and 1 which corresponds to a Monte-
Carlo step. Kinetic Monte Carlo techniques differ from normal Monte-Carlo
techniques as they can treat event sequences as function of time. There
are several different KMC approaches but they all share the residence time
algorithm introduced in 1966 by Young and Elcock [31] as a key ingredient.

The residence time algorithm was first formulated for a single possible
event, namely, the vacancy jump in a rigid lattice. This scheme is usually
denoted atomistic kinetic Monte-Carlo. In a disordered binary alloy this
means that there are as many possible events per vacancy as there are nearest
neighbours. The Fe-Cr alloy is, in the ferromagnetic state, a body centered
cubic (bcc) crystal so every atom has 8 nearest neighbours. The energy
of the system can be evaluated either using an interatomic potential or by
introducing specific pair interaction parameters. The jump frequency for
vacancy n and jump i is

Γn,i = νn,ie
−
Emn,i
kBT (19)

where Em is the migration energy and ν is the attempt frequency. For
every MC step, one jump is chosen according to the weight of the jump
frequency. Time is introduced as the inverse sum of the jump frequencies
for the possible jumps and all the possible vacancies. So every MC step has
the time step

∆τ =
1∑

n,i Γn,i
(20)

The time defined in this way is an average which prevents singular events
with very low probabilities to be assigned unreasonably long time steps.
Thus, one avoids that the system freezes in the normal flow of time. This
does not, however, imply that the time step is small. On the contrary, if all
events are very improbable the average time step will be large. Therefore,
the simulated time steps in KMC can vary from the very short, on the time
scale of pico- or even femto-seconds, to the very long, such as the expected
life time of the universe. When an extremely long time step is calculated, it
implies that the event is effectively forbidden.

In order to perform radiation damage simulations, one needs to find out
how composite objects interact. Rigid lattices are not suitable to describe
objects with large interaction volumes. Object kinetic Monte-Carlo has been
introduced to overcome this limitation of the atomistic Monte-Carlo. The
assumption of an underlying lattice is relinquished. It means that the total
energy is not included as a basic parameter but only objects connected with
a set of properties are treated. Objects can be basically anything and in ra-
diation damage studies they are usually point defects, point defect clusters,
impurities, traps and sinks etc. In order to optimise the computation time,
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only the most basic properties of the objects are treated, such as type, size,
center-of-mass coordinates and interaction radius. All the possible interac-
tions between objects must be defined and formulated as the equivalence of
attempt frequencies and activation energies. When all these properties are
known, processes can be simulated over very long time periods. A problem,
though, is that the parameter space is very large even for pure elements but
even so this approach has been attempted for some model systems, such as
pure iron for example [32, 33, 34, 35]. For the Fe-Cr alloy, only a fraction of
the necessary parameters have been defined.

The goal of object kinetic Monte-Carlo simulations is to find out which
objects and processes dominate the long term evolution of deterioration
of different mechanical properties. Rate theories are analytical approaches
to radiation damage studies, for solving the evolution of concentrations of
objects with sinks and sources. When enough data has been collected, ei-
ther from object kinetic Monte-Carlo studies or advanced atomistic KMC
methods, corrections can be made to the existing rate theories that do not
yet successfully predict the behaviour of complex alloys. Solving rate the-
ory equations is equivalent to performing object kinetic Monte-Carlo sim-
ulations. The crucial differences is that in object KMC, one only needs
the parameter space, however large, in order to do simulations, while the
adaptation of rate theories demand that the dominating processes and their
effects are better understood.
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5 Results and Discussion

This study was started from an ab initio perspective, in order to determine
the basic properties of the disordered Fe-Cr alloy, which were neither cal-
culated nor measured previously. The available experimental information
was compared with the computed results in order to check the validity of
the ab initio predictions. The ab initio electronic structure calculations are
described in detail in paper I.

The most striking result of the density functional theory calculations
is the quantitative prediction of a negative mixing enthalpy for ferromag-
netic alloys of low Cr content (see figure 9). Fe-Cr has three phases in the
ferromagnetic region6. At Cr concentrations below 9%, the alloy is disor-
dered, corresponding to a negative mixing enthalpy. For Cr concentrations
between 9–85% Cr rich precipitates may form during aging of the material
which turns into a two phase system, denoted α + α’. In the α’ region
there is thus a short range ordering. The inversion of this ordering at low
Cr concentrations has been indicated by earlier calculations [36] and also
measured in neutron scattering experiments [37].

There are no measurements on mixing enthalpy for the ferromagnetic
phase since it is difficult to perform low-temperature measurements of mix-
ing enthalpies. Other properties of the low temperature phases, such as
elastic constants, are also problematic to measure since mono-crystals of
less than 12% Cr content are difficult to create. This difficulty stems from
a structural solid phase transition for low Cr concentrations (see figure 10).
Just below the melting point, there is a transition from bcc-solid (α phase)
to fcc-solid (γ phase) and then, just above the Curie temperature there is
a transition back from the fcc to the bcc phase again. When attempting to
make a bcc Fe-Cr crystal with a low Cr content, the fcc structure is frozen
in as the thermal excitations are too small to bring about a change in the
crystal structure [38].

The negative mixing enthalpy implies that pure iron will be stabilised by
the introduction of chromium when forming a disordered alloy. This can be
explained by studying the electronic density of states as function of energy,
for alloys of different Cr concentrations (see figure 11). The spin up states
exhibit normal behaviour, a gradual transition from the ferromagnetic band
splitting of iron towards the paramagnetic state of chromium. However, in
the spin down states the Fermi energy is very near the pseudo gap minima in
the case of pure iron. As chromium is added to the system, the Fermi energy
is moved into the very center of the minima and this is an energetically
favourable situation. Up to an alloy composition of about 8% Cr, the Fermi
energy is closer to the minima than for pure iron and thus it is not stabilising

6Apart from the α and α’ phases discussed here, there is also a σ phase with a very
complex structure around equimolar concentrations of iron and chromium which will not
be further discussed in this thesis.
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Figure 9: Mixing enthalpy of ferromagnetic Fe-Cr, as calculated in paper I.

to add even more chromium.
The ab initio predictions have been used together with empirical data

from literature to create two sets of interatomic potentials. The first set
contains potentials for pure Fe, pure Cr and four different mixed potentials
which are fitted, respectively, to the negative mixing enthalpy of an alloy
with 5% Cr, the slightly positive mixing enthalpy for 10% Cr, the strongly
positive mixing enthalpy of a paramagnetic alloy of 10% Cr and the strongly
positive mixing enthalpy for 20% Cr.

This set was mainly created by R. Chakarova [40] and the fitting pro-
cedure and validation is presented in paper II. It was found that although
the Fe potential predicts the wrong interstitial ground state, many other
properties converged well with measurements and ab initio predictions so
that it may perform well in cascade simulations.

The strongest points of this first set of potentials are the interaction
parameters of solute atoms with defects. There is a high binding energy
between Cr atoms and interstitials. This has been predicted by C. Domain
[41] in ab initio calculations using the Vienna Ab initio Simulation Package
(VASP)[42, 43, 44]. There are also experimental indications [12] of this
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effect, as can be seen by the smaller size of the nucleated He bubbles in Fe-
Cr alloys than those in pure Fe. The binding energy between interstitials and
solute atoms results in a higher recombination of vacancies and interstitials
and, hence, a smaller void formation for the alloy.

The second set of potentials were developed with the distinct goals of
obtaining the correct interstitial stability and improving the description of
chromium. It is presented in full in paper III. This set consists of potentials
for pure Fe, pure Cr and two mixed potentials, which were fitted, respec-
tively, to the negative mixing enthalpy of a 5% Cr alloy and the positive
mixing enthalpy of a 20% Cr alloy.

By fitting to the thermal expansion coefficients, the correct interstitial
stability was achieved. However, in comparison with potentials from lit-
erature and of the first set (paper II), the potentials of this set (paper III)
predict higher values for the formation energy of interstitials and lower rates
of defect production. This set of potentials predict activation energies for
vacancy migration that are in very good agreement to the measurements of
Seeger et al [45] although there is some controversy regarding these results.
The potentials of paper II predict activation energy values that are about
20% lower than those of Seeger, and the measurements of Buffington et al
[46] are in between those.
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Solute precipitation is one of the key characteristics of microstructural
evolution. Dislocation dynamics, swelling and embrittlement are all effected
by the prescence and characteristics of precipitation in solids. Fe-Cr al-
loys form Cr rich precipitates, the so called α’ phase, in the range of high
chromium content. The potentials used in papers II and III all qualitatively
reproduce the correct segregation behaviour. For the potential of paper III,
the time scale is even qualitatively correct. It is empirically known that
the α’ phase precipitates contain about 85% Cr while all the potentials that
predict precipitation show no indication of a saturation limit for the concen-
tration of Cr. This problem would be solved if the mixed Fe-Cr potential
correctly predicted the ab initio mixing enthalpy in the complete alloy com-
position range.
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6 Conclusions and outlook

We have laid the basis for a multi-scale modelling procedure of radiation
damage effects in the binary Fe-Cr alloy. The quantitative prediction of the
mixing enthalpy for Fe-Cr alloys, obtained using ab initio methods, is the
basis on which we have fitted two new sets of interatomic potentials which,
in simulations, can provide important input for radiation damage studies.
Both sets predict solute interaction parameters in apparent agreement with
experiments performed on model alloys and predict the phase separation
present in Fe-Cr alloys with more than 10% Cr at high temperatures.

However, differences occur in predictions regarding interstitial atoms.
The first set (paper II) predict absolute formation energies for the differ-
ent interstitial configurations in agreement with measurements and ab initio
predictions but fails to predict the relative formation energy for the intersti-
tial configurations. The second set of potentials (paper III) was fitted with
the purpose of correcting the latter shortcoming. This was achieved, but
the predicted absolute values for the formation energy of interstitials are
too high.

The experience gained from fitting interatomic potentials is of great im-
portance, as correct implementation of the procedure demands knowledge
of a range of phenomena. Future efforts regarding the potentials will be di-
rected to fitting a mixed potential which correctly reproduces the ab initio
mixing enthalpy. Noncollinear effects on magnetism due to the perturba-
tion introduced by interstitial atoms in iron are also being studied at the
moment. This work is important as the process of interstitial migration in
pure iron is not yet fully understood.
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Abstract

We have calculated ab initio lattice parameters, formation energies, bulk moduli and magnetic moments of Fe–Cr

alloys. The results agree well with available experimental data. In addition to body centered cubic (bcc) alloys, which

are representative of ferritic steels used in fast neutron reactors, face centered cubic (fcc) and hexagonal close packed

(hcp) phases were considered in order to complete a theoretical database of thermodynamic properties. Calculations

were done for the ferromagnetic phase, as well as for a phase with local moment disorder, simulating the magnetic

structure at high temperatures. For the latter case, the formation energy of the alloy is strictly positive smooth function

of chromium concentration, in agreement with experiments performed at high temperature. In the ferromagnetic case, a

negative mixing enthalpy is found for chromium concentrations below 6%. Our observation is consistent with the

experimentally observed inversion of the ordering trend, as well as with formation of the chromium rich a0 phase at Cr-

concentrations above 9%, occurring at T < 900 K.

� 2003 Elsevier B.V. All rights reserved.

PACS: 28.41.Qb; 28.52.Fa; 61.82.Bg; 75.50.Bb
1. Introduction

The use of ferritic martensitic steels as structural

material for fast neutron reactors has been advocated

due to their relatively low rate of swelling at elevated

temperatures [1–3]. A significant body of experimental

results have been accumulated and swelling rates in ion/

electron irradiated steels have been satisfactorily ex-

plained by the dislocation bias mechanism. However,

theoretical understanding of the mechanisms responsible

for swelling of neutron irradiated steels, i.e. under cas-

cade conditions, remain on a qualitative level [4–6].

In order to quantify the analysis, multi-scale model-

ing is required. The numerical tools that are applied

include ab initio solutions to the Schr€oodinger equation,
* Corresponding author.

E-mail address: olsson@tsl.uu.se (P. Olsson).

0022-3115/$ - see front matter � 2003 Elsevier B.V. All rights reserv

doi:10.1016/S0022-3115(03)00207-1
fitting of effective many-body interaction potentials,

molecular dynamics simulation of recoil cascades,

Monte Carlo simulation of defect evolution and quasi-

continuum rate theory.

Atomistic simulations depend strongly on the validity

of the effective interaction potential adopted. For pure

iron, several many-body potentials have been developed

[7–9]. For Fe–Cr, the only potential found in literature

applied the experimental formation energies of Fe–Cr in

the fitting procedure [10]. However, the measurements

were made for paramagnetic alloys at a temperature of

1600 K [11,12]. Therefore, it is not obvious if this po-

tential is able to reproduce the inversion of a tendency to

form an ordered compound to a tendency towards the

phase separation observed in bcc Fe–Cr alloys for Cr

concentrations above 9% at T < 750–900 K [13–15]. The

formation energy and other thermodynamic properties

of monocrystalline Fe–Cr in the ferromagnetic phase is

difficult to measure, and hence one has to rely on
ed.
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theoretical approaches. It is the purpose of the present

paper to provide such data for use in the development of

a many-body potential for Fe–Cr. In what follows, we

will describe first principle calculations of thermody-

namic and magnetic properties. Special attention is de-

voted to Cr concentrations below 15%, being of

relevance for materials actually used in reactors.

We start by briefly describing the theory behind the

implemented computational technique. Specific details

of the calculations are highlighted. Results are presented

for lattice parameters, magnetic moments, formation

energies and bulk moduli for bcc alloys. The stability of

bcc and hcp crystal structures relative to fcc is calcu-

lated. Comparison with available experimental data is

made. Finally we discuss interesting features that we find

in the formation energy of ferromagnetic bcc alloys as

function of Cr content.
2. Density functional calculations

2.1. Theory

In ab initio calculations of energies and structural

and magnetic properties of random Fe–Cr alloys, the

Schr€oodinger equation cannot simply be solved for the

complete many-body system. Rather, some kind of ap-

proximation technique has to be used. We carry out

calculations in the framework of the density functional

theory (DFT) [16]. It allows us to solve the so-called

Kohn–Sham equations. Within this scheme, the

Schr€oodinger equation is formulated for an effective one-

electron potential, decreasing the complexity of the

problem enormously. The self-consistent one-electron

potential and the electron density are obtained within

the local density approximation (LDA) [17]. Using the

LDA charge density, the total energy may be calculated

either from the LDA energy functional, or from the

general gradient approximation (GGA). The procedure

was tested against calculations where the potential,

density, and total energies were obtained self-consis-

tently within the same functional. Results for the

thermodynamic properties were found to be indistin-

guishable from those obtained within the scheme men-

tioned above. In this work we calculated GGA total

energies, because it is well known that LDA predicts the

wrong ground state for Fe.

Within our method, the one-electron wavefunction is

expanded using a basis set of exact muffin-tin orbitals

(EMTO) [18–20]. Moreover, the Kohn–Sham equations

are solved using the so-called Green�s function technique

[21]. During the iterations towards the self-consistency,

we use the spherical cell approximation (SCA) [21] with

overlapping potential spheres that cover the space. The

latter is much more numerically efficient as compared to

solving the problem for the full non-spherically sym-
metric potential. However, the total energies are cor-

rected for the said approximations by using the full

charge density (FCD) method [22]. As has been men-

tioned above, with the FCD we calculate the energy

using the GGA functional. The reliability of the com-

bined technique is justified by the variational properties

of the total energy functional. In practice, the accuracy

of the method has been demonstrated in Ref. [22].

The problem of substitutional disorder in Fe–Cr

systems is treated within the coherent potential approxi-

mation (CPA) [23–26] which is known to give reliable

electronic structure and total energies for completely

random alloys [27]. A comprehensive study of structural

stability of non-magnetic bcc Fe–Cr alloys was carried

out earlier within the CPA, in combination with the

generalized perturbation method, by Turchi et al. [28].

In that work, magnetic moments on Fe and Cr were

artificially suppressed, because the magnetism was sup-

posed to have little effect on the resulting chemical order.

At the same time, Akai and Dederichs [29], and Kulikov

and Demangeat [30] investigated, within the CPA,

magnetic properties of bcc Fe–Cr, while Ling et al. [31]

studied the influence of magnetism on the short-range

order in Fe30Cr70. In particular, Akai and Dederichs [29]

have shown that the energy difference between the fer-

romagnetic alloys and the alloys where magnetic mo-

ments point out randomly �up� or �down� (the so-called

disordered local moment model) is substantial, espe-

cially in alloys with low Cr concentration. The influence

of magnetism on the structural stability in Fe–Cr alloys

was also investigated by Moroni and Jarlborg [32] using

the structural inversion method and the tetrahedron

cluster expansion. They calculated mixing enthalpies of

random ferromagnetic, as well as non-magnetic Fe–Cr

alloys. Unfortunately, the authors of this work pointed

out themselves that their results were not fully con-

verged. Due to the long range of the effective cluster

interactions in this system (also found in Ref. [28]) the

tetrahedron cluster expansion is clearly not sufficient.

Still, their results show that the magnetism may have

a profound effect on the stability of Fe–Cr alloys. In

the present study we pay particular attention to this

problem.

2.2. Details of calculations

The calculations were performed with a basis set of s,

p, d and f orbitals. The CPA works very well for the Fe–

Cr alloys since the atoms are of similar sizes and atomic

displacements from the ideal sites of the underlying

lattice are extremely small [33]. Though the local lattice

relaxations are believed to be quite important for un-

derstanding of the nucleation of the ordered r phase in

Fe–Cr [28], they may be safely neglected in the calcula-

tion of the thermodynamic properties of random alloys,

which is the subject of the present paper. In terms of



Fig. 1. Calculated lattice parameters a of random Fe–Cr alloys

as a function of Fe concentration for three different close-

packed structures, bcc (solid line), fcc (dashed line), and hcp

with ideal c=a ratio (dotted line). The bcc data are shown for

the ferromagnetic alloys. The results obtained within the dis-

ordered local moments are very close to the ferromagnetic re-

sults. The experimental data for bcc Fe–Cr alloys from Ref. [46]

is shown by filled circles.
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concentration, the calculations were taken at 5% inter-

vals, except for the low-Cr region (610% Cr) where the

interval was 2%. An extra point at 3% Cr was added.

Depending on the proximity to the non-monotonic be-

haviour (to be discussed below), the number of different

atomic volumes considered at each concentration ranges

from 6 to 26. The highest number of atomic volumes was

naturally also in the low-Cr region.

For the FCD–EMTO–CPA calculations, 1240 points

in the irreducible part of the Brillouin zone were used for

bcc alloys, while 505 points were used for fcc and 503

points for hcp alloys. The calculations converged to the

order of 10�6 Ry. The equilibrium values of thermody-

namic properties were obtained by fitting the energy vs.

volume data to different equations of state. In the cases

where we discovered peculiarities we used a cubic spline

fit. The regular cases were fitted using the analytical

Morse-type equation of state [34].

For temperatures below 1000 K, the Fe-rich alloy is

stable in a ferromagnetic (FM) bcc phase. Above the

Curie temperature, the alloy is paramagnetic (PM) [12].

The latter situation is simulated by means of the so-

called disordered local moments (DLM) model for the

spin orientations [35]. Within the DLM picture, a

paramagnetic binary FecCr1-c alloy is modeled by the

random quaternary alloy (Fe"–Fe#)c(Cr"–Cr#)1-c, with

equal amount of spin up (") and spin down (#) atoms.

Thus, though formally all our calculations are still per-

formed at temperature 0 K the effect of the loss of net

magnetic moment above the Curie temperature on the

alloy total energy is captured within this scheme. Of

course, such an approach does not include the magnetic

entropy contribution to the free energy. But in the pre-

sent study we calculate those thermodynamic properties,

which are defined through the total energies, and for

which an entropic contribution may be safely neglected.

In any case, the use of the DLM model leads us to a

picture that is much closer to the real situation in tran-

sition metal alloys above the Curie temperature, as

compared to more conventional non-magnetic calcula-

tions, where magnetic moments on alloy components are

suppressed artificially. Accordingly, for the fcc (c-phase)
and hcp Fe–Cr calculations we also use the DLM.
3. Results

Fig. 1 displays the calculated lattice parameter of

random Fe–Cr alloys as a function of Fe concentration

(here and in the following, concentrations are given in

atomic percent) for three different crystal structures. As

one can see the theoretical results for the ferromagnetic

bcc alloys agree well with the experimental values. The

concentration dependence in this case is quite weak,

because the bcc Fe and Cr have similar lattice constants.

On the other hand, we see stronger concentration de-
pendences in the case of fcc and hcp alloys. Lattice pa-

rameters of fcc and hcp Fe, which within the DFT have

a low spin magnetic ground state most probably with

complicated magnetic configurations, are smaller as

compared to the high spin ferromagnetic bcc Fe due to

the magnetovolume effect [36–39]. On the contrary, the

lattice parameter of bcc Cr is lower than those of fcc and

hcp Cr because the bcc phase has much higher cohesive

energy while the contribution to the total energy due to

magnetism is very small [29]. Therefore, though there is

no experimental information on the lattice parameters of

fcc and hcp Fe–Cr alloys, the calculated values seem

reasonable.

In Fig. 2, the magnetic moment of bcc Fe–Cr is

presented. Again, we see a good agreement between

experiment and theory for bcc alloys for Fe concentra-

tion above 30 at.%. For lower Fe concentration the

experimental situation with magnetism becomes uncer-

tain, while pure bcc Cr has a magnetic structure with

transverse or longitudinal spin density waves, depending

on the temperature [40]. We did not investigate this

problem in details, because we are mainly interested in

properties of bcc Fe-rich alloys. For the same reason we

did not study complicated magnetic properties of fcc

and hcp alloys. Note, that our calculated values for bcc

Fe–Cr alloys also agree with other first-principles studies

of magnetic properties in this system carried out within

the CPA [29,30], or within alternative real space ap-

proaches [32,41].

Unfortunately, there are no experimental data for

the formation energies of random Fe–Cr alloys in the

temperature interval relevant to reactor operation



Fig. 2. Calculated magnetic moments l (solid line) of random

bcc Fe–Cr alloys (in Bohr magnetons lB) as a function of Fe

concentration. The experimental values were taken from Ref.

[47]. For comparison the results of CPA calculations for the

same system from Ref. [30] are also shown with triangles.
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(600–1000 K). The experimental data [11,12] were ob-

tained at 1600 K, where the alloy is in a PM phase.

Hence, the calculations presented in Fig. 3 were per-

formed using the DLM model and with the bcc Fe and

Cr (also in the DLM spin configuration) taken as stan-

dard states. The calculated values are in very good

agreement with experiment and the slight overestimation

is due to the neglect of the short-range order in our CPA

calculations. The latter is present in Fe–Cr alloys [13,33]

for which the experiments were conducted. In Fig. 3 we

also show mixing energy for fcc Fe–Cr alloys. Note that

as compared to the experiment, the calculated fcc energy
Fig. 3. Calculated mixing enthalpy (HDLM) of random Fe–Cr

alloys obtained within the DLM model as a function of Fe

concentration. The standard states (bcc Fe and bcc Cr) were

also calculated within the DLM model. Solid line shows the

mixing enthalpy of bcc alloys, dashed line shows that of the fcc

alloys. The experimental values for bcc (filled circles) and fcc

(open circles) alloys [11,12] were obtained at 1600 K where the

system is paramagnetic. The comparison is made to verify the

reliability of our theoretical calculations.
underestimates the experimental values by approxi-

mately 4 kJ/mol, but that the angle of the curve is in very

good agreement with the experiment. Here we would

like to point out that the experimental values for the low

Cr concentration were obtained by means of extrapo-

lations [12], and therefore are probably not as reliable as

values obtained in direct measurements.

The curves in Fig. 4 represent the structural energy

difference in random Fe–Cr alloys, with ferromagnetic

alloys in the bcc structure taken as zero line. As we can

see, the FM bcc alloys are more stable as compared to

all other systems considered in the present study in the

whole interval of concentrations. In agreement with Ref.

[29], we obtain that the DLM bcc phase is nearly de-

generate with the FM bcc phase at low Fe concentra-

tion, but it is substantially higher in energy for Fe-rich

alloys. This agrees with high Curie temperature of the

bcc Fe. Moreover, in the DLM case the bcc structure

becomes less stable with respect to the fcc structure in

the low-Cr region which is consistent with the phase

transition above the Curie temperature [12]. However,

the entropy must substantially contribute to this tran-

sition, because as a matter of fact the hcp alloys are

energetically more stable than the fcc alloys in the upper

part of the concentration range. We do not see the hcp

phase at ambient pressure [12]. However, the bcc Fe

transforms to the hcp phase upon compression, and the

hcp Fe is indeed stable at high pressures. We would also

like to point out that we did not allow for complicated

non-collinear magnetic configurations in this study. In

particular, such configurations are believed to describe

the ground-state (T ¼ 0 K) magnetic structure of pure

fcc Fe [37,42,43]. Thus, the energy difference between the

fcc and the bcc alloys, as well as possibly between the
Fig. 4. Calculated structural energy difference DE between the

different Fe–Cr structures (fcc, hcp and DLM bcc) compared to

the ferromagnetic bcc alloy. The bcc is the zero line. The fcc is

the solid line. The DLM bcc is the dash-dotted line and the hcp

is the dashed line.
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hcp and the bcc alloys, presented in Fig. 4 might be

overestimated at T ¼ 0 K. We still believe that the cal-

culated results may be used as a source of information,

e.g. for a fitting of the interatomic potentials, because at

elevated temperatures any magnetic order in the fcc and

hcp alloys should be destroyed, while it is present in the

bcc phase. More complete analysis of the problem re-

quires a consistent treatment of the spin dynamics and

lattice vibrations, which is beyond the possibility of the

current theory.

The formation energies of the ferromagnetic bcc Fe–

Cr alloys presented in Fig. 5 are perhaps the most in-

teresting results of the present study. Note, that here the

ferromagnetic bcc Fe and bcc Cr are used as reference

states. The lack of experimental data makes these cal-

culations the unique source of information on the for-

mation energy of random Fe–Cr. It is important to point

out that in contrast to the paramagnetic case, the fer-

romagnetic alloys show substantial deviations from the

regular solution behaviour. The most interesting part is

the low-Cr region. As can be seen, the calculated for-

mation energies are negative from 94% Fe to pure Fe,

while they are positive for alloys with lower Fe con-

centration. It is impossible to conclude whether the

random alloys are thermodynamically stable in the

concentration interval above 94% Fe without a more

complete study, which includes statistical mechanics

simulations, as well as a consideration of intermediate

intermetallic phases. But in any case, it is clear from the

negative sign of the calculated formation energy that bcc

Fe–Cr alloys must be relatively much more stable at low

Cr concentrations. A possible reason for such a behav-

iour may be the so-called electron topological transition

of the Fermi surface in this concentration interval [44].

The bulk modulus depends very sensitively on the

energy–volume relation, since it is calculated from the

second derivative of the energy with respect to the vol-
Fig. 5. Calculated mixing enthalpy (HFM
bcc ) for ferromagnetic

bcc Fe–Cr alloys, corresponding to Fe–Cr in the low-temper-

ature range (T < 1000 K).
ume. Typically, calculations within DFT predict bulk

moduli with accuracy 10–20%. Worth mentioning is also

that the experimental values of the bulk modulus are

usually obtained at room temperature and the calcula-

tions are done at 0 K. Speich et al. [45] has shown that

the bulk modulus decreases by approximately 5% when

going from near-absolute zero to room temperature, at

least in isotropic materials. As can be seen in Fig. 6, the

calculations overestimate the bulk modulus by roughly

15% for pure Fe. This is within the usual error of the

DFT. At the same time, the error is up to 30% for pure

Cr. As we have pointed out above, in the Cr-rich region

the alloy has non-trivial magnetic properties. Hence the

increasing error in theoretical values of bulk modulus

towards higher Cr concentrations is to be expected.

For the same reason the results of fcc and hcp bulk

moduli calculations are not included since they are

somewhat dubious. They fluctuate rather strongly de-

pending on changes in magnetic configurations and we

are currently working on improving the stability of these

calculations. At the same time, the bulk moduli for Fe-

rich ferromagnetic bcc alloys are more reliable, because

the magnetic configuration in this case is quite cer-

tain. The blow-up of the low-Cr region displays more

closely the interesting behaviour taking place at these

concentrations. Both the theory and the experiment

show a peculiarity of the bulk moduli as a function of

concentration. Note, that it occurs at the same compo-

sition where the formation energy deviates strongly from

the regular solution model. The peculiarity on the con-

centration dependency of the bulk moduli has seemingly

square-root shape which typically stems from an elec-

tron topological transition.
Fig. 6. Calculated bulk modulus B of ferromagnetic bcc Fe–Cr

alloys (solid line) as a function of Fe concentration. The ex-

perimental data are shown with filled circles, and are taken

from Ref. [47] for pure Fe and Cr and from Ref. [45] for a poly-

crystalline Fe-rich alloys. Insert in the figure emphasises the

peculiarity of the bulk moduli which is present at low Cr con-

centrations.
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4. Conclusion

The importance of this work consists mainly in the

novel calculation of the formation energy and bulk

moduli of random bcc Fe–Cr alloys in the ferromagnetic

phase. This phase is relevant from technological point of

view, while available experimental data [11] concern

ordered alloys or the high temperature paramagnetic

phase. We have found that the formation energy is

negative for Cr concentrations below 6%. At the same

time, it is positive for higher Cr concentrations, and it

reaches a maximum of 10 kJ/mol for equimolar com-

position. Our observation is consistent with the experi-

mentally known inversion of the short-range order in the

system as a function of concentration [13], as well as

with formation of the chromium rich a0 phase at Cr-

concentrations above 9%, occurring at T < 900 K

[14,15]. Also, we observe that the bulk moduli, theo-

retical, as well as experimental, show a peculiarity

around 6% Cr, i.e. in the same concentration interval

where the mixing energy is negative. The most probable

physical reason for these two effects is the electronic

topological transition [44] taking place at this concen-

tration. The peculiarities of the formation energy and

the bulk moduli, underlined in our study, must be in-

cluded in fitting of many-body interaction potentials

aimed to study radiation damage in Fe–Cr steels by

means of molecular dynamics simulations.
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1 Introduction

High-chromium (9-12wt%) ferritic/martensitic steels have been considered
since the late 1970s as potential first-wall and breeding-blanket structural
materials in future fusion reactor systems [1]. More recently, they have also
been considered as candidate structural materials for accelerator-driven sys-
tems (ADS) [2]. Both in a fusion reactor and in an ADS, the structural ma-
terials are expected to be exposed to particularly harsh neutron irradiation
and environment, far harsher than in current LWR (light water reactor) nu-
clear plants. Neutron irradiation is well known to induce a degradation of
the mechanical properties of the materials, which is drastically enhanced if,
in addition, nuclear transmutation (H and He production) takes place, as
is expected with high energy neutrons. These effects are detrimental to the
structural function itself and may cause safety problems during routine op-
eration. Activation from nuclear transmutation will also cause problems for
decommissioning and waste disposal. Therefore, any structural material for
the above-mentioned nuclear applications should be able to preserve as much
as possible its mechanical and thermal properties after prolonged irradiation,
while becoming activated as little as possible. The chemical composition of
high-Cr steels can be tuned so as to minimise the level of activation after
neutron irradiation (so called reduced-activation ferritic-martensitic - RAFM
- steels), without significant loss of mechanical performance, as compared to
conventional steels. In addition, their behaviour under irradiation is expected
to be better than, for example, austenitic steels, which are severely penalised
not only by high swelling, but also low thermal conductivity [3]. However, the
degradation of mechanical properties due to prolonged high energy neutron
irradiation remains the most critical issue to be investigated and mastered in
view of the use of these steels for fusion or ADS applications.

High-Cr ferritic steels have been used as cladding material in fast breeder
reactors and many experimental data about their behaviour under irradiation
come from the research effort to optimise this type of steels for this application.
Swelling is known to be the decisive factor limiting the performance of these
steels in a fast breeder reactor, thereby limiting also fuel burnup. The discovery
of swelling was made in 1967 in the Dounray Fast Reactor [4] and since then a
large experimental effort has been devoted to finding steel compositions that
are more resistant to irradiation-induced swelling. The incubation threshold
for the onset of accelerated swelling has been found to be much higher in high-
Cr ferritic-martensitic steels (like the conventional T91) than in austenitic
steels [5].

One additional difficulty inherent to the choice of structural materials for
fusion applications (and, to a lesser extent, also ADS) is that up to the present
day no available neutron source is capable of reproducing the hard neutron
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spectra expected in reactors of this type. Therefore, any prediction about the
behaviour of materials used in such systems must be extrapolated from data
obtained by irradiating using available facilities. In order to be able to rely
on such extrapolations, it is paramount not only to gather new experimental
data, pushing the materials towards more realistic irradiation conditions, but
also to achieve a satisfactory understanding of the physical mechanisms of
property degradation, from the microscopic to the macroscopic level.

Until less than a decade ago the candidate materials for structural use in future
fusion reactors were, particularly in Europe, mostly 12%-Cr steels [6]. These
steels were chosen for their supposed high swelling and corrosion resistance.
However, several investigations showed that too high Cr content may lead
to unacceptable embrittlement under irradiation [7], which has been recently
correlated to α’ phase precipitation [8]. For this reason, the composition of the
steels proposed for fusion applications has progressively shifted towards lower
Cr contents: either 7%, as in the Japanese F82H steel, or 9% Cr, as in the
Eurofer. On the basis of a series of interesting experimental observations, the
latter appears to perform better than the others [6,9,10]. However, there is still
a serious lack of experimental data, that prevents any conclusion from being
definitively drawn. Moreover, the ultimate physical reasons why this shift in
composition is actually beneficial are completely unknown and complex tem-
perature effects have been observed [7]. This gap in the comprehension of the
physical mechanisms underlying the behaviour of these steels should be over-
come: it is indeed desirable that a robust choice of the steel composition rely
on the understanding of the physical mechanisms behind the performance of
the material. Hence the importance of rationalising experimental data using
a modelling approach capable of identifying the fundamental physical mecha-
nisms governing production and evolution of radiation damage. The multiscale
modelling approach is a promising one for this purpose.

The theoretical understanding of the mechanisms responsible for swelling of
neutron irradiated steels remains on a qualitative level. The production bias
model (PBM), originally suggested by Woo and Singh, has been able to re-
produce swelling rates for fcc-copper irradiated up to 1 dpa [11–13]. In this
model, it is assumed that the main driving force for swelling is the aggre-
gation of interstitial clusters during the recoil cascade, and their subsequent
one-dimensional migration to grain boundaries and other sinks. Vacancies will
tend to form immobile clusters and remain in the bulk. The effective trans-
port of atoms from the bulk to the surface brought about by this mechanism
gives rise to void swelling. Nevertheless, the well known difference in swelling
rates between face centered cubic (fcc) and body centered cubic (bcc) crystals
[14] remains unexplained within the PBM framework. A number of molecular
dynamics (MD) simulations of displacement cascades with interstitial cluster
formation have been performed for pure bcc-iron and fcc-copper [15–17]. Even
though these simulations indicate that there is a difference in cluster size and
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formation rate between these two metals [17], this primary damage difference
is probably not enough to explain the experimental findings [14].

The reliability of atomistic simulations depends strongly on the validity of the
effective interaction potential adopted to describe interatomic forces and calcu-
late the total energy of the system. Historically, the first many-body potentials
applicable to large systems were developed in the 1980s using the Embedded
Atom Method (EAM) [18] or the Finnis-Sinclair (FS) [19] approach, fitted
on experimentally measured properties of the concerned metals. For example,
a short-ranged potential of Finnis-Sinclair type, further developed at Liver-
pool University, has been widely used to simulate displacement cascades in
bcc-Fe [15,16]. This potential is able to describe the initial hot phase of the
recoil cascade and has been extensively used also to study the defect configu-
rations that characterise the primary damage state [20]. Likewise, a long range
EAM potential for bcc-Fe was developed by Simonelli and co-workers [21] and
also used for displacement cascade simulations [22]. For these simulations, it
is customary to merge the potentials, which are generally fitted to equilib-
rium or quasi-equilibrium configurations, to a high-energy repulsive potential,
generally chosen to be of Ziegler-Biersack-Littmark (universal potential) type
[23]. The way the connection between repulsive and attractive part is done
is known to influence in a significant manner the type of primary damage
state predicted by the potential and the criterion typically used to adjust the
connecting function, which is often of Born-Mayer type [15], is a fitting to
experimentally determined threshold displacement energies for the metal of
concern. However, it has been shown that even this condition is not enough
to guarantee homogeneous results [22]. More generally, different interatomic
potentials may predict different alloy behaviours as far as, for example, the
interaction between point-defects and solute atoms is concerned, as is being
witnessed more and more in the case of Fe-Cu alloys [24]. Thus, it appears
important to improve the quality of existing potentials for their use in atom-
istic simulations of iron and iron alloys, and equally important to conduct a
careful evaluation of the performance of the fitted potentials in predicting key
magnitudes for radiation damage simulations, in comparison with available
experimental results and predictions from other methods, such as ab initio

calculations, as well as other potentials, in order to be aware of the limits of
the potential in use.

On the other hand, discrepancies exist also on the experimental side regarding
e.g. the behaviour of pure iron subject to neutron irradiation cascades. This
is illustrated for example by the fact that the measured swelling rate in pure
Fe varies from 0.03% per dpa up to 0.5% per dpa at the same temperature
[25,26].
For Fe-Cr alloys less data are available from experiments than for Fe but they
seem to give a more or less consistent picture. Irradiation campaigns on Fe-Cr
alloys with varying fractions of Cr have been conducted in the reactors EBR-II,
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FFTF and DFR [5], with the following results: At doses below 15 dpa(where
the impact of He generation can be neglected), the data exhibit minimum
swelling rates for Cr concentrations ranging from 2 to 6 percent; a maximum
is observed for 9-12% Cr, with decreasing rate of swelling for concentrations of
Cr greater than 12%. It has been also observed that the addition of even small
percentages (0.1%) of Cr to ultra-pure Fe induces more frequent nucleation of
small loops of interstitial nature, as compared to ultra-pure Fe, since the early
stage of the irradiation, as well as faster loop growth, both using neutrons and
electrons, in a range of irradiation temperatures between 200◦C and 500◦C
[27]. An enhancement of the loop density in electron irradiated Fe-10%Cr at
25◦C, as compared to pure Fe, has been found as well by Yoshida et al. [28].
These experimental findings point towards some kind of interaction between
Cr atoms and self-interstitial atoms in Fe-Cr alloys. Indeed, the formation
of stable mixed Fe-Cr dumbbells has been experimentally deduced by Maury
and co-workers [29]. The complex swelling -behaviour can hence probably be
rationalised, in a PBM framework, by assuming a complex influence of Cr on
self-interstitial atoms (SIA) and SIA-cluster mobility, as well as void forma-
tion. Atomistic investigations of the interaction between Cr atoms and point
defects will hence help cast some light on the problem.
Another characterising phenomenon observed in Fe-Cr alloys is the precipi-
tation (or nanosegregation) of α’ phase, which seems to correlate well with
the dependence of steel embrittlement on Cr concentration, independently of
the concentration of other solute atoms [8]. Under irradiation, at operation
relevant temperatures, this segregation seems to be faster than under simple
thermal ageing [8] and to take place even for Cr concentrations below the
miscibility gap predicted by currently available phase diagrams [30]. In this
context, too, atomistic studies could give a substantial contribution to the
understanding of the segregation phenomenon.

For all these purposes, an interatomic potential to describe Fe-Cr alloys is
needed. This interatomic potential, implemented in atomistic simulation codes,
should prove able to describe, as correctly as possible, the expected interac-
tion with self-interstitial atoms, as well as the formation of α’ phase in ex-
perimentally proved conditions (see e.g. [31,30]). The objective of this work is
to produce a critical assessment of a series of recently fitted EAM potentials
for Fe-Cr alloys, in view of their improvement and use for displacement cas-
cade MD simulations and, more generally, radiation damage studies conducted
using atomistic simulation techniques.

We start by shortly describing the general framework of the multiscale mod-
elling of radiation damage and the theories behind each of the main modelling
modules. Ab initio results and the type of interatomic potentials used in this
work will also be briefly outlined as a prerequisite. The reported work will con-
sist mainly of the validation of the Fe-Cr interatomic potentials, by comparison
with ab initio and, to a lesser extent, experimental values, for magnitudes of
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interest for radiation damage description (defect formation energies, binding
energies and migration energies mostly). In addition, the trends predicted by
the potentials will be checked also for magnitudes not known from ab initio cal-
culations or experiments, but useful to evaluate what we should expect to get
from them, when applied to radiation damage studies. Finally, the potentials
will be used for atomistic kinetic Monte Carlo (AKMC) simulations, in order
to assess their capability to predict Cr-rich phase precipitation. The meaning
and relevance of the results of the presented calculations will be discussed.

2 Multiscale Modelling

To come to as good an understanding as possible of complex physical phe-
nomena it is often necessary to work through several overlapping theories
and models of description. This is particularly true when studying radiation
damage in materials. Neutron damage production and evolution are inher-
ently multiscale and multiphysics phenomena. The process starts with the
interaction of neutrons with matter, which occurs on timescales shorter than
femtoseconds and involves nuclear reactions and neutron transport phenom-
ena, studied respectively in nuclear physics and neutronics. The main outcome
of the impingement of neutrons on matter is the creation of displacement cas-
cades: sequences of atomic displacements that, within a few picoseconds at the
most, leave a local supersaturation of point defects (vacancies and interstitials)
in a very small region of material. The displacement cascades are complex
phenomena that cannot be observed experimentally, but can be studied for
example using molecular dynamics, based on the assumption that Newtonian
mechanics and a many-body empirical interatomic potential are enough to
describe the multiple events that characterise them. The distribution of point
defects and point defect clusters left by the cascade is referred to as primary
damage state and its features may greatly vary from material to material [17].
These defects can then migrate, according to diffusion laws, towards defect
sinks (dislocations, grain boundaries) or act as nuclei for the formation of
complex secondary defects. The evolution of defect features in irradiated ma-
terials is a continuous process that covers timescales as long as the exposure
to irradiation itself. In nuclear reactors, this can go on for years. Eventually,
the interaction between irradiation-induced and pre-existing defects, particu-
larly dislocations and grain boundaries, in interplay with the chemical com-
position and, in some cases, new elements created by transmutation (H, He)
determines radical changes in the macroscopic properties of the material. The
effects of these property changes on the performance of the material can be
certainly evaluated with classical mechanical tests, but their causes are invari-
ably extremely difficult to identify and their prediction can only be based on
a complete understanding of the chain of phenomena, from the displacement
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cascade to the macroscopic response of the material to applied loads in the
presence of radiation induced defects. The study and possibly prediction of all
the steps along this chain, by means of, mostly, computational tools, is what
is generally referred to as multiscale modelling and makes use of techniques
spanning from quantum mechanical (ab initio) calculations, to, in principle,
dislocation dynamics, going through molecular dynamics and Monte Carlo al-
gorithms. Some of these techniques will be briefly introduced in what follows.
Since little work of multiscale modelling type has been so far performed on
Fe-Cr systems, we started off from the basis, i.e. by doing ab initio calcula-
tions, which are necessary to expand and complement the database of basic
properties of the alloy known from experimental measurements. Some of the
relevant ab initio results have already been published [32]. Others have been
recently calculated using the same approach described in [33,34], but are still
unpublished. Ab initio data are extremely important because they are often
the most reliable estimate available for magnitudes that cannot be measured
in experiments, such as defect binding energies and other defect features. The
main limitation of ab initio techniques is that they cannot treat too large sys-
tems, since the method is very time consuming.
In order to increase the size of the system to be studied, classical molecular
dynamics can be used. In essence, MD is an algorithm to follow the time evo-
lution of a set of interacting atoms, by integrating their classical equations of
motion, using adequate techniques for the calculation of the interatomic forces
and convenient conditions for the control of the thermodynamical variables,
such as temperature and pressure [35]. With MD we can currently simulate
the behaviour of up to a few million atoms. The core of the technique, where
all the physics of MD is contained, is the many-body interatomic potential
used to describe the forces acting between the atoms. This is more and more
often fitted empirically on data coming from ab initio calculations, so that in
a way the interatomic potential can be looked at as the link to bridge small
scale ab initio to larger scale MD simulations.
The work reported here consists mostly of MD simulations. All of them have
been performed using Embedded AtomMethod (EAM) [18] and Finnis-Sinclair
(FS) [19] empirical interatomic potentials for Fe-Cr, which were fitted on both
ab initio data and experimental results taken from the literature, as explained
in [36] for the EAM and [37] for the FS. In fact, four EAM interatomic poten-
tials for Fe-Cr systems were used, which differ essentially only for the value of
alloy mixing enthalpy and bulk modulus on which they were fitted, as will be
explained in section 4.
Along the multiscale modelling chain, MD still occupies a very basic (atom-
istic) level. Phenomena such as the formation of complex defects (e.g. voids
or precipitates) by diffusion of point defects occur on too long timescales for
MD to be of any use. To study this type of processes larger scale tools are
needed. Kinetic Monte Carlo (KMC) codes offer the advantage, compared to
analytical methods like rate equations [38,39], of retaining the detail of the
spatial distribution of radiation induced defects, thereby being a kind of natu-
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ral extension of MD studies. As will be discussed in the relevant section, KMC
codes can both give an atomistic description (atomistic, or lattice, KMC [40–
42]) or give up the atomic detail and treat only defects (object KMC [43–47]).
In both cases, some external parameters need to be introduced in the model,
coming either from ab initio or MD calculations, or from experiments. In this
work, the KMC calculations that could be performed without the knowledge
of many parameters have been executed and will be reported.

3 Ab Initio

Ab initio calculations have been carried out within the framework of density
functional theory. The Kohn-Sham equations were solved using the Green’s
function technique by expanding the one-electron wave function in a basis set
of exact muffin-tin orbitals (EMTO) [48–50]. The self-consistent one-electron
potential and density are obtained within the local density approximation
(LDA) [51]. Using the LDA charge density, the total energy is then calculated
using the general gradient approximation. The problem of substitutional disor-
der in the Fe-Cr system is treated within the coherent potential approximation
(CPA), which is known to give reliable electronic structure and total energies
of completely random alloys [52–54]. A more detailed description of the ab

initio approach and the results obtained will be found in [32].

The EMTO calculated mixing enthalpies of both paramagnetic and ferro-
magnetic Fe-Cr are displayed in Fig.1. The calculated mixing enthalpy for
paramagnetic bcc Fe-Cr coincides with the experimental data (it is expected
that the mixing enthalpy is independent of temperature, beside the effect of
change in magnetic structure). As for the ferromagnetic alloy, for which no
experimental measurements are available for comparison, note the minimum
at small Cr concentrations and the transition from negative to positive at
about 6% Cr. This complex behaviour, which is consistent with the observa-
tion of repulsive short-range order at small concentrations (<5% Cr) in Fe-Cr
alloys [55], is expected to be difficult to reproduce with an empirical potential.
However, a correct prediction of the stability of ferromagnetic Fe-Cr alloys as
a function of Cr content, which is related to the mixing enthalpy, may be a
key to understanding the Cr-rich phase separation observed in high Cr steels
and must therefore be reflected in the most correct way when fitting EAM
potentials for this alloy. This point will be further discussed in section 4 and
in the whole report.

Other ab initio data (by C. Domain, EDF, [56]) will be presented in the follow-
ing sections. They were obtained using the VASP (Vienna Ab initio Simulation
Package) code [57–59], with a plane wave and pseudo-potential formalism. The
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pseudo-potentials used to describe the electron-ion interaction are fully non-
local Vanderbilt-type ultrasoft pseudo-potentials. The calculations were done
within generalised gradient approximation (GGA) with the spin polarised and
the plane cutoff energy was 240 eV. The supercell approach with periodic
boundary conditions was used to simulate point defects as well as pure phases
energetics. The defect calculations were performed at constant volume, thus
relaxing only the atomic position in a supercell dimensioned with the equilib-
rium lattice parameter for Fe (2.8544 ). The calculations were done with 54
atom supercells with a Brillouin Zone (BZ) sampling of 125 k-points. The ion
relaxations were performed using the standard conjugate-gradient algorithms
implemented in the VASP code. More details about how the reported VASP
calculations were performed can be found in [33,34].

The available set of ab initio calculations has given us the possibility to first
fit and then check a series of new potentials for the Fe-Cr system. The fitting
procedure is shortly outlined in section 4. The validation work is presented in
section 5 (particularly 5.3).

0 20 40 60 80 100
at.% Fe

0

5

10

15

20

Mixing enthalpy H (kJ/mol)

bcc-exp, PM [Dench, Hultgren]
bcc PM
bcc FM

fcc-exp, PM [Hultgren]

Fig. 1. The EMTO calculated mixing enthalpy of Fe-Cr as a function of Fe con-
centration, compared to available experimental values from [60,61] (only for the
paramagnetic alloy).

10



4 Potentials

The series of Fe-Cr potentials used in this work were fitted using either the
EAM [18] or the Finnis-Sinclair [19] formalism. These formalisms, though
conceptually different, are in practice very similar and differ only for some
mathematical subtleties. In both the total energy of the system of n atoms is
written as a sum over the individual atomic energies:

Etot =
n
∑

i=1

Ei =
n
∑

i=1





1

2

n
∑

j=1

Φ(rij) + F (ρi)



 , (1)

where Φ(rij) is the pairwise (electrostatic) interaction between atoms i and
j; the function ρi =

∑

j 6=i ρ(rij) represents the electron density of the host
system with atom i removed and rij is the scalar distance between atoms
i and j. F (ρi) is the many body term, i.e. the quantum mechanical energy
required to embed atom i into a homogeneous electron gas of density ρi. It is
mainly the way this density is defined that determines the difference between
EAM and FS approach [19,18]. Because the electron density depends only
on scalar distances to neighbouring atoms, the many body term here has no
angular dependence. The curvature of F may be interpreted in terms of the
traditional chemical bonding concept, where a new bond increases the total
bonding energy but decreases the average energy per bond. In this context,
ρi becomes a measure of the total bond order and ρ(r) is a bond sensor. The
weakening of successive bonds corresponds to a positive curvature of F :

∂2F

∂ρ2
> 0. (2)

The procedure followed to fit the EAM potentials used in this work is described
in [36], while for the FS potential the reference is [37].

All potentials have been further modified at short distances to smoothly trans-
form into the Born-Mayer potential and then the universal screened Coulomb
potential of Ziegler, Biersack and Littmark [23], following the procedure de-
scribed in [15].

Four EAM Fe-Cr potentials were fitted, using the set of fitting parameters
listed in table 1.

The first potential, in chronological order, was fitted to an experimental mix-
ing enthalpy value, measured at high temperature, in a range where Fe-Cr
alloys lose their magnetism (see figure 2 for details) and should thus be appro-
priate to describe ”paramagnetic” (PM) Fe-Cr. In particular, the experimental
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Table 1
Fitting parameters for the different EAM potentials. The only difference is the
value of bulk modulus, lattice parameter and mixing enthalpy for the alloy, chosen
as described in the text.

FM-5 FM-10 PM-10 FM-20

EFe
coh(eV ) -4.28 -4.28 -4.28 -4.28

BFe(kbar) 1730 1730 1730 1730

aFe(Å) 2.866 2.866 2.866 2.866

E
VFe

fnr
(eV ) 1.60 1.60 1.60 1.60

ECr
coh(eV ) -4.10 -4.10 -4.10 -4.10

BCr(kbar) 1910 1910 1910 1910

aCr(Å) 2.87 2.87 2.87 2.87

E
VCr

fnr
(eV ) 1.90 1.90 1.90 1.90

EFe−Cr
coh (eV ) -4.271 -4.262 -4.262 -4.244

BFe−Cr(kbar) 1593 1544 1544 1664

aFe−Cr(Å) 2.866 2.866 2.866 2.866

HFe−Cr(meV ) -5.91 5.16 21.85 41.39

mixing enthalpy and bulk modulus for 10%Cr were used as fitting parameters.
This potential is hence denoted as PM-10.
The paramagnetic phase, however, is a high temperature phase that a re-
actor material would not be heated to under operation. For this reason, in
the light of the significant difference between ”ferromagnetic” and ”paramag-

netic” mixing enthalpies, especially for low Cr concentrations (see figure 1),
three ”ferromagnetic” potentials were fitted as well, using the EMTO calcu-
lated values of mixing enthalpies for the ferromagnetic alloy, shown in figure
1, and corresponding bulk moduli and cohesive energies.
The reason for fitting three potentials was that each potential can only be
fitted to the mixing enthalpy and bulk modulus values corresponding to one
particular Cr concentration. As is shown in section 5.3, it is impossible to
reproduce in this way the complex behaviour of the ”ferromagnetic” mixing
enthalpy shown in figure 1. Therefore, a possible solution to this problem was
identified in the fabrication of potentials for different Cr concentrations. The
present report becomes therefore an exploratory study to assess the possible
advantages of creating a concentration-dependent potential. The three poten-
tials are denoted as FM-5, FM-10 and FM-20, with explicit reference to the
Cr concentration mixing enthalpy, bulk modulus and cohesive energy values
used for the fitting procedure. Note that the lattice parameter was considered
to be the same for all concentrations. Note also that, in accordance with figure
1, the mixing enthalpy for 5% Cr to which FM-5 was fitted is negative.

12



One important observation about these Fe-Cr potentials is that the Cr-Cr
component was taken unmodified from the literature [62] and is known not
to be able to correctly reproduce all elastic properties of pure Cr. Therefore,
the Fe-Cr potentials are used here only in a region of relatively low Cr con-
centrations (up to a maximum of 20% Cr), which are the ones of interest to
model steels. The inadequacy of the Cr-Cr contribution may prevent a correct
description of phase separation.
The FS potential was fitted by Konishi and co-workers and is currently being
used for the simulation of surface Cr induced displacement cascades in Fe [63].
The results reported here for this potential have been kindly provided by F.
Chami (U. of Sheffield) [64] and will be denoted as FS-II. In addition, values
calculated using the Fe-Cr EAM potential by Farkas and co-workers [62] will
be also reported for comparison.

5 Molecular Dynamics

The MD code used in this work is DYMOKA, an enriched version of the older
code CDCMD, now known as XMD [65], originally written by John Rifkin at
the University of Connecticut. CDCMD has been upgraded into DYMOKA
by EDF and the University of Lille in France [22].
The MD technique was developed originally for the study of liquids [66–68],

Fig. 2. Phase diagram of Fe-Cr as a function of temperature and Fe concentration.
Taken from Hultgren et al. [61]
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but it became soon equally important for the study of solids, the first appli-
cation, at an embryo stage, in this field being the simulation of displacement
cascades [69]. Nowadays, MD is applied to the study of the most different sys-
tems: from crystals to amorphous, from surfaces to bulk, including the presence
of defects and impurities [70]. What makes MD superior to other numerical
techniques is its inherent capability of dealing with systems too complex to
be modelled using any analytical approach, without the need of introducing
any simplifying hypotheses or approximations (except, that is, in the cohesion
model used to determine the interatomic forces), the only real limit to its ca-
pabilities being the computational cost of the simulation. Still, there is a large
number of key phenomena in materials taking place on a timescale at reach
for MD. In particular, the production of radiation damage in displacement
cascades is known to occur within a few picoseconds.

5.1 Method

Molecular dynamics uses Newtonian mechanics to calculate timestepwise the
dynamical evolution of a system of particles. An interatomic potential defines
the interaction strength between the atoms. A system is initially constructed
with points defined by three co-ordinates in a real space box, distributed
according to a certain crystallographic structure. These points can then be
attributed to atoms (virtual atoms). The space available for calculation is the
real space in the box. The boundary conditions can be set to either reflective,
fixed or identification of opposite sides (so called periodic boundary conditions,
PBC). With PBC we get virtually an infinite simulation box. The timestep is
defined by the user and the atoms are initially given random velocities, based
on the temperature of the system. At each timestep, the equations of motion
are solved and the atoms are moved accordingly. For more details see e.g. [35].
It is often useful to know what configuration, and with what total energy,
a system of virtual atoms containing e.g. defective structures can be frozen
into, by quenching the system to a temperature of 0 K. To do this there are
different methods. A frequently used one is to set the velocity of each atom to
zero if the scalar product of the velocity and the acceleration is negative. This
is based on the observation that, in such a case, the atom is moving away from
its local energy minimum and forcing the velocity to vanish will quickly lead
it to its equilibrium position, compatibly with the other atoms surrounding it.
This is the method we used in this work. This type of calculations are often
referred to as molecular statics (MS), in spite of the fact that the quenched
state is reached dynamically in this case.

14



5.2 Definitions

MD provides in a natural way the cohesive energy of an atomic configuration,
calculated from the adopted interatomic potential. Defect formation energies,
binding energies, migration energies, et cetera, can be deduced from this infor-
mation, and all is needed for this purpose is to figure out how to manipulate
the system and what cohesive energies to compare to find the desired energy
value.
A very important point to remember when calculating energy properties of
atomic systems is the need to be consistent. For example, care must be taken
to make sure that the exact same alloy (that is, the same atomic configuration
surrounding the region of interest) is compared before and after the manipula-
tion of the system (for example when adding an interstitial or a vacancy). This
problem is particularly delicate in non-diluted alloys, where the local concen-
trations of solute atoms play a very important role and can greatly modify
the result. The only way this effect can be cancelled out is by ensuring that
the same system matrix around the defect is maintained before and after the
manipulation. Effects of changing configurations at constant solute atom con-
centrations must be taken into account by averaging on the results obtained
from different random configurations. The simulations, in addition, have to be
done with a constant sized simulation box. We calculated formation, binding
and migration energies mostly and will now shortly describe the definitions
used. All calculations were done at 0 K.

5.2.1 Formation energy

The formation energy of any kind of object inserted into a predefined lattice,
be it a pure Fe matrix or an alloy, is the following:

EX
f = N

(

Erlx
coh(X) − Erlx

coh(ref)
)

(3)

where Erlx
coh(X) is the cohesive energy of the relaxed system with the object X

inserted and Erlx
coh(ref) is the cohesive energy of the relaxed reference system,

generally the crystal alloy at equilibrium, without defects. N is the number
of atoms in the simulation box, including the inserted object (e.g. N is the
number of lattice sites plus or minus 1 in the case of, respectively, a self-
interstitial atom or a vacancy). If solute atoms are included in object X, the
reference state must take this into account. For example, the substitution
energy of a solute atoms is calculated as:

ESA
s = NErlx

coh(SA) − (N − 1)Erlx
coh(Fe) − Erlx

coh(SA) (4)
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where SA stands for solute atom and Erlx
coh(SA) is the cohesive energy of the

pure species present as solute atom in the Fe matrix (e.g. bcc Cr). In MD,
these calculations are coded by setting up the initial atomic matrix and re-
laxing it, using the quenching algorithm described in 5.1. This provides the
value for Erlx

coh(fm). Then the object X is inserted without touching the atomic
distribution in the alloy and the system is relaxed again, the end result being
Erlx

coh(X).
For the formation of vacancies we do not expect the relaxation to be very
dramatic and therefore it is customary to use a timestep of one femtosecond
(typical MD timestep value). For the formation of interstitials, or more com-
plex structures, the distortion of the neighbouring atoms is substantial and
therefore it is safer to take a shorter time step, at least in the initial phase of
the relaxation.

5.2.2 Binding energy

The binding energy of a composite object can be defined in two ways. Either
as the difference in the energy of the system with the parts of the object being
far separated, to the energy of the system with the composite object formed
and relaxed. Or as the difference of the sum of the formation energy of the
parts to the formation energy of the composite object. In formulae:

EXY
b =











N
(

Erlx
coh(X far from Y ) − Erlx

coh(XY )
)

Ef (X) + Ef (Y ) − Ef (XY )
(5)

The first definition of binding energy is more adherent to the physical processes
the binding energy should quantify (i.e. dissociation of defect clusters), but if
it is used care must be taken to ensure that no interaction exists between the
two objects in the reference case. The second one is often more practical as it
spares one simulation. Both of them yield a positive value whenever a bond
exists, i.e. whenever the system finds it energetically more favourable to have
the two objects forming one complex, rather than being separated (in some
papers the opposite convention is used: conceptually the two are equivalent,
but the convention used must be stated). Since both definitions should lead to
the same result, this can be checked by using both. For example, the binding
energy between two vacancies was calculated as the difference of two times the
formation energy of the vacancy to the formation energy of the system with
two nearby vacancies, and also as the difference of the formation energy of a
system containing two non-interacting vacancies, to the formation energy of
the system with two nearby vacancies.
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5.2.3 Migration energy to vacancy

The migration energy of an atom can be defined as the energy difference
between the initial state (the atom in its crystal lattice position) and the
maximum energy state along the least energy migration path (the path to the
first nearest neighbour vacancy), that is, the energy at the saddle point of the
transition leading to the exchange between the atom and the neighbouring
vacancy. The energy barrier for migration can therefore be calculated as:

EX
m = Erlx

coh(saddle point) − Erlx
coh(initial) (6)

Generally the determination of the saddle point of a transition is not an easy
task. In the case of a simple vacancy jump, however, this can be done in MD
by artificially approaching an atom towards a vacancy along the shortest seg-
ment joining the two lattice positions. At each intermediate position, the atom
is constrained on a plane orthogonal to the trajectory, i.e. it cannot regain its
equilibrium position. However, all positions on the plane are allowed and the
relaxed energy is calculated at each intermediate position. The maximum en-
ergy value obtained by this method is postulated to correspond to the saddle
point energy.

The migration energy is an important parameter to be calculated because in
principle it can be compared with experimental values, obtained by diffusivity
studies. However, in those studies the magnitude that is measured is an acti-
vation energy that equals the sum of the vacancy formation energy and the
migration energy as calculated using the above described method:

EX
a = Ev

f + EX
m (7)

It is this sum that can be compared to experimental data.

5.3 Results

The first check regarded the lattice parameter at 0 K as a function of con-
centration (see figure 3). This calculation was set up in MD by doing relaxed
iterations over an increasing lattice parameter and checking for the one that
gives the lowest energy for random solutions of increasing Cr concentration.
Although both ab initio and MD calculated values oscillate more than the ex-
perimental ones, the difference is very small, probably below the experimental
error, and the essential constancy of the lattice parameter over the explored
concentration region is rather well reproduced by both MD and EMTO. The
only outlier is the potential by Farkas and co-workers, that predicts a contin-
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uous growth, like the experimental values, but well above the other curves.
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Fig. 3. EAM lattice parameters versus concentration as compared to ab initio and
experimental ones. The potentials reproduce the correct values with only a small
error.

Secondly, the mixing enthalpy was calculated as a function of Cr concentra-
tion (see figure 4). It can be seen that the EMTO (and therefore experimen-
tal) paramagnetic mixing enthalpy versus Cr concentration is well reproduced
by the PM-10 potential, while the Farkas potential curve is well above the
other, although in principle fitted to the same heat of mixing [62]. The non-
monotonous behaviour of the ferromagnetic mixing enthalpy is not correctly
reproduced by any of the FM potentials. These match the ab initio curve
only in the neighbourhood of the concentration for which they were fitted,
generally with the wrong slope. The idea of creating potentials for different
Cr concentrations (5%, 10% and 20%) stemmed exactly from this difficulty
of reproducing the ferromagnetic mixing enthalpy behaviour versus Cr con-
centration with one interatomic potential. In principle, the FM-5 potential
should be used in the negative enthalpy region, the FM-10 should work at
intermediate concentrations, while the FM-20 should apply for larger Cr con-
centrations, where phase separation takes place according to the Fe-Cr phase
diagram (see figure 2). However, since the general behaviour of the ferromag-
netic mixing enthalpy is not properly reproduced in any concentration range
by any potential, this scheme may prove more problematic than initially envis-
aged. Advantages and shortcomings of this concentration-dependent approach
will be discussed in the conclusions. Globally, figure 4 shows that: PM-10
and FM-20 tend to behave in a similar manner, in the direction of increasing
mixing enthalpy with growing Cr concentration; FM-5 goes in the opposite
direction, while FM-10 is intermediate between the two trends. It will be seen
that this general relationships hold true for most magnitudes calculated in
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this work.
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Fig. 4. The mixing enthalpy of the paramagnetic system calculated from MD using
the PM-10 potential corresponds nicely to the experimental and ab initio. The
ferromagnetic MD calculations with the FM potentials, on the contrary, are not
able to reproduce the non-monotonic behaviour seen in ab initio calculations.

5.3.1 Vacancies and Cr atoms

After the initial tests reported above, we calculated formation and binding
energies for defects, broadly including in this category also solute atoms. In
this section, the results regarding vacancies and Cr atoms are presented.

In table 2 the results for the formation energy of a single vacancy and the
substitution energy of a single Cr atom in an otherwise pure and perfect Fe
matrix, obtained with different empirical interatomic potentials, are indicated
and compared with available ab initio and experimental data. The computed
vacancy formation energies in Fe are found to fall in the range of the reported
experimental values, with the ab initio in the upper region of the experimental
interval and the empirical potentials in the lower region. The Cr atom sub-
stitution energy is seen to be strongly dependent on which mixing enthalpy
the potential was fitted to: it is twice as high for PM-10 and FM-20, as com-
pared to FM-10, while - as expected - it is minimal for FM-5, the FS potential
by Konishi et al. [37] predicting a value intermediate between these two. The
Farkas potential predicts the highest substitution energy. These trends are not
surprising, because for a regular solution the mixing enthalpy is given by the
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expression:

∆Hm = Ωc(1 − c) (8)

where c is the solute concentration and Ω is the heat of solution, which in
good approximation can be demonstrated to equal the substitution energy
of a Cr atom in the Fe matrix. So, the slope of the mixing enthalpy curve
versus Cr concentration at 0% Cr should correspond to ECr

f . For example, the
experimental value for ECr

f indicated in table 2 has been assessed using the
slope of the experimental curve of figure 1 at 0% Cr for the paramagnetic alloy,
which exhibits a regular behaviour. The shape of the mixing enthalpy curve
for the ferromagnetic Fe-Cr alloy clearly does not correspond to a regular
solution. However, the interpretation of the initial slope as related to the
substitution energy can be still considered valid. Therefore, the fact that FM-
5 predicts a positive, though small, value for ECr

f , means that, for very small
Cr concentrations, also this potential predicts a positive mixing enthalpy, the
curve starting with positive slope and becoming very soon negative, so as to
meet the fitting value of -5.91 meV at 5% Cr. Indeed, from figure 4 it can
be guessed that the mixing enthalpy curve predicted by FM-5 does have a
negative curvature and an initial positive value. Again identifying the slope
of the mixing enthalpy curve at 0% Cr with ECr

f also in the ferromagnetic
case, the EMTO value for the substitution energy can be assessed and is
found essentially to agree with the VASP value, although more refined (more
k-points) EMTO calculation are in progress to confirm or deny this agreement.

The concentration dependence of the vacancy formation energy was also cal-
culated (see figure 5) by removing an Fe atom from random alloys of growing
Cr concentration and calculating the cohesive energy difference before and
after removal (at constant number of atoms). The calculation for each con-
centration was repeated with different random alloys, checking also that the
local concentration around the vacancy corresponds to the wanted concentra-
tion, and the average values were retained for each concentration. It turns out
that the addition of Cr to the system generally decreases the vacancy forma-
tion energy. This result can be rationalised by observing that in average the
formation energy will be decreased by an amount proportional to the V-Cr
binding energy and to the Cr concentration. Intuitively, the formation energy
of the vacancy should decrease more or less linearly with the Cr concentration,
any departure from linearity being a sign of a dependence on concentration of
the V-Cr binding energy (always assuming random distribution of Cr atoms).
The slope of the line should bear some relation with the strength of the V-Cr
bond for a dilute solution. Indirectly, therefore, we are led to believe that the
V-Cr binding energy is higher according to FM-20. The jumps exhibited by
the points in the graph have to be related to the forcibly discrete change in
the number of Cr atoms around a vacancy with growing Cr concentration.
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The tendency of Cr to segregate can be assessed by calculating the binding
energy of the solute atoms with vacancies and with themselves. Some data of
this type are available also from ab initio calculations [56]. The comparison
between these results and those obtained using the Fe-Cr empirical potentials
is given in table 3.
The binding energy of the second nearest neighbour divacancy is always higher

Table 2
Formation energies of single vacancy EV

f and substitution energy of a Cr atom

ECr
s in a pure Fe matrix, according to different empirical interatomic potentials,

compared with ab initio calculations. The EMTO value is derived from figure 1.

(eV) ECr
s EV

f

FM-5 EAM 0.050 1.543

FM-10 EAM 0.227 1.543

PM-10 EAM 0.415 1.543

FM-20 EAM 0.418 1.543

EAM (pure Fe) [21] 1.56–1.63

FS-I [37,64] 0.158 1.80

FS-II (pure Fe) [72] 1.70

EAM Farkas 0.703 1.63

VASP [33,56] -0.354 1.95

EMTO (fig. 1) -0.384

Experiments 0.224 (PM) 1.53–2.2 [73–77]
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Fig. 5. The concentration dependence of the vacancy formation energy.
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than the first nearest neighbour divacancy. In spite of the lack of experimental
data of divacancy binding energy in Fe, theoretical analyses suggest that this
is indeed a feature of bcc transition metals [78] and has been measured to be
so in the case of Mo [79].
The values of the V-Cr binding energies vary from one method to the other, but
the basic fact that Cr atoms are not, or only very weakly, bound to vacancies
emerges clearly, the Finnis-Sinclair potential by Konishi et al. [37] labelled as
FS-I being, in this case, the closest to ab initio results, as it predicts a repulsion
between V and Cr at 2nd nearest neighbour distance. Note that the strength
of the V-Cr bond, though always small, increases with the mixing enthalpy
value to which the EAM potentials were fitted, possibly as a consequence of
the growing repulsion between Fe and Cr atoms. Indeed, the Farkas potential,
which predicts the highest mixing enthalpy (figure 4), predicts also the largest
V-Cr binding energy (0.1 eV). This trend is also in qualitative agreement with
the indirect assessment of the V-Cr binding energy from figure 5.
This negligible interaction between Cr atoms and vacancies is consistent with
a series of data found in the literature. Demangeat calculated, using a full-
electron method, the V-Cr binding energy to be in any case below 0.089 eV
[80]. According to a positron annihilation assessment of the onset of vacancy
migration in pure Fe and Fe-Cr, no difference was found between the two
materials [81]. It is also known that the diffusivity of Cr in Fe is extremely close
to the self-diffusivity of Fe, in a large range of Cr concentrations [82], a sign
of negligible V-Cr binding energy. Finally, muon spin rotation measurements
by Möslang and co-workers showed that the V-Cr binding energy in Fe is in
any case less than 0.1 eV (below the resolution of the method) [83].
For both V-V and V-Cr binding energies calculations are in course to assess
a possible dependence on solute concentration.
Turning to Cr-Cr interaction, the discrepancy between empirical potentials
and ab initio becomes more significant. No interatomic potential predicts a
repulsion between Cr atoms as strong as is found with VASP. In addition,
when an attractive behaviour is found, the strength of the interaction is seen
to grow with the value of the mixing enthalpy to which the potentials were
fitted. This behaviour was to be expected, because a growingly positive mixing
enthalpy clearly forces the system to phase separation. Since this separation
does not take place at low Cr concentrations, the potentials fitted to positive
mixing enthalpies should not be used for very small Cr concentrations, as is
the case of these calculations, where only a few Cr atoms are introduced in
the system. FM-5 is the only potential that is being used, roughly speaking, in
its range of application, and yields negative binding energy values between Cr
atoms, together with, in some cases, the potential by Konishi and co-workers
[37]. However, the repulsion is always softer than according to VASP.

In figure 6 the binding energy of larger and larger clusters of Cr atoms is
graphically represented. Here the different behaviour between the four EAM
potentials becomes patent. We find a saturation of the binding energy with
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Table 3
Binding energies involving vacancies and Cr atoms.

(eV) FM-5 FM-10 PM-10 FM-20 EAM
Farkas

FS-I
[64]

VASP
[34,56]

EV −V
b (1nn) 0.19 0.19 0.19 0.19 0.16 0.15 0.14

EV −V
b (2nn) 0.21 0.21 0.21 0.21 0.21 0.21 0.28

EV −Cr
b (1nn) 0.031 0.035 0.052 0.070 0.10 0.024 0.029

EV −Cr
b (2nn) 0.024 0.051 0.059 0.065 0.042 -0.042 -0.01

ECr−Cr
b (1nn) -0.001 0.005 0.034 0.031 0.009 0.026 -0.329

ECr−Cr
b (2nn) -0.023 0.024 0.043 0.055 0.024 -0.030 -0.197

ECr−Cr
b (3nn) 0 0 0 -0.003 0 0.008

ECr−Cr−Cr
b (1nn) -0.051 0.016 0.099 0.092 0.016 0.057 -0.79

ECr−Cr−Cr
b (2nn) -0.046 0.047 0.086 0.109 0.047 -0.013

EFour Cr
b (1nn) -0.102 0.031 0.197 0.182 0.54 0.097 -0.97

increasing cluster size for the FM-10 potential: this indicates that, although
the formation of large Cr clusters is in principle possible, the growth may in
this case stop to around 10 atoms, since there is no energetical advantage in
building larger clusters. For the FM-5 potential, in accordance with the nega-
tive mixing enthalpy value to which it was fitted, we see instead an increasing
repulsion for larger complexes, indicating a tendency to force the alloy into
some degree of order (equally spaced Cr atoms). This is in agreement with the
experimental finding of repulsive short-range order in Fe-Cr alloys with less
than 5% Cr [55]. The PM-10 and the FM-20 potentials behave basically in the
same way, showing - as expected - increasing binding energy with the number
of Cr atoms in the cluster. This indicates that these two potentials should
be able to predict phase separation at high Cr concentrations, in accordance
with experiments [30]. On the other hand, a too strong tendency to Cr atom
aggregation cannot be accepted, because the α’ phase is Cr-rich and not pure
Cr. These issues will be further discussed in section 6. Note that the Farkas
potential predicts an even stronger attraction between Cr atoms in cluster.
Note, however, that all of these potentials are being pushed well above their
validity range when treating large Cr clusters, as a consequence of the non
completely correct description of the elastic properties of pure Cr inherent to
the used Cr-Cr term.

5.3.2 Self-interstitials and Cr atoms

The formation energy of different interstitial configurations, including solute
atoms, is another important issue to be checked. The interstitial configura-
tion with the lowest formation energy is going to be the most stable and
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therefore the most frequently encountered in simulations performed with the
corresponding potential. Experiments tell us that the most stable interstitial
configuration in pure bcc metals is the 〈110〉 dumbbell [84–86]. Other possible
configurations, energetically close to the most stable one and typically consid-
ered in bcc metals are the 〈111〉 dumbbell and the 〈111〉 crowdion. It is known
that EAM interatomic potentials can predict either the 〈110〉 or the 〈111〉
dumbbell configuration to be the most stable in Fe, depending on the range of
the potential [21]. The EAM potentials used in this work, being descendants
of Simonelli’s long-range one [21], predict accordingly the 〈111〉 configuration
to be the most stable (see table 4), in disagreement with the experimental
evidence, as well as VASP calculations [33]. The reason for this wrong pre-
diction has been found to be that the gradient of the potential at distances
around 2Å is too low. For example, both Ackland’s potential [72], which is of
Finnis-Sinclair type, and Simonelli’s short-range EAM successfully reproduce
the 〈110〉 dumbbell as the lowest energy configuration and have much higher
gradient at this distance, which is the expected one between the atoms in the
dumbbell. It is therefore hoped that this shortcoming of the present Fe-Cr po-
tentials can be removed through moderate stiffening in the appropriate range.
Work is in progress on this issue.

The main effect of predicting the 〈111〉 dumbbell orientation to be more stable
than the 〈110〉 should be an underestimation of the migration energy of single
SIA in pure Fe. Indeed, the currently accepted SIA migration mechanism is
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Fig. 6. The binding energy of Cr-complexes.
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Table 4
The formation energy of interstitials. In parenthesis are values deduced from re-
ported data.

(eV)
E<110>

f

(Fe−Fe)

E<111>
f

(Fe−Fe)

E<110>
f

(Fe−Cr)

E<111>
f

(Fe−Cr)

E<110>
f

(Cr−Cr)

E<111>
f

(Cr−Cr)

FM-5 4.15 4.02 3.81 3.72 3.67 3.64

FM-10 4.15 4.02 3.98 3.92 4.00 4.02

PM-10 4.15 4.02 4.16 4.10 4.32 4.35

FM-20 4.15 4.02 4.80 4.77 5.16 4.90

EAM
Farkas 3.66 3.54 4.31 4.24 4.57 4.44

FS-I [37] (3.90) 4.55 unstable

FS-II
pure Fe [72] 4.87 5.00

VASP [33] 3.41 4.11 (3.06) (2.70) (3.25) (2.67)

based on the idea of athermal glide along the 〈111〉 direction, via 〈111〉 crow-
dion formation, with frequent 〈111〉 direction changes, giving rise to effective
3D motion [41]. According to this picture, the bottleneck for migration, which
eventually determines the migration energy of single SIA, is the rotation from
the most stable 〈110〉 orientation to the less stable 〈111〉 orientation, the only
one that allows athermal gliding. Since, according to the EAM potentials used
in this work, SIA always lie on the 〈111〉 direction, their predicted migration
energy is expected to be negligible, so that they will be in fact moving very
fast, faster than they should, at any temperature. It should be noted that this
problem is not shared by Konishi’s potential [37], which is a short-range one
of Finnis-Sinclair type.

Whatever about SIA migration in pure Fe, from table 4 it can be seen that
FM-5 and FM-10 predict the mixed Fe-Cr crowdion to be more stable than
any pure Fe-Fe dumbbells, in agreement with VASP results. In addition, again
in agreement with VASP, all the EAM potentials predict the Fe-Cr 〈111〉 crow-
dion configuration to be more stable than the 〈110〉 dumbbell. This agreement
is all the more important because no information about interstitial atoms was
used as fitting parameter. The FS potential by Konishi et al. [37] seems to
be out of scope in this case, at least in comparison with ab initio data, as
it gives the Fe-Cr 〈110〉 dumbbell as only possible stable configuration, with
a formation energy higher than the Fe-Fe dumbbell. The PM-10 and FM-20
potentials, as well as Farkas potential, are also out of scope as they also yield a
higher formation energy for the mixed configuration as compared to the Fe-Fe
dumbbell.
It is noteworthy that, both with VASP and the two potentials FM-5 and FM-
10, also the Cr-Cr dumbbell is found to have a lower formation energy than
the Fe-Fe one, although only FM-5 predicts the 〈111〉 configuration to be of
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Table 5
Binding energy of Cr with interstitials. In parenthesis deduced values.

(eV) FM-5 FM-10 PM-10 FM-20 EAM
Farkas

FS-I
[37]

VASP
[56]

E<110>
b (Fe−Cr) 0.257 0.266 0.273 -0.364 0.003 (-0.49) -0.005

E<111>
b (Fe−Cr) 0.349 0.333 0.338 -0.330 -0.067 unstable 0.358

E<110>
b (Cr−Cr) 0.452 0.476 0.531 -0.307 0.376 -0.548

E<111>
b (Cr−Cr) 0.482 0.455 0.503 -0.042 0.506 0.035

lower energy, in agreement with the ab initio results. These were originally
given in terms of binding energies and these quantities are therefore reported
in table 5. This table shows from a different point of view agreement and
disagreement between VASP results and empirical potentials. Except FM-20
and Farkas, all EAM potentials predict a strong binding energy for a Cr atom
in an interstitial configuration, in excellent agreement with the ab initio value
(the best agreement is achieved with FM-5). The difference is that, according
to VASP, the 〈110〉 mixed dumbbell configuration is unstable, while according
to the EAM potentials it can subsist, although with higher energy than the
〈111〉. The potential by Konishi et al. gives reversed results. However, in the
original paper by Konishi [37] calculations of binding energies of Cr atoms in
different positions with respect to an Fe-Fe dumbbell were reported and posi-
tive values were found in some cases, so that, though in a different way, this
potential too predicts an attractive interaction between SIA and Cr atoms in
solution. The Farkas potential exhibits an even different behaviour, by predict-
ing essentially no binding energy for the Fe-Cr dumbbells, but high stability
of the Cr-Cr dumbbells. As a final observation on table 5, we shall note that,
according to VASP, the Cr-Cr interstitial configuration is not as favourable as
the empirical potentials yield, most likely as a result of the strong repulsion
between Cr atoms in Fe, that none of the empirical potentials can reproduce.

From the experimental point of view, it has been already discussed in the
introduction that an interaction between SIA and Cr atoms must exist in
Fe-Cr alloys to explain the observed differences in loop accumulation under
irradiation [27,28]. Moreover, the convergence of simulation results towards
the stability of mixed dumbbells is supported by a resistivity study of recov-
ery of low-temperature electron-irradiated Fe-Cr alloys [29], proving not only
the existence of mixed dumbbells in these alloys, but also hinting at a high
stability of Cr-Cr interstitial configurations.
In dynamical simulations performed with the FM-10 potential, pure Fe-Fe
dumbbells gliding one-dimensionally along the 〈111〉 direction have been seen
to stop as soon as they encountered a Cr atom, the latter remaining bound
to the dumbbell and drawing the center of the interstitial configuration onto
itself, thereby forming a crowdion. Therefore, according to this potential Cr
atoms are traps for highly mobile SIA in Fe-Cr alloys and analogous results
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are expected from the FM-5 potential as well as, most likely, the PM-10.
The mobility of the mixed interstitials, although not quantified yet, is con-
sequently expected to be drastically lower than that of the SIA using these
EAM potentials and probably also the potential by Konishi et al. would give
a similar prediction [37]. To this regard, experimentally the situation is not
completely clear, because from resistivity measurements Abe and co-workers
[87] estimated the effective migration energy of interstitials in Fe-10%Cr to
be 0.4 eV, so higher than in pure Fe, while Maury and co-workers, also in
a resistivity study, claim the mixed Fe-Cr dumbbell to move faster than the
Fe-Fe dumbbells at low temperature [29].
The SIA migration energy in Fe is accepted to be experimentally close to
0.3 eV [88] and much lower (0.02 eV) in MD simulations (see e.g. [89]). This
discrepancy between simulations and experiments is well-known and still not
settled. It has been tentatively explained as the effect of unavoidable trapping
impurities in real Fe, even when high purity Fe is used for the experiments,
although some authors maintain that this underestimation of the SIA migra-
tion energy is a serious shortcoming of all existing empirical potentials for Fe.
Recent ab initio results seem indeed to support the latter position [33], by
finding a much higher energy difference between the 〈111〉 dumbbell config-
uration and the 〈110〉, thereby questioning the validity of the 〈110〉 to 〈111〉
rotation and 〈111〉 glide as migration mechanism. In this framework, it is not
surprising that the potentials analysed in this work which, like all others, pre-
dict negligible SIA migration energy along the 〈111〉 direction and, at the same
time, a high Cr-SIA binding energy, see Cr atoms as traps for SIA.

It can hence be concluded that, although not completely correct in the descrip-
tion of SIA in pure Fe, if we rely on VASP results and accept the experimental
evidence and related uncertainties, the FM-5 and FM-10 potentials are prob-
ably at least qualitatively correct in the description of SIA in Fe-Cr alloys.
On the contrary, PM-10, the potential by Konishi and, above all, FM-20, to-
gether with the potential by Farkas, seem to be less accurate in this case.
About FM-20, though, it has to be stressed that the Cr concentration used
for the reported calculations is a lot lower then the concentration for which
the potential was fitted.

5.3.3 Migration energies

To complete the picture for the assessment of the validity of the proposed
Fe-Cr interatomic potential, the migration energies are important properties
to be calculated. This type of information is needed, for example, to perform
atomistic kinetic Monte Carlo simulations using the simplest scheme: that of
solute atom redistribution in an alloy via vacancy jumps (see section 6). It
is long and widely accepted that vacancy diffusion jumps can only occur by
exchange with first nearest neighbour atoms and that the study of a limited
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number of possible vacancy jumps around a solute atom is enough to provide
a complete description of solute atom migration in bcc metals, at least in the
case of dilute alloys [90]. These jumps are therefore traditionally used as a
reference and for this reason have been considered here, in spite of the fact
that we are not necessarily treating dilute alloys. Figure 7 shows the main
relevant jumps, according to Le Claire’s theory [90].

Fig. 7. The notations of the different migration paths. The yellow spheres are Fe
atoms, the blue sphere is a Cr atom and the green is the vacancy. The nn-number
refers to the Fe atoms’ position relative to the Cr atom.

In table 6 the migration energies corresponding to the jumps of figure 7, calcu-
lated using the empirical interatomic potentials, are compared with ab initio

results [56]. In table 7 the activation energies (equation 7) for Fe and Cr mi-
gration that can be deduced from the interatomic potentials and from VASP
are compared with experimental data. The reported value for Cr atom diffu-
sion corresponds to measurements in an alloy containing 12%Cr [82], which
is the lowest concentration for which the diffusivity can actually be studied
in a ferritic Fe-Cr alloy. It can be seen that the only significant discrepancy
between the predictions of the empirical potentials and ab initio results is in
the energy barrier for the jump of a Cr atom into the neighbouring vacancy:
according to the empirical potentials Fe and Cr share essentially the same mi-
gration energy or, in the case of FM-20, the migration energy for Cr is higher
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Table 6
Migration energy of Fe and Cr migration to a vacancy. The different symmetries
are described in figure 7

(eV) FM-5 FM-10 PM-10 FM-20 EAM Farkas VASP [56]

Fe→ V 0.725 0.725 0.725 0.725 0.660 0.650

Cr → V 0.698 0.728 0.706 0.941 0.456 0.580

Fe→ V : w 0.725 0.700 0.707 0.709 0.633 0.684

Fe→ V : w′ 0.732 0.765 0.769 0.795 0.592 0.666

Fe→ V : w′′ 0.726 0.735 0.736 0.764 0.578 0.645

Table 7
Activation energy for Fe and Cr atom diffusion in Fe. The activation energy is
obtained from the interatomic potentials as the sum of the migration and vacancy
formation energy. In the case of Cr, the vacancy-Cr binding energy is subtracted
[90]

(eV) FM-5 FM-10 PM-10 FM-20 EAM
Farkas

FS-II
pure Fe

[72]

VASP
[56] Exp.

Cr → V 2.21 2.24 2.20 2.41 1.99 2.50 2.28 [82]

Fe→ V 2.27 2.27 2.27 2.27 2.29 2.48 2.60 2.60 [92]

than for Fe, while VASP yields a lower barrier from Cr than for Fe, as does
the Farkas potential, although with a two times as big difference. A similar
effect is seen when comparing activation energies to available experimental
values. However, the comparison with experimental activation energies can be
only indicative, since the values from the potentials and from VASP are sums
of statically calculated energies and, in the case of the Cr atom, at vanishing
Cr concentration, while the experimental values are obtained from Arrhenius
plots and include the effect of impurities in Fe and a high concentration of
solute atoms in Fe-Cr. Better conclusions about the performance of the po-
tentials in describing Cr and Fe diffusion in Fe will be drawn after a full MD
diffusivity study, currently in progress [91].

6 Kinetic Monte Carlo

Kinetic Monte Carlo (KMC) techniques are nowadays well established meth-
ods for the study of medium and long term evolution of radiation damage,
up to timescales completely out of reach for MD [40–47]. The main limita-
tion of these techniques is the still reduced volume of material that can be
studied (lengthscale on the order of hundreds of nanometers at the most). In
this section a general description of the method will be given and the results
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of applying an atomistic KMC approach to the study of Fe-Cr, always with
a view to assessing the performance of the considered interatomic potentials,
will be presented.

6.1 Method

The prerequisite of any Monte Carlo method is that different events are pos-
sible in the studied system and to each of them a known probability can be
assigned. In the case of radiation damage studies these events can be point
defect migration, Frenkel pair annihilation, etc. Their probabilities can be nor-
malised so that their sum is one. In this way, by extracting a random number
between 0 and 1, one and only one of the possible events is chosen to happen:
this correspond to a Monte Carlo step. The adjective kinetic is added to a
MC algorithm whenever time is a variable that the method considers and can
treat. The existing KMC algorithms may differ more or less significantly be-
tween them, but they are all based on the residence time algorithm introduced
already in 1966 by Young and Elcock [93], which will be shortly described be-
low. Broadly speaking, the existing KMC algorithms can be divided into two
families: Atomistic KMC (AKMC) and Object KMC (OKMC). AKMCmodels
retain the detail of the atomic-level description, i.e. the possible events involve
a redistribution of atomic positions, including or not point defects and point
defect clusters. AKMC models can be regarded as natural extensions of MD,
in which not deterministic Newtonian mechanics, but stochastic statistical
mechanics laws determine the evolution of the system [40–42]. All AKMC al-
gorithms need to include a method to calculate the total energy of the system,
because this magnitude is key in determining the probability of the possible
events. For this reason, computing time may be an issue for these models:
depending on different factors, the accessible timescales for AKMC methods
may turn out to be limited and in some instances still far from macroscopically
significant ones. This is why OKMC methods were worked out [43–47]: in this
case the atomic detail is given up and the total energy of the system is not any
more an important variable of the problem. The simulation treats not atoms
but objects that can be anything: generally, in radiation damage studies, they
are point defects, point defect clusters, solute atoms, impurities, traps, sinks,
et cetera. Each object is defined by its type, size, centre-of-mass co-ordinates
in space and reaction radius (i.e. the distance at which it interacts with other
objects). The possible events are essentially migration of objects and reactions
between objects. All possible reactions and migration modes must be known
in advance and for each of them an activation energy and attempt frequency,
or other parameters capable of suitably defining the relevant probability, need
also to be known in advance. The advantage of OKMC approaches in terms
of computing time is enormous: 40 years of irradiation in a power plant ves-
sel can be simulated in a matter of a few days [47]. However, the amount
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of parameters needed in OKMC models is enormous as well, as it is easy to
imagine, and the determination of the correct parameter set for a particular
material is still an open question, for which no established methodology exists,
although of course quite a lot of work has been done and tentative parameters
for the description of radiation damage evolution at least in pure Fe have been
proposed by various groups and are available from the literature [44–47].

In the case of Fe-Cr systems there is no available parameter set to run OKMC
simulations, not even at a tentative level, and work will have to be devoted
to the calculation of at least the very basic parameters. It is easy to guess,
from the results presented and discussed in this work, that the most important
missing information is the diffusivity of SIA clusters in presence of Cr atoms,
that are seen to act as traps and to easily form mixed dumbbells.

However, if an interatomic potential is available and the migration energy
for solute atoms is acceptably well estimated, as is the case for Fe-Cr alloys,
it is possible to run AKMC simulations on rigid lattice using the vacancy
jump algorithm. In this AKMC approach the atoms are distributed on a rigid
crystal lattice and the only type of defect that is introduced in the system
and treated is the vacancy. The only possible physical process determining
the evolution of the system is the exchange of position between an atom and a
vacancy, located at first nearest neighbour distance, i.e. a diffusion jump. The
energy of the system can be evaluated in principle in different ways, either
using an empirical interatomic potential [42], or by introducing adequate pair
interaction energy parameters [40], or a mixture of both approaches [41]. In our
case, the first of the three possibilities is used. In this model the vacancy jump
frequency for vacancy n and jump i is given by the Boltzmann expression:

Γn,i = νn,ie
−

Em,n,i
kT (9)

where Em is the migration energy and ν is the attempt frequency. For every
step, the probability of all possible vacancy jumps (8 for each vacancy in the
bcc structure, except for vacancies belonging to vacancy clusters) is computed
and one jump is then chosen randomly with the weight of that particular
probability. Time is introduced in the system as the inverse of the sum of all
the jump frequencies, for all the possible jumps of all the vacancies contained
in the system, Γn,i, for each MC step:

∆τ =
1

∑

n,i Γn,i

(10)

This correspond to the simplest form of Young and Elcock’s residence time
algorithm [93]. Note that, with this definition, the KMC timestep is a func-
tion of the jump frequencies, and therefore a function of the binding energies
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between solute atoms and vacancies predicted by the interatomic potential, as
well as, of course, the choice of the attempt frequency. Therefore, the timestep
cannot be controlled in the same way as in MD. Note also that the timestep
length in equation 10 is an average over all possible jumps and does not con-
tain only the event chosen to occur. In this way the length of the timestep is
kept more or less constant throughout the simulation. If the timestep was cal-
culated as the reverse of the frequency of the chosen event, infrequent events
would determine very long timesteps.

The only practical problem for the application of this algorithm is the deter-
mination of attempt frequency and migration energy for each possible jump.
In principle, this is a difficult problem, because both these magnitudes are
sensitive to the environment in which the jump takes place. In other words,
strictly speaking a dedicated calculation should be executed for each local
atomic configuration. Since this is computationally impractical, it is custom-
ary to introduce approximations. Thus, the attempt frequency is assumed to
be a constant, on the order of the Debye frequency, i.e. 1013s−1 (more precisely,
the value 6 · 1012s−1 will be used in this work. The environment dependence
of the migration energy can be heuristically treated according to many dif-
ferent models [40–42,93], none of them really justified by rigorous physical
arguments. In this work, we adopted the same model as in [41] and [42], i.e.

Em = E0 +
Ef − Ei

2
(11)

where E0 is a constant energy barrier and Ef and Ei are the potential en-
ergies of the final and initial configurations, i.e. after and before the jump,
calculated according to the interatomic potential. This model is a priori not
better and not worse than any other, but it has the advantage of correcting a
constant energy barrier according to the environment and, more specifically,
the binding energy between vacancies and solute atoms predicted by a certain
interatomic potential, so that this method is sensitive to differences between
interatomic potentials. In addition, it is inherently biased to lead the system
towards the lowest energy configuration, since the activation energy grows if
Ef > Ei.

This AKMC scheme, although somewhat simplistic, is a very performant tool
to simulate phenomena such as solute precipitation or segregation via a va-
cancy mechanism, both as a consequence of thermal annealing (equilibrium
vacancy concentration) or irradiation (vacancy supersaturation). The simula-
tion of these types of phenomena would be impossible by MD, both because
the simulated timespan could never be long enough for a significant num-
ber of vacancy jumps to take place and because, in order to actually observe
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precipitation or segregation, systems containing millions of atoms should be
considered. With an AKMC code, the evolution of a reasonably large system
up to a macroscopically meaningful timescale, totally out of the scope of MD
(seconds to hours) can be followed. It can therefore be regarded as a kind of
accelerated MD, where the price to be paid, in order to extend the timespan
covered by the simulation, is to give up a correct description of the atomic
interactions: no atomic oscillations and no relaxation around defects, or over-
sized solute atoms, or undersized interstitial atoms. Clearly, the reliability of
the model in describing the correct, say, kinetics of precipitation and morphol-
ogy of precipitates will depend on the choice of the key parameters and on
how acceptable the use of simple laws - such as 9 or 11 - is, for the specific
physical system to be studied.

6.2 Results

In Fe-Cr alloys there are two experimentally observed phenomena that can
be studied using a vacancy jump AKMC algorithm and therefore used as a
test for the proposed interatomic potentials: the nanosegregation of α’ phase
and the inverse Kirkendall effect. The nanosegregation, or precipitation, of α’
phase, not only under irradiation [8], but also during thermal treatments, is a
well and long known phenomenon (475oC embrittlement, see e.g. [31]), with a
clear impact on the mechanical properties of Fe-Cr ferritic alloys. The inverse
Kirkendall effect is used to explain why depletion of Cr atoms takes place
under irradiation close to vacancy sinks (e.g. at grain boundaries). The latter
process is typical of austenitic steels, but has also been reported in ferritic
steels and it is in a ferritic matrix that it has been simulated.

6.2.1 Phase separation

To check whether the interatomic potentials can predict α’ Cr-rich phase sep-
aration at higher Cr concentrations, a thermal ageing process was reproduced:
in a cubic box with side equal to 60 lattice units (432000 atoms), the evolution
of an Fe-15%Cr alloy thermally treated at 800 K was simulated, by introducing
only one vacancy in the system. This corresponds to a vacancy concentration
roughly 12000 times larger than the equilibrium vacancy concentration ex-
pected at 800 K in the alloy (assuming a vacancy formation energy of 1.54
eV, as predicted by the interatomic potentials used, and neglecting the small
binding energy of the vacancy to Cr atoms, as well as the entropy of forma-
tion), but this difference is easily and customarily accounted for by simply
rescaling the simulated time to a corresponding real time about 12000 times
longer [94]. The 15%Cr concentration was chosen purposely in order to test
the potentials outside their fitting range. While from figure 6 the FM-5 is not
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expected to reproduce phase separation, no definitive answer can be given for
the other potentials without a test of this type. The simulation was protracted
up to 2 billion vacancy jumps with FM-5 and FM-10, while with PM-10 and
FM-20 it was prolonged up to 4 billion jumps, in order to simulate the same
timespan (about 0.5 seconds, to be adequately rescaled to obtain the corre-
sponding real time). This factor 2 difference in the simulated time after 2
billion vacancy jumps is the result of the non linear dependence of the AKMC
timestep duration on the activation energy for migration, which depends, in
turn, in a complex way on the binding energies between vacancies and solute
atoms predicted by the interatomic potential used. Two billion vacancy jumps
required about 100 hours of CPU time on an Optiplex GX240, Pentium IV,
2GHz processor. The results are shown in figures 8 to 13. In figure 8 the total
energy of the system is plotted versus time according to the four interatomic
potentials.
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Fig. 8. Evolution in time of the total energy of the Fe-15%Cr systems, according to
the four EAM potentials considered in this work. Only FM-20 and PM-10 predict
phase separation.

The rapid decrease till steady state exhibited by PM-10 and FM-20 is typical
of ongoing precipitation till the percentage of solute atoms in solution becomes
smaller than the solubility limit predicted by the potential (respectively, 2.51%
and 2.34% for PM-10 and FM-20 according to this simulation). On the con-
trary, FM-5 and FM-10 do not show any decrease in energy, meaning that the
lowest energy state for these potentials is the random alloy.

This picture is confirmed by figures 9, 10 and 11, where the integral Cr-Cr
pair correlation function corresponding to initial and final atomic configura-
tions is represented at increasingly small scale. The curves correspond to the
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probability that a Cr-Cr pair is found at a distance less than the distance
specified in abscissae (the sum of the points equals one). The fact that the
PM-10 and FM-20 curves are shifted to the left for small distances means
that the probability of finding close Cr-Cr pairs is higher than in the other
case, i.e. precipitation has taken place. In figure 9 the initial curve is indis-
tinguishable from the final curves for FM-5 and FM-10, indicating that the
alloys were random at the beginning and remain random at the end, while no
large difference is visible between PM-10 and FM-20. Indeed, the differences
between close curves are very small and become increasingly visible only by
going to finer scales (figures 10 and above all 11). In the latter figure a slight
tendency to further repulsion and further attraction is observed with, respec-
tively, FM-5 and FM-10 (lower and higher probabilities of finding first nearest
neighbour Cr atoms). In addition, it can be seen that PM-10 predicts a slightly
reduced amount of precipitation as compared to FM-20. Finally, in figures 12
and 13 the initial and final atomic configurations in the FM-20 simulation are
visualised and the formation of large precipitates is clearly visible. All these
evidences reveal that the precipitates contain often only Cr atoms.

Fig. 9. Integral pair correlation function at the beginning and the end of the sim-
ulation using the four EAM interatomic potentials considered in this work. At this
scale, no difference is visible between the beginning and the end when using FM-5
and FM-10 (random solution in both case), while no difference can be made out
between PM-10 and FM-20, where phase separation takes place.
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Fig. 10. Same as previous figure, at smaller scale. PM-10 segregatges less than
FM-20.

In conclusion, the fitting to high mixing enthalpies (PM-10, FM-20) does pro-
duce a different behaviour and allows the prediction of phase separation, which
is not described by lower concentration potentials. However, the result of the
simulation is that pure Cr is segregated, instead of Cr-rich α’ phase containing
about 80-85% Cr, so that, even assuming that different potentials should be
fitted to work at different concentrations (concentration dependent potentials),
in any case some work has still to be done in order to predict the correct type
of phase separation.

6.2.2 Inverse Kirkendall effect

In an irradiated binary alloy A-B, if the partial diffusion coefficients DV
A and

DV
B (where V specifies the vacancy migration mechanism) are different, the

vacancy flux JV to the sink will cause different atom fluxes JA and JB in
the opposite direction. The faster diffusing species will indeed exchange more
often position with the irradiation induced vacancies migrating to the sink,
with the net result of a depletion of the faster transported constituent near the
sink, and an enrichment of the slower one [95]. This phenomenon is typically
used to explain the observed Cr depletion at grain boundaries in irradiated
austenitic steels, which is regarded as a possible cause of loss of corrosion
resistance (sensitisation) [96]. In ferritic steels Cr depletion at sinks is less
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Fig. 11. Same as previous figure, at even smaller scale, including intermediate state
for PM-10 and FM-20. FM-5 shows tendency to further separation between Cr
atoms (ordering tendency).

evident and depends markedly on dose and temperature, but is conclusively
known to take place [97].
To simulate the effect of the inverse Kirkendall effect in a ferritic matrix the
following procedure was used. In a cubic box with side equal to 80 lattice units
(1024000 atoms) a rigid lattice of Fe, alloyed with 3% randomly distributed
Cr atoms, was built. At the centre of the box 50 vacancies were randomly
distributed within a sphere of 3 nm radius, roughly simulating the effect of
introducing a displacement cascade initiated by a recoil of about 20 keV,
after disappearance of the SIA. This is of course far from reproducing the
real effect of a displacement cascade, but it is a way of introducing a local
supersaturation of vacancies, similar to a displacement cascade. The AKMC
simulation was run at 800 K with absorbing boundary conditions (vacancies
that reached the boundary disappeared for good from the simulation box),
roughly simulating the grain boundary of a cubic nanocrystal. Again, this is
far from reproducing the real effect of a grain boundary, but corresponds to
introducing an extended sink in the simulation. The constant energy barrier
E0 was set to 0.68 eV for Fe atoms and 0.58 for Cr atoms, as calculated using
VASP (see table 6). The simulation was run until all the vacancies initially
introduced in the box disappeared through the boundaries. At that point, the
simulation was restarted by introducing a new pseudo-cascade, and so on. This
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Fig. 12. Initial distribution of Cr atoms.

Fig. 13. Final distribution of Cr atoms using FM-20 (biggest precipitation effect).
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was repeated 1000 times and the rate of disappearance of the vacancies turned
out to be rather regular. It can be said that about 0.05 dpa were accumulated
in the simulation volume, with an overall resulting dose rate of about 6 · 10−2

dpa s−1.
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Fig. 14. The inverse Kirkendall Effect

The simulation took about 2 months of CPU time to be completed on an Op-
tiplex GX240, Pentium IV, 2GHz processor. In figure 14 the result obtained
using the FM-10 potential is shown. The integral radial distribution function
of Cr atoms measured from the centre of the box is shown at the beginning
and after accumulating 0.025 and 0.05 dpa. The meaning of this function is the
probability that a Cr atom is encountered at a distance less than the distance
in abscissae. The fact that the curve is clearly seen to shift to the left with
increasing dose means that while dose is accumulated Cr atoms are moving
inwards. Therefore, this simple model is actually sensitive to the lower mi-
gration energy assigned to Cr and low binding energy between Cr atoms and
vacancies predicted by the interatomic potential: vacancies are not trapped at
solute atoms and effectively migrate towards the sink and the inverse Kirk-
endall effect for Cr atoms is nicely reproduced.
The extremely long CPU time required by this type of simulation advised
against repeating the process with all four potentials. However, according to
the study presented in this report FM-5 is expected to behave in much the
same way as FM-10, while FM-20 and PM-10 are known to provide very sim-
ilar predictions. An attempt was therefore made with FM-20, which was soon
interrupted because very quickly a large void was formed at the centre of the
simulation box (about 400 vacancies after a few tens of repetitions). This un-
physical result should most likely be attributed to too high V-V and V-Cr
unrelaxed binding energies predicted by FM-20, to be confirmed by a calcula-
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tion of the dependence of these energies on Cr concentration. Indeed, vacancy
trapping at Cr atoms and high V-V binding energies are the two obvious in-
gredients for rapid nucleation and growth of voids. Needless to say, looking
for an inverse Kirkendall effect in this situation would be a hopeless search.
Of course, the unphysical result may also be the consequence of inadequacies
of the simplistic model used. However, this result does act as a caveat against
possible undesired backlashes of some fitting parameters.

7 Discussion and conclusions

In this report four recently fitted long-range Embedded Atom Method poten-
tials for Fe-Cr alloys and, to a lesser extent, also a short-range Finnis-Sinclair
potential for the same alloy, have been tested by calculating basic alloy prop-
erties of interest for radiation damage studies (lattice parameter and mixing
enthalpy versus Cr concentration, energies of formation and interaction of Cr
atoms with themselves and point defects, migration energies) and comparing
the result with available ab initio values and experimental evidence, as well
as with an older Fe-Cr potential by Farkas and co-workers. The difference
between the four EAM potentials is determined by the mixing enthalpy and
bulk modulus values used for the fitting, which correspond to increasing Cr
concentrations or different magnetic properties of the same alloy. The EAM po-
tentials were also tested on Atomistic Kinetic Monte Carlo simulations based
on the vacancy jump algorithm, to check at least qualitatively their capability
of predicting Cr-rich α’ phase separation.
Ideally, based on the ab initio data and experimental evidence discussed in this
report, an interatomic potential for Fe-Cr should have the following features:
1- It should describe as reliably as possible pure Fe and pure Cr; in particular,
it should yield the right SIA configuration in Fe and the negative Cauchy pres-
sure in Cr, which are the two problematic issues in these metals respectively,
but also give an acceptable description of vacancies, especially from the point
of view of the binding energies, which determine the stability of voids.
2- It should predict negligible interaction between Cr and vacancies and the
stability of the mixed dumbbell, with a reasonably strong attractive interac-
tion between SIA and Cr atoms.
3- It should predict as correctly as possible the change of sign of the mixing
enthalpy as a function of Cr concentration (negative below about 6% Cr, pos-
itive above) and therefore the region of α-α’ phase co-existence allowed for by
the Fe-Cr phase diagram.
About point 1, none of the potentials is completely satisfactory. This is not
surprising because these are the known limitations of the EAM and FS ap-
proaches. It has been long shown that no simple EAM or FS potential can
properly describe the elastic properties of Cr, while the problem of the right
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interstitial is related to the apparent incompatibility, also stemming from the
adopted formalisms, between long-range choice and prediction of the 〈110〉
interstitial. Nonetheless, these approaches have the advantage of being sim-
ple and portable and these advantages have hitherto outweighed their minor
shortcomings. All the more in the light of the fact that no modified EAM
method has so far proven to be definitively superior, since all the modified ap-
proaches proposed in the literature were introduced to solve limited problems
(e.g. the negative Cauchy pressure in Cr), without giving any global appraisal
of the general performance of the particular proposed alternative, compared
to original EAM or FS. In addition, the work currently in progress seems to
show that minor adjustments may finally overcome the problems encountered
using the EAM approach to describe Fe and Cr.
About point 2, the FM-5 and FM-10 potentials seem to meet the requirement
rather well, in fact better than any existing potential for Fe-Cr systems. The
difference between them is only given by the fact that FM-5 predicts repul-
sion between Cr atoms, as it has been fitted to a negative mixing enthalpy,
and therefore should be used in the range of negative mixing enthalpy, while
the other is more adequate for the region of positive mixing enthalpy, at least
below the concentration where phase separation becomes definitively visible
and starts to have an important role in radiation effects. At any rate, phase
separation is not really expected to be an in-cascade phenomenon, so that for
the purpose of simulating displacement cascades at a Cr concentration around
10% FM-10 is possibly the best choice currently available.
The phase separation issue leads us to consider point 3. The potential labelled
as FM-20 was fitted for the purpose of describing the regions of Cr concentra-
tion where phase separation takes place in ferromagnetic alloys. As a matter
of fact, it does predict phase separation, but the segregated phase does not
seem to be the α’ phase, as desired, at least according to KMC simulations
on rigid lattice. In reality, only more time demanding calculations (such as
Metropolis Monte Carlo with relaxation) could give a definitive answer about
the actual capability of these potentials, as far as phase separation is con-
cerned. However, there are strong suspects that, by fitting the potential to a
high mixing enthalpy value, undesired side effects may appear, such as the loss
of the interaction with SIA and the increase in the V-Cr binding energy. The
reason for this can be that the potential predicts the right mixing enthalpy
only at the concentration for which it was fitted: the real (at least according
to ab initio calculations) shape of the curve is not reproduced at all, by any
potential, not even locally.
A possible solution to this problem is the fabrication of a concentration depen-
dent potential. This dependence would not be embodied by an additional term
in the mathematical form of the potential, but by the production of a series
of tabulated potentials, among which the right one has to be chosen each time
by the MD code, according to an on-the-fly evaluation of the local concen-
tration. In principle, the implementation of this approach should not increase
the computing time in an unacceptable way and may indeed be a simple, if
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brute force, solution. There are, however, a series of possible problems. First of
all, the volume used for the determination of the local concentration around
an atom will always be somewhat arbitrary and sensitivity studies should be
conducted to find the optimal choice, compromise between accuracy, stability
of the results and computing time. Secondly, if the concentration at equilib-
rium is an obvious magnitude, it may not be so in the presence of defects.
Finally, the choice of the number of potentials to be fitted is also arbitrary
and because none of them seems to be able to reproduce the shape of the
mixing enthalpy curve, it is as if a discontinuous mixing enthalpy curve was
used, with a grain of discontinuity arbitrarily small. All these aspects would
most likely add uncertainties to the model.
Another possible solution could be to try to fit the potential in such a way that
the whole mixing enthalpy curve is reproduced. This is clearly not achievable
with only one mixing enthalpy fitting parameter, but may be possible with
two, such as the slope of the curve at 0% Cr (the heat of solution, equal to
the substitution energy of a Cr atom in Fe) and the node, i.e. the zero of the
mixing enthalpy for a non vanishing Cr concentration. This, however, may
oblige to give up other fitting parameters, such as the lattice parameter or
the cohesive energy for the alloy, or, alternatively, to increase the number of
free parameters in the mathematical form of the potential. However, even this
route may not lead to the desired solution.
There is also another caveat to be taken into account. The PM-10 potential,
which reproduces rather well the curve of the mixing enthalpy for the para-
magnetic alloy, still gives predictions very similar to FM-20, as far as phase
separation is concerned, so that the suspect arises that the mixing enthalpy
fitting may not be sufficient to predict the right phase separation. On the
other hand, according to the phase diagram no phase separation occurs in the
range of temperature where the system is paramagnetic.

In conclusion, it can be said that the potential labelled as FM-10 seems to be at
the moment the best available choice to simulate displacement cascades in Fe-
Cr alloys in the range of low Cr concentrations where phase separation is not an
issue and the mixing enthalpy of the system is positive. The main shortcoming
of this potential is the prediction of the most stable interstitial configuration
in Fe, which is however probably outweighed by its long-range nature and
the acceptable description of Cr/point-defect interactions. In addition, this
problem may be overcome in the near future. The issue of describing phase
separation is a more complex one, for which no definitive answer can be given
at the moment. Possible routes towards the solution of this problem are the
fabrication of a set of concentration dependent potentials or different fitting
strategies.
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Modeling of chromium precipitation in Fe-Cr alloys
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We have implemented a set of Embedded Atom Method~EAM! potentials for simulation of Fe-Cr alloys.
The functions for the pure elements were fitted to the respective elastic constants, vacancy formation energy,
and thermal expansion coefficients. For Cr, properties of the paramagnetic state were applied, providing a
positive Cauchy pressure and hence applicability of the EAM. By relaxing the requirement of reproducing the
pressure–volume relation at short interaction distances, stability of the^110& self-interstitial could be obtained.
Our Fe-potential givesE^110&

f 2E^111&
f 520.23 eV. Mixed Fe-Cr pair potentials were fitted to the calculated

mixing enthalpy of ferromagnetic Fe-Cr, which is negative for Cr concentrations below 6%. Simulation of
thermal aging in Fe-Cr alloys using a potential fitted to the mixing enthalpy of Fe-20Cr exhibited pronounced
Cr-precipitation for temperatures below 900 K, in agreement with the phase diagram. No such ordering was
observed at any temperature using a potential fitted to the mixing enthalpy of Fe-5Cr. Applied to recoil cascade
simulations the new potentials predict a smaller number of surviving defects than potentials found in the
literature. We obtain a cascade efficiency of 0.135 NRT for damage energies inbetween 10 and 20 keV. An
enhanced probability for Cr atoms to end up in defect structures is observed.

DOI: 10.1103/PhysRevB.69.094103 PACS number~s!: 61.66.Dk, 61.80.Hg, 61.82.Bg
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I. INTRODUCTION

An improved understanding of the radiation effects in f
ritic steels is of importance for development of new react
and maintenance of already operating systems. Neutron
proton irradiation cause hardening, embrittlement, and
mensional instability of the construction components. T
material response is complicated with a strong depende
on the particular composition. Experiments on irradiation
Fe-Cr alloys at doses below 15 DPA, where impact of
generation is possible to neglect, show that adding 2%–
of Cr leads to a decrease in swelling as compared to p
Fe.1,2 There is a general trend towards a minimum in duc
to brittle transition temperatures at about nine percent
content. Formation of the Cr richa8 phase above Cr concen
trations of 10% is a major cause of hardening, indicating t
chromium plays a main role in the qualitative understand
of Fe-Cr properties in- and out of pile.3–7

The Molecular Dynamics~MD! method is widely used a
a basic theoretical tool, providing physical insight into k
netic processes and interactions leading to the formatio
defect clusters, dislocation loops, etc. The validity of t
conclusions is directly related to the validity of the intera
tion potential adopted. A binary alloy potential is usua
constructed on the basis of the potentials of the elem
constituting the alloy.8,9 Thus the quality of the potential i
determined by the extent to which the pure element, and
alloy properties, are reproduced.

Two different types of many-body potentials have be
used in MD studies of bcc-iron reported in the literatu
namely Finnis-Sinclair potentials, relying on a second m
ment approximation to the tight binding theory,10–12and Em-
bedded Atom Method~EAM! potentials,13–18 having their
roots in Density Functional Theory.

Fe-Cr alloy potentials have also been constructed us
0163-1829/2004/69~9!/094103~9!/$22.50 69 0941
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the Finnis-Sinclair approach19 as well as the EAM.20 These
are fitted to measurements of mixing enthalpy and to
lattice parameter of the alloy. The experimental values of
heat of mixing used in those works are however valid o
for the paramagnetic state of the material~above the Curie
temperature!. Further, properties of antiferromagnetic~AFM!
Cr were used in fitting of the Cr potential used by the
authors, in spite of the negative Cauchy pressure of the A
state.

The objective of the present work is to construct a set
Fe-Cr potentials that can reproduce essential properties o
alloy, such as the mixing enthalpy of the ferromagnetic~FM!
state. The potentials should be applicable to simulations
the primary defect formation induced by high energy reco
as well as to modeling of the subsequent defect evolution
has to be noted that experimental data describing basic F
alloy characteristics of use to the potential fitting, are n
always available. In our case, there are experimental data
the bulk modulus of Fe-Cr alloys with different Cr conten
However, no measurements are reported for the mixing
thalpy of ferromagnetic Fe-Cr. Therefore, our modeling a
proach integratesab initio calculations of Fe-Cr alloy prop
erties, design of an EAM potential fitted to these data, a
usage of the potential in MD cascade simulations.

In what follows, we will describe our approach to obta
physically consistent EAM-potentials for ferromagnetic iro
paramagnetic~PM! chromium, and ferromagnetic alloys o
these elements. The applicability of our potentials is corro
rated by kinetic Monte Carlo simulation of thermal ageing
alloys with varying concentrations of chromium. We the
account for results from recoil cascade calculations, point
out significant differences in defect production in the allo
as compared to pure iron. Finally we discuss the impac
our results on the general understanding of Fe-Cr prope
in- and out of pile.
©2004 The American Physical Society03-1
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II. CONSTRUCTION OF THE EAM POTENTIAL

Within the EAM formalism, the total energy of the syste
of n atoms is written as a sum over atomic energies,13

Etot5(
i 51

n

Ei5(
i 51

n F1

2 (
j 51

n

F~r i j !1F~r i !G , ~1!

where F(r i j ) is the pairwise~electrostatic! interaction be-
tween atomsi and j; the functionr i5( j Þ ir(r i j ) represents
the electron density of the host system with atomi removed
andr i j is the scalar distance between atomsi and j. F(r i) is
the many body term, i.e., the quantum mechanical ene
required to embed atomi into a homogeneous electron gas
density r i . Because the electron density depends only
scalar distances to neighboring atoms, the many body t
here has no angular dependence. The curvature ofF may be
interpreted in terms of the traditional chemical bonding co
cept, where a new bond increases the total bonding en
but decreases the average energy per bond. In this conter i
becomes a measure of the total bond order andr(r ) is a
bond sensor. The weakening of successive bonds co
sponds to a positive curvature ofF,

]2F

]r2
.0. ~2!

The complete EAM energy expression in the case of
nary Fe-Cr alloys involves definitions for the pair potentia
FFe(r ),FCr(r ) of pure Fe and Cr, the mixed pair potenti
FFeCr(r ), the electronic density functionsrFe(r ),rCr(r ) and
the embedding functionsFFe(r) andFCr(r),

Etot5(
i Fe

FFe~r i !1(
i Cr

FCr~r i !1
1

2 (
i Fe, j Fe

FFe~r i j !

1
1

2 (
i Fe, j Cr

FFeCr~r i j !1
1

2 (
i Cr , j Cr

FCr~r i j !

1
1

2 (
i Cr , j Fe

FFeCr~r i j !. ~3!

It is seen from Eq.~3! that the potentials of the pure elemen
potentials are part of the alloy potential.

The following parametric form of the pair interactio
terms is assumed:12,15

F~r !5(
i 51

5

ai~r 2r i !
3H~r i2r !. ~4!

Here,r i are knot points of the cubic splines used to repres
the potential,H is the Heaviside step function, andai are
spline coefficients. The atom electron density is appro
mated by the Thomas-Fermi screening function suggeste
Ref. 15.

The Fe and Cr embedding functions are calculated
fitting the cohesive energy to the Rose expression, wh
gives the equation of state of a perfect crystal as a functio
the reduced lattice parameterā,21
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with

ā5A9VB

Ecoh
S R1

R1e
21D , ~6!

where R1e is the equilibrium value of the distance to th
nearest neighbor.V is the atomic volume andB denotes the
bulk modulus. Note that the alloy bulk modulus is not i
volved in expression~6!, but only the bulk modulus of the
pure elements. Since the range of the interactions needs
finite, a cut-off is introduced in the electron density, with
corresponding modification of the Rose expression for la
lattice parameters.9,22

A. Potentials for Fe and Cr

The fitting procedure has been performed in several st
Three of the spline coefficients for ferromagnetic iron, c
responding to knot points larger thanR1e , were obtained by
fitting to the lattice parameter, cohesive energy, vacancy
mation energy, and elastic constants as measured at 0
modified version of theMERLIN code package was written fo
this step of the procedure. The package is based on el
theory of deformation, including multiparametric optimiz
tion with options for different algorithms.23,24The conditions
of equilibrium are expressed as a requirement of no stre
in a perfect crystal. Stresses are evaluated by expanding
energy to the first order with respect to an infinitesimal h
mogeneous strain applied to the system. The second o
elastic constants are evaluated by expanding the energ
the system to the second order with respect to an infinit
mal homogeneous stress. For example,

C445
]2Etot

]g2
~7!

with g being the angle of distortion by shear deformati
imposed on the crystal when keeping the volume constan
the case of compression in one direction and expansio
the other, the amplitude of deformation for a constant v
ume is denoted bye, and the corresponding elastic consta
is

C85
1

2
~C112C12!5

1

4

]2Etot

]e2
. ~8!

The bulk modulus is obtained by simulating isotropic co
pression,

B5
1

9

]2Etot

]e2
. ~9!

The embedding function of iron was then calculated us
these three spline coefficients for the pair potential. Af
thus fixing the embedding function, the fourth spline coe
cient was determined by fitting to the lattice parameter
iron at room temperature. The position of the correspond
knot point was adjusted to mimic the temperature dep
3-2
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MODELING OF CHROMIUM PRECIPITATION IN Fe-Cr . . . PHYSICAL REVIEW B 69, 094103 ~2004!
dence of the thermal expansion coefficient in the tempera
range 0–600 K. The molecular dynamics codeXMD was
used for this purpose, in which the condition of consta
pressure is imposed by thepressure clampcommand.25 The
final spline coefficient was set to ensure a smooth transi
of the pair potential into the universal screened Coulo
function of Biersacket al.11,12,26

A similar procedure was implemented to obtain the pot
tial for pure chromium. Previous attempts to fit a cent
many-body potential to the elastic constants of antiferrom
netic chromium have failed, as may be expected from
negative value of the Cauchy pressure at 0 K,

1

2
~C122C44!.213 GPa. ~10!

We note however, that at temperatures relevant for rea
operation (T.450 K), chromium is paramagnetic, featurin
a positive Cauchy pressure.27 Further, it is sufficient to add a
few percent of iron or vanadium to obtain an alloy that
paramagnetic at room temperature.28,29 We therefore fit our
Cr potential to the elastic constants of paramagnetic ch
mium, linearly extrapolated down to 0 K. Stiffening of th
pair potential is made by fitting to thermal expansion coe
cients measured for paramagnetic Cr–5V, being equal to
expansion coefficient of pure Cr whenT.600 K.29 Consid-
ering that the Cr precipitates observed in real Fe-Cr all
contain about 15% iron, we believe that our potential
paramagnetic Cr should be valid for describing Cr–Cr int
actions in the present context.

In Table I we list the resulting spline coefficients and kn
points for Fe and Cr. In Fig. 1 the pair-potentials are plot
as function ofr. Note the slightly larger depth of the poten
tial for paramagnetic Cr, reflecting the larger vacancy form
tion energy predicted for Cr.

We note that by stiffening the pair potentials inside t
equilibrium nearest neighbor distance,after having fixedthe
embedding function, we violate the pressure–volume re
tion given by the Rose expression~5!. The reason for doing
so, is that we otherwise were unable to simultaneously
experimental values forEbcc2Efcc , E^110&

f 2E^111&
f and the

thermal expansion coefficient. Our potentials are hence
applicable to simulation of isotropic compression under h
pressure. However, the presence of high electron densitie
recoil cascades as well as in defect configurations are of l

TABLE I. Knot points and spline coefficients for the pair pote
tials of Fe and Cr obtained in the present work. The knot points
given in units of nearest neighbor distance.

Fe (a050.2860 nm) Cr (a050.2875 nm)
i r i ai r i ai

1 0.945 2633 0.945 310
2 0.967 22500 0.972 2603
3 1.030 10.75857 1.150 50.28020
4 1.320 224.28842 1.280 261.24700
5 1.540 7.078864 1.470 14.66964
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character, which may be difficult to characterize through
equation of state like the Rose expression.

B. Mixed Fe-Cr pair potentials

The potentials obtained for the pure elements have b
further used in Eq.~3! to calculate the parametersai for the
mixed Fe-Cr pair potential, fitting them to the mixing e
thalpy of the ferromagnetic alloy. Table II displays the fo
mation energy of ferromagnetic Fe-Cr calculated with t
EMTO method.31

Previous attempts to construct mixed pair potentials
Fe-Cr ~Refs. 18,20! relied on fitting to the formation energ
of the paramagnetic state of the alloy, which is strictly po
tive. A single pair-potential for the Fe-Cr interaction wou
however not be able to reproduce the change in sign of
formation energy of the relevant magnetic state. Therefor
set of potentials have to be created, providing the corr
total energy of the random ferromagnetic alloy. In the pres
paper, we have performed the fitting for Cr-concentrations
5% and 20%. The lower concentration should yield a pot
tial with small but negative mixing enthalpy, thus ensuri
phase stability at all temperatures. The larger concentra
was selected to study a region where the predicted mix
enthalpy is positive, and Cr precipitation~formation of the
a8 phase! is observed in real materials.3,5

re

FIG. 1. ~Color online! Pair potentials for ferromagnetic Fe~blue
line! and paramagnetic Cr~red line! obtained in the present work.

TABLE II. Formation energiesDH f of random ferromagnetic
Fe-Cr alloys, calculated with the Exact Muffin Tin OrbitalAb Initio
method~Ref. 31!.

Cr-fraction DH f ~meV!

0.02 21.8
0.04 21.3
0.06 10.6
0.08 15.1
0.10 110.4
0.15 127.9
0.20 145.3
3-3
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The parameters obtained for the Fe-Cr mixed pair pot
tials are given in Table III. The sharp dip in the measur
bulk modulus at Cr concentrations about 5%~Ref. 30! lead
us to assume a longer range for the corresponding pair
tential. Due to the lack of thermal expansion data for
alloy, stiffening of the potentials at short distances was m
in a rather arbitrary fashion, simply requiring a smooth tra
sition to the universal Coulomb screening function atr
.1.7 Å.

III. VERIFICATION OF THE POTENTIALS

The quality of the potential has been inspected by ca
lations of elastic constants, structural stability, and format
energies of various defect configurations. The results
shown in Tables IV, V and VII. Comparing with experime
tal data and values obtained by other authors, one may
the following: The potential here presented reproduces m
closely the experimental elastic characteristics and struct
stability of pure iron than the EAM-potentials published
Simonelliet al.. Our relaxed vacancy formation energy~2.04
eV! was fitted to the resistivity measurements by De Sch
per et al.,34 indicating a significantly higher value forEvac

f

than earlier measurements in less pure materials.40 The po-
tential predictsan activation energy for self-diffusion equ
to 2.91 eV, in very good agreement with data obtained
temperatures sufficiently low for the influence of parama
netism to be safely neglected.35,36

Our fit to thermal expansion data was made using a sin
spline coefficient, and can thus not be expected to reprod
measured data over the whole temperature range. One
note however that potentials not fitted to thermal expans
underestimates the expansion by a factor of 2 or more.

In comparison with the Finnis-Sinclair potential deve
oped by Ackland and co-workers, our potential yields a s
bility of the ^110& interstitial with respect to thê111& con-
figuration that is in better agreement with measured data.
predicted absolute formation energy of the Fe self-interst
is higher than what results from using any other poten
found in literature. We note that the experimental values
derived from measurements of stored energy release pe
sistivity recovery (dQ/dr) in samples irradiated at low
temperature.38–41 The enthalpy for formation of a Frenke
pair is obtained by multiplyingdQ/dr with an assumed re
sistivity rF for a single Frenkel pair. Estimates ofrF vary
from 0.20 to 0.30 mV3cm.42,43 Selecting the higher value

TABLE III. Knot points and spline coefficients for the mixe
Fe-Cr pair potentials obtained in the present work. The knot po
are given in units of nearest neighbor distance.

Fe-5Cr (a050.2861 nm) Fe-20Cr (a050.2863 nm)
i r i ai r i ai

1 0.945 2239 0.945 2624
2 0.967 22199 0.967 22476
3 1.030 0.000 1.030 10.000
4 1.400 212.737 1.320 224.500
5 1.650 4.210 1.53 7.620
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TABLE IV. Properties of pure iron obtained with the potenti

for ferromagnetic Fe here presented. Elastic constants are give
units of GPa, energies in eV, and thermal expansion coefficient
units of 1026. Comparison is made with experimental data a
values calculated using the potentials of Simonelli~Ref. 15! and
Ackland ~Ref. 12!.

Fe property This work Expt. Sim A Sim B Acklan

B 172 173a 146 146 178
C8 56.7 52.5a 48.0 48.0 49.0
C44 135 122a 115 115 116

Ecoh 4.28 4.28 4.28 4.28 4.316
Ebcc2Efcc 20.047 20.050b 20.03 20.007 20.054
Evac

f 2.04 2.060.2c 1.63 1.56 1.70
Evac

SD 2.91 2.9160.04d 2.32 2.29 2.48
E^110&

f 7.72 3-12e 3.66 4.11 4.87
E^110&

f –E^111&
f 20.23 20.30f 10.12 20.19 20.13

a (T5300 K) 12.8 11.7g 5.8 3.4 7.4
a (T5600 K) 14.2 15.8g 7.9 4.9 7.2

aReference 32.
bReference 33.
cReference 34.
dReferences 35, 36.
eReferences 37, 38.
fReference 38.
gReference 39.

TABLE V. Properties of paramagnetic Cr calculated with t
potential here presented. Comparison is made with experime
data for Cr in AFM and PM states, as well as values calcula
using the potential of Farkas~Ref. 20!. PM elastic constants were
obtained by extrapolation to 0 K of high temperature data~Ref. 27!.
The paramagnetic thermal expansion coefficient atT5300 K refers
to measurements on Cr–5V~Ref. 29!.

Cr property This work Expt.~AFM! Expt. ~PM! Farkas

B 207 195a 207a 148
C8 153 153a 155a 42.5
C44 105 104a 105a

•••

Ecoh 4.10 4.10 4.10 4.10
Ebcc2Efcc 20.025 ••• ••• 20.053
Evac

f 2.14 ••• 2.060.2b 1.12
Evac

SD 2.93 ••• 2.95c 2.30
E^110&

f 5.16 ••• ••• 3.03
E^110&

f -E^111&
f 20.62 ••• ••• 0.19

a (T5300 K) 7.5 4.4d 7.9d 5.2
a (T5600 K) 9.8 ••• 9.6d 9.5

aReference 27.
bReference 44.
cReference 45.
dReference 29.
3-4
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Wollenberger arrives at a formation energyEF
f 56.6 eV for a

Frenkel pair in electron irradiateda-Fe, andEF
f 513.6 eV

for a neutron irradiated sample.41 Subtracting a vacancy for
mation energy of 2.0 eV would then giveE^110&

f 54.6 eV in
the former case, and 11.6 eV in the latter. The uncertaint
these values is obviously large, since just by assumingrF

50.20 mV3cm, one could obtainE^110&
f 57.7 eV for the

neutron irradiated sample. Note that results from the elec
irradiation not necessarily are more accurate, since exp
mental boundary conditions are more difficult to control
stagesI A to I C ~absent in neutron irradiation! than in stage
I D .

The SIA formation energy in iron have recently been c
culated with theab initio packageVASP asE^110&

f .3.4 eV.46

This result is compatible with data from electron irradiation
However, since the calculation did not take into account p
sible effects of noncollinear magnetism, the discrepancy w
data from neutron irradiated samples remains an open q
tion. As will be seen later, the magnitude of the interstit
formation energy has a significant impact on defect reco
bination in recoil cascades, and we will argue that a h
value is consistent with defect distributions actually o
served.

Concerning the properties of chromium predicted by
potential here presented, we emphasize that the fit was m
to elastic constants ofparamagneticchromium, extrapolated
to 0 K. Hence we are able to retain a positive Cauchy pr
sure at all temperatures. The relaxed vacancy formation
ergy is compatible with experimental data, in contrast to
prediction of the potential by Farkaset al.,20 for which an
apparently incorrectly quoted value ofEvac

f has been used in
the fit. We further note that the activation energy for vacan
diffusion predicted by the potential is in excellent agreem
with measured data.45

As seen in Table VI, the alloy potentials well reprodu
the mixing enthalpies of Fe-5Cr and Fe-20Cr calculated w
the EMTO method. The heat of mixing obtained with Fark
potential should be considered to represent the paramag
state of the alloy, and is hence not applicable for MD
KMC simulations below the Curie temperature.

Table VII displays formation and binding energies of
single mixed^110& Fe-Cr dumbbell in an iron matrix. We
find that the mixed̂110& Fe-Cr dumbbell is more stable tha
the ^110& Fe-Fe dumbbell in the case of local Cr concent
tions less than 20%. The Cr–Cr dumbbell is even m
stable, with a binding energy exceeding 0.3 eV. Hence
may expect that Cr will tend to accumulate in defect str

TABLE VI. Comparison of Fe-Cr mixing enthalpy obtaine
with the potentials here presented, the Exact Muffin Tin Orb
calculation of Olssonet al. ~Ref. 31!, and values calculated usin
the potential of Farkaset al. ~Ref. 20!.

Property Data Fe-5Cr Fe-20Cr

This work 20.04 145
HFeCr

f ~meV! EMTO 20.05 145
Farkas 124 186
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tures created in collision cascades.
The sparse experimental data for the elastic constant

the alloy are unfortunately not fully consistent.30,48 Below
the solubility limit of Cr though, there is a clear tendency f
a decrease in bulk modulus, which is supported byab initio
calculations. The range of the Fe-5Cr potential was there
enlarged, in order to obtain a smaller bulk modulus. T
procedure must however be considered as arbitrary, and
ter experimental data for the alloy, including thermal expa
sion, is of necessity to enable construction of fully consist
mixed pair potentials.

Due to the nonmonotonous behavior of the bulk modu
and the formation energy, a potential for a given Cr conc
tration can in general not be used for predicting alloy pro
erties at a different concentration. Proper simulation of n
equilibrium behavior of the alloy would require use
different potentials for different local concentrations of chr
mium.

IV. APPLICATION OF THE Fe-Cr POTENTIAL IN
SIMULATION OF THERMAL AGEING

It is well known that precipitation of Cr occurs unde
thermal aging atT,900 K in FeCr alloys with Cr conten
ranging from 10% to 90%.3,5 The formation of the so-called
a8 phase is responsible for hardening of the binary alloy.49,50

The magnitude of the miscibility gap for low Cr concentr
tions could be theoretically explained only recently, whenab
initio calculations showed that the mixing enthalpy of Fe-
is negative for theferromagneticstate of the random alloy, if
the Cr concentration is below 6%.31 Above this limit, the
formation energy is positive, providing a driving force fo
phase separation. In order to obtain the temperature de
dence of the solubility, one needs to perform molecular
namics, or rather kinetic Monte Carlo~KMC! simulations.
We have performed such simulations of thermal aging a
range of temperatures, using several different techniq
implemented in theDYMOKA code, developed by Electricite
de France~EDF! and University of Lille.51

The out-of-pile process of segregation is assumed to
driven purely by vacancy assisted migration. According
classical diffusion theory, the frequency for a lattice atom
exchange lattice position with a neighboring vacancy is

l
TABLE VII. Formation and binding energies of a single mixe

^110& Fe-Cr dumbbell in an iron matrix with lattice parametera0

52.860 Å. Predictions of the alloy potentials are compared toVASP

ab initio data~Ref. 47! and values calculated with Farkas’ potenti
~Ref. 20!. 2E^110&

b 5E^110&
Cr 2E^110&

Fe 2ECr
s is calculated relative to the

energy of an Fe-Fe dumbbell, subtracting the substitution ene
ECr

s of a single Cr atom.

Property E^110&
f ECr

s E^110&
b E^110&

f –E^111&
f

Fe-5Cr 7.63 10.18 10.27 20.03
Fe-20Cr 8.19 10.46 20.01 20.20
VASP 3.06 20.35 20.00 10.36
Farkas 4.31 10.70 10.05 10.07
3-5
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G~T!5nCvac~T!e2(Em /kBT), ~11!

wheren is the attempt frequency of the jump andCvac is the
equilibrium concentration of vacancies. The vacancy conc
tration as function of temperature is given by

Cvac~T!5e2(Gf /kBT). ~12!

Here,Gf5Evac
f 2TSvac

f is the Gibbs energy of vacancyfor-
mation. The entropy of formation may be calculated from t
following formula:52

Svac
f 5kBS (

n

3(N21)

ln vn
vac2

~N21!

N (
n

3N

ln vn
bulkD , ~13!

wherevn are eigen frequencies of the force-constant ma
ces with an without a vacancy in the system, respectiv
MD simulations using our potential for ferromagnetic iro
givesSvac

f 51.78kB for a relaxed system ofN5432 atoms.
Similarly, the attempt frequencyn may be calculated

from53

n5
kB

2p

)
n51

3N

vn
vac

)
n51

3N21

vn
TST

, ~14!

wherevTST are the eigenfrequencies evaluated at the tra
tion state of the vacancy jump. For the present potential
obtainn59.1531013 s21 which gives us a prefactor for self
diffusion in ferromagnetic iron:D052.1331025 m2/s. This
value, valid in the harmonic approximation, is very close
the one observed in experiments.36

In general, the probability of all possible vacancy jum
in an alloy ~8 first nearest neighbors in a bcc structu!
should be computed for every Monte Carlo step, selec
one of them to be performed, weighted with that probabil
Time is then introduced as the inverse of the system a
aged jump frequencies. In our case, the vacancy assisted
gration energy for Fe and Cr atoms are close to each ot
0.87 eV and 0.84 eV, respectively. We hence make a con
tration weighted average for our system and calculate an
erage time step as

Dt5
1

8G~T!
. ~15!

We performed simulations of vacancy migration assum
a single vacancy in a box with 16 000 atoms. It was chec
that the rate of energy loss in the Fe-20Cr alloy did n
change significantly when increasing the box size.

In order to arrive at a fully segregated final state, we u
a Metropolis Monte Carlo algorithm, together with the v
cancy KMC. The metropolis algorithm exchanges all ato
of differing type if it is energetically favorable. If an ex
change increases the energy it is accepted with a we
exp(2E/kT), whereE is the potential energy of the system
The Metropolis MC method is much faster, but provides
explicit time scale. However, it was found that a time st
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could be assigned to each Metropolis MC step by fitti
energy losses to the explicit vacancy KMC simulation.

In Fig. 2, the total energy of an initially random Fe-20C
alloy is plotted as function of time and temperature. Sin
the mixing enthalpy of the random alloy is positive, a loss
energy is a sign of segregation. For infinite segregation,
energy loss would equal the formation energyDHFe-20Cr

f

545 meV. In a finite box, however, there will always re
main a surface to bulk factor. The surface atoms of a
cluster will all have Fe neighbors and thus a higher ene
In our most segregated case (T5500 K) we arrive at 84% of
the mixing enthalpy. This may be understood from the f
that a single Cr cluster of spherical shape in our simulat
box has a surface to bulk ratio of Cr atoms equal to ab
30%. On the cluster surface, half of the neighbors to
atoms are Fe atoms, and hence the surface energy of fin
cluster provides the missing 16%.

We note that for 700 K, the time needed to obtain a s
nificant energy loss is of the order of months, which is co
sistent with the experimental time threshold for observat
of hardening in Fe-45Cr alloys aged at 673 K.50 For 800 K
segregation occurs in a matter of days, while for 900 K,
energy loss saturates within a few hours, before comp
phase separation has taken place. At 1000 K, less than
the energy loss is achieved, which corresponds to a lim
ordering of the system, without actual phase separation.

The process of segregation is illustrated in Fig. 3, wh
the distribution of Cr atoms is shown before and after age
during 30 years at 700 K. This simulation was done with
initial Cr content equal to 12%, using the Fe-20Cr potent

The final Cr-precipitate appearing during the simulation
free of Fe atoms, due to the fact that our potential incorrec
predicts a positive mixing enthalpy even for Cr concent
tions in the vicinity of 90%.

In order to quantify the temperature dependence of
phase separation, we define the degree of segregationj as

j5
1

jmax

NCr
Emb

NCr
Tot

. ~16!

FIG. 2. Total energy of an initially random Fe-20Cr alloy, as
function of time and temperature.
3-6
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Here,NCr
Tot is the number of Cr atoms in the system,NCr

Emb is
the number of Cr atoms that only have Cr first nearest ne
bors, andjmax is the theoretical maximum number of C
atoms that may have Cr first nearest neighbors, accoun
for the surface layer of a spherical cluster.

The degree of segregation produced by the Fe-20Cr
tential after the energy loss has reached its asymptotic v
is shown in Fig. 4. If an arbitrary limit ofj.0.5 is set to
distinguish thea8 phase froma, we find that this corre-
sponds toT,900 K. Considering that the range of temper
ture where the phase transition takes place is uncer
quoted as 7506125 K in Ref. 7, our results may be consi
ered to be in reasonable agreement with the phase diag

Performing the same type of simulations using the pot
tial fitted to the mixing enthalpy of Fe-5Cr, no significa
energy loss is found at any temperature, which means
the alloy remains random. We may thus conclude that
potentials reproduce the out-of pile state of ferromagn
Fe-Cr as function of temperature and time at Cr concen
tions of 0%, 5%, and 20%.

It is important to note that in reality, the driving force fo
the decomposition would be lost when the local concen
tion of Cr becomes too high or too low. Hence, in order
obtain the physically observed final states with an iron c
tent in thea8 precipitates ranging from 10% to 20%, w
would have to switch potentials during the simulation a

FIG. 3. Distribution of Cr atoms in a box with 16 000 atom
before and after thermal aging at 700 K. A crystal clear segrega
is observed, with formation of a single cluster.

FIG. 4. ~Color online! Degree of segregationj as a function of
temperature. The line is a cubic fit to asymptotic averages obta
with the Metropolis Monte Carlo procedure.
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cording to the local density of Cr, a feature not yet imp
mented in the codes we have used. Therefore the size o
clusters we observe at infinite times cannot be expecte
agree with the measured size distribution, being of the or
of 2–4 nm.50

V. APPLICATION OF THE Fe-Cr POTENTIAL IN
CASCADE SIMULATIONS

The potentials here presented were applied in molec
dynamics simulations of collision cascades initiated by
coils having energies up to 20 keV. Periodic boundary c
ditions were used, and the sizes of the MD boxes were
justed to make sure that the cascade did not interact with
periodic image. For 10 keV cascades, it was found t
128 000 atoms (40340340 lattice units! was sufficient for
recoils in thê 135& direction, while 250 000 atoms had to b
used when launching in thê111& direction. The initial atom
velocities were sampled from a Maxwellian distribution for
particular temperature, set toT5100 K in the present study
The block is equilibrated for about a picosecond befo
launching an energetic recoil in the central region. The ti
step was varied from 0.02 fs~when the recoil is generated!
up to 0.5 fs at the end of the simulation period~10 ps!. The
first thing to be noted is that the new potentials predic
much smaller number of surviving defects than potenti
found in the literature.11,54This is a direct result of the highe
interstitial formation energy, leading to larger probability f
recombination of Frenkel pairs during cooling down of t
cascade. Table VIII shows the average number of surviv
defects in Fe and Fe-20Cr, for a set of representative re
energies in thê135& direction.

As seen the difference between the alloy and pure iro
statistically insignificant. For recoil energies between 10 a
20 keV, we arrive at a cascade efficiency of 0.13560.005
NRT, which may be compared to a value of 0.3 NRT in pu
Fe obtained atT5100 K with a Finnis-Sinclair potentia
yielding an SIA formation energy of 4.9 eV.54

The main impact of introducing chromium is found in th
relative population of the elements in the defects produ
by the cascade. In Fe-5Cr, where the Fe-Cr dumbbell is m
stable than the pure Fe-Fe dumbbell, the fraction of ch
mium atoms in the surviving interstitial defects is as large
19%, fairly independent of recoil energy. The mixed dum
bells are less mobile than pure Fe interstitials, and will th
act as obstacles for migration of Fe interstitial clusters.
Fe-20Cr, where the mixed Fe-Cr and pure Fe-Fe dumbb
have about the same energy, chromium atoms const
roughly 30% of the interstitial atoms.

n

ed

TABLE VIII. Average number of surviving Frenkel pairs a
function of recoil damage energy. The quoted uncertainty co
sponds to one standard deviation.

Edam 5 keV 10 keV 20 keV

Fe 7.460.7 13.460.9 27.061.0
Fe-5Cr 8.960.7 14.060.8 28.761.6
Fe-20Cr 8.560.6 13.660.7 27.061.3
3-7
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VI. CONCLUSIONS

The set of EAM potentials for Fe-Cr alloys implement
in the present work yield activation energies for vacan
migration in the pure elements that are in very good agr
ment with experimental data. The predicted SIA formati
energies arising from fitting to thermal expansion coe
cients are higher than values obtained by other authors u
both EAM andab initio methods. While electron irradiatio
data seems to support lower numbers, the stored energ
lease measured in neutron irradiated samples is compa
with our results. Our potentials further correctly predict t
^110& interstitial to be the stable form in both the pure e
ments as well as in the alloy.

Applied to simulation of thermal aging, there is no sign
precipitation taking place when using the potential fitted
the negative formation energy previously calculated for f
romagnetic Fe-5Cr. KMC simulations using the potential
ted to the mixing enthalpy of Fe-20Cr yield formation of C
clusters on a time and temperature scale that is in g
agreement with measurements of hardening in high Cr
nary alloys.

We predict that thê110& Fe-Cr and Cr–Cr dumbbells ar
i.

.

A

m

B

ut.
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more stable than the corresponding defect in pure iron. C
sequently, Cr will tend to end up in defect structures formi
during cooling down of recoil cascades, and we register t
19% of the interstitial atoms in Fe-5Cr are chromium atom

The total number of defects surviving after recoil ca
cades is smaller than predicted by Fe potentials from
literature. This fact is directly related to the higher SIA fo
mation energy. For damage energies between 10 and 20
we obtain a cascade efficiency of 0.13560.005 NRT atT
5100 K, which in part may explain the long standing my
tery of the small number of freely migrating defects observ
in experiments.55
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