
15th INTERNATIONAL
PLANSEE SEMINAR

2 0 0 1

AT0100434

INIS-AT--0021

Powder Metallurgical
High Performance Materials

Proceedings
Volume 2: P/M Hard Materials

3 2 / 5 0
PLANSEE

Editors: Gunter Kneringer, Peter Rodhammer and Heiko Wildner m m^^^m V w h l i



The authors themselves are responsible for the contents of their paper.
All rights reserved by Plansee Holding AG, Reutte, Tyrol, Austria

Copyright 2001 by Plansee Holding AG, Reutte, Tyrol, Austria
Printed by RWF, Werbegesellschaft m.b.H., Wattens, Tyrol, Austria



Preface
ATO100434

On the eve of the 15th Plansee Seminar we look back on half a century j f this
conference series founded by Professor Paul Schwarzkopf in 1951/The
Proceedings of these Seminars form an impressive chronicle of the continued
progress in the understanding of refractory metals and cemented carbides and in
their manufacture and application. There the ingenuity and assiduous work of
thousands of scientists and engineers striving for progress in the field of powder
metallurgy is documented in more than 2000 contributions covering some 30 000
pages, f

As we enter the new millennium the basic needs of the markets we are serving
remain the same: improved material properties and designs translating into
improved product performance and reliability. In view of ever shorter product life
cycles, however, the pressure on material scientists and engineers to introduce
these new products at reduced time-to-market and with improved benefit/cost ratio
is continuously mounting.

Since 1951 the means to meet these demands have greatly improved: novel
equipment with improved process control, faster computers for simulation as well as
for data acquisition and reduction, analytical tools with undreamed-of accuracy; all
coupled with the shrinkage of distances brought about by the revolution in global
communication.

The 15th Plansee Seminar was convened under the general theme "Powder
Metallurgical High Performance Materials". Under this broadened perspective the
Seminar will strive to look beyond the refractory metals and cemented carbides,

I which remain at its focus, to novel classes of materials, such as intermetallic
L compounds, with potential for high temperature applications.

It is with great pleasure that I welcome you in the name of Plansee Holding AG
here in Reutte/Tyrol and extend to you my sincere wishes for a fruitful, inspiring
seminar. Thank you in advance for your personal contribution to making the 15th

Plansee Seminar a successful, memorable event.

Reutte, May 2001 Fcrthe Executive Board

Dr. Michael Schwarzkopf
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Summary

In-situ high temperature X-ray diffraction (HT-XRD) was used to measure
carburisation processes of tungsten/carbon mixtures. The high time resolution
(2-5 min/scan) of the experimental setup enables the observation of any state
of the carburisation. We discuss the influence of different experimental
parameters on the carburisation process:
• sample preparation parameter (milling intensity)
• particle size and morphology of the carbon black powders
• impurities in the W and C mixture

We propose phase transition mechanisms resulting from the evaluation of the
isochronal XRD-pattern. The effect of grain growth inhibitors on the rate of the
W2C-transformation was measured in dependence of the grain growth
inhibitor concentration (e.g. Cr3C2). The grain size and the grain size
distribution of the resulting tungsten carbide was determined by scanning
electron microscopy.

Keywords
Tungsten carbide, carburisation, grain growth inhibitor, x-ray diffraction

1. Introduction

The detailed understanding of the carburisation process of tungsten powder
is the prerequisite for the production of high quality WC powder. A literature
survey (1-5) revealed a couple of studies all saying that carbon diffusion
through the carbide was the rate determining step but disagreed as to
whether the carbide was WC or W2C. Furthermore the diffusion rates
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measured in these studies differed markedly essentially the same method
was used giving many different activation energies.
Andrews and Dushman (3) were first to study carbon diffusion through
tungsten. They carburised tungsten filaments with different grain structures in
a hydrogen atmosphere and related the carbide layer thickness to the
resistance of the filament. They concluded that the process did not depend on
the microstructure of the metal and that the formation of W2C was the rate-
determining step, with an activation energy of 108 kcal/mol.
Pi rani and Sandor (6) carburised tungsten beads by packing them in
carbon black and heating this packed bed in a dry hydrogen atmosphere at
temperatures from 1535° to 1805° C. The carbide layer growth was
measured microscopically on cross sections of the carburised tungsten
beads. They concluded that the carbide phase formed was WC, that the
activation energy for the process was 59 kcal/mol, and that the grain
boundary diffusion was unimportant.
Kreimer et a l . (4) used essentially the same methods as Pirani et al.
except that tungsten rod samples were used. The temperature range studied
was 1525° to 1850° The authors concluded that a skin of WC first forms on
the surface of the tungsten, after which the W2C phase forms between the
tungsten and the WC; the W2C layer then grows at a much faster rate than
the WC. Furthermore, if the tungsten is carburised while packed in carbon,
but in a vacuum rather than a hydrogen atmosphere, only W2C is formed.
The activation energy for the diffusion of carbon through W2C layer was found
to be 111 kcal/mol.
Zhengji (2), however, claims saying that carburisation of tungsten particles
always starts with the formation of a thin layer of tungsten carbide on the
surface of the particles. According to his model the carbon in the W2C phase
diffuses continuously to the tungsten phase and the carbon in the WC phase
diffuses continuously to the W2C phase. The carbon deficiency causes by the
transfer of the carbon atoms in WC phase to the inner layer is compensated
continuously by the carbon atoms supplied from the outside. Therefore, with
the proceeding of carburisation, the tungsten phase is attracted continuously
and converts to W2C, which in turn is attracted constantly and converts to WC
until the whole particle is carburised.
Recently McCarty et al. (5) has found a mathematical model for the
carburisation kinetics of tungsten carbon mixes that describes a steady state
diffusion across a growing shell of WC on spherical particles. The model is
restricted to mono disperse particles in the temperature range between 1056
and 1833X.
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In this work we demonstrate that in situ x-ray diffraction is an efficient method
measuring the effect of process parameter on the carburisation of tungsten.
The evaluation of temperature dependent experiments allows also kinetic
conclusions.

2. Experimental Details
In the present study we use tungsten powders with grain sizes from 0.5 urn
up to several urn and carbon black powders with different morphologies, BET
surfaces and chemical impurities (Tab. 1).

Tab. 1: Specification of the carbon black powders

Carbon
black

,,A"

,,B"

,,C"

BET-surface
[m2/g]

25.88

20.60

10.19

c(Ca)

[ug/g]

b.d.

b.d.

< 10

c(Fe)

[ug/g]
b.d.

b.d.

<5

c(Mg)

[ug/g]

b.d.

b.d.

<5

c(S)

[ug/g]

5552

10

<5

b.d.: below determination limit

In the case of carbon black ,,A" and ,,C" the grain shapes are nearly spherical
and for the ,,B" particles we observe typical plate-like structures (Fig. 1)

Fig. 1: Grain morphology of carbon black ,,B" (right hand side) and ,,C".

To prepare the tungsten/carbon mixes (black mixes), tungsten and carbon
powders were stoichiometrically mixed together with WC-balls (0: 0.25 cm) in
a Polyethylene cup. We choose these materials to avoid chemical
contamination. The mixing duration was varied between 8 and 40 hours. The
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finished mixture separates from the carbide balls and presses for 3 hours
(pressure: 105 N/cm2) to a pellet of approximately 1 gram.

3. X-ray measurements and data evolution

All X-ray measurements are done in a Bruker D5000 powder diffractometer in
6/20 geometry (copper radiation). A time resolution of approximately 2
minutes/scan was realized by a Braun linear position sensitive detector
system PSD-50M ASA which allows the simultaneous recording of a 29-
range of 16 degrees. In situ measurements in a temperature range between
900 and 1200°C were performed in a HTK 1200 oven from Anton Paar GmbH
(Graz, Austria). This new designed high temperature sample environment
realizes a very stable temperature during the experiment due to
environmental heating instead of a direct sample heating. The sample was
placed in a rotating graphite sample holder in the middle of the oven. The
exact 26-position of a Bragg-reflection was adjusted in the y-direction with a
step motor system and can be corrected for thermal expansion during the
experiment. To avoid oxidation and carbon loss we perform all experiments in
a Helium atmosphere. Before filling the oven with Helium we evacuate to a
pressure of 1*10'3 mbar. Thereafter the specimen is heated under helium
atmosphere with a heating rate of 60 degrees/min up to the target
temperature of 1000°C, 1100°C or 1200°C.

1 X-ray tube

Fig. 2: Scheme of Bruker D5000 x-ray diffractometer and a cross sectional
view of a HTK1200 sample holder (Anton Paar GmbH, Graz, Austria)
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The X-ray measurements starts during the heating so that the first
measurement is done the same time as the target temperature is reached. To
observe the formation of tungsten carbide we record x-ray pattern between
30° and 42° in 20-scale (Fig. 3).

WC W2C WC W,C

Fig. 3: Typical high temperature in-situ x-ray measurement of a W/carbon
black mixture at 1100°C.

The experiment starts with the tungsten (111)-peak (Fig. 2, peak at
20=40.264°). After a short time we could observe peaks of W2C (2 0 =
34.523°, 38.028° and 39.568°) which decreases during the experiment and
finally the (001)- and (100)-reflections of WC (2 0 = 31.474° and 35.626°)
occurs. For all experiments in this paper we use three characteristic times
(see Fig. 4): t(W=0) is the duration of the tungsten degradation, t(W2C=0) is
the time after we could not observe any W2C-peaks and t(WC=1) is the point
of 100% WC formation. The peak height of a Bragg-reflection corresponds to
the number of scattering atoms. This enables the calculation of relative
concentrations for tungsten and the carbides. For example, the relative
concentration, crei(W2C) of W2C at any time t can be calculated as:
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I(W2C)

Lax(W2C)
100-

I(WC)
lmax(WC) lmax(W) (1)

First of all the raw data of each X-ray pattern was corrected for background.
The plot shown in Fig. 4 results from the automatic numerical evaluation with
a computer program which determines the maximum concentrations (lmax(W),
lmax(W2C), lmax(WC)) and calculate subsequently the relative intensities.

w we
100

-w,c

o 80

<•£• 6 0

2
0)
U
i_

0
Q.

40

20-

t(WC=1)

t (W=0)

100 200 300 400

t (W2C=0)

500 600
t [min]

Fig.4: Evaluation of the normalized peak intensities for W, W2C and WC.

3. Experimental Results

3.1 Optimisation of the mixing duration

The reactivity of a tungsten/carbon black mixture can be influenced by the
homogeneity of the mixture. For this reason it is necessary to optimise the
mixing duration. The mixing procedure was performed as described in
Chapter 2 with increasing mixing times (4-40 hours. The mixtures were
carburised at 1373 K under He atmosphere. ). The resulting W/carbon black
mixtures were characterised by scanning electron microscopy (SEM). SEM
pictures show after a mixing time of 4 and 8 hours large agglomerates of
tungsten and carbon black. After 16 hours we receive a homogeneous
mixture. The reaction time of the mixtures shows a similar behaviour. If we



H. Natter et al. HM3
15lh International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

consider the reaction time for 100 percent tungsten carbide formation we
found decreasing reaction times up to 16 hours. Longer mixing times do not
have a further influence on the process. Therefore we choose for all our
experiments a mixing time of 16 hours.

440

'E400

,360

'340

320

300

carbon black "A'VTungsten mixture

T=1100°C, He atmosphere

0 10 15 20 25

time [h]

30 35 40

Fig. 5: Carburisation times of (Carbon black ,,A")/(Tungsten) mixtures as
function of the mixing time.

3.2 Carburisation using different carbon blacks

As mentioned in the introduction the carburisation process is a diffusion
controlled chemical process. All factors which influences the diffusion
processes of tungsten or carbon atoms increase the reaction time.
Characterizations (see chapter 2) of different carbon powders (,,A", ,,C", ,,B")
shows strong differences in morphology, BET-surface and impurity content.
First of all we measure the influence of different morphologies on the
carburisation time. ,,A" is a carbon black consisting of homogeneous
distributed spherical particles with diameters from 0.2-0.5 urn. The
morphology of carbon black ,,C" is similar as ,,A", but the particles are slight
larger (0.4-0.8 urn). Carbon black ,,B" particles are plate-shaped (10x5 urn,
thickness: 0.5 urn). According to the carburisation model of Zhengij (7) the
carbon in the W2C phase diffuses continuously to the tungsten phase and the
carbon in the WC phase diffuses continuously to the W2C phase. The carbon
deficiency caused by the transfer of the carbon atoms in WC phase to the
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inner layer is compensated continuously by the carbon atoms supplied from
the outside.

CD

o

800

600

400

200

0

-

-
"' ;

-

*

1•• • ~ . . . •

^ H "C"

1 1 "A"

•
we w

Fig. 6: The influence of the carbon black morphology on the tungsten and
W2C degradation at 1373 K.

3 4

100 200 300 400 500 600

t [min]
3 4

Fig. 7: The carburisation kinetics of different carbon black mixtures at 1373 K.
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Range 1 and 4 are single phase regions (1: W, 2: W2C). In 2 (W and W2C)
and 3 (W2C and WC) two phases can be found. ,,A" shows an additional
range with 3 phases (region 5). The small dimension of the spherical particles
should expect a faster reaction compared to the large ,,B"-plates. Fig. 6, 7
summarizes the results of the reaction rates at 1373 K. The tungsten/carbon
black mixture with ,,B" powder shows the longest reaction times for the
complete carburisation whereas the mixes with carbon black ,,A" and ,,C"
shows clearly shorter reaction times.

3.4 The influence of impurities on the carburisation process

It is well knows that contaminations with trace elements have a influence on
the properties of the carburisation products. These effects have been
reported in the literature (1, 7, 8). It is also conceivable that impurities in the
raw material could influence the carburisation process by blocking the
diffusion paths of W or C atoms. For example, sulphur in the carbon black
may react with tungsten and forms new compounds. If these compounds are
segregated in the grain boundaries (9) they could decrease the reactivity of
the black mix

Carburization of a W/Carbon mixture
contaminated with 10000 wt.-ppm sulphur
T: 1373 K

600 min
700 min

800 min

30 32 34 36
20

38 40 42

Fig. 8: Carburisation experiment with a tungsten/carbon black mixture
contaminated with 10000 wt.-ppm sulphur.



10 HM3 H. Natter et al.
15* International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

To the best of our knowledge no in-situ data are available in the literature
about this phenomena. We prepare a tungsten/carbon black mix with high
pure raw materials. In one half of this mixture we add 10000 wt.-ppm of
sulphur. After a milling time of 16 hours the high pure mixture and the
contaminated mixture were carburised at 1373 K in He atmosphere. It could
be demonstrated (Fig. 8 and Tab. 2) that the contaminated sample shows by
the factor of 2 increased reaction times for the tungsten degradation as well
as for the WC formation.

Tab. 2: Reaction times of a high pure and a sulphur contaminated W/C
mixture carburised at 1373 K

c(sulphur) [ppm]

0

10000

t(W=0) [min]

105

230

t(WC=1)[min]

250

520

4. Grain growth inhibitors
The properties of WC-Co hard metals such as hardness, toughness, strength,
abrasion resistance and thermal conductivity can be widely varied by the WC
grain size (10). While the spectrum of available WC grain sizes ranged from
2.0 to 5.0 urn in the early days of the hard metal industry in the mid 1920's,
the grain size of WC powders now used in hard metals range from 0.5 urn to
20 urn. In hard metal processing the quality of the carbide powders are
decisive for the quality of the hard metal (11). For this reason a high quality
tungsten carbide should have a very narrow grain size distribution. To avoid
grain growth and agglomeration during the production of WC grain growth
inhibitors (e.g. Cr3C2) in a concentration range between 0.5 and 1 wt.-% are
added to the W/carbon black mixture. After the carburisation at 1373 K the
grain size distributions were determined by SEM. The undoped WC powder
shows large sized grains between 0.8 and 1 urn (Fig. 10). The width of the
grain size distribution of the doped samples depends on the Cr3C2

concentration (Fig. 9). For a Cr3C2 concentration of 0.5 wt.-% we found large
grains with sizes between 0.6 and 0.8 urn whereas a Cr3C2 concentration of 1
wt.-% could prevent the formation of these grains. We also measure the
carburisation kinetics of the doped mixtures. Fig. 11 shows no remarkable
influence of the Cr3C2-concentration on the degradation of tungsten but the
reaction time for the W2C degradation was increased from 110 (0.5% Cr3C2)
to 420 minutes (1% Cr3C2).
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Fig. 9: Grain size distributions of carburisation experiments with Cr3C2

Fig. 10: SEM-pictures of the undoped (left hand side) and with 1% Cr3C2

doped WC powders.
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Fig. 11: The influence of grain growth inhibitors on the degradation of
tungsten and W2C

5. Discussion
In the present study it could be shown that in situ x-ray diffraction is a useful
method for carburisation studies. Compared with ex situ experiments the in
situ method has the following advantages:

1. The observation of every state of the reaction.

2. Only one sample is necessary for a kinetic measurement.

3. The performance of the experiment and the data evaluation can be
done by a computer.

4. A large sample throughput rate

5. In combination with electron microscopy and chemical analysis detailed
information about the reaction can be received.

6. Parameter for the optimisation of a industrial processing can be
determined in a easy way.

This method allows the optimisation of experimental parameter (e.g. milling
time, sample composition, additives) as well as studies on the reaction
mechanisms. In chapter 3.1 we optimise the mixing time for our sample
preparation process.
We carburise tungsten powders using 3 different kinds of carbon blacks. They
differ in morphology, impurity content and in BET surface. Carbon black ,,C"
shows the best reactivity. The kinetic of this carbon black is divided in two
consecutive reactions. In a first step the tungsten was carburised in W2C. The
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pure WC phase was formed in a second step. The reaction time from the W
degradation is similar to WC formation time. For Carbon black ,,B" we observe
similar reaction kinetics. In these experiments the second reaction (W2C
degradation) is the time dependent step whereas the W degradation needs
nearly the same time as the W degradation in the ,,C" experiments. This
mechanism can be explained with the model of Zhengji (2). Carbon black ,,A"
has a complete different reaction mechanism. After a slight formation of W2C
the reaction stagnates for nearly 190 minutes. After 400 minutes a 3 phase
region can be observed in which the WC content increases whereas the W2C
and the W concentration decreases simultaneously. The decrased reactivity
of ,,B" could be explained with the plate shaped morphology of the ,,B"
particles. The time for tungsten degradation is similar to the carburisation with
the spherical ,,C" particles but the WC formation of ,,B" mixtures takes 4 times
longer. This can be explained by the longer diffusion paths of the carbon
atoms from the outside to the surface of a W2C particle. Now is the question
why the fine grained ,,A" particles do not show the similar behaviour like ,,C"
carbon black. A sulphur concentration of 5000 wt.-ppm results from the
chemical analysis. As demonstrated in chapter 3.4 the addition of sulphur in a
mixture of high pure raw material decreases the reactivity of the black mix.
This impurity could be the reason for the observed kinetic. In the early state
the degradation of tungsten follows a normal course but the stagnation after
30 minutes could be caused from a sulphur compound which segregates in
the grain boundaries and block the solid state diffusion. The grain boundary
are not blocked in a irreversible way. Either the sulphur compound
decomposes at the high temperature or the compound diffuses along the
grain boundary and forms larger agglomerates. Both possibilities have the
consequence that the carbon diffusion was not blocked furthermore and we
observe a continuously increasing WC content.
The grain refining effect of Cr3C2 can be explained in a similar way. The
chromium compound cover the grain surfaces with a very thin layer
(thickness: only a few atom diameter). The coating allows the diffusion of the
small carbon atoms but prevents the sintering of the WC grains. The width of
the grain size distribution is a function of inhibitor content. In the case of a low
Cr3C2 concentration we detect a small fraction of large grains. In this case the
chromium content is not enough for a homogeneous grain size distribution. A
Cr3C2 concentration of 1 wt.-% is sufficient to produce nearly uniform WC
grains. A disadvantage of the inhibitor addition is the increase of the reaction
time for the WC formation by obstructing the solid state diffusion of the
carbon atoms from the outside thought the grain surface. The tungsten
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degradation is not concerned from this effect because the additive needs
some time to distribute homogeneously in the sample by solid state diffusion.
The in situ x-ray diffraction is not restricted to solid state reactions. Reactions
with gaseous educts (e.g. H2, CO or CH4) can also be done in the Paar
HTK1200 oven.
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Granulated Cobalt Powders For WC/Co Materials
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OMG Americas, Research Triangle Park, NC USA
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Abstract:

It is known that a decrease in the cobalt particle size has a dramatic effect on
the processing behavior of submicron WC/Co materials. As finer cobalt
powders are utilized, the issues of dust (air-borne particulate) generation and
environmental stability (i.e. oxidation resistance) are a concern. To address
these issues, cobalt powders were granulated with an organic binder to
produce a free flowing product with a reduced level of dust generation and
improved oxidation resistance. The effects of granulated cobalt in the
processing of superfine WC powders were examined and compared to non-
granulated cobalt powders. The results indicate that granulated powder can
produce high quality superfine WC/Co materials provided that the granulation
process does not modify the morphology of the cobalt.

Key Words:
Cobalt granulation, Superfine tungsten carbide, granule strength, granule size

1. Introduction:

Cobalt is commonly used in the manufacture of WC hard metals for a variety
of applications such as cutting tools, drills, seals, mining and masonary tool
bits. In those applications where hardness and abrasion resistance are
important, such as printed circuit board drills, seals and nozzles, the use of
WC powders with a grain size less than 0.4 u.m is increasing. In order to take
advantage of these WC powders, finer cobalt powders must be used to
ensure the production of homogeneous, high quality WC/Co materials. The
advantages of finer cobalt powders have been summarized elsewhere(1,2).

With the use of finer cobalt powders, hard metal producers are concerned
with the potential generation of air-borne particulates and an increased
tendency towards oxidation. The generation of air-borne particulates
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continues to receive attention due to tighter government regulations(3).
Oxidation stability is important to ensure the WC/Co material can be sintered
to the proper carbon balance for optimum mechanical properties. Because of
these issues, hard metal producers prefer to use fine cobalt powders, which
do not generate dust or oxidize during processing. One way to achieve both
of these goals is to use granulated cobalt powder.

This paper examines the characteristics of granulated cobalt powders
produced by a variety of methods. The effect of cobalt granulation in the
processing of superfine WC/Co materials is also examined. Particularly
attention is paid to how the granule characteristic influences dust generation,
oxidation resistance and the resulting properties and microstructures of a
superfine WC/Co material.

2. Cobalt Powders:

Depending on the hard metal application and the size of the WC powder,
different grades of cobalt powder are required(1,2). Generally, the trend in
industry is toward the use of finer cobalt powders. The cobalt powders
examined in this study were an Ultra Fine, Sub Micron, Extra Fine HDFP and
400 mesh powder grades. These grades correspond to cobalt powders with
a size of approximately 0.4, 0.8, 1.5 and 4.0 |im, respectively. Table 1
summarizes the properties and characteristics of these powders.

Table 1. Characteristics of the cobalt powder grades used in this study.

FSSS (urn)

O2 ( %)

D50 (urn)

AD (g/cc)

S.A. (m2/g)

Ultrafine
0.4*

0.9

4

0.6

4.5

Submicron
0.8

0.6

5

0.8

2

Extra Fine
HDFP

1.5

0.2

7

1.1

1

-400
mesh
4.0

0.4

15

2.2

< 1

* Measured from SEM micrograph
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3. Characteristics of Granulated Cobalt Powder:

Many different methods are commercially available to granulate fine
powders(4-6). During granulation, a force acts on the powder to bond it
together into larger granules. The forces bonding the powder together can be
classified into three categories. The first category is capillary forces. This
type of force is generated when a liquid is used to granulate a powder
together. The strength of these granules is generally low. The second type
of force in granulation is adhesive bonding. In this case, a solidified binder
phase adheres to the surface of the powder bonding particles together into
larger granules. The binder phase is usually an organic material such as
paraffin wax, PVA, etc.. The strength of these granules is dependent upon
the amount and type of binder phase present. Generally, the strength of
adhesively-bonded granules is higher than ones formed by capillary forces.
The third type of force for granulation is solid bridging. Granules formed by
solid bridging are usually very strong. This high strength is obtained by
interlocking or deforming the individual particles together into granules.

The common methods for granulation can produce a variety of granule types
depending upon the processing variables. In general, the methods for
granulation are conventional mixing, spray drying, fluidized bed granulation,
high shear mixing, disk or drum granulation, mechanical granulation,
extrusion and compaction(4-6).

In order to determine the range of granule properties, six samples of
granulated Extrafine HDFP cobalt were prepared using different granulation
methods with a 2 wt.% addition of paraffin wax. The purpose of this
evaluation was to provide a better understanding of how the granule
characteristic affected the level of dust generation, oxidation resistance and
processing behavior of superfine WC/Co materials. From this information,
the optimum characteristics were identified for cobalt granulation.
Table 2 summarizes the flowability, apparent density (AD), size distribution
and strength of the six granulated powders. Sample #1 was produced in
such a way that a granular structure was not formed during processing.
Samples #2-6 were processed under conditions that produced a material with
distinct granules. These samples are described as granular and had very
good flow properties. The strength measurements were determined by
crushing individual granules under a compressive load (N). To minimize the
dependence on size, this compressive measurement was conducted using
granules of approximately the same size range.



Table 2. Characteristics of the granulated Extrafine HDFP cobalt samples.

00

Type of Sample

Flowability

AD (g/cc)*

Binder Content (wt.%)**

Particle Size Distribution

-d10 (u.m)

-d50 (^m)

-d 9 0 (n™)

Strength (N)***

Sample 1

Waxed

Non
Flowable

1.1

2.0

30

100

130

Not
Measurable

Sample 2

Granular

Free
Flowing

1.6

2.0

60

230

510

230

Sample 3

Granular

Free
Flowing

1.8

2.0

190

350

670

720

Sample 4

Granular

Free
Flowing

2.0

2.0

200

460

770

2210

Sample 5

Granular

Free
Flowing

2.3

2.0

230

550

800

5190

Sample 6

Granular

Free
Flowing

2.4

2.0

240

560

800

8890

The apparent density of the granules was measured using ASTMD703.
"Binder contents based upon TGA measurements.
***The strength was measured on granules with a sieve size of-16/+20 mesh.

P
3J

o
SB

CD
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The granulated samples had a range of apparent densities (1.1 to 2.4 g/cc),
average granule sizes (d50 of 100 to 560 microns), and strengths (-200 to
over 8800 N). Since each sample contained the same organic binder
addition, the variation in granule strength must be related in someway to the
density of the cobalt granules. To support this finding, a series of scanning
electron micrographs (Figure 1) were taken of a low (sample #2), medium
(sample #4) and high (sample #6) strength granule. These micrographs
clearly show an increase in granule density with strength. For samples #2
and #4, the increase in granule density is the result of an improved packing
efficiency among the cobalt grains. In both of these samples, the morphology
of the starting cobalt powder is still present. For sample #6, the higher
granule density was obtained by the deformation of individual cobalt grains.
The deformation and physical interlocking of the cobalt grains results in a
very high strength granule. This type of granule is undesirable since the
morphology of the starting cobalt powder no longer exists.

4. Dust Generation of Cobalt Extrafine Powders Before and After
Granulation:

The relative amount of dust generated by non-granulated and granulated
cobalt powders was characterized by an in-house laboratory test. Figure 2 is
a schematic representation of the test method used. During testing, a cobalt
powder is poured from one beaker to another, several times, generating a
dust cloud inside the glove box.a The air within the glove box is pumped
through a filter cartridge that can trap air-borne particulates.b After testing,
the filter cartridge is analyzed to determine the concentration of cobalt. By
comparing the measured concentrations, the tendency for a powder to
generate dust or air-borne particulates during handling can be obtained.

The levels of dust generation associated with the six samples listed in Table 2
are summarized in Figure 3 as a function of average granule size. In this
figure, the results are normalized by the dust level for the non-granulated
extrafine HDFP powder. For an average granule size of 100 |im, the dust

a The cobalt powder was poured once every ten minutes for a total of six times.
b The air sampler was a device commonly used in the Industrial Hygiene area. In this
case, the air sampler was made by GILAIR. The air was sampled at 2L/min over a two
hour period.
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a)

b)

c)

Figure 1. Scanning electron micrographs of granule surface in samples a)
#2, b) #4 and c) #6. The magnification bar represents 10 urn.
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Figure 2. A schematic representation of the test setup for measuring the
amount of dust generation.
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Figure 3. The amount of dust generation as a function of granule size for the
six granulated cobalt samples listed in Table 2.
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level was reduced by a factor of ~5 as compared to the non-granulated
powder. At granule sizes greater than 100 )im, the level of dust generation
was 8-10 times lower than the non-granulated cobalt powder. These results
clearly show that granulation can reduce the amount of air-borne particulates.

5. Granulated Cobalt in the Processing of Superfine WC/Co Materials:

The granulated cobalt powders in Table 2 were processed into Superfine
WC/6wt.% Co/0.5wt.% VC materials. The purpose of this study was to
determine if granulated cobalt had any detrimental affects on the
microstructure and properties of sintered WC/Co materials. The results of
this analysis indicated that the majority of the granulated cobalt powders
produced high quality superfine WC/Co materials with the exception of the
sample #6. This material took longer to break down and distribute itself
during the WC/Co milling process. The reason for this behavior is related to
the microstructure and high strength of the cobalt granule. As shown in
Figure 1c, the individual cobalt grains are deformed together forming a
granule with a dense structure. This characteristic is undesirable since it can
lead to cobalt pooling in the sintered WC/Co material. Based upon this result,
the granulation method must preserve the morphology of the cobalt grains
and provide a granule strength suitable for WC/Co processing.

When this requirement is met, high quality WC/Co materials can be fabricated
from granulated cobalt powders. Table 3 summarizes the physical properties
of a superfine WC/6%Co/0.5%VC materials made with a granulated Extrafine
HDFP cobalt powder. In this table, the properties of a standard superfine
WC/6%Co/0.5%VC material made with non-granulated cobalt is also shown.
The granulated cobalt powder produced a superfine WC/Co material with
properties equivalent to the standard WC/Co material. Microstructural
observations confirmed a high quality microstructure with good cobalt
distribution and no cobalt pooling.

6. Optimum Characteristics For Cobalt Granulation:

Based upon the results of this investigation, there are several factors that
must be considered for the granulation of cobalt powder. These factors
include the flowability of the product, degree of dust reduction and granule
strength. Figure 4 is a compilation of the data obtained in this study for the
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Table 3. Sintered properties of a Superfine WC/6 wt.%Co/0.5 wt.%VC
component made with Extrafine HDFP cobalt powder.

Properties
Magnetic Saturation

Coercivity (Oe)

Hardness (Ra)

A type porosity level

Non-granulated
Extrafine HDFP

140

607

94.9

A02-04

Granulated
Extrafine HDFP

142

603

94.9

A02-04

1.0

I 0.8
o
o
O 0.6
13

Q
9> 0 .4
~m
Q)

OH 0.2 -

0.0

Poor Flowability ; Optimum Window of ; Excessive
or Low Granule ! Granule Strength, Dust Control Granule

Strength • and Flowability Strength

12000

10000

0
1.0 1.2 1.4 1.6 1.8 2.0 2.2 2.4 2.6

Apparent density (g/cc)

Figure 4. Dust exposure and granule strength as a function of the apparent
density of a granulated Extrafine HDFP cobalt powder.

granulated Extrafine HDFP cobalt samples. In this figure, the dust
concentration and granule strength is plotted as a function of apparent
density of the granulated powder. For WC/Co processing, the optimum
apparent density (AD) for the granulated extrafine powder is within the range
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of 1.8 to 2.3 g/cc. This type of granulated powder has an acceptable level of
flow, dust reduction and granule strength. For cobalt granules with an
apparent density 1.6 g/cc or less, the strength is too low to withstand the
stresses associated with shipping and handling of the powder. At an
apparent density 2.4 g/cc or greater, the strength of the granule strength
becomes too high for the WC/Co milling process. This excessive granule
strength leads to cobalt pooling in the sintered WC/Co material. As long as
the apparent density is within the range of ~1.8 to 2.3 g/cc, high quality
WC/Co components can be fabricated with granulated extrafine HDFP cobalt.

7. Oxidation Resistance of Cobalt Before and After Granulation:

An added benefit of cobalt granulation was found to be improved oxidation
resistance. To demonstrate this, the oxidation resistance of the cobalt
powders listed in Table 1 was analyzed before and after granulation using
Thermogravimetric Analysis (TGA). In this study, the powder samples were
heated in air at 2°C/min from room temperature to 350°C. For each grade of
powder, the amount of weight gain due to oxidation was measured as a
function temperature. From these results, the temperature at which an
oxidation weight gain is detected can be used as an in-direct measure of a
powder's oxidation resistance. Table 4 summarizes the results for the
non-granulated cobalt powders listed in Table 1. The ultrafine cobalt powder
was found to be the most susceptible to oxidation. This lower oxidation
resistance is due to the higher surface area of this powder. For the other
grades of powder, the temperature at which oxidation was first observed
increased with cobalt particle size.

Table 4. A summary of the temperatures at which oxidation was first
observed in the non-granulated cobalt powders.

Co powder -400 mesh

Co powder HDFP

Co powder SUBM

Co powder UF

Starting point of
the oxidation (°C)

155

130

115

102
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After granulation, the oxidation resistance for all the cobalt powders grades
improved significantly. Figures 5-7 are the TGA curves for the Extrafine
HDFP, submicron and uitrafine cobalt powders before and after granulation.
In these examples, the Extrafine HDFP and submicron cobalts were
granulated with 2 wt.% paraffin wax. The uitrafine cobalt powder was
granulated with 2 wt.% of another organic binder. After granulation, the onset
of oxidation was delayed. This improvement is from the organic binder
coating and protecting the surface of the powder from oxidation. The exact
magnitude of this improvement is hard to quantify due to a decomposition
weight loss associated with the organic binder. Even with this complication,
the onset of oxidation was delayed at least 50 to 75°C, indicating that
granulated powders have an improved oxidation resistance.

108

Binder decomposition and oxidization

0 50 100 150 200 250 300 350

Temperature (C)

Figure 5. TGA curve for Extrafine HDFP cobalt before and after granulation
with 2 wt.% paraffin wax.
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Figure 6. TGA curve for Submicron cobalt before and after granulation with 2
wt.% paraffin wax.
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Figure 7. TGA curve for Ultrafine cobalt before and after granulation with 2
wt.% organic binder.
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8. Dust Generation of different Cobalt Powder grades Before and After
Granulation:

Based upon these results, the other grades of cobalt listed in Table 1 were
granulated to see if the same degree of dust reduction was obtained. These
powders were granulated to average granule size of -400-500 jam. The
amount of dust generation before and after granulation for these
powders are shown in Figure 8. For the non-granulated submicron, extrafine
and 400 mesh powders, the amount of dust increased as the size of the
cobalt powder decreased. This result supports the concept that finer powders
tend to generate more dust. The only exception to this trend, however, was
the ultrafine cobalt powder. The results for the ultrafine powder were affected
by static surface charges that caused the individual cobalt particles to attract
to one another. This behavior caused the formation of larger particles that
minimized the generation of air-borne particulates.

After granulation, a dramatic reduction in the amount of dust generation was
observed for the cobalt powders. For the granulated submicron and extrafine

1.4

o 1-2

| 1 0

| 0.8
In
a 0.6
CD

Jj 0.4
CD

or
0.2

0.0

Submicron

0.4 0.8 1.5

Cobalt Powder Size (hn)

4.0

Figure 8. Dust generation before and after granulation for the cobalt powders
listed in Table 1. The results have been normalized by the non-granulated
Extrafine HDFP powder.
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cobalt powders, the amount of dust was reduced by a factor of ~10 times,
respectively over their non-granulated forms. From these results, the use of
granulated cobalt powders is one method by which the air-borne particulate
levels can be reduced.

9. Summary:

This study examined the granulation of cobalt powders for WC/Co
applications. The results indicated that granulation reduced the level of dust
generation of cobalt powders. In a laboratory test, the amount of air-borne
particulates associated with cobalt powder was reduced by a factor of 8-10,
respectively by granulation. In terms of WC/Co processing, the granule
strength must be optimized for the milling process. If the granule strength is
too high, excessive cobalt pooling may occur in the sintered WC/Co material.
For the granulated Extrafine HDFP cobalt powder, optimum properties were
obtained when the apparent density was between 1.8 and 2.3 g/cc. At an
apparent density of 1.6 g/cc or less, the strength of the granules was too low
and flowability became an issue. At an apparent density of 2.4 g/cc or
greater, deformation of the cobalt grains occurred producing excessive
granule strengths. In order to produce an acceptable product, the apparent
density must be controlled to ensure the morphology of the cobalt grains is
maintained and the granule strength is appropriate for WC/Co processing. In
addition, the oxidation resistance of granulated cobalt powders, particularly
for the finer 0.4 and 0.8 |xm grades, was also improved.
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Summary:

Structure and mechanical properties of tungsten-cobalt hardmetals (WC-Co)
containing 6wt% and 10wt% of Co and alloyed with tantalum carbide (TaC)
and vanadium carbide (VC) have been studied. The TaC content was kept
constant at 5wt% whilst that of VC, varied within the range of 0.4wt% -
10wt%.
When the amounts of VC did not exceed its solubility limit in solid cobalt
binder, the hardmetals displayed ultrafine-grained structure of basic carbide
phase: the bulk of its grains was 0.2(im - 0.5ĵ m in size.
Typical values of the properties of ultrafine-grained hardmetals with 6wt% and
10wt% of Co were respectively as follows:
Coercive force He (in Oe)... 417 and 383
Vickers hardness HV5 (in kg/mm2) ... 1744 and 1605.

Keywords:

WC - Co hardmetal, VC, TaC, ultrafine-grained

1. Introduction:

At the present time, consumers and manufactures alike focus their attention
on ultrafine-grained hardmetals. These are features by the increased values
of hardness and wear resistance and, at the same time, of toughness (1).
Hardmetals with ultrafine-grained structure can be made with the aid of
various processing techniques: using nanocrystalline or ultrafine starting
powders, which can be produced by SCP-process (2) or by fast carbothermal
reduction RCR (3), and also with the use of intensive milling of hardmetal
grade powders (4). Exaggerated growth of basic carbide (WC) grains during
sintering is normally avoided by introduction of growth inhibiting additives.
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Vanadium and chromium carbides usually serve no grain growth inhibitors
and are added in amounts less than 1%. In such amounts they
become completely dissolved in cobalt phase and therefore do not form
excessive carbide phases.
The impact of minor amounts of inhibitors on the mechanical properties and
operational performance of hardmetals is indirect and caused by the related
reduction of carbide-grain sized and the modified composition of binder solid
solution. The properties could be further modified by adding vanadium and
chromium carbides in larger amounts which would allow them to form
separate phases in microstructure. Tantalum carbide, which also acts as
growth inhibitor, can provide an additional effect - the increased toughness of
hardmetals.

2. Experimental:

The hardmetals were made from tungsten carbide powder with a grain size of
(10+0,2^171) (FSSS) and 6.12wt% of combined carbon and 0.03wt% of
excessive carbon. The grains of cobalt powder were 3jj,m - 4jim (FSSS) in
size. Tantalum and vanadium carbide powders contained 6.01wt% and
16.03wt% of free carbon respectively. Both the powder alloying and the
component powders mixing were performed by means of wet ball-milling in
ethanol for 96 hours with a balls-to-powder ratio of 6:1. The hardmetals were
sintered in hydrogen atmosphere in the temperature range of 1360°C -
1480°C. A methodical study have been carried out for MeC - 10% Co
compositions where MC consisted of a fixed amount of 5wt% TaC and
varying amounts of VC, from 0.4wt% - 10wt%, and WC, from 84.6wt% -
75wt%. Several stages of the study were repeated for hardmetals with 6%
Co. Under study was the influence of vanadium carbide on the mechanical
properties and structure of hardmetals.

3. Physical and mechanical properties of hardmetals:

Coercive force He, which is commonly taken as measure of the grain size of
basic carbide phase, drastically drops with the increase in sintering
temperature if the vanadium carbide content does not exceed its solubility
limit in solid binder. This was just the case with the vanadium carbide
additions of less than 1%. With the higher contents, the coercive force
decreased insignificantly as the sintering temperature was raised (Table 1).
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Table 1.
COERCIVE FORCE AS A FUNCTION OF VANADIUM CARBIDE CONTENT

AND SINTERING TEMPERATURE FOR HARDMETAL WITH 10% Co

VC content
(in wt%)

0.4

1.0

4.0

10.0

Sintering temperature
(in °C)

1360
1390
1420

1360
1390
1420
1480

1360
1390
1480

1360
1390
1420
1480

Coercive force
(in Oe)

383
344
326

393
366
330
260

398
393
346

368
358
353
337

While the raising vanadium carbide content does not overstep the binder
solubility limit, the transverse rupture strength Rst slightly rises, but at higher
VC contents, Rst visibly decreases (Table 2).
Vickers hardness HV5 sees an insignificant rise of 2% - 3% when vanadium
carbide contents are increased within the confines of solid solubility. With the
higher contents, which allows a separate carbide phase to be formed, the
hardness grows at a substantially (5 times) higher rate - by 13% - 15%. The
effect could be explained based on the relationship between the
microhardness value.s of tungsten, tantalum and vanadium carbides. The
respective values are 1923 kg/mm2, 1599 kg/mm2 and 2094 kg/mm2 (5), and
the solubility of VC in solid binder is small, not in excess of 9.1at%, or
8.19wt%. Vanadium and tantalum carbides are able to form a continuous
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series of mixed carbide compositions of which the hardness must obey an
additivity rule.
Microstructural studies with light microscopy at a magnification of 1350 have
shown that in hardmetals with 0.4%, 1%, 4% and 10% of VC the proportion
of basic carbide grains of a less or equal to 1 jj.m size respectively amounts to
95%, 91% and 100%. Ultrafine-grained structure is therefore characteristic of
the hardmetals under study. The development of such a structure is known to
be very sensitive to the duration and temperature of liquid-phase sintering.
The results of sintering studies are shown in Table 3 and could be summed
up as follows. The most prominent effect on the grain growth is that of
sintering time and it is most clearly pronounced at minor vanadium carbide
contents (0.4%). These results highlight a significant role of minor alloying
additions, as well as impurities, in the structural evolution and growth of basic
carbide grains during the liquid-phase sintering of hardmetals.

Table 2.

TRANSVERSE RAPTURE STRENGTH (RELATIVE VALUES) AND
HARDNESS AS A FUNCTION OF VANADIUM CARBIDE CONTENT IN

HARDMETAL WITH 10% Co

VC content
(in wt%)

0.4
1.0
4.0
10.0

Rst
(in %)

100
103
75
56

HV5
(in kg/mm2)

1605
1648
1730
1839

The above results of the study carried out for the hardmetal with 10% Co, of
which the multicarbide phase consisted of 0.4% VC, 5% TaC and 84.6% WC,
proved to be largely similar to those obtained in a separate study of its
counterpart with 6% Co. The structure of this was ultrafine-grained and the
properties were typically as shown in Table 4.
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Table 3.

EFFECT OF VANADIUM CARBIDE AND SINTERING VARIABLES ON
COERCIVE FORCE OF HARDMETALS WITH 10% Co

VC content
(in wt%)

0.4

1.0

10.0

Sintering
temperature

(in °C)

1390

1420

1390

1420

1390

1420

Time
(in hours)

0.5
2.0

0.5
2.0

0.5
2.0

0.5
2.0

0.5
2.0

0.5
2.0

He
(in Oe)

344
218

326
209

366
316

380
308

358
353

363
345

Table 4.

MECHANICAL PROPERTIES OF HARDMETAL WITH 6% Co

Sintering
temperature

(in °C)

1390

He
(in Oe)

417

HRA

93.3

HV5
(in kg/mm2)

1744
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4. Conclusion:

1. A processing technology has been developed to manufacture ultrafine-
grained tungsten-cobalt hardmetals using a certain combination of alloying
additives that inhibit the growth of basic carbide grains.

2. An optimum content of growth inhibiting additives (MeC*) is defined by the
solid solubility limit of cobalt binder or, in other words, by MeCVCo ratio.

3. The composition and amount of the multi-carbide phase are shown to be
largely responsible for the combination of strength, hardness and wear
resistance achieved in sintered hardmetals.
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SUMMARY

A new technique based on Hot Isostatic Pressing (HIP) has been developed
to produce dense nanosized WC-Co hardmetals without the addition of grain
growth inhibitors. The glass encapsulation process is the key for the effective
application of isostatic pressure at temperatures well below those usually
required for reaching the closed porosity state in the WC-Co system. Fully
dense WC-Co samples with cobalt contents ranging from 10 to 12 wt. % have
been obtained by this technique at temperatures between 1000°C and
1200°C with 150 MF'a of applied isostatic pressure for 30 minutes. The role of
isostatic pressure on the activation of densification mechanisms is discussed.

KEYWORDS: Hardmetals, Tungsten Carbide, Hot Isostatic Pressing,
Nanocrystalline Structure.

1. INTRODUCTION

Presently, the use of nanosized WC powders for producing WC-Co materials
with finer microstructures represents one of the most active fields of research
in the hardmetal industry. These so-called superfine grained hardmetals, with
grain WC grain sizes from 0.3-0.4 \im, show not only a significant increase in
hardness with respect to the finest commercial WC-Co grades (so far, with
WC mean grain sizes from 0.4 to 0.5 \xm), but also higher strength and
toughness (1-6).
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Although the advantages of reducing WC grain size in hardmetals are
generally recognised, the fabrication of these materials on industrial scale
presents a number of unresolved processing issues. Higher specific surface
areas enhance sintering activity, which allows the use of lower processing
temperatures. However, the fast sintering kinetics of nanometric powders are
more difficult to control, especially grain growth phenomena (7-10). In
addition, a higher specific surface area also means higher tendency to
agglomerate, higher interparticle friction and higher contamination (higher
moisture adsortion and oxygen content). Therefore, all processing steps must
be adapted to these new powder characteristics, especially those concerning
safe manipulation and leakage control due to their high reactivity.

So far, the most successful way of WC grain growth control during sintering is
the addition of small amounts (below 1 wt. %) of some metallic carbides (as
VC, Cr3C2, Mo2C, TaC, etc) to the powder mixtures. However, the physical
mechanisms of grain growth control are still unclear. There are some
evidences that relate this phenomenon to the formation of eutectics of lower
melting point than that occurring in the WC-Co pseudobinary system (4, 11).
These authors have suggested that the solubility of WC grains in these liquids
containing Co, V and Cr is poorer than in pure liquid cobalt. Nevertheless,
most densification and significant grain growth occurs in solid state (11), and
therefore, solid diffusion inhibition should also be involved.

In practise, the homogeneous distribution of cobalt and the rest of additives is
critical for final product performance. Best results are obtained via chemical
routes where Co, Cr and V are introduced by simultaneously dissolving salts
of these compounds followed by spray drying and co-carburization (12,13).
Apart from the use of grain growth inhibitors, research is also focused on the
development of new sintering techniques as Microwave Sintering (MS) (14) or
Spark Plasma Sintering (SPS) (15). These are based on the application of
ultra high heating rates and short dwelling times to avoid long exposure of
nanocrystalline powders at high temperatures. However the results of these
techniques are still not well documented.

In the last years, powder production technologies have been continuously
reducing the mean particle size of WC powders, being the present limit about
0.03 |im (Nanocarb®) (16). However, this has not been reflected on a
substantial decrease of WC mean grain size in sintered hardmetals. So far,
the actual lower limit for this magnitude is about 0.3-0.4 ^m.
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These ultrafine WC powders have been selected in the present work to
evaluate several pressure assisted sintering routes with the aim of producing
fully dense hardmetals with better grain growth control.

2. EXPERIMENTAL PROCEDURE

Characteristics of raw materials are given in Table 1:

Provider

Union Miniere
Union Miniere

H.C.Starck
H.C.Starck

Reference

Microcarb®
Nanocarb®
VCHV100
Cr3C2-160

Composition

WC-10wt.%Co
WC-12wt.%Co

VC
CT3C2

FSSS
Urn)

0.1
0.03
1.25
1.55

o2
(wt.%)

0.135
0.198
0.65
0.59

Table 1 :Characteristics of starting powders

Powder mixtures include WC-Co pre-combined powders, vanadium carbide
(VC) as grain growth inhibitor and different organic binders. The compositions
used are given in Table 2:

Ref.

1
2
3
4

WC mean
particle

size
(jim)

0.1
0.1

0.03
0.03

Co
(wt.%)

10
10
12
12

VC
(wt.%)

0
0.4
0

0.4

C
(wt.%)

0
0
0
0

Organic
binder
(wt.%)

0
2.5
0

2.5

Table 2: Compositions of powder mixtures

Mixtures were loaded into a 500 cm3 vessel containing 20 vol.% of 15
mm(|) WC-Co balls as milling media and a variable amount of dissolving
agent. Two mixing machines were used: a conventional ball mill with
polyethylene containers and a planetary mill (Netzch PM4) with WC-Co
containers, the main difference being the higher acceleration given to the
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balls by the planetary mill. After milling, drying of the slurries was carried out
by "overpressure" drying, a new method consisting in heating the slurry at
110°C in a sealed container till a slightly over atmospheric pressure is
achieved. The gas is released maintaining this overpressure during drying
avoiding binder segregation. Spray drying was also used to produce
granulated powders with good flowability. Green compacts were produced by
uniaxial pressing using steel dies at 250 MPa. Green densities were in the
range of 50-55 % of the theoretical density. Sintering was carried out by two
different routes: Vacuum sintering (VS) at 1320°C and 1400°C for 1 hour in a
furnace with graphite heating elements (10'1 mbar) and glass-encapsulated
HIP from 900°C to 1200°C at 150 MPa for 0.5 h (GEHIP). In all sintering
cycles, a step is included where the organic binder is burned out in a vacuum
of 0.1 mbar at 450°C for 1 hour. The microstructures of the sintered materials
have been characterised by X-Ray Diffraction (XRD), Scanning Electron
Microscopy (SEM) and Energy Dispersion Spectroscopy (EDS). Vickers
Hardness measurements were carried out applying a load of 10 kg (17).

3. RESULTS

3.1. Vacuum Sintering (VS)

The main problem found in these cycles is the presence of macro-porosity
(B04-B06) (20), independently of the sintering temperature (Fig. 1).

Fig. 1 SEM micrograph showing B-type porosity found in composition 3 after
VS (1Q-1 mbar) at 1400°C for 1 hour.
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This phenomenon has been related to the formation of organic binder
agglomerates during mixing. These agglomerates have been detected by
SEM of green compacts (Fig. 2). After debinding, such large pores cannot be
closed during vacuum sintering.

Fig. 2 SEM micrograph of a compact of composition 3 showing
a large agglomerate of organic binder (> 100 |um).

These large binder islands have been found in compacts with very different
organic binder contents (1.5 or 2.5 wt. %). Therefore, it is thought that are
formed during drying due to the strong tendency of nanocrystalline powders
to agglomerate. This type of porosity can be considerably reduced by using
more aggressive milling (Fig.3). The binder is better distributed in the
mixtures if powder aggregates are effectively broken.

(a) (b)

Fig. 3 Composition 4, VS at 1360°C for 1 h. Porosity obtained by two milling
techniques: (a) conventional ball mill (72h) and (b) planetary mill (6h)
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The effect of WC powder particle size on sintering is clearly observed in
hardness data (Table 3). Hardness of composition 2 (based on Microcarb ®)
is significantly reduced when the sintering temperature is changed from
1400°C to 1320°C whereas that of composition 4 (based on Nanocarb®) is
not affected (Fig. 4).

Ref.

2
4
2
4

WC
particle size

(lorn)
0.1

0.03
0.1

0.03

Co
(wt.%)

10
12
10
12

VC
(wt.%)

0.4
0.4
0.4
0.4

Sint.
Temp.

(°C)
1400
1400
1320
1320

HV10
(kg/mm2)

1700
1620
1570
1620

Table 3: Hardness of WC-Co hardmetals produced by vacuum sintering

XRD analyses and optical microscopy observations have confirmed that
neither r\ phase nor graphite are present in these specimens (Fig. 5).
Therefore, these hardness values can be explained by the different
densification and grain growth kinetics of WC powders with different specific
surface area. At 1400°C, both powders achieve 98% T.D.. However,
Nanocarb® is more susceptible to grain growth and, therefore, its hardness is
lower than that obtained with Microcarb® (Fig. 6a and 6b).

A reduction of the sintering temperature (up to 1320°C) does not appreciably
change the hardness of Nanocarb ®, whereas for Microcarb® it is reduced by
8%. The reason for this behaviour can be found in the combination of two
phenomena: pooling and porosity. Composition 2 (based on Microcarb®)
present large cobalt pools and higher porosity than composition 4 (based on
Nanocarb®). Thus, it is clear that a higher WC specific surface area favours
cobalt spreading among WC particles and subsequently higher densification.

Unlike Microcarb®, Nanocarb® is active enough at 1320°C for achieving high
density without significant WC grain growth (Fig. 6c and 6d).
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Fig. 4 Vickers hardness (HV10) of vacuum sintered specimens vs. sintering
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Fig. 5 XRD patterns corresponding to vacuum sintered samples: (a)
Composition 2 and (b) Composition 4
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Fig. 6 Back-scattered SEM micrographs of vacuum sintered: (a) Composition
2 vacuum sintered at 1400°C,(b) Composition 4 vacuum sintered at 1400°C,
(c) Composition 2 vacuum sintered at 1320°C and (d) Composition 4 vacuum

sintered at 1320°C

3.2. Hot Isostatic Pressing (HIP)

As observed in the previous section, the two main issues concerning
conventional processing of nanosized WC-Co powders are porosity and grain
growth. Thus, pressure assisted techniques are the natural choice for
densification of these materials, specifically hot isostatic pressing. The most
critical step of the selected technique is glass encapsulation. Glass melting
point must be selected to avoid capsule closure before out-gassing (due to
oxides reduction) has been completed.
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Hardness and porosity of HIPed materials have been summarised in Table 4.

Ref.

3
1
3
1
3
4
2
2
4

Co
(wt.%)

12
10
12
10
12
12
10
10
12

VC
(wt.%)

0
0
0
0
0

0.4
0.4
0.4
0.4

Encap.
Method
vacuum
vacuum
vacuum
vacuum

H2

vacuum
vacuum
vacuum
vacuum

T
(°C)
1200
1200
1100
1100
1100
1000
900
900
900

T) phase

no
no
no
no
yes
no
no
no
no

HV10
(kg. mm"2)

1550
1580
1630
1710
1660
1790
960
1010
1580

Porosity

A02
A04
A02
<A02
<A02
<A02
A04
A04
A04

<B02
<B02
<B02
B02
<B02
<B02
B04
B04
B04

Table 4: Properties of materials produced by HIP at 150 MPa

The highest hardness has been obtained for Nanocarb®+0.4%VC+12wt%Co
by HIPing at 1000°C, HV10 = 17.9 GPa. This value is one of the highest
reported so far for this composition (7). The microstructure of this material is
extremely fine with needle-like grains (Fig. 8). Cobalt distribution is not
perfectly homogeneous, showing some micro-pooling. However, the mean
size of cobalt islands is below 1 )im.

The hardness of samples HIPed without grain growth inhibitors substantially
increases as the process temperature decreases. This hardening effect is
more pronounced on Nanocarb®, though it leads to lower absolute hardness
values than Microcarb®. Thus, both materials present similar hardness when
processed at 1100°C (Fig. 9).

The low hardness values found in samples HIPed at 900°C show that the
lower limit for densification by this new HIP technique should be between
900°Cand1100°C.
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Fig. 8 Back-scattered SEM micrograph corresponding to
Nanocarb®+0.4%VC+12wt%Co sintered by HIP at 1000°C for 0.5 hours.
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Fig. 9 Vickers hardness (HV10) vs. HIP temperature
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Fig. 10 Back-scattered SEM micrographs corresponding to: (a) Composition

4, VS at 1400°C, (b) Composition 4, VS at 1320°C, (c) Composition 3,
vacuum encapsulated and GEHIP at 1100°C, (d) Composition 3, H2

encapsulated and GEHIP at 1100°C and (e) Composition 4 vacuum
encapsulated and GEHIP at 1000°C
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The microstructure refinement obtained by using lower processing
temperatures is clearly observed in Fig 10. The correlation between these
microstructures and their corresponding hardness values is straightforward,
except for the material HIPed at 1100°C after H2 encapsulation (Fig. 10d).
This material shows a significant cobalt depletion due to the formation of T|
phase (C03W3C), clearly identified by XRD (Fig. 11) and EDS of grains with
slightly darker grey contrast in Fig. 10d (Fig. 12). This phase is not present in
the specimens encapsulated in vacuum.

2000

1800

16C3

•£• 14C0

| 1200

^ 1CG0

In
to

n
sl

40D

203

•

iJ

•

0

u.
40 45 50 55

Diffraction angle (29)

(a) (b)
Fig. 11 XRD patterns corresponding to samples HIPed at 1100°C: (a) H2

encapsulated (b) Vacuum encapsulated

C o K

0.70 1.40 2.10 2.80 3.50 4.20 4.90 5.60 6.30 7.00

Fig. 12 EDS analysis corresponding to r| phase (in grey contrast in Fig.10d)
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Temperatures of liquid formation in either WC-Co or WC-VC-Co systems are
well above those used in the present HIPing cycles (21). Therefore,
densification is completely carried out in solid state. Samples sintered at
1000°C undergo a linear shrinkage about 20 %, similar to that of vacuum
sintered specimens at 1400°C, thus a similar amount of mass transport must
occur.

The application of pressure starts at 850°C, with no appreciable shrinkage (at
this point, the sample contains about 50% of porosity). Although pressure is
isostatically applied, locally shear components of stress appear at contacts
between WC particles. This effective stress, caused by the high pressure
difference between outside (1500 bar) and inside the glass capsule (108 bar),
can lead to cobalt plastic deformation and collapse of the porous structure. At
this stage, the nanometric WC particles, considered as perfectly rigid, can
undergo substantial rearrangement due to plastic deformation of cobalt, (-18
vol.% of the sample). 1000°C is a typical temperature used for hot rolling of
cobalt of high purity (22).

Once the number of contacts between WC particles approaches that
corresponding to mechanical equilibrium, other mechanisms, as cobalt creep
flow or diffusion, need to be taken into account to explain the removal of
residual porosity. Both phenomena are possible for cobalt at 1000°C (> Vz Co
melting point). Nevertheless, the micrographs show that cobalt distribution is
not perfect, reflecting poorer spreading if compared with liquid phase
sintering.

4. CONCLUSIONS

A new HIP technique has been developed for densification of nanosized
hardmetals at temperatures as low as 1000°C. Grain growth is avoided at
these temperatures even in absence of grain growth inhibitors producing a
substantial hardness increase.

Under these conditions, densification is carried out in solid state. Cobalt
plastic deformation leading to rearrangement of WC nanograins is proposed
as the dominant densification mechanism during the first sintering stage.
Final densification should require the contribution of diffusion based
phenomena as creep flow.
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Processing of these materials by conventional vacuum sintering present two
main issues: porosity and grain growth. Porosity is related to milling-mixing
conditions, whereas grain growth can be controlled by VC additions.
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Computational study on grain growth in cemented carbides
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Summary
Micro-grained cemented carbides are widely applied to the tools such as

solid endmills and micro-drills. The knowledge on grain growth of carbides is
very important for manufacturing micro-grained cemented carbides. In the
present study, continuous and discontinuous grain growth in such cemented
carbides is investigated using the Monte Carlo computer simulation
technique. The Ostwald ripening process (solution/re-precipitation) and the
grain boundary migration process are assumed in the simulation as grain
growth mechanism. The effects of liquid phase fraction, grain boundary
energy and an implanted coarse grain are examined. The results of these
simulations qualitatively agree with experimental ones and suggest that
distribution of liquid phase and WC/WC grain boundary energy as well as
contamination by coarse grain are important factors controlling
discontinuous grain growth in cemented carbides.

Keywords:
Cemented carbides, simulation, grain growth, WC, grain boundary

1. Introduction
In the last decade, a lot of attention has been paid to micro-grained

cemented carbides as a material for sharp edged tools such as endmills
and micro-drills. Tungsten carbide grains grow during liquid phase sintering
and the grain size strongly affects the mechanical properties of the alloy.
Therefore control of microstructure is very important to produce highly
qualified carbide tools.

The grain growth process in cemented carbides can be characterized by
continuous and discontinuous ones. Continuous grain growth is recognized
as a uniform growth of the individual grains. Discontinuous grain growth is



J. Kishino et al. HM7 51_
15'" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

known as an undesired formation of isolated coarse WC grains which grow
faster and larger than the surrounding grains. In the production of micro-
grained cemented carbides, controlling both continuous and discontinuous
grain growth in the microstructure has to be taken into account. Especially,
the isolated coarse grains deteriorates the performance of the material. One
of the effective methods for controlling grain growth is doping grain growth
inhibitors, such as VC and Cr3C2 (1-3).

The grain growth in liquid phase sintered materials, which is generally
understood as a solution/re-precipitation process called Ostwald ripening,
has often been studied from a theoretical point of view (4-9). Most of studies
assume that carbide grains are completely surrounded by a liquid phase.
These classical theories of Ostwald ripening are not sufficient to explain the
grain growth mechanism in cemented carbides (10-14), especially in the
case of low binder content which is popular for industrial applications.
Because in that case WC grains are not completely surrounded by a binder
phase, but contact with neighboring grains. Simulation techniques seem
useful to examine the effects of both solid/liquid and solid/solid interface on
grain growth behavior.

In the present study, the Monte Carlo computer simulation technique is
utilized to investigate continuous and discontinuous grain growth
mechanisms in cemented carbides. Because grain growth simulation using
the Monte Carlo method is considered to be useful for understanding the
grain growth behavior in complicated systems (15-17). In addition to the
simulations, experiments on microstructures of WC-Co and WC-VC-Co
systems are performed. Comparing the simulations to the experimental
results, the grain growth mechanism is discussed with special focus on the
presence of WC/WC grain boundaries.

2. Simulation method
The grain growth simulation was carried out on the basis of the Potts

model using the Monte Carlo method (18, 19). The temperature term in the
Boltzman equation is set at zero. A two dimensional lattice comprised of
solid (WC) cell and liquid (Co binder phase) cell was used to simulate the
microstructure of cemented carbides. The lattice size was 200 x 200 cells.
The number of crystal orientations of solid particles, Q, was fixed at 64.

Two kinds of mass transfer were assumed in the simulation algorithm. If a
solid cell is selected in the array, the mass transfer proceeds through grain
boundaries in the solid owing to the same way as the Potts model. If a liquid
cell is selected, the mass transfer through the liquid phase is designed in
the algorithm as follows.
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The selected liquid cell changes to a solid cell with an arbitrary number of
Q and the energy change (AG1) is calculated, then the solid cell undergoes a
random walk until it hits another solid cell without back steps in a liquid phase.
The hit solid cell is changed to a liquid cell and the energy change (AG2) is
calculated again. If the total energy change is less than zero (AG1+AG2<0),
the trial is successful; otherwise the trial is canceled. When a solid cell
neighboring at least one liquid cell is selected, the same manner as above is
carried out though the phase change is opposite. If a liquid cell neighboring
only a liquid cell, the trial is canceled. This procedure is repeated for several
hundred Monte Carlo steps (MCS). Refer to the reports (17) for the details.

The predominant parameters in the present simulation are the interface
energy between a solid cell and liquid cell (yS|), grain boundary energy
between solid cells (ySs), which can be set low or high, and the liquid content
(fl).

3. Materials & Experimental procedures
WC-Co and WC-VC-Co alloys were produced by powder metallurgical

technique. WC and VC powders with an average particle size of about 1.5
urn and Co powder of 1.2 urn were used as starting powders. The content of
Co was varied from 10 to 40 in volume percent. The atomic ratio of V/(V+Co)
for WC-VC-Co alloy was fixed at 0.04. The carbon content of all alloys was in
the higher side of the two phase region. The powders were ball-milled in
ethanol for48h, dried in vacuum, sieved and then pressed. Green compacts
of the mixed powders were sintered at 1673 K for 1h in vacuum.
Microstructures of these alloys were observed by scanning electron
microscopy (SEM:S-800, HITACHI) and field emission typed high resolution
transmission electron microscopy (FE-TEM:HF2000, HITACHI) equipped with
energy dispersive X-ray spectrometer (EDS). The TEM specimens were
prepared by the following procedure: spherical rods (3mm in diameter) were
cut into about 0.5 mm thick discs, mechanically ground to the thickness of
about 0.1 mm, thinned to the thickness of about 0.05 mm by dimpling (Gatan
Precision Dimple Grinder) and finally ion-milled (Gatan Duomill) using Ar ions.
Nano probe EDS quantitative analysis was performed in the spot mode to
accurately investigate grain boundary structure. The electron probe was set
to be 1 nm in diameter and was positioned onto WC/WC grain boundary.

4. Result & discussion
4.1 Grain growth in an un-doped system

The simulation parameters are selected referring to the previous reports



J. Kishino et al. HM7 53

15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

(17). Fig. 1 is a series of simulated microstructures for fl=10%, ys\=0A,
yss1=1.1 and Yss2=0.9 as a function of Monte Carlo steps, where yss1 and YSS2

are higher and lower solid/solid grain boundary energy, respectively. Two
kinds of grain boundary energy are set to give reality to the grain boundary
character. The values of ysi, Yssi and ySS2 are relative energy, which are
chosen for grain growth modeling that the energy ratios, Ysi/ySsi and yJySS2,
are below 0.5. This means that the dihedral angle 6 is zero, because WC-Co
cemented carbides are known to have high wettability (11).
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Fig. 1 Simulated microstructure evolution for fl=10%, ySi=0.4, ySsi=1-1
and Yss2=0-9 as a function of Monte Carlo steps.
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On the other hand, the two types of mass transfer mechanism for grain
growth are employed. One is a solution/re-precipitation mechanism through
the liquid phase. The other is the mass transfer across the solid/solid grain
boundary. In Fig. 1, the solid phase and the liquid phase are represented by
gray and black areas, respectively. The difference in darkness of gray area
for the solid phase corresponds to the different grain orientation.

(c)20% (d)40%

Fig. 2 Simulated microstructures for ySi=0.4, ySsi=1.1, and yss2=0.9 at 1000
MCS as a function of liquid fraction.
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Fig. 2 shows a series of simulated microstructures for ySi=0.4, yss1=1.1 and
ySS2=0.9 at 1000 MCS as a function of liquid fraction. It is clear that the
microstructure is strongly influenced by the liquid phase content. At 5% liquid
phase content, the microstructure is relatively homogeneous. In contrast, at
10% liquid phase content, several preferentially grown grains are observed,
and a discontinuous microstructure is formed. In these cases, these are both
solid/solid and solid/liquid interfaces. When a liquid phase with thickness of
one cell exists between two solid particles, coalescence of particles easily
takes place if their grain orientations are the same. At more than 20% liquid
phase content, the microstructure is homogeneous, and the liquid phase
perfectly surrounds the solid grains.

These results would indicate that the grain growth at lower liquid phase
content occurs through two types of mass transfer mechanisms, i.e. through
solid/liquid interfaces and solid/solid grain boundaries. At higher liquid phase
content, mass transfer via solid/liquid interfaces plays a major role in grain
growth.

Fig. 3 shows SEM images of the microstructures of WC-(10~40) vol.% Co
alloys. The contiguity of WC grains decrease with binder content, not
reaching zero even at 40% Co content. In the alloy with 20% binder content,
the microstructure is inhomogeneous. In contrast, the discontinuous grain
growth is not observed in the alloys with 10% Co and more than 30% Co
contents. These microstructures resemble the simulated grain growth
behavior in Fig. 2, though the change in contiguity and the binder content
which yields the discontinuous grain growth are different. These differences
are considered to be caused by two dimension of the simulation. From these
simulation and experimental results, the mechanism of discontinuous grain
growth is proposed as follows. In the lower cobalt content, even if the
dihedral angle 9 is zero, some grain boundaries of particles are not wetted.
The co-existence of the wetted and unwetted grain boundaries plays an
important role in the grain growth behavior. At the wetted grain boundary, the
growth is pronounced by the effect of Ostwald ripening and, if the binder
layer is thin, coalescence of grains. On the other hand, at the unwetted grain
boundary, the growth is restricted by grain boundary migration. In other
words, the localization of cobalt liquid phase could contribute to the
discontinuous grain growth.

Next, the effect of coarse grains on discontinuous microstructures was
examined in the simulation. Some articles report that coarse WC particles in
a green compact act as seeds for rapid grain growth (10). Then, in a matrix
with 10% fl was implanted a single solid grain with a diameter 18 times
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greater than the average of the matrix solid grains. At the same time, the
implanted coarse grain is set to be surrounded by a liquid binder phase with
thickness of 2 cells, and the energy condition of the simulation is the same as
that of Fig.1.

Fig. 4 is a series of simulated microstructures as a function of Monte Carlo
steps. As shown in Fig. 4, the discontinuous grain growth occurs in the matrix
similar to Fig. 1. Besides the implanted grain grows faster than the matrix
grains through solution/re-precipitation and coalescence with neighboring
grains. This result, which agrees with the result of the previous report (10),
suggests that the presence of coarse grains in a fine grained matrix can be a
reason for discontinuous growth in addition to the factors such as fl and yss.
Therefore, the contamination by coarse grains must be avoided in the
manufacturing process of fine grained cemented carbides, especially with low
cobalt content.

X v 1 • "-v ' J C . v <%

V

'. • . V ?^*^
r-.^r ^

4 urn

Fig. 3 Microstructures of WC-(10~40) voI%Co sintered at 1673 K.
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Fig. 4 Simulated microstructures with an implanted coarse grain as a
function of Monte Carlo steps for fl=10%, Ysi=0-4, YSSI=1-1 and
Yss2=0.9.

4.2 Grain growth in an inhibitor doped system
A simulation for an inhibitor doped system is tried. In the previous study,

Shin et al. reported that the contiguity of WC in VC doped WC-Co alloys was
higher than that in non-doped alloys (14), which suggests that the wettability
in VC doped alloy is reduced. Therefore, the values of grain boundary energy
were chosen to give YS|/YSSI and yS|/ySs2 to be above 0.5. Simulation results for
grain growth with fl=10%, ySi=0.4, yss1=0.7 and ySS2=0.6 as a function of Monte



58 HM7 J. Kishino et al.
15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Piansee Holding A6, Reutte (2001), Vol. 2

Carlo steps is shown in Fig. 5. Fig. 6 indicates a series of simulated
microstructures at 1000 MCS for the same energy condition as in Fig. 5 as a
function of liquid content. These microstructures are quite different from the
above simulated microstructures for the non-doped system (Figs. 1 and 2).
The liquid phase exists in isolated pockets between interconnecting solid
particles. Most of grains are only partly wetted by a liquid phase even in 40%
liquid content. No discontinuous grain growth is expressed and the grain size
slightly increase with liquid content.
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Fig. 5 Simulated microstructures for grain growth with fl=10%, yS|=0.4,
ySsi=0.7 and YsS2

=0.6 as a function of Monte Carlo steps, assuming
an inhibitor doped system.
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m%<Smm
(c)30% (d)40%

Fig. 6 Simulated microstructures for ySi=0.4, YSSI=0.7 and YSS2=0.6 at
1000MCS as a function of liquid content.

Fig. 7 shows the experimental microstructures of VC doped WC-Co alloys.
Regardless of binder content, the continuous grain growth of WC particles is
observed. In the low binder alloy, the addition of VC effectively restricts the
grain growth. However, the effects diminish with increase in binder content.
This grain growth behavior is similar to the simulated result. This might
indicate that the addition of VC decreases grain boundary energy, yss, and
then WC grains have high contiguity as reported (14). In such a case, the
growth rate of WC grains is considered to mainly be controlled by the grain
boundary migration.
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Fig. 7 Microstructures of VC doped WC-(10~40) vol%Co sintered at
1673K.

4.3 Observation of WC/WC grain boundary
In the previous sections, both simulation and experimental results suggest

that the existence of WC/WC grain boundary has a remarkably strong
influence on the mechanism of discontinuous grain growth and grain growth
inhibition. However, in spite of many previous studies on the grain boundaries
of cemented carbides, there are a lot of controversial discussions concerning
the grain boundary structure. Some TEM studies confirmed the existence in
contiguous grain boundaries free from a cobalt phase (21-23). On the
contrary, Egami et al. and Sharma et al. have reported that a cobalt phase
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layer is present between WC grains (24, 25). Therefore, in the present study,
the grain boundary structure was in detail investigated by TEM-EDS in order
to clarify whether the contiguous grain boundaries are present or not.

Fig. 8 shows the lattice image of a WC/WC grain boundary in a
WC-VC-10vol.%Co alloy. According to the coincidence site lattice (CSL)
theory, this grain boundary is identified as a 12 coincidence boundary. In this
image, no other phase is observed at the grain boundary.

Fig. 8 High resolution electron micrograph of a WC/WC grain
boundary in a VC doped WC-Co alloy. Left-side crystal is aligned
with its <0001> axis parallel to the electron beam, and right-side
crystal <1210> axis.
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However, as shown in Fig. 9, EDS analysis of the grain boundary detects
cobalt and vanadium element only at the grain boundary. Figs. 8 and 9
indicate that this type of WC/WC grain boundary is contiguous at atomic level
where Co and V atoms co-segregate. The grain boundary structure in a
non-doped WC-Co alloy is also analyzed. The TEM and EDS results, which
are not shown in the present paper, indicate that the cobalt also segregates
at the contiguous WC/WC grain boundary. Therefore, it is considered that
cobalt segregation is not so effective as vanadium for grain growth inhibition
according to the results in Fig. 3 and many investigations (10, 14, 20). The
grain boundary segregation of, above all, vanadium atoms could decrease
the grain boundary energy and wettability of boundaries, and then both
continuous and discontinuous grain growth is considered to be inhibited by
low mobility of the vanadium segregated grain boundary.

The present simulation model appears qualitatively to reproduce some
features of experimentally observed grain growth behavior in cemented
carbides. There are, however, many unqualified variables and kinetics in the
grain growth model of cemented carbides. Further refinements are needed :
three dimensional grain growth, grain growth during densification, effect of
carbon content on grain growth, etc.

I
o
O

- 1 5 - 1 0 - 5 0 5 10 15

D i s t a n c e f r o m g r a i n b o u n d a r y ( n m )

Fig. 9 EDS analysis of the WC/WC grain boundary in Fig. 8.
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5. Conclusion
The computer simulation based on the Monte Carlo method was

performed in order to investigate continuous and discontinuous grain growth
in cemented carbides. The Ostwald ripening process (solution/re-
precipitation) and the grain boundary migration process were assumed in
the simulation as grain growth mechanism. The effects of liquid phase
content, an implanted coarse grain and grain boundary energy are
examined. The results obtained were qualitatively agreed with experimental
results.

The results of these simulations suggest that distribution of liquid phase
and grain boundary energy balance as well as contamination by coarse
grains are important factors controlling discontinuous grain growth in a WC-
Co system. In a VC doped WC-Co system, in particular, grain boundary
energy was considered to be a significant factor for grain growth inhibition.
The grain boundary segregation of V, which was revealed by TEM-EDS
analysis, could affect the energy, resulting in low mobility of the WC/WC
grain boundary and leading to remarkable grain growth inhibition.
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Summary

Structure-property correlation plays an important role in the design of advanced
materials which are increasingly based on sub-micrometer and sometimes even
nanometer grains. In this respect, analytical electron microscopy (AEM) offers a
comprehensive range of characterization techniques which are particularly well suited
for hard materials: Electron diffraction and high resolution electron microscopy for
obtaining crystallographical information and especially new emerging techniques
such as energy-filtering TEM (EFTEM) and electron energy-loss spectroscopy
(EELS) which enable nearly atomic resolution analysis.
In this paper we concentrate on EFTEM and HREM investigations of both WC
precursor-powders and sintered WC-Co composites doped with vanadium and
chromium carbides in order to control the grain growth during the sintering of the
ultra fine WC powders. The aim was to locate the distribution of the doping elements
in the powders and in the sintered materials.

Keywords

WC, Cr3C2, VC, energy-filtering transmission electron microscopy, electron energy-
loss spectrometry

1. Introduction

Cemented carbides and cermets are materials commonly used in wear parts and
cutting tool application. One way of gaining a better understanding of their
behaviour is to study their complex microstructures and relate them to the fabrication
process parameters and the mechanical properties. This has been done previously
using above all scanning electron microscopy (SEM) with energy-dispersive and/or
wave length-dispersive x-ray spectrometry (EDXS or WDXS). Unfortunately, this
method has its limitations in quantitative microanalysis, as it lacks the resolution



66 HM9 P. Warbichler et al.
15" International Plansee Seminar, Eds. G. Kneringer. P. Rddhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

needed for the fine-scale microstructure of these materials. As the hard material
industry moves towards the fabrication of super- and ultrafine WC/Co grades with an
average grain size ranging from 0.2 to 0.5 |im and with vanadium carbide or
chromium carbides as grain growth inhibitors, their structure-property optimisation
needs high resolution microanalysis, such as atom probe field ion microscopy
(APFIM) and analytical transmission electron microscopy (AEM).
The atom probe technique is well suited for this type of materials where a fine scale
microstructure requires a high spatial resolution, e.g. for characterising single
precipitates or grain boundaries (1). However, due to the needle-shaped specimen
which are necessary for the atom probe, the investigated volume is limited to some
nm3. This is not always enough to get representative information on the chemical
composition of a larger specimen volume.
Analytical electron microscopy (AEM) is a very efficient and powerful tool for
characterising all kinds of materials, because it allows to study morphological,
crystallographical and chemical information. Especially energy-filtering electron
microscopy (EFTEM) in combination with electron energy-loss spectrometry (EELS)
has many advantages for characterising cemented carbides, hard metals and related
materials, that no other technique can quite match (2,3,4). It combines the advantage
of large area view (some 10 |im) with high spatial resolution (down to a few nm).
The aim of the present paper is to highlight the possibilities of AEM and to
demonstrate how the AEM based techniques can be used to examine the role of VC
and &3C2 addition in the grain growth of micro-grained cemented carbides.

2. Analytical Electron Microscopy and its Information Content

In contrast to the traditional AEM investigations which are based on acquiring TEM
images, focusing a small electron probe on the specimen area of interest and
recording energy-dispersive x-ray spectra (EDX), EFTEM makes it possible to
acquire images showing the two-dimensional intensity distribution of the electrons,
which have lost a certain amount of energy due to inelastic scattering in the
specimen. These electrons form the electron energy-loss spectrum (EELS) of the
forward transmitted beam providing information on physical properties and chemical
composition of the specimen (5). Some of the advantages of EELS are:

• Qualitative and quantitative analysis of the elements ranging from lithium to
uranium with high sensitivity especially for the light elements.

• Chemical bonding information such as coordination numbers, oxidation states
and bonding lengths from nanometer regions.

• EELS information is available with resolutions from some [xm to ~1 nm.
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• EFTEM provides all the EELS information in a spatially resolved character
which makes it particularly well suited to the exploration of the local chemical
and also electronic properties of materials with nanometer resolution.
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Fig.l: Schematic illustration of the main
compoments of an energy-filtering transmission
electron microscope, capable for recording of
EELS-spectra and EFTEM elemental maps.
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Energy-filtering microscopy has become well established only during the last few
years, largely because of the availability of high performance commercial filters (6).
The most widespread type of energy-filter is the post-column filter which bends the
electron beam by 90° and which is mounted below the TEM column (fig.l). The
energy-filtering TEMs first form an unfiltered image (or diffraction pattern), then
transform the image into an electron energy-loss spectrum, select a specific part of
the spectrum, and finally transform the spectrum back into an energy-filtered image
(or diffraction pattern). An unfiltered image can be simply obtained by withdrawing
the energy-selecting slit. Because the images are formed in parallel, elemental maps
can be acquired in seconds to tens of seconds rather than tens of minutes to hours as
required by the pixel-by-pixel scanning TEM approach. Besides energy-filtered
images it is also possible to acquire EELS-spectra in parallel.
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3. Experimental work

The starting materials were WC powders with an average grain size of 0.5 \xm doped
with vanadium carbides and cemented carbides sintered at 1350°C from micro-
grained WC-Co hard metals which have been doped with vanadium and chromium
carbides.
Powder samples were embedded in resin between alumina plates. The specimens
were prepared by cutting a 120 |im thin plate from the hard metal followed by
ultrasonic cutting of 3 mm diameter discs and pre thinning by grinding and lapping
the discs to 80 um. These discs are further thinned in the centre to a thickness of 10
jim and in the final step they are thinned by low angle ion milling (Ar+ with 4-5°).
The EELS-spectra and the energy-filtered images presented in this work were
recorded using a Gatan Imaging Filter (GIF) mounted on a Philips CM20/STEM
operated at 200 kV with a LaB6 cathode. The spectra were acquired in TEM image
mode using a probe half angle of 1.5 mrad and a collection half angle of 7.6 mrad.
For EFTEM elemental mapping the signal-to-noise ratio (SNR) were optimised
according to previously published recommendations (7,8).
Since the investigated specimens were not sensitive to radiation damage, the emission
current was set to a current density of about 15 A/cm2 and consequently short
acquisition times of about 2 to 10 seconds were possible. Image and spectra were
processed with Gatan's Digital Micrograph software package. All images and spectra
were corrected for dark current and gain variation, however, they were not corrected
for the blurring caused by the point spread function of the detector. Drift between
successive images was corrected using a cross-correlation algorithm.
For elemental mapping it is necessary to remove the background contribution to the
image intensity. This has been done with the three window technique (9) and
subsequently we calculated jump ratio images by dividing the post-edge image by a
pre-edge image (9). The jump ratio images have the advantage of an improved signal-
to-noise ratio and disturbing diffraction effects are mostly eliminated. Therefore, in
this work we only present the jump ratio images which have nearly the same
information content as the elemental maps (calculated with the three window
technique).

4. Results and Discussion

The TEM images in figure 2 exhibit typical microstructures of sintered WC-Co hard
metals. In both cases the main phases WC and Co can be easily recognized; tungsten
carbides appear as crystals and the Co binder fills the small gaps between the crystals.
These micrographs clearly show the difference in the morphology of WC/Co
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interfaces between the two alloys, i.e. WC/Co interfaces look like straight and smooth
in the non-doped alloy (fig.2a). However, if the hard metal is doped with vanadium
carbide the microstructure changes significantly (fig.2b): The surfaces of WC at the
WC/Co interfaces of the VC-doped alloys are finely facetted and consist mainly of
two kinds of crystal planes, (1010) and (0001). Steps appear in the WC/Co interface
along <1120> directions of WC.
Since conventional TEM images do not allow to locate the doping elements, EFTEM
elemental mapping has to be employed.

Figure 2: TEM images of two different hard metals sintered at 1350°C; a. hard metal
with micrometer sized grains; b. hard metal doped with vanadium carbide with sub-
micrometer tungsten carbide crystals revealing growth steps.

Micro-grained cemented carbides are interesting for their high hardness and high
transverse rupture strength. For production of these alloys, it is necessary to retard the
grain growth of WC during sintering of ultra fine WC powders by adding small
amounts of carbides such as VC, Cr3C2, NbC and TaC (10). Among these inhibitors,
VC is known to be by far the most effective and reliable dopant in micro-grained
alloys, so as to be most commonly used either alone or in combination with others,
e.g. Cr3C2.



70 HM9 P. Warbichler et al.

15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

4.1. EFTEM investigation of WC coated by Nano-Co and doped with Nano-VC

In order to get a better understanding of this special Co-coating process and its
influence on the final microstructure, the investigation was started with ultra fine
WC/Co-coated powder which have been directly doped with nanometer sized
vanadium carbides. EFTEM investigations of various specimen regions revealed the
distribution of the doping compounds; a typical example is shown in fig.3. The Co
and V maps show that vanadium rich particles with diameters ranging from 5 to 30
nm are evenly distributed on the Co and WC particles. EELS-spectra have been
recorded from the bright regions in the V map revealing that the bright particles are
vanadium carbides.

Figure 3: EFTEM investigation of WC/Co-coated powders and doped with
nanometer sized VC-particles; a. TEM image; b. Superimposed V and Co distribution
maps, bright = VC, gray = Co; c. Co L2j3 jump ration image; d. V L2j3 jump ratio
image revealing the distribution of VC.
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4.2. EFTEM investigation of a cemented carbide doped with VC and Cr3C2

Previous studies have already shown the presence of sparsely dispersed, small VC
precipitates in interfaces between WC ciystals and cobalt (4) and segregation of V
along the interfaces (11).
In this work, we have studied the distribution of VC and Cr3C2 in a cemented carbide
prepared by sintering a WC-Co powder at 1350°C. Figures 4 and 5 show typical
specimen regions with facetted WC-crystals and elemental distribution maps
recorded with the EFTEM technique.

TEM

Figure 4:
EFTEM investigation of a
cemented carbide doped
with vanadium and chro-
mium carbide;
C, Co, V and Cr maps
revealing the phase distri-
bution.

Figure 5: EFTEM investigation of a cemented carbide doped with VC and Cr3C2; a.
TEM image of facetted WC crystal; b. V jump ratio map recorded with V L2j3 edge.
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The carbon map reveals the distribution of the WC phase and between the WC
crystals a carbon rich phase is found which corresponds to the bright regions in the Cr
and V maps, respectively. The Co map shows the distribution of the Co binder phase.
From these images it is easily possible to locate the doping compounds. Bright lines
in the V map indicate vanadium rich layers along the WC/Co interface. These
vanadium rich lines even penetrate into the WC/WC boundaries, although there is no
evidence in the Co map for a layer of Co binder between WC crystals. Furthermore,
chromium is distributed in the Co binder phase with a concentration of about 5 at%
Cr, but V is not dissolved in the binder phase (from EELS-spectrum in fig.6). Small
vanadium carbide precipitates are found in the junction between two WC crystals in
the corner of cobalt pockets. In figure 5 we find small V enrichments at the facets of
a facetted WC crystal and thin vanadium rich layers along several WC/Co interfaces
indicating a V segregation of a thickness of 1-3 nm. However, it is also possible to
find larger vanadium carbide particles in the space between the WC grains. As shown
in the spectrum (fig.6), this phase consists only of Cr, V and C and quantification of
this spectrum yields a composition of 43 at% C, 44 at% V and 13 at% Cr. In the
conventional TEM images these particles look quite similar to the Co binder phase.
Consequently, they are easily overlooked, but can be visualized with EFTEM.
As already pointed out in previous work, the formation of the WC skeleton in the
alloy is impeded by the presence of VC on the surface of the WC crystals. During the
liquid stage sintering phase the VC layer hinders the atom exchange between the
liquid phase and WC and reduces the rate of WC grain growth (11).

COL2,3

300 400 500 600 700 800
Energy Loss (eV)

Figure 6 EELS spectra of the specimen regions shown in fig. 4; (1) V-carbide phase
with a small Cr concentration; (2) Co-binder phase with 5 at% Cr (surface oxidation)
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4.3. EFTEM investigation of a cemented carbide doped with Cr3C2

From the present investigation and from previous studies the effect of doping with
VC is quite clear. However, the influence of Cr3C2 is still under discussion. Recently,
it has been claimed that the addition of Cr3C2 alone has a limited effect on the
retardation of carbide grain growth in both solid and liquid-stage sintering. Therefore,
we have performed experiments to try to locate the chromium dopant in a cemented
carbide which has been doped only with chromium and sintered at 1350°C.
EFTEM and EELS investigations revealed that Cr is evenly distributed in the WC
crystals; no segregation or precipitation of Cr could be observed. As shown in fig.7,
HREM-investigations confirm these findings: It is not possible to see any crystalline
phase between WC and Co. However, Cr dissolves in the Co binder phase with a
concentration of about 5 at%.

Figure 7: HREM-image ofthe interface of a WC-crystal to the Co binder phase
viewed along [1210] direction.

5. Conclusions

In this study, we have shown that EFTEM and EELS are powerful tools for
characterizing the distribution, chemistry and quantitative composition of dopants in
hard metal powders and cemented carbides as well. EFTEM is the ideal technique to
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map relatively high local concentrations of elements at high spatial resolution
distributed over large areas of the specimen.
From EFTEM and EELS-analysis we have been able to locate the doping compounds
such as VC and Cr3C2.
In case of a VC and Cr3C2 doped cemented carbide we have found the following:
• VC layers with an average thickness of a few nanometers have been found along

WC/Co interfaces and even in boundaries between WC crystals.
• In the space between the WC crystals we have also found larger vanadium carbide

precipitates.
In case of a cemented carbide which has been doped with Cr3C2 alone, we could not
reveal Cr enrichments in interfaces and boundaries, but we have found that Cr is
evenly distributed both in the WC crystals and in the Co binder phase.
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Summary
The bend deformation characteristic of WC-Co cemented carbides with
micron and submicron grain size and different Co content were investigated
in the temperature range from room temperature to 1000°C by measuring
load deflection curves in vacuum. Transverse rupture stress of (TRS), yield
stress as and strain at fracture 8 were determined. Ductile-brittle transition
temperature Td and strain-hardening parameters at 800 and 1000°C were
obtained too. The temperature Td is equal to 200-300°C for micron grades
and 300-700°C for submicron grades. But essential plasticity at fracture is
observed only at temperatures more than 600-700°C. The influence of grain
size, cobalt content and the temperature on the cs, af, 8 and strain hardening
is discussed. It is shown that the WC-Co alloys are characterized by very high
strain hardening. The predominant deformation mechanism for submicron
grades at 1000°C and deformation rate 7x10"5 s"1 is the grain boundary
sliding, that is typical for superplastic deformation.

Keywords
WC-Co alloys, yield stress, transverse rupture stress (TRS), plasticity, strain
hardening, ductile-brittle transition temperature, deformation mechanisms.

1. Introduction
The mechanical properties of WC-Co cemented carbides at elevated
temperatures are of great scientific and practical importance, but they are
investigated very weakly [1-3]. There are more numerous works devoted to
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hot hardness of these materials [4-6]. The purpose of this work is to consider
mechanical properties of WC-Co cemented carbides (TRS, yield stress, strain
at fracture, ductile-brittle transition temperature and strain-hardening
coefficients) at the temperatures up to 1000°C and discuss the influence of
grain size and concentration of Co binder on the mechanical properties and
deformation mechanism.

2. Experimental procedure and results
Table 1 shows the composition, grain size, designation and some structural
factors and mechanical properties of the investigated alloys. More complete
investigation was carried out for S and NY grades and partially for NYA
grades.

Table 1. Average grain size d, Co-content, contiguity C, binder mean free path X,
hardness HV, ductile-brittle transition temperatures Tdp and Tdc,

yield stress (^(calculated from hardness HV by Marsh equation [12]),
TRS Of, ratio af/as and plasticity characteristic 8H.

Designation
of grade

I d, |a.m
: % Co, mass

C

X, |im
HV, GPa
(P=50N)
Tdp, °C

Tdc, °C

Of, GPa

os, GPa

CTf/Cs

5H

S6

1.30

6
0.60
0.36

16.8

300
700
2.61

5.23

0.499

0.739

S10

1.32

10
0.70
0.84

15.2

250
600
2.74

4.50

0.600

0.737

S15

1.30

15
0.58
0.98

13.6

200
450
2.83

3.63

0.780

0.752

NY6

0.328

6
0.57
0.08

22.5

550
650
2.39

6.68

0.358

0.678

NY10

0.397

10
0.52
0.16

19.3

-300
580
3.56

6.33
0.562

0.701

NY15

0.350
15

0.45
0.20

16.3

-300
570
2.79

6.04

0.461

0.719

NY6A

0.292

6
0.55
0.07

24.3

700
820
0.91

7.40

0.123

0.630

NY10A

0.293

10
0.60
0.14

19.0

400
615
1.66

6.18

0.268

0.703

NY15A

0.304

15
0.63
0.26

16.6

400
605
0.65

5.35

0.178

0.712

The structure of grades was investigated by SEM with magnification up to
x40,000. Some typical structures for micron and submicron grades are given
in the fig. 1. The parameters of the structure: average grain size d, the mean
free path in the binder phase X and contiguity C were determined by the
method proposed in [7].
Specimens 35x4.5x1.2 mm3 were prepared by using cutting diamond wheel
and polished by diamond powders. Specimens were subjected to three-point
bend tests (span L=18.0 mm) to get load P - deflection f curves. The bend



Y.V. Milman et al. HM 10 77

15Ih International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

tests were performed in the Instron - type high rigidity testing machine in
1-3vacuum 10 Pa with tungsten heater, in the temperature range 20-1000 C.

a) b)
Figure 1. Microstructure of WC-Co alloys: a) NY6; b) S10.

The crosshead speed was 1.7x10"6m/s that corresponds to deformation
velocity of extreme fibres v = 7x10"5 s'\ Based on the P-f curves the stress a
- strain e curves for extreme fibres of specimens were built. The values of a
and e were calculated by equations:

a = 1.5PL; (1)
bh'

8 =
6hf

(2)

where b is the width and h is the height of specimen. The treatment of o - e
curves gives possibility to determine TRS cf, yield stress cs which was
determined as proportional limit (o s ~ a001) and strain at fracture for extreme
fibres 5. 4-5 specimens were tested at every temperature, and average
values were calculated. The physical ductile-brittle transition temperature Tdp

was determined as the maximum temperature at which 8 = 0, and the
conditional ductile-brittle transition temperature Tdc was determined as the
temperature at which 8 = 0.1 % (see table 1).
The temperature dependence of af and os are given in fig.2.

HV
The value of Tdp are given in this figure too. The ratio (where HV is the

hot hardness) was calculated using the HV values determined in [5, 6] (fig.3
and table 2).
The temperature dependence of strain at fracture 8 is given in fig.4 together
with plasticity characteristic 8H determined by hardness measurement
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method. 5H is the ratio of the plastic deformation during indentation to the total
deformation [8] and was calculated by equation:

8 H = 1 - 1 4 . 3 ( 1 - V - 2 V 2 ) H V (3)

The values of the hot hardness HV were taken from [5, 6], the values of
elastic characteristics from [3].

Table 2. Strain hardening coefficient N and strain hardening exponent n in Eq.(6), Vickers
hot hardness HV, yield stress os, ratio HV/cs, the flow stress 07.6%, plasticity parameter 5H

and ratio HV/c>7.6%.

t, °c

800

Alloy

S6
S10
S15
NY6

NY10
NY15
NY6A

NY10A

NY15A

S6
S10
S15
NY6

1000 NY10
NY15
NY6A

NY10A

NY15A

N,
GPa

13.1
10.6
7.7
15.7
9.9
7.2
-

8.1

5.1

4.4
3.2
1.85
1.9

1.17
1.01
0.92

0.74

0.52

n

0.49
0.48
0.45
0.45
0.49
0.47

0.43

0.42

0.48
0.50
0.52
0.41
0.38
0.37
0.37

0.34

0.32

HV,
GPa

8.47
6.84

6.00
14.20
10.24

7.18
-

-

-

5.21

3.80
2.82

6.81
4.70
3.02

-

-

-

GPa

0.52
0.31
0.29
0.57
0.44

0.29
0.55

0.33

0.18

0.16
0.12
0.08
0.15
0.12
0.07
0.15

0.07

0.05

HV

°s
16.3
22.1

20.7
24.9

23.3
24.8

-

-

-

32.5
31.7
35.0
45.3
39.2
42.9

-

-

-

SH

0.845
0.847
0.844
0.753
0.798
0.829

-

-

-

0.897

0.902
0.911

0.870
0.891
0.912

-

-

-

07.6%,
GPa

3.93
3.15
2.53
4.90
2.95
2.25

-

-

-

1.37
0.96
0.54
0.77
0.54
0.45

-

-

-

HV
07.6%

2.154
2.171
2.374
2.897
3.472

3.186
-

-

-

3.791

3.966
5.171
8.787
8.696
6.724

-

-

-
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a)

0 200 400 600 800 1000
t°,c

b)
Figure 2. Temperature dependence of the TRS Of and flow stress a s . Tdp are the ductile-

brittle transition temperatures at which Oi = as and § = 0: a) S grades; b) NY grades.
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0.7 -

b) c)
Figure 4. The temperature dependence of strain at fracture § and plasticity characteristic

8H: a) 6% Co by mass; b) 10% Co by mass and c) 15% Co by mass.

3. Discussion
We will discuss the influence of the temperature, grain size and cobalt
content on different mechanical properties separately.

3.1. Yield stress
The yield stress os may be determined only for the temperatures T>Tdp. It is
seen from fig.2 that the yield stress as depends on the temperature very
strongly that is typical for covalent crystals and for refractory compounds [9].
The yield stress os decreases if the cobalt concentration growths for micron
grades S and for submicron grades NY as well (fig.2). At the same time the
decreasing of grain size d at the same cobalt concentration increases the
yield stress os at the temperatures lower than 1000°C (fig.5). But at 1000°C
os does not depend on grain size at cobalt concentration Vm = 6% (by mass).
And for the smallest grain size (NY-A alloys) cs decreases with the
decreasing grain size for Vm = 10 and 15% at 800 and 1000°C. The «normal»
dependence of as on d"1/2 at 600°C and partially at 800°C may be described
by the Hall-Petch equation:

(4)as =ao+Kyd -1/2
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Figure 5. The dependence of the yield stress os on the WC grain size d

in co-ordinates os - d"1/2: a) 600°C; b) 800 and 1000°C.

The values of parameters o0 and Ky which can be calculated from fig.5a are
typical for refractory materials by the order of magnitude [9]. The «inverse»
relation cs(d~1/2) for submicron grains at 1000°C and partially at 800°C may
be explained by grain boundary sliding at these temperatures. This concept
will be discussed later.
The resistance of WC-Co alloys to the plastic and elastic deformation may be
evaluated by the hardness measurement. In [5, 6] the temperature
dependence of Vickers hardness was studied for the same alloys which were
investigated in the present work.

HV HV
According to Tabor [10] ~ 3. But it is seen from fig.3 that » 3 at high

temperatures and this ratio decreases if the temperature decreases.
HV

Extrapolation of the (T) to the room temperature gives value 2.7 that is

close to the Tabor constant. (During extrapolation the results for NYA grades
at 1000°C were not taken into account in connection with grain boundary
sliding in this case at low strain rate at which cs was determined. During hot
hardness measurement strain rate is bigger and grain boundary sliding does
not influence on the hardness HV.)
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It is well known that hardness corresponds to the yield stress of material at
the same plastic deformation which is observed during indentation [8, 10].
During Vickers hardness measurement the average total deformation
Et ~ 7.6% [8], and the average plastic deformation ep = et8H, where 8H is the
plasticity characteristic of material calculated by eq.(3). It is seen from the
table 2 that 5H for WC-Co alloys is closed to 0.8-0.9 and consequently
ep = 6-5-6.5%. And the ratio of HV to the yield stress as determined at
et ~ 7.6% indeed is approached to 3. It is seen from these results that the very

HV
big value of the ratio for WC-Co alloys is the consequence of a very

strong strain hardening of these alloys at elevated temperatures (see part
3.5). The strain hardening of WC-Co alloys at room temperature can be
evaluated from the stress-strain curves, obtained by indentation technique
[11], in which pyramidal indenters with different angles of sharping are used.
The value of strain hardening estimated from these curves indeed is small
and the hardness at 8% is closed to the minimum hardness, which
corresponds to the lower yield point.
The reason of the strong strain hardening at elevated temperatures will be
discussed later, but it is seen that hardness is not simple characteristic of the
yield stress cs for WC-Co alloys in the wide temperature range. Indeed in the
common case HV~ 3 (cs + AG), where Ac is the strain hardening during
deformation to et = 7.6%. But for WC-Co alloys Aa may be some time more
than os.

The concept of plastic limit analysis for WC-Co alloys was proposed by Lee
and Gurland [7]. In this analysis the fraction of the continuous carbide volume
Vv is calculated to be equal to the volume fraction of carbide phase multiplied
by the contiguity C of that phase, i.e. Vv = VWCC. This concept was used in [7]
and in many other works, including our papers [5, 6], to calculate the effect of
the continuous carbide phase on the hardness of WC-Co alloys. Taking into
account the strong strain hardening of WC-Co alloys we think that this
concept better to use for description of the yield stress os, which is more
simple characteristic of material than HV. In this case

os = s s W C V w c C + G s m (1 -V w c C) (5)
Here os we is the yield stress of WC and the csm is the yield stress of the
binder phase. It is impossible to calculate os from (5), because we do not
know the values of oswc and osm at elevated temperatures. But eq.(5) will be
used for discussion of strain hardening of WC-Co alloys.
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0.8

3.2. Fracture stress
The analysis of the temperature dependence of the TRS (fig.2) shows that
fracture stress decreases with increasing temperature slowly, as Young
modulus does, up to 600°C and decreases more rapidly at higher
temperatures, approximately as flow stress does.
The influence of cobalt content on fracture stress cf of WC-Co alloys is
different for high temperatures (T>Tdc) and for low temperatures (T<Tdc). It is

seen from fig.2 that in the high
temperature range af increases if the
cobalt content decreases. The
maximum value of of have alloys S6
among micron grades and NY6 among
submicron grades. By the other words
the cobalt content influences on of by
the same way as it influences on the
yield stress as. In the low temperature
range the influence of the cobalt
content on strength af is not
monotonic. Alloys S10 and NY10 have
the maximum of. For the alloys S6 and
NY6 the value of Cf is decreased in
connection with higher brittleness of
these alloys. In the temperature range

T<Tdp th ti f

0.6
CO

0.4

0.2

0.0

NY1l0(

N Y 6 <?/
NY6A

—(° y
/ /
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/
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Y10)
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S I

i n

6 -
5

\
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5

0.6 0.7 0.8
'H the ratio <1. For the room

Figure 6. The correlation of the ratio f

temperature, where the strain
hardening is low, the as value can be
calculated by the Marsh equation [12],
from the HV value and compared with

af (see table 2). It is seen from fig.6 that the ratio f correlate with plasticity

with plasticity characteristic 8H at room
temperature.

parameter 5H. The more is 8H - the higher is the ratio f .

The influence of grain size on of is more complex. In the high temperature
range the TRS for micron and submicron grades is approximately the same.
But in the low temperature range the NY10 alloy has essentially higher value
of 0f than other alloys.
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3.3. Ductile-brittle transition in WC-Co alloys
At room temperature WC-Co alloys are brittle at standard mechanical tests
such as tension, compression or bending. With increasing temperature these
materials have some plasticity before fracture (fig.4). The theory of the cold

brittleness of loffe [13] may be
used for description of the ductile-
brittle transition in WC-Co alloys.
In the loffe theory the yield stress
as rises more quickly with the
decreasing of the temperature
than the TRS afdoes. Interception
of two curves os(T) and oT(T)
corresponds to the ductile-brittle
transition temperature Td. Firstly
this concept was used for
description of the cold brittleness
in steels, but later it was extended
on other metals with bcc structure
[9] and ceramics [9, 14]. For
porous ceramics it was shown that
porosity decreases af more quickly
than cs and for this reason the
porosity increasing leads to
increasing Td [15]. Authors did not
find publications devoted to the
systematic study of the ductile-

0.75 0.80 0.85 0.90
Vwc

Figure 7. The dependence of strain
at fracture 5 on the volume fraction

of WC grains VWC- 1 - NYA; 1000°C (B=2.0);
2 - NY; 1000°C (B=3.0); 3 - S; 1000°C (B=4.8);
4 - NYA; 800°C (B=4.8); 5 - NY; 800°C (B=4.3);
6 - S; 800°C (B=4.4). B is the constant in eq.(6). b r i t t | e transition in WC-Co alloys.

In the present work both ductile-
brittle transition temperatures: physical Tdp and conditional Tdc ones were
determined. Tdp corresponds to the condition af = as and is the maximum
temperature at which plasticity at fracture 8 = 0. Tdc in the present work
corresponds to the condition 8 = 0.1%. The values of Tdp for different grades
are given in the fig.2 and the values of both ductile-brittle transition
temperatures are given in the table 1. It is seen from the table 1 that the
decreasing of the grain size d of WC particles leads to the essential
increasing of Tdp and Tdc. And the increasing of cobalt content decreases
these temperatures. The minimum ductile-brittle transition temperature Tdp is
equal to 200°C for S15 grade and the maximum Tdp is equal to 700°C for
NY6A grade. For the majority of investigated alloys the Tdc = 600-700°C and it
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is possible to say that only at temperatures more than 600-700°C these alloys
have essential ductility during bending tests.

3.4. Strain at fracture 8
Plasticity at bending tests in investigated grades may be revealed at the
temperature T > Tdp. The temperature dependence of 8 is given in the fig.4
together with the plasticity characteristic 8H, obtained by the hardness
measurement. The increasing of the cobalt content in alloy increases the 8
and 8H values in the all temperature range. The influence of grain size on the
plasticity is more complicated. Micron grades S have higher plasticity in
comparison with submicron NY and NYA grades at low temperatures. But the
plasticity of submicron grades increases more quickly with the growth of the
temperature and at 800 and 1000°C NY and NYA grades have higher
plasticity than S grades. And NYA grades (where grain size d is lower than in
NY grades) have higher than NY plasticity at these temperatures. In the
works [14, 16] the equation for the dependence of strain at fracture 8 on the
porosity 9 of sintered material was obtained in the form

(6)

Here 8k is the plasticity of the porousless material. The value of constant
B = 4.3 was calculated on the base of experimental results of Shelak et al.
[17] for porous iron. Later it was shown in the work [15] that the same value of
B in (6) may be used for the porous ceramic SiC. The eq.(6) was obtained on
the base of concept of Cope [18], where the ceramic - metal composite was
selected as the model and supposed that ductile matrix is deformed by their
branches between hard particles (or pores).
At the description of the strength properties of materials pores and particles of
the second phase show essentially different influence on properties. But for
description of the plasticity at fracture the models of porous body and body
with the hard particles of the second phase practically coincide. In the both
models only bounded part of the material volume is deformed plastically
before fracture. For this reason it is possible to use for WC-Co alloys eq.(6)
for description of the dependence of 8 on the cobalt content taking 0 = VWc ,
where Vw c is the volume fraction of WC particles. We had enough reliable
experimental points only at temperatures 800 and 1000°C. As it is seen from
fig.7 eq.(6) may be used for description of dependence 8(VWc)- Indeed, in
compliance with (6) ln(8) is linearly dependent on Vw c and constant B = 4.3 at
800°C and at 1000°C for S grades. But at 1000°C the dependence 8 on Vw c

is more weak for NY and NYA alloys. This phenomenon as well as high
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plasticity of NY grades at 1000°C may be connected with the appearance of
grain boundary sliding as a deformation mechanism.

3.5. Strain hardening
Analysis of the stress-strain curves a - e for studied WC-Co alloys indicated
that parabolic strain hardening is typical for this alloys from the deformation
beginning. For this reason stress-strain curves may be treated according to
Ludwik relation [19] between stress a and plastic deformation ep.

c = cs+Ne£ (7)
Here as is the lower yield stress or proportionality limit, N is the strain
hardening coefficient and n is the strain hardening exponent. In the
dislocation mechanism of deformation [9]

N = ccGb1/2 CV2 (8)
where a is the constant equal to 1 by the order of magnitude, G is the shear
modulus, b is the Burgers vector and I is the mean free path for slipping, and
n = 0.5. N decreases with increasing temperature due to the decreasing of
a and G. The typical stress-strain curves in co-ordinates Ig (a-os)— Ig ep are
given in fig.8 for 800 and 1000°C, where plasticity is enough for reliable
determination of N and n values. It is seen from this figure that experimental
points are situated indeed on the straight line that makes possible to use
eq.(7) and to determine N and n. In the table 2 the calculated values of N and
n are given for S, NY and NYA grades. It is seen from this table that for
800°C n is closed to 0.5 for all grades.
The value of N is very big. Indeed, for example, even for room temperature
N = 0.65 GPa for Mo and N < 0.55 GPa for steels [9]. But for WC-Co alloys N
is close to 10 GPa at 800°C. At 1000°C n « 0.5 only for S grades, but for NY
and NYA alloys n < 0.5, and for NYA alloys where grain size d is lower than
for NY ones n is the lowest. The value of N at 1000°C is decreased also and
for NYA grades N is lower than for NY grades.
It is seen from the fig.9 that strain-hardening coefficient N decreases with
increasing cobalt content in alloy. If for 1000°C the difference in the values of
N for S and NY grades is small, this difference is very big at 1000°C. The
peculiarities of the strain hardening for NY and NYA alloys may be connected
with the grain boundary sliding during their deformation.
If to use the concept of Lee and Gurland [7] to the strain hardening of WC-Co
alloys and take into account the eqs.(5) and (7) the strain hardening
coefficient N may be given in the form:

N = aF, (9)
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where Ou.1/2 i1/2 /.i w n \

Gbm A, ( 1 - V w c C )
u.1/2

w c b w c

-1/2
(9')

0.05 0.1

a) b)
Figure 8. The strain-stress curves for WC-Co alloys in co-ordinates

Ig (a - o s ) — Ig ep: a) S grades; b) NY grades.

Here Gm and bm are the shear modulus and Burgers vector for Co matrix and
Gwc and bWc are the same for WC particles. In this equation the slipping free
path is estimated as X for the Co matrix and as d/4 for WC particles. In order
to control the applicability of the eq.(9) we have calculated the value F and of
parameter a as a =N/F. For the calculation of F the next values of parameters
were taken: bm = 2.5 A; bwc = 2.9 A; Gm = 64.1 GPa at 800°C and 57.5 GPa
at 1000°C; GWc=271 GPa at 800°C and 265 GPa at 1000°C. The values oiX,
d, C and Vw c are taken from the table 1 and N from the table 2. The obtained
values of a are given in the table 3.
It is seen from the table 3 that for the «normal» dislocation deformation
mechanism (at 800°C for all alloys and at 1000°C for S grades) a is close to 1
by the order of magnitude. But for NY and especially NYA alloys, where the
mechanism of boundary sliding is supposed, the value of a is essentially
lower at 1000°C.
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\Alloy

t, °c\
800
1000

S6

2.5
0.89

Table 3. The values of parameter a

S10

2.1
0.64

S15

1.9
0.46

NY6

1.6
0.20

NY10

1.3
0.16

NY15

1.1
0.15

in eq.(9).

NY6A

-

0.09

NY10A

0.82
0.07

NY15A

0.56
0.06
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The calculation of strain hardening
coefficient by eq.(9) has shown that
very strong strain hardening of WC-
Co alloys is stipulated by the next
reason: high value of shear modulus
G for WC particles, low values of the
binder mean free path, X, and low
value of grain size, d, for WC
particles.

The results, given in the present
work, make possible to consider 3
temperature ranges with different
mechanisms of deformation for WC-
Co alloys. At low temperatures (t <
60f>800°C) the plastic deformation is
possible only in Co binder, but not in
the WC carbide skeleton, that leads
to very low strain at fracture 5 during
standard mechanical tests. At more
higher temperature some plastic

deformation of WC skeleton is possible too, that increases strain at fracture
and stipulates very high strain hardening. And at the highest investigated
temperature 1000°C the grain boundary sliding (which is typical for
superplastic deformation) is possible. This deformation mechanisms is
observed more legibly for submicron grades NYA.

4. Conclusions
1. Mechanical behaviour of cemented tungsten carbide is characterized by

brittle-ductile transition during heating. The physical ductile-brittle transition
temperature is equal to 200-300°C for micron grades and 300-700°C for

% Co

Figure 9. The dependence of the strain
hardening coefficient N on the Co
concentration at 800 and 1000°C.
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submicron grades. But essential plasticity at fracture is observed only at
temperatures more than 600-700°C.

2. Transverse rupture stress af (TRS) decreases with increasing temperature
slowly, as Young modulus does, up to 600°C and more rapidly at higher
temperatures. At the temperatures T > 600°C cf depends on the cobalt
content by the same way as yield stress as. But at the low temperatures
where af < as the ratio ov /os decreases with decreasing ductility, which
may be characterized by plasticity characteristic 8H, determined during
hardness measurement.

3. The yield stress os (which was determined at very low deformation degree
as ao.01) increases rapidly with decreasing the temperature and ductile-
brittle transition takes place at the temperature of intersection of cs(T) and
Cf(T) curves. The ratio HV/as increases rapidly with increasing the
temperature from the value ~ 3 at room temperature to the value 30-40 at
1000°C. But the ratio HV/c7.6% ~ 3 in the wide temperature range.

4. The increasing of the cobalt content in WC-Co alloy increases the strain at
fracture 5 and plasticity characteristic 8H in the all investigated temperature
range. The equation for the dependence of 5 on the Co concentration is
proposed. Micron grades have higher plasticity than submicron grades at
temperatures t < 800°C. But the plasticity of submicron grades increases
more quickly with the growth of the temperature and at 800 and 1000°C the
lower is WC grain size, the more is the 5 value.

5. The WC-Co alloys are characterized by high strain hardening even at 800
and 1000°C, that may be explained by the high value of shear modulus G
for WC phase and low value of the mean free path for dislocation slipping
in Co binder and WC particles.

6. The obtained results give possibility to consider for WC cobalt alloys 3
temperature ranges with different mechanisms of plastic deformation:

• Low temperature range (t < 600-800°C). Plastic deformation during
mechanical tests is possible only in Co binder phase, that leads to very low
strain at fracture 5.

• Middle temperature range (from 600-800 to 1000°C). Plastic deformation
takes place not only in binder phase, but in WC skeleton too, that stipulates
very high strain hardening.

• High temperature range (1000 and partially 800°C - only for submicron
grains). Grain boundary sliding (which is typical for superplastic
deformation) is the predominant deformation mechanism. This mechanism
is confirmed by the low value of yield stress as and decreasing of as with
decreasing WC grain size, high value of strain at fracture, low values of
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strain hardening coefficient and strain hardening exponent. It is possible
that appearance of grain boundary sliding was possible due to very low
strain rate during mechanical tests (7x10~5s~1).
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NANOCRYSTALLINE WC-Co HARDMETALS PRODUCED BY
PLASMOCHEMICAL METHOD

V. Falkovsky, Yu. EBIagoveschenski*, V. Glushkov, L. Klyachko, A. Khokhlov

All-Russia Institute for Refractory and Hard Metals, Moscow, Russia
Institute of Metallurgy and Materials Science RAS, Moscow, Russia

Summary:

A process has been developed to manufacture nanopowders of tungsten
carbide with the use of plasmochemical reduction. The average size of
carbide grains was adjustable within the range of 0.01 |iim - 0.05 jim. Two
alternative procedures are suggested to produce ultrafine WC - Co grade
powder mixes. Subject to sintering variables, the carbide grains sizes can be
kept in the range of 0.1|a,m - 0.2 |im or 0.3|im - 0.4|im. The hardmetals'
hardness proved sharply increased and the strength raised for 25% - 30%.

Keywords:

Nanopowders, hardmetals, tungsten, carbide, plasmochemical reduction
synthesis, sintering, nanostructure.

1. Introduction:

Materialisation of high physical and mechanical properties offered by
nanocrystalline solids, is a challenge for large circles of specialists engaged
in Materials Science, Physics and Chemistry of Solids and advanced
technologies. As regards hardmetals, potential breakthrough is expected from
the creation of materials having nanocrystalline structures. These can only be
made if there are techniques to manufacture nanocrystalline starting powders
and to further process them.
Studies of plasmochemical synthesis have been carried out for more than 20
years. In these, conventional starting powders, tungsten trioxide and
ammonium paratungstate, as well as less common tungsten halogens and
other organic compounds were employed (1 -3).
The reduction synthesis was conducted in a high-temperature plasma jet.
Combined function of plasmogenic and reduction agent was performed either
by hydrogen or by air-methane mixture. A high-temperature gas jet was
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created by an arc plasma generation and in some cases by a high-frequency
plasma generator.
The process has been shown to result in complete reduction at a certain
excess (5 or 10-fold) of reducing agent and with power consumption not lower
than 5 kWhkg"1- - 7kWhkg~1 The product's carbon content was defined by a
C/W ratio in the reaction space. The course of pyrolysis of hydrocarbons
differs for different hydrocarbons and compositions of plasmogenic agent.
The carbon content in the products was selected empirically and adjusted
within a wide range (3).
A phase content of the products is also a junction of power consumption and
a ratio of reactants. In the course of reduction synthesis, there could be
produced powders that contain W, W2C, (3-WC(WC1-x), a-W and C. It worth
mentioning that, although the higher-content carbide has been obtained with
the higher power consumption, the single-phase monocarbide free of
admixtures of subcarbides and pure tungsten has never been obtained.
Grain sizes of the powders depended on the jet temperature and the
consumption of new materials. A specific surface of the powders was 5m2g"1-
25m2g~1 and it significantly rised with the increase of free carbon content.
Trial studies of the synthesis of tungsten monocarbide from ultrafine powders
made by plasmochemical process have shown poorly reproducible results -
the products either contain an insufficient amount of carbon and were not
single-phased, or there was a considerable amount of free carbon in the
products. After the trails had failed in a number of organisations, the work in
this area was suspended.

2. Experimental:

Plasmochemical synthesis.
Plasmochemical studies were carried out on an arc plasma unit equipped
with a 100kW plasma generator. A plasmogenic gas, hydrogen was heated to
2700K - 3500K. A hydrocarbon gas, methane or propane-butane either
entered the reaction space together with the plasmogenic gas or was
introduced in order to transfer tungsten-bearing ran materials. These were
either ammonium paratungstate or tungsten trioxide. The powder with a grain
size of (-60)(im was fed by a metering screw conveyer at a rate of 0.5kgh~1-
10kg-h"1.
The starting powders were blended close to the plasma generator's exit
section in the high-temperature portion of the jet. The processes of
vapourisation, chemical interaction, condensation, particle growth by
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coagulation, and adsorption in a gas jet were complete after times in the
order of 10"1s. Under the selected process conditions, particles of the
refractory products grew up on average from less than 0.01 |a,m to (0.05-
0.08)(im in size.
The products' phase content varied dependent on a degree of reduction of
starting powders, a ratio of reactants and a temperature. The completeness
of reduction is an important factor in attaining the lowest oxygen content in
powders. At relatively low temperatures, the process could result in tungsten-
carbon mixes that are stoichiometric with respect to carbon but contain minor
amounts of the carbide phase. As the temperature rises, the combined
carbon content increases to over 5wt%. Predominant becomes W2C -
semicarbide phase, although W, cubic WC1-X and cc-WC were also present.
Oxygen (nitrogen) contents in powders were measured with a gas-analyser
TC436 made by LECO, by a fractional method using a novel software
"OxCEP" (4). The technique enables to define in what form oxygen exists in
powders. Thus, in tungsten-carbon powders it can be presented by an oxide
or adsorbed on a powder's surface. The results of synthesis of the
monocarbide from these powders would differ.
Furnace synthesis of monocarbide.
Synthesis of the monocarbide from ultrafine tungsten-carbon powders was
carried out in hydrogen. By means of a thermobalance unit equipped with an
analyser of gaseous products, weight loss on heating was measured and
found to be caused by the chemical and physical reactions in which the
powders got involved. In the range of 100°C - 150°C the powders' moisture
was desorbing. At 600°C - 700°C, the chemosorbed oxygen was being
reduced by hydrogen, as well as a certain amount of the oxides. From 750°C
and up to 1000°C, carbothermal reduction of the bulk of oxides occured, with
the reduction temperature being also a function of the size of powder grains.
The actual synthesis of the carbide from the phase constituents available in
the powder occupied approximately the same temperature range as the
carbothermal reduction - from 900°C and above, subject to the initial powder
grain size. This appeared to also be the range where the grains started
growing by recrystallisation, for raising the synthesis temperature from
1000°C to 1050°C made sizes of grains 5 times as large.
The synthesis time is defined by the phase content in an ultrafine powder mix
and the desired grain size of a product, and it normally was 1.5h - 3h.
With the developed technology the product's (tungsten monocarbide's) grain
sizes are adjustable within the range of 0.01 \xm - 0.05|j,m and can be made
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larger (as estimated by the BET specific surface values, from 8m2g"1 to
+40m2g"1). The free carbon content is controllable within the accuracy of
0.1wt%. The oxygen content amounts to 0.3% - 0.5%, and, according to the
fractional analysis data, 80% of these amounts account for absorbed oxygen.
Manufacture of tungsten carbide-cobalt grade powder mixes.
To make an ultrafine hardmetal grade powder mix, two alternative schemes
of cobalt production have been selected. According to the first, an ultrafine
cobalt powder is produced by plasmochemical reduction of cobalt oxide in
hydrogen followed by size separation. After reduction, cobalt powders were
composed of spherical particles that displayed a very broad size distribution.
During the plasmochemical reduction the powders' specific surface values
were kept within the range of 1m2g"1 - 5m2g"1, and the bulk of grains were
from micrometers to tens of micrometers in size. After separation, the amount
of submicron grains totalled from 5wt% to over 20wt%, and the specific
surface, from 8m2g"1 to 12m2g~1. Grade powder mixes were made by wet
milling for 8h - 24h in a jar mixer with hardmetal balls.
By the second scheme, cobalt entered a tungsten carbide powder via
precipitation of its salt from solution in an organic solvent followed by
reduction in hydrogen. After the salt had dissolved, an ultrafine powder was
added to the solution and, under active agitation, the solvent was being
evapourated. The dried and comminuted powder was then reduced in
hydrogen. This way, WC - Co grade powder mixes were produced with 3wt%
- 1-wt% and larger cobalt contents.
The grain size of a grade powder mix was estimated by the value of its
specific surface. In the first scheme, the grade powder mix's specific surface
is somewhat less (by 2% - 5%) than the initial carbide powder's, whilst in the
second, after reduction, it is by 5% - 10% larger than that of the carbide
powder.
Homogeneity of products was assessed by means of an X-ray microanalyser
JEOL-8600 with electron beams of a minimum cross-section.
In order to check growth of carbide grains during sintering, tantalum carbide
was admixed, as inhibitor, to grade powders in amounts of 0.5wt% - 1wt%.
Sintering of ultrafine WC-Co grade powder mixes has been carried out in two
ways. Conventional sintering was conducted at 1350°C and sintering by
means of hot pressing was studied as follows.
Solid-phase sintering at temperatures 1100°C and 1200°C and pressures 33
MPa and 50 MPa has been employed. This resulted in specimens with a
density of over 0.95. Carbide grain sizes after sintering amounted to 0.1 jim -
0.2,um. Several specimens displayed anomalously high values of
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microhardness (HV), up to 2700kgmm~2. Sintering at 1300°C - 1400°C
brought about almost pore-free specimens with an average size of carbide
grains in the range of 0.2jim - 0.4|im subject to the sintering time and
temperature, and hardness (HV) of 2100kgmm~2 - 2300kg-mm~2. The
transverse rupture strength and ultimate tensile stress were respectively 25%
and 30% higher than these of conventional hardmetals.

3. Discussion:

The study of plasmochemical synthesis of tungsten carbide from tungsten
trioxide, or ammonium paratungstate, and carbon in a high-temperature
hydrogen jet has shown that the process is controllable. A major prerequisite
is the completeness of reduction of tungsten-bearing starting powders. This is
secured by selection of an optimum ratio of the reactants (H/O > 10) and
appropriate thermal conditions. The phase content can be controlled by
maintaining a certain W/C ratio and a desired temperature profile. In any
care, powder products are mixtures of several phases. The more carbide
phases are there in a powder and the less in the tungsten content, easier it
for the low-temperature synthesis to run. This, however, requires large power
consumption and, accordingly, the higher process temperatures, and,
naturally results in the coarser powders.
The chance to make a stoichiometric carbide that is almost free from
excessive carbon is defined by interaction of oxygen impurities present in a
powder after the plasmochemical stage. The best option is to make at this
stage a completely reduced power with some 1% of adsorbed oxygen which
would outgas when the synthesis starts, at the second stage. It is under
these conditions that the single phased powders of tungsten monocarbide
with total carbon content of 6.15% - 6.20% and oxygen content of 0.3% -
0.5% were produced.
Grain sizes of the synthesised monocarbide powders were, as expected,
determined by those of the powders after the plasmochemical stage. With the
lowest temperature at the second stage the specific surface of a product
almost inherited its value from a starting powder. In some cases this value
was around 50m2g"1 which implies that, on average, the particles were of less
than 0.01 |im in size.
The both suggested schemes for cobalt to enter an ultrafine carbide powder
are capable of making grade powder mixes that retain high values of specific
surface. It, however, worth mentioning that the grade powder mixes with
cobalt entered from a solution displayed the lower compactability.
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Summary:

The melting of 30 nanometer size WC-6w% and -15w% Co particles,
heated in hot chamber microscope under N2 atmosphere, was observed
between 1130°C and 1280 °C, i.e. under the equilibrium melting point of the
WC-Co eutectics, 1320 °C. Such a dependence of the melting temperature of
ultrafine particles on the grain size can be explained by Allen's model, or in
case of a thin layer by a modified version of the model. At cooling, molten
phases were observed down till 1190 °C, which shows the probability of
chemical reactions occurred at high temperature, and the formation of
compounds with lower melting points.

Further experiments were carried out by heating the above samples in N2-
1v%CO and in N2-3,5v%H2 atmospheres, in the chamber of the microscope.
The samples were cooled down rapidly to room temperature, and the
products were analyzed by X-ray diffractometry and by X-ray microanalysis.
Several phases were found, which may help to describe possible solid-liquid-
gas phase reactions between the components to be present either in the
samples or in the atmosphere.

Keywords:

WC-Co, nanosize, melting, solid state reactivity

1. Introduction

It was reported earlier [1], that in 30 nm average size WC powder
samples with 6 w% or with 15 w% Co content , heated in hot chamber
microscope in N2 atmosphere of 4N5 purity, the melting appears first already
at 1130 °C instead of 1320 °C, which is the melting point of the corresponding
eutectics
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under equilibrium conditions. In case of technical processing, liquid phase
sintering is always carried out above this temperature.

The decrease of melting point of ultrafine particles has been observed
earlier [2]. Allen et al. [3] have described the reduction of melting temperature
due to small particle size, in the function of the particle radius, r, surface free
energy per unit area, a, change of the free strain energy density, AE, and
latent heat, L. They found the simple relation

- AE]/L1
To r

where Tm is the melting temperature of the small sphere with radius r, To is
the melting temperature of the bulk (both in Kelvin), asoiid and anqUid are the
solid and liquid surface free energy values, respectively. In order to illustrate
such an effect, the calculation for a Co sphere with a radius of r = 10 nm
gives 50 K as a reduction of melting temperature. A minor transformation of
Allen's equation makes it applicable for thin layers, the probable shape of a
binder phase in the hardmetal, where layer thickness is the determining
dimension. The transformation results in the following equation:

Tm

In case of layer thickness of 10 nm, 100 K decrease of melting
temperature can be expected.

The melting phenomena did not appear, if the heat treatment of the
samples was carried out in N2 atmospheres with 1v% CO or 3,5% H2 content,
i.e. under reducing conditions.

2. Experimental and discussion

It follows from the above observations, that the decrease of melting
temperature of small primary phases in different atmospheres can not be
understood only on the basis of physical ideas, but it needs also chemical
considerations. Therefore, we have studied more detailed the atmospheric
influence on the phase composition of our samples in the temperature region
between 1000-1400 °C.
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The 30 nm average grain size samples - WC-6w%Co and WC-15w% Co
- were heated up in Leitz 1350 hot chamber microscope with a rate of
20 °C/min, then kept at the highest temperature for 60 min, and finally cooled
down by a rate of 150 °C/min. The samples were located onto a sapphire
plate and put into a vertical tube-furnace. Temperature was measured with
thermocouple fixed to the plate holder. The samples and the phase
transformations were continuously observed and in some cases
videorecorded. X-ray diffractograms of the samples were made at room
temperature with a Philips PW 3710 diffractometer. The morphology was
studied with JEOL JSM 50 electronmicroscope, for chemical spot and area
analysis a Rontec ROE 288 type EDX equipment was used.

The experiments were carried out in the following atmospheres: a. N2 of
99,995% purity, b. N2 with 1 v% CO content (in this case the samples were in
the center of a graphite ring , having 8 mm dia, 1 mm height, 2 mm
thickness), c. N2 with 3,42 v% H2 content.

In experiments a, above 1240 °C X-ray microanalysis has found traces of
Al. This proves reactions with the sapphire plate, which fact has to be taken
into consideration at the evaluation of the results.

Figs. 1-6 show diffractometric results for the phase compositions of the
different samples based on intensity of characteristic reflexions of the phases.
For evaluation the reflexions having the following "d" and " I " (intensity) values
were used:

Phase

we
Co6W6C
CoWO4

WO3

C
C03W
Co7W6

W
CCo2W4

d(A)

1.88
1.92
2.91
3.65
3.36
1.95
2.36
1.58
2.16

I
100
80
100
100
100
100
100
15

100

Figs. 1-2 present the results of experiments in pure N2 atmosphere. The
appearance of the WO3 and CoWO4 phases proves, that the small O2

impurity in the N2 is enough to form oxidized phases. The decomposition
process of WC ends at 1180°C in WC-Co systems. In cases of 6% and 15%
Co content the phases Co6VV6C, CoWO4 and C exist in different temperature



100 HM 13 L. Bartha et al.

15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

regions (see Table 1). WO3 develops only if Co concentration is 6%, and
Co3W when Co content is 15%, in agreement with the higher Co
concentration value. CoWO4 reaches maximum value at 1100 °C in presence
of 6% Co, but at 1240 °C in case of 15% Co.

we
C06W6C
CoWO4
WO3
C

1000 1100 1200 1300

heating temperature [°C]

1400

Fig. 1 Changes of WC, Co6W6C, CoWO4, WO3 and C (graphite) phase
concentration vs. heating temperature at A/2 atmosphere in WC-6w%Co

sample
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Fig. 2 Changes of WC, Co6W6C, Co3W, CoWO4 and C (graphite) phase
concentration vs. heating temperature at A/2 atmosphere in WC-15w%Co

sample
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Figs. 3-4 show the results of annealing in N2 - 1v% CO atmosphere. W
appears in both kinds of samples at 1100 C, indicating the decomposition of
WC.

1000 1100 1200 1300

heating temperature [°C]
1400

Fig. 3 Changes of WC, W, C (graphite), Co7W6 and Co6W6C phase
concentration vs. heating temperature atN2-1%CO atmosphere in WC-

6w%Co sample in the presence of graphite.

1200

we

w

CCo2W4

C06W6C

1000 1100 1200 1300

heating temperature [°C]

1400

Fig. 4 Changes of WC, W, Co7W6, CCo2W4 and Co7W6C phase concentration
vs. heating temperature at N2-1%CO atmosphere in WC-15w%Co sample in

the presence of graphite.
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The reaction-products are the same in case of both kinds of samples,
except that CCo2W4 develops only in case of the higher Co content. The
thermal stability values of CoyWe and Co6W6C are different in the two alloys
(see Table 1). It is worth to mention, that between 1300-1400 °C the
formation of WC and of Co6W6C can be observed.

Figs. 5-6 describe the results in N2 - 3,5v% H2 atmosphere. W is present
already at 1000 °C in both cases, referring to the decomposition of WC. The
same phases - W, Co7W6 and Co6W6C - have been developed during heat
treatment, and exist in about the same temperature regions. In 15% Co alloy
the maximal concentration is at 1300 °C for Co7W6 and at 1240 °C for W, in
the contrary of the 6% alloy in which the maximums are at 1400 °C in both
cases.

In this way, Figs. 1-6 show phase composition of WC - Co system under
different atmospheres, in the temperature region of 1000 -1400 °C with

Co concentration: 6 m%
Co concentration: 15 m%
Atmosphere: N2 (4N5 purity)

N2 + 1 v% CO

in Figs. 1, 3, 5
in Figs. 2, 4, 6
Figs. 1,2
Figs. 3, 4

N2 + 3,5 v% H2 Figs. 5, 6

gas:
sample:

WC

W
Co7W6

Co6W6C

C
WO3

CoWO,

CCo2W4

Co3W

N2

WC-6%Co.

<-1180°C

WC-15%Co

<-1180°C

1000..1100°Ci 1000..1180°C

1240°C-> ! 1300°C->

11OO..124O°C ;

1000.. 1180-C 1100..1360°C

1000..1180°C

N2-1%CO graphite

WC-6%Co.

<-1250°C

1100°C->

1200°C->

1000..1300°C

WC-15%Co

<-1100°C
1300..1400°C

1100°C->

1000..1400°C

1000..1200°C
1300..1400°C

1300°C->

N2-3.5%H2

WC-6%Co.

<-1100°C

1100°C->

1000°C->

1OOO..12OO°C

I

WC-15%Co

<-1100°C

1100°C->

1000°C->

1000..1180°C

Table 1 Stability regions of phases formed in WC- Co system in various
atmospheres
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1000

1000 1100 1200 1300 1400

heating temperature [°C]

Fig. 5 Changes of WC, W, Co^WeC and COJWQ phase concentration vs.
heating temperature at Nz-3.5%H2 atmosphere in WC-6w%Co sample.

-200

-•-we

-m- C06W6C

-e-a-W

-a-Co7W6

1000 1100 1200 1300

heating temperature [°C]

1400

Fig. 6 Changes of WC, Wand Co7W6 phase concentration vs. heating
temperature at N2-3.5%H2 atmosphere in WC-15w%Co sample.

In 6% Co samples the W : Co ratio changed at 1400 °C from 93,63 : 6,37
to 82 : 18. In case of 15 % Co, at the same temperature the alteration was
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from 84,18 : 15,82 to 72 : 28. The data of Table 1. support the assumption,
that in the presence of O2 traces sublimation of WO3 takes place.

1000 1100 1200 1300 1400

heating temperature [°C]

1000 1100 1200 1300 1400

heating temperature [°C]

Fig. 7 Relative change of Wand Co concentration during heat treatment at
a) W-6w%Co b) W-15w%Co

It is important to mention, that according to the EDX analysis W : Co ratio
did not change in case of reducing atmospheres, in the contrary to the pure
N2 atmosphere, when the decrease of the relative amount of W was found.

3. Conclusion

WC - Co nanopowder samples were heated in hot-chamber microscope
in different atmospheres. The melting phenomena were microscopically
observed and the reaction products were analyzed. Low temperature melting
took place only in pure N2 atmosphere, and could not be seen in N2-1v% CO
or in N2-3,47v% H2 gas mixtures.

Though the decrease of melting point can be well explained by the
modified Allen-model, the reaction products show oxidation reactions
between the W content of the samples and the O2 traces of the N2 gas. The
appearance of melt indicates an eutectics of the WC-Co6W6C-WO3-CoWO4
system.

The decomposition of the nanosize WC starts at 1000 0C. The products
will be influenced by the oxidative or reductive character of the atmosphere.



L. Bartha et al. HM 13 105^
15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

References

1. L.Bartha, I.Kotsis, P.Harmat, L.Laczko:
Proc. 2nd lnt.Conf.on Powder Metallurgy RoPM 2000
Cluj-Napoca, 6-8 07.2000. p. 99-104 (2000)

2. J.F. Pocza, A.Barna, P.B.Barna:
J.Vacuum Sci. and Technology 6.(4) p. 472-475 (1968)

3. G.I. Allen, W.W. Gille, W.A.Jesser:
Acta Met. 28. P. 1695-1701 (1980)

Acknowledgement

The work was supported by the National Scientific Research Fund (OTKA),
contract No.T 32730.



AT0100444
106 HM 15 S. Lay et al.

15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

HREM characterisation of VC in doped WC-Co Cermets
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Summary:

The microstructure of sintered WC-Co composite doped with VC is
investigated by several techniques (TEM, HREM, EDS, EELS) in order to
accurately locate the VC phase. Small VC precipitates are frequently found at
the junction between two WC grains in the corner of cobalt pockets. Due to
the good match between the WC and VC parameters, the VC grains adopt a
preferential orientation with regards to WC:

(111)vc // (0001 )wc with < i i0> v c / / <1210>wc.
Moreover steps along the <1120>Wc directions are observed at the interface
between cobalt and WC. Small VC precipitates lying on the (0001 )Wc facet of
the steps are identified. A thin VC layer less than 1 nm thick covering all
(0001 )wc surfaces of WC grains is also pointed out. Most WC grain
boundaries contain a thin film of VC phase whereas some high coincidence
grain boundaries seem to be free from second phase.

Keywords:

WC, VC, Cr3C2, cermet, grain growth inhibitor, interface, high resolution
electron microscopy

1. Introduction:

Progress in powder processing allows ultra fine powders to be used. In order
to control the grain growth during sintering of the ultra fine WC powder, some
inhibitors are added. VC and Cr3C2 have been shown to be the most effective
inhibitors. In this work, we have focused our interest on the location of
vanadium after liquid phase sintering. Our aim is to have a better knowledge
of the final microstructure of these materials and to have a better
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understanding of the grain growth inhibition mechanism. Previous studies
have been devoted to this subject. No vanadium is found in the centre of
cobalt pockets or in WC grains (1,2). Taniuchi et al. (2) have shown the
presence of sparsely and homogeneously dispersed (V,W)C precipitates
about 0.1jim in size in a WC-12wt%Co-0.5%VC alloy and the presence of
small (V,W)C precipitates has also been pointed out in interfaces between
WC grains and cobalt (1). Further investigations show that the concentration
of segregated vanadium is higher on (0001) plane of WC grains than on
(1010) planes (3). The addition of vanadium induces the presence of steps at
WC/Co interfaces with basal and prismatic WC habit planes for liquid phase-
sintered alloys (3) and for solid-state alloys (4). Small precipitates at the
corner of the steps are observed only for liquid phase sintered specimens (4).
EDS analyses show that some WC/WC interfaces contain vanadium (2) even
if the grain boundary is shown by HREM to be free from second phase (4). In
what follows, we have examined in detail the microstructure and the
distribution of vanadium compounds in the alloys. In particular, we show that
the VC phase adopt a special orientation relationship with regards to WC. In
some WC/WC interfaces, a layer of VC is observed.

2. Experimental procedure:

Two types of industrial submicron materials have been examined with a
constant VC content (0.5wt%), with 0.3wt%-Cr3C2 (sample C) and without
chromium (sample A). The Co content is between 6.5 and 9.2wt%.
Thin slices prepared by argon ion milling have been observed by high
resolution electron microscopy (HREM) using a 4000 EX Jeol microscope.
Metallic elements have been analysed by EDS (energy dispersive
spectroscopy) performed by using a Philips CM300 microscope. The spot
size was about 25 nm. EELS (electron energy loss spectroscopy) was carried
out on a 3000FX microscope to confirm the presence of carbon in the
phases.
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3. Results:

3-1. General microstructure of VC-doped alloys. Location of VC carbide

A typical microstructure obtained on VC doped specimens is shown in fig.1.
Co and WC are easy to be observed by conventional transmission electron
microscopy (TEM). WC carbides appear as faceted crystals forming a rigid
skeleton. The Co binder fills the small spaces between these faceted crystals.
The WC grains show a well faceted shape with (0001) and {1010} habit
planes.

Figure 1: Microstructure of specimen A. Arrows show steps at WC/Co
interfaces.

As expected from previous studies, steps along WC/Co interfaces are
present. These steps are well evidenced in fig.1 with arrows. They lie along
<1120>wc directions. They consist of (0001 )wc and {1010}wc facets.
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On the contrary, conventional TEM is not sufficient to locate V, which is easily
confused with Co-binder. From microanalysis experiments three different
locations of V-rich compounds are evidenced:

EDS spectrum displayed in fig.2 shows that all the space between the
two WC crystals is filled with a V-rich phase. This large V-rich phase can be
analysed accurately. A small W signal indicates that about 10at%W is present
in the VC-carbide. This estimation agrees with the solubility limit of W in VC.
In the ternary W-V-C system, about 23 at% W can be introduced in VC
carbide at 1500°C (5). The same magnitude range (16-23 at%) is found in the
quaternary W-V-C-Co system at 1450°C (6). The V peak is detected neither
in WC carbide nor in Co-binder (fig.3) although it is present in the liquid at the
sintering temperature (7).

100 nm 80 r—
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8
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Figure 2: TEM image and EDS spectrum of a V-rich phase in specimen A.
The circle indicates the size of the probe.

Smaller V-rich phases can be also observed by TEM (fig.3) and
analysed by EELS (fig.4) in corners between WC carbides in conjunction with
Co binder. As shown in EELS images (fig.4), the presence of carbon
associated with vanadium confirms the presence of a VC carbide. VC
occupies a small triangular part of the space between WC crystals whereas
Co occupies the rest of the space. These results confirm the X ray diffraction
experiments performed by Egami (1), obtained after carbide extraction.
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Figure 3: TEM image showing a V-rich phase at the comer of a Co pocket in
the specimen A and EDS spectrum of the binder.

Figure 4: EELS images (V, Co, W and C) of a pocket containing both Co (left)
and VC (right) in specimen A.
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The third location of a V-rich phase is along interfaces. As shown in the
EELS images given in fig.5, a small V signal is observed along the faceted
interface between WC and Co indicating a V segregation extended on only
several atomic planes.

Figure 5: EELS images of a stepped interface between WC and Co. An
enrichment of the interface in vanadium and carbon is observed.

Influence of chromium: the mixed VC, Cr3C2 doped material (C) has
also been observed by TEM. No noticeable difference in the microstructure
was detected and the same kind of steps are found along WC/Co interfaces
as shown in fig.6.

3-2 Atomic scale microstructure. HREM observations

First, it should be noticed that in all our HREM observations, the projections
of V-rich carbide are in agreement with the cubic VC carbide (fee) with the
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Figure 6: Microstructure of the mixed VC, Cr3C2 doped (C) specimen (a).
Magnification of WC/Co steps (b).

NaCI structure and not the W2C hexagonal structure as recently suggested

(4).

3-2-a VC carbide in cobalt pockets

As shown in fig.3 and 4, small VC particles are often found in contact with
WC grains and Co pockets. An important feature is that these phases are not
randomly orientated with respect to WC. In all cases, the VC carbide adopt
the special orientation (fig.7):

(111)vc//(0001)wcwith<ii0>vc//<i2i0>Wc [1]

This orientation leads to a very good matching between the two crystal
lattices in the adopted interface plane (fig.8). If we assume that the lattice
parameters are aVc = 0.416 nm (for VC), aWc = 0.291 nm and cWc= 0.284 nm
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Figure 7: HREM image of a (V,W)C precipitate in the specimen C observed
along [110]vc direction. It is preferentially orientated with respect to the lower
WC grain viewed along [12iO]wc direction. The interface plane is parallel to

(111)vc//(0001)wc.

(for WC), the misfit value along <110>Vc // <1210>Wc directions is equal to
1.2% (dvc = 0.294 nm and dWc = 0.291 nm). If some W is dissolved in VC, the
VC lattice parameter is larger and the misfit increases. More misfit
dislocations are expected in the interfaces than what is experimentally
observed. It is probably due to local elastic relaxations or chemical variations
close to the interface.
Few defects are observed in these VC precipitates. Some stacking faults
extending through the precipitate or stopping above the WC interface are
found.

3-2-b Steps in WC/Co interfaces and coating of (0001) WC surfaces

At the atomic scale, no difference in the morphology of the steps in the VC
single doped (A) and the mixed VC, Cr3C2 doped (C) material has been
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pointed out. The figure 9 reveals small precipitates lying on (0001 )wc facets of
the steps in the specimen C. These small precipitates have also the VC
structure and have the same orientation relationship with regards to WC as
larger precipitates shown in the previous part. On the largest basal facets, we
observe that the thickness of the precipitate is reduced far from the steps to
only two or three (111 )vc planes.

« Q

• &*

1/3 [12l 0]*

0 0

e « - 0

/3[2110]

l/3[1120]

WC [0001] VC [111] 0 V - C

Figure 8: Drawing showing the atomic positions for WC and VC in the
interface plane (0001 )wc//(111 )vc- The spacing between W atoms is equal to
0.291 nm whereas it is equal to 0.294 nm for V atoms. Carbon atoms drawn

on this figure are below the W or V atomic plane.

The same observation is made on the right of the precipitate (fig.7), a thin
layer which has not the WC crystal lattice orientation is observed. It is a tiny
coating of a VC compound that covers the (0001) basal planes of all WC
grains previously in contact with cobalt. No interfacial dislocations due to the
parametric misfit are observed between the WC crystal and the VC layer. The
stress is probably released without dislocations because of the small
thickness of the VC compound. Such a layer is not observed on prismatic
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planes of WC grains (fig.9), although a periodic pattern is suspected in some
cases.

Figure 9: Steps in the WC/Co interface in the specimen C. A small VC
precipitate is observed at the corner of the steps against {1010}wc facets. A

thinner layer is observed far from the steps on the (0001 )wc facets.

3-2-c Tungsten carbide grain boundaries

Probably due to the c/a parametric ratio of WC and to the nature of the
surfaces of WC grains, a lot of WC grain boundaries are not randomly
orientated, and adopt special orientations (8,9). In the submicron cermets
studied here, two kinds of special grain boundaries have been often found.
They seem to be formed by the stacking of WC grains along <0001> or
<1010> directions. Z = 1 grain boundaries correspond to the joining of WC
grains with the same orientation. The interface plane is the (0001) plane in
the observed cases. Another family of special grain boundaries are Z = 2
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grain boundaries with the approximation (c/a)wc=1. They are described by a
rotation of 90° around a <1010> direction and the grain boundary plane is the
prismatic plane perpendicular to the rotation axis. For these special grain
boundaries, no VC phase has been observed at the interface. An example of
1 = 2 grain boundary is shown in fig.10. Only steps corresponding to misfit
dislocations are present as shown previously by some authors (10).

11 m viivfff'fffffttiffjTffmfxt

Figure 10: Example of a S=2 tungsten carbide grain boundary in the
specimen A. Small steps one (1010) plane high are observed. They account

for the mismatch between 1/3[1210] and [0001] (a and c parameters).

On the contrary, VC layers have been observed in random boundaries. Fig.11
shows a grain boundary containing a VC layer of about 0.8 nm orientated
according to the relation [1] with regards to the lower WC crystal.

4. Discussion and conclusion:

In this study, we show the presence of (V,W)C compounds as more or less
large grains in the cobalt pockets and as small precipitates on the WC/Co
steps. They have the cubic VC structure. They are orientated according to an
epitaxial relationship. Moreover, the formation of the WC skeleton in the
composite seems to be impeded by the presence of VC on the surface of WC
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Figure 11: Example of a random tungsten carbide grain boundary in the
specimen A. A thin layer of VC compound in epitaxial orientation with the

lower WC grain is present in the interface. Larger precipitates are observed
on each side of the interfacial layer. The white contrast on the right hand side

is cobalt.

grains. In particular, layers of VC compound have been pointed out in random
WC grain boundaries. At the atomic scale, no difference have been found
between the VC doped and the mixed VC, Cr3C2 doped materials: in both
cases, the same type of WC/Co steps have been observed, and a thin VC
layer is deposited on the surface of WC grains. This thin layer is not
segregated on the surface of WC grains but form a thin crystallised layer on
the basal planes of WC grains. The affinity between the two compounds is
partly due to the good matching between the lattice parameters of (0001 )Wc
and (111)vc planes.

The present results are obtained on specimens cooled after a liquid phase
sintering stage. Any discussion about the possible contribution of VC to the
WC growth inhibition requires to know how much of this phase is present
along the sintering process. Our future work will relate the HREM results to
the phase equilibria data recently obtained in the quaternary system (6) in
order to evaluate the VC contribution to the microstructure evolution in doped
WC-Co materials.



118 HM 15 S. Lay et al.

15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

Acknowledgements:

The authors are grateful to C.H. Allibert for fruitful discussion and to J.
Thibault for her help with the EELs analyses.

References:

(1) A. Egami, M. Ehira and M. Machida, Proc. 13th Int. Plansee Seminar, Vol.
3, pp 639-648 (ed. H. Bilstein et al., Plansee AG, Reutte 1993).
(2) T. Taniuchi, K. Okada and T. Tanase, Proc. 14th Int. Plansee Seminar,
Vol. 2, pp 644-657 (ed. G. Kneringer et al., Plansee AG, Reutte 1997).
(3) A. Jaroenworaluck, T. Yamamoto, Y. Ikuhara, T. Sakuma, T. Taniuchi, K.
Okada and T. Tanase, Journal of Materials Research 13 (1998), pp 2450-
2452.
(4) T. Yamamoto, Y. Ikuhara and T. Sakuma, Science and Technology of
Advanced Materials 1 (2000), pp 97-104.
(5) E. Rudy, F. Benesovsky and E. Rudy, Monatshefte Chem. 93 (1962) pp
693-707.
(6) E.G. Obbard, L.A. Cornish, S. Luyckx, S. Hamar-Thibault and C.H.
Allibert, Inter. Conf. On Science of Hard Mat., ICSHM7, Ixtapa, Mexico, 5-9
March 2001.
(7) V. Chabretou, O. Lavergne, S. Lay, L. Pontonnier and C.H. Allibert, Proc.
Powder Metallurgy World Congress PM 98, Grenada, EPMA eds vol. 4, pp.
146-151.
(8) S. Hagege, G. Nouet and P. Delavignette, Physica Status Solidi (a) 62
(1980), pp. 97-107.
(9) J. Vicens, S. Lay, E. Laurent-Pinson and G. Nouet, Surface and Interfaces
of ceramic Materials, pp. 115-140 (ed. L.-C. Dufour et al., Kluver Academic
Publishers, 1989).
(10) J. Vicens, E. Laurent-Pinson, J.L. Chermant and G. Nouet, Journal de
Physique C5 49 (1988), pp 271-276.



ATO100445
S.I. Chaetal. HM 16 VI9_

15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

Microstructure and Mechanical Properties of Ultra-fine

WC-IOCo Hardmetais

Seung I. Cha, Soon H. Hong, Gook H. Ha* and Byung K. Kim*

Department of Materials Science and Engineering

Korea Advanced Institute of Science and Technology

373-1 Kusung-dong, Yusung-gu, Taejon 305-701, KOREA

*Korea Institute of Machinery & Materials

66 Sangnam-dong, Changwon, Kyungnam, KOREA

Summary:

The mechanical properties of ultra-fine WC-10wt%Co-X hardmetais were
investigated. Ultra-fine precursor powders were prepared by spray drying of
solution containing AMT and cobalt nitrate. The precursor powders were
reduced and carbonized into WC/Co powders by mechano-chemical process.
The WC powders were about 100nm in diameter and were mixed
homogeneously with Co binder. The powders were wet ball-milled in n-Hexane
with ball-to-powder ratio of 5:1 for 24hrs and dried for 24hrs. The milled
powders were sintered at 1375°C under a pressure of Imtorr. In order to
compare the microstructures and mechanical properties with ultra-fine
hardmetais, the commercial WC powders with 0.57-4jxm in diameter were
mixed with Co powders, and were followed by sintering at 1375°C under a
pressure of Imtorr. Varying amount of TaC, Cr3C2 and VC were added into
ultra-fine WC-10wt%Co hardmetais as grain growth inhibitors. It was observed
that Co phase was precipitated within faceted WC grains in sintered ultra-fine
hardmetais. The hardness of WC-10wt%Co hardmetais increased with
decreasing WC grain size following the Hall-Petch type relationship. The
transverse rupture strengths of WC-10wt%Co hardmetais were dependent on
the solute contents within the Co binder phase.

KEYWORDS:
WC-CO, HARDMETALS, ULTRA-FINE, HARDNESS, STRENGTH
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I. Introduction

The hardmetals, consisted of WC grains bounded with Co phase, have been
used for cutting tools during the last several decades. The effects of the
variations of Co composition and the addition of other type of cubic carbides
have been investigated to improve the properties of WC-Co hardmetals[1]. In
recent days, ultra-fine WC-Co hardmetals have been developed by
thermochemical and thermomechanical process named as spay conversion
process (SCP)[2]. The WC particle sizes of powders fabricated by spray
conversion process are below 100nm. If the grain growth behavior is proporly
controlled during the sintering, the WC grain size be reduced below 400nm [2-
4].

The mechanical properties, such as hardness and transverse rupture
strength, could be related with the microstuctural parameters such as WC grain
size, Co mean free path and WC/WC contiguity and also other chemeical
factors such as solute concentration within Co binder, type and amount of grain
growth inhibitors and composition of carbide. Recent studies on mechanical
properties of ultra-fine WC-Co hardmetals proposed different mechanisms for
fracture and deformation of ultra-fine WC-Co hardmetals according to the
microstructure and chemical composition [2-5]. However, the deformation
mechanisms of ultra-fine or even conventional WC-Co hardmetals have not
been clearly understood yet [3-5].

In this study, the mechanical properties of various ultra-fine and conventional
WC-Co hardmetals were investigated. At the same time, the microstructure and
solute content within the Co phase of ultra-fine WC-Co hardmetals with various
amounts of the grain growth inhibitors were investigated. The relationships
among the microstructures, mechanical properties and chemical compositions
of WC-Co hardmetals were discussed

II. Experimental Procedures

The precursor WC-Co powders were prepared by spray conversion process
from AMT-Co(NO3)2, and followed by oxidation, reduction and carbonization
process. The average size of WC particles in precursor powders was about
10Onm and the WC particles were homogeneously mixed with Co phase shown
as Fig. 1. The precursor WC-10wt%Co powders were wet ball-milled in n-
Hexane for mixing with paraffin for 24 hours. The ball-milled powders were
dried in an oven for 24 hours at 800°C and compacted under a pressure of
20MPa at room temperature. The compacted powders were consolidated by
liquid phase sintering at 1375°C for 1-5 hours under a pressure of Imtorr. The
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Fig. 1. TEM micrographs of WC-10wt%Co-0.7TaC/VC powders fabricated by
spray conversion process. White phase represents Co phase and black phase
represents WC.

microstructure of sintered WC-Co hardmetals was analyzed by scanning
electron microscope and X-ray diffractometer. The microstructural parameters
such as WC grain size, Co mean free path and WC/WC contiguity were
analyzed by image analyzer using planar sectional SEM micrographs. The
solute concentration within Co binder phase was analyzed by measuring the
saturated magnetic moment. Hardness was measured by Vicker's hardness
tester under constant load of 1kg. Transverse rupture strength (TRS) was
measured by three point bending test based on ASTM B528.

III. Results and Discussion

The grain size and grain size distribution of WC in sintered WC-10wt%Co-X
hardmetals were illustrated in Fig. 2. In Fig. 2, the WC grain size was quite
dependent on the size of precursor powder and the addition of grain growth
inhibitors. When 0.7wt% TaC/VC was added as grain growth inhibitor, the WC
grain size was measured about 350nm after sintering at 1375°C for 1hour,
which is finer compared to that containing 0.7wt%Cr3C2/VC as inhibitor. When
the grain growth inhibitor was not added, the WC grain size considerably
increased to 762nm due to the grain growth during sintering. The WC grain size
distribution was also dependent on the addition of inhibitors. A sharper
distribution of WC grain size was observed in WC-10wt%Co-0.7TaC/VC, while
a broader distribution of WC grain size was observed in WC-10wt%Co-
0.7~1.3Cr3C2/VC. When the grain growth inhibitor was not added, the WC grain
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Fig. 2. Cunnulative probabilities of WC size distribution in WC-10wt%Co-X
hardmetals sintered at 1375°C under a pressure of Imtorr. (a)Grain growth
inhibitors were added, (b) no inhibitors were added.

size distribution was dependent on initial WC particle size. The mean free path
of Co phase, in contrast to the WC grain size, was not dependent on the
addition of grain growth inhibitors.

The TEM micrographs of ultra-fine WC-10wt%Co-0.7TaC/VC hardmetals

(b)

A

•/T* «

(c)

0 p•*..-•.•,
« • 50nm

Fig. 3. TEM micrographs of WC-10wt%Co-X hardmetals sintered at 1375°C
for 1 hours under vacuum, (a) Conventional WC-10wt%Co, (b) ultra-fine WC-
10wt%Co-0.7TaC/VC, (c) nanocrystalline Co phase in conventional WC-
10wt%Co hardmental and its diffraction pattern.
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1800

Fig. 4. The comparison of saturated magnetic moments per unit volume of Co
phase in hardmetals with various grain growth inhibitors and powder
preparation processes.

were quite different from that of conventional WC-10wt%Co hardmetals as
shown in Fig. 3. In case of conventional WC-10wt%Co hardmetals, a high
densities of dislocations and stacking faults were observed within WC grains.
However, in case of ultra-fine WC-10wt%Co-0.7TaC/VC hardmetals, there
were few dislocations and stacking faults within the WC grains. Instead of those
defects, nanocrystalline Co phase particles, which size is about 10nm, were
observed within ultra-fine WC grains. Fig. 3(c) shows the TEM micrograph of
Co binder phase and its diffraction pattern. From the analysis of diffraction
pattern, the Co binder phase in WC-10wt%Co hardmetals was identified as a
nanocrystalline phase having grain size of 10nm.

The saturated magnetic moment per unit volume of Co binder phase was
sensitively depedent on the powder preparation process. As shown in Fig. 4,
the conventional WC-10wt%Co hardmetals and sintering shows higher
saturated magnetic moment compared to that of ultra-fine WC-10wt%Co
hardmetals. Especially, regardless the types of grain growth inhibitor, the ultra-
fine WC-10wt%Co hardmetals prepared by spray conversion process has lower
saturated magnetic moment. These results indicate that the ultra-fine powder
prepared by spray conversion process has higher solute concentration within
Co phase compared to the that of conventional WC-10wt%Co.
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Fig. 5. The variation of hardness with varing the grain size of WC in WC-
10wt%Co-X hardmetals

The hardness of WC-10wt%Co hardmetals was sensitively dependent on the
grain size of WC. The effect of WC grain size on hardness of WC-10wt%Co
hardmetals can be described well by the Hall-Petch type relationship as shown
in Fig. 5 and formulated as Eq. (1),

Hv =550 +
23500

(1)

where Hv is the Vicker's hardness in unit of kg/mm2 under 1 kg load and dwc is
average grain size of WC in unit of nm.
The transverse rupture strengths of ultra-fine WC-10wt%Co hardmetals

prepared by spray conversion process were quite lower than those of
conventional hardmetals as shown in Fig. 6. Generally, the transverse rupture
strengths of hardmetals were not dependent on a simple microstructural factor
but dependent on the various factors such as pores, WC grain size, Co mean
free path and plastic deformation properties of Co binder phase. However,
these complex factors could be reduced into two major factors such as pore
size related to the crack initiation and fracture toughness related to the
resistance for the crack propagation of WC-10wt%Co-X hardmetals. The
relation of strength and these major factors were well known by Griffith's
equation or modified equations in elsewhere. The pore sizes in the transverse
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Fig. 6. The variation of transverse rupture strengths with varing the grain size
of WC in WC-10wt%Co-X hardmetals.

rupture strength specimens were measured before strength test. The largest
pore size within the specimen was almost same as 25^m for each specimen.
By the FEM analysis unsing the ANSYS code, the effect of the pore size and
pore distribution on the transverse rupture strength was analyzed as Fig. 7. In
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Fig. 7. The variation of fracture load with varying the pores in WC-10wt%Co-X
hardmetals. (a) Effect of pore size and, (b) effect of crack location within the
transverse rupture strength test specimens.
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this analysis, it is concludes that the variation of transverse rupture strength by
the pore was less than 20% for our specimens and this variations are too small
to explain the large difference in transverse rupture strength of WC-10wt%Co-X
hardmetals. Then, it is concluded that the transverse rupture strength is closely
related to the crack propagation resistance of WC-10wt%Co-X hardmetals.
The fracture toughness of WC-10wt%Co-X hardmetals have been analyzed

for several decades[7-9], but there have been no clear solution for the crack
propagation mechanism or toughening mechanisms. The WC-10wt%Co-X
hardmetals can be simply considered as a composite consisted of WC hard
particle in Co ductile binder matrix phase. However, the matrix of WC-Co
hardmetals is not clear because the WC has connected with some contiguity
and the Co binder phase is the continuous phase within the hardmetals. It is
quite reasonable that the Co ductile binder phase prevents crack propagation
by plastic deformation in front of or behind the crack tip. The fracture toughness
or the resistance of crack propagation could be represented by the work
needed for the crack growth. The total work for the crack propagation could be
obtained by the summation of work needed in each consisting phase with
considering the area fraction as Eq. (2),

'WCICo + GCoACo (2)

where G, is the strain energy release rate and At is the area fraction of phase
z'[7,8]. If the microstructure of WC-10wt%Co-X hardmetals was simply modeled
such that the square shaped WC grains dispersed within the Co binder phase
as shown Fig. 8, the Eq. (2) could be represented by microstructural factors as
Eq. (3),

Co

Fig. 8. The microstructure model for the WC-10wt%Co-X hardmetals
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(3)

where d is the grain size of WC and X is mean free path of Co binder phase.
For the hardmetals, the relationship between these microstrucutural factors has
been known as Eq. (4)[1],

1-/

where C is WC/WC contiguity and / is volume fraction of WC. If the volume
fraction is fixed, the terms related to the volume fraction become constant value
k. Combining Eqs. (3) and (4), the fracture toughness of hardmetals can be
expressed as Eq. (5).

GWCICo ~ 7 (GWC ~GCo) + GCo (C\

f (5)(1 +
1-C

In Eq. (5), the fracture toughness of hardmetals can be formulated by two
improtant terms. The first term in the right side of Eq.(5) represents the
microstructural factor that revealed the status of phase distribution - i. e. the
relative distribution of WC and Co - within the hardmetals, while the second
term represents the fracture toughness or deformation properties of Co binder
phase.
The fracture toughness of Co binder phase is dependent on the W or C

content that resolved into Co during the liquid phase sintering process. The
solute concentration within the Co binder phase can be estimated by
measuring the saturated magnetic moment of hardmetals. As shown in Fig. 4,
the saturated magnetic moment of the conventional hardmetals is much higher
than that of ultra-fine hardmetals. This indicates that the solute concentration of
ultra-fine WC-10wt%Co hardmetals prepared by spray conversion process is
higher than that of conventional WC-10wt%Co hardmetals. In general case, the
Co binder phase prevents the brittle fracture of WC skeleton during fracture
process. Therefore, by changing mechanical properties of Co binder phase
within the WC-10wt%Co hardmetals could change the fracture toughness or
transverse rupture strength. In this study, with increasing the saturated
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Fig. 9. The variation of transverse rupture strength according to the saturated
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magnetic moment of Co binder phase, the transverse rupture strength
increases as shown in Fig. 9. The dependence of transverse rupture strength
on the saturated magnetic moment that related to deformation properties of Co
binder phase was largely caused by the fcc/hcp phase ratio within the Co
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Fig. 10. The x-ray diffraction results of WC-10Co cemented carbides before
and after transverse rupture strength test, (a) conventional WC-10Co
cemented carbide, (b) ultra-fine WC-10Co-0.7TaC/VC cemented carbide.
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binder phase. These fcc/hcp phase ratio in Co binder phase is related with the
martensitic phase transformation during deformation[1, 4-6]. However, the
phase transformation of the Co binder phase was dependent on the initial
fcc/hcp phase ratio which is determined by the solute concentration. As shown
in Fig. 10, the structure of Co phase within the ultra-fine WC-10Co-0.35TaC-
0.35VC cemented carbide did not changed and maintained the fee structure
after transverse rupture strength test. However, in case of conventional WC-
10Co cemented carbides, which have higher hep/fee ratio in Co phase, the hep
phase was transformed into fee phase by the deformation during transverse
rupture strength test.

In case of the WC-10wt%Co hardmetals with same solute concentration
within the Co alloy binder, the transverse rupture strength depends on the
microstructural factor that presented in Eq. (5). In Fig. 11, the relation between,
the microstructural factor and the transverse rupture strength of hardmetals that
has same saturated magnetic moment was represented. As shown in Fig. 11,
the transverse rupture strength of hardmetals increased linearly with increasing
the microstructural factor.

2500
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Fig. 11. The variations of the transverse rupture strength of hardmetals that
has same saturated magnetic moment with the microstructural factor
proposed in Eq. (5).
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IV. Conclusions

1. The ultra-fine WC-10wt%Co powders with average WC size of about 100nm
could be produced by the spray conversion process. The grain size of WC in
sintered WC-10wt%Co hardmetals could be controlled by 300~700nm with
varying the amount and kind of grain growth inhibitors.

2. Microstructures of WC-10wt%Co-X hardmetals were sensitively dependent
on the addition of grain growth inhibitors. The grain growth of WC grain was
more effectively retarded by the addition of TaC/VC compared to the Cr3C2/VC
during the liquid phase sintering of ultra-fine WC-Co powders prepared by
spray conversion process.

3. The hardness of WC-10wt%Co increased hardness with decreasing WC size
following the Hall-Petch type relationship. The transverse rupture strength of
ultra-fine WC-10wt%Co fabricated by spray conversion process was lower level
than conventional WC-10wt%Co. These differences arose from solute content
in Co binder. The transverse rupture strength of WC-10wt%Co-X hardmetals
with the same solute content in Co binder phase varied with the microstructure
factor that consisted of WC/WC contiguity, WC volume fraction and Co mean
free path.
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Summary:

Sintering behavior of nanocrystaiiine titanium nitride powders has been studied under both
linear and rate-controlled heating regimes in vacuum. The non-linear temperature-time
path of RCS results in more uniform grain structure than linear heating schedule during
sintering. The final grain size around 50 nm and residual porosity less than 2 % is the best
evidence of RCS advantages over linear heating rate regime (600 - 1100 nm grain size
and ~6 %, respectively). The near fully dense and fine-grained rate-controlled sintered
specimens demonstrated the highest hardness ~ 26±1.3 GPa and fracture toughness
4,2±0.2 MPa-m1/2. The dependence of hardness against heating rate, grain size, porosity
and regime of sintering is a result of the present investigation.

Keywords:

titanium nitride, nanocrystaiiine ceramic, hardness, fracture toughness

1. Introduction:

The titanium nitride is widely used as a material suitable for coatings or compositions but
never as a bulk ceramics because of law fracture toughness, bending strength and durability.
The recent studies demonstrated an increased interest to bulk nanocrystaiiine ceramics,
which possess the materially improved mechanical properties (1-5). Meanwhile, nobody of
authors (1-4) obtained fully dense ceramics with grain less than 100 nm by sintering, despite
of different sintering techniques used of rate-controlled (RCS), field-assisted (FAST) or plain
ramp-and-hold sintering. Bulk titanium nitride with grain size 30-60 nm was obtained under
high-pressure sintering (HPS) by Andrievski and Urbanovich in (5). The main finding in these
studies was 20-25% increase of hardness compared with that in coarse-grained ceramics.
The highest Hv=28 GPa was achieved under HPS (5), but strength of samples was low and
fracture toughness was bellow 2 MPa-m1'2 because of imperfectness of grain boundaries (6).
The main drawback of sintered nano-TiN was extremely high content of oxygen (5-20%),
mainly due to the lack of oxygen control through the entire cycle of manipulation.
RCS was explored as a more promising method to obtain near fully dense titanium nitride
bulk ceramics with grain size within nanometer scale and perfect grain boundaries. A
number of studies on RCS of different nano-materials demonstrated good ability to
manufacture near fully dense ceramics and to prevent grain growth during the process (6-
8). The concept of rate controlled sintering was first introduced by Palmour III and
Johnson, who postulated that a finer-grained microstructure could be developed in a
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nearly fully dense sample if, instead of controlling temperature or heating rate, one
controlled the densification rate (6-8). Thus, during RCS, temperature becomes a function
of density and densification rate, in direct role, reverse from conventional sintering. The
feedback between density and temperature allows the computer control of the optimized
non-linear heating rate regime. Moreover, the method allows us the control over structural
evolutions using optimal temperature-time schedule.
For this reason, the aim of the present work was to investigate the densification kinetics
and microstructure evolution during sintering of the purified from oxygen nanocrystalline
TiN and AIN powders under rate-controlled and conventional linear heating rate conditions.

II. Experimental

Titanium nitride powders with grain size of 45 nm (TiN25), 15 nm (TiN33) produced by H C
Starck GmbH (PVD) and aluminum nitride of 30 nm (AIN56) prepared by plasmachemical
synthesis were used in the present investigation, see table 1. Powder with grain size of
45 nm was preliminary coated by surfactant - alkylsuccinimid (CUM) to preserve it from
oxidation during storage. Crystallite size and lattice parameters have been estimated by
XRD, specific surface areas of all the powders measured by means of nitrogen absorption
(BET). Oxygen and nitrogen contents were determined by chemical analysis.

Table 1. Properties of TiN as-prepared nanosized powders.
Powder

TiN33
TiN25
AIN56

crystallite
size, [nm]

15
45
30

specific surface area,
[m2/g]

33
25.7
56

lattice parameter,
[A]
4.2334± 0.001
4.2439 ± 0.001
a = 3.11+0.001
c = 4.98± 0.001

[O],
wt.%
3.8
1.81

[N],
wt.%
20.3
19.2
31.6

The oxygen content increases with specific surface area and significantly affects the
properties of refractory nitrides. Nano-sized powders of the nitrides absorb usually more
oxygen compared with that of coarser powders. Nevertheless, this quantity of oxygen does
not result in oxide phases detectable by the precision x-ray diffraction.
To purify in particular all the nano-sized powders of TiN from oxygen (adsorbed or
chemically bonded), the thermal treatment was carried out at high temperature under
extra-dry hydrogen and nitrogen. Two sorts of as-prepared powders were treated: covered
by surfactant (CUM) and without one. Both powders and green pellets of TiN33 and TiN25
were treated in the stream of dry nitrogen or hydrogen to remove the CUM, adsorbed
oxygen with the aim to activate the surface.
After this thermochemical treatment, all the specimens were sintered in 2 steps under
linear heating rate regimes without isothermal hold controlled by a high-temperature
vacuum dilatometer (~10"5 torr) equipped with CAD: from 20 to 1000 °_ with a heating rate
of 2 °_ /sec; and from 1000 to 1300 °_ (1600-1700 °C for TiN25) the heating rate was set
in the range 0.05 - 2 °_/sec. Collected database about non-isothermal sinterability of TiN
was transformed to the kinetic fields of response (figure 1a,b) and the optimal
temperature-time path for sintering was calculated, see figure 2a,b.
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Figure 1 - Kinetic fields of response for: a - TiN25, b - TiN33.
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Figure 2 - Optimized RCS-schedule for: a - TiN25, b - TiN33.

Selected specimens were chemically analysed to specify oxygen content and
stoichiometry of TiN; XRD was used to determine the lattice parameter of TiN and phase
composition if oxynitride phase appeared.
For microstructures studies the samples possessing highest density and hardness were
selected. Field emission scanning microscopy (FESEM) of polished surfaces was carried
out. Grain sizes have been calculated from line broadening on x-ray diffraction patterns
and from image analysis of scanning electron micrographs (SIAMS 340) as well.

Table 2. Properties of TiN sintered nanosized powders.

Relative density
Lattice
parameter, nm
Oxygen, wt.%
Phase analysis

TiN25
treated in H2

0,96
4.2411

2.28
TiN only

TiN25
treated in N2

0,953
4.2421

2.95
TiN only

TiN33
treated in H2

0,981
4.2362

5.34
TiN, Ti3O5, TiON
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To understand better the processes occured on the surface of TiN during purification
treatment and sintering, we used infrared spectroscopy (FTIR) (figure 2a,b). Appearance
of the Ti - O bonds, their position and shift is the best proof that the TiOx of variable
composition exists on the surface of the powder. The lines corresponding to vibration
modes 460, 520, 1080 cm"1 came from the surface phase TiOx (x<1) [9]. Absorption bands
v~1410, 1470 and 1610 cm"1 characterize the carbonate complexes over the surface of
15 nm-sized nano-particles.
Such kind of IR spectrum denotes that the surface of nano-sized TiN powder (15 nm) is
extremely chemically active. Indeed, the Ti3O5 phase was detected by X-ray analysis
(figure 3). Ti - O bonds were detected only in as-received powder with particles of 45 nm.
Thermo-chemical treatment of both powders showed a change of the band v~1100 cm"1.
Appearance of such an intensive band was revealed for the specimen 15 nm treated at
1200°C, which corresponds to TiOx (x>1). For the specimen with particle size of 45 nm,
the mentioned phenomenon was revealed at temperatures of 1400 °C and higher.
Subsequent increase of temperature up to 1600 °C results in deformation of IR spectrum
in the range of bands 700-1000 cm"1 due to shortening of Ti - O bonds.

1600 400
V, cm'

a) b)
Figure 2. IR spectra of: a - TiN33 treated under different conditions (1- as-prepared powder,
- annealed in hydrogen at 500 °C; 3 - annealed in hydrogen at 1200 °C); b - TiN25 treate
under different conditions (1- as-prepared powder; 2- in hydrogen at 500 °C; 3- in hydroge
at 800 °C; 4-8 in nitrogen at 1200, 1300, 1400, 1500, 1600 °C respectively)
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Figure 3 - X-ray spectra of T1N33: 1 - as received powder, 2 - sintered sample.

Thermo-chemical treatment of specimens resulted in elimination of carbonate complexes
from the surface of particles. Cleaning of surface in hydrogen is more effective compared
to treatment in nitrogen as soon as the intensity of Ti - O bonds decreases. Both oxide and
oxynitride phase in the TiN33 specimens were formed during sintering due to oxygen
dissolution in the lattice of TiN. The oxynitride phase obviously promoted densification.
The measured lattice parameters of the TiON phase are identical to those found in
literature. This result along with the high hardness of the samples is the best proof of the
oxynitride phase formed in the samples on sintering of nanosized powders (10). Thus, in
addition to thorough preliminary purification of the powder from oxygen, it is necessary to
sinter under perfectly clean vacuum conditions. TiN25 specimens have demonstrated
relatively low sinterability. A five-times increase of the grain size has been established
after the RCS, see figure 4a. The best results have been achieved for TiN33 specimens
only. They showed perfect sinterability, and the final temperature in the optimized RCS-
schedule of sintering was around 1200 °C. The grain size of TiN remained below 100 nm in
near fully dense ceramics (figure 4b). For standard RCS-regime, the grain size was around 130
nm (fig. 4c). Residual porosity of 2-4 % in TiN25 and -2% in TiN33 samples might be
explained by increasing nitrogen pressure in closed pores due to dissociation in part of
titanium nitride on heating: 2TiN -» 2Ti + N2. Hardness of nano-grained titanium nitride higher
than 23 GPa is known for the hot pressed specimens (24 GPa) but is lower as compared with
that for TiN thin films (28-35 GPa) (4). Now the similar result is developed under free sintering
i.e. 26 ±1.3 GPa (P=50g) at fractional density of 98.1 %, see table 3. Measured nanohardness
(P = 120 mN, loading rate - 5 mN/s) of TiN33 with final grain size ~ 50 nm was 28.8 +2,47 GPa.
The better results obtained under RCS process compared to those obtained under linear
heating or hot pressing might be explained by both higher density and finer grain size.
According to Hall-Petch type empirical equation H=HQ+kL'°5, the hardness should increase
in pore-free titanium nitride from 20 GPa at grain size /_=103 nm (experimental value) up to
33 GPa at L=70 nm (expected value from the best fit of the experimental data). Grain and
density growth results in simultaneous decrease of hardness.
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Figure 4. Microstructures of sintered samples
under optimized RCS profiles: a - TiN25
(FESEM), b - TiN33 (FESEM) and c - TiN
33 sintered under standard Palmour's RCS
profile (TEM).

To establish a relationship between micro-
structure and some mechanical properties we
have measured the hardness of samples as
a function of grain size and porosity. Hard-
ness is a very structure sensitive charac-
teristic and can be theoretically estimated by
the modified Hall-Petch equation (1):

= H0+ 10 exp(- 40, (1)

«*»«*:* rJLV^M &«^V^ ( •'^'S.^i^ J

• > ; - »*.* i

This approximating equation is only valid at
porosity less than 5%. There is a good
correlation between practical and theoretical
hardness data for samples with grain sizes
above 1 |i.m. In the nanoscale range, how-
ever, the equation (1) gives substantial devia-
tions, because theoretically the hardness is
inversely proportional to the grain sizes.
The plasticity of the nanocrystalline materials
has been estimated using equation (2) and
the results of calculations are presented in
the table 4.

b)x30 000 8H = 1 -14.3(1 -v-2v2)HV/E, (2)

where §H is a non-dimensional parameter
(portion of plastic deformation into the
common elasto-plastic deformation under an
indenter); v is the Poisson's ratio and E the
Young's modulus (11).
Parameter §H varied from 0 at the perfectly
elastic indentation to 1 at the absolute plastic
deformation. According to calculated volu-
mes, we conclude that TiN25 deformed
under indenter more plastically than TiN33.
Thus, the finer is the grain size and the
harder is the sintered material, the lower is
the parameter 8H and therefore the material
is less plastic.
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TABLE 3. Mechanical properties of TiN nanocrystalline ceramic
Material Conditions of Fractional Grain HV HV HK

(Technique) Sintering Density Size measured calculat. 0.1 K1c

(%) (nm) (GPa) (GPa) (GPa)
TiN bulk ceramic obtained by RCS

TiN 25

TiN 33

50 wt.%TiN
50wt.%AIN
(Linear regime)

Andrievski
(High Pressure

Sintering)
Castro, Ying
preserureless

R. Nass
preserureless

T. Yamada
(Hot Press)

vacuum
T = 1460°C

vacuum
T = 1200°C

vacuum
T=1610°C

TiN bulk ceramic

4-7 .7 GPa,
1300°C

0.1 MPa N2,
1200°C
1400°C
colloidal

processing
40 MPa,
1600°C

96

98.1

77

obtained
95

99

98

95

250

50

-

by the
30-
60

140

400

1450

18 ±1

25 ±1.5

22±1 (TiN)
13±1.4(AIN)

21

24.5

-

other investigators
26+1

23.2±1.9

21.5

18

14±
0,5
18±
0,8

-

[4]

[1]

[1]

[1]

2.
0

4.
0

89±
,24
19±
,48

-

TABLE 4. Plasticity estimation of TiN nanocrystalline ceramic
Material HV, E, GPa v

GPa
5H

TIN25
TiN33

18
25

448
489

0.25
0.25

0.64
0.54

IV. Conclusion

Thus, presented results proved the advantages of rate-controlled sintering as compared
with conventional sintering mode like constant rate of heating. Optimal non-linear
temperature-time path results in obtaining the dense, fine-grain and hard titanium nitride
from its nanocrystalline powder. The probability of nano-structure conservation is higher
than that in the case of common sintering due to microstructure evolution close to uniform
one. Sinterability of TiN nanopowders increases with reduction of their size. Dense TiN
specimen obtained under RCS (final temperature 1200 °C ) shows grain size of 50 nm and
top hardness properties (26 ± 1.3 GPa).
Residual porosity of 2-4 % in TiN samples might be explained by dissociation of titanium
nitride on heating: 2TiN -» 2Ti + N2



138 HM 17 O.B. Zgalat-Lozynskyy et al.

15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

Acknowledgments

Authors thank NATO Science for Peace Program for support via Project # 973529 and Dr.
I. Schulz, IKTS (Dresden, Germany) for HRSEM images and powder supply; Dr. T.V.
Tomila, Dr. I.I. Timofeeva and Mr. L.A. Klochkov (aa from IPMS, Ukraine) for
experimental assistance and useful discussion of the results.

References

1 D.T.Castro, J.Y.Ying: Fine, Ultrafine and Nano Powders'98 Conference (1998)
2 T.Rabe, R. Wasche: Nanostructured Materials 6 (1995), pp. 357-360
3 J.R. Groza, J.D. Curtis, M. Kramer: J. Amer. Ceram. Soc 5 (2000), pp.1281-1283
4 R.A. Andrievsky, G.V.Kalinnikov, A.F.Potafeev and V.S.Urbanovich (1995).

NanoStructured Materials, 6± 1-4, 353
5 V.V. Skorokhod , A.V. Ragulya Proc. 14 th Int. Plansee Seminar, Vol. 3, pp. (ed.

G. Kneringer et al, Plansee AG, Reutte 1997)
6 Palmour III H. and Hare T.M. (1985) Proc. of the Sixth World Round Table

conference on sintering, Hercig-Novi, New-York, Plenum Press, 16-23
7 Palmour III H. (1988) Powder Metal Report, No 9, 572-580.
8 Palmour III H. (1989) Proc. of the Seventh World Round Table conference on

sintering, Hercig-Novi, New-York, 337-342
9 Ariya S.M. and Golomozina M.V. (1962) [in Russian], Infrared spectra of solid

state titanium and vanadium oxide// Fizika tverdogo tela, V.4 #10, p. 2921-2924
10 Alyamovsky, Zaynulin Yu. G., Shveykin G.P. (1981) [in Russian], Nauka, Moscow,

58-62
11 Milman Yu. V. (1999) [in Russian]: Powder Metallurgy, 7-8, 85-91



AT0100447
S. Morita et al. HM 18 139

15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

Synthesis of Chromium Nitride Powder by Carbo-thermal Nitriding

Susumu Morita, Hideaki Shimizu, Yasumasa Sayama

Japan New Metals Co., Ltd.
1-6-64 Sennaricho Toyonaka, Osaka 561-0829, Japan

Summary

Fine chromium nitride powders were synthesized by carbo-thermal nitriding
from Cr2O3 and carbon black. Thermal nitriding reaction of O2O3 and carbon
black mixture was investigated by TG-DTA. The products were identified by
XRD. O3C2 and O2 (CN) were formed in the early stage of the reaction, but
finally they changed into CteN and CrN.
Lab-scale syntheses of O2N and CrN were carried out using an electric tube
furnace. Cr2N was synthesized by firing the mixed powder at 1393K for 1 hr
under nitrogen and hydrogen mixed gas flow, whereas CrN was synthesized
by sequentially nitriding of Cr2N at 1173K. The both synthesized powders
showed homogeneous morphology with narrow particle size distribution and
average size of about 1|a.m. Cr2N and CrN contained 11 and 20% of nitrogen
respectively, sub percents of oxygen and carbon.

Keywords
chromium nitride powder, Cr2N, CrN, carbo-thermal nitriding

1. Introduction

Nitrides of transition metals belonging to Groups IV, V and VI of the Periodic
Table have high melting points and hardness, just like carbides. At the
same time, they have the metal-like properties of good thermal and electrical
conductivity. These nitrides are widely used as an additive for improving the
properties of high-speed steels and ceramics. Coating of titanium nitride and
chromium nitride by the CVD and PVD methods remarkably improves the
performance and durability of cutting tools, molds and sliding parts. Coating
technology of chromium nitride has been investigated by many workers,
because chromium nitride is superior in corrosion resistance to titanium
nitride (1)'(2). Attempts are also being made to prepare bulk chromium nitride
ceramics from chromium nitride powder, as a high performance material for



140 HM 18 S. Morita et al.
15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

making mechanical parts
nitride™.

(3) Table.1 shows the properties of chromium

Table. 1 Properties of chromium nitride

Crystal structure type

Density

Melting point (K)

Micro hardness (GPa)

Heat of formation (kJ/mol)

Cr2N

Hex. C. P

6.5

-

15.3

129

CrN

Cubic

6.1

1373(dec.)

10.3

125

There are two forms of chromium nitride, CrN and Cr2N. Fig. 1 shows the
phase diagram of the Cr-N binary system (5). In a nitrogen atmosphere of
0.1 MPa, CrN is stable up to 1373K, whereas Cr2N under the same conditions
has two coexisting phases, including the liquid phase, at 1973K.

2273

20 30 40

Composition (mol.%)

Fig.1 Phase diagram of Cr-N system

50 60
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Chromium nitride powder is generally synthesized by thermal nitriding of
chromium metal powder in nitrogen or ammonia gas flow(6). It is possible to
synthesize highly pure powder by this method. However, direct synthesis of
fine chromium nitride powder is difficult because preparing fine chromium
metal powder, the starting material, is not easy. Furthermore it is difficult to
synthesize fine powder, because some growth of the particle is unavoidable
during reaction due to the large amount of heat generated.
On the other hand, carbo-thermal nitriding from a mixture of the metal oxide
and carbon powder appeared to be suitable for preparing fine powder
because the heat of formation can be significantly lowered as compare with
the nitriding of the metal powder. But the method is not suited for preparing
highly pure nitride because of the greater likelihood of the presence of
dissolved oxygen and carbon in the product. In this study, fine chromium
nitride powder of high purity was synthesized by carbo-thermal nitriding using
chromium oxide powder and carbon black as the starting materials. We
investigated the reaction mechanism, and examined the effects of reaction
temperature and atmosphere on the physical properties of the synthesized
powder.

2. Experimental procedure

Cr2C>3 powder of mean particle size 0.5,um (A-1 grade, Nippon Chemical
Industrial Co., Ltd.) and high purity carbon black powder (Denka Black, Denki
Kagaku Kogyo) were mixed in the molar ratio of C/Cr2O3=2.8 to 3.2, and wet-
mixed for 12 hours in methanol using a ball mill with the balls and pot made
of resin. The mixture was then dried and sieved at 8 5 0 ^ to prepare the
starting material. Fig. 2 shows SEM photographs of the starting materials
powder. Table 2 gives the analyzed data of the two starting materials.
The reaction mechanism and the effect of the atmosphere in the carbo-
thermal nitriding of chromium oxide and carbon were studied by TG-DTA.
Thermal analysis was carried out using a mixture having molar ratio of
C/Cr2O3=3.0 at a temperature range of room temperature to 1773K by
increasing of 0.1K/sec under nitrogen or a nitrogen-hydrogen mixed gas flow.
For synthesizing chromium nitride, an SUS tray was charged with the
powder mixture (thickness of powder layer: 5mm) and placed in an electric
tube furnace with SUS core. The powder was then nitrided under nitrogen or
nitrogen-hydrogen mixed gas flow by firing at the rate of 0.5K/sec and
maintaining the mixture for 3600 seconds at a desired reaction temperature
range of 1173-1503K. The products were characterized by XRD, SEM,
chemical analysis and particle size analysis.
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"» %,

, V

Cr2O3 C.B.

Fig.2 SEM photographs of O2O3 and carbon black

Table. 2 Average particle size and chemical analyses of starting materials
Cr7O3

FSSSOum)

0.53

Fe(ppm)

190

Na(ppm)

134

Ca(ppm)

3

Mg(ppm)

1

S(ppm)

289

P(ppm)

10

Carbon

BET(m

42

Black
2/g) Ash(%)

0.00

Fe(ppm)

5

Ca(ppm)

11

S(ppm)

47

3. Results and discussion

3. 1. Thermal analysis

The results of TG-DTA of the chromium oxide and carbon black powder
mixture are given in Fig.3. In nitrogen gas flow, the endothermic carbo-
thermal nitriding reaction started at 1473K and resulted in rapid decrease in
weight, and the reaction was completed at 1503K. In the nitrogen-hydrogen
mixed gas flow, however, the reaction initiation and completion temperatures
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were 1353 and 1393K respectively, showing a shift to the low temperature
side. Final reactants obtained by TG-DTA were CrN and Cr2N in both the
reaction systems.

CQ

-80
1323 1473 15231373 1423

Temperature (K)
Fig.3 The results of TG-DTA of carbo-thermal nitriding from

Cr2O3 and carbon black

The intermediate products in lab-scale synthesis at 1353 and 1393K under
the nitrogen-hydrogen mixed gas flow were examined by XRD (Fig. 4). At
1353K, apart from the main peak of Cr2 (CN), minor peaks corresponding to
O3C2 and O2O3 appeared. At 1393K, only O2N peek was observed. This
result suggests that the chromium oxide transformed into the carbide and the
carbonitride at the beginning of reaction and then converted into the nitride.
Fig. 5 shows the change in standard free energy of chromium nitride
formation when chromium oxide is the starting material (7). This graph
indicates that a reaction temperature of 1450K or higher is needed for the
reaction of chromium oxide and carbon in the nitrogen atmosphere. This
agrees well with the results of TG-DTA. In the reaction of chromium oxide
with a gas mixture of methane and nitrogen, AG had a negative value at the
reaction temperature 1200K or higher, suggesting that the reaction started at
a relatively low temperature. On the basis of the above results, it is assumed
that when the nitrogen-hydrogen gas mixture is used as the reaction gas, the
surface of the chromium oxide is first reduced by the hydrogen, and
generates a lower oxide and H2O gas<8). Then hydrocarbon gas, produced by
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the reaction between the H2O gas and the carbon, takes part in the formation
of intermediate compounds like Cr3C2, Cr2(CN), etc. It is thought that this
lowered the initiation temperature of reaction needed to form chromium
nitride.

1353K

1393K

20 30 6040 50

29 (degree)

Fig.4 XRD profiles of powders fired at 1353 and 1393K in H2/N2 gas

200
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£ 100
too
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•Cr2O3+1/2C+1/2N2=Cr2N+3CO
Ai/2Cr2O3+3/2C+1/2N2=CrN+3/2CO
OCr203+3CH4+1/2N2=Cr2N+3CO+6H2

Ai/2Cr2O3+3/2CH4+1/2N2=CrN+3/2CO+3H2

i

i ^ —

I
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' • — .

50

-50

-100
800 900 1000 1100 1200 1300 1400 1500 1600
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Fig.5 Standard free energy change of chromium nitrides formation
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3. 2. Synthesis of O2N powder

To optimize the conditions for synthesis of O2N powder, synthesis trials were
conducted, varying the C/O2O3 molar ratio in the range 2.8 to 3.2 and the
H2/N2 molar ratio in the reaction atmosphere in the range 0 to 2.0. The
reaction temperature used was 1393K. Thermal analysis had shown that the
reaction was completed at this temperature with hydrogen also present in
the atmosphere.
Fig. 6 shows the results of chemical analysis of powder synthesized from
starting material powder mixtures having different molar ratios, in an
atmosphere with H2/N2 molar ratio 0.5. When C/O2O3 molar ratios of up to
3.0 were used, the reaction advanced more easily with increase in the molar
ratio because of the lowering of oxygen content and increase in nitrogen
content. However, in the range of molar ratio higher than 3.0, although there
was further decrease in the oxygen content, the amount of nitrogen
decreased along with increase in the content of carbon. The x-ray profiles of
samples synthesized at C/Cr2O3 molar ratio 2.8, 3.0 and 3.2 are shown in
Fig. 7. The main peak was of O2N in all the profiles. However, at the molar
ratio of 2.8 some unreacted O2O3 was remaining and at 3.2 the O2N peak
shifted towards a lower angle, suggesting increased dissolution of carbon in
the product.

11.5

2.8 3.0
C/Cr2O3 (mol. ratio)

3.2

Fig.6 The results of chemical analysis of powders fired mixed powder
(C/Cr2O3=2.8,3.0,3.2 molar ratios) at 1393K in H2/N2 gas
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C/Cr2O3=2.8

C/Cr2O3=3.0

I C/Cr2O3=3.2
40

29 (degree)

Fig.7 XRD profiles of powders fired mixed powder at 1393K in H2/N2 gas

11.5

0.0 0.5 1.0 1.5
H2/N2 (molar ratio)

2.0

Fig.8 The results of chemical analysis of powders fired at 1393K
in mixed gas (H2/N2=0~2 molar ratios)

We then studied the effect of hydrogen in the reaction atmosphere by
synthesizing powders keeping the C/Cr2C>3 molar ratio in the starting material
constant at 3.0 and varying the H2/N2 molar ratio in the range 0 to 2. Fig. 8
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shows the results of chemical analysis of the powders obtained. When no
hydrogen was present in the gas flow, the oxygen content in the product was
as high as 1.24%. With increase in the proportion of hydrogen in the
atmosphere, the residual oxygen level decreased, suggesting that the
reaction had further advanced. Although the amount of residual carbon was
lower at the H2/N2 ratio of 0.5 compared to when no hydrogen was present, it
increased when the H2/N2 ratio was higher than 0.5. The reason for this could
be that with increase in the proportion of hydrogen in the atmosphere there is
an increase the partial pressure of hydrocarbon gas produced as a
byproduct. This causes gas carburizing and the carbon content increases.
The level of dissolved nitrogen was maximum (11.2%) when the H2/N2 molar
ratio was 0.5.

Powder fired at 1503K in N2

3um
Powder fired at 1393K in H2/N2

Fig.9 SEM photographs of the Cr2N powders

Fig. 9 is a photograph showing Cr2N particles synthesized from starting
material with C/Cr2C)3 molar ratio 3.0, in nitrogen atmosphere (1503K) and in
nitrogen-hydrogen atmosphere (H2/N2=0.5, 1393K). Both were spherical
particles with narrow particle size distributions. The chromium nitride powder
synthesized in nitrogen atmosphere had a particle size of 2-3jum, but that
prepared in nitrogen-hydrogen mixed gas atmosphere had a particle size of
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about 1/vm, clearly showing that the particle growth was inhibited by the lower
reaction temperature.

3. 3. Synthesis of CrN powder

As shown in the phase diagram (Fig. 1), CrN is unstable at temperatures
above 1373K at atmospheric pressure. Therefore, it is difficult to control the
composition of product in the earlier-mentioned reaction temperature range
for Cr2N. So we tried to synthesize pure CrN by further nitriding the fine
particles of Cr2N synthesized from Cr2O3 and carbon, in the stable
temperature range (below 1373K) of CrN.
Thermal analysis was carried out with the Cr2N powder synthesized by carbo-
thermal nitriding at 1393K using TG-DTA in the range of room temperature to
1773K, under nitrogen-hydrogen mixed gas flow. The results obtained are
shown in Fig. 10. With increase in temperature, the weight started increasing
gradually from 733K. Nitriding of Cr2N into CrN advanced up to 1300K.
Beyond this temperature, the weight sharply decreased, reflecting the start of
CrN decomposition. At the temperature range of 1403K to 1773K a mild
decrease in weight was observed with increase in temperature. The rate of
this weight reduction suggested that CrN was decomposing into Cr2N and Cr.
This result suggests that it is possible to synthesize pure CrN from Cr2N by
re-nitriding at a temperature between 733 and 1300K.

300

T200

+ 100

473 673 873 1073 1273 1473 1673 1773

Temperature (K)

Fig.10 TG-DTA curve of nitriding of Cr2N powder
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Table 3 shows the results of analysis of a fine O2N powder synthesized by
carbo-thermal nitriding at 1373K and a CrN powder obtained after heat-
treating this O2N powder at 1173K for 3600 seconds under a nitrogen-
hydrogen mixed gas flow. Both were fine powders with mean particle size of
about 1/vm. The nitrogen content was 11.02% and 20.61%, which are
respectively close to the theoretical nitrogen content of O2N and CrN. The
residual oxygen and carbon, which are impurities, were each less than 1% in
both cases. The CrN powder was purer, with only 0.08% carbon, which was
only about 1/10th of the carbon content in the original C^N powder. Fig. 11
shows a SEM photograph and Fig. 12 shows the results of particle size
distribution of the CrN powder. The CrN particles were spherical and fine like
the Cr2N particles and showed a very narrow particle size distribution.

Table 3 Average particle size and chemical analyses of Cr2N and CrN
powder

Sample

Cr2N

CrN

FSSS (urn)

1.20

1.31

C (%)

0.74

0.08

N (%)

11.02

20.61

O (%)

0.83

0.45

Fig. 11 SEM photographs of the CrN powder
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Fig.12 Particle size distribution of the ON powder
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Conclusion

The following conclusions were obtained in this study on the synthesis of
chromium nitride powder by carbo-thermal nitriding.

1. Carbo-thermal nitriding from Cr2C>3 and carbon black started at 1473K
in nitrogen atmosphere and produced chromium nitride powder.

2. The reaction initiation temperature was lowered to 1353K, when a gas
mixture of nitrogen and hydrogen was used as the atmosphere in the
reaction.

3. Chromium nitride was formed through the intermediate products of
Cr3C2 and Cr2 (CN).

4. The fine Cr2N powder can be synthesized in a mixed gas atmosphere
of nitrogen and hydrogen, and the pure CrN powder can be
synthesized by renitriding of Cr2N powder.

5. The nitrogen contents in Cr2N and CrN powder were 11.02% and
20.60%, which were respectively close to the theoretical nitrogen
values.
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THE IMPROVEMENT OF THE WC-TiC-Co ALLOY PERFORMANCES,

REALISED BY ADDITION OF (Ta,Nb)C

Toma Vasile, Catalin Sfat, Marius Vasilescu, Gherghina Zafiu

Physical Metallurgy Dept, POLITEHNICA University of Bucharest, Romania

ABSTRACT

Hard alloys from WC-TiC-Co system are known such as alloys with good

wear resistance and high temperature stability in service. (Ta,Nb)C carbide

additions improve bending resistance, providing a remarkable corrosion

resistance at temperatures of 800°C. The researches and the results

presented in this paper lead to conclusion that (Ta,Nb)C additions in WC-

TiC-Co alloys are very important and must be considered.

KEYWORDS

Hard alloys, WC-TiC-Co alloys, hard powder product

INTRODUCTION

Hard alloys from WC-TiC-Co system are very appreciated because their

significant improvement of hardness, good high temperature stability and a

better wear resistance. TaC addition in these alloys improves wear resistance

and generally all physical and mechanical characteristics at high

temperatures, bigger than reference WC-TiC-Co alloys.
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EXPERIMENT METHODOLOGY AND CHEMICAL CHARACTERISTICS

For sintering the samples are placed in graphite boxes, protected with

alumina-graphite mixture. The sintering was realised in H2 atmosphere or

vacuum. Sintering temperature was chosen related with the composition,

between 1350 and 1450°C. After sintering stage the samples were prepared

for physico-mechanical and structural characteristics evaluation. Some plate

samples were tested in industrial conditions. Chemical and physical

characteristics of experimental materials are presented in Table 1 for WC-

TiC-Co and Table 2 for WC-TiC-(Ta,Nb)C-Co

Table 1. Chemical and physical characteristics for the system WC-TiC-Co:

ISO

symbol

P01-P05

P10-P15

P30-P35

P40-P45

P50

Code

ACT1

ACT2

ACT4

ACT5

ACT6

Constituents,

%

we TiC

WC-TiC

96

79

85

83

81

15

6

4

4

Co

4

6

8

12

15

Chemical composition,%

Co

4

6

9

12

15

Ti

22

11

4.7

3.8

3.2

CT

9.9

7.8

6.5

6

5.7

CL

Max

0.3

Max

0.25

Max

0.15

Max

0.15

Max

0.1

o2

Max

0.2

Max

0.2

Max

0.2

Max

0.2

Max

0.2

Fe

Max

0.3

Max

0.3

Max

0.3

Max

0.3

Max

0.3

Mean grain

size, |am

1-1.5

2-3

0.8-1.5

1-2

1-1.5

1.5-2

1-2

1.5-3

1-2



154 HM21 T. Vasile et al.

15- International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

Table 2. Chemical and physical characteristics for

the system WC-TiC-(Ta,Nb)C-Co:

ISO

symbol

P01-P05

P10-P15

M10M20

P20-P25

M20M30

P30-P35

M40

P40-P45

P50

Code

ACTT

1

ACTT

2

ACTT

3

ACTT

4

ACTT

5

ACTT

6

Constituents,%

we

56

63.5

72

75.5

79

81

TiC

24

18

10

7

5

2

(Ta,

Nb)

c
16

12

10

8

4

2

Co

4

6.5

8

9.5

12

15

Chemical composition,%

Co

4

6.5

8

9.5

12

15

Ti

14.5

11

9.2

7.3

3.6

1.8

CT

9.5

8.5

7.2

6.7

6.2

5.5

CL

Max

0.3

Max

0.25

Max

0.15

Max

0.15

Max

0.15

Max

0.1

o2

Max

0.2

Max

0.2

Max

0.2

Max

0.2

Max

0.2

Max

0.2

Fe

Max

0.3

Max

0.3

Max

0.3

Max

0.3

Max

0.3

Max

0.3

Mean

grain

size, jam

1-2

1-2

1-1.5

1-1.5

1-1.5

1-2

RESULTS AND DISCUTION

The influence of (Ta,Nb)C carbide addition in WC-TiC-Co alloy system, for

physical and mechanical characteristics were presented in Table 3. For

comparing in Table 4 are presented physico-mechanical characteristics of the

alloys from WC-TiC-Co system.



T. Vasile et al. HM21 155

15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

Table 3 Physical and mechanical characteristics

the system WC-TiC-(Ta,Nb)C-Co:

for

ISO code

Sample

Chemical

Comp.

(%w)

Mean grain

size, îm

we
TiC

(Ta,Nb)C

Co

we
(W.Ti.Ta,

Nb)C

Density,g/cm3

Bending resistance,N/mm2

Hardness HRA

Compress. resist.,KN/mm2

Traction resistance,

KN/mm2

Young's modulus,KN/mm2

Charpy test, J

Electric resistivity, nfJ/cm

Coefficient of termal

expansion, 10-6K

Coercitive force, Oe

Termal conductivity,W/mK

P01-P05

ACTT1

56

24

16

4

1-2

1.5-2.5-

9.40

950

92.5

6.2

600

650

1.1

73

5.1

140.-220

81

P10-P15

ACTT2

63.5

18

12

6.5

0.8-1

2-2.5

10.10

1200

92

5.9

1150

590

1.6

42

5.4

150-200

77

P20-P25

ACTT3

72

10

10

8

1-2

2-3

11.25

1800

90

5.7

1280

580

1.8

38

5.6

100-150

72

P30-P35

ACTT4

75.5

7

8

9.5

1-1.5

1.5-2

12.60

1930

88

5.5

1350

565

2

35

5.75

95-130

71

P40-P45

ACTT5

79

5

4

12

1.5-2

2-3

13.15

2300

87

5.1

1400

540

2.15

29

5.82

60-90

66

P50

ACTT6

81

2

2

15

2-3

1-2

14.35

2650

86.5

4.5

1480

520

2.5

20

6.2

50-60

63
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Table 4.Physical anc

ISO code

Sample

Chemical

Comp.

Mean grain

size, urn

we
TiC

Co

we

WC-TiC

Density,g/cm3

Bending resistance,N/mm2

Hardness HRA

Compress, resist.,KN/mm2

Traction resistance,

KN/mm2

Young's modulus,KN/mm2

Charpy test, J

Electric resistivity, \iMcm

Coefficient of termal

expansion, 10-6K

Coercitive force, Oe

Termal conductivity,W/mK

mechanical characteristics for the system

P01-P05

ACT1

WC-TiC

96

4

1.5-

2.5

3-4

9.5

900

92

6.1

0.59

620

0.5

47

6.6

140

220

82

950

89

5.9

0.6

635

0.55

47

6.6

120

140

80

P10-P15

ACT2

79

15

6

0.8-1

2-2.5

1-1.5

3-3.5

9.9

1150

91.5

5.8

1.1

580

0.77

46

5.6

130

180

78

1500

87.5

5.6

1.14

590

0.8

46

5.6

100

130

76

P20-P25

ACT3

78

14

8

1-2

2-3

2-3

2-5

11.25

1750

87.5

5.5

1.2

570

0.9

42

6.0

100

150

72

1850

86.5

5.0

1.22

585

0.95

42

6.0

80-

100

70

P30-P35

ACT4

85

6

9

1-1.5

1.5-2

1.5-2

2.5-3

12.45

1900

87

5.4

1.3

560

0.93

28.5

5.5

95-

130

70

1950

85

5.2

1.31

570

0.98

28.5

5.5

80-

90

68

WC-TiC- Co:

P40-P45

ACT5

83

5

12

1-1.5

2-3

1.5-2

3-4

13.1
2200

86

4.9

1.34

530

0.98

25

5.9

60-

90

66

2450

84.5

4.2

1.37

550

1.2

25

5.9

50-

60

64

P50

ACT6

81

4

15

2-3

1-2

14.3

2600

86

4.0

1.45

510

1.4

20

5.7

50-60

62

The experimental results lead to the following aspects:

• the density of the products is placed near the theoretical limit, between 86,5

and 92,5 %;
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I bending resistance and traction resistance reveal bigger values for close

concentrations WC/TiC related with Co and TaC amount;

i Young's modulus present approximate constant values relative to those

from literature (520-650 kN/mm2), bigger than those from WC-TiC-Co

system;

i Charpy test reveal bigger values (2-2,5 times) than WC-TiC-Co alloys. The

obtained values are between 1,2 and 2,5 , so tenacity, shock resistance

and wear resistance of (Ta,Nb)C alloys are bigger than alloys without

(Ta,Nb)C.

i crystal size values were placed between 0,8-1,0 and 2-3 am for WC phase

and 1-2,5 am for solid solution (W,Ti,Ta,Nb)C and were related with

measured coercitive force.

i These observations will be supported by structural characteristics of the

alloys used in these experiments. So in Fig.1 are presented the

microstructures for three alloys from WC-TiC-Co system;

(a) (b) (c)

Fig.1 .SEM images for three alloys from WC-TiC-Co:a.ACT1 (WC-Ti-C/1,5 am,

X1500); b.ACT2(WC/1um, WC-TiC3am)x 1500; c.ACT4(WC-

TiC/2,5am),x1500;
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Fig. 2 presents the microstructure of alloys:ACTT1 (a), ACTT4 (b) and

ACTT6 (c).

mmm kmm
(a) (b) (c)

Fig. 2. SEM microstructures of three alloys from WC-TiC-(Ta,Nb)C-Co

system: a.ACTT1(WC/1,5^m,(W,Ti,Ta,Nb)C/2^m),x 1500;

b.ACTT4(WC/1,1 nm,(W,Ti,Ta,Nb)C/1,5^m),x 1500;

c.ACTT6(WC/2^m,(W,Ti,Ta,Nb)C/2nm),x 1500;

If the presented microstructures are compared, it can be seen that in case of

Ta and Nb addition, the carbide grains have not spherical forms such as

complex carbides WC-TiC (Fig.1). This phenomenon it can be explained by

diffusion supplemental processes of (Ta,Nb)C in order to form (W,Ti,Ta,Nb)C

solid solution.

CONCLUSIONS

The (Ta,Nb)C carbide using like addition in WC-TiC-Co alloys system,

although is considered not important by some authors, it can provide major

advantages for the mechanical characteristics of the alloys. The experiments

presented in this paper show the fact that (Ta,Nb)C addition can be very

important.
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Then although lead to hardness improvement, (Ta,Nb)C addition increase

bending resistance. TaC additions improves the corrosion resistance and

wear resistance of the alloys from WC-TiC-Co system. At 800°C corrosion

resistance increase 3 times than the alloys from WC-TiC-Co system.

Likewise, if at normal temperature the influence of TaC addition is not

significant relative to physical and mechanical characteristics, instead at high

temperatures almost all physical and mechanical properties are better.

All these conclusions are supported by industrial tests realised on carbide

alloy bits, made by tested alloys.

REFERENCES

1. Fahrmann M. et al.Hardmetall-PMI 4/1991, pp 211-216

2. Karwata T. et al., 7-th K.M.P.,Krakow,1998,pp 417

3. Nenridich J. et al., Powder Met.lnt., 3/1991, pp181-184

4. BhaumikS.K., Mater.Sci.Technol., 8/1991, pp723-727



ATO100449
160 HM22 T. Vasile et al.

15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

The Improvement of Classical Alloys by Adding Cr3C2 Carbides

Toma Vasile, Gherghina Zafiu, Marius Vasilescu,

ioana Vasilescu, Catalin Sfat

Physical Metallurgy Dept, POLITEHNICA University of Bucharest, Romania

Abstract

To improve the mechanic characteristics, especially hardness and strength,
the literature of specialty recommend the use of Cr3C2 carbides more than
0,5%. In this paper the research made emphasis that also at contents of
maximum 0,5% Cr3C2 can be obtain certain performance for hard alloys from
WC-Co system with Cr3C2 addition.

Keywords

Cr3C2, carbides, addition, W, Co, hardness, strength

Introduction

Through hard alloys from WC-Co class is based on the use of some deficitary
metals like W and Co, today there are many hard alloys without W and even
without Co which can replace the WC-Co hard alloys. There are however
some utilization domains in which WC-Co hard alloys can not be replace,
respective those hard alloys which have high elastic modulus, tenacity, wear
and impact resistance in dynamic conditions, such as mining and oil drilling
on hard rocks and processing of composite materials with ceramic insertions.

The main research objectives have in view the performance
improvement of hard alloys from WC-Co class through Cr3C2 addition.

The presence of Cr3C2 in WC-Co system make possible the obtaining of
some sintered products with fine-grained, thanks to the fact that this type of
carbide lay down at WC grain limit prevent thus their growing during the
sintering process. The alloys with low Cr3C2 contents (0,5%) have wear
resistance, low porosity, high resistance at chemical agents and oxidizing.

These hard alloys are frequently used in the manufacture of cutting
tools and also for drilling tools, dies, piercers, discs, guards, pistons, balls,
abrasive shot and others.
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The characterization and interpretation of experimental results

The research have in view the determination of optimal compositions, of
carbides and metallic bond mixture grain size distribution, of pressing and
sintering conditions.
For these research were prepared two group of mixture, one for WC-Co
system, with contents of Co between 2 and 30%, using different range of WC
(as comparizing element), and other for WC-Cr3C2-Co system with contents
of Co between 3 and 13% and 0,5% Cr3C2.
The characteristics of mixture for WC-Co system are presented in Table 1
and those for WC-Cr3C2-Co system are presented in Table 2.

Table 1. Chemical and physical characteristics of mixtures in WC-Co system:

ISO
symbol

K01

K05

K10

K15

K20

K30

K40

K45

K50

G20

G25

G30

Code

AC1

AC2

AC3

AC4

AC5

AC6

AC7

AC8

AC9

Constituents,
%

WC

98

97

95.6

94

94

92

90

85

85

AC10 80

AC11 | 75

AC12 70

Co

2

3

4.4

6

6

8

10

15

15

20

25

30

Chemical composition, %

Co

2

3

4.4

6

6

8

10

15

15

20

25

30

CT

Min
6.03
Min
5.97
Min
5.88
Min
5.78
Min
5.78
Min
5.66
Min
5.54
Min
5.23
Min
5.23
Min
4.92
Min
4.61
Min
4.31

cL
Max
0.1
Max
0.1
Max
0.1
Max
0.2
Max
0.2
Max
0.3
Max
0.3
Max
0.5
Max
0.5
Max
0.5
Max
0.6
Max
0.6

o2
Max
0.2
Max
0.2
Max
0.2
Max
0.3
Max
0.3
Max
0.3
Max
0.5
Max
0.5
Max
0.5
Max
0.5
Max
0.5
Max
0.5

Fe

Max
0.2
Max
0.2
Max
0.2
Max
0.3
Max
0.3
Max
0.3
Max
0.4
Max
0.5
Max
0.5
Max
0.5
Max
0.5
Max
0.6

Medium size of
WC grain, |im

<1

1-1.5

1-2

1-2.5

2-3

2-3

2-3

2-3

2.5-4

2-3

2-3

2-3
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Table 2. Chemical and physical characteristics of mixtures in WC-Cr3C2-Co
system:

ISO
symbol

K01

K05

K10-
K20
K20-
K30
K40

M10

Code

ACC1

ACC2

ACC3

ACC4

ACC5

ACC6

Constituents,
%

we

96.5

95

93.5

90.5

90.5

86.5

Cr3C2

0.5

0.5

0.5

0.5

0.5

0.5

Co

3

4.5

6

9

9

13

Chemical composition, %

Co

3

4.5

6

9

9

13

Cr

0.5

0.5

0.5

0.5

0.5

0.5

CT

6

6

5.8

5.7

5.7

5.5

CL

Max
0.1
Max
0.1
Max
0.1
Max
0.2
Max
0.2
Max
0.3

O2

Max
0.2
Max
0.2
Max
0.2
Max
0.3
Max
0.3
Max
0.4

Fe

Max
0.2
Max
0.2
Max
0.3
Max
0.3
Max
0.3
Max
0.4

Medium size
of WC grain,

j^m

1-1.5

1-1.5

1-1.5

1-1.5

1-1.5

1-2

From these two table can be observed that mixtures from WC-Cr3C2-Co
system have a more fineness and homogeneous than mixtures from WC-Co
system.
In Table 3 are presented the physical and mechanical characteristics of WC-
Co sintered products, and mechanical characteristics of WC-Co sintered
products, and in Table 4 are presented the characteristics of sintered
products WC-Cr3C2-Co system.
Such as results from Table 3 and 4, the Cr3C2 adding do not influence the
alloys density because there are in a very low quantity. A significant influence
have the Cr3C2 adding over the HRA hardness through increasing of the
values for the same Co content (3%) from 91.5 to 92, for a Co content of 4%
from 91 to 91.2, and for 6%Co from 90 to 91.
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Table 3. Physical and mechanical characteristics for WC-Co system:

ISO code

Sample

Chemical
Comp. %

WC

Co

Medium size of WC
grain, nm
Density, g/cmJ

Bending resistance,
N/mm2

Hardness HRA

Compress. Resist.,
KN/mm2

Traction resistance,
KN/mm2

Young's modulus,
KN/mm2

Charpy test, J

Electric resistivity,
nfi/cm
Coefficient of
thermal expansion
20-650°C, 10"6K
Coercitive force, Oe

Thermal
conductivity, W/mK

K01
AC1

98

2

<1

15.3

1130

92.8

6

1200

670

1.0

16

4.8

250-
280
130

K05
AC2

97

3

1-1.5

15.28

1450

91.5

5.5

1300

650

1.0

17

5.2

170-
200
120

K10
AC3

95.6

4.4

1-2

15.13

1800

91

5

1500

630

1.0

16

5.2

140-
180
100

K15
AC4

94

6

2-3

14.9

2150

90.5

4.4

1600

630

1.5

19.2

5.2

200-
250
80

K20
AC5

94

6

3-4

15

2600

90

4.3

1580

610

1.6

18.8

5.3

130-
160
80

K30
AC6

92

8

3-4

14.6

2780

89.2

4.3

1700

600

1.7

18

5.5

50-70

75

K40
AC7

90

10

3-4

14.54

2900

88.8

4

1800

590

1.9

17

5.8

80-
100
67

K45
AC8

85

15

3-4

14.0

3000

87.5

4

1900

540

2.4

19

6.2

80-90

60

K50
AC9

85

15

4-5

14.1

3100

87.3

3.8

1850

510

2.5

18

6.4

70-80

55

G20
AC10

80

20

3-4

13.63

3170

85.3

3.4

1950

500

2.7

19

6.8

75-90

53

G25
AC11

75

25

3-4

13.2

3200

83.5

3.2

2100

470

2.0

18

7.0

60-80

50

G30
AC12

70

30

3-4

12.7

3250

83

3

2175

420

3.1

19

7.5

55-70

50

Table 4. Physical and mechanical characteristics for WC-Cr3C2-Co system:
ISO code

Sample

Chemical
Comp. %

WC

Cr3C2

Co

Medium size of WC grain, \im

Density, glcm"

Bending resistance, N/mm'

Hardness HRA

Compress. Resist., KN/mm'

Traction resistance, KN/mm'

Young's modulus, KN/mm'

Charpy test, J

Electric resistivity, nQ/cm

Coefficient of thermal expansion
20-650°C, 10"6K
Coercitive force, Oe

Thermal conductivity, W/mK

K01
ACC1

96.5

0.5

3

<1

15.28-15.6

1460

92

5.5

1350

680

1.1

19

5.1

180-220

130

K05
ACC2

95

0.5

4.5

<1

15.0-15.2

1900

91.2

5.1

1600

650

1.6

17

5.1

150-200

120

K10-20
ACC3

93.5

0.5

6

<1

14.6-15.0

2200

91

4.6

1650

640

1.65

20

5.4

220-260

100

K20-30
ACC4

90.5

0.5

9

<1

14.4-14.8

2800

89.2

4.35

1700

610

1.74

19

5.6

90-110

75

K40
ACC5

90.5

0.5

9

1-1.5

14.6-15.0

2900

88.8

4.0

1750

590

1.85

17

5.8

80-90

70

M10
ACC6

86.5

0.5

13

<1

14.0-14.5

3000

87.5

3.8

1850

570

2.1

18

6.2

70-80

65
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In Figure 1 are presented the microstructure of three alloys from WC-Cr3C2-
Co system, and in Figure 2 the microstructure of three types of alloys from
WC-Co system.

mmffim
(a) (c)

Fig. l The SEM microstructure of three alloys from WC-Cr3C2-Co system:
(a)ACC1 (WC-^0.6um), x 1500 ; (b) ACC2 (WC^0.8um), x 1500 ;

(c)ACC3(WC^1um), x 1500.

(a) (b)

Fig.2. The SEM microstructure of three alloys from WC-Co system-
(b)AC2 (WC-+1-2um), x 1500 ; (b) AC3 (WC-»1.6um), x 1500 ;

(c)AC4 (WC^2um), x 1500.

The coercitive force in case of alloys with greater Cr3C2 content is bigger than
for similar alloys from WC-Co system. This results because of more uniform
distribution of Co through WC grains. In Figure 3 (a) and (b) can be observed
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how the presence of O3C2 influence the distribution of Co phase between
carbide grains, comparatively in two system of alloys WC-Co and WC-
Co.

A

Fig.3. The distribution of Co phase between carbide grains:
(a)WC-Co system, x 1500 ; (b) WC-Cr3C2-Co system, x 1500 ;

The presence of Cr3C2 during mixture homogenizing prevent the components
agglomeration, but the main role of Cr3C2 is observed during sintering, when
their presence lead to inhibition of recrystallization process of WC grains.
For a efficient action Cr3C2 must be present in a few percent, so at contents
higher than 0.5%, but in case of this research Cr3C2 was of 0.5%.

Conclusions

are used both as granulometric refining agent and as inhibitor of these
increase of WC grains in sintered product. During sintering, take place the
dissolution of small WC particle and their precipitation on big particle which
lead to increase of grains of fragile phase tensions concentrated and in the
end leads to decrease of piece exploitation time. The role of Cr3C2 is that
through there distribution at WC grain limits to prevent or to hinder the
dissolution and reprecipitation of WC.
The physics and mechanical characteristics are influence in principal by Co
proportion as well by form and distribution of WC carbide. In these research
the presence of Cr3C2, even at concentration of 0.5%, represents a solution
worthy of being toke in consideration through direct effect over hardness and
so over wear resistance.
In Figure 4 are presented the microfractography (a) and X-ray images for W
(b) and Co (c) for the AC6 alloy. From the Figure 4 (a), can be observed that
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the fracture is intercrystalline through binder phase, and in Figure 4 (b) and
(c) the uniform distribution of W and Co.

Fig.4. The SEM microfractography (a) x 1500 and X-ray image for W (B) and
Co (c) of AC6 sintered product.

Fig.5. The SEM microfractography (a) x 1500 and X-ray image for W (b),
Cr (c) and Co (d) of ACC4 sintered product.
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In Figure 5 are presented the microfractography (a) and X-ray images (b), (c)
and (d) for ACC4 sintered product. It can be observed very fine grains, and
fracture is intercrystalline through Co binder phases. Also, the W (b), Cr (c)
and Co (d) distribution is uniform.
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Properties of Cemented Carbides Alloyed by Metal Melt

Treatment

Anatoly F. Lisovsky

Institute for Superhard Materials, 2, Avtozavodskaya, 04074 Kiev, Ukraine

Summary:

The paper presents the results of investigations into the influence of alloying
elements introduced by metal melt treatment (MMT-process) on properties of
WC-Co and WC-Ni cemented carbides. Transition metals of the IV - VIII
groups (Ti, Zr, Ta, Cr, Re, Ni) and silicon were used as alloying elements. It
is shown that the MMT-process allows cemented carbides to be produced
whose physico-mechanical properties (bending strength, fracture toughness,
total deformation, total work of deformation and fatigue fracture toughness)
are superior to those of cemented carbides produced following a traditional
powder metallurgy (PM) process. The main mechanism and peculiarities of
the influence of alloying elements added by the MMT-process on properties
of cemented carbides have been first established. The effect of alloying
elements on structure and substructure of phases has been analyzed.

Keywords:

Cemented carbide, properties, metal melt treatment, alloying elements

1. Introduction:

Cemented carbides are, as a rule, alloyed by adding a chemical element to
the initial mixture of powders from which specimens are prepared following a
traditional PM technology. It should be noted that addition of an alloying
element to the mixture can significantly change conditions of the formation of
cemented carbides during sintering. Thus, additions of V, Ta and Cr favor the
formation of very fine-grained structure [1].
At present a new technology is developed of treatment of as-sintered carbide
articles with a metal melt (MMT-process) [2], which allows both local and bulk
alloying of cemented carbide articles. The MMT-process is based on the
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phenomena of the metal melt imbibition by sintered pore-free composition
materials [3]. One of the special features of the MMT-process is the
reconstruction of a high-melting skeleton during the metal melt imbibition.
This can affect the cemented carbide properties. Our studies have shown that
the common practice for alloying cemented carbides and the adding of
alloying elements by the MMT-process differ essentially. The data on the
influence of alloying elements on properties of cemented carbides produced
by a traditional technique cannot be applied to cemented carbides prepared
by the MMT-process. There is only small quantity of publications concerned
with alloying cemented carbides by the MMT-process [2, 4, 5]. For this
reason, a need has arisen for generalizing the findings [2, 4, 5] and to
supplement them with our new results.

2. Experimental:

Studied were WC-Co and WC-Ni cemented carbides. To alloy the cemented
carbides, metals Ti, Zr, Ta, Cr, Re, Ni and silicon were used. At first we take
a look at the procedure used to study WC-Co cemented carbides. The initial
specimens were made using a traditional PM method from WC-6C0
cemented carbide. The specimens contained 6.0 mass % Co, 94.0 mass %
WC, graphite and the rirphase were not present. The specimens were
dipped in cobalt melts alloyed with the above elements (except for Re) in a
vacuum furnace at 1390 °C. The cobalt melt alloyed with Re was heated to
1410 °C. Compositions of the melts used in tests are given in Table 1. The
metal melts were saturated on carbon and tungsten, which was due to the
introduction of excess W and C into the melts. The specimens were held in
the cobalt melt for 20 s. During that time the specimens imbibed the cobalt
melt together with alloying elements. Thereupon the specimens were
removed from the melt and subjected to homogenizing annealing at the same
temperature for 600 s. During annealing the liquid phase content and
composition equalized throughout the bulk specimens. Once the cobalt melt
had been imbibed, the binder content of the specimens increased from
6.0 mass % to 9.5±0.1 mass % (15.5 vol %). Specimens whose binder
content was not in that range were rejected. Every alloying element and as-
received test specimen were given a serial number, a binder elemental
composition was specified. For comparison, cemented carbide specimens
(9.5 mass % Co + 90.5 mass % WC) were prepared following a traditional
technology (compaction of the mixture followed by sintering). The specimens
were designated WC-10Co. In WC-Co cemented carbides, the binder was a
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solid solution of W and C in Co. Hereafter the solution will be subsequently
referred to as "6-phase".

Melt

1(Co)
2(Co, Ti)
3(Co, Zr)
4(Co, Ta)
5(Co, Cr)
6(Co, Ni)
7(Co, Re)
8(Co, Si)

9(Co, Ni, Si)
10(Ni)

11 (Ni, Re)
12(Ni, Si)

13(Ni, Re, Si)

Co
65.0
65.0
65.0
65.0
65.0
35.0
31.0
65.0
35.0

-
-
-
-

Ni
-
-
-
-
-

30.0
-
-

30.0
65.0
31.2
65.0
32.0

Table '
Composition

W

32.8
28.2
28.2
27.8
27.7
32.8
32.2
30.8
30.8
32.8
32.0
30.2
30.1

Compositions of metal melts
, mass %

C
2.2
2.8
2.8
2.2
2.3
2.2
2.8
2.2
2.2
2.2
2.9
2.3
2.9

Alloying element
-

4.0 Ti
4.0 Zr
5.0 Ta
5.0 Cr

-
34.0 Re
2.0 Si
2.0 Si

-
33.9 Re
2.5 Si

32.5 Re, 2.5 Si

The composition and structure of the specimens were studied by optical,
SEM and TEM methods as well as by X-ray spectrum and X-ray diffraction
analyses following the procedures described in [2, 4 - 6]. To study the effect
of mechanical stresses on cobalt polymorphic transformation in the B-phase,
the specimens were annealed in vacuum at 950 °C for 1800 s and allowed to
cool. Some of the specimens were subjected to cyclic three-axial
compression at 1500 MPa (10 cycles). X-ray diffraction analysis and
transmission electron microscopy were used to determine the content of Cofcc

and Cohcp polymorphic phases.
Specific surface of WC particles (SvWC) and specific WC/Co interface
(SyWC/Co) were measured on an optical microscope (2000x magnification) by
the method of superposition of random intercepts. Relative errors of
measurements did not exceed 5% with a degree of certainty of 0.95. Particle
contiguity (CWc) was calculated from the equation put forward by Gurland

= 2A/wc/wc/(2A/wc/wc
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where N is the number of intercepts of the secant and the contact surface
(WC/WC) and the interface (WC/Co) per unit intercept length.
Stereological characteristics of the test specimen structures are listed in
Table 2.

Specimen

designation

WC-6C0

WC-10CO

1(Co)
2(Co, Ti)
3(Co, Zr)
4(Co, Ta)

5(Co, Cr)

6(Co, Ni)
7(Co, Re)

8(Co, Si)
9(Co, Ni, Si)

Phase
composition,

vol%

we

90.0

84.5
84.5

84.5
84.5
84.4
84.4
84.4
84.6
84.4
84.4

p-phase

10.0

15.5

15.5

15.5
15.5
15.6
15.6

15.6
15.4

15.6
15.6

Table 2 . Structure of WC-Co specimens
Stereological characteristics of the specimen

structure

0 WC

mm2/mm3

2160

2140
2120

2140
2140
2160
2160

2140
2100
2140
2140

O WC/Co

ov
mm2/mm3

660
805

910

915
910
920

920

920
905

950
950

Cwc

0.694

0.623

0.570

0.572
0.572
0.574
0.574

0.570
0.570

0.556
0.556

dwc, |nm

3.60

3.63
3.64

3.62
3.62
3.50
3.56
3.64
3.67

3.63
3.63

The bending strength (abend) and the fracture toughness (K\c) were measured
according to the ISO Standards. The compression strength (acomp), yield
stress K , ) and total deformation (etot) were measured on cylindrical
specimens 8 mm in diameter and 16 mm in height. From the compression
diagram, which was constructed on the load - deformation coordinates,
plastic and elastic components of deformation (spi and sei, respectively) as well
as the total work of deformation (Aot) and its plastic (>4P|) and elastic (>4ei)
components were calculated. The Api/Aei ratio is the energy absorbability
coefficient {X) of a material [7]. The i coefficient was calculated for all test
specimens.
The microhardness (HH) and the elastic modulus (£) of the p-phase were
measured on a Nano Indenter II device under a varying load, which increased



172 HM23 A.F. Lisovsky et al.

15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

up to 10 )j.N at a rate of 1 \xN/s. The specimens were held under that load for
20 s and then unloaded at a rate of 1 ^N/s. The load measuring error was
±75 nN.
To evaluate the effect of alloying elements on the p-phase properties, alloys
of the composition identical with that of the p-phase in specimens 1 through 9
were additionally prepared from which specimens 8 mm in diameter and
16 mm in height were casted. These specimens were tested for compressive
yield stress and ultimate strain. The results are tabulated in Table 3. It should
be noted that the tabulated values of the yield stress (a§.,) and deformation (s)
were measured on bulk specimens, and for this reason, as applied to thin
interlayers of the p-phase in the specimens, these data should be used as
approximate ones.

Table 3. Composition and properties of the p-phase

Specimen

designation

WC-6C0

WC-10CO

1(Co)

2(Co, Ti)

3(Co, Zr)

4(Co, Ta)

5(Co, Cr)

6(Co, Ni)

7(Co, Re)

8(Co, Si)

9(Co, Ni,
Si)

Chemical composition
of the p-phase*, mass

W

12.4

12.2

11.6

11.5

11.6

11.5

11.8

12.1

9.2

9.1

10.5

Co

87.6

87.8

88.4

88.3

88.2

88.3

85.1

68.9

69.6

89.7

69.8

Alloying
elements

-

-

-

Ti < 0.2

Zr<0.2

Ta < 0.2

3.1 Cr

19.0 Ni

21.2 Re

1.2 Si

18.5 Ni
1.2 Si

Phase composition
of the p-phase**

As-
annealed

a

a

a

a

a

a

a

a

a+e

a+s

a

As-
pressure-
treated

a+e

a+e

a+s

a+s

a+s

a+s

a+e

a

a+e

a+s

a

Properties of t

H^, GPa

5.8

5.8

5.8

5.4

5.6

5.5

5.9

3.9

7.9

5.9

3.9

E, GPa

264

265

264

265

268

284

250

262

348

272

260

he p-phase

c

MPa

0.30

0.30

0.30

0.31

0.32

0.34

0.32

0.21

0.45

0.34

0.25

s, %

19.8

19.8

19.8

19.2

19.4

19.6

19.0

29.8

19.0

19.6

28.9

Chemical composition is given without regard for the carbon content,
a- and s-phases stand for Cofcc and Concp, respectively.
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The cyclic fracture toughness experiments were performed on SENB
cemented carbide specimens measuring 5x5x35 mm [4, 5] in resonance
mode in the 280 to 330 Hz range under asymmetric loading cycle (the
asymmetry coefficient was 0.5 - 0.8). The load for each lot of specimens was
selected by experiments such that the time of the fatigue crack initiation from
the notch was the same for all the specimens and was limited by a base of
400,000 cycles. The test results were represented as a fatigue failure
diagram constructed on the fatigue crack growth rate (\gv) - stress intensity
factor (K|) semilog coordinates. From the diagram, a relative threshold stress
intensity factor {Kth) and a relative critical stress intensity factor (Kfc) were
determined for each lot of specimens. The Kth and Kfc coefficients were
measured as the stress intensity factor K\ at the fatigue crack growth rate v of
10"9m/cycle and 10~6m/cycle, respectively.
To study the effect of alloying elements on physico-mechanical properties of
WC-Ni cemented carbides, initial specimens of WC-6Ni cemented carbide
(6.1 mass % Ni, 93.9 mass % WC) were prepared following a common
procedure. After treatment with the 10(Ni) melt, the composition of the above
specimens was as follows: 9.5+0.1 mass % Ni and 90.5 mass % WC,
average WC particle size was 2.3 urn The WC-6Ni specimens were
alloyed with Re and Si using 11 (Ni, Re), 12(Ni, Si) and 13(Ni, Re, Si) melts
following the above procedure.

3. Results and discussion:

Our findings have shown that Ti, Zr, Ta, Cr, Ni, Re and Si alloying elements
did not exert any action on the composition and structure of WC. These
elements had an impact on the compositions and structures of the p-phase
and interfaces.
The WC-10Co specimens prepared by a traditional procedure and the 1(Co)
specimens produced from WC-6C0 cemented carbide by the MMT-process
were the same in composition, the (3-phase and WC contents, the size of WC
particles, and differed in values of specific interface sv

wc/Co (see Tables 2 and
3). The 1(Co) specimen featured a more developed WC/Co interface which
was responsible for higher values of bending strength, work of deformation,
the coefficient X, and plastic and fatigue characteristics as compared with the
WC-10Co specimen (Table 4). The develop WC/Co surface of the 1(Co)
specimen formed during the imbibition of the cobalt melt. This process was
accompanied by a partial fracture of the carbide skeleton [3]. Thus, using the
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MMT-process, one can produce cemented carbides with higher mechanical
properties. In the subsequent discussion we will compare physico-mechanical
properties of alloyed specimens with those of the 1(Co) specimen used as a
reference.
The findings of our investigations have shown that Ti, Zr and Ta alloying
elements did not exert a pronounced effect on the composition, properties
and structure of the p-phase as well as on the stereological properties of the
specimens under study. X-Ray spectrum analysis did not reveal the above
elements in the p-phase as their content was below the instrumental
resolution (0.15 mass %). Specimens 2(Co, Ti), 3(Co, Zr) and 4(Co, Ta)
exhibited lower abend values and the fatigue characteristics as compared to
the reference specimen 1(Co), the other properties were comparable with
those of the reference specimen. Electron microscopy has revealed that
these elements deposit at the WC/WC and WC/Co interfaces as submicron
particles of complex carbides [5]. These particles weaken the interfaces,
which is likely to be the cause of lower abend values.

Table 4. Physico-Mechanica! properties of WC-Co cemented carbides
alloyed by the MMT-process

Specimen
designation

WC-6C0

WC-10Co

1(Co)

2(Co, Ti)

3(Co, Zr)

4(Co, Ta)

5(Co, Cr)

6(Co, Ni)

7(Co, Re)

8(Co, Si)

9(Co, Ni, Si)

Kic,
MPa-m0-5

12.3

14.6

14.9

14.2

14.1

14.3

14.4

15.3

12.0

14.9

15.3

CTbend

MPa

2000

2310

2530

2410

2420

2450

2480

2460

2720

2620

2680

CTcomp,

MPa

5000

4550

4460

4460

4460

4480

4480

4340

4680

4470

4370

<*;,.
MPa

4620

4010

3890

3890

3890

3940

4020

3780

4290

3820

3780

.tot
4jef •

MJ/m3

65

78

84

80

80

90

91

101

77

90

110

Apt,

MJ/m3

33

46

53

49

50

58

59

71

43

62

78

X

1.0

1.4

1.7

1.6

1.7

1.8

1.8

2.4

1.3

2.2

2.5

Stot,
%

1.1

1.4

1.8

1.8

1.8

1.9

2.0

2.4

1.6

2.2

2.6

£Pl,
%

0.5
0.8
1.1

1.1

1.1

1.2

1.3

1.7

0.8

1.5

1.8

MPa-m05

6.8

7.4

8.0

7.7

7.9

7.2

8.0

9.7

7.0

8.7

10.2

MPa-m05

10.6

11.0

11.7

11.4

11.6

11.9

11.6

13.2

10.7

12.6

13.8

Chromium dissolved partially in the p-phase, however it did not cause any
pronounced changes either in its properties or in the stereological
characteristics of the specimens. The effect of Cr on elastic and plastic
properties of the specimens was unessential as well. Addition of Ni caused a
market improvement in plastical and fatigue characteristics of the specimens
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(see Table 4), in this case, a slight decrease in CTbend and acomp was observed
as compared with the reference 1(Co) specimen. It should be noted that
nickel did not affect stereological characteristics of the specimen structure,
but changed the phase composition of the p-phase. Nickel stabilized the
cubic modification of cobalt in the p-phase. Cubic modification of Co (COfCC) is
more plastic phase as compared to hexagonal modification of Co (Cohcp), as it
has four planes of easy slippage in the <110> {111} system, while Concp has
only one plane of easy slippage [8]. This means that in cemented carbides in
which the p-phase has a cubical crystal lattice, stress relaxation proceeds
easily by the p-phase deformation. These processes have been responsible
for both lower H^ values of 6(Co,Ni) specimens and higher plastic
characteristics of the p-phase as compared to the 1(Co) specimen. It should
be noted that in as-annealed 1(Co), 2(Co, Ti), 3(Co, Zr), 4(Co, Ta), and
5(Co, Cr) specimens, cobalt in the p-phase was in its cubic modification
(COfCC), however, under the action of stresses induced by volume
compression partial Cofcc—> Concp transformation took place thus reducing the
plastic properties of the p-phase (see Table 3). It is clear from these findings
that in testing the above specimens for strength as well as in hardness
testing, the Cofcc-> Concp polymorphic transformation occurs in the p-phase
too, thus affecting the specimen properties [9].
Rhenium formed the Co(Re, W, C) solid solution in the p-phase which had
high Hp, E and a§, values. From our investigations (see Table 3), the as-
annealed specimens showed the presence of Cohcp interlayers in the
p-phase. The volume compression of the 7(Re, Co) specimens promoted
further COfCC-»Concp transformation, as evidenced by an increase in the
characteristic line intensity in X-ray patterns. Our previous electron
microscopic observations have also shown that Re facilitates the
COfcc-»Cohcp polymorphic transpormation in the p-phase [10]. These
changes in the p-phase were responsible for higher elastic properties (c7comp,
oj,) and lower plastic properties (e) in the 7(Co, Re) specimens. Also, lower
values of K\c, work of deformation and the energy absorbability coefficient X
were obtained for these specimens. Analysis of both the structure of the
7(Co, Re) specimens and the composition and structure of the p-phase does
not allow the explanation of the ultimate bending strength growth. An
additional lot of Re-alloyed specimens was prepared using a traditional
technology. The binder content of those specimens was 16.1 vol%, the size
of WC particles was 3.81 (im. The p-phase contained 20.8 mass % Re and
9.0 mass % W. The ultimate bending strength of the specimens was
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2200 MPa, i.e. below the values for the WC-10Co and 1(Co) specimens.
Thus, an increase of abend up to 2720 MPa for 7(Co, Re) specimen is the
phenomenon of the MMT-process and calls for further investigation.
Our findings have shown that addition of silicon facilitated formation of more
developed SvWC/c° interface in the 8(Co, Si) specimens. Despite the fact that
compared to the reference 1(Co) specimen, an increase in SyWC/Co was only
40 mm2/mm3, which is within the interface measuring error, this result is
considered to be reliable, as it is reproduced in all Si-alloyed specimens and
was proved by us in [2]. Also, silicon is a surfactant in the Co melt [2], breaks
the carbide skeleton very actively when penetrating into cemented carbides
[11] and is adhesion active at the WC/Co interface [2]. Combined action of
the above factors allowed an increase in ultimate bending strength, work of
deformation, coefficient X and plastic characteristics of the 8(Co, Si)
specimens (see Table 4). Addition of Si decreased the W solubility in the p-
phase of the 8(Co, Si) specimens to 9.04 mass %. A decrease of the W
solubility in the p-phase of WC-Co cemented carbides produced by a
traditional procedure reduces physico-mechanical properties of the alloys
[12]. In addition, according to our findings presented in this paper and the
data given in [2], silicon, as well as rhenium, contributes to the Cofcc-> ConCp
polymorphic transformation thus reducing plastic characteristics of cemented
carbides. In case where Si is added by the MMT-process, the effect of these
negative factors is compensated for by a number of the above-enumerated
positive factors peculiar to the MMT-process (an increase in the WC/Co
interface, a partial breakage of the carbide skeleton, etc.).
Combined alloying of specimens with nickel and silicon, increases plastic and
elastic properties of the 9(Co, Ni, Si) specimens due to the joint action of
these elements on the specimens' structure and composition. Despite the
presence of Si, cobalt in the p-phase of the 9(Co, Ni, Si) specimens was in its
cubic modification. This fact was responsible for higher values of the work of
deformation, the A. coefficient and plastic characteristics of cemented carbide.
Of special interest are values of fatigue fracture toughness of alloyed
specimens (see Table 4). The 1(Co) specimens produced by the MMT-
process surpassed the WC-10Co specimens in fatigue behavior. Ti, Zr, Ta,
and Cr, alloying elements affected only slightly the specimens' fatigue
fracture toughness. Addition of Ni and Si considerable increased the fatigue
fracture toughness and particularly in the case of combined alloying (Ni + Si)
of the 9(Co, Ni, Si) specimens. Addition of Re reduced the value of this
parameter.
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The influence of both the MMT-process and alloying elements on the fatigue
fracture toughness is explained from the mechanism of the fatigue cracks
initiation. Under fatigue loading, COfCC transforms into Cohcp in the p-phase [9],
the p-phase loses its plastic properties and the ability to relax local stresses.
For this reason, microcracks initiate at the WC/Co and WC/WC interfaces,
extend along these interfaces and arrest in the P-phase interlayers. Silicon,
as a surfactant, can greatly improve the adhesion between the p-phase and
WC particles, thus retarding the fatigue microcracks initiation at interfaces.
Nickel, which stabilizes the Co cubic modification in the p-phase, preserves
its high ability to retard the microcracks development in the p-phase.
Combined action of Ni and Si enhances the above effects and allows one to
improve the fatigue characteristics of WC-Co cemented carbides.
A high elasticity of the Co(Re, W, C) solid solution, the presence of a great
amount of the Concp in the p-phase contributed to the microcracking of the
p-phase thus decreasing the fatigue fracture toughness of the 7(Co, Re)
specimens. A special feature of the WC-Co cemented carbides is that the
alloying elements under consideration did not affect the WC carbide phase,
but changed the composition and the structure of the p-phase and the
interfaces. Analysis of the experimental results (see Tables 2 - 4 ) has shown
that elements which show a great affinity for carbon, e.g., Ti, Zr, and Ta,
affected, mainly, the composition and the structure of the WC/Co and
WC/WC interfaces. These data are supported by TEM observations [5].
Analysis of our findings allows us to predict the same dependence of the
WC-Co properties on Hf and Nb. Chromium dissolves partially in the p-phase,
affect its structure and properties only slightly, and for this reason its influence
on the WC-Co properties is of no significance. It should be noted that V, Nb,
Ta and Cr added into the WC-Co cemented carbide by a traditional
technology strongly affect the cemented carbide structure formation during
liquid-phase sintering, which makes it possible to produce very fine-grained
cemented carbides [1]. These elements when added by the MMT-process
does not affect the size of WC particles because they penetrate into the
cemented carbide after termination of liquid-phase sintering.
A strong influence of Re and Ni on the WC-Co cemented carbide properties is
due to substantial changes in the p-phase composition, structure and
properties. We believe that Ru, Os and Ir will influence the cemented carbide
properties just in the same manner as Re does. When alloying WC-Co
cemented carbides with the above elements, one should take into account
that Ru and Os contribute to the Cofcc-> Cohcp polymorphic transformation,
while Ir stabilizes the Co cubic modification.
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Our investigations make it possible to decide on the methods of alloying
WC-Ni cemented carbides by the MMT-process. In these cemented carbides,
the binding metal (the Ni(W, C) solid solution) has a stable cubic modification
and is a plastic material. For this reason, the most efficient elements added
by the MMT-process are Re, Ru and Si. Our experiments on specimens
prepared by the above procedure supported this idea (Table 5). Addition of
Re and Si allowed higher values of abend, crcomp and oj, to be obtained with
retaining a high level of plastic characteristics of the WC-Ni cemented
carbide.

Table 5. Physico-mechanical properties of WC-Ni cemented carbides by the
MMT-process

Specimen
designation

WC-6Ni

10(Ni)
11(Ni, Re)

12(Ni, Si)
13(Ni, Re, Si)

Kic,

MPa-m05

13.0

16.0
15.8
16.1
15.9

MPa

1900

2380
2500

2590
2640

MPa

4620
4110
4500
4490

4520

o5.,. MPa

4270

3540
3920
3860

3940

MJ/M3

72
121

119
120
122

A*
MJ/m3

41

90
87

90
89

X

1.3
2.9
2.7
3.0
2.7

Stoti

%

1.2
2.7

2.6
2.7
2.7

£pii

%

0.7

2.0
1.9

1.9
1.9

4. Conclusions:

Cemented carbides produced following the MMT procedure possess higher
physico-mechanical properties as compared with those produced by
traditional PM methods. The properties of WC-Co and WC-Ni cemented
carbides are strongly affected by alloying elements. They alter the
composition, structure and state of a binder metal as well as of WC/Co,
WC/Ni and WC/WC interfaces. Alloying WC-Co, WC-Ni cemented carbides
using the MMT-process allows one to obtain physical and mechanical
properties in just the right combination, i.e. high levels of both elastic and
plastic characteristics. Alloying elements, which stabilize the cubic
modification of cobalt in the binder and improve adhesion between the binder
and the carbide phase, considerably increase the fatigue fracture toughness
of cemented carbides.
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HIGH PERFORMANCE SINTER-HIP FOR HARD METALS

Hongxia Chen, Deming Zhang, Yang Li, Jingping Chen

Central Iron & Steel Research Institute, Beijing, CHINA

Summary:

The horizontal Sinter-HIP equipment with great charge capacity and high
performance, developed and manufactured by Central Iron & Steel Research
Institute(CISRI), is mainly used for sintering and condensation of hard metals.
This equipment is characterized by large hot zone, high heating speed, good
temperature uniformity and fast cooling system. The equipment can provide
uniform hot zone with temperature difference less than 6°C at 1500-1600°C
and 6-10MPa by controlling temperature, pressure and circulation of gas
precisely.

Using large scale horizontal sinter-HIP equipment to produce hard matals
have many advantages such as stable quality, high efficiency of production,
high rate of finished products and low production cost, so this equipment is a
good choice for manufacturer of hard metals.

Keywords

HIP, Sinter-HIP, Sintering, Cemented Carbide,

1. History of HIP and Sinter-HIP in CISRI

CISRI began to develop HIP equipment since 1972. There are 3 periods of
development: first, from 1972 to 1979, CISRI mainly solved the problem of
super-high pressure safety, the structure of super-high pressure vessel and
super-high pressure sealing, meanwhile, solved the problem of structure
design and choice of pressure-bearing frame, and formulated a series of
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design rules and calculation method of super-high pressure equipment. In the
second period, from 1979 to 1985, the problem of temperature uniformity
under super-high pressure was solved. No matter what kind of heater material
is used, the temperature uniformity can reach the requirement of the products,
and the end product ratio is highly improved. In the third period, from 1986-
1990, in order to meet the demands of mass production, HIP equipment
became larger and possessed such characteristics as easy to operated and
maintain, high stability and reliability and so on.

Performance

• Type: RD280/800-1500-150

• Highest pressure: ISOMPa

• Highest temperature: 1500T?

• Working chamber dimension: <t> 280 X 800mm

• Media: Ar, Purity99.99%

F i g l The first HIP equipment in China, developed and manufactured by
CISRI in 1972

Performance

D Type: RD690/1020-1500-150

D Highest pressure: 150MPa

D Highest temperature: 1500"C

D Working chamber dimension: O690X 1020mm

D Media: Ar, Purity99.99%

Fig2. The biggest HIP equipment in China, developed and manufactured by
CISRI in 1986
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Performance

• Type: RD450/1000-1350-140

D Highest pressure: 140MPa

D Highest temperature: 1350°C

D Working chamber dimension: O450X 1000mm

D Media: Ar, Purity99.99%

Fig.3 HIP equipment

Performance

D Type: R035O/6OO-16OO-1OO

• Highest pressure: lOOMPa

D Highest temperature: 1600'C

n Working chamber dimension: c£>350X 600mm

D Media: Ar, Purity99.99%

Fig.4 HIP equipment

csn

Performance

D Type: RD350/600-2000-200

D Highest pressure: 200MPa

D Highest temperature: 2000°C

D Working chamber dimension: <S> 350 X 600mm

D Media: Ar, Purity99.99%

Fig.5 HIP equipment
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Performance

D Type: RD280/800-1000-100

D Highest pressure: lOOMPa

D Highest temperature: 1000'C

D Working chamber dimension: <t>28OX 800mm

D Media: Ar, Purity99.99%

Fig.6 HIP equipment

Performance

D Type: SIP300X 300/1200-1600-6

D Highest pressure: 6MPa

D Highest temperature: 1600'C

D Working chamber dimension: 300X 300X 1200mm

D Media: Ar, Purity99.99%

Fig.7 Sinter-HIP equipment

Performance

D Type: SIP570/800-900-10

D Highest pressure: lOMPa

Q Highest temperature: 900X:

• Working chamber dimension: <t>570X800mm

D Media: Ar, Purity99.99%

Performance

D Type: SIP450/600-2000-10

D Highest pressure: 1 OMPa

D Highest temperature: 2000'C

D Working chamber dimension: <t>450X600mm

D Media: Ar, Purity99.99%

Fig.8 Sinter-HIP equipment Fig.9 Sinter-HIP equipment
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Sinter-HIP equipment for sintering of hard metals and ceramics was
developed by CISRI on the bases of HIP technology in early 1990's, due to the
fact that liquid phase appears during sintering of hard metals and ceramics,
thus relatively lower pressure is enough for condensation.

Fig7-10 are Sinter-HIP equipment developed by CISRI

Performance

DType: SIP160/250-2200-2

D Highest pressure: 2MPa

n Highest temperature: 2200°C

D Working chamber dimension: <1> 160 X 250mm

a Media: Ar, Purity99.99%

Fig.10 Sinter-HIP equipment

2. Characteristics of Sinter-HIP equipment by CISRI

There are two series of Sinter-HIP equipment developed by CISRI, Horizontal
series for sintering of hard metals, as shown in Fig7, and Vertical series for
sintering of ceramics, as shown in Fig 8-10. The two series are basically the
same in theory, though their sintering temperature and pressure are different.
(Working temperature is 1400-1600 °C and working pressure 0-6MPa for
Horizontal Sinter-HIP equipment, and that of Vertical series is 1700-2200°C
and0-10MPa.)

As for large Sinter-HIP equipment for Sintering hard metals, temperature
uniformity is most important. On the bases of HIP technology, CISRI solved
the problem by arrange the convection channel rationally, thus the pressure
can keep balanced, in the mean time, several heaters are used to moderate
temperature, thus the temperature uniformity can be controlled within ±6°C
for large horizontal Sinter-HIP equipment, and the rate of finished products is
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nearly 100%.

In order to shorten production cycle and improve productivity, fast heating is
used at the beginning of Sinter-HIP (30°C/min from room temperature to 1200
°C), and after sinter-HIP is over, fast cooling is employed when cooling speed
is not harmful to product quality(usually under 1200°C), the cooling speed is
about 20-40°C/min. In order that the heat can be safely and immediately take
away, cooling water flow is intensified and a forced convection device is
installed in the pressure vessel.

Therefore, the sinter-HIP equipment made by CISRI is of good temperature
uniformity, fast heating and cooling speed, big charge capacity, and is easy to
operate, safe and reliable. Especially for vertical sinter-HIP equipment when
working temperature is 1700°C-2200°C, the measurement and control system
is stable and reliable, and has been widely used.

3. Application of Sinter-HIP equipment developed by CISRI

Horizontal Sinter-HIP equipment is mainly used for sintering and densification
of hard metals.

(1)Comparison of Sinter-HIP process with Vacuum Sintering process

Research has been done on strengthen and densification of WC-Co alloy by
Sinter-HIP process, as shown in Fig.7.

Experimental material is WC powder(2.0-3.5 u m) and Cobalt powder(loose
density 0.5-0.7g/cm3).

Traditional pre-process is used before sinter-HIP to make semi-finished
products, Sinter-HIP process is: charge—vacuum pumping—heating—
sintering temperate—keeping—pressure process—keeping—cooling—
discharge. Test on bending strength is in accordance with transverse fracture
strength standard (GB3851-83). Size of samples is 5mm x 5mm x 30mm.
Hardness test according to GB3849-83 standard.

The performance of WC-8%Co alloy samples through different processing
route of vacuum sintering and sinter-HIP, with pre-sintering treatment, are
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shown in Tab. 1

Tab.1 performance of WC-8%Co alloy samples through vacuum sinter and
sinter-HIP

Method of
sintering

Vacuum
sintering

Sinter-HIP

Main performance

Bending

Strength(MPa)

2060

2640

Hardness
Strength(HRA)

89.0

89.1

Porosity
Ratio

A04 B02

A02

I *

Fig. 11 Metallograph of WC-8%Co Alloy. X1500

(a)By vacuum Sintering; (b)By Sinter-HIP

Metallograph of the samples are shown in Fig11. The Porosity Ratio of
samples is decreased greatly and the performance, especially the Bending
Strength, is improved after Sinter-HIP process comparing with Vacuum
Sintering process. Besides, the pores with size between 10 and 25 u m are
eliminated.

(2) comparison of Sinter-HIP process with HIP process

Metallograph of the samples through Sinter-HIP and HIP processes are
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shown in Fig12.

: j *y .t-A i ».

.:-'••„ V * : :

Fig. 12 Metallograph of WC-6%Co Alloy

(a)By HIP after sinter(with Cobalt pond) (b)By Sinter-HIP(No Cobalt pond)

The strengthening and densification mechanism in Sinter-HIP process is the
same as that in HIP process, but because some defects that often happen in
HIP process, such as cobalt pond, abnormal growth of grain and surface
contamination are prevented, it is easier to complete densification in Sinter-
HIP process.

Vertical Sinter-HIP is mainly used for sintering and densification of ceramics,

especially Ni3N4 series.

4. Series of HIP and Sinter-HIP equipment made by CISRI

as shown in Tab2-4.

5. Conclusion

CISRI has been researching and developing HIP and Sinter-HIP equipment

for nearly 30 years. The equipment is gradually becoming perfect, and is fit for

sintering and densification of high performance materials. It is a good choice

for material specialists.
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Tab.2 HIP equipment

Classifi-
cation

Small type
with super-

high
temperature

Middle and
large type
for mass

production

Type

RD100

RD120

RD150

RD180

RD200

RD350

RD270

RD450

RD690

RD1000

Highest
pressure
MPa

200

200

200

200

200

200

150

137.5

150

150

Highest
temperature

2000

2000

2000

2000

2000

2000

1500

1350

1500

1500

Working
chamber

dimension
D*Hmm

<P 100 * 120

5> 120x240

<D 150 x 240

0180 x 200

<D200*300

<D350x600

*270x500

<D450xl000

d>690xll20

<D 1000 x 2500

Media

Ar
N2

Ar, N2

Ar

Way of
loading

Top
loading

Top
loading

Boton
loading

Gas
system

No gas
recovery

Gas
recovery

Tab.3 Sinter-HlP(Horizontal)
Type

Performance

Highest Pressure( Mpa)
Ultimate vacuum at room
temperature (Pa)
Highest temperature( V)
Working chamber dimension

Media
Way of installation

SIP200- I (H)

6
4

1600

200 x 200 x 600

AriSN:, (99.99%)
Horizontal

SIP300- I ( H )

6
4

1600

300 x 300 x 1200

Ar t, N2 ( 99.99%)
Horizontal

SIP450- I (H)

6
4

1600

450 x 450 x 1800

Ar j£ N2 (99.99%)
Horizontal

Type
Performance

Highest Pressure( Mpa)

Ultimate vacuum at room
temperature (Pa)

Highest temperature( V)

Working temperatureCC)

Working chamber
dimension (mm « mm * mm)

Media

Way of installation

Tab.4
SIP 160- n

(V)
2

4

2200

£ S : 2100
ffjj: 1850

<P 160 x 250

ArorN2

(99.99%)

Vertical

Sinter-HIP(Vertical)
SIP200- 11 ( V )
SIP200- I (V)

10
6

4

2000
1600
1850
1520

0200x300

ArorN2 (99.99%)

Vertical

SIP300 - II
(V)

10

4

2000

1850

*300x500

ArorN2

(99.99%)

Vertical

SIP450- II
(V)

10

4

2000

1850

<P450 x 600

ArorN2

(99.99%)

Vertical
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Advanced Technologies of Production of Cemented Carbides

and Composite Materials Based on Them

Vladimir Bondarenko, Ella Pavlotskaya, Lyudmila Martynova, Irina Epik

V. Bakul Institute for Superhard Materials of the National Academy

of Sciences of Ukraine, 2, Avtozavodskaya Str., Kiev, Ukraine

Summary:

The paper presents new technological processes of production of W, WC and
(Ti, W)C powders, cemented carbides having a controlled carbon content,
high-strength nonmagnetic nickel-bonded cemented carbides, cemented
carbide-based composites having a wear-resistant antifriction working layer
as well as processes of regeneration of cemented carbide waste. It is shown
that these technological processes permit radical changes in the production
of carbide powders and products of VK, TK, VN and KKhN cemented
carbides. The processes of cemented carbide production become
ecologically acceptable and free of carbon black, the use of cumbersome
mixers is excluded, the power expenditure is reduced and the efficiency of
labor increases. It becomes possible to control precisely the carbon content
within a two-phase region — carbide-metal. A high wear resistance of parts of
friction couples which are lubricated with water, benzine, kerosene, diesel fuel
and other low-viscosity liquids, is ensured with increased strength and shock
resistance.

Keywords:

W, WC, (Ti, W)C, tungsten hard alloys, titanium-tungsten hard alloys,
methane-hydrogen medium, composite materials, sintering, phase
composition, properties.

1. Introduction:

Following Schroter and his patent (1) where the basic principles of the
technology of production of hard alloys were presented it was shown (2-3)
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that properties of hard alloys depend on a great number of factors, and first of
all on processes of reduction of WO3 to tungsten, production of WC and (Ti,
W)C and sintering of cemented carbide workpieces. For this reason, it is
these technological processes that are given much attention at the Institute
for Superhard Materials of the National Academy of Science of Ukraine.

2. Production of tungsten powders:

It was shown in (3-5) that properties of tungsten powders essentially depend
on temperature, the speed of the boat advance, the oxide layer thickness and
the number of the reduction process steps. In addition, we have found (6-8)
that the tungsten powder properties depend heavily on the value of free
specific surface of compacts of tungsten oxide (Fsp) which is in contact with
hydrogen as well as on the shape of compacts.

In case of making compacts in the form of cylinders or plates, the specific
surface (Ssp) of tungsten powder increases and the mean diameter of
particles (dw) decreases as Fsp increases. In reduction of compacts in the
form of large plates and cylinders the FSp dependence is described by
equations Ssp= 25.6 Fsp

238 and Ssp= 5.04 Fsp , respectively. In this case, as

Fsp of the plates increases from 0.064 to 0.086 1/mm, d~w decreases from 9.2
to 3.6 (im, and as Fsp of the cylinders increases from 0.09 to 0.37 1/mm,
dwdecreases from 13.5 to 0.7 jam (Tables 1 and 2).

Table 1. Specific surface and mean diameter of W powder particles as a
function of free specific surface of WO3 plates

Lengh, width
and height of
plates Ixbxh,

mm
200x32x75
200x39x75
200x42x75
200x49x75

Specific surface
of W powder,

m2/g

0.085
0.051
0.044
0.034

Mean diameter of
particles of W

powder dw, |im

3.65
6.08
7.05
9.12

Relative
porosity of a
compact,%

43.0
42.0
41.0
44.0

Free specific surface of
WO3 plates Fsp =

MK)' 1 / m m
0.086
0.075
0.071
0.064

The distribution of tungsten particle sizes in fractions depends heavily on
shape and sizes of compacts as well (Fig. 1).
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Table 2. Specific surface and mean diameter of W powder particles as a
function of free specific surface of WO3 cylinders

Cylinder
diameter
D, mm

12.5
15.0
25.0
37.5
50.0

Cylinder
height h,

mm

20.1
22
38
38
80

Specific
surface of

W powder,
m2/g

0.480
0.300
0.086
0.067
0.023

Mean diameter
of particles of W
powder d w , (xm

0.7
1.0
3.6
4.6
13.5

Relative
porosity of a
compact, %

49.0
49.0
48.0
48.0
48.0

Free specific surface of a
WO3 cylinder Fsp =

hi D)'
0.37
0.31
0.19
0.13
0.09

O of
o a
« .2

10 30 35 40 4515 20 25
Particle size, ^m

Fig. 1. Differential curves of the distribution of tungsten powder particles
reduced from WO3 cylinders (1) and plates (2).

Our results show that we have found a new factor which strongly affects the
tungsten powder quality. Our findings have allowed us to devise processes of
production of tungsten powders which differ in dw and particle-size
distribution, the temperature-and-time parameters of the reduction process
being unchanged, i.e. there is no need to reset the furnace operation
conditions. In this case, a high output of a single-muffle furnace (6-7 kg/h) is
ensured.

3. Production of high-temperature tungsten carbide:

To transform coarse tungsten powder into tungsten carbide (WC), high
temperatures (2000—2300 °C) are needed.

As a rule, to obtain WC, carbon black is used as a carburizer. However, it
pollutes production areas, environment and saturates the WC powder with
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impurities found in carbon black. For this reason, we have studied the
carbidization of tungsten powder in a gas carburizer (methane-hydrogen
medium of the equilibrium composition). It was found that when replacing a
solid carburizer with a gas carburizer, tungsten carbide sinters into rather
strong conglomerates (sintered compacts) to a larger extent. Different
tungsten powders (Table 3) when carbidized in the methane-hydrogen
medium yielded WC compacts with different values of acomp-

1,0.
0,8

0,4 -(—

0 tdt
W1 W2 W3 W4

Fig. 2. Compression strength (aCOmp) of WC sintered compacts and properties
of W powders of different origins.
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Table 3. Grain size of tungsten powders of different origins (-40 urn fraction)

Sample

W1-one-step W
powder (a charge of

WOainit = 6000 g)
W2-one-step W

powder (a charge of
WO3init = 800 g)
W3-one-step W

powder from oxidized
WC (a charge of
WOsinit = 800 g)

W4-W powder of
KS-type (Russia)
W5-W powder of

MPGG type ("Stark"
firm, Germany)
W6-W powder

produced by "INMA"
firm (Ukraine)

W7-one-step W pow-
der reduced from WO3
compacted plates (a

charge = 6000 g)

Particle-size distribution in \im, %
2-3

26

—

20

4-5

63

3

29

6-7

3

7

9

25

21

8-10

8

20

2

58

18

21

11-14

7

58

6

6

30

15-20

26

11

—

2

17

21-28

22

3

—

19

2

14

29-40

12

1

—

31

1

3

41-60

9

—

29

1

12

61-80

5

—

19

>80

8

—

2

dm of particles
of (-40) urn

fraction
29.0

12.0

3.88

7.90

44.5

6.83

21.0

An attempt to use the sinterability criteria suggested by Agte (9) and some
geometrical characteristics and physical properties of tungsten powder to
explain the dependence of ocomp of WC sintered compact on W powder type
(Fig. 2) failed. It was only simultaneous use of several characteristics of
tungsten powder that yielded the equation which adequately described the
experimental dependence of 0comp of a compact on properties of the tungsten
powder used

c>comp = -35.45+104.7Ssp+(4.7-4.987Ssp)p+5.94-108%+3.09dm(1-C), (MPa)

where Ssp is the specific surface of the W powder (m2/g) measured by the BET
method, p is the apparent density of the tungsten powder (g/cm3), % is the
specific magnetic susceptibility of the tungsten powder (m3/kg), C is the mass
fraction of tungsten powder of the +40-um fraction, dm is the mean particle size
of tungsten powder of -40-um fraction measured by the microscopic method
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(see Table 3). Powders of (-40 |im) and (+40 \irr\) fractions are obtained by
screening tungsten powder on a 40 jim-mesh screen.

The value of 0comp < 7 MPa calculated from the above equation suggests that
the tungsten powder is not prone to be sintered when carbidizing at 2000—
2200 °C and it can be used without recourse to additional processes of
crushing and milling a sintered compact. Among these powders are W1, W2
and W4 powders (Table 3). Strangely enough, the coarse-grained powders
(W6, W7) sintered most strongly. The calculated value of acomp for these
powders was >7 MPa (Fig. 2). On an industrial scale, the use of the W1
powder is the most efficient, as it is produced at minimum consumption of
hydrogen and power expenditure and the highest capacity of a single-muffle
furnace (up to 50 t/year).

WC produced from the W1 tungsten powder has the following characteristics:
the Ctotai content = 6.09%, the Cfree content = 0.05%, the apparent density of
WC = 3.6 g/cm3. This is an easily-grindable carbide. The capacity of a carbide
furnace is 4 kg/hour.

The above results show that when using the W1 tungsten powder the method
of producing high-temperature powder of tungsten carbide with the use of a
methane-hydrogen gas carburizer can be widely used in production of
cemented carbides.

4. Production of (Ti, W)C solid solution:

Our successes achieved using the methane-hydrogen medium for the
production of high-temperature WC powder have made us think that the same
medium can be efficiently used in the production of the (Ti, W)C solid solution.
The complex (Ti, W)C carbide produced by carbonization with carbon black in
hydrogen medium, as a rule, is deficient in carbon. The saturation of this solid
solution with carbon can be increased by the addition of carbon black to the
charge in the amount by several tenths of percent that of the calculated ratio,
but in this case the free carbon content increases up to 0.8 wt%.

Our investigations have shown that the optimal carbon content in the solid
solution can be provided on condition that a controlled gas medium having an
adequate carbon potential is used.

The (Ti, W)C solid solution was synthesized at 2200 °C for 1 hour in a graphite-
tube horizontal furnace with a constant passing graphite containers with charges
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through it in an equilibrium methane-hydrogen medium which contained 2 vol%
methane. It was found that the carbidization in the methane-hydrogen medium
yields a high-grade (Ti, W)C solution only under the condition that loosening
agents are used which inhibit the sintering of the charge into a low-gas-
permeable sinter on melting of TiO2 (10-13). Powders of titanium and titanium
carbide were used as loosening agents. We have prepared the saturated-on-
carbon (Ti, W)C solid solution which contained minor amounts of free carbon
(no more than 0.08 wt%) by substituting powders of titanium or titanium carbide
for 50 wt% and more of TiO2 powder (Fig. 3).
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Fig. 3. Combined (a) and free (b) carbon content in the (Ti, W)C solid solution
obtained by carbidization using carbon black in a hydrogen medium (1) and
by carbidization in methane-hydrogen mixture when adding Ti (2) or TiC (3) to
the charge.

The results of X-ray diffraction analysis have shown that this method of the
solid solution synthesis makes it possible to obtained consistently the
(Ti, W)C solid solution containing particles of homogeneous structure. The
properties of hard alloys that contained WC and (Ti, W)C prepared in
methane-hydrogen medium corresponded to GOST 3882-74. It should be
noted that tensile strength of the alloys was by 5-15% that specified by State
Standards (Table 4).

The above data suggest that the use of the methane-hydrogen medium, the
proper selection of processes of production of W and WC powders and
suitable propertioning of the charge for the production of (Ti, W)C make it
possible to change radically the production of carbides for hard alloys of VK
and TK groups. The processes of production of hard alloys become
ecologically acceptable and free of carbon black, the use of cumbersome
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mixers is excluded, the power expenditure is reduced and the efficiency of
labor increases.

Table 4. Physico-mechanical properties of titanium-tungsten hard alloys

Alloy grade

T5K10
T15K6

Physico-mechanical properties of alloys
prepared by a new technology

Density,
g/cm

12.7
11.3

Hardness
HRA

89
90.5

Bending
strength,

MPa
168
125

standard, ace. to GOST 3882-74
Density,
g/cm

12.5—13.1
11.1—11.6

Hardness
HRA

88.5
90.0

Bending
strength,

MPa
145
120

5. Sintering of hard alloys using the methane-hydrogen medium:

To adjust mixtures of various lots and those obtained from various suppliers
to the same carbon content, Babich (14) suggested the method of the
normalizing solid-phase sintering in graphite grits as a charge. However, in
that case, the sintering process duration more than doubled which resulted in
higher consumption of hydrogen, power expenditure, and graphite containers.
In addition, the working conditions become worse because of graphite grits.
To eliminate this disadvantage, we have suggested to replace graphite grits
with a methane-hydrogen mixture of the equilibrium (at a given temperature)
composition (15) and to combine the normalizing sintering with final sintering.
Scientific principles of a new process are described in (16-17).

By virture of the fact that in sintering of hard-alloy compacts a wide temperature
variation across the length of a continuous furnace was observed it was
necessary to ensure a variable-composition gas medium in different
temperature zones of the furnace in order to eliminate the alloy decarbonization
or the graphite liberation in it. We have managed to solve this problem by a
substantial change in the distribution curve of the temperature across the
furnace length and by feeding a gas medium of various compositions into
different zones of the furnace (Fig. 4). In this case, one furnace successfully
combined the processes of normalizing and final sintering, the disadvantages of
normalizing sintering were eliminated and a high homogeneity of final products
was ensured. The coercive force of the commercially produced hard alloy varied
within ±0.4 kA/m. This in turn ensured a high degree of consistency of
performance characteristics of the alloy. At present the "Alkon-Tverdosplav"
enterprise at the Institute for Superhard Materials sinters hard alloy workpieces
only with the use of the methane-hydrogen medium.
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Fig. 4. Distribution of temperature across the furnace length and the scheme
of feeding gases into different zones.

When vacuum furnaces are employed, combined gas-vacuum sintering is
used, i.e. the solid-phase sintering is carried out in the methane-hydrogen
medium, while the final (liquid-phase) sintering in vacuum.

It should be noted that the use of the methane-hydrogen medium at the stage
of the solid-phase sintering and the precision control (±0.1 vol%) of the
medium composition make it possible to use industrial furnaces for the
production of alloys with various carbon contents within two-phase regions
WC-Co or WC-Ni. In this case, particular values of properties of hard alloys
are attained (Table 5).

6. Thermochemical regeneration of cemented carbides:

The formation of loose oxidation products when oxidizing hard alloys in air,
high rates of reduction of oxides of tungsten and cobalt by hydrogen and the
possibility to after-carbonize mixtures of VK hard alloys up to the stoihiometric
composition in the methane-hydrogen medium have made us think that by
using the methane-hydrogen medium we can prepare mixtures of hard alloys
from oxidation products of hard alloy waste.

Our investigations of processes of hard alloy oxidation (18) and the combined
process of reduction and carbidization of the oxidation products (19) have
allowed us to devise a technique to regenerate hard alloys of the VK and TK
groups. Physico-mechanical properties of the regenerated hard alloys meet
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the requirements of the State Standards (Table 6), performance
characteristics of these alloys are highly competitive with those of alloys
produced from commercial mixtures. In 2000 the "Alkon-Tverdosplav"
produced 15 t of hard alloy articles following our technology. For 2001 our
plan is to produce more than 20 t of regenerated hard alloys which are very
efficient in high pressure apparatuses for diamond synthesis, cutting and
mining tools, dies, press molds, friction units, etc.

Table 5. Properties of hard alloys prepared by sintering in the methane-
hydrogen gas medium having a precision composition

Hard
alloy
grade

VK6
VN10
VN10

Qotal
content,

wt%

5.76
5.55
5.39

Lattice
constant of
the binder
phase,A

3.552
3.555
3.565

Phase
composi-

tion

\NC+y_
WC+f_
WC+Y1

Physico-mechanical
properties

Density
p, g/cm3

15.01
14.75
14.76

Hardness
HRA

90.5
89.0
89.2

Bending
strength,

MPa
1920
2120
2100

Specific characteristics

Kres

1.53
-
-

Kstr

0.95
-
-

Magne-
tic pro-
perty

magn.
magn.
non-

magn.

Notes: yand y1 are, respectively, cobalt and nickel binding phases;
Kres and Kstr are, respectively, the coefficient of resistance in cutting and
the coefficient of strength in tests by the single-cutter method in
comparison to standard VK8 hard alloy;
magnetic properties were tested by a permanent magnet from the
YuNDK 3515 alloy with magnetic energy of 7.5x106 Gs-Oe.

It should be noted that the regeneration of hard alloys by our technique is
performed with no acids, carbon black and griphite grits. This makes our
technique ecologically acceptable. Combination of some operations in one
process considerably reduces costs of the production of hard alloys and
makes them competitive in the world market.

7. Production of highly efficient WC-Ni and Cr3C2-Ni hard alloys:

Our investigations have shown that the refining of WC grains in WC-Ni alloys
has a greater effect on an increase of their hardness than on a decrease of
their strength. For this reason, in the majority of cases medium-grained alloys
of the VK group can be replaced with fine-grained WC-Ni alloys. We have
developed a process of production of medium- and fine-grained WC-Ni alloys
(Table 7), which are used successfully in friction units, press molds, mining
tools, high pressure apparatuses.



Table 6. Properties of regenerated hard alloys

Hard
alloy

grade
Applica-

tion

Chemical composition of
the mixture, %

Co Ctotal Cfree

Physico-mechanical
properties

Density,
g/cm3 HRA

abend

(TRS),
MPa

Structure

Porosity,
%

r|i phase
content

Graphite
content,

%

d we,
p.m

VK6

VK6

VK8

VK8V

VK15

VK15S

VK20

T5K10

Metal
cutting

HPA

Metal
cutting

Coal
mining

HPA

Dies

Dies

Metal
cutting

5.7
5.7-6.2

5.8
5.7-6.2

7.8
7.5-8.0

7.5
7.5-8.0

13.8
13.9-15.0

13.8
13.9-15.0

18.0
18.0-19.5

8.6
8.5-9.0

5.8
>5.4

5.8
>5.4

5.6
>5.4

5.7
>5.4

5.3
>5.0

5.3
>5.0

4.8
>4.7

6.4
26.1

0.03
<0.10

0.05
50.10

0.02
SO. 10

0.05
50.10

0.05
50.10

0.03
50.10

0.02
50.10

0.03
50.10

14.8
14.6-15.0

14.7
14.6-15.0

14.6
14.5-14.8

14.5
14.4-14.8

14.0
13.9-14.1

14.0
13.9-14.1

13.6
13.4-13.7

12.6
12.5-13.1

89.6
>88.5

89.0
288.5

89.3
288.0

86.6
286.5

86.5
286.0

86.0
286.0

85.0
284.0

89.6
>888.5

1780
21519

1890
21519

2000
21666

2068
21813

2300
21862

2300
21862

2510
22058

1500
21421

0.2 not present not present 2.1
<0.2 impermissible <0.2 2.0-2.5

0.2 not present not present 2.5
50.2 impermissible <0.2 2.0-3.0

0.1 not present not present 2.0
<0.2 impermissible <0.2 2.0-2.5

0.2 not present not present 3.0
<0.2 impermissible <0.4 2.0-5.0

0.2 not present not present 2.2
<0.2 impermissible 50.5 2.0-3.0

0.1 not present not present 2.5
<0.2 impermissible <0.5 2.0-3.0

NA not present not present 2.2
<0.2 impermissible <0.5 2.0-3.0

0.1 not present not present 2.0
<0.2 impermissible <0.3 2.0-3.0

03
o
o
CD

l\3
O)

Note: Lower lines for each hard alloy grade give values according to Technical Specifications and GOST
(State Standards).

CD
CD
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Table 7. Properties of tungsten-nickel hard alloys

Hard alloy grade

VN8
VN15

VN15M
VN20

d W c . P-m

2.1
2.4
1.8
2.3

Density, g/cma

14.70
14.00
14.00
13.60

Hardness HRA

87.5
84.5
86.5
83.0

Bending
strength, MPa

2070
2490
2530
2460

Cr3C2-Ni hard alloys are characterized by higher corrosive and heat
resistances but they have lower strength and higher brittleness. We have
shown in (20, 21) that the basic reason for this is due to a high rate of the
Cr3C2 grain growth at temperatures needed for more complete densification
of these alloys. The mean grain size in the alloys was about 12 |im. To
increase strength and hardness of the alloys, the size of a chromium
carbide grain should be considerably decreased. To do this, we alloyed the
binder with boron and phosphorus (22). We have managed to decrease the
mean size of a Cr3C2 grain to 4 jam. In this case both strength and hardness
of the alloys have increased considerably (Fig. 5). These hard alloys can be
successfully used to make rings and bushes of friction couples that are
lubricated with aggressive liquids, 400 mm in diameter and 500 mm in height.

1800

1400-

i 1000

600
10 20

Binder, wt%

30 40
10 20 30

Binder, wt%

40

Fig. 5. Properties of Cr3C2-Ni-based composites as a function of the content
of a binder alloyed with phosphorus and boron (KKhNPR) and phosphorus

(KKhNF): 1 - KKhNPR, dCr3c2 = 4.85 urn; 2 — KKhNF, dCr3C2 = 7.5

To further increase strength and hardness of Cr3C2-based hard alloys,
techniques should be devised which would allow one to decrease Cr3C2 grain
size to 1.5-2.0 ^m. It is likely that with Cr3C2 grain sizes below 1.5 ^m the
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hardness will increase and the strength will decrease as an increased
brittleness of thin nickel interlayers will have an effect on it.

8. Composides based on hard alloys:

Multicomponent materials which consist of hard alloys in whose composition
particles are added which differ substantially from a high-melting constituent
in their properties (chemical composition, crystal lattice, hardness, strength,
coefficient of friction, etc.) are classed by us with composites based on hard
alloys. We have devised technologies of preparing graphite-containing
composites based on WC-Ni hard alloys as well as CBN-containing
composites based on Cr3C2-Ni hard alloys (23, 24). Both the composites were
used for making friction units which are lubricated with low-viscosity liquids
(water, benzine, kerosene, diesel fuel, etc.) In both the cases, charges were
prepared in a similar manner: the constituents in a given proportion were
mixed in drums in rolling mills. The WC-Ni-graphite charges (VN15Gr2,
VN15Gr4, VN20Gr2, VN20Gr4 grades) were pressed in ordinary press molds
and the resulting compacts were sintered following the procedure of sintering
of WC-Ni hard alloys (25). Properties of sintered composites are listed in
Table 8. These composites feature high wear resistance, the absence of
seizure even in case of a short-duration (up to 3 min) dry friction, the absence
of sparking, an adequate running-in, much higher strength and impact
resistance as compared to siliconized graphite which is usually used in these
friction units.

Table 8. Properties of graphite-containing composites based on tungsten-
nickel hard alloys

Material
grade

VN15Gr2
VN15Gr4
VN20Gr2
VN20Gr4

Mass fraction of the basic constituents
Tungsten
carbide

83
81
78
76

Nickel

15
15
20
20

Graphite

2
4
2
4

Physico-mechanical properties
Bending

strength, MPa
980
230
1078
294

Density,
g/cm
11.5
10.2
11.7
10.3

Hardness
HRA
70
45
70
40

A kubonit (CBN)-containing charge was hot-pressed on steel substrates, i.e.
the Cr3C2-Ni-kubonit composite is far more brittle than the WC-Ni-graphite
composite. In addition, kubonit is a very expensive material. For this reason, it
is a good practice to use this composite as a coating on a steel substrate.
Kubonit which is the second hardest material (next to diamond) makes this
composite very wear-resistant. In units of face sealings with drop lubrication
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with industrial water, the serviceability of components of a friction couple
made of this composite is retained during 40,000 hours. Following our
procedure we can make rings for face sealings up to 350 mm in diameter.

9. Conclusions:

The above presentation of a great number of new technologies shows that
the use of only some technological approaches (shape and size variation of
WO3 compacts, application of a methane-hydrogen medium of an equilibrium
composition and the addition of particles of antifriction or superhard materials
to hard alloys) have allowed us to devise a wide range of advanced
processes of production of hard alloys and composites based on them. It is
evident that the potentialities to devise new advanced technologies have not
yet been exhausted. We are working now on the development of new
technologies and have already obtained promising results.

The authors express their gratitude to Dr. Sci. (Phys.-Math.) Golovchan,
Cand. Sci. (Eng.) Khalepa, Engs. Moshkun, Sirota and Tsalyuk for their
participation in the development of the above technologies as well as to
Baranovsky, Sotnikova, Manokhin and Baidenko for the commercial
implementation of the above technologies at "Alkon-Tverdosplav" enterprise.

References

1. K. Schroter: "Gesinterte harte Metallegierung and Verfahren zu ihrer
Herstellung", Patent des Deutsches Reich No. 420689, 30 Marz 1923

2. R. Kieffer and F. Benesovsky: "Hartmetalle" (Springer Verlag, Wien, New-
York, 1953)

3. V. Tretiakov: "Fundamentals of Materials Science and Production of
Sintered Hard Alloys" (Metallurgiya, Moscow, 1976)

4. V. Bondarenko, L. Martynova, A. Baranovsky, et al.: "Method of Producing
Tungsten Powder", Patent No. 10917 of Ukraine, Publ. 25 December
1996, Bullet, no. 4, p. 31.163

5. L. Martynova: in "Highly Filled Granular Composites" (ISM NAN Ukraine,
Kiev, 1991), pp. 14-26

6. V. Bondarenko and L. Martynova: Proc. 2nd Int. Conf. on Treatment of
Materials with Hydrogen, pp. 127-128 (Donetsk, 1998)

7. V. Bondarenko, L. Martynova, V. Golovchan: "Method of production of
high-temperature tungsten powder", Decision on giving a patent of
Ukraine ace. to Application 2000042230 of 22 Aug. 2000



V. Bondarenko et al. HM 26 203^

15"1 International Plansee Seminar, Eds. G. Kneringer, P. Ro'dhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

8. V. Bondarenko, L. Martynova, V. Golovchan: in "Materials of Science and
Technology Conf. on Complex of Scientific Measures of the Countries of
the Former Soviet Union, P. 4, pp. 97-100 (Odessa, Ukraine)

9. K. Agte and I. Watsek: "Tungsten and Molybdenum" (Energiya, Moscow, 1964)
10. V. Bondarenko, S. Korablev, I. Epik: Int. Journal of Hydrogen Energy 24

(1999), pp. 845-848
11. V. Bondarenko, S. Korablev, I. Epik: Sverkhtverdye Materialy 2 (1999),

pp. 43-46
12. V. Bondarenko, S. Korablev, I. Epik: Ogneupory i Tekhnicheskaya

Keramika7(1999), pp. 14-16
13. V. Bondarenko, E. Pavlotskaya, I. Epik: Proc. 3rd European Conference

on Advances in Hard Materials Production, Turin, 8-10 October 1999, pp.
191-198

14. M. Babich: "Non-uniformity of Hard Alloys with Respect to Carbon
Content and the Ways to Eliminate It" (Naukova Dumka, Kiev, 1975)

15. V. Bondarenko and E. Pavlotskaya: "Method of sintering of hard alloys",
the USSR Author's Certificate No. 605692, publ. 5 May 1978, Bullet, no. 17

16. V. Bondarenko and E. Pavlotskaya: "Sintering of Tungsten Carbide in
Precisely Controlled Gas Medium" (Naukova Dumka, Kiev, 1995)

17. V. Bondarenko and E. Pavlotskaya: Int. Journal of Hydrogen Energy 22
(1997), pp. 205-212

18. V. Bondarenko, L. Martynova, O. Bespalko: Proc. 7th European Conference
on An Application of Surface and Interface Analysis, Goteborg, 1997, p. 187

19. V. Bondarenko and E. Pavlotskaya: Int. Journal of Hydrogen Energy 24
(1999), pp. 853-859

20. V. Bondarenko: in "Highly Filled Granular Composites" (ISM NAN
Ukrainy, Kiev, 1991), pp. 4-14

21. V. Bondarenko: Proc. 1st Polish-Ukrainian Seminar on Advanced Ceramic
Materials and Composites, Madralin, 1993, Polish Ceramic Bullet, no. 7

22. A. Khalepa and V. Bondarenko: Proc. Seminar on Composite Materials in
Mechanical Engineering, pp. 130-132 (Ternopol, Ukraine, Oct. 1989)

23. V. Bondarenko: "Tribotechnical Composites with High-Modular Fillers"
(Naukova Dumka, Kiev, 1987)

24. V. Bondarenko, A. Khalepa, V. Malnev, E. Chistyakov: in "Processes of
the Interaction at the Interphase", Collection of Scientific Papers (ISM,
Kiev, 1982), pp. 79-84

25. V. Bondarenko, K. Sirota, A. Baranovsky, et al.: in "Prospects in Increa-
sing Service Life and Reliability of Operation of Friction Couples which are
Lublicated with Machining Media", Collection of Scientific Papers (ISM,
Kiev, 1987), pp. 47-53



ATO100453
204 HM27 J. Vleugels et al.

15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

Hybrid-Microwave Sintering of Hardmetals and Graded Oxide

Composites

J. Vleugels, I. Volders, S. Put, C. Zhao, O. Van der Biest, C. Groffils*, P. J.
Luypaert*, G. Barbier**, L. Bourgeois**

Katholieke Universiteit Leuven, Department of Metallurgy and Materials Engineering,

Leuven, Belgium

*Microwave Energy Applications Company, MEAC, Leuven, Belgium

**Cerametal Sari, Mamer, Luxembourg

Summary:

Commercial WC-Co hardmetal grades and functionally graded ZrO2-AI2O3

ceramic composites were fully densified by means of hybrid microwave
sintering in a cylindrical 2.45 GHz single-mode microwave furnace using a
tubular susceptor concept. The hybrid sintering approach allowed immediate,
smooth, programmable and reproducible thermal cycling of materials which
do not couple with microwaves at room temperature. Unequivocal proof of
microwave activity on the samples inside the cylindrical SiC susceptor was
obtained from microstructural analysis of fast heated oxide ceramics.
Densification of continuously graded ZrO2-AI2O3 materials could be achieved
in shorter sintering times when compared to conventional sintering in air,
without influencing the material properties. Hybrid microwave annealing of
these composites in an inert atmosphere allowed to increase the fracture
toughness of the components significantly.
The microstructural properties of commercial hardmetal grades obtained by
conventional sintering could be fully reproduced by hybrid microwave
sintering.

Keywords:
hybrid microwave heating, oxide composites, graded materials, WC/Co,
AI2O3, ZrO2
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1. Introduction:

The use of microwave (MW) energy to sinter ceramics and cermets has
become a major research area world-wide over the past ten years.
Microwave-only processing, where microwave energy is the only direct
energy source, has been offered as an alternative to conventional furnaces
with the principle benefit being that heat energy can be deposited directly
within the component so that the problems associated with conventional heat
transfer can be overcome. There have also been reports that diffusion
processes may be enhanced in the microwave field so that sintering can be
accomplished at a lower temperature. Although the dielectric properties of
some ceramic materials appear to be reasonably favourable for microwave-
only heating, in practice however, difficulties arise when heating a body to
high temperature with microwave energy alone. Unlike in conventional
furnaces, the specimen will be at a higher temperature than the surroundings
when absorbing microwave energy, resulting in a temperature gradient within
the components, albeit the reverse of the one associated with conventional
heating. Furthermore, the amount of microwave energy absorbed by the
material is partly dependent on temperature, so that the centre may
preferentially absorb the microwaves, enhancing the temperature gradient.
Due to the absence of an external heat source, microwave heated samples
are in direct contact with the colder surroundings, making them more prone to
thermal shocks.
One route to tackle these problems is the use of materials that act as
susceptors. These materials preferentially absorb microwave energy and re-
radiate the heat back to the surface of the component, reducing the
temperature gradient and risk of thermal shocks. This method is also known
as hybrid heating.
Most of the research efforts up to now were given to microwave drying, firing
and sintering of glasses and ceramics. In the last five years however,
increasing attention is given to multi-mode microwave sintering of polyphase
materials containing a strong microwave dissipating phase and an electrically
conducting phase such as cutting tool materials based on AI2O3/TiC (1) and
WC/Co hardmetals (2-5). Moreover, the application of multi-mode MW
processing to prepare ceramic (AI2O3-ZrO2) and metal-ceramic (ZrO2-Ni steel
and AI2O3-steel) functionally gradient materials are reported (6). Even
sintering of metal powders by means of multi-mode microwave heating is
described (7).
It may come as a surprise to some that it is possible to sinter metal containing
systems such as WC-Co, since it is known that microwaves are reflected at
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the surface of a conductor. Nevertheless this is perfectly possible as long as
the metallic phase is present in the form of isolated not-connected particles.
The microwave field induces then electric currents in the skin of the particles
which will cause them to heat up. The processes by which microwaves are
dissipated in WC-Co have been reported in (8). It has been demonstrated
that multi-mode microwave sintering of WC-Co (6-25 %) cemented carbides
has the potential of reducing the processing time and improving mechanical
properties (2). Guidelines for upscaled batch microwave sintering of
hardmetals are reported (3).
In this paper, the possibility to sinter and/or anneal continuously graded
ZrO2/AI2O3 ceramic composites and homogeneous WC/Co hardmetals by
means of hybrid microwave heating using a tubular SiC susceptor, in a
single-mode microwave cavity is illustrated.

2. Hybrid Microwave Heating:

2.1. The Hybrid Microwave Heating Set-up:

The microwave furnace used in this study is designed and fabricated by
MEAC (Microwave Energy Applications Company, Leuven, Belgium). The
microwave furnace consists of a 2.45 GHz microwave generator with a
continuously adjustable power output from 0-2 kW, a cylindrical single-mode
tuneable applicator, and a computer control system. Temperature control is
performed by means of a two-color pyrometer, directly focussed on the
sample surface. The onset temperature of the pyrometer used is 700°C. The
furnace can be operated in vacuum, air, nitrogen, argon or gas mixtures. A
block diagram and photograph of the microwave heating system are given in
Fig. 1.
In literature, SiC and MoSi2 rods or sample holders are commonly used as
susceptors in microwave furnaces. Other researchers use a casketing
structure (1), in which the sample is surrounded by coarse-grained fused or
sintered granules of oxide powders. SiC rods have been widely used for
microwave heating of oxide ceramics. In most cases, 4 to 6 rods are
symmetrically arranged around the samples.
Because of its excellent dielectric loss and oxidation resistance, SiC was
selected as susceptor material. In this work, a tube geometry rather than a
set of SiC rods was preferred in order to keep the symmetric cylindrical
geometry of the MW cavity and to avoid additional positioning problems. The
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configuration of the sample, SiC tube susceptor and porous fibrous mullite
insulation material in the cylindrical single-mode tuneable MW cavity from
MEAC is shown in Fig. 2. The home-made SiC tube with a diameter of 19
mm, a height of 28 mm and a wail thickness of 2 mm, was produced by
electrophoretic deposition and subsequent conventional pressureless
sintering as described elsewhere (9,10).

Computer
controlling

t
Power meter Pyrometer

W a v e Coupler 3"steP
guide tuners

Applicator

Coupler and
Wa\c guide M Pcmcrmetci

Fig. 1: Block diagram and photograph of the microwave heating system.
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Pyrometer

Applicator

SiC tube

Sample

Insulation

(a)

Fig. 2: Configuration of sample, susceptor and insulation in the microwave
cavity. Schematic (a) and top view in the cavity (b)

2.2 Hybrid Microwave Heating Experiments:

The temperature versus time curves during microwave-only and hybrid
heating with SiC susceptor of CIPed dewaxed WC/C06 compacts are shown
in Fig. 3. The problems involved in MW sintering without susceptor are
illustrated in Fig. 3.a. At first, a long warming up time is needed before the
material starts coupling. These long warming up times increase the risk of
plasma formation in the cavity, as clearly demonstrated by the sharp peak,
due to the warming up of the atmosphere. Secondly, the extreme sensitivity
to the position of the sample in the cavity makes this type of test
irreproducible.
These problems can however be avoided by hybrid sintering. The
temperature versus time curve during a hybrid sintering experiment of a
cylindrical WC/C06 sample with a tubular SiC susceptor is shown in Fig. 3.b.
Immediate heating as well as a smooth temperature versus time curve were
established. The reproducibility of the heating and cooling curves is excellent.
Moreover, well-defined heating ramps can be established when using hybrid
sintering.
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Fig. 3: MW-only (a) and controlled multi-step hybrid heating with SiC tube
susceptor of a WC/C06 sample (b).

A major concern related to the use of the tubular susceptor in the MW cavity
is the absorption of microwaves by the susceptor. Since the sample is located
in the tube with high dielectric loss factor, the tube might absorb all
microwave energy or shield the sample from microwaves. Even for SiC rod
susceptors, uncertainty about the heating characteristics exists, since they
will primarily absorb the microwaves and change the field distribution in the
cavity. Therefore, experiments were designed and conducted to provide
unambiguous proof of MW heating activity on the samples inside the SiC
tube. Cylindrical powder compacts of BaTiO3 (Aldrich, grain size < 3um), a
material that couples well with microwaves, were flash heated up to 1300°C
for 3 minutes with an input power of 1 kW using the SiC tube susceptor.

-f
(a)

cc,y SpotMagn Det WO Exp |-
2O.akV3.O 3000X 8SE 12.9 130 ZC BaTlO31300

WD Bqp I
E 13.0 133 ZC

Fig. 4: Microstructure in the centre (a) and near the surface (b) of a hybrid
heated BaTiO3 sample.
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Microstructural analysis of the sintered BaTiO3 sample revealed that the
central part of the sample was more dense with a larger grain size, whereas a
higher porosity remained near the surface. The grain size near the surface
was significantly smaller than in the centre of the sample (see Fig. 4). The
microstructure clearly reveals that the heat was generated in the bulk of the
sample and transported from the bulk to the environment. This type of
temperature gradients can only be generated by microwave heating. The
obtained test results unequivocally prove that the tubular SiC approach
results in hybrid heating. Additional evidence, obtained from the comparison
of the hybrid heating curves of BaTiO3 and ZrO2, two materials with
comparable specific heat, thermal conductivity and surface emissivity but
different microwave coupling characteristics is given elsewhere (11).

The results of microwave interaction during hybrid heating are also reflected
in the deformation that can be observed on hardmetal samples, especially on
samples with sharp edges sintered with too high microwave power input.
Due to the concentration of the MW field around sharp edges, heat
generation will be concentrated in the sharp edges. Therefore, rectangular
bars are very sensitive to deformation because of the difficulty to achieve a
homogeneous temperature distribution in the specimen. As the microwave
penetration depth decreases with increasing temperature, increasing field
strength and increasing Co content, skin heating is very pronounced in
WC/Co25 samples as shown in Fig. 5. The samples were sintered at 1320°C
with a microwave power input of 700 W.

Fig. 5. Deformation of WC/Co25 samples, sintered at high MW power input.
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Careful control of the MW power input can actually result in non-deformed
specimens with a homogeneous microstructure. The effect of reducing the
MW power input on the microstructure in the edges of WC/C06 bars sintered
at 1420°C is presented in Fig. 6. Too much power resulted in deformed
specimens with a porous core and an over-heated rim, as shown in Fig. 6.a,
whereas dense non-deformed homogeneously sintered specimens were
obtained by careful adjustment of the MW power as shown in Fig. 6.b.

Fig. 6: Edge of rectangular WC/C06 samples, hybrid sintered with a MW

power input of 1 kW (a) and 700 W (b).

3. Sintering and Annealing of Graded Oxide Composites:

Cylindrical AbCVZrO? functionally graded powder compacts with a central
hole were fabricated by electrophoretic deposition and subsequently hybrid
microwave sintered in air for 20 minutes at 1600°C. The electrophoretic
deposition procedure is described elsewhere (12). Daiichi grade CEZ12 co-
precipitated CeO2-stabilised ZrO2 and submicron Baikowski grade SM8 AI2O3

powder were used as starting materials. Hybrid MW sintering resulted in full
densification of the composite after 20 minutes at 1600°C, whereas a 1 hour
holding time was needed when conventional sintering in air.
The composition profile, as obtained by EPMA analysis and a backscattered
electron micrograph of the FGM are shown in Fig. 7. The dark phase on the
micrograph is the alumina phase. The obtained Ce-TZP/AI2O3 FGM shows a
promising mechanical structure for tribological applications, i.e., a tough core
(indentation K|C (HV10) > 8 MPa m1/2), a continuously graded interlayer and a
hard surface layer with a HV10 hardness of 15 GPa (see Fig. 7.c)
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Fig. 7. Backscattered electron micrograph, composition profile and

mechanical properties of a hybrid MW sintered ZrO2/AI2O3 FGM cylinder with
central hole (left hand side of graphs).

Based on recent findings that the fracture toughness of Ce-TZP ceramics can
be significantly increased by sintering in an inert atmosphere (13), another
Ce-TZP/alumina FGM cylindrical was conventially pressureless sintered in a
muffle furnace in air for 1 hour at 1600°C and subsequently annealed in the
hybrid microwave furnace in an inert gas flow of Ar (> 99.99 %) + 5 vol% N2

(> 99.999 %) for 20 min at 1450°C. Indentation tests were conducted along
the radius of the cross-sectioned air sintered cylinder and on the annealed
sample surface to measure the toughness and hardness profiles. 10 kg
indentation loads were used in the central part (radius < 2.0 mm) and 5 kg
loads in the region near the surface. The smaller load was used in the surface
region to avoid cracking due to the long radial cracks that originated at the
corners of the Vickers indentations in this low toughness region. The
toughness and hardness profiles are shown in Fig. 8. After annealing, the
toughness profile along the radius shifts to a significantly higher value. The
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extent of the toughness increase is larger in the region on the surface. The
alumina rich surface region shows a toughness as high as 8 MPa m1/2

compared to 2.5 MPa m for the sample before annealing. The hardness
profile is hardly influenced by the annealing procedure.
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Fig. 8. Fracture toughness (a) and hardness (b) profiles of the FGM before
and after hybrid microwave annealing.

4. Sintering of WC/CoHardmetals:

The goal of the preliminary experiments with hardmetals was to find out
whether the properties and microstructure of conventionally sintered (graphite
furnace) WC/C06 samples could be reproduced by hybrid MW sintering.
Therefore, dewaxed cylinders (0 = 15.4 mm, L = 15 mm) and rectangular
bars (24 x 8.2 x 8.5 mm), with carefully controlled carbon balance, were
sintered under inert atmosphere.
The results revealed that near fully dense samples with homogeneous
microstructure could be obtained without the presence of free carbon or eta-
phase. The density and porosity levels are compared in the table below.
Additional work however is needed to fully explore the potential of hybrid
microwave sintering of hardmetals.

Conventional
Hybrid MW

Density (g/cm3)
14.90 ±0.3

14.92

Porosity
< A02 B02

A00 (A02) BOO (B02)
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5. Conclusions:

Hybrid microwave heating was established and experimentally proven in a
2.45 GHz cylindrical single-mode tuneable MW applicator, using home-made
SiC tube susceptors.
The experimental work revealed the possibility to fully density and anneal
ZrO2-AI2O3 FGM materials as well as the densification of homogeneous
WC/C06 hardmetals by means of hybrid MW heating.
The advantages of the hybrid MW heating concept with a SiC tube over that
of microwave-only heating are:
• Immediate heating of poor coupling materials.
• Controllable and reproducible thermal cycles.
• Strongly reduced or eliminated temperature gradient in the samples.
• Re-heating of MW reflecting specimens is possible.
• The tube susceptor has a correcting effect on the electromagnetic field,

resulting in a more uniform MW field distribution inside the tube.
• SiC tubes can be used under inert atmosphere, vacuum as well as in air.
• Heated samples are less susceptible to thermal shocks.
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A Novel Plastification Agent for Cemented
Carbides Extrusion Molding

Ji-Cheng Zhou, Bai-Yun Huang

State Key Laboratory For Powder Metallurgy, Central South University, Changsha 410083, P. R. China

Summary:
A type of novel plastification agent for plasticizing powder extrusion molding of
cemented carbides has been developed. By optimizing their formulation and
fabrication method, the novel plastification agent, with excellent properties
and uniform distribution characters, were manufactured. The thermal
debinding mechanism has been studied, the extruding rheological
characteristics and debinding behaviors have been investigated. Using the
newly developed plastification agent, the cemented carbides extrusion rods, with
diameter up to 25mm, have been manufactured.

Keywords:

plastification agent, powder extrusion molding, cemented carbides,

1. Introduction

Plasticizing powder extrusion molding is a very important near-net shaping
method for novel powder metallurgy technologies. It contains some main-
processes, such as plastification agent design and fabrication, extruding
process technical control, debinding and sintering11"51. The plastification agent
directly decides the quality of extrusion productions. Its design, fabrication
method and debinding technology is the key about the processes16"101.

In this paper, -newly developed plastification agent system with multi-
components is designed and fabricated. Based on the plastification agent,
the thermal debinding mechanism are researched, the extruding process
behaviors and debinding properties are probed into and the integrated effects
of plastification agent formulation on processes and quality are analyzed.
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2. Experiments
The multi-components plastification agent are fabricated by means of heating
melting combined with the solvent solving. All kinds of components are
added into mixer according to the design formulation just as described in ref
[6,7]. In our experiments, the powders are cemented carbide powders named
as YG8. YG8 powders and plastification agent are mixed and blended by
means of BRABENDER tester. The homogenization of the feedstocks, which
are made of powders and plastification agent, is judged by the torque-time
curves. While the torque value is steady-going for about ten minutes, the
feedstocks are considered as T a b | e 1_ plastifiCation agent formulation

homogeneous m.xture. Three (weight percent w%)
kinds of plastification agent
formulation is listed in table 1.
Several kinds of feedstocks
made of YG8 powders and
plastification agent are manu-
factured, respectively.

The extrusion-molding experiments are made by means of DORST vacuum
extruder under the feedstocks temperature range of 40 ~ 80 °C and Newton
shear rates of 3 ~ 800 second"1. By carefully selecting and controlling the
experiments conditions, the extrusion-molding green rods with diameter up to
25mm are produced successfully. Then by debinding and sintering, the
cemented carbide extrusion-molding rods with good characteristics are made.

3. Results and Analyses
3.1 Selecting of fabrication methods about plastification agents and
feedstocks

optimizing the fabrication technics about plastification agents and feedstocks
is very important. According to the plastification agent formulation design and
the components, basic properties and their reaction mechanism, the solvent
solving method combined with heating melting is selected as the plastification
agent fabrication technics. A novel plastification agent fabrication technology,
which is low-cost, little energy-consuming and soft technical conditions, is
developed successfully. By means of this newly developed technology, the
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novel multi-components plastification agents,
which are very homogeneous mixture, are
manufactured. The feedstock fabrication
method and the order of adding the
components play the key role in the
feedstock properties For same feedstock
formulation, different fabrication method
can seriously affect the extrusion-molding
green bodies' properties, such as cracking
and micrographs. Bad fabrication method
can directly induce the hole defects and
cracking, such as shown in Fig 1.

Fig. 1 Sample section SEM
image (X 4000)

3.2 The effects of plastification agent formulation on feedstock
rheological properties

The plastification agent formulation decides the feedstocks rheological model
in the extrusion-molding channels. (Fig 2). In Fig 2b, there are large
circumfluence and backset in the entrance door region, a death space are
formed. When there is a kind of aberrance at the interface of death space and
the rheological lines and the steady-going laminar flow is destroyed, there are
serious aberrance in extrusion-molding green bodies, just as shown in Fig 3.
When the feedstocks show rheological model as Fig 2a, the extrusion-molding
green body-surface is smooth, and there are no defects in the green bodies.

Fig. 2 Flow model near the entrance door Fig. 3 Typical aberrance

3.3 The effects of plastification agent formulation on keeping green body
shapes

The plastification agent formulation directly decide the keeping-shapes ability
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of extrusion-molding green bodies. When

there are too much liquid components,
keeping the shapes of extrusion-molding

green bodies is very difficult; when there are
too much polymer components or the
polymer component molecular weight is too
large, the extrusion-molding process is very

hard, and it may induce some unpredictous
bad influence. Fig 4 is a group photos for the
extrusion-molding green body sections, the Fi9- 4 Rupture section images

difference of the shapes is directly due to different percent of the polymer
components. When the percent of polymer component is too high, the section

shows itself as toughness rupture. When the extrusion-molding green bodies
present some high flexibility, the green bodies is easy to bend. This is very
bad for post-processes and will induce the difficulty of keeping-shapes.

3.4 Inspection about macro-and micro-homogenization of feedstock

The feedstock homogenization is determined by the plastification agent
formulation and fabrication technics. The plastification agents1 no-homogeneous
distribution could directly induce green bodies no-homogeneous shrinkage
during debinding and sintering, also can induce the bodies cracking and bending.
The macro no-homogeneous states
can lead it very hard to control the
extrusion-molding processes and the
debinding technics, so the products
quality will decrease. The feedstocks
macro-homogenization is inspected by
thermal debinding technics, results
show in table 2. The feedstocks micro-
homogenization is researched by the
sample sections SEM micrographs,
such as shown in Fig 5.

The plastification agent weight percent is 4.981%.

Table 2.

1
2

1 3
4
5
1
2

2 3
4
5

Thermal debinding results
of feedstocks'

w%
4.976
4.953
5.026
5.033
5.017
4.942
5.027
4.957
4.923
5.012

Error (%)
-0.005
-0.028
0.045
0.052
0.036
-0.039
0.046
-0.024
-0.058
0.031
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3.5 Study on thermal debinding mechanism and technics

Plastification agent should possess good integrated characteristics, such as
increasing flow, keeping shapes, easy debinding, no bad effects on operator,
instruments and atmosphere. Debinding behaviors is a key target for
inspecting the plastification agent quality. The plastification agent should can
been thoroughly removed out, there are no ash and no deleterious impurity
after debinding. In order to establish suitable debinding technics, inspecting
the debinding mechanism is very necessary. Thermal debinding mechanism
studies show the plastification agent thermogravimetry (TG) curves can
divided into two stages: low temperature region, in which the low molecular
weight components (LMWCS) are removed; and high temperature region, in
which the polymer components are removed. Fig 6 show a group TG and
differential thermogravimetry (DTG) curves. The debinding rate controlling
mechanism is three-dimensional diffusion'119]. For large diameter cemented
carbide extrusion-molding green rods, the thermal debinding technics studies
show that the heating rate can not be very fast for low temperature region. If
the heating rate is much fast, there will be some cracking defects. During low
temperature region, the technics is not sensitive to atmosphere. In the high
temperature region, the heating rate could be much more large, but the
technics is much sensitive to atmosphere. The experimental results (table 3)
show that, based on our binder design and fabrication technics, the
plastification agent can been thoroughly removed and there are no defects
such as cracking and holes. The extrusion-molding cemented carbides
products with good integrated properties have been manufactured.
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Fig.5 Section SEM image (x 500) Fig.6 TG and DTG curves for sample B3
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Table 3. Some thermal debinding experimental results

Nos.

1

2

3

4

5

diameter

(mm)

<J> 5

O 10

<D 18

* 24

O 25

weight loss rate
(w%)

0 ~ 300 °C

3.35

3.3

3.5

3.4

3.3

weight loss rate
(w%)

300 ~ 550 °C

1.65

1.2
1.5
1.3
1.4

plastification agent
design weight percent

(w%)

5.0
4.5
5.0
4.7
4.7

5. Conclusion
By optimizing the plastification agent formulation design and selecting suitable
plastification agent & feedstock fabrication technics conditions, homogeneous
distribution plastification agents and feedstocks with good integrated
properties are manufactured. The thermal debinding mechanism studies show
that the debinding rate controlling mechanism is three-dimensional diffusion,
the plastification agents' extrusion-molding characteristics and debinding
technics are also inspected and the extrusion-molding cemented carbides
large-diameter rods with diameter up to 25 mm have been manufactured
successfully. For a long time technics observation, the results show that a
novel plastification agent system, which is suitable for plasticizing powder
extrusion molding technology, has been developed successfully.
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Summary

Corrosion resistance of different cemented carbides has been investigated.
As parameters different binder content and refractory metal carbide additions
were studied in various media with different pH values. As media 1n sulphuric
acid, sodium sulphate and sodium hydroxide solution were used.
An increase of pH shifted corrosion potential to more negative values due to
lower current densities of cathodic reaction. Additions of refractory metal
carbides such as Cr3C2, TiC and TaC increased corrosion resistance. The
effect of carbide addition is discussed.

Keywords

cemented carbides, hard metal, Cr3C2, TiC, TaC, corrosion resistance,
corrosion, electrochemical behaviour, electrochemistry, potentiodynamic
measurements, current density potential diagrams

1. Introduction

Several authors have investigated corrosion behaviour of cemented carbides
in the last years. Human, Exner et al. (1,2,3,4) systematically studied several
parameters such as grain size, binder content and binder composition.
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It has been found that grain size of WC had no influence on corrosion
resistance (1). When increasing potential in 1n sulphuric acid from free
corrosion potential into the positive direction first only the binder starts to
corrode. Stern (5) already proposed for heterogeneous alloys the linear rule
of mixtures, which has been applied to cemented carbides by Human and
Exner (1,2) according to equation [1]:

:WC-C0 _ A WC ;WC , . Co ;CO m

I — M A " I T r\A ' L ' J

where iwc 'Co is the current density of WC-Co, AA
WC, AA

Co are the cross-
sectional area fractions of WC and Co phase respectively and iwc, iCo are the
current densities on WC and the binder metal. When keeping all other
parameters constant, an increase of binder content yields to an increase of
mass loss of the tested sample according to equation [1].
The composition of binder is of focal importance for corrosion resistance of
cemented carbides. On the one hand the binder dissolves W and C
depending from sintering conditions. The effect of dissolved WC has recently
been investigated (3). Corrosion properties of cemented carbides further can
be improved by changing binder composition (Ni instead of Co) (1,6,7) and by
adding refractory metal carbides such as Cr3C2, TiC, TaC, VC and Mo2C to
the material.

The aim of the present paper is to give informations on the effect of Cr3C2,
TiC and TaC with respect to corrosion resistance. Measurements were done
in three different media varying the pH value since such data are rare in
literature and there is an increasing demand for use of cemented carbides in
different media.

2. Experimental procedure

By using a conventional three electrode cell current density vs. potential
diagrams have been measured at room temperature in deaerated solutions.
As gas argon with a purity of 99.999 % was used. The reference electrode
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was a saturated calomel electrode (SCE) with a potential of -241 mV vs.
standard hydrogen electrode (SHE). All potentials are reported versus SCE.
As counter electrode served a platinum sheet.
Cemented carbides were produced by conventional techniques and the
specimen were polished at all sides. Surface of specimen was 4 cm2. Before
electrochemical measurement magnetic properties were determined (4KO
values according to (8)). Table 1 contains a list of chemical compositions and
magnetic data of investigated cemented carbides. The last column contains
the theoretical value of magnetic saturation measurements which can be
calculated according to equation [2]:

Awes = 20,2%Co in uTm3kg"

Table 1: Characterization of investigated hard metals

[2]

specimen

label

A

B

C

D

E

F

WC grain

size

[Mm]

3

3

0.8

0.7

1.5

1.5

binder

content

[%]

6

15

5

8

10

10

/

Cr2C3

[%]

0.55

0.7

\ddition:

TiC

[%]

0.2

4

TaC

[%]

0.4

8

magnetic sat
measured
[mTcm3/g]

120

287

103

176

150

uration Ana

theoretical

maximum

[mTcm3/g]

121

303

101

162

202

202

As media 1n sulphuric acid, 1n sodium sulphate and 1n sodium hydroxide
were used. Repeatability was controlled in 1n sulphuric acid.
During deaeration of test solution potential of platinum counter electrode vs.
SCE was measured. Constant potential was reached after app. 35 minutes.
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After deaeration specimens were immersed in the electrolyte and corrosion
potential was measured for 20 minutes. After this polarisation scan was
started at a potential 150 ("In H2SO4) and 200 mV ("In Na2SO4, "In NaOH)
more negative to the corrosion potential with a scan rate of 600 mV/h.
Measurement was performed until 1000 mV. Data were recorded with a
Jaissle potentiostat and an electronic data measurement system.

3. Results

3.1 Repeatability

Materials with different binder content were tested two times to determine
repeatability. Results on pure WC-Co cemented carbides in 1n sulphuric acid
are shown in fig. 1. There is a good repeatability with a maximum deviation of
a factor of 1.5. Corrosion potential is constant at -350 mV for each
measurement. Maximum corrosion current density of 30 and 9 mA/cm2

respectively is reached between -80 and -100 mV with good repeatability.
Pseudopassivity as already described by other authors is found at potentials
between -50 and 700 mV. Above 750 mV WC oxidation becomes the
dominant anodic reaction.

3.2 Influence of binder content

Various binder contents yielded to different current densities when taking the
total specimen surface into account. For this reason all currents were referred
to the binder surface according to the linear rule of mixtures given in equation
[1]. Measured data of material B shown in fig. 1 gave a current density in the
pseudopassive range which was by the factor 4 higher than those of material
A with lower binder content.

Data related to binder surface are shown in fig. 2. This evaluation reduced the
difference between higher and lower binder content to a factor of 2. At active
potentials current density has to be related on binder area (e.g. more noble
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than 700 mV in 1n H2SO4). At potentials where WC oxidation occurs, the
whole surface has to be taken in to account.
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Figure 1: Potentiodynamic polarisation curves of materials A and B
in 1n H2SO4
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Figure 2: Potentiodynamic polarisation curves of materials A and B
in 1n H2SO4, data referred to binder surface



G. Mori et al. HM29 227

15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

Current density in the pseudopassive range is between 30 and 90 mA/cm2 for
different binder contents (fig. 2), which is in good agreement with literature

(1)-
Fig. 3 shows the data for cemented carbides A and B tested in 1n sodium
sulphate referred to binder surface. Compared with acid solution corrosion
potential is shifted to more negative values to about -600 mV for both
materials. There is no change in current density when comparing acid and
neutral solution (figs. 2 and 3). Also primary passivation potential does not
change by an increase of pH value.

1000 T

0.001
-1000 -800 -600 -400 -200 0 200 400 600 800 1000

E [mVSCE]

Figure 3: Potentiodynamic polarisation curves of materials A and B
in 1 n Na2SO4, data referred to binder surface

Potentiodynamic diagrams of WC-Co with different binder contents in alkaline
media (1n NaOH) are given in fig. 4 and 5. Fig. 4 presents data referred to
the whole sample surface, fig. 5 shows data related to the area fraction of
binder.
Corrosion potential in alkaline solution has been shifted to more negative
values, when compared with results from sulphuric acid and neutral sulphate
solution. There is a passivity range between -700 and -200 mV at a current
density of about 100 \xAlcm2 (fig. 5). Active peak of cobalt oxidation is at
-750 mV and 500 ^A/cm2. At potentials more positive than -200 mV data
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presented in fig. 4 describe behaviour of WC oxidation. At values over 200
mV there is an increasing gap between current densities of different binder
contents.
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Figure 4: Potentiodynamic polarisation curves of materials A and B
in 1nNaOH
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Figure 5: Potentiodynamic polarisation curves of materials A and B
in 1 n NaOH, data referred to binder surface
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As essential corrosion is due to dissolution of WC the further diagrams in
alkaline solution are related to the whole surface only.

3.3 Influence of Cr3C2

Different Cr3C2 additions were investigated by materials C and D. Fig. 6
shows data in sulphuric acid referred to binder surface. There is a significant
decrease of current density by chromium carbide. Furthermore corrosion
potential is shifted by 50 mV to more noble values. A 0.55 % addition of Cr3C2

at a cobalt content of 5 % has a stronger effect than 0.7 % Cr3C2 as an
addition to a binder content of 8 %.

1000!

0.001
-1000 -800 -600 -400 -200 200 400 600 800 1000

E [mVSCE]

Figure 6: Potentiodynamic polarisation curves of materials A, C and D
in 1n H2SO4, data referred to binder surface (influence of Cr3C2)

In neutral sulphate an addition of Cr3C2 results in passivity of binder (fig. 7).
Current densities are reduced by the factor of 1000. There is also a shift of
corrosion potential to the positive direction in the presence of chromium. A
higher ratio of chromium/cobalt in the cemented carbide improves passivity
(compare material C and D in fig. 7).
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Additionally fig. 7 indicates an increase of polarisation resistance (Rp = AE/Ai)
with increasing Cr/Co ratio in the cemented carbide.
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Figure 7: Potentiodynamic polarisation curves of materials A, C and D
in 1n Na2SO4, data referred to binder surface, (influence of Cr3C2)
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Figure 8: Potentiodynamic polarisation curves of materials A, C and D
in 1n NaOH (influence of Cr3C2)
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In alkaline solution corrosion potential is shifted to negative values. There are
only small active peaks which can be suppressed by the addition of Cr3C2

(fig. 8). An increase in chromium/cobalt ratio shifts corrosion potential in the
positive direction.
Corrosion of cobalt is almost negligible in alkaline media. Maximum current
densities are 30 [iNcm2 for pure WC-Co. Oxidation of WC takes place at
much lower potentials at high pH values.

3.4 Influence of TiC and TaC

Fig. 9 shows that the addition of small amount of some tenth of a percent of
TiC and TaC do not influence corrosion resistance of cemented carbides. The
polarisation curve of material E is very similar to that of pure WC-Co. This is
also valid in neutral (fig. 10) and alkaline solution (fig. 11). The latter
passivates cobalt binder already without any addition of refractory metal
carbide.
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Figure 9: Potentiodynamic polarisation curves of materials A, E and F in 1n
H2SO4, data referred to binder surface (influence of TiC and TaC)
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Figure 10: Potentiodynamic polarisation curves of materials A, E and F in 1n
Na2SO4, data referred to binder surface (influence of TiC and TaC)
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Figure 11: Potentiodynamic polarisation curves of materials A, E and F in 1n
NaOH (influence of TiC and TaC)
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When adding higher amounts of TiC and TaC to the cemented carbide
(material F) there can be found a decrease in current density at potentials
over -200 mV by approximately one order of magnitude in both acid and
neutral solution (figs. 9 and 10). In alkaline media there is no significant
change in polarisation behaviour when comparing it with pure WC-Co
cemented carbide (fig. 11).

4. Discussion

Anodic reaction in the active range between corrosion potential and about
-80 mV is due to cobalt corrosion after equation [3]:

Co -> Co2+ + 2e" [3]

The red colour of solution obtained during experiments is in good
correspondence with this. In neutral media there was formed a blue-green
solid in the electrolyte which is cobalt(ll) hydroxide according to reaction [4]
also described in (9):

Co + 2H2O -» Co(OH)2 + 2H+ + 2e" [4]

Addition of some sulphuric acid to the hydroxide containing electrolyte gave
again a red colour of the solution. The alkaline solution did not show any
coloration. Most likely oxidation of cobalt to CoO(OH)" took place (9). Current
densities were much lower than at lower ph values.
The more negative value of corrosion potential with increasing pH can be
explained by higher current densities of cathodic reaction.
Pseudopassivity in acid and neutral solution has been recorded due to
formation of a layer on the surface (1). Chemical composition of the layer
formed on the corroded surface has not been clearly identified in literature. In
(1) the possibility of formation of a cobalt tungsten mixed oxide. But also the
existence of cobalt sulphate or mixed metal sulphates is mentioned. Since



234 HM29 G. Mori et al.
15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

our experiments show the same behaviour of pseudopassivity in acid and
neutral sulphate solution as well, a sulphate formation can not be excluded.
Oxidation of WC already has been identified by other authors as the anodic
reaction which becomes significantly important at potentials more positive
than 750 mV in 1n H2SO4 (equation [5]):

WC + 5H2O -> WO3 + CO2 + 10H+ + 10e" [5]

An increase of pH shifts the reaction to more negative potentials. This also
can be concluded from data in (9).
The addition of Cr3C2 reduces significantly current densities several orders of
magnitude and there occurs true passive behaviour. The reason for this is the
dissolution of chromium in the binder during sintering and the formation of a
passive film on the surface of the binder. A high fraction of added chromium
is found in the binder after sintering as a solid solution. These results were
obtained by TEM analysis with binders at different chromium concentrations
and also by other authors (10,11). Passivity in the presence of chromium has
been obtained in all tested electrolytes (figs. 6, 7 and 8). Corrosion potential
is shifted to more noble values in the presence of chromium, which also can
be explained by passive layer formation of chromium containing cobalt.
Alloy C has a lower current density than alloy D even after relation of data to
binder surface. This is most probably due to the higher Cr/Co ratio in the
binder.

Small additions of TiC and TaC have no influence on corrosion resistance.
Alloy F has a lower current density in the active and pseudopassive range by
about one order of magnitude. When comparing highly W and C containing
alloys with pure cobalt metal there is no sharp decrease in current densities
throughout the whole potential range (3). As a consequence the effect of
current decrease is due to TiC and TaC addition. This effect is not fully
understood now. TiC and TaC may also be partly dissolved in the binder. In
contradiction to Cr3C2, which is mainly dissolved in the binder TiC and TaC
are also significantly precipitated in cemented carbides. They already can be
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identified by optical microscopy. Dissolution of TiC and TaC in the binder will
be investigated in future by TEM analysis.

5. Conclusions and outlook

The following results have been obtained in the present work:

- Corrosion of cemented carbide is determined by dissolution of binder in
acid and neutral solution at lower potentials. In alkaline solution WC is
dissolved at higher potentials.

- Increasing pH value shifts corrosion potential to the more negativ
direction. In alkaline media there is a passive behaviour. In acidic and
neutral pure WC-Co alloys show pseudopassivity.

- Cr3C2 increases corrosion resistance of binder materials due to
passivation of cobalt.

- Substantial amounts of TiC and TaC also improve corrosion resistance.
This mechanism is not fully clear now.

Future work will be focused to characterize mechanism of pseudopassivity
and the function of further refractory metal carbide additions.
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A SCANNING DEPTH SENSING HARDNESS TEST

SYSTEM TO CHARACTERISE HARDMETALS
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NPL Materials Centre

National Physical Laboratory, Teddington, Middlesex TW11 0LW, UK

Summary

Newer grades of hardmetals, including materials with non-standard
microstructures, with graded compositions and complex coatings need to be
characterised for their spatial variation in mechanical properties, particularly
hardness. A new test machine has been developed for this purpose that
uses depth sensing hardness because the measurement process can be
automated. The system was developed with a high speed facility to map
large areas quickly and force and displacement are monitored continuously
during the complete indentation cycle. The machine operates in the range
0.05-20N with a load resolution of 2 mN and a depth sensing resolution of
20 nm using a specially designed capacitance displacement sensor.
Typically a matrix of 30 x 30 indents using a diamond indenter can be
performed in about 2.5h.

Two case studies were developed to evaluate the test machine capability. A
material with an unconventional WC grain size distribution was compared
with a standard WC/Co grade. The system was used to provide information
on the uniformity of the structure, mapping hardness at an appropriate scale.
A coated hardmetal was also tested to evaluate the ability of the hardness
tester to map variations in hardness through the coating into the substrate.

KEYWORDS: Microhardness; Property Maps; Hardmetals; Coatings
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1 Introduction

Measurement of the hardness of materials is a quick and simple method of
obtaining mechanical property data from a small sample. The traditional
method relies on an optical measurement of the projected area of the
hardness indent by a trained operator. This can give rise to a large scatter in
results because it is typically operator dependent. More recently, with the
advance of computer aided measurement electronics and availability of
sensitive displacement measurement transducers, systems are increasingly
measuring the depth of the indent rather than the area (1,2). The major
advantage of this method is that dynamic measurements can be performed
(i.e. a load vs displacement curve), and also the subjectivity of the operator is
removed. Most of the advances in depth sensing machines have been in
very small load systems, nano-hardness, where it would otherwise be difficult
to measure the projected area without using electron microscopy (3). In
comparison many macro hardness machines still rely on optical
measurements for reasons of cost and compatibility with standards.

The concept behind the NPL scanning indentation mapping microhardness
system is to use depth sensing methods on a microhardness scale, coupled
with an X-Y scanning stage, and improved speed of indentation. This means
that measurements can be made anywhere on the sample, quickly and
without operator intervention, and the use of microhardness means that the
size of the indents can be of the order of the microstructure of the material.
Potential uses for the method are:-

• Determine the hardness of individual phases in a multi-phase system by
doing a statistically significant number of indents.

• Measure the hardness in a homogeneous material to estimate the strain
field.

• Measure the spatial hardness variation in an inhomogeneous material for
example coatings, castings, welds and heat treated materials.

This paper reports two feasibility studies on hardmetal structures to assess
the system performance. Also, a detailed series of tests were performed to
calibrate the system in comparison with conventional microhardness tests.
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2 System Design and Operation

The basis for the system is three linear slides that provide the X, Y and Z
movement, (Fig 1). Each slide is driven by a 1 mm pitch screw thread,
powered by a servo controlled DC motor. These are controlled by feedback
from a linear capacitance displacement transducer, positioned on the
opposite side to the motor drive. The load is measured with a conventional
strain gauged load cell, and the Vickers indenter was taken from a
conventional microhardness system.

The motor feedback system uses a rotary encoder with 500 lines per
revolution on the shaft, and each motor is controlled by an independent
microprocessor. Coupled with the reduction gears this gives a potential stage
positioning resolution of about 0.1 micrometre, but since the drive is based on
a 1 mm pitch thread a figure of 0.5-1 micrometre is probably more realistic.
Although it is still possible to measure the actual position of any stage using
displacement transducers it was considered sufficient simply to use the
counts from the rotary encoder to indicate position.

The loading mechanism uses a piezoelectric actuator. A piezoelectric system
has the potential to be quick, with a high resolution. However, the main
drawback is a limited range of around 60 pirn. The complete assembly is
mounted on a motorised Z stage. The motor is driven to within a few
micrometres of the surface, and the piezoelectric mechanism is used to
perform the indentation. From this position the Z motor is only used to
accommodate any roughness or misalignment of the sample surface.

To operate the system the piezoelectric actuator is expanded by the
application of a high voltage, and this causes the indenter to move towards
the sample. The motion of the indenter is measured by the capacitance
transducer and is a measurement relative to a static capacitance plate which
is in turn mechanically connected to the sample surface. When the indenter
touches the sample surface a load is registered on the load cell. Loading is
continued until the desired load is reached. The design of the loading
mechanism is such that although the strain gauge load cell is effectively a soft
spring, the compression of the load cell does not register on the displacement
measurement system as the load cell is above the capacitance transducers,
(Fig 1). This means that there is no need to correct for the load cell stiffness
in the final load against displacement curves.
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Design range and resolution parameters for the system are given in Table 1.

Table 1 - Typical Range for 0.01 kgf (100 mN) and 1 kgf (10N) indents

Hardness, HV1
Indent Diameter,

lim
Depth, |im

Hardness HV0.01
Indent diameter,

|im
Depth, |im

1000
43

6.1

1000
4.3

0.6

1500
35

5.0

1500
3.5

0.5

2000
30

4.3

2000
3.0

0.4

Current system resolution: Load = 2 mN; Displacement = 0.02 |a.m

Indenter Mechanism Schematic

Capacitance
Transducers

Fig 1 Schematic diagram of test system.
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The control software for performing indents, displaying and storing loac)
displacement curves, and calculating the hardness values, was written in
Labview® using modular routines.

In order to check the performance of the software and hardware together a
series of tests were carried out on a number of hardness standards. These
standards are nominally homogeneous across the entire surface, although
this has only been verified at loads somewhat greater than used in the
present experiments. The hardness was determined using the principles
outlined in the draft ISO standard for Instrumented Hardness Tests,
ISO DIS 14577. The hardness at each point is determined by using the
following method on the load displacement curves. Firstly the surface is
found by fitting a polynomial to the initial 5% of the loading curve, and then
hmax, the depth at maximum load. Then a linear fit to the top 20% of the
unloading curve is extrapolated down to zero load, to give the unloading zero,
hr. The indentation depth, hc, is then determined using

hc = h m a x - 0.75*(hmax - hr) (1)

The hardness is then calculated from this using

HV = F/(24.5*hc
2) (2)

The major difference between this method and the ISO guidelines is that the
data was not corrected for the machine compliance, since a satisfactory
method of correcting for this has not yet been determined for this machine.

Setting the approach rate of the piezo actuator controls the loading rate of the
system, and so the system is displacement controlled and the loading rate
depends on the material hardness and indentation depth. Most experiments
are set up so that it takes several seconds to ramp the load up to the
maximum, and so loading rates vary from around 0.01 to 1 N/s.

3 Materials

Two hardmetals were examined in a evaluation of the place to place variation
in hardness. Details of the hardmetals are given in Table 2. The two
hardmetals were free from graphite and eta-phase.
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Table 2 - WC/Co Hardmetals

Code

UM10
WM6

Cobalt
content, wt%

10
6

WC grain
size

mean linear
intercept, ujn

1.83
1.49

Hardness
HV30

1230
1430

Coercivity
kAm"1

7.1
17.8

Scanning electron micrographs of the hardmetals are shown in Fig 2.

<V - , • • " " "IT

V

- *

Fig 2 Scanning electron micrographs of hardmetals UM10 and WM6

The coated hardmetal was obtained from Kennametal (grade KC850). This
has a mixed carbide substrate with a TiC/Ti(C,N)/TiN coating and a sub-
coating layer containing a higher binder-phase content. An etched, as-
polished micrograph of the coated hardmetal, cut in two and
metallographically mounted and polished back to back, is shown in Fig 3.
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Fig 3 TiC/Ti(C,N)/TiN coated hardmetal, KC850.

4 Calibration

The load cell was calibrated directly by inverting the piezoelectric indenter
system and adding a series of standardised dead weights. It was not
possible to calibrate the capacitance sensors in situ. They were therefore
removed for comparison against a separately traceable transducer.
Additional calibration experiments were performed on hardmetals UM10 and
WM6 by comparing indents made with the mapping hardness system with
indents made using a conventional microhardness machine (Miniload). A
range of loads from 0.5N (50 gf) to 10N (1 kgf) were used.

For each load a row of 30 indents were made and then measured using either
an image analysis system at a magnification of about x1000 or directly using
the optical system of the Miniload system. Typical results are shown in Fig 4
for hardmetal UM10 where the indent diameters for a 5N (0.5 kgf) load are
shown as ranked plots. The indent diameters in the mapping hardness
system were slightly lower than those observed in tests in the Miniload
machine. This was later found to be due to a slight mis-application of load
that was subsequently rectified using a 16 bit PC control board to improve
resolution rather than the original 12 bit board.
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Also there was a small systematic difference in indent size when comparing
indent diameters measured using image analysis and the Miniioad optical
system. Insufficient knowledge is currently available to allow the Miniioad or
image analysis value to be prescribed the "true" value. Hardness values
calculated from direct image analysis of the indents are compared with
Hardness values measured using the depth sensing function of the mapping
system are shown in Fig 5. They show good agreement with the
macroscopic (HV30) value of hardness (Table 2). The differences between
image analysis and depth sensing are small, less than 1% in hardness.

1.0-

0.8-

01

0.4-

0.2-

0.0-

•— Depth sensing - image analysis
»— Depth sensing - miniioad

-O— miniioad - image analysis
- D — miniioad - miniioad

o

u

23.0 23.5 24.0 24.5 25.0 25.5 26.0

Mean indent diameteiftfn

26.5 27.0

Fig 4 Ranked plots of indent diameters manufactured and measured
using different systems.
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J°.«H
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0.2-
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—A— Depth sensing

1100 1200 1300

Hardness HV
1400

Fig 5 Ranked plot of hardness values calculated using either the depth
sensing mapping system or image analysis.

5 Hardness variation

A row of 30 indents was made in each of the hardmetals UM10 and WM6 at 4
loads (0.1, 0.5, 1 and 5N; i.e. 1-50 kgf). The separation distance between
each indent was not less than a factor of x5 the indent diameter. The depth
sensing hardness of the 5N indents are shown as a ranked plot in Fig 6. The
mean value of hardness increased with load, consistent with the indentation
size effect, ISE, observed in WC (4) and other materials (5,6). The range of
values increased as the indentation load decreased, as can be seen when
the data is normalised by the mean value, Fig 7.

The increase in range of hardness with decrease in indent load is consistent
with a decrease in the sampling size of the indent volume, and therefore less
statistically representative, as the indent load decreases. A ranked plot of
indent diameters is shown in Fig 8. The range of hardness values at an
indent size of 5N is quite small for both UM10 and WM6, because a
reasonable number of grains, about 100, sufficient to be representative of the
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structure, is sampled. However, as the indent load was decreased, although
the range of hardness increased, there was no obvious difference between
the two microstructures, even though the sampled area decreased to values
that should have registered differences in structure from point to point in the
wide grained, WM6, material. In order to investigate this issue in more detail
a further series of tests are planned where the indent will be controlled by
depth and not by load (to sample equal areas rather than sampling by
number) and for more indents (up to 1000) will be placed to map changes
and investigate whether the results are dependent on the total area sampled.

1000 1100 1200 1300 1400 1500 1600 1700 1800

Hardness HV0.5

Fig 6 Ranked plots of depth sensing hardness at an indentation load of
5N (HV0.5).
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Fig 7 Ranked plots of normalised hardness values.
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Fig 8 Ranked plot of indent sizes.
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6 Coating/Substrate maps

A 60 x 11 array of indents was placed across the coating/substrate region.
These were positioned at an acute angle to the plane of the coating to
improve spatial resolution, Fig 9. A load of 0.1 N (HV0.01) was chosen for the
indents to provide reasonable load/displacement traces less prone to the
measurement uncertainty associated with the interpretation of where the data
sets intersected the zero load axis. The indents were separated by about
8 îm in the direction of traverse and this was equivalent to about 3 pirn in a
direction perpendicular to the coating/substrate interface. The array took
about 2h to generate (i.e. about 10s/indent). A higher magnification image of
the indent array is shown in Fig 10. The hardness data for three adjacent
columns of the array are shown in Fig 11 and data in all of the columns were
used to produce the map shown in Fig 12. The column traces in Fig 11 were
obtained using a 3 pt running average of the data. The map in Fig 12 was
produced by grouping the hardness values according to the ranges indicated
in the legend box on the graph. The high apparent values of hardness are
consistent with the ISE effect [3,4].

Even though there is some scatter of individual data, because at the load of
0.1 N areas either rich in binder or carbide are selected. However, it can still
be seen that the map clearly picks up the softer region between the body of
the substrate and the inner layer of coating (TiC).

Consideration of Fig 10 shows that the indents in each of the coating layers
was not ideally placed to measure the hardness of each individual layer.
However, more careful analysis of every position would probably generate
statistically useful information on each appropriate phase. However, this was
not the purpose of the present experiment which was to conduct a feasibility
study of the utility of the system for obtaining useful maps of relatively large
regions.
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Fig 9 Indent array across coating/substrate interface.

\

\

Fig 10 Higher magnification image of array close to coating/substrate
interface.
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9000

60 70

Fig 11 Three adjacent columns of hardness (HV0.01) across the
coating/substrate interface.

D 5500-7500 !

B 3500-5500

• 1500-3500

Fig 12 Hardness map of the coating/substrate region.
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7 Summary

A new depth sensing microhardness mapping system has been developed
that is capable of producing arrays of indents, typically up to 20 x 20 in 1h, at
loads of between 0.05-20N. The arrays are placed and analysed
automatically, obviating the need for operator selection of indentation
diameters. The system was calibrated, both statically and by comparison
with indents made using a conventional microhardness machine.

The system was evaluated in two feasibility experiments:

• to assess point to point variation in WC/Co hardmetals
• to assess mapping capability in a coating/substrate system.

Both experiments generated useful data sufficient to validate the utility of the
system but future work is needed to develop the analytical aspects of data
presentation and to understand why the hardness map of the wide grained
hardmetal did not show any obvious difference to that in the conventional
WC/Co hardmetal.
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Abstract :

A special method was implemented to quantify the bimodal character of the
3D grain size distribution in WC-Co sintered materials. The method deals with
SEM images of materials sections. Grains are separated on binary images by
an automatic algorithm. The intercept length distributions are measured. Data
are then fitted with a model population of trigonal prisms with constant shape.
Two kinds of grain size distributions are considered for the model : a
unimodal (lognormal) distribution or a bimodal (bi-lognormal) size distribution.
The method is applied to different WC-Co grades, and the bimodal character
of the distribution is discussed.

Keywords

bimodal distribution ; grain size distribution ; polyhedra ; image analysis

Introduction

A precise characterisation of the grain size distribution in WC-Co materials is
needed to better understand grain growth mechanisms, and also to optimise
the mechanical properties. Quantitative analysis of images taken on a section
of the material is a suitable tool for this. Analysis of the intercept length
distribution in the WC phase can be used to analyse the influence of process
parameters on the microstructure coarsening (1). However, determination of
the 3D grain size distribution should be preferred for a detailed analysis of
grain growth.
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A possible method is to use random set models (boolean models) to describe
the grains. The model parameters are then fitted by image analysis of the
complementary set of the grains, i.e. the binder phase. This method does not
require any segmentation of the grains, which may be a tedious task for
submicronic particles, especially when the binder fraction is small. Such an
approach was used by Quenech et al. (2), using Poisson 's polyhedrons for
the representation of WC grains. These are polyhedrons with random shapes,
and a one-parametric size distribution, i.e the size distribution is fixed for a
given average size. A different model was proposed by one of the present
authors (3), using trigonal prisms for WC grains, i.e. the equilibrium shape for
WC grains in a Co-based liquid (4). However, estimation of a two-parameter
(unimodal) size distribution from this method is highly sensitive to
experimental errors, and it could not be used for the characterisation of
bimodal distributions.

The more usual approach starts with a segmentation of the grains on the
image. The distribution of a size parameter is then measured on individual 2D
particles. Automatic segmentation requires complex image processing (5, 6).
The size distribution of 3D-particles can be computed from analytical model
for simple shapes (7), but requires numerical methods for more complex
shapes, like polyhedrons (8, 9, 10). Analysis of the size distribution based on
a segmentation of particles was applied to the WC-Co system, to get the
distribution of intercept lengths in the grains (11), or of 2D equivalent
diameters (12) It was also be applied to determine the 3D grain size
distribution of equivalent spheres (13, 14), cubes (9) or truncated trigonal
prisms (8). The present method uses an automatic segmentation algorithm
based on the work of Serra (6). The 3D grain size reconstruction is performed
from measured intercept length distributions, assuming a trigonal prismatic
shape (Fig. 2) for WC grains, with a fixed ratio F=h/L of the height to the
basal triangle side. The method is applied to the analysis of WC-Co sintered
materials prepared from mixtures of large and small WC particles. Lognormal
and bi-lognormal grain size distributions are used to fit the experimental
intercept length distributions.

Image analysis methods

Image acquisition was performed in SEM for the 3 samples, in the
backscattered mode. 5 to 10 images were acquired in each case,
corresponding to several thousands of particles analysed. The WC phase
was thresholded (Fig 1).
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Segmentation of the particles

Segmentation is based on the distance function. This function represents, on
a grey-tone image, the distance to the edge of particles (Fig 1c). Regional
maxima of this function are calculated, which are used as markers for the
particles to be segmented. In fact, fluctuations in the particle contours can
induce multiple maxima, especially for large particles. Therefore extended
regional maxima are considered, i.e. maxima which emerge more than two
grey level from their neighbours in the distance function. The regional maxima
for large grains are obtained by intersection of the extended regional maxima
with the largest areas of the binary image (Fig 1c). The binary image is
segmented using the watershed line of the distance function, constrained by
the regional maxima defined above (Fig 1d).

c)

Figure 1: Standard automatic image processing : a) SEM image
(backscattered) ; b) binary image ; c) distance function with regional maxima
in white (extended maxima in the large particles); d) segmented binary image
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Measurements

Intercept length distributions were determined by classical opening
granulometry (15). This analysis gives the number of intercept per unit length
NL {lk) Al which are comprised between lk_i and lk., for any class {lk.-i; lk}.

Reconstruction of the 3D grain size distribution

Assuming a discrete 3D grain size distribution, and a fixed particle shape, the
numbers of intercepts per unit length are related to the numbers of particles
per unit volume Nv(Dj) having size D, (7) :

NL(lk)AI = ZAp(Di)P(Di,lk)Nv(Di) (1)
/

where Ap (D,) is the average area of the projection of a particle on a plane,
p(Dh lk) is the probability that a particle with size D, gives an intercept of
length between lk.-, et lk.

Expressions for Ap (D,-) and p{Dh lk) can be calculated for a given particle
shape. In principle, discrete values Nv(Dj) of the 3D grain size distribution can
be deduced from the intercept length distribution by a simple matrix inversion
of eq. (1). This method gives an unique solution and it can be used for
spherical shapes for example, but it produces aberrant values of Nv(Dj) for
polyhedral shapes, due to discontinuities in the probability function p(Dh lk). A
regression method was used here to fit eq. (1), with the constraint that all
Nv(Di) are positive.

h

D
Figure 2 : The trigonal prismatic shape used for 3D grain size reconstruction



256 HM31 J.M. Missiaen et al.
5- International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

A triangular prismatic shape was assumed for the grains (Fig. 2). The ratio
F = hID of the height to the side of the triangle is fixed to 1/4. Since the mean
projected area of a convex particle equals 1/4 or its total area (7), Ap (D,) can
be related to the size D, and to the shape factor F by :

(2)

Values of the probability function p{Dh lk) can be determined by numerical
methods. In the present work, data were were obtained from courtesy of Han
and Kim (10). The cumulative probability has been calculated from these
data, i.e. the probability P{Dh lk) that a particule of size D, gives an intercept
smaller than lk. This function can be fitted by the analytical function (Fig. 3):

: P(x) = 1.967x

,0.628

x = > 0.25 : P(x) = 0.505 + 0.495
1-673.5- (x-°25)

11 n oc\0.628

(3)

(4)

The probability function p{Dj, Ik) can then be computed from eq. (3) and (4)
for any class interval Al.

0.1 0.2 0.3 0.4 0.5 0.6 0.7 0.8 0.9 1

Figure 3: Model representation of the cumulative probability function P(x).
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In order to analyse the bimodal character of the size distribution, two cases
are considered for the grain size distribution: a unimodal grain size
distribution, of log-normal type (in volume %), and a bimodal grain size
distribution, constructed by adding two log-normal distributions (in volume %).
For the unimodal distribution, parameters to adjust are the mean size and the
standard deviation of the distribution (2 parameters). For the bimodal
distribution, parameters to adjust are the mean sizes and standard deviations
of the two modes (4 parameters) and the proportion of each mode (1
parameter). The measured intercept distribution is fitted with the distribution
calculated from the model (eq. (1)), by a chi2 minimisation. The deduced 3D
distributions are plotted for the equivalent 3D-diameter (i.e. the diameter of
the sphere of same volume).

Experiments

Three WC-Co compositions were prepared by mixing Co powder with a
mixture of large grains and small grains WC powders. Compositions of the
mixtures are reported in Table 1.

Powders were compacted and sintered at 1450°C for 1h.

Composition

A
B
C

Co

(weight%)

17
9
9

VC<1> or
(Ta, Nb)C(2)

(weight%)

0.2<1>
2P)
2(2)

Large
WC

(weight%)
10

17,8
45

Size

8 um
5.5 um
5.5 um

Small
WC

(weight%)
73

71,2
44

Size

0.8 pirn
1 um

1.5 um
Table 1 : The 3 compositions reported in this work

Results

Figure 4 shows microstructures of the sintered specimens. A secondary
(Ta, Nb)C carbide phase can be observed in grey on samples B and C, which
has been eliminated for the analysis of the WC grain size distribution.
Measured intercept length distributions, together with the fit and the
corresponding 3D grain size distributions are presented on Fig. 5 to 10.
Unimodal and bimodal fits are considered.
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Composition A

Composition B

Composition i

Figure 4 : SEM images (backscattered) of the three
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a)

b) 0.1
0.09
0.08
0.07
0.06
0.05
0.04
0.03 -
0.02
0.01

0 •*

0

• exp.
— Fit

4 6
/(Mm)

10

10 12 14 16 18 20 22 24
Deq (Mm)

Figure 5 : Intercept length distributions (a) and 3D unimodal grain size
distribution corresponding to the fit (b) for sample A.

Fit Results :
chi 2

volume fraction
equivalent diameter (urn)
standard deviation (urn)

0.104
Large particles

1.00
3.7
3.5

Small particles
0.00

-
-

Table 2 : Characteristics of the unimodal 3D grain size distribution
deduced from the fit for sample A.
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a)

b)
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— Fit

4 6
/(Mm)
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Figure 6 : Intercept length distributions (a) and 3D bimodal grain size
distribution corresponding to the fit (b) for sample A.

Fit Results :
chi 2

volume fraction
equivalent diameter (urn)
standard deviation (urn)

0.008
Large particles

0.34
10.1
4.2

Small particles
0.66
1.6
0.7

Table 3 : Characteristics of the bimodal 3D grain size distribution
deduced from the fit for sample A.
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exp.
-Fit

9 10 11 12

Figure 7 : Intercept length distributions (a) and 3D unimodal grain size
distribution corresponding to the fit (b) for sample B.

Fit Results :
chi 2

volume fraction
equivalent diameter (urn)
standard deviation (urn)

0.032
Large particles

1.00
2.5
1.4

Small particles
0.00

-
-

Table 4 : Characteristics of the unimodal 3D grain size distribution
deduced from the fit for sample B.



262 HM31 J.M. Missiaen et al.
15'k International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

a ) 0.25 -

0.2

2 0.1

0.05 -

b)

0 1 5 6 7
Deq (Mm)

exp.

-Fit

10 11 12

Figure 8 : Intercept length distributions (a) and 3D bimodal grain size
distribution corresponding to the fit (b) for sample B.

Fit Results :
chi 2

volume fraction
equivalent diameter (urn)
standard deviation (urn)

0.026
Large particles

0.17
5.2
1.8

Small particles
0.83
2.0
0.9

Table 5 : Characteristics of the bimodal 3D grain size distribution
deduced from the fit for sample B.
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5 6 7
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10 11 12

Figure 9 : Intercept length distributions (a) and 3D unimodal grain size
distribution corresponding to the fit (b) for sample C.

Fit Results :
chi 2

volume fraction
equivalent diameter (urn)
standard deviation (um)

0.021
Large particles

1.00
3.5
1.8

Small particles
0.00

-
-

Table 6 : Characteristics of the unimodal 3D grain size distribution
deduced from the fit for sample C.
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Figure 10 : Intercept length distributions (a) and 3D bimodal grain size
distribution corresponding to the fit (b) for sample C.

Fit Results :
chi 2

volume fraction
equivalent diameter (urn)
standard deviation (urn)

0.018
Large particles

0.74
3.9
1.4

Small particles
0.26
2.0
0.7

Table 7 : Characteristics of the bimodal 3D grain size distribution
deduced from the fit for sample C.
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Discussion

The present work proposes an automatic sequence of image processing,
measurements and microstructure modelling to describe the grain size
distribution in WC-Co materials. Errors in the final result can come either from
imprecisions in image processing and measurements, or from approximations
in the model. As for image processing, grain segmentation can be a major
source of errors. Individual grain boundaries are frequently mispositionned.
Random deviations from the actual position will probably not disturb the grain
size distribution too much, but oversegmentation of large grains and
undersegmentation of small grains is sometimes observed. Another source of
errors comes from the assumption of constant grain shape, and from the ideal
log-normal representation of the distributions. In fact, the main advantage of
the present analysis is that it can be easily implemented, and reproduced on
different samples. The resulting size distribution must not be considered as
absolute, but as the reproducible result a series of image processing and
measurements, for a realistic model representation of the microstructure.
Samples treated the same way can then be directly compared.

Despite imprecisions in the analysis process, the bimodal character of the
grain size distribution can be evidenced when the difference in the initial
mean sizes of the powders is large enough, and is consistent with
microstructural observations. Therefore the fit is improved sharply for
specimen A, and more slightly for sample B when using a bimodal
distribution. The improvement is not significant for sample C. Initial size
distributions of the two classes in the initial powder mixture are closer in that
case, and volume fractions are similar so that the two modes are merging in
the sintered material when the bimodal analysis is performed. The size
distribution may as well be represented by a broad unimodal distribution in
that case (it must be recalled that 5 parameters instead of 2 are used for the
fit of the bimodal distribution). The volume fraction of large grains in the WC
phase which is deduced from the model for sample A (34%) is lower than in
the powder mixture (12%). This is explained by grain growth, which
consumes small particles at the expense of large ones. These volume
fractions are similar for sample B (20 % in the powder mixture and 17% in the
sintered material). Grain growth is not so strong in that case, due to the larger
size and smaller amount of small particles, and possibly to the difference in
inhibitors. But the two modes in the grain size distribution deduced from the
model are not so well separated in that case, and error in the volume fraction
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estimation is therefore higher. For sample C, where the two modes are
merging, no conclusion can be drawn from the volume fraction analysis.

Conclusion

Automatic image analysis has been performed to quantify the grain size
distribution in WC-Co sintered materials prepared from mixtures of large and
small WC particles. When the difference of the mean sizes of the initial
powder mixture is large enough, the bimodal character of the distribution can
be quantified using a model representation of the grains by a bi-lognormal
grain size distribution of trigonal prisms.
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AB Sandvik Hard Materials, Stockholm, Sweden
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Summary
Cemented carbides are known to be very hard and wear resistant and are therefore
often used in applications involving surface damage and wear. The wear rate of
cemented carbides is often measured in abrasion. In such tests it has been shown
that the wear rate is inversely dependent on the material hardness. The sliding wear
is even more of a surface phenomenon than abrasion, making it difficult to predict
friction and wear from bulk properties. This paper concentrates on the sliding wear
of cemented carbides and elucidates some wear mechanisms. It is especially shown
that a fragmenting wear mechanism of WC is very important for the description of
wear of cemented carbides.

Keywords: Cemented carbides, binderless carbides, sliding wear, friction

1. Introduction
Due to its unique combination of high hardness and high toughness cemented
carbides are used in applications involving wear, e.g. face seals, knifes, pen balls,
cutting tools and drills for circuit boards. In a majority of the applications relative
motion between the cemented carbide and a counter material occurs. This will
inevitable lead to wear of the cemented carbide, in some cases the wear rate is
controlled by abrasion but often the wear rate is controlled by the sliding wear
properties of cemented carbides. Sliding wear occurs when two solid surfaces slide
against each other. The contact may be lubricated or dry. Sliding wear and abrasive
wear are similar in that they both demand relative motion between two surfaces,
while in abrasive wear also hard particles are involved as well [1, 2], Sliding wear is
more complicated than abrasion due to the larger number of factors that can
influence both friction and wear, e.g. temperature, pressure, counter material,
formation of surface films, phase transformations and lubrication [2]. The sliding
wear is even more of a surface phenomenon than abrasion, making it difficult to
predict friction and wear from bulk properties.

When adding a lubricant to the system, many effects have to be considered [2, 3].
The lubricant can reduce the pressure on the surface through lubricating films,
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which leads to reduced wear and friction. It can also dissolve or remove wear debris
from the interface thus affecting the formation of tribofilms [3]. Liquids have also
been reported to influence the near surface mechanical properties, which then
influences the wear property [4]. The possible formation of corrosion films also
influences friction and wear.

In a model test, the many parameters in a real application are often varied one at a
time. Model tests are often denoted by their contact geometry [1, 2]. All contacts
can be described as being either conformal or non-conformal. Conformal means that
two surfaces have or adapts to the same form, e.g. a ring on a ring. Non-conformal
indicates varying contact geometry, e.g. a spherical ball on a disc. When evaluating
materials tribologically, the behaviour in both types of geometries is often tested. A
contact can also be closed or open [2], the latter meaning that one of the surfaces is
renewed continuously, as for instance cutting tools. Closed contacts are
characterised through both surfaces being part of the same construction and by
these meeting repeatedly, such as for face seals. This paper concentrates on sliding
wear in closed contacts and the wear mechanisms and wear phenomena acting in
such contacts.

2. Wear mechanisms of single crystalline WC
Cemented carbides contain in general above 80 volume percent of micrometer sized
single crystals of WC. To understand the wear mechanisms for the material it thus
seems natural to study the wear of WC single crystals [5]. Large single crystals
(about 5 mm) were grooved by a spherical diamond indenter inside a SEM, which
enabled the formation of wear debris to be studied in situ. The main wear
mechanism was shown to be the formation of small fragments, see Fig. 1. Analyse
of the small fragments with TEM showed the surface planes, preferred by the
fragments, to be identical to the crystals slip planes [5, 6].

2.1. Non-conformal contact (ball-on-disc)

2.1.1. Dry sliding
In tests against silicon nitride balls, cemented carbide discs show a decreasing wear
rate with increasing composite hardness. The effect of hardness is not as strong as in
abrasion [7]. The wear mechanisms have been found to occur on a scale smaller than
the individual carbide grains. In sliding contact, the wear debris are not as easily
removed as in abrasion. The debris can therefore accumulate on the surface and form
tribofilms. The properties of the tribofilms are normally different from those of the
original material, thus changing the wear behaviour. It has been speculated that small
WC fragments compacted and mixed with Co increase the surface toughness and
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hence also the wear resistance [8]. Compared to other hard ceramic materials,
cemented carbides have a very low wear rate in sliding contact, especially at high
normal loads, Fig. 2 [9]. This is a very important property. Engineering ceramics
suddenly start to wear at very high rates when the supplied energy (i.e. increased
load and/or sliding speed) exceeds a limit for micro fracture at the surface [1,2]. This
affects the reliability of the ceramics negatively. Cemented carbides have a low wear
rate and no limit for microfracturing of the surface has been reported. This is also
true for WC-based ceramics with less than 0.5 wt.% binder, so called binderless
carbides.

Figure 1. Wear mechanisms of single crystal WC a) low magnification image
showing the groove process of WC and b) high magnification image of
the small fragments (SEM). Note the remarkable fragmentation in front
and around the diamond indenter.
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Figure 2. Wear rate versus normal load times sliding speed for some engineering
ceramics and WC-based materials including WC-TiC binderless carbide
and conventional cemented carbides. WRA denotes SiC whiskers
reinforced alumina.

The favourable sliding wear properties of cemented carbides and binderless carbides
can be understood from considering the wear mechanisms of the individual
constituents. Cobalt has been shown to withstand high pressures without seizure,
which is a very important property of metals in sliding contact. This also explains the
high resistance to seizure of stellite materials (Co-based). The fragmentation of WC
into very small wear debris rather than cracking of whole grains or of whole machine
elements is also important in order to relief the material from stresses, described
above. These two qualities together with the high macro fracture toughness of the
composite might explain the ability to endure high pressures without entering into a
high wear level as is common for ceramic materials.

Friction coefficients between 0.3 and 0.5 have been reported for cemented carbides
[9-11]. The friction coefficient values are measured in self-mated tests and in tests
against alumina and silicon nitride. Self-mated cemented carbides show the lowest
friction coefficient. The effect of the microstructure on the friction coefficient, i.e.
carbide grain size and amount of binder, is still not clear.

Also, binderless carbides exhibit a high resistance to microfracturing and show a
wear rate similar to the metal bonded cemented carbides [9-11]. The main wear
mechanism is, as for the cemented carbides, fragmentation of carbide grains with
subsequent oxidation of some of the fragments, Fig. 3. The friction coefficients are
somewhat higher for the binderless carbide in comparison to the Co-bonded
cemented carbides, about 0.4 to 0.5 in self mated sliding.
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Figure 3. Wear debris (WC and WO3) at the side of a wear track on a binderless
carbide tested in a dry ball-on-disc test [8].

2.1.2. Lubricated sliding
Cemented carbides are often used in lubricated applications where long life times are
required, e.g. face seals. It does not necessarily need to be water and therefore the
lubricant can have a very high or a very low pH. The influence of pH of the lubricant
on friction and wear of self-mated WC-materials is complicated, Fig. 4 [3, 10, 12].
For Co-bonded materials, the wear rate increases with increasing pH, whereas NiCo-
bonded materials seem to be more stable towards fluctuations in pH. Surprisingly,
the wear rate of the corrosion resistant WC-TiC binderless carbide shows the
strongest dependence on pH. At low pH the wear rate is similar to the metal bonded
materials while at a pH of 14 it is about 20 times higher.

Although the materials have very different corrosion resistances at low pH, the wear
rates were similar. This can be explained by the high normal load used in the tests,
reducing the influence of corrosion on the wear rates.

The somewhat confusing wear behaviour of the materials in the tests lubricated with
alkaline liquids may find its explanation in the galvanic coupling between the binder
(or y-phase) and WC. Investigation of the material's response to these liquids
without mechanical stimulation, showed that both the NiCo-bonded cemented
carbide and the binderless carbide were unaffected, whereas the Co-bonded
cemented carbide formed various kinds of oxides [11]. The high wear rate of the
binderless carbide at high pH can thus not be due to chemical reactions with the
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liquids. Instead it may be due to a reduction in the materials resistance to form small
fragments of WC, which has been found to be the main wear mechanism in dry
operation. Interestingly, the effect is absent in the metal bonded cemented carbides.
Thus, the binder should be corrosion resistant in itself but also be able to control the
behaviour of WC.
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Figure 4. Wear resistance versus lubricant pH for (a) Co-bonded, (b) NiCo
bonded cemented carbide and (c) WC-TiC binderless carbide. Note the
different scales on the y-axis. Negative values indicate material transfer
from pin to disc.

2.2. Conformal contact (ring-on-ring)
In conformal contacts the heat generated is transferred through the wearing
material and the wear debris are not as easily removed as in non-conformal
contacts. The wear debris are often agglomerated into surface films, so-called
tribofilms. The formation and properties of tribofilms are important to study
because they control both friction and wear. Often, these films are different from
the bulk material. The results reported here are from axially loaded rings pressed
together with one ring rotating and one stationary, the sliding speeds and normal
loads were chosen to resemble those in a real face seal application, 1-10 m/s sliding
speed and 50-350 N load.
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2.2.1. Dry sliding
The high sliding speeds and high loads lead to high energy-dissipation, which
promotes chemical and mechanical generation of wear debris. The debris are
compacted into tribofilms on the surface. This was observed on both cemented
carbides and WC-TiC binderless carbides tested in self-mated axially loaded ring-on-
ring contact in nitrogen or air environment [11].

In mild tests (low speed and low normal load) the cemented carbides form thick
(several îm) covering nanocrystalline tribofilms consisting of WC and Co of
approximately the same amounts as in the bulk material, Fig. 5. The fragmenting
wear mechanism of WC promotes the formation of the nanocrystalline films. The
WC grain size is about 100 nm in the films as observed in TEM. Beneath the smooth
films, the bulk carbide grains is unevenly worn due to the anisotropic nature of WC.
The friction coefficient is similar in both nitrogen and air, between 0.4-1, with a
lower friction coefficient at higher normal load. The low content of oxides indicate
that the surface temperature is below 500-600°C, which is the oxidation temperature
forWC [13].

In more severe tests (higher sliding speed) the tribofilms are much thinner and not
as covering. In tests in air, W-oxides form and are mixed together with WC
fragments and Co, whereas in nitrogen the films consist of WC and Co. The friction
coefficient is as low as 0.2 in both air and nitrogen, which indicates that Co reduces
the friction and not the oxides. The higher amounts of oxide plus theoretical
calculations show that the surface temperature is above 600°C. For the WC-TiC
binderless carbide the film (about 1 [ira thick) consists of nanocrystallites of
tungsten oxides and WC (grain size of about 10 nm) when tested in air and mainly
of WC in nitrogen. The friction coefficient is consistently higher than for the Co-
bonded cemented carbides, which again indicates that Co is important for lowering
of the friction coefficient. Due to the large volume expansion when going from WC
to W-oxide the films formed in air do not adhere well to the bulk material.
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Figure 5. Nanocrystalline tribofilm formed after mild tests, consisting of WC and
Co, (SEM)

2.2.2. Lubricated sliding
In lubricated self-mated ring-on-ring tests of Co and Ni bonded cemented carbides
and WC-TiC binderless carbide, the thick tribofilms are absent, because of the
lubricant continuously removing wear debris from the system. Instead other surface
phenomena occur, such as formation of equidistant 30-40 urn deep cracks followed
by a compositional "wave" pattern [14], Fig. 6. The surface damages are oriented
perpendicularly to the sliding direction and have a very regular appearance.
Interestingly, the cracks can form without much mechanical contact. Periodic cracks
are present although the lapping grooves from the ring fabrication are still present at
the surface, see Fig. 6a.
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a)
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Figure 6. Worn surfaces from lubricated ring-on-ring tests, a) Cracks on WC-Ni
cemented carbide and b) cracks and deformed areas on WC-TiC-Co
cemented carbide (LOM).

Of the investigated materials, the Co-bonded cemented carbide had suffered from the
most severe mechanical contact. Cross-section images from such rings reveal
periodic zones with deformed and oxidised material and cracks running through the
zones, Fig. 7. The zones can form through flopping of cracks due to fluctuating
stresses arising from direct mechanical contact between the two rings. Flopping
combined with high temperature lead to milling combined with oxidation of the
carbide grains near the surface. Carbide fragments mixed with Co and heated
through friction form CoWO4 and W-oxides. The Co binder around the zones is
deformed plastically. At the border between deformed and bulk material small voids
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are generated around carbide grains. If these voids merge large parts of the seal
surface might pull-out resulting in subsequent failure of the seal [14].

a)
Oxidised and deformed zone

Surface layer, small szrain size
low Co-content

Thermal crack
Deformed hinder

Figure 7. Cross-section images from worn Co bonded cemented carbide rings,
tested in a face seal bench test lubricated with water, a) schematic
illustration of observed features, b) FIB electron-mode image of a
cracked and deformed zone.

3. Discussion
The fragmenting wear of WC can explain much of the observed wear mechanisms of
WC-based materials. Probably it is the ability to fragment that explain the beneficial
tribological behaviour of cemented carbides. The fragmentation provides WC with
ability to relief stresses in a controlled manner instead of brittle cracking, as is
common for hard materials. The addition of binder metal increases the sinterability
and finally the macroscopical toughness but still most of the material consists of WC
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and thus it must be WC that controls the steady state wear. Of course when cracks
develop or when subjected to corrosive liquids also the binder plays a major role.
The metal binder also affects the hardness, which controls the indentation depth and
indirectly the wear. But most of the removed material is WC and thus WC's wear
behaviour is very important.

In dry sliding, the WC-based materials show a low and stable wear rate but the
friction coefficients are above 0.3. To further improve the material, a reduction of
the friction coefficient is desirable.

The complex relation of the WC-based materials to the pH of the lubricant needs
further investigation to be understood. The results for the binderless carbide
compared to the metal bonded cemented carbides clearly show the importance of the
binderphase.

The thick tribofilms formed in the dry ring-on-ring tests can be said to resemble
liquid lubricants, i.e. to even out stresses acting on the bulk material. To get an extra
protection of face seals, the seals could be run dry for a short time to form a
tribofilm (at correct sliding speeds and normal load to avoid too much oxidation)
before the lubricant is added to the system. By putting powders of elements, with
desirable properties, directly on the surface before the run, tailored tribofilms can be
formed.

As in the lubricated ball-on-disc tests, it becomes more complicated when a lubricant
is added to the ring-on-ring contact. Especially the mechanisms behind the crack
formation and the compositional wave pattern need further investigations. One way
to prevent both could be to use the pre-maid tribofilms mentioned above to protect
the bulk material.

The effects from specific environments on sliding wear behaviour of WC based
materials is not well known. There are still many parameters, the effects of which
are not sufficiently investigated, e.g. temperature, lubricant and counter material.
Experiments conducted to investigate this should preferably be performed in some
kind of model test where the parameters can be carefully controlled.

4. Conclusions
• Tungsten carbide wear through fragmentation into fine wear debris.
• The fragmenting wear can explain the wear behaviour also for cemented carbides.
• Tungsten carbide-based materials can withstand very high PV-values without

microfracture, much higher than common engineering ceramic materials.
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• Cemented carbides have the ability to form thick covering nanocrystalline
tribofilms during wear in dry conformal contact.

• In lubricated contacts WC-based materials can have a high wear rate. This has
probably to do with the galvanic coupling between WC and the binder. A periodic
crack pattern can also form on the wear surface. The crack pattern can lead to
failure of the material.
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Summary
In the previous papers, we have already reported that WC-Co base hardmetal

(W+Graphite+Co alloy) prepared from W+Graphite mixed powder instead of

conventional WC powder has a large amount of plate-like triangular prismatic WC

grains with highly unidirectional orientation, and that it shows higher fracture toughness

and transverse-rupture strength than the conventional hardmetal at an identical

hardness.

In this study, we prepared new WC-Co base hardmetal by using Co2W4C and

Co3WgC4 complex carbide powders as the main starting materials. It was confirmed

that WC grains in the hardmetals are also plate-like triangular prismatic, but are not

oriented, i.e., isotropic, differing from W+ Graphite+Co alloy. The fracture toughness,

however, was higher by 10-15% than the conventional alloy at an identical hardness,

although the transverse-rupture strength was nearly the same as that of the

conventional alloy.

Keywords
hardmetal, cemented carbide, complex carbide, plate-like, isotropy, WC, CoxWyCz

1. Introduction
WC-Co base hardmetal (hereafter, described as alloy) are widely applied to cutting

tools, PCB (printed circuit board) drills, wear-resistant tools, etc., because of its high

toughness as well as high hardness and fracture strength. The improvements of

these properties have been continuously carried out by changing the composition and

microstructure, and also by applying new process such as HIP, PVD and CVD(1X2).

Recently, we have developed an alloy which has plate-like triangular prismatic WC

grains with highly unidirectional orientation(3X4), as shown in Fig. 1. The new alloy is
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V

Fig. 1 SEMmicnoslnjc^reof1wokindsof(TOss-secfcnsVandPforW^raphite4€oalloys. V

and P are vertical and parallel to powder die-pressing direction, respectively. The chemical

compositions of these alloys are commonly WC-2%TiO3.3%TaC-0.4%NbC-8%Co(3).

prepared by use of W+C(graphite) mixed powder instead of conventional WC powder.

As for the carbon powder, graphite powder was superior for the formation of such WC

grains, compared with carbon-black powder. The fabrication process of the alloy is a

conventional "unidirectional die-pressing and pressureless sintering", i.e., the process

free from hot-pressing, differing from hot-extruded compact of ultrafine WC+Co mixed

powder (Baxtron)(5) and hot-pressed compact of WC-supersaturated (W,Ti,Ta)C+Co

mixed powder*6' which have also highly unidirectional plate-iike WC grains. We call

this alloy "W+Gra alloy" or "W+Graphite+Co alloy" in the research papers(3X4) and

commercially "Disk-reinforced Cemented Carbide^'.

W+Graphite+Co alloy has higher fracture toughness Kjc than the conventional alloy

at an identical hardness Hy, as shown in Fig. 2(3). Transverse-rupture strength TRS is

also superior to that of the conventional alloy. These superior mechanical properties

was considered to be caused by a large amount of hard WC(0001) basal plane, their

highly unidirectional orientation, higher contiguity of WC and/or perfectness of WC

crystal due to its nucleation and growth during sintering.

The formation process of highly oriented plate-like triangular prismatic WC grains

are schematically shown in Fig. 3(4). W powder particles are flattened during

ball-milling and highly oriented by unidirectional die-pressing. During heating below

the liquid-appearing temperature in the sintering cycle, such W particles change by the

chemical reaction with graphite and/or Co powder particles firstly to highly oriented

plate-like agglomerates of complex carbides (COxWyQ,) such as C02W4C (6: according
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to W-C-Co phase diagram(8)) and C03W9C4 (x) and then to plate-like triangular

prismatic WC grains with highly unidirectional orientation.

Taking into consideration the above described formation process of such WC grains,

we presumed that the alloys having WC gains with plate-like shape, but without

unidirectional orientation, i.e., with isotropic orientation, can be prepared by using

COxWyCz+C mixed powder instead of W+Graphite+Co mixed powder as the main

starting materials. Because, the complex carbides are so brittle that these powder
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Fig. 2 Relation between Kc{SEPB) and hi/ for three kinds of specimens of W+Graphite+Co and

conventional alloys. The chemical compositions of alloys are WC-2%TiC-3.3%TaC-0.4%

NbC-(6~9)%Co. Specimens PV, PP and W are ones whose surfaces are parallel and/or

vertical to die-pressing direction'3'.
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Fig. 3 Schematic diagram for the process of generation of highly oriented plate-like WC grains

in W+Graphite+Co alloy*4'.
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particles are not flattened but become granular during ball-milling, and thus can not be

oriented by unidirectional die-pressing. We also presumed that the alloy has superior

mechanical properties than the conventional alloy, because the alloy has presumably

the most of characteristic of W+Graphite+Co alloy except for highly unidirectional

orientation of plate-like WC grains. Based on these, we tried to prepare WC-Co base

alloy having isotropic plate-like triangular prismatic WC grains by use of the mixed

powders K- or ^complex carbide, C and Co as main starling materials. In this report,

the microstructural development and mechanical properties of the new alloy were

described.

2. Experimental Procedures
For the preparation of K- and (9-powders, commercial W (1.5 \im), C

(carbon-black: 0.3 jam) and Co (1.3 ^m) powders were used as starting materials, and

these powders were combined. The content of Co, W, C in K- and ^powders were

9.09, 88.60 and 2.31mass%, and 13.70, 84.79 and 1.51mass%, respectively. The

combined powders were dry-ball-milled, filled into graphite boat and heated in flowing

hydrogen gas at 1623 and 1473 K, respectively for 3.6 ks. The products were porous

and fragile, and thus easily crushed to powder-form. By X-ray diffraction, the products

from the mixed powders for K and 6 were confirmed to consist mainly of K and 6

phases respectively, although a small amounts of W and WC phases were contained,

as shown in Fig. 4. The mean particle sizes of these complex carbide powders
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Fig. 4 X-ray diffraction profiles of Ck^VVgC^K) and C02W4C(^ powders which were prepared

by heating W+Co+C mixed powders at 1623 and 1473 K, respectively for 3.6 ks.
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estimated by SEM were commonly about 1.4 |wn.

For the preparation of the new alloys, icor 0, Co (1.3 |im), C (carbon-black: 0.3(im)

and Cr3C2 (1.5 jam) were used. The reason for using carbon-black powder instead of

graphite powder used in case of W+Graphite+Co alloy was that the result seemed to

be nearly the same as that in case of graphite powder, taking into consideration the

role of graphite powder in W+Graphite+Co alloy. Namely, in case of W+Graphite+Co

alloy, the generation of plate-like CoxWyC2 agglomerate was preceded to that of WC

due to the inferior chemical activity of graphite, compared with carbon-black, and this

leads to the generations of both plate-like WC grains and highly unidirectional

orientation. However, in the alloy prepared from CoxWyCz+C+Co mixed powders,

such generation process of CoxWyCz ahead of WC is not needed. Thus,

carbon-black powder which is more chemically active for the formation of WC and

cheaper than graphite powder was used. These powders were combined so that the

composition of sintered alloys become WC-(0.9~2.1)mass%Cr3C2-(9.0~21.0)

mass%Co or WC-(1.9-4.1)vol%Cr3C2-(14.6-31.0)vol%Co with low carbon content in

the normal phase region(2). The alloys prepared from K- and #-powder were named

"/r-alloy" and "#-alloy", respectively and the sintered alloy containing, for example,

21mass%Co was named "21mass%Co K- or 0-alloy". The content of Cr3C2 to Co

was 10mass% which is about the maximum solid-solubility in Co phase(9). The

reason why this WC-Cr3C2-Co alloy system was adopted is that the alloy is widely

used for not only cutting tool, but also wear-resistant tool.

For the preparation of the standard alloys of these K- and 0-alloys, two kinds of the

combined powders with the same composition were prepared from two kinds of

conventional WC powders with mean grain size of 1.0 and 4.0 pm, Cr3C2 and Co

powders. These two kinds of conventional alloys with fine and coarse WC grains

were named "conventional F-alloy" and "conventional C-alloy", respectively. The

above four kinds of combined powders were wet-ball-milled for 100.8 ks, dried and

die-compacted under 140 MPa. Then, the compacts for measuring the mechanical

properties were commonly sintered in vacuum of 1 Pa at 1653 K for 3.6 ks. A part of

the alloy was Ar-HIPed under 100 MPa at 1623 K for 3.6 ks to prepare the specimen

for TRS test. In order to investigate the microstructural development during sintering

cycle, i.e., the transformation or decomposition of the complex carbides to WC+Co by

the chemical reaction with C powder particles, the mixed powders were heated at a

rate of 0.17 K/s to various temperatures in the range from 673 K to the sintering
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temperature of 1653 K, kept at each temperature for 0.3 ks and cooled at a rate of 0.19

K/s. As for the mixed powders, 9mass%Co s--alloy and 13mass%Co tf-alloy, i.e., the

mixed powders of K+C+Cr3C2 and #^C+Cr3C2 without Co powder, were used because

of easily estimating the amount of Co phase of mixed powder compact after heat

treatment. On each heated compact, SEM microstructural observation, measurements

of relative magnetic saturation and shrinkage of the compacts, and X-ray diffraction

analysis were carried out.

On the sintered compacts, the observation of SEM microstructure, the

measurements of WC mean grain size and the mean free path of Co binder phase(10)

were carried out. The mechanical properties such as hk/, K\C (SEPB method) and

TRS (JIS: test-piece size is 4x8x24 mm3, and span is 20 mm) were measured as a

function of Co content of the alloy and mean free path of Co binder phase. To

investigate whether K- and ^-alloys show superior Klc and TRS than the conventional

alloy, these are evaluated at an identical hkj on the new and conventional alloys. The

difference in the mechanical properties between the new and conventional alloys was

discussed by comparing the properties at an identical mean free path of Co binder

phase.

3. Experimental Results and Discussion

3.1. Microstructural development of K- and ^alloys

Fig. 5 shows the SEM microstructures of four kinds of 13 and 21mass%Co alloy

sintered at 1653 K for 3.6 ks. The WC grains in both K- and t9-a!loys were expectedly

plate-like triangular prism and not unidirectionally oriented, i.e., isotropic, differing from

those(3X4) in W+Graphite+Co alloy. This isotropic orientations were also confirmed by

X-ray diffraction. The axial ratio of plate-like WC grains in K- and ^-alloys were

estimated to be both 2.5-5 which are somewhat smaller than that (3-6)(3X4) of

W+Graphite+Co alloy.

Then, the transformation or dissociation of /rand 6>by the chemical reaction with C

to WC+Co during sintering cycle were examined in 9mass%Co /r-alloy and 13

mass%Co #-alloy, firstly with the variation of the magnetic saturation. Fig. 6 (a) shows

the relative magnetic saturation (MS
R) of compacts as a function of heating temperature

(7"h) on x--and ^-alloys without the addition of Co powder, together with those of the

corresponding conventional F-alloys. The MS
R of K- and 6>-alloys were nearly zero



K. Kitamura et al. HM34 285

15* International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

13mass%Co 21mass%Co

Fig. 5 SEM microstnjctures of newly developed r- and 0-alloys and conventional F- and C-alloys.

The Co content of alloys are 13 and 21 mass%.

commonly below 1173 K. However, it began to increase from 1223 K and became

almost the value of the conventional alloys above 1273 K. Taking into consideration

that these complex compounds are non-magnetic differing from Co, these results

suggest that the transformation of these complex carbides to WC+Co began from

relatively low temperature of 1173 K and almost completed at 1273 K. Additionally,

the decrease of MS
R observed particularly in two kinds of conventional alloys above

1223 K could be ascribed to the solid-solutioning of WC into Co phase(2>.

Fig. 6 (b) shows the shrinkage of the compact as a function of Th. The shrinkage

began from 1223 K where the transformation began, and increased with increasing Th.
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Fig. 6 Effect of heating temperature on relative magnetic saturation MsR (a) and shrinkage (b)

of 9mass% sr-alby, 13mass% Co (9-alloy and 9,13 mass% Co F-alloy by heating for 0.3 ks.

It is noted that the shrinkage rate at an identical 7"h is higher than that of the

conventional alloys.

Fig. 7 shows the effect of 7"h on X-ray diffraction relative intensity of each phase

generated in ^-powders or alloys. The 0, i.e., C02W4C was stable below 1173 K.

From 1223 K where MS
R began to increase, the amount of C02W4C began to decrease

sharply, and a large amount of WC phase and a small amount of Co phase were

generated. At 1523 K, C02W4C almost changed to WC and Co. In the temperature

range from 1223 K to 1273 K, a small amount of 77, i.e., C03W3C was generated.

Additionally, the formation reactions of C03W3C from C02W4C and that of WC+Co from

C03W3C are known to be 3C^W4C(65+5C->2Co3W3C(?7)+6WC and Co3W3C(^)+

2C-H> 3WC+3Co, respectively*8'. The result on «--alloy was similar to these results on

<9-alloy, except for the transformation of a part of 9\a K.

Fig. 8 shows SEM microstructures of the compact surface of 13mass%Co 0-alloy as a

function of 7~h, together with conventional 13mass%Co F-alloy.
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Fig. 7 Effect of heating temperature 7"h on X-ray relative intensity of each phase generated in

13mass% Co #alloy compact by heating for 0.3 ks.

The morphology of powder particles in ^-alloys below 1173 K where the phases

did not change as above described was granular nearly in the same way as in the

milled powder. At 1223 K where 6 began to change to W C + T ^ C O , the morphology

partially changed to plate-like. Such plate-like WC increased in the number and size

with increasing 7~h. It is noted that there are many twined WC(11). On the other hand,

the morphology of WC grains in the conventional alloy were also granular and did not

change even up to 1273 K. They began to change to almost equi-axed triangular

prismatic at the liquid appearing temperature of 1523 K. Such WC grains grew with

increasing 7"h. It was noted that the grain growth of WC in #-alloy occurred at

considerably lower Th and faster than those in the conventional alloy. This is probably

because the WC grains in #-alloy grow by absorbing a large amount of W and C

atoms generated by the transformation of ^compound. The Co phase was more

uniformly dispersed than in the conventional alloy. This is also related probably to the

microstructural characteristic generated by the transformation of ^compound to

WC+Co. The higher shrinkage rate in /r-and ^-alloys observed in Fig.6 (b) were also

ascribed to the generation of a large amount of WC and finer Co dispersion due to the

transformation of these complex carbides. The results on ^-alloy and conventional

C-alloy were similar to the results on (9-alloy and conventional F-alloy, respectively.
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Fig. 8 SEM microstructure of sintered surface of 13mass%Co 9- and F-alloys after heating

for 0.3 ks at 1173-1573 K.

3.2. Mechanical properties of K- and d-alloys

Fig.9 (a,b,c) shows hi/, KiC and TRS as a function of Co content on K- and 6"-alloys,

together with those of two kinds of conventional alloys. The hi/ of K- and 6>-alloys

were both intermediate between two kinds of conventional alloys at an identical Co

content: lower than F-alloy and higher than C-alloy. The Klc of K- and (9-alloy were

both high and nearly the same, compared with F-alloy and C-alloy, respectively. On

the other hand, TRS showed nearly the same tendency as Hj\ intermediate between



K. Kitamura et al. HM34 289

15m International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

the values of two kinds of conventional alloys.

From the practical viewpoint of hard materials, higher K\C and TRS at an identical

hkj are needed. Then, these relations are shown in Fig. 10 on K- and 6*-alloys with

9-21 mass%Co, together with two kinds of conventional alloys. It is noted that K[C and

TRS are high by 10-15 % and comparable, compared with those of conventional

alloys at an identical Hj, irrespective of Hy values. This surely shows that the new

alloys prepared from CoxWyCz+C+Co mixed powder have expectedly superior

mechanical properties than the conventional alloy.

The cause for such higher K[C of the K- and ^-alloys at an identical Hy was
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considered briefly. For the analysis of mechanical properties of hardmetals from the

basic point, the properties are generally discussed, as J. Gurland(12) did, as a function

of mean free path of binder phase /Q, which is expressed by the formula of

IcoH^-fyNwc invented by R. L. Fullman(10). Where, fand AW; are the volume fraction

of WC and the number density of intersect of WC grains with drawn lines on the

photograph, respectively. Fig. 11 shows the relations between mechanical properties

and /a,. It is noted that K]C of K- and 0-alloys are clearly high, compared with those of

two kinds of conventional alloys at an identical /Q,, while both Hy and TRS are nearly

the same. These results suggest that KiC, i.e., the crack propagating resistance is

affected by the plate-like shape of WC grains, but Hy is hardly affected. Fig. 12

shows the crack around Hy indentation for four kinds alloys. The deflection is strong

in K- and <9-alloys, compared with two kinds of alloys. Namely, crack deflection

mechanism for increasing K\C operates strongly in K- and ^-alloys with plate-like

triangular prismatic WC gains, compared with conventional alloys with equi-axed

triangular prismatic WC grains. While, Hj is the resistance of plastic deformation of
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the alloy and thus it is not so much affected by the morphology of WC grains, i.e., the

characteristic of crack propagation, resulting in almost no difference in the relation

between Hy and fa among four kinds of alloys. As for TRS, it is affected not only by

Kjc, but also by the size and location of microstructural defect which operated as the

fracture origin or source(13). The fracture origins were all WC agglomerate for four

kinds of alloys because the alloys were HIPed. Anyway, a simple clear relation can

not be expected between TRS and fa-
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Fig. 12 Crack of Hv indentation(196N) for four kinds of alloys.

4. Summary
WC-Co base hardmetal having plate-like WC grains with isotropic orientation was

newly developed by using CO2W4C(K) and CosWgC^G) complex carbide+C+Co

powders as the main starting materials, following the previously developed

W+Graphite+Co alloy having plate-like grains with highly unidirectional orientation.

The microstructural development of WC grains during sintering cycle and the

mechanical properties of the alloys were investigated. The results were as follows.

(1) The complex carbides changed by chemical reaction with C both to plate-like

WC+Co at heating temperatures of 1223 K-1523 K. The WC grains in the

sintered K- and 0-alloys were plate-like triangular prismatic in nearly the same way

as W+Graphite+Co alloy, but are not oriented, i.e., isotropic, differing from

W+Graphite+Co alloy.

(2) The fracture toughness, however, was higher by 10-15% than the conventional

alloy at an identical hardness in nearly the same way as W+graphite+Co alloy,
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although the transverse-rupture strength was nearly the same as that of the

conventional alloy.

(3) The result was ascribed to the high crack deflection due to plate-like triangular

prismatic WC grains in K- and 0-alloys, compared with conventional alloys having

equi-axed triangular prismatic WC grains.
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Summary

In the composite materials of WC-Co alloys, the faceted WC grains as a hard
phase are dispersed in the ductile matrix of cobalt. Properties of WC-Co
alloys are affected by microstructural factors such as volume fraction of WC
phase, size of WC grains, and carbon content (kinds of constituent phases).
Although the properties of WC-Co alloys are inevitably affected by the shape
of WC grains, the shape of WC grains has not been thrown light on the
properties of WC-Co alloys yet, because it has been regarded to have a
uniform shape regardless of alloy compositions.
It is proved that the WC grains have various shapes varying reversibly with
carbon content in the sintered WC-Co compacts. This dependency of grain
shape on the carbon content is attributed to asymmetric atomic structure of
WC crystal. The {10i0} prismatic planes are distinguished into two groups
with different surface energy according to their atomic structures. The
prismatic planes of high surface energy tend to disappear in the compacts
with high carbon content. In addition, these high energy prismatic planes tend
to split into low energy surfaces in the large WC grains.

Keywards:
WC-Co hard metals, liquid phase sintering, carbon content, grain shape,
grain growth, asymmetry in crystal structure
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1. Introduction

Cemented tungsten carbide with cobalt binder, so called WC-Co hard metals,
has been applied to wear-resistant materials. The WC-Co hard metals are
one of most typical composite materials in which faceted WC grains are being
dispersed in the cobalt matrix[13]. They are usually fabricated using liquid
phase sintering methods, because of great difference in melting temperature
between WC and Co ingredients. During liquid phase sintering, the WC
grains dispersed in the liquid matrix grow through Ostwald ripening and have
a faceted grain shape[4]. Until now the WC grains in the WC-Co alloys have
been generally regarded to have an equilibrium shape of truncated trigonal
prism, which means that the shape of WC grains does not vary with
surrounding conditions15"71.
Various phase fields in the WC-Co alloys are determined both by cobalt
content and by carbon content [8]. If the shape of WC crystals in the liquid
cobalt matrix depends on the thermodynamic conditions, especially on the
carbon content, it cannot be defined regardless of carbon content even in the
three-phase regions, because each chemical species in the three-phase
region does not have a fixed chemical potential. Considering high sensitivity
of WC-Co alloy to the carbon content, there is enough possibility for WC
crystal shape to be affected by carbon potential in the alloys[8"111.
In the present study, an effect of carbon content on the WC grain shape
during liquid phase sintering has been determined varying the carbon content
in the WC-Co alloys.

2. Experimental

The respective powders used in the present study are as follows: WC(1.24
urn, 99.99%) made by TaeguTec(formerly Korea Tungsten Mining Co.),
Co(2.4 jj,m, 99.9%) made by Hermann C. Stark, and C(lamp black carbon)
supplied by Fisher Scientific Company. Each powder was weighed separately
according to predetermined ratio and mixed mechanically. The powder
mixtures were milled for 72 h in the jar lined with pure WC-Co alloy with WC-
Co balls in order to avoid chemical contamination during milling. Milled
powders were dried in a vacuum oven and granuled passing through #40
mesh.
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Two compositions of WC-30%Co and WC-35%Co were chosen. All the
fractions are in weight percentage. In order to determine the effect of carbon
content on WC grain shape, various amount of carbon from 0.1% to 1.5%
was added to each WC-Co mixtures. The granuled powders were compacted
into the cylindrical disks with diameter of 10 mm under 25 MPa pressure. The
compacts were sintered, respectively, at 1450°C or 1500°C in a vacuum
furnace heated resistively by a graphite heater. Several sintered compacts
imbedded in the powder pack of carbon black were sintered again either to
prevent carbon loss from the compact or to add carbon into the interior of the
compact by diffusion.
Microstructures of the sintered compacts were observed along the specimen
preparation method for WC-Co materials. The microstructures of the polished
specimens were observed by optical microscope and SEM (scanning electron
microscopy) and analyzed with Image-Pro Plus V4.0. For stereographic
observation of WC grains, the WC grains in the sintered compacts were
extracted by removing the cobalt matrix with boiling 20% hydrochloric
solution. A cobalt residue was removed by dilute hydrogen peroxide solution
and the extracted WC grains were rinsed sequentially with distilled water and
acetone. The extracted WC grains were observed by SEM.

3. Results and Discussion

(1) Changes of microstructures and WC grain shape with carbon content
When the WC-30%Co compacts with different carbon content were sintered
at 1450°C for 2 h, different microstructures were evoluted with carbon content
(Figure 1). Two kinds of WC grains were found in the compacts. A group of
large grains are homogeneously dispersed in the fine grain matrix. Large
grains in the compact are called hereafter 'large grains', whereas the fine
matrix grains are called 'matrix agrains'. A shape of large grains seems
similar to a truncated trigonal prism, a typical shape of WC crystal. The large
grains in the WC-30%Co-0.3%C compact are larger in size than those in the
WC-30%Co-0.1%C compact. The large grains in both compacts seem to
have a similar shape. With increase in carbon content up to 0.7%C in the
WC-30%Co compacts, the shape of large grains changed from relatively thick
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Fig. 1. Microstructures of WC-30%Co compacts with different carbon content,
sintered at 1450°C for 2 h: (a) 0.1%C, (b) 0.3%C, (c) 0.7%C, (d) 1.0%C.

trigonal prism to thin trigonal prism. This means that an aspect ratio (a/c), a
ratio of a-axis length against c-axis length, increases with carbon content in
the compact. With further increase in the carbon content up to 1.0%C, the
(a/c) ratio continues to increase. Interestingly, above 0.3%C, the size of large
grains decreases along with carbon content in the WC-30%Co compacts. The
microstructures in Figure 1, respectively, correspond to near a three-phase
region of WC-|3-Co-n(0.1%C,(a)), two-phase region of WC-|3-Co(0.3%C,(b)),
near three-phase region of WC-|3-Co-free carbon(0.7%C,(c)), and three-
phase region of WC-p-Co-free carbon(1.0%C,(d)).
Figure 1 is an evidence showing that the shape of WC grains vary with
carbon content in the WC-Co compacts during sintering. However, the degree
of shape change cannot be evaluated from Figure 1.
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Fig. 2. Morphologies of WC grains extracted from WC-30%Co compact
sintered at 1450°C for 2 h with carbon content: (a) 0.1 %C, (b) 0.3%C, (c)
0.7%C, (d) 1.

Figure 2 shows the WC grains extracted from the same compacts in Figure 1
by removing cobalt matrix with boiling hydrochloric acid solution. The large
grains extracted from the WC-30%Co-0.1%C compact have a shape with
round comers and steps on the basal planes (Figure 2(a)). Above 0.3%C,
large grains with sharp corners were observed (Figure 2(b)). The size of large
grains decreases with carbon content, whereas their aspect ratio increases.
On the other hand, the shape of large grains tends to change from truncated
trigonal prism (Figure 2(a)) to relatively thin triangular prism (Figure 2(c)).
Figure 3 shows the extracted WC grains from the WC-30%Co compacts
sintered at 1450°C for 4 h. Pictures in Figure 3 have the same magnification
with those in Figure 2. Large grains grew to much large size in 4 h. As the
carbon content increases in the compacts from 0.1 %C to 1.0%C, large grains
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Fig. 3. Morphologies of WC grains extracted from WC-30%Co compact
sintered at 1450°C for 4 h with carbon content: (a) 0.1 %C, (b) 0.3%C, (c)
0.7%C,(d)1.0%C.

become relatively smaller in size, whereas the matrix grains become larger.
Therefore, size difference between large grains and matrix grains decreases
with carbon content. The large grains in Figure 3 exhibit the same change in
shape with carbon content shown in Figure 2. In addition, the small matrix
grains tend to have a shape near triangular prism in all the compacts
regardless of carbon content.
Figure 4 shows the WC grains extracted from the WC-30%Co compacts
sintered at 1450°C for 8 h. The shape change with carbon content is evident.
The large grains in the WC-30%Co-0.1%C compact have several faceted
steps on the basal planes. However, a shape change from truncated trigonal
prism to triangular prism seems to be less evident than those in Figures 2 and
3.
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Fig. 4. Morphologies of WC grains extracted from WC-30%Co compact
sintered at 1450°C for 8 h with carbon content: (a) 0.1%C, (b) 0.3%C, (c)
0.7%C, (d) 1.0%C.

Figure 5 shows a variation of (a/c) ratios of the large grains measured on the
cross-sections of the compacts sintered at 1450°C for 8 h. The WC-30%Co
compacts with 0.1 %C, 0.5%C, and 1.0%C, respectively, show maxima
around 1.8, 2.0, and 2.4 in the (a/c) values. As the carbon content in the
compact increases, the (a/c) value at peak moves from 1.8 to 2.4 as well as
the distribution of (a/c) ratio becomes wider. This means that the large grains
in the compacts with high carbon content become to preferentially grow along
the basal plane during sintering. In other words, relative surface energy of
{0001} basal plane to {10i0} prismatic plane reduces with carbon content.
The effect of carbon content on the shape of large grains seems to become
less significant with sintering time at 1450°C . This time effect can be simply
explained to result from carbon loss during sintering in vacuum.
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Fig. 5. Variation of {a/c) ratios of the large grains with carbon content,
measured on the cross-sections of WC-30%Co compact sintered at 1450°C
for 8 h.

Generally when the WC-Co compacts are being sintered in vacuum, their
carbon content decreases with sintering time. Each compact in the present
study experiences gradual carbon loss with sintering time and therefore, even
the WC-30%Co-1.0%C compact does not exhibit strong carbon effect in 8 h
at1450°C.

(2) Effect of carbon content on WC grain shape
The WC-35%Co-1.5%C compacts were sintered at 1500°C for 1 h and 3 h,
respectively. Figure 6 shows a shape change of WC grains at 1500°C with
sintering time. The compact sintered for 1 h shows large grains with triangular
prism (Figure 6(a)), whereas the large grains extracted from the compact
sintered for 3 h are truncated trigonal prism in shape. Generally, the rate of
carbon loss increases with sintering temperature and a carbon content in the
compact changes more rapidly at 1500°C than that does below 1500°C.
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Therefore, the shape change from triangular prism to truncated trigonal prism
in Figure 6 can be attributed to carbon loss during sintering.
Figure 7 shows the result of model experiment. Figure 7(a) shows the large
grains extracted from WC-35%Co-0.7%C compact sintered 1500°C for 2 h.
This condition corresponds to a three-phase field of WC-p-Co-r). The large

Fig. 6. Morphologies of WC grains extracted from WC-35%Co-1.5%C
compacts sintered at 1500°C for: (a) 1h and (b) 3h.

'<••! *> i i

Fig. 7. Morphologies of WC grains extracted from the specimens: (a) WC-
35%Co-0.7%C (1500°C, 2h) and (b) WC-35%Co-0.7%C (1500°C, 5h) (re-
sintered with carbon imbedding).

grains have truncated trigonal prisms in shape with steps on the basal planes.
When the compact in Figure 7(a) was imbedded in the carbon powder pack
and sintered again at the same temperature for 5 h, the large grains result in
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triangular prisms in shape (Figure 7(b)). Figure 7 means that the WC grain
shape in the WC-Co alloys is reversibly affected by carbon content and an
equilibrium shape of WC grains in the carbon-sufficient condition is regarded
to be a triangular prism. Other type of WC grains belongs to a growth shapes
determined by carbon content in the WC-Co compacts.

(3) Analysis of WC crystal shape
Before considering WC crystal shape in the WC-Co alloy systems, it is
necessary to remind two experimental results explained above. One is that an
equilibrium shape of WC grains in the carbon-sufficient WC-Co alloys is a
triangular prism and the other is that there exists another type of low energy
faces in addition to {0001} basal planes and {1010} prismatic planes.
The change of WC grain shape from truncated trigonal prism to triangular
prism means that the {1010} prismatic planes in WC crystals have two kinds
of characteristics. A relative contribution of these two kinds of prismatic
planes on the WC grain shape seems to be determined by carbon content in
the WC-Co compacts. In addition, it was observed that a kind of prismatic
planes with relatively high surface energy split into two faces with low surface
energy. The split of (1010) planes seems to be closely related to the shape
change of WC grains, because among the {1010} planes, only the planes of
high surface energy with small area disappear or split in the compacts with
high carbon content.
Both change of WC crystal shape with carbon content and split of {10i0}
planes can be explained in terms of crystal structure of WC. WC crystal has
Pjm2 symmetry'12"131, of which atomic structure is shown in Figure 8. Sites of
W and C atoms are (000) and (1/3, 2/3, 1/2), respectively. The carbon atoms
are positioned asymmetrically in the unit cell. Therefore, two kinds of {1010}
planes are distinguished atomically. One kind of {1010} planes has W atoms
without broken W-C bonds, whereas the other kind of {1010} planes has W-C
bonds. The {10i0} planes with broken bonds have higher surface energy than
those without broken bonds. Generally a high energy surface plane tends to
either disappear or split into low surface energy planes along with crystal
growth. The (1 OlO), (1100), and (0110) planes with high surface energy will
be shrunken simultaneously with expanding the (10i0), (i100), and (0110)
planes and the prismatic planes with high surface energy split into the low
surface energy planes, for instance, (10i0) -> (1 Oi 1) + (0111).
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Fig. 8. Three-dimensional atom array in the WC crystal.

4. Conclusions

The WC grains in the sintered WC-Co compacts proved to have various
shapes which were determined by carbon content. A truncated trigonal prism,
generally known as a shape of WC crystals, belongs to growth shape
determined in the medium carbon content. An equilibrium shape of WC grains
called a triangular prism is defined only in the compacts with saturated carbon
content. The WC grains exhibit a change in shape reversibly with carbon
content. Truncated trigonal prism of WC grains turns to triangular prism with
carbon content and vice versa. In the WC-p-Co-T| region, the prismatic planes
split into the low energy surfaces in a step-wise pattern. Additionally a group
of {10i0} prismatic planes in the large WC grains split into the low energy
planes. Both dependency of WC grain shape on carbon content and split of
some of {1010} planes are attributed to the asymmetric structure of WC
crystal. The {1010} planes are grouped into two kinds with different surface
energy.
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ABSTRACT

The properties and performance of conventional materials and composites
are constrained by solubility limits, diffusion coefficients, and compatibility of
physical and chemical constituent properties in their phase equilibria. To es-
cape these limits, ingenious ways of combining strength, toughness, and
wear resistance by way of various coatings and laminations have been de-
vised. These coated tools are systematically discarded after only about 10%
of their wear tolerance has been used.

Tough-Coated Hard Powders (TCHP), patented by EnDurAloy (USA), are
hard refractory particles CVD coated with nanolayers of WC and Co. Con-
solidation of TCHP creates an engineered homogeneous cellular structure
whose interconnected tough WC-Co "shells" each contain a wear-resistant
core (e.g., TiN). In TCHP's, the coating is throughout the tool, not only on the
surface, combining the strength, heat resistance, and toughness of cemented
carbides with the chemical and abrasion wear resistance of harder materials.
As wear progresses, new wear-resistant material continuously replaces the
working surfaces and edges of the tool until its geometry reaches its maxi-
mum limits. TCHP tools are then reusable many times.

Specific coating and consolidation processes, characterization of compacts,
and test comparisons with conventional materials are discussed.

KEY WORDS

TCHP, Hardmetal, Cermet, Ceramic, Nanocomposite CVD Coated Powder,
Refractory Alloy, TiN, AI2O3.
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A. NEED FOR - and PROGRESS TOWARD - a NEW APPROACH

It appears that few if any "new paradigm" tool materials that combine high
fracture toughness and_wear resistance will result using classical metallurgi-
cal principles. The physical, chemical, and mechanical properties of materials
will be determined mainly by chemical composition, microstructure, and de-
formation- or thermal-treatments. Moreover, the properties of certain materi-
als cannot be influenced: a diamond must remain a diamond. To escape
these limits, man has devised ingenious ways of combining toughness and
wear resistance, including CVD-PVD (chemical/physical vapor deposition)
coatings, ceramic and cermet mixtures, and FGM (lamination).

New tool approaches are needed to form or machine today's challenging ma-
terials. EtemAloy™, or Tough-Coated Hard Powders (TCHPs), are novel
nanocomposites of one or more types of hard refractory alloy core particles
that are CVD-encapsulated in a WC coating and an outer cobalt binder coat-
ing. The objective is to design and engineer a homogeneous "core-rim" cellu-
lar structure of 60-90 volume percent of evenly distributed hard core particles
of the most wear resistant refractory core materials known in a tungsten car-
bide (WC) matrix support structure with toughness and strength comparable
to WC-Co substrates.

In this way, "thermodynamically incompatible" material combinations have
been successfully consolidated into tool inserts and tested. We have shown
that WC-Co coatings form a nanoscale cemented carbide matrix between
evenly distributed wear-resistant particles. This structure is expected to ex-
hibit exceptional strength and wear resistance when compared to cemented
carbides, coated carbides, cermets, and ceramics. It is expected this will oc-
cur after solid state and liquid phase consolidation and at minimum cost, the
novel material being industrially competitive with conventional materials. It is
hoped TCHPs may promise the elusive combination of properties that state-
of-the-art tools cannot.

TCHP enables us to nano-engineer building block properties. Nanoencapsu-
lating fine particles having one set of desirable properties with grain boundary
modifiers having other properties allows us (a) to combine heretofore uncom-
binable material-property combinations, and (b) to unite many desirable
properties prior to sintering. With over 30 candidate core materials, many
EternAloy™ combinations are possible. TCHP allows us to engineer almost
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any properties we can imagine (e.g., light weight) in sintered materials, and
the applications are not limited to tools.

Because 100 percent of TCHP tool wear tolerance can be utilized (see Fig-
ure 1), some optimized TCHP variants may surpass WC-Co carbide and
coated carbide tool life by several times. Whereas coated tools are scrapped
before the coating wears through (their life is limited by their thin external
coating), the TCHP refractory phase in the tough structure will continuously
replace the cutting edges and wear surfaces until the tool is worn to its toler-
ance limits. At this point, the tool can be reground or EDM-ed to renew its ge-
ometry for several re-uses, essential for drawing dies.

Optimization of TCHPs
has just begun. Carbon
balance (WC stoichio-
metry); core particle is-
sues (size, size distribu-
tion, and shape); incre-
mental additive mixing;
and cobalt content are
main development is-
sues.

Figure 1.
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Nevertheless, TCHP
lathe inserts cutting alloy
steel are repeatably
equaling and exceeding
the life of conventional
WC-Co hardmetals. Actions have been identified that are believed will accel-
erate performance dramatically during the coming months.

B. CONCEPT FEASIBILITY

The fact that the outer surface of an article bears most of its mechanical load
is illustrated by a tube with a wall thickness only 5% of its diameter sustaining
90% of the load of a solid rod of the same diameter. A finite element analysis
(FEA) project sponsored at Penn State University showed that a structure of
bonded tough spherical shells would transmit an even greater load percent-
age because the core particles are essentially bypassed as strength factors.
EternAloy™ technical feasibility is further aided by these facts:
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1. Refractory CVD coatings on tungsten carbide substrates are well known. We are
just bonding the same materials in reverse: ductile WC coatings on refractory
core particles. Other particle coating applications have been known for over 20
years.

2. The performance characteristics of many TCHP core particle candidates are
well known.

3. Instead of using many complex precursor chemicals to apply several hard layers
on tough substrates, TCHPs require the reverse, coating primarily one tough
material and one binder.

4. The TCHP consolidation process will see core particles coated with WC-Co that
will sinter much as WC-Co powders have been sintered over the past 70 years.

Titanium nitride (TiN) and alumina (AI203) were chosen as the first core mate-
rials, because their very low solubility into solid iron at operating temperatures
from 100°C to 1100°C makes them effective diffusion wear extenders on
coated tools. The small-wire drawing and mining industries have not been
able to exploit this important benefit because external coatings are impracti-
cal in these applications.

WC was chosen as the first tough coating. WC-Co has the highest fracture
toughness of all possible combinations of transition metal carbides and iron
group binders because the interface energy between WC and Co is very low;
therefore, the fracture path has to proceed through the tough Co binder
phase rather than along the WC-Co phase. WC also has one of the highest
Young's moduli, enabling the WC-Co structure (rather than the core particles)
to carry most of the mechanical load. Co has lower stacking fault energy than
Ni, imparting a much higher toughness to the TCHP/WC-binder matrix.

C. RESULTS: FEEASIBILITY PHASE 1

The first 1.5 urn TiN-based TCHP lab material was made into lathe inserts in
April 1998 and tested against state-of-the-art coated tungsten carbide tools.
Although the W-coating had not been properly carburized, the cobalt had
been manually mixed in, and the samples had been oversintered (at 1400°C)
and only partially consolidated, they still displayed 30 percent less crater
wear and a coefficient of friction over 60 percent lower than CVD coated car-
bide tools, and 80 percent lower than that of WC-Co carbides. Vickers hard-
ness (Hv30) was 7400. These results were encouraging at the time, but fur-
ther R&D was needed.
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D. RESULTS: COATING DEVELOPMENT and PROOF-of-CONCEPT
PHASE 2

Large 37-micron TiN particles were used
in this phase to reduce particle size-
related factors. . - * " .

eulectic showing targeted TCHP structure.

It was demonstrated that TiN-core TCHPs
can be coated completely and uniformly
with under-carburized WC(1.X), the coat- J *j?£
ings can be fully carburized in CH4 and , f .!•
coated with Co, and sintered in a repeat-
able, reliable, controllable, scalable, and
economically feasible manner. Gas fluidization parameters were developed to
control particle loss and agglomeration (clumping) for nucleation and growth
of homogeneous coatings and increased sintered strength. It was shown that
even lighter core powders (e.g., cBN, B4C, Si3N4, AI203, diamond...) with den-
sities as little as 16 percent that of WC
can be coated successfully in the Recir-
culating Fast Fluidized Bed CVD reactor.

The concepts proven in Phase 2 are that
large and small particles of TCHP were
produced and that targeted TCHP sin-
tered structures were retained after sin-
tering (see Figures 2 and 3). The SEM
photos and X-ray diffraction analysis
proved the WC shell on TiN particles was
retained and that we are able to sinter
TCHPs such that Co does not penetrate
the protective WC coating to touch (or
dissolve) the TiN. Tungsten carbide WC
tends to react with TiN at high tempera-
tures, whereby titanium carbonitrides are
formed and nitrogen is set free. This re-
action proceeds only when nitrogen can
escape. This reaction has three unfavor-
able effects: (1) WC with a deficit of car-
bon tends to react with Co to form un-
wanted and embrittling eta-carbides. (2)

Figure 3 . SEMs show WC rims only partly dissolved in Co

and reprecipitated as submicron grains. Cobalt has not attacked

the TIN surface (as it would in a conventional cermet structure).
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The nitrogen set free forms pores and can even expel the liquid binder phase
from the compact by exudation. (3) Ti(C,N) appears to be less wear resistant
than unalloyed TiN. If the liquid binder phase penetrates the protective WC
shell around TiN particles during the sintering process, then the kinetics of
the reaction between WC and TiN is greatly accelerated and nitrogen is set
free.

The results were better than expected for 37-fjm porous TiN powder. The
hardness of a TCHP compact with 20wt% TiN, 70wt% WC and 10wt% Co
was 1200 (Hv30). An excellent Young's modulus of 420 GPa (61 million psi)
and transverse rupture strength of 750 MPa (109,000 psi) hot pressed and
1065 MPa (155,000 psi) sinter-HIPed were achieved in experimental lots. Al-
ready comparing favorably with cermets, this indicates a strength potential
superior to that of ceramics, cermets, and cBN-diamond compacts. Because
of (a) large size core powders and (b) hidden internal porosity in the pur-
chased powder (see Figure 2), cutting tool wear trial tests were not per-
formed.

Core Mat'l

TiNfWC/Co

Al203/WCfCo

TiC/WC/Co

DiamondlWC/Co

Size

37/vm

35/ym

37//m

45yam

T a b l e 1

TRS

840 MPa (121.8 ksi]

524 MPa (76.0 ksi)

410 MPa (59.5 ksi)

420 MPa (60.9 ksi)

Hardness (Hv)

1200

1800

1680

3200

In a related test series done with Powdermet, TCHP variants of AI203-WC-Co,
TiC-WC-Co, TiN-WC-Co, SiC-WC-Co, TiB2-WC-Co, B4C -WC-Co, and dia-
mond-WC-Co particles (37-45 urn see Table 1 and Fig 4) were produced on
a benchtop fluidized bed, consolidated by the Ceracon™ process, and tested
for transverse rupture strength and hardness. The SiC, TiB2, and B4C sur-
faces displayed poor nucleation of the WC and less uniform coatings re-
sulted. Because the WC coating was light and the particles large, the bending
strengths were relatively low, but the alumina turned out second best.

E. DISCUSSION: COATING & CONSOLIDATION DEVELOPMENT
PHASE 3 (Current)



312 HM37 R.E. Toth et al.
15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reurte (2001), Vol. 2

The next target was developing smaller 1.5-5.0 micron TCHP sizes. This core
particle range is capable of producing tool and die nibs with reasonably high
performance expectations for consolidation and tool testing, but not yet at the
performance of targeted 0.8-1.0 micron (and smaller) core particles.

E1. CVD COATING DEVELOPMENT. In CVD, vaporized precursors of the
compound to be deposited are flowed over a heated powder, resulting in their
thermal decomposition and deposition of the desired metal or compound on
the surface of the particles. "Fluidized beds" expose finely divided particles to
the vapors by suspending and agitating them in a rising stream of process
gases.

Low gas velocities in standard fluidized beds can provide the lift desired, but
do not break up agglomerates, especially at particle sizes below 15 microns.
Another phenomenon is segregation of different particle sizes, where smaller
particles are ejected form the bed while larger ones tend to collect at the bot-
tom of the reactor. These "lumping" and segregation effects cause incom-
plete, nonuniform coating of the parti-
cles.

In development since 1986, Powder-
met's patented "Recirculating Fast-
fluidized Bed" CVD (RFFB-CVD) pow-
der coating technology (general sche-
matic, Figure 5) uses higher gas ve-
locities that suspend and entrain parti-
cles in the gas stream at velocities be-
tween 1 and 5 m/s and flow rates up to
0.118 m3/s (250 ftVmin) at standard
conditions. This R&D 100 Award-
winning (2000) technology applies
very high shear forces to the particu-
late matter that overcome the Van der
Waals and electrostatic inter-
particulate attractors. Particle agglom-
erates are continually broken up and
recirculated throughout the bed, elimi-
nating settling, agglomeration, and in-
complete coating.

Figure 5.

POWDERMET's RECIRCULATING
FAST FLUIDIZED BED CVD REACTOR

Recycte Conduit
Down pipes

Stands -

Gases
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The fluidization reactor system {viz., riser, standpipe, cyclones, solid feeder,
distribution plates, and process control instrumentation) and the fluidization
gas system {viz., heaters, nitrogen gas generator, and vacuum pumps) were
designed after the mass, flow, heat, and pressure balances of both systems
were calculated as a unit. It was also designed for easy disassembly and ser-
vicing. The final design was reviewed and partly optimized by Dr. Herbert
Weinstein of the City College of New York, a leading expert on fluidized bed
processes. The fluidization gas system and the FFBCVD reactor are con-
structed of 304 stainless steel due to the erosive effects of WC.

E2. PHYSICAL CORE PARTICLE QUALITY. Because TCHP particles do
not completely dissolve and reprecipitate as WC particles do, the core parti-
cle physical characteristics play an important role in TCHP coating and con-
solidation. Moisture and oxide adsorption on fine ceramic particles, general
physical properties, particle size distribution (PSD), characterization method
inconsistencies, intra-particle porosity, agglomeration, thermally-responsive
properties, and particle morphology all pose coating and consolidation ef-
fects. Additional effort is required to characterize and classify core ceramic
powders, and existing analytical methods are being tested for suitability in
characterizing them.

Figure 6. Particle Size Distribution Discrepancy: producer's specifications
and sample results vs. PSD actually received.

MicroTrak™ Particle Size Analysis
(Commercial 1.5 |im TiN Powder)

For example, CVD fluidization
gas-stream parameters can be
adjusted to handle micron- and
submicron-sized particles, but
cannot encompass too large a
variation in particle size distri-
bution (PSD, see Figure 6).
Excessive nanoscale powder
agglomerates can clog the flu-
idized bed returns, incomplete
WC coating, and stress risers
in consolidated TCHP. Overly
large grains caused more
structure-weakening stress ris-
ers. EnDurAloy is locating sup-
pliers capable of producing tighter-distribution powders that do not appear to
be ultimate cost or technical impediments. This will reduce internal stress-
risers and flaws that yielded disappointing initial sintered densities and
strength values.

Size (microns)
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Fused alumina powder was sized by sedimentation and EnDurAloy's first-
ever AI2O3 "monomodal" TCHP (Lot C) was produced. AI2O3 core particles
are inexpensive and do not interact with WC to form carbides, but alumina's
brittleness, low thermal conductivity, and tendency to have a high interface
energy (propensity for interface fracture) pose potential concerns. A first
"monomodal" lot (Lot D) of TiN based material was also completed. Normal
carbon and cobalt balancing work was done in preparation for tool trials.

E3. CHEMICAL CORE PARTICLE QUALITY. Chemical characteristics
also play an important role in TCHP coating and consolidation. For example,
other core particle materials and combinations will take advantage of their in-
herent hardness and chemical reactivity. To achieve increased tool life and
feedrates, significant inclusion of ceramic materials (> 50vol% loading) into
the cutting tool will be necessary while using liquid phase sintering technol-
ogy to maintain most of the mechanical properties of current cemented car-
bides. To accomplish this goal, an interactive development of CVD and con-
solidation processes is used.

E4. WC-CORE BONDING. As a first step of the
CVD-process, tungsten is deposited on the core par-
ticles by thermal decomposition of tungsten hex-
acarbonyl in hydrogen to create tungsten per the re-
action:
W(C0)6 -» W + 6CO. Smooth, even, dense, and
adherent particle coatings (see Figure 7) result by
optimizing the deposition parameters, including the
material to be deposited, substrate temperature, gas
concentration, flow, pressure, reaction chamber ge-
ometry, coating thickness, and substrate material.
Deposits of tungsten form at nucleation sites on the
surface of the substrate particles. Additional nuclea-
tion and growth continues until the substrate parti-
cles are fully coated to typically less than 0.1% impu-
rities and 99.9% density.

The tungsten coating target was set at 34% by vol-
ume or 60% by weight. Gas and deposition tempera-
tures were varied between 400°C and 600°C, with
the optimum conditions occurring at 450°C at 90% by volume hydrogen at

fiiiedin by the C V D process.

shape aids cold compaction.
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268 mbar vacuum. Some core particles nucleated the WC(1.X) layer better
than others. Specifically, the TiN, alumina, diamond, and TiC cores nucle-
ated dense uniform coatings at near-theoretical weight gains. The other parti-
cles - SiC, TiB2, and B4C - exhibited preferential growth and were less uni-
formly coated. Hot pre-treating the particles with hydrogen significantly im-
proved the tungsten layer adhesion to diamond; however, this treatment pro-
duced only modest improvements for SiC, TiB2, and B4C.

E5. CARBURIZATION PROCESS CONTROL. Control over carburization
of the carbon deficient primary WC^x layer is critical to achieve the desired
TCHP strength and sinterability. After varying methane concentration, hydro-
gen/methane ratio, and temperature on carbon diffusion into the tungsten-
coated powder, the optimal carburization from tungsten to tungsten carbide is
carried out via methane (concentration 3%; remainder hydrogen) at tempera-
tures in excess of 950°C. A twenty-four hour carburization cycle at 1000°C
with 5vol% methane at zero pressure produces a stoichiometric tungsten
carbide layer on titanium nitride particles, as determined by XRD analysis.
The formation of elemental carbon via the decomposition of CH4 should be
avoided.

While the ability to control carbon was demonstrated, the ability to manually
add excess carbon and to control oxygen content and carbon losses during
consolidation of TCHP materials requires additional investigation. This ability
to tailor carbon contents represents new technology, since it must be accom-
plished at relatively low temperatures (i.e., less than 1100°C compared to
1600°C for conventional carburization) to prevent coarsening and solubility
reactions from occurring.

We have not yet fully defined and mastered the effects of adsorbed oxygen
and other chemical changes occurring during handling and consolidation. The
type of core powder material, the nature of the core particle size distribution,
the presence of adsorbed oxygen or surface oxides, and the presence of
other trace elements can alter the as-sintered TCHP carbon balance and
slow the investigative progress.

The role of oxygen in TCHP particulates appears to be particularly trouble-
some, because the chemical and mechanical properties of the powder parti-
cles appear to depend on where the oxygen content is bound: in the core, at
the interface between core and WC coating, or on the outside of the WC-
coating.
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In the latter case, some of the carbon may be lost during sintering via CO
loss. With TiN core powders, outgassing of CO accelerated by the presence
of Co during heating to liquid phase, tends to deplete carbon. N2 outgassing
from partially-coated TiN cores (if not minimized by N2 overpressure) can also
free Ti to rob C from WC. This carbon depletion can cause formation of
Co3W3C (eta phase), which consumes free cobalt binder phase and embrit-
tles the structure as with conventional WC hardmetals.

Because the tungsten carbide gradient layer grows by diffusion, external
methods of characterizing coating stoichiometry can be misleading. Models
will be developed to determine what carburization excess or deficit will antici-
pate the chemical evolution during sintering to optimize consolidated TCHP
properties.

These impediments to the TCHP investigative process are more than offset
by the wealth of relevant information and equipment available from decades
of optimizing WC-Co, cermet, and ceramic materials.

E6. FLAWS, POOLING, and OTHER STRESS RISERS. The large indus-
trial batch capacity (700-800 kg) of the Recirculating Fast Fluidized Bed CVD
coater (FFB-CVD) requires a minimum TCHP test lot of about 25 kg of a fixed
WC-Co composition. This does not allow appropriately small R&D lot itera-
tions to be made for each experimental specification. Smaller benchtop CVD
reactors will not de-agglomerate small particles. Trial elemental-increment
batches to attain optimal TCHP carbon and cobalt balance necessitates me-
chanically MIXING-in of cobalt, carbon, or tungsten test variant additive pow-
ders in partial (500g) lots taken from larger TCHP lots produced with fixed
"baseline" constituent levels.

Co- and W-pooling has been a major cause for lower-than-possible TCHP
strength values to date. Because at the present stage of development short-
mixing (not milling) cycles must be used (to avoid damaging of the TCHP
coatings), inherently poor distribution of cobalt, tungsten, or carbon powders
adversely affects the sintered structure. Mixed with 5-micron particles, 1.0-1.5
micron cobalt particles create Co "pools" observable in the SEM photos. It
has been shown that more than 48 hours of aggressive ball milling (not mix-
ing) are required to eliminate "pooling". Smaller Co powders bring more oxy-
gen and agglomeration and are pyrophoric. Pooling will be a problem until the
large CVD reactor can be operated to deposit nanoscale contiguous coatings
at or close to the empirically found optimum TCHP compositions.
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However, using a benchtop fluidized bed CVD reactor improved the me-
chanical blending problem by evenly dispersing incremental nanoscale addi-
tives without damaging the TCHP, but industrial scale CVD powder coating
will always be more effective and efficient than plain mixing.

E7. COBALT COATING CONTROL. The cobalt coating was performed us-
ing the thermal decomposition of cobalt carbonyl in hydrogen. The cobalt
CVD decomposition reaction Co2(CO)8 -> 2Co + 8 CO takes place at
deposition temperatures ranging from 180-220°C, in our case at 200°C at 268
mbar. The preparation of the cobalt carbonyl occurs with direct reaction of the
solid carbonate with carbon monoxide gas with hydrogen as a reducing agent
as follows: 2 CoCO3 + 8 CO + 2 H2 -» Co2(CO)8 + 2 H2O + 2 CO2, which
takes place above a pool of acetone solvent. As the reaction proceeds, the
carbonyl sublimes into the gas phase. The carbonyl vapor then dissolves in
the solvent, which also removes the water vapor from the gas phase. The
dissolution of the reaction products in the acetone therefore removes them
from the gas phase where they would limit the extent of reaction.

E8. TCHP POST-PROCESSING. While reasonably good mechanical prop-
erties were achieved with the 1-5 micron materials, TCHP properties have not
yet approached the performance predicted by extrapolation. This was attrib-
uted to the presence of microstructural defects and flaws in the consolidated
materials stemming in part from test additive mixing. Post-processing the
coated powders will also be studied as a way to further reduce these flaws.
Sieving the coated powders can eliminate large particles and agglomerates
(some agglomerates form at the wall of the CVD reactor when very fine pow-
ders are processed) causing flaws in the consolidated product. In addition,
physical separation can also control chemical non-homogeneities (i.e., dense
and light coated particles) in the final product. Modifying cobalt CVD coating
conditions will also be evaluated for stabilizing the coated powder during
shipping, storage, and handling to prevent pyrophoricity and water/oxygen
adsorption as particle size is further decreased.

While the objective is to achieve near-perfect control during TCHP synthesis,
the ability to characterize, rework, and modify particles after coating is a prac-
tical necessity. Additionally, the need to granulate TCHP in a controlled man-
ner for particle flow and repeatable die filling may also become necessary.
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E9. CONSOLIDATION DEVELOPMENT PROCEDURE. The TCHP sam-
ples were mixed with balancing W or C, and/or Co (if required) in acetone for
3 hours and pre-compacted at room temperature. They were then hot
pressed in a 65 mm cylindrical graphite mold (lined with graphite fabric) with
a heating rate of 10 K/min to 1000°C under vacuum, then heated to 1300°C
with 5 K/min under 50 mbar N2 overpressure and held at 30 MPa maximum
uniaxial pressure and temperature for 30 minutes. Cooling rate, atmosphere,
and pressure were controlled down to 1000°C.

The following sinter technologies were used: Hot pressing, Ceracon™ forg-
ing, electric impulse densification, sintering, and sinter-HIP. Of these, hot
pressing and Ceracon™ forging are most suitable at this stage of develop-
ment. For production at industrial scale quantities, sintering and sinter-HIP
are presently the most economical methods. We will continue to develop hot
pressing and the Ceracon™ forging process while developing other TCHP
composite consolidation methods such as sinter-HIP and PIM/MIM.

E10. TOOL WEAR COMPARISON BASIS. The initial tool wear test com-
parisons of TCHP inserts with CVD coated inserts will not be as simple as
comparing "measured wear per unit of time." Coated tools are used until the
CVD coating is almost worn through and then thrown away after only about
10% of the tool has been used because failure is catastrophic at high speed if
wear proceeds into the carbide substrate. Worn to completion, the wear rate
of coated tools would be decidedly two-sloped: slow through the outer coat-
ing, much faster in the WC-Co substrate. The ultimate advantage of TCHPs
is that they can be left in the machine to operate longer, exploiting the full
machining tolerance by using the considerable additional volume of wear-
resistant material. But first, their strength must be developed and optimized.

Until TCHP chemistry and strength are optimized to compare with those of
WC-Co substrates, comparing tool life of TCHP inserts with coated WC-Co
inserts would be heavily biased in favor of coated tools. Why? Since external
CVD coatings are CONTIGUOUS for the first 10% of the wear tolerance, the
measured wear resistance ~ while the coating is in place -- will logically be
somewhat better during initial comparisons than with TCHP tools (with ex-
posed WC-Co ligaments between the wear-resistant particles). When com-
paring TCHP tools with CVD coated tools, the TCHP inserts should last long
enough for the coated tool to have its CVD coating worn through and even
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into the carbide substrate to demonstrate the wear advantage of TCHP after
longer use.

Since we are still optimizing chemistry and have only a limited number of
tools available, we are making the first TCHP performance test comparisons
with high quality WC-Co inserts. This will make early wear-vs.-time meas-
urements equitable and simpler. Since the life multiples of CVD-coated tools
versus WC-Co tools are well known (6-1 OX), the inference and comparison of
TCHP with CVD-coated tools (and even cermets) can also be made. A good
TCHP performance compared with conventional carbide will still have univer-
sal appeal, and when the TCHP parameters are optimized, we can have a
fair TCHP comparison with CVD coated inserts. Later, when more tools are
available and the TCHPs optimized more, the comparisons will be made with
coated inserts and cermets.

The standard WC-Co insert chosen was a Bohlerit TNMM R131 triangular in-
sert. Bohlerstahl V945 alloy steel (CK 45/DIN1.1191; 0.45%C, 0.3% Si, 0.7%
Mn) test bars were machined in a lathe with test surface speed set at 200
m/min, feed 0.15 mm/rev, depth of cut 2.0 mm. Under these conditions,
based on acoustic, chip characteristic, sparking, surface smoothness, and
dimensional characteristics, the test was halted after an average life of of 45
minutes and a wear of 0.5 mm.

E11. PERFORMANCE RESULTS. The coatings on the 5-um TiN and AI2O3-
based TCHP improved substantially in quality and reliability. Powder coating,
consolidation, heat-treatment, and test/characterization processes are being
handled much faster, and we achieved 99.8% density in both liquid-phase
hot-pressing consolidation and Ceracon™ forging (see Tables 2 and 3).

Up to 3.8% Co, the alumina TCHP specimens showed a higher bending
strength; above 5.0% Co TiN based TCHP had a higher strength. In both
TCHP types, starting from 5% Co we found that increasing the cobalt to a to-
tal of 10, 14 and 18 wt% tended to progressively decrease strength. In lathe
tests, low crater wear — but increasingly higher flank wear — were observed
with increasing Co. Flank wear is highly related to low density, carbon bal-
ance, and cobalt content - which are a straightforward matter of trial, discov-
ery, then control.
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We felt these strength trends could be
improved by reducing the Co:WC ratio
and by continued improvement in carbon
balance. A new TCHP test series of nine
AI2O3 and TiN variants was produced
with cobalt levels of 5.0wt%, 3.8wt%,
2.6wt%, and 1.4wt% Co to total. Doing
this was a challenge since the baseline
TCHP lots had already been produced
with a 5wt% Co minimum and accord-
ingly required adjusting W levels up-
wards to get below 5wt% Co and to bal-
ance C levels. The non-reactor mixing of
the experimental composition caused
pooling of WC-Co and of WC, with con-
sequent reduction of performance. In
spite of this, the results were positive:

WC-Co 3.8wt% » * AI2O3 Phase

Figure 8. Lot c A1203-WC-3.8 wt% Co TCHP

*

E11.1. For the TiN -based TCHP with 3.8 wt% Co, a good Vickers' (Hv30)
hardness of 1150 was attained using only hot-press consolidation. Hot
isostatic pressing would give higher values. In wear tests, crater wear was
very low but flank wear was high. At 45.5 min, tool life of state-of-the art-
commercial WC-Co was equaled or surpassed.

E11.2. For hot pressed alumina at 3.8%
Co, hardness was 1463 (Hv30), and tool
life was 35 min. A typical microstructure
is seen in Figure 8. In addition, scanning
electron microscope photos of fracture
surfaces show good chemical wetting at
the WC-Co and Alumina interface (see
Figure 9). This assures good material
contiguity. This is evidenced in the photo,
where the gray AI2O3 grain is seen to
transition gradually to the white of tung-
sten carbide (WC) and the fracture sur-
face cleaves the AI2O3 grain rather than
pulling it out of the WC-Co substrate.

- VJ

Figure 9. Alumina TCHP Fracture Surface

(Hot Pressed at 1300'C).
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E11.3. We increased the lathe test surface speed by 30% to increase the test
difficulty (speed 260 m/min, feed 0.15 mm/rev, depth of cut 2.0 mm). Under
these conditions the Bohlerit TNMM R131 "standard" insert life decreased
from 44.3 to 42.2 minutes at 0.15 crater wear (chatter, poor finish).

The hot pressed TiN TCHP inserts at 3.8wt% Co nominal (3.3% Co actual)
remained at 44.1 minutes, with 0.2 mm crater wear and low flank wear. At
2.6wt% Co nominal (2.26% Co actual), tool life slightly increased to 44.3 min-
utes.

The hot pressed alumina TCHP insert life with 3.8wt% Co actually decreased
-37%. Two explanations are possible: (1) alumina has a difference in thermal
expansion (compared with the WC coating) that is greater than for titanium
nitride, and (2) alumina has a low thermal conductivity, leading to higher tem-
peratures and increased wear at the cutting edge.

E11.4. We observed a higher than desired level (1.1-1.5%) of oxygen in
the TiN based TCHP compacts and have observed in the light optical micro-
structure gray/brown inclusions (presumably Ti2O3 or Ti3O5). Neither the
tungsten carbonyl nor the cobalt carbonyl precursor is believed to be the oxy-
gen source, but there is some indication that the coating processes may have
to be adjusted slightly.

E12. RESULTS SUMMARY. These results (see Tables 2 and 3) are espe-
cially significant because they were attained using only the first 5.0 \jm pow-
der lots of two TCHP variants and we know there are many factors requiring
continuous optimization, promising significantly increasing TCHP vs. com-
mercial tool life multiples during the next year.

F. THERMAL SPRAY TCHP DEVELOPMENT

EnDurAloy's TCHP particulate material (TiN coated with WC and Co) was
used as thermal spray powder in wear tests at Caterpillar with excellent re-
sults.

TCHP was thermally sprayed onto flat steel "cylinder wall" wear plates (simu-
lating engine cylinder liner wear in a Cameron-Plint test apparatus) and oscil-
lation-worn in line contact under 200N of load for 106 cycles (17.7 km of slid-
ing distance) against SAE 52100 steel pins, Cr3O2-SiO2, and monolithic Si3N4

pins (simulating piston ring wear) lubricated by 15W40 Exxon HD engine oil.
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The TCHP coatings showed a coefficient of friction of less than 0.1 in all tests
(WC = 0.2) and a microhardness in the range of 700-800 Knoop.

No wear was detected in the coatings when run against 52100 steel or chro-
mium-silica coating systems, while a wear amount of 4X10"8 was measured
against the silicon nitride rings, with negligible wear of the silicon nitride. To-
tal wear of the Si3N4-TCHP couple was 4.44x10"8, compared to over 2.19x10'7

for the best ring-liner couple tested to date (chromium-silica rings against Hi-
C-Fe-Mo liners) even though the TCHP coating had 5Xthe surface rough-
ness (a major wear-producing factor) of the standards (1.014 microns versus
0.15 microns) due to non-optimized spray conditions.

These exploratory wear results for TCHP "cylinder liner" coatings worn
against silicon nitride, SAE 52100 steel, and cast iron/molybdenum "piston
ring" pins are 5X (!) better than previously optimized coating systems and in-
dicate a potential for an additional 10X improvement after optimization of
spray conditions and wear surfaces.

Table 2
Parameters & Results: TiN-WC-Co TCHP (TiN.WC wt% ratio -41:49)

Test Number
Cobalt Content
Hot Pressed, at
30Mpa, 1350°C
Density, g/cm3

Balance Blending
with W, wt%

HP447
1.4wt%

80min

-7.53;
porous

HP447
2.6wt%

80min

HP447
3.8wt%

80 min

8.94 8.88

+ 15% ; +15% +15%

HP447
5.0wt%

80 min

8.14

+2.77%

HP419
10wt%

30 min

7.63

HP419
14wt%

30 min

7.48

HP419
18wt%

30 min

7.3

Hardness, HV30 1150
Bending strength
MPa

220 418 431 585 545 467 480

>Cutting CK45 steel (DIN 1.1191) at 200 m/min, 0.15 mm/rot, 2.0 mm depth
41.2 min.; 44.4 min
43.8 min* 45.1 min*|

>Cutting CK45 steel (DIN 1.1191) at 260 m/min, 0.15 mm/rot, 2.0 mm depth
44.3 min.i 44.1 min
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Table 3
Parameters & Results: AI2O3-WC-Co TCHP (AI2O3:WC wt% ratio -28:72)

Test Number
Cobalt Content
Hot Pressed, at
30Mpa, 1350°C
Density, g/cm3

Balance Blending
with W, wt%

HP446
1.4wt%

60 min

8.00

HP446
2.6wt%

60 min

7.98

+28.5% | +28.5%

Hardness, HV30
Bending strength
MPa

525 628

HP446
3.8wt%

60 min

7.97

+28.5%

1463

694

HP446
5.0wt%

60 min

7.94

+28.5%

HP424
10wt%

60 min

7.22

HP424
14wt%

30 min

7.17

HP424
18wt%

30 min

7.03

571 441 399 349

>Cutting CK45 steel (DIN 1.1191) at 200 m/min, 0.15 mm/rot, 2.0 mm depth
22.5 min
23.5 min*

24 min* -35 min 34 min*

>Cutting CK45 steel (DIN 1.1191) at 260 m/min, 0.15 mm/rot, 2.0 mm depth
22.0 min

Insert reference WC-Co insert (Bohlerit TNMM P35):
42.2 min @ 260 m/min, 0.15 mm/rot, 2.0 mm

* best values; ** at 50 mbar overpressure N2; *** @ 50 mbar overpressure Ar

G. CONCLUSIONS. REMAINING CHALLENGES, and PLANS

The main technical challenges we are focusing on are fine-tuning the carbon
levels in the WC coating to obtain the desired coating stoichiometry, reducing
or eliminating trace elements like oxygen and iron, zeroing-in on the optimal
cobalt-to-WC levels, finding the core particle types to meet specific tool envi-
ronments, reduction of particle effects such as particle size, size distributions,
core particle shapes, core particle quality and composition (i.e., oxygen con-
tent, purity, porosity, agglomeration, etc.), more consistent production of
tungsten hexacarbonyl WC coating precursor material, consistent attainment
of full sintered density while retaining the tough WC-Co ligament structure
around the hard core particles, and continuous cost reduction for TCHPs.
Consolidation methods (sinter-HIP, PIM, ...) temperatures, pressures, atmos-
pheres, and times must also be further refined in both solid state and liquid
phase sintering regimes to enhance performance properties. For a full
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evaluation of newly developed TCHPs, a designed experimental matrix will
be defined, employing variations of the (1) composition, (2) particle
size/distribution, (3) consolidation method, (4) cutting parameters, and (5)
machined material. In addition, extensive wire drawing field tests are planned
to qualify TCHPs for commercialization.

Because the above challenges are of the kind that will be resolved through
reasonable scientific discovery procedures, significant performance im-
provements are expected during the coming months and years.
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DIAMOND DISPERSED CEMENTED CARBIDE

PRODUCED WITHOUT USING ULTRAHIGH PRESSURE EQUIPMENT

H. Moriguchi, K. Tsuzuki and A. Ikegaya

Itami Research Laboratories, Sumitomo Electric Industries, Ltd.

1-1-1 Koya-kita, Itami, Hyogo, 664-0016, Japan

SUMMARY

We have developed a composite material of dispersed diamond particles in
cemented carbide without using ultra high pressure equipment. The
developed diamond dispersed cemented carbide combines the excellent
properties of cemented carbide with diamond and also provides 1.5 times
improved fracture toughness over that of cemented carbide. They also show
10 times higher wear resistance over that of cemented carbide in a wear
resistance test against bearing steel, and 5 times greater grindability than
diamond compacts. Because ultra high pressure equipment is not used to
produce the developed material, large compacts over 100 mm in diameter
can be manufactured. The developed material showed 10-25 times higher
wear resistance in real use as wear-resistant tools such as centerless blades
and work-rests.

KEYWORDS

Diamond particle, graphitization, ultra high pressure equipment, cemented
carbide, fracture toughness, wear resistance, grindability, wear-resistant tools

1. Introduction

Cemented carbide is a composite material made of tungsten carbide (WC)
and cobalt (Co). This material was invented by Schorter in 1938, and
produced commercially under the brand name Wie Diamant. Since then this
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material has been widely used as a material for cutting tools and wear-
resistant tools because of its excellent hardness, strength, toughness, and
Young's modulus [1].
In recent years, diamond compacts have come into greater use because of
their extremely high hardness and wear resistance [2]. But diamond
compacts have the disadvantages of being difficult to machine because of
their high hardness, the inability to be formed into oversized or complex
shapes because of the use of ultra high pressure equipment, and
consequential high cost.

Therefore, a material combining the excellent properties of cemented
carbides and diamond compacts, and offering the advantage of inexpensive
fabrication without requiring ultra high pressure equipment would be of
considerable industrial value. Newly developed diamond dispersed cemented
carbides meet just such needs. This paper describes the properties of newly
developed diamond dispersed cemented carbides.

2. Conventional technique and purpose of this study

Because diamond is the hardest material on the earth (9.8 GPa), a sintered
compact made by dispersing diamond particles in cemented carbide should
offer exceptional toughness and wear resistance. Actual fabrication of such
materials, however, has encountered the problem of phase transformation of
diamond, which is thermodynamically stable at high pressures, into graphite
at high-temperature when sintering pressure is inadequate as shown in Fig. 1
[3]. Although Hall et al. have reported that diamond can be stable at
temperatures below 1400 K, even if thermodynamically unstable at such
temperatures [4], it is difficult to make diamond dispersed cemented carbides
with dense cemented carbides under such conditions. It is possible but
expensive to make dense diamond dispersed cemented carbides at the high
temperatures and pressures at which diamond is stable due to the required
use of ultra high pressure equipment.

Thermodynamically, diamond is unstable around 1600 K below 5 GPa. But it
is necessary for diamond particles to have sufficient time to transform into
graphite in view of kinetics. Therefore we attempted to produce diamond
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Figure 1 Phase diagram of diamond

dispersed cemented carbides by short time sintering around 1600 K
preventing diamond particles from transforming into graphite without using
ultra high pressure equipment. In this study, we used a new sintering
technique applying pulse current directly into a carbon mold, thus making it
possible to raise the temperature quickly and facilitate rapid sintering.

The purpose of this study was to produce diamond dispersed cemented
carbides with sufficient density without using ultra high pressure equipment,
and to compare the mechanical properties of diamond dispersed cemented
carbides with cemented carbides and diamond compacts.

3. Experimental procedure

The WC powder with an average grain size of 1.9// m, Co powder with an
average grain size of 1.4// m, and diamond powder with an average grain
size of 10// m were used as starting materials. These powders were
combined with a mixture of WC and 10 % Co by weight, and wet-mixed in a
ball mill for 15 hours and dried. Then this WC-10wt%Co powder and 20 %
diamond powder by volume were dry-mixed in a ball mill for 2 hours. In
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Load

Electrode

Powder

Carbon die

Figure 2 Apparatus of the new sintering technique

addition, the surface of the diamond powders were coated with an SiC layer
having a thickness of 100nm by chemical vapor deposition in order to prevent
contact with molten Co during sintering [5]. Because molten Co is very
reactive to diamond, diamond transforms easily into graphite. The mixed
powders were poured into the carbon die having an inside diameter 30 mm,
and pre-pressed at 1.4 MPa. The quantity of mixed powder was adjusted to a
4 mm thickness after sintering. Then the pre-pressed sample in the carbon
die was set in the sintering furnace using pressurizing and direct resistant
heating by pulse current as shown in Fig. 2. As a result, carbon die was
heated quickly by Joule heat, thus making it possible to facilitate rapid
sintering. The load of 41 MPa was applied to the green compact during
sintering. The temperature was measured by an optical pyrometer at the point
of the carbon die surface located near the sample. This temperature is about
200 K lower than the real temperature of the specimen. Thereafter the
sample was vacuum sintered under the following conditions: heating rate:
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6 K/minute, keeping time: 3 minutes. The sintering temperature was selected
between 1243-1543 K.

To evaluate the densification level and microstructure of the sintered
samples, a cross section of the sample was ground with a # 200 diamond
grindstone. The samples were observed using an optical microscope and
scanning electron microscope. To evaluate the mechanical properties of the
sintered samples, the hardness and fracture toughness were measured by
the indentation fracture method using a Vickers hardness gauge at a load of
490N.

4. Results and discussion

4-1. Sintering test results
The relation between sintering temperature and specific gravity is shown in
Fig. 3. The specific gravity of samples sintered between 1400-1500 K were in
near agreement with the theoretical density. In this sintering temperature, it
was possible to satisfy both prerequisites of minimizing the graphitization of
diamond particles and promoting the densification of cemented carbides. The
microstructure of diamond dispersed cemented carbides sintered between
1400-1500 K is shown in Photo. 1. As can be seen in this photograph,
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Figure 3 Relation between sintering temperature and specific gravity
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Photoi. Microstructure of diamond dispersed cemented carbide

diamond particles having an average diameter of 10 / /m are uniformly
dispersed in the dense cemented carbide. Sintered under 1373 K, diamond
particles did not transform into graphite, but cemented carbide matrix was
porous. Sintered over 1500 K, cemented carbide matrix was dense, but the
surface of diamond particles transformed into graphite. Thus, we succeeded
in making diamond dispersed cemented carbides minimized the
transformation of diamond particles into graphite and with sufficient density
without using ultra high pressure equipment.

Furthermore a large-sized diamond dispersed cemented carbide with 100 mm
diameter, which can not be produced by ultra high pressure equipment, can
be produced with pressurizing and direct resistant heating by pulse current.

4-2. Mechanical properties

The mechanical properties of developed diamond dispersed cemented
carbides are shown in Table 1. The table shows that diamond dispersed
cemented carbides have superior fracture toughness compared with that of
conventional 10 wt % Co cemented carbides. Since the diamond dispersed
cemented carbides have over 50 % better fracture toughness, the crack
lengths are shorter than that of cemented carbides having the same amount
of Co binder as can be seen in Photo 2. Photo 3 shows the propagation of a
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crack induced by a Vickers hardness gauge around the diamond particles.
Thus, the superior fracture toughness of diamond dispersed cemented
carbides is most likely the result of the crack deflection effect by the diamond
particles, wherein the energy of crack propagation is absorbed.
The dynamic coefficient of friction of diamond dispersed cemented carbides
was measured by a pin-on-disk device against alumina balls. (Rotation
speed: 3 m/min, load: 10 N, atmosphere: dry). Diamond dispersed cemented
carbides have an extremely low dynamic coefficient of friction: roughly one-
fifth of that of conventional cemented carbides, comparable to that of
diamond compacts.

—^~ 100 /um -, -,*f ;"•>-'.-, ,;'-

Cemented carbid Diamond dispersed cemented

Photo 2. Crack length of diamond dispersed cemented carbide

* ; • • • • • ; C-ack

. ;

Photo 3. Crack propagation of Diamond Dispersed cemented Carbide)
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Figure 4. Wear resistance testing machine

8
-2

TO
CD

400

300

3 200

100

Cemented Carbide
WC-10wt%Co

Diamond dispersed Diamond

Compactcemented carbide

_Q

0 50 100
Grinding force(N)

good <
Grindability

Figure 5 Relation between wear resistance and grinding force



334 HM38 H. Moriguchi et al.
15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

The wear resistance of diamond dispersed cemented carbides against
bearing steel (i.e., SUJ2) was investigated by using friction and wear testing
equipment which is shown in Fig. 4 (Tsuya tribometer). The conditions were
as follows: rotation speed: 19 m/min, load: 30 MPa, time: 2 hours,
atmosphere: dry. The results are shown in Fig. 5. The grindability of diamond
dispersed cemented carbides was compared by measuring the grinding force
with a surface grinder with a # 230 diamond grindstone. The conditions were
as follows; rotation speed of grindstone: 1,500 m/min, cutting depth: 20//m,
feed rate: 6 m/min. The results were also shown in Fig. 5. These results show
that diamond dispersed cemented carbides have ten times higher wear
resistance than conventional cemented carbide, and diamond dispersed
cemented carbides have five times better grindability than diamond
compacts.

6. Performance of diamond dispersed cemented carbides

Applications of diamond dispersed cemented carbides include centerless
blades as shown in Photo 5, bearing tools, work-rests, work-stopper, and
other tools requiring superior wear resistance. Results of user testing in such

work centerless blade

regulating wheel

centerless blade

Diamond dispersed cemented carbide

Photo 4 Centerless Blade
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applications show that work-rest applied diamond dispersed cemented
carbides had about 25 times higher wear resistance against ultra fine grained
cemented carbide than that applying low binder cemented carbide as shown
in Fig 6.

Wor

Diamond dispersed
cemented carbide

Cross section shape of worn part

•L
100//m WC-3wt%Co

Diamond dispersed cemented

Figure 6 Test result of diamond dispersed cemented carbid

7. Conclusions

Diamond dispersed cemented carbides were successfully produced at a low
sintering temperature around 1600 K while reducing the sintering time to
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several minutes as compared to several hours, thereby satisfying both
prerequisites of minimizing the transforming into graphite of diamond particles
and making cemented carbides with sufficient density without using ultra high
pressure equipment. Diamond dispersed cemented carbides possess the
following superior properties in comparison with conventional cemented
carbides and diamond compacts.

(1) Superior wear resistance:
10 times higher than conventional cemented carbide

(2) Superior fracture toughness:
1.5 times higher than conventional cemented carbide

(3) Superior grindability: 5 times higher than diamond compact
(4) No requirement for ultra high pressure equipment:

Compacts 100 mm or more in diameter can be fabricated and used in
applications unsuited for ordinary diamond compacts.

With such superior properties, diamond dispersed cemented carbides can be
used for precision machining, reducing tool costs and shortening down time
(e.g., time required for tool changes), thus promoting advancement of the
machining industry.
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Summary

Thermal spray processes are used for a lot of traditional and innovative
applications and their importance is becoming higher and higher. WC/CoCr
based thermal spray coatings represent one of the most important class of
coatings that find application in a wide range of industrial sectors.
This paper will address a review of current applications and characteristics of
this kind of coating.
The most important spraying processes, namely HVOF (High Velocity
Oxygen Fuel) are examined, the characterization of the coatings from the
point of view of corrosion and wear resistance is considered.

Keywords

Tungsten Carbide, HVOF, Thermal Spray, Corrosion, Wear

1. Introduction

Surface engineering studies the drawing of composite systems constituted by
a substrate and a coating, or more generally a surface treatment, in order to
obtain functional performances not possible with only substrate materials or
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coatings materials (1). Typical is the case of structural materials with good
mechanical strength but bad behaviour in aggressive environments or when
sliding or friction are present. In this cases a surface treatment is applied to
the component in order to keep the good mechanical characteristics adding
good anticorrosion or antiwear properties trough the application of hard
materials like oxides or carbides.
An example could be found in petrochemical industry where the used devices
are under conditions of simultaneous mechanical stress and chemical
corrosion due to the presence of suspended particles in the fluid. Therefore in
pipeline engineering it is important to consider the wear and erosion problems
and to guarantee the long life of the equipments (pipes and valves) as well as
the safety.
The Ni based alloys are good anticorrosion materials, but they have not good
antiwear characteristics and can not be utilised in the seal parts of the line.
From the point of view of the tribological properties the use of hard materials
as thermal sprayed coatings allows to improve drastically the in-service
behaviour of the component. Quite all these coatings are produced by HVOF
(High Velocity Oxygen Fuel) to obtain very hard coating with excellent
cohesion and adhesion. This technology also allows to obtain very dense
coatings that show good behaviour in aggressive environments. Namely
tungsten carbide cobalt-chromium based is standard material for application
in petrochemical field and finds place in the specification of the main
companies.
Therefore the testing of this coating produced by HVOF is an important
contribution to the understanding of its capability for petrochemical purpose.
This paper addresses the study and characterization of tungsten carbide
thermal spray coatings.
WC based thermal sprayed coatings have been submitted to several
corrosion and wear tests in order to determine the performance as
anticorrosion (H2S+CO2 test, FeCI3 test according to standard ASTM G48-92
and Co release in aqueous environments ), antiwear (pin on disc test) and
antiabrasion material (test ASTM G98-75).

2 Metallurgy

The carbides object of this study could be considered as interstitial
compounds: the small carbon atom is located in the octahedral interstitial site
as well as at the centre of a trigonal prism with the close-packed transition
metal atoms (2).
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The crystal structures of the carbides of a transition metal are determined by
the radius ratio:

r = rc/rT

where: C = carbon
T = transition metal.

If r < 0.59, the metal atoms form very simple structures with close-packed
cubic or hexagonal arrangement with carbon atoms located at interstitial sites
that are smaller than the carbon atom because otherwise there will be
insufficient bonding resulting in an essentially unstable structure. Namely in
the case of tungsten carbides the most common phases are WC and W2C
both crystallising in the cubic (NaCI) structure.
Tungsten carbide is stable at room temperature as cubic a-WC that melts at
2867 °C. The hexagonal W2C-phase melts at a slightly lower temperature of
2750 °C. WC loses carbon at appreciable rate above 2200 °C and will form a
surface layer of W2C (2).
Cemented carbides are composite materials of pure carbides with a binder
metal of low melting point and high ductility. The term refers usually to a
carbide of group 4b-6b elements of the periodic table together in a metal
matrix such as cobalt or nickel. Mixtures of these metals, also together with
chromium are often utilised. The selection of the binder metal depends to a
large extent on its ability to wet the surface of the carbide particles to ensure
secure coating cohesion. Namely the addition of Cr to WC/Co-cemented
carbide causes important property changes in terms of surface behaviour.
The corrosion resistance of cemented carbide coatings is determined by both
the corrosion resistance of the carbide(s) and the binder metals.

3. Coating technologies

Thermal spray technologies find a lot of use in all industrial sectors due to the
wide range of materials that can be sprayed by means of these technologies
and the large range of thickness that can be obtained (3).
The principle of these technologies is melting the coating materials by means
of heating in gaseous environment and its projecting with high velocity on the
surface that shall be coated. The coating materials is generally in form of
powder or (less frequently) wire.
Thermal spray technologies can be classified according to the energy source
used to melt the coating material: flame spray and HVOF (High Velocity
Oxygen Fuel) technologies use the energy deriving from a combustion,
electric arc spray technology uses an electric arc to melt the coating materials
while plasma spray technology uses a plasma generated by an electric arc.
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The best results in order to get dense and hard WC based coatings have
been achieved by HVOF (High Velocity Oxygen Fuel) technologies.

3.1 HVOF Technologies
These systems use the energy obtained by a combustion. Figure 1 shows a
commercial HVOF gun: the powder is injected in the flame by suitable carrier
gas (usually nitrogen), it is molten and projected to the substrate surface.
High velocity results in very dense coatings due to the ideal condition of splat
on to the surface being coated.

o

Fig. 1: commercial HVOF gun

It is possible to identify different systems that can be classified according to:
- the powder feeding that can be radial or axial
- the fuel/oxygen feeding: fuel and comburent can be feeded premixed or

separated.
HVOF begins its development in the years 50s when Detonation Gun has
been introduced on the market: the fuel mixture explosion was achieved by
spark (4-8 cycles/s), the combustion chamber pressure was high. Further
development brought the detonation to become continuous. In these way new
system are developed with axial powder feeding.
A third HVOF generation brings systems with radial injection, with liquid fuel
and with improved chamber/nozzle design to get always higher speed.
Due to the high flame speed it is possible to obtain very dense and very hard
coatings: namely with carbides HVOF technology obtained its best results.
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4 Experimental results

In order to give an overview of the WC based coatings characteristics, the
results of mechanical and chemical characterization of different kinds of WC
based coatings will be presented.

4.1 Corrosion Resistance Data

4.1.1 Ferric Chloride Test

The WC/CoCr sprayed samples have been submitted to corrosion test
according to ASTM G 48-92 standard (4), Method A and compared with the
behaviour of other materials from the point of view of the pitting corrosion
resistance (5).
The samples under analysis have been submitted to ferric chloride test (about
6% FeCI3 by weight) for 24 hours at temperature of 35 ± 1°C, according to
table 1 that show also the achieved results in g/m2. Mass loss has been
measured and visual inspection have been carried out in order to detect
pitting on the samples surface.

Sample submitted to ferric chloride testing (ASTM G-48)

Materials

NiCrBSi alloy

Inconel 718

Cr3C/NiCr

WC/CoCr

Weight loss (g/m2)

225,0

142,4

54,2

18,9

Visual inspection

no visible pitting
after test

no visible pitting
after test

no visible pitting
after test

no visible pitting
after test

Table 1 Sample submitted to ferric chloride testing (ASTM G-48)

Although several coating show good corrosion resistance in Ferric chloride
environment, WC/CoCr shows the minimum mass loss.
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4.1.2 Co release in acqueous environments

Three different WC/Co based coatings have been submitted to test to
determinate cobalt release in water as follows:
WC83Co17
WC86 Co10 Cr4 sprayed with high level of energy
WC86 Co10 Cr4 sprayed with low level of energy (5).

The samples have been immersed in water. At 24 h, 48h, 72h, 96h the cobalt
release of the coatings to the water has been recorded.
Figure 2 shows how the coating where chromium is present show better
behaviour in aqueous environment.

ppm Co
(200cc water)

Co release test

M48h
D72h
D96h

—~n a m i
WC/Co we/

CoCr
WC/
CoCr

coatings types

Fig. 2 Corrosion test in aqueous environment

4.1.3 Corrosion test in H2S/CO2 environment

WC/CoCr based coatings find a wide range of application in the
petrochemical field where an important problem is the behaviour of materials
in aggressive environments, when hydrogen sulphide, carbon dioxide and
sand, which contribute to corrosion-erosion of the surface, are present.
A procedure has been set up (6,7) in order to test the resistance of WC/CoCr
HVOF sprayed coatings to an atmosphere of H2S and CO2 by determining
weight loss and surface damage of the sample. This procedure is based on
NACE standards (8,9) but the tensile stress is not considered.
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Substrate material is stainless steel and the uncoated areas are nickel plated
by an electroless procedure to avoid corrosion. The samples are immersed in
acidified sodium chloride solution saturated with hydrogen sulphide at
ambient pressure and temperature for 720 hour.
The behaviour of tungsten carbide cobalt-chromium based has been
compared with other materials that usually find application in the
petrochemical field: chromium carbide nickel-chromium based and Inconel
625. All these coating have been produced by HVOF (High Velocity Oxygen
Fuel) on stainless steel AISI 304 substrate. The average thickens has been
200 (xm ± 50 \im.
The materials have been characterised before and after corrosion test
considering the following characteristics: surface roughness, Vickers
hardness, crack analysis by penetrant liquid test, morphology and structure
analysis by optical microscopy and scanning electron microscopy.
Hardness test was conducted on the polished surface of the samples in the
two cases, before and after corrosion attack. A test load of 100 g and dwell
time of 15 s were used.
Penetrant Liquid Test has the scope to reveal discontinuities that are open to
the surface of the solid for these non porous materials. The test has been
carried out with visible liquid according to the procedure ASME Sez V, Art. 6
and Art. 24-SE 165 (10).
Mass loss of the coatings permits have been determined according to
suitable laboratories procedure based on international standards.
Before the corrosion test the penetrant inspection did not show any defects
on the samples examined, except for the area were electroless Ni overlaps
the thermal spray coating. This area is, however, not important for the
purposes of the present test.
Surface finishing of samples has been measured and is 0.1 * 0.15 ^m (Ra).
The metallographic analysis helps to state that the coatings show not-porous
structure (1-3% porosity).
After corrosion test at visual inspection, the tungsten carbide cobalt chromium
based (WC 10Co 4Cr) seems to have acquired a darker colour after the
corrosion test. On the contrary, the chromium carbide nickel chromium based
and Inconel 625 samples do not show any difference before and after
corrosion test.
Penetrant inspection did not show any difference with respect to samples
before corrosion test.
The acid attack does not affect the roughness that remains in the range as
before the test.
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Metallographic analysis allows to exclude any changing of structure and
modification of thickness (Fig. 3). No intergranular corrosion has been noted.
Only it is possible to observe some stainless steel corrosion points under
electroless nickel layer.
Hardness measurements according to the Vickers method scale, load 100 g,
confirm that the hardness remains unmodified before and after corrosion test
as shown in the table 2.

Fig. 3 WC-CoCr coating micrograph after corrosion test.

Material

WC-CoCr
Cr3C2-NiCr
IN625

Hardness
average

before test
(HV0.i)
1210
917
458

Hardness
average
after test

(HV0.i)
1381
1070
462

Table 2 Hardness Vickers value, before and after corrosion test.

Mass loss values are shown in table 3. WC/CoCr based coatings show the
best behaviour but the values are of the same order of magnitude. It is
interesting to note how the Cr3C2/NiCr based coatings show an increasing of
the weight after corrosion test probably due to the formation of corrosion
products under the Ni electroless plated layer.
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Material
WC-CoCr
Cr3C2-NiCr

IN625

Average mass loss [g]
0,364306
-0,01242
0,4575

Table 3 Weight before and after corrosion test, weight difference

Summarizing no important decreasing of structural and mechanical properties
of the coatings has been noted. The only important effects are observed at
the interface between electroless Nickel and thermal sprayed coating. This
result could be, however, expected as deriving from the general weakness of
the interface between two different materials. Some points of corrosion have
been noted under Nickel plating in the samples coated with chromium
carbide. The formation of corrosion products can explain the increasing of the
samples weight after the corrosion test.

4.2 Wear Resistance Data

In order to determine the wear resistance of the WC/CoCr based coatings,
their behaviour in sliding conditions against CrC/NiCr coated steel and in
abrasive environment has been tested (5, 11,12)

4.2.1 Pin on disc test

WC/CoCr coated samples have been submitted to pin on disk test in order to
evaluate the wear resistance and the coefficient of friction.
The test has been carries out according to the following parameters:
- load: 100 N
- pin: CrC/NiCr HVOF sprayed coating
- disc: WC/CoCr HVOF sprayed coating
- lubricant: MoS2

Figure 4 shows the test results carried out for a distance of 30 km: the
average coefficient of friction is 0,172 that remains constant for more than 10
km (distance considered in the Fig. 4). The WC/CoCr coating shows a mass
loss of 0,4 mg after 30 km.
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W-125(disc) vs. CrC-NiCr (pin)

friction

coefficient

2.5 5 7.5

distance (Km)

Fig. 4 Friction coefficient value in the first 10 km test

4.2.2 Slurry test

The slurry test has been carried out according to ASTM G75-95 (13) using a
mixture of sand and aggressive solution. The design of the abrasion
apparatus was based upon the conditions experienced by reciprocating
equipment in contact with sand. This phenomenon is liable for the
progressive loss of original material from a solid surface, due to mechanical
interaction among that surface and solid particles. The test method is based
on the mass loss recording and consequent determination of Miller Number
and SAR (Slurry Abrasion Response) Number.
Miller Number expresses the abrasivity of the slurry while SAR Number is
related to the behaviour of different materials to the abrasivity of the
considered slurry.
The test procedure according to ASTM G75-95 is planned in the following
phases:
- test block placed in the tray with the coated surface turned down;
- 2 h uninterrupted run of test block;
- stop and specimen disassembly, cleaning in a suitable solution, rinse and

drying for 15 min;
- weight loss measuring and recording;
- repetition of the previous phases (three times).
The results of the test carried out on WC/CoCr thermal sprayed coatings,
have been compared with those obtained by CrC/NiCr and Inconel625
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coatings that find application as alternative or complementary materials of the
WC in the petrochemical field (14).
Slurry test has been carried out using the standard wear block material and
the considered slurry (mixture of 150 g quartz sand and 150 g mineral oil).
Miller Number of this slurry is 22.
Therefore the examined slurry represents well the petrochemical environment
where the treated products generally have Miller Number in a range of 10 -
30.
The test is constituted by thee 2-hours runs. At the end of each run the
sample weight loss is recorded and shown in table 4.

Cumulative
Loss [mg]
After 2 h
After 4 h
After 6 h

WC/CoCr

0.00
0.00
0.00

Cr3C2-NiCr

0.00
0.26
0.15

Inconel
625

55.70
108,95
160,25

Table 4 Average cumulative weight loss during the Slurry Test.

Using the least square method, the value of coefficient A and B (needed for
calculation of Miller Number) for each coating, are calculated for the curve
closely matching the test data curve (Fig. 5-6).
Note that the tungsten carbide cobalt-chromium based coating, during the
Slurry Test, did not exhibit a significant weight loss, therefore the graphic
is senseless.
Accordingly to the standards the rate of mass loss, the Miller Number and
SAR number are calculated and shown in the table 5.

Material

WC-CoCr
Cr3C2-NiCr

IN625

Miller
Number

0
1

487

SAR Number

0
1

428
Table 5 Miller Number and SAR Number values for examined coatings.
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5 Discussion and conclusion

The WC/CoCr HVOF sprayed coatings submitted to corrosion test according
to ASTM G 48-92 standard, Method A and compared with the behaviour of
other materials from the point of view of the pitting corrosion resistance, show
the minimum mass loss and therefore the best behaviour in ferric chloride
environment.
From the point of view of the corrosion in water, the coating where chromium
is present show better behaviour.
Corrosion attack due to H2S/CO2 environment does not produce important
decreasing of structural and mechanical properties of the examined coatings.
From the point of view of wear data it is possible to note how the WC/CoCr
HVOF sprayed coatings show low friction coefficient when in contact with
other metal alloys.
The Slurry Test allow us to clear discrimination among the performances of
examined materials. The cemented carbide coatings under examination,
namely the WC/CoCr, have higher erosion resistance than Inconel 625. This
confirms a link between mechanical properties and abrasion resistance due
to the microhardness of Inconel 625 smaller than that of cemented carbides.
According to the presented characterization WC/CoCr based coatings confirm
to be very versatile and useful for a wide range of industrial application.
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Sintering of Hardmetals in Different Conditions: Experimental
Results of 2-D Dilatometry and Computer Simulations
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Summary:

Properties of WC-Co functionally gradated materials (FGM) manufactured
by powder metallurgy from nanograin powders are studied. New optical sys-
tem (a 2-D dilatometer) has been developed, using a high-resolution CCD
camera and a dedicated software for image processing. Sintering of WC-Co
hard metals with different cobalt and grain growth inhibitors content was
performed for various conditions (substrate, heating rate, temperature) and
resulting anisotropy was measured.

Keywords:

Sintering, dilatometer, image processing, anisotropy, hard metals, gradated
materials, FGM

1. Introduction:

Powder metallurgy is one of major processing methods for fabrication of
Functionally Graded (more correct, Gradated) Materials, or FGM (1-3).
Pressureless sintering and sinterHIPping (sintering integrated with hot
isostatic pressing) are widely used processing techniques to obtain fully
densified cemented carbides, cermets and ceramic matrix composites. When
sintering is performed in the solid state, the diffusion of the components is
usually low enough to prevent the degradation of the initial graded structure.
If there is a liquid phase during sintering, one has to be aware of the possi-
ble destruction of the FGM due to differences in wetting and/or chemical in-
teraction of components with each other. On the other hand, this effect
could be used as an advantage of the liquid phase sintering process, as was
shown for FGM hard metals (4). Recent experiments show that it is possible
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to achieve the desired cobalt distribution even after liquid phase sintering,
starting from its homogeneous content, by a pre-determined carbide compo-
sition and grain size (4,5).

Hence the densification of FGM remains a challenge, especially with respect
to the conservation of the originally designed microstructure and chemical
composition profile under the complex stress state that is build up during the
heating and cooling process. Since a special attention should be given to
sintering behaviour of FGM, reliable information about shrinkage in situ is
extremely important for optimisation of the component design and sintering
process itself.

In this work, a 2-D dilatometry was developed for in situ observation of
shrinkage of the WC-Co hardmetals. Sintering of these hardmetals with dif-
ferent cobalt and grain growth inhibitors content was performed for various
conditions (substrate, heating rate, temperature) and resulting anisotropy
was measured.

2. Optical Dilatometry Development:

A dilatometric study usually means measurement of linear dimensions of a
specimen in the furnace under controlled conditions. Almost all commercially
available dilatometers are contact ones, i.e. a ceramic (alumina, etc.) rod is
pressed against the specimen and its movement is being registered e.g. by
an inductive sensor. Despite of a higher resolution (-0.2 ^m/mm) they have
two major drawbacks, namely influence of the rod pressure on the shrink-
age, and impossibility to measure anisotropic specimens in several direc-
tions simultaneously.

A possible way to make such 2-D or 3-D measurements may be realised
through an optical system. Recently, the optics and the CCD cameras could
be used for very high resolution. Similar studies are being performed world-
wide (6,7) for observation of liquid state sintering, etc. However, for these
specific measurements, a stroboscopic light (6) or sophisticated image cor-
relation method (7) are used, and final resolution of the raw image is not
high (~2...4 am/mm). In this work, a high-resolution special CCD camera was
used which gives raw image resolution -0.8... 1.2 ,um/mm without any image
processing.

This dilatometer was assembled on the base of a standard tubular one with
an alumina muffle. A typical, non-optimised image of a cylinder specimen is
shown in Fig. 1.
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Fig. 2 shows the same image with initial linear dimensions (in jxm) is shown
as measured from the picture. One may easily recognise that specimen
shape is not strictly cylindrical due to non-uniformity of one-side uniaxial
pressing and elastic expansion of the material after extraction from the die (a
springback effect). The upper part has smaller diameter because it was
subjected to slightly higher compacting pressure. Thus the initial shape is
not uniform but this non-uniformity may be measured and introduced in the
calculations.

Fig. 1. Raw, non-optimised
image of the specimen.

Fig. 2. Image with initial di-
mensions, îm

Testing and calibration of dilatometer was made using green cobalt com-
pacts. Sintering was performed in the dilatometer up to 1000°C at the con-
stant heating rate of 10 K/min where pictures were taken at every 50°C step.
The dimensional changes of the specimen with temperature were evaluated
from the pictures taken. These green compacts are seen to shrink non-
uniformly in different directions. The behaviour of powder compacts in dila-
tometer shows that particle size was the most important parameter (8).
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3. Sintering of Gradated WC-Co Specimens:

In the experiments, granulated "Nanocarb" WC-Co powders (Nanodyne, Inc.)
were used with 6 and 10%Co and the average particle size of 30...40 nm.
Green specimens were manufactured by CIP at 300 MPa (green density
0.56±0.01 of theoretical). Sintering was performed in the optical dilatometer
in argon flow with the following conditions:

Sintering temperature: 1300 and 1350°C (1573 and 1623 K)
Sintering time: 30 min at the sintering temperature
Heating rate: 5 and 10 K/min
Substrate used: graphite and polished alumina

Pictures have been taken at regular intervals (every 200°C before
800...900°C, every 50° between 1000°C and the sintering temperature, and
every 5 min during isothermal holding). The resolution of the PC screen was
1280 x 1024 pixels, which corresponds to the raw image resolution of
1.3±0.05 jim/mm of the specimen length.

In order to improve the resolution and reduce errors, all pictures have been
automatically processed with a special software "Sigma Scan Pro 4" (SPSS
Inc.). The software allows copying of calibration information from one image
to another (no re-calibration needed at each step) as well as application of
grey and binary filter matrix operations. Convolution filters remap intensity
values by multiplying the intensity values of each pixel in the image and its
surrounding pixel intensities by the corresponding matrix kernel values of the
selected filter. Then the products of the corresponding values are added
(9). Applying a convolution filter to an image affects every pixel.

After all pixels have been evaluated, the image is filtered. Because convolu-
tion filters use surrounding pixels to calculate new pixel intensities, new val-
ues are not calculated for edge pixels. Since edge pixels of the image do no
belong to the specimen, they stay unmodified as 1 pixel-wide border of the
image. During pixel analysis several values less than 0 and greater than 255
often appear as a result of a convolution operation. To remap images so
that all pixel intensities fall within the 0 to 255 grey scale range, each filtered
pixel intensity is divided by a specified divisor value, then adds a specified
offset value. Any values that still fall outside of the range are clipped to 0 or
255 (9).

In these experiments, the Sobel Magnitude filter was used. The Sobel Mag-
nitude (SM) filter detects the magnitude of edges in an image using the
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Sobel North (SN) filter and the Sobel East (SE) filter. The SN filter detects
horizontal edges and the SE filter detects vertical edges (this filter uses a di-
visor value of 8 and an offset value of 128). The equivalent kernel matrix of
the SM filter may be represented as follows (note that this is not a matrix
addition, but a convolution operator):

1

0'SM SN H-
2

SE ' 'SN

2

0

• 2

1

0

-1

-1

- 2

-1

0

0

0

1

2

1

Fig. 3 demonstrates initial (raw) picture of the sample in the furnace similar
to these in Fig. 1, and the same picture after SM filter application, showing a
clear border between the specimen and the environment. This gives a pos-
sibility to exclude body points from the analysis and use automated edge/line
tracking and distance recognition features of the software.

Fig. 3. Raw specimen image (left) and the same image after processing
(right) before sintering.

This method was found especially useful at 800...1000°C, when radiation
from the specimen overlays with the radiation of the furnace tube. Then
"normal" image (black specimen on white background) changes to "nega-
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tive" (whiter specimen on grey or dark background). This has been reported
(10) to be a problem along with image "flickering", where repeatability of
±2.5 iim was obtained and reproducibility of length measurements for differ-
ent samples in different sintering experiments was about ±0.5 %.

It was, however, not the case in our experiments - all images were rather
clear without flickering and smoother transition between low and high tem-
peratures has been achieved. The reproducibility of length measurements in
recent experiments was ±0.15 %. Specimens after sintering were also meas-
ured with a digital micrometer, but these data were found to be of a little reli-
ability. Due to anisotropy of the sintering, differences in upper and lower di-
ameters were quite significant, so micrometer's rod was too large to be cor-
rectly applied.

4. Results of Sintering:

The example differences in the shrinkage could be visually seen in Fig. 4.

START = ?0*C

<-i3br

END - 20*C

n
Fig. 4. Overlaid images of a specimen,

demonstrating shape changes.

Here three pictures (initial
specimen, specimen at the be-
ginning of isothermal holding
and final shape after cooling)
are subtracted from each other
and the differences are en-
hanced by applying of the SM
filter. Subtracting images finds
differences in images by sub-
tracting the intensity values (at
each pixel location) in the source
image file from the correspond-
ing intensity values in the desti-
nation image.

The result is re-scaled to a 0 to
255 range by adding 255 to
each intensity and then dividing
by 2. One can see that initial
specimen shape was not a
straight cylinder and not a body
of revolution.
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During sintering, these features preserve and the height of the specimen
becomes anisotropic (smaller on the left side). Relative height changes of
these specimens are shown in Fig. 5 (for heating rate of 5 K/min). These
changes are similar to ones obtained by a contact dilatometry.

Specimens with higher cobalt content have higher expansion during heating
than of 6%Co but very close shrinkage to each other during isothermal
soaking at 1300°C. Axial shrinkage is also starting between 800...900°C
with the highest rate between 1100 and 1250°C. In all these cases shrinking
continues during cooling to which is a combined effect of both sintering and
thermal contraction (11). On the contrary, shrinkage differences during sin-
tering at 1350°C are significantly higher between these two materials. This
may lead to a conclusion that higher sintering temperature may result in
higher strain differences, which may impact on additional internal stresses,
and, possibly, lead to cracks.

Relative height
1.051

1.00

0.95

0.90

0.85

0.80

- 10%Co, 1300°
- 10%Co, 1350°
• 6%Co, 1300°

- 6%Co, 1350°

200 400 600 800

Temperature °C

1000 1200 1400

Fig. 5. Axial shrinkage of Nanocarb WC-6%Co and 10% Co vs. sintering
temperature (HR = 5 K/min, on graphite substrate).
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Measurements of radial shrinkage are of the major interest of these experi-
ments because they are difficult to obtain by other techniques. As previously
reported the difference in shrinkage of upper and lower sides is mainly
caused by combined influence of gravity and friction between the specimen
and the substrate (11,12). The difference in diameters D-i (top) and D2

(bottom) was analysed for the different substrates (graphite and alumina)
and different sintering conditions (Fig. 6). When this ratio is greater than
unity, the specimen takes shape of a reverse cone, otherwise it transforms
to a normal cone (black marks on the Fig. 6).
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Fig. 6. Ratio of D^Da for sintering runs
(initial DilD2 was taken as unity; HR = 10 K/min).

The summary of specimen radial anisotropy may be expressed as follows
(for both heating rates 5 and 10 K/min) for the Fig. 7. Although there are
some oscillations, the final diameters ratio for WC-10%Co (1.02±0.02, i.e.
reverse cone) is higher than of WC-6%Co for a graphite substrate. On alu-
mina, the situation is reverse - specimens with 10%Co remain almost straight
(Fig. 7).
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This is believed to be an effect of larger shrinkage and different liquid phase
amount (and its interaction with the substrate) during sintering. It was ob-
served, that specimens sintered on graphite were slightly "stuck" to the sub-
strate which indicates some possible diffusion processes taken place. This
effect although rather small at short cylinders may be significant for another
geometry of the specimen.

Q

%Co

Substrate

Fig. 7. Variation of specimens anisotropy (D-,/D2 ratio) vs. substrate type and
cobalt content. Starting value of 0^62 = 1.

A comparison have been made between 6% and 10%Co specimens sintered
in the similar conditions to check whether the shrinkage values are different.
The changes in top and bottom diameters of the specimens have been
measured and compared. At the ramp, small differences are seen at the top,
but larger at the bottom of the specimens. Although little differences is ob-
served at 1300°C, at 1350°C specimens with 10%Co have a few percent
higher shrinkage in radial direction that the others.
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5. Computer simulations:

The simulation of sintering process was done for the same conditions as dila-
tometric experiments. Several assumptions were made to simplify the solver
construction. A straight cylindrical shape of the specimen 010 x 10 mm was
considered and its lower plane was supposed to be in full contact with the
substrate (vertical displacements are set to zero on this border). Calculations
were made according to the model, reported earlier (12) with the necessary
adjustments for viscosity and the grain growth for Nanocarb WC-6%Co mate-
rial. In addition, elastic contribution was calculated during cooling of the
specimen. This model was applied to get distribution of temperature, density,
strain rates and displacements, normal (radial and axial) stresses and shear
stresses (12,13).

Heat transfer was calculated using non-steady state with the Crank-
Nicholson method for time integration for the prescribed shape function. Cal-
culated temperature distribution within the specimen shows that difference
between the centre and outer surface could reach 15...30 K at the end of iso-
thermal holding (soaking).

Typical results are shown in Fig. 8, where density contours are shown for two
temperatures. For all cases displacements and velocity values have been
also obtained and the shape change have been computed.

" • • s i . •

5.2000E-001

_ I L . E r il

j I 7E 11

t rEf n
„ l a s n i

J17E J
I E LH1

I ^ E i i

IT | | | [

i h IJ

J E
1 E f i

- -* E ' '
•4 E I 1

-iJE 11 1

A J* '
! jF II

-i" rJE 1 11
- j E ii

1 ii. 11

c 1 1

L
' .3

^ ^ _ 5.8250E-001
^ ^ • 5 . 9 5 2 2 & 0 0 1

HHB' j ' : ; i ! ;--E K!;
•*^ • ^^Sft^j^^ M ^ W b JUuuh-l II.U

K ^ ^ W B u i syE-QOl
^^tgk •**' ''• * (i 4610E-001

p ^ p w w ^ M 7i ̂ 4E-iini
o -:.'4.taE JU1
D MJCE-OOl

TOoinE-ooi
1 22C'EJini

' . ' 7 3514E-0D1
" ' » ' , . 7 47-uE-OOl

' • ' • ' " "! UOJSE-UUI

1 liJflE-OOi
"I 2DLI2F-001

^ - ^ » T ) 2 7 4 E - 0 0 1
SJS^affiii^*18" «B|M14JE-001

^ ^ • K _4!SEf!Li!
^^™8.3690Es00I

Fig. 8. Calculated density of WC-6%Co being sintered at 10 K/min to 1573 K
for temperatures 1311 K (a) and 1573 K (b), fraction of theoretical density.
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Calculated results for the displacements have been compared with the ex-
perimental results of dilatometer runs. Fig. 9 shows experimentally obtained
changes in upper (D-i) and lower (D2) diameters for sintering at 1300°C and
heating rate 10 K/min. One may see that calculations predict correctly the fi-
nal shrinkage as well as reverse cone shape of the specimen. Taking into
account, that all data including viscosity and grain growth have been ob-
tained from independent sources, the agreement is very good. The major dif-
ferences concern the densification on lower temperatures (800...1100°C) as
well as higher predicted density (99%) in comparison with experiment (-90-
95%).
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O D2, experiment

D1, calculation
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1200 1400

Fig. 9. Relative diameter changes for experimental (graphite substrate) and
simulated (friction zero) sintering process (1300°C, 10 K/min, 30 min).

6. Conclusions:

Developed high-resolution optical dilatometry was successfully applied to
measure dimensional changes of homogeneous Nanocarb WC-6%Co speci-
mens during sintering. Results obtained confirm that sintering of even
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homogeneous specimens is not uniform. Dimensional changes of upper and
lower diameters depend on substrate selection and sintering parameters. Us-
ing alumina, a "reverse cone" shape with anisotropy of +3...4 % was re-
sulted, in comparison with ±0.5...1% on graphite substrate.

The difference in shrinkage kinetics vs. sintering temperature and heating
rate has been observed. The modelling of the sintering process for WC-
6%Co was performed and its results are generally in a good agreement with
dilatometric experiments. Some differences in densification kinetics in the
range of 800...1200°C are caused by viscosity equation, which has to be cor-
rected for a better fit. The stress analysis was also performed and the stress
distribution was calculated. This work is part of the project BE97-4176, sup-
ported by the European Commission under the contract BRPR-CT97-0505.
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FUNCTIONALLY GRADED WC-Co HARDMETALS
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Summary:

Functionally graded hardmetals with a continuous gradient in cobalt and TiC
were manufactured by electrophoretic deposition (EPD). Most attention was
focussed on obtaining a fully dense and phase-pure material without loosing
the cobalt gradient during sintering. WC-Co graded plates of 35x35 mm were
processed by electrophoretic deposition, cold isostatic pressing and sintering.
The resulting graded material showed a continuous variation in composition,
microstructure and mechanical properties. The cobalt content in the WC-Co
FGM increased from about 6 wt% on the hard side to 17 wt% on the soft side,
whereas the Vickers hardness, HV10, was found to decrease continuously
from 19 to 8.5 GPa along the same direction. The WC-Co-TiC FGM
contained a TiC gradient from 0 to 25 wt% and Vickers hardness values from
16.3 up to 19.8 GPa along the same direction.

KEYWORDS: Functionally Graded Materials (FGM), Powder Processing,
Electrophoretic Deposition (EPD), WC-Co, TiC
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1. Introduction:

In today's highly demanding environment, more attention is given to
combine irreconcilable properties in the same component during processing
and design of materials. A possible concept to meet this demand is that of
functionally graded materials (FGM). The initial idea of functional graded
materials was to combine the incompatible properties of heat resistance and
strength with low internal stress, by producing gradual transitions in
microstructure and/or composition (1). A very wide variety of available
processes, such as plasma spraying, centrifugal casting, common powder
metallurgy, PVD, CVD, and colloidal processing have been reported for FGM
production (2). Amongst these processes, electrophoretic deposition (EPD) is
a fairly rapid low cost process, capable of producing continuously and step
graded materials with complex geometry (3).

Electrophoretic deposition is a two-step process. In a first step, particles
suspended in a liquid are forced to move towards one of the electrodes by
applying an electric field to the suspension (electrophoresis). In a second
step, the particles collect at one of the electrodes and form a coherent deposit
on it. Numerous applications of EPD have been developed for the fabrication
of ceramics, including the application of coatings (1-3-4), laminated materials
(5) and functionally graded ceramic-ceramic materials, as for example in the
AI2O3/ZrO2 system (6-7).

In this paper, functionally graded WC-Co hardmetals with a gradient in
cobalt content and functionally graded WC-Co-TiC composites with a gradient
in TiC are processed by means of electrophoretic deposition of the green
materials. Subsequent pressureless sintering is performed in order to obtain
dense materials.

2. Experimental Procedure:

The WC-Co composite powders that were used are Nanocarb grade WC-
6Co (nominally 6wt % Co), Nanocarb grade WC-10Co and Nanocarb grade
WC-12Co. All powder grades were obtained from Union-Miniere (Olen,
Belgium) and were ball-milled from an initial agglomerate size of about 50 îm
down to about 1 (xm. A WC-25Co was prepared by mixing the Nanocarb WC-
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10Co composite powder with pure Co powder (Union-Miniere grade EF with a
particle size of 1.3 jj,m) in a multidirectional mixer (type Turbula) for 48 hours
in n-propanol in a polyethylene bottle. To break the agglomerates in the
starting powder, hardmetal milling balls were added to the container. After
mixing, the n-propanol was removed by means of a rotating evaporator.
Furthermore, a TiC powder (Ceramyg with a particle size of 0.35 ^m) was
used to produce a WC-Co-TiC FGM with a gradient in TiC content.

For the EPD experiments, an in-house developed electrophoretic
deposition set-up, illustrated in figure 1, was used. The polytetrafluorethylene
(PTFE) deposition cell contains two parallel flat stainless steel electrodes with
a surface area of 9 cm2. The distance between the electrodes is 3.5 cm. A
graphite coating was applied on the surface of the deposition electrode to
facilitate the removal of the deposit and to avoid cracking of the deposit
during drying. Due to the hydrolysis of water and the concomitant formation of
gas bubbles at the stainless steel electrodes at voltages above about 3 V,
organic solvent based suspensions need to be used for EPD experiments at
higher voltages. A starting suspension containing 200 ml acetone with 100 g/l
Nanocarb WC-6C0 was pumped in a circulation system through the
deposition cell by a peristaltic pump 1. During deposition, the circulating
suspension moves along the direction indicated by the arrows in figure 1. In
order to produce a gradient in cobalt content a second acetone suspension
with 400 g/l WC-25Co powder was added to the circulating suspension by
pump 2 at a rate of 1.68 ml/min, allowing to continuously change the cobalt
concentration from 6 up to approximately 17wt % at the end, because some
WC-6C0 powder remains in the suspension at the end of the experiment. For
the WC-Co-TiC FGM, a starting suspension of 400g/l WC-12Co was used. A
second acetone suspension containing 200 g/l TiC powder was added to the
circulating suspension at the same rate in order to create a gradient in TiC.
Since the local composition of the deposit is directly related to the
concentration of the suspension at the moment of deposition, the EPD
technique allows the processing of functionally graded cemented carbides
with a continuous gradient in composition.

Electrophoretic deposition was performed at a constant DC voltage of 800
V in the case of the WC-Co FGM and 500 V for the WC-Co-TiC. After 1
minute of deposition of the circulating starting suspension, the second
suspension was added to create a concentration gradient in the deposit. The
total deposition time was 8 and 15 minutes for the WC-Co and WC-Co-TiC
FGM respectively. The deposits were removed from the electrode and slowly
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dried in an acetone containing atmosphere for 24 hours in order to avoid
cracking during drying. After drying, the green bodies were Cold Isostatically
Pressed (CIP) at 300 MPa for 3 minutes. The WC-Co based FGM was
subsequently pressureless sintered in a graphite furnace for 1 hour at 1290
°C, the WC-Co-TiC FGM was sintered at 1400°C for 1 hour. Sintering was
performed in vacuum (-10 Pa).

Microstructural investigation of polished cross-sectioned samples was
performed by means of scanning electron microscopy (SEM, XL30-FEG,
Philips, Eindhoven, The Netherlands) and electron probe microanalysis
(EPMA, Superprobe 733, Jeol, Tokyo, Japan). The density of the specimens
was measured in ethanol according to the Archimedes method (BP210S
balance, Sartorius AG, Germany). The Vickers hardness, HV0.5 and HV10,
was measured on a Zwick hardness tester (model 3202, Zwick, Ulm,
Germany) with an indentation load of 0.5 and 10 kg respectively.

Deposition electrode
Counter electrode

t

Circulating Added Detail of deposition cell
suspension suspension

(a) (b)
Figure 1. General overview of the electrophoretic deposition set-up (a) and

detail of the deposition cell (b) for functionally graded WC-Co based
hardmetals.
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3. Results and Discussion:

The properties of the WC-Co and TiC powders and their homogeneous
suspensions are summarized in table 1. As reported by the supplier, the WC
crystal size equals 40 nm [8], whereas the average particle size (d50) after
milling of the initial 50 |im sized composite agglomerates is about 1 jim. The
particle size is important for EPD since sedimentation can occur during
deposition. Another very important powder property is the point of zero
charge (pzc), the pH of an aqueous suspension where the powder carries no
net charge. The pzc can be determined by a potentiometric titration (9). The
pzc is crucial in order to prepare a stable suspension, because a powder will
only charge sufficiently, when the pH of the suspension is carefully adjusted
to differ enough from the point of zero charge. Vandeperre et al. (10) showed
that there is a rather good correlation between the charging of a powder in
water, and the electrophoretic mobility during EPD in non-aqueous media.
Powders, which charged well at low pH in water, also deposited from ethanol.
When a charge is developed on the powder in water at high pH, deposition
occurred from acetone. Potentiometric titrations carried out on H2O-based
suspensions therefore give a good indication of the charging behavior of the
powder in non-aqueous media. The results of the potentiometric titrations
performed on the WC-Co powders in water based suspensions are presented
in figure 2a, showing a decreasing pzc with increasing cobalt content, with
values of 9.44, 8.85 and 8.43 for the WC-6C0, WC-10Co and WC-25Co
composite powders respectively. As illustrated in table 1, the TiC powder has
a pzc of 4.6, much lower than the WC-Co powders.

Table 1: Properties of the WC-Co Nanocarb starting powder grades

Supplier
Co content (wt %)
Nominal WC size (|im)
d50 (|im)
d90 (^m)
BET (m2/g)
Pzc (pH)
Natural pH*
Natural conductivity
(fiS/cm)*
EPD in ethanol
EPD in acetone

WC-6C0
Nanocarb

6
0.04
0.83
1.89
2.90
9.44
9.56

111
-
+

WC-IOCo
Nanocarb

10
0.04
1.20
3.36
1.75
8.85
8.98

77
-
+

WC-12CO
Nanocarb

12
0.04
1.10

/
/

8.86
8.55

/
-
+

WC-25CO
Mixed

25
0.04

/
/
/

8.43
8.48

28
-
+

TiC
Ceramyg

0
/

0.35
< 1.3
10.0
4.60
5.38

59
+
+

* measured for a concentration of 100 g powder/1000 ml demineralized H2O (pH = 6).
/ not measured.
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The natural pH of a powder is defined as the pH at which the suspension
equilibrates when a given quantity of powder is suspended in demineralized
water (pH = 6) at a given powder concentration (in our work 100 g/l). The
natural pH of a powder can vary due to the presence of impurities that can
strongly influence the surface groups of the powder. Acid impurities for
example decrease the pH of the suspension with respect to the pH of the
pure powder. Hence in addition to the pzc, the natural pH determines the
choice of an acid or alkaline suspension medium. The powder in general is
negatively charged when the natural pH > pzc and positively charged when
pzc > natural pH. In the first case, an alkaline suspension medium will be
needed, whereas an acid medium is preferred for EPD in the latter case. For
the WC-Co and TiC powders the natural pH > pzc (figure 2b) indicating the
need for an alkaline suspension. Moreover, the cobalt will dissolve when the
acidity of the suspension is too high. Figure 2b illustrates that the natural pH
as well as the pzc are very powder specific and can even vary from batch to
batch.

•g 15000 T

o 10000
w 5000

E> on
g -5000

g -10000

"C -15000
3

W -20000

WC-10CO
WC-6CO
WC-25CO

: PZC \ ^ ^

: \
: \

Figure
function

7 8 9 10 11 12

pH

(a)
2. Surface charge on the different WC-Co powders in water as a
of the suspension pH (a) and a charging map of different powders

indicating the pzc as a function of the natural pH (b).

Different electrophoretic deposition experiments revealed successful
deposition of the WC-Co powders from an acetone suspension, which is a
base solvent, whereas no deposition was observed from ethanol which is
slightly acid. The TiC powder on the other hand can be deposited from an
acetone as well as from an ethanol suspension (see Table 1). Investigation
on homogeneous powder suspensions was performed in order to optimise
the most important EPD parameters. Therefore, deposition experiments on
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suspensions containing WC-6C0 powder were performed by varying the
applied voltage and powder concentration in suspension (figure 3). With
respect to the applied voltage, figure 3a shows clearly that a voltage of at
least 400 V has to be applied to obtain an acceptable yield of deposition.
Above 800 V a plateau yield value of 1.33 g/cm2 was obtained. With respect
to the powder concentration in suspension, it is illustrated in figure 3b that a
too high powder loading results in a lower electrophoretic mobility. This
electrophoretic mobility, u, can be calculated from Hamaker's equation as
[11]:

H d . ( M - Y
-In

M
tVS

(D

with H, the volume of suspension (m3), d, the distance between the
electrodes (m), t, the deposition time (s), V, the applied voltage (V), S, the
surface area of the electrode (m2), M, the initial powder mass in suspension
(g) and Y, the yield of deposition (g). A powder loading of 400 g/l resulted in
the optimal electrophoretic mobility u of 1.2 10~4 cmW.s. From these results,
it was concluded that a solids loading of 400 g/l and an applied voltage of 800
V will be used for the production of homogeneous WC-6C0 and WC-25Co
plates as well as the WC-Co FGM.

2,00

.2 1,25 I
w 1,00 t
a 0,75 I
a °,50 f
"S 0,25 •:
2 0,001

> 0 200 400 600 800 1000 1200

Applied Voltage (V)

(a)

0 100 200 300 400 500 600 700

solids loading (g/l)

(b)
Figure 3. Influence of applied voltage on the deposition yield per surface area

of the electrode, using a powder concentration of 400 g/l in acetone
(deposition time = 5 minutes) (a) and influence of the powder loading on the
electrophoretic mobility, using an applied voltage of 800 V for the WC-6C0

powder (b).
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A WC-Co graded FGM plate of 35x35 mm with a thickness of about 2 mm
was produced containing a gradient layer with a width of about 1.5 mm. The
influence of the sinter temperature on the hardness gradient was investigated
by sintering the FGM at 1290°C, 1340X and 1400°C for 1 hour. The results
of the density measurements are given in table 2, together with the results of
sintered homogeneous WC-6C0 and WC-25Co plates, also deposited by
EPD. The residual porosity of the FGM materials sintered at 1290X and
1340°C is estimated to be below 2 vol%. This figure is based on a calculated
average composition of the material [12]. No open porosity was noticed. Full
densification was reached after sintering at 1400°C; the gradient however
disappeared completely. The closed porosity achieved after sintering at
1290X and 1340°C opens up the possibility to achieve full densification by
means of an additional HIP cycle.

Backscattered electron micrographs revealing the cobalt gradient in the
WC-6Co/WC-25Co FGM are shown in figure 4. The cobalt gradient after
sintering at 1290°C varied from 17 wt % Co on the soft side to about 3.5 wt%
Co on the hard side. However, one would expect a gradient from about 17
wt% to 6 wt%. The composition profile, as obtained by EPMA analysis, is
presented in figure 5a. The reason for the lower cobalt content on the hard
side is probably due to a not optimal carbon content in the sample, causing
migration of cobalt during sintering. Optimization of the carbon balance is
extremely important to avoid the formation of free carbon or r^-phase in
cemented carbides. More work is ongoing to optimize the carbon balance in
the FGM materials. The HV05 hardness profile is shown in figure 5b,
revealing hardness values from 21 GPa on the low cobalt side down to 9 GPa
on the high cobalt side. HV10 measurements on the low and high cobalt side
revealed values of 19 GPa and 8.5 GPa respectively.

Table 2: Density measurements of the homogeneous and FGM hardmetals
after sintering at 1290°C, 1340°C and 1400°C for 1 hour.

Material grade 1290X 1340°C 1400°C
WC-Co FGM (g/cm3)
WC-6Co(pth = 15.01 g/cm3)
WC-25Co (pth = 13.18 g/cm3)

13
94.
99.

.90
3%
5%

14.05
96.7 %
100%

14.15
100%
100%
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Figure 4. Backscattered SEM micrographs of the WC-6CoAA/C-25Co FGM.
(d = distance from the low cobalt side)
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Figure 5. Compositional profile along the thickness of the WC-6CoAVC-25Co

FGM (a) and Vickers hardness (b) after sintering at 1290°C for 1hour.

A second FGM was prepared by addition of TiC powder to the WC-Co
suspension during EPD, creating a gradient in TiC content. Because of the
addition of TiC powder the cobalt content will also decrease from 12 wt% on
the WC-Co side towards approximately 9.5 wt% cobalt on the TiC-rich side.
After sintering the WC-Co-TiC FGM at 1400°C a fully dense material was
obtained still showing a TiC gradient (figure 6a). The composition profile of
this gradient obtained by EPMA analysis is presented in figure 6c. The TiC
content increases gradually from 0 wt% on the WC-Co side to approximately
25 wt% on the TiC-rich side (figures 6b & 6c). The Vickers hardness, HV10,
was found to increase continuously from 16.3 to 19.8 GPa along the same
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direction. Detailed quantitative analysis of the cobalt content and diffusion of
cobaltduring sintering in the FGM is ongoing.
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Figure 6. Backscattered SEM observation of a WC-12Co-TiC/WC-12Co FGM
sintered at 1400°C for 1 hour (a) with a detailed view of the TiC gradient (b)
and composition profile (c) (d = distance from TiC-poor side).

4. Conclusions:

i) Electrophoretic deposition is found to be a potential processing technique
for continuously graded hardmetals with a gradient in cobalt or TiC. The
slope, length and microstructural composition of the gradient can be
engineered by changing the most important EPD parameters and
concentration of the suspension.

ii) Near-fully dense WC-Co FGM plates with closed porosity and a Co
gradient from 4 up to 17 wt % could be obtained by pressureiess sintering
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at 1290°C and 1340°C, with a HV10 hardness gradient decreasing from
19.5 on the Co-poor side down to 8.8 GPa on the Co-rich side,

iii) A WC-Co-TiC FGM with TiC gradient could be successfully produced by
EPD and sintered to full density, maintaining a TiC gradient from 0 wt% up
to 25 wt%. The Vickers hardness, HV10, was found to increase continuously
from 16.3 to 19.8 GPa along the same direction.
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Summary:

Sialon as one of the important structural ceramics is being paid more and
more attention due to its unique chemistry, crystal structure and microstructure
features. a-Sialon has superior hardness, p-Sialon possesses high strength
and toughness, and (a+p)-Sialon is combination of a-Sialon and p-Sialon.
This paper presents the crystal structure, fabrication and properties of a-
Sialon, p-Sialon and (a+P)-Sialon. On the basis of their properties,
Symmetrically Compositional Functionally Graded Material (SCFGM) with the
advantage of both a-Sialon and p-Sialon, has been fabricated, its thermal
stress has been calculated with finite element analysis method, and its
microstructure has been investigated.

Keywords:

a-Sialon, p-Sialon, (a+P)-Sialon, symmetric composition functionally graded
material (SCFGM)

1. Introduction

There are two well known Sialon phases in the Si3N4-rich corner of the R-Si-
Al-O-N phase diagrams (R=rare-earth), called a- and p-Sialon, which are
isostructural with a and p-Si3N4, respectively. The p-Sialons have the
composition Si6.2Alz0zN8_z, with z<4.2, along the tie line from Si3N4 towards
AIN»AI2O3, while the a-Sialon solid solutions, Rm/3Si12_(m+n)AI(m+n)OnN16_n, have
two-dimensional extensions in the Si3N4- AIN»AI2O3-RN»3AIN plane of the
corresponding Janecke prisms[1-3].
a-Sialon ceramics have attracted much attention as structural materials,
because they show low linear thermal expansion coefficients(~3.7-4.0x10"6oC)
and high hardness(Hv~22GPa), and because they offer the possibility of
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preparing almost glass-free nitrogen ceramics[2, 3]. a-Sialons form equi-axed
grains in most case, so they have a high hardness but generally comparatively
iow fracture toughness. Attempts have been made in the past to reinforced Y-
doped a-Sialon ceramics with additions of other refractory compounds like SiC
whiskers or MoSi2 particulates. An improved toughness was only partly
achieved in the case of SiC whiskers because of too strong bonding between
the a-Sialon matrix and the SiC whiskers. The results obtained when using
MoSi2 particulates, on the other hand, that the toughness could be increased
by more than 50%. However, this was achieved with a concomitant expected
loss in hardness; dense MoSi2 ceramics have a hardness of only around
Hv=10 Gpa[4, 5], In order to retain the excellent hardness of the a-Sialon
ceramics, other means of increasing the toughness have to be searched for.
Many structural components encounter service conditions and, hence,
required materials performance, which vary with location within the
component. Functionally graded materials (FGMs) feature gradual transitions
in microstructure and composition which are engineered so as to meet
functional performance requirements that vary with location within a single
component and to optimize the overall performance of the component[6].
As another important member of Sialon race, (3-Sialon grains normally grow
with elongated shapes together with liquid phase and/or a-Sialon. It is
therefore generally accepted that the (3-Sialons show an anisotropic grain
growth habit while the crack deflection by prismatic (3-Sialon grains yield
tortuous crack paths which improve the fracture toughness by a energy
dissipation mechanism[1-3].
On the basis of the new material concept of FGM, the sintering characters
were investigated, and the symmetrically compositional functionally graded
material (SCFGM) of a/(3-Sialon was fabricated.

2. Experimental

Commercial powder of Si3N4, AI2O3, Y2O3, and AIN are used as raw materials.
The characteristics of these powders are listed in Table 1.

Table 1. Characteristics of raw materials
Powder
Si3N4

AI2O3

Y2O3

AIN

Particle size (\x)
0.05-1
< 1
0.1-0.5
0.5-1

Purity(%)
>97
>99
>99
>95
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The amounts of Si3N4 crystalline phases were semiquantitative estimated
through the X-ray spectrum of Si3N4 powder. The weight content of a- Si3N4 is
80%, the content of p- Si3N4 is 20%. The powders were prepared according to
the composition of Sialon, the starting material mixtures were milled in water-
free propanol for 6 hours in a plastic jar, and then dried in air.
For the Sialon ceramics, pellets of dried powder were compacted in BN-
coated graphite dies; for a/p-Sialon FGMs, the starting material mixtures were
stacked into BN-coated graphite dies according to the designs of graded
iayered compositions, and compacted in the die. Then, the green compacts
were sintered at a condition of 1780°C, 25MPa and holding for 1 hour in argon.
The densities of Sialon ceramics was measured according to Archimedes'
method. Scan360 scanning electronic microscopy were used to observe the
microstructures of a/p-Sialon FGMs. Thermal stress distribution within FGM
was calculated by finite element analysis.

3. Results and discussion

3.1 Sintering of Sialon Ceramics

In order to fabricate the FGMs with excellent properties, the gradient of
composition must be chemical compatible and physical matched. Sun[7] has
studied the compatible area among the a-sialon phase, M' phase[Me2Si3.
XAIXO3+XN4_X] and p-Sialon phase. She indicated that the a-sialon phase and M'
phase are compatible, the compatible area of M' phase and p-Sialon[Si6.
:,_AI2OZN8.2] phase is 0<zsS0.8. Slasor[8] has studied the boundary of a-sialon
phase and p-Sialon phase. He indicated that the boundary located m=0 and
n=0~1.7[Ym/3Si12_(m+n)Alm+nOnN16.n]. In this work, z=0.1, 0.3, 0.5 and 0.7 were
selected for the research on the sintering of p-Sialon ceramics. As to the
sintering of a-sialon and a-p-Sialon, the samples were prepared along the join
line of Si3N4-R2O3:9AIN in the Si3N4-AIN«AI2O3-RN»3AIN plane of the
corresponding Janecke prisms, overall compositions with m=0.1, 0.3, 0.5, 0.7,
0.9, 1.1, 1.2 and 1.3[Ym/3Si12.(m+n)Alm+nOnNi6.n, n=m/2] in this work. The relative
density of Sialon ceramics is shown as Fig. 1. Fig.1(a) shows that the relative
density of p-Sialon ceramics is raised from 68% to 81% as the z value
increases. But the p-Sialon ceramics can't be densified because of too low
content of liquid phase in the sintering process. The relative density of p-
Sialon ceramics is improved while 2% Y2O3 was used as additive, reaching
92% and 98% respectively when z=0.5 and 0.7. So the p-Sialon ceramics can
be densified as the increase of liquid phase content in sintering process.
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Fig. 1 (b) shows that the relative density of a-Sialon and a-(3-Sialon ceramics is
raised while the m value increased, the a-Sialon and a-(3-Sialon ceramics are
densified when the m value is higher than 0.5. The relative density is low when
the m value is lower than 0.5 because the content of liquid-phase in sintering
process is too low. It can be concluded that the relative density is related to the
contents of AI2O3, AIN and Y2O3, which increases as the contents of AI2O3, AIN
and Y2O3 increase.

(a) p -sialon(C—P -sialon, B—Y2O3- 0 -sialon) (b) a-sialon |0a- P -sialon

Fig 1 Relative density of sialon ceramics

3. 2 The phase composition of Sialon Ceramics

Analyses of the crystalline phase of.the prepared samples were based on their
X-ray diffraction records with Cu Kc^ radiation. In the semi-quantitative
estimation of the amounts of crystalline phases, the integrated intensities of
the following reflection were used: (1) (210) of the a-Sialon, (2) (210) of (3-
Sialon. The relative fraction of each phase was then calculated from the
expression

wa=iA+ip
wp=ip/ ia+ip

Where Wt, and Wp are the fraction of a-Sialon and p-Sialon phase respectively,
I,, and I|S represent for the intensity of the reflection on the (210) of the a-Sialon
and p- Sialon respectively.
The phase composition of Sialon Ceramics is shown in Table 2. Table 2 shows
that the phase composition of Sialon ceramics with compositions z=0.7 and
m=0.1 doesn't fit to the Janecke prisms. It can be concluded that Si3N4 powder
not only doesn't transform into Sialon ceramics, but also can't transform from
a-Si3N4 and f3-Si3N4 completely while the content of liquid phase is too low in
sintering process. When the sample was prepared with composition of z=0.7
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and 2% Y2O3 additive, the single-phase (3-Sialon ceramics was obtained. The
contents of a-Sialon phase increase as the m value rises. No matter how to
raise the m value, the single-phase a-Sialon ceramics can't be obtained with
this process.

Table 2 Phase composition of sialon ceramics

Composition

a-Si3N4or a-
sialon

P-Si3N4 or p-
Sialon

Z=0.7
wt/%

23

77

Z=0.7
(Y2O3)
wt/%

0

100

M=0.1
wt/%

18

82

M=0.3
wt/%

13

87

M=0.5
wt/%

22

78

M=0.7
wt/%

30

70

M=0.9
wt/%

43

57 .

M=1.2
wt/%

64

36

3. 3 Fabrication of a/p-Sialon SCFGM

The goal of Fabrication of a/(3-Sialon symmetrically compositional functionally
graded material (SCFGM) is to obtain ceramic wear-resistant material with
both high hardness and toughness. So the composition of surface layer
should be Sialon ceramic with high content of a-Sialon phase, the composition
of the central layer is (3-Sialon, the content of a-Sialon phase in the graded
layers increase from center to surface. The dimension of a/p-Sialon SCFGM is
(|)40mm and 6mm thick. The distribution of composition of a/p-Sialon SCFGM
from surface to center is shown as Table 3.

Table 3 Compositions of a/p-Sialon SCFGM

Thickness
Composition
Contents of a phase

1mm
M=1.2
64%

0.5mm
M=0.9
43%

0.5mm
M=0.7
30%

0.5mm
M=0.5
22%

1mm
P -Sialon
0

The microstructure of a/p-Sialon SCFGM is shown in fig.2. Fig. 2(a) shows
that the sample is densified completely without obvious interface of graded
layers, and no macro-cracks and flaws were found in the sample. Fig.2(b)
shows that the amount of elongated grains gradually increases while the
amount of equi-axied grains decrease. The distribution of composition of a/p-
Sialon SCFGM is no long stepwise as that the composition in distribution of
green compact, which is the result of diffusion in the liquid-phase sintering
process. The joint between the elongated grains and the equi-axied grains is
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excellent, the equi-axied grains inlaid among the elongated grains, no micro-
cracks and flaws were found in the joints and boundaries.

(a)Scanning of FGM insect (200x) (b)Micrograph of some areas in FGM (2000x)
Fig.2 Micrograph of a/(J Sialon SCFGM

3. 4 The residual stress of a/p-Sialon SCFGM

Symmetrically compositional functionally graded material is one of the
heterogeneous materials, which has symmetrically graded composition
distribution and structures. The difference between SCFGM and thermally
relaxed FGM is that the latter is designed to reduce residual thermal stress
that occurred at the interface between FGM layers, while SCFGM is designed
to add residual therma! stress to the SCFGM surface through symmetrical
structures. The ideal stress distribution is compressive stress in the surface
layer, tensile stress in central layer. The mechanical properties of the two
symmetrical surface layers will be improved because of the adding of the
residual compressive stress while the central layer with high toughness can
withstand the residual tensile stress[9]. But the a/p-Sialon SCFGM is different
from the ideal SCFGM, the linear thermal expansion coefficient (CTE) of a-
Sialon is higher than that of p-Sialon, so the stress distribution is compressive
stress in the central layer, tensile stress in surface layer. The influences of
residual stress on the a/p-Sialon SCFGM must be investigated.
Geometric model of a/p-Sialon SCFGM is schematically illustrated in Fig. 3.
The model is fully p-Sialon at the center and changes to a-p-Sialon at the two
symmetrical surfaces. A commercial finite element code (Algor) was used to
analyze the macro thermal residual stresses in the graded structures. In order
to simulate the thermal stress by FEM, it was assumed that only elastic
deformation would be generated in a/p-Sialon SCFGM. Half of the cross
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section was used for FEM analysis. An axial symmetric boundary condition
was applied on the boundaries of r=0. Axial symmetrical element was
employed in the computation assuming a reference temperature of 1780°C
and a stress calculation temperature of 25°C. FEM was carried out by using
the following values of Young's modulus E, Poisson's ratio v, thermal
expansion coefficient a. Ea=300GPa, va=0.25, aa=4.0x10"6; Ep=300GPa,
v^O.25, a()=3.Ox1O6, where the above physical properties were mean values
from different literatures. Young's modulus, Poisson's ratios, thermal
expansion coefficients and strength of intermediate layers were obtained by
the composite mixture rule.

Fig.3 Geometric model of a/p-Sialon SCFGM
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Fig.4 Contour of radi al stress of a/p Sialon SCFGM (MPa)

The radi al residual stress distribution within a/|3-Sialon SCFGM is shown in
Fig.4. The stress is concentrated in the interface of graded layers, but all the
stresses are too small compared with the compressive strength ac
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(3000~4000MPa) and tensile strength at (600-1 OOOMPa) of a/p-Sialon
SCFGM, can't lead to the cracking and obvious influence on the mechanical
properties of a/(3-Sialon SCFGM.

4. Conclusion

(1) The sintering of Sialon ceramics were investigated in the compatible region
of a-Sialon and p-Sialon, the relative density of Sialon ceramics increases
as the contents of the liquid-phase increases in sintering process.

(2) The a/p-Sialon SCFGM was fabricated by hot pressing, the joint of
interface is excellent, no obvious micro-defects and cracks were found.

(3) The residual stresses are too small compared with the compressive
strength and tensile strength of a/p-Sialon SCFGM, that will not lead to
obvious influence on the mechanical properties of a/p-Sialon SCFGM.
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Summary:

Both microstructural graded and homogeneous single-phase a-SiAION is
obtained from Si3N4 powder for a broad range of compositions of practical
interest. Elongated grains of a-SiAION could be developed in the monophase
material by controlled mechanism of nucleation and growth. Tailoring of
microstructure was realized through slow transformation reaction from Si3N4

to a-SiAION at lower temperature than sintering temperature when the
composition is near the a-SiAION phase boundary. The mechanical
properties are strongly correlated with the microstructure and are enhanced
greatly in the optimized Sialon composition.

Keywords:

a-SiAION, Self-reinforced microstructure, Graded material

1. Introduction

SiAIONs is a general name for a large family of the so-called ceramic alloys
based on silicon nitride. Profound understanding of basic regularities of the
interrelation between the starting powder's properties, processing parameters
and the properties of consolidated materials was achieved [1]. There are two
SiAION phases that are of interest as engineering ceramics, a-SiAION and
(3-SiAION, which are solid solutions based on a and |3-Si3N4 structural
modifications respectively. (3-SiAION is formed by simultaneous equivalent
substitution of (Al+O) for (Si+N) and has most commonly been described by
the formula Si6.zAlz0zN8.z, where z=0~4.2. The homogeneity region of
(3-SiAION extends along the Si3N4-Al2O3-AIN tie line of the phase diagram.
The unit cell of |3' contains two Si3N4 units. The a-SiAION has a unit cell
comprising four Si3N4 units and forms a limited two-dimensional phase region
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in the plane Si3N4-AI2O3:AIN-MeN:3AIN of the phase diagram. The
homogeneity range composition of a-SiAION can be described by the general
formula MemSii2-(pm+n)Alpm+n0nN-i6-n for a metal ion Mep+. Two substitution
mechanisms may act; the first is similar to that of |3-SiAION with n(Si+N)
being replaced by n(AI+O). The second mechanism is further replacement of
pmSi4+ by pmAI3+, the electron balance being retained by incorporation of
mMep+ into the phase structure. It is evident from its chemical composition
that a-SiAION phase offers possibility of reducing the amount of residual
glassy grain-boundary phase by incorporating constituents of sintering aids
into the crystal structure, which otherwise will be present as substantial
amounts of residual glassy phase and deteriorate the high temperature
performance of the material. Thus, in principle, a-SiAION enables the
preparation of the practically glass-free SiAION composites, which may
become interesting candidates for high-temperature structural and
engineering applications. Moreover, a-SiAION phase normally appears as
equiaxed grains in the microstructure of the material, while (3-SiAION phase
forms elongated grains with an aspect ratio of 4 to 10. Commercial product is
based on (3-Sialon, because elongated grains can be obtained in this
material, which is toughened by crack deflection and grain pullout. Typical
indentation fracture toughness values of (3-Si3N4 are relatively high for a
monolithic ceramic. The possibility of varying the a:(3 phase ratio by slightly
changing the overall composition was shown to open many possibilities to
prepare SiAION ceramics with desired properties. This is of the utmost
importance in connection with tailoring the properties for special applications.
Chen et al have recently shown that a-SiAION also can obtain such a
microstructure and, hence, the high toughness, which is advantageous
because a-SiAION is 40% harder than (3-Si3N4.[2,3] Inasmuch as most
applications of Si3N4 are related to its wear resistance, tough a-SiAION is
rather attractive and useful. This work provided an excellent possibility for
optimizing phase content and microstructure without further additions of
oxides and nitrides merely by heat treatment at appropriately chosen
temperatures. The present work attempts to tailor the microstructure of Y-a-
SiAION by using the same idea.

2. Experimental procedure

The compositions investigated lie on the a-SiAION plane represented by the
formula Ym/sSî -tm+njAlm+nOnN-ie-n with m=1.2 and n=1.2, m=1.5 and n=1.2, and
m=2.0 and n=1.5; these compositions are indentified as C1, C2 and C3
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respectively. Powders of a-Si3N4, (Ube Industry, Japan), AIN (Type F,
Tokuyama Soda Co.), Y2O3 (99.9%, Aldrich Chemical Co., Milwaukee, Wl)
were used to achieve the desired composition. In the formulation, the residual
oxygen content of a-Si3N4 and AIN was considered. Powder mixtures were
attrition-milled in isopropyl alcohol for 24 h with high-purity Si3N4 milling media
in a plastic jar. They subsequently were dried at a temperature of 80°C. To
control nucleation and growth, two-step processing was used: hot pressing at
1580°C for 0.5h, followed by holding at 1910°C for 1h. This procedure was
conducted in a nitrogen atmosphere with a graphite furnace, at a heating rate
of 20°C/min and a uniaxial pressure of 30 MPa. Full densification was
achieved in all cases.

Phase analysis of the fired specimens was performed via X-ray diffractometry
(XRD). The microstructures were observed using scanning electron
microscopy (SEM) on fracture surface and polished sections after etching in
molten NaOH.

3. Results and Discussion

To obtain elongated grains in (3-Si3N4, either abnormal grain growth or
controlled nucleation is required. One method to control nucleation in |3-Si3N4

is to use a-Si3N4 as the starting powder. This method is now an industrial
practice that has been perfected by intensive research over the last twenty
years. Some recent research of, in particular, Y-doped a-SiAION, provides
even better possibilities of microstructure tailoring. It was demonstrated that
the driving force for Y-a-SiAION formation is an important parameter: the
lower the driving force, the slower the nucleation rates and the more likely the
formation of elongated grains[3]. Furthermore, in cases (e.g., Yb-SiAION)
where the driving force is too large, temperature reduction can be used to
slow the nucleation rate. Here, we apply this concept of nucleation control to
obtain /n-s/Yi/-toughened a-SiAION, using a-Si3N4 as the starting powder.
a-Si3N4 to a-SiAION transformation at low temperature is used to tailor the
population of in situ nuclei for future growth.

Following the same sintering schedule described in the experimental
procedure, quite different microstructure were developed in specimens C1
and C2 respectively, as are shown in Fig. 1. When the sandwiched sample
assemblage of C2/C1/C2 was hot pressed, the microstructure of the product
changed gradually from equiaxed grains in the surface to self-reinforced
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microstructure in the center. Fig. 2 shows the XRD pattern of C1, which
consists of single phase of a-SiAION. According to Chen et al, when the
composition is near the a-SiAION phase boundary (in this case, C1 ), the
driving force for the phase transformation of a-Si3N4 to a-SiAION is small
comparing with that of composition C2, which located in the center of the
a-SiAION region. In the Y-a-SiAION system, the nuclei of a-SiAION is
believed to start to form at temperature over 1600°C. Therefore, the number
of nuclei formed during the first stage holding at 1580°C is less especially
when composition C1 is adopted. These nuclei are able to further growth and
form elongated large grains during the subsequent sintering. As to
composition C2, the driving force for the formation of a-SiAION is large
enough that quite a lot of nuclei formed during the first stage sintering, which
will lead to fine equiaxed grains in the finial product.

The variation of the thickness of each layer of C2/C1/C2 has significant
effects on the sintering behavior of the layered sample. When the thickness of
each layer is 2mm, fracture occurred along the central line of the C1 after
sintering, indicating the build up of tensional stress due to different shrinkage
behavior between C2 and C1. It is proved that the reaction pathway in hot
pressing of Y-Si-AI-O-N consists of three steps: firstly, the formation of ternary
oxide eutectic melt, secondly, the wetting of AIN followed by dissolution of AIN
and precipitation of [3-SiAION, finally the dissolution of Si3N4 and formation of
a-SiAION. The preferential wetting of AIN lead to localization of the melt to
AIN, delocalization occurs at higher temperature when the melt wets Si3N4,
which then dissolves and provide more liquid to facilitate the so called second
stage densification [4]. Therefore, higher AIN content could cause delaying
effects on the second stage shrinkage. The AIN content in the starting
mixtures of C2 is slightly higher than in C1, the formation of a-SiAION and the
second stage shrinkage in C2 occurred slower than in C1. Therefore,
tensional stress was generated in the middle layer and caused cracking when
the stress is over the strength of this layer.

It was found in the cracked surface of C1 that nano-size particles co-exist
with the self-reinforced microstructure, as shown in Fig. 3, Nano grains also
exist in rod-like form as evidenced by TEM observation. EDS analysis
demonstrated the nano-particles are rich in Y while the matrix are rich in Si,
indicating the effects of transient liquid viscosity on the formation of nuclei.
Second stage shrinkage of C2 takes place slower than C1, leading to the
cracking of the center layer. On the fractured surface, the evaporation of
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higher fugacity elements (Si and Al) from the oxide melt made the remaining
liquid rich in Y, meanwhile, increased the viscosity of the liquid, so the
diffusion of elements is slow, and the growth of nuclei is prevented. This is
attributed to the formation of nano particles. The crystal structure of the nano
particles is under investigation.

a-SiAION with self-reinforced microstructure is also realized in specimen C3,
the bending strength of this material is 727Mpa, which is two times higher
than reported value where the a-SiAION consists of equiaxed grains.

Fig. 1 SEM images from (a) specimens
C2 and (b) C1 respectively.
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Fig. 2 XRD pattern of hot pressed C

Fig. 3 SEM images of Cl (a) the fractur
surface, (b) the etched surface, (c) BS
image of etched surface and (d) TEM imag
of Cl showing the rod-like nano particles.
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4. Conclusion

Elongated grains of a-SiAlON could be developed in the monophase material
by controlled mechanism of nucleation and growth. Tailoring of microstructure
was realized through slow transformation reaction from Si3N4 to a-SiAION at
lower temperature than sintering temperature when the composition is near
the a-SiAION phase boundary. Nano-size Y-rich particles could be developed
within the self-reinforced microstructure of a-SiAION, the bending strength of
such material is significantly enhanced comparing with those have equiaxed
microstructure.
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Summary:

TiC-TiB2 composites have been produced via SHS technique starting from
low cost raw materials like TiO2, B4C, Mg. The influence of the diluent phase
(Mg, TiC) content on combustion temperature has been investigated. The use
of magnesium as the reductant phase allowed acid leaching of the undesired
oxide product (MgO), leaving pure hard materials with fine particle size
suitable to be employed in cutting tools manufacturing through cold pressing
and sintering route. The densification has shown to be strongly dependent on
the wetting additions. The influence of the metal binder and wetting additions
on the sintering process has been investigated. A characterisation of the
obtained materials was performed by the point of view of cutting tools life
(hardness, toughness, strength).

Keywords:

Titanium boride, titanium carbide, cermet, cutting tools, SHS, thermite.

1. Introduction:

Self-propagating High temperature Synthesis (SHS) is very attractive for
synthesising refractory and wear resistant compounds to be employed as raw
materials for cutting tools (1,2). Up to now, the most widely spread method to
synthesise wear-resistant materials is the furnace synthesis technology.
Reactions in such heterogeneous system are usually accompanied by the
formation of a product layer between the reactants. As the solid state
diffusivity is generally low, this layer with its increasing thickness constitutes a
diffusion barrier thus reducing the conversion rate. Therefore, high
temperatures and long times are usually necessary for carbide and borides
synthesis with conventional methods. As a result, these processing routes
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are regarded as energy intensive ones and have a very high cost. In SHS
process (3), a porous compact containing a mixture of reactants is brought
into contact with an ignition system. This initiates an exothermal reaction,
which continues through a self-sustaining combustion wave propagating
layer-by-layer through the porous mass and into the reaction products. In
solid combustion synthesis, the only heat source required to carry it out
consists of exothermal reactions between the reactants. It is known that the
purity of SHS powders is often higher than for the reactant mixture itself. In
fact, due to the high temperature in the reaction zone, many contaminants,
which may exist in the starting powders, volatilise. Because of the self-
sustenance and simplicity of the needed installation, the process faces with
low energy requirements and is low costly. The objective of this work is the
investigation of the substitution of conventional cermets used for cutting tools
manufacturing with more performing and innovative ones based on TiC-TiB2

mixtures as hard phase. These systems are produced with the SHS process
starting by very low cost raw materials like Mg, TiO2 and B4C. SHS allows to
obtain sub-micrometric sized and pure powders which can be pressureless
consolidated through liquid phase sintering to give cermets which are good
candidates for cutting tools manufacturing (1,2).

2. Experimental methodology:

Combustion synthesis reactions involving a thermite reaction have been used
for the synthesis of various composite materials. Oxide-carbide and oxide-
boride such as AI2O3-TiC and AI2O3-TiB2 have been produced using Al to
reduce the other metal (M) oxide as the first step (4,5,6). Similarly,
magnesium can be used to produce MgO-containing composites.
As an extension of earlier studies in which the SHS synthesis of MgO-TiC
and MgO-TiB2 has been investigated (7,8,9), the present work deals with the
formation of MgO-TiC-TiB2 mixtures through the self-propagating reaction
between low cost reactants like Mg, TiO2 and B4C.
Commercial reactants of C (Aldrich C.C., 99.5%, <2\im), TiO2 (Riedel-de
Haen, 99.8%, <10|im), B4C (H.C. Starck, <10|im), Mg (Aldrich C.C., 99+%,
<300jim) and TiC (H.C. Starck, <3|im) were used to synthesise TiC-TiB2-
MgO according to the reaction:

3TiO2 + B4C + 1.3 TiC + 8 Mg-^ 2.3TiC + 2TiB2 + 6MgO + 2Mg (g) [1]

TiC has been added in the starting mixture as a diluent to control the reaction
temperature, lowering the adiabatic temperature in order to obtain powder
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products with a finer average particle size. The powders were stored in air at
110°C until they were used. Cylindrical pellets approximately 32 mm in
diameter by 5 mm in height were obtained by uniaxial pressure. The pressed
compacts had a relative density of about 60%. The ignition of the reaction
was performed through a graphite rod electrically heated under inert
atmosphere. The reacted samples were dry-milled and then analysed by X-
ray diffraction to determine the phase content over the range 29= 10°-90°
using CuKa radiation (^=0.154060-0.154439 nm) and a count time of 1 s per
0.02° step. TiC-TiB2 particles were recovered by acid leaching of the MgO
resulting from the exothermic reaction, using HCI 6.5M at about 90°C. The
powders obtained after 1 hour milling and acid washing were so fine that
centrifuge was ineffective for the recovering. However, the suspension was
found to flocculate at pH 2.5-4.0, therefore allowing filtering. The efficiency in
the MgO phase removal was evaluated through XRD diffraction. The obtained
powder system was mixed after 30 min of ball milling to a secondary carbide
(Mo2C) + metal binder (Ni, Co, Ti or/and Al) mixture acting as sintering aid for
the manufacturing of dense samples through liquid phase sintering. The
addition powders used were Mo2C (H.C. Starck, 160 grade, <2(im), Ni
(Aldrich C.C., 97%, -100mesh), Co (Aldrich C.C., 99.8%, <2^m), Ti (Aldrich
C.C., 99.7%, -100mesh), Al (Aldrich C.C., 98%, <160jxm). The sintering
process was carried out on cylindrical samples obtained by cold pressing at
500 MPa. These were introduced in a tubular furnace and heated under Ar
atmosphere at 1600°C for 2 h.

Microstructural examinations on densified samples were carried out using a
scanning electron microscope equipped with back scattering electron
imaging. The density was determined by water displacement. The hardness
was measured by indenting (five or six indents for each mean value) polished
specimens with a Vickers diamond indenter at loads between 1 and 10 N.

3. Results and discussion:

(1) SHS powder production

At 1 atm pressure of inert gas, the combustion process of TiO2+B4C+Mg was
accompanied by significant amounts of vaporisation. The expulsion of large
quantities of gas caused the sample to expand and break down giving a
powder very easy to mill. X-ray diffraction (XRD) confirmed that the reaction
[1] proceeded to completion. TiC, TiB2 and MgO peaks were present, and no
peaks corresponding to the starting materials were observed. The addition of
33 wt% excess Mg to offset the loss of Mg due to evaporation had also the
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effect of reducing the amount of undesired phases formed. In fact, unlike the
use of Al, the interaction of Mg with TiO2 strictly depends on the surrounding
inert gas pressure due to the high vapour pressure of Mg (305Pa, 650°C)
compared to the one of Al (4.8x10"7 Pa, 660°C). The loss of reactants not only
reduces the amount of reactants in the reaction zone but also draws heat out
of the reacting system. Even if the weight loss diminishes with increasing gas
pressure, both temperature and reaction rate are supposed to increase. As
the discrete submicrometer-sized particles obtained at 1 atm would grow to
larger faceted particles at higher temperatures, experiments under pressure
were not taken into account. Therefore the proper amount of diluents (TiC
and Mg) to be added in order to control temperature without preventing the
self-propagation of the reaction and to have the greatest percentage
conversion has been investigated both through simulation and experiment.
Calculations where realised through the program "THERMO" designed for
calculating thermodynamic equilibrium in complicated multicomponent
heterophase systems at Institute of Structural Macrokinetics of Russian
Academy of Science. Attention has been focused on Mg contents (x) ranging
between 6 and 8 moles in the following reaction:

3TiO2 + B4C + 1.3 TiC 2.3TiC + 2TiB2 + (x-y) MgO + y Mg [2]

Table 1: Simulations to tailor the Mg content in reaction: 3TiO2 + B4C + 1.3 TiC + x Mg.

3TiO2 + B4C + 1.3TiC + xMg

Volume of gas products [I]
Adiabatic temperature [K]
Gas products amount [mol]
Products heat capacity [J/K]
Products entropy [J/K]
Products enthalpy [kJ]

Mg (Gas) [mol]
CO (Gas) [mol]
TiB2 (Solid) [mol]
TiC (Solid) [mol]
MgO (Solid) [mol]
TiO (Liquid) [mol]

x=6

171
2267
0.889

674.3021
1529.9322
-3119.156

0.5928
0.2958
1.9991
2.0050
5.4671
0.2959

x=7

266
2242

1.4012
697.675

1639.2052
-3118.156

1.2742
0.1367

2

2.1633
5.7256
0.137

x=8

374
2152

2.0493
714.3045
1745.4686
-3118.245

2.0244
0.0124

2

2.2676
5.9751
0.0124

For stoichiometric 6 Mg moles, the reaction is expected to be incomplete,
being y Mg moles lost for evaporation. Increasing dilution (Tab. 1) causes TiC
and TiB2 contents in the product to grow, but temperature to decrease
reaching a level, for x>8 moles, for which the reaction practically ceases to
self-propagate.
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Figure 1: Calculated (hatched lines) towards experimental (solid lines) TiC/MgO and
TiB2/MgO ratios after reaction for the following powder systems: 1) 3TiO2 + B4C + 1,3TiC +
8Mg; 2) 3TiO2 + B4C + 1,3TiC + 7Mg ; 3) TiO2 + B4C + 1,3TiC + 6Mg.

As shown in Figure 1, within the range 6-8 Mg moles, calculations (hatched
lines) show that theoretically product molar ratios TiC/MgOtheOr and
TiB2/MgOtheor should increase and decrease with dilution respectively.
Experimentally (solid lines), while a little divergence has been found for TiC,
the highest experimental TiB2/MgOex ratio was obtained with the highest
dilution, that is the opposite found during simulation. Moreover it was found
that the TiB2 obtained in the product was always less than the stoichiometric
quantity expected by calculations, with the greatest percentage conversion
obtained by experiment for a Mg content near 8 moles. Probably this could be
due to the partial loss of B as gaseous species like BO, B2O2, B2O3 which are
theoretically expected to form only for substoichiometric Mg contents. For the
same Mg quantity (8 moles) the formation of the undesired predicted liquid
phase TiO is not detected in the product.
Considering that 8 Mg moles are also the maximum diluent's content for
realising the reaction through a self-propagating mode and a finer granulated
powder is obtained when working at the lowest temperature attainable without
stopping the SHS reaction, the following stoichiometry for reaction [2] has
been tested:

3TiO2 + B4C + 1.3 TiC + 8 Mg-^ 2.3TiC + 2TiB2 + 6 MgO + 2 Mg (g) [3]



394 HM50 D. Vallauri et al.

15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

Figures 2 and 3 show the XRD patterns of the product after SHS reaction
and after the leaching of MgO respectively.
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Figure 2: XRD pattern of the product of reaction [3] ignited in Ar.
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Figure 3: XRD pattern of the product of reaction [3] ignited in Ar after
leaching.
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Figures 4 shows the differential granuiometric distribution of the
product of reaction [3] after the MgO leaching.
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Figure 4: differential granuiometric distribution of the product of reaction [3]
after the MgO leaching.
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Figure 5: XRD pattern of the product of reaction [3] ignited in N2 after leaching.
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Experimentally (Fig.5), the powder obtained from systems ignited in nitrogen
atmosphere still shows XRD peaks nearly correspondent to those of MgO
even after leaching. As can be seen from Table 2, TiN shows a XRD pattern
that is approximately coinciding with the MgO one, except for some
divergences more easily appreciable at higher angles.

Table 2: TiN and MgO XRD patterns (source
International Centre for Diffraction Data).

JCPDS-

WavelenghtA,=l,54184

h

1
2
2
3
2
4
3
4

k

1
0
2
1
2
0
3
2

I

1
0
0
1
2
0
1
0

TiN
29

36,694
42,633
61,869
74,140
78,039
93,270
104,797
108,740

Intensity
72
100
45
19
12
5
6
14

MgO
20

36,968
42,953
62,360
74,762
78,706
94,151
105,856
109,896

Intensity
4

100
39
5
10
8
2
19

Thus it has been found how these remaining peaks in Fig. 5 do not represent
a sign of an ineffective MgO removal, but they put in light the presence of the
unexpected phases like TiN or Ti(C,N). The presence of nitrogen in the
reaction product was confirmed by EDS analysis. These peaks were not
present in samples ignited in argon atmosphere. This result was not
thermodynamically foreseeable, being nitrogen an inert gas which is
supposed to react to give TiN only under high pressure. If TiN formation is
someway favoured if compared to that of TiB2, this would explain the reason
for TiB2 quantity in the product being less than the expected stoichiometric
amount. In any case the formation of this phase could be eventually
exploited, being itself a candidate material for wear resistant applications.
Moreover it showed to be well wetted by the same metal binder mixtures
chosen for the system TiC-TiB2, thus not constituting an obstacle in the
following densification step.

(2) Densification

The progress in cutting tools links with the use of complex ductile metals able
to show excellent properties with respect to hardness, toughness, thermal
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shock resistance and chemical stability. The metal-cutting process involves
high stress and temperature, because of metal shear and friction; therefore,
the quality of the hard phase used in a cutting tool must be guaranteed (1,2).
Provided that the binder composition is properly chosen, the highest benefit
of TiB2/TiC-based hard metals over conventional sintered hard metals (WC-
Co, density =15.1 g/cm3, HV10=1800) is their lower weight (density =5.4
g/cm3), higher hardness (HV10=1950) and better resistance to corrosion and
oxidation (10). Although cermets are tougher than ceramic tool materials, the
presence of a metallic binder reduces the hardness, which is important for the
wear resistance of cutting tools. From this view point Ni-TiB2TiC has shown to
be superior, at constant carbide volume fraction, to other X-TiC based
cermets where X is the metal binder, showing microhardness values up to
2085 HV0.3 (10,11). The room and high-temperature hardness of TiC is less to
that of TiB2, but it shows a greater toughness and a lower thermal expansion
coefficient. TiB2 has high hardness, a very high Young's modulus, a
remarkable high-temperature strength and high melting point; therefore it is a
candidate material for cutting tools and wear-resistant applications.
Unfortunately, the sinterability of TiB2 is limited, because of a rather-low self-
diffusion coefficient that is caused by the highly covalent character of the
material (12). So a composition of TiC/TiB2 90/10% wt has been studied in
which the hardest phase (TiB2, 10%) is spread in the tougher phase (TiC,
90%), which shows a better sinterability. TiC and TiB2 have semi-coherent
lattice, thus presenting a good compatibility and good mechanical properties
of the interface. As TiC is the predominant phase, the metal binder systems
which showed the best wetting condition towards this phase have been
initially chosen and tailored to the product obtained by SHS.
As reported in literature TiC has a low sinterability in Ni (5% wt solubility,
1250°C) if compared to conventional dense WC-Co cermets where the
ceramic phase is highly soluble (22% wt, 1250°C) in the metal binder.
Nevertheless Ni is the most commonly used metallic binder phase in TiC-
based composites (13), which is mainly due to the low wetting angle, 30°
under vacuum (105 torr) at 1450°C, that liquid Ni forms with solid TiC.
Addition of Mo to Ni reduces the wetting angle with TiC to zero (14,15).
Molybdenum is free to diffuse into titanium carbide creating, during alloying, a
diffusion gradient across the solid/ liquid interface, which reduces the solid/
liquid interfacial energy. But Mo can also diffuse towards the ceramic phase
substituting Ti, thus causing variations in the desired resulting binder and
hard phase composition. Therefore Mo was added not in the metallic form but
in the form of Mo2C.
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The experimental work was carried out with Ni-based binder materials. In
table 3 the % wt of ceramic phase, secondary carbide and metals used in
experiments are reported. As expected, Ni alone has shown to be ineffective
to promote the wettability of the ceramic phase, which is instead increased by
adding Ti or Mo. Figure 6 shows that the lighter binder phase is unable to
properly wet the black hard phase. SEM analysis was carried out after
indentation tests, which showed the hardness to be about 1150 HV. The
density was the 88% of the theoretic one. In systems 2 and 6, Co was
supposed to confer a greater stiffness to the cermets but, while in WC-Co
systems (wetting angle 0°, vacuum) WC has a maximum solubility of 22
mass-% at 1250°C (16), at the same temperature Co dissolves only 1 mass-
% TiC (wetting angle 25°, vacuum). Moreover, different surface tensions
between TiC and the binder phase exist, depending on the particular lattice
plane involved. While Ni tends towards levelling these differences thus
resulting in final spherical TiC grains, Co enhances them thus the equilibrium
shape becoming near cubic. So samples with non-uniform microstructure and
poor strength were obtained.

Table 3: Experimentally studied ceramic-secondary carbide-metal binder systems.

System
1
2
3
4
5
6

TiC-TiB2 (90:10)%
90
90
76

78.5
75.5
74

Mo2C %

12
9.5
9.5
11.5

Ni%
10
5

12
10
10

11.5

Co%

3

3

Ti %

1

1
2

A l %

1

1
3

Usually TiB2 reacts with the impurities producing titanium oxi-carbo-nitrides
and free boron that combines to the metal additions. The control of the
chemical reactions that produce the brittle secondary borides M2B, M3B and
M23B6, where M is the metal, can be achieved by additions of Al and Ti to the
powder mixtures (16,17). These elements are supposed to capture the
carbon, the nitrogen and the oxygen present in the samples, avoiding their
interaction with TiB2. For this reason Ti and Al have been added to systems
2, 4 and 5, in order to react with impurities to give Ti(C,N,O) and AI2O3 and
disfavour the formation of fragile secondary phases. Moreover they should
form Ni3AI, TiAI,Ti3AI,TiAI3 intermetallics with low density, high resistance to
oxidation and increasing toughness with temperature. Experimentally no
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densification occurred in systems 2, 4, 5. The samples showed non-uniform
microstructures and a remarkable expansion, which could be due to the low
melting point of Al (660°C), which causes it to expand while the other phases
are still too stiff to deform. This effect is enhanced with increasing Al content
as in system 5.

(3) Microstructure and mechanical properties

Cermets with improved characteristics were obtained thanks to the addition of
a secondary carbide (Mo2C) to these solid solutions. The best result was
obtained in system 3. The secondary phase permitted in fact to obtain a
material with a core-rim microstructure (18, 19, 20). The core (Figure 7)
consists of the primary phase TiC-TiB2 (in black) and the rim (in grey) is a
solid solution of these two material systems with the secondary phase
(Mo2C). This core/shell microstructure has a great influence on the structure
of the final cermets: additions of secondary carbides reduce the rate of
particles size growth providing grain refinement of the hard phases, which
results in excellent hardness and flexural strength. During sintering, the
presence of Mo2C increases the wettability of the primary phase with the
added metal binder (white phase in Figure 7), which is generally low. Thereby
not only the multiphase materials as TiC-TiB2 + Mo2C increase mechanical
properties with respect to single-phase carbides, but they allow a better
densification of the component, with a maximum superior to 97% theoretic
density in system 3.
Indentation fracture toughness was measured according to the method based
on Palmqvist crack geometry:

Kc(MPa-m1/2) = 0.0937P/a-l1/2

where:
P= indentation load, MPa /= Palmqvist crack length, m
a= half indentation diagonal, m

Considering that the toughness value of a commercially available cutting
inserts based on TiC-Ni cermets is between 3.5-5.5 MPa-m/2 and that of a
TiB2+Co+Ti+AI cermet is 4.7 MPa-m/2, the TiC-TiB2 based cermet exhibited
higher fracture toughness. In particular a TiC-TiB2+Mo2C+Ni cermet had a
fracture toughness up to 5.6 MPam/2 (21) and a hardness of 1620 HV. The
future efforts will be intended to improve these cermets with respect to
hardness, toughness, thermal shock resistance and chemical stability for
cutting tools applications.
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Figure 6: SEM micrografy of TiC+TiB2+Ni cermet (system 1).

Figure 7: SEM micrografy of TiC+TiB2+Mo2C+Ni cermet
(system 3).
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4. Conclusion:

The following conclusions can be drawn by this work :

- The materials for cutting tools employed today are generally WC and TiC
based cemented carbides. If compared to conventional cermets, the high
degree of hardness and chemical stability of TiC/TiB2 makes
TiC/TiB2+metal binder based cermets good alternative candidates for wear
resistant applications such as cutting.

- The production of these cermets has been carried out through the self-
propagating reaction between low cost raw materials like Mg, TiO2 and
B4C, resulting in very pure TiC-TiB2 mixtures with a average particle size of
1.38 urn.

- The influence of initial parameters (mixture composition, particle size,
sample size and density, gas pressure) on combustion temperature,
chemical and phase composition, and microstructure mechanisms
involved in combustion reaction have been investigated both through
simulation and experiment.

- 3TiO2 + B4C + 1.3 TiC + 8 Mg was found to be the best stoichiometry to
yield TiC-TiB2 powder systems with high quality and sub-micrometric
dimensions, which has allowed them to be densified through liquid
sintering at temperature lower than in usual processes.

- The optimum sintering conditions for the manufacturing of dense cermets
(TiC-TiB2+Mo2C+metal binder) have been determined through "trial and
error" route. A secondary carbides (Mo2C) has been added to promote the
wetting of the ceramic phase giving the best microstructural and
mechanical results in the system [TiC-TiB2(9:1)+12%Mo2C+12%Ni].
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NOVEL BORIDE BASE CERMETS WITH VERYHIGH STRENGTH

Ken-ichi Takagi, Mari Yonetsu and Yuji Yamasaki

Toyo Kohan Co., Ltd. Kudamatsu, 744-8611 Japan

Summary:

Mo2NiB2 boride base cermets consist of a Mo2NiB2 type complex boride as a
hard phase and a Ni base binder. The addition of Cr and V to the cermets
changed the boride structure from orthorhombic to tetragonal and resulted in
the improvement of mechanical properties and microstructural refinement.
The tetragonal Mo2NiB2was formed through the orthorhombic Mo2NiB2by the
solid state reaction during sintering and not formed directly from the raw
material powders. Ni-4.5B-46.9Mo-12.5V-xMn (wt%) model cermets with five
levels of Mn content from 0 to 10wt% were prepared to investigate the effects
of Mn on the mechanical properties and microstructure of Mo2NiB2 base
cermets. The transverse rupture strength (TRS) of the cermets depended
strongly on the microstructure, which varied significantly with Mn content.
The maximum TRS obtained at 2.5wt%Mn were 3.5Gpa with hardness of
87RA.

Keywords:

Boride base cermet, ternary boride, reaction sintering, Mo2NiB2,
microstructure, mechanical properties

1. Introduction:

Borides, especially transition metal boride, with exceptional mechanical,
chemical, electrical and thermal properties have been explored as promising
candidates for high-tech applications, especially wear resistant applications,
for many years. However, poor sinterability and extreme brittleness resulted
from high degree of covalent bonding in the borides and strong chemical
reaction between a boride and a metal matrix have limited production of bulk
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materials in structural component geometry. Recently a novel sintering
technique has been developed for liquid phase sintering of boride base
cermets associated with the in-situ reaction formation of ternary borides in a
metal matrix. This new sintering technique, named "reaction boronizing
sintering" (1), has already developed three ternary boride base cermets such
as Mo2FeB2(2), Mo2NiB2 (3) and WCoB (4) base ones. These new cermets,
especially Mo2FeB2 base one, have been successfully applied to wear
resistant applications such as injection molding machine parts, can making
tools, hot copper extruding dies, etc. due to their unique properties such as
less aggression to mating materials in sliding wear, capability to diffusion- and
sinter-bonding to steel and excellent corrosion resistance (1).
The Mo2NiB2 boride base cermet consists of a Mo2NiB2 type complex boride
(5) as a hard phase and a Ni base binder. Previous investigations revealed
that the addition of Cr and V to the cermets changed the boride structure from
orthorhombic to tetragonal and resulted in the improvement of mechanical
properties and microstructural refinement (3, 6, 7). Moreover, an addition of
Mn significantly improved the mechanical properties of the cermets. This
paper summarizes the sintering behaviour of the Cr and V containing cermets
(8) and focuses on the effects of Mn addition on the mechanical properties
and microstructure of the Mo2NiB2base cermets.

2. Cr and V added Mo2NiB2 boride base cermets:

From the previous investigations the addition of Cr and V to the Mo2NiB2base
cermets changed the ternary boride structure from orthorhombic to tetragonal
and resulted in the remarkable improvement of mechanical properties such
as transverse rupture strength (TRS) and hardness and microstructural
refinement (6). Table 1 shows the compositions of three Mo2NiB2 base
cermets, which have a basic composition with the orthorhombic boride
structure and are 10wt%Cr and 12.5wt%V added ones with the tetragonal
structure.
As shown in Fig. 1, Cr and V additions drastically improve TRS and Rockwell
"A" hardness of the basic cermets. TRS increases from 1.70 GPa to 2.35
GPa for the Cr added cermet and 2.50 GPa for the V added one. The
hardness also increases from 84.5RA to 86.5 and 90.5RA, respectively.
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Table 1 Compositions of the Mo2NiB2 boride base cermets / wt%

Cermet

Basic cermet
Cr added cermet

V added cermet

B

6.0
6.0

6.0

Mo

58.6
58.6

58.6

Cr

10.0

—

V

12.5

Ni

Balance
Balance

Balance

0

Basic cermet

Cr added cermet

V added cermet

TRS, a I GPa

1 2 3

Hardness / R

75 80 85

•A

90 95

11.70 84.5

86.5

I 90.5

Fig. 1 Transverse rupture strength and hardness of the three Mo2NiB2

base cermets

Fig. 2 illustrates the sintering behavior and the ternary boride phase structure
formed during sintering of the three cermets. During the solid state sintering
stage in the basic cermet the orthorhombic Mo2NiB2 was formed in the
compact prior to liquid formation by the reaction of 2MoB + Ni = Mo2NiB2.
During the liquid phase sintering above 1253K, the quasi-eutectic reaction
between the orthorhombic Mo2NiB2 boride and the Ni base matrix forms an
eutectic liquid and considerable densification occurs by the particle
rearrangement and the solution/reprecipitation of the Mo2NiB2. In the case of
the Cr and V added cermets the tetragonal Mo2NiB2was formed through the
orthorhombic Mo2NiB2 by the solid state reaction and not formed directly from
the raw material powders (8). Cr and V seem to stabilize the tetragonal
Mo2NiB2 in the cermets. The formation of the tetragonal Mo2NiB2 is
indispensable to obtain excellent mechanical properties in the Mo2NiB2
complex boride base cermets.
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Basic
cermet

Cr added
cermet

V added
cermet

773

1053\

~* Solid state sintering

1053'-. 3S

Solid state sintering

Solid state sintering

i i i •

^253 Liquid 1530
phase

sintering

1333^ Liquid ^1519
phase

sintering
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phase

sintering

873 973 1073 1173 1273 1373

Temperature (K)
1473 1573

Fig. 2 Schematic illustration of sintering behavior of the three Mo2NiB2

base cermets (Ortho-: Orthorhombic, Te-: Tetragonal).

3. Effects of Mn on the properties of the Mo2NiB2 boride base cermets:

Our preliminary investigation turned out that the addition of Mn was also
effective in improvement of the mechanical properties of the cermets. The
effects of Mn on the mechanical properties and microstructure of the cermet
were studied using the V added high strength Mo2NiB2 boride base one.

3.1 Experimental procedure:

Table 2 shows the composition of Ni-4.5B-46.9Mo-12.5V-xMn (wt%) model
cermets with five levels of Mn from 0 to 10wt% used in this investigation.
The powder mixtures prepared from pure Mo, carbonyl Ni, VB and Ni2B were
ball-milled in acetone to an average particle size of about 1pm. After drying,
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the milled powders were pressed to green compacts and sintered in vacuum
for 1.2ks at temperatures between 1533 and 1593K. To reduce the oxides on
the powder 0.5wt% of graphite was added as a sintering aid. Transverse
rupture strength (TRS) and Rockwell "A" hardness of the cermets were
measured. The TRS tests were conducted on 4.0 x 8.0 x 25mm test bars in
three point loading with a 20mm span. Five specimens were tested for each
composition. The microstructure of the sintered cermets was investigated by
means of X-ray diffraction (XRD), scanning electron microscopy (SEM) and
scanning auger electron spectroscopy (AES).

Table 2 Compositions of the Mn added model cermets / wt%
Cermet B Mo V Mn Ni

A
B
C
D
E

4.5
4.5
4.5
4.5
4.5

46.9
46.9
46.9
46.9
46.9

12.5
12.5
12.5
12.5
12.5

0.0
2.5
5.0
7.5
10.0

Balance
Balance
Balance
Balance
Balance

3.2 Phases composing sintered bodies:

X-ray diffraction results indicated that all the Mn added model cermets
consisted of the tetragonal Mo2NiB2 complex boride and a Ni base binder
regardless of Mn content. That is to say, all the cermets maintained original
two phase structure and Mn addition did not cause any structural change of
the boride phase.

3.3 Mechanical properties:

Fig. 3 shows the maximum TRS together with hardness of the model cermets
sintered at optimum temperature where the highest TRS was obtained in
each composition as a function of Mn content. TRS reaches a maximum of
3.5Gpa at 2.5wt% and then decreases with increasing Mn content, while the
hardness increases linearly up to 88RA at 10wt% Mn.
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Fig. 3 Transverse rupture strength and hardness of Mn added model
cermets as a function of Mn content.

3.4 Microstructure:

Figure 4 shows the back-scattered electron images (BEI) of the model
cermets and Auger spectra at nine analysis points. In the BEI images, the Ni
base binder appears dark and the Mo2NiB2 complex boride phase appears
gray. The particle size of the Mo2NiB2 boride decreases with increasing Mn
content, but a part of the Mo2NiB2 complex boride exhibits particle coarsening
for the 7.5 and 10wt% Mn added cermets.
The partitioning of the alloying elements in the cermets was studied by AES.
In the cermet A without Mn , the boride (point 1) contains B, Mo, Ni and V
while the Ni base binder (point 2) is alloyed with some amount of Mo and V.
In the case of 2.5 to 7.5wt%Mn added cermets B to D having high TRS, the
Ni binders (point 4 and 6) also consist of the same elements as the cermet A
but the borides (point 3 and 5) contain B, Mo, Ni, V and Mn. In the case of
the 10wt%Mn added cermet E showing low TRS, Mn was detected in both
the boride (point 7 and 8) and the Ni base binder (point 9). The Mn peak from
the small particle (point 7) was higher than that from the large particle (point
8). Mn is dissolved primarily in the Mo2NiB2 complex boride for the 2.5 to
7.5wt%Mn cermets, while the 10wt%Mn cermet is dissolved in both the
Mo2NiB2 complex boride and the Ni base binder.
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Fig. 4 Back scattered electron images and Auger spectra at nine
analysis points of Mn added model cermets.

3.5 Structure property relationship:

To study the structure-property relationship the mean particle size and the
contiguity of the boride phase were measured by an image analyzer as
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shown in Fig. 5. The mean particle size decreases with increasing Mn
content and shows a minimum at 7.5wt%Mn in spite of formation of some
coarse particles. It then, increases at 10wt%Mn, because of extensive
coarsening. The contiguity of the boride slightly increases up to 5wt%, and
further increases for more than 5wt%. High TRS values obtained at 2.5 and
5wt%Mn are attributed to the refinement and uniform distribution of the
boride. A very fine, ideal two phase microstructure with homogeneous
distribution of the tetragonal Mo2NiB2 in the Ni base binder leads to the
maximum TRS of 3.5GPa at 2.5wt%. Decrease in TRS for the high Mn
containing cermets was caused by increase in contiguity as well as
coarsening of some boride particles. Fracture surface investigations revealed
that a coarse boride particle was observed at the fracture origin for the
10wt%Mn containing cermet, while the 2.5wt%Mn added cermet showed no
distinct fracture origin. Microstructure is significantly changed by an addition
of Mn and especially suppression of grain growth of the boride is essential to
obtain high strength.
On the other hand, hardness increase by Mn additions, is due to reduction of
the mean free path of the binder phase caused by particle refinement as well
as a solution hardening effect by Mn in the Ni base binder.
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Mean particle size and contiguity of the boride phase in the Mn
added model cermets.
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4. Conclusions:

In the Cr and V added Mo2NiB2 boride base cermets the tetragonal Mo2NiB2

was formed through the orthorhombic Mo2NiB2by the solid state reaction
during sintering and not formed directly from the raw material powders. The
formation of the tetragonal Mo2NiB2 is indispensable to obtain excellent
mechanical properties in the Mo2NiB2 boride base cermets.
Mn added V containing Mo2NiB2 complex boride base cermets consist of the
tetragonal Mo2NiB2 complex boride alloyed with Mn as the hard phase and
the Ni base binder alloyed with Mo and V. Transverse rupture strength
increased with increasing Mn content and showed a maximum value of
3.5GPa at 2.5wt% and then decreased with increasing Mn content. Hardness
increased monotonically from 86.4RA to 88.0RA up to the 10wt%Mn. The
high TRS at 2.5wt%Mn was attributed to size refinement and homogeneous
distribution of the Mo2NiB2 complex boride.
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ABSTRACT

Metallurgical reactions and microstructure developments during sintering of modern cermets and
functionally graded cemented carbonitrides (FGCC) were investigated by modern thermal and
analytical methods such as mass spectrometer (MS), differential thermal analysis (DTA), differential
scanning calorimeter (DSC), dilatometer (DIL), microscopy and analytical electronic microscopy
with energy dispersive spectrometer (EDS). The complex phase reactions and phase equilibria in the
multi-component system Ti/Mo/W/Ta/Nb/C,N-Co/Ni were studied. The melting behaviors in the
systems of TiC-WC/MoC-Ni/Co, TiC-TiN-WC-Co and TiCN-TaC-WC-Co have been established.
By better understanding of the mechanisms that govern the sintering processing and metallurgical
reactions, new cermets and different types of functionally graded cemented carbonitrides (FGCC)
with desired microstructures and properties were developed and fabricated.

Keywords: Functionally graded cemented carbonitrides, Cermets, Cutting tools, Phase diagram,
Thermal analysis.

1. INTRODUCTION

The importance of introducing nitrogen in the form of TiN into TiC-Ni/Mo cermets was discovered
by Kieffer et. al. around 1970 [1]. Systematic researches afterwards led to a new generation of
modem cutting cermets, which is characterized by multi-components with TiC and TiN, or
alternatively, TiCN as the basic ingredients. Additions of Mo2C, WC, TaC, NbC and VC add up to
20-40 mass% of the total. The binder alloys usually contain Ni and Co on the order of 10-15 mass%
but in varying relative amounts. The performance of the modern cutting cermets can match or even
better than that of coated cemented carbides. Some excellent reviews on the modern cermets are
given in the literature [2-5].
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As for the coated cemented carbides, the surface zone of the "state-of-the-art" substrate often
features a Co-enriched and cubic-phase free layer (CFL). During interrupted machining, such CFL
layer underneath the ceramic coatings absorbs most of the energy so that the impact resistance of the
coated carbide grades is greatly improved. The CFL surface layer is usually prepared by a post-
sintering treatment of nitrogen-containing alloys under (high) vacuum at cooling speeds less than 10
K/min. [6-10]. The denitrdation (i.e. decomposition of nitrides or carbonitrides) caused by vacuum
treatment is believed to form the CFL character on the surface of the substrates.

The surface zone can also be modified into a unique structure with a gradation enriched in TiCN
cubic phase and depleted in WC and Co/Ni binder. So called FGM (functionally graded material)
cemented carbonitrides are sintered in a nitrogen-containing atmosphere. Inserts with as-sintered
single or multi- FGM layers have been developed and were reported to perform better than the
coated carbides [11-16]. In addition to the improvement of the cutting performance, very costly
coating process may be eliminated by the new developed FGM technology. Saving potential is
promising since coating process accounts for more than 15% of the total manufacturing costs while
sintering process accounts for only 5% [17].

Nitrogen plays more and more critical role to develop new generation of cutting toll materials.
However, with the addition of nitrogen (through carbonitrides, nitrides or nitrogen gas), the
metallurgical reactions during sintering become much more complex and the sintering atmosphere
has to be more accurately controlled [12-16, 18-19]. The cutting tool industry is still lacking in
understanding the mechanisms of liquid phase sintering of nitrogen-containing cemented carbides.
The present work approaches to carry out a systematic research in order to fill in these gaps.

EXPERIMENTAL PROCEDURES

Differential Thermal Analysis (DTA)
DTA was used to measure melting points of experimental alloys with 33 wt % binder metal content
or higher. Highly pure re-crystallized alumina was used as a crucible material and a platinum alloy as
a reference standard. The temperature was measured with a Pt/Rh thermocouple and the accuracy of
the temperature measurement is estimated to be within ± 3°C by calibration against known melting
points of high purity Cu and Cu-Ni alloys.

Differential Scanning Calorimeter (DSC) Measurements
Melting points of industrial alloys were measured by a DSC system (Netzsch DSC 404). This system
monitors the AT signal representing the difference in temperature between a sample and an inert
reference material as a function of temperature. The temperature was calibrated against the melting
point of Au and the measurement error was within 1°C.

Dilatometer (DIL) Measurements
The shrinkage behaviors of the industrial alloys were monitored by a dilatometer (Netzsch DIL
402C, max. temperature 1600°C). The samples were heated under vacuum of 4~6xlO~4 mbar till
1300°C. The vacuum pump was then turned off. The gas pressure rose to a few mbar during
sintering.
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Gas Analysis by A Mass Spectrometer (MS)
Gases CO and N2 released during sintering were monitored by a system illustrated in Fig. 1. In the
MF furnace a high-pressure interface was inserted between the recipient and the quadrupole mass
spectrometer system in order to be able to characterize the sintering atmosphere at pressures in the
mbar ranges. This is necessary because a He gas stream has to be used to elute the gases from the
crucible into the MS system. A gas flow system together with a second pump was used in order to
sustain a constant pressure of 20 mbar. The ion fluxes of CO+, N2T and N+ were recorded, calibrated
against standard gas mixtures and introduced in a system of linear equations (because of the
coincidence of N2" and CCF at mass 28) for the CO and N2 concentrations.

Solid-Liquid Reactions
"Solid compact - liquid metal" reaction couples were carried out by embedding a piece of hot-
pressed carbide plate and Co or Ni powders in an alumina crucible. The reaction couples were heated
up to 1550°C within 40 minutes in a BALZERS VSG 02 furnace equipped with a tungsten heating
element under Ar atmosphere of 300 mbar. The electrical power of the device was turned off as soon
as the samples had reached the vertex temperature of 1550°C. The specimens were then furnace
cooled.

Microstructure Evaluation
Microstructures were investigated by optical microscope, scanning electron microscope (SEM,
model JEOL JSM 6400) and scanning transmission electron microscope (STEM, model H-800).
Quantitative compositional analysis was performed by energy dispersive spectroscopy (EDS)
detectors attached to SEM and STEM.
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Fig.l- Schematic illustration of MS gas analysis system
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RESULTS AND DISCUSSION

Melting Point Temperatures Measured by DTA
The onset points of DTA heating curves were used as melting point temperatures. The melting points
of binary eutectic reactions: melts => Co (or Ni) + (Ti, W)C (or (Ti, Mo)C) were measured by DTA
using experimental alloys with 90 mol % binder metals. The results are given in Fig.2 (a), (b), (c) and
(d). Because of the high binder content, all alloy components dissolved in the liquid melt at maximum
measurement temperature of about 1500°C. The addition of "MoC" does not change the melting
points of TiC-Ni alloys, but decreases the melting points of TiC-Co alloys (see Fig.2 (a) and (c)). If
WC is added, the melting points of TiC-Ni alloys will continuously increase from 1295°C to 1370°C
(see Fig.2 (b)). The melting points of TiC-Co alloys increase to a maximum value and then decrease
if TiC is replaced by WC (see Fig.2 (d)).

Almost one hundred samples of nitrogen-containing alloys with 33 wt% Co were measured by DTA.
The results are summarized in Fig.2 (e) and (f). Some of the alloys were also observed by the
microscope and/or SEM in order to study the phase existence. For alloys in the WC phase existing
region, i.e. in the region of WC + (Ti,W)(C,N) + Co, the same melting point temperature of 135O°C
was observed as shown in Fig.2 (e). For alloys in the (Ti,W)(C,N) + Co region without WC, the
melting point temperatures of the alloys vary from 1350°C for high TiC containing alloys to 1450°C
for high TiN containing alloys. The addition of TaC to the WC-TiCN-Co alloys did not change the
melting point temperatures, but decreased the solution of WC in the (Ti,W,Ta)(C,N) cubic phase
(see Fig.2 (f)).

Melting Behaviors of Some Industrial Alloys Measured By DSC
Industrial alloys contain much less amount of binder phase than the DTA experimental alloys. DSC
was employed in order to measure the melting points of the industrial alloys accurately. The results
are given in Table 1 and Fig.3.

Table 1- Onset and peak point temperatures of some industrial alloys measured by DSC
Alloys

#45
#62

#32
#35
#37
#44
#42
#43

Heating Phase;
°C

Onset
1347
1338/
1382
1356
1356
1358
1389
1416
1410

Peak
1365
1395

1367
1367
1367
1404
1426
1423

Cooling Phase;
°C

Onset
1355
1391

1355
1355
1351
1396
1414
1370

Peak
1347
1385

1347
1344
1343
1383
1404
1355

Phase Observed

WC, Co
WC, Co/Ni

WC, (Ti,W)C, Co
WC, (Ti,W)(C,N), Co
WC, TiN, Co
WC, (Ti,W)(C,N), Co/Ni
(Ti,W)(C,N), Co/Ni
(Ti,W)(N,C), Co/Ni

Remarks

cemented carbide
cemented carbide

cemented carbide
cemented carbonitride
cemented carbonitride
TiCN cermet
TiCN cermet
TiN cermet
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Fig.2- Melting point temperatures measured by DTA.
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Fig.3- DSC curves of some industrial alloys, (a) heating phase and (b) cooling phase

DSC results coincide with DTA results very well. The compositions of alloys # 45, # 32, # 35 and #
37 are located in the three phase region of WC+(Ti,W)(C,N)+Co (see Fig.2 (e) and (f)). Regardless
of their C/N ratios and Ti/W ratios, these alloys have almost the same onset point temperature of
about 1350°C, which is also the same as the onset point temperatures of DTA experimental alloys
(see Fig.2 (e)). Compared alloy # 62 with alloy # 45, alloy # 62 has two onset point temperatures
and its melting range (1338-1395°C) is much broader than that of alloy # 45 (1347-1365°C). WC-Co
alloy has a lower quasi-binary eutectic temperature (1320°C, see Fig.2 (b)) than WC-Ni alloy
(1370°C, see Fig.2 (d)). During heating of the alloy # 62, WC react with Co at low temperature to
form liquid phase which is reflected by the first onset point on the DSC curve. The second onset
point temperature of 1382°C reflects the second reaction: WC + Ni => melt at high temperature.
Since cermet alloy # 44 also has a mixed Co/Ni binder, it has the same melting behavior as alloy #
62. However, the first onset point temperature was not observed for the alloy # 44 due to its much
less binder content compared to the alloy # 62.

Cermet alloys # 42 and # 43 are located in the two-phase region of (Ti,W)(C,N)+Co (see Fig.2 (e)).
Accordingly, their onset point temperatures measured by DSC are in consistence with the
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corresponding DTA experimental alloys. However, for TiN cermet alloy # 43 with a hard phase
composition of 90 mol% TiN and 10 mol% WC, its onset and peak point temperatures of cooling
phase are much different from those of the heating phase (see Fig. 3 and Table 1). Moreover, the
strength of the DSC peak during cooling phase is much weaker than that during heating phase.
Probably, denitridation was severe for this very high nitrogen-containing alloy so that T) was formed
during cooling. The formation of r\ phase consumes the liquid binder phase, which results in different
onset and peak point temperatures and weak strength of the peak.

Shrinkage Behaviors
Industrial cermet and cemented carbide alloys are usually sintered in the present of liquid phase. The
liquid phase sintering mechanism features three stages: (1) particle re-arrangement,
(2) formation of liquid phase and (3) final densification. With respect to the three stages of the liquid
phase sintering, three peaks on the DIL dL/(Lodt)%/min curve were observed as shown in Fig.4. The
corresponding peak temperatures are listed in Table 2. Samples shrink drastically when particle re-
arrangement is observed. In the second sintering stage when liquid phase appears, shrinkage is
almost completed as shown by the DIL measurement. In the final stage of the liquid phase sintering,
all porosity is removed from the sintered body and full densification is reached. Depending on
composition, maximum sintering temperature and sintering parameters, micro-porosity may be
residual even after the final stage is completed.

Table 2-
Alloys

#45
#32
#35
#44
#42
#43

Turn point temperatures of some industrial alloys measured by DIL
dL/(Lodt)%/min curve; °C

1 st peak
1273
1313
1303
1272
1295
1301

2nd peak
1367
1353
1359
1404
1435
1436

3rd peak
-
-

1407
1496
1492
1510

Phase Observed

WC, Co
WC, (Ti,W)C, Co
WC, (Ti,W)(C,N), Co
WC, (Ti,W)(C,N), Co/Ni
(Ti,W)(C,N), Co/Ni
(Ti,W)(N,C), Co/Ni

Remarks

cemented carbide
cemented carbide
cemented carbonitride
TiCN cermet
TiCN cermet
TiN cermet

All alloys have nearly the same turn point temperature of about 1300°C for the first peak. For the
second peak, alloy # 45, # 32 and # 35 have the same turn point temperature of about 1350°C. The
second peak temperature for alloy # 44 is 1400°C. The cermet alloys # 42 and # 43 have the highest
turn point temperature of about 1430°C for the second peak. For alloys # 45 and # 32 without
nitrogen, the third peak was not obvious. With increased Ti and nitrogen (N) contents, the third peak
becomes more significantly in the order of alloy # 35, # 44, # 42 and # 44.

In industrial practice, the sintering temperature should be at least higher than the second peak
temperature in order to reach full density. According to the DIL measurements, the optimum
sintering temperature will be about 1350-1400°C and 1450-1500°C for industrial cemented carbides
(or cemented carbonitrides) and modern cermets, respectively.
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The liquid phase sintering mechanism is confirmed by comparing DSC measurements with DIL
measurements. The particle re-arrangement happens before the formation of liquid phase. The
second peak of DIL curves (second stage of the liquid phase sintering) is observed as soon as the
liquid phase is detected by DSC (see Table 1, Table 2, Fig.3 and Fig.4).
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Fig.4- Shrinkage behaviors of some industrial aEoys measured by DIL.
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Gas Evolution during Sintering
As shown in Fig.5 (a), the oxide film on the surface of Co particles is removed below 500°C. Three
CO peaks were observed for either pure WC or TiC, because WO3 and TiO2 oxides are reduced
through three steps: WO3 => W4On => WO2 => W and TiO2 => Ti2O3 => TiO => Ti, respectively.
Pure TiN powder is very stable against vacuum up to 1500°C. The gas evolution of
WC+TiC powder mixture combines those features of separate WC and TiC powders. However, only
two main CO peaks were observed for the WC+TiC powder mixture. Probably, reductions of oxides
are easier for the WC + TiC powder mixture than for the separate WC or TiC powders. As for the
WC+TiN powder mixture, CO and N2 peaks were observed at temperatures above 1400°C. Reaction
between WC and TiN must happen to release N2. This is due to the thermodynamic instability of TiN
in the present of WC or other carbon source (see the following section).

The gas evolution of some industrial alloys is given in Fig.5 (b). For WC+Co alloy # 45, the
outgassing process is almost completed at temperature around 1000°C. Compared to WC+TiC
powder mixture, alloy # 32 (WC+TiC+Co) shows lower temperatures of CO outgassing. The effect
of Co binder on the mechanism of gas evolution has also been observed for other TiC and/or TiN
containing alloys as shown in Fig.5. N2 peak was not observed for the pure WC+TiN powder
mixture below 1400°C. However, in the present of Co and/or Ni binder metals, N2 starts to release at
temperature of about 1200°C for all TiN containing alloys # 35, # 37 and # 42. The gas evolution
stops at about 1300°C for all TiC/TiN containing alloys.

During sintering of cermets or cemented carbonitrides, the evolution of CO from chemisorbed or
chemically bonded oxygen on the surface of the powder particles, features a few stages at different
temperatures around 500°C, 650°C and 1000°C. The different outgassing temperatures correspond
to the reductions of different oxides existing on the surface of the powder particles. The main CO
peak appears around 1100-1200°C and fades out at about 1250°C. The presence of Co/Ni binder
greatly accelerates the elution of CO and therefore improves the removal of the oxide layers from the
powder particles. However, denitridation is accelerated by the presence of Co/Ni binder too. The
elution of nitrogen sets in at about 1200°C and has a very marked maximum at about 1300°C. With
the onset of particle re-arrangement at approximate 1300°C, CO and nitrogen elution drops
drastically because of the very strong shrinkage of the compacts. With increasing temperature, the
rate of CO and nitrogen elution begin to gradually increase again but only around 1500°C. The
formation of liquid phase is not influenced by the starting materials of either pre-alloyed quaternary
carbonitrides or powder mixtures of single TiC, TiN and WC. In the range of our experiments, even
the stoichiometric factor x of the hard phase (Ti,W)(C,N)x (x=0.85-l) does not affect the melting
point temperatures very much.

Thermodynamic Stability of Hard Phases
The thermodynamic stability of TiC-TiN-WC carbonitrides was studied by X-ray diffractometer
(XRD) and the experimental details is given in somewhere else [13-14]. As shown in Fig.6, two f.c.c.
(Ti,W)(C,N) phases 8, and/or 82, where 5,- (Tix,Wi.x)(Cx-,N,.x-) is rich in Ti, and N and 82- (Tiy,W,.

y)(Cy-,Ni_y-) is rich in W and C, were observed in the whole compositional range of the WC-TiC-TiN
hard phase system. Since the composition of the two f.c.c. phases were quite similar, profile fitting
with the Difpatan X-ray diffraction program had to be applied to identify the phases. In the
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composition region A, only one f.c.c. (Ti,W)(C,N) phase was observed. Two f.c.c. phases 81 and 82
were observed in the compositional region B. In the compositional regions C, D and E, hex-WC,
b.c.c.-W and hex-W^C, respectively, coexisted with 81 and 82.
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Fig.5- Gas evolution measured by MS during heating of:
(a) pure Co, single carbide/nitride and mixed carbide/carbonitride powders
(b) some industrial alloys.

The TiC-TiN-MoC system can be treated as a reciprocal system: TiC+MoN<=>TiN+MoC according
to Rudy [19]. Of particular interest in this system is the phase equilibria within the range of the solid
solution (Ti,Mo)(C,N)z (0.8 < z < 1), where, depending upon temperature and composition, a
miscibility gap exists featuring two iso-structural phases: a' - a molybdenum poor and nitrogen rich
(Ti,Mo)(C,N) phase, and a" - a molybdenum rich and nitrogen poor (Ti,Mo)(C,N) phase. The
separation of these two phases occurs via a spinodal decomposition of a homogeneous solid solution
(Ti,Mo)(C,N) that is existent only at high temperatures (Fig.7).

By means of MS analysis given in the previous section, pure TiN was observed to be very stable
against vacuum up to 1500°C. However, TiN starts to react with WC (probably M02C too) at about
1350°C, which results in N2 elution. Moreover, such denitridation reactions are accelerated in the
present of Co/Ni binders.
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1500°C

TiC
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mol%TiN

TiN

Fig.6- Phase existence in the TiC-TiN-WC hard
phase system. All samples were hot-pressed at
2300°C and then Ar-annealed at 1500°C for
168h. The meaning of the numbers in the chart
are: 1- f.c.c. phases of 5i- (Tix,Wi_x)(Cx-,Ni-x-)
rich in Ti, and N and 82- (Tiy,Wi_y)(Cy,Ni_y.) rich
in W and C; 2- b.c.c W; 3- hex W2C; and
4- hex WC.
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Fig.7- Partial isothermal section of the
TiC-TiN-"MoC" hard phase system at
1450°C, after Rudy [19].

It is known that Mo and W do not form nitrides above 1000°C at normal N2 pressure of 1 bar, and
Mo2C and WC are much more stable against N2 than TiC and Ti(Ci_x,Nx). Nitrides tend to
decompose under vacuum via evolution of nitrogen. On the other hand, carbides and carbonitrides
react with nitrogen under formation of elemental carbon: <TiC>+l/2N2—><TiN>+C. The brackets <
> are indicating that TiC and TiN are not separate phases but partners in a solid solution. In that case
the three phases equilibrium Ti(C,N), C and gas phase can be formulated in the usual way: AG=-
RT*lnKp=-RT*ln[(aTic*ac)/(aTic*-*PN, I / 2 ) ] .

Carbon as a phase has the activity ac=l and if ideality of the solid solution is assumed, then
aTiN/aTic=XTiN/x-fic- By introducing the free energies of the formation of TiC and TiN, the equilibrium
pressure PNj in equilibrium with graphite can be calculated for all temperatures and compositions of

Ti(Cx,Ni.x) as illustrated in Fig.8 [20].

Within the two-phase equilibrium: Ti(Cx,N1.x)z—>Ti(Cx,N|.x)z.Az+l/2z(l-x)Az N2, the nitrogen partial
pressure is a function both of x and z. In the presence of a liquid phase such as Ni or Co, the nitrogen
partial pressure will of course influence the solubility of carbon (at carbon activity<l), nitrogen and
titanium in the liquid binder metal, and consequently influence the metallurgical reactions. Thus,
during the sintering of cermets, nitrogen pressure has to be adjusted within certain limits to the
composition of the carbonitrides and the sintering temperature.
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after Ettmayer et.al. [20].

During sintering of cermets or
cemented carbonitrides, as soon as the
oxide film on the powder particles has
been removed by the reductive
processes, wetting by the binder metal
melt sets in and the carbon-containing
binder metal melt interacts with the
hard phase particles. As could be
demonstrated in investigations by
Kieffer et. al. [1], depending on the
nitrogen pressure in the sintering
atmosphere, carbon is able to displace
nitrogen from the nitrides (at low
nitrogen partial pressure) or nitrogen
is able to displace carbon from the
carbides. The nitrogen equilibrium
pressure of titanium carbonitride in
equilibrium with elementary carbon is, apart from the temperature, only determined by the
composition of the carbonitride. If the carbon activity becomes <1, i.e. if the carbon supplier is a
carbide e.g. M02C or WC, the corresponding nitrogen equilibrium pressure is slightly reduced. Fig.8
shows which nitrogen pressures are to be expected at least in the initial phases of the sintering
process, i.e. when the carbon-containing liquid phase begins to react with the surface of the nitride or
carbonitride particles. If the nitrogen partial pressure is considerably below the limits for quite a long
time during sintering, it can be assumed that considerable amounts of titanium will be dissolved in the
binder alloy so that the precipitation of intermetallic phases of the type Ni3Ti might finally be the
consequence [20].

The carbides of the IVth group metals and VC,.X react readily with nitrogen under formation of a
carbonitride and graphite. The compositions of the carbonitrides are dependent on nitrogen pressure
and temperature of reaction. As predicted by thermodynamics, higher pressure of nitrogen leads to
carbonitrides richer in nitrogen, at higher temperatures otherwise under identical conditions the
nitrogen content in the carbonitrides becomes lower. NbC and M02C react only to a very small
extent with nitrogen, whereas TaC and WC appear to be stable against nitrogen even at very high
pressures. 0 ^ 2 reacts with nitrogen of 300 bar under formation of a ternary compound Cr3(C,N)2

as reported by Kieffer and Ettmayer et. al. [21].

Phase Reactions
Through XRD measurements, Yoshimura et.al studied phase reactions of a cermet with a
composition of TiC-20%TiN-15%WC-10%TaC-9%Mo-5.5%Ni-ll%Co [22]. The relative XRD
intensities (I/Io) and lattice parameters of each phase as functions of sintering temperature are re-
given in Fig.9. The intensity (Wo) of TiC increases with increasing temperature, most remarkably in
the range of 1100-1200°C. In the meantime, the intensities (I/Io) of Mo2C, TaC, WC, and TiN
decrease. Correspondingly, the lattice parameter of TiC phase decreases, and the lattice parameter of
the binder phase increases respectively. This fact means that M02C, TaC, WC, and TiN phases have
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considerably dissolved in TiC and binder phase. The M02C phase dissolves most rapidly and
completely disappears already at 1200°C. TaC and WC phases disappear at 1300°C. TiN dissolves
more slowly in comparison with Mo2C, TaC, and WC. A certain amount of TiN still remains
undissolved even at temperatures as high as 1400°C. The dissolution of M02C, TaC, WC, and TiN
observed at temperatures below 1300°C must have taken place through solid state diffusion, since
liquid phase starts to appear first at approximately 1300°C.

TiC

— - - "

— — ; _ " • - -

TiN

>
w c """•---

700 800 900 1000 1100 1200 1300 1400 15O0

Sintering temperature: "C

Fig.9 (a)- Relative intensities of XRD of Mo,
Mo2C, TaC, TiN and TiC vs. sintering
temperature [22].

900 1000 1100 1200 1300 1400 1500

Sintering temperature; °C

Fig.9 (b)- Lattice parameters of TiC and Ni
binder phase vs. sintering temperature [22].

The solubility of the metal components of the carbides (and nitrides) in the binder metals is very
much influenced by the stoichiometry of the carbides (or nitrides). Whenever the carbon activity is
low (sub-stoichiometry), the solubility of the metal component can be rather high. Some solubility
data are listed in Table 3 [23-24].

Table 3- Solubility of hard phases in liquid and solid metals [23-24]
Solubility of hard phases in liquid metals at

1400°C after Ettmayer et. al. [23]
Hard phase

TiC
TiN

Mo2C
WC
TaC
NbC
VC

Cr3C2

in Ni; wt%
11

<0.5
36
27
6.3
7.0
14
-

in Co; wt%
10

<0.5
39
39
6.3
8.5
19
-

Solubility of hard phase in solid binder
metals at 1250°C after Edwards et. al. [24]
in Ni; wt%

1
<0.1

13
22
3
5
-

12

in Co; wt%
5

<0.1
8
12
5
3
-
12

in Fe; wt%
<0.5
<0.1

5
7

0.5
1
-

8
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V

On the cross sections of "solid-liquid"
reaction couples, four different zones were
observed: (1) un-reacted carbide compact; (2)
diffusion zone where the liquid metal has
penetrated along the grain boundaries; (3)
reaction zone and (4) metal alloy zone where
the metal melt has solidified and the carbide
has re-precipitated from the melt. An example
of such cross section is given in Fig. 10. On
one hand, Ti, Mo/W and C atoms dissolve
from carbide compact into the Ni/Co melt. On
the other hand, the Ni/Co metal melt
penetrates into the carbide compact along the
grain boundaries, which gives rise to
penetration of liquid deep into the carbide
compact and the formation of a reaction zone
where melt and undissolved carbide particles coexist. Upon cooling down, dissolved Ti, Mo/W and
C atoms re-precipitate in the form of mixed carbide in the Ni/Co melt region, and eventually the
Ni/Co melt solidifies, too. In the reaction zone, part of the compact carbides goes into solution of the
Ni/Co melt and - on cooling - re-precipitates as mixed carbide, whereas part of the original carbide
remains un-dissolved. The undissolved carbides in the reaction zones contain less Mo than the
original carbides.

"Selective dissolution and selective re-precipitation" of heavy elements during "solid-liquid"
reactions were observed by SEM/EDS as shown in Fig. 11. They are probable the result of the fact
that different carbides have quite different solubility in the Co/Ni binder metals (see
Table 3). Because of the selective dissolution of Mo (or W) from the solid carbide compact, the melt
contains relatively more Mo (W) than the carbide compact in equilibrium with it. Hence, upon
solidification (cooling down), the precipitating carbide arid/or Ni/Co phase must contain relatively
more Mo (W) than the starting carbide compact in contact with the melt.

Fig. 10- Microstructure of the cross section
of (Tio,9,Mo0.i)C-Ni solid-liquid
reaction couple; 200x

MoC" TiC

Fig.l 1- Phase equilibria between melt, (Ti,Mo)C carbide and Ni/Co solid solution in solid/liquid
reaction couples of (a) Ni-(Ti,Mo)C near 1300°C and (b) Co-(Ti,Mo)C near 1350°C.
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The interactions between hot-pressed (Ti,W)(C,N) compacts and N2 up to 30 bars have been studied
for the entire compositional range of the TiC-TiN-WC system [13]. An example of the results is
given in Fig. 12. Upon N2 pressure, temperature and chemical composition, the quaternary
(Ti,W)(C,N) alloys may decompose into two f e e . phases 8i and 62 and WC through: (Ti,W)(C,N) +
N2->8,+ 82+ WC, where 8i-(Tix,W,.x)(Cx-,N,.x-) is rich in Ti, and N and 52-(Tiy,W1.y)(Cy.,Ni.y) is rich
in W and C (see Fig.6). In the microstructure of un-attached area, 8i-(Tix,Wi.x)(Cx,Ni.x) is darker
than 82- (Tiy,Wi-y)(CysNi-y0 as shown in Fig. 12 (a). The original (Ti,W)(C,N) grains near the surface
were attacked by N2 to form very fine structures where WC phase (white and very thin in shape) was
observed. The element distributions across sample section show gradients of C, N and W (see Fig. 12
(b)). N concentration decreases while C and W concentrations rise with increasing distance from the
sample surface.
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(a) SEM back scatter images (b) EPMA measurement
Fig. 12- (a) SEM microstructure and (b) element distribution of the surface interaction zone of a

hot-pressed (Ti,W)(C,N) sample after N2 annealing at 1500°C and 30 bar N2

(WC/TiC/TiN = 24/76/0 in mol%;)

Mechanism of Formation of "Core-Rim " Structures in Cermets
"Core-rim" structure within the hard phases is the typical microstructure of cermets. As shown in
Fig. 13, hard particles with "bright core-dark rim", or with "bright rim-dark core" can be observed.
Some hard particles even have complex structure with an inner rim. Element analysis across the Ni
binder phase and carbide grains was carried out by TEM/EDS. The compositions and preparation
processes of TEM specimens are listed in Table 4. Fig.14 gives a photograph of sample 6N. The
white particles are hard phase and the gray areas are Ni binder phase. The dark spots in the
microstructure are the points where chemical compositions were analyzed by TEM/EDS. Mo-rich
rims are clearly demonstrated in Fig. 15.

Ti, Mo concentrations in the Ni binder phase are probably controlled by the stoichiometry factor z as
well as by the nitrogen content of the hard phases. Decreasing of the stoichiometry factor z will
improve the solubility of Ti and Mo, while increasing of nitrogen content in the hard particles will
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decrease the Ti concentration but largely increase the Mo concentration. Sample TM8102 has a
stoichiometric carbide (Ti0.8,Moo.2)C, P4 has a sub-stoichiometric carbide (Ti0.8,Moo.2)Co.9, while 6N
has a slightly sub-stoichiometric carbonitrides phase (Tio.8,Moo.2)(Co.7,No.3)o.97- As shown in Fig. 16,
the Ti, Mo concentrations and the total amount (Ti+Mo) in the Ni solid solution of sample P4 are
nearly double that of TM8102. Sample 6N has a much higher Mo content and a lower Ti content
than those of both P4 and TM8102. The total amount of (Ti+Mo) in the binder phase of 6N is similar
to that of P4, but higher than that of TM8102.

Table 4- Compositions and preparing process of TEM specimens
Samples
TM8102

P4

6N

Chemical compositions
(Tio.8,Moo.2)C + 50 vol% Ni

(Tio.8,Mo0.2)Co.9 + 18 mol% Ni

(Tio.8,MOo.2)(Co.7,N0.3)o.97

+ 18mol%Ni

Starting materials
(Ti0.8,Moo.2)C; Ni

TiC, Mo2C, C, Ni

(Ti0.8,MOo.2)(Co.7,No.3)o.97,

Ni

Preparing process
Vacuum sintered; lh.
1400°C, 8xl0"2 mbar
Vacuum sintered; lh.
1500°C, 10-20 mbar
Vacuum sintered; lh.
1500°C, 80 mbar N2

Fig. 13- "Core-rim" structure in sample
TM8102 observed by SEM back scatter image.

Fig. 14- TEM image of sample 6N with
EDS analysis spots (dark); 20,000x

Fig. 15- Element distribution across grains of Fig. 16- Binder phase compositions of
6N specimen. TM8102, P4 and 6N
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During sintering we can assume that quasi-isothermal conditions will prevail and in the ideal case of
equilibration we will end up with a binder melt somewhat higher in Mo (or W if WC is present, the
same for the follows) than the carbides in equilibrium with the melt. In reality we will have non-
equilibrium conditions because the diffusivities in the carbide phase are lower by several orders of
magnitude than the diffusivities in the liquid phase. Furthermore, the rates of dissolution will depend
on the grain sizes of the carbide particles. During liquid phase sintering of a cermet alloy, it can be
anticipated that in the first few minutes of liquid phase formation the small particles of (Ti,Mo)C will
go into solution at a higher rate than the larger particles. Since this constitutes a non-equilibrium
condition (the melt has the same Ti/(Ti+Mo) atom ratio as the carbide phase), a Mo depleted
(Ti,Mo)C will start to re-precipitate, probably epitaxially, on some favourable lattice sites of un-
dissolved larger (Ti,Mo)C particles. Because of this re-precipitation, some more (Ti,Mo)C particles
will go into solution and some more Mo-depleted (Ti,Mo)C particles will precipitate. If that Mo-
depleted (Ti,Mo)C phase on re-precipitation completely surrounds a large original (Ti,Mo)C particle
and seals it off from the action of the liquid phase we will end up with a "bright core - dark rim"
microstructure. If, on the other hand, the re-precipitated Mo-depleted (Ti,Mo)C nucleates only on
one favourable nucleation site of an original (Ti,Mo)C particle, the original particle will gradually be
eaten away by the liquid and only during the cooling down period the Mo-rich liquid will form a Mo-
rich (Ti,Mo)C rim (bright) around the Mo-depleted core ("dark core - bright rim" microstructure).
By such mechanism the simultaneous occurrence of the two types of hard particles with bright cores
and dark rims or with bright rims and dark cores might be explained. Furthermore, it is highly
doubtful whether any supplier of pre-alloyed carbide material will really be able to provide a
completely homogeneous pre-material without any compositional gradients. Inhomogeneous pre-
materials obviously will lead to somewhat inhomogeneous microstructural features.

Phase Observation and Grain Size
The microstructure of cermets or cemented carbonitrides is determinated by the compositions of
their hard phases in the WC-TiC-TiN and/or WC-TiCN-TaC systems (see Fig.2 (e) and (f)). If the
hard phase composition of an alloy is located in the cermet compositional range of
(Ti,W)(C,N)+Co/Ni, WC phase will not be observed. On the other side, WC phase will be observed
in the cemented carbonitride range of WC+(Ti,W)(C,N)+Co/Ni. In fact, the existence of WC phase
in the microstructure is the result that WC has a maximum solubility in the cubic phases of TiC and
TaC. The solubility of WC in TiC and TaC is about 40 mol% and 10 mol%, respectively (see Fig.2
(e)-(f) and Fig.6). Fig. 17 gives a micrograph of a sample with hard phase composition in the
WC+(Ti,W)(C,N)+Co/Ni range of WC/TiC=42/58 (in mol%). The microstructure is composed of
faceted WC with large elongated grains and a spherical "core-rim type" (Ti,W)C with a Ti-rich core.
Because almost all WC has dissolved into TiC, only a few un-dissolved WC grains were observed in
the microstructure.

As to nitrogen-containing cemented carbonitrides and cermets, TiN usually acts as a grain growth
inhibitor and produces very fine-grained microstructures with a spherical tungsten-rich phase.
Generally, the grain size of the hard phases decreases with increasing N/(C+N) content of the alloy.
Upon increase of the TiN content, the WC-rich (or pure WC) phase becomes much less faceted and
the surface of the particles gets irregular with shape of these particles being spherical. The
(Ti,W)(C,N) phase also has a "core-rim" type structure though the individual grains can hardly be
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seen at low magnification. Moreover, the WC phase content in the microstructure increases if the
N/(C+N) ratio of the alloys increases. An example of a N-containing alloys is given in Fig. 18.

V -

- * * . . ,

* v \

" . - ' < . "

Fig. 17- SEM image of an alloy sample
(WC/TiC=42/58 in mol%; without nitrogen).
Coarse-grained microstructure with faceted
bright WC grains.

Fig. 18- SEM image of an alloy sample
(WC/TiC/TiN = 55/25/20 in mol%). Fine-
grained structure of both the WC-rich and
TiC-rich phase.

Surface Modification through Sintering
Different types of Functionally graded cemented carbonitrides (FGCC) have been prepared through
direct sintering by careful alloy design and process (especially atmosphere) control. Some examples
of the FGCC microstructures are given in Fig. 19-21.

Fig. 19 (a) shows a typical CFL layer covering the entire surface of the insert. By modifying the
sintering atmosphere, CFL substrate with more cubic phase enrichment in the cutting edge can be
prepared (see Fig. 19 (b)). The composition of the starting materials can be either nitrogen-containing
(Ti,W)(C,N)+Co/Ni green compacts, or non nitrogen-containing (Ti,W)C+Co/Ni green compacts
with nitrogen pre-treating.

Another type of FGCC material features a cubic phase rich, WC phase free cermet surface layer
which has compositional gradients of Ti, W, Co, C and N up to 500 u.m, depending on the overall
composition of the alloy. Fig.20 (a) gives an example of the microstructure of such FGCC material
with high wear-resistant cermet surface, high tough cemented carbonitride substrate. Gradation of
chemical composition was observed in the surface layer as shown in Fig.20 (b) measured by GDS.
The experimental details of GDS measurement are given in [12-13]. The depth of the compositional
gradient of this alloy is about 30 |im.

Even multi-layered FGCC insert materials can be fabricated by direct sintering. As shown in Fig.21,
the as-sintered material consists of a TiCN high wear-resistant outermost surface, a CFL underneath
WC+Co tough intermediate layer and cemented carbonitride strong core. Materials with similar
surface modification must be prepared by costly CVD or PVD [6] before direct sintering technology
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developed in this work. Because of the graded structures within each layer as shown in Fig.21 (b),
this new type insert material is believed even to outperform "state-of-the-art" coated cemented
carbides.

(a) (b)

Fig. 19- Microstructures of cross sections of some cemented carbonitrides. (a) entire CFL surface
layer; (b) CFL surface layer with cubic phase enriched cutting edge.

(a)

48% W

30% Ti

0 10 20 30 40 SO

Distance from surface [fimj

(b)

Fig.20- FGM cermet surface layer on a cemented carbonitride substrate: (a) microstructure of the
cross section and (b) GDS depth analysis (experimental details of GDS is given in [12-13]).
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(a)

Fig.21- Microstructure of a cemented carbonitride with
(a) microstructure of the cross section and (b) GDS depth analysis.

(b)

multi-layered FGM surface:

CONCLUSIONS

• Melting behaviors of cermet and cemented carbonitride alloys have been studied by DTA and
DSC. Regardless of their Ti/W ratios and C/N ratios, the WC+(Ti,W)(C,N)+Co cemented
carbonitrides have a constant melting point temperature of 135O°C. (Ti,W)(C,N)+Co
cermets have melting point temperatures in the range of 1350-1450°C, depending on C/N
ratios of the alloy.

• During liquid phase sintering, particle re-arrangement of all (Ti,W)(C,N)+Co cermets and
WC+(Ti,W)(C,N)+Co cemented carbonitrides start to begin at about 1300°C. Liquid phase
sintering was observed by DIL at 1350°C and 1400-1450°C for industrial cemented
carbonitrides and cermets, respectively.

• Gas evolution was investigated by MS. Oxide films on the surface of particles are almost
reduced below 1300°C. Outgassing process stops at 1300°C as soon as particle re-
arrangement starts.

• TiN is very stable against vacuum up to at least 1500°C. In the present of carbon source such
as WC, M02C and graphite, denitridation was observed. The denitridation is acerbated
through Co/Ni binder metals because of enhanced diffusion through binder metals.

• Thermodynamic stability of hard phases, phase reactions and phase equilibria within
WC-TiC-TiN system have been studied.

• Insert materials with different surface modifications have been prepared by direct sintering.
As-sintered inserts are believed to compete or even outperform traditional coated carbides.
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Summary:

The addition of nanodisperse titanium nitride (specific surface area of 20 - 30
m2/g, medium diameter of grains of 50 - 100 nm) to the starting hard alloy
WC-Co in the stage of wet grinding allows to get some advantages:

- the growth of WC grains is retarded by the nanoparticles of TiN, being
as a barrier for the process of secondary crystallisation, and the toughness
of hard alloy is being increased due to the formation of finely dispersed
structure;
- the exploitation characteristics of cutting instruments are increased due
to the volume alloying by means of titanium nitride having a decreased
adhesion to the treated metal and decreased coefficient of friction;
- the formation of diffusion porosity is being eliminated due to the small
size of TiN during the unavoidable dissolution of WC in TiN.

Keywords:

Hard alloys, WC-Co, nanodisperse TiN, properties

1. Introduction:

Hard alloys on the basis of WC-Co system are the main material for
preparation of metal cutting tools. It is possible to increase up to 50-100% the
efficiency (wear resistance) of cutting hard alloy plates covering them with
coatings from titanium carbide or nitride, also combined multi-layer coatings
are possible, combined with the final layer from AI2O3 because the contact
interaction of metals with refractory compounds (adhesion) decreases in a
following row: carbide - nitride - oxide [1]. The thickness of coatings
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prepared by means of the CVD-process (chemical deposition from the gas
phase) is of 7-20 |nm [2]. The quality of coatings is a rather sensitive on exact
keeping of technological parameters and gaseous raw materials purity. In
order to form a dense coating with a base it is necessary to prepare the
surface of cutting plates (polishing, purifying, additional carbonising of the
surface layer).

We have suggested in a stage of wet milling to add in the composition of hard
alloy titanium nitride as a component with a less adhesion to the treated
metal. This titanium nitride is made by plasmachemical synthesis and is of
high dispersity (specific surface area of 20-30 m2/g, d50 = 6 0 - 9 0 nm). From
the point of view of authors the addition of exactly nanodisperse TiN to the
alloy will make possible the following advantages:

- nanodisperse TiN particles (if they are distributed regularly in a volume
of sample) being a original barrier against the processes of the second
recrystallization, will prevent the growth of WC grains and increase the
strength of hard alloy due to formation of finely dispersed structure;

- volume alloying with TiN possessing less adhesion to the treated metal
and decreased friction coefficient will improve exploitation
characteristics of cutting tool;

- TiN, acting similarly as a coating, is added in a stage of wet milling, so
considerably simplifies the technological process and decreases the
prime cost of cutting tool;

- small size of TiN particles will prevent the formation of diffusion porosity
when WC dissolves unavoidably in TiN.

WC and TiN as a majority of refractory hard solutions in a process of thermal
treating could form the cubic phase of a complex carbonitride, moreover, this
process could be accelerated in the presence of a liquid phase (cobalt) which
significantly dissolves WC. Considering the unavoidable difference in the
hetero-diffusion coefficients of WC and TiN, it is possible to expect formation
of internal grain diffusion porosity (the Frenkel effect). The process of
complex cubic carbonitride formation (with the common formula W^xTixC^yNy
) is not described in scientific literature yet, there are no also the data about
the reciprocal solubility of titanium nitride and tungsten carbide. Nevertheless,
there is an enough great amount of patent documents where the composition
and preparation methods of instrumental hard alloys on the basis of tungsten
carbide with the additives of nitride components (mainly TiN, simple and
composite carbonitrides). In [3] the dependence of mechanical strength, wear
resistance and other properties of alloy WC-TiC-TaC-TiN-Co on the ratio of
TiN/(TaC+TiN) was investigated. Up to 30% titanium carbide was added to
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the mixture WC+TiC, the content of metal binder (cobalt) was 8 - 8,5 wt.%. It
was ascertained that the increase of TiN content (and the corresponding
decrease of TaC) results in a growth of strength. The reason of this
phenomenon probably is formation of fine phase of complex carbonitride
simultaneously with the formation of tungsten carbide, which was stated by
authors. It was noted that after sintering in vacuum the wear resistance
increases.

It was stated investigating properties of alloys WC-TiN-Co [4] containing up to
15 wt.% of TiN that addition of TiN results in appearance of an increased
amount of cubic phase in comparison with the similar alloys WC-TiC-Co. This
would be an indirect approval of the fact that the solubility of WC is higher in
TiN than in TiC. Authors point out a peculiarity of microstructure - a very
small interaction zone around TiN grains, and explain it by the negative
nitrogen affinity to tungsten at high temperature. From our point of view the
reason of this phenomena is another - if the sintering temperature is of 1400
- 1430 °C even the presence of liquid phase could not be the reason of
remarkable velocity of complex titanium - tungsten carbide formation.

Authors [5] have shown that hard alloys Ti(C,N)-WC-Ni possess low strength
if the content of tungsten carbide is low. Probably, in this case the analogy
could be observed with the alloys of TK group (WC-TiC-Co) where the
titanium carbide content must be less than 30 wt.% to get enough strength of
alloy.

2. Experimental:

In the following paper the mechanism of composite carbonitrides formation in
system WC-TiN was investigated at first. Tungsten carbide and titanium
nitride (Doneck plant of chemicals, brand "pure", dispersity 10-30 \xm) as well
as titanium nitride prepared by the plasmachemical synthesis (specific
surface area SSA = 20-30 m2/g, d50 = 6 0 - 9 0 nm) were used as a raw
materials. Components were mixed in alcohol for 60 minutes, mixture was
dried and then the samples pressed. The synthesis of carbonitrides was
carried out in nitrogen for 1 h at 1500, 1700 and 1900 °C isothermally.

Composition of prepared samples was determined by X-ray analysis by
means of difractometer DRON-3 with the Cu anode and Ni filter (the range of
angles from 10 to 40°).
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It is obvious from X-ray analysis that in system WC-TiN in the case of coarse
titanium nitride the formation of composite cubic carbonitride is going on
beginning with the synthesis temperature 1500 °C. At 1900 °C internal grain
diffusion porosity migrates mainly to the grain borders, forming great, mainly
spherical pores. The size of carbonitride grains is from 10 to 30 jam. If the TiN
content is over 10 wt.% and the synthesis temperature is 1700 °C and more,
the vacancies form in a metalloid sub-lattice of titanium nitride as a result of
thermal dissociation of nitrides. These vacancies are partially filled by carbon
from tungsten carbide, resulting in appearing of W2C in a final product. If TiN
is replaced by plasmachemically prepared nitride the appearing of W2C is
registered at the concentration of TiN above 5 wt.% (at synthesis temperature
1700 °C). Therefore high dispersity of plasmachemical titanium nitride results
in intensified decarbonization, the same process is facilitated by increased
amount of oxygen admixtures, which are determined by high SSA.

In the process of liquid-phase sintering tungsten half-carbide W2C reacts with
the fusion of cobalt with the following formation of complex carbides (W,Co)C,
resulting in decreased strength and increased brittleness of hard alloy [6].
The use of vibratory milling allows to apply more disperse mixtures for
sintering, and this intensifies the process of carbonitride synthesis at lower
temperatures. For example, the vibratory milling of raw components in alcohol
during 10 - 15 h allows to obtain carbonitride at 1600 °C with the content of
"kiln" titanium nitride up to 15%, for nanodisperse TiN - up to 10%, free of
WC and W2C. The increased time of vibratory milling results in appearing of
half-carbide W2C in the reaction products. Most probably, the reason of this is
a partial oxidation of WC when its specific surface increases during vibratory
milling.

To ascertain the optimal way of technology of hard alloy WC-TiN-Co two
methods of samples preparation were used in this investigation to find
physico-mechanical properties dependent on structure (phase composition,
size of phase components):

- previous synthesis of complex titanium - tungsten carbonitride at the
mass rate WC : TiN = 9 : 1 (using nanodisperse titanium nitride and
vibratory milling for 10 h) at 1500 °C in nitrogen in order to obtain phase
W^xTixC-i-yNy, with its crushing and simultaneous vibratory milling with
WC a the addition of 8 wt.% of cobalt (series 1);

- vibratory milling of 92 wt.% of mixture of tungsten carbide and
nanodisperse titanium nitride (WC : TiN = 9 : 1 ) and 8 wt.% of cobalt
(series 2).
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The starting powders of WC, Co, nanodisperse TiN and previously
synthesized and crushed to the particle size of 0,1 - 0,3 mm complex
homogeneous carbonitride was loaded into vibratory mill filled with hard alloy
balls BK6 (WC-6%Co) and alcohol, the ratio material : alcohol : balls was 1 :
1 : 8 , and then milled for 60 h. Sample pellets were pressed at the pressure
of 100 MPa form vacuum-dried and plasticizated mass. Samples were
sintered isothermally for 1 h in vacuum at the temperature range 1400 - 1450

Shrinkage, density (GOST 20018-74), Rockwell hardness (GOST 20017-74),
bending strength limit (GOST 20019-74, samples of A-type and non-standard
samples 3 x 3 x 30 mm) and Young modulus were estimated for sintered
samples. The WC grain size and porosity of samples' ground joints were
estimated by means of automatic analyser "VideoTest-3.0".

Shrinkage of samples for both series in the limit of error was not practically
dependent on sintering temperature: for series 1 it was 23%, for series 2 -
21,0-5-21,5%.

The dependence of bend strength limit on sintering temperature is shown in
Fig. 1. High absolute values of the bend strength were obtained on non-
standard samples 3 x 3 x 30 mm. Therefore it was possible to determine the
optimum sintering temperature with a very high number of parallel
experiments but with a small amount of used material. The maximum strength
for both of series lies in a temperature range of 1425 •*- 1435 °C. It is
characteristic that the strength of hard alloy prepared without previous
synthesis of carbonitride (series 2) is significantly higher than for alloy of
series 1.

It was stated by investigations of non-etched structures of ground joints that
the porosity of hard alloy of series 2 is something higher (series 1 -
0,2+0,4%, series 2 - 0,4^0,6%. The structure analysis of etched ground
joints reveals that hard alloy of series 2 has more finely grained structure (the
size of WC grains is 1-K5 [xm, for series 1 it is 2H-6 ^m) with the homogeneous
distribution of metal-binder. The use of previously synthesized carbonitride
levels the difference in particle size of WC and the cubic nitride-containing
phase. In the case of utilization of plasmachemical titanium nitride due to
significantly smaller size of its particles a more effective barrier is created to
the process of secondary recrystallization. It results in a formation of regular
and finely dispersed hard alloy structure.
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Fig. 1. The dependence of bend stregth of hard alloys WC-TiN-Co
series 1 and 2 on sintering temperature.

In order to ascertain the main physico-mechanical properties at the optimum
technology (Topt=1430 °C in vacuum) the standard samples were made of
size 5 x 5 x 35 mm and cutting plates (form factor WNUM-060408, GOST
19048-80). Properties of hard alloys are given in the following Table 1.

Table 1
Physico-mechanical properties of hard alloys WC-TiN-Co

Parameter, unit

Porosity, vol.%

WC grain size, urn

Bend strength, MPa

Hardness, HRA

Modulus of elasticity,
GPa

Density, kg/m3

Series 1 alloy

0,2-0,4

2-6

1100-1300

88

500

1150

Series 2 alloy

0,4-0,6

1-3

1700-1760

89

520

1200
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The investigation of cutting properties showed that hard alloys of the series 2
are better than the standard alloy BK8 (WC-8%Co) and possess the same
properties as alloy T5K10 (WC-5%TiC-10%Co), but the preparation
technology is more simple.
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Chemical-Vapor Deposition of Wear Resistant Hard Coatings in
the Ti-B-C-N System: Properties and Metal-Cutting Tests

H. Holzschuh

Walter AG, D-72072 Tuebingen, Germany

Summary:

Cubic Ti(BxCyNz) (x+y+z=1) coatings were deposited on cemented carbides
using chemical-vapor deposition (CVD). The Ti-B-C-N was maintained in the
cubic phase by keeping the B content below 5%. The B:C:N ratio,
microstructure, hardness and wear resistance of the coatings were controlled
by varying the gas precursor flows in the CVD process. Results showed that
TiCN coatings containing B exhibited higher hardness but lower critical loads
(Lc) for coating decohesion. Microprobe measurements revealed that B
diffusion was responsible for inhomogeneous coating compositions and for
the formations of a CoWB phase on the surface of the cemented carbide tool.
Milling tests showed the coatings had good abrasion wear resistance. The
dominant wear mechanism in turning tests was cratering.

Keywords:

CVD, wear resistant coatings, Ti(B,C,N), vickers hardness, crystallization,
cutting tests

1. Introduction:

Coated tools used for metal cutting must have a combination of abrasion
wear resistance and chemical stability at high temperature to meet the
demands of the application. TiCN coatings on cemented carbide tools have
an established record of meeting these requirements. The current work
examined the effect of adding B to the TiCN coatings in order to improve
wear resistance by increasing coating hardness. This was done using two
CVD processes designated HT for high temperature and MT for moderate
temperature. In the HT process boron doped TiCN coatings were deposited
in the range of 1015°C using TiCI4, CH4, N2, H2and BCI3. In the MT process
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coatings are normally deposited between 700° - 900°C using acetonitrile
(CH3CN) instead of CH4 and N2 gas. In this study MT coatings refer to all
coatings made with acetonitrile regardless of the actual coating temperature,
which in some cases was 1015°C.

2. Experimental:

TiBCN, TiCN, TiC, TiN, TiBN and TiBC coatings were deposited onto
standard cemented carbide tool inserts using a Bernex 325S LPCVD system.
Precursors used were TiCI4, CH3CN, CH4, BCI3, N2 and H2 for balance. The
deposition temperature range was 850° to 1015°C. Precursor flow rates were
monitored by mass flow and liquid flow controllers. Deposition of all coatings
started with a TiN base layer that was 0,3 to 0,5 um thick. A top coating layer
of TiN approximately 0.5 jam thick was also used to make it easier to observe
wear patterns in machining. The inserts used as substrates for the milling
tests were (P2808 Walter grade H8 and SEHW1204AFN Walter grade H91)
and for the turning tests were (CNMA120412 Walter grade TH26).

The deposition rate (um/h) and the statistical distribution of coating thickness
were evaluated by measuring the coating thickness of 30 inserts evenly
sampled from a full load of 5000. Coating thicknesses were measured using a
ball crater method. Vickers microhardness tests were performed on the
coatings with a Fisherscope H 100VP ultramicrohardness tester. On average
ten indentations were performed on each cross-section. For coating adhesion
and cohesion the scratch tester used was a SCT3 (GFE Schmalkalden)
equipped with an acoustic emission detector. The tests were conducted at a
constant scratching speed (10 mm/min) and loading rate of 100 N/min. Both
optical microscopy and scanning electron microscopy (SEM) was used to
evaluate the surface and fracture morphology of the coatings. X-ray
diffractograms (XRD) were recorded using a Siemens D5000 diffractometer
using Cu Ka radiation. The composition of TiCN coatings were determined
from lattice parameter measurements from TiN, TiC and T^CxN^x) CVD
coatings. The composition of TiBCN and some TiCN coatings were
determined by WDX (microprobe analyses on a JEOL Superprobe jx8900 R
instrument).

Milling and turning tests were conducted without coolant to evaluate the
coating performance in machining applications. Milling tests were conducted
on 40CrMnMo7 steel and nodular cast iron under the following conditions
( 40CrMnMo7: Vc: 150 m/min, nodular cast: Vc: 180 m/min, f: 0,2mm and ap:
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3 mm). Turning tests were performed on AISI 1045 steel at Vc: 250 m/min, f:
0,32 mm and ap: 2,5 mm. During the tests the maximum width of flank wear
(Vbmax) was measured at regular intervals using optical microscopy. Milling
tests were stopped after a total cutting length of 2400 mm had been reached.
The criteria for tool failure in the turning tests were 0.14 mm flank wear width
or edge failure from crater breakthrough on the secondary cutting surface.
Reference test materials for the newly developed coatings were commercial
MT-TiCN and MT-TiCN-AI2O3 coated inserts from Walter. Coating thickness
of MT-TiC,N and Ti-B-C-N coatings varied from 5,5 to 6,5 |im for the milling
and 11 to 12 u.m for the turning inserts.

3. Results:

3.1.(MT)-Ti-B-C-N

Adding B to the MT-TiCN coatings produced fine-grained MT-TiBCN coatings
with an fee crystal structure and hardness up to 4300 HV. At a deposition
temperature of 850°C it was not possible to change the C:N ratio in the
coating by altering the precursor content in the gas phase (nitrogen 0-80%,
BCI3 0-0,6% of total gas flow) (1).

The influence of deposition temperature
on C:N ratio of MT-TiCN and Boron
doped MT-TiCN is shown in Fig. 1.

The nitrogen content of MT-TiCN
coatings raised if surplus nitrogen is
used in the gas phase (40% N2) and
deposition temperatures exceeded
950°C.

Because of additional displacement of
carbon thru boron even higher nitrogen
can be incorporated into MT-TiBCN
coatings. At deposition temperatures
1000°C and 1015°C the titanium
content in the coating decreased. A
different phase beside the cubic fee
must have been formed.

Fig.1: Influence of temperature on C:N
distribution
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850°C

In MT-TiCN coatings microstructure is columnar in the temperature range
850-1000°C.

At constant gas phase content the average
column width grew from 0,4 to 0,6 ^m over

this temperature range while coating
deposition rates changed
from 1,5 to 2,5 ( im/h.
No influence on micro-
hardness and scratch
adhesion was observed.

The microstructure of the
quarternary MT-TiBCN
coating deposited with
low B content (BCI3: 0,42
Vol%) changed from fine
crystalline at 850 °C to
lamellar at 1015°C
(Fig.2).

Boron doping and raising
the temperature from
850° C to 1015°C
enhanced the coating
deposition rate from 1,9
to 2,8 pim/h and scratch
adhesion critical load ,LC,
from 80 to 110 N but

lowered the microhardness from 4130 HV to 2710 HV (Fig. 3). The XRD-
patterns of the MT-TiBCN coatings correspond to a cubic system. At higher
deposition temperatures the XRD peaks were sharper indicating grain growth.

The hardness changes were also affected by a variation in the B content of
the coating. Microprobe analysis showed that B levels in the coating
increased with distance of the test insert from the gas inlet, at temperatures
above 900°C. The distribution of coating thickness around nominal also
increased with temperature from 5% at 850°C to 23% at 1015°C.

Fig. 2: Microstructure of MT-TiCN and MT-TiBCN
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Fig. 3: MT-TiBCN: Vickers Hardness vs. distance of test insert from gas inlet at
a) BCI3 content 0,08 - 0,62 Vol%; deposition temperature 850°C
b) deposition temperature 900-1015°C; BCl3: 0,4 Vol%

When boronizing WC-Co alloys three Co-B and four Co-W-B phases can be
formed and more than one boride phase can be present at one time (2,3). It is
known the CoWB phase can be produced by using low boron partial pressure
and short boronizing times (4,5).

Boronizing increases the hardness of cemented carbides and cutting tests
using boronized cemented carbides are reported by Zakahariev and Graham
(6,5). In a cross section of coated carbide CoWB can be etched with
Murakami and easily misinterpreted as an eta-phase (W4Co2C or W6Co6C).

The C displaced by B in the WC/Co substrate diffused into the TiN base layer
forming a TiCN with low carbon content as evidenced by the microprobe
measurements and color changes in the coating from yellow to brownish
observed in optical microscopy of polished cross sections.
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Fig. 4: Distribution of B in MT-TiBCN coatings and
formation of CoWB phase

Deposition of TiBCN
coatings resulted in the
formation of a boronized
region under the coating.
XRD and microprobe
measurements revealed
that B had reacted with
WC and Co in this region
to form a CoWB phase.

Boron distribution across
the MT-TiBCN coatings is
shown in figure 4.

The depth of the
boronized zone increased
with the deposition
temperature. However the
cobalt content of the hard
metal and to a lesser
extent the amount of BCI3
in the coating gas also
affected the size of the
zone.

3.2. (HT)-Ti-B-C-N

There are significant differences among the HT-TiBCN coatings deposited at
1015°C. Unlike the MT-TiBCN coatings it was possible to change the B:C:N
ratio by varying the gas flows of BCI3, CH4 and N2 resulting in a large amount
of different compositions and properties.

Generally microhardness of the HT-TiCxNx.-i (x=0-1) coatings increased
linearly with increasing carbon content from 1750 HV in TiN to 2950 HV in
TiC. As microhardness increased scratch adhesion decreased from 115 N in
TiN to 50 N in TiC coatings. When doping HT-TiCxNx-1 (x: 0-1) with low
amounts of Boron (<5%) the rise in microhardness depended on the CH4:N2

ratio in the gas used to form the coating. The high microhardness values of
4100 HV measured in MT-TiBCN coatings deposited at 900°C could not be
reached in HT-TiBCN coatings. Comparing MT-TiBCN deposited at 1015°C
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(Fig. 3) with HT-TiBCN (see Fig.5: TiCo.7No.3/TiBCN) showed that similar
increases in microhardness were obtained. Hence it appears that coating
microhardness is influenced by the C:N:B ratio as well as deposition
temperature.

3500 .
distance to gas inlet

(3Z i - 3 O m - m

3000 - 1MB 80mm

fll

2500

2000

1500 -

C:K • ratio

Fig. 5: Influence of microhardness from distance of test insert to gas inlet and C:N
ratio of B doped and undoped HT-TiCxNi-x coatings

As observed in MT-TiBCN deposited at temperatures >900°C test inserts
positioned that were further from the gas inlet had higher B levels in the
coating. The B distribution in HT-TiBCN was also dependent on the CH4:N2

ratio used in the CVD process which affected both microhardness (Fig.5) and
deposition rate. For instance coating thickness distribution on boron doped
HT-TiC0.7N0.3 was 7 % and HT-TiCo.-iNo.g was 24 % around nominal.

The deposition rate decreased when doping HT-TiCN with boron. The
amount of decrease depended on the CH4/N2 ratio in the coating gas.
Microhardness of these coatings increased with higher CH4 content but never
reached the amount of MT-TiBCN deposited at low temperature with one
exception. In this case doping of TiN with B (900°C, BCI3: 0,15 Vol%) where
microhardness increased from 1750 HV in TiN to 3400 HV in TiBN which was
as high as MT-TiBCN deposited at similar temperature and dopant content.
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Fig. 6: WDX: B:N distribution of different B doped
TiCo.iNo.9 coatings

WDX revealed that boron
displaces in HT-TiC0.iNo.9 and
HT-TiCo.3No.7 nitrogen while
the carbon and titanium
content in the coatings kept
constant (Fig. 6). This is
contrary to results from MT-
TiBCN coatings deposited at
1015°C. In this MT-TiBCN
nitrogen raised and boron
displaces carbon while
titanium decreased (see
Fig.1).

Not examined by WDX are
the displacement reactions in
B doped carbon rich HT-TiCN
coatings like HT-TiC07N0 3 or
HT-TiCo.gNo.1.

The XRD-patterns of boron doped
HT-TiBCN coatings revealed a fee
structure (NaCI type) like TiCN. No
broadening of the pattern reflections
can be detected suggesting no grain
growth had occurred.

SEM analyses indicated grain
refinement took place as shown in
Fig. 7.

Fig. 7: SEM micrographs of HT-TiCN
and HT-TiBCN coatings
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3.3. Results of cutting tests

Milling tests were performed on inserts coated with HT-TiCxNx.-i (x:0-1) , HT-
TiBCN (5% Boron, deposition temperature 1015°C) and MT-TiBCN (B 1-5%,
deposition temperature 900°C). The results were compared to commercial
coated inserts with MT-TiCN and MT-TiCN-AI2O3.

MT-TiBCN and HT-TiBCN coatings
behaved contrary to each other. No
difference in flank wear could be found
on MT-TiCN and MT-TiBCN when
milling 40CrMnMo7 steel. But the HT-
TiCN and TiBCN coatings showed
higher flank wear. Varying the B:C:N
ratio did not influence the wear. Little
difference was observed in flank wear
between HT-TiCN coatings and the HT-
TiBCN. Ail coating deposited at 1015°C
suffered on thermal cracks (Fig. 8). No
cracks could be found on MT-TiBCN
and MT-TiCN coated tools.

Fig. 8: Milling tests using 40CrMnMo7

Nodular cast iron tends to form built up
edges in milling operations. Doping of
MT-TiCN with boron increases the
adhesion between coating and the
nodular cast iron leading to higher
flank wear. Doped HT-TiCN coatings
did not show an increase in wear
(Fig.9). Even though the HT-TiBCN
coated inserts were reasonably
successful, the wear rates were still
higher than inserts coated with MT-
TiCN and AI2O3.

mm

1
m

• * • ' • . • ' • " •

i '• "

/ • j % | HT-T.SCN I

Fig. 9: Milling tests using nodular cast
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In the turning tests the all the B
containing coatings showed a
higher rate of crater wear than the
conventional coatings. This is most
likely due to a higher diffusion rate
of B into the 1045 steel. It is
therefore not suprising that MT-
TiCN and HT-TiCN coatings had
better crater wear than the coatings
doped with boron. MT-TiCN
coatings showed best results
(Fig.10).

Fig. 10: Turning tests on AISI 1045

4. Conclusion:

Hard coatings in the system Ti-B-C-N were deposited by CVD. The choice of
precursors and deposition temperature influenced chemical composition,
microstructure, crystallinity, microhardness, and wear properties of the
coatings.

Boron doping raises microhardness while decreasing scratch adhesion and
grain size of MT-TiCN and HT-TiCN coatings. At low B content (<5% B) the
coating structure is fee.

The C:N ratio in MT-TiCN and B doped MT-TiCN coatings changed using
CH3CN and 40 Vol% N2 at high temperatures (TiCN: 1000°C, TiBCN:
1015°C). Nitrogen content raised while boron substituted carbon. High
deposition temperatures and 40Vol% N2 in the gas phase influenced the layer
thickness, B content and distribution in the coatings.
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Diffusion of boron is responsible for inhomogeneity in the boron distribution of
MT-TiBCN (deposition temperature >900°C) and HT-TiBCN coatings and the
formations of a CoWB phase on the surface of the cemented carbide.

By adjusting the BCI3:CH4:N2 ratio in the coating gas the B:C:N ratio in HT-
TiBCN coatings can be varied.

Boron displaces nitrogen in boron doped HT-TiCxN-|.x (x = 0 - 0.3) coatings.

For milling of steel MT-TiBCN coatings are preferred. On milling of nodular
cast HT-TiBCN coatings showed better wear. Neither MT-TiBCN nor HT-
TiBCN coatings can be recommended for turning of AISI 1045.
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PROPERTIES

A.Borisova*, Yu.Borisov*, E.Shavlovsky*, I.Mits*
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Summary

Vanadium carbide coatings on carbon and alloyed steels were produced
by the method of diffusion saturation from the borax melt. Thickness of
the vanadium carbide layer was 5-15 ^m, depending upon the steel
grade and diffusion saturation parameters. Microhardness was 20000-
28000 MPa and wear resistance of the coatings under conditions of end
face friction without lubrication against a mating body of WC-2Co was
15-20 times as high as that of boride coatings. Vanadium carbide
coatings can operate in air at a temperature of up to 400 °C. They
improve fatigue strength of carbon steels and decrease the rate of
corrosion in sea and fresh water and in acid solutions. The use of
vanadium carbide coatings for hardening of various types of tools,
including cutting tools, allows their service life to be extended by a factor
of 3 to 30.

Key words:

Vanadium carbide, coatings, borax melt, wear resistance, cutting and
forming tools

1. Introduction

Formation of carbide coatings on surfaces of carbon-containing steel
parts by the no-electrolysis method from the salt melts is a promising
technology for thermochemical treatment. Carbide coatings of this type
are characterized by high wear, corrosion and erosion resistance. The
technology is environmentally clean. Its basic operations, such as
immersing workpieces into the borax melt containing a carbide-forming
element, holding at preset temperatures and during a preset time,
cooling and washing off the remaining borax in hot water, are simple to
perform. Advantages of the technology are that the materials and
thermal equipment used are inexpensive and readily available, as well as
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that it is possible to combine oxidation-free heating of workpieces for
quenching with the process of formation of carbide coatings and
subsequent heat treatment (quenching) of the coated parts.

The method for production of carbide coatings from the salt melts,
termed the TD -process, was developed as far back as 1971 by the
Toyota Central Research Laboratory (Japan) [1]. Now it is widely
accepted far beyond Japan (European countries, USA, Australia). The
E.O.Paton Electric Welding Institute has been involved into the work on
production of carbide coatings from the borax melt since 1985, while
since 1996 this work has been performed in collaboration with the
"Chromin" Company (The Netherlands). This paper gives results of the
collaborative work of the E.O.Paton Electric Welding Institute and
Chromin on production, investigation and practical application of
vanadium carbide coatings on tool carbon and alloyed steels.

As compared with other metal carbides, vanadium carbide is
characterized by a combination of high hardness and sufficient ductility.
For example, microhardness of vanadium carbide amounts to 29000
MPa and elasticity modulus is 280-430 GPa, while the corresponding
values of titanium carbide are 29000 MPa and 460-600 GPa and those
of tungsten carbide are 21000 MPa and 510-720 MPa, respectively. This
makes vanadium carbide a promising material for hardening of machine
parts and tools, including cutting tools.

II. Experimental

Investigation of the mechanism of vanadium carbide coating and
optimization of the technology for deposition of the vanadium carbide
coatings were done on carbon steels (carbon content - from 0.2 to 0.8
wt. %) in a temperature range of 800-1050 °C and at a holding time of 1-
5 h. Structure and phase composition of the coatings were studied by
metallography, microdurometry, X-ray phase analysis and X-ray
microanalysis. The atomic C/V ratio was determined on the basis of
results of evaluation of the lattice constant of vanadium carbide and data
on its dependence upon the composition in the homogeneity range [2].

Oxidation resistance of vanadium carbide coatings was determined by
the gravimetric method in air (derivatograph Q-1500 D, heating rate - 10
°C/min) and corrosion resistance - by the potentiostatic method in sea
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and fresh water, in 5 and 10 % solutions of hydrochloric acid, and in
alkaline medium of potassium hydroxide.

Tribological properties of the coatings were studied by the following
methods:
1. Abrasive wear was studied by friction of the test and reference

samples on a surface with abrasive particles fixed to it (abrasive
paper) under static loading and at no heating. In addition, this
included comparative tests of vanadium carbide coatings with a
number of other coatings.

2. Gas-abrasive wear was studied by simultaneously affecting the test
and reference samples by a flow of hard particles formed by a
centrifugal accelerator under fixed testing conditions.

3. Wear under conditions of end face friction without lubrication on a
mating body was studied depending upon the displacement speed
and loading.

4. Cavitation wear was studied in a flow of fluid under a pressure at the
inlet equal to 20 MPa and a pressure gradient of 0.83.

III. Results and discussion

Sequence of the process of formation of the carbide layer on steel was
established on the basis of results of kinetic investigations, structural and
phase analysis and thermodynamic calculations.

According to the thermodynamic calculations, interaction of borax with
ferrovanadium at temperatures of 1000-1500 K is a multi-stage process.
Intermediate products of the process are vanadium oxide, boron oxide
and sodium hyperoxide. Formation of atomic vanadium is most probable
to occur as a result of reaction between vanadium oxide and potassium
hyperoxide. It should be noted that the thermodynamic probability of
such as reaction depends but slightly upon the temperature.

Results of our investigations suggest that the process of formation of a
carbide layer on the surface of carbon steel consists of the following
stages:
1. Adsorption of atomic vanadium on the surface of steel;
2. Diffusion of vanadium in the bulk and, at a higher rate, along the grain

boundaries of a steel sample to form solid solution of the Fe-V-C
system;
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3. Counter-diffusion of carbon mostly along the grain boundaries to the
surface of the steel sample and formation of vanadium carbide as a
result of interaction of carbon with an adsorbed layer of atomic
vanadium (thermodynamically allowed reaction over the entire
temperature range);

4. Growth of regions of the carbide phase until they coalesce to form a
continuous carbide layer.

After that the process stops abruptly, as diffusion of carbon to the outside
boundary through a carbide layer acts as a bounding link, which limits
the ultimate thickness of the layer for the investigated temperature-time
range of the process to a value of 5-15 ^m.

Vanadium carbide is known [3] to have a rather wide range of
homogeneity: from VC0.75 (15.1 wt. % or 43 at. % C) to VC0.96 (18.5 wt. %
or 49 at. % C). Atomic nodes in the carbon sub-lattice of non-
stoichiometric VcYx remain vacant. Building up of the VC layer at the
final stage of its formation occurs primarily on the outside of the steel
sample. Adsorption of atomic vanadium on the sample surface owing to
the presence of convective flows in the borax melt is rather intensive, this
making diffusion of carbon from the base through the carbide layer a
bounding stage of the process. The suggested mechanism of formation

Fe 92,0 %

Fig. 1. Distribution of vanadium (a) and carbon (b) through thickness of
the carbide layer on carbon steel
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of the carbide layer is proved by results of investigation into distribution
of elements through thickness of the layer (Fig. 1), which is indicative of
the absence of the vanadium concentration gradient and an increase in
the carbon concentration in a direction to the external boundary of the
layer.

The maximum permissible thickness of the carbide layer and its
microhardness at preset temperatures and time of the process depend
upon the carbon content and nature of alloying elements in steel (Table 1).

Thus, an increase in the carbon content of steel itself and on its surface
layer (which can be achieved by preliminary carburizing) allows
thickness of the carbide layer (Fig. 2) and its microhardness to be
substantially increased. In this case the composition of VC^x approaches
the upper boundary of homogeneity (Table 1).

Alloying elements can either increase or decrease diffusive mobility of
carbon in austenite, thus affecting the rate of its delivery to the interface
with the carbide layer. Such elements as Cr, Mn and Mo, which form
more stable carbides than Fe3C, decrease the relative coefficient of
thermodynamic activity of carbon in austenite, whereas elements which
do not form stable carbide but just disturb perfection of the crystalline
lattice (e.g. nickel) act in the opposite direction.

Therefore, while the vanadium carbide layer formed on carbon steel
1045 with a carbon content of 0.54 % at a process temperature of 980 °C
and holding for 6 hours has thickness of 11+0.5 \xm, on steel 1.7225
alloyed with chromium to 1.2 % and molybdenum to 0.3 %, having the
same carbon content (up to 0.45 %) its thickness is no more than 8±0.5
\im (Figs. 2 b and 3 a). Preliminary carburizing of steel 1.7225 allows
thickness of the layer to be increased to 13±1(4.m under the same
conditions of VC deposition (Fig. 3 b). On steel 1.4122 with a higher
chromium content (17 % Cr) without preliminary carburizing the
continuous carbide layer is not formed at all (Table 1).

The positive point of the technology of vanadium carbide coating in the
borax melt is the absence of a carbon-free zone under the carbide layer.
This is attributable to a higher diffusive mobility of carbon in metal, as
compared with the carbide phase, as diffusion of carbon in metals occurs
by a pure interstitial mechanism [4].
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Fig. 2. Microstructure of vanadium
carbide coatings on carbon steels
deposited at a temperature of 980
°C and holding for 6 h (a - St.
0.20 % C, b - St. 0.45 % C, c -
St. 0.8 % C), x 500

Fig. 3. Microstructure of
vanadium carbide coatings on
alloyed steels deposited at a
temperature of 980 °C and
holding for 6 h (a - steel
1.7225, b - carburized steel
1.7225), x 500
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Table 1. Characteristics of VC coatings on steels (deposition conditions: 980 °C, 6 h)

Steel grade

St. 1020**J

St. 1045***'

St. 1078***J

St. 1078***'
cemented

1.1730

1.1730
cemented

Content of
carbon and

main alloying
elements, wt.

%
C-0,20

C-0,54

C-0,8

C - 1,2 **»

C - 0,45
Mn - 0,7

C - 0,8 **>
Mn-0,7

Properties of coatings
Thickness,

l̂ m

1,5 ±0,5

9 ±0,5

13±0,5

13 ± 1,0

11 ±0,5

13 + 0,5

Microhardness,
MPa*>

-

19000-20000

12000-25000

26000 - 28000

19500-20100

19500-21000

Phase
composition

-

VCo,85

VCo,87

VCo,87

VCo,83

VCQ,84

Notes

Formation of a thin
carbide layer
Carbide layer is dense,
homogeneous
Carbide layer is dense,
homogeneous
Same, but cracks are
formed in some regions
in measurement of
microhardness
The zone of alloyed
ferrite adjoins the
coating
Cracks are revealed in
some regions of the
coating in measurement
of microhardness

"D
5T

>

CO

CD
O
5o



CD
O

I1.0601

1.0601
cemented

1.7225

1.7225
cemented

1.4122

1.4122
cemented

C-0,6;
Mn-0,8
Cr<0,4;
Ni<0,4

C-0,7;
Mn - 0,8
Cr<0,4;
Ni<0,4

C-0,42;
Mn-0,7
Cr-1,1;
Mo - 0,2

C - 0,77**';
Mn-0,7
Cr-1,1;
Mo - 0,2

C-0,35;
Cr-17

Mo-1,0;
Ni<1,0

C-4,14**J;
Cr-17

Mo-1,0;
Ni<1,0

8 ±0,5

13 ± 1,0

8,5 ±1,0

12,5 ±0,5

7 ±0,5

18540-19500

18540-20100

16000-19500

18500-22900

10500

VCo,84

VCo,84

VCo,85

VCo,86

VC0,75
a - Fe,
Cr7C3

VC0,77

The zone of ferrite
grains adjoins the sense
carbide layer

Carbide layer is dense,
homogeneous

Grains of alloyed ferrite
are revealed under the
carbide layer

Insignificant porosity is
detected in the ferrite-
carbide sub-layer
adjoining the carbide
layer
Coating is discontinuous
and has the form of
individual grains on the
surface of steel
Carbide layer is porous

(D
-o
or

>

1
O l
CO



o

1.2379
(D2)***>

1.4112

1.4571
cemented

C-1,55;
Cr-11,5
Mo-0,75;

V-1,0
C-0,9;
Cr-18,0
Mo-1,2;

V-0,1

C - **>;
Mn-2,0;
Cr-17;
Mo-2,0;
Ni-12,0

5,5 ±0,5

5,5 ±0,5

8,0 ±0,5 15400-16040

vc,85

VCo,77

There is no transition
zone under the VC layer

There is a transition
layer with a small
number of carbide
inclusions under the VC
layer
Structure under the VC
layer is more fine-
grained than that of the
base

*} Microhardness was not measured at coating thickness of <

**' Carbon content of the surface layer of cemented steel

***>AISI-SAE system

CD
03

00
g
co'

§
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The investigation of the process of oxidation of vanadium carbide
coatings on steel shows that at temperatures of above 550 °C the
process is dramatically accelerated (Fig. 4) to form porous and multi-
phase scale (basic phases V2O3 and Fe2O3). Diffusion porosity is formed
at the interface, leading to separation of the layer (Fig. 5). However, at
temperatures below 400 °C the VC coatings have a sufficiently high heat
resistance. This circumstance should be allowed for in heat treatment of
parts after coating.

Because of high hardness of the carbide layer and high residual
compressive stresses present in it (according to [5] the vanadium carbide
coated steel with 1.6 % C has CTres = 24000 MPa), the vanadium carbide
coated steel is characterized by high wear resistance.

Is
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O
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- /

/

/ !

/ !

/ I
} !

!
i 1

100 200 300 400 500

Temperature, °C

600 700

Fig. 4. Dependence of an increase in weight of the vanadium carbide
coating upon the temperature in oxidation in air (heating rate - 10
°C/min)
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Fig. 5. Microstructure of the oxidized vanadium carbide coating on steel,
X 200 (initial thickness of the VC layer- 12 |u.m)

Investigations of wear resistance of the vanadium carbide coatings under
conditions of abrasive wear on the abrasive paper show that relative
wear resistance decreases with an increase in the wear path. For
example, while at a path of 10 m it is equal to 30 relative to the reference
sample (quenched steel CrWMn containing 0.85-0.95 % C, 0.5-0.8 % Cr,
0.5-0.8 % W, 0.9-1.2 % Mn and 0.15-0.35 % Si), at a path of 30 m it
decreases to 4.3. Therefore, life of the vanadium carbide coatings under
the abrasive wear conditions depends upon their thickness.

Wear resistance of the vanadium carbide coated steel under gas
abrasive wear conditions, depending upon the abrasive attack angle, is
3-25 times as high as that of alloyed steel with 0.3 % C (30CrMnSi) (Fig. 6).
Wear of the vanadium carbide coatings on steel U8 under conditions of
end face sliding friction without lubrication on the mating body of alloy
WC-2Co (displacement speed - 0.5 m/s, pressure on the samples - 3
MPa) is 1-2 jim/km at a friction coefficient of 0.4-0.5. To compare, wear
of boride coatings on steels under the same conditions is 20-25|im/km,
i.e. it is 15-20 as high as that of the vanadium carbide coatings.
Comparative wear resistance of vanadium carbide coatings relative to
some others coatings is shown on Fig.7 (conditions of rubber wheel
abrasion tests).
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90 60 15

Fig. 6. Linear wear (J) of the vanadium carbide coating at preset
abrasive attack angles (~ - wear of the coating; ~ - wear of the reference
sample of alloyed steel 30KhGSA, centrifugal accelerator rotation speed
- 100 rps, abrasive - SiO2 with particle sizes of up to 1 mm)

Testing the vanadium carbide coatings to cavitation resistance at a
working fluid pressure gradient of 0.83 and a test time of 12 h showed an
increase of 25-30 times in the cavitation resistance of the coated steel,
as compared with the uncoated one. As shown by the investigations, a
shock wave generated at collapse of the cavitation bubbles leads just to
deformation of the carbide grains, causing no cracking or fracture of the
coating. The result obtained is in agreement with the investigations [1],
where impact tests using a steel ball caused no cracking and no
separation of the vanadium carbide layer even after 200,000 impacts. To
compare, the electrolytic chromium layer separates after 50,000 impacts,
the depth of the impact trace being identical in both cases.

Owing to the presence of high residual compressive stresses the
vanadium carbide coatings increase fatigue fracture resistance of steels.
The low-cycle fatigue tests using the electrohydraulic testing machine
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UE-20 showed that samples of high-carbon steel containing 0.8-0.9 wt.
% C with the vanadium carbide coatings withstood the largest number of
cycles to fracture (18000 cycles under a maximum load in a cycle equal
to 900 MPa). The same steel without a coating fractures in the working
portion of a sample during the process of single loading to 890 MPa, and
steel with 0.45 % C under a load of 795 MPa withstands 2520 cycles.
Deposition of the vanadium carbide coatings on steel with 0.45 % C
allows fatigue fracture resistance to be increased approximately 2 times.

130,5

1.

• 1. Fe2B
114. Cr7C3

H 2. Hard Cr
M 5. Fe 52(refer.)

Fig. 7. Comparative wear resistance of different coatings

Investigation into corrosion resistance of the vanadium carbide coatings
in sea and fresh water, in 5 and 10 % solutions of hydrochloric and
sulphuric acids and in alkaline medium of potassium hydroxide (5 and 10
% KOH solution) was conducted using the potentiostatic method.
Analysis of the anode polarization curves shows that in the field of active
dissolution there is a linear relationship between the potential and
logarithm of the current density. Further increase in the potential is
accompanied by a gradual inhibition of the dissolution process and
achievement of the saturation current. The corrosion potential of the
vanadium carbide coatings in all media, except alkaline solution, shifts to



A. Borisova et al. HM 63 465
15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

the range of positive values, as compared with that of steel. Corrosion
rate of the coatings, expressed in terms of current, in sea and fresh
water is 10-20 times, and in acid solutions - 70-400 times as low as that
of steel with 0.2 % C in such media. In alkaline solutions the rates of
corrosion of the VC coating and steel are almost identical.

High hardness, strength of adhesion to the substrate and wear
resistance of the vanadium carbide coatings, as well as small thickness
of the layer, which hardly changes sizes of the parts and does not disturb
sharpness of the cutting edges (Fig. 8), maintaining of initial surface
finish (surface roughness from Ra > 0.5 îm is not deteriorated after
deposition of the diffusion layer) make the vanadium carbide coatings
rather promising for commercial application.

Fig. 8. Sectional view of an edge with vanadium carbide coating

At present the vanadium carbide coatings are applied to different
machine parts and tools used in machine building, metal- and wood-
working and meat-processing industries.

Figure 9 shows some parts with the vanadium carbide coatings. Results
of practical tests are indicative of an extension of life of the parts and
tools with the vanadium carbide coatings from 3-4 to 30 times, as
compared with the mass-produced parts (Table 2). The "Chromin"
Company has arranged a shop for deposition of the vanadium carbide
coatings.



Table 2. Practical application of carbide coatings

en

Part
Die for deep drawing of metal
Punch for cold pressing of powders, as compared with borated one
Textile machine thread-guides
Tools for calibration of holes (core) in stainless steel parts
Wood working tools
Paper drills
Knives for cutting of ceramics
Calibration punches
Rubber processing tools
Output cone for cigarette formation
Blocks of wrenches and threading dies of wedge suspensions of
spiders for drilling equipment

Extension of service life, times
30

4...6
8...10

30
4...6
5...6
4...6
3...6

3
20...25
10...15

-o
a

CO

CDo

o

CD
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Fig. 9. Parts with vanadium carbide coatings

IV. Conclusions

Formation of vanadium carbide coatings on surfaces of parts is an
efficient and promising area of thermochemical treatment. The no-
electrolysis method of producing of diffusion coatings from the borax melt
containing a carbide-forming element is characterized by simplicity and
cheapness, as compared with other methods. Thickness of the
continuous carbide layer formed at a preset temperature and time of the
process depends upon the carbon content of steel and upon the nature
and amount of alloying elements contained in it.

Diffusion coatings of vanadium carbide on steels are characterized by
high wear resistance under conditions of sliding friction in air without
lubrication and under wear and cavitation conditions. Also, they feature
high corrosion resistance in different environments. The use of vanadium
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carbide coatings holds promise for hardening of machine parts operating
under friction and wear conditions, including impact loading, as well as
cutting, drawing, extrusion and press-forming tools.

Results of practical application indicate that life of the parts extends from
3 to 30 times.
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Production of Material With Higher Damping Ability for Superhard
Cutting Tools

Anatoliy D. Shevchenko

Institute of Metal Physics Ukrainian AS, 36 Vernadsky pr., Kyiv-03142, Ukraine

Summary

A new material named "avibrite" with higher damping ability Q"1 is created
from metallic Ni- and Ti-powder under high pressure using specialized
technology. Physical and mechanical characteristics of "avibrite " are
analysed in comparison with the alloy of similar composition. The strength of
"avibrite" exceeds that of cast alloy of Ti nickelide and Q'1 of the new material
is several orders of magnitude higher at compared with its analogue.
Application of vibration-damping elements made of "avibrite" in the cutting
tool and drill bit proved the effective damping of the vibrations due to the
impact load, impact-rotation and permanent loads, which results in a
considerable increase of wear resistance of cutting tool and diamond drill bit.

Keywords

high pressure, composite material, higher damping ability, cutting tools

1. Introduction

The purpose of given work is to obtain under high pressure conditions using
specialized technology' the material with thermoelastic martensite, material that
would provide high level of deformation accumulation Eh, in the martensite
transformation process and, therefore, the increase of Q'1. It may be realized, for
example, if to create necessary quantity of closed pores in the material bulk with
thermoelastic martensite. Necessary quantity of closed pores, which would
realieze displacement of phase boundaries increasing mobility of boundaries of
martensite microdomains that would lead to effective relaxation of external
strains, growth of Eh and amplification of Q'1 in this case it is necessary for
"closed" porosity in the material with thermoelastic martensite to be such in
magnitude that Q'1 amplification mechanism would work and simultaneously
structural material would possess necessary mechanical strength. One may
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expect that mechanism giving rise to the growth of En and Q'1 in the material
with thermoelastic martensite will also lead to strengthening of the material
itself in the thermoelastic martensite state as a result of manifistation of the
plasticity effect at martensite transformation in the field of external strains.

2. Experimental

To create high pressure, solid-phase high pressure chambers ("toroid" and
"lens"-types) and a hydraulic press of 2000 tons stress were used. Physical-
mechanical characteristics of "avibrite" in comparison with those, studied by
the author, of cast alloy with composition analogous to that of new material
are listed in this work. Complex of "avibrite" physical and mechanical
characteristics, and efficiency of cutting and drill tool, equiped by vibration-
damping elements made of new material, at permanent, impact and impact-
rotation load on the tool has been investigated. The microhardness
magnitude Hb was measured by the Vickers method at load on indentor 50 g.
Compressive strength limit value ac was determined by-compression of
cylindric samples with plane-parallel polished ends between hard-alloyed
bearing on the static test machine "P-5". Investigation of damping ability Q'1

was performed over ultrasound damping in the frequency range of 40 •*-1500
kHz on the samples of "avibrite" and ones of analogous composition cast alloy
using the resonance method based on measuring of the resonance curve with
on the level Amax/V2 (Amax is a resonance maximal amplitude). Structure
investigations of obtained composite material "avibrite" were performed with X-
ray diffractometer "DRON-2" Composition of obtained material was determined
with the help of X-ray fluorescent spectrometer VRA20 and VRA30 of the "Karl
Zeiss lenna", Germany and English electron scanning microscope with electron
probe of the "Camscan" firm. The value Eh m the alloy was determined by the
formula Eh=c/2r=c/l+ a2/41 (c is thickness of the sample, r is a bending radius, a
is the distance between quarts bearings, I is a sag) from investigations of the
shape memory effect (SME) by the three-point bending method of rectangular
samples with concentrated load. Investigation of SME according to this method
was realized by measurement of the temperature dependences of the sag I(T)
formed by bending deformation of rectangular "avibrite" plates and ones of
analogous composition alloy. The composite material microstructure was
investigated with "Camscan" and optic microscope "Neophot-2", Germany.
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3. Results and discussion

It is determined that at T<323 K obtained composite material "avibrite" is
characterized by availability of pores placed along the boundaries of microdo
-mains having martensite structure. It is known that SME is related to inelastic
properties of materials, it is an effect of phase thermoelastic equilibria and
occurs at martensite transfor-mation. It is also known that the martensite
transformation is accompanied by big shift deformations (effect of
transformation plasticity - decrease of resistance to shift deformation)
leading, in its turn, to accumulation of deformation in the martensite
transformation process in the field of external strains, realizing by the way of
displacement of interphase boundaries of microdomains with followed
directed orientation of domains under effect of external load; in this case,
such displacement realizes relaxation of external strains and thereby
motivates damping ability Q'1 characteristic for a given material with
thermoelastic martensite. As a rule, good damping materials have Q'1 = 10~3

- 10"4 [1]. It has been turned out that in "avibrite" Eh = 4,5% and it exceeds Eh

for the analogous composition alloy approximately in 17 times, in this case
reversible deformation Er = 3,0 % for "avibrite", and SME is characterized by
incomplete return of accumulated deformation - remanent deformati on Erem =
1,5%. Investigation of Q'1 in "avibrite" and in alloy showed that in the alloy Q'1

= 0,005, and it is impossible to measure ultrasound damping in "avibrite"
because offtill absorption of ultrasonic oscillations in it, i. e. "avibrite" is
characterized by raised Q'1.
Investigation of mechanical properties of a given composite material and
analogous composition alloy showed that in "avibrite" ac =2300 MPa and
exceed <7c of the alloy in 1,7 times under compression of the samples made
of a new material in response to the external, raising in time load the
displacement of martensite phase of the latter (at the room temperature
"avibrite" is already in the state with thermoelastic martensite) and following
direct disposition of domains in the field of external strains, at which the
process of accumulation of deformation proceeds, take place. The result as
to ac correlates with the data on microhardness Hb, also resulting in that Hb,
in "avibrite" exceeds Hb of analogous composition alloy in 1,8 times. It is
determined that for Hb=4,8 GPa.
Influence of "avibrite" vibration-damping elements on capacity of work of cutting
tool made from polycrystalline super-hard material on the base of the boron
cubic nitride from and other superhard materials, developed at the Institute of
Superhard Materials, Academy of Sciences of Ukraine, under dynamical loads
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on tool, arising while processing heatproof steels, has been studied. The tests
has proved that "avibrite" dampts effectively vibrations arising under dynamical
load on cutting instrument and increases wear resistance of the tool in 1,8-3,0
times. It has been determined that application of a new material while core
drilling of the boreholes also increases wear resistance of the diamond drill bits
and reduces the consumption of diamonds by 59%.

The properties of "avibrite" to reduce dynamical loads on tool in the process of
cutting were investigated and were compared with analogous characteristics of
hard alloy BK8. "Avibrite" and alloy BK8 were used as backing plates at
attaching in a jack of a holder of cutting element made of superhard materials.
Comparative tests were performed under following conditions, equal to "avibrite"
and BK8. Cylindric blank 70 mm in diameter of steel 9XC with hardness 60HRC
was machined on screw-cutting lathe with numerical-program control (NPC),
model 16K2003CI. To imitate impact loads, six grooves were done on a blank
along the generating line. Cutting rate was 1, 8 m/sec. Thus, the impact cycles
repeated every 0,02 sec. Turning was performed with longitudinal feed 0,1
mm/rot., depth of cut 0,2 mm without lubricating-cooled liquids. Kiborite was
used as instrumental material; round cutting plate made of it was mechanically
fixed in the groove of a holder, forming front and back angles y =-10° and a=10°
without face on cutting edge. Cutting instrument was isolated above and below
from the clamp and bearing surface of a holder by intermediate plates of
"avibrite and alloy BK8. In the process of cutting the force components Px, Py

and Pz were measured with the help of universal dynamometer, model YDM-
100. The dynamometer was connected with the computer ECM CM-4 that
asked the data unit with the frequency 104 imp./sec. Obtained information was
entered into computer operating memory and then was reproduced on the
graphic plotter. In Figure I diagrams of change of the main cutting force
component Pz on cutting time after 3 second of contact of cutting instrument with
the blank are presented.
In the first case (see Fig. 1, a) hard alloy of BK8 was used as bearing bearing
blanks, in the second one - "avibrite" (see Fig. 2, b).
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Fig. I. Dependence of cutting force on time using the alloy BK8 (a) and
"avibrite" (b) as a pad for the instrument

The cycles of duration 0,02 sec. are well seen. At the moment of unloading,
when the instrument falls in a groove on the blank, the curve is sharply
descended, however, at the expense of elastic elements of the dynamometer
vibration of instrument takes place, having pyramidal form both for BK8 and
"avibrite" that points at equal test conditions. While contact of kiborite instrument
with following part of blank, the cutting force is reply grown it is stabilized with
the time and goes out a nominal regime, characterizing for every test by mean
load 150 H (H is Newton). New cycle begins with unloading. Comparative
analysis of dependences in Figure 1 shows that cutting process is characterized
by smaller intensity when using "avibrite" as a bearing plate. One can judge
about this by the height of splashes at the moment of impact and also after
unloading. For the new material the height of splashes doesn't exceed mean
level of 150 H, while for BK8 the splashes achieve 200 H and more that exceeds
by 40% splashes when "avibrite" is used.
Analogous character of dependences was observed for axial Px and longitudinal
Py cutting force components, up to 12 sec. Thus, "avibrite" at compared to BK8,
possesses better ability to damp vibrations in the process of cutting under
impact load on instrument and may be recommended for use as backings in
collecting instrument and for armoring of clamp pressure surface, too.
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4. Conclusions

A new composite material with higher damping ability has been created with
the use of specialized technology. Application of vibration-damping elements
made of new composite material in the cutting and drilling tools proved the
effective damping of the vibrations arising under permanent loads, impact
and impact-rotations ones, resulting in considerable increase of wear
resistance of cutting tools and diamond drill bits.

5. Acknowledgment

The author expresses deep gratitude to A.A. Shulzhenko for constant technical
assistance in performins of experiments with the use of high pressure
techniques, and also V.V. Nemoshkalenko - for constant interest in this work.

6. References

[1]. A.D. Shevchenko et al: - Physics and Technique of High Pressure (in
Russia "Pizika i Tekhnika Vysokikh Davleni") 27 (1988), pp. 60-69



ATO100475
. Rosso et al. HM 70 475^

15* International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

Advances In Diamond Tools For Working Lithoid Materials

Mario Rosso*, Daniele Ugues*, Aldo Valle+

*Politecnico di Torino, Torino, Italy

+MG Utensili Diamantati, Torino, Italy

Abstract

Lithoid material is a general definition to indicate a wide category of
ornamental materials: they can be divided into natural (i.e. granite) or artificial
(i.e. conglomerates and ceramics). All the lithoid materials are subjected to
surface machining operations in order to obtain final work piece ready to be
introduced on the market in form of slabs or tiles.
This paper deals with the attempts of producing a machining diamond tools
using a sintered steel binder. The opportunity of using a steel binder has
been already highly studied by diamond tools industry, but with not satisfying
outcomes and not longer developed, basically due to the catalysis action of
iron and to the diamond degradation mechanism provided by high processing
temperature.
The binding matrix was produced by infiltration sintering. Infiltration requires
the pore structure to be open and interconnected; thus, the sintered solid
skeleton must have an at least 10% porosity. Therefore, the infiltration
sintering of the steel skeleton uses a temperature lower than the usually
required for steel sintering one. Using the suitable infiltration agent will result
in low infiltration temperature levels too (1). This should give the opportunity
to work with a steel binder for diamond dispersed machining tools, without
causing excessive damages to the diamond mechanical properties.
The paper aims at overcoming the diamond degradation by lowering the
production temperature using a definitively controlled infiltration sintering
process.

Keywords:

Machining diamond tools, Lithoid Materials, Steel binder, Infiltration sintering,
Diamond deterioration, Diamond retention capacity.
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1. Introduction
So far, in the production cycle of granite products the machining tools
commonly use magnesite or polyester binders and silicon carbide or
aluminium oxide abrasive bits. This type of tools is subject to ageing and
reacts with humidity, thus not ensuring long service life and, as a
consequence, providing a low productivity due to the frequent stops of
machinery process for the machining tools substitution. The machinery
operations using these tools cause a high sludge productions with the
following waste disposal problems. As far as the polyester binder based
machinery tools are concerned, those tools contain the hazardous solvent
styrene: the styrene monomers continue to evaporate weeks later than
polymerisation process has taken place; when the tool is in use the
breakdown and the de-polymerisation also result in styrene giving off.
Moreover, the short service life of this type of tools means frequent complete
or partial stops of the production lines. Whenever it is possible the tool
change is made without stopping the line, by raising the head bearing the set
of tools to be changed, with great risk for operator safety and indeed by
breaking the line productivity. On the other hand, the use of this type of
machinery tools provides low production costs as the main advantage.
However, this indeed provides a not satisfying cost/benefit ratio and the
ecological-healthy hazards provided by this type of machinery tools also
highly contrast with the main worldwide policies (2-6).

2. The Building Sector Scenario
The building related activities make use of 70 per cent of the stone finished
product, and during 1998, improvements in this sense were registered only in
the United States, where the financial year closed with a rise of 10.2 per cent,
that actually speaking is excellent. On the contrary, within the stone sector's
more significant contexts, and that is the European Union and Asia, the 1998
results were not as positive: in the first case, the building related investments
registered an overall increase that was limited to 1.5 per cent, whilst in the
second case significant falls were confirmed, such as those of Indonesia,
Thailand and South Korea.
Under these conditions, it is obvious that the rise in the world consumption
rates was the lowest of the past five years, remaining steady at three per
cent, taking the total to around 560 million equivalent square metres,
corresponding to thirty million tonnes net, that is a new all time high.
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The development of the stone sector has led to a no less significant growth in
the technologies sector, and firstly of machinery tools and plants, whose
improvement, was the main cause for the production and stone consumption
increases.
The fall in the forward propelling movement that the stone sector experienced
in 1998 did not put a stop to its growth trend, that was actually enhanced, by
the contribution of the new financial year. Nevertheless, the rate of growth of
the nineties has fallen by about one point, to below seven per cent, and
therefore, the hypothesis for future expansion, that as usual has been formed,
with the removal statistics from the historic data, has been subject to a
process of re-dimensioning, that over the short term has been only marginal,
but more strongly felt over the long term. The forecast up to the new
millennium highlights a world consumption rate equal to 635 million
equivalent square metres, whilst that up to 2025 predicts it to be of around
three billion. In other words despite of the drop in the aforementioned rate,
that is equal to 6.75 per cent, the latter forecast represents production and
consumption levels that are basically five times as great with respect to those
of 1998. Similar considerations apply to trade, the rates of which, in the
nineties, have remained over one point greater than those of production. The
results is that, in the "coeteris paribus" evolution hypothesis, the forecasts to
the year 2000 and to the year 2025 indicate, traffic volumes of 325 and 2140
million equivalent square metres. If the current incidence of trade production
is equal to 50 per cent, in just a quarter of a century this would rise to 75 per
cent, implying a propaedeutic solution of the complex infrastructure and
strategic solutions, that have been previously mentioned.
In this continuously increasing development scenario of the stone sectors, it
must be taken into account that even small "technological inventions" are
capable to result in huge productivity gains and production-trade positive
inputs. Thus, the development of innovative low cost machinery tools
especially increasing productivity, enhancing finished stone product quality,
ensuring quality of life good levels, not environmental and not health
impacting should be the key-points of a definite input for the finished stone
products industry.
The trend of world production of lithoid materials within the period 1990 -
1998 is shown in figure 1 (7).
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Figure 1. World production (thousand of tons) of lithoid materials (source: ACIMM)

3. Lithoid Materials Processing - State of the Art
Lithoid material is a general definition to indicate a wide category of
ornamental materials: they can be divided into natural (i.e. granite) or artificial
(i.e. conglomerates and ceramics). All the lithoid materials are subjected to
surface machining operations in order to obtain final work piece ready to be
introduced on the market in form of slabs or tiles. The building related
activities make use of 70 per cent of the stone finished product.
Common operations carried out on lithoid materials are:

1. calibrating: a gross working to give parallelism to the two surfaces of the
slab or tile and obtain height calibrated within given tolerances in all the
surface points;

2. roughing: to bring the upper face of a tile to a given degree of roughness,
whereby the surface is dull. Ad hoc rugosimeters allow to measure the
degree of roughness;

3. smoothing: to completely eliminate the roughness of the upper face of a
tile, in order to obtain a flat surface;

4. polishing: to bring the upper face of the tile to a given degree of brightness.
Ad hoc glossimeters allow to measure the degree of brightness.

These operations are carried out today by machines of various configuration
suitable for conventional "magnesite tools". This type of machining tools are
characterised by a silicon carbide (SiC) hard phase and a magnesite
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(MgCO3) binder one. Theory and experience have proved that continuous
swinging of the magnesite tool, normally having the shape of an isosceles
trapezium, allows for a continuous re-sharpening of the tool, whereby the
silicon carbide hold by the magnesite matrix makes the job of treating the
surface to be machined. A different composition of the magnesite binder, as
well as a different granulometry of the silicon carbide, allows the different
work phases with these conventional magnesite tools, being currently
employed in all the machining steps of lithoid materials: calibrating, roughing,
smoothing and polishing.
However, the work performances of this type of tools are very poor from all
points of view: work quality (abrasion capacity), work quantity (hours of life),
work speed (belt speed). The short service life of this type of tools means
indeed frequent complete or partial stops of the production lines. Whenever it
is possible the tool change is made without stopping the line, by raising the
head bearing the set of tools to be changed, with great risk for operator safety
and indeed by breaking the line productivity. The very short life of magnesite
tools implies the need of enormous quantity of tools to be fitted and disposed
of, at the end of their life, with significant waste to be disposed of.
Furthermore, a line using magnesite tools produces 2 types of waste: on
average 3 kg/h of toxic mud and additionally a great quantity of residual tools.
Both mud and residual tools, create significant problems to the environment,
and costs of waste disposal.
The use of the magnesite tools results in frequent tool change and, as a
consequence, line stops. Further to the fact that the wear of magnesite tools
is very fast, it does not take place simultaneously due to the uneven duration
of tools, according to the grits, that is: very short life of calibrating tools (= 2
hours), medium of smoothing (~ 7 hours), long of polishing (=15 hours).
Thus, the processing lines stop almost continuously. The actual practice is to
carry out the change of tools while operating causing high safety hazards for
the workers (8-9).
The advent of new tools must aim at dramatically reducing the quantity of
mud, practically made only of removed material, and also the quantity of tools
in a proportion of say 1 every 15 days instead of 1 every 8,5 hours (that is 1
every 360 hours, against one every 8,5 = 42,5 to 1).
Even if the low productivity, the ecological and the health problems are highly
felt by industry and public institutions, satisfying solutions are not so far well
developed. In the recent past, diamond tools (that is composite materials
using metal matrix with diamond dispersion) have successfully replaced the
machining magnesite tools only in the first step (calibrating) of machinery
process. Research into the diamond machinery tools for siliceous product has
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come out of the technical feasibility, to enter that related to the economic
opportunities.
The slow breaking through the market of diamond tools is basically due to the
related high costs. On the other hand, the increase in productivity provided by
this type of tools would be enormous.
As above stated a dramatic issue that is closely tied to the technical problems
and how to solve them regards safety, that in the developed countries has
been subjected to the application of standards, such as the Machinery
Directive laid down by the European Union: in fact, despite the attention paid
to this matter, the rate of accidents and health problems caused by sludge
and powder production in this sector is still rather high. From this point of
view, even if the diamond tools readily eliminate the waste disposal problems,
the so far developed technical solutions provides serious health hazards in
their production stage.
Beside impregnated tools, inserted tools appeared, consisting of diamond
cutters formed from numerous diamond particles firmly embedded in a rigid
matrix of a high wear and impact resistance. The full exploitation of the
diamond properties in machining tools is possible only by using a metal
matrix of appropriate mechanical properties and high wear and corrosion
resistance. Metal powders like cobalt, iron, tungsten, bronze and others, are
used to produce a sintered metal matrix that is extremely tough, durable and
wear resistant.
The cobalt alloys are indeed the most common binders for diamond tools.
The cobalt alloys are very high cost materials and the forming process
commonly used to produce these tools is the hot pressure sintering that is a
major cost increasing cause. Further to the economical aspects the health
issue provides another low interest point. The cobalt can easily get into your
body by.

• breathing in dusts/mists containing cobalt.
• by skin contact with dust or solutions containing cobalt.
• by eating, drinking or smoking in cobalt work areas.

The health hazards related to cobalt use are:

1) Effects on the lungs:
• 'hard-metal disease';
• respiratory sensitisation;
• asthma.

2) Effects on the skin:
• allergic dermatitis.
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Thus, as far as the lithoid materials machinery tools are concerned, not
complete satisfying solutions have been given so far to the following crucial
problems concerning:

1. short service life;
2. low productivity;
3. high sludge production;
4. high costs;
5. health hazards.

So far the scientific/technical research indeed developed some tools, i.e.
cobalt based diamond tools, capable to eliminate the first three bad points
whereas they couldn't solve the two last ones.

4. Experimental
4.1 Materials and Research Activity

The MG Utensili Diamantati has promoted together with the Politecnico di
Torino a large research activity dealing with the use of steel as a possible
binder for diamond tools.
The research programme has been split in two main sections:

a) study of the metal binder properties according to the selected sintering
parameters;

b) study of the metal binder-diamond interaction again according to the
selected sintering parameters. Both natural (Deb Dust diamond batch)
and synthetic diamond grains (De Beers and General Electric diamond
batches) have been used.

This research mainly aims at lowering the usual diamond dispersed steel
ultimate hardness (too high and thus not ensuring a good diamond retention
capacity) according to the following parameters:

1) added carbon content (0%wt, 0.5%wt,1%wt);
2) few copper powder additions to achieve in the final product a bronze

phase Cu content higher than the infiltration agent one;
3) increased pressure to reduce the green porosity; this will result in a

reduced hardness enhancement during the infiltration step;
4) reduced infiltration temperature levels using a 75/25 bronze alloy as

infiltration agent.
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The basic metal skeleton was obtained by mixed Distalloy AE and cobalt ultra
fine powders (90/10 ratio) sintering whereas two different bronze alloys
(80/20 and 75/25) were used as infiltration agents. Table 1 shows the
Distalloy AE chemical composition.
The selected compacting pressure levels were 390, 440, 490, 780 MPa.
Two different sintering treatment were used:

1) 600,900, 1020, 170°C;
2) 600, 800, 950,170°C.

Three different infiltration treatment were used:
1) 600,900, 1020, 170°C;
2) 600, 800, 950,170°C;
3) 800, 910, 960°C.

Table 1. Distalloy AE chemical composition
c

<0.01
Cu

1.50

in wt%.
Ni

4.00
Mo

0.50

To investigate the powder mixture (i.e. the effect of carbon and copper
additions) and compacting pressure effect a fixed sintering/infiltration
process and a definite infiltration agent have been selected. The ultimate
parameters are the following:
Sintering ramp: 600-900-1020-170°C; Infiltration ramp: 600-900-1020-170°C;
Bronze alloy 80/20.
Table 2 lists the specimens identification according to the chemical
composition and the compacting pressure.

Table2. Powder mixture/compacting pressure effect - Specimens identification
Identification code

1.00
1.01
1.02
1.03
1.04
1.05

Powder mixture

90%AE+ 10%CoUF
89.5%AE + 10%CoUF + 0.5%C
89%AE + 10%CoUF + 1%C
89%AE + 10%CoUF + 1%C
89%AE + 10%CoUF + 1%C
89.5%AE + 10%CollF + 0.5%C

1.06 89.5%AE + 10%CoUF + 0.5%C
1.07
1.08

89.5%AE + 10%CoUF + 0.5%C
85%AE + 10%CoUF + 4%Cu + 1%C

1.09 85.5%AE + 10%CollF + 4%Cu + 0.5%C

Compacting pressure
[MPa]
390
390
440
490
780
440
490
780
390
390

To investigate the sintering/infiltration temperature and infiltration agent effect
a fixed compacting pressure level and two basic powder admixtures have
been selected. The ultimate parameters are the following:
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Compacting pressure: 390 MPa; Powder mixture: 89% Distalloy AE, 10%
CoUltraFine, 1% C; 90% Distalloy AE, 10% CoUltraFine; 0% C.
Table 2 lists the specimens identification according to the sintering/infiltration
treatment and to the used infiltration agent.

Table 3. Sintering/infiltration temperature
Specimen

identification

2.00 sint
2.00
2.01
2.02
2.03
2.04
2.10 sint
2.10
2.11
2.12
2.13
2.14

Powder mixture

89%AE -
89%AE ̂
89%AE H
89%AE H
89%AE H
89%AE H
90%AE H
90%AE H
90%AE H
90%AE H
90%AE H
90%AE H

H 10%CoUF+ 1%(
H0%CoUF+1%C
H 10%CoUF+ 1%C
H 10%CoUF+ 1%C
H 10%CoUF+ 1%C
H 10%CoUF+ 1%C
M0%CoUF
H0%CoUF
H0%CoUF
H0%CoUF
H0%CoUF
H0%CoUF

anc

j

-i

j

- \

j

>

infiltration agent effect - Specimens identification
Sintering ramp

600-900-1020-170
600-900-1020-170
600-900-1020-170
600-800-950-170
600-900-1020-170
600-800-950-170
600-900-1020-170
600-900-1020-170
600-900-1020-170
600-800-950-170
600-900-1020-170
600-800-950-170

Infiltration ramp

-
600-900-1020-170
600-800-950-170
800-910-960-170

^00-800-950-170
600-800-950-170

-
600-900-1020-170
600-800-950-170
800-910-960-170
600-800-950-170
600-800-950-170

Infiltration
Agent

Bronze Alloy
-

80/20
80/20
80/20
75/25
75/25

-

80/20
80/20
80/20
75/25
75/25

The aforementioned effects have been investigated both in the binder system
and in the binder-diamond system. The selected diamond batches were
ensuring a definite distribution size ranging between 45 and 60 U.S. standard
MESH (i.e. between 250 and 350 jam). The selected diamond dispersion
were 1 carati/cm3 (0.2 g/cm3).

4.2 Characterisation

Brinnel hardness evaluation has been performed with a calibrated testing
machine on the infiltration sintered ones.
Impact testing was carried out at room temperature with a calibrated testing
machine. Successively, after polishing their transverse sections with a
suitable procedure, micrographs were obtained using a metallographic optical
microscope (MeF3 Reichert-Jung).

5. Results

Table 4 shows the recorded levels of impact toughness and Brinnel hardness
according to the selected powder mixture and compacting pressure.
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Table4. Powder mixture/compacting pressure effect
Brinnel hardness (the codes "d" and "n.d."
specimens and the not dispersed ones).

- Recorded levels of impact toughness and
identify respectively the diamond dispersed

Specimen
Identification
1.00 d
1.00 n.d.
1.01 d
1.01 n.d.
1.02 d
1.02 n.d.
1.03 d
1.03 n.d.
1.04 d
1.04 n.d.
1.05 d
1.05 n.d.
1.06 d
1.06 n.d.
1.07 d
1.07 n.d
1.08 d
1.08 n.d.
1.09 d
1.09 n.d.

Impact Toughness
following Sintering+lnfiltration

[J/cm2]
Kmin

-
1.75

-

1.15
0.78
2.18
0.97
1.04
0.98
0.77
1.06
1.89
1.03
1.58
0.97
2.18
0.99
1.54
0.86
1.53

Kmax

-
3.19

-
1.49
1.35
3.64
1.90
3.03
2.09
3.28
1.60
3.43
1.77
2.83
1.58
3.40
1.29
2.33
1.59
2.47

K
average

-
2.36

-
1.30
1.10
2.73
1.27
2.23
1.26
2.58
1.15
2.43
1.21
2.12
1.25
2.60
1.15
1.86
1.17
2.09

Brinnel Hardness
following Sintering+lnfiltration

[j10ball/3000kgl
HBmin

-
182

-
238
304
332
332
332
288
342
267
322
313
281
304
281
296
313
313
274

HBmax

-
201

-
261
313
332
332
332
313
342
267
322
322
281
313
288
296
313
313
274

HB
average

-
191.5

-
249.5
308.5
332.0
332.0
332.0
300.5
342.0
267.0
322.0
317.5
281.0
313.0
284.5
296.0
313.0
313.0
274.0

Table 5 shows the recorded levels of impact toughness and Brinnel hardness
according to the selected sintering/infiltration treatment and infiltration agent.
The collected data helps to point out the investigated effects as discussed in
the next section.

Table5. Sintering/infiltration treatment and infiltration agent effect - Recorded levels of impact
toughness and Brinnel hardness (the codes "d" and "n.d." identify respectively the
diamond dispersed specimens and the not dispersed ones).

Specimen
Identification
2.00 d
2.00 n.d.
2.01 d
2.01 n.d.
2.02 d
2.02 n.d.

Impact Toughness
following Sintering+lnfiltration

[J/cm2]
Kmin

0.81
1.62
0.99
1.46
1.07
1.45

Kmax

1.49
2.41
1.73
2.91
1.40
2.75

K
average

1.13
2.03
1.27
2.20
1.26
2.33

Brinnel Hardness
following Sintering+lnfiltration

[Ji0baII/3000kg]
HBmin

304
322
281
322
232
255

HBmax

313
332
281
322
288
313

HB
average

309
327
281
322
260
284
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2.03 d
2.03 n.d.
2.04 d
2.04 n.d.
2.10 d
2.10 n.d.
2.11 d
2.11 n.d.
2.12 d
2.12 n.d
2.13d
2.13 n.d.
2.14 d
2.14 n.d.

0.89
1.35
0.83
1.10
1.06
1.97
2.19
2.77
2.15
2,92
1,04
1.76
1.09
1.58

1.22
2.40
1.61
1.51
1.38
6.82
4.39
9.23
3.88
5.23
1.96
3.51
2.01
2.69

1.02
1.84
1.07
1.30
1.23
3.90
3.05
6.73
2.80
3.83
1.47
2.43
1.60
2.08

281
288
232
274
288
197
170
189
167
176
167
170
164
193

296
313
232
274
332
213
173
193
167
189
176
205
164
193

289
301
232
274
310
205
172
191
167
183
172
188
164
193

Table 6 lists the microstructural features of the metallographic specimen
according to the selected sintering/infiltration treatment and infiltration agent.

Table6. Sintering/infiltration treatment and infiltration agent effect - Microstructure observation (the
codes "d" and "n.d." identify respectively the diamond dispersed specimens and the not
dispersed ones).

Specimen
Identification
2.00 d sint

2.00 n.d. sint

2.00 d

2.00 n.d.

2.01 d

2.01 n.d.

2.02 d

2.02 n.d.

2.03 d

2.03 n.d.

2.04 d

Microstructural Features
Ferrite

detectable

detectable
in traces

not
detectable

not
detectable

not
detectable

not
detectable

not
detectable

detectable in
traces

not
detectable

not
detectable
detectable

Pearlite

main phase

main phase

main phase

main phase

main phase

main phase

main phase

main phase

main phase

main phase

main phase

Fe-Cu-C

not detectable

not detectable

main phase

main phase

main phase

main phase

main phase

main phase

main phase

main phase

main phase

Primary Fe3C

secondary Fe3C:
detectable

not detectable

primary Fe3C:
detectable

secondary Fe3C:
detectable in traces

secondary Fe3C:
detectable;

primary Fe3C:
detectable in traces

secondary Fe3C:
detectable in traces

secondary Fe3C:
detectable in traces

not detectable

secondary Fe3C:
detectable;

primary Fe3C:
detectable in traces

not detectable

secondary Fe3C:

Fe-Cu

not detectable

not detectable

not detectable

not detectable

not detectable

not detectable

not detectable

not detectable

not detectable

not detectable

not detectable
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2.04 n.d.

2.10dsint
2.10 n.d. sint
2.10 d

2.10 n.d.
2.11 d
2.11 n.d.
2.12d
2.12 n.d
2.13 d
2.13 n.d.

detectable

main phase
main phase

not
detectable
main phase
main phase
main phase
main phase
main phase
main phase
main phase

2.14 d main phase
2.14 n.d. ] main phase

main phase

not detectable
not detectable
main phase

not detectable
not detectable
not detectable
not detectable
not detectable
not detectable
not detectable
not detectable

main phase

not detectable
not detectable
main phase

not detectable
not detectable
not detectable
not detectable
not detectable
not detectable
not detectable
not detectable

not detectable not detectable

detectable in traces
secondary Fe3C:

detectable in traces
not detectable
not detectable
not detectable

not detectable
not detectable
not detectable
not detectable
not detectable
not detectable
not detectable
not detectable
not detectable

not detectable

not detectable
not detectable
not detectable

main phase
main phase
main phase
main phase
main phase
main phase
main phase
main phase
main phase

c) 500X
Figure 2. The "Van Gogh effect". Different magnification showing the strong formation of

pearlite and Fe3C grains around a diamond bit (black spot almost in the middle
of picture a)). The preferential orientation of the Fe3C white grains converging
towards the diamond bit gives a visible representation of the carbon atoms
migration patterns escaping from the diamond surface.
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Figure 2 represents the effect of high interaction between the diamond bits
and the steel matrix in the diamond dispersed 2.10 specimen. The carbon
content in the powder mixture was set to zero; the sintering/infiltration
treatment was carried out using 1020°C as maximum temperature; the
infiltration agent was the bronze alloy 80/20. It is readily detectable a strong
migration of carbon atoms from the diamond outer surface towards the
Distalloy AE binder matrix. This causes a diamond properties fast
deterioration and results in a wide generation of pearlite and Fe3C grains.
Since this results in a definite "artistic pattern" around the diamond bits, we
decided to refer the described effect as "Van Gogh effect".

6. Discussion
The performances of diamond tools are to a great extent determined by the
properties of the matrix and by its capacity to firmly embed the diamond
particles, referred as "diamond retention capacity".
We found out a readily detectable deterioration of the either natural or
synthetic diamond during the infiltration sintering treatment. As previously
stated, the phenomenon can be described as a carbon atom migration from
the outer surface layer of the diamond bits into the Distalloy AE matrix. The
diamonds undergo an actual graphitisation process with serious deterioration
of the mechanical properties and of the bonding with the steel matrix, thus
lowering the diamond retention capacity of the diamond tool. The steel matrix
shows evidence of pearlite and Fe3C grains formation due to the carbon
enrichment (those phases are usually hard to detect in the corresponding
specimens without diamond dispersion). This results in a not controlled steel
matrix hardness enhancement, that is highly undesirable as it lowers again
the matrix diamond retention capacity. The hardness increases from about
200 HB to 300 HB with a related dramatic decrease of the impact toughness.
The ultimate outcome of the so called Van Gogh effect lies in the fact that the
hardness level becomes not dependent on the carbon content in the diamond
dispersed specimens. However, following the infiltration sintering treatment,
the dispersed specimens never achieved a hardness level as high as the one
of the not diamond dispersed 1% carbon containing specimens.
The Van Gogh effect develops at the higher infiltration sintering temperature
(1020°C). Since it has not been observed in the sintering step (performed
again at 1020°C), the infiltration agent seems to act as a catalyst of the
graphitisation mechanism.
The wide characterisation gives clear clues to the fact that the lower is the
carbon content in the steel matrix and the higher is the diamond deterioration
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leading to higher hardness increases. This criteria must be restricted only to
the 1020°C infiltration treatment and no attempts have been carried out using
carbon content higher than 1%wt.
Using lower infiltration temperature, that is 950°C, the Van Gogh effect does
not occur. The hardness of the diamond dispersed specimens and of the not
dispersed ones achieves almost the same levels and it obeys again to a
graphite content dependent law. Thus, it is advisable to produce diamond
dispersed steel machining tools exhibiting carbon content lower than 1%wt
using the low temperature sintering/infiltration treatment (950°C).
To use a 75/25 bronze alloy and small Cu addition to the powder mixture can
further help to lower the infiltration temperature.
Furthermore, the research experience also suggests to focus on high
compacting pressure levels obtaining lower sintered porosity and thus a lower
hardness enhancement during the infiltration treatment.

7. Conclusion
This paper aims at providing the basis for giving an actual chance to the use
of steel as binder for the machining diamond tools. The opportunity for the
actual transfer of the studied theories to an industrial scale-up has been
already tested by the good cooperation between the scientific soul and the
industrial one developed in the hereby paper.
In practice, the complete exploitation of machining diamond tools using steel
binders at an industrial level will provide the high benefit/cost ratio that is the
actual reason of the so far lithoid materials sector high distrust in the diamond
tools. The research is indeed not over but the light has been turned on!
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Abstract:

Diamond films were deposited on the cemented carbide WC-15%Co
substrates by a hot-filament chemical vapor deposition reactor. The
substrate surfaces were chemically pretreated with the two-step etching
method, using first Murakami reagent for 1-3 min., and afterwards an HNO3:
HCI=1:1 solution for 10-40 min. . It is indicated that the Co content of the
substrate surfaces could be reduced from 15% to 0.81-6.04% within the
etching depth of 5-10 j^rri, and the surface roughness of the substrates was
increased up to Ra=1.0 ^m, the substrates hardness was decreased from
89.0 HRA to 83.0 HRA after the two-step etching. It is observed that the
morphologies of the diamond films on the WC-15%Co substrates emerge in
various shapes. The indentation testing shows that the good adhesion
between diamond film and the substrate after HF CVD deposition could be
obtained.

Keywords:

chemical pretreatments, cemented carbides, diamond coatings

1.Introduction:

Diamond coatings offer the possibility of superior wear resistant, low friction
and chemically protective coatings '1]. At present, the most of the efforts
were concentrated on diamond coatings on low cobalt grades of cemented
carbide tools (typically<6%). R. Bichle et al. found the nucleation rate of
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diamond to decrease with increase in cobalt content in the range of 3%-10%
cobalt with minimum nucleation for a cobalt content exceeding 6% [2]. This
led many researchers to concentrate on diamond coatings only on low
cobalt content cemented carbide grades, typically in the 3%-6% range, but
due to lack of toughness, low cobalt grades of cemented carbide tools are
not always the best choice for heavy metal removal and interrupted cutting
or in metal forming dies. CVD diamond films are brittle when deposited on
low cobalt substrates and are not robust enough to endure high mechanical
shock[3].

Since higher percentage of cobalt is extensively used in the metal cutting
and metal forming industries, diamond coatings on these grades are also of
equal importance. Hence, an attempt was made in this investigation to
develop the suitable chemical surface pretreatments matched with HF CVD
deposition conditions for adherent diamond coatings on the higher cobalt
grades of cemented carbide tools. The goal is to determine the optimal
condition of the chemical surface pretreatments on cemented carbides
(WC-15%Co) for achieving a good-quality diamond film on the substrates.

2. Experimental:

The substrates used in the study were WC-15%Co of dimension
9.0x5.5x3.0 mm3. After the samples were ground to the surface roughness
of Ra=0.2 jxm, the substrates were pretreatments with the two-step etching
methods, using first Murakami-solution for 1-3 min., and afterwards an
HNO3:HCI=1:1 solution for 10-40 min, then they were ultrasonically cleaned
in acetone and weighed in an electronic balance for loss in weight due to
etching. The electronic balance could measure weight loss upto 10~5 g. A
hot-filament reactor as described elsewhere [4] was used for the deposition
of diamond film. The substrate bottom temperature (700 °C ±5) was
measured by a Ni-Cr-Ni thermocouple placed in the bottom of substrate.
Further experimental conditions are: total pressure=30-60 torr, CH4/H2
content=0.5-1%, deposition time, 6 hr. After the etching, the surface
roughness and hardness of the substrates were measured by SE-30C and
Rockwell testers, respectively, as well as the depth and content of the
substrate Co-depleted region were detected by SEM with integrated EDX
FinderiOOO analysis of cross-section of the samples. The morphologies of
the diamond film were examined by a scanning electron microscope
KYKY-2800. A Rockwell indenter was used to apply discrete loads to the
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diamond film until surface cracks could be observed. An X-ray
diffractometer (Simens D-5000) was applied to examine the crystal
structure. A Renishaw System RM-1000 Raman spectrometer was used for
chemical quality evaluation by Raman characterization.

3.Results and discussion:

The changes of weight loss and hardness of the substrates after the two-
step etching are shown in Fig. 1. It is clear that the weight loss is
increased and hardness is decreased with etching time increase whether

-weight loss:1'Murakami

-weight loss:3'Murakami

- hardness:1'Murakami

- hardness:3'Murakami

82
10 20 30 40

Etching time of second step (min.)
in solution of HNOs:HCl=l:l

50

Fig.1 Relationship of the weight loss and hardness with etching time

in first or second step, it is because that the etching reaction lead to a
loose structure of the substrates, but the first step etching has less
affection as compared with the second one due to a weak reaction
with the substrates in Murakami solution. The surface roughness of
increase from Ra=0.2 |̂ m to Ra=1.0 ^m is observed for the same reason.

Fig. 2 shows that the Co contents of the substrate surface were obviously
decreased from 15% to 0.81-6.04% within the etching depth of 5-10 urn
with etching time increase in second step. As it is known, the substrates
consist of Co and WC phases, and the WC content is higher to about 85%
Although the Co phase in the substrates is easy to be etched by various
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acids, WC phase is highly resistant to the acids. If only using the one-step
etching method to deplete Co, WC grains would hinder the Co phase to be
etched in the depth of the substrate []. Hence, the two-step etching method

3' Murakami*10' HC1/HN03

3' Murakami+40' HC1/HN03

Distance from surface

Fig.2 Relationship of the Co content with the distance from surface

should be used to effectively remove Co for higher Co content carbide
grade, first using the Murakami reagent which is found to be ideal as it
attacks only WC grains leaving the cobalt unaffected, then the various acids
to deplete Co phase[3].

Fig. 3 shows the XRD patterns of diamond film on WC-15%Co sample. A
slight preference towards {111} orientation can be observed in Fig. 3, which
is corresponding to confirmed by SEM micrograph, as shown in Fig. 4. The
preference towards {111} orientation of diamond films can be explained by
the surface free energy (y)of diamond crystal which is expected to be
anisotropic because of the orientation of the bonds and is calculated by the
following equation[6]:

y ftW=3E A /(8d0
2 /h2+k2+l2)

where E and d0 denote respectively the energy and the length of the C-C
bond in diamond, while A represents the maximum of the Miller indices of
h, k and I, especially y 100: Yn0: Y m=1:1/ /2~: 1/ /3~, where y 100, Y HO
and y m represent the surface free energy of {100},{110} and {111} facets,
respectively. The ratio is the kind of equilibrium form. According to this, the
{111} surface of diamond has the smallest surface free energy.
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Fig.3 XRD patterns of diamond film on WC-15%Co sample

Fig.4 SEM micrograph of diamond film on WC-15%Co sample

The SEM images of spherolithicm and polygon ballas diamond were
observed with the pretreatments of the second step etching time of 10 and
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20 min. in solution HNO3:HCI=1:1, as shown in Fig.5 (a) and (b),
respectively. Unlike the prism diamond (shown in Fig.4), the forming of the
spherolithic and polygon ballas diamond morphology is due to higher
concentration of carbon atmosphere at the substrate surface, which is
concerned with higher Co content left at the substrate surface and
deposition conditions. The higher concentration of carbon atmosphere at the
substrate surface, the more probability of forming spherolithic ballas
diamond.

(a) (b)

Fig.5 SEM image of spherolithic (a) and polygon (b) ballas
diamond film on WC-15%Co sample

Fig. 6 shows a typical Raman spectrum for the diamond film obtained in this
work. A sharp peak at 1335 cm"1 indicates that the deposited films are
good-quality polycrystalline diamond.

The indentation tests allow the evaluation of film adhesion in terms of the
coating-substrate interface toughness [8J. Indentation test results were
interpreted by analyzing the SEM images of the damage produced in the
diamond films. The smallest load necessary to produce the first cracks was
used as a measurement of film adhesion f9]. Fig. 7 shows the SEM
micrograph of the imprint obtained by Rockwell (100kg) indentation of the
diamond film grown on the WC-15%Co substrate, which did not result in any
cracking and indicated a good adhesion between the diamond film and the
substrate.
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Fig.6 Raman spectrum with a sharp peak at 1335 cm"1 for
the diamond film on WC-15%Co sample

Fig.7 SEM micrograph of the imprint obtained by Rockwell (100kg)
indentation of the diamond film grown on the WC-15%Co substrate

4. Conclusions:

Diamond films were deposited on the cemented WC-15%Co substrates,
which were chemically pretreated with two-step method. The experimental
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results show the following conclusions.
(1) After the two-step etching, it is indicated that the Co content of the

substrate surfaces could be reduced from 15% to 0.81-6.04% within the
etching depth of 5-10 fim, the surface roughness of the substrates was
increased up to Ra=1.0 u.m, and the substrates hardness was decreased
from 89.0 HRA to 83.0 HRA.

(2) It is observed that the morphologies of the diamond films on the
WC-15%Co substrates emerge in various shapes.

(3) The indentation testing shows that the good adhesion between diamond
film and the WC-15%Co substrate after HF CVD deposition could
obtained.
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Summary

Diamond coating were deposited on cemented carbide inserts by DC plasma
jet CVD. The cemented carbide inserts were pretreated by methods including
chemical etching of Co, Ar/H2 plasma etching. The characteristics of diamond
film, interface structure, adhesion strength and film stress were analysized by
different methods such as SEM, XRD, Raman spectrum etc. A comparing
experiment of cutting Al - 22% Si alloy was carried out with diamond-coated
cemented carbide inserts and uncoated cemented carbide inserts. The
results show that the diamond-coated cemented carbide insert has a great
advantage for cutting abrasive high content Al - Si alloy.

Keywords

Diamond, coatings, DC plasma jet, cemented carbide, inserts

1. Introduction

Low pressure CVD diamond coating can prolong the lifetime of cemented
carbide cutting tools applied for working on nonferrous materials due to its
excellent mechanical properties, especially its extreme high hardness, low
friction coefficient as well as good chemical and wear resistance. Diamond-
coated tools are suitable for dry machining without expensive coolants, which
are hazardous to the environment (1). However it's well known that cobalt in
cemented carbide has a negative effect on the deposition of diamond coating,
resulting in low nucleation rates, formation of graphite carbon and poor
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coating adhesion (2). Therefore, cobalt is normally removed from the surface
region of the cemented carbide inserts prior to the deposition of diamond
coating. Even so under the high temperature of diamond deposition process
and long deposition time, cobalt can migrate to the interface of the diamond
coating/substrate forming cobalt droplets (2). So the high diamond deposition
rate CVD method of DC plasma jet has its advantage over other CVD
technologies due to its short diamond deposition time (3).
This paper describes the research on diamond-coated cemented carbide
inserts by DC plasma jet technology. The pretreatment methods of cemented
carbide inserts and the deposition process were researched. The diamond
coated inserts were characterized by SEM, TEM, XRD and EDX analysis and
Rockwell indention test. The cutting application of diamond coated inserts
were also carried out by cutting aluminum alloys and copper alloys.

2. Experimental

Standard cemented carbide cutting inserts (WC-6%Co, similar to ISO K10
and WC-3%Co) have been used as substrates to be coated with diamond. To
enhance nucleation and adhesion of the diamond coating, mechanical and/or
chemical pretreatments were performed on the as-ground inserts. All inserts
in this paper subjected etching in 25% HNO3 for 1-15 minutes. Then they
were conditioned by AI2O3 blasting or scratching with diamond powder.
Deposition of diamond was carried out by a DC plasma jet CVD system
described elsewhere (4). The process parameters were listed in Table 1.
Diamond coated cemented carbide inserts were characterized by SEM, TEM,
Raman analysis, XRD, Rockwell indention test, EDX analysis. Lab and field
cutting test were also performed.

Table 1 DC plasma jet CVD process for coating cemented carbide inserts

Pretreatment Co etching, scratching with diamond or AI2O3 blasting, plasma etching

Deposition Ar H2 CH4/H2 Voltage Current C h a m b e r Substrate D e P ° s i t i o n

process l/min l/min % v A pressure t e m p e r a t u r e
 t i m e -

P a r a m e t e r s 5 5 ^ 5 80-170 70-200 2^8 700-1100°C 20-60
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3. Results and discussion

3.1 Influence of Co etching and plasma etching on the substrate

Surface morphology of substrate after Co etching is showed in Fig. 1a. It can
be seen that many holes were left after Co etching. EDX analysis indicated
that cobalt on the surface was nearly completely removed after 5 minutes
etching (Table 2). Fig. 1b illustrates that substrate surface is roughened and
no holes are left after plasma etching. Cross-section SEM image showed in
Fig. 2 indicates that there are 3 layers in the substrate after fully pretreatment,
including cobalt etching, mechanical pretreatment and plasma etching: the
first layer is dense (about 4um), the second is porous (about 70um) and the
third is unaffected substrate. EDX and hardness test indicated that the first
layer was abound with tungsten and was formed due to the decarbonization
of WC under hydrogen atmosphere. The second layer was Co-depleted and
slightly carbon-abound. Fig. 4 showed that after 2 minutes plasma etching
WC of the surface region had nearly completely converted to tungsten or
Co-W-C compounds and no single phase Co or WC existed any more.

Table 2 Cobalt content of the substrate at different etching time

Etching time, min
0
2
5
10

Co, wt%
13.73
2.71
0.27
0.14

W, wt%
85.27
96.17
98.55
98.73

C, wt%
1.00
1.12
1.18
1.13

(a) (b)
Fig.1 Surface morphology of substrate: (a) after Co etching; (b) after Co etching and

plasma etching
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Fig. 2 Cross-section of substrate after Co etching and plasma etching
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Fig. 3 XRD plot of substrate after: (a) 2min plasma etching without chemical etching; (b)
2min plasma etching after chemical etching; (c) 5min etching after chemical etching



502 HM 73 K. Zhou et al.

15r International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

3.2 Influence of substrate pretreatment on the diamond nucleation

Table 3 listed the diamond nucleation densities deposited under the same
depositing process parameters with different pretreatments. It can be seen
from Table 3 that the nucleation density could be 2 or 3 orders higher with
diamond scratching compared with other pretreatment methods. While large
size diamond powders mixed with small size diamond powders (named as B)
using for scratching substrate, the nucleation could be an order high than just
using large size diamond powder (named as A). It is generally believed that
submicroscopic fragments of the diamond left on substrate during scratching
will serve as starting points for the nucleation process (5).

Table 3 the nucleation density using different pretreatment methods

Substrate pretreatment Process parameters Nucleation densities
Ai2O3 scratching CH4/H2=4% ~ " 103-104

AI2O3 blasting Substrate temperature = 800°C, 103-104

Diamond powder A chamber pressure = 5kPa, 5-6X106

DiamqncI powder B Deposition time = 5min 5X107

3.3 Influence of diamond deposition process on the diamond nucleation

Substrates were scratching with diamond powder B. Then diamond films
were deposited under different process. The results were showed in Table 4.
The results indicated that deposition process has some effect on the diamond
nucleation density to some extent, but not as seriously as the pretreatment
method. Medium high methane concentration and medium low substrate
temperature resulted in high diamond nucleation density.

Table 4 Influence of diamond deposition process on the diamond nucleation
Deposition process parameters

CH4/H2, %

Substrate temperature, °C

2
4
6

700
800
900

5
7

Nucleation densities
10b

5X10'
2X10'

1.5X10'
5X10'
5X10b

5X10'
5X10'

' Other parameters were the same as in Table 3.
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3.4 Influence of deposition process on the diamond coating quality

The methane concentration and the substrate temperature are the two main
process parameters influencing diamond coating quality. Fig. 4 indicates the
surface morphologies deposited under different methane concentrations.
Diamond deposited under low methane concentration is faceted and very
compact, while it is cauliflower-like under high methane concentration. Fig. 5
is the typical Raman spectrum of diamond coating deposited by DC plasma
jet CVD. Substrate temperature in the range of 700-1100°C has no great
effect on the diamond coating purity, but has effect on the diamond grain size.
High substrate temperature leads to large grain size.

3.5 Cross-section structure of diamond-coated inserts

There are two kinds of cross-section morphology as shown in Fig. 6. Fig.6a
indicates that WC grains near the diamond/substrate interface are fine and
smooth which is formed through decarbonization and recarbonization of the
substrate surface prior to diamond nucleation. These fine WC grains layer is
favorable for diamond adhesion strength. TEM images in Fig. 7 illustrate the
diamond/substrate interface. It shows a bright thin discontinuous gap
between the diamond coating and the substrate as the result of ion
bombardment. This layer is more easily sputtered than diamond and WC. It
was confirmed to be graphite. So the cross-section structure can be
considered as: diamond film/thin graphite layer/fine WC layer/residual
Co-etching layer/substrate (6).

(a) (b)
Fig. 4 Influence of the methane content on the diamond coating morphology: (a) 1%

CH4/H2; (b) 3% CH4/H;,
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Fig. 5 Raman spectrum of typical diamond coating on cemented carbide inserts

(a) (D)
Fig. 6 Cross- section structure of diamond-coated inserts

• V

Fig. 7 Bright field TEM image showing diamond coating/substrate interface
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3.6 Factors influencing the diamond adhesion

The diamond coating adhesion was investigated by Rockwell indention test.
The adhesion was characterized by the critical load, which causes the crack
of diamond coating.
There are many factors, which influence the adhesion of diamond coating,
such as coating thickness, when coating is too thick it will spall itself. So
diamond coating thickness generally is controlled less than 20um. Cobalt
etching can also influence the adhesion of diamond coating. Very poor
adhesion of coating was obtained without cobalt etching, which attributed to
the detrimental effect of Cobalt. But too much Co etching weakens the
substrate and leads to poor adhesion too. It is shown in Table 5.
Surface roughness has a great influence on adhesion strength of diamond
coating; rougher substrate surface leads to higher adhesion strength, which is
listed in Table 6. Unfortunately diamond deposited on rough surface is rough
too and this is not good for the work-piece surface finishes. So improvement
of coating adhesion by roughening substrate surface is very limited.
It's generally believed that proper compressive stress is favorable for the
coating adhesion strength. Fig. 8 illustrates that the coating adhesion strength
is best at compressive stress of-2Gpa. Too low or too high stress is not good
for the adhesion strength.
The quality of the diamond coating also influences the coating adhesion. The
coating adhesion is poor if diamond coating contains too much non-diamond
carbon.

TableJ5 Influence of Co etching_on_the coating^adhesion
Etching time, min_ CriticaMoad_Pc^kg/mrrrj_

~ ~0 " ~ " 30
15 125
30 60

Table (i^hjluencej)f jsujface^ adhesior^
Roughness, yrn

1.5%CH4/H2 2.0% CH4/H2

0.03 55 40
0.10 125 80
0.17 150 125
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Fig. 8 Residual stress of diamond coating on cemented carbide inserts

3.7 Machining test of diamond coated inserts

Lab machining test of diamond-coated inserts was conducted with a CNC
machine. Work-piece material was Aluminum-Silicon alloy, which contains
22%wt silicon. Most silicon phase sizes were larger than 60um. The applied
cutting conditions were: cutting speed = 180m/min, cutting depth = 0.2mm,
feed = 0.1 mm/rev., dry machining. It was found that tool life was greatly
increased to about 55 times longer than uncoated inserts, as shown in Fig. 9.
It was also found that the work-piece surface finishes were improved and the
cutting temperatures were decreased [7].
Field dry machining tests were carried out on the Aluminum bronze alloy
worm production line. The parameters were: cutting speed = 150m/min,
cutting depth = 2-3mm, feed = 0.2mm/rev. The field cutting tests showed that
the tool life of the coated inserts were dozens of times longer than that of the
uncoated inserts. The work-piece surface finishes were also improved.
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Fig. 9 Cutting performance of diamond-coated inserts

4. Conclusion

1. Pretreatment on cemented carbide substrate has great effect on substrate,
diamond nucleation and diamond coating adhesion;

2. Deposition process parameters, especially substrate temperature and
methane concentration, influence diamond nucleation and diamond quality.

3. Diamond coating thickness, stress, substrate pretreatment and coating
quality influence diamond coating adhesion;

4. Diamond coating/substrate interface formed by DC plasma jet technology
is diamond/thin graphite/fine WC layer/residual Co-etching layer/substrate;

5. Diamond coating greatly prolongs the tool lifetime of cemented carbide
inserts when cutting aluminum alloy, the surface finishes also improved
and the temperatures of the diamond coated inserts and the work-piece
was decreased.
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MULTILAYER COATINGS CONTAINING DIAMOND AND OTHER HARD

MATERIALS ON HARDMETAL SUBSTRATES

Arno Kopf, Roland Haubner, Benno Lux

Institute for Chemical Technology of Inorganic Materials, TU-Vienna,

Getreidemarkt 9/161, A-1060 Vienna, Austria

Summary:

In order to improve the wear resistance of hardmetal cutting tools, coatings of
hard materials were established. Especially the production of multilayer
coatings, which combine useful properties of different materials was a topic
of industrial and academic research. The present work examined the
possibilities of combining diamond as basic layer with protective CVD layers
of TiC, TiN, Ti(C,N) and AI2O3. All these combinations could be realized and
some showed quite good adherence under strain, which offers possibilities
for technical applications.

Keywords: diamond, TiC, TiN, Ti(C,N), corundum

1. Introduction

The concept of applying multilayer coatings to WC-Co hardmetal cutting tools
to prolong tool life is already well known (1,2). Especially coatings with layer
sequences of TiC / Ti(C,N) / TiN / AI2O3 are commonly used in the machining
industry (3-5). With the exception of corundum all these materials show a
sharp decrease of hardness with increasing temperature (6). Additionally
they possess a rather bad thermal conductivity, which causes an extreme
heating (up to 1000°C and more) on the cutting edges (7) and therefore a
loss of wear resistance as result.
Due to their high hardness and excellent thermal conductivity diamond
coatings are used as wear resistant coatings (8,9) and as heat sinks in
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electronic devices (10). They show a good mechanical stability up to 1000°C,
but at these temperatures they show a rather low resistance against oxygen,
which catalyses the transformation into graphite. Another disadvantage of
diamond is, that it is not suitable for the machining of iron and steel, because
these materials possess a high carbon solubility. The high working
temperatures - occurring locally - lead to the diffusion of carbon into the
ferrous metal and that rapidly destroys the cutting edges.
A solution to the above mentioned problems is offered by a multilayer
concept, which combines diamond (for hardness and heat distribution) with a
protective layer of another hard material (TiC, TiN, AI2O3), which is stable
against oxidation and prevent carbon diffusion (11). This paper describes the
production of such multilayer-systems by using a CVD process and examines
the changes in deposition rates, crystal morphology and preferred crystal
orientations. Also layer adhesion is qualitatively estimated after performing
Rockwell tests.

2. Experimental details

2.1 Substrates and its surface pre-treatments
Indexable hard metal inserts from Teledyne Firth Sterling, La Vergne, TN,
USA [grade SPGN 120308, quality H21; 94 wt.% WC, 5.5 wt.% Co and
0.5 wt.% (Ta,Nb)C, total surface 4,29 cm2] were used as substrates. Prior to
pre-treatment they were ultrasonically cleaned in methanol. In order to
optimise growth and adhesion of the diamond layer Co, which detrimentally
influences the diamond CVD process (12-17), was removed from the
substrate surface by etching with Murakami solution (10 g K3[Fe(CN)6] and
10 g KOH in 200 ml H2O) for 60 minutes and Caro's acid (5% cone. H2SO4 in
35% H2O2) for 30 seconds. No further nucleation enhancement was applied.

2.2 Diamond deposition
A hot-filament reactor was used for the deposition of diamond layers (18).
Tantalum-wire (0.8 mm diameter) in form of a six times u-shaped loop was
used as a filament. The following deposition conditions were adjusted:
filament temperature, 2300±20°C; substrate temperature, 800±15°C;
pressure, 30 mbar; total gas flow, 250 cnfVmin; methane concentration,
2 vol% and a deposition time of 16 hrs.
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2.3 Deposition of TiC, TiN, Ti(C,N) and AI2O3

These deposition experiments were carried out in a hot-wall thermal CVD
reactor (19). The reactor was heated by means of an electric resistance
furnace. Experimental conditions were: Furnace temperature, 1050±20°C;
reactor temperature 900±15°C; pressure, 160±20 mbar for TiC, TiN and
80±5 mbar for AI2O3; flow rates for TiC, TiN: 333 cm3/min H2, 33 cm3/min
TiCI4; gas flow ratio CH4(N2 respectively):TiCI4, 1:1, 2:1, 3:1; flow rates for
AI2O3: 400 cm7min H2, 25 cm3/min HCI (8 cm3/min AICI3) gas flow ratio
CO2:AICI3, 2:1, 1:1, 1:2 deposition time 1 h (TiC, TiN); 3 h (AI2O3).

2.4 Examinations
Deposition rates were calculated from the weight difference of the substrate
before and after the deposition experiment. Scanning electron microscopy
(SEM) was used to describe the morphology of the deposited layers. The
quality of the diamond layer was examined by micro-Raman spectroscopy
(ISA RamanorU 1000; 100 mW 488 nm Ar-ion Laser; back-scattering
geometry). X-ray-diffraction (Ni filtered Cu Ka radiation A,=1.540562 A) was
used to characterize preferred orientations in TiC and TiN depositions.
Adhesion of the coatings was proofed by Rockwell indentation tests and
examination of cracks the surrounding area by SEM. For interface
investigations the ball grinding method (20) was used.

3. Results and Discussion

3.1 Diamond deposition
Diamond deposition on hardmetals has already become industrial standard.
In order to use diamond as prime layer for a multilayer coating its adhesion
has to be optimised. The negative effects, which the cobalt content of a
hardmetal has on diamond deposition, also include the catalysing of sp2-
carbon, which leads to the formation of graphite or amorphous carbon,
especially during the first period of deposition (15,21). Diamond nucleates on
this thin interlayer, which is of course detrimental to the adhesion of the finite
layer. In order to reduce these negative effects Co has to be removed from
the surface or stabilized by the formation of stable chemical compounds. A
standard treatment used in industrial production is the two step etching with
Murakami solution and Caro's acid. During the first step the substrate surface
roughness is increased, while the second etching dissolves Co and produces
CoSO4 and Co-oxides. Under diamond deposition conditions these
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compounds should stabilize the surfaces by formation of CoS (22). Although
the mechanism is not fully cleared, but the effects of this pre-treatment
method is convincing. Diamond quality and adhesion are both remarkably
increasing.
Our deposition experiments after using Murakami / Caro pre-treatment
resulted in 9 to 11 urn thick (111) faceted octahedral diamond coatings
(deposition rate approx. 0.38 mg/h) of high quality according to Raman
spectra (single peak at 1333 cm"1) (Fig. 1). Rockwell indentation tests with a
load of 100N/mm2 indicated a high layer adhesion. In summary these
coatings proofed their suitability for multilayer production.

10000

5 0 0 0 • •

(A
C

900 1100 1300 1500
Raman Shift [cm"1]

1700

Fig. 1; Morphology and Raman spectra of diamond deposited on WC-Co
substrates, pre-treated with Murakami-solution (60 min) and Caro's
acid (30 s) [16 h, Tf,= 2300°C, Tsub= 800°C, 100 crrfYmin, 3% CH4, 30 mbar]

3.2 Double layers consisting of diamond / TiC, diamond / TiN and
diamond /Ti(C,N)

After 1 h of deposition the diamond crystals were usually fully covered by a
fine crystalline layer of TiC or TiN (Fig. 2). The average layer thickness
reached in case of TiC 9.5 urn; and in case of TiN 3.5 urn. The carbonitrides
usually took values in between depending on their composition.
The comparison of the deposition rates of TiC and TiN coatings on diamond
or uncoated hardmetal substrates showed opposite behaviours. While the
deposition rate of TiC was about 2.3-times higher on diamond (22.5 mg/h)
than on WC-Co (10 mg/h), the deposition of TiN on diamond seemed to be
restrained (diamond: 13.5 mg/h, WC-Co: 22 mg/h). A similar effect is
observed during the deposition of Ti(C,N), where the deposition rate
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decreases with decreasing CH4:N2 ratio in the reaction gas (Fig. 3). Generally
the deposition rates of TiC and TiN strongly depend on the content of CH4

respectively N2. A reduction in the gas flow of these species is always
connected with a decrease in the deposition rate (Fig. 3).

[Diamond / TiC; CH4:TiCI4 = 2:1 Diamond (11,5 (jm) / TiC (8

• Diamond / TiN; N2:TiCI4 = 2:1 Diamond (13 pm) / TiN (6 \m\)

Diamond / TiCN; CH4:N2=3:7; (CH4+N2):TiCI4=3:1 Diamond (11 Mm) / Ti(C,N) (11

Fig. 2: Morphology and Rockwell indentation tests of TiC, TiN and TiCN
depositions on diamond covered hardmetal substrates [T=820°C,
p=160 mbar, H2 gas-flow 333 cm3/min, 1 h]
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Fig. 3: Deposition rates of TiC, TiN and TiCN layers deposited on
diamond coated WC-Co and uncoated WC-Co [T=800°C;
p=160 mbar, H2 gas flow 333 cm3/min]

The enhancement of the TiC deposition rate on diamond is mainly caused by
the reaction kinetics, which favours carbide formation by using carbon from
the substrate surface as source rather than the gaseous methane (23). In
case of diamond coating the whole surface acts as a carbon source, while
uncoated hardmetals only provide the dissolving of carbon from the binder
phase, which represents a relatively small carbon amount. Furthermore at
temperatures above 800°C diamond starts to transform slowly into graphite,
which again facilitates the formation of TiC.
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To proof, that TiC might be formed solely with carbon from the substrate, an
experiment was carried out. During that experiment no carbon containing gas
was added and after 15min at 900°C a thin layer of TiC was observed
(Fig. 4)
According to Lindstrom et al. (24) the deposition of TiN shows a different
mechanism than that one of TiC. He proposes a kind of "auto catalysis"
involving reactive nitrogen species. Zhirong et al. (25) additionally came to
the conclusion, that the TiN deposition is controlled by surface reactions. The
nitrogen adsorption is assumed to limit the growth rate. It is possible that the
different chemical bonds in WC-Co (metallic) and diamond (covalent) also
cause a different affinity toward nitrogen, which would be responsible for
variations in the deposition rates. XRD measurements (Fig. 3) reveale, that
besides average TiN also a non-stoichiometric TiN species (r|-Ti3N2_x first
reported by Lengauer (26)) was deposited on diamond. This indicate, that a
deficiency of nitrogen occurred in the reaction zone, which might be
considered as proof, that diamond lacks affinity towards nitrogen.

Fig. 4: Formation of TiC layers by treating diamond layers with TiCI4/H2

gas mixtures (no CH4 addition) [temperature: (A) 800°C, (B) 900°C,
70 mbar, duration of treatment 15 min, H2: 333 crrvVmin, TiCI4: 33 crrvVmin]
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The morphology of TiC on diamond did not change significantly with a
variation of gas composition. Usually fine crystalline layers were obtained,
which turned to coatings of faceted pyramidal crystals after increasing the
deposition time (3 hrs). XRD diagrams revealed, that especially with a
methane excess, TiC easily forms textured layers on diamond surfaces.
These layers are usually oriented in (200) direction (Fig. 3). TiN crystals
grown on diamond change their morphology according to the nitrogen
content in relation to the TiCI4. Equal contents or excess of TiCI4 cause
whisker growth, while a nitrogen excess results in pyramidal or lens shaped
crystals (Fig. 2). Here no preferred orientations were found according to XRD
measurements.
The Ti(C,N) deposition strongly depend on the reaction gas composition. A
higher methane content results in fine grained layers, while increased
nitrogen contents result in lens shaped crystals. Calculations based on XRD
measurements revealed, that the composition of the Ti(C,N) layer usually
contained 10-20% more carbon corresponding to the gas composition. This
fact shows again that the deposition of TiC on diamond is kinetically
favoured.
Rockwell indentation tests with loads of 68 kg/mm2 proofed, that the
adhesion of TiC or TiN onto diamond as well as the adhesion of the
multilayer to the substrate were quite good (Fig. 2). Only some minor cracks
appeared, which had no further effect on the adherence of the coating. The
Ti(C,N) layers showed less adhesion onto diamond than pure TiC or TiN
phases. For each of the indentation tests cracks were observed and small
parts of the coating jump off. The Rockwell tests also indicated, that an
optimum for the total layer thickness exists within a range of 15-20 urn. Tests
on thicker and thinner layers resulted in severe disturbances and the
breaking of layer segments.

3.3 Triple layers with the stacking sequence diamond / TiC / TiN
According to the success in producing adherent double layers with
diamond / TiC or TiN, experiments were performed to prepare triple layers
with the stacking sequence diamond / TiC / TiN. During this series it was also
investigated how different diamond modifications (namely octahedral and
spheroid ballas diamond) as basic layer affect the adhesion of the upper
layers.
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The deposition results did not differ from the previous experiments. Again
fine crystalline TiC layers and lens shaped TiN crystals were obtained at
more or less the same deposition rates (Fig. 5). The deposition rate of TiN
(21.5 mg/h) on the TiC covered surface took a maximum value similar to that
reached on WC-Co (22 mg/h).

Diamond / TiC / TiN

Fig. 5: SEM images of the deposition steps of a diamond / TiC / TiN-
multilayer and Rockwell indentation test [diamond deposition: 16 h,
Tfi, = 2300°C, Tsub = 800°C, 100 cnrrVmin, 2,5 - 4% CH4, 30 mbar, TiC / TiN
deposition: T=830°C, CH4:TiCI4 resp. N2:TiCI4=2:1, p=160 mbar, gas flow
333 cm3/min]
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The adhesion of the multilayers generally was insufficient. Some layers
jumped off during cooling others after the Rockwell test. Only few coatings
remained adherent, but even these showed major cracks on the surface (Fig.
5). But it has to be reminded, that the thickness of the total layer so far
exceeded in 20 um, which empirically was found as limit for strain enduring
coatings. It still seems possible to optimise adhesion by reducing the
thickness of each individual layer. Additionally it was found that, if well
faceted diamond crystals formed the prime layer, the upper layers which
immediately jump off even without induced strain. If ballas diamond is used
as intermediate layer the weakest point seemed to be the interface between
substrate and diamond layer. These systems remained adherent even after
Rockwell tests. The difference is easily explained, because ballas diamond
with its countless micro facets (27,28), offers a high number of nucleation
sites for the next layer and a high nucleation density also increases the
adherence of the layer.
To investigate the interface between the single layers, the ball grinding
method was used to create a spheroid cavity into the surface. Examinations
revealed, that a series of cracks was formed in the TiC, which formed the
middle layer. This is most probably due to the fact, that the TiC layer is
stacked between a layer with less (diamond) and another with higher thermal
expansion (TiN). The simultaneous performance of compressive and tensile
stress naturally causes cracks.
In the current state the developing of multilayers consisting of
diamond / TiC / TiN is not suitable for industrial applications, but still offers
many ways optimisation.

3.4 Double layers consisting of diamond / AI2O3

Corundum is a frequently used material in the coating industry. So far the
production of a composite layer with diamond has not been successful (29,
30). Our experiments resulted in an adherent corundum layer on top of the
diamond coating with a maximum thickness of 18 um. The deposition rate
(Fig. 6) strongly depended on the composition of the reaction gas and it
increased with increasing CO2 content (maximum 6.5 mg/h). A gas ratio of
CO2:AICI3 = 2:1 combined with a higher pressure (160 mbar and above)
resulted in gas phase nucleation and in porous films with low density. A low
CO2-content and deposition temperatures >1100°C lead to the growth of
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AI2O3 whiskers. In all the other cases the layer morphology was dominated by
five fold pyramids and plate like crystals in various ratios (Fig. 6).
XRD diagrams (Fig. 6) showed the expected peaks of WC, diamond and
AI2O3> but additionally some peaks were found, which could be related either
to AI4C3 or metallic tungsten. An oxidation of WC to tungsten would also
cause the delamination of the diamond layer. It seems that, similar to the
formation of TiC from TiCI4 and diamond, also AICI3 forms the carbide with
diamond as carbon source. This intermediate carbide layer reduces the
adhesion of AI2O3 on diamond, because it also increase the difference in
thermal expansion between the layers.

/ ALCy, CO2:AICI3=2:1 •—«1 urn Rockwell-test « •

LMirnnHi

80 70 60 50 .„. 40 30

Fig. 6: AI2O3 layers on diamond coated and uncoated WC-Co substrates:
morphology, Rockwell indentation test, AI2O3 deposition rates and
XRD diagrams of [T=1100°C; p=160 mbar, H2 gas flow 400 cm3/min, 3 h]
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Rockwell indentation tests (load: 50 kg/mm2) revealed that only very thin
(approx. 1 urn) AI2O3 top-layers resulted in stress resistant mutlilayer
coatings (Fig. 6). Layers with a thickness above 6 urn easily jump off the
diamond underlayer. This fact reveals the question, whether the combination
of diamond and AI2O3 results in technically applicable multilayer coatings or
not. Corundum layers of about 1 urn thickness not seemd to be suitable for
diamond protection.

4. Conclusion

The experiments described in this paper proofed, that it is possible to deposit
multilayer coatings containing diamond as basic layer onto WC-Co hardmetal
substrates and TiC, TiN, TiCN or AI2O3 as protective layer grown by CVD
methods. Under optimal conditions the layers show good adherence amongst
each other and on the substrate. Especially the combinations diamond with
TiC or TiN need further investigations to proof their suitability in wear
resistant applications. The adhesion of TiCN and AI2O3 on diamond is weaker
and offers only little resistance against strain. If the thickness of each layer
as well as the total thickness are optimised, then it is possible to obtain well
adherent multilayers with stacking sequences of diamond / TiC / AI2O3 by
chemical vapour deposition.

Acknowledgment
The authors gratefully acknowledge financial support of the present work by
the Austrian Science Foundation (FWF) (Project P 12055-CHE) carried out
under the auspices of the trinational "D-A-CH" German, Austrian and Swiss
cooperation on the "Synthesis of Superhard Materials"
Thanks also to Dr. J.J. Oakes (Teledyne Firth Sterling) for delivering the
hardmetal substrates free of charge.



A. Köpf et al. HM 74 521
15'" International Plansee Seminar, Eds. G. Kneringer, P. Rödhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

References

(1 ) B. Lux and H. Schachner; High Temperatures - High Pressures 10
(1978)315

(2) J.N. Lindström, B.F. Johnsson and F.J.O.W. Ohlsson; US Patent
3837896(1974)

(3) W. Schintlmeister et al.; Wear, 100 (1984) 153
(4) W.A. Bryant; Proc. 7th Euro. Conf. on CVD (1989) C5, 783
(5) N. Reiter; Proc. 4th Euro. Conf. on CVD (1983) 568
(6) S. Ekemar; Rep.MR 77-201, (1977) Society of manufacturing engines,

Dearborn, Ml
(7) P.A. Dearnley and E.M. Trent; Metals Technology 9 (1982) 60-74
(8) M. Murakawa and S. Takeuchi, Surf. Coat. Techno/., 49 (1991) 359
(9) J. Oakes, X.X. Pan, R. Bichler, R. Haubner and B. Lux; Surface and

Coatings Technology, 47 (1991) 600-607
(10) H. Holzer, R. Haubner and B.Lux; Conference Proceedings Vol.52

"EURODIAMOND '96", C.Manfredotti and E.Vittone (Eds.) SIF,
Bologna, 1996, pp.71-88

(11) J. Nedelik, W. Kremser and B. Lux, Diamond Films and Technology, 8
(1998)37-50

(12) R. Haubner and B.Lux; J. Phys. (Paris), Colloq. C5 (1989) 169
(13) R. Haubner, A. Lindlbauer and B. Lux; Diamond Related Materials, 2

(1993) 1505
(14) S. Kubelka, R. Haubner, B. Lux, R. Steiner, G. Stingeder & M.

Grasserbauer; Diamond Films and Technology 5 (1995) 105
(15) H. Matsubara and J. Kihara in S. Saito, O. Fukunga and M. Yoshikawa

(eds.), Science, Technology of New Diamond, KTK Scientific
Publishers, Tokyo, 1990, pp. 89-93

(16) T.H. Huang, C.T. Kuo, C.S. Chang, C.T. Kao and H.Y. Wen, Diamond
Relat. Mater., 1 (1992) 594

(17) S. Kubelka, PhD Thesis, Technical University of Vienna, 1994
(18) R. Haubner and B.Lux; Diamond and Related Materials 2 (1993) 1277-

1294
(19) A. Osada, PhD Thesis, Technical University of Vienna, 1990
(20) C. Colombier, B. Lux, A. Riahi, M. Puchhammer and H. Störi, Fresenius

Z. Anal. Chem. 329 (1987) 355-360
(21) R. Haubner, W.D. Schubert and B. Lux; Refractory Metals & Hard

Materials 16 (1998) 177-185



522 HM 74 A. Köpf et al.
15" International Plansee Seminar, Eds. G. Kneringer, P. Rödhammer and H. Wildner, Plansee Holding AG, Reurte (2001), Vol. 2

(22) R.Haubner, S.Kubelka, B.Lux, M. G riesser, M.Grasserbauer; Journal de
Physique IV, Coll.05, Vol.5, juin 1995, 753-760

(23) C.W. Lee & J.S. Chun; Proc. 8th Int. Conf. on CVD (1981) 563
(24) J. Lindström and K. Stjernberg, Proc. 5th Euro Conf. on CVD, (1985)

169
(25) T. Zhirong et al., J. Beijing Univ. of Iron and Steel Technol., 10 (1988)

39
(26) W. Lengauer, J. Less-Common Met, 725-127(1986)
(27) B. Lux, R. Haubner, H. Hölzer and R.C.DeVries; Refractory Metals &

Hard Materials 15 (1997) 263-288
(28) S. Bühlmann, E. Blank, R. Haubner and B. Lux; Diamond and Related

Materials 8 (1999) 194-201
(29) R. Bichler, J. Peng, R. Haubner and B. Lux; Materials Science and

Engineering A105/106 (1988) 543-547
(30) S. Söderberg, A. Gerendas and M. Sjöstrand: Vacuum 41/4-6 (1990)

1317



AT0100479
R. Haubner et al. HM 75 523^

15" International Plansee Seminar, Eds. G. Kneringer, P. Rddhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

DEPOSITION OF BALLAS DIAMOND AND NANO-CRYSTALLINE

DIAMOND

Roland Haubner, Benno Lux

Institute for Chemical Technology of Inorganic Materials, TU-Vienna,

Getreidemarkt 9/161, A-1060 Vienna, Austria

Summary

Nano-crystalline materials are of high interest, because mechanical and
physical properties of such materials are different from coarse grained
types. In case of diamond the CVD ballas type is a nano-crystalline material.
Other names for ballas are also common; e.g. ball-shaped diamond,
cauliflower like, nano-crystalline diamond.
Ballas is a non-faceted, polycrystalline spherically grown diamond having a
radial structure. Several morphological ballas structures have been
observed by varying the deposition conditions, i.e. ballas having faceted
areas, flat ballas, ballas with graphitic inclusions etc.. The nano-crystalline
diamond coatings were reported during the last years and grown by adding
fullerens to the deposition gas or using Ar / CH4 mixtures with less H2

additions.
From the present point of view the ballas morphologies can be described by
various microstructures. The nano-crystalline diamond is one of these
microstructures.

Keywords: diamond, ballas-diamond, nano-crystalline diamond

1. Introduction

Since the beginning of CVD diamond synthesis, faceted diamond layers, but
frequently also half-spherical and polycrystalline diamond (ballas) (1) were
deposited. Ballas deposition is observed under "non-optimal" growing
conditions (2). The CVD ballas layers were also called cauliflower like (3),
ball-shaped (4) etc. by some authors. Additionally during the last years
nano-crystalline (5) and ultra-nanocrystalline (6) diamond films were
described.
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Faceted diamond can be grown by various techniques (7,8) and diamond
growth can be obtained within a wide range of parameters (e.g. temperature
range between 300 and 1000°C). All methods are primarily based on the
generation of large amounts of atomic hydrogen and carbon radicals (9).
With increase of carbon supersaturation (e.g. CH4 amount in the gas phase)
faceted diamonds get less and a high amount of twins and stacking faults are
introduced into the deposited diamond (10,11). Finally radial growth of
polycrystalline, unfaceted diamond having the "ballas-type morphology"
occurs (12,13).
Raman spectroscopy is the most frequently used technique to characterize
carbon bonding in diamond films (14), to distinguish between diamond,
graphite and amorphous carbon is possible.
In the present work the facts of ballas diamond deposition will be
summarized and correlated with the described nano-crystalline diamond.

2. Low-pressure diamond deposition
By means of the low-pressure CVD synthesis various diamond morphologies
(e.g. facetted, ballas, graphitic) can be synthesized by varying the deposition
parameters (Fig. 1).

1 urn

Fig. 1: Different structures of isolated CVD diamond aggregates: (a) course
grained ballas; (b) (100) facets on complex structure; (c) well faceted diamond

The main parameter for diamond growth is the atomic hydrogen
concentration, which is mainly influenced by the power density of the
activation method. For diamond growth itself the atomic hydrogen has to be
present during deposition on the surface, where he determines the crystal
quality obtained during the low-pressure diamond synthesis. Due to
recombination effects also other parameters, such as the distance from
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atomic hydrogen source to the substrate, gas pressure, gas velocity and the
overall gas phase composition (such as the H/C or H/C/O ratio) influence the
amount of atomic hydrogen on the surface. Foreign gases act mostly as
"impurities", and are detrimental for the growth of faceted crystals. Last but
not least the substrate surface temperature influences growth of the diamond
due to surface diffusion and recombination effects.
Some examples should show that the deposition of faceted or ballas
diamond is strongly related to the deposition parameters:

2.1 Correlation of growth rates with diamond morphology
Experimental results showed an increasing growth rate with increasing
hydrocarbon concentrations while the facets geometry change from (111) to
(100). After passing a maximum a decreased growth rate for ballas
deposition occurs (Fig. 2). Similar trends are observed by varying other
deposition parameters. Thus the growth of diamond single crystals seems to
be disturbed either by too high hydrocarbon supersaturation or by less atomic
hydrogen or by a decreasing surface mobility of the growth species (15,16).
By changing deposition conditions towards ballas formation an increasing
growth rate was expected - due to the increasing twinned areas of the ballas
microstructure - but the experiments showed a decrease. This decrease of
growth rate can be explained by an increasing etching of sp2 carbon. In other
words, higher amounts of atomic hydrogen are necessary to stabilize the sp3

carbon for growing diamond than for etching sp2 carbon.

(100) only

2
(100)

faceted

PH3/CH4

\

faceted
&

ballas

= 0 - 5000 ppm

balfas

plasma intensity
l o w surface temperature

atomic hydrogen, gas pressure
high

300 600
PHa /CH4 - rat io

n ' 9 n
carbon supersaturation

methane concentration

Fig. 2: Correlation of diamond growth rate, process parameters and
morphology (a) example for PH3 addition deposition (1% CH4/H2,
Tsub= 820°C, Tfii=2450°C, 15 Torr) (17) (b) schema drawing on the
morphological changes (34).

l o w
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2.2 Gas activation (atomic hydrogen and carbon species)
In the case of all CVD diamond deposition methods the formation of atomic
hydrogen occurs in a selected volume near the deposition area. Due to this
fact with increasing distance from the hydrogen source ballas deposition
occurs. (15,16) (Fig. 3). The geometry of the deposition area depends on the
activation method: e.g. in a hot-filament (18) apparatus the region is more
linear under the filament and in case of a microwave plasma(19,20) the area
is circular.

(a) (b)

Fig. 3: Morphology of CVD diamond layers depending on gas activation
(a) hot-filament activation and influence of filament to substrate position
(b) various positions in the microwave plasma.

2.3 Substrate surface temperature and hydrocarbon concentration
Faceted diamonds are usually observed at a substrate surface temperature
around 800°C (from 650°C to 950°C ). It is interesting to note that changes of
the diamond morphology towards ballas are observed in the whole substrate
surface temperature range (21,22)). In general it is difficult to determine the
exact transition temperature between ballas and faceted growth, due to
numerous other parameters within an experimental setup (23).
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With decreasing substrate temperature, the domain boundaries marking the
transition between faceted and ballas morphologies extend to higher
methane concentrations in the gas phase (Fig. 4). This behavior must be
attributed to the crystallization process right at the film surface rather than to
gas phase reactions since the gas phase activation (microwave power), has
been kept constant. One explanation is, that with increasing surface
temperature, hydrogen desorption from the hydrogen terminated diamond
surface becomes dominant. These enhanced surface reconstruction results
in subsequent defect incorporation. Etching of such defects would require
additional atomic hydrogen which is unavailable.
Another mechanism promoting the formation of the equilibrium phase
graphite is surface diffusion which becomes stronger anyway at higher
temperatures, especially in areas with high defect density. In the
temperature range below 600°C narrowing of the compositional range for
growth of faceted diamond has also been reported for decreasing
temperatures (24). There, the domain boundary limiting faceted growth
marks the onset of two-dimensional nucleation on the diamond facets. This
process eventually leads to nano-crystalline diamond structures (7).

Surface temperature [°C]
1000r

graphitic l-3at%H
a)

950

900

850

800

750

faceted 0.2 - 1.5 at% H

700

0 2 4 6 8

% CH4

-•—faceted -o-ballas-like

Liaii3l»-iike

4 - 7 at% H

10 12

-graphitic

b)
870 °C, 5 h

%CH4

Fig. 4: Correlation of diamond morphology and growth rate with methane
concentration, (a) morphology changes with surface temperature and
CH4. Hydrogen was measured by SIMS, (b) Comparison of growth rates and
morphology for different substrate temperatures (60 mbar, 400 seem, 1.4 kW
microwave)
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2.4 Gas phase composition
The overall gas phase composition also determines the concentration of the
growth species (25). The deposition of diamond is possible in a wide range
of different gas combinations (26), whereby CH4-H2 and CH4- O2 - H2 are the
basic systems. Generally an increasing concentration in CHX compounds
leads to ballas deposition. Literature reported for the transition between
faceted crystals and ballas range between 1,5 % CH4 (27) and 11 % CH4

(28). These large differences are caused by all the other parameters, such
as filament temperature, filament substrate distance, gas speed in the
reactor etc., which can vary in wide ranges.
C6o fulleren was also used as carbon source (29). These experiments were
carried out in Ar atmosphere with varying hydrogen additions (10'2 Torr C6o,
90-99 % Ar, rest H2) (30,31). Because under such deposition conditions the
ratio at. H / C is low, nano-crystalline (ballas) diamond is formed. This effect
is not specific for the use of C60 as carbon source because it was shown with
experiments that - at a constant CH4 concentration of 1 % - the H2 / Ar ratio
was varied (32). The experiments with Ar addition showed the transition from
faceted to ballas growth between 10 and 20 % H2 in the mixtures.
Similar to the deposition in H2 carrier gas a decrease in the layer growth rate
was observed at high Ar contents (nano-crystalline deposition) (32)

2.5 Influences of impurities
Impurities are known to disturb crystal growth, and in low-pressure synthesis
of diamond they also influence the diamond crystal morphology in many
other cases. Impurities are usually introduced by additions to the source gas
or by substrate evaporation. The addition of foreign gases like N2, PH3 or
boron compounds etc. can change the diamond morphology from faceted to
ballas with increasing concentrations (16). In all cases Raman spectra
showed clearly the formation of the ballas diamond.
The occurrence of impurities during the deposition process can also be
caused by the evaporation of certain substrate materials (33). This was
observed by diamond deposition on iron substrates where, due to the high
vapor pressure of iron, ballas is formed at methane concentrations lower
than 0,4 % (34).

2.6 Gas pressure and velocity
Gas pressure strongly influences the gas activation whereby - at a constant
activation temperature - with increasing gas pressure, a definitely lower
dissociation rate of hydrogen occurs due to changes in the thermodynamic
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equilibrium (18). Additionally increasing the gas pressure reduces the amount
of atomic hydrogen due to higher recombination in the gas phase.
At very low pressures the formation of atomic hydrogen is linked with the
increasing gas velocity. This causes a shorter contact time at the hot-filament
or in the plasma zone and therefore a lower concentration of atomic
hydrogen (18).

3. Characterization and microstructure of diamond coatings
The morphological changes of diamond coatings with variation of process
parameters can easily be seen by scanning electron microscopy (SEM). To
get further information about the layer composition Raman is widely used to
identify the diamond and non-diamond carbon.

3.1 Characterization of various ballas morphologies
The change between the different morphologies (unfaceted "ballas" -> cubic
-> octahedral) (Fig. 5) is characterized by a continuous decrease in the
amount of defect rich regions (35).

3.2 Raman characterization
Raman is one of the most important method to characterize the diamond
quality. Beside the diamond peak the other non-diamond carbon types can
be identified (e.g. graphite crystalline or microcrystalline and amorphous
carbon) (35). In general two different types of Raman spectra were observed
by analyzing the different types of morphology (Fig. 5):

• diamond layers with amorphous contents
• ballas layers with graphitic contents

Fig. 6 compares the relevant spectra and gives information about the various
peaks (35).
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Fig. 5: Change of diamond morphology with increasing CH4 content and
typical Raman spectra (60 mbar, 400 seem, 1.4 kW) (35)
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Fig. 6: The two types of Raman spectra observed during changing
diamond morphology and assignment of the peak positions to the
various carbon types

3.3 TEM-investigations
To get information about the microstructure of diamond layers TEM
(transmission electron microscopy) investigations are necessary (11). Some
typical pictures of defects and its distribution in the diamond are shown in
Fig. 7. As it can be seen in Fig. 7d the ballas layers are really nano-
crystalline and various grain boundaries are observed (e.g. twin-grain
boundaries, normal grain boundaries). A summary, illustrating the distribution
of the defects in correlation to the morphologies, is shown in Fig. 8.

3.4 The faceted diamond layer
Faceted CVD diamond depositions can form nearly perfect diamond crystals,
but also crystals containing many defects can be deposited (11). Micro-twins
are mainly observed in the (111) and dislocations in the (100) growth sectors
(Fig 7a) (11).
During this microstructural changes, the intensity of the diamond 1332 cm"1

peak decreases because the micro-twinned regions lead to a gradual
disappearance of the well-defined lattice oscillation associated with this peak
(35). In such micro- and nano-crystalline material, the 1140 cm"1 peak is
observed. With increasing amounts of micro-twinned areas the intensities of
the D-band and the 1470 cm"1 peak increase. The G-Band also increases,
but in addition its position changes from 1539 cm"1 (faceted area) to
1585 cm"1 (ballas area).
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As indicated in Fig. 8, the micro-twinned areas increase while the facets
disappear and the ballas morphology is formed. An intermediate stage of
(100) facets in an unfaceted surrounding can be observed (Fig. 5c).

3.5 Ballas morphology
Ballas is nearly pure diamond with nano-crystalline structure. The type of
defects changes with deposition conditions respectively the at. H / C ratio.
With decreasing at. H / C ratio the diamond grain size also decreases and
the strongly twinned microstructure is replaced by normal (11) or (100) E29
grain boundaries (Fig. 7d) (36).

Fig. 7: TEM investigation of diamond layers: (a) bright field image from (1OO)
grown diamond (A = twin agglomerations, M micro-crystalline material)
(b) micro-twinned areas P1, P2 twin lamellas (c) cross sectional TEM bright-
field image of a fine grained CVD ballas (A = defect free inclusions (d) flat
ballas; lattice fringes correspond to diamond {111} (I, grain boundaries) (11).
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Fig. 8: Schematical drawing of the microstructure of different CVD
diamond layers.

Ballas types grown under conditions adjacent to the faceted diamond region
were called coarse ballas in earlier publications (11,35). The Raman spectra
either did not show the diamond 1332 cm"1 peak or the peak was very weak,
while the D-band and the graphite peak appeared clearly. It must be noted
that the Raman intensity (background) increases strongly due to the
morphological change from faceted to ballas diamond.
The ballas type grown at the transition to the graphitic deposition is
characterized by a homogenous micro-twinned matrix. A slight formation of
graphite lamellae is possible. In flat ballas the D-band is smaller and the
graphite peak larger than in coarse ballas. The hydrogen measurements by
SIMS indicate the higher hydrogen contents in the ballas layers, originating
apparently in the amorphous inclusions which are saturated with hydrogen.
By investigating a flat ballas layer by high resolution electron microscopy
(HREM), multiple twinning, with the grains misaligned relative to the exact
twin orientation across several boundaries was observed (Fig. 17). Some of
the boundaries showed a bright contrast indicating incoherent grain
boundaries. This indicated the existence of i.e. amorphous or platelet-like
intergranular phases but neither HREM or EELS (electron energy loss
spectrometry) measurements indicate the presence of large volume fractions
of amorphous or graphitic carbons (37).
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The described nano-crystalline diamond deposits show nearly the same
Raman peaks than ballas deposits and also the TEM images look very
similar (5,6,11,30,32,35).

3.6 Graphitic morphology
Transition from ballas-like morphologies to layers containing graphitic
inclusions is initialized by implementation of fine lamella. These lamella
appear to be of graphitic nature since Raman spectra show a sharp graphite
peak at about 1585 cm"1 when lamellae are present. With increasing CH4

concentration, these lamella grow until the structure becomes exclusively
lamellar.

4. Summary and Conclusions
It could be shown that ballas diamond, nano-crystalline diamond and
ultranano-crystalline diamond are very similar materials. In detail the
microstructures shown by TEM for the nano- and ultranano-crystalline
diamond can also be observed in ballas diamond. Because the description
of ballas diamond includes all diamond layers without facets (from the
faceted region to graphitic deposits) also the nano- and ultranano-crystalline
coatings are a subgroup of ballas.
The formation of ballas is observed with increasing carbon supersaturation
(CH4 content) in the gas phase respectively with decreasing at. H / C ratio.
These conditions can be reached by variation of the carbon source, e.g.
with fullerens or by reduction of the at. H concentration in case of Ar
additions. By variation of the other diamond deposition parameters also
ballas can be deposited (e.g. plasma intensity, surface temperature,
impurities).
In order to use the high potential of the unique ballas structure in industrial
applications further investigations should be performed on the low-pressure
ballas synthesis. Applying polycrystalline ballas diamond as material for
high-duty, thin coating surfaces on suitable substrates with even complex
pre-shaped geometries should be quite easy. To develop the necessary
coating adhesion to optimize the ballas layer strength, its fracture toughness
and wear behavior versus a variety of materials seems a worthwhile new
endeavor.
Furthermore, the ballas type containing fine graphite particles could be of
interest for the flat panel production.
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Summary

Diamond coated cutting tools are of increasing importance in the fields of high
speed cutting, dry machining or machining of special materials such as Metal-
Matrix-Composites. A well known problem is the poor adhesion of diamond
films on hard metals due to the Co- or Ni-binder that catalyzes the formation
of graphite. Several methods - such as the application of intermediate layers
or mechanical or chemical pretreatment of the hard metal substrate - have
been developed to overcome this effect. Usually chemical pretreatmentis used
in order to reduce the concentration of binder phase on the surface that is to
be coated. Surprisingly pretreatment with agents such as Murakami's solution
result in improved adhesion and nucleation of diamond films while the
concentration of the binder phase on the surface is enhanced. This
"contradiction" can be explained by proving that the surface is converted into
a very thin oxide/hydroxide film.

Keywords:

Diamond coatings, pretreatment, Murakami's solution

1. Introduction

In recent years considerable progress has been achieved in the coating of
hard metal cutting tools with diamond films. Apart from several other aspects
(see e.g. /1,2/), problems due to the difference in thermal expansion
coefficients of diamond and hard metal as well as the detrimental effect of the
binde phase - usually Co - on the formation of diamond films /3/ had to be
solved. Several solutions using mechanical or chemical pretreatment of the
substrate or special interlayers have been reported (see e.g. [4-22]); common
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to all these approaches is the aim to reduce the Co-content on the substrate
surface. However, one of the well established and successful methods, the
pretreatment of the substrate with Murakami's solution [20-22], turned out to
enhance the Co-concentration on the surface [20,23]. This appears to be a
contradiction to existing models.

1. Experimental Details

Commercial hard metal cutting tool inserts (THM SNMQ 120 408 containing 6 %
Co-binder) were chosen as sample for the basic experiments. After the usual
cleaning procedures these samples were etched with Murakami's solution for
different periods of time. Thereafter the cutting tool inserts were coated with
diamond, and the nucleation or adhesion of the diamond coatings was
determined.
In addition model experiments on hard metal cutting tool inserts as well as on
pure Co samples have been carried out. Apart from etching with Murakami's
solution electrolytic etching has been applied as well.
The Co content was determined by energy dispersive X-ray analysis (EDX)
within the probing depth typical for this technique (a few micrometers). Apart
from this, especially surface modifications were investigated by X-ray
photoelectron spectroscopy (XPS) using Al Ka-radiation. Additionally the etchant
was analyzed by ICP-mass-spectroscopy in order to monitor possible reaction
products.

2. Results

3.1 Treatment of WC/Co with Murakami's solution
Hard metal cutting tool inserts were - after the usual precleaning - etched with
Murakami's solution. Subsequently the samples were investigated by means
of a scanning electron microscope (SEM) to characterize the morphology of
the surface; additionally the Co content was determined using quantitative
energy dispersive X-ray analysis (EDX). The results are shown in Fig. 1; one
finds a nominal Co-concentration of 6 % in the untreated sample and an
enhanced Co-content of 8.2 % after treatment with Murakami's solution.
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Fig. 1: EDX - analysis of a treated and an untreated sample

The XPS spectrum of a typical sample after 20 s etching (and subsequent
cleaning in distilled water) is given in Fig. 2. Apart from a significant
contamination of the surface (the O peak at 531 eV and the C peak at 287 eV)
one finds as the main peaks the 4d and 4f peaks of W at 257/245 eV and
36/34 eV respectively, the Co 2p1/2/2p3/2 at 794/778 eV and the Co 3s/3p at

Binding energy [eV]

Fig. 2: XPS-Spectrum of a sample after 20s of etching
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103/63 eV, but it should be mentioned that the positions of the Co-peaks are
shifted to higher energies by 2 eV with respect to the pure metal reference
spectra [24]. The oxygen is adsorbed and not chemically bound; this can be
proved by heating the sample (inside the XPS equipment) to a temperature of
573 K where the oxygen reacts with the Co to form Co O, as the XPS spectra
show.

Although it has been stated that Murakami's solution does not influence the Co
[22], in the following especially the Co peaks will be investigated.

A comparison of the Co 2p peaks of the sample before and after etching
shows a chemical shift of about 1 eV towards lower energies after etching,
additionally the left peak has broadened, Fig. 3:
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Fig. 3: Spectra of an etched and an unetched WC - samples

Since the peaks of W and C did not shift but remain in the same position, it can
be excluded that these elements are partners of chemical reaction. Thus it can
be concluded that Co is influenced by Murakami's solution, but the question for
the nature of the chemical reaction remains. Consequently the following
experiments concentrate on the behavior of cobalt.
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3.2 Treatment of Co with Murakami's solution
First Co-films ca. 100 nm thick were sputtered onto glass substrates and
treated with Murakami's solution for 10 sec, 30 min and 23 h. No enhancement
of the Co signal in the remaining solution could be detected by ICP-mass
spectroscopy and no reduction of the thickness of the Co film by optical
spectroscopy. To exclude an influence of film structure, the residual gas
pressure of the sputtering equipment was systematically varied between
3,5*10"7 mbar and 1,5*10 mbar, but no difference between these samples
could be observed.

Secondly Co films were deposited on Si substrates and their surfaces were
investigated by XPS.

Fig. 4 shows the spectrum of a Co film as deposited; one finds the dominating
Co 2p peak as well as the 3s and 3pi /2 peaks in accordance with the reference
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Fig. 4: Spectrum of a Co-film
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data I2AI. In the following the structure of the 2p peaks will be considered in
detail. In Fig. 5 a sample treated 18 h with Murakami's solution is depicted and
can be compared to the untreated one. Even here no chemical shift is
detectable, the same result is obtained when the 3s and 3p peaks are
considered. The untreated Co-sample as well as a sample treated with
Murakami's solution for one day were then coated in a hot filament reactor at
the usual conditions, but no diamond film could be deposited. Thus it has to be
concluded that the surface of the Co has not been modified by Murakami's
solution - in contrast to the findings on WC-Co samples.

3.3 Etching of Co in presence of other materials

: i

V *~ '—.f-\. '

binding energy [eV]

Fig. 5: Spectrum of a sample etched for 18 h in Murakami's solution

To solve this puzzle, a Co film (on a glass substrate) was etched together with
a hard metal sample. The effect could be observed with bare eyes: the Co film
peeled of at points of contact with the cutting insert (after 24 h etching) and a
bulk Co sample changed its color at that part of the surface which was in
contact with the cutting tool insert. To elucidate which component of the cutting
tool insert was responsible for this effect, the experiment was repeated with
pieces of W and C; only the W led to the same result as the WC-Co.
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The XPS spectra of the Co2p-peaks are compared in Fig. 6.
After etching the peaks are shifted about 1 eV towards lower energies
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Fig. 6:Spectra of Co sample unetched and Co + WC etched

compared to pure Co, but due to the 2 eV shift to higher energies - with
respect to pure Co - of the untreated hard metal, this is the same effect as
occurs when the hard metal has been etched; Fig. 7 summarizes this result.

Co-2pi/2-Peakposition Co-2p3/2-Peakposition

796 794,5 781,5 780,5

797 795,5 781 780
binding energy [eV]

Chemical shift of
Co unetched Co + WC etched

Chemical shift of
WC - Co unetched Co - WC etched

Fig. 7: Co-peak shift of the binding energy
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To prove this effect, a Co coated Si substrate was etched with Murakami's
solution having only one half of its area in contact to WC then (after rinsing with
distilled water) it was coated with diamond (in a hot filament reactor at the usual
conditions). The results are shown in Fig. 8: the upper part shows significantly
less nuclei than the lower pretreated part.

3.4 Electrolytic etching

To elucidate the influence of W on the etching process, electrolytic etching has
been applied; in addition to Murakami's solution (10 g KOH + 10 g K3 [Fe(CN)6] +
100 ml H2O), Na2 CO3 (5g Na2CO3 +100 ml H2O) and KOH + Na2 CO3 (10 g
KOH + 6 g Na2 CO3 + 100 ml H2O) were used.

Fig. 8 SEM Image of a diamond coated Si sample

First of all it could be observed, that Murakami's solution etches significantly the
WC-phase not only without applied potential (as is well known), but even when a
voltage is applied. But the essential fact is, that at a potential of about 1.45 eV
passive films on the Co have been obtained - similar to the usual etching with
Murakami's solution.

Especially the performance of diamond coatings after electrolytic etching was
similar to that after etching with Murakami's solution.
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3. Discussion

An unusual behavior of passive Co has already been reported by HEUSLER
[25]. It is due to a thin film - only existing at positive potentials - consisting of
an inner Co (II) oxide-phase and an outer spinel-phase. There is no evidence
for a similar duplex layer on any other passive metal.

Cobalt is active at potentials below U = 0.15 V. At potentials between
U = 0.15 V and U = 0.7 V in the region of primary passivity a layer is formed
which - for thermodynamic reasons - can only consist of Co (II) oxide or the
respective hydroxide. The film thickness increases only slightly from 2.0 nm at
U = 0.45 V to 2.5 nm at U = 0.86 V. Above U := 0.9 V a layer is formed on top
of the first layer showing strong optical absorption. It consists of a spinel phase
Co2O4 [26] with a composition that can vary between Co3O4 and Co2O3; the
change occurs at a voltage of U = 1.22 V. At even higher potentials the
formation of Co OOH and CoO2 would be thermodynamically possible. The
thickness of the outer layer increases proportionally to the applied voltage up
to 37 nm at U = 1.65 V. The dependence of film thickness on the pH-value is
shown in Fig. 9.
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Electrolytes containing complexing ligands with metal-ions produce a
significantly more negative potential (for example, Cu in cyanid-solutions
produces a negative potential to the hydrogen-electrode instead of producing
the usual positive value because a complex-ion [Cu(CN)2] is formed).
Murakami's solution contains a complexing ligand, too, namely the Fe(lll)
(CN)6. A simple measurement of the potential of a Co-W-element and a Co-
Murakami-W-element shows a difference greater than 0.7 V, this is sufficient
for an anodic oxydation of Co. Thus it has to be concluded that Co is covered
by a protective layer after treatment with Murakami's solution.
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für Werkzeuge auf der Basis von Kohlenstoff
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*Roth & Rau Oberflächentechnik GmbH, Wüstenbrand, Saxony, Germany

*+Hochschule für Technik und Wirtschaft Mittweida, Mittweida, Saxony, Germany

Summary:

The present development is a layer compound of the category dry lubricant
films, how they are in development for coating of tools and machine parts
worldwide. The basic composition of the compound structure is the
combination of the classical hard coatings titanium nitride (TiN) and titanium
carbonitride (TiCN) as multilayer. These coatings are generated by means of
PVD (physical vapour deposition) from high rate coating sources to the
principle of electrical arc vaporization and magnetron sputtering. The on it
following dry lubricant coating is based of amorphous, diamond like carbon
(DLC) deposited by means of PE-CVD (plasma enhanced - chemical vapour
deposition) in an ECR (electron cyclotron resonance) plasma in the same
recipient. During the operating procedure the amorphous carbon takes the
part of lubricant action, the basic multilayer TiN and TiCN guarantee the well-
known great useful life of the tool. The lubricant action of the carbon layer is
not only at the beginning of the use or operating procedure. The carbon layer
compounds with the wear protecting film of TiN and TiCN during the action
and prolong the lifetime again more explicitly.

Keywords:

Dry lubricant films, tools, machine parts, TiN, TiCN, DLC, PVD, PE-CVD,
ECR, wear protecting film

1. Einleitung

Ausgehend von der weltweiten Zielstellung der verarbeitenden Industrie
geeignete Trockenschmierstoffschichten (TSS) für Werkzeuge und Bauteile
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zu erzeugen, wurden auch in der Firma Roth & Rau Oberflächentechnik
GmbH Schichten auf der Basis von Kohlenstoff (DLC) entwickelt. Der
generelle Schichtaufbau ist eine klassische Standard-Hartstoffschicht ( TiN,
TiCN, TiAIN oder TiAICN) auf die ein Top-coat, bestehend aus amorphem
Kohlenstoff (DLC) als Trockenschmierstoffschicht TSS-C aufgelegt ist.

Eine Vielzahl von Versuchschargen mit Probekörpern und einsetzbaren
Werkzeugen wurde durchgeführt. Folgende Vorgehensweisen wurden dabei
gewählt:

1. Entwicklung von DLC -Schichten nach dem PECVD -Verfahren als
TSSC (polymer like, graphite like and diamond like carbon)

2. Dotierung der DLC - Schichten mit Silizium, Titan oder Stickstoff zur
Verbesserung der Eigenschaften

3. Verbinden der Prozesse PVD (klassische Hartstoffschichten) und
PE-CVD (TSS-C) in einer Beschichtungsanlage

2. Aufbau der Standardschichten (Verschleißschutz)

Die folgende Darstellung zeigt die „multilayer structure" der klassischen
Standardschichten TiCN und TiAICN, wie sie derzeit auf dem Markt sind und
auch durch die Roth & Rau Oberflächentechnik GmbH angeboten werden.

Abbildung 1:TiCN:

TiCN

TiN

TiCN

TiN

TiCN

TiN

TiCN

TiN

ca. 10min

ca. 5min

ca. 5min

ca. 5min

ca. 10min

ca. 10min

ca. 10min

ca. 30min

ca. 500 nm

ca. 250 nm

ca. 250 nm

ca. 250nm

ca. 500nm

ca. 500 nm

ca. 500 nm

ca. 1|jm



K.H. Dittrich et al. HM 77 551

15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

Die Gesamtschichtdicke dieser klassischen Hartstoffschicht TiCN betragt ca.
3-4 (jm. Die Anzahl der einzelnen layer kann ebenfalls unterschiedlich sein.
Fur eine zweite Standardschicht, TiAICN, ist in Abbildung 2 die Jayer
structure" dargestellt.
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Abbildung 2: TiAICN layer structure

Bei diesem Schichtaufbau ist zu erkennen, dass je nach Zuschalten der
Aluminiumquelle (Arc-Kathode) das Verhaltnis von Aluminium zu Titan
variieren kann. Die Decklage TiAICN bezeichnet die Schicht hier insgesamt
und dient bereits der Schmierwirkung des Topcoats. Au&erdem begunstig der
Kohlenstoff in der Decklage der Struktur die Haftung des nachfolgenden
lubricant films (TSS-C). Mit den klassischen Verfahrensparametern, die
nachfolgend aufgefuhrt sind, werden die Hartstoffschichten, die den
Verschleifcschutz bewirken: TiN, TiCN, TiAIN und TiAICN hergestellt.

Klassische Verfahrensparameter

des ARC - Verfahrens (elektrische Lichtbogen - Verdampfung)

Metallquelle:

Reaktivgase:

Titan- oder Titan-Aluminium - Legierungs-Target
(50:50=Ti:AI)

Stickstoff und Azetylen
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Prozessdruck: ca. 0,1 - 0,3 Pa

DC-BIAS: ca. 50-100V

Bogenstrom: ca. 100 A (Rechteckverdampfer 635x152 mm)

Expositionsrate: ca. 3 um/h

Prozesstemperatur: ca. bis 400 °C

Schichtdicken: ca. 3 - 4

3. Trockenschmierstoffschicht auf Kohlenstoffbasis: TSS-C

Überlegungen zur Verbesserung der Haftung der C-Schichten führten zu den
Elementen Titan (1), Aluminium (2), Silizium (3) und Stickstoff (4). Es wurde
ausgetestet, welches Element geeignet die Haftung und die Eigenschaften
der Trockenschmierstoffschicht C beeinflusst, die als Topcoat den Schmier-
bzw. Kühlmittelersatz bringt und auf die klassische Hartstoffschicht
aufgebracht werden soll. Das eingesetzte Standardverfahren der Firma Roth
& Rau Oberflächentechnik GmbH zur Erzeugung derartiger DLC - Schichten
ist das PE-CVD - Verfahren. Mittels energiereicher Plasmen, generiert aus
ECR (electron - cyclotron - resonance) - Plasmaquellen (5), werden die
Prozeßgase zur Reaktion gebracht. Zum Einbau von Titan und damit der
weiteren Optimierung der Eigenschaften der DLC - Schicht ist eine
Sputterquelle mit Titantarget ins Anlagenkonzept eingebaut worden. Diese
Quelle arbeitet im gleichen Druckfenster wie die ECR-Quellen. Die Parameter
für den PE-CVD Prozess sind im Folgendem aufgeführt:

I.lonenreiniqunqsprozeß: Argonplasma (ECR)
20-30 sccm Ar
DC-BIASbis1,5kV

2.Überganqsphase: Argonplasma (ECR)
Titansputtern (Magnetron)
oder HMDSO

3.Abscheidephase: Argon: 20 sccm
Stickstoff: 60 sccm
Acetylen: 5-25 sccm
HMDSO
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3.1. Si-C:H

Bereits 1979 wurden von Dimigen und Hübsch (DE2926080)
Kohlenstoffschichten als Mittel zur Trockenschmierung entwickelt, die
Silizium - und Siliziumdioxidschichten als die Haftung erhöhende Schichten
von ca. 50 nm Dicke mit einschlössen. In weiteren Patentschriften, so z.B.
von Hartmann et. al. (DE 19544 489), Enke (DE 3838905) und auch von Arai
und Oguri (EP 0435312) wurden die verschiedenen Möglichkeiten der
Verbesserung der Haftung von Kohlenstoffschichten mittels Einbringen von
Siliziumverbindungen beschrieben. Bei all diesen Rezepturen wurden die
hervorragenden Ergebnisse der Trockenreibung der Kohlenstoffschichten
herausgestellt. Das heißt, gemittelt über verschiedene Reibpaarungen, sind
Reibkoeffizienten von < 0,1 „state of the art" bei Kohlenstoffschichten.
Ausgehend von den Überlegungen in den hier genannten Schriften, waren
unsere Arbeiten angelegt. Es wurden Versuche zum Einbau von Silizium, vor
allem als Haftvermittler und zur Erzeugung definierter „Sollbruchstellen" der
Schicht, die Schmierschicht freigeben, geplant und durchgeführt. Für die
Versuche war eine ECR - Plasmaquelle das Hauptinstrument der
Beschichtungsanlage. Die zur Verfügung stehende Plasmaquelle RR 250
arbeitet stabil in einem Bereich von etwa 1x10"3 bis ca. 5x10"2 mbar mit einer
Mikrowellenleistung von 500 W. Die Mikrowellenfrequenz beträgt 2,45 GHz.
Diese Parameter und die Mikrowellenleistung im Beschichtungsprozess
wurden über alle Versuche konstant gehalten.
Für das erste Plasma im Substratvorreinigungsschritt wurde Argon als Gas,
bis 500 W Mikrowellenleistung und in der Regel DC - BIAS eingesetzt. Nach
dem Vorreinigen erfolgte der Übergang vom Argonplasma ins
Reaktionsplasma.
Von ausschlaggebender Bedeutung für die Prozessführung im eigentlichen
Abscheideprozeß ist weiterhin die BIAS - Spannung. Generell kann man die
Aussage treffen, dass eine höhere BIAS- Spannung auch eine höhere Härte
der Schicht zur Folge hat. Der Lieferant für den Kohlenstoff im
Plasmaprozess war Ethin mit der Gasqualität 2.6. Neben dem Siliziumeinbau
in die Schicht, wozu Hexamethyldisiloxan (HMDSO) diente, welches über den
Dampfdruck beim Erwärmen in den Rezipienten eingelassen wurde, ist als
weitere Möglichkeit der Haftungsverbesserung an Metalleinbau in
Kombination mit Stickstoff gedacht worden.

3.2. a-C:N(H)

Für die Erzeugung stickstoffdotierter DLC - Schichten wurde ins ECR -
Plasma molekularer Stickstoff (5.0) eingegeben. Um die Haftung des
Topcoats DLC auf der klassischen Hartstoffschicht realisieren zu können,
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wurde das DC - Magnetronsputtern verwendet. Als erstes Metall kam Titan in
Betracht, das in der Literatur (1) als Haftvermittler für DLC beschrieben wird.
Die Zugabe von Stickstoff zum Prozess
erhöht die Abscheidungsrate und verbessert
die Haftung weiter. Die Untersuchungen zum
Einbau von Stickstoff in DLC - Schichten (4)
und die Möglichkeiten des ECR - Plasmas mit
den verschiedensten Reaktivgasen zu
arbeiten waren weiterhin Gegenstand der
Entwicklung.
Die Vorarbeiten zum Übergang in den
Schichtverbund Ti-TiN-TiCN-DLC wurden in
der nachfolgend beschriebenen und
abgebildeten kleineren Labor
Beschichtungsanlage PLS 570 ausgeführt.
Wirtschaftlichkeitsbetrachtungen führten dazu,
dass die Prozesse zur Herstellung des
Verbundes in einem Beschichtungssystem
erfolgen müssen.

Abbildung 3: PECVD - Anlage zur Entwicklung und Herstellung der
Trockenschmierstoffschicht C

3.3. Schichtverbund

Wie vorher dargestellt, verfolgten wir zwei Wege zur Herstellung der
Trockenschmierstoffschichten. Die klassischen Hartstoffschichten wurden in
einer Standard - Lohnbeschichtungsanlage HBS 900 nach dem Are -
Verfahren hergestellt. Die Prozessschritte für die Abscheidung von Si-C:H
und die Abscheidung von a-C:N(H) erfolgten in der PECVD - Anlage
(Abbildung: 3) Diese Anlage ist mit ECR - und Sputterquellen ausgerüstet.
Der Dreiachsen - Substrathalter ist DC-biasfähig bis 1,5 kV. Das
Pumpsystem besteht aus Drehschieber- und Turbomolekularpumpe. Das
Kammervolumen des Rezipienten beträgt 570 Liter.
Betriebswirtschaftlich gesehen sind zwei von einander getrennte Vakuum-
Plasma-Prozesse im Werkzeug- und Bauteilbeschichtungsgeschäft nicht zu
vertreten. Zweimal Bestücken, Evakuieren, Heizen beim PVD, Beschichten
und Dechargieren sind zuviel zeit- und arbeitsintensive Teilprozesse für die
Beschickung eines Substrates. Aus diesem Grund hat sich die Firma Roth &
Rau Oberflächentechnik GmbH entschlossen, ein Beschichtungssystem zu
entwickeln in dem die Prozesse PVD: ArC - Verfahren und Sputtern und der
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PECVD - Prozess im Mikrowellen ECR - Plasma in einem Rezipienten im
Vakuum ausgeführt werden.

4. PVD-PECVD Hybridsystem

Die Verbindung der Plasmaprozesse PVD und PECVD in einem Rezipienten
erfordert sowohl technologische als auch konstruktive Anforderungen an den
Anlagenbau, die Entwicklung, Konstruktion und Fertigung derartiger Systeme.
Eine Prinzipskizze des Rezipienten ist in der Abb.: 4 dargestellt.

Sputter-
quelle

IR-Heizung

Temperatur-
kontrolle

Belüftung
Kühlung, N2

Are-Verdampfer

Shutter

ECR-
Plasma-
Quelle

Ar, He
O2

Schauglas
in der
Kammertür

Are-Verdampfer

6 Achsen Substrat
Drehwagen
BIAS-fähig bis
1000V

Abbildung 4: Prinzipskizze der Beschichtungsanlage HBS 900 (Draufsicht in
die Kammer)
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4.1. Anlagenkonzept

In der Übersicht, Abbildung: 4 ist der Aufbau der Hybridanlage mit den
Komponenten beschrieben. Es handelt sich hier um eine Draufsicht in die
Kammer (Rezipienten) der Anlage. Der Rezipient ist ein zylindriger,
außengekühlter Edelstahlkessel mit einem Kammervolumen von ca. 900 I.
Unten mittig im Kessel angeordnet ist eine Drehdurchführung zur Aufnahme
und Bewegung des Substrathalters. Eine Hochspannungsdurchführung zum
Substrathalter gewährleistet eine BIAS-Spannung von bis zu 1 kV auf die
Substrate. Vier Rechteckflansche in der Mantelkammerwand stehen für die
Aufnahme der Plasmaquellen zur Verfügung. In der großen, nach der Seite,
schwenkbar zu öffnenden Kammertür sind zwei rechteckige Are - Kathoden
(Verdampfer) untergebracht. Von vorn betrachtet rechts in der Kammerwand
ist eine ECR - Quellenstrecke mit drei Einzelplasmaquellen auf ebenfalls
einem Rechteckflansch angeordnet. Ein Shutter vor der ECR - Quelle
schirmt während des Are- Prozesses die Quarzeinkoppelbecher der ECR-
Quelle ab und verhindert dadurch die Bedampfung mit Metall.
Metallbelegungen auf den Quarzbechern würden die Einkopplung von
Mikrowelle in die Reaktionskammer verhindern und ließen dadurch keine
ECR - Plasmen entstehen. Die linke Rezipientenwand nimmt die Rechteck-
Sputterkathode auf. Ebenfalls auf der linken Seite befindet sich die
Temperaturmesseinrichtung, ein Infrarotsensor, der die Messung und über
die Auswerteeinheit und den PC, das Temperaturregime steuert.

Die Abbildungen 5 und 6
zeigen das Gesamtbild
und den Innenaufbau der
Anlage. Im Rezipienten
dieser neu entwickelten
Anlage befindet sich der
6-Achsen-Substrat-Halter,

welcher 3 unterschiedliche
Achsen der Rotation
bedient, so dass
entsprechend der
Geometrie und Größe alle

rotationssymmetrischen
Werkzeuge und Bauteile
vollständig beschichtet
werden können.

Abbildung 5: HBS 900 Hybrid
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Der für DLC Abscheidungen nach dem PECVD-Verfahren wichtige
senkrechte loneneinfall bei höheren BIAS - Spannungen > 100 V DC auf das
Substrat kann dadurch für die Mantelfläche vollständig und für die
Stirnflächen teilweise realisiert werden. Eine Infrarotheizung ist vor dem
Pumpstutzen im hinteren Teil der Kammer angebracht.

Abbildung 6: Innenansicht in die geöffnete Kammer auf den Substratehalter
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Die Anlage ist PC gesteuert. Die verschiedenen Beschichtungsrezepte laufen
automatisch ab.

4.2. Verfahrensparameter

Die wesentlichsten Prozessdaten zur Herstellung des TSS-C - Verbundes
nach dem PVD und PECVD - Verfahren sind in der Übersicht der Abbildung:
7 aufgeschrieben.

Verfahrensschritte und Prozessdaten:

1.

2.

3.

4.

5.

6.

7.

8.

9.

Heizen der Substrate
Hochvakuum bis

Gaseinlaß: Argon
BIAS
Plasmavorbehandlung

Plasmabehandlung

Reaktivgaseinlass
BIAS

Beschichtungsprozess
Hartstoff: TiCN

Abkühlen mit Stickstoff

Sputtern+ECR-Plasma
Bias

DLC - layer
BIAS

Belüften

ca. 300 °C
ca. 10"3Pa

ca. 10"1 Pa
600 V
ECR+Sputtern

Sputtern+Arc

Stickstoff
100 V

alternierend
mit / ohne C2H2

auf 150°C

Argon/ N2

800 V

He/N2/C2H2
150-1000 V

Stickstoff

60 min

5 min

5 min

15 min

60 min

35 min

10 min

45 min

5 min

ca. 4 h

Abbildung 7: Prozessregime zur Herstellung der TiCN- C - Schicht in der
Hybridanlage
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Mit einer Gesamtzeit von 4 Stunden kann man die Besenichtung komplett
durchführen, d.h. Erzeugen der klassischen Hartstoffschicht und belegen mit
dem Topcoat der Trockenschmierstoffschicht C.
Der Aufbau der letztlich eingesetzten Schichten ist in der Übersicht der
Abbildung: 8 dargestellt.

2um

3|jm

DLC

DLC

DLC

DLC

TiN

TiN

TiN

TiN

TiN

Ti

graphite like

diamond like

graphite like

diamond like

TiCN

TiCN

TiCN

TiCN

TiCN

soft

hard

soft

hard

Substratoberfläche

~500nm

~500nm

~500nm

~500nm

~250nm

~250nm

~250nm

~250nm

~250nm

~250nm

-250nm

~250nm

~250nm

< 500nm

< 250nm

Abbildung 8: Genereller Aufbau der multilayer structure TSS-C

Als am besten hat sich in Vortests die Schicht TiCN - C bewährt. Ein Raman
- Spektrum dieser DLC - Schicht als TSS-C lässt erkennen, dass
weitestgehend graphitische Anteile im Kohlenstoff gefunden wurden. Dieses
Spektrum ist in der Abbildung 9 dargestellt. Damit wurde der multilayer dem
Anspruch Trockenschmierstoffschicht gerecht.
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1000
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DLC

1200 1400 1600 1800

Raman Shift ( Rem"1 )

Abbildung 9: Raman -Spektrum der DLC - Schicht (Aufnahme: Department
of Physics, National ChenKung University, Tainan, Taiwan

5. Einsatzkenngrößen der Schichtverbunde

Mit den beschichteten Realsubstraten, in der Regel Werkzeugen wurden
verschiedene Fertigungsoperationen an Testinstituten ausgeführt. Besonders
hervorzuheben ist die Fertigungsoperation Gewindefurchen.

5.1. Gewindefurchen

Beim Gewindefurchen werden in vorgefertigte Kernlöcher die fertigen
Gewinde mittels dem Werkzeug Furcher, ohne dass Späne geschnitten
werden, eingeformt. Aus früheren Überlegungen (6) ist bekannt, dass eine
Trockenbearbeitung beim Gewindefurchen durchaus möglich ist.
Bei problematischen Werkstoffen, wie Aluminiumdruckguss und hochfesten
Stählen hat sich die Minimaimengenkühlschmierung als gute Alternative zur
herkömmlichen Überflutungs - Schmierung erwiesen. Versuche die am
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Institut für Produktionstechnik und Logistik der Universität Gesamthochschule
Kassel durchgeführt wurden zeigen, dass beim Einsatz herkömmlich
beschichteter und un beschichteter Werkzeuge bei der Trockenbearbeitung, z.
B. von Aluminumdruckguß G-AISi9Cu3 typische Verschleißmerkmale, wie
Aufschweißung und Verklebung des Werkzeuges mit Aluminiumwerkstoff
auftreten (Abbildung 10). Diese Verschleißmerkmale führen zu einem
frühzeitigen Erliegen der Werkzeuge, das Standwegende wird durch
Adhäsionsverschleiß erreicht. Die geformten Gewinde sind nicht mehr
lehrenhaltig.

Abbildung 10: Mit AI verschweißter M6 - Gewindefurcher

Beim Einsatz der Trockenschmierstoffschicht C auf Gewindefurchern des
gleichen Durchmessers und unter vergleichbaren Fertigungsparametern
konnte nach einer größeren Anzahl Bohrungen eine Lehrenhaltigkeit der
Gewinde beibehalten werden. Die Fertigungsparameter waren:

Gewinde

Vorbohrdurchmesser

Umformgeschwindigkeit

M6

5,55 mm

10 m/min

In der Tabelle 1 werden die Daten verglichen.

Schicht
TiN
TiCN
TiCN - C

Gewindeanzahl
5
5
60

Lehrenhaltigkeit
2
2
39

Verschleiß
zugeschweißt
zugeschweißt
Aufschweißungen

Tabelle 1 : Testdaten für Gewindefurchversuche in G-AISi9Cu3
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In der Abbildung 11 ist ein Beispiel für einen noch lehrenhaltig arbeitenden
Gewindeformer dargestellt.

Abbildung 11: Noch lehrenhaltiger Gewindeformer nach dem Einsatz in G-
AISi9Cu3

Beim Gewindefurchen in Aluminiumwerkstoffen werden im Fertigungsprozess
bis zu 60 m/min Schnittgeschwindigkeiten gefahren und es wird wenigstens
Minimalmengenschmierung eingesetzt. Trotzdem ist das Verhindern von
Aufschweißungen auf das Werkzeug ein ständiges Thema.

5.2. Fräsen

Für das Fräsen von Leiterplatten und PC - Boards aus verschiedensten
Kunststoffmaterialien in der Firma Dong Jiang (P. R. of China) wurden
Langlochfräser (Durchmesser 1-3 mm) und Bohrer (0,5 - 2,5 mm) aus
Hartmetall mit 5-8 % Kobalt mit TiCN-C beschichtet. Dabei wurde nur trocken
gearbeitet. Vor den eingesetzten Fräsern wurden 4 mal längere Standzeiten
erreicht als bei einfach beschichteten Fräsern. Die Schnittparameter waren
12 000; 20 000 und 30 000 rpm und 18 inch/min. Der Fräsweg betrug 6400
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Inch, ca. 162 m. Der Unterschied bei den Bohrungen lag zwischen 7000
Bohrungen bei TiCN-C beschichteten und ca. 5000 Bohrungen vorher.
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Summary:

The paper reports a novel coating process for the synthesis of hard material
composite coatings. It consists of electrostatic spray coating (ESC) of powder
particles (of micron-nanometer size) followed by chemical vapor infiltration
(CVI) of a suitable binder phase. This novel approach enables fabrication of
unique compositions such as cubic boron nitride (cBN) and titanium nitride
(TiN) in a coating form. Recently, we have demonstrated the success of this
technology by first coating a uniform over-layer (in excess of ~ 10 fim) of cBN
particles on carbide cutting tool inserts using ESC, followed by infiltration of
particulate cBN matrix with TiN from its vapor phase using CVI to synthesize
cBN-TiN a composite coating. The composite has shown excellent cBN-to-
TiN and composite coating-to-carbide substrate adhesion. One of the main
emphases of the paper is to discuss optimization and scale up of the ESC
technology to achieve the desired microstructure and tailor the thickness
across the cutting tool for better performance. Further, the cutting tools have
been successfully tested for advanced machining applications.

Keywords:

Cubic boron nitride, composite coating, cBN-TiN, ESC, CVI, particulate
coating
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Introduction:

Thin film and coating technology has observed many phases of progress in
engineering coating and deposition processes. It has resulted in a variety of
novel micro-structural coatings and processes for thin film synthesis of a wide
variety of materials. The techniques have evolved with concurrent progress of
supporting infrastructure and applications. Even so, the state-of-the-art
coating technology is challenged by materials like cubic boron nitride (cBN),
where it is practically difficult to coat homogenous cBN on technologically
important substrates like tungsten carbide, e.g. for cutting tool applications.
Cubic boron nitride is of great interest for a multitude of applications. It
combines extreme material properties, like high hardness and rigidity, high
thermal conductivity and chemical resistance. This article is a direct result of
the development of a novel hybrid technique designed to realize novel
engineered a cBN-TiN composite for cutting tools for advanced machining
applications, and the related research focused in targeting the challenge.

Cubic boron nitride hard coatings - Need & Challenges:

Cubic boron nitride is a man-made material and is listed as the second known
hardest material next only to diamond (refer Table 1 for their property
comparison). Diamond has been used in tool industry for a long time.
However, due to its aggressive reaction with iron during the cutting process, it
cannot be effectively used for machining ferrous alloys. CBN, on the other
hand, has outstanding thermal stability and chemical inertness toward iron.

Table 1: Important property comparison of pure cBN and diamond in bulk form.

Property
Density
Hardness (kg/mm2)
Stability against
Oxidation (°C)
Chemical reactivity with
Ferrous alloys

Thermal conductivity
(W/cm-°C at 25 °C)
Bonding

CBN
3.48
4500

1200

No reaction
With

Ferrous alloys
8 (polycrystalline)

13 (calculated)
Covalent + Ionic (22-27%)

Diamond
3.52
9000

600

Reacts with Ferrous
alloys at high

temperature (>900 °C)

20

Covalent
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Currently, cBN is being used in its bulk form, polycrystalline cubic boron
nitride (PCBN), in limited applications as a cutting tool for machining ferrous
alloys. Thus, diamond and boron nitride based tools compliment each other in
their application fields. Diamond can cut only non-ferrous materials (volume
of 20-25% of the total world machining market), whereas, cBN can be used
for machining ferrous alloys (volume of 75-80% of the total world machining
market.

Several efforts are in progress for obtaining cBN thin films on a variety of
substrate materials (1). However, such cBN films exhibit limited thickness and
poor adhesion. The films have been found to be accompanied by a high
amount of film stress. Presently, the research is concentrated on eliminating
the limitations in coating thickness. The cBN-coated tools, if available, could
be used for the surface finishing applications in the ferrous metal machining
industry.

Today, the major roadblocks in the realization of cBN coated cutting tools
from vapor growth techniques can be summarized as: excess compressive
stress, non-homogenous phase synthesis and stoichiometry control, limited
coating thickness (< 1 um), poor adhesion with substrates, and lattice
mismatch with different substrates. These difficulties are more pronounced
when considered from the viewpoint of the desired quality control at the
manufacturing scale.

It is evident from the literature that the synthesis of cubic boron nitride coating
from the vapor phase, using different state-of-the-art techniques, is still far
from reality. In an endeavor to reach the goal, a novel combinatorial approach
of integrating a non-traditional electrostatic spray coating (ESC) process with
chemical vapor infiltration (CVI), a modification of classical CVD, has been
invented. The details of the technique, approach and advantages are
discussed in the following text.

Experimental Approach and Advantages:

The experimental combinatorial process relies on an infiltration assisted
particulate matrix binding, as well as the bonding the coating to a suitable
substrate. The potential of this approach is significant. The novel technology
discussed herein refers to a two-step process including electrostatic spray
coating (ESC), followed by chemical vapor infiltration (CVI) (2). The concept
of the two-step process is shown in Figure 1. The details of the first step are
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described further, whereas, information on the second step is discussed
separately (3). The first crucial step involves the electrostatic spray coating
(hereafter referred to as ESC) of cBN particulates on the substrates. The
electrostatic spray coating is a well-known process in the paint industry for
applying paint coatings and related finishing applications. In the past few
years, it continues to occupy an ever-increasing share of this market, with the
powder coating technology proving to be more economical (4,5). This process
has been tailored for applying the cBN particulate coating (2). In this process,
a known amount of cBN powder of the required particle size is sprayed on
electrically grounded substrates in a closed electrostatic spray setup housing
(6,7). Flat geometry, as well as a chip breaker geometry, tungsten carbide
tool inserts (WC-Co) were selected as the experimental substrates. A
scanning electron microscope (SEM, Hitachi, S-2300) was used to analyze
the non-infiltrated porous cBN coated carbide substrates for powder coating
thickness, as well as the spatial morphology of the coating across the parts
coated in a batch process.

I

cBNEScV
(Electrostatic
Spray Coating)

Flow Chart
ESC-CVI Hybrid Coating Process

for cBN Composite Coating

EJ Cubic boron nitride
- cBN - particles

• Titanium nitride
- TiN -binder phase

Figure 1: Schematic of the ESC-CVI hybrid technology.
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The setup of the electrostatic spray process consists of the following parts;
powder delivery unit, powder feeder unit, spray gun with its controller, a

Spray Gun

y Gun electrode

/ — — - -

P o w d e r J;:- '~-'-. - - ,

& A i r . ' ' . ' > ' ' > - . ~~-•",""•-. '~---

supply ' ', ', \ \ " --s --.

\ \ • - , • • .

High ' • \ / \ / - . ,
Voltage J \ '̂

Electrical Generator ' / ^ ' \ \ ••
Ground /( '\ \ \

Electric field lines -C^ ~~~~" "\ *\.

Charged Particles Uncharged Particles Free loos

Air flow patterns

i Grounded

^•.v / sample

Figure 2: Schematic of the electrostatic spray coating (ESC) process.

coating chamber, and a powder recovery unit. The cBN powder, which is
used as the starting material, is an expensive material. The recovery of the
sprayed but unused powder during and after the coating process is extremely
important for the cost effectiveness of the hybrid coating technology. The
extensive investigation of the powder recovery from the setup has resulted in
95% recovery of the powder. The schematic of the ESC process is shown in
Figure 2. CBN powder particles with a particle size varying from 0 to 2 jim
(BORAZON®, General Electric Co., USA) were used in the experiment. CBN
particles are electrically insulating and can carry a static charge over a
distance of a few tens of centimeters. The electrostatic charge is generated
on the powder particles by applying high voltage to the spray gun electrode
(typically a few tens of kilo volts - kV) with respect to the electrically grounded
substrate (8).

A typical scanning electron microscope (SEM) picture, shown as in Figure 3
(a), reveals a uniform cBN ESC coating layer (thickness ~ 15 iim) on a
carbide tool substrate. A cBN coating thickness in excess of 10 |im can be
achieved in a short period of few seconds. The particulate cBN coating, as
seen in Figure 3 (a) & (b), is porous. A pore in the ESC coating is a void
space between adjacent particles. The average pore size in the particulate
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coating is found to be a few microns and serves as the channels for the
infiltrating reactants during the CVI process.
Some of the obvious advantages of this simple but significant process can be
listed as follows: fast deposition rate, low capital investment, compatible to
simple and complex geometries, offers wide selection of composite coatings,
simple setup construction, easy to operate unlike CVD/PVD process, no

(a)

cBNESC

Particle

Figure 3: SEM micrographs, (a) cBN ESC layer on carbide substrate (2000x),
and (b) ESC, cBN surface layer (8000x) showing cBN particles and porosity.

requirement of vacuum reactors and hazardous gases, low maintenance and,
more importantly, the combination of material phases is not limited with phase
formation as allowed by the phase diagram of a particular system.

ESC operating parameters:

The ESC process can be controlled using various operating parameters to
achieve the desired coating thickness and quality. In addition to the starting
powder quality and quantity, a few other important operating parameters,
which can alter the result of ESC, are listed in the Table 2, along with the
operating range of the parameters for the cBN powder deposition. In the
current investigation, the resultant particulate cBN coating can be graded by
important quality factors like coating thickness, coating uniformity, porosity,
and particle clusters.

Table 2: Operating Parameter range in ESC Process for cBN coating.

Operating Parameter
Powder composition

Control Window
Uncoated / coated cBN
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Powder size
Powder feed rate
High voltage at the electrode (V)
Substrate to gun electrode distance (D)
Substrate size
Time of deposition
Air pressure (P)

0-12,111X1
< 0.1 g /min.

- 40 to - 90 kV
3.5" - 8"

Limited to the size of spray unit
< 5 minutes
20 - 40 psi

ESC process optimization and ESC cBN coating evaluation:

The electrostatic spray coating process has been successfully employed to
obtain cBN powder coatings on tungsten carbide (cobalt binder) tool inserts.
The powder coating was studied with respect to the important qualities of a
particulate coating like adhesion, coating thickness, uniformity, porosity and
particle clusters. The cBN particulates are held to the substrates with an
electrostatic force. This force of attraction between the substrate and cBN
particulate layer - generally defined as the adhesion - is strong enough to
keep the over-layer intact until transferred to the CVI reactor and weak
enough to be wiped off by improper handling. After processing the samples
with the second step, i.e., CVI, the resultant composite cBN-TiN coating has
excellent adhesion.

ESC operating parameters discussed earlier have an influential role on the
process output. A number of experiments were carried out to optimize the
ESC operating parameters, which are considered to be the process input, to
evaluate the relation between the operating parameters and to obtain desired
ESC coating specifications. The process output, in the present case, is
defined as the coating quality and coating characteristics like edge-to-edge,
part-to-part and batch-to-batch uniformity, coating thickness, porosity,
distribution of particle clusters, etc. A statistical methodology, well known as
the Taguchi method, was employed to find the optimum conditions which
reliably produce the desired coating quality as required for efficient CVI
infiltration for consistent performance in machining (9). The Taguchi approach
of parametric design allowed us to converge on the best combination of
process parameters using an orthogonal array table (OAT). The optimization
experiments were designed and conducted as per the selected OAT. The
data generated from such selected experiments was analyzed by the analysis
of variance (ANOVA) technique using statistical software MINITAB (6).
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The ESC optimization was carried out to determine the operating parameters
for obtaining a coating with a uniform coating thickness, a minimum number
of clusters, and an average porosity. Based on the available experimental
data and the potential application of the end product, a uniform ESC cBN
coating thickness of about 21 urn was targeted with Taguchi methodology.
The important parameters, which affect the result the most, referred as the
control factors, are 1. distance between the substrate and spray electrode, 2.

Main Effects Plot - Data means
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Figure 4: Optimization experiment main effect results from MINITAB software

showing the effects of variation of substrate-electrode distance, spray gun

voltage and air pressure on the ESC cBN coating thickness on carbide substrate.

spray electrode voltage, and 3. air pressure. The values of control factor were
varied to see the effect on ESC cBN coating, while keeping the other
parameters constant.

From the results of the MINITAB software, it was found that all the control
factors mentioned above have a significant influence on the coating results.
For a given control factor with two or more values, referred to as factor levels,
it is possible that one level increases the data mean more compared to the
other level. This change in the mean outcome is called a main effect. Figure 4
is a plot of characteristic averages from the MINITAB software for important
control factor levels. Figure 4 illustrates that the main effect exists for all three
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control factors, i.e., different levels of the factor affecting the coating
characteristics differently. As can be seen from the figure, with an increase in
the substrate-electrode distance from 90 mm to 200 mm, the coating
thickness decreases from about 24 \im to less than 19 [im. The decrease in
thickness is caused by the increase in spread of the spray envelope and
particle path distance. When the magnitude of the gun voltage was increased
from 40 kV to 60 kV, the coating thickness showed an increase from 20 \im to
close to 22 ^im. The coating thickness increases with an increase in the spray
electrode potential since there is an increase in effective charging of the cBN
particles sprayed and the formation of a denser particle cloud at the spray
electrode. In the case of air pressure, the cBN coating thickness increased
from about 18 [im to close to 23 |im in response to the air pressure increase
from 20 psi to 40 psi. The air pressure increase influences the efficiency of
the powder fluidization process, thereby enhancing the effective charging of
particles and terminating a higher number of cBN particles on the substrates.

In addition to the main effects, it is also important to study the interactions
that exist between the control factors. An interaction, as defined in statistical
terms, is said to occur when two or more factors acting together have a
different effect on the quality characteristic than the effects of each factor
acting individually. Failure to recognize the presence of an interaction can
lead to misinterpretation of the experimental data and failure to include
important considerations in optimizing the process. The strength of interaction
can be studied with the help of interaction plots. The interaction plots
obtained from the MINITAB software output are shown in Figure 5.
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Figure 5: Optimization experiment interaction effect results from MINITAB software
showing inter-parameter variation of control factors on the ESC cBN coating
thickness on carbide substrate.

Some of the inferences drawn from Figure 5 are as follows. The interaction
between the substrate-spray electrode distance and charging voltage is
significant, whereas, it is insignificant between the distance and air pressure.
The main effects for the distance and air pressure play a major role on the
process output, even with insignificant interaction between them. At a given
pressure, an increase in the substrate-electrode distance results in a
decrease in the coating thickness. Similar is the case when the pressure is
varied for a given substrate-electrode distance. The coating thickness
increases with an increase in pressure and, depending on the distance, there
is a variation in the coating thickness. Hence, considering the main effect of
pressure on the coating thickness, the optimum pressure was set to 30 psi to
obtain a targeted coating thickness of 21 urn.

It is evident from the interaction between the voltage and distance that, for a
targeted cBN coating thickness of 21 urn, gun voltage of 60 kV is an
optimum, irrespective of the substrate-electrode distance. There is no
significant change in the coating thickness when the distance is increased
from 150 mm to 200 mm. In addition, it can be inferred that the substrate-
electrode distance has to be maintained at 150 mm. If the interaction between
the spray gun voltage and air pressure is considered from Figure 5, it can be
seen that the spray gun voltage has to be set at 60 kV for a desired coating
thickness of 21 urn with an air pressure of 30 psi.
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By considering the main effects plot (Figure 4) and interaction (Figure 5)
between the control factors, it was concluded that the optimum control factor
levels are 150 mm, 60 kV, 30 psi for the respective factors, namely substrate-
gun electrode distance (D), spray gun voltage (V) and air pressure (P).
ANOVA analysis thus resulted in an optimum set of conditions, which
provided the targeted cBN coating thickness of 21 urn. A set of two
confirmation experiments was conducted under these optimized conditions.
Analysis of the cBN ESC coated samples was done using SEM to find the
resulting coating thickness of about 22 urn.

As shown in Figure 3 (a), a uniform cBN coating can be deposited on a
carbide substrate using the ESC. The coating thickness was measured on all
edges of the carbide substrate to estimate the thickness variation. The
observations for the coating thickness variations are tabulated in Table 3. The
table lists the results of two experiments conducted, along with the optimum
conditions obtained from the design of experiments (DOE). It can be seen

Table 3: ESC cBN coating thickness variation in a given insert and from inser
to insert. (D: Substrate-electrode distance, V-Electrode Voltage, P-Air pressure
Ai &...A2: Variation in thickness on four edges within samples 1 & 2, respectively
A3: Variation in coating thickness on four edges between samples 1 & 2)

Sr.
No.

1

2

D

mm

150

V

kV

60

P

psi

30

Coating thickness (microns)

Sample 1

23

24

25

22

25

24

24

24

2

2

Sample 2

25

23

27

24

24

24

27

24

A2

3

1

A3

4

2

that there is a variation (A) in the coating thickness of about 3 pm on a given
insert, under the optimized conditions, compared to a coating variation of 4
urn between two different inserts from the same experiment. The variation in
the coating uniformity can be attributed to the noise factors (factors which are
uncontrollable or too expensive to control) or the inherent variations in the
process conditions. A confirmation experiment was conducted to check the
variation in coating uniformity and was found to be less than 3 urn.
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Pore size analysis was performed on the samples prepared under the
optimized set of conditions (refer to Table 4 for the conditions). The pores
have special significance in chemical vapor infiltration. SEM micrographs of
the ESC cBN coatings obtained at a magnification of 8000x (describing an
area of 15 ^m x 12 ^m) were used for the pore size measurements. The void
space sizes were measured at four different regions of the cBN coating and
are given in Table 4. The average pore size is about 2 \im.

Table 4: Porosity in the ESC cBN coating.

D

mm

150

V

kV

60

P

psi

30

Pore size measured on an area of ~ 15 urn x 12 urn

Pore size at 4 different locations

1.15 2.56
I

2.56 1.54

Min.

1.15

Max.

2.56

Avg.

1.95

The ESC cBN coating is a particulate coating. Consequently, the particles
tend to cluster, contributing to non-uniformity. The clustering is a result of
non-uniformity in the particulate size, as well as the surface energy of the
particles. Due to the variation in particle size and the subsequent variation in
the effective charging of the particles, the particles tend to form big chucks.
Employing optimum values of air pressure and substrate-electrode distance
can minimize the cluster density. It was seen that higher values of air
pressure and substrate-electrode distance tends to reduce clustering. The
particle clusters were measured on the cBN coating obtained using optimum
conditions. By employing similar method as used for pore analysis, the
average cluster size was determined to be about 15 microns over an area of
100 fxm x 75 urn.

CVI and composite coating:

The second important processing step involves chemical vapor infiltration
(CVI) of the cBN coating with a titanium nitride binding phase. The chemical
vapor infiltration is a modification of its widely known counterpart, chemical
vapor deposition (CVD) (10). In the case of CVD, a uniform coating is
precipitated, whereas, in the case of CVI, a porous matrix is "filled". The core
chemistry of both processes is the same although the deposition or growth
rates are controlled differently. In CVI, the rate of deposition must be slowed
down to allow more time for surface diffusion so that the pores can be filled
before the growing phase seals the openings. This can be assured if the rate
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of diffusion of the reactants within the porous body, either in the gas phase or
as surface species, is greater than the rate of growth of the film. Diffusion
rates and growth rates are both a function of temperature, so simply reducing
temperature is not adequate for achieving CVI process conditions. It is more
appropriate to control the rate of the reaction chemically so that heat can still
be a driving force of the diffusion processes. The details of the process and
operating parameters for CVI are discussed in a separate report (3).

Figure 6 shows a representative cross-sectional view of the cBN-TiN
composite coating on a tungsten carbide (Co binder) cutting tool substrate.
As is evident in Figure 6, the cBN particulate matter has been infiltrated by
the TiN phase. The TiN phase is continuous between both the cBN
particulates and, the particulates and the carbide substrate.

The composite coating of cBN-TiN on WC-Co tool insert was tested for the
uniformity, and adhesion. Such coated tools were then tested in an actual
machining environment. These results are discussed in detail in a separate

WC-Co
' subbirate

cBN particulate -

Figure 6: Cross-sectional view of ESC-CVI composite coating,

report in this conference (3).

Scaling up:

Based on the findings of ESC coating analysis, CVI, and machining results, it
was determined that the cBN-TiN composite coating of cutting tools formed
by the combinatorial technology results in functional cBN coated cutting tools.
In order to adapt the ESC process for manufacturing a large number of tools,
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a scaled up prototype system is being developed at the MRL, University of
Arkansas.

In summary, the ultimate success of the above discussed fundamental
research and technological development was not only instrumental in the
development of the cBN composite coated tool products, but will also allow
the development of numerous versatile coating and products for applications
such as wear parts, electronics, etc. The technology development is
underway for other technologically important coatings.

Conclusion:

A novel combinatorial approach has been reported as an alternative for the
synthesis of cubic boron nitride (cBN) in coating form. It comprised of
electrostatic spray coating (ESC) of cBN powder particles followed by
chemical vapor infiltration (CVI) of a TiN binder phase to synthesize a cBN-
TiN composite. The composite shows excellent cBN-to-TiN and composite
coating-to-carbide substrate adhesion. The electrostatic spray coating (ESC)
process was optimized using a statistical methodology developed by Taguchi.
A design of experiments method provided an optimized set of operating
parameters, namely substrate-electrode distance, spray gun voltage, and air
pressure. The ESC cBN coating was examined with respect to coating
uniformity, porosity and particle clusters. Using the ESC optimization results,
a scaled up system, which will handle a larger number of samples in a
manufacturing unit, is being developed at the MRL, University of Arkansas,
USA.
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Deposition of BCN Layers from B-C-N-H Single Source Precursors
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Summary:

This work deals with the deposition of BxCyNz phases by decomposition of a
B, C, N containing single source precursor called Tris(dimethylamino)borane
in a hot-filament CVD apparatus. In contrast to the deposition of diamond
layers the deposition of cubic-BN or cubic-BxCyNz phases with low pressure
CVD-methods was not successfully until now.
To avoid the problems of filament failure and deposition of Ta into the
produced layers, the Ta-filaments were pre-treated by carburization or
nitridation.
BCN layers were deposited on Si and on WC-Co substrates in a hydrogen
atmosphere similar to diamond deposition. Layers deposited on Si showed
higher growth-rates than layers deposited on WC-Co at the same deposition
conditions. An increase of the filament temperature led to an increasing
growth rate. This increase of growth rate was caused by higher BCN
decomposition but also by additional Ta incorporation. At filament
temperatures higher than 2200°C Ta evaporated much easier from the
filament. An increase of the precursor flow rate as well led to an increase in
the deposition rate on both types of the investigated substrates.
Layers produced at a precursor flow rate of 1,7*10'5 mol/min showed some
weak peaks in Raman and IR spectra, but none of the phases that exist in the
ternary BCN system could be clearly identified. The morphology of the layers
was investigated by SEM.

Keywords: CVD, Coatings, BCN, BN
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1. Introduction
Boron, nitrogen and carbon are relatively small atoms, this fact results in
short bondage lengths and high bonding energies (1). This is the reason for
high hardness of the phases that exist in the ternary BCN-system, like
diamond and cubic boron nitride called superhard phases, or boron carbide
as a hard material (2). Cubic BxCyNz phases, which are expected to have high
hardness, can be seen as an intermediate link between diamond and c-BN.
The deposition of diamond at low pressure has become an industrial process
(3), but no low pressure process is known for the deposition of high quality
c-BN crystals in |im size. Nano-crystalline c-BN can be grown by PVD
methods (4) or ion-assisted CVD (5) at low pressure. Cubic BxCyNz phases
are formed by shock wave synthesis (6) or by static high pressure and high
temperature techniques (7). The lattice constant of c-(BN)xC1.x phases
determined by x-ray diffraction is in between those of diamond and c-BN
(6,7), therefore these phases can be considered as solid solutions of carbon
andBN.
Studies on the phase stability of c-BN and h-BN showed that at standard
conditions c-BN is the stable phase and h-BN the metastable one (8,9).
However the exact transition temperature between c-BN and h-BN (10) as
well as exact thermodynamic data are still lacking.
In this work the decomposition of Tris(dimethylamino)borane, which is a BCN-
containing single source precursor, and deposition of BCN layers in a hot-
filament CVD apparatus were investigated. The deposition experiments were
done in hydrogen atmosphere similar to the one used for the deposition of
diamond layers. The use of a single source precursor was preferred because
the B:C:N ratio is fixed.

2. Experimental Setup and Characterization of the Samples
2.1. The Apparatus
The deposition of BCN-layers by decomposition of the single source
precursor B(N(CH3)2)3 was carried out in a hot-filament CVD apparatus. The
reaction chamber was a quartz tube with Viton sealed stainless flanges. As a
hot filament a coiled Ta wire (6 mm inner diameter, 4 cm heated length) was
used for the activation of the gas phase (11). For the heating of the filament
and to keep the filament temperature constant a power constanter was used.
The filament wire was fixed between two Mo electrodes and held in place with
a hook in the middle, which guaranteed a constant distance between filament



R. Weissenbacher et al. HM 79 581

15th International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

and substrate above the entire substrate area. Filament temperature was
measured by a two-colour pyrometer (IRCON Mirage OR1500).

2.2. Substrates and Chemicals
As substrate materials Si-wavers and WC-Co hardmetal inserts (K20 SPGN
WC 6% Co) were used. Hydrogen (quality 5.0) was used as reaction gas and
argon (quality 5.0) as carrier gas for the precursor. The precursor flow, which
was empirically quantified, was adjusted by the flow rate of the carrier gas.
As B-C-N containing single source precursor, Tris(dimethylamino)borane was
used. A single source precursor was used because of the fixed B:C:N ratio.
Literature data for the vapour pressure of Tris(dimethylamino)borane were
contradictory (12,13) and therefore the precursor flow rate was empirically
investigated for different Ar flows - from 0 to 50 seem - at a evaporation
pressure of 15mbar and a temperature of 20°C. Precursor flow rates
between 1,01*10"5 and 1,50*10"4 mol/min Tris(dimethylamino)borane were
used for the deposition experiments.

2.3. Analytical Investigations
The layer deposition rate was measured by gravimetric analysis before and
after the deposition ([mg cm"2h"1]). The morphology of the layers was
investigated by scanning electron microscopy (SEM JEOL 6400). X-ray
diffraction (CuKa radiation) was carried out to determine the phase
composition of the layers. Infrared spectroscopy (Biorad FTS 175 with a
microscope) was used to characterize the BN deposits.

2.4. Filament Pre-treatments
Using a Ta filament for the deposition of BCN layers two main problems
occurred. Primarily at temperatures higher than 2000°C the reaction of the
B-C-N containing precursor Tris(dimethylamino)borane with the Ta wire led to
the formation of a liquid phase as consequence of the eutectic reaction at
2055°C in the Ta-B system (14). Secondly the BCN-layers were
contaminated with Ta, which evaporated from the filament surface. Therefore
filament pre-treatments were carried out to increase their lifetimes and to
avoid or at least reduce the Ta contamination into the produced layers.
As an alternative to the pre-carburization (15,16) of the filament pre-nitridation
was investigated. In a nitrogen atmosphere (12mbar, N2-flow 50 seem) the
Ta-filament was heated up to a temperature of 2000°C and heating power
was kept constant. Within five minutes an abrupt temperature drop of 500°C
(from 2000°C to 1500°C) could be observed (Fig. 1), which started at the



582 HM79 R. Weissenbacher et al.
15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

outer twists of the filament and moved continuously to the middle twist within
60 s (Fig. 2). Because the electrical heating power was kept constant, this
effect could not be described by simple changes in the conductivity of the
filament (17).
XRD measurements showed a change in the lattice constant of Ta shortly
after the temperature drop as a result of the dissolution of nitrogen in the Ta
lattice (17). After 15 minutes of nitridation time Ta2N could be found as an
additional phase, which could be expected from the phase diagram (18).
From metallographic investigations a change in surface roughness of the
filament before and after the temperature drop could be observed (Fig. 1).
Cross sections of the filament showed the growth of a second phase in a
concentric circle when nitridation time was increased.

2000
O
°=1900

£1800

|=1700
CD

|"1600

Temperature drop of the filament
measured on one fixed point of the
filament with a two-colour
pyrometer (IRCON Mirage OR15).

20 40 60 80 100 120 140 160

time in s

r̂ surface morphology before and after temperature drop

Fig. 1: Temperature drop of the filament during nitridation and change in
surface morphology (TFii.= 2000°C, p = 12 mbar, N2-flow 50 seem)
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temperature distribution during
conversion

Fig. 2: Temperature drop of the filament during nitridation
(TFii= 2000°C, p = 12 mbar, N2-flow 50 seem)

3. Results and Discussion

3.1. Hot Filament Deposition of BCN-Layers
Deposition experiments were carried out in order to investigate the influence
of the substrate material, the filament temperature and the precursor
concentration on the deposition rate and morphology of BCN-layers in
hydrogen atmosphere.

3.1.1. Influence of the substrate material on the deposition rate
The substrate materials Si and hardmetal (WC-Co) were used for these
experiments. The deposition rate at equal deposition parameters (filament
temperature of 2000°C, substrate temperature 740°C, precursor flow rate of



584 HM79 R. Weissenbacher et al.
15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

0,15 mmol/min, H2-flow of 250 seem and pressure in the reaction chamber of
15 mbar) was significantly higher on Si (0,34 mg*cm"2h~1) than on WC-Co
(0,18 mg*cm"V) after 18 h of deposition (Fig. 3).
SEM investigations showed that the morphology of the layers was similar on
both substrates (Fig. 4). Ball-like structures were found with about 10|im
diameter.
XRD measurements showed no additional peaks beside the peaks of the
substrate material. This indicated that the deposited layers are of amorphous
structure. Raman spectroscopic examinations did not reveal any Raman
active vibrations. Also IR spectroscopy showed no characteristic peaks on
such BCN layers.

WC-Co
substrate material

Si

Fig. 3: Deposition rate on different substrate materials (TFi|.= 2000°C,
Tsub.= 740°C precursor 0,15 mmol/min, H2-flow 250 seem, 18 h).

3.1.2. Influence of the filament temperature
The filament temperature was varied between 1800°C and 2200°C (at a
reaction pressure of 15 mbar, a hydrogen flow of 250 seem and a precursor
flow rate of 1,5*10'1 mmol/min). Changes in the filament temperature always
resulted in a change of the substrate surface temperature, which increased
from 620 to 890°C with increasing filament temperature (the distance
between filament and substrate was kept constant at 1,4 cm during all the
experiments).
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WC-Co

100|im

H
10|im

Fig. 4: Morphology of BCN-layers deposited on Si and WC-Co by
decomposition of Tris(dimethylamino)borane (TFi| = 2000°C,
TSub= 740°C, precursor 0,15 mmol/min, H2-flow 250 seem, 18 h).

Increasing filament temperature resulted in an increase in deposition rate on
the Si substrates (Fig. 5). At 1800°C and 2000°C a non-faceted, flat surface
containing sperolitic balls was observed. The morphology was similar at both
experiments At 2200°C the layers were flat and only sporadically ball like
structures could be observed. On these samples also sharp needles with a
size of about 5 |im were irregularly distributed (Fig. 6) (19).
EDX analysis showed, that the layers were contaminated with Ta ha was
evaporated from the filament at high temperatures (20). The tantalum
evaporation from the filament increased with increasing filament temperature^
The atomic weight of tantalum is relatively high compared to B-C-Nand
therefore the higher deposition rate at 2200X is also a result of Ta-B-C-N co-
deposition.
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Fig. 5: Influence of the filament temperature on the deposition rate on Si
(TSub= 620 - 890°C, precursor 0,15 mmol/min, H2-flow 250 seem,
18 h).
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Fig. 6: Morphology of BCN-layers deposited on Si substrates at different
temperatures (Tsub.= 620 - 890°C, precursor 0,15 mmol/min,
H2-flow 250 seem, 18 h).
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3.1.3. Influence of the precursor flow rate
To investigate the influence of the precursor flow rate on the deposition rate
experiments at a filament temperature of 2000°C, 15 mbar reaction pressure
and a gas flow of 500 seem H2 were carried out. Precursor flow rates of
1,0*10~2, 1,7*10"2 and 2,4*10"2 mmol/min were used.
Deposition experiments with different precursor flow rates were done on Si as
well as on WC-Co substrates. Both showed an increase of the deposition rate
with increasing precursor flow rate, but deposition rates were higher on Si
than on WC-Co as mentioned above (Fig. 7). Differences in the morphology
of the layers have also been observed.

0,25 1

0,01 0,015 0,02

precursor flow rate mmol/min

0,025

Fig. 7: Dependence of the deposition rate on the precursor flow rate on
WC-Co and Si substrates (TRi.= 2000°C, TSub=740°C, 18 h, H2-flow
500 seem).

At a precursor flow rate of 1,0*10"2 mmol/min a weight gain of 0,2 mg was
measured after 18 hours of deposition which corresponded to a deposition
rate of 0,002 mg*crrr2h"1. This very little weight-difference might as well be
caused by uncertainties in gravimetric analysis. Probably no layer was
deposited under this conditions.
Depositions on WC-Co showed non-faceted layers with spherolitic ball like
structures as mentioned above. The surface of the layer was rougher at lower
precursor flow rates (Fig. 8). A reason for the finer structure might be a higher
nucleation rate at higher precursor flow rate.
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On Si the deposited layers looked different from the ones on WC-Co. At
1,7*10"2 mmol/min also ball like structures could be observed, but for some
reason there were holes in the layer and surface roughness was higher than
on WC-Co substrates. The layer consisted of different levels of ball like
structures, and it seemed that it grew layer by layer (Fig. 8).
At 2,4*10"2 mmol/min a continuous layer with relatively rough surface was
deposited. The ball like structure observed on WC-Co is not so different from
the one on Si, but the layer looked very homogeneous.
The differences between the two substrates could be caused by the substrate
composition. In case of WC-Co the cobalt could influence the deposition. It is
known that Co could diffuse into coatings and react with boron precursors to
borides (21). Additionally the influences of Co on the decomposition process
and the growth of BCN-layers is not cleared now.

precursor flow rate

1,7*10"5mol/min

WC-Co

2,4*10"5mol/min
- - • < - , - - , , ; ^

m& 1o'am

Fig. 8: Morphology of BCN-layers deposited on WC-Co and Si substrates at
different precursor flow rates. (TFi| = 2000°C, TSub= 740°C, H2-flow
500 seem, 18 h)
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3.2. Raman and Infrared Spectroscopy
Raman spectroscopic investigations of the layers deposited at a precursor
flow rate of 2,4*10"5 mol/min did not reveal any Raman activities (Fig. 9a), no
matter they were deposited on Si or on WC-Co.
Depositions at a precursor flow rate of 1,7*10"5 mol/min showed some Raman
activity on Si as well as on WC-Co (Fig. 9b), although no sharp peaks could
be detected. Some phases in the B-C-N system (h-BN, micro-crystalline
graphite or B4C) show peaks in this area, but they are not sharp enough to be
identified. Further investigation would be necessary to identify the deposited
phases.
IR measurements showed similar diagrams for all investigated layers (Fig.
10). A typical double peak was observed in all diagrams at 2358 cm"1, a
broad peak around 1600 cm"1. Both peaks could not be identified up to now.

For example some typical IR peaks are:
h-BN 828, 1380, 1610 [cm"1]
c-BN 1065, 1340 [cm"1]
B4C 1100, 1590 [cm"']

8000 -

6000-

4000-

2000 -

0

800

precursor flow rate
2,4*10 mol/min 1,7*10"& mol/min

8000 -

6000 -

4000 -

2000 -

0

1000 1200 1400 1600 1800
RAMAN-Shift [cm"1]

800 1000 1200 1400 1600 1800

RAMAN-Shift [cm1]

Fig. 9: Typical Raman spectra of layers deposited on WC-Co or Si at
precursor flow rates of 1,7*10"5 mol/min and 2,4*10"5 mol/min
(TF||= 2000°C, TSub= 740X, 18 h)
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Fig. 10: Typical IR spectrum of the deposited BCN-layers
(TFi,= 2000°C, TSub= 740°C, 18 h).

4. Conclusions
The deposition of superhard c-BN or c-BCN layers as wear resistant coatings
on tools is an interesting field of research. Also for industrial production CVD
methods would be of great interest. However, the low pressure deposition of
cubic-BxCyNz layers with crystals in jim size is not possible until now.
There is not enough information available about BxCyNz deposition and
therefore some basic research is necessary. In this work the decomposition
of Tris(dimethylamino)borane in hydrogen atmosphere was investigated. To
activate the gas atmosphere, experiments in a hot-filament apparatus were
carried out. The experiments showed, that the layers morphology and the
growth rates can be influenced by filament temperature, the precursor flow
rate and the substrate material (WC-Co and Si).
However, the deposited layers are mainly of amorphous structure because no
hint for a crystallinity was observed. Weak peaks were found with Raman and
IR spectroscopy, but none of the phases existing in the ternary B-C-N system
could be clearly identified.
Nevertheless various types of BCN coatings could be deposited. The layers
composition, its hardness and other properties will be examined in the next
future.
Further work with other precursors or other deposition parameters is
necessary to investigate more details about reaction conditions and the
analysis of the deposited products will be improved.
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Hard Machining Under Dry Conditions With Hard
PVD Coatings On Cemented Carbide Endmills
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2) Hauzer Techno Coating Europe BV, Venlo, The
Netherlands

3) Jabro Tools BV, Lottum, The Netherlands

4) WZL, Aachen, Germany

Summary:

Machining of hardened steel needs cutting tools for extreme conditions. Not
only the cemented carbide toolmaterial, but also the hard or ultra hard coating
determines the tool life and cutting performance on the workpiece. For milling
operation in hardened material 1.2379 with a hardness between 60 and 62
HRc, endmills coated with different TiAIN layers in single or multilayer design
and also top coatings with low friction performance are used. Cutting tests
with investigations of the wear on the cutting edge and in situ infrared
temperature measurements by video camera showed large differences in tool
performance. According to these results the limitations of cutting time or
cutting length is, in some cases, not only caused by the wear on the tool, but
also by the surface temperature of the work piece material.

Keywords:

PVD coatings, TiAIN, Endmills, Dry cutting, W-C:H, Hard / Soft-coatings.
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Introduction:

Advanced metal cutting technologies, sich as High Speed Machining (HSM)
in hardened materials under dry cutting conditions call for tools with high
performance under extreme conditions. Such technologies are finding their
way more and more into the modern metal working industry: as described by
Klocke et al (1) and Tonshoffet al (2).
Also the environmental advantage of dry cutting and the cost reduction are
very important criteria to use this technology: as described by Fleischer et al
(3).
Coated tools for milling operations are already used in production. The aim of
this work was, by variation of the coating, to increase the lifetime of the
endmills. Therefore an already tested cemented carbide material with good
cutting edge stability for this application was used with only the coating as
variation parameter. Systematic cutting tests were carried out on 1.2379 steel
with a hardness of 60 ... 62 HRc. The cutting quality on the workpiece
material and wear of the tool are compared. To find out the heat generation
and distribution in the tool, an infrared video camera was used to examine the
chips, the tool and the workpiece in situ.

2. Advantages of high Speed Machining of hardened steel:

High speed machining of hardened steel not only increases the productivity
and reduces the manufacturing cost, but also has other advantages such as
• in one fixture roughing and finishing operation of the workpiece reduces

the amount of production steps,
more heat dissipation by the chip, less heat absorption by the workpiece,
higher accuracy, due to one fixture of the workpiece,
less machining centres required in the production process,
dry chips,
less polishing operations are necessary,
no post cutting heat treatment which improves product accuracy.

To use this technology for large size workpieces, e.g. large size dies, it is
required to increase the possible cutting length for one tool. One endmill for
finishing operations in large size workpieces must have a lifetime equal or
more than the operation time needed to produce one workpiece. To be able
to meet the ever increasing size and accuracy requirements of such
workpieces, the increase of cutting time is extremely important.
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3. Coating Selection and Coatings:

The necessary PVD coating for this type of extreme conditions requires not
only high hardness at high temperature, but also high oxidation resistance of
the coating layer, thermal barrier properties for the tool and a low coefficient
of friction to reduce heat generation. In case of dry cutting the lubrication and
chip removal functions need to be fulfilled primarily by the PVD coating.
Based on results reported before: as described by Fleischer et al (3) (4) about
the performance of TiAIN-coatings on other workpiece materials, like AlSi-
alloys or 100Cr6 under dry cutting conditions and the high thermal corrosion
stability of TiAICN also in multilayer or superlattice structures: as described by
Donohue et al (5) we concentrated our work on TiAIN-based coatings.
Besides this we made a comparison with TiB2-coatings.
Layertypes:
• TiAIN - Standard coatings (single layer and Multilayer) as reference,
• TiAIN + Me-C:H Standard coatings as reference,
• Optimised TiAIN-coatings,
• TiB2,
• TiAIN + MoS2 (Mixing layer).

Optimisation:

Based on standard coatings the optimization was done in the following
directions:
• Ion beam etching of the cemented carbide tools before coating to increase

the adhesion of the PVD-coatings on the substrate,
• Variation of Bias Voltage and total pressure to influence the density and

crystal structure of the layer,
• Variation of the Ti:AI content in the layer.
All the coatings are done in a Hauzer Coating Equipment HTC-1000 (Fig. 1)
by Advanced Cathodic ARC with an integrated Ion Beam Gun on the
chamber.
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Fig. 1: HTC-1000 from Hauzer Techno Coating

Combination layers in Multilayer structures with Me-C:H coatings on the top
are realized in one run, combining ARC cathodes and Unbalanced
Magnetrons in one chamber: as described by Fleischer et al (4) and shown in
Fig. 2. Long rectangular targets ensured a homogeneous reproducible
coating thickness.

Reactive Gas 1 j Reactive Gas 2

Target 4

Target
N um ber

1
2
3
4

Target
Material

TiAl
W
Ti
W

M ode

ARC
UBM
ARC
UBM

Fig. 2: Cathode arrangement for multilayer coating
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4. Cutting Tools and Cutting Conditons:

For all cutting test endmills of the type JH 930 were used with 8 mm diameter.
This endmill has a multiflute geometry optimised for dry cutting conditions of
hardened steel with a helix angle of 38°. The endmills were made of solid
carbide with 89.5 % WC and 10 % Co with a grain size distribution from 0.8 to
9 urn. All endmills were taken from one production batch and normal outgoing
individual inspection guaranteed rigid adherence to the design requirements.
In standard production reproducibility of base material and shape could be
guaranteed to the highest standard to ensure that all difference in
performance could be attributed to difference in coating conditions.

Endmill JH 930, with shape, optimised for cutting of
hardened steels, 0 8 mm. Jabro Tools, The Netherlands

Fig. 3:

The cutting conditions are described in Table 1.

Vc

Ft

ac

ae
Coolant

150 m/min
0036 mm/tooth
6 mm
0.24 mm
Air

Table 1: Cutting conditions

It was a side milling in cut down mode with a milling machine UMS 710,
shown in Fig. 4.
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Fig. 4: Digitally controlled Highspeed milling equipment with
low vibration and close up of air cooling systeem

Dry cutting conditions were used, which means that tool and workpiece were
cooled with air without lubricant (Fig. 4).
Beside the spindle the infrared video camera was fixed in such a way, that
the heat distribution in the workpiece material and in the tool could be
recorded and followed digitally on the screen. After about 5 m of cutting the
machine was stopped and the wear of the tool was tested under the
microscope.

5. Workpiece material:

The workpiece material was hardened in the same batch. The hardness was
tested by Rockwell indentation on different places. The hardness was in the
tolerance range of 59.5 to 61.5 HRc. Before use, surface oxide was removed
to reveal a blank reproducible testing condition.

6. Testresults:

6.1. Laboratory tests.
During optimization of coatings we used the following testmethods on
cemented carbide plates :
• Calotest
• Rockwell-test
• Depth profiles by SIMS
• Roughness-tests
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Fig. 5 shows a Calotest picture of an optimised multilayer coating with
32 layers of TiN / TiAICN alternativ and W-C:H coatings on the top with
a thin interlayer between TiAICN and W-C:H.

Fig. 5: Multilayer TiAICN + W-C:H

Some testresults about different layers are shown in Table 2.

Coating

TiAICN, standard
TiAICN, advanced
TiAICN + W-C:H

Critical load
Scratch Test

60 N
90 N
90 N

Thickness
|jm

3,5
3,0
3,5

Microhardness

2800 HV
2900 HV

1800 HV Top coating

Table 2: Laboratory tests

The mixed coatings TiAIN + MoS2 are done under the following
conditions:

Target power TiAl: 2 x 7 KW UBM
Target power MoS2: 2 x 0,8 KW UBM
Bias Voltage : - 30V.
Ar + N2: 2,2x103mbar.

The result is shown in Fig. 6 with the depth profile of the coating on a
steel plate.
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Fig. 6: Depth profile of mixed coatings TiAIN plus MoS2

The MoS2 content in the layer was in the range of 1 to 10 at % with the
above mentioned coating conditions. The hardness measurements did
not show a continuous increase of the hardness by increasing the
TiAIN-content. The results are shown in Fig. 7.

2000

> 800 -

400

Power ratio TiAI:MoS?

Fig. 7: Layer hardness as a function between the power on the
TiAIN targets and the power on the MoS2 target.

For an optimised TiAiN-coating monolayer with 60 : 40-Ti / Al-targets
the depth profile is shown in Fig. 8.
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Fig. 8: Depth profile of TiAIN-coating.

For each coating type we selected tools based on the laboratory tests
for the following cutting test. The coating thickness was in all cases
between 3 and 5 urn.

6.2. Cutting test results.
Wear on the tool is not the only criterium for practical application. There
are other criteria, like surface roughness on the workpiece. Especially
important for hardened steel is the temperature of the workpiece itself,
because increased temperature can lead to barely detectable annealing
of the surface with considerable reduction of life time and performance
of the workpiece. Furthermore air cooling of hot surfaces can lead to
uncontrolled hardening.
The length of the cut in m or the cutting time under such extreme
conditions are shown in Fig. 9. In this figure the flank wear is printed
depending on the cutting length.
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Fig. 9: Wear on the tool depending on the length of the cut

For different standard coatings the differences in the wear after 15 m
length of cut is in the range of ± 50 % from the average value of VBV =
0.15. With coating optimisation the wear could further be minimised to
values of approximately VBV = 0.05 under the same cutting conditions.
The way to do so is to increase the corrosion stability of the coating on
the cutting edge.

The corrosion stability can be influenced by coating parameters and
also by the coating material, e.g. Yttrium: as described by Donohue et

The wear on Multilayers with Top W-C:H coatings are shown in Fig. 10.
This coating was one of the best results with all optimised coatings,
beside the Monolayer TiAICN shown in Fig. 11.

Fig. 10: Toolwear of TiAICN
+ W-C:H coating after
24/48 min.

Fig. 11: Toolwear of
TiAICN-Monolayer
after 48 min.
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As already mentioned before it is not only the wear on the tool that will
limit the cutting time to some extent, it is also the heat generation in the
workpiece. If the milling operation is a finish operation on hardened
work pieces the surface temperature during the milling must always be
lower than the heat treated temperature. Otherwise the surface will be
annealed by cooling with cold air or partially hardened. Fig. 12 shows
different pictures after different cutting times with the same tool. The
infrared picture demonstrates that not only the absolute temperature of
the workpiece material is increasing with the cutting time, but also the
heated up area is increasing. Comparing these infrared camera pictures
with the wear on the tool, in many cases the maximum temperature was
already above the limit before tool wear reached its limit of 0.2 mm.
Therefore one conclusion of this work is, that for milling of critical
workpieces not only the tool, but also the workpiece temperature during
the cutting operation must be monitored and controlled.

Start position 35 min. cutting time 100 min. cutting time
Fig. 12: Infrared pictures on the cutting area

7. Conclusions:

• Optimised coating on TiAIN basis could be used for milling operations in
hardened materials with cutting speeds of 150 m/min. to realize cutting
times of more than 35 minutes.

• The selection between multilayer coatings TiAIN + W-C:H or monolayer
coatings TiAIN depends on the application. The lifetime of the tool is not so
different, but the workpiece temperature is lower with the low friction top
coating W-C:H. Also the roughness on the workpiece is lower.
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• For critical workpieces with defined hardness the investigation of the
workpiece temperature is necessary during the cutting operation.
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Verschleißmechanismen bei der Bearbeitung vom Grauguß

Volkmar Richter

Fraunhofer-Institut Keramische Technologien und Sinterwerkstoffe, Dresden

Summary

In the paper several aspects of the wear mechanisms of coated hardmetals,
ceramics and super-hard materials (CBN) in machining cast iron are dis-
cussed, with particular attention being given to high-speed machining of dif-
ferent cast iron grades. The influence of machining parameters, microstruc-
ture, composition and mechanical and chemical properties of the cutting tool
and the work-piece material on wear are considered.

Keywords
Turning of cast iron, CBN, ceramics, wear, cutting forces, cutting temperature

1. Einleitung
Lamellarer Grauguss findet breite Anwendung im Maschinen- und Fahrzeug-
bau. Neben günstigen Herstellungskosten zeichnet ihn eine gute Bearbeit-
barkeit aus. So lassen sich mit Werkzeugen aus Siliziumnitridkeramik oder
kubischem Bornitrid beim Drehen in der Praxis Schnittgeschwindigkeiten bis
über 1000 m/min realisieren. Höhere Anforderungen an die Festigkeit oder
der Wunsch nach einer Senkung des Gewichts der Bauteile zwingen aber
zunehmend zur höheren Legierung des lamellaren Graugusses oder zum
Einsatz von vermikularem oder globularem Grauguss. Damit sinken üblicher-
weise die Standzeiten der Werkzeuge deutlich ab, was zu Effektivitätsein-
bußen in der Fertigung führt. Es erscheint deshalb interessant, den Ver-
schleißmechanismen der Werkzeuge bei der Bearbeitung verschiedener
Graugussarten tiefer auf den Grund zu gehen, um Hinweise zur Verbesse-
rung der Werkzeuge oder zur Modifizierung der Zusammensetzung des
Graugusses zu gewinnen.
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2. Versuchsdurchführung

Die Untersuchungen zur Standzeit und Verschleißmechanismen der Werk-
zeuge wurden als Außenlängsdrehen mit Hilfe einer Drehmaschine
DFS 2/2 CNC H-645 (Hersteller NILES Drehmaschinen GmbH Chemnitz)
durchgeführt, die eine Spindelleistung von 35 kW, eine maximale Haupt-
schnittkraft von 10 kN und eine Drehzahl von 6 min'1 bis 4000 min'1 aufweist
(Bild 1). Als Werkzeuge kamen die CBN-Sorten DBC 50 und DBN 45 sowie
Siliziumnitridkeramik SL100 zum Einsatz, als Gegenwerkstoff dienten GG20,
GG25, GGV40 sowie GGG40 und GGG70. Die CBN-Schneidstoffe DBC 50
und DBN 45 weisen einen keramischem Binder auf Basis von TiC(N) auf. Der
Volumenanteil der CBN-Phase beträgt bei DBC 50 ca. 50 Vol-% und bei
DBN 45 ca. 45 Vol-%. Weitere Eigenschaften von DBC50 zeigt Tabelle 1.

Bild 1: Drehmaschine DFS 2/2 CNC H-645 mit Kistler-Schnittkraftmesser

Gefüge und Eigenschaften der Gusseisensorten werden in Bild 2 und in den
Tabellen 2 und 3 beschrieben. Die Schnittgeschwindigkeit wurde zwischen
100 m/min und 800 m/min variiert. Der Vorschub betrug i. a. f=0,3 mm. Als
Schnitttiefe wurden 0,3 mm gewählt. Ergänzend wurden zur besseren Be-
obachtung von Verschleißerscheinungen auf der Freifläche auch Schnitttie-
fen von 1 mm gewählt. Die Bearbeitung erfolgte trocken ohne Kühlung.
Der Verschleiß der Werkzeuge wurde mit Hilfe eines Stereomikroskops
NIKON SM7-2T (5 bis 100-fache Vergrößerung). Die Größe des Frei- und
Spanflächenverschleißes wurde mit dem Messmikroskop MITUTOYO TM505
bei 40-facher Vergrößerung nach ISO 3685 ermittelt (Ablesegenauigkeit
1 um). Zur Messung der Kolktiefe diente ein Lichtschnittgerät am Mess-
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mikroskop BK 70x50, Carl Zeiss, Jena. Die Messung der Schnittkräfte er-
folgte mit Hilfe einer Dreikomponentenschnittkraftmessvorrichtung für das
Drehen der Fa. KISTLER, bestehend aus dem Werkzeughalterdynamometer
9171, dem KISTLER-Ladungsverstärker 5011SN und der Auswertesoftware
u-MUSYCS (integrated measurement & control ime, Berlin).
Die Werkzeugtemperaturen während der Drehbearbeitung wurden mit dem
Thermographiesystem (THV900 SW/ST, Herstellerfirma AGEMA) erfasst. Die
Infrarotkamera dieses Messsystems wurde dazu im Bearbeitungsraum der
Drehmaschine am Werkzeugrevolver montiert und auf das Werkzeug ausge-
richtet.

Tab. 1: Mechanische Eigenschaften von DBC50 It. Hersteller

Dichte (g/cm )
Härte nach Knoop (GPa)
E-Modul (GPa)
Druckfestigkeit (GPa)
Bruchzähigkeit (MPa m1'2)
Biegebruchfestigkeit (MPa)
Thermischer Ausdehnungskoeffizient (10"b K"1)
Thermische Leitfähigkeit (W m"1 K"1)

4,28
27,5
587

3552
3,7

225
4,7
44

Tab. 2: Chemische Analyse der Gussteile aus GGV40 und GG25 (Herstellerangaben)
Element-Konzentrationen in Masse-%

Element
C
Si
Mn
P
S
Cr
AI
Mo
Ti
Cu
Ni
Sb
Mg
V
Sn
Zn

GGV40
3,65
2,19
0,26
0,033
0,01
0,042

0,037
0,4

0,009

GG25
3,40
2,17
0,62
0,05
0,09
0,33
0,005
0,02
0,04
0,27
0,07
0,03
0,004
0,01
0,03
0,002

Tab. 3: Chemische Analyse der Gussteile aus GG20, GGG40 und GG70
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Element-Konzentrationen in Masse-% bzw. ppm

Element
[%, ppml

C
Si
Mn
P
S
Cr
Cu
Ni
Mo
Ti
Mg
Ce
As
Co
Nb
V

GG20

3,23
1,68
0,49
0,072
0,080
0,04
0,14
0,14
0,01
0,01
< 0,01
30 ppm
70 ppm
90 ppm
<0,01
0,01

GGG40

3,55
2,46
0,25
0,025
0,002
0,04
0,07
0,05
0,01
0,01
0,059
70 ppm
80 ppm
60 ppm
<0,01
0,01

GGG70

3,55
2,18
0,29
0,028
0,007
0,05
1,03
0,07
0,02
0,01
0,052
50 ppm
50 ppm
80 ppm
< 0,01
0,01

imm

Bild 2: Gefüge der Werkstoffe: GG 20, GGG 70 und GGG 40 (v.l.n.r.)

Die mechanischen Kennwerte der Werkstoffe zeigt Tabelle 4.

Tab. 4: Mechanische Eigenschaften der untersuchten Gusssorten (nach DI Dieterle, Halberg-Guß)

Mechanische
Eigenschaften
Rm [MPa]
Rp02fMPal
A5 [%1
Eo [kN/mm2]
Brinellhärte HB 5/750

GG20

200-230
185

0,8-1,6
110
185

GG25

225
219
0,2
130
237

GGV40

450"»
320"'

3"'
145*'
218

GGG 40

428
300
25
173
160

GGG 70

893
540
5,0
175
285

"' typische Werte
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3. Ergebnisse
3.1. Werkzeugverschleiß

Die verschlissenen Werkzeuge wiesen in Abhängigkeit vom bearbeiteten
Material und den Schnittbedingungen typische Verschleißmerkmale auf, d. h.
auch bei gleichem Verschleißfortschritt traten charakteristische Unterschiede
zu Tage. Das Bild einer verschlissenen CBN-Platte, die zur Bearbeitung von
vermicularem Grauguss eingesetzt wurde, zeigt Bild 3.

^ - - Kolk: Fe, Si, O

Müll

Ir!

\

Muschelförmige
Ausbrüche

Freiflächenfilm:
Si, O, Ti, Fe, Mn

v

v vorrangig Fe

Bild 3: Verschleiß einer CBN-Platte bei GGV40, vc/f/a=600/0,3/0,3, VB = 0,3 mm (REM)

Typisch für die zur GGV40-Bearbeitung eingesetzten CBN-Werkzeuge ist der
muschelförmige Ausbruch der Schneidkante sowie eine sehr schartige Ver-
schleißmarke auf der Freifläche. Im Kontaktbereich lassen sich mit der EDX-
Analyse zudem dünne Filme aus Komponenten des bearbeiteten Materials
nachweisen. Insbesondere enthalten sie Silizium und Sauerstoff sowie teil-
weise Mangan. Platten, die unter gleichen Schnittbedingungen gegen GG25
eingesetzt wurden, weisen dagegen auch bei großer Verschleißmarke stets
eine scharfe Schneidkante auf (Bild 4).
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Spanfläche, Kolk und Freifläche Platte 5

500 um

Verschleißmerkmale:

Kolk
Freiflächenverschleiß
Kerbverschleiß

Kolkmulde und
Verschleißmarke stark
„verklebt"

EDX:

Ü3: Ti, AI, N, O, Si, Fe, Mn

S3: Ti, Fe, Al, O, Si

Ü4: Si. O, Al, Mn, S, Fe, Ti

S1: Si, O, Al, Mn, S, Fé

Weißes Korn: Ti, W, Al, C bzw. freie

Kante

Fe

Freifläche DBC50, Platte 5 unter 70°

Bild 4: Verschleiß einer CBN-Platte bei GG25, vc/f/a=600/0,3/0,3 VB » 0,2 mm (REM)

Auch diese Schneidplatten sind im Kontaktbereich mit einem Film aus Guss-
bestandteilen überzogen, wobei hier der im GG25 enthaltene Schwefel hin-
zutritt. Die Filmdicke kann mehrere Mikrometer erreichen und ist von Schnitt-
geschwindigkeit und -zeit abhängig. Dicke Filme bilden sich erst bei höheren
Schnittgeschwindigkeiten.
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Die zeitliche Änderung der Größe Verschleißmarke VB bei der Bearbeitung
von GGV40 bzw. GG25 mit einem CBN-Werkzeug mit Schnittgeschwindig-
keiten von 100 bzw. 600 m/min und Schnittiefen von 0,2 bzw. 1 mm zeigt Bild
5. Das Verhältnis von Verschleißfortschritt auf der Freifläche (VB) und der
Spanfläche (Kolk) demonstriert Bild 6.

- 4 -

- - Ä - -

- » -

. . .& . .

GGV4O6O0O.3

GGV406001

GGV4O1000.3

GGV401G01

—tr- GG1256O00.3

- • • A

• • • A - -

- 1 —

• • • [ } • •

GGL256001

G5L2S6001

GG1251000,3

GG1251001

Bild 5: Freiflachenverschleiß von DBC 50 bei GGV40 und GG25

600/0,3/0.3

• KB,

A KM

• KT.

GGV40

GGV40

GGV40

m KB, GGL25

A KM

• KT,

GG25

G G 25

Bild 6: Kolk- und mittlerer Freiflächenverschleiß von DBC 50 bei GGV40 und GG25

In den Bildern 7 und 8 ist die Standzeit bzw. der Standweg verschiedener
CBN-Qualitäten beim Drehen von GGV40 dargestellt (VBmitti, zui=0,3 mm).
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Standzeil von CBN bei der Bearbeitung von GGV40
f=0,3 mmAJ, ap=0,3 mm, VBzul=0,3 mm

100 7 r-

•x.

• DBC50

o- DBN45

X. \ \

Schnittgeschwindigkeit (m/min)

Bild 7: Standzeit und Schnittgeschwindigkeit beim Drehen von GGV40 mit DBC50 und DBN45

Standweg von CBN beim Drehen von GGV40
f=0,3 mm/U. ap=0,3 mm. VBzul=0,3 mm

•-DBC50
c— DBN45

100
100

Schnittgeschwindigkeit (m/min)

Bild 8: Standweg und Schnittgeschwindigkeit beim Drehen von GGV40 mit DBC50 und DBN45

Es wird deutlich, dass die Standzeit sehr schnell mit der Schnittgeschwindig-
keit abnimmt. Der Standweg ist der Schnittgeschwindigkeit umgekehrt pro-
portional. Für die Bearbeitung von G25 gelten ähnliche Beziehungen. Bei
vc=100 m/min sind die Standzeiten nahezu identisch, jedoch verläuft der Ver-
schleiß bei höheren Schnittgeschwindigkeiten bei lamellarem Grauguss
deutlich langsamer als bei vermicularem (Bild 9).
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Schnittgeschwindigkeit (mlmini

Bild 9: Standzeit und Schnittgeschwindigkeit beim Drehen von GGV40 und GG25 mit DBC50

Die Unterschiede in der Zerspanbarkeit von lamellarem und vermicularem
Grauguss treten bei Betrachtung des Standweges besonders deutlich hervor.
Während der Standweg bei GGV40 mit der Schnittgeschwindigkeit fällt,
kommt es bei GG25 zu einem Anstieg (Bild 10).

GGV40 und GGL25 l f -0 ,3 mm/U: a , - 0 .3 mm, a „ - l mm}

VBm„n,,„1-0,3 mm

_ 10000 i
e

• GGV40, 0,3

• GGV40, alt: 0,3 mm

« GGV40. Imm

O G G 125, 0,3 m m

O SG125. Imm

100 1000

Schnittgeschwindigkeit (m/min)

Bild 10: Standweg und Schnittgeschwindigkeit beim Drehen von GGV40 und GG25 mit DBC50
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Bei einer Schnittgeschwindigkeit vc= 600 m/min, einem Vorschub f=0,3 mm/U
und einer Schnitttiefe von 0,3 mm und dem Abbruchkriterium VBmitti=0,3 mm
erreicht die CBN-Sorte DBC50 bei GGV40 einen Standweg von ca. 1 km, bei
GG25 dagegen 16,5 km. Wird die Schnittgeschwindigkeit auf 800 m/min ge-
steigert, so sinkt der Standweg für GGV40 auf 800 m, bei GG25 steigt er auf
ca. 18 km. Der Anstieg des Standwegs mit wachsender Schnittgeschwindig-
keit ist nicht auf CBN-Werkzeuge beschränkt. Er lässt sich auch für Silizium-
nitrid nachweisen (Bild 11).

Turning GG-L with Si3N4 ceramics

f=0,3 mm, a=0,3 mm

0,30

-£0.25
JE

§0.20
E
m
>0.15
C

i 0,10

0,05

;
a

i *
\

100 m/min

1
1 , ,

0 5000 10000 15000 20000

Cutting length (m)

Bild 11: Mittlere Verschleißmarke und Schnittweg beim Drehen von GG25 mit S3N4-Keramik SL100

Die Verschleißmarkenbreite wächst bei vc=100 m/min deutlich schneller als
bei vc=600 m/min. Mit einem Abbruchkriterium VBmjtti, ZU|=0,3 mm ergibt sich
bei vc=100 m/min ein Standweg von 1-2 km und bei 600 m/min von ca. 20
km. Erst mit höherer Schnittgeschwindigkeit erreicht die Keramik akzeptable
Standwege. Bei S13N4 reduziert die höhere Schnittgeschwindigkeit den Werk-
zeugverschleiß sogar noch deutlicher als bei CBN.
Wir können feststellen, dass lamellarer Grauguss GG25 bei Schnittge-
schwindigkeiten um 100 m/min ähnlich "aggressiv" auf das Werkzeug einwirkt
wie GGV40. Mit steigender Schnittgeschwindigkeit lässt sich bei GG25 je-
doch eine Zunahme des Standweges von Si3N4- und CBN-Werkzeugen
beobachten, während der Standweg bei GGV40 drastisch sinkt. Da die Tem-
peratur der Schneide stets kontinuierlich mit der Schnittgeschwindigkeit
wächst, nimmt der Schnittweg bei GG-L mit wachsender Schneidentem-
peratur zu, bei GG-V dagegen ab.
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3.2. Schnittkräfte

Die Änderung der Hauptschnittkraft Fc, der Vorschubkraft Ff und der Passiv-
kraft Fp beim Drehen von GG25 bzw. GG40 mit dem Verschleiß zeigen die
Bilder 12 bis 14 für verschiedene Schnittgeschwindigkeiten vc.

GG25 100-600/0,3/0,3

250 -

Fc(N). GG25,

Ff (N), GG25.

Fp (N). G G 25

Fc(N), GG2 5

Ff (N), GG25,

Fp (N), GG2 5

FC (N), G G 25

Ff (N). GG25.

Fp (N ). G G 2 5

Fc (N). GG25,

Ff (NJ.GG25.

Fp (N). GG25

Fc (n). GG25.

Ff (N). GG25.

Fp (N), GG2 5

100

100

. 100

200

200

, 200

300. FF

300. FF

. 300, FF

, 300

300

, 300

600

600

, 600

0 0,1 0,2 0,3 0,4 0,5 0,6

VBmit||(mtn)

Bild 12: Schnittkräfte von DBC 50 bei GG25 und verschiedenen Schnittgeschwindigkeiten vc
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• Fp (NJ. GGV40
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A Fî (N), GG25

•• Fp (N). GG25

Bild 13: Schnittkräfte bei der Bearbeitung von GGV40 und GG25 mit DBC 50 bei vc=100 m/min
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600)0,310,3

Bild 14: Schnittkräfte bei der Bearbeitung von GGV40 und GG25 mit DBC 50 bei vc=600 m/min

Die Schnittkräfte wachsen mit fortschreitendem Verschleiß stark an. Das trifft
insbesondere für Hauptschnitt- und Passivkraft zu (Bild 12). Während bei
niedrigen Schnittgeschwindigkeiten Hauptschnitt- und Passivkraft bei GGV40
die beim Drehen von GG25 übertreffen, sind die Schnittkräfte bei höheren
Schnittgeschwindigkeiten ähnlich (Bild 13 und 14).

3.3. Werkzeugtemperatur

Die Schneidentemperatur ist bei der Bearbeitung von GG25 und GGV40 mit
einem CBN-Werkzeug bei höheren vc nahezu identisch (Tab. 5)

Tab. 5: Werkzeugtemperatur beim Spanen von Gusseisen mit CBN

Vc

m/min
100
100
600
600

Gusseisensorte

GGV40
GG25
GGV40
GG25

Tmrttl

(-C)
628
564
781
790

' max

CO
668
602
833
823

Die Temperatur der Schneidkante verhält sich also ähnlich wie die Haupt-
schnittkraft. Nur bei niedrigen Schnittgeschwindigkeiten werden bei GGV40
höhere Schneidentemperaturen beobachtet. Der schnellere Verschleiß der
Werkzeuge bei GGV40 bei höheren Schnittgeschwindigkeiten geht also we-
der mit erhöhten Schnittkräften noch mit einer höheren Schneidentemperatur
einher.
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3.5. Ergebnisse weiterer Schneidstoffe beim Drehen von GGV40

Ergänzend zu den kubischen Schneidstoffen wurden verschiedene Cermets
und beschichtete Hartmetalle getestet, die sich in früheren Versuchen in der
Stahlbearbeitung bei Schnittgeschwindigkeiten bis ca. 400 m/min ausge-
zeichnet bewährt hatten. Beim Drehen von GGV40 mit Schnittgeschwindig-
keiten über 200 m/min erreichten sie ähnlich den CBN- oder Siliziumnitrid-
schneidstoffen nur Standzeiten unter 2 min. Einzig einzelne Aluminiumoxid-
keramiken erreichten deutlich längere Standzeiten und bei einer Schnittge-
schwindigkeit von 500 m/min einen Standweg um 7 km, womit sie alle ande-
ren getesteten Schneidstoffe deutlich übertreffen (Bild 15).

vc=500 m/min,
(ohi

•

f /I s

6GV40
f=0,25 mm/min,

ne Kraftsensor)
a=0,2 mm

* AI203-ZO2

\ A ~AI2O3-ZrO2

,--A--AI2O3-ZrO2

* AI2O3-TÏC

j--«--AI2O3-TiC

i • — D8AM5

Bild 15: Bearbeitung von GGV40 bei vc=500 m/min mit CBN und verschiedenen Oxidkeramiken

3.6. Bearbeitung von GGG40 und GGG70 mit CBN-Werkzeugen

Während sich GGG40 mit gutem Erfolg mit CBN-Werkzeugen bei Schnittge-
schwindigkeiten um 500 m/min bearbeiten ließ, kam es bei GGG70 schnell
zu Ausbrüchen der Schneidkante und geringen Standzeiten.
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4. Diskussion

Beim Drehen von GG25 und GGV40 mit CBN mit Schnittgeschwindigkeiten
vc=100 ... 800 m/min und VBmitti, zul=0,2 mm wird die Standzeit durch den Frei-
flächenverschleiß bestimmt. Bei vc=100 m/min ergibt sich bei GGV40 eine
höhere Standzeit als bei GG25, bei höherer Schnittgeschwindigkeit ist sie bei
GGV40 jedoch deutlich geringer als bei GG25.
Schnittkräfte und Werkzeugtemperatur auf der Spanfläche sind für GG25 und
GGV40 bei gleichen Schnittbedingungen nahezu identisch. Die Geometrie
der verschlissenen WSP (Ausbildung von Kolk, Freiflächenverschleiß) ist
ähnlich. Unterschiede bestehen in der Zeit, bis sich ein bestimmter Ver-
schleißzustand einstellt und der Struktur der verschlissenen Werkzeug-
flächen.
Beim Drehen von GG25 mit vc=100 m/min ist die Freifläche stark zerklüftet,
bei GGV40 relativ glatt. Es bilden sich keine Belegungen auf den Kontakt-
flächen des Werkzeugs. Bei vc=600 m/min kommt es bei GGV40 zu Mikro-
ausbrüchen der Schneidkante und zur Ausbildung einer zerklüfteten Freiflä-
che, während diese bei GG25 glatt erscheint. In beiden Fällen bilden sich auf
den Schneidplatten Schichten aus Werkstückbestandteilen (Fe, Si, Mn, Ti,
Mg, S) und Sauerstoff, deren Zusammensetzung lokal und zeitlich stark vari-
iert. Die Schichten sind beim Drehen mit höheren Schnittgeschwindigkeiten
(> 200 m/min) bei GG25 dicker und kompakter und enthalten Schwefel. Bei
GGG40 konnten gute Werkzeugstandzeiten auch bei hohen Schnittge-
schwindigkeiten erzielt werden, obwohl der Schwefelgehalt ähnlich wie bei
GGV40 sehr niedrig ist.
Schwarze Keramik (AI2O3-TiC) ist in Standzeit und Verschleißbild dem CBN-
TiC-Schneidstoff sehr ähnlich. „Reine" Aluminiumoxidkeramik erreicht bei
GGV und vc um 500 m/min höhere Standzeiten als CBN; die Schneidkante
zeigt kein „Chipping". Auch bei den beiden Keramiken kommt es zu einer
starken Belagbildung auf den Kontaktflächen.

5. Schlussfolgerungen

Die unterschiedliche Verschleißrate von CBN bei der Bearbeitung von GG
und GGV ist ein Effekt der Hochgeschwindigkeitsbearbeitung. Der Unter-
schied kann jedoch nicht durch unterschiedliche Schnittkräfte oder unter-
schiedliche Schneidentemperaturen erklärt werden. Es wurden keine Anzei-
chen dafür gefunden, dass die Verschleißrate primär durch chemische Reak-
tionen (mit der Ferritphase etc.) oder durch die Phasenumwandlung von CBN
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bestimmt wird. GGG40 mit einer überwiegend ferritischen Matrix konnte so-
gar ausgesprochen gut mit CBN bearbeitet werden.
Mit steigender Schnittgeschwindigkeit nehmen beim Drehen von GGV mit
CBN Ausbrüche der Schneidkante sowie Riefen und Mikrobrüche im Ver-
schleißmarkenbereich zu, was eine mechanische Überlastung andeutet. Bei
der Bearbeitung von GGG70 ist diese Überlastung eindeutig. Die mechani-
sche Zerstörung der Schneidkante könnte durch auftreffende harte Teilchen
als Abrasion oder Schockeinwirkung bzw. als Folge einer zyklischen Be-
lastung entstehen.
Die bei GG mit der Schnittgeschwindigkeit rückläufige Zerklüftung der Freiflä-
che deutet auf eine Veränderung der Eigenschaften der abrasiven Bestand-
teile und/oder ihrer Einbindung in der Matrix sowie einer schützenden Wir-
kung der Schicht hin. Für Schwefel ist ein positiver Einfluss auf Werk-
zeugstandzeit beim Spanen von Stahl und Grauguss bekannt, wobei für die
Wirkung des Schwefels in der Literatur verschiedene Mechanismen diskutiert
werden (Bildung von Schutzfilmen, Veränderung der Einbindung harter Pha-
sen, Verbesserung des Spanbruchs). Man darf annehmen, dass die sich
ausbildenden Schichten den Verschleiß bremsen, trennen sie doch die
Werkzeugoberfläche von abrasiven Bestandteilen der bearbeiteten Werk-
stoffe. Ob sie aber für den prinzipiellen Standzeitunterschied in der Hoch-
geschwindigkeitsbearbeitung von GG25 und GGV40 verantwortlich sind,
bleibt offen.

Für die GGV-Bearbeitung mit Schnittgeschwindigkeiten um 500 m/min brin-
gen AI2O3-Keramiken deutliche Standzeitverbesserungen gegenüber CBN (3
bis 7-fach, trocken), erreichen aber nicht die Standzeiten der GG-Bearbei-
tung.
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Summary:
A research project for the development of dry lubricant coatings for the cutting
tools of different machining operations demanded the generation of certain
experimental techniques to attain knowledge about the coatings behaviour.
The solution developed compares the coatings by observing their tempera-
ture behaviour during the machining process. A method of in-situ temperature
measurement during turning formed the basis of this solution. The method of
measurement was further modified for other operations. In addition to the
thermographic recording during dry turning, solutions for dry threading, dry
drilling and dry milling were also developed. The experimental set-ups were
generated were generated in collaboration with several project partners. For
each machining operation investigated, a specific device was developed,
which made the in-situ temperature measurement possible using the high
resolution thermographic camera.
The results were such, that it became possible to attain knowledge about the
coating's in-process temperature behaviour for each of the processes investi-
gated. Furthermore the individual coatings are compared among themselves
and with uncoated tools. The combination of the temperature and wear
measurement yields the possibility for optimisation and further development
of suitable self-lubricant coated tools for dry machining applications.
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1. Introduction:
Cutting tools, which are used for metal machining operations, are highly
strained by various tribological stresses caused by mechanical and tribo-
chemical factors. The thermal load of the tool is interrelated with the afore-
mentioned factors. With increasing temperature, tool life decreases. The goal
of this work was, to decrease cutting tool wear and increase tool life. Both in
the past and nowadays, there have been many investigations seeking to im-
prove tool life. Studies have been undertaken to optimise the cutting sub-
strate, the tool cutting geometry and the tool coating.

During the last decade dry machining has achieved increasing importance in
series production due to the associated cost reduction and compliance with
stricter environmental legislation. In this regard, a BMBF - Project was initi-
ated in 1998 that sought to develop dry lubricant coatings for machining tools.
During this project, there was a requirement to develop some devices capable
of ,,in - situ temperature measurement". These devices utilise a high resolution
thermographic camera during the different machining operations, thus making
it possible to accumulate knowledge about the temperatures generated during
the process and to compare the characteristics of different coatings with one
another. All described temperature measurements were carried out with the
Thermovision 900 system produced by Agema. The maximum recording fre-
quency obtainable in the image recording mode is 30 Hz and up to 2500 Hz in
the line scanning mode. Temperatures measured between -30°C and
+2000°C are accurate to within 1°C. The following chapters describe in detail,
the experimental set-ups for the different machining operations and examples
of results achieved.
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2. In situ temperature measurement at different dry tooling operations

2.1. Dry turning
The technique of the in - situ measurement during a dry turning process was
originally developed in 1993 at the DaimlerChrysler Resarch Center in Ulm
/1,2/. The intention was to examine the quantitive temperature distribution
and the corresponding wear behaviour of diamond coated tool inserts during
dry machining. The system utilises the infrared transmissivity of these coat-
ings.

2.1.1 Experimental set-up
The measuring technique has been further developed in order to determine
the temperature behaviour of non-infrared transparent coatings. The impulse
for this was given in the BMBF project on new dry lubricant tool coatings.
Parallel to the modification of the system there were made several applica-
tions regarding other tool machining operations, which were part of the pro-
ject.

CVD-diamond optical window

cemented carbide (0,1 mm) with
tool coating

workpiece

tool insert ) / high resolution
m i r r o r / thermographic camera

thermal radiation

Fig. 1:Experimental set-up for thermographic in-situ measurement during a dry turn-
ing process /3/

The currently used set-up consists of a thin plate of cemented-carbide with a
hard coating, which is affixed to the basis-tool (see Fig. 1). The measurement
is carried out at the rear of the plate, where the infrared conductive diamond
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window is fixed. The thermal black body radiation passes the window and is
guided to a thermographic camera's lens by a deflecting mirror of polished
aluminium. However, the tools equipped with different coatings, the respec-
tive temperature coefficients have to be determined separately, irrespective of
the investigated machining process. This is done by heating each tool over a
heat source (a hot plate was used in this case) and by measuring the tem-
perature in a defined point on its surface by means of a contact thermometer.
In parallel with this, the heat radiation at that point is recorded with the ther-
mographic camera. Making proper compensation of the various tempera-
tures, the emission coefficient for the tool involved can be determined. There-
after, the temperature was determined in the thermographic - systems toler-
ances.

2.1.2 Results and discussion
First the suitability of the modified technique was tested by comparing results
from experiments with the previous and the new, modified systems. It was
proven that there is an unavoidable reduction of the temperature signal which
is uncritical because differentiation between the maximum and the average is
still possible.
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Cutting speed: vc = 350 m/min

Feed: f = 0,335 mm

Cutting depth: ap = 0,5 mm

Side clearance angle: Kr = 70°

Comer angle: sr = 90°

Radius of corner curvature:

re = 0,8 mm

Front clearance angle: <xo = 5°

Rake angle: y0 = 6°

Tool material: solid carbide metal

K10

Work material: AISi9Cu3

Fig. 2: Temperature Curves of an uncoated and an dry lubricant coated cutting
tool 13, 4/
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Comparison of new developed dry lubricant hard coatings (e.g. Ag + MoS2)
with uncoated tools had shown that there is a direct correlation between the
lubrication of the coatings and the temperatures in the machining application
(s. Fig.2). Lower friction results in reduced temperature levels as shown in the
diagrams below. Furthermore a close correlation between the temperature
measurements and tribolological tests exist.

2.2 Thread forming

Thread forming is a cold forming process to produce threads without swarf.
During the forming process high temperatures can occur at several parts of
the tool and the workpiece. In particular, the crests of the tool are loaded with
high thermal stresses. The aim of the analysis is to measure in-situ the tem-
peratures at the tool crests. The temperature is measured with a high resolu-
tion thermographic camera during the process of thread forming.

2.2.1 Experimental set-up
The patented experimental set-up (s. Fig.3) was developed by the Daimler-
Chrysler- Research Center/Ulm and the IPL/Kassel.

Fig. 3: Scheme of the set-up (a), the test installation (b) and the relative temperature
distribution on the tool (c), the gradient of temperature rises from blue to yellow 151
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The test piece is a round blank with a trapezoidal formed groove. The groove
is necessary to avoid disturbance of the optical path during measurement
with the thermographic camera. To prevent reflections at the surface of the
target, the device is provided with a special thermographic lacquer, so that
only black body thermal radiation will be recorded. The thermographic cam-
era is placed in front of the groove in such a way, that the bottom of the
groove is in-focus.

During the drilling process of the core hole, that will be used for the blind hole
thread later on, an observation window is cut out of the bottom of the groove.
The size of the observation window is slightly smaller than the detection area
of the thermographic camera. The temperature of the drilling tool can now be
measured by detection of the radiation through an observation window.
The observation window allows measurement on the flanks of the thread-
former during the forming process. The determination of the tool emissivity
coefficient at different temperatures makes possible the on-line analysis of
absolute process temperatures.

2.2.2 Results and discussion
The first part of the analysis has been done with M10 threads which are made
in Ck45 material. The temperatures of the thread former were measured dur-
ing the process using different tool coatings and machining parameters, e.g.
pre-drill diameter and forming speed. The thread depth was set to 2xD. The
threads were made with a tapping attachment and without any lubricant.
The thermographic camera image shows the temperature distribution of the
thread former. The thermally loaded parts of the tool can be clearly seen. The
temperature of the crests (yellow and white parts of Fig. 3) are much higher
than the temperatures in the bottom of the thread (dark blue).
During the second part of the analysis different dry lubricant coatings were
tested using M6 threads, Ck35 material, a thread depth of 0,5xD, a forming
speed of 30 m/min and a pre-drill diameter of 5,55 mm. A reduction of the
crest temperature can be noticed using new dry lubricant coatings. Thread
forming with a usual TiN-coating leads to temperatures of about 120°C at the
crests of the tool. Using new dry lubricant coating, temperatures of only 90°C
could be measured. It has been shown, that a reduction of the thermal
stresses using special coatings is possible. The result can be a reduction of
the wear and an increase in the tool life.
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2.3 Dry Drilling

When dispensing with the use of coolants in metal removal operations, the
increased friction involved and the simultaneous lack of heat dissipation will
result in an increased temperature load on the tool. Specifically in drilling, as
a process with concealed cutting edge, friction between the land and the
borehole wall also become effective apart from chip surface friction. In addi-
tion to this, the tool heats up during disposal of the hot chips from the bottom
of the borehole.

2.3.1 Experimental set-up
The objective of these studies was to obtain reliable information about the
thermal load on tool and workpiece in dry drilling operations. Furthermore,
temperature recording was used to provide conclusions as to friction-reducing
effects of the application of new tool dry lubricant coatings. For determining
the maximum temperatures occurring on both tool and workpiece, a measur-
ing arrangement has been developed by the DaimlerChrysler Research Cen-
tre, Ulm and the Institute of Production Engineering and Machine Tools
(PTW) of the Darmstadt University of Technology, Germany.
Contact length rises with increasing borehole depth, and therewith also the
friction surface between tool and borehole wall will grow. The period of time
during which the hot chips are in contact with the tool becomes longer with
growing borehole depth. Consequently, maximum tool temperature occurs at
the maximum borehole depth and is therefore measured at that point. If the
thickness of the test workpiece is adapted to the desired borehole depth,
measurement will have to be made at the time when the bit of the drill passes
through the workpiece bottom. Prior to this also, the progressive heat-up of
the workpiece can be recorded.
For recording the temperature of the tool and the workpiece, the heat radia-
tion emitted is determined by contact-free means via the thermographic cam-
era system.
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Fig. 4: Experimental set-up for thermal analyse of a drilling process 161

The machining centre used is equipped with a vertical spindle, so the infrared
radiation has to be transmitted to the horizontally arranged camera via a 45°
deviation mirror (Fig.4). In the measuring arrangement, the test workpiece is
mounted onto a so-called workpiece tower. Beneath the workpiece, the 45°
deviation mirror is arranged in a guide system permitting height adjustment.
On the exit side of the mirror, the camera is fixed on an elevator table and
can also be adjusted in height. The working principle is shown in Fig.5.

Drill

Workpiece

Black body radiaion

Deviation mirror

Thermographic camera

Fig. 5: Scheme of the experimental set-up /6/

Prior to measurement, the camera on its elevator table is adjusted to the
workpiece tower, so as to be focused on the bottom of the workpiece. Meas-
urement during the drilling process is divided into two phases. As the tool cuts
through the material, the heat-up occurring ahead of it can be recorded at the
bottom of the workpiece. During the second phase when the tool passes
through the workpiece bottom, the temperature in the area of the cutting edge
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and specifically at the cutting edge corners which are subject to high thermal
stresses is determined.
For temperature determination by means of the thermographic camera, it is
indispensable to know the emission coefficient of the surface involved.
To record the workpiece temperature, black paint with a known emission co-
efficient was sprayed onto the bottom side.

2.3.2 Results and discussion
Fig.6 shows an example of the temperature distribution on the top of a drill
directly after the end of the drilling process (the feed and the tool-rotation had
already stopped). The cap of the drilling hole is still sticking on the work mate-
rial.

Label

Image

SPOT
SP02
SP03

Temp.

543.5
•212.3

"76.7

Min
37.6

Max
550.6

Avg

Fig. 6: Temperature distribution on a drill 161
As seen,it is possible to determine the temperature of single spots by the
thermographic systems analysing software, which allows one to derive reli-
able knowledge about high temperature strained regions on the tool. By using
this knowledge it may be possible to improve the tools geometric design to
decrease the thermal load on it. Furthermore, using the described experimen-
tal set-up, it is possible to compare the different dry lubricant coatings.

2.4 Dry Milling

An effect of great importance during machining aluminium is the adhesive
property of the material. Without the use of cooling lubricants or beam spar-
kling methods it is almost impossible to avoid forming of built up edges and
other depositions of workpiece material on the cutting insert. Poor quality of
the workpiece surface is the result although tool life is not really affected. The
aim of the investigations in relation to this was to find dry lubricant coatings
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which are appropriate for protecting the milling tools substrate against ma-
chining heat and abrasion. Also it is intended to find coatings that are able to
diminish adhesion of aluminium on the cutting material, so that dry milling is
possible without loss of workpiece quality and decreasing tool life. One key to
find a suitable coating system is to know the exact process temperature at the
working spot. Because of estimation and experience the conclusion is possi-
ble, that milling of aluminium generates rather low temperatures at the work-
ing spot because the tool can be touched, for example, by hand immediately
after dry machining without causing burns. For the milling of AISi9Cu3, a
standard set of machining parameters was used.

2.4.1 Experimental set-up
On account of the high feed rates used for milling of aluminium it is difficult to
measure temperatures exactly. The main problem was to find a measuring
technique that is fast enough to detect the cutting inserts temperature on the
moving milling head. The solution was to use the already described thermo-
graphic system with its high sampling rates moving parallel to the milling
head. The applied test set-up is shown in Figure 7(a). The camera is placed
on the outside of the test workpiece, opposite the working spot and the milling
head. The objective lens is focused on a groove on the outside of the work-
piece. The groove is necessary to minimize side effects from other infrared
radiation sources outside the workpiece, which can influence the accuracy of
the measurement. The angle between the direction of the milling path and the
outer plane of the workpiece is chosen in such a way, that the thickness of
the dividing wall between camera objective and milling inserts continuously
decreases during machining. Approaching the end of the milling path imme-
diatly before the wall is cut away the thickness of the workpiece-wall is thin
enough, that the temperature of the working spot is nearly equal to the walls
temperature. This temperature is detected and recorded by the thermo-
graphic system.

Figure 7 (b) shows a radiation-picture taken by the camera in full-scan mode.
The white area shows the hottest part of the working spot. In order to get reli-
able temperature data the camera was used in line-scan-mode since the
sampling rates are 2,5 kHz. The results indicate that temperatures do not ex-
ceed 70°C at milling of AISi9Cu3 by applying the parameter-set given in
Fig. 9.
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Fig. 7: Experimental set-up (a) and relative temperature distribution in the cutting
area (b) 111

Surface Block
Wear Block

Milling Direction

Milling Head

Machine Tool Table

Fig. 8: Extended test set-up used for tool life tests 171

Figure 8 shows the extended test set-up used for tool life tests. Mainly there
are two blocks. The "wear block" is used for temperature measurement during
the machining process. By using two of these blocks it is possible to achieve
a milling distance of some 800 m for a single coated insert. The "surface
block" is used to document the roughness during milling. Each step in the
"surface block" stands for a milling distance of 43 m. At the same interval as a
step is milled into the "surface block" the width of the wear mark of the insert
is measured and also the width of the virtual chip mark. The wear mark
shows how effective the coating is in protecting the insert against abrasion.
The size of the virtual chip mark shows the ability of the coating to keep
deposition of workpiece material on the insert at bay. The size of the virtual
chip mark and the quality of the surface on the "surface block" correspond in
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contrast to each other i.e. a small virtual chip mark results in poor quality of
the surface and a large virtual chip mark causes good surface qualities, with
respectively small roughness. The reason for this is found in smoothing ef-
fects caused by the virtual chip mark that is located on the tool flank (s. fig. 9).

Rotation
. . J

WM: Wear mark

VCM: Virtual chip mark

Direction

Fig. 9: Tool wear characteristics at the cutting edge of a milling insert 111

2.4.2 Results and discussion
Figure 9 shows an example of how tool wear, i.e. width of wear mark devel-
ops over milling distance. The red curve shows the non-coated reference in-
sert which is compared to the test coating. The reference insert quickly dem-
onstrates increasing wear mark width. After 129 m of milling distance the
width rises at steady levels. The coated insert shows a much slower rise of
tool wear mark. In order to compare properly the performances of the coat-
ings, a set of marking numbers is used.
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cutting speed: 1580 m/min

feed rate: 5.6 m/min

number of teeth in milling

head: 1

tooth feed: 0.7 m/tooth

cutting depth: 2 m

width of engagement: 2 m

0 43 86 129 172 215 258 301344 387 430 473 516 559 602 645 688 731774

Milling Distance /m

Fig. 9: Tool wear of a test coating and a non-coated reference insert as a function of
the milling distance 171

3. Summary

The investigation of different dry machining processes on various materials
has shown, that the developed test set-ups make it possible, to analyse and
attain more knowledge about the different coatings and the cutting process
itself. The use of a high resolution thermographic system in combination with
the measurement of the tool's wear marks is a complete system to classify for
example, different dry lubricant coatings and make them comparable. This
scheme aids the researcher in founding a database of concrete results about
the temperature influence of using different coatings in the cutting process.
This device could furthermore be utilised in the examination of various tool-
geometries. In summary there is a high potential for using this measurement
system in various machining applications and also a high potential for opti-
mising and further developing suitable self-lubricant coated tools for dry ma-
chining applications.
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SUMMARY:

This study describes the strategies to reduce the sintering time for
hardmetals. It has been shown that the cycle time for consolidating metal
cutting grade inserts can be reduced by as much as 70% by employing a fast
dewaxing-rapid sintering approach. This study also describes the alloy design
approach to enhance microstructural homogeneity and toughness in fine-
grained cemented carbides for metal cutting applications. In fine-grained
hardmetals, combined addition of VC and Cr3C2 in optimal proportion as
grain-growth inhibitors enhances both the hardness as well as indentation
fracture toughness. In addition, the synergistic action of these grain-growth
inhibitors also results in a more homogeneous microstructure. Consequently,
the variation in the mechanical properties of these fine-grained hardmetals is
significantly reduced.

KEYWORDS:
Dewaxing, fracture toughness, hardmetals, homogeneity, sintering

1. INTRODUCTION

improved Processing Through Fast Sintering
Cemented carbides are one of the most important group of sintered tool

materials, owing to their high hardness and outstanding wear resistance [1,2].
In earlier days, most of the hardmetal processing was done in reducing
atmosphere [3]. However, the control of carbon in hardmetals sintered in
hydrogen environment was very difficult, which resulted in inconsistency in
properties and dimensional control [4]. Later on, with advances in furnace
manufacturing technology, most hardmetal sintering was performed in
vacuum [5]. A typical vacuum furnace in industries is able to sinter up to 200
kg of inserts in a single charge. In general, the sintering cycle adopted for
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sintering hardmetals in vacuum furnaces is a modified version of that used in
the earlier days in reducing furnaces. Hence, in cemented carbide
consolidation, the sintering technology has not kept pace with the
improvements in furnace-technology. In today's world, much premium is put
on reduction of processing time to cut production cost. It is therefore
imperative to adopt a similar approach to hardmetal processing as well. One
of the key areas focussed in this research was the sintering time. Figure 1
compares the thermal profile of a typical metal cutting (<8%Co) grade
cemented carbide processed under 'conventional' and 'modified' cycles.
Typically, the conventional sintering takes about 15 h. If one adds the cooling
period too, a single run for sintering hardmetal takes close to 20 h. In the
'conventional' processing route, argon is used during the dewaxing cycle (till
600°C). The presintering (650-1275°C) is done in vacuum. Subsequently, the
sintering (from 1300°C to set temperature) is done under a partial vacuum
maintained under a pulsed flow of Ar-CO mixture. A partial vacuum prevents
the cobalt binder loss by volatilization during sintering. A closer look of the
conventional thermal profile shown in Figure 1 reveals that it takes more than
8 h to dewax the hardmetal inserts.

200 400 600
time, min

800 1000

Figure 1: Comparison of a conventional and fast-sintering cycle used for
consolidating cutting-grade hardmetals.
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To enhance the flowability into the compaction-die, the hardmetal powder
constituents are agglomerated by spray drying. To facilitate spray drying,
about 1.7-2.6% wax is added to the hardmetal powder mixture. Compared to
hardmetal processing, most powder injection molded (PIM) parts contain
much higher levels (-40 vol.%) of the same organics [6]. However, these
injection molded parts are debound in similar timeframe. Dewaxing (or
debinding) is a function of the size and shape of the components. For metal-
cutting applications, typically cemented carbide inserts are less than 2 cm3 in
volume. Hence, it is hypothesized that using the same dewaxing strategies as
used in PIM, the dewaxing time of cemented carbides can be significantly
reduced. Consequently, as shown in Figure 1, a new thermal cycle was
proposed for sintering metal-cutting grade hardmetals. Clearly, the total
sintering time is now reduced to about 4 h, which is a about 70% reduction
over the conventional cycle.

It is therefore the objective of this research to demonstrate the viability of
such a drastic reduction in the sintering time on the microstructurai and
performance integrity hardmetals.

Improved Processing Through Alloy Design
In fine-grained hardmetals containing sub-micron sized WC grains, use of

cubic carbides, such as VC, Cr3C2, NbC, and TaC as grain-growth inhibitors
is quite common [7,8]. These carbides either form solid solution with the WC
or dissolve preferentially into the binder phase, thereby, inhibiting grain
growth through solution-reprecipitation [9]. Most of these alloying additions
increase the hardness, but adversely affect the toughness of the cemented
carbides. Another concern in the fabrication of fine-grained hardmetals is
microstructurai homogeneity. The amount of the grain-growth inhibitor in most
sub-micron grain hardmetals is maintained below 1 wt.%. Thus, a uniform
distribution of these additives during processing remains a major challenge.
Any non-uniformity in their distribution leads to isolated patches of coarse WC
grains and agglomerated cobalt binder called binder-lakes in the
microstructure. These features are undesirable, as they are the sites of
premature failure of hardmetals during metal cutting applications through
edge-chipping and cratering.

Amongst the various grain-growth inhibitors, VC is considered to be the
most effective [10,11]. In typical metal-cutting grades containing less than 6%
cobalt, a higher level of VC (>0.6%) results in drastic reduction in the
toughness. In addition, VC addition is also detrimental to the oxidation
resistance at elevated temperatures.
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Compared to VC, Cr3C2 is less potent grain-growth inhibitor. Though it is
used in WC-Co alloys, however, it is more widely used in hardmetals
containing nickel binder [12]. Small addition of Cr3C2 is a standard practice for
providing fine-grained corrosion resistant hardmetals [13].

The study aims at evaluating the effect of grain-growth inhibitor on the
microstructural homogeneity and mechanical properties of fine-grained WC-
6Co alloy.

2. EXPERIMENTAL PROCEDURES

Fast Sintering
Table 1 summarizes the conventional (15.5 h) and fast-sintering cycles (4.7

h) used in the present investigation. Since the fast sintering cycle envisaged
reduction in both dewaxing as well as post-dewaxing time, the initial design of
experiment focussed on conducting conventional dewaxing (8.3 h) followed
by fast sintering (2.7 h). Later on, with the success of this approach, the
schedule was changed to adopting a combined fast dewaxing (1.8 h) and fast
sintering approach (2.9 h) taking a total time of 4.7 h. The experiments were
conducted in Pfeiffer furnaces with customized in-house modifications.

Table 1: Summary of the conventional and modified sintering cycles for processing
hardmetals.

sintering
approach

conventional
cycle

modified cvcle
• conventional

dewaxing +
fast sintering

• fast
dewaxing +
fast sintering

Dewaxing
time, h

(RT*-650°C)
8.3

8.3

1.8

Sintering
time, h

(650-ST**)
7.2

2.7

2.9

total
cycle

time, h
15.5

11.0

4.7

dewaxing
atmosphere

Ar

Ar

Pulsed H2 +
Ar, 10 Ipm
@ 25 mbar

sintering
atmosphere

vacuum/Ar
Ar+CO:

3 Ipm
@ 6 mbar

Vacuum
/pulsed Ar
Ar: 20 Ipm
@ 35 mbar

RT: room temperature ST: sintering temperature
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One of the major concerns during the fast heating is preventing the
thermal-lag. To avoid that, holds were provided at specific temperatures to
minimize the thermal inertia. Temperature was monitored at six locations
within the furnace throughout the cycle.

Table 1 also presents the details of the sintering atmosphere, gas-flow,
and pressure conditions. Two metal-cutting grades, WC-10TiC-12TaC-
1.5NbC-10Co and WC-4.5TiC-3.5TaC-2.2NbC-11.5Co were used for the fast
sintering experiments. Experiments were conducted on two insert geometries
SPAN1504EDR and TPKN2204PDR designated according to the ISO
Standard [14]. For the fast sintering, repeated experiments were performed
with 95 kg and 130 kg charge corresponding to 65% and 90% of the total
furnace loading capacity, respectively.

To test for the homogeneity of the properties, the sampling was done
from the top, middle, and bottom regions from each of the three zones: front,
middle and back of the furnace. Hence, in all 27 samples from each sintering
charge were characterized for porosity, microstructure {coarse WC (amax) and
Co-binder distribution (p-lake)}, magnetic properties {coercivity (Hc) and
Permeability (47io)}, and hardness. The detailed procedure have been
described elsewhere [15].

Alloy Design
The effect of grain-growth inhibitor addition was studied on WC-6C0 alloys

prepared using a nominal WC grain size of 0.9 urn. Table 2 summarizes
various compositions of WC-6C0 alloys prepared for this study with VC and
Cr3C2 additions. In our experiments, VC was doped into WC by adding it
during the carburization-stage of tungsten, while Cr3C2 was added directly
during the milling stage. In the fine-grained cemented carbides having VC
and Cr3C2, the substoichiometric carbon-level was produced by adding a
calculated amount of sub-micron tungsten during milling of the carbide
powders and cobalt. The WC-6Co-VC-Cr3C2 alloys were sintered in vacuum
at 1520°C for 1h using Pfeiffer furnace. The sintering condition was optimized
to avoid macro-level pores and to restrict the microporosity (< 25 urn) at A02,
BOO, and COO levels [16].

The sintered samples were metallographically evaluated and the magnetic
properties, namely permeability (4na) and coercivity (Hc) were measured. The
fracture toughness of the hardmetals was measured by the Palmqvist
indentation technique. The detailed experimental procedures are provided
elsewhere [17].
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Table 2: Various compositions of WC-6C0 alloys with VC, Cr3C2, and W additions
selected for this study*.

composition: WC-6Co-xVC-yCr3C2-zW
Grade

A
B
C
D
E
F
G
H
I

x, %
0.20
0.30
0.40
0.10
0.15
0.20
0.10
0.15
0.20

y,%
-
-
-

0.10
0.15
0.20
0.10
0.15
0.20

z,%
-
-
-
-
-
-

0.2
0.3
0.4

grades G, H, and I will be referred to as sub-stoichiometric with respect to the corresponding
compositions D, E, and F, respectively, which will be termed stoichiometric.

3. RESULTS & DISCUSSION

Table 3 summarizes the microstructural attributes, density, and hardness of
the two metal-cutting grades consolidated using the fast sintering cycle. Note
that all the properties are within the specification. Figure 2 shows the variation
in the magnetic permeability and coercivity of one of the metal cutting grades.
As stated before for each grade, the magnetic property measurement was
performed on 27 inserts corresponding to the sample placement at various
zones of the furnace. Note that the both the magnetic permeability and
coercivity are within the specification at all the regions. The magnetic
properties in hardmetals can be correlated with the microstructure-chemistry
features of hardmetals, i.e. the WC grain size and the carbon balance. Thus,
the fast sintering cycle does not in anyway deteriorate the as-sintered
properties.

One concern during the sintering of hardmetal grades is the segregation of
cobalt to the top of the insert. This phenomenon is called cobalt-capping and
leads to loss of edge strength of insert. The metal-cutting grades are typically
prone to cobalt-capping. To avoid Co-cap formation, Ar or a mixture of Ar+CO
is used as the temperature approaches near to that corresponding to melt
formation. The fast-sintered inserts were examined for Co-capping and
exhibited no cobalt segregation.
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Table 3: Summary of the microstructural properties, hardness, and density of two
metal-cutting grades sintered using the fast-cycle.

Attributes

Style
sintering temperature, °C
density, g/cm

hardness, HV30

cWx, um
P lake, \im, no./cm2

Porosity
macro-pores, no./cm2

size, um
2 5 - 75
7 5 - 125

> 125

Grade A

TPKN2204PDR
1460
11.8*

1493*

9
nil

A02 Boo Coo

0
0
0

Grade B

SPAN1504EDR
1450
13.0"

1391"

8
nil

A02 Boo Coo

0
0
0

specification

1450-1490
* 11.7-12.0
" 12.8-13.1
* 1460-1540
** 1300-1400

<15
10, <50

A02 Boo Coo

<5
<2

0

Grade A: WC-10TiC-12TaC-1.5NbC-10Co
Grade B: WC-4.5TiC-3.5TaC-2.2NbC-ll.5Co

Figure 1 presents the respective thermal profiles of the two sintering cycles
on a common temperature-time axis. It is obvious that if the conventional
cycle is linearly translated to the left and compressed along the time axis, it
more or less gets superimposed on the fast sintering cycle. As can be
inferred from Table 1, the fast sintering cycle results by reducing both the
dewaxing and post-dewaxing sintering times of a conventional cycle. A key
to reduce the dewaxing time is the use of reducing atmosphere during
dewaxing. Till 600°C, hydrogen has no influence on WC, hence the re-
balance remain unaffected. Most cemented carbide manufacturers employ
non-reducing atmosphere during dewaxing because of safety consideration.
Thus, in inert atmosphere dewaxing occurs solely by thermal effects.
Consequently, to avoid component cracking it is essential that a very slow
heating rate is adopted. Hydrogen has significantly higher heat capacity and
thermal conductivity than nitrogen or argon. Besides efficient heat transfer,
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Figure 2: Variation of the magnetic permeability (4na) and coercivity (He) of
WC-24(TiC-TaC-NbC)-10Co grade metal-cutting inserts consolidated using
fast-sintering cycle.
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Figure 3. Microstructure of WC-6C0 alloy containing (a) 0.2VC and (b) 0.1 VC +
0.1Cr3C2.
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hydrogen also chemically interacts with the hydrocarbon constituents of the
organic wax in hardmetal. Hence, in addition to enhancing thermal-dewaxing,
hydrogen also promotes catalytic removal of wax, thereby reducing the
overall dewaxing period.

Typically, most of densification in hardmetals occur by solid-state
densification during the heating up to the sintering temperature [18,19].
Solid-state densification is kinetically much slower than the liquid phase
sintering. Hence, if without compromising the end-properties, a major portion
of densification is performed through liquid phase sintering instead of solid-
state, it will significantly shorten the sintering time. This research
demonstrates this successfully.

Alloys Design
Table 4 shows the magnetic and mechanical properties of WC-6C0 alloys

with VC and Cr3C2 additions. Compared to WC-6Co-0.20VC alloy, the WC-
6Co-0.10VC-0.10Cr3C2 alloy results in a more homogeneous microstructure.
Figure 3 compares the microstructure of the two alloys. The microstructural
homogeneity is also reflected in the variation in the hardness and fracture
toughness values, which are reduced by 48% and 70%, respectively. The
hardness and fracture toughness were measured using indentation
techniques [20]. In the present study, the average indentation diagonal length
varied between 180 to 190 urn and the average grain size of the WC-Co-VC
(-Cr3C2) alloy varied between 0.7 to 0.9 urn. Thus, on an average the
individual hardness and fracture toughness measurement encompassed
between 200 to 270 WC grains. Therefore, the greater the microstructural
homogeneity, the lower is the variation in the mechanical properties. From
Table 4, it is obvious that a VC+Cr3C2 combination yields a higher toughness
with lower variation as opposed to when equivalent level of VC is used.

Table 4. Effect of Cr3C2 addition on the mechanical and magnetic properties of WC-
6C0 alloys with varying VC contents.

Grade
A
D
B
E
C
F

HV30

1629115
1605 ± 8
1654117
1640 ± 8
162918
1654110

Kic

9.43 10.30
9.8410.09
9.33 10.23
9.39 10.04
9.0410.16
9.42 10.09

Hc, Oe 1
245
225
249
235
238
250

\nc, nTm3/kg
10.5
10.5
10.7
10.3
11.3
9.6
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Tanuichi et al. [21] postulated that the mechanism of inhibiting WC grain
growth by VC in the solid-state was through restricting the solution-
reprecipitation of tungsten by segregation of vanadium on the WC surfaces.
It is well known that VC interacts with WC to form (W,V)C solid solution, while
Cr3C2 dissolves in the binder as chromium and carbon [3]. It is most likely
that the Cr3C2 is more uniformly mixed and distributed in the molten binder as
opposed to the small amount of VC getting uniformly dispersed among the
WC grains. A combination of these two carbides acts synergistically with VC
interacting with WC, whereas Cr3C2 preferentially interacts with the cobalt
binder. This explains the homogeneity in the microstructure containing both
these additives. Similar observations were reported elsewhere in the studies
by Schubert et al. [22] on several fine-grained WC-Co hardmetals.

Given the nature of interaction of the two grain-growth inhibitors with the
hardmetals, it is desirable that in order to derive their maximum benefit, VC
should be preferentially doped with the WC powder, while the Cr3C2 should
be mixed with the cobalt in the powder manufacturing stages.

It is interesting to observe that alloys containing 0.10VC+0.10Cr3C2 and
0.15VC+0.15Cr3C2 have higher toughness than those containing 0.20VC and
0.30VC, respectively. However, the hardness of the same alloys (with
VC+Cr3C2) are lower than their corresponding counterparts containing VC.
Typically, fine-grained WC-Co alloys (<0.8 Mm) require a VC/Co ratio of 0.05
for optimal properties [5]. Elsewhere, Schubert et al. [22] have reported that
a VC/Co ratio of greater than 0.10 results in embrittlement effects. This
optimal ratio however is altered when a combination of VC and Cr3C2 is used.

Table 5 compares the effect of tungsten addition on the magnetic and
mechanical properties of WC-6C0 alloys with varying amounts of VC and
Cr3C2 addition. It is interesting to note that both the fracture toughness and
hardness values are further increased in tungsten-added WC-Co-VC-Cr3C2

alloys. Stoichiometrically, VC and Cr3C2 contain 18.1% and 13.3% carbon,
respectively [3,5]. Assuming that all the carbon from Cr3C2 goes to the binder,
the tungsten addition was done in such a proportion so as to react with that
carbon, thus ensuring that more of tungsten and chromium gets dissolved
into the cobalt binder. As shown in Table 5, this is reflected by the lower
magnetic permeability of the W-added (sub-stoichiometric) WC-6C0
compositions containing various amounts of the VC+Cr3C2 additives.

The tungsten content of the binder depends on the carbon and cobalt
content of the alloys as well as the sintering and cooling conditions. The
cobalt phase contained in a WC-Co microstructure is not pure Co but a Co-
W-C alloy that has a fairly large amount of tungsten and carbon dissolved in
it. The amount of tungsten dissolved in the cobalt binder is inversely related
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to the total dissolved carbon. The tungsten content of the binder increases as
the carbon content of the alloy decreases. From a theoretical standpoint, it
seems most probable that the tungsten dissolved in the cobalt binder
increases its toughness by solid-solution strengthening. Our results confirm
the same [23].

Table 5. Effect of W addition on the mechanical and magnetic properties of WC-
6Co-VC-Cr3C2 alloys.

Grade
D
G
E
H
F
I

HV 3 0

1605 + 8
1633 ±9

1640 ± 8
1650 ±10
1654 ±10
1721 ± 8

Kic

9.84 ± 0.09
9.80 + 0.22
9.39 ± 0.04
9.93 ±0.19
9.42 ± 0.09
9.78 ±0.14

Hc, Oe t

225
231
235
240
250
285

\n<3, jaTm3/kg

10.5
9.8

10.3
9.5
9.6
8.5

Figure 4 graphically summarizes the hardness and fracture toughness in
the WC-6C0 alloys with various levels of VC, Cr3C2, and W additions. From
Figure 4, and Tables 4 and 5, we infer that the best results (high HV30 and
high Kic) are obtained when the VC/Co is kept at 0.05 i.e. 0.2 wt.% VC (for
WC-6C0) and 0.2 wt.% Cr3C2 addition in hardmetals processed to sub-
stoichiometric condition.

4. CONCLUSIONS

The present investigation describes a new sintering methodology to reduce
the sintering time of metal-cutting inserts by about 70% without any detriment
to the end properties. A combination of fast dewaxing and a fast heating rate
in the post dewaxing cycle is the key to reduce the sintering time. The use of
reducing atmosphere results in the removal of organics through thermal as
well as catalytic means, thus significantly reducing the dewaxing time.

This investigation demonstrates that a combined use of VC and Cr3C2 as
grain-growth inhibitor in fine-grained hardmetals not only leads to a more
homogenous microstructure but also results in concomitant increase in both
hardness and the fracture toughness. Compared to WC-6C0-VC alloys, the
variation in the hardness and the indentation fracture toughness is reduced
by more than 50% in WC-6Co-VC-Cr3C2 alloys, indicating greater
microstructural homogeneity. This research also demonstrates that the
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mechanical properties can be further enhanced by addition of tungsten, which
results in a sub-stoichiometric carbon-level in the two-phase WC-Co
microstructure.

1580
8.8 9.0 9.2 9.4 9.6 9.8 10.0 10.2

fracture toughness, K|c

Figure 4: Variation of hardness and fracture toughness in WC-6Co-VC-(Cr3C2)
alloys.
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G. Kris Schwenke
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Summary:

The thermodynamics of the quaternary hydrogen-carbon-oxygen-tungsten
system and its binary and ternary sub-systems are reviewed. Published
thermodynamic data are evaluated, and expressions for free energies of
formation are chosen. These expressions are integrated with an equilibrium-
calculating algorithm, producing a powerful tool for understanding and
improving the manufacture of tungsten and tungsten carbide. Three
examples are presented: reduction/carburization of tungstic oxide with
hydrogen, carbon, and methane.

Keywords:

Carbide, Equilibrium, HCOW, Model, Reduction, Thermodynamics, Tungsten

1. Introduction
The manufacture of tungsten requires an understanding of the
thermodynamics of systems containing it. To quote Don Parsons (1),

"In order to study... the reduction reactions for the various tungsten
oxides with hydrogen, it was first necessary to determine what the
stable oxide compositions were. ... Next, it was necessary to study
the thermodynamic quantities, especially the free-energy change,
and the equilibrium constant for each of the reduction reactions.
This was to show if any thermodynamic limitations were involved in
the reduction reactions."

Similarly, the manufacture of tungsten carbide depends on the
thermodynamics of systems containing its constituent elements.
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Capable reduction and carburization processes have been designed with
knowledge of the binary O-W and C-W systems. Carbothermal reduction is
more challenging. It requires understanding the ternary C-O-W system.
However, no comprehensive summary of the quaternary H-C-O-W system
has been published. By considering tungsten and oxygen together with both
hydrogen and carbon, we gain the ability to compare independent reducing
and carburizing tendencies and to calculate equilibrium compositions when
alternate reductants/carburizers, such as methane, are used.

The interplay between four components and the existence of multiple oxides
and carbides represent complexities not easily handled by commercial
software. After some disappointing results, the present work was undertaken.
The goal was to develop a thermodynamic model of this quaternary system
(and/or any of its sub-systems) and then demonstrate its utility in process
research & development.

To do so, published thermodynamic data for tungsten-containing sub-systems
will first be reviewed and evaluated. This is followed by a brief introduction to
the predominance area diagram and the Boudouard equilibrium. Then three
examples will be presented and discussed: reactions of tungstic oxide with
hydrogen, carbon, and methane.

2. Carbon-Tungsten System
Several tungsten carbides have been reported in the literature, but only two -
WC and W2C - are important industrially. Gupta (2), Knacke (3), and Worrell
(4) all report thermodynamic data for this system. They draw on experiments
involving equilibration with carbon-containing systems ranging from H2-CH4 or
CO-CO2 gases to Fe-C rods. Their free energies can be converted into
phase diagrams, plotting stable phases as functions of temperature and
composition, for a fixed pressure. Qualitatively, all three resulting diagrams
are similar: W2C is stable at high temperatures, but it should decompose into
W and WC below a certain point.

Worrell's numbers result in a temperature of 1327°C. Gupta's give 1339°C,
though they claim 1302°C in their paper. Massalski (5) reports a value of
1250°C. Knacke's numbers are clearly unacceptable for two reasons: they
give 446°C as the W2C minimum, and they predict that WC will decompose
into W2C and C above 1370°C. As Worrell's free energy formulations most
closely approximate Massalski's phase diagram, they are adopted here.
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Conversion of his formulas to metric units results in the following expressions
for the standard free energies of formation (AGf) for W2C and WC:

W2C (s): AGf [J/mol] = - 26778 - 4.184 T [K] [1 ]

WC (s): AGf [J/mol] =-40166+ 4.184 T[K] [2]

Figure 1 plots the phase diagram as carbon activity (ac) vs. temperature. The
plot shows that higher carbon activities are required to maintain WC stability
as the temperature rises. W2C appears as a mere sliver between W and WC
at high temperatures.
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Figure 1: C-W Equilibrium at 1 atm

Gaseous elemental carbon and tungsten are neglected on the grounds that
their vapor pressures do not reach 1 mm Hg (0.0013 atm) until 3586 and
3990°C, respectively (6), so they are of no significance at the temperatures
encountered in manufacturing. No data was available for tungsten carbides,
but they would have even lower vapor pressures.

3. Oxygen-Tungsten System
Tungsten has multiple oxides as well. Four have been known since Magneli's
1952 paper (7): WO2, W18O49, W20O58, and WO3. The middle two are often
called WO272 and WO29, according to their O:W ratios. In fact, there are four
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known modifications of WO3, entire series of WnO3n-i and WnO3n_2 "blue"
oxides, and a W24O68 = WO283 phase (5), but their free energies remain
somewhat mysterious. Single WO3 and WO2.9 phases suffice in a
thermodynamic model, provided the user keeps in mind that things are
somewhat "blurry" in-between.

In addition, a debate has raged over the nature of so-called "(3-tungsten."
Some claim it is an oxide (8), while others contend that it is a metallic
allotrope (9). Regardless of the true nature of the compound, it is generally
accepted that it is not a thermodynamically stable phase. Consequently, it is
excluded from consideration here.

Numerous reports on free energies in this system have employed combustion
calorimetry, equilibration with H2-H2O and CO-CO2 gaseous buffers, and
partially stabilized zirconia solid electrolytes as investigative methods. Most
of the resulting O-W diagrams are similar. WO2 has an upper temperature
limit for stability; WO272 and WO2.g have lower limits. WO3 (in some form) is
stable from room temperature to melting.

Massalski (5) based his O-W phase diagram on the work of St. Pierre (10)
and Phillips & Chang (11), but Tikkanen (12) was the only source to have
evaluated the data from both St. Pierre and Rizzo (13), one of the most
promising solid electrolyte studies. Rizzo's data is actually less questionable
than St. Pierre's because the latter reported inhomogeneities in the powder
samples used and had to extrapolate further to estimate the invariant
temperatures. For these reasons, Tikkanen's data is used here:

WO2 (s,l): AGf [J/mol] = - 575940 + 169.9 T [K] [3]

WO2.72 (s): AGf [J/mol] = - 765440 + 220.7 T [K] [4]

WO29 (s): AGf [J/mol] = - 821752 + 244.8 T [K] [5]

WO3 (s,l): AGf [J/mol] = - 851618 + 257.7 T [K] [6]

Once again, Knacke's data disagrees with all other published reports.

Figure 2 plots the resulting phase diagram as oxygen partial pressure (P02)
vs. temperature.
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Figure 2: O-W Equilibrium at 1 atm

The plot shows that tungsten metal can exist at higher oxygen pressures as
the temperature rises. All of the lower oxides lie in a thin band between W
and WO3. WO2 decomposes at temperatures in excess of 1479°C. WO2.72
and WO2.9 are unstable below 562°C and 288°C, respectively. (Tikkanen
obtained slightly different invariant temperatures because of minor differences
in assumed stoichiometries.)

Gaseous tungsten oxides exist at high temperatures and oxygen partial
pressures, but they are of little significance in the manufacture of tungsten
and tungsten carbide powders.

4. Other Tungsten-Containing Compounds
Tungsten oxide hydrate, WO2(OH)2, also called tungstic acid and written
H2WO4 (g), is the only stable ternary H-O-W compound of any importance. It
forms when water reacts with tungsten-containing solids, like WO3. This is
the species responsible for the chemical vapor transport (CVT) and particle
coarsening in hydrogen-reduced tungsten powders (14).

Knacke is the only source of thermodynamic data for H2WO4. He uses a four
constant Shomate equation for the heat capacity, plus enthalpy and entropy
integration constants. His data also differ in that they are not presented as
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free energies of formation, so subtraction of the constituent elements is
necessary. They fit the general equation,

AG f
2000 T 6x10b

where the temperature, T, must be in degrees Kelvin [K]. For H2WO4 (g), the
constants H+, S+, a, b, c, and d equal -922.045, -364.943, 22.649, -7.344,
-2.913, and 1.867, respectively.

Tungstic acid warrants mention (P>10~6 atm) above 700°C and consideration
(P>10~3 atm) above 1000°C. Lower oxides and carbides also exert significant
H2WO4 pressures at elevated temperatures. They consume oxygen, and
carbides liberate carbon upon H2WO4 formation.

The only C-O-W compound with reliable published thermodynamic data is
tungsten hexacarbonyl, W(C0)6, which is neither stable nor important under
normal manufacturing conditions. No stable H-W or H-C-W compounds have
even been reported.

5. Hydrogen-Carbon-Oxygen Gases
In addition to tungsten-containing compounds, methane, carbon monoxide,
carbon dioxide, and water can form from hydrogen, carbon, and oxygen in the
H-C-O-W system. Knacke's numbers compares well with tabular values from
NIST, so equation [7] is used with the constants listed in Table 1. Some
compounds are listed twice because they or their constituent elements have
different fits over different temperature ranges.

Species
a
b
c
d
H+

S+

T[K]

Table 1 Free Energies of
CH4(g)

-41.94
31.535
0.078
-1.029

-63.495
149.203
<1100

-66.266
70.04
3.095

-18.414
-49.577
288.967
>1100

Formation: H-C-0 Gases
CO(g)

16.276
-39.7395

-0.042
17.8935
-113.914

7.419
<1100

-8.05
-1.2345
2.975
0.5085

-99.9955
147.183
£1100

CO2 (g)
^21.865
-41.049
-1.139
18.402

-402.196
-116.654

<1100

-2.461
-2.544
1.878
1.017

-388.278
23.11
>1100

_H2PJgJ_
-7.083
1.0165
-0.436
0.5085

-241.254
-6.842

all
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6. Predominance Area Diagrams
Base & Sale (15) present a "Kellogg (predominance area) diagram" for the
carbon-oxygen-tungsten system with log (ac) on the ordinate axis and
log (P02) on the abscissa. The diagram shows which tungsten-containing
phases are stable as a function of carbon activity and oxygen partial
pressure. Switching the axes results in plots like Figure 7. The system
pressure (1 atm) is the physical limit on P02, though it is far from the graph
maximum. Graphite stability at ac=1 represents the upper limit on carbon
activity. Oxide-oxide equilibria involve only P02, so they appear as horizontal
lines. Carbide-carbide equilibria involve only ac, so they appear as vertical
lines. Oxide-carbide equilibria involve both, so their lines are sloped,
according to the stoichiometries of the compounds involved.

The basis for this diagram is the Gibbs Phase Rule, which states that the
degrees of freedom, F, available in specifying a system, is related to the
number of components, C, and phases, P, therein:

F=C-P+2 [8]

For a three component system, like C-O-W, a single phase can exist over a
range of both variables. Co-existence of two phases restricts the system to
one of the lines, and co-existence of three fixes it at an intersection.

7. Boudouard Equilibrium
Carbon and oxygen may react to form carbon monoxide and/or carbon
dioxide gases. Their combinations exert both an effective oxygen partial
pressure and an effective carbon activity:

2 CO (g) + O2 (g) = 2 CO2 (g) [9]

2 CO (g) = C (s) + CO2 (g) [10]

This link between ac and P02 is known as the Boudouard equilibrium. It, too,
can be plotted on a log-log plot, such as in Figure 3. Three curves are plotted,
spanning total pressures that vary by four orders of magnitude. They are
qualitatively similar, downward-sloping lines with knees yielding steeper
slopes at the bottom right. Dashed guide lines are also included, indicating
the limiting cases of pure CO2 (slope of -1 in the upper left at high P02 & low
ac) and pure CO (slope o f -2 in the lower right at low P02 & high ac).
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The trend with pressure is also significant: the curves shifts towards the left
(not down) as the total pressure decreases. This fact is evident is the
positions of the "knees." The reason for this behavior is that the oxygen
partial pressure (equation [9]) depends on the ratio of PCo2 to Pc<> The total
pressure cancels out. The carbon activity (equation [10]), however, is
proportional to p£o/Pco2- Total pressure does not cancel out; carbon activity
is proportional to it.

r—i

CM

O
Q.

1 0 ° •-.

ID"10

io-15

1 O i °o - 1 0

Pure CO2 slope = -1

Pure CO slope = -2 ^ ^ ^

10-8 10-6 aC 10"4 10-2 10°

Figure 3: Boudouard Equilibrium at 1227°C

Dilution of CO-CO2 mixtures with other gases has the same effect as
decreasing the total system pressure, that is, lowering the carbon activity.
Inert gases do only that, shifting the curve leftwards. Reactive gases change
both ac and P02 because the amounts of CO and CO2 change. Three
asterisks are plotted in Figure 3. One corresponds to one mole of CO and
one mole of CO2, a second when 198 moles of argon have been added, and
a third with approximately 198 moles of hydrogen. Argon simply reduces ac -
just as if the total pressure of the CO-CO2 system was 0.01 atm. Hydrogen
raises the carbon activity and lowers the oxygen partial pressure, but they still
lie on the 0.01 atm Boudouard curve. No matter what other gases co-exist
with CO-CO2, the resulting ac and PO2 are related by the Boudouard
equilibrium curve, drawn at a total pressure equal to Pco+Pco2-
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Boudouard equilibrium curves may be superimposed on predominance area
diagrams. These reactions are more temperature sensitive than those
involving tungsten-containing solids, so as the temperature rises, the
Boudouard curve appears to sink leftwards and lower.

8. Model Details
Before presenting sample equilibrium calculations, it is necessary to mention
a few modeling details. Some compromise is necessary in balancing model
breadth and simplicity. Some tungsten carbides and oxides have
temperature limits discussed in the preceding sections. In addition, some
gaseous species may be neglected at certain temperatures. H2WO4 has
been discussed above. In addition, CO is unimportant below approximately
327°C. CH4 can be neglected above 1427°C. Between these temperature
limits, a four component (H-C-O-W) system containing thirteen or fourteen
possible species (WO3, WO29, WO272, WO2, W, W2C, WC, C, H2, H2O, CO,
CO2, CH4, and perhaps H2WO4) may be specified by nine or ten independent
reactions.

Reactions are chosen in a manner which most easily permits definition of
stability regions on predominance area diagrams. Most involve two adjacent
phases and oxygen or carbon directly. Four reactions are possible among
the oxides, and two between the carbides, leaving four more involving gases
and solid carbon.

To carry out the calculation, a program was developed using Matlab™. It
consists of separate H-C-O, solid C-O-W, and gaseous W modules.
Tungsten-containing phases are assumed, the necessary carbon and/or
oxygen are subtracted from the system, and equilibrium is computed in the
remaining H-C-0 system. If the carbon activity and oxygen pressure so-
determined fall within the stability region of the phase(s) assumed, a solution
has been found. If not, iteration continues with a new guess. Condensed
phases are assumed to have unit activities, and gases are assumed ideal.

9. Results
Three sample cases are presented below: reduction/carburization of WO3

with 3 H2, 3 C, and CH4. Table 2 lists tabular results for temperatures in
intervals of 100°C. Figures 4-6 display similar results graphically.
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Table 2: Results
T[°C]

500

600

700

800

900

1000

WO3 + 3 H2

WO2

2 H2 + H2O

WO2

2 H2 + H2O

WO2

2 H2 + H2O

WO2

2 H2 + H2O

0.93 WO2

0.07 W
4.4x10"5H2WO4

1.87 H2 + 1.13 H2O

0.82 WO2

0.18W
3.0x10-4H2WO4

1.63 H2 + 1.37 H2O

WO3 + 3 C
WO3 + 3 C

WC + 0.28 C

0.43 CO + 1.28 CO2

WC

CO + CO2

0.01 WO2

0.99 WC

1.03 CO + 0.98 CO2

0.09 WO2

0.91 WC

1.35 CO + 0.74 CO2

0.62 W
0.38 WC

2.24 CO + 0.38 CO2

WO3 + CH4

0.70 WO2 9
0.30 WC + 0.07 C
0.59 H2 + 0.56 H2O
0.04 CO + 0.18 CO2

0.42 CH4

0.49WO272
0.51 WC

H2 + 0.90 H2O
0.13 C O + 0.31 CO2

0.05 CH4

0.61 WO2

0.39 WC
1.15 H2 + 0.84 H2O

0.28 CO + 0.33 CO2

0.01 CH4

0.67 WO2

0.33 WC
1.27 H2 +0.73 H2O

0.41 CO + 0.26 CO2

9.8x10"4CH4

0.46 WO2

0.54 W
2.9x10"5H2WO4

1.26 H2 +0.76 H2O
0.67 CO + 0.33 CO2

1.3x10"4CH4

0.37 WO2

0.62 W
2.0x10"4H2WO4

1.09 H2 +0.91 H2O
0.66 CO + 0.34 CO2

1.2x10"5CH4
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T[°C]

1100

1200

1300

1400

Table 2:
WO3 + 3 H2

0.71 WO2

0.28 W
1.5x10"3H2WO4

1.43 H2 + 1.57 H2O

0.62 WO2

0.37 W
0.01 H2WO4

1.26H2 + 1.73 H2O

0.52 WO2

0.45 W
0.02 H2WO4

1.11 H2 + 1.86 H2O

0.40 WO2

0.54 W
0.06 H2WO4

0.98 H2 + 1.95 H2O

Results - Continued
WO 3 +3C

0.87 W
0.13 WC

2.75 CO + 0.13 CO2

0.96 W
0.04 WC

2.92 CO + 0.04 CO2

0.99 W
0.01 WC

2.97 CO + 0.01 CO2

0.99 W
0.01 W2C

2.99 CO + 0.01 CO2

WO3+CH4
0.30 WO2

0.70 W
1.0x10"3H2WO4

0.96 H2+ 1.04 H2O
0.65 CO + 0.35 CO2

1.4x10"6CH4

0.23 WO2

0.76 W
4.2x10"3H2WO4

0.84 H2 + 1.15 H2O
0.64 CO + 0.36 CO2

0.16 WO2

0.82 W
0.01 H2WO4

0.74 H2 + 1.24 H2O
0.63 CO + 0.37 CO2

0.08 WO2

0.88 W
0.04 H2WO4

0.66 H2 + 1.60 H2O
0.62 CO + 0.38 CO2

10. Discussion
These results demonstrate a number of trends relevant to the reduction/
carburization of tungsten oxides with hydrogen, carbon, or both.

10.1 Feed Stoichiometry
First is the observation that these three feed stoichiometries never result in
complete reduction to pure tungsten. Instead, mixtures of W+W02, W+WC,
or W+W2C result. More hydrogen, less carbon, or more methane would be
needed, as shown in Table 3.
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Figure 6: WO3 + CH4 @ 1 atm

Table 3: Feeds Needed to Obtain Pure Tungsten
Reductant
WO3

wo3
W03H

+ a H2

+ bC
-cCH 4

900°C
a > 7.94

Not Possible
1.45 < c < 1.73

2
1

1000
a > 6

.25 <b

.34 <c

°C
.59
<2
<2

.61

.41
2.
1

1100°C
a > 5.73

23 < b < 2
26 < c < 2

.87

.78

10.2 Threshold Temperatures
Table 3 reveals that pure carbothermal reduction to tungsten metal is not
possible at 900°C. This reaction has a threshold temperature of 921 °C, a
result close to Kimmel's 878°C value (16). Threshold temperatures arise
when gaseous products of reaction would be unstable until a certain
temperature is reached. Stated differently, they are the temperatures where
the Boudouard equilibrium curve crosses the line(s) on the predominance
area diagram representing the reaction of interest.

Figure 7 plots the predominance area diagram for tungsten at 900°C with the
Boudouard curve superimposed. Note that the entire W field lies below and
to the left of it. The equilibrium state of the system must lie on the Boudouard
curve. As conditions change from oxidizing/de-carburizing to
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reducing/carburizing, WO2.72, then WO272+WO2, WO2, WO2+WC, WC, then
WC+C are stable. Elemental tungsten never is. (WO3, WO3+WO2.9j WO29,
and WO2.9+WO2.72 would lie off the scale towards the upper left.)

10
-12

WO3

10
-14

WO2.9

10 aC 1010

Figure 7: Combination Diagram for W at 900°C and 1 atm

The onset of carbothermal reduction has a similar threshold temperature. At
atmospheric pressure, WO3 and C cannot react until 506°C (where the
Boudouard curve first intersects the WO3-WO29 line). Reduced pressures (or
dilution with inerts) lowers this temperature. Other reactions between carbon-
containing and oxygen-containing compounds have similar thresholds.

Hydrogen reduction has no such limits, as the gaseous product (water) is
stable at all temperatures. Thus, reduction with hydrogen or methane can
begin at much lower temperatures.

For reduction with methane, it is also important to consider its tendency to
soot. Table 2 and Figure 7 predict the presence of solid carbon up to
T^477°C. Dilution with hydrogen would be necessary to avoid sooting.

With these sample cases presented and analyzed, one can see that this
thermodynamic model of the HCOW system is indeed a powerful tool. It can
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optimize feed stoichiometries for the phase(s) of interest, predict reaction
threshold temperatures, reveal trends in the stability of reactants and
products, and identify inherent process limitations. With free energy data on
the oxides and carbides of other metals, the approach presented here may be
extended as well.

Even so, this model forms just the beginning of a rigorous model of any real
process. Thermodynamic equilibrium tells what the system wants to do, not
necessarily what it does. Kinetic factors control gas diffusion, heat transfer,
reaction rates, and completion times. Process conditions are often
compromises between thermodynamic driving forces and rates of transport
phenomena.
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THE SOLUBILITY OF CUBIC CARBIDE FORMERS

IN LIQUID COBALT

Gunilla Andersson, Bo Jansson

AB Sandvik Coromant, SE-126 80 Stockholm, Sweden

Summary

Accurate phase diagram and thermodynamic information are essential for the
understanding and modelling of microstructure evolution. An important
example is the growth of a binder phase enriched and cubic carbonitride free
functional gradient in cemented carbides. The growth mechanism of such a
gradient is controlled by diffusion in the liquid binder and the kinetics depends
on gradients in chemical potentials, diffusivities and the solubility in the liquid
binder phase. Available experimental data on the solubility of cubic carbide
formers, e.g. Nb, Ta, Ti, and Zr, in the liquid binder phase of cemented
carbides is insufficient for accurate predictions of microstructure evolution.

Therefore, an experimental technique based on heat treatment of a
compound of a straight WC-Co grade and a grade further containing a cubic
carbide phase has been developed. The carbide forming metal will diffuse
into the liquid binder of the straight grade without forming any cubic carbide.
A state close to the equilibrium can be reached by long time holding. Thus,
after cooling the solubility in the liquid binder can be determined by standard
methods. Making sure that graphite or M6C carbide is present in the
compound during the heat treatment controls the carbon content.

The experimental method can also be used to study the kinetics of
diffusion and surface tension driven viscous flow of the liquid by interrupting
the process before an equilibrium state is reached and analysing gradients in
the WC-Co part of the compound.

Keywords: solubility, Ta, Nb, Ti, liquid Co, cemented carbide, sintering

1. Introduction

Cemented carbides are produced by liquid phase sintering and consist of
grains of hard hexagonal WC embedded in a more ductile binder phase,
usually based on Co. Often other hard phase grains are also present in the
form of carbides and nitrides with a cubic structure. The metal composition of
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the cubic phase may vary over a wide range but is often a mixture of W, Ti,
Ta, and Nb. The size of the hard grains span from less then one to several
micrometers. The content of binder phase is rather low, typically less than 20
vol-%.

A recognised tool in alloy and process development is phase equilibria
calculations based on modelling of the thermodynamic properties of the
phases that may form in the system, the so called CALPHAD method (1,2).
Accurate thermodynamic information is crucial for understanding and
prediction of microstructual evolution during sintering and growth of functional
gradients. For example, the formation of a tough surface zone during
sintering has successfully been simulated as multi-component diffusion
coupled with thermodynamic calculations (3).

Within the Swedish material consortium CAMPADA a thermodynamic
database for cemented carbides has been developed (4). Despite the
industrial importance of cemented carbides the phase diagrams and the
thermodynamic properties are not too well established. Improvements of this
database require many additional pieces of experimental information. The
purpose of the present work is to generate new accurate experimental
information on the solubility of cubic carbide forming elements in the liquid
binder. The standard method to study the solubility in a liquid is rapid cooling
combined with determination of the compositions in regions where the liquid
has transformed to a mixture of solid phases. This type of methods is not
applicable to cemented carbides since unrealistic high cooling rates are
needed to prevent that carbide-forming elements will precipitate on already
existing carbide grains.

The carbon content of cemented carbides must be carefully controlled.
If it is too high free graphite will form. A too low carbon content will result in
the formation of M6C carbide with a composition close to Co3W3C. Both
graphite and M6C carbide are unwanted since they cause brittleness of the
cemented carbide. Alloys with small amounts of M6C carbide or graphite
provide a mean of studying the limits of the distribution of carbon at well-
defined carbon activities.

An experimental technique based on heat treatment of a layered
compound of a straight WC-Co grade and a grade also containing cubic
carbide has been developed in the present work. During sintering the cubic
carbide phase dissolves and the cubic carbide forming metals will diffuse into
the WC-Co part. However, there is no driving force for nucleation of cubic
phase and therefore the diffusion will stop when the equilibrium content is
reached. Long time heat treatment will result in equilibrium content of carbide
forming metals in the binder of the originally straight WC-Co alloy. However,
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during cooling down to room temperature very fine cubic carbide will
precipitate. The solubility in the liquid binder phase at a certain temperature
can be determined by chemical analysis of the total amount of the cubic
carbide former and Co in the initially straight WC-Co alloy. By controlling the
C content in the two halves so that minor amounts of either M6C carbide or
graphite is present will result in a well-defined C activity.

A redistribution of binder phase between the two alloys of the
compound will occur during sintering at high temperature (5,6 and 7). The
redistribution is probably controlled by grain size, contiguity and surface
energy and will after a time long enough reach an equilibrium state. An
interesting question is if the kinetics of the viscous flow of binder is affected
by the open porosity present in the early stages of sintering of a compound
produced from green bodies.

2. Experimental

2.1 Procedure

To be able to determine the solubility of cubic carbide formers (Me) in liquid
binder phase, alloys with and without cubic carbide were manufactured. The
C content was controlled such that minor amounts of graphite or M6C carbide
was present in the alloys in the temperature range of interest. The idea was
to combine a WC-Co sample (1) with a sample also containing cubic carbide
(2) as a layered compound, see Fig. 1.

(1)
(2J

Figure 1.

After sintering the total amount of cubic carbide formers in the WC-Co alloy
were measured. This amount is a measure of how much of the cubic carbide
forming metal that has been transported from the cubic carbide-containing
sample to the originally straight WC-Co sample. For holding times long
enough this amount will correspond to the equilibrium solubility.

To investigate whether the redistribution of cubic carbide formers and of
binder phase was influenced by the presence of open porosity, both sintered
pieces as well as green bodies were combined into compounds.
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In the initial experiments to test the new developed compound method
the cubic carbide formers Ti, Ta and Nb were chosen since they are
frequently appearing in commercial cemented carbide alloys.

2.2 Material

Powders were produced according to standard practice. The first step is the
weighing in of raw materials, WC (Coromant, 5,4 ^m), Co (OMG, 1,5 \im),
TaC (Treibacher, 2,3 |xm), NbC (Treibacher, 2,7 pirn), and (Ti, W)C (Starck,
3,5 \im). A pressing agent, which is removed during sintering, was added to
the powder blend. The blend was ball milled with cemented carbide milling
bodies in a liquid based on ethanol and subsequently spray dried. Percentage
by volume of cubic carbide formers and cobalt was kept constant in all the
blends. Table 1 presents the composition and the properties of the alloys in
the sintered state.

Table 1. Composition and properties of alloys after sintering
Powder

Ti.high C
Ti,lowC(1)
Ti.low C(2)
Ta.high C
Nb.hiqh C

HighC
LowC(1)
Low C(2)

Co (wt%)
6,85
6,85
6,85
6,0
6,6
5,9
5,9
5,9

Me (wt%)
5,8
5,8
5,8

17,45
9,65

0
0
0

He (kA/m)
8,71
16,18
16,72
9,54
8,87
9,90
13,95
18,16

dWC*
3,41
2,15
2,23
3,43
3,47
3,37
3,31
2,22

RCC**
0,99
0,71
0,66
0,99
0,98
0,97
0,64
0,70

* Grain size estimated from magnetical properties
** Relative carbon content given as relative saturation magnetisation

Since the solubility is assumed to vary with carbon content powders were
produced with a certain variation of the carbon content to get minor amounts
of M6C carbide (low C) or graphite (high C). For the Ti case powders were
produced with both high C and low C. For the Ta and Nb cases alloys with
high C were produced only.

The alloys "Ti, low C" and "Low C" were produced at two occasions and for
the second run "Ti, low C" got a lower RCC while "Low C" got a higher RCC,
compared to respective alloy in the first run.
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2.3 Preparation of samples before sintering

The different powders were compacted to the geometry SNUN120408. Some
test pieces of each alloy were sintered according to a standard sintering cycle
including heating up in vacuum and sintering at 1450°C. These pieces were
to be used for compounds without any porosity present.

The sintered pieces were polished before they where combined into
layered compounds. The polishing results in a smooth surface and,
consequently, good contact between the two samples. The burrs were
removed from the green bodies to increase the contact area before they were
combined into compounds. All compounds are described in Table 2.

Table 2. Compounds of samples in round A
CC sample*

Ti,high C
Ti.high C
Ti.high C
Ti.high C
Ti.high C
Ti.high C
Ta.high C
Ta.high C
Ta.high C
Ta.high C
Nb,high C
Nb.high C
Nb.high C
Nb.high C
Ti,lowC(1)
Ti,lowC(1)
Ti,lowC(1)
Ti,lowC(1)
Ti.high C

Ti,lowC(1)
Ti.high C

Ti,lowC(1)

WC-Co sample
HighC
HighC
HighC
HighC
HighC
HighC
HighC
HighC
HighC
HighC
HighC
HighC
HighC
HighC

LowC(1)
LowC(1)
LowC(1)
LowC(1)
LowC(1)
HighC

LowC(1)
HighC

Condition
Green body
Green body

Sintered
Sintered

Green body
Green body
Green body
Green body

Sintered
Sintered

Green body
Green body

Sintered
Sintered

Green body
Green body

Sintered
Sintered

Green body
Green body
Green body
Green body

Time (h)
1
4
1
4
1
1
1
4
1
4
1
4
1
4
1
4
1
4
1
1
4
4

* Alloy containing cubic carbide
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2.4 Sintering

Alt compounds were placed on two graphite trays coated with yttria. One tray
was sintered using a holding time of 1 hour and the other for a holding time of
4 hours at 1450°C according to the same sintering cycle as earlier described.
The two sintering times were chosen to be able to estimate the time needed
for the compounds to reach equilibrium.

To avoid too much back diffusion of cubic carbide formers from the WC-
Co sample during cooling the loaded batch in the furnace was minimised,
which contributes to a faster cooling.

2.5 Preparation of samples after sintering

For some compounds the two test pieces had drifted somewhat apart during
sintering. Therefore, the contact area differs between the sintered compound
samples. The reason for the drifting is not fully understood but since the
green bodies drifted apart to a larger extent than the sintered compounds it
can be a result of the gas formation during the dewaxing stage in the initial
part of the sintering cycle.

Only the compounds that exhibited minimum drift were used for further
chemical analysis. These compounds were cut according to Figure 2.

T

Figure 2.
(a) (b)

The top part of the WC-Co part was chemically analysed with respect to Me
(Ti, Ta, Nb) and Co contents. The microstructure was also examined for the
compounds considered.

3. Results round A

Table 3 presents the results of the chemical analysis performed by x-ray
fluorescence (XRF).
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Table 3. Results from chemical analysis of round A
CC sample

Ti.high C
Ti,lowC(1)
Ti,lowC(1)
Nb,high C
Nb,high C
Nb,high C
Nb.high C
Ta.high C
Ta.high C

WC-Co
sample
HighC

LowC(1)
LowC(1)
High C
HighC
HighC
HighC
HighC
HighC

Cond.

sint.
green
sint.

green
green
sint.
sint.
sint.
sint.

Time (h)

1
1
4
1
4
1
4
1
4

%Co

6,93
6,18
6,28
7,24
6,97
7,09
6,83
6,59
6,44

A%Co*

1,03
0,28
0,38
1,34
1,04
1,19
0,93
0,69
0,54

%Me

0,02
0,02
0,02
0,05
0,12
0,04
0,12
0,04
0,10

Ratio'
(exp.)
0,29
0,32
0,32
0,69
1,72
0,56
1,76
0,61
1,55

Ratio"
(calc.)
1,28
0,59
0,59
2,46
2,46
2,46
2,46
2,97
2,97

A%Co = Co'after sintering - Coini,itial

Ratio = 100 • mMe / mCo (based
' Ratio = 100 • mMe/ mCo (based

on experimental data)
on calculated data)

By examining the results from Nb and Ta samples it is obvious that a larger
amount of Me has dissolved into the binder phase when sintered for 4 hours
compared to 1 hour. Thus, the compounds have not reached equilibrium after
1 hour holding time and it is not clear that is the case even after 4 hours.

4. Discussion round A

During sintering Me from the cubic carbides will dissolve in the binder phase.
Later on during cooling the solubility will decrease and cubic carbides will
precipitate. In the WC-Co sample close to the interface between the two
samples Me can diffuse back into the cubic carbide sample and precipitate at
the surfaces of the existing cubic carbide grains. Further away from the
interface fine cubic carbides will precipitate in the WC-Co sample. In the cubic
carbide sample the dissolved Me will precipitate on existing carbides.

When Me diffuses into the WC-Co part the existing cubic carbide grains
in the other part have to dissolve. In the compounds within this study the
sample alloyed with Me is during heat treatment a four-phase equilibrium with
four components at constant pressure and temperature. According to Gibb's
phase rule there can be no gradients present in chemical potential in the
sample alloyed with Me. The dissolution should therefore occur by a straight
dissolution front growing into the Me-alloyed sample. The depth of this zone
is a measure of the total amount of Me dissolved in the WC-Co alloy.

For Nb alloys there is a distinct zone where the original cubic carbide
grains have dissolved during heat treatment, see Figure 3.
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A

V

Figure 3.

The depth of this zone varies with time at a constant sintering temperature.
By increasing the holding time from 1 to 4 hours the depth of this zone
increased from 30 to 50-60 |a.m. For Ti or Ta alloys no distinct zone was
observed. The reason for this is unknown but could be a result of impurities.

The appearance and frequency of the precipitated cubic carbide in the
WC-Co sample vary with sintering time and type of Me. For Ti samples the
frequency was low and the precipitates were small. For Ta samples the
frequency was somewhat higher and the precipitates were larger. Nb based
precipitates were frequently appearing and rather large.

For Ti or Nb samples the original cubic carbide phase had a core-rim
structure, which indicates that total equilibrium was not reached during
sintering. However, the composition of the liquid phase should be rather close
to equilibrium state.

From Table 3 it is obvious that the values of the dissolved Me in liquid
binder phase are much lower than the values calculated from the database
described in ref. (4). This indicates that the holding time must have been too
short to reach equilibrium.

The outermost part of the test piece was chemically analysed. This part
was chosen, as there would be no effect on the analysis from the transition
zone between the two samples. After a holding time of 1 hour it was possible
to detect Me in the outermost part of the WC-Co sample. This means that at
least some of the Me had diffused about 3 mm. From this the diffusivity was
evaluated to be 2,0 10"9 m2/s, which is a very reasonable value.



670 HM87 G. Andersson et al.
International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

Calculated concentration profiles after sintering for 1, 4 and 24 hours
are presented in Figure 4. Figure 5 presents how the average and outermost
surface concentrations of Me vary with time.

2(1 25

Figure 4. Figure 5.

The diffusion calculations indicate that a holding time of 24 hours should
result in a state very close to equilibrium, which is the reason for choosing
this holding time in round B.

To avoid that the two halves of the compound drift apart during sintering
some support according to Fig. 6 was used in round B.

Compound

Support
Edge wall of the supporting tray

Figure 6.

The support was made of graphite and thermally spray-coated with yttria to
avoid reactions between test pieces and support. The support was only active
during dewaxing since the pieces later shrink. This was not a problem since
the drifting should take place while the pressing agent is removed.



G. Andersson et al. HM 87 671
15'" International Plansee Seminar, Eds. G. Kneringer, P. Rödhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

The compounds prepared for round B are presented in Table 4.

Table 4. Compounds
CC sample
Ti,high C
Ti,high C
Ta.high C
Ta,high C
Nb.high C
Nb.highC
Nb,highC
Nb.high C
Ti,low C(2)
Ti.low C(2)
Ti,high C

Ti,low C(2)
Ti,high C

Ti,lowC(2)

of samples in round B. (Time
WC-Co sample

High C
High C
High C
High C
High C
High C
High C
High C

Low C(2)
Low C(2)
Low C(2)
High C

Low C(2)
High C

= 24 hours)
Condition

Green body
Sintered

Green body
Sintered

Green body
Sintered

Green body
Green body
Green body

Sintered
Green body
Green body

• Sintered
Sintered

5. Results round B

The results from the chemical analysis of all compounds are presented in
Table 5.

Table 5. Results from chemical analysis of round B. (
CC sample
Ti,high C
Ti,high C
Ta,high C
Ta.high C
Nb.high C
Nb.high C
Nb,high C
Nb.high C
Ti,low C(2)
Ti.low C(2)
Ti.high C

Ti,low C(2)
Ti,high C

Ti.low C(2)

WC-Co sample
High C
High C
High C
High C
High C
High C
High C
High C

Low C(2)
Low C(2)
Low C(2)

High C
Low C(2)
High C

Cond.
green
sint.

green
sint.

green
sint.

green
green
green
sint.

green
green
sint.
sint.

%Co
6,92
6,58
6,43
6,14
6,78
6,32
6,65
6,68
6,52
5,96
6,86
5,46
6,56
4,97

'Time = 24
A%Co
1,02
0,68
0,53
0,24
0,88
0,42
0,75
0,78
0,62
0,06
0,96
-0,44
0,66
-0,93

hours)
%Me
0,07
0,07
0,30
0,27
0,27
0,24
0,26
0,25
0,07
0,06
0,08
0,06
0,07
0,05

Ratio
1,01
1,06
4,67
4,40
3,98
3,80
3,91
3,74
1,07
1,01
1,17
1,10
1,07
1,01
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The solubility of Me in liquid Co is increased in the order of Ti, Nb and Ta.
The solubility for Ti is approximately 1 wt%, for Nb about 3,5-4 wt% and for
Ta around 4-4,5 wt%.

6. Discussion round B

After heat treatment the compounds were analysed by electron probe micro-
analysis (EPMA) to see if the samples had reached equilibrium or if any
concentration gradients could be detected. After cooling to room temperature
the solubility of Me is very low in the binder phase and almost all Me is in the
form of cubic carbides. In the Me-alloyed sample the amount of cubic
carbides is high and the amount can be analysed by EPMA. In the WC-Co
sample there are only a few precipitated cubic carbides, being registered by
the micro-probe when appearing within the analysed volume. Figure 6
illustrates the results from a sintered Ta compound with a high carbon
content.

As can be seen there is no concentration gradient of Ta within the Ta-
alloyed sample and the number of precipitates of cubic carbides is equally
distributed within the WC-Co sample. Ta is distributed throughout the whole
WC-Co sample and can be found even in the outermost part of the sample.
The absolute amount of each element in the graph can not be quantitatively
determined since appropriate references were missing.

Interface

Figure 6.
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In all samples the Me-alloyed sample shows a constant content of Me
and in the WC-Co sample the number of precipitated cubic carbides were
evenly distributed. This indicates that a holding time of 24 hours at sintering
temperature gives a distribution of cubic carbide formers close to equilibrium.
No existing gradients of Co could be detected in the two samples.

All compounds were made of green bodies as well as sintered ones to
see whether the solubility was affected by the initial porosity. From table 5 it is
obvious that the amount of dissolved Me is not depending upon initial
porosity. On the other hand, the Co content after sintering seems to be
affected by this feature. For all compounds a higher Co content in the WC-Co
sample was achieved when combining two green bodies. The viscous flow of
Co from the Me alloyed part to the WC-Co part is higher if green bodies are
combined compared to a combination of corresponding sintered bodies.

Other parameters that affect the Co migration are the WC grain size
and the presence of cubic carbides. Finely grained alloys will attract Co
(5,6,7) and alloys containing cubic carbides will repel Co (7). The highest Co
content in the WC-Co alloys with high carbon content is measured in the Ti
containing samples, followed by Nb and then Ta. This indicates that the
surface energy between the binder phase and the cubic carbide is highest for
Ti-based cubic carbide, less for Nb-based and least for Ta-based cubic
carbide. This fact is not an effect of different grain sizes of the cubic carbides.
Optical microscopy (LOM) indicates that the different types of cubic carbides
have almost the same average grain size.

Ti-containing compounds were produced with both high and low carbon
content. Thermodynamic calculations utilising the database for cemented
carbides (4) predict the solubility of Ti in the binder phase to be larger for a
high carbon activity compared to a low one. The result from the present work
is that the solubility is approximately independent of the carbon activity.

On the other hand, the migration of Co in the compound seems to be
affected by the carbon content. The WC-Co alloys with high carbon content
absorb more Co after sintering compared to the alloy with low carbon content.

The carbon content strongly affects the Co-distribution when alloys with
very different carbon levels are combined in the compound, see e.g. the four
last compounds in Table 5. For the case when the Me-alloyed sample
contains free graphite and the WC-Co alloy contains M6C the redistribution of
Co is similar to the case when both alloys have the same carbon activity. On
the other hand, if the Me-alloyed part contains M6C and the WC-Co contains
free graphite the redistribution of Co is much smaller. The appearance of free
graphite seems to have a repelling effect on the Co based binder. These
results indicate that free graphite repels a Co based binder more efficiently
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than the cubic carbide phase. The Co-content in the WC-Co alloy is lower
after sintering than initially. These alloys contain free graphite and provide no
information on how a high carbon content in the liquid binder effects its
redistribution.

The zone close to the interface in the Nb-alloyed sample where the
cubic carbide has been dissolved during sintering was detected also after
sintering for 24 hours. In this case the depth of the zone was 130 \im and is
clearly reflecting the amount of dissolved Nb in the WC-Co alloy. In Ta- and
Ti-compounds the zone was not possible to detect even after 24 hours. The
only difference between the microstructures studied in round A was that the
precipitations of Ti were somewhat larger in size.

The measured solubility of Me in liquid Co was, as in round A, compared to
values calculated utilising the database described in ref. (4). The calculated
values are lower compared to the experimental values for Ta and Nb, see
Table 6. For Ti the agreement is better between experimental and calculated
values.

Table 6. Comparison of measured and calculated
CC sample
Ti,high C
Ti.high C
Ta.high C
Ta.high C
Nb.high C
Nb,high C
Nb,high C
Nb.high C
Ti.low C(2)
Ti.low C(2)
Ti.high C

Ti.low C(2)
Ti,high C

Ti.low C(2)

WC-Co sample
HighC
HighC
High C
HighC
HighC
High C
HighC

Cond.
green
sint.

green
sint.

green
sint.

green
High C ! green

Low C(2) green
Low C(2) sint.
Low C(2) green
High C green

Low C(2) sint.
High C sint.

values of solubilitj
Ratio (exp.)*

1,01
1,06
4,67
4,40
3,98
3,80
3,91
3,74
1,07
1,01
1,17
1,10
1,07
1,01

/
Ratio (calc.)**

1,28
1,28
2,97
2,97
2,46
2,46
2,46
2,46
0,59
0,59
0,59
1,28
0,59
1,28

When evaluating parameters used in the thermodynamic database
experimental information on solubility and eutectic temperatures in systems
without W has been utilised. The presented experiments provide very
important information for the work of improving the thermodynamic database.
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Kruse et al. have analysed some systems of interest for cemented carbides
using DTA technique (8). They determined the eutectic temperature for WC-
Co, WC-TiC-Co, WC-TaC-Co and WC-NbC-Co at a carbon activity of unity.
From these measurements the solidus temperature depression effect of Ti,
Ta and Nb can be calculated, see Table 7.

Table 7. Comparison of solidus temperature depression and solubility in liquid Co

WC-Co
+ Ti
+ Ta
+ Nb

Eut. temp. (°C)

1299
1290
1289
1282

Solidus temperature depression
(°C)

-
-9
-10
-18

Solubility
(wt%)

-
1.0
3.7
4.3

Solubility
(mol%)

-
1.2
1.2
2.7

It is known that the solubility of Ti, Ta, and Nb in solid Co based binder phase
is very low (9) and the solubility in Co based liquid phase can be considered
as dilute. Thus, the solidus temperature depression effect should exhibit a
linear relationship with the solubility expressed as mol-%. The agreement
between the measured solidus temperature depression in ref. (8) and the
measured solubility in the present work is good and promising.

Since the developed compound based experimental method seems to give
reliable results the work has continued. At present, the results are being
extended and experiments are being conducted to measure the solubility for
other metals like Zr, Hf and Cr and at further temperatures (1400°C and
1500°C).

7. Conclusion

A method to determine solubility of cubic carbide formers in liquid cobalt has
been developed. The method is at present being used for investigations to
see how the solubilities of Ti, Ta and Nb vary with temperature. It is also of
great interest to evaluate the solubility for other cubic carbide formers, such
as Zr and Hf, as well as for WC grain growth inhibitors such as V and Cr.
• The solubilities of Ti, Nb and Ta in Co-based binder phase in equilibrium

with carbon at 1450°C are 1 wt%, 3,5-4 wt% and 4-4,5 wt% respectively.
• The solubility of cubic carbide formers is not affected by the initial porosity.
• The solubility of Ti in the binder phase is approximately the same for

equilibria with graphite and M6C at 1450°C.
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The solubility of Ta and Nb is higher than what the thermodynamic database
predicts. For Ti the agreement is good. The presented experiments give very
important information for the work of improving the thermodynamic database.
• Redistribution of Co is larger if the samples are combined in pairs with

initial porosity.
• The level of redistribution of the binder phase indicates that the surface

energy between liquid Co based binder phase and solid phase is
increasing in the following order of solid phase: WC, Ta-based cubic
carbide, Nb-based cubic carbide, Ti-based cubic carbide and graphite.
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Summary:

Recently, significant developments and advances have taken place in the
field of microwave processing of ceramics, composites and metals.
Microwave sintering technology of WC/Co based hard metal parts has been
now developed for commercial products. Microwave processed WC/Co parts
reportedly have exhibited superior performance over standard parts.
Additionally, the microwave process requires only one tenth of the total cycle
time employed in a conventional process. Laboratory corrosion and impact
resistance tests have proved that microwave processed WC/Co parts are
several times more resistant than the conventional parts of the same
composition. The Scanning Transmission Electron Microscopic (STEM)
examination conducted on conventionally and microwave sintered WC/Co
samples exhibited remarkable difference in the chemistry of cobalt binder
phase. It is understood that the superior mechanical properties of microwave
sintered part are due to the pure cobalt phase present at the grain boundary
of WC grains, while the conventionally sintered part showed there was
substantial interalloying of Co with tungsten.

Keywords:

Microwave sintering, composite, WC/Co, microstructure, TEM

1. Introduction

Tungsten Carbide - Cobalt (WC/Co) based hard metal composites or
cemented carbides due to their unique combination of hardness, toughness
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and strength, are universally used as cutting and polishing tools, and in
drilling operations underground. The production of WC/Co components
involves the mixing of WC powders with cobalt binder, and then compacting
the mass into a pre-sintered green body followed by the sintering.
Conventional methods for sintering of WC/Co green bodies involve high
temperature and lengthy sintering cycles, consequently undesirable grain
growth occurs in the presence of liquid Co phase. This has adverse effect on
the mechanical properties of the tool. Microwave sintering process offers an
alternative method of sintering and providing finer microstructures with out
using grain growth inhibitors. The technology has now been developed for
cemented carbides with remarkably superior properties and overall improved
performance.

Abrasion resistance, hardness, and toughness are essential material
properties for cutting tools, machining metals, tools for mining of minerals;
drills for oil, gas and geothermal energy; and in countless other mechanical
applications such as bearings and seals. Additionally, high corrosion and
erosion resistances are important in many applications. Tradeoffs in
properties such as fracture toughness and abrasion or erosion resistance can
be designed into the parts by varying component materials such as cobalt
content or carbide grain size. In many applications, an improvement in more
than one property simultaneously is required for better performance.

Microwave heating is fundamentally different from conventional heating which
involves radiant/resistance heating followed by transfer of thermal energy via
conduction to the inside of the body under process. In case of microwave
process it is the absorption of the microwave energy followed by volumetric
heating involving a conversion of electromagnetic energy into thermal energy,
which makes it instantaneous and a rapid process. Microwave absorption and
heating is a function of material properties. The degree of microwave
absorption and consequently heating changes dramatically with the rise in
temperature. There are major potential and real advantages using microwave
energy for material processing over conventional heating. Some of these
advantages include: time and energy saving, very rapid heating rates
(>400°C/min), considerably reduced processing time and temperature, fine
microstructures and hence improved mechanical properties, better product
performance, and selective heating.
Conventional methods for sintering WC with Co as a binder phase involve
high temperature (up to 1500°C) and lengthy sintering cycles (up to 20 hours)
in order to achieve a high degree of sintering [1]. Such conditions
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unfortunately favor undesirable WC grain growth in the presence of Co liquid
phase. Consequently, the mechanical strength and hardness of the tools are
diminished. It is generally recognized that finer microstructures provide
superior mechanical properties and longer life of the product. Often, additives
such as titanium carbide (TiC), vanadium carbide (VC) and tantalum carbide
(TaC) are used to prevent grain growth of WC grains. Unfortunately, besides
adding to the material cost, such additives adversely affect the mechanical
properties of the product as well. Since microwave heating requires very little
time to obtain full densification, the abnormal grain growth and cobalt 'laking'
are avoided. In 1991, J. P. Cheng in a Ph.D. thesis [2] first showed that
WC/Co composites could be sintered in a microwave field. Gerdes and
Wiliert-Porada [3,4] also reported the microwave sintering of WC objects with
improved mechanical properties. In another independent work [5], Cheng et
al. using a newly designed microwave apparatus were able to fully sinter WC
commercial green bodies containing 12% and 6% Co. They observed that
microwave processed WC/Co bodies exhibited better mechanical properties
than the conventional parts, finer and more uniform microstructure, and
nearly full density without using any pressure or adding any grain-growth
inhibitors when sintered at 1250°-1320°C for only 10-30 minutes [6,7,8].

The mechanism of microwave and material interaction is not very well
understood. How does microwave heating improve the mechanical properties
of cemented carbide part, has not been explained yet? In this study, a
comparative investigation of microwave and conventionally sintered WC/Co
samples has been undertaken. Erosion, corrosion and abrasion resistance
tests on both types of samples were conducted. A detailed TEM examination
has been carried out toidentify the differences between the microstructures of
the conventional and microwave sintered samples.

2. Experimental

Commercial parts of WC/Co (6 to 25 wt % Co, Dennis Tool Co. Houston,
Texas, USA) parts of various sizes (0.5 to 3 inch) and shapes were sintered
in a microwave system operated at 2.45 GHz, 6 kW, and under ambient
pressure conditions, and hydrogen atmosphere. The sintering conditions
varied depending upon the amount of cobalt in the part. Typical sintering
temperatures were in the range of 1350 - 1425°C and sintering time varied
from 5 to 20 minutes at temperature. The total cycle time was around 1.5
hours including dewaxing.
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The erosion resistance test was performed using dry blasting medium of
aluminum oxide powder. Two samples of each type were tested. The
abrasion resistance test was performed using SiC dry grinding wheel. Volume
of wheel removed was compared to the volume of carbide removed in each
case. The corrosion resistance test was performed by the submersion of the
carbide samples in15% HNO3 solution for 48 hours and determining the
weight change after the test.

Specimens for TEM study were made by manual polishing of both the
microwave and conventionally sintered WC/Co composites from 3 mm discs
to ~ 40 jim. The discs were then ion-beam thinned at an angle of 4°, using a
Gatan precision ion polishing system. The microstructural and microchemical
analyses were carried out using a VG HB603 FEGSTEM with a probe size of
1.4 nm (FWTM) and a beam current of 0.5 nA. The STEM uses a windowless
Si(Li) EDS X-ray detector with a large detector solid angle of 0.3 sr. X-ray
acquisition was carried out on an Oxford (Link) exl system, where elemental
windows of 7 channels wide were defined over the Ka lines of C, O, Ti, Fe, Co
and the Ma line of W (the W La overlaps with Si). Two normalizing
backgrounds were defined from 3.3 - 3.8 keV and 12.0 -14.0 keV
respectively. X-ray maps had an acquisition time of 100 ms/pixel with a
128x128 pixels resolution. Digital line-scans were 64 nm in length with a total
of 64 spectra/scan. Each spectrum in the line scan had an acquisition time of
4 s, and was normalized with respect to the background to remove the effects
of thickness. Each spectrum in the line-scan had an acquisition time of 4
seconds, and was normalized with respect to the background to remove the
effects of thickness. Fully quantified line-scans were obtained by taking
twenty spectra, each equally spaced apart in a line crossing the PAGB. The
peak intensities were then deconvoluted from each other by the simplex
routine in the DTSA program. The elemental compositions were then
determined using the Cliff Lorimer equation and calculated k factors.

3. Results and Discussion

The microstructural examination of microwave sintered WC/Co samples, in
general, exhibited smaller average grain size than the conventionally sintered
sample. A typical microstructure of two kinds of sintered samples is illustrated
in Figure 1.
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(a) (b)
Figure 1. Microstructure of the WC/Co samples sintered in (a) microwave
and (b) conventional furnaces. Note the fine grain structure, overall
uniformity, and cobalt distribution in the microwave sample and the average
large grain size and cobalt rich areas in the conventional sample.

Microwave sintered parts have shown significant property improvements
without varying the component materials, and without the addition of grain
growth inhibitors which result into lower mechanical properties. Because of
this, tungsten carbide part produced by microwave sintering process exhibits
an unprecedented improvement in abrasion resistance, erosion resistance,
and corrosion resistance without any noticeable loss in hardness or fracture
toughness.

The erosion test showed an improvement in erosion properties by 22% over
the conventional part. This opens potential applications such as improved
nozzle materials. The improved erosion resistance is also a desirable
property in a PDC substrate material, along with improved impact strength
and stress management.

The abrasion test results indicated that microwave processed sample had
about 15-30 % less weight loss as compared to sinter-HIP samples.

In acid submersion tests for the determination of corrosion resistance it was
found that the average change in mass of the conventionally sintered parts
was 19%, while the microwave sintered parts showed an average mass
change of only 1 percent, nearly a 20 times improvement. This is believed
due to the fine microstructure and uniform cobalt distribution in microwave
samples, that limits sites for the acid attack.

In the STEM two images can be collected at the same time. These are the
ADF (Annular Dark Field) and BF (Bright Field) images. The BF is sensitive to
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mass thickness and contrast whereas the ADF image is sensitive to crystal
structure and atomic number. The ADF image is very good in examining the
composite structures at low magnification, and at higher magnifications the
BF image is best in showing the fine details of the sample. In this study we
have collected both images and studied WC/Co samples in quite detail to find
out the differences in their respective microstructures.

A general analysis of WC/Co samples showed that Co phase is apparent as
an interface between WC grains in two types of samples. Though, it is more
uniformly distributed in microwave sintered samples. Co phase acts as a
glue/binder between the WC grains. The digital line scan shows that the Co
grain boundary thickness varies from 1 to 5 nm. A line-scan through a Co/WC
interface of a conventionally sintered sample shows that the Co is alloyed
with W. The X-ray spectra count of conventional sample has been plotted in
Figure 2a showing that about 20% W had interalloyed with Co. The same
information is more clearly seen in the line scan of WC-Co-WC structure in
Figure 2b. On the other hand, a line-scan through a Co/WC interface in a
microwave sintered sample indicates a pure Co phase with no alloying of W.
This is illustrated in Figure 3, and Figure 4 a and b.
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Figure 2. X-ray profile of a line scan of a conventionally sintered sample of
WC/Co, showing about 20% W alloying with Co: (a) through Co/WC interface,
and (b) through WC-C-WC structure.
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Figure 3. X-ray map of a WCA/VC interface of a microwave sintered samples,
showing the uniform and phase pure coating of Co along the interface.
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Figure 4. X-ray profile of a line scan of a microwave sintered sample of
WC/Co, showing no alloying of W with Co: (a) through Co/WC interface,
and (b) through WC-C-WC structure.

From this study, it can be concluded that the microwave sintered cemented
carbide consists of pure Co phase at the WC grain boundaries, and
conventionally sintered material has intermingling of Co and W. This also
explains the earlier results of corrosion test which proved that Co was 3-4
times more strongly bonded with WC grains.
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4. Summary

Microwave sintering can process WC/Co composites at relatively lower
temperatures and for much shorter cycle times than normally required, and
produces much better mechanically performed product. The TEM
investigation of the two types of samples showed that microwave samples
consists of pure Co phase uniformly distributed at the grain boundaries unlike
in case of conventional sample. Because of pure Co phase and its uniform
distribution throughout the WC matrix the mechanical properties of the
product were found to be much higher than the conventional product.
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Summary

The wear of cemented carbide rock drill buttons is due to a complex mixture
of mechanisms. One important of such mechanism is the surface fatigue that
occurs due to the percussive conditions of rock drilling. To isolate the effects
of this mechanism, a mechanical pressure cycling test has been performed
on a cemented carbide with 11 % Co and 2 \xm WC grain size. The test was
ended after 60000 pressure cycles. No signs of fatigue crack nucleation
were found. The changes in hardness, fracture toughness, erosion
resistance, magnetical coercivity and thermal shock resistance were
measured. The microstructure of the sample was investigated with x-ray
diffraction, plus scanning and transmission electron microscopy.

The fracture toughness decreased 14 % due to the pressure cycling while
the hardness did not change. In addition, the thermal shock resistance and
the erosion resistance decreased. The magnetical coercivity increased 90 %
indicating significant phase transformations or high defect density in the Co
binder phase. The TEM revealed no deformation of the WC phase, but
important alterations of the Co phase. The Co phase was transformed from
fee into a new unidentified phase, characterized by atomic inter planar
distance present in fee and hep plus an unfamiliar distance of 2.35 A. This
phase is suggested to be due to a more complex stacking sequence of the
close-packed planes than in hep or fee.

Keywords

Cemented carbide, cobalt, mechanical fatigue, phase transformation,
fracture toughness, erosion resistance, load cycling
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Introduction

WC/Co cemented carbides (or hard metals) are commonly used when the
conditions demand the combination of high hardness and high toughness
(1). The mixture of hard WC grains and the ductile binder phase of cobalt
results in a material well suited for applications like rock drilling, wear parts
or hot rolling of steel. Still, the material possesses some important
limitations. In products where it is exposed to repeated loadings, the limited
fatigue resistance sets the boundaries. One such fatigue related
phenomenon is the formation of reptile skin, which is a surface pattern of
plateaus and valleys. This pattern may lead to formation of catastrophic
cracks, if not inhibited by a re-shaping involving removal of the patterned
surface layer (2). The name reptile skin is of course derived from the visual
similarity with the back of a reptile. The forming mechanism of the reptile
skin is not clear, but is known to be related to surface fatigue processes. The
surface fatigue can be divided into two types: mechanical (e. g. from
percussive operations) or thermal (e. g. repeatedly cooled hot roll surfaces)
(3). In this paper, the mechanical fatigue process is investigated with respect
to the microstructual changes induced by repeated strains and the
corresponding changes of the mechanical bulk properties.

Below 418 °C, hep (epsilon phase) is normally the stable phase of Co.
However, when producing cemented carbides, the high temperature fee
phase (beta phase) is stabilized in sintering due to the presence of solved
tungsten and carbon. The deformation induced microstructural changes in
WC-Co have been investigated by e.g. Rettenmayr and Exner (4). Their
TEM investigations indicated that when plastically deformed, the Co binder
phase accumulates stacking faults up to the limit of complete transformation
from fee to hep. It was also established that the low stacking fault energy of
Co leads to a high deformability, and that the WC phase is hard, brittle and
shows low specific crack resistance.

Due to fewer slip systems (three instead of twelve), hep-Co is considered
more brittle than fcc-Co. The slip systems description in hep-Co is complex
compared with fcc-Co, but as a rule, a large number of slip systems are
considered to result in a low brittleness of the material (5), (6).

Also Manlang (7) has studied the Co fec-hep phase transformation in a
cemented carbide with 12 wt% Co. Manlang observed crack initiation
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already if less then 10% of Co is transformed into hep, and also that the
transformation from fcc-Co to hep-Co occurs at only 1% strain. He stated
that Co, and its different phases, plays an important role in the mechanical
properties of the cemented carbide.
Kindermann (8) investigated surface fatigue cracks in WC-Co induced by
cyclic loads at different temperatures. At 25° C he observed a distinct binder
phase transformation from fcc-Co to hep-Co in the vicinity of crack tips.
Consistent with Rettenmayr, Kindermann mentioned a stacking fault
mechanism achieved by appropriately gliding Shockley partials to describe
the phase transformation. At higher temperatures, the phase transformation
had less influence on the cracking mechanism due to the reduction of
stacking faults. The crack tips were rather embrittled by oxidation of Co. A
higher stacking fault energy (e.g. by alloying with Ni) leads to less
embrittlement at room temperature.

Another way to eliminate the fee to hep transformation of the Co binder is to
reduce the WC grain size to the nano meter level, and hence get at better
solubility of W in Co and stabilize the high temperature phase fcc-Co (9).

Vasel et al. have examined the binder deformation in a cemented carbide
(17 wt% Co) exposed to a fatigue test involving 500 000 cycles to 2.1 GPa
(10). They found that 45 vol% of the binder phase was transformed from fee
to hep, without formation of cracks. When the binder was alloyed with 30-
wt% Ni, only 12 vol% was transformed and dislocation motion and twinning
became the predominant deformation mechanisms.

Obrtlik stated that a plastic strain hardening of WC-Co is obtained in the
early stages of the fatigue test, already after 5 cycles of 1000. His push-pull
test (+/- 1 GPa) was performed on a cemented carbide with 9-wt% Co and
1.3 urn large WC grains. The direct influence from internal defects on the
fatigue life was also concluded (11).

The magnetical coercivity force He is commonly used to measure the mean
free path of the binder in WC-Co. It is a measure of the force necessary to
reduce the magnetic induction to zero and is thus only influenced by the
ferromagnetic Co (12). The He value is also a measure of the density of
dislocations, free atoms, solved atoms, packing order and grain boundaries
in the binder phase (13). No correlation between He and phase
transformation in Co has been well established.
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Experimental

A cylindrical cemented carbide specimen (diameter 7 mm and length 10 mm)
was inserted in a holder and exposed for 62500 pressure cycles at room
temperature. The test piece was prestressed to 0.69 % compression and
then pressure cycled with amplitude of 0.37 %. The pressure cycling did not
lead to fracture. The specimen was subsequently cut and examined. An
unloaded sample of the same grade was used as reference. The nominal
composition of the material is presented in table 1.

Table 1. Test sample data according to general specifications (TE=Thermal
Expansion for 20-800 °C).

WC grain
size \jm

2

Co
content

wt.%
11

MNmm~3'2

15.0

E
kNImm2

575

TE

5.7

HV30

1250

To facilitate conclusions and further work, the directions for the different
analysis are given in Fig. 1.

Pressure
direction

Test
sample

XRD
direction

TEM
foil

Figure 1. Direction of analysis related to the pressure direction
(Erosion, fracture toughness, thermal shock resistance and
hardness were measured in the same direction as the cross section
XRD.)

The micro hardness (HV500g) was determined as the average of eight
indents per sample. The Young's modulus and the nano hardness were



U. Beste et al. HM 92 689^
15* International Plansee Seminar, Eds. G. Kneringer, P. Rbdhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

measured in a Nanoindenter. In the Nanoindenter, 25 indents were made to
two fixed depths, 0.5 urn and 2 urn. The fracture toughness was determined
using the Palmqvist method (14) where the crack lengths from eight 50 kg
dents were measured in the scanning electron microscope (SEM). The
microstructures were also investigated in the SEM.
A thermal shock test comparing the original and the pressure cycled sample
was also performed. Following the Palmqvist fracture toughness indentation,
the samples were heated to a series of increasing temperatures, each
followed by cooling in water. The temperatures were 340, 380, 420, 460,
500, 540, 580, 620 and 660 °C. For temperatures above 480 °C, the
materials were highly oxidized, and therefore lightly polished to facilitate
measurements. However, at temperatures above 660 °C, it was impossible
to remove the thick oxide layer without ruining the surfaces including the
cracks formed. The total crack length originating from the four indent corners
was measured in a light optical microscope. This length is very sensitive to
the temperature (1) and constitutes a measure of the thermal shock
resistance.

Further, an erosion resistance test was performed in an centrifugal erosion
tester. Both a pressure cycled and an as-sintered samples were eroded by
500 urn Aip^ -particles at 70.3 m/s velocity and 90° impact angle. The test
was performed at room temperature and was long enough to represent
steady state conditions.

The pressure cycled sample was also examined in the transmission electron
microscope (TEM) after grinding, polishing and ion thinning. The normal
vector of the examined TEM foil was directed perpendicularly to the pressure
direction, as shown in Fig. 1. Phase composition and microstructure was
examined by X-ray diffraction and magnetical coercivity measurements. The
magnetical coercivity was measured according to the European standard EN
23 326. It should be noticed that the coercivity normally is measured on as-
produced material, and is considered a measure of the Co mean free path.
This correlation is not confirmed for materials that have been subjected to
cyclic high stress loading, as will be further discussed.
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Results

The cyclic loading test did not result in any microstructural changes
observable in the scanning electron microscope, as illustrated by the
examples in Fig. 2.
fc'jn*" • . . • • • - 1 * • " \ • . ' - i : • « * * . ' •

~-*.jL+'\
J-

*

a) b)
Figure 2. Microstructure of the tested cemented carbides (SEM).

a) As produced, b) After pressure cycling

However, several properties were modified by the cyclic loading, as
presented in table 2. Most notably, the magnetic coercivity was doubled, the
fracture toughness was reduced by 14 %, and the erosion resistance
decreased significantly, about 18%. The micro and nano hardness showed
no changes while the macro hardness did increase some 5 %. However, the
macro hardness indentation involved severe fracture of the material, which
makes it less relevant for determining the hardness.

Table 2. Comparison of mechanical properties between original and
pressure cycled sample.

Original
sample
Cycled
sample

Macro
hardness

HV
(50 kg)

1046

1110

Micro
hardness

HV
(500 g)

1286

1288

Nano
hardness*)

HV

1690/
1810

1670/
1810

Fracture
toughness

MNmm-il2

15.4

13.3

Erosion
rate

mg/g

0.56

0.66

Young's
modulus*)

E
kN/mm2

760 / 624

797 / 626

Magnetic
coercive
force, He

kA/m

9.2

17.2

*) As measured by nanoindentation to 2 pm depth and 0.5 pm respectively. As a rule of
thumb, the hardness value is considered to be influenced from the material down to 10
times the indentation depth
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Figure 3. Thermal shock behaviour. Crack length (/jm) after heating to
specified temperature followed by water-cooling to room
temperature. Total crack length from all four corners.

The lengths of the cracks formed in the macro hardness indentation were
used to calculate the fracture toughness. No obvious difference between the
crack lengths from the four corners of the indents could be noticed,
indicating a uniform plane stress. The test showed a lower thermal shock
resistance for the pressure cycled sample at almost all temperatures, see
Fig. 3. At 660 °C the pressured cycled sample showed significantly
increased-crack growth.

XRD
The X-ray diffraction analysis did not reveal any changes of the tungsten
carbide phase. However, the Co phase was significantly modified, as
indicated in table 3. The XRD spectra achieved did not allow precise
quantification of the phase compositions, but gave clear indications of the
general trends, as indicated in the table.
For the sample exposed to pressure cycling, the intensity from the inter-
planar spacing typical of fcc-Co (d=1.78 A) was reduced while the two peaks
typical of hep-Co (d=1.92 A and 2.17 A) was increased. The 2.06 A peak
could originate from both fcc-Co and hep-Co. These results give an
indication that fcc-Co partly has transformed into hep-Co.
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Table 3. Schematic X-ray diffraction intensity comparison between fee Co
and
hep Co peaks from the original and the pressure cycled samples.

Atomic interplanar spacing
Associated phase
Original sample
Pressure cycled sample

d=1.78A
fee Co
medium
low

d=1.92A
hep Co _,
medium
high

D=2.06A
fee (or hep) Co
high
medium

d=2.17A
hep Co
low
medium

TEM
No deformation of WC-grains could be observed in TEM, neither in image
nor in diffraction mode. Therefore, the analysis was concentrated to the Co
phase and several areas were analyzed as exemplified in Figs. 4 and 5. Due
to the relatively low resolution achieved, it was hard to analyse the Co phase
deformation from the bright field images. The high residual stresses
rendered the thinning process very difficult, which resulted in the limited
resolution.

Figure 4. Bright field image and corresponding diffraction pattern of the
Co binder phase in the pressure cycled sample. This area
includes a number of crystals (TEM).
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Figure 5. Bright field image and corresponding diffraction pattern of
another part of Co binder phase in the pressure cycled sample
(TEM).

However, the corresponding diffraction patterns revealed a very interesting
crystal structure. The investigated parts of the binder were neither fee nor
hep, but included interplanar spacings present in these structures. The
diffractogram in Fig. 5 is dominated by a single crystal, and gives the
clearest indication of the new phase. The diffractogram shows three planes
with a 60 ° angle relative rotation, similar to an fee or hep cell, with
interplanar distances of about 2.2, 2.0 and 2.4 A, respectively. The first
distance is present in hep Co (10-10), the second in both hep and fee (0002,
111). The 2.4 A distance, however, is not present in either.

This new interplanar distance is present also in the area investigated in Fig.
4, and in all other investigated areas of the binder. Further, it consistently
exhibits the same orientation relative to the loading direction.

The image in Fig. 5 shows sharp bands of sheared material across the Co
phase. These bands have the same orientation as the 2.2 A planes (-2.17
A, see table 3).

Discussion

Usually, fatigue testing of cemented carbides has been focused on
describing the microstructurai changes while this investigation has focused
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on property modifications induced by the cyclic loading. These modifications
will be discussed below.

Fracture toughness
An embrittlement of the cyclic loaded material was manifested by the
fracture toughness decrease of about 14 %. The accuracy of this figure
could perhaps be questioned. However, the Palmqvist formula applied is not
very sensitive to small variations of the crack lengths measure, since the
total crack length appears as an square root in the denominator, and the
crack lengths could be accurately measured in SEM. Since the fracture
toughness was used for direct comparison between of two materials, the
choice of Palmqvist method is not crucial.

Erosion resistance
The embrittlement of the binder was also manifested by the reduced erosion
resistance. The erosion parameters were chosen to yield a good measure of
the binder properties, involving particles too soft to plastically deform the WC
grains and large enough (500um) to deform relatively large volumes of the
cemented carbide in each hit. The exposure to repeated hits from large
particles, leads to a removal mechanism dominated by fatigue and fracture
of the binder phase. No difference in erosion mechanism could be observed
in the SEM.

Thermal shock resistance
The loaded sample showed reduced thermal shock resistance at almost all
temperatures. At 660 °C temperature, the difference is substantial. This
degradation either may be due to an increased defect density in the binder,
or to better properties of the original fcc-Co, than the phase transformed Co,
in the cycled sample.

Hardness
The hardness was found not to change due to the pressure cycling. This
could be understood from the microstructures in Fig. 1; the WC-grain size
and the mean free path both are constant. In this case, current hardness
models (1), (15), predict a constant hardness, unless the hardness of the
binder is modified. The hardness of the binder has not been measured in
this investigation.
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Co phase alterations
The phase of the binder in the cycled specimen has not been identified.
From the X-ray diffraction, it was obvious that the initially pure fcc-Co, after
pressure cycling also exhibited planar distances typical of hep-Co. In
electron diffraction, the binder displays planar distances typical of both fee
and hep Co plus a distance not present in either of these phases.

This is a new phase that probably represents some transition form between
fee and hep, which is stable under the specific conditions of this test. The
phase is probably formed by a more complex stacking sequence of the close
packed atomic planes than the ABAB sequence of hep or the ABCABC
sequence of fee. During the TEM sample preparation, very high residual
stresses were observed. These stresses may be an important factor in the
transformation process.

Manlang (7) reported overlapping diffraction patterns from fcc-Co and hep-
Co, but no interplanar spacing values were mentioned.

The 2.35 A distance was not present in the XRD-spectra. Since the XRD
spectroscopy was made on a plane with perpendicular normal direction as
the TEM sample plane (see Figure 1), this could be indicative of a preferred
orientation of the crystal lattice relative to the loading direction. In XRD, the
intensity from several crystals (i.e. several millimeters) in the loading
direction is collected, while TEM only yield diffraction from a single or a few
crystals. The TEM sample showed the same crystal orientation in all Co
grains investigated.

Magnetical coercive force, He
The pressure cycling resulted in a doubling of the magnetic coercive force.
However, it is not clear if it is due only to the increasing density of defects or
if the phase transformation from fee to hep is contributing.

Conclusions

This investigation illuminates the important role of the binder in the
degradation of cemented carbides. It is interesting to notice that
modifications of the binder phase can change the tribological behaviour,
without modifying the hardness. In applications involving repeated loading,
transformations of the binder phase and its properties have been shown
likely to occur and being important for the mechanical properties. However,
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more investigations of the new phase are required. It would for example, be
interesting to know if it is formed in an early stage of the pressure cycling
and then become stable, or if it is a transition form that will change with the
number of loadings.

To summarise, the cyclic compressive loading (62500 cycles from 0.32 % to
1.1 % compression) of the 11%Co-cemented carbide resulted in the
following changes of the material structure:

• Insignificant deformation or phase transformation of the WC grains.
• Deformation and phase transformation of the Co binder.
• Transformation of a new, unidentified Co binder phase characterised

by an undocumented planar distance of 2.35A.
• Distinctly increased magnetic coercivity force, due to increased defect

density or phase transformations of the binder.

These changes resulted in the following modifications of the mechanical
properties:

• Reduced fracture toughness.
• Reduced erosion resistance.
• Reduced thermal shock resistance.
• Insignificant modification of the hardness.
• Insignificant modification of Young's modulus.
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Summary:

The manufacture of high-precision parts made of silicon-nitride ceramic, such
as roller bearing rings or valves, currently involves finishing in the form of time
and cost intensive grinding operations. This has resulted in demands for the
development of more efficient machining techniques and for the subsequent
provision of these within a manufacturing environment. A prototype of a
precision lathe with an integrated high power diode laser for laser-assisted
turning has been developed at the Fraunhofer IPT in close co-operation with
industrial partners. When the workpiece is heated continuously by the laser,
the resultant localised material softening enables the ceramic to be machined
using a defined cutting edge. The application of this technique allows
complex silicon nitride ceramic parts with surface qualities of up to
Ra = 0.3 urn to be produced considerably more flexibly than before, with no
requirement for cooling lubricant.

Keywords:

Laser-assisted turning, ceramics, silicon-nitride Si3N4

Introduction:

Innovative products frequently call for the use of innovative materials. The
material plays a key role within the manufacturing chain - from material
manufacture through the manufacture of semi-finished parts and finished
parts, to their use within engineering systems. The importance of advanced
ceramics is increasingly steadily due both to their specific characteristics and
to the very exacting demands being imposed on engineering products. There
is a demand for innovative ceramic components in many areas of industry.
Because of their higher wear resistance and lower weight, silicon nitride
valves, for example, are increasingly replacing steel valves in the engine
construction sector. In sealing and bearing applications too, ceramic roller
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bearings are already being manufactured and are enhancing slide and
emergency running properties in high frequency spindles, for example. In the
field of process engineering, valve seats and cones are being manufactured
from ceramic materials. Consequently, they can cope with exposure to
aggressive media. Silicon nitride ceramic has come to occupy a position of
particular importance, by virtue of its characteristics which are superior to
those of oxide ceramics in many respects (high strength in relation to their
weight, high levels of hardness and wear resistance, good thermal fatigue
resistance and high temperature strength).

The successful use of new advanced ceramics depends largely on the ability
to implement ceramic-oriented designs on application-oriented functional
parts. The widespread use of ceramic functional parts is hampered, however,
by the comparatively high manufacturing costs which arise on one hand from
the sintering operations conducted in the course of the manufacture of the
material and on the other hand, to a much larger extent, from the finish-
machining (hard machining) operation. The reduction in volume which takes
place in the sintering operation and any distortion which may occur, result in
dimensional and form inaccuracies which stand in the way of any attempt to
achieve »Near-Net-Shaping« during sintering. The properties of the
subsurface zone which forms during sintering (sinter skin) are different from
those of the base material and must therefore be removed in a finishing
operation. The manufacture of parts with complex geometries and the high
levels of surface quality required, in a green or white machining operation
conducted on formed and strengthened unmachined parts prior to sintering, is
also possible only in certain cases. Semi-finished goods must therefore be
finish-machined in their sintered (hard) state in order to ensure that the
functional surfaces required in engineering applications, are achieved.

To date, the industrially applicable manufacturing techniques suitable for
finish-machining ceramic materials in their sintered state, have been limited to
manufacturing operations which are conducted using a geometrically
undefined cutting edge, such as grinding, honing and lapping. The material
removal rates achieved in these operations, are comparatively low. The ability
to meet demands for ever higher machining capacities in conjunction with
increasingly high levels of machining accuracy is therefore severely limited in
relation to hard machining operations conducted on advanced ceramics.
Alongside material removal, surface quality and the subsurface properties of
hard-machined ceramics are important factors in operations involving hard-
machined ceramics. Because of the process characteristics of these
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technologies, the machining costs make up a considerable proportion (up to
80 %) of the total part costs.

Laser-assisted hot machining

Developments in material technology have produced advanced ceramics
whose excellent properties permit industrial use over a wide range of
applications. It is vital, therefore, to optimise material-oriented technologies,
with excellent levels of flexibility and productivity, if ceramic parts are to gain
access to further areas of the market. The principal objectives in the
development of innovative machining techniques which are suitable for serial
production, are therefore a considerable increase in material removal rates
and thus in the efficiency of the manufacturing techniques and the expansion
of the range of geometries which can be produced using the engineering
facilities available.

Innovative manufacturing technologies such as laser-assisted hot machining,
open up completely new perspectives for machining and therefore for the
application of advanced ceramics. Laser-assisted turning is both an
alternative to and an extension of the range of techniques of hard-machining
sintered parts made of advanced ceramics.

Process characteristics Process method
- continuous heating of the material

in the chipping zone
- chipping of the plastified material

Target
- improved machinability of materials

that are conventionally hard to machine
- realisation of innovative machining

processes (e.g. turning of ceramic)

Condition on the !000.M^?r.ensth_.
material properties goo
(e.g.: S3N4)

600

400

1000 1400
Temperature [°q

Fig.1 - The temperature-dependent reduction in the strength of silicon-nitride
ceramic, is the basic requirement for effective application of hot machining

techniques
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The external application of energy via the laser beam ensures that the
material is heated continuously (Fig. 1). The energy absorbed by the
workpiece surface rapidly heats the workpiece subsurface. The localised
heating of the machining zone directly ahead of tool contact, causes the glass
phase in the workpiece structure to plasticise. The amorphous glass phase
surrounding the silicon nitride crystals at the grain boundaries, demonstrates
elastic-viscous behaviour at elevated temperatures. Heating the glass phase
to temperatures in excess of 1000 °C therefore results in a reduction in
forming resistance and thus, in localised softening of the material in the
shearing zone. This in turn makes it possible to machine the ceramic using a
geometrically defined cutting edge. The basic requirement is a reduction in
material strength as a result of the plasticisation of a suitable proportion of the
glass phase at elevated temperature. It is essential that these conditions are
met, when the aim is to use conventional cutting tools in economically
efficient operation to machine silicon nitride ceramics.

Both the machining process and the machining outcome are influenced by a
number of different factors in laser-assisted turning operations. Basic process
investigations focus therefore on the analysis of all relevant process variables
and on their interaction with one another (Fig. 2).

M aterial
- material

(HPSN, HIPgvl,..)
- therm./ mech. properties
- material structure
- form, dimension and offset

Tool
-cutting material
-edge geometry
- therm./ mech. properties

Laser beam parameters
-wavelength
- laser intensity
- relative distance between
laser spot and cutting edge

Cutting conditions
-cutting speed
-feed
-depth of cut

Process

-tool life
- material removal rate
- cutting force
- chip formation

Machining result

Part

- part geometry (accuracy in dimension
and form, surface roughness,...)

- outer shell propertiesfreadual stress,
hardnessgradient, formation of structure)

- functionality, strength

Fig. 2: The final outcome of the operation is determined by the precise co-
ordination of all of the factors which influence the process
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The cutting parameters cutting speed, feed and cutting depth along with the
laser beam parameters laser power, focal spot position and geometry, are at
the centre of all investigations. The resultant process characteristics can be
analysed and evaluated in terms of process force level, chip formation and
tool wear.

The part and the material used, are of considerable significance. The
machining process must be adapted to suit the specific thermal and
mechanical properties of the material. It is important to take account of the
structural formation, i.e. the proportion and distribution of the glass phase in
the material structure. The part geometry is a vital factor in the production of
the heat required to ensure a sufficiently high level of plasticisation, i.e.
ultimately, the level of laser power needed in order to produce the necessary
temperature field in the workpiece.

The cutting material and therefore its temperature and abrasion resistance,
are important factors in terms of the tools to be used for a given application.
Tool wear is determined largely by the stresses and strains which accumulate
at the cutting edge. These result on one hand from the high machining
temperatures produced by the heat applied in conjunction with the self-
induced heat and on the other hand, from the extremely abrasive effect of the
silicon nitride crystals. Very hard cutting materials with high temperature
strength such as cubical boron nitride (CBN) or polycrystalline diamond
(PCD) are the ones most capable of resisting these stresses. Ultimately,
conventional PCD cutting inserts were found to be suitable for laser-assisted
turning operations. Tool life was over 10 % higher than that recorded when
CBN tools are used. It also emerged that the geometry of the cutting edge
exerts considerable influence. Generally speaking, smaller corner radii
demonstrated better wear characteristics in conjunction with similar levels of
surface quality.

Selective, controlled application of heat is one of the main prerequisites for
the reliable use of laser-assisted turning technology to machine silicon nitride
ceramic. The objective is always to achieve the required temperature profile
in the workpiece which is given by the relative motion between the workpiece
surface and the laser focus. The thermal boundary conditions specified within
the machining zone, guarantee a low-wear machining operation. The wave
length and thus the absorption characteristics of the laser beam in the
workpiece surface was determined at an earlier stage, when the type of laser
to be used, was specified. However, it is possible to adapt the absorption
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characteristics within certain limits, by modifying the material selectively.
Ultimately, the geometry of the focal spot and with it, the laser beam intensity
available and, to an even greater extent, the position of the focal spot in
relation to the tool cutting edge, are decisive factors in the process. An
temperature between 1100 °C and 1300 °C proved to be optimum (Fig. 3).

Cutting edge

T=1100°C

Process conditions

Material
S3N4 (CFI: N 3108)

Cutting tool

PKD rough-grained
(9CMW 09T304)

Laser

DILAS1.2kW HDL
Focal spot 1.5x4 mm2

Cutting conditions

cutting speed vc = 30m/min
feed f = 15 Mm
depth of cut ap = 0.5mm

Tool wear at tool flank

120 Mm VB, Rank wear

100

80 /

60 .<£> ""
40 ~"

20

0 40 80 120 160 200
Machined width of ring [mm]

Temperature
adjusted in laser spot

T= 1100 °C
— T= 1200 °C

T= 1300 °C

' •:§.

*.

. # • • $ • •

T=1300°C

Fig. 3: On favorable process design, the laser-assisted turning enables the
machining of ceramics with geometrically defined cutting edge using

commercial available cutting tools

As in conventional turning operations, process control must take account of
the cutting conditions. These indirectly determine temperature distribution in
the workpiece, i.e. the formation of a stable, appropriate temperature in the
workpiece as well as the actual chip formation. However, laser beam
parameters and cutting conditions cannot be regarded in isolation from one
another since they interact and exert considerable influence on one another.
For example at a specified focal spot temperature, the heated area of the
workpiece reaches the area of tool contact fore quickly as a result of the
higher cutting speed. However, this also limits the length of time available for
the application of heat by the laser beam.

Wherever the aim is quality and cost oriented process design, it is essential to
co-ordinate all process variables, taking account of their interactions.
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Ultimately, process control is evaluated in terms of the quality of the
machining outcome. Tool wear and chip formation are the principal evaluation
criteria for the process of laser-assisted turning. As far as the parts which
have been machined are concerned, it is important to review the levels of
dimensional and form accuracy specified in order to rule out the possibility of
deviation as a result of thermal expansion and to achieve the subsurface
properties which guarantee the functionality of the part.

Machine concept for laser-assisted turning

Expertise in the process technology and the provision of appropriate machine
tools are both essential if this technology is to be deployed successfully in
industrial manufacture. In conjunction with the technological developments
previously outlined, a machine tool suitable for use in industrial practice has
been designed and implemented, taking account of the process specific
boundary conditions.

The prototype produced, is based on a conventional precision lathe with an
integrated high power diode laser, whose size and weight along with its level
of efficiency which is considerably higher than those of conventional lasers,
make it particularly suitable for use in machine tools for laser-assisted turning.
The limited working area in the machine makes it essential to ensure that the
laser, including the movement kinematics, are compact. Because it is so
important for process control to generate heat in the workpiece, care must be
taken to ensure a constant optimum laser positioning in relation to the
workpiece, depending on the machining operation involved. The basic
functionality of the machine tool must not be restricted in any way.

On the basis of the results obtained in analyses of the available machining
space, a flat revolver was selected for use as a tool carrier. The HDL laser is
placed on this revolver with the movement axes required. In addition to the
traditional axes required for conventional turning operations, two linear and
one rotational axis have been integrated and are implemented in the NC
control unit as separate machine axes. One of the two linear axes serves to
focus the laser on the workpiece. Consequently, the size of the focal spot
varies, permitting the level of intensity applied, to be adapted to suit the
machining conditions. The second linear axis is perpendicular to the
focussing axis and is used to position the laser focal spot in relation to the
tool cutting edge towards the circumference. This makes it possible to vary
the distance between the warming up point and the cutting edge contact
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point. The additional rotational axis serves to position the laser focal point in
relation to the tool cutting edge.

Collision studies and movement simulations were carried out in order to
guarantee the basic machine functions. These take account of the influence
exerted by small rotational movements of the laser and by changes in the part
diameter. Since there are four linear axes and two rotational axes in total, the
tool and laser can be moved flexibly in relation to one another. As a result,
various turning operations can be conducted (circumferential turning,
chamfering etc.). A special optic, which ensures optimum positioning of the
laser beam prior to tool cutting edge contact, was developed and designed.
3D-CAD simulation, which allows the beam irradiation, diameter of the turned
part, operating depth and working distance to be varied, was produced in
order to determine the appropriate machine facility for inside turning (Fig. 4).

IPrecision turning machine with
integrated high power diode laser (HPDL)
- four linear axes
- two rotational axes
- automatic positioning of laser focus
- process adapted control of temperature
- process control by acoustic

emissionssensors
- safety engineering
- compact construction

Characteristics of HPDL
- focal distance ca. 80 mm
- high angle of beam spread
- max. laser power 1.2 kW
- linear focal spot 1.5 x 4 mm2

- integrated pyrometer

Fig. 4: New compact-construction lathe permits flexible machining operations
to be conducted on a wide range of parts

In addition to linking the additional axes for positioning the laser beam in the
NC control unit, an appropriate sensor feedback system was integrated within
the process management system. A quotient pyrometer, which records
measurements in the beam path of the laser, thus ensuring that it is always
the temperature in the focal spot on the workpiece surface which is
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measured, was integrated in the facility, in order to ensure a constant
temperature in the machining zone. The analog output signal is used by a
PC-assisted digital control system, to regulate the laser power. Since the
laser represents an additional tool, the focal position of the laser beam is
determined automatically prior to the commencement of a machining
operation (comparable to tool length measurement). The process is
monitored by force and structure-borne noise sensors which were
incorporated within the process control system along with special termination
criteria and safety routines. As a result of the elimination of any need for
cooling lubricant and the emissions which are produced in dry machining
operations, this technique requires a suitable extraction facility in order to
provide protection from fine dust.

The use of the laser and the resultant direct and indirect laser radiation along
with the thermal influences caused by heat conduction and convection from
the workpiece to the lathe, exert considerable influence on the behaviour of
the machine. A number of clamping chuck systems were developed with the
aim of preventing the dissipation of heat from the part to the machine. Various
materials, with low levels of thermal expansion, high strength and low
absorption, were investigated. Additionally, a cooling system which ensures a
constant temperature in the three-jaw chuck and therefore a constant heat
gradient was developed on the basis of the results of the heat flow
simulations and FEM analyses. Different degrees of heating and therefore
uneven thermal expansions in the tool at different machining times, proved to
be just as problematical. Various tool holding systems were designed in order
to avoid dimensional and form deviations. The influence exerted by cooled
tool holders, was compared with that of tool holders containing heat resistant
materials. Active tool cooling proved to be particularly suitable for laser-
assisted machining operations conducted on silicon nitride ceramics.

In order to ensure operating reliability, additional safety precautions vis-a-vis
the machine tools in which a laser system has been integrated, are required
when the laser beam is used. The aim of these technical safety measures is
to prevent any occurrence of exposure of anyone working at the machine to
the beam. The high power density of the laser beam ensures that the laser
radiation does not represent any risk to either humans or materials. This is
necessary firstly because objects (skin, eyes, material) can be damaged
when exposed to a high density beam and secondly, because the frequency
of the beam is often outside the frequency range of visible light. As a result,
humans are not warned by any visible beam and autonomous human
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protection reflexes (blinking) are not triggered. Complete encapsulation of the
machine tool is required in conjunction with appropriate safety routines in the
machine control system, which prevent laser operations when the machine
tool is open (safety locks, key-operated switches, emission warning facilities).
This involves linking even the individual emergency stop circuits of the
machine components with one another and defining priority sequences. The
process can be observed through integrated laser safety glass. The laser
safety regulations were fully implemented in the prototype and therefore
guarantee safe operation in an industrial manufacturing environment.

Laser-assisted turning of a bearing ring

The application of the laser-assisted turning technique in operations
conducted on silicon nitride ceramic, permits the economically efficient and
highly flexible manufacture of ceramic parts, using conventional cutting tools
whilst completely eradicating any need for cooling lubricant. The manufacture
of an actual sample part - a bearing inner ring made of silicon nitride for
ceramic roller bearings - supplied relevant information relating to the
efficiency of the technique and to the levels of part quality which can be
achieved. The bearing inner ring was manufactured completely in accordance
with an optimised machining strategy, which included various turning
operations: chamfering, face turning, cylindrical surface and plunge turning.
The machining strategy includes the specification of cutting sections adapted
to the requirements of the machining task in hand, taking account of the laser
positioning. When these machining operations are conducted successfully,
the result is a high level of flexibility in forming ceramic components.
Modifications in geometry can be implemented quickly and easily by
correcting the NC program accordingly. The automatic tool change in NC
mode, ensures that the machining operation is conducted within the optimum
time. In conjunction with the considerably reduced set-up and shut-down time
for the machine tool, this ensures that the laser-assisted technique has
considerable advantages over conventional grinding techniques. The
productive times recorded, are shorter or comparable with those measured in
grinding operations. When the laser-assisted turning technique is applied,
small rounded contours of up to 0.2 mm, which cause considerable problems
in grinding operations, can be produced with ease.

Optimised process design ultimately permits parts to be manufactured in
larger quantities. As a result, it was possible to conduct investigations into the
tool life times of PCD cutting inserts and into the influence exerted on surface
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quality during the process. The use of conventional PCD cutting inserts
proved to be excellent even in terms of tool costs, in comparison with the
thermally more stable CBN cutting inserts. As the temperature in the focal
spot increased, the wear sustained by the cutting insert was reduced.
However, the onset of graphitisation of the polycrystalline diamond restricts
this option to a maximum temperature of 1300 °C in the focal spot. When the
process is designed to ensure low tool wear, the PCD cutting inserts record
comparatively long tool life times. When a maximum width of wear land is
specified as 120 urn, the maximum cutting path achieved in dressing
operations conducted with cutting depths of up to 0.5 mm, was approx. 5 km
(completed turning path). Over 20 bearing inner rings can be machined to
meet the part quality specified, using one single cutting insert. The time
required to complete-machine a bearing inner ring from a sintered slug, was
reduced to only 16 minutes (Fig. 5).

Process Machining operations Machining result

cutting speed vc = 30m/min

feed f = 15 pm

depth of cut ap = 0.3 ... 1.5 mm

temperature T= 1200 °C

two cutting tools

Machining operations

- chamfering (inside and outside)

-face turning

- circumferential turning

-contour/ plunge turning

machining time 16 min

surface quality R, < 0.35 urn

tool life > 20

little set-up time

no cooling lubricant

Fig. 5: Given optimum process design, the laser-assisted turning technique
offers considerable freedom in part design.

The face, outer surface and raceway of every twentieth part were examined.
The levels of surface quality achieved, are comparable with those recorded
after grinding operations. The roughness values ranged from
Ra= 0.2-0.3 um. However, the tool wear which occurs during the process,
influences surface roughness. Ultimately, the level of surface quality which
can be obtained, depends on the process layout selected. Laser-assisted
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machining has a clear advantage over grinding in terms of edge quality.
Examinations conducted on the edge transitions between areas machined in
different turning operations, did not reveal and edge spading. This also
applies to machining operations conducted on ceramic parts, using tools
which already show signs of considerable wear. With regard to the levels of
part quality which can be achieved, the levels of dimensional and form
accuracy achieved following integration of the cooling devices previously
described, were satisfactory (Tolerance Grades IT 9 and IT 7), despite the
high process temperatures of up to 1300 °C in the machining zone.

Conclusion

In terms of economic factors such as the machining time and cost, laser-
assisted turning is a promising alternative to the traditional grinding operation.
Investigations conducted against the background of a concrete machining
task, show that in some cases, higher rates of material removal and larger
areas of material removal can be achieved in conjunction with lower tool
costs. It is likely that further potential for savings will arise when the
technological options are exploited by replacing individual process steps.
Additionally, the cost of preparing for a machining operation is lower in terms
of the NC programming and the adjustment work required. Accordingly,
companies will be able to respond more rapidly to customer requirements and
will provide greater flexibility with regard to part design. This has been
confirmed by an extensive analysis of the manufacture of demo-parts. Further
increases in efficiency in the production planning department are likely to
arise in future, as a result of the deployment of computer systems to support
NC programming. Adequate consideration must also be given to the
ecological factors. The complete elimination of any need for cooling lubricant
in laser-assisted turning operations, provides a substantial competitive
advantage. No cost at all is incurred in relation to procurement, preparation
and the disposal of cooling lubricant.

The integration concept selected and the resultant possible machining
operations, will enable manufacturing companies to extend the range of
geometries and forms for ceramic parts, by applying the laser-assisted
turning technique. Economically efficient manufacture of geometrical
elements, whose manufacture in conventional grinding operations was
previously obstructed by technological limitations, will likewise ultimately
result in expansion of the range of applications for ceramic components and
will open up new markets for ceramic. It is worth bearing in mind that there
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will, in the future, be the option of machining other advanced ceramics (SiC,
AI2O3, ZrO2) in laser-assisted turning operations and therefore new potential
for the use of ceramics.
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High Speed Dry Machining of MMCs With Diamond Tools
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Summary

The increasing use of Metal Matrix Composites (MMCs) has raised new issues
in their machining. Industrial demands for higher speed and dry machining of
MMCs with improved component production to closer tolerances have driven
the development of new tool materials. In particular, the wear characteristics of
synthetic diamond tooling satisfy many of the requirements imposed in cutting
these highly abrasive workpieces. The use of diamond tool materials, such as
Polycrystalline Diamond (PCD), has resulted in tool life improvements which,
allied with environmiental considerations, show great potential for the develop-
ment of dry cutting. This paper explores the wear characteristics of PCD,
which is highly suited to the dry machining of particulate silicon carbide MMCs.
Also, two further diamond tool materials are evaluated - Chemical Vapour
Deposition (CVD) thick layer diamond and synthetic single crystal diamond.
Their suitability for the efficient machining of high volume fraction MMC materi-
als is shown and their potential impact on the subsequent acceptance and
integration of MMCs into engineering components is discussed.

Keywords

Diamond; Metal Matrix Composites; MMC; PCD; Chemical Vapour Deposition;
CVD; Synthetic Single Crystal Diamond;

1. MMC Machining in a New Millennium

For several years, metal matrix composites (MMCs) have been widely avail-
able in a variety of forms, engineered for specialist industrial use. In particular,
because of their excellent abrasion resistance and ease of manufacture,
silicon carbide particle reinforced and short fibre reinforced aluminium alloys
are increasingly desired by industry to replace existing components in a mass-
production environment (1). In 1999, the world-wide sales of MMCs was
$102.7 million, representing approximately 2.5 million kilogrammes of metal
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matrix materials, including aluminium, beryllium, copper, nickel-based superal-
loys, refractory metal and titanium-matrix composites reinforced with particles,
short fibres or continuous fibres (2). Sought-after for their excellent strength-to-
weight ratios, increased stiffness and wear resistance, the production and
cost-efficient machining of, for example, squeeze cast near-net-shape silicon
carbide particle reinforced aluminium MMC brake discs has been limited by
extensive tool wear, poor tolerances and poor surface finish when using
conventional tooling. Despite this, the growth rate of the use of MMCs is
steady and the volume of MMCs currently used is expected to double by 2004
(2). High yields of close tolerance components are especially important when
considering MMCs because of the comparatively high cost of these materials.
Casting to near-net-shape is an essential cost saving factor. Machining with
maximum component yield is paramount.

It is generally agreed that the two main requirements for efficient manufacture
of near-net-shape components - high cutting speeds together with low feed
rates - produce the worst conditions for tool wear (3). Under such conditions,
the tool has been shown to wear primarily through abrasive wear mechanisms
caused by the reinforcement rubbing along the rake and flank faces of the
cutting tool (4). This can be reduced by allowing a built-up edge to form, at the
expense of workpiece surface finish (5). The poor results achieved with
conventional tooling are more clearly understood when the properties of the
reinforcing material are taken into consideration. Silicon carbide (SiC) is used
as the typical particle reinforcement because it is light, low cost, hard and
highly abrasion resistant and often used in highly abrasive grinding wheels.

Vickers Hardness
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Figure 1: The Vickers hardness of various cutting tool materials compared to
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Figure 1 shows the relative Vickers hardness of various cutting tool materials
compared to that of SiC. Only ultrahard materials and novel coated tools will
be resilient against the abrasive SiC particle reinforcement, their comparatively
high thermal conductivity also reducing tool wear caused by temperature
generation during machining. However, economic constraints often limit the
tool material used to those less durable materials, where tool life is short but
surface finish is adequate, thus limiting the mass-production of high tolerance
components. Machining using coolant to improve surface finish and tool life
has been shown to be moderately effective, but it has been noted that this, in
fact, can reduce the tendency for built-up edge formation, thereby improving
workpiece surface finish. However, the abrasive slurry which is formed from
the MMC reinforcement can accelerates tool wear (6). The difficulties encoun-
tered in industrial applications have led to grinding with superabrasive materi-
als being used as the main operation employed to achieve the desired
component surface finish and dimensional tolerances. The use of SiC particu-
late reinforced aluminium alloy MMC has, until relatively recently, been
predominantly in specialist applications rather than in mass production.

Over the past decade the machining of MMCs to the stringent requirements of
industry by techniques other than grinding has been made possible through
research using ultrahard materials such as PCD. In particular, dry machining is
increasingly used to reduce costs and fulfil environmental obligations set by
current legislation (7). As MMC technology and usage have evolved, so too
has the development of improved ultrahard and wear-resistant grades of PCD
for dry machining with enhanced tool performance, improved workpiece
surface integrity, better machining tolerances and the potential for reduced
machining costs (8). The more recent development of novel ultrahard materi-
als - such as CVD diamond - offers an exciting alternative to currently used
tool materials, their excellent abrasion resistance and high thermal stability
allowing increased cutting speeds during dry machining.

This paper examines the performance of two grades of PCD (SYNDITE CTB
002 and SYNDITE CTH 025), two grades of thick layer CVD diamond
(CVDITE CDM and CVDITE CDE), and synthetic single crystal diamond
(MONODITE) in single point turning a typical SiC particulate reinforced alumin-
ium alloy MMC over a range of cutting speeds in terms of surface finish,
monitoring wear progression and cutting forces to estimate overall tool life.



714 HM94 J. L. Collins
15* International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

2 Tool Materials, Cutting Tools and Test Material

2.1 Tool Materials and Cutting Tools

Cutting tool materials used today range from high speed steel, tungsten
carbide, cermet and ceramic inserts, perhaps with additional hard coatings,
through to PCD, PCBN, CVD diamond and single-crystal diamond to cover the
entire spectrum of machining operations, strongly influenced by workpiece
properties and industrial demands for more economic production to ever
increasing standards. Figure 2 shows the spectrum of most frequently used
cutting tool materials in terms of their most important properties: abrasion
resistance, toughness and hot hardness.

_ Single
jjjcrystal
^ d i a m o n d CVD diamond

It
Wear \ ^NI
Resistance

Nitride
ceramics

PCD

Coated hard metals

WC based hard metals

Ultra fme
g railed
hafd metals

PCD 1: at room temperature
PCD 2: at elevated temperature

TiN coated HSS

HSS

Toughness

Figure 2: The spectrum of cutting tool materials shown in terms of their
abrasion resistance, toughness and hot hardness

In general, performance-based economic constraints limit the viable range of
tool materials for MMC machining to PCD. However, new developments in the
production of CVD diamond and synthetic single crystal diamond have
extended the range of suitable tool materials. Figure 3 outlines workpiece
abrasion resistance against the machining operation required, showing where
CVD diamond and single-crystal diamond might be used. In particular, these
materials show great promise in dry machining MMC materials because of
their excellent abrasion resistance (compared with, for example, the wear
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resistance coefficient of ISO K10 WC of 1 (9)) and superior thermal properties
(compared with, for example, the thermal conductivity of ISO K10 WC of 100
W/m.K(9)).

J5
<

CD

High A,

Low

Interrupted
Cutting

CVD Diamond

PCD Single
Crystal
Diamond

Roughing General Finishing Super
Machining Finishing

Machining Operation

Figure 3: The applications arena for PCD, CVD diamond and single crystal
diamond

In this study, five different diamond tool materials have been compared, as
described in Table 1.

<

• • ) • • • " ' , ' • • .

SYNDITE CTB 002
polycrystalline diamond

SYNDITE CTH 025
polycrystalline diamond

Non-electrically conducting
' CVD diamond

Electrically conducting CVD
diamond

Synthetic single crystal
diamond plate

2

25

60-80

60-80

-3500

"•;• ; • ; . . . - M I

0.5

0.5

0.5

0.5

1.2

48

52

100

100

50-100

3.9

4.5

5.5

5.5

6.3

Table 1: The tool materials used in this study. The wear coefficient of ISO
K10 WC is taken as 1.0, for comparison. The grain size of the MONODITE
MTL plate is taken to be the plate size.
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2.2 Cutting Tools

The diamond materials described in Table 1 were used to fabricate cutting tool
inserts (five of each type were manufactured and tested) with an ISO standard
TPMA160408 geometry according to manufacturers' guidelines (10). These
were ground to shape with suitable edge preparation using conventional
diamond grinding techniques (10). This tool geometry gives a clearance of
11°± 0.5°, a top rake of +6° and tip radius of 0.8±0.05mm. A neutral toolholder
was used with an approach angle of 60°. The synthetic single-crystal
MONODITE (MTL) tools were produced with a {110} cutting tip in the
TPMA160408 format, which is that recommended as the most abrasion resis-
tant and tough direction in single-crystal diamond tooling (11). This particular
tool geometry was chosen according to machining guidelines for PCD tooling
turning MMC materials (12).

2.3 MMC Test Material

The MMC test pieces used in this study were in the form of spray deposited
cylinders 250mm in diameter and 300mm long produced using standard
technology. The MMC composition was primarily a 1.5% Mg modified A2618
7%Si-AI alloy with 1.2%Fe, 2.3%Cu and 1.1 %Ni which was reinforced with
20% by volume of 10-15p.m SiC particles. Since the Si level is below the
eutectic of 9%, the amount of free Si to act as an abrasive during machining is
limited. However, the Mg, Fe, Cu and Ni precipitates in the alloy strengthen the
matrix by hindering dislocation movement and, as a result, the yield strength
for this MMC is approximately 30-35% higher than that for A356 MMC (which
is often used in trials but atypical of that seen in industrial applications). The
precipitates formed act as secondary hard inclusions which accelerate the
flank wear process. Figure 4 shows an SEM micrograph of the MMC micro-
structure and its angular SiC particulates and Al particles surrounded by the Al
alloy. An SEM micrograph and combined X-ray map (Figure 5) clearly show
the distribution of the SiC particulates, the Al alloy containing the precipitates
of Mg, Fe, Cu, Ni and Si and several blade-like Si particles approximately
10(am long.
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Figure 4: An SEM micrograph of the MMC microstructure and its angular SiC
particulates and Al particles surrounded by the Al alloy

Figure 5: An SEM micrograph and combined X-ray map clearly show the
distribution of the SiC particulates, the Al alloy containing the precipitates of
Mg, Fe, Cu, Ni and Si and several blade-like Si particles approximately 10nm
long.
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3 Experimental Procedure

Single point turning tests have been performed over a range of cutting speeds
and monitored in terms of wear progression, cutting forces and surface finish.
The types and geometry of the tools have been described in sections 2.1 and
2.2; and the test material in section 2.3. The tests were carried out using five
tools of each of the tool materials described on a Heyligenstaedt Heynumat 5
CNC lathe at five speeds: 300m/min, 500m/min, 800m/min, 1200m/min and
1500m/min using a 0.1 mm/rev feed and constant depth of cut of 0.1mm. Tool
wear was monitored using a Wild M7 S microscope with a calibrated graticule
through-lens measuring system and an average was taken from the five tools
tested. Surface finish was measured in-situ using a digital Mahr Perthen M4P
stylus system for Ra, Rz and Rmax. The radial, feed and tangential cutting forces
were measured using a Kistler Type 9121 three-axis dynamometer and Kistler
Type 5017A multichannel charge amplifier and computer logged.

4 Results and Discussion

Machinability data is usually presented as the relationship between tool life
and cutting speed with the tool life set at a fixed value of tool flank wear. The
time taken for the tool to wear to this fixed value depends on the cutting
speed. Figure 6 shows this for all five materials tested for each of the cutting
speeds used.

It can clearly be seen that the best results (lowest wear rates) can be ranked
for the diamond materials in three ways across the range of machining speeds
used. The first ranking property is grain size (the single crystal material having,
effectively, a single "grain"). If abrasive wear mechanisms are predominant,
then the smaller the grain of the tool material, the greater the wear expected.
Since the grain size of the tool material in the case of the PCD 002 grade is
smaller than the grain size of the SiC abrasive particulates in the MMC,
greater microcracking and fatigue at the tool surface would lead to whole
diamond grains or clumps of grains which have been abraded from the tool to
cause further damage to the tool edge, increasing the effective wear rate in a
three-body interaction between the tool edge, the SiC particulates and
abrasive detritus from the workpiece and tool combined.
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Conversely, when the grain size of the tool material is larger than the SiC
particulates (as is the case for the PCD 025, CDE, CDM and MTL materials),
then the wear mechanism is a pure 2-body interaction between the particu-
lates and the tool, and the tool hardness becomes the dominant support
against abrasive wear - the second ranking of the tool materials. As shown in
Table 1, the hardness of the different tool materials matches the wear rates,
as would be expected with an abrasive wear mechanism. Thirdly, although
temperatures generated during dry machining do not usually become exces-
sive over the cutting speed range investigated, the low coefficient of friction for
the materials suggests that tribo-thermal wear is minimal in the higher thermal
conductivity tool materials compared with that for the lower thermal conductiv-
ity materials. The effect of tool table and edge polishing and using a positive
rake angle is to lower cutting temperatures and cutting forces in order to
reduce thermal and mechanical loading on the cutting edge.

Figure 7 shows scanning electron microscope (SEM) micrographs of the flank
wear on typical examples of each tool after 10 minutes machining which
support evidence for a purely abrasive wear mechanism. Close inspection of
the high magnification SEM micrographs shown in Figure 7 of the PCD 002
and PCD 025 tools shows grooving on the tool flank which (approximately)
corresponds to the size of the SiC grain size in the case of PCD 002 and with
the PCD grain size in the case of PCD 025. Similarly, inspection of the high
magnification images of the CVDITE CDE, CDM and MONODITE MTL tools
shows grooving commensurate with the 15|im SiC particulate maximum size.
Thus, a purely abrasive wear mechanism based on tool grain size and
hardness is evident.

The generation of Taylor lines for the various materials (a series of logarithmic
plots of tool life versus cutting speed, a characteristic of the tool material for a
given feed rate, depth of cut, tool geometry and workpiece) is shown in Figure
8, where the expected tool life (and performance) of the single crystal material
can be seen to be considerably better than the CVD diamond and PCD tool
materials, although all three compare extremely favourably in comparison with
conventional tool materials (13,14,15).
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Flank Wear (mm)
SYNODE CTB 002

-•-
SYNDITE CTH 025

CVDrTE CDM

-a-
CVDITECDE

MONODfTE MTLMachining Time (minutes)
Machining speed: 300m/min

Feed: 0.1mm/rev
Depth of cut: 0.1mm

Flank Wear (mm)
SYNDITE CTB 002

- » -
SYNDrTE CTH 025

CVDITE CDM
-a- j

CVDITE CDE
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Machining Time (minutes)
Machining speed: 800m/min

Feed: 0.1 mm/rev
Depth of cut: O.imm

SYNDFTE CTB 002

SYNDITE CTH 025

CVDITE CDM

-B-
CVDITE CDE

MONODITE MTL

Machining Time (minutes)
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Feed: 0.1mm/rev
Depth of cut: 0.1mm

Flank Wear (mm)
SYNDITE CTB 002

-B-
SYNDITE CTH 025
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-e-
CVDrTE CDE
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Machining Time (minutes)
Machining speed: 1500m/min

Feed: 0.1mm/rev
Depth of cut: 0.1mm

Figure 6: Machining data for all five materials tested at four cutting speeds
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Figure 7: SEM micrographs of the cutting edges of five typical tools used,
top-to-bottom: CTB002, CTH025.CDM, CDE, and MTL respectively
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Cutting time to 0.2mm flank wear (minutes)

HsYNDITE CTB 002

| SYNDUE CTH 025

CVDITE CDM

-B-
CVDITE CDE

MONODrTE MTL

Cutting Speed (m/min)
Feed: 0.1mm/rev

Depth of cut: 0.1mm

Figure 8: Taylor lines for the various materials showing the performance
advantages of using the different grades of diamond in machining 20%SiCAI
MMC

The cutting forces developed in the tools measured throughout turning are
summarised in Figure 9, showing the feed (axial) and radial forces developed
at the end of testing versus cutting speed. It is clear that the lower the coeffi-
cient of friction and the lower the tool wear (and hence sharper tool edge), the
lower are the axial (or feed) and radial cutting forces developed. This is a good
ranking of the potential overall lifetime of the tools and supports the argument
for a wear mechanism based on the hardness and coefficient of friction of the
tool materials rather than tribo-thermal effects.

It is well known that the quality of the cut surface produced by diamond tools
on Al and Al alloys is significantly better than that produced by cemented WC,
cermet and ceramic tooling (15). Al tends to stick and bond to non-diamond
surfaces, but, since the coefficient of friction and wear rate of diamond tooling
is very low, the tools cut more cleanly, with less tendency to rub or burnish the
workpiece surface. Diamond tooling produces a minimal built-up edge (BUE)
and removes material as clean chips compared with non-diamond tooling (13),
as is evident from the SEM micrographs shown in Figure 7 and Figure 8. The
formation of a BUE tends to limit tool wear, but as the BUE decomposes it
provides abrasive particles which affect the machining surface (as if a secon-
dary abrasive has been added), as described above.
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Radial Cutting Force (Newtons) Axial Cutting Force (Newtons)
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Depth of cut: 0.1mm

Figure 9: Cutting forces developed in the tools at the end of turning the
20%SiCAI-AI MMC for 10 minutes.

Also, because diamond tooling cuts more cleanly it produces substantially less
sub-surface damage than the rubbing or burnishing action seen with
non-diamond tooling (15). Figure 10 shows the surface finish of the workpiece
for the various diamond tools tested versus cutting speed in terms of Ra and
Rmax respectively. These are commensurate with the description given for the
diamond tooling options for machining highly abrasive workpieces, described
in Figure 3, and demonstrate that new tooling options such as CVD diamond
and synthetic single-crystal diamond are viable options for machining such
highly abrasive MMC materials in terms of their tool life and performance.
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Figure 10: Surface finish developed on the 20%SiCAI-AI MMC workpiece by
the tools at the end of turning for 10 minutes.
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5 Conclusions

The predominant tool wear mechanism has been determined to be through
abrasive wear dependent on the hardness of the tool material compared with
the SiC participate MMC reinforcement and on the grain size of the tool
material in comparison with the size of the reinforcement. Tribo-thermal effects
seem to play little part in the wear of such highly thermally conductive materi-
als. The cutting forces observed increase as expected and are commensurate
with the ranking of the abrasion resistance of the tool materials, suggesting
that good tool lifetimes are achievable. As expected, tool flank wear increases
with cutting speed, but Taylor lines for the various materials demonstrate that
this is very low compared with conventional tool materials. Workpiece surface
finish is dependent on the tool hardness and deteriorates with both machining
time and cutting speed. However, the surface finish achieved in this study is
typical of a roughing through to finishing operation, and improvements could
be made with refined tool geometry.

Whereas little use is currently made of the newer synthetic single-crystal
diamond and CVD diamond materials compared with PCD 025 grades, these
materials show great promise for the high-speed dry machining of particularly
abrasive SiC particulate Al MMCs for producing components to good tolerance
and surface finish.
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Abstract
Various (Ti,AI)N-, AI2O3-, and (Ti,AI)N/AI2O3 multilayer coatings were
deposited onto cemented carbide cutting tool inserts by a plasma assisted
chemical vapour deposition (PACVD) technique. AI2O3 coatings were
deposited using the gaseous mixture AICI3, Ar, H2, and O2. (Ti,AI)N
intermediate layers were deposited in the same device using the process
mentioned and the gases AICI3, Ar, H2, TiCI4 and N2. The unique properties of
(Ti,AI)N/AI2O3 multilayer coatings result in superior wear protection for cutting
inserts applied in severe multifunction cutting processes. The influence of
different deposition temperatures on structure and properties of the coatings
like crystallographic phases, chemical composition, mechanical and
technological properties is shown.

PACVD (Ti,AI)N/AI2O3 coated cutting inserts with fine grained crystalline CC/K-
AI2O3 offer performance advantages which are superior with respect to
coatings deposited by chemical vapour deposition (CVD) due to the low
deposition temperature applied.

Keywords:
PACVD, (Ti,AI)!\l, AI2O3, Multilayer, Cemented Carbide , Wear
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1. Introduction
Changes in economical and technological developments in the cutting market
show an impact on the requirements in the design of coated cemented
carbide cutting tools. Wear resistance was mostly considered as the main
criteria for cutting operations during the last 20 years. Modern automatic
machining process facilities created additionally a demand in process
stability. The appropriate fatigue properties of cemented carbide substrate
materials and cermets attract a considerably higher amount of attention for
highly reliable machining.

It is well known that the mechanical properties of powder metallurgical
substrates may suffer from the high process temperatures of a common CVD
process [1,2,3]. The superior performance of PVD TiN, TiCN, and (Ti,AI)N
based coated tools in interrupted cutting applications, such as milling,
grooving, threading, and drilling led to a considerable development of
commercial PVD coatings. Nevertheless, the wear resistance of CVD
crystalline 0C-AI2O3 or K-AI2O3 is still superior in many cutting applications.

Plasma Assisted Chemical Vapour Deposition (PACVD) allows both to obtain
the excellent properties of CVD coatings and the advantages of the low PVD
substrate temperature. This creater a new approach to meet the required
wear behaviour of modern cutting tools, such as multifunctional cutting tools
(e.g., for drilling and turning).

Additional advantages of the PACVD process are:

• the possibility to deposit crystalline AI2O3

• the possibility to deposit (Ti,AI)N

• the deposition of AI2O3 directly onto cemented carbide, cermets, and
steel substrates without using bonding layers

• substrate rotation is not required to obtain homogeneous coating
thickness

• only low amounts of process gas are required

• relatively high pressure of 100...500 Pa are used

• the process is highly economical

In this study, cutting of steel with the multifunctional tool Tizit EcoCut® was
chosen to demonstrate these special advantages.
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Wear and failure of cutting tool inserts involve a complex interaction between
various mechanisms. The most important wear and failure modes can be
seen in Fig. 1 and are summarized as follows:

Using EcoCut® tool inserts, drilling operation with perpendicular plain hole
ground as well as turning (plain and parallel) is realised within one tool.
Damage on the main cutting edge are attributed to cracking due to stress and
thermal fatigue of coating and substrate material in position 1 during drilling
and abrasion and crater wear in position 2 during turning (see Fig. 1). In
general, insert life may be enhanced by geometric factors (e.g., governing
stresses, chip formation, thermal gradients), processing conditions (e.g.,
cutting parameters, lubricants), substrate, coating, and surface conditions.

Fig. 1. SEM micrographs of damage mechanisms on EcoCut® cutting tool
inserts in drilling (left) and turning (right)
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It is the aim of this paper to present and discuss the results obtained with new
PACVD (Ti,AI)N/AI2O3 multilayer coatings on cutting tool inserts. For this
investigation, two goals are focused: (i) the performance of PACVD coatings
in cutting and (ii) the interpretation of analytical methods related to the wear
mechanisms observed.

2. Experimental Details
2.1. Coating Deposition

Deposition experiments were carried out using a PACVD system, which
consists of an inductively heated vertical reactor with parallel plate-type
electrodes (diameter, 500 mm), powered by a unipolar pulsed dc power
supply for deposition of (Ti,AI)N and a bipolar pulsed dc power supply
(MAGTRON) for deposition of AI2O3 [4]. The electrodes are connected to the
pulse power supply and isolated from each other and the reactor wall. The
plasma was generated using a DC pulse power supply (unipolar, bipolar) with
frequencies up to 33.3 kHz. The reactor size was 400 mm in diameter and
600 mm in height.

The gas inlet system consists of a tube with a perforated gas ring distributor
positioned between the plate electrodes. As process gases, H2, Ar, O2, N2,
TiCI4 and AICI3 (formed by reaction between HCI and Al chips) were used.
The total gas flow, the total pressure and the pulse frequency during
deposition were kept constant. In addition to further process parameters, the
substrate temperature was varied as shown in Table 1. (Ti,AI)N and AI2O3

single layered coatings as well as (Ti,AI)N/AI2O3 multilayered coatings were
deposited in the same reactor. Multilayered coatings were produced in the
same run.

Table 1. Deposition process parameters for (Ti,AI)N and Al2O3

deposition parameter

total pressure [Pa]

substrate temperature [CC]

total gas flow [l/h]

discharge voltage [V]

power supply

(Ti,AI)N

200

500... 600

500

440

unipolar

AI2O3

200

500 ... 700

500

280

bipolar
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The substrates used for the coating experiments and cutting tests were
cemented carbides (11 wt% Co, 8 wt% Ta/NbC, 4 wt% TiC, rest WC). Silicon
was used as substrate for stress measurements.

2.2. Coating Characterisation

The coatings deposited were characterised by scanning electron microscopy
(SEM, JEOL JSM 6300), X-ray diffraction (XRD, Siemens C09 585), and
standard metallographic techniques. The composition of the coatings was
investigated using energy dispersive X-ray analysis (EDX). For evaluation of
the coating adhesion on the substrate, a scratch test was employed. The
biaxial stresses in the coatings were characterised by using the deflection
method with silicon samples sized 20 x 7 x 0.3 mm3 using the Stoney formula
[5]. The deflection was measured using two parallel laser beams reflected
from the sample surface. During the measurement, the sample was heated in
vacuum (pressures 10~2Pa) up to 700°C at a rate of 5°C/min and cooled
down afterwards.

2.3. Cutting Tests

The wear properties of the coated inserts were evaluated in a metal cutting
test. The specific cutting experiments were carried out using WC/Co based
cemented carbide cutting tools (Tizit EcoCut®, insert style XCNT080403EN).
A HEID FMS 530 turning machine was used to realize lubricated cutting with
coolant. The coated inserts were evaluated in the machining of special parts
shown in Fig. 2 with the operation steps drilling (first step) and turning of nine
segments (the shoulder on the inner side of the part). To create appropriate
cutting conditions, a Ck60 steel (DIN 1.1221) was used as test material. The
detailed cutting conditions for drilling and turning as well as the main goal of
these cutting operations are listed in Table 2.

Fig. 2. Schematic drawing of one part used for cutting tests
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Table 2. Cutting test parameters

cutting method

continuous
drilling of Ck60
steel

continuous
turning of Ck60
steel

cutting conditions

speed
depth of cutting
feed rate
wet

speed
depth of cutting
feed rate
wet

vc = 150 m/min
ap = 0 16 mm
f = 0.04 mm/rev

vc = 200 m/min
d = 2.0 mm
f = 0.15 mm/rev

purpose of testing

fracture resistance

wear resistance

3. Results and Discussion
3.1. Coating Characterisation
3.1.1. Coating Thickness

Coating thickness depends on various factors like process parameters
(position in the chamber, core construction of reactor, process gas mixture,
gas flow, plasma discharge, pressure, deposition temperature, etc.), the
substrates used, and the deposition time. The individual film thickness of the
various coatings shown in Fig. 3 are typical examples for the coating
thickness used in the cutting tests and for stress measurements.

3.1.2. Coating Composition

The coating composition was investigated qualitatively and quantitatively
using EDX. For the (Ti,AI)N coatings, the Ti:AI atomic ratio was adjusted to be
about 1:1. An expected slight shift towards a higher Al content was observed
for higher process temperatures, as already reported in [6]. A very small
amount of Cl was detected, which increases for lower process temperatures.
The different AI2O3 coatings showed a constant AI:O atomic ratio. A
comparable small amount of Cl (similarly increasing with declining process
temperature) and traces of Ar were detected in the coatings.

3.1.3. Coating Structure

The structure of the (Ti,AI)N intermediate layers is characterised by fine-
grained columns and a smooth surface morphology (see Fig. 3) with sub-



732 HM98 M. Kathrein et al.
15:~ International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

micron sized crystals. Higher deposition temperatures result in an increase of
the size of the column or grain diameter.

The crystalline AI2O3 coatings deposited showed very fine-columnar grain
structure. The coatings show a very smooth surface with crystals in the sub-
micron range. Typical morphology of amorphous AI2O3 coatings were
detected by SEM cross-section as featureless and glass-like structure, with
an extremely smooth surface. It is interesting to note the well-matched crystal
size of both the (Ti,AI)N and AI2O3 layers shown as sample 2 in Fig. 3
indicating advantages with regard to adhesion in the interface structure as
compared to samples 1, 3, and 4.

Al2O3
700°C

TiAIN
600°C

AI2O
700°

3
C

TiAIN
500°C

AI2O3

500°C

TiAIN
600°C

Sample 1 Sample 2

1 6 2 4 1 2 1 5 K U X6 ,000 1!

AI2O3

500°C

TiAIN
500°C

V'^:>sm

:MM\
Sample 4

Fig. 3. SEM cross-sections of (Ti,AI)N/AI2O3 multilayer coatings on
cemented carbide substrates

XRD patterns of the typical crystalline and amorphous AI2O3 coatings,
respectively, are shown in Fig. 4. Both the a-AI2O3 and K-AI2O3 phase were
identified in the crystalline coatings deposited at higher substrate
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temperature. For the amorphous AI2O3 coating deposited at lower
temperature, no diffraction peaks were detected.
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Fig. 4. XRD pattern for a crystalline a/K-AI2O3 (top) and an amorphous AI2O3

coating (bottom)

3.1.4. Coating Adhesion

The adhesion of the coatings was evaluated using acoustic emission during
scratch tests. For the samples 1 to 4 shown in Fig. 3, the critical loads
obtained were 19 N, 12 N, 52 N, and 5 N, respectively. Deposition conditions,
coating thickness, structure, and intrinsic stresses are known to affect the
scratch test results. In general, adhesion may be further enhanced using
chemical, mechanical, or thermal pre-treatment of the uncoated cutting
inserts.

3.1.5. Biaxial Coating Stresses

For adhesion and formation of thermal fatigue cracks, the dependence of
stresses on the temperature is assumed to be crucial [7]. An example for this
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dependence of coating stresses is shown in Fig. 5 for the coatings used in
this work deposited onto silicon substrates as single layers. Because of the
low thermal expansion coefficient of silicon (3 x 10"6 K"1 [8]) with respect to
the coatings investigated, all coatings show biaxial stress close to zero or
even tensile stresses in the as-deposited condition. However, coating stress
can be assumed to shift to the advantageous compressive region for
cemented carbide substrates with higher thermal expansion coefficients (for
the cemented carbide used in this work, the thermal expansion coefficient
increases from 5.6 x 10"6 to 5.8 x 10~6 K"1 in the temperature range between
20 and 700°C [9]).
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Fig. 5. Dependence of the biaxial film stress on the temperature for different
coatings on silicon substrates

As the coating-substrate composite is heated, the tensile stress component is
relaxed and the system follows a thermoelastic line to increasing compressive
stresses. The lower mismatch in the thermal expansion coefficients of AI2O3

and Si with respect to that for the (Ti,AI)N/Si system is also visible by the
lower slope of the thermoelastic line for the AI2O3 coatings. Temperatures
exceeding the deposition temperature lead to a relaxation of the stress as a
result of recovery of coating defects [10]. In the case of extremely high
stresses (as observed for the (Ti,AI)N coating deposited at 600°C, solid
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circles in Fig. 5a), an apparent further increase of the coating stress for
increasing temperatures was observed which is attributed to softening of the
substrate (and thus coating stress relaxation by increasing substrate bending
[11]). During the cooling phase, tensile cracks may be formed in the coating
as a result of tensile stresses, leading to a lower slope in the curve.

In general, the stress-temperature curves reveal the beneficial effects of a
higher deposition temperature, as shown in the case of the AI2O3 coating
deposited at 700°C (solid circles in Fig. 5b). In this case, no recovery effect at
high temperatures and no tensile crack formation was observed.

3.2. Cutting Test Results

The cutting tests were carried out according to the test parameters
summarised in Fig. 2 and Table 2 using the coated samples shown in Fig. 3.
In Fig. 6 the flank wear of the coated EcoCut® inserts are plotted versus the
number of parts machined. The life time criteria was dictated by the wear
mechanisms occurring, i.e. substrate failures, chipping of the coating, and
flank wear.

0,25 r

0,00 *-
0

Sample 1
— D — Sample 2
—•— Sample 3
—•— Sample 4

10 15 20 25

number of parts

30 35

Fig. 6. Cutting test results obtained for the samples shown in Fig. 3 (for
details of the machined part see Fig. 2)

For sample 1, the shortest tool lifetime of 10 machined parts was obtained. A
very rapid wear progress was observed in this case. This was caused by
chipping of the whole multilayer coating from substrate and resulting damage
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of the cutting edge named as position 1 in Fig. 1. Sample 2 showed superior
wear resistance and tool life (more than 30 parts machined). For samples 3
and 4, a tool life of 25 parts was obtained. However, sample 4 showed a
faster wear progress compared to sample 3 due to lower coating thickness of
the AI2O3 layer.

3.3 Failure Analysis and Wear Mechanisms
As shown in Fig. 6, remarkable differences in the wear behaviour were
detected for the different samples. The wear mechanisms observed are
summarised in Fig. 7 and can be classified according to Table 3. The
classification refers to the failure mode observed on the cutting edge.

XCNT080403EN

Fig. 7. SEM micrographs of the wear mechanisms observed during cutting
tests using the samples shown in Fig. 3 (the number of parts
machined is given in Table 3)



M. Kathrein et al. HM98 737

15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

It is obvious, that higher deposition temperature of the AI2O3 coating has an
advantageous effect on the abrasion resistance. The dominating damage
mechanism of sample 1, i.e. failure of the interface between cemented
carbide and (Ti,AI)N coating seems to be in good agreement with the high
intrinsic compressive coating stresses (see Fig. 5, the intrinsic stress
component can be seen when the temperature reaches the deposition
temperature of 600°C for the (Ti,AI)N intermediate layer). Lower intrinsic
stress values (which can be assumed to be compressive if the curves shown
in Fig. 5 are shifted to the compressive region according to the higher thermal
expansion coefficient of the cemented carbide substrate compared to Si)
seem to be related to lower interfacial stresses and, consequently, less
pronounced interfacial failure. According to the Coffin-Manson relationship for
low cycle fatigue [12], where the plastic strain amplitude applied during
thermal cycling governs the number of cycles to failure, those coatings
showing the lowest compressive stresses have proven to perform in a
superior manner.

Table 3. Tool life limiting wear mechanisms and cutting performance of the
samples shown in Fig. 2 depending on deposition parameters

sample deposition
temperature
(Ti,AI)N/AI2O3

number of
parts
machined

dominating wear mechanisms

600°C/700°C 10 • interface failure (cemented
carbide/(Ti,AI)N)

• crack formation
• partial interface failure ((Ti,AI)N/AI2O3)
• significant abrasive wear of AI2O3

• partial interface failure ((Ti,AI)N/AI2O3)
500°C/500°C 25 • significant abrasive wear of AI2O3

• partial interface failure ((Ti,AI)N/AI2O3)
• partial interface failure (cemented

carbide/(Ti,AI)N)

2 500°C/700°C >30
3 600°C/500°C 25

4
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4. Conclusions

Hard coatings based on (Ti,AI)N/AI2O3 deposited by PACVD have proven to
increase the lifetime of cemented carbide cutting tools. Using the PACVD
technique, a direct deposition of hard coatings like TiN, Ti(C,N), (Ti,AI)N,
(Ti,AI)(C,N) and AI2O3 onto cemented carbide, cermet, and steel substrates is
possible. 700°C crystalline AI2O3 coatings could be deposited which show
excellent wear resistance. Coatings deposited at 500°C were amorphous.
(Ti,AI)N coatings deposited in the same run serve as highly suitable
intermediate layer.

In applications with severe cutting conditions, the lifetime of cemented
carbide inserts depends besides a variety of different mechanisms on the
toughness of the substrate material and the coating properties as well.
Cracking of substrates and coatings has been considered to be caused by
higher stresses induced by higher deposition temperatures. The tool life
limiting wear mechanisms of crack formation in the substrate material,
abrasion and chipping due to adhesion problems are determining the tool
performance.

Although the properties of (Ti,AI)N/AI2O3 multilayers are not known sufficiently
well until now, biaxial stress measurements of the individual single layers
seems to be an appropriate additional method to characterize and improve
the required coating properties.
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Summary

Carbide cutting tools with wear-resistant coatings deposited by CVD process
are widely employed in mechanical engineering to ensure a substantially
longer service life of tool systems. However, the relatively high temperature
and long time of the process make the substrate decarburise and, as a result,
the bend strength and performance characteristics of a tool decrease. The
present study suggests the problem of deteriorated strength of CVD-coated
carbide tools be solved by the development of a technology that combines
arc-PVD and CVD processes to deposit multilayered coatings of titanium and
aluminium compounds.

Key words

Supermultilayered coating, combined arc-PVD/CVD technology, tool life

1. Introduction

The recent years saw substantial progress in the improvement of surface
properties of tool materials and efficiency and reliability of a wide range of
high-speed steel carbide and ceramic cutting tools by various methods of
deposition of wear-resistant coatings. With perfected equipment and
processes to synthesise the coatings it becomes possible to lay down
concepts on the impact of modified surface on a set of properties that define
operational performance of cutting tools. Rated among this are hardness,
heat resistance, adhesion to a workpiece material, corrosion and oxidation
resistance at elevated temperatures, resistance to mechanical and thermal
cycling. Service life of cutting tools with wear-resistant coatings depends on
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coating's composition, thickness and number of layers as well as on a
synthesis technology.
Present-day technologies are capable of depositing multilayered coatings
composed by single, dual and triple compounds of groups IV, V and VI of the
periodic system (carbides, nitrides, borides, oxides and their mixtures. Each
layer can be made as thin as several nanometres, which allows, in theory, to
make it almost defect-free. This way "ideal" properties of a material, in
particular, "theoretical strength" could be realised, and multilayered coating
should result in the utmost of efficiency and reliability of cutting tools. This
makes the tools with coats of this kind instrumental in solving a number of
problems for a gamut of cutting operations: improving production rate,
precision and quality of machining; reducing the consumption of costly tool
materials; implementing environmentally safe cutting with no resort to cutting
fluid.

2. A survey of trends in the development of processes to coat carbide
tools.

At the present time, chemical (CVD) and physical (PVD) synthesis of coatings
are prevalent world-wide in tool-making practice.
CVD processes make use of heterogeneous thermochemical reactions that
lead to adsorption and chemosorption with the ensuing coat-comprising
compounds being formed in the vapour-gas environment and on the tool's
working faces alike /1,2/. The starting materials are gaseous halogens of
metals, MeG of which the interaction with other compounds of gas mixtures
(H2, N2, CH3, Ar) accounts for the synthesis of a coating.
Properties, structure and quality of a coatings depend on CVD processing
variables, among which most important are a time and a temperature of
deposition, composition and reactants' content in a vapour-gas medium, as
well as a pressure and a flow rate of this. Subject to these variables are
structure, phase composition, presence of defects in a coatings, its
adherence to a substrate and, therefore, its basic properties. The adhesion
strength also strongly depends on the crystallochemical similitude of a
coating being deposited and a substrate. As a result, on working faces of a
tool a coating is formed that posesses high strength and homogeneity; strong
adhesion to substrate; uniform thickness, even on faces of complex shape.
However, CVD processes do not often comply with the environmental safety
standards, run at high temperatures (800 °C - 1500 °C) and take long times.
The latter results in a brittle rj-phase, W3Co3C on coating-substrate and grain-
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binder interfaces in carbide, which makes the material's strength decrease for
20% - 30% (1,2) and, in the case of WC-Co substrates, is due to reactions:
(x - 2)Me + xWC + yCo -> (x - 2)MeC + W3Co3C.
Besides, characteristic of CVD processes is strong dependence of a coating's
quality on a substrate's substructure, because nucleation of condensation
sites and growth of coatings display pronounced epitaxy /1,7,8/. In particular,
when coatings of TiC-type are being formed on carbide substrates (e.g. WC-
Co), condensation nuclei of a coating only arise on cobalt grains because
these display a maximum of crystallographic fit. As a consequence, after the
coat coalescence completed, straight above carbide grains pores could be
formed which proved to be quality-deteriorating defects in coated carbide
/7,8/. Therefore in manufacture of these considerable attention is being paid
to the grain structure of carbide, which, in particular, is manifested by the
employment of fine and ultrafine structures to make pores less likely. In order
to check ebrittlement due to r|-phase on coat-substrate interfaces, the surface
of a substrate is being saturated with carbon prior to coating. Still, there is no
adequate solution to the problem of deteriorated strength of carbide inserts
after CVD-coating.
PVD processes are essentially generation of matter in an evacuated chamber
with reactant gases (N2, O2, CH4, etc.) admitted into it. Particular PVD-
technologies differs in the way of matter generation, the extent of ionisation of
a vapour-gas stream, the design and operational parameters of installations.
Most common in tool-making practice are low-voltage vacuum-arc
evaporation systems known as Ion Bond (CIB) systems.
In CIB-processes, matter is generated by the cathode spot of a vacuum-arc of
high-current low-voltage discharge within the confines of a stream of
vaporised cathode material. The enter of reactant gases (N2, O2, CH4, etc.)
into vacuum space are thus assisted by ion bombardment and triggers
plasmochemical reactions of the type: Me+ + N+^MexNy (in the case of
nitrides), which result in coating of working faces of a tool. Arc-evaporation,
plasmochemical reactions, ion bombardment and coating processes operate
in a vacuum chamber of which the metal case acts as anode.
Characteristic of CIB processes is high reactivity of vaporised media that
comprise a highly ionised low-temperature plasma beam (the ionisation
degree can be as high as 90% - 95%). A substrate and a deposit undergo
intensive bombardment with ions of vaporised metal, which, leads to the
surface layers of substrate being partially sputtered and the temperature in a
coating zone raised. As a result, atomic mobility on a substrate's surface is
intensified, a deposited condensate is further activated, and strong adhesive
bonds are formed between a coat and a substrate.
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For CIB processes, of extreme importance are ion-jet density and ion energy
during bombardment of a substrate and subsequent coating. The kinetic
energy of an ion colliding with a substrate's surface, Wj, is determined by the
atomic structure of a substrate, the accelerating voltage U|B applied to
this, and the ion charge ratio, eZ, Wj = W|0 + eZU|B, where W|0 - energy
of ions leaving an evaporator. Subject to exposure time, the energy of ions
determines the temperature on a tool's working faces which is of
importance for proper thermal activation of a substrate's surface before
coating and for the plasmochemical reaction to end in thermodinamically
stable, stoichiometric refractory compounds /1,12/.
CIB processes display high production rate, tens of times that of CVD
processes which is achieved by the highly ionised beam being accelerated by
setting a negative (relative to a chamber's case) potential on a substrate, or
by the stream density and homogeneity being enhanced with plasma-optical
magnetic systems. One more advantage is that IB processes are
environmentally safe.
However, CIB processes have limitations of their own largely due to a micro-
droplet constituent of a vapour-ion beam which is most pronounced for metals
with relatively low atomic weight and density (Ti, Al, Cr, a.o.). Micro-droplets
constitute a coating's structural defect that is most hazardous when located
on a substrate-coating interface or on a coating's surface and thereby
deteriorate operational performance of a tool /1,11,12/. Besides, in
conventional CIB schemes the processes of thermal activation and cleaning
of a tool prior to coating are not separated which, on one hand, may lead to a
tool's cutting edges being eroded and on the other, results in severely
downgraded surface finish of a coating caused by micro-arcs.
Summarily, both CVD and PVD processes still need further development and
perfection. And alternative could also be sought in the development of novel
processes that should be incorporating the advantages of both.

3. Development of coated carbide tools with improved performance.

Two ways of perfecting carbides with wear-resistant coatings have been tried.
One was selection of optimum composition and "architecture" of a coating as
well as process variables of a deposition technology that incorporate both
chemical and physical methods, whilst the other addressed a carbides of
which the structure and properties should comply with the optimum
coating conditions and thus result in enhanced cutting performance of a
carbide-coating composite.
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To make less likely deterioration of a carbides's strength during coating,
caused by decarburising, it has been suggested that a barrier layer should
first be deposited with an arc-PVD process and only then the main wear-
resistant coatings applied by means of specifically designed CVD-processes.
Such a strategy resulted in a coating that consists of a thin underlayer of
complex composition and a wear-resistant upper layer. The barrier was
intended to arrest interdiffusion between a substrate and a coating, and
thereby ensuring decarburising, r|-phase formation and embrittlement of a
substrate. Besides, the CIB (arc-PVD) processes, employed to deposit an
underlayer, also provided for a coating/substrate transitional zone with
substantially fewer defects. The upper coating was aimed at the utmost of
wear resistance.
To make less likely surface defects inherent to CVD coatings, another
sequence of operations have been employed. After deposition of CVD layers,
these were first treated with a 1.5 keV metal (e.g. Ti+) plasma beam (ion
bombardment) to eliminate stress concentrators (relief peaks, defective layers
of a hardmetal and the like), and the CIB-coated.
A further problem to be solved was selection of a coating's structure and
"architecture". Properties were reviewed for several refractory compounds
that qualify as wear-resistant coatings on cutting tools, on thermodynamic
grounds. A concept was posited of a coating as "technological intermediary"
between a tool and a machining materials of which the role is to
simultaneously improve the wear resistance of the contact areas and lower
the wear-inducing thermomechanical stresses in a tool IM. Proceeding from
the above, a single-layer coating does not seem to comply with the
requirements of wear resistance and, therefore, the efforts were largely
concentrated on the development of many-layered coatings with varied
compositions and properties, to reach the utmost of operational performance
of hardmetal tools, especially those intended for severe and intermittent
machining.
The study has been conducted in two stages. At the first, to verify the above
concepts, at issue was improving the wear resistance of conventional grades
with various combinations of multi-purpose layers in a multilayered coating,
which were synthesised by a combination of arc-PVD and CVD processes. At
the second stage hardmetal substrates were specifically designed to fit best
for coating, and the "architecture" of a coating comprised many-layered
andmulti-layered structures of compounds TiC - TiCN-TiN and TiC-AI2O3 with
thin (0.15 (im - 0.2 urn) interlayers of TiN and TiC (CVD processes) and on
the base Ti-AI-N compounds (arc-PVD processes). To synthesise multi-
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layered composite coatings, novel equipment and technologies have been
designed.
Under study were the properties of conventional carbides grades (T5K10,
BK6) with wear-resistant multi-layered coatings TiN - (TiC, TiCN, TiN) (arc
PVD/CVD) and (TiC, TiCN, TiN) - TiN (CVD/arc PVD). Tested parameters
comprise structure and phase composition, bend strength and its variance,
operational performance in longitudinal turning of steel 45 HB 200. Following
are some results of the first stage.
A carbide's strength is of most importance in assessing the ability of a tool's
contact areas to resist micro-and-macro failure. Simple bend tests were
carried out on a 5 mm x 5 mm x 35 mm bars with a coating on the side
exposed to tensile stresses. This kind of test was considered as closest to
actual stress state in an operating tool and allowing to disclose structural
effects.
The results were processed in terms of Veibull theory of brittle fracture based
on Veibull-Gnedenko assymptotic distribution of empirical data (Table 1).

Table 1.

BEND STRENGTH (cb) AND STRENGTH UNIFORMITY FACTOR (m) FOR
5%TiC - 85%WC - 10%Co (T5K10) HARDMETAL WITH MULTILAYERED

COATINGS

Material

Gb(in MPa)
m

T5K10*

1320
3.8

T5K10-
(TiC, TiCN, TiN)

(CVD)

1100
3.6

T5K10-
TiN

(PVD)

1330
4.8

T5K10-
TiN (PVD)-
(TiC, TiCN,

TiN)
(CVD)
1330
4.8

T5K10-
(TiC, TiCN,

TiN)
(CVD) - TiN

(PVD)
1150
4.0

As seen in Table 1, combined arc-PVD/CVD coating has left the strength of a
carbide substrate almost intact and even imparted substantial uniformity to its
empirical values. The most uniform in this respect were specimens with coats
of TiN (arc PVD) - (TiC, TiCN, TiN) (CVD) and TiN (arc PVD) that displayed
the highest value of Veibull factor m = 4.8 whilst the sequence (TiC, TiCN,
TiN) (CVD) - TiN (PVD) resulted in a somewhat lower value.
The results appear consistent with the above suggested surface remedial
action of CIB beams with energies of up to 1.5 KeV.



746 HM99 V.N. Glushkov et al.
15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

Cutting performance of hardmetals with complex multilayered coats has been
tested by longitudinal turning of 45 HB 200 steel blanks of a 160 mm diameter
and 400 mm long. The reliability of tests was secured by statistical processing
of the results and employment of semifinish cutting, to reduce stochastic
spread in values of tool life (Fig. 1).

200 —

, - , " 5 . .
W:orfcplece:C 4-5: -
Cutting parameters:
f 1 0,3 mm/rey; aD

a2.

50

40

CD H

60 100 200 V

Cutting speed, m/m in

1,6 - T5K10; 2.7 - T5K10-TIN (arc-PVD); 3,8 - T5K1 0-(TiC,TiCN,TiN)(C VD ); 4,9
- T5K10 - TiN (arc-PVD)-(TiC,TiCN,TiN)(CVD); 5,10 - T5K10 -
(TiN,TiCN,TiN)(CVD)- TiN (arc-PVD)

Figure 1. Tool life values of carbide with various combinations of coatings

The T5K10 inserts with TiN (PVD) - (TiC, TiCN, TiN) (CVD) and (TiC, TiCN,
TiN) (CVD) - TiN (PVD) coatings (4 and 5 in Fig. 1) display only a slightly
improved service life whilst a spread of its values (7 and 8 in Fig. 1) is
substantially reduced. The highest stability is imparted to the cutting
performance by TiN (PVD) - (TiC, TiCN, TiN) (CVD) coatings with an CIB
synthesised TiN interlayer. The tool life data are consistent with those of
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strength tests (Table 1). A composite coating of TiN (PVD) - (TiC, TiCN, TiN)
(CVD) also ensured the highest stability of strength.
At the second stage, the substrates were carbide grades specifically adapted
for wear resistant coating.
The properties of a substrate grade BK8HC used in the study are shown in
Table 2.

Table 2.

TYPICAL PROPERTIES OF BK8HC CARBIDES

HRA

90.5

F
(HRA),

%

0.12

He,
kA/m

14.2

F (He),
%

2.47

Ob,
MPa

2165

F(0b),
%

5.2

w,
wt%

16.5

Porosity

A -0 .04

The other substrate was a titanium-tantalum carbide grade BT-141 of GUP
VNIITS make, intended for ISO P30-P40 application.
The objective of multilayer coating was considered as follows. Subject to the
features of a deposition process, either on a substrate or on an underlying
layer crystals are being nucleated, e.g. TiC crystals on a hardmetal surface.
The crystal lattice of TiC in a certain position is easy to match the lattice of
cobalt and almost incompatible with WC lattice. Therefore, the nucleation and
epitaxical growth of TiC crystals should largely occur on a cobalt binder
surrounding WC grains.
The values of TiC lattice size, a TiC and residual stresses are a function of a
deposit's thickness and substrate's composition. The studies have shown that
a TiC had been growing up to 4 nm and no further increase occurred when
the growth of a layer proceeded. The latter, however, was accompanied by
directional growth of TiC crystals, normal to a substrate's surface. This
tendency was found more pronounced for TiN layers. Columnar structures
thus formed are uncalled for, because of the low wear resistance.
Several methods have been developed to prevent columnar growth. Most
effective proved intermittent deposition of ultrathin (100 nm - 1000 nm) layers
of compounds that are close to a main layer in terms of composition but differ
in a lattice size for over 20%. As a result, columnar crystals stopped growing
whilst nucleation of condensation sites and growth of a layer started anew. In
selecting the interlayers, provision was made to enhance the overall wear
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resistance of a multilayered coating with compressive residual stress being
created in a layer.
Special attention has been paid to the perfection of equipment for CIB coating
and elimination of the above mentioned drawbacks inherent to vacuum-arc
coating process /9, 10/. The schematic drawing of developed arc-PVD
installation is shown in figure 2.

Source of electrical power supply for
separator

Vacuummeter p-H Temperature controi system

Gas mixer system
(N2, CxNx, Ar)

Heating and cooling system
for vacuum chamber

Source of DC and impuls power supply for the tools

Figure 2. Schematic drawing of a vacuum-arc unit for combined ion plasma
surface processing (CIPP) of cutting tools

The installation is equipped with a device to inject an electronic constituent
into a chamber which allows to separate cleaning and thermal activation
operations and also to select optimum variables of these, irrespective of a
charge size in a chamber /12/. The enhanced gas ionising also promotes the
coating. The installation's equipment includes a high-voltage pulse source of
ions, dynamic gas mixer and a device to separate the droplet constituent of a
ion's flow.
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The droplet separator's (Fig. 3) role is manifold. A droplet constituent can be
separated by deflecting the charged particles with a strong magnetic field

no/.
The separator can also act as an accelerator for plasma beam, a source of
electrons for thermal activation of a tool and a source of high-energy ions of a
metal (e.g. titanium) to ensure efficient modifying treatment of a carbide's
surface. Thus the installation's design provides for suppression of
microareas, feeding gas mixtures of highly precise compositions, almost
complete elimination of hazardous droplet defects in a coating.
The coatings have been deposited on inserts in the updated ion-vacuum
installation (Fig. 2) with three cathodes, two of which were conventional
evaporators with an electromagnetically stabilised cathode spot and plasma-
optically focussed plasma beam, and one was equipped with a separation-
acceleration system (Fig. 3).

Beam of charge carriers Chamber
(ions) w a N

Separator

Shielding bars

Path of non-
charged particles

Evaporator

Figure 3. Schematic drawing of a separator devices

Carbide inserts were fed into the unit chamber on a rotary table intended to
move a charge in a plasma gas beam. Residual gas pressure in a chamber
was adjusted with a vacuum pumping system and automatic bleed-in control,
the temperature of inserts was monitored by a pyrometric system "Smotrich-
7" in a working temperature range of 150 °C - 900 °C, a wavelength range of
1.8 |im - 3.8 urn, and with a slight-on factor of 1:500 and measuring time of
less than 0.025c.
According to the quantative surface analysis of (Ti, AI)N coatings, the Ti/AI
ratio is strongly dependent on the synthesis variables (Table 3) especially on
a substrate bias voltage, Uc, a working gas pressure, PN, and Ti evaporating
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are current, lTj. In particular, when lTi rises from 40A to 80A, Ti content falls
from 21.3 wt % to 18.4 wt %, and Al content, from 44.1 wt % to 40.4 wt %.

Table 3.

COMPOSITION AND MICROHARDNESS OF (Ti, AI)N COATING AS A
FUNCTION OF PROCESS VARIABLES

h, A

40
80
60

PN,Pa

1x10"1

1x10"1

1x10"1

Uc, V

75
75
75

Ti, wt%

21.3
38.3
18.4

Al, wt%

44.7
33.0
40.4

N, wt%

34.0
28.5
26.3

GPa
2.370
2.462
2.473

The charges in the contents of a coating's components have pronouncedly
influenced its properties (hardness, composition) with the cathode's
composition being unaltered during the synthesis of a coating. In turn, the
performance of tools equipped with the coated carbide inserts could also be
strongly affected.
The improved CIB processes have been implemented on the developed (Fig.
2 and 3) and in this way a novel technology to manufacture multilayered
coatings was created. Shown in Fig. 4 is a structure of a multilayered coating
with each layer being as thin as 20 nm. The stratified structure comprises
alternating dark (Ti, Al) and light Al-rich layers.

Figure 4. SEM micrograph of (Ti, AI)N multilayered coat
(courtesy of A. Panskov)
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To certify carbide inserts with multilayered coatings of compositions
deposited by a novel integrated arc PVD-CVD process, the cutting
performance was tested. Under study were many-layered coatings (TiC,
TiCN, TiN), CVD; a multilayered coatings on the base of Ti - C - N system,
CVD; a supermultilayered coating based on Ti - C - N (CVD) - Ti - Al - N
(arc PVD) combination. The coatings with a thickness of 9 |im - 10 jim were
uppiied to BK8 HC and BT-141 carbide substrates. The tests were carried out
and 600 mm long, with SNUN (ISO 120408) inserts. With a square insert
clamped in a holder (GOST 20872-80 and GOST 19058-80), the cutting
geometry of a tool was: y = -10°; a = 6° - 8°; ty = (j)i = 45°; X = 0°. The results
are in part reviewed in Fig. 5 and could serve as a proof of advantages
offered by the carbide inserts with the coatings of novel compositions.

JxlO"4,
mm/m

6 —

c

(0

2 _

—

6,1

•

—

Cutting tool: inserts SNUN
Tool geometry; 7= - 7°; OF 6-8°
; cp=<pi= 45°; X= 0°.
workpiece: C45 HB 200;
Cutting parameters:
v-200 m/min; f-0,2 mm/rev;
a= 1,0 mm.
Dry cutting

0,76
0.63

| " • "

0,49

1 - control carbide; 2 - (TiCJiCN.TiN) CVD; 3 -supermult. (TiCN) CVD;
4 - supermult. (TiCN) CVD - (TiAIN) - arc-PVD

Figure 5. Wear intensity for varies coated carbide turning tools.



752 HM99 V.N. Glushkov et al.
15-' International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

4. Conclusion:

Novel compositions have been elaborated for multilayered coatings
synthesised by a combination of CVD and arc PVD deposition processes.
The tools equipped with carbide inserts having the supermultilayered coatings
not only displayed improved cutting performance but also were highly reliable
and, therefore, can be recommended for application in high speed automated
operations, severe cutting conditions, interrupted cutting and, in a number of
conditions, for cutting of hardmachining materials.
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Summary:

Cubic boron nitride coatings are under development for a variety of
applications but stabilization of the pure cBN form and adhesion of films
deposited by PVD and ion-based methods has been difficult. An alternative
method for depositing a composite cBN-TiN film has been developed for wear
related applications. The coating is deposited in a two-stage process utilizing
ESC (electrostatic spray coating) and CVI (chemical vapor infiltration). Fully
dense films of cBN particles evenly dispersed in a continuous TiN matrix have
been developed. Testing in metal cutting has shown an increase in tool life
(turning - 4340 steel) of three to seven times, depending on machining
parameters, in comparison with CVD deposited TiN films.

Keywords:

Cubic boron nitride, cBN, titanium nitride, TiN, electrostatic spray coating,
ESC, chemical vapor infiltration, CVI, composite coating

1. Introduction:
Diamond is the hardest known material and likewise the hardest material
used in the cutting tool industry. However, since carbon is soluble in iron,
diamond does not hold up well in applications on ferrous materials where
significant cutting temperatures are generated. Cubic boron nitride (cBN),
known as the second hardest material, has good thermal stability and
chemical inertness with respect to ferrous materials. Currently, cBN is being
used in it's bulk form as tool insert bodies or as brazed segments in
combination with tool bodies, usually WC-Co. A number of technical groups
around the world are also working on developing a cBN coating much in the
way that diamond coatings have been developed for cutting tools in recent
years.12 Such coatings on cemented carbide substrates would provide the
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hardness and chemical resistance of cBN in combination with the toughness
of a cemented carbide body.

Cubic boron nitride cutting tools are currently manufactured using
conventional high pressure/high temperature forming technology. The
resulting polycrystalline cBN (PCBN) compacts, due to their structural rigidity
and limitations of the forming methods, cannot be manufactured in complex
geometries such as chip-breaking cutting tools, rotary tools and other shapes.
Cubic boron nitride coating technology would allow the incorporation of such
complex shapes provided the coating technique is flexible enough. Such
coated tools would be a significant product for surface finishing applications in
the ferrous metal machining industry and would complement the PCBN
compact tools used for coarse machining.

Most groups working on cBN film deposition employ either high energy
plasma or ion bombardment to create stabilization of the cubic phase relative
to the hexagonal or amorphous phases that are more thermodynamically
stable but do not have the hardness of cBN.3 These methods, although
resulting in the formation of very thin films (< 1 ^im), of cBN have so far not
demonstrated the capability to form cBN independent of the other phases.4

Invariably, amorphous and/or hexagonal phase cBN forms first on the
substrate before the cBN phase can be stabilized.5'6 Another problem is the
high intrinsic compressive stress associated with the cBN film when formed
by these methods.7'8'9 These stresses can overwhelm the adhesive bonds
between the coating and the substrate leading to delamination and severely
limits the functional thickness of these films.

Today the major roadblock to the realization of cBN coated cutting tools is the
inability of conventional vapor deposition techniques to coat the cBN phase
and at useful thicknesses. The challenges in the growth process are:

1) excess compressive stress
2) homogeneous phase synthesis
3) uniform stoichiometry control
4) thick coatings (> 1 ^m)
5) adhesion with substrate
6) phase stabilization on different substrates

These issues are magnified when considering manufacturing on an industrial
scale.
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To overcome these problems, we feel the coating community will have to
develop cBN films in combination with other coatings to resolve the phase
stability and intrinsic stress issues. The result will be composite films with
physical properties dependent on the material makeup of the system.

The approach reported here is an alternative method to reach the same end
of a composite film containing cBN. Instead of attempting to grow cBN from
the vapor phase, however, we start with fine sub-micron cBN powder and
apply it as a coating. We then use modified conventional coating methods to
fix the cBN particles in a matrix and bind them with excellent adhesion to the
substrate.

2. Experimental Approach:

This project deals with the development of a novel hybrid technology
involving electrostatic spray coating (ESC)10'11 followed by chemical vapor
infiltration (CVI).12 This NSF supported GOALI program has been a
collaboration between the Materials and Manufacturing Research
Laboratories (MRL), University of Arkansas and the Materials Research and
Development (MRD) division of Valenite.

Spray Gun

Gun electrode

/^ -.

Powder / • » " • - , " / - . . --._

& A i r i , • , ' - ' • , ' • ' - > • . "

supply ; \ \ \ '•-.
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Fig. 1: Schematic of ESC process.

In the electrostatic spray coating (ESC) process the powder particles are
generally electrically insulating in nature and can carry the static charge over
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a distance of a few tens of centimeters. The electrostatic charge is generated
on the powder particles (cBN) which are fed into an electrostatic spray gun
that typically generates a charge of a few tens of kilovolts. When ejected
from the spray gun the positively charged powder particles follow the electric
field lines toward the grounded objects (substrates) and coats them (Fig. 1).

Electrostatic spray coating process variables were optimized using a matrix of
experiments as described in Yedave et al.13 On the surface of a tool the cBN
particles deposited by ESC have the appearance in cross section as shown in
Figure 2.

cBN

Fig. 2: SEM cross-section of ESC deposited cBN (1500X).

There is no issue with particles stacking on top of one another and as shown
in Fig. 2, they do so very uniformly so that a surprisingly smooth layer of
particles can be deposited across the surface of the tool. However, these
particles are only loosely bound (van der Waals forces) to each other and to
the substrate.

Chemical vapor infiltration (CVI) is a process that is used to convert the ESC
treated surface into a hard composite coating, strongly bound to the substrate
surface. This process is used in many applications in various industries but
was developed by Valenite MRD for this application. CVI is closely related to
chemical vapor deposition (CVD) and the same equipment is used for each
process. The deposition of titanium nitride (TiN) is controlled in CVI in such a
way that the TiN coating grows on the individual cBN particles and substrate
uniformly throughout the depth of the ESC layer. This can be done by
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manipulating CVD parameters for the deposition of TiN so that the rate of
diffusion of the reactants, TiCI4, H2 and N2, is faster than the rate of growth of
the TiN layer. In other words, the reactant diffusion rate must be faster than
the rate of formation of the products, TiN and HCI. This can be accomplished
by slowing down the reaction:

2TiCI4 + 4H2 + N2 -» 2TiN + 8HCI (1)

It is well known that this reaction is surface reaction rate controlled and that
the kinetics are temperature sensitive. However, it is difficult to slow the
reaction down, by reducing temperature uniformly in a large reactor vessel.
Instead, an alternative chemical approach was used in which one of the
products, HCI, was added along with the reactants to shift the kinetics of the
reaction toward the reactants. This proved to be very effective in slowing the
reaction uniformly to a desired rate. As a result, all the void space existing in
the ESC coating was filled 100% with TiN coating. TiN is also a good choice
in that it contacts or "wets" the surfaces of the cBN particles extremely well
leaving no apparent gaps or porosity. It is well documented that CVD-TiN
coatings have excellent adhesion when appropriately applied to WC-Co
surfaces. The contact between the cBN and TiN phases is very important in
that the TiN matrix must effectively hold the cBN in place during metal cutting
so that the cBN phase can be functional. Also, of course, the whole
composite coating system must be securely bound to the substrate surface to
function. Other CVD-based coatings can likewise be used to create other
composite coating systems with varying material properties. Once the CVI
process is complete the tools can be handled.

A cross section of a cBN-ESC followed by TiN-CVI treated tool is shown in
Figure 3. Notice the uniform dispersion of cBN particles and complete
penetration of the TiN phase. Also notice that the TiN coating can be
continued once the pore volume filling is complete to essentially establish a
pure TiN layer on top of the composite layer. This can be useful for reducing
roughness caused by the conformality of the coating on the cBN particles.

Since both ESC and CVI are not line-of-sight processes, they can be
combined to coat parts of complex shape, geometry or multiple faced tools.
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Fig. 3: Cross-section of TiN infiltrated cBN coating.

3. Testing and EEvaluation:

Composite cBN-TiN coated WC-Co tools were tested for coating uniformity,
adhesion and in the machining of steel. Adjustments to the ESC process
were primarily responsible for improving uniformity as development
progressed. The result is a continuous coating as shown in Figure 3. There
is some roughness as compared with normal CVD coatings due to the
presence of the cBN particles, which have an average diameter of
approximately one micron or less. Particles in clusters are actually separated
due to the growth of TiN around the individual particles. However, the system
of particles becomes fixed in place as the growing TiN coatings link and
become a continuous matrix and the gaps are filled in. The degree of
roughness can be reduced, as mentioned above, by coating above the range
ofthecBN.

Adhesion was measured using a CSEM Revetest® automatic scratch tester
fitted with an 80° diamond. Lateral table speed used was 10 mm per minute
and the force application rate was 100 newtons per minute. Acoustic
response curves were generated for a composite coating and a pure TiN
coating. The critical load was the same for both coatings indicating that the
presence of cBN particles at the tool surface does not have a deletereous
effect on the bond that is established between the TiN coating and the
substrate. Contact surface area is not even reduced since the TiN grows
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uniformly all the way around the cBN particles, lifting them slightly from the
tool surface until they become fixed in place by the TiN matrix. This results in
100% contact between the TiN and WC-Co phases with no contact between
WC-Co and cBN. This is the ideal situation for maximizing adhesion since it
parallels that of the pure TiN coating. Also, no cohesive failure was observed
within the coating as a result of the scratch test. This indicates good bonding
within the coating and most notably between the TiN and cBN phases.

For machine testing we decided to apply the coating in a turning operation
(4340 steel, Re 28-30, 600 sfm, 0.010 ipr, 0.08" DOC, CNGA432, dry). A
typical 6% cobalt substrate grade was utilized. A pure TiN film was used to
benchmark performance. The results are shown in Figures 4, 5 and 6.

Although the composite coatings were rougher than their TiN counterparts,
the starting point and progression of wear was consistantly significantly lower
for the composite tools. These and other similar tests indicated that
composite inserts had tool lives in the range of three to seven times that of
regular CVD TiN coated tools. When we studied the wear areas we observed
that the cBN particles were being held rigidly in place by the TiN matrix even
where wear was most severe. The SEM photo in Figure 7 shows an area
that has been subjected to abrasive wear. The cBN particles are the small
dark spots distributed evenly throughout. Notice that the particles, although
exposed on the wear surface are still held in place by the TiN matrix and that
wear is occuring evenly across this area. This indicates that the TiN is doing
its job in holding the cBN in place and to the surface of the tool while the cBN
is doing its job as evidenced by the wear progression graphs shown in the
following figures.

We have demonstrated this kind of performance both with flat inserts and with
tools designed with chipbreakers. Chipbreakers are not an option with
traditional PCBN tools.
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Fig. 4: Flank wear, Turning 4340 Steel, Re 28-30 (600 sfm, 0.010 ipr, 0.08 in. DOC,
CNGA432, dry machining)
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Fig. 5: Flank wear, Turning 4340 Steel, Re 28-30 (600 sfm, 0.010 ipr, 0.08 in. DOC,
CNGA432, dry machining)
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Fig. 6: Nose wear, Turning 4340 Steel, Re 28-30 (600 sfm, 0.010 ipr, 0.08 in. DOC,
CNGA432, dry machining)

Fig. 7: SEM micrograph of wear zone in cBN-TiN coating. Dark particles are cBN in a TiN
(gray) matrix (1000X).
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3.1 Future Testing:
The next step will be to benchmark against PCBN tools. PCBN also contains
a binder material, a good percentage of which is also usually TiN. However,
the cBN/TiN ratio is lower (30-45% cBN) for our coating than it is for the
PCBN systems.

We also plan to test against other CVD coatings since the comparison with
TiN is so dramatic. Normally, a tool life improvement of this magnitude (3-7
times) is not observed through design improvements of CVD coatings.

4. Technology Application:
What is the application range for cBN-TiN composite coated carbide relative
to standard coated carbide, ceramic and cBN tools? Not enough testing has
been done to answer this question precisely but we do know enough based
on physical properties and tests measured so far to make estimations. We
anticipate that a standard speed and feed diagram for these products will look
approximately like the graph shown in Figure 8.

Feed
Coated
Carbide

CBN
-TiN

AI2O3-
TiC
Ceramic
/
/

/
CBN
tools

Speed

Fig. 8: Feed/speed diagram of anticipated performance range for composite cBN-TiN films
on cemented carbide tools.

CBN composite tools will likely essentailly overlap coated carbide tools as
they are known today, but also extend further into high speed areas where
ceramics are used. There will be limitations at higher speeds (finer cuts) on
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materials above 55 Rockwell "C" hardness where pure ceramic tools will still
have to be used. Composite coatings will be able to be used in applications
where improved wear resistance is needed (nose and flank wear) above that
offered by CVD coatings.

Composite cBN-TiN coatings will be able to be used in place of ceramic or
cBN tools where a combination of toughness and hardness is required.
Coated carbide does not have sufficient wear resistance and ceramics are
too brittle. Also, since the coating can be applied to chipbreaker forms, it can
be used in combination with tool geometries that are not available with
ceramic tools to help control chip formation and cutting forces.

Cubic boron nitride business worldwide is about $160 M (US). About half of
this is in the automotive sector. The growth rate for cBN tools has been 14%
per year.

In the area of hard turning, where turning operations are substituted for
grinding, about half the market would benefit from chipbreaking technology
although right now this is currently unavailable. Cut this in half again for the
market that would be addressable with this technology.

Abrasive metal machining will also be addressed with this technology. Using
positive tool designs, also currently unavailable, would be advantageous.

5. Summary:

Cubic boron nitride based composite coatings have been developed by
combining the techniques of ESC and CVI. ESC is used to deposit a uniform
layer of <1u.m diameter cBN particles on a tool surface. CVI is subsequently
used to fix the particles in place and to the tool surface. TiN is the matrix
coating that has been used but other CVD coatings can be applied (TiC,
TiCN, AI2O3). In the current state of the technology the composite coatings
have been shown to have good uniformity, except for micro-roughness
associated with the cBN particles, good adhesion and improved machining
performance in steel turning relative to pure CVD-TiN coatings. Potential
application areas are hard turning, abrasive metal machining and other areas
where CVD coatings do not currently supply enough abrasive wear resistance
or where cBN and ceramic tools are too brittle or do not allow significant chip
control or control of cutting forces.
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Summary

PVD coatings offer a wide variety of applications. The focal point of this work
is the development of an advanced type of PVD-hardcoating which allows
machining with environmentally compatible lubricants. Representative
examples for the investigations are the tribological systems "turning of
quenched and tempered steel 42CrMo4 V" and "austenitic stainless steel
XôCrNiiS-IO". Ti-Hf-Cr-N and TiAIN/AI2O3 were deposited by AIP- and
H.I.S.™ - process respectively. These coating systems showed best results
concerning oxidation wear and abrasive wear in former investigations. This
was necessary because main cutting-edge life criterias are oxidation wear
and abrasive wear at the minor cutting edge. Consequently, a high oxidation
stability and a high hardness at high temperatures are required.

Keywords
TiHf, Hafnium, TiHfCrN, TiAIN, AI2O3, Tribooxidation, Drehen

1 Problemstellung

Eine gesteigerte Umweltverträglichkeit der Fertigungsprozesse läßt sich
durch verschiedene Strategien erreichen. Alternativen bestehen in der
Trockenbearbeitung, im Einsatz der Minimalmengenkühlschmierung oder,
wenn beides aus technologischen oder ökonomischen Gründen nicht möglich
ist, in der Verwendung nichtwassermischbarer, biologisch schnell abbaubarer
Kühlschmierstoffe (NWBA-KSS). Anhand des modellhaft ausgewählten
Verfahrens Drehen von zwei repräsentativen Stahlwerkstoffen (X5CrNi 18-10
und 42CrMo4V) wurde das Einsatzverhalten eines NWBA-KSS untersucht,
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der der Gruppe der synthetischen Ester angehört. Ziel war, die mit dem
Übergang von der Emulsionskühlung auf NWBA-KSS auf der einen und dem
zusätzlichen ökotoxikologisch gebotenen Verzicht auf tribologisch wirksame
EP-Additive auf der anderen Seite verbundenen Verschleiß- und
Oberflächeneffekte zu analysieren und geeignete Anforderungen an PVD-
Werkzeugbeschichtungen zu definieren, die zu einer Kompensation genutzt
werden können.

2 Tribologische Fluideigenschaften

Die Ableitung von Anforderungsprofilen an Beschichtungen zur
Kompensation von Kühlschmierstoffunktionen erfordert zunächst eine
Klärung der Wirkmechanismen und möglicher Wirkzonen der KSS und
Additve selbst. Durch die Bestimmung des Wirkreibwertes IM beim Drehen
des austenitischen Stahles X5CrNi18-10 kann gezeigt werden, daß
Kühlschmierstoffe wie Emulsionen oder auch ein additivierter synthetischer
Ester keinen signifikanten Einfluß auf die Reibungsbedingungen in den
Kontaktzonen eines Drehwerkzeugs haben. Im Hinblick auf die Zielsetzung
der ökotoxikologischen Optimierung der NWBA-KSS durch Reduzierung des
Additivgehaltes ist es aber zusätzlich erforderlich, den Einfluß der durch die
EP-Additivierung des Kühlschmierstoffes verursachten
Reaktionsschichtbildung auf den Verschleiß an den Rändern der
Kontaktzonen an Haupt- und Nebenschneide zu ermitteln. In diesen
Bereichen treten die standzeitbestimmenden tribooxidativen Vorgänge der
Kerbverschleißbildung auf. Hierdurch kann geklärt werden, ob in diesen
Schneidenbereichen eine Additivwirkung vorliegt, und welche Strategien
gegebenenfalls erforderlich sind, die Vermeidung der Additive zu
kompensieren.
Zur Überprüfung dieses Zusammenhanges ist in Bild 1 das Ergebnis eines
Referenzversuches dargestellt, in dem der Verschleißverlauf an einem TiAIN-
beschichteten Drehwerkzeug bei Kühlschmierung mit additiviertem
(SN.LP.ES.8) und unadditiviertem (SN.O.ES.8) synthetischen Ester
untersucht wurde. Aufgetragen sind die Hauptverschleißformen
Freiflächenverschleiß (VB) und Kerbverschleiß (VBn). Beide wurden von der
Additivierung nicht signifikant beeinflußt. Aus dem Versuchsergebnis läßt sich
somit ableiten, daß die Fe-P-Beläge im Schneidenbereich bei Verwendung
des additivierten synthetischen Esters zumindest nicht verschleißmindernd
wirken.
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300 Verfahren: Außenlängsdrehen
Werkstoff: X5CrNi18-10

Schneidstoff: HC-K20 ((Ti,AI)N)

KSS: SN.LP.ES.8
SN.O.ES.8

Schnittparameter:
vc= 150 m/min
f = 0,12 mm
a„ = 2,5 mm

0 20 40 80

Schnittzeit t0
Bild 1 : Additiveinfluß auf Freiflächenverschleiß VB und tribooxidativ verursachten

Kerbverschleiß VB„

Zur Untersuchung grundsätzlicher Unterschiede der Wirksamkeitsbereiche
von Grundöl und Additiv in den Werkzeugzonen der Spanabfuhr wurden
Versuche an einem Stift-Scheibe Reibungsprüfstand im offenen Tribosystem
durchgeführt (Bild 2) 121. Anhand der Ergebnisse konnte nachgewiesen
werden, daß bei Verwendung des austenitischen Stahls X5CrNi18-10 als
Gegenkörperwerkstoff eine Wirkung des verwendeten Grundöls bis zu einer
Reibleistung von maximal 60 W/mm2 zu erwarten ist (Schnittpunkt der Kurven
von unadditiviertem Öl und Trockenreibung). Entsprechend der Auswertung
einer kombinierten analytischen und FEM-basierten Herleitung der
Reibleistungsverteilung über der Kontaktzone 121 kann damit nur am Ende
der Kontaktzone bis wenige Zehntel Millimeter vor Abheben des Spanes
einer Grundölwirkung vorliegen. Die EP-Additivierung erweitert diesen
theoretischen Wirkungsbereich. Sie führt jedoch in stärker beanspruchten
Kontaktzonenbereichen aufgrund der bei höheren Reibleistungen
abnehmenden Trockenreibwerte nicht mehr zu einer signifikanten
Reibwertminderung. Die primäre Wirkung nichtwassermischbarer KSS im
Spannuten- und Führungsfasenbereich von Bohrern und eine hohe
Leistungsverbesserung durch Additive ist durch diese Ergebnisse begründet.
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Bild 2: Tribologischer Wirksamkeitsbereich von Grundöl und Additiv

3 Anforderungen an Werkzeugbeschichtungen beim Drehen

Bei beiden Werkstückwerkstoffen (Vergütungsstahl 42CrMo4V und
austenitischer Stahl X5CrNi18-10) tritt insbesondere beim Drehen am Ende
der Kontaktzonen von Haupt- und Nebenschneide Tribooxidation auf. In der
Folge entsteht Kerbverschleiß, der auf unterschiedliche Weise vom KSS-
Einsatz beeinflußt wird. Beim Drehen des austenitischen Stahles vermindert
die Kühlung den Kerbverschleiß. Beim Drehen des Vergütungsstahls wird er
aufgrund der Erhöhung der Abrasivität des Werkstoffes infolge einer
Härtesteigerung durch die Abschreckwirkung des KSS tendenziell verstärkt
(s. REM-Aufnahmen der unbeschichteten Schneiden in Bild 3). Bei beiden
Werkstoffen ließ sich in Versuchen mit unadditiviertem Grundöl kein Einfluß
der Additivierung auf diese Verschleißform feststellen.
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Trockenschnitt synthetischer Ester
SN.LP.ES.8

HC-P10
(TiAIN)

HW-P10

Substrat-
Abschieferung

tc = 23 min \

lAbrasionsriefen
^ Kerbe

Verfahren:
Außenlängsdrehen

Werkstoff:
42CrMo4V

Schneidstoff:
HW-P10, HC-P10
(SPUN 120304)

KSS:
SN.LP.ES.8,
Trockenschnitt

Schnittparameter:
vc= 150 m/min
f = 0,12 mm
a = 1,0 mm

Bild 3: Nebenschneidenverschleiß beim Drehen des Stahls 42CrMo4V, Einfluß von

Beschichtung und synthetischem Ester

Da es sich bei der Tribooxidation um einen Oberflächeneffekt handelt, muß
eine geringe Neigung der Schneidstoff- bzw. Beschichtungsoberfläche gegen
Umwandlung bei hohen Temperaturen unter Anwesenheit von Sauerstoff
gefordert werden. Als Mechanismus hierfür kommt eine hohe chemische
Stabilität des Schichtwerkstoffs (hohe freie Bildungsenthalpie) in Frage.
Umwandlungen der stofflichen Zusammensetzung an der Oberfläche wären
hingegen zulässig, wenn sie entweder zu einer Erhöhung des
Verschleißwiderstandes oder zu einer Passivierung der Oberfläche genutzt
werden können.

4 Beschichtungstechnologie

Zur Beschichtung der Werkzeuge wurden zwei etablierte PVD-
Beschichtungstechnologien aus dem Lehr- und Forschungsgebiet
Werkstoffwissenschaften in Kooperation mit der Fa. CemeCon angewandt.
Für das im folgenden näher erläuterte Multilagen-Schichtsystem TiAIN/AI2O3

wurde der H.I.S.™-PVD-Prozeß angewendet. Auf der anderen Seite wurde
das AIP-PVD-Verfahren für die Schichtentwicklung Titan-Hafnium basierter
Schichtsysteme eingesetzt. Beide Verfahren sollen im folgenden kurz
gegenüber gestellt werden.
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4.1 H.I.S.™- Prozeß (TiAIN/AI2O3)

Im vorliegenden Fall stand eine PVD-Anlage des Typs CC800 (s. Bild 4) der
Fa. CemeCon zur Verfügung, welche nach dem H.I.S.™-Verfahren (high ion
sputtering) arbeitet. Diese PVD- Anlage ist ausgestattet mit bis zu vier
Hochleistungszerstäubern mit einer derzeitigen maximalen Leistungsdichte
von 45,45 W/cm2 bei einer Stromdichte von ca. 115 mA/cm2. Im Boden des
Rezipienten befindet sich der zur Werkstückaufnahme drehbar (variable
Geschwindigkeit) gelagerte Substrattisch, welcher auf Massepotential
geschaltet oder mit einer Vorspannung beaufschlagt werden kann: Einer
reinen HF- oder DC-Spannung oder einer Überlagerung von HF und DC.
Darüber hinaus kann das Substrat mittels Triodenschaltung vorgespannt
werden.

Bild 4: PVD-Anlage CC-800

Neben den verschiedensten Targetmaterialien, die auch während eines
Prozesses gleichzeitig oder in zeitlicher Abfolge (Multilayer) zerstäubt werden
können, wird die Vielfalt herzustellender Schichtkompositionen durch
verschiedene zuzuführende Reaktivgase weiter erhöht. Im vorliegenden Falle
wurden zwei unterschiedliche Kathodensysteme verwendet: Ein Ti-Al-
Kathodensystem im DC-Betrieb und ein AI2O3-Kathodensytsem im HF-
Betrieb. Als Reaktivgas zur Generierung von Ti-Al-N Verbindungen wurde
Stickstoff eingeleitet.

4.2 AIP-PVD-Verfahren (Ti-Hf-Cr-N)

Das AIP-PVD-Verfahren bedient sich eines kathodischen Lichtbogens (arc)
zur Verdampfung elektrisch leitfähiger Werkstoffe. Charakteristisches
Merkmal des Verfahrens ist der hohe lonisierungsgrad metallischer Teilchen,
der bis zu 100 % betragen kann 131. Für die Abscheidung der Ti-Hf-Cr-N
Schichten wurde eine Are-Anlage des Typs „PVD 20" eingesetzt, die vier
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Einbaustationen für die Verdampfereinheiten aufweist und im vorliegenden
Fall mit zwei Are-Verdampfern (TiHf 70:30 Atm-% und Cr) bestückt wurde.
Bild 5 zeigt den Rezipienten der verwendeten Arc-PVD Anlage.

Bild 5: Arc-PVD-Anlage „PVD 20"

Als Reaktivgas zur Generierung von Ti-Hf-Cr-N Schichten wurde Stickstoff
bei unterschiedlichen Drücken eingeleitet. Durch Anlegen einer
Biasspannung von -1000 V wurden die Substrate vor dem eigentlichen
Beschichtungsprozeß aufgeheizt und aktiviert. Aufgrund des intensiven
lonenbeschusses spricht man bei dieser Phase vom lonenätzen, bei dem
bereits einzelne Atomlagen des verwendeten Kathodenmaterials auf dem
Substrat aufwachsen. Der hohe lonisierungsgrad und damit das sehr
intensive lonenbombardement beeinflussen die resultierende Schichtqualitiät
und - haftung sehr positiv, wie unten beschriebene Haftungstest belegen.

4.2.1 Optimierte Prozessführung für Hartstoffschichten (Hartstoffätzen)

Übliche Metallionen-Ätzungen haben den Nachteil, eine zu geringe
Stützwirkung im interface zu gewährleisten. Im tribologischen Einsatz kommt
es zum sogenannten „Eierschaleneffekt". Um das Werkstoffverbundverhalten
zwischen Hartstoffschicht und Substrat zu optimieren, wurde deshalb eine
spezielle Ätzmethode entwickelt. Dabei wird während des Metallionen-Ätzens
Reaktivgas (hier: Stickstoff) in den Rezipienten eingeleitet. In
Zusammenwirken mit der Substratvorspannung (Bias) ist es möglich, härtere
Zwischenlayer mit optimierter Stützwirkung zu generieren. Speziell bei
Verwendung harter Substratmaterialien wie Hartmetallen ist eine
Härteanpassung der Ätzzwischenschicht an das Substrat möglich.
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5 Schichtkonzepte

Ausgehend vom Anforderungskatalog hinsichtlich Oxidationsstabilität und
Abrasionsbeständigkeit werden zur Umsetzung der Verbundeigenschaften
zwei grundsätzlich verschiedene Schichtkonzepte verfolgt. Diese teilen sich,
wie bereits erwähnt, in die Werkstoff g ruppe der Oxidkeramiken in
Kombination mit TiAIN und der Titan-Hafnium-Chrom basierten
Hartstoffsysteme auf. Das Lehr- und Forschungsgebiet
Werkstoffwissenschaften beschäftigt sich seit einiger Zeit mit der
Abscheidung dieser reibungs- und verschleißmindernden Schichtsystemen
für unterschiedlichste tribologische Anwendungen. Die vorliegende
Veröffentlichung beschränkt sich in der Werkstoffgruppe der Oxidkeramiken
auf aktuelle Forschungsergebnisse des Schichtsystems TiAIN/AI2O3. Als
Vertreter der zweiten Materialgruppe dient das quarternäre Schichtsystem
Titan-Hafnium-Chrom-Nitrid.

5.1 TiAIN/AI2O3

TiAIN ist seit Jahren ein etabliertes Schichtsystem in den verschiedensten
tribologischen Anwendungen. Seine hohe Härte und seine chemische
Beständigkeit gegenüber verschiedensten Medien, die im tribologischen
Kontakt auftreten, sind bekannt. Im Bereich der Zerspanung zeichnet sich
TiAIN besonders durch die Insitu-Passivierung, der Bildung von
Aluminiumoxid an der Werkzeugoberfläche bei hohen Temperaturen aus. Zur
Steigerung der Oxidationsstabilität und der Härte wurde ein Mehrlagen-
Schichtsystem (40 Einzellagen) aus TiAIN-Lagen und AI2O3-Lagen entwickelt,
welches die Vorteile beider Monolagensysteme verbindet. Einerseits die
vergleichsweise hohe Elastizität des TiAIN und andererseits die hohe Härte
und Oxidationsstabilität der oxidischen Keramik. Als Ausgangspunkt der
Entwicklung dient ein Schichtsystem auf der Basis TiAIN und AI2O3. Das
Schichtsystem TiAIN/AI2O3 wurde durch Modifikation von Lagenzahlen und
Einbau weicher Zwischenschichten hinsichtlich seiner Eigenschaften für den
Einsatz mit nativen Schmierstoffen (Estern) entwickelt. Der Schichtaufbau ist
in der nachfolgenden Abbildung skizziert.

^ ™ ™ _ ™ _ _ _ _ - A ' 2 ° 3

TiAIN
H aftve rmittler
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5.2 Titan-Hafnium basierte Hartstoffsysteme

Titannitrid ist ebenfalls seit Jahrzehnten ein etabliertes Schichtsystem in den
verschiedensten tribologischen Anwendungen. Seine hohe Härte und seine
chemische Beständigkeit gegenüber verschiedensten Medien, die im
tribologischen Kontakt auftreten, sind bekannt. Im vorliegenden Fall der
Zerspanung können TiN-Beschichtungen jedoch lediglich als Referenz
betrachtet werden, da sie mit Werten zwischen 450-590 GPa ein
vergleichsweise hohes E-Modul aufweisen. Auch hinsichtlich der
Oxidationsstabilität besteht weiterer Entwicklungsbedarf. Aus diesem Grunde
wurde ein neues Schichtsystem Ti-Hf-Cr-N auf der Basis von TiN entwickelt.
Im Rahmen weiterer Forschungsarbeiten wurde in Anlehnung an 141 das
System Titannitrid zur Steigerung der Warmhärte mit geringen Mengen
Hafnium dotiert. Die hohe thermische Belastung während des
Zerspanungsprozesses verlangt nach einem speziellen
Langzeitoxidationsschutz, der durch eine sich während des tribologischen
Einsatzes bildende, passivierende dünne Chromoxidschicht realisiert werden
soll. Dazu wurde neben Titan und Hafnium eine weitere Kathode aus Chrom
über kurze Phasen zugeschaltet, so daß ein Mehrlagensystem mit 60-80
Einzellagen generiert werden konnte. Der Schichtaufbau ist in der
nachfolgenden Abbildung skizziert.

CrN
Ti-Hf-N"

Haftvermittler I

6 Schichtanalyse

Die Schichtanalytik beschäftigt sich im vorliegenden Fall, neben dem für neue
Schichtsysteme unverzichtbaren Nachweis ausreichender Schichthaftung, mit
den Hauptanforderungen des oben genannten „Pflichtenheftes". Somit stehen
Schichtzusammensetzung (EDX), Oxidationsbeständigkeit bzw.
Phasenstabilität, Härte, E-Modul und nicht zuletzt die Oberflächenenergie, die
qualitative Aussagen bezüglich der Benetzbarkeit mittels nativer Ester liefert,
im Vordergrund.
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6.1 Scratch-Test

Zur Ermittlung der Qualität der Schichthaftung wurde der Scratch-Test
durchgeführt, bei dem eine definierte Diamantspitze mit diskontinuierlich
gesteigerter Normalkraft über den Prüfkörper fährt. Dadurch kann sowohl
kohäsives als auch adhäsives Schichtversagen detektiert werden. Die
Prüflast kann von 1 N auf 90N gesteigert werden. Wie bereits in Abschnitt 4.2
erläutert, resultieren aus der hohen Ionisation des AIP-Verfahrens sehr gute
Schichthaftungen. Im Schichtsystem Ti-Hf-Cr-N sind die kritischen Lasten, bei
denen es zu Schichtabplatzungen kommen würde, hoher als 90 N und somit
mit der zur Verfügung stehenden Meßanordnung nicht meßbar.

UTiAIN-Referenz DTÌAIN/AI2O3 D Ti-Hf-Cr-N

100 |
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"90" "90 90"
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_ i m T

80'

Schichtdicke kohäsiv adhäsiv

Bild 6: Schichtdicken und Scratchlasten der untersuchten Schichtsysteme

Anders verhält es sich bei der Untersuchung des Schichtsystems
TiAIN/AI2O3: Hier sind aufgrund der niedrigem Ionisation des
Sputterprozesses niedrigere kritische Lasten zu erwarten. Durch die
Verwendung des H.I.S.™-Prozesses mit einer deutlich gesteigerten
lonisationsrate, können jedoch ebenfalls hinsichtlich adhäsivem
Schichtversagens über 90 N realisiert werden. Bild 6 zeigt die gemessenen
Schichtdicken und stellt die Scratchlasten der unterschiedlichen
Schichtsysteme in Relation. Weiterer Optimierungsbedarf besteht jedoch
bezüglich kohäsivem Zusammenhaltes innerhalb des Schichtverbundes bzw.
zwischen oxidkeramischer Lagen und TiAIN-Lagen, wobei Haftungswerte von
bis zu 50 N nach wie vor qualitativ als gut zu bewerten sind.
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6.2 EDX-Analyse

Die EDX-Analytik liefert die Anteile der vorhandenen Elemente innerhalb des
Schichtverbundes, nicht jedoch einzelner Lagen. Dennoch kann mit Hilfe
dieser Methode eine zuverlässige Aussage über Dotierungen (hier: z.B. Hf)
getroffen werden.
Schichtsystem Ti-Hf-Cr-N:
Ti: 40.42 Atom-% Cr: 43.28 Atom-% Hf: 10.01 Atom-%

Schichtsystem TiAIN/AI2O3:
Ti: 57.40 Atom-% | AI: 42.60 Atom-%

6.3 Nanoindentation

Die Nanoindentermessungen geben Aufschluß über Härte und E-Modul der
Schichten. Dazu werden mittels Indenterspitze mehrere definierte
Härteeindrücke auf dem Substratmaterial vorgenommen. Anhand von Kraft-
Eindring-Kurven können dann Härte und E-Modul bestimmt werden. Bild 7
und Bild 8 zeigen die verschiedenen gemittelten Härten und E-Moduli von
TiAIN/AI2O3 und Ti-Hf-Cr-N im Vergleich zur Referenz TiAIN.

DTiAIN-Referenz OTÌAIN/AI2O3

D Ti-Hf-Cr-N
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Bild 7: Härtevergleich

Eindringtiefe: 500 nm, Last: 34 mN,
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HTiAlN-Referenz DTÌAIN/AI2O3
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Auffällig ist die hohe Härte von 30 GPa des Ti-Hf-basierten Schichtsystems
bei vergleichsweise hoher Elastizität, welche durch die Verwendung des
Multilagenkonzeptes realisiert werden konnte. Die Härte des Schichtsystems
TÏAIN/AI2O3 liegt im Bereich des Referenzsystems TiAIN. Hier ist eine
Leistungssteigerung im Bereich der Oxidationsbeständigkeit zu suchen.

6.4 Oxidationsversuche

Zur Abschätzung der Oxidations- bzw. Phasenstabilität wurden
röntgenografische Untersuchungen mit gleichzeitiger Substrat-Aufheizung bis
700 °C unter Atmosphäre durchgeführt (Insitu-Messungen). Durch
Vorversuche mittels REM-Aufnahmen (Bruchkanten), wurde die Dicke der
gebildeten Oxidschicht vermessen. Bild 9 und Bild 10 zeigen eine
Gegenüberstellung von Ti-Hf-Cr-N zu TiN als Referenz
(Auslagerungstemperatur: 600 °C, Dauer: 1 h, Umgebungsmedium: Luft).
Deutlich erkennbar ist das Ausbleiben der Bildung einer zu dicken
Oxidschicht beim Cr-Hf-dotierten System aufgrund des Passivierungseffekts.
Die vergleichbar verringerte Oxidationsstabilität der TiN Schicht zeigt sich
durch die Bildung einer 1-2 um dicken, offenporigen Oxidschicht, die keinen
ausreichenden tribologische Schutz bieten kann. Ähnlich gute Ergebnisse
bezüglich der Oxidationsstabilität werden durch das Schichtsystem
TÏAIN/AI2O3 erreicht. Hierbei wird die Oxidschichtbildung weitestgehend durch
die phasenstabile Oxidkeramik AI2O3 unterdrückt. Desweiteren ist thermisch
freigesetztes Aluminium aus dem Zwischenlayer TiAIN befähigt, den
Schichtverbund durch Ausbildung einer zusätzlich passivierenden
Aluminiumoxidschicht zu stabilisieren.

Oxidschicht

Bild 9: Oxidation von Ti-Hf-Cr-N Bild lOiOxidschichtbildung auf TiN
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7 Realisierung erforderlicher Schichteigenschaften

7.1 Tribooxidationswiderstand

Die Ergebnisse eines Prüfkonzeptes aus Universalhärte- und
Abrasionswiderstandsmessung an geglühten und beschichteten Proben zur
Identifizierung tribooxidationsstabiler Schichtsysteme 151 haben gezeigt, daß
es möglich ist, eine Steigerung der Oxidationsstabilität durch Modifikation von
Monolagenbeschichtungen zu erreichen, ohne mechanische Eigenschaften
wie die Härte oder den Abrasionswiderstand gegenüber anderen
konventionellen Hartstoffsystemen zu verschlechtern. Hierfür haben sich
Ergänzungen konventioneller Ti-basierter Systeme mit Hf und Cr als überaus
geeignet erwiesen /6/.
Bild 11 zeigt für beide Schichtsysteme (TiAIN/AI2O3 und Ti-Hf-Cr-N) den
Vergleich der Verschleißmeßgrößen VBNn und VBNmax nach Standzeitende
bzw. einer Schnittzeit von tc = 57 min beim Drehen des austenitischen Stahls
X5CrNi18-10. Zu diesen Zeitpunkten wiesen sowohl die mit Ti-Hf-Cr-N
beschichteten als auch die mit der TiAIN/A^Os-Multilagenbeschichtung
versehenen Wendeschneidplatten keinen Kerbverschleiß auf. Beide
untersuchten Konzepte des Schichtaufbaus sind somit geeignet, die primäre
Zielsetzung zu erfüllen, den tribooxidativ verursachten Kerbverschleiß zu
vermindern. Der maximale Freiflächenverschleiß VBNmax stieg bei
Verwendung der Ti-Hf-Cr-N Schicht jedoch ab einer Schnittzeit von
tc = 25 min progressiv. Dieses Ergebnis ist jedoch typisch für neu entwickelte
prototypische Schichtsysteme. Dennoch kann aufgrund des hohen
Tribooxidationswiderstandes ein hohes Weiterentwicklungspotential bei
diesem Schichtsystem für zukünftige Anwendung der Drehbearbeitung von
austenitischem Stahl mit NWBA-KSS vorausgesagt werden.
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Bild 11: Verschleißverhalten unterschiedlicher tribooxidationsstabiler

Beschichtungskonzepte beim Drehen des Stahls X5CrNi18-10

Die hier verwendete TiAIN/A^Os-Multilagenbeschichtung zeichnete sich
zusätzlich zum hohen Tribooxidationswiderstand durch eine hervorragende
Verschleißschutzwirkung im Freiflächenbereich aus, so daß nach der
Schnittzeit von tc = 57 min das Standzeitende noch nicht erreicht war und die
Verschleißmarkenbreite VBNmax nur ca. zwei Drittel des bei der TiAIN-
Referenzschicht gemessenen Wertes betrug. Beim Drehen des
Vergütungsstahles 42CrMo4V konnte bei Einsatz dieses Multilagensystems
aufgrund des hohen kombinierten Oxidations- und Abrasionswiderstandes mit
Hinblick auf den Werkzeugverschleiß und die Werkstückrauheit sogar
vollständig auf ein Kühlschmiermittel verzichtet werden.

8 Zusammenfassung und Ausblick
Die primären Verschleißmechanismen beim Einsatz unadditivierten
synthetischen Esters als KSS sind abhängig von den untersuchten Werkstoff-
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Verfahrenskombinationen Abrasion, Tribooxidation und thermisch aktivierte
Anhaftung von Werkstückwerkstoff am Schneidstoff. Diese treten in
unterschiedlichen tribologischen Subsystemen der Zerspanwerkzeuge auf,
die mit zunehmendem Abstand von der Schneide wechseln. Sie sind je nach
Kombination von Werkstoff und Verfahren unterschiedlich gewichtet. In
diesem Zusammenhang sind die in den Untersuchungen ermittelten
Zuordnungen von KSS-Wirkungsmechanismen und von geforderten
Schichteigenschaften auf einzelne Verschleißmechanismen beschrieben. Mit
zunehmendem Abstand von der Schneide können sich die Anforderungen an
die Beschickungen von hohem Abrasionswiderstand über
Oxidationsbeständigkeit hin zu schwerweichem Verhalten und guter
Benetzbarkeit für KSS wandeln. Aber auch über den Schichtquerschnitt ist
aufgrund der Untersuchungsergebnisse ein gegenläufiges
Schichtanforderungsprofil vorhanden. Im schneidennahen Bereich wird im
Interface Schicht-Substrat eine gute Haftung gefordert, was eine hohe
Zähigkeit und Polarität voraussetzt. Im Interface Schicht-Span hingegen wird
eine hohe Härte und eine schlechte Haftung zum Span gefordert, was einer
geringeren Zähigkeit und einer geringen Polarität entspricht.
Beschichtungskonzepte, die erfolgreich den aus ökotoxikologischer Sicht
anzustrebende Einsatz von unadditivierten NWBA-KSS ohne größere
Leistungseinbußen der Zerspanprozesse ermöglichen, sind demnach auf die
spezifischen Werkstoff-Verfahrenskombination zuzuschneiden und müssen
insbesondere ein in verschiedenen Werkzeugzonen variables
Eigenschaftsprofil aufweisen. Die Untersuchungen haben am Beispiel zweier
Neuentwicklungen TiAIN/AI2O3 und Ti-Hf-Cr-N gezeigt, daß dies teils schon
heute durch die systematische Übertragung von Erkenntnissen auf die
Auswahl von PVD-Schichten realisiert werden kann, die zum Teil noch auf
bekannten Ansätzen der Werkzeugbeschichtung beruhen.
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Summary

Although round tools as carbide drills and mills are dominating by far the
application of submicron and ultrafine hardmetals the consumption for PCB
microdrills had the strongest growth rate over the last decade. This paper
deals with the latest developments of ultrafine hardmetals and their
application for PCB microdrills and metal cutting inserts. Based on optimized
processing and properties such as hardness, hot hardness, toughness,
strength and wear resistance a new generation of microdrills is presented. In
particular the failure probability of the microdrills could be considerably
reduced and the number of drilling strokes was nearly doubled.
Combining improved pressing behaviour with proper doping and optimized
processing new applications of submicron and ultrafine hardmetals could be
obtained by using complex shaped metal cutting inserts. Apart from these
application examples the paper gives some insight into fundamental
investigations on sintering and properties of ultrafine hardmetals and shows
in particular the influence of milling, doping and sintering on the properties of
ultrafine hardmetals.
The paper also presents a new ultrafine WC grade showing a 0.1 urn WC
intercept of a sintered WC - 10 wt % Co structure and a hardness of HV30 =
2050 for a 1 wt % mixed VC/Cr3C2 doping.

Keywords:

Submicron and ultrafine grained hardmetals, processing and sintering
behaviour, application of submicron hardmetals, PCB microdrills, metal
cutting inserts.
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1. Properties of submicron and ultrafine hardmetals

Over the last 20 years and yet more pronounced over the last 10 years, there
has been a strong tendency towards finer und finer grained hardmetals [1],
[2]. Starting with some special applications as wood cutting tools, microdrills
for PCBs and round carbide tools the volume as well as the variety of
applications as tools and wear parts increased continuously for the submicron
hardmetals [3], [4], [5]. The driving force behind this development was the
considerably improved performance of these submicron hardmetals which in
many applications clearly exceeded the performance of hardmetals with WC-
grains greater than 1 urn.
The superiority of the submicron and ulfrafine hardmetals developed in the
80ies and 90ies is mainly based on the fact that very high hardnesses can be
combined with high strengths. This is shown in Fig. 1 for the newest
generation of submicron and ultrafine hardmetals.
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Fig. 1: Hardness and bending strength of ultrafine (0.2 - 0.5 urn WC)
submicron (0.5 - 0.8 urn WC) and fine grain sized (0.8 - 1.3 urn WC)
hardmetals

Up to the seventies the hardmetal industry produced fine grained hardmetals
with high hardnesses but with relativity low bending strengths [6]. A well
known relationship between bending strength and the mean free path of the
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Co binder, as investigated by J. GURLAND in the fifties and sixties [7], was
more or less true up to this time. For submicron hardmetals the GURLAND
relationship predicted an increase of hardness but a decrease of bending
strength for decreasing mean free path and WC intercept. To increase the
strength with decreasing WC grain sizes had prerequisites in a new quality of
powder (in terms of grain size, grain size distribution, purity, homogeneity
etc.) as well as in considerably advanced hardmetal technologies. That
means clean room milling and spray drying and in particular Sinterhip as a
completely new introduced consolidation process in the early eighties [8],
These improvements of raw materials and technologies resulted in fine
grained hardmetals with drastically reduced numbers and sizes of fracture
initiating defects such as pores, inclusions or microcracks. This may easily be
proven by comparing the square of the ratio of fracture toughness Kc and
bending strength ab as a measure of the critical defect size lc for conventional
and the newest generations of submicron and ultrafine hardmetals.

• Medium and coarse grain sized (conventional) WC-Co hardmetals*'

Grade

Kc

ob

| (Kc /a b ) 2

[MPam"1'2]

[GPa]

[urn]

BT10

12.8

2.50

41.2

BT15

14.7

2.30

64.3

BT25

13.2

2.65

39.0

BT30

13.4

2.90

33.6

BT40

14.1

3.00

34.7

• Fine grain sized (conventional) WC-Co hardmetals*'

Grade

Kc

ab

| (Kc /a b ) 2

[MPrrT1'2]

[GPa]

[urn]

THF

9.0

1.60

31.6

THM

9.6

2.00

23.0

THR

12.3

2.35

27.4

THA

12.7

2.45

26.9

GT30

13.8

2.70

26.1

• Submicron and ultrafine WC-Co hardmetals*'

Grade

Kc

| (Kc /a b ) 2

[MPrrr1'2]

[GPa]

[urn]

THM-U

8.6

3.5

9.4

THM-F

9.5

3.0

15.7

THR-U

9.0

3.6

9.9

THR-S

10.8

3.7

13.4

THR-F

10.9

3.2

18.1

1 Plain WC-Co hardmetals or hardmetals with additional carbides below 2 wt %
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As a measure for the size of the fracture initiating and strength determining
defect, in the lowest line of the table above the diameter of a penny shaped
microcrack lc was calculated due to

lc = 1 * (KJab)
2

According to the reduction of numbers and sizes of defects, the strength of
the submicron and ultrafine hardmetals could be considerably increased
without increasing the fracture toughness Kc, as shown in Fig. 2.
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Fig. 2: Hardness-toughness and hardness-strength combinations for ultra-
fine, submicron and normal grain sized (conventional) hardmetals

The fracture toughness - hardness combinations of submicron and ultrafine
hardmetals rank within the measurement band of the conventional
hardmetals [5]. There is nothing special in this toughness-hardness
combination for submicron and ultrafine hardmetals. As for the coarse and
medium grain sized conventional hardmetals the fracture toughness is a
material constant mainly depending on the properties, the volume fraction vCo

and the dispersity (mean free path pCo) of the binder. Including the submicron
and ultrafine grained hardmetals the measured fracture toughnesses Kc may
be well fitted to pCo/ (dwc)1'2 in a broad range of grain size d w c and mean free
path pco [9], [10]. By different doping and optimizing the structure, the fracture
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toughness of submicron and ultrafine hardmetals may be improved within a
very limited range [5], [11]. But there may be some possibilities to improve
also the fracture toughness much more as it seems to be realistic up to now,
by specially shaped WC micrograins, by special doping or alloying the binder
[17].
As for conventional hardmetals the hardness declines with increasing
temperature. But up to 800 - 900 °C the submicron and ultrafine hardmetals
show superior hot hardnesses, see Fig. 3.

2500 100

0 200 400 600 800 1000

Temperature [°C]

200 400 600 800

Temperature [°C]
1000

Fig. 3: Hardness and thermal conductivity versus temperature for ultrafine,
submicron and fine grain sized hardmetals

This superiority in hot hardness up to 800 - 900 °C provides better
performance not only in cutting wood, plastics and non ferrous metals but
also in cutting operations with higher thermal loading as drilling, milling and
turning of cast iron and steels [4], [12] and [13]. The hot hardness may be
controlled and improved within a limited range by the doping carbides and
their contents, see section 3.1. of this paper and [5].
The diagramm at the right side of Fig. 3 shows the relative strong decrease of
the thermal conductivity with decreasing WC grain size. This lower thermal
conductivity has a positive influence on the thermal loading of the tool,
because the arising heat is transfered in a bigger ratio to the workpiece. An
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effect very similar to that of AI2O3/2rO2 coatings on cutting inserts. On the
other hand a lower thermal conductivity A decreases the thermal shock
resistance, which is proportional to

aE
where v is the POISSON ratio, E is the YOUNG-modulus, ob is the bending
strength and a is the coefficient of thermal expansion. Calculations show
however the decrease of A is completely compensated by the higher bending
strength of submicron and ultrafine hardmetals and there are no
disadvantages for these hardmetals concerning thermal shock resistance.

2. Processing of submicron and ultrafine powder and hardmetal
mixtures

To obtain advanced submicron or ultrafine hardmetals with minimal porosity,
defects and discontinuous grain growth the processing of the raw material
mixtures requires appropiate milling and sintering conditions as well as proper
formulations of grain growth inhibitor additives. Sinterhip as an essential
progress in consolidation technique can help a lot to minimize the residual
porosity, but without optimizied milling, granulation and pressing, this
advanced technique is not sufficient to provide high performance ultrafine
hardmetals. Any contamination or inhomogeneity from the raw material or
produced by milling or pressing can not completely be removed by sinterhip
and can be a fracture initiating or wear accelerating defect. To obtain the high
level of the state of the art, high efforts have been made in the past but only a
small part of this work has been published [2], [14], [15]. In particular the
papers of SCHUBERT et al. [2] and CARROLL [14] give good overviews of
the problems connected with the processing of submicron powders and
mixtures. This paper is restricted to two issues selected from the high number
of problems addressed in [2], [14] and elsewhere.

• Pressing behaviour of submicron and ultrafine hardmetal mixtures
• Aspects of doping and sintering

2.1. Pressing behaviour

Some years ago nearly all tools and wear parts made from submicron
hardmetals were extruded materials or were machined as greenware or
finished in the sintered state to provide the final geometry and surface quality.
One reason to restrict submicron hardmetals to this type of tools and parts
was determined by the application as drills, mills, wood cutting tools or other
round carbide tools and construction parts. A second reason for this
restriction arose from the difficulties in pressing parts with complicated
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geometries and shapes. The finer the powder and their mixtures, the higher
the necessary pressing forces and the greater the problems with
inhomogeneities and intrinsic stresses in pressed parts. In particular these
difficulties prevented the mass production of submicron sintered inserts as
the working horse of the cutting tool industry. To reduce the pressing forces
and to improve the pressing behaviour of fine grained mixtures is therefore of
considerable interest for the hardmetal insert producing industry. In Fig. 4 a
comparison is made between conventional 0.6 and 0.8 urn WC powder (WC
DS 60 and WC DS 80) and WC powder with the same grain size but
improved pressing behaviour (WC DS 60 S and WC DS 80 S). The effect is
shown for the WC powder itself as well as for 24 h ball milled, ungranulated
WC - 6 wt % Co mixtures. The improved pressing behaviour means either a
higher green density may be obtained by the same pressure or the pressure
may be reduced for a given green density. Using the improved WC DS S
grades it is possible to press and sinter sucessfully inserts complicated in
shape and low in tolerances. And based on that progress new application
areas for submicron and ultrafine grained cutting tools could be opened up,
see section 3.

2.2. Aspects of Sintering

Some of the typical features of sintering of submicron and ultrafine
hardmetals were discussed recently in different papers as [2], [15], [16], [17],
[18] and [19].

- The driving force for sintering and densification of WC-Co hardmetals in
general is a reduction of interface energy stored in the WC/gas, Co/gas,
WC/Co, WC/WC and Co/Co interfaces. The finer the WC and Co grain
size the higher the internal interface areas and the stored interface energy
as the driving force for sintering. Therefore densification and sintering of
hardmetals is intensified considerably, and the onset of shrinkage is
shifted to lower temperatures if the WC and Co grain sizes are decreased
to that of submicron (0.5 - 0.8 urn) and ultrafine WC powder (0.2 - 0.5 urn)
[16], [17] and [18], see Fig. 5.

- Although WC-Co hardmetals are typically liquid phase sintering systems,
for normal grain sized hardmetals between 65 and 80 % of the total
shrinkage is realized already before melting of the eutectic binder. For
ultrafine hardmetals the solid state sintering is yet more pronounced and
can contribute up to 90 % of total shrinkage.This first stage of densification
or solid state sintering is driven by the conversion of WC/gas and Co/gas
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interfaces into WC/Co interfaces with around one fifth of interface energy.
The lower the grain size and the higher the internal interface areas, the
higher the solid state sintering intensity, as can be obtained from the right
part of Fig. 5 (ARRHENIUS plot of T_(shrinkage rate) versus inverse
temperature 1/T).

- Besides the very low grain sizes of the submicron and ultrafine hardmetals
the always necessary doping with grain growth inhibitors has a strong
influence on the sintering and densification [16], [18]. As shown in Figs. 6
and 7 the composition and content of grain growth inhibitors as VC, Cr3C2,
TaC etc. shifts the onset of shrinkage to higher temperatures, decreases
the shrinkage rate (at least within the solid state sintering range) and
reduces the melting point of the eutectic binder.

- The solid state sintering is subdivided into two stages, see Figs. 5, 7 and
8. The first stage at lower temperatures strongly depends on the
processing before sintering and depends only slightly on grain size. The
second stage with a higher slope rate of the straight ARRHENIUS fit line
only weakly depends on processing but is correlated to the grain size, see
Figs. 5, 7 and 8. Some of the most important factors bearing influence on
the first stage of solid state densification are:

• Milling conditions: Ball or attritor mill, mill media, milling time etc.
• Pressing additives: Content and composition of organic binder

(paraffine, PEG etc.)
• Granulation and pressing conditions (hardness of granules, pressure

etc.)
• Atmosphere, heating rate and holding times during debinding, out-

gassing and sintering.

All these effects are more pronounced if the grain sizes of WC and WC-
Co mixtures are decreased to submicron and ultrafine grain sizes.

- Coming to ultrafine hardmetals the elementary mechanism behind the
solid state sintering seems to be yet more complicated and the process is
subdivided into more than two stages, see Figs. 7 and 23 in section 4.
With increasing temperature T the shrinkage rate versus 1/T shows again
the upward tendency with increasing T, but the curve may be
approximated by one or two straight lines only very roughly.

In cases of submicron and ultrafine hardmetals in particular the solid state
sintering, the discontinuous as well as the continuous grain growth and the
residual porosity are of interest.



G. Gille et al. HM 1 791
15th International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

<D
-t—•

CO

a:
CD
0*0.02

x
CO

-0.03

A - 0.45 Mm WC,
no doping

B - 2.0 urn WC

60

40

20

100.0

1500

A-0.45 Mm WC,
no doping

B - 2.0 urn WC

500 1000

Temperature [°C] (1/T)-1 cf [1/K]
Fig. 5: DSC-siqnal and shrinkage rate of ultrafine (0.45 [jm WC) and medium
grain sized (2 urn WC) WC -10 wt % Co hardmetais

o-

1/
m

in

'—i

S
CO

or
o
CO
c

• ^ -0.01 •
<~
CO

A \

\

A - no doping
B-VC/Cr3C2

/

\B /
/

\\
\\w\v
M

i
CO

pi
n

o
"Oo
c

I / °/ A)/O
/

V

500 1000 1500

Temperature [°C]

o
X
0

CO

c

CO

6
CO
Q

40 •

30-

20 •

10 "

no doping

TaC1367

Cr3C21355

1374°C

°C

c

VC1346°C

VC/Cr3C2

1328 °C • i i
Tl I

1200 1300 1400 1500

Temperature [°C]
Fig. 6: Influence of doping on the shrinkage rate and eutectic melting
temperature for 0.45 urn WC - 10 wt % Co hardmetais



792 HM 1 G. Gille et al.

15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 2

Temperature [°C]
1300 1100 900 800

Temperature [°C]
1300 1100 900 800

100.0 "3

c

"E
io.oi

T I I

1 - 0.45 pm W C , no doping

2 - 0.45 ̂ m W C ,

VC/Cr3C2 doping

100.0-5

1 - Attritor Mill

2 - Ball Mill

3-Ball Mill,

high organic

binder content
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Solid state sintering: Elementary mechanism
As already discussed in [20], [21] but more detailed investigated in [17], [18]
at temperatures above 0.5 Toting (which is about 650 - 710 °C for fine
grained hardmetals) the highly dispersed binder particles behave like a
viscous mass spreading by wetting onto the surrounding WC surfaces. This
wetting reduces the internal energy but otherwise it is connected with
microscopic LAPLACE forces acting along the wetting front line between WC
and the viscous binder. These microscopic forces and moments rearrange
WC particles and reduce the mean distances between neighboured WC
particles which means effective shrinkage of the pressed WC-Co-pore
specimen [17]. The plot of T -(shrinkage rate) versus 1/T of Figs. 5, 7 and 8
demonstrates the solid state densification may be interpreted as a thermal
activated process with an activation energy Qv and an effective viscosity rj
driven by the stress a.

d/dt (Al/Io) = a /T) and 1 lr\ = 1 / (kT • r\0) • exp (- Qv I kT)

The driving force a is the sum of the LAPLACE stress aL ~ ycJdwc and an
intrinsic stress aiNT arising from mechanical activation during milling and
pressing [17]. Going into more details the question arises about the
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mechanism behind the two stages of solid state densification. The
experimental results suggest the following explanation. The first stage is
determined by the spreading of the viscous Co binder and the wetting
between binder and WC surfaces. The speed limiting mechanism is the rate
of wetting or the rate of changing from WC/gas and Co/gas to WC/Co
surfaces. It is easy to understand that the wetting rate and therefore the
shrinkage rate is strongly influenced by the processing before sintering and
the sintering conditions such as heating rate and atmosphere during
debinding, degassing and heating. By physical reasons the wetting rate is
determined by
• Area, curvature, chemistry and structure of WC particle surfaces
• Content, particle size and dispersion of Co-binder
• Composition (W and C content, dopants) and intrinsic, microscopic

properties of the Co-binder such as densities of dislocations, stacking
faults, vacancies and internal stresses etc.

This explains the experimental results shown in Fig. 7 and may be related to
some results found and discussed by SCHUBERT et al. in [18] and CARROL
in [14]:

• Using the same fine grained hardmetal mixture (WC grade, dopants, Co
content) but milling either by a ball or an attritor mill influences
considerably the rate and intensity of shrinkage in the low temperature
stage, see Fig. 7. In case of attritor milling the activation energy is Qv = 50
kj/mol and for ball milling it is Qv = 100 kJ/mol, see Fig. 8.

• Staying with the same ball milling conditions but using a high percentage
of organic binder (5 - 6 wt %) and realize debinding and sintering in one
cycle, the result of Fig. 7 is obtained. In this case the first stage of solid
state sintering is nearly completely depressed. And as shown in curve 3 of
Fig. 7 the densification rate seems to be determined by only one
mechanism between 950 to 1200 °C. This result is surprising but may be
explained by the impact of the organic binder on the particle
rearrangement during the pressing already. Due to the 40 - 50 vol % of
organic binder nearly all pores will be filled with binder and nearly no gas is
enclosed in the pressed specimen. And in the latest stage of pressing the
external force is transformed into hydrostatic pressure acting through the
organic binder. During pressing the viscous organic binder has therefore
two effects:

1. Supporting the rearrangement of particles by easy gliding of
neighboured particles.
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2. Transforming the pressing forces into an internal hydrostatic pressure
acting as a driving force for particle rearrangement.

In combination of these two effects considerable particle rearrangement
can start already during pressing the WC-Co-organic binder composite.
Independent of the organic binder content the pressed specimen has
nearly the same density or porosity after debinding. But the densification
of clusters of hundreds or thousands of particles is the higher, the higher
the organic binder content of the WC-Co-binder mixture. During pressing
a high organic binder content acts like the external gas pressure at
Sinterhip. The second stage normally found in solid state sintering starts
at a characteristic temperature T ^ and shows a steeper slope of the
ARRHENIUS plot that is a higher activation energy, see Figs. 5, 7 and 8.
At this temperature T1j2a certain level of particle rearrangement results in
locally dense areas comprising tens or hundreds or thousands of
particles. But these completely densified areas are formed in parallel and
to the disadvantage of some micropores or pores. Any inhomogeneity of
Co binder distribution or local fluctuations of green density, WC surface
area or grain size causes local fluctuating densification and results in
micropores or pores, see left sided pictures in Fig. 8. For temperatures T
> T1l2 densification means creep of WC-Co composite material areas into
the micropores and pores, see Fig. 8, below.The effective surface tension
a* acting perpendicular to the pore surface is driving this creep process

a* = 4y */dpdp

where dp is the pore diameter and y* the effective surface energy which is
a mean value of Co/Gas and WC/gas surface energies. According to
intensive creep and annealing in the first stage the intrinsic stresses am
are relaxed and may be neglected as driving forces. The effective
viscosity r f . relating the shrinkage rate d/dt (Al/Io) to the driving force a*, is
determined by the properties of the binder as well as by constraints
arising from the rigid WC grains. As in the low temperature stage thermal
activated processes in the viscous Co binder are causing the materials
creep. But in difference to the nearly free creep of Co binder in the early
densification stage, during the second stage all microscopic
mechanisms are influenced by

• the high content of WC/Co interfaces enclosing all Co binder areas and
• the annealed Co binder microstructure, at the higher temperatures.

The heat treatment and spreading during the first stage of densification
has considerably changed the microstructure of the Co particles.
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Fig. 8: Stages 1 and 2 of solid state sintering. Experimental curves (right
side) for 0.8 urn WC - 10 wt % Co hardmetals.
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The highly disordered microstructure of the milled Co binder is annealed at
this stage. And creep due to dislocation climbing and vacancy diffusion is
intensified by the increased temperature on one hand, but decreased by the
reduced disorder of the microstructure on the other hand.
Effectively this results in a higher effective viscosity n* and a higher
activation energy Qv* ruling the shrinkage rate d/dt (Al/Io) in the second stage
of solid state sintering

e H U ~ d p r l -
M " " T 1 - - L i + 3v w c J fo o . *T )~ l H kT

where vWc is the volume fraction of rigid WC grains. In difference to the
activation energy of the low temperature stage Qv the energy Qv* is a material
constant depending on properties of the annealed Co binder and WC/Co
interfaces. This is clearly indicated in Figs. 7 and 8 where all ARRHENIUS
plots show the same activation energy Qv* = 250 kJ/mol for higher
temperatures although the Qv values are different at the low temperature
stage (Q v = 50 - 100 kJ/mol), that means they depend on processing
conditions.

WC grain growth

As in the case of densification the minimization of the internal energy is
driving the WC grain growth. In difference to densification however the
reduction of the total WC/Co interface area is the driving force of WC
coarsening. In practice "continuous" as well as "discontinuous" (local or
exaggerated) grain growth must be considered and suppressed as much as
possible. Good overviews discussing the phenomenons as well as critical
parameters of grain growth are given in [2], [14], [15], [18].

Continuous grain growth during liquid phase sintering may be considered as
an Ostwald ripening process. Smaller WC particles dissolve due to their
higher dissolution potential and reprecipitate after diffusion through the binder
at coarser WC grains. The intensity of this dissolution - reprecipitation
process and therefore the WC growth rate is increased by high carbon
content and essentially decreased by a proper addition of grain growth
inhibitors such as VC, Cr3C2, Ta/NbC etc. All these grain growth additives
are soluble in the Co binder and can segregate at the WC/Co interfaces or as
separate particles during sintering. Most probably the additives alter the
WC/Co interfaces by forming mixed crystals or new phases reducing the
interface energy and therefore the driving force of grain growth. As
densification, WC grain growth is not restricted to liquid phase sintering but
comes to a remarkably extent during solid state sintering [2], [18]. This is one
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of the reasons to admix the grain growth inhibitors as early and as
homogeneously as possible to the WC-Co mixture or to the WC powder or
co-carburize the WC with the additives. Another reason for co-carburizing the
WC with the additive carbides is based on the grain growth inhibiting effect of
VC, Cr3C2, (Ta,Nb)C on the WC grains during their synthesis at 1350 to
1450 °C. But there are different findings and evalutions as for example
CARROLL [14] has found that admixed VC provides the same degree of
grain growth control as a co-carburized WCA/C carbide. In the case of Cr3C2,
a significant difference however was found between the admixed and co-
carburized inhibitor. For a mixed VC/Cr3C2 doping, admixed additives were
just as effective as their co-carburized counterparts when the VC content was
greater than 0.3 wt% [14].
In case of discontinuous grain growth the variety of reasons is enormous and
the understanding much more complex as in case of continuous grain growth
[15]. But nevertheless to suppress discontinuous grain growth and
exaggerated WC grains is a fundamental prerequisite to obtain high strength
and high performance submicron and ultrafine hardmetals. Apart from
impurities or inhomogeneities arising from the raw materials or the processing
one reason for discontinuous grain growth is the difference of interface
energies on basal (001) and prismatic (100) WC planes [15]. Although the
face-oriented grain growth may be used successfully for toughening of coarse
grained hardmetals with platelet structures, in submicron and ultrafine
hardmetals it may cause exaggerated platelet shaped WC grains too and
degrades strength, wear resistance and other performance related properties.
Additionally to well known facts from the literature it should be mentioned that
the microstructure of the carbide can remarkably influence the grain growth
behaviour too. Microstructural features such as densities of stacking faults,
dislocations and vacancies are determined by the carburizing as well as the
processing conditions of hardmetal fabrication. In particular the temperature
of carburization and the milling intensity have a strong influence on the
microstructure, see section 4. Recently UNGAR et al. [31] proposed a
sophisticated method to measure the dislocation density as well as the
crystallite size distribution on nanocrystalline WC. This may be an useful tool
to enlighten the grain growth behaviour of WC powder. In particular the higher
grain growth rate of low temperature carburized WC may find their
explanation by such sophisticated X-ray analysis.
Finally Fig. 9 shows structures of ultrafine grained hardmetals with
discontinuous WC grain growth or WC agglomerates in comparison to a
perfect structure which is free of defects or exaggerated WC grains and
completely homogeneous. It is evident, this type of structural defects reduce
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strength and other properties such as wear resistance, which is probably
degraded. And this type of defects can't be removed by Sinterhip at all.

Discontinuous
WC grain growth

WC agglomerates
I 1 10 pm

Fig. 9: Structures of uitrafine hardmetals

Homogeneous and
defect free uitrafine

structure

3. Application of submicron and uitrafine hardmetals

In 2000 between 11.500 and 12.500 tons of submicron hardmetals were
produced worldwide excluding PR China. This are around 40 % of the total
hardmetal production.

Submicron and uitrafine hardmetals
subdivided due to their applications

1 60 % Round tools (Carbide drills
and mills)

Total production of submicron and
uitrafine hardmetals in 2000:
11.500 to 12.500 tons

13 % Tools for the electronics
industry (Microdrills etc.)

18 % Wear parts, Circular
shearing and cutting
blades for paper,
plastics etc., Chipless
forming tools, Dental tools,
etc.

4 % Wood cutting tools

r^'7, 5 o/o |\/|eta| cutting inserts

Fig. 10: Submicron and uitrafine hardmetals subdivided due to their
applications in 2000
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The carbide round tools have, with around 60 % or 7.000 to 7.500 tons,
by far the biggest share of submicron and ultrafine hardmetals application. In
particular the carbide drills and mills with and without internal coolant
channels are a rapidly growing segment of the carbide tool industry. Together
with threaders, reamers, routers and other round tools they substitute more
and more the HSS tools. Based on the advanced technology of producing
twisted coolant channels, there is a steady tendency to carbide drills and mills
with greater tool diameters and higher Co binder content over the last 10
years [26]. The carbide drills, mills, threaders, reamers etc. are nearly
completely based on 0.8 to 0.5 urn WC with a strong tendency to 0.3 urn WC.
The enormous progress of extrusion technology and Sinterhip together with
the excellent performance of the submicron carbide tools make these tools
more and more attractive for the metal machining industry. Besides coolant
channels coating can also prevent the tool from too high temperatures that
facilitate thermal degradation of the fine grained tool material. Coating
therefore additionally accelerates the application of submicron carbide tools in
particular for drilling and milling steels.

A good overview on applications of submicron hardmetals as wear parts,
circular shearing and cutting blades for paper, magnetic video tapes etc.,
chipless forming tools and dental tools is given in [3]. In many applications the
performance of such tools was improved by decreasing the WC grain size
from 1 — 0.7 |jm in 1995 to 0.6 — 0.4 pm in 2000. Together with the improved
finishing of the tools and wear parts the step from submicron to ultrafine
carbides could fulfill the increasing demands on such high precision tools as
video tape and paper cutters. Although wood cutting tools are one of the first
application of fine grained carbides, and the carbide tonnages used for them
are further increasing, their share of total consumption of submicron
hardmetals is decreasing. Otherwise the submicron wood cutting tools are in
tough competition to diamond tools. Besides the round tools the tools for the
electronics industry are the most rapidly growing application of submicron and
ultrafine carbide. Together with the metal cutting inserts they will be
discussed in more detail below.

3.1. Microdrills

Microdrills and other tools for machining PCBs (Printed Circuit Boards) are
one of the first und most demanding application for submicron hardmetals.
And as shown in Fig. 11 the number of produced microdrills and the
demanded tonnage of submicron and ultrafine hardmetals applied for these
tools is strongly growing up to now.
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Fig. 11: Market development and technical trends for PCB microdrills

Fig. 11 shows also some technical trends of microdrill application and
production. Over the last 15 to 20 years the revolutions per minute were
increased from 80 • 103 min'1 in 1985 to 180 • 103 min"1 in 2000 and in parallel
to this the diameter of microdrills was reduced from 500 urn to 200 urn. As
shown in Fig. 12 the smallest microdrill produced today in a pilot stage has a
diameter of 70 urn which is in the range of a diameter of a human hair. The
tendeny to smaller and smaller drill diameters has to be accompanied by
finer and finer structured hardmetals. State of the art microdrills have only
some hundreds of WC grains at the cutting edge. With an ultrafine hardmetal
showing a mean WC intercept of 0.2 urn and a mean free Co path of 0.03
urn, around 300 WC grains are cutting at the edge of a 70 urn microdrill (see
also Fig. 11 in [17]). To follow the demanding needs of a rapid, progressive
miniaturization of microelectronics the performance of microdrills has to be
continuousely improved by:

• Increase of the reliability of microdrills. That means reducing the failure
probability during drilling thousands of holes in PCBs.
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Fig. 12: Submicron carbide tools for PCB machining (left) and the latest
generation of microdrills in comparison to a paper clip and a lead refill (right)

• Reduction of wear at the cutting egde and increase of the lifetime of
microdrills.

• Improvement of the precision of drilling by reducing the bending deviation
of microdrills.

• Increase of productivity of hole drilling by higher cutting speeds and feeds.

For the powder and hardmetal producer this means to supply not only finer
and finer powder but also to improve the quality of powder and hardmetals.

Already ten years ago A. EGAMI et al. [22] and T. FUKATSU et al. [23]
reported on their efforts to optimize submicron hardmetals by proper choise of
dopants, using high purity raw materials with Ca, Al, Mg, C < 5 ppm.Si < 10
ppm and by clean room processing.

This paper reports on the newest generation of microdrills with diameters
down to 70 urn and on microdrills based on optimized ulfrafine grained
hardmetals with 0.2 - 0.3 urn WC intercepts [24]. Doping with VC, Cr3C2 and
(Ta,Nb)C restricts the WC grain growth and increases the room temperature
hardness but also influences the toughness and high temperature properties
such as hot hardness and creep restistance. While VC is the strongest grain
growth inhibitor showing the highest hardness, Cr3C2 has a more positiv
influence on toughness as shown in Fig. 13.
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Therefore a mixed VC/Cr3C2(TaC) doping can result in an optimized
hardness-toughness combination [17], [24]. The relationship between hot
hardness and mixed VC/Cr3C2 doping is shown in Fig. 14. At room and low
temperatures (^ 300 °C) the highest hardness values are found with pure VC
or VC rich doping. Increasing the temperatures to values between 450 und
650 °C for Cr3C2 rich doped 0.6 urn WC hardmetals the highest hardnesses
may be obtained. This corresponds well with the findings of S. INADA and H.
YOSHIMURA [25]. But at temperatures higher than 700 °C the mixed doped
hardmetals with a well balanced VC and Cr3C2 content have the highest
hardnesses. Therefore a hardmetal with a mixed and well balanced VC/Cr3C2

ratio has not only an optimized hardness-toughness combination but also an
excellent hardness for high temperatures (> 650 °C). Based on this a new
ultrafine hardmetal grade THR-D was developed for microdrills. Some
performance features are shown in Figs. 15 and 16. First of all the reliability
of the microdrills could considerably be improved by applying the new grade
THR-D instead of the standard grade THR-U. The tool life tests as shown in
Fig. 15 are made with 300 urn drills by drilling a 2.75 mm thick multilayer
board with 14 layers of Copper each 35 urn thick and 12 layers of glass fibre
reinforced plastics each 188 urn thick.
All of the tested 10 microdrills with the new THR-D hardmetal grade had a
tool life greater than 5.000 strokes. In comparison 5 of the 10 tested
microdrills made from the THR-U standard grade hardmetal were broken
within 2.250 and 5.000 drilling strokes. The mean value of the life time was
4.035 and the standard deviation was 1.110 drilling strokes, see. Fig. 15. The
reduced failure probabilities of the new microdrill generation is essential for
improving the productivity of PCB drilling. Every failure of a microdrill by
fracture means a non-cutting dead time for changing the drill by a new one
from a magazine. This non-cutting time is around 100 times longer than the
time necessary to drill one hole which is between 250 and 400 ms. Due to
productivity and cost reasons the PCB industry accepts at the moment a
failure rate of 1/1000 for drill fracture, but is demanding lower rates for the
future. To avoid drill fracture as life time limiting incident the drilling conditions
are adjusted to the lower fracture limit of drilling strokes typical for a tested lot
of microdrills. Under these drilling conditions (cutting speed, feed, etc.) the
continuousely increasing wear at the cutting edge is life time limiting. Fig. 16
shows how the wear of the cutting edge could be reduced by using microdrills
with the new THR-D ultrafine hardmetal grade. This means the lifetime of the
new generation of microdrills could be increased by reduced fracture failure
as well as by improved wear resistance.
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3.2. Metal cutting inserts

Nowadays metall cutting inserts comprise only a small share of the total
consumption of submicron and ultrafine carbides although conventional fine
grain sized (0.8 - 1.3 urn WC) inserts are the working horse of the metal
machining industry. Besides the high price pressure, difficulties in pressing
and defect free vacuum sintering prevented submicron carbides up to now
from stronger penetration into the insert market. But based on improved
pressing and sintering behaviour of the submicron and ultrafine carbides (see
sections 2.1. and 2.2.) the tendencies to dry machining, high speed cutting
and the dramatic changes in workpiece materials make the submicron and
ultrafine carbide inserts a fast growing application now.

3.2.1. Machining cast steel and iron

Up to now coated inserts are mainly applied to prevent the submicron
hardmetals from thermal overloading and degrading performance. Fig. 17
however shows the impressive cutting performance of uncoated ulfrafine
carbide milling inserts. Cast iron engine blocks (GG 26 Cr) are first milled by
roughing with a conventional coated K15 grade HC-K15-M. The finishing
operation is done with a conventional coated K05 grade, HC-K05-M, and in
comparison to that with an ultrafine uncoated grade THM-U. For the cutting
conditions specified in Fig. 17 the number of finished engine units increases
from 3.200 to more than 8.000 by using the ulfrafine carbide grade THM-U
instead of the coated K05 grade.

3.2.2. Milling of aluminium alloys

To reduce the weight and to increase the mass specific power of cars more
and more light alloys are applied for motors and gears. In particular AISiMg-
alloys substitute cast iron as standard materials for motor blocks. Only five
years ago around 80 % of all motor and gear blocks are made from cast iron
and only 20 % were made from light alloys. Today the ratio has strongly
shifted towards aluminium alloys, although vermicular cast iron (VGG) has
brought some improvements compared to conventional cast iron. To develop
and produce cutting tools for light alloys is therefore of increasing importance.
Submicron and ultrafine hardmetals have a big potential to meet the
requirements necessary for this fast growing tool market. The thermal
loadings and temperatures during turning, milling and drilling of aluminium
and magnesium alloys are in a range where the advantageous properties of
submicron and ultrafine hardmetals can be exploited successfully. For cutting
edge temperatures below 700 - 800 °C the high hardness, abrasive and
thermal wear resistance and cutting edge stability of submicron and ultrafine
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hardmetals result in higher lifetimes and allow higher cutting speeds and
feeds compared to conventional hardmetals. Also the surface quality
(roughness) may be improved by using ulfrafine hardmetals with sharp and
specially designed cutting edges. To demonstrate the excellent performance
of ultrafine hardmetals Figs. 18 and 19 show results of milling operations on
gearbox and valve cases of AlSiCu and AISiMg alloys.

Workpiece: GG 26 Cr
Engine Units

Tool:

8000

Roughing:

Finishing:

Cutting
conditions:

Hexacut M 750 (for roughing and
finishing)
finishing excess length = 0.04 mm
• 39 Inserts HNGF 090520-MM
•Grade: HC-K15-M
• 13 Inserts HNGF 090512-MF
• Grade: 1. Coated HC-K05-M

2. Ultrafine THM-U

vc = 125.3 m/min
= 0.361 mm/t
= 0.50 mm

Coated Grade
HC-K05-M

Ultrafine HM
THM-U

Fig. 17: Tool life advantages for ultrafine, uncoated milling inserts THM-U.
Comparison is made with coated HC-K05-M insert in milling GG 26 Cr engine
blocks (oil sump side)

In Fig. 18 a two step milling operation - roughing with conventional K10 grade
and finishing with a PCD insert - is compared with a one step roughing
/finishing operation using an ultrafine carbide grade THM-U for both
operations. Using THM-U inserts the number of machined GK-AISi18Cu3
gearbox cases can be increased from 400 to 1200 per tool and the cutting
time per workpiece can be reduced from 4 to 2.7 min. In Fig. 19 the lifetime
and productivity improvement for machining AISi10Mg(Cu) valve cases are
shown if ultrafine carbide grade THM-U inserts are used instead of submicron
grade THM-F milling inserts.
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Fig. 18: Enhanced tool life and reduced cutting time by using ulfrafine milling
inserts THM-U for milling GK-AISi18Cu3 gearbox cases
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Fig. 19: Increased productivity in milling AISHOMg(Cu) valve case by using
ulfrafine THM-U inserts
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3.2.3. HSC milling of crankshafts

Compared to the established machining operations as turn-turn broaching
and internal milling the dry HSC (High Speed Cutting) external milling of
crankshafts offers some technological and ecological advantages. However,
the tool for this dry HSC milling has to meet extremly high demands
concerning

• high temperature wear resistance
• high mechanical stability of the cutting edge
• excellent thermoshock resistance and fatigue strength.

Only a very fine grained hardmetal as the underlying substrate in combination
with an optimized multilayer coating and a well adjusted micro- and
macrogeometry of the cutting edge and tool can meet the heavy demands on
the tool, see Fig. 20. The high hardness, mechanical stability, stiffness and
wear resistance maybe exploited only if the thermal loading during the dry
HSC milling can be limited. To restrict the thermal loading of the fine grained

New developed HSC milling inserts
• 3 special fine grained hardmetals
• 2 new coating systems
• Optimized tool geometry
• Optimized cutting edge

m
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hardmetal
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hardmetal
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Fig. 20: HSC milling of GGG 60 crankshafts. By using ultrafine grained
inserts the number of milled crankshaft pins can be doubled.
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hardmetal a newly developed Ti(C,N)/AI203/Zr(C,N) coating with a strong
<111>-texture is necessary. This special coating reduces the heat
production and regulates the heat transport preferable to the workpiece. In
Fig. 20 those improvements are shown which can be obtained in dry HSC
milling of GGG 60 crankshafts by using the very fine grained hardmetal as
the heart of the tool.

4. New ultrafine (nano) hardmetal with 0.1 [im WC intercept

To meet future requirements of the hardmetal industry and to follow their
trends towards finer and finer grain sized tools, a new WC powder was
developed using a completely new carburization process [27], [28]. Powder
characteristics and the resulting hardmetal properties are shown in Fig. 21.
By considering powder properties such as FSSS-value or particle size
distribution alone, some misunderstandings may result because these
properties are influenced by the powder treatment before measurement and
by the insufficient discrimination of the measuring method itself. The best and
most realistic way to characterize the powder is to measure the hardmetal
properties, such as hardness and coercivity, as well as hardmetal structure
[28], [29]. Particle size distribution of the structure, as measured by the linear
intercept or point counting method, are most closely connected to hardness
and other hardmetal properties [17], [28].
The comparison between the new WC 0.1 L grade and the finest,
commercially available WC DS 40 and DS 60 grades from H. C. STARCK is
therefore made on the basis of the hardmetal structure and properties, see
Fig. 21. For the first time, an arithmetic mean linear intercept of 0.1 urn = 100
nm for a WC - 10 wt % Co hardmetal could be measured and the hardness
HV30 clearly surpasses 2000. This nano sized structure and high hardness
was obtained with a mixed VC/Cr3C2 doping content of only 1 wt % in total.
Producing a nano sized, homogeneous and pure WC powder is only the first
step to end up successfully with the wanted, very fine grained hardmetal, see
chapt. 2.1. and 2.2. of this paper. Besides optimized milling and sintering
conditions a possible explanation and reason for the successful
transformation of the ultrafine WC 0.1 L powder into a 0.1 u m hardmetals is
shown in Fig. 22.
For all lots of WC 0.1 L powder the combination of crystallite size and lattice
distortion, both measured by X-ray diffraction, is within the marked area in
Fig. 22 . Investigations on commercially available, ultrafine WC powder show
that the combinations of crystallite size and lattice distortion are outside the
marked area. This means that the combination of low crystallite size and low
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Fig. 21: Properties of submicron (0.6 pm WC) and ultrafine (0.45 um WC)
grained WC powder and hardmetals in comparison with a new WC 0.1 L
grade
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lattice distortion is typical for the new WC 0.1 L WC grade. The lattice
distortion measured by X-ray diffraction is a measure of stacking fault and
dislocation densities within the closed packed hexagonal (cph) lattice of WC.
The higher these densities, the higher the lattice distortion. A highly distorted
lattice however, shows a tendency to stronger grain growth in the solid state
as well as in the stage of liquid phase sintering. The low lattice distortion of
the WC 0.1 L powder explains some of the advantageous features such as
stable sintering, structure fineness and homogeneity without strong
continuous and discontinuous grain growth.
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Fig. 22: Lattice distortion versus crystallite size for conventional ulfrafine WC
and the new WC 0.1 L powder

Looking at the shrinkage rate or the ARRHENIUS plot of sintering curves the
tendency towards a wavy shaped curve as already typical for a 0.45 urn WC
is yet more pronounced for the new WC 0.1 L grade (0.30 um FSSS value),
see Fig. 23. Although the shrinkage rates may be very roughly approximated
by straight lines a subdivision into four or five steps seems to be more
appropriate to the experimental results obtained for the 0.45 and 0.30 um WC
hardmetals. It seems there are some "stick and slip" mechanisms behind the
local particle rearrangements. The higher the temperature the higher the
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number of particles in a cluster which are able to a coordinated move or
rearrangement. After some localized rearrangements the densified cluster
may easily fill up the surrounding pores or "diluted areas". That means a
steep increase of shrinkage rate is followed by a flat curve for the fill up
process, see Fig. 23. The next steep increase is related to a higher number of
particles moving correlated in a bigger cluster comprising some of the smaller
clusters one step before. Finally the diameter of the cluster or the "correlation
length" (in terms of phase transformation) is in the order of the specimen
diameter itself.

Temperature [°C]
1300 1100 900 800

Temperature [°C]
1300 1100 900 800

100.0

QA= 290 kJ/mol Qc= 185 kj/mol
= 20 kJ/mol QD= 330 kj/mol

100.0

0.1

(1/T)- 104 [K/min] (1/T)- 104 [K/min]

Fig. 23: ARRHENIUS plots of WC - 10 wt % Co hardmetals with 0.45 urn
and 0.30 urn WC (WC 0.1 L). The experimental curves are approximated by
one or some straight lines with indications of the corresponding activation
energies.

In comparison to the state of the art, the marked area and points of Fig. 24
finally show the hardness values which may be obtained for different Co
binder contents by using the new WC 0.1 L grade, in ultrafine hardmetals.
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Fig. 24: Hardness values which may be obtained by using the WC 0.1 L
powder with varying Co contents

5. Conclusions

Within the hardmetal industry submicron and ultrafine hardmetals are the
most demanding but also the fastest growing grades in production and
application. Nowadays these grades have a share of around 40 % of the total
hardmetal production and consumption. The further growth of the already well
established applications as round tools, wear parts, wood cutting tools and
microdrills will be stronger than that of the total hardmetal industry and will be
accompanied by increasingly new applications as metal cutting inserts for
HSC or dry cutting or cutting Al, Mg-alloys. To follow these unbroken trends
towards finer and finer hardmetal grades the raw material producers as well
as the hardmetal industry are confronted with demanding challenges:

• With the fabrication of 0.3 - 0.4 urn WC powder the conventional
technology seems to achieve a limit. New technologies as direct or gas
phase carburization, RCR (Rapid Carburization Reaction) or entrainment
process, CVR (Chemical Vapor Reaction) and spray conversion seem to
be necessary to produce WC powder below 0.3 - 0.2 urn as
homogeneous, high quality raw materials in big quantities and at
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reasonable costs, see Fig. 25. But also the qualities of the Co metal binder
and other carbide additives as e. g. grain growth inhibitors have to be
further improved to optimize milling and sintering as well as the hardmetal
properties.

Apart from improved raw materials the optimization of processing in
particular milling, pressing and sintering will have a big effect on new
applications and improved performances of ultrafine hardmetals. With
decreasing grain size the share of solid state sintering increases and
therefore all processing steps prior to sintering are increasingly important
for final hardmetal properties.

Further progress more and more needs a closer cooperation between the
raw material producers and the hardmetal industry as well as more
fundamental research and sophisticated methods instead of mainly
empirical investigations, up to now.
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Summary:

Sintering experiments were carried out to establish graded microstructures in
hardmetals and cermets. The formation of these microstructural features was
investigated as a function of nitrogen pressure, sintering temperature,
sintering period and sintering profile. The nitrogen pressure influences the
formation of carbonitride layers at the surface. Decreasing sintering
temperature yields similar results as increasing nitrogen pressure. Upon
prolonged sintering time a small growth of the outer carbonitride layer can
only be obtained if a substantial WC grain growth is accepted. Variation of the
sintering profile after dense sintering does not principally change the type of
the graded microstructure.
The laboratory experiments were scaled up in an industrial sinter/HIP furnace
and showing good correspondence with each other. First turning cutting tests
with different alloys show excellent performance in comparison to ungraded
materials.

Keywords:
functionally graded hardmetals, sintering, HIPing, cutting test

1. Introduction:

Coated hardmetal tools show a topographic distribution of their properties: the
surface withstands the mechanical/chemical interaction with the workpiece,
air and lubricants at high temperatures and the core exhibits high toughness
in order to resist mechanical load. The increasing needs of performance led
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to the application of complicated multilayer coatings with the aim of an
optimum combination of different hard phases compatible with substrate
adherence and resistance to wear. One of the ideas behind the preparation of
multilayer coatings is to approach the properties of the tough core stepwise.
However, even multilayers show a discontinuous change of properties at the
interfaces of the various layers. Such a discontinuous change can only be
avoided if graded microstructures can be established in which the chemical
composition or phase content changes gradually from one side to the other.
Since the different parts of such a structure have a different function these
materials are called functionally graded.
Functionally graded cermets with a hard outer surface (Ti(C,N)-enriched) and
a tough inner core have been described only recently (1,2) and were claimed
to have superior properties. In our own efforts to prepare functionally graded
hardmetals and cermets (3-6) we have found a variety of different near-
surface microstructures which were classified into four main types and three
sub-types. The four principal types show the following features:

Type 1: a graded structure in which a globular (Ti,W)(C,N)-governed micro-
structure changes smoothly into a hardmetal-type bulk structure
(angular WC grains) or a bulk microstructure with a mixture of
angular WC together with globular (Ti,W)(C,N). The bulk structure is
smoothly attained. Such a type can also be obtained if cermets are
annealed below the liquidus temperature (7)

Type 2: a microstructure that contains a more or less well-differentiated WC-
Co surface zone with a following graded microstructure. This type is
related to the well-known cubic-carbide-free (or most confusing
"(3-free" or "y-free") layer hardmetals (7-11) but has a carbonitride
enriched zone below the WC-Co layer fading smoothly into the bulk
structure governed by a hardmetal-type microstructure

Type 3: a microstructure with a Ti(C,N) top layer followed by a WC-Co layer,
and then a graded structure with a carbonitride-enriched zone
smoothly attaining a hardmetal type microstructure - this is a type 2
structure with a carbonitride surface layer

Type 4: a Ti(C,N) top layer that forms onto a gradient structure governed by
carbonitrides - representing a type 1 functional gradient cermet plus
a carbonitride surface layer (1)
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The microstructures of these four types are shown in Fig.1*. In addition to
these four types, three intermediate types were found, which indicates that
some of the types can change smoothly into each other (Fig.2).
The present study was carried out in order to gain further insight into the
formation of these types and to be able to tailor microstructural features, to
transfer laboratory results into the production scale and to test the cutting
performance of these functionally graded hardmetals.

type 1 type 2 type 3 type 4

''. lOurft 10um10um

Fig.1: Microstructures and classification of functionally graded cemented
hardmetals and cermets (4,5).

type 1-4 type 2-3 type 3-4

50um

Fig.2: Intermediate types of functionally graded hardmetals and cermets (6).

colour versions of microstructures and photographs of this work are accessible in the
microstructures section at www.tuwien.ac.at/physmet
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2. Experimental:

The green compacts employed for the sintering processes were prepared by
state-of-the-art industrial procedures. The powders were mixed, pressed and
dewaxed at around 600°C. Afterwards the samples were pre-sintered at
1200°C. Tab.1 gives the composition of the investigated alloys.

Tab.1: Rough compositions for sintering investigations.

alloy

7

28

34

40

we
63.0

86.2

75.0

43.0

composition [wt%]

fee phase*

27.0

7.8

15.0

57.5

Co

10.0

6.0

10.0

14.5
* the fee phase is a carbonitride of the type (Ti,Ta,Nb)(C,N)

For laboratory preparation an induction furnace connected with a gas
controller and coupled to a quadrupole mass spectrometer was employed to
carry out the sintering experiments and the investigation of the outgassing
characteristics (12,13). The samples were placed into a graphite crucible and
sintered with a variety of different time-temperature profiles. After the liquid
phase formed the sintering atmosphere was modified in order to supply a
reactive gas which mainly consisted of nitrogen. This reactive gas
atmosphere was kept until the end of the sintering cycle. A basic sintering
cycle consisted of a 5°C/min heating ramp until 1250°C. At this temperature a
holding time of 30 min. and afterwards a 5°C/min heating ramp until 1495°C
was adjusted. After the latter temperature was reached the time-temperature
profile was modified in different ways.
In order to investigate the conditions of gradient formation more deeply
specific sintering experiments were done by interrupting the sintering cycle,
varying the nitrogen pressure, applying a zigzag time-temperature profile and
heating different periods at the sintering temperature.
For the characterisation of the graded microstructures metallography, SEM,
XRD, EPMA and Glow-Discharge Spectroscopy (GDOES) were employed. In
GDOES analysis sputtering with Ar was applied. The fluorescence lines of the
various elements were detected by a UV spectrometer and the intensities
were calibrated against chemically analysed standards. Element distribution
profile with high accuracy could be obtained for up to ca. 100um from the
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surface. A typical GDOES depth profile is given in Fig.3. For a detailed
description the reader is referred to a recent study (14).
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Fig.3: GDOES depth profile of a type 3 FGHM (compare Fig.1).
Concentration of elements divided by the numbers given.

3. Results and Discussion

3.1. Phase formation and phase separation in FGHMs

The formation of the functionally graded microstructures is closely related to
the starting formulation of the cemented carbonitrides. (6). The following main
correlations are found:
a) the cemented carbonitrides with a cermet-type composition (starting

composition with WC < 43wt%) showed a type 1 or 1-4 microstructure
(compare Fig.1 and 2).

b) the cemented carbonitrides with a hardmetal-type composition (starting
formulation with WC > 69wt%) showed a type 2, a type 3 or a type 4
microstructure.

c) for the case of cemented carbonitrides with starting formulation between
the cermet-type and the hardmetal-type, the microstructure showed
intermediate types like 3-4, 1-4 or 2-3 (compare Fig.2).
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The formation of the graded microstructures depends on the thermodynamic
equilibrium conditions between the hard constituents and the N2/CO
atmosphere. The reactive gases in the sintering atmosphere influence
substantially the carbon and nitrogen activities and hence the solubility of the
hard phases in the liquid binder phase, especially of WC (15,16). Due to the
change of nitrogen and carbon activities, which depend on the applied
nitrogen pressure, diffusion process are induced which proceed via the liquid
phase (diffusion in the solid has a much lower rate). Ti, Ta and Nb are
elements with a high affinity to nitrogen and will dissolve in liquid binder if the
nitrogen pressure is too low to reach the solubility product for precipitation.
Contrary, if the nitrogen pressure is higher than the equilibrium pressure
outdiffusion of Ti (together with Ta and Nb) occurs to form a carbonitride
layer. This carbonitride is principally of the type Ti(C,N) with additions of Ta,
Nb (and possibly a very small amount of W). The higher the content of
carbonitride phases in the starting formulation, the lower is the necessary
nitrogen equilibrium pressure for phase precipitation. The necessary nitrogen
equilibrium pressure for carbonitride formation in the investigated alloys
depends on the hard phase composition (i.e. TiN/TiC ratio and WC content in
the starting formulation). A Ti(C,N) layer forms at the surface for a nitrogen
pressure higher than this pressure. However, the equilibrium pressure is not
only dependent on the hard phase composition but also on the carbon activity
in the alloys so that the critical pressure for fee carbonitride formation can
change and exceed vacuum sintering conditions. Detailed results on the
influence of nitrogen pressure are presented in Sec.3.2.1.
Nitrogen also influences the solubility of WC in TiC. Substitution of nitrogen
for carbon during sintering reduces the solubility of WC in TiC and hence WC
precipitates from (Ti,W)C if the limit of solubility of WC in TiC is reached.. For
this reason alloys with a high content of WC in the starting formulation
showed precipitated WC in the microstructure (alloys 7, 28 and 34).

3.2.1. Influence of N2 pressure in the furnace

The nitrogen pressure influences a) the final composition of the fee
carbonitrides, b) the direction of the Ti, Ta, Nb and nitrogen diffusion in the
liquid phase, and c) the carbon activity and consequently the solubility of the
components in the liquid phase (11,15,17,18).
The influence of the nitrogen pressure in the formation of a type 4
microstructure is shown in Fig.4. If alloy 28 is sintered with 100 mbar nitrogen
pressure isolated carbonitride grains formed on the compact surface. Upon
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increasing nitrogen pressure, the diffusion rate of elements with high affinity
to nitrogen increases. For this reason, a thin carbonitride layer formed on the
surface of this alloy if the nitrogen pressure was 500 mbar. By further
increase of from 500 mbar to 900 mbar N2, the interaction between nitrogen
and Ti (Ta, Nb) increases, forming a thicker carbonitride layer on the surface.

10um 10um

Fig.4: Influence of nitrogen pressure on the formation of graded
microstructure in alloy 28 sintered at 1490°C, left: 100mbar, right: 900mbar.

If alloy 7 is sintered with lOOmbar nitrogen pressure no carbonitride layer
forms on the surface. At 500 mbar N2 a type 3-4 microstructure which covers
a carbonitride layer or at least individual grains (compare Fig.2). If the
nitrogen pressure increases up to 900 mbar, the formation of a carbonitride
layer on the surface occurs (Fig.5). Further increase of the nitrogen pressure,
increased the thickness of the Ti(C,N) layer on the surface. This shows that
not only the type of microstructure but also the thickness of the carbonitride
layer can be influenced by choice of the appropriate sintering atmosphere.
For alloy 34 a variation of the nitrogen pressure in laboratory vacuum
sintering conditions showed no effect on the formation of the graded
microstructure at 1490°C. However, upon decreasing temperature the
necessary nitrogen equilibrium pressure is lowered so that upon sintering at
lower temperatures a carbonitride containing outer surface indeed occurred
(see Sec. 3.2.3). In addition, the type of formation of the graded zone was
found to be substantially dependent of the carbon activity in the starting
formulation.
Alloy 40 formed a type 1 microstructure consisting of a carbonitride-rich outer
zone onto a carbonitride gradient with a core-rim type microstructure for all
the three nitrogen sintering pressures. For this composition the nitrogen
activity necessary for the formation of the carbonitride phase can be easily
achieved by any of the applied pressures.
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Fig.5: Change of the microstructure type of alloy 7 as a function of the applied
nitrogen pressure, left: 100mbar (type 2), right: 500 mbar (type 3-4).

3.2.2. Influence of sintering time

Further investigations were carried out in order to determine the time
dependence on the layer and gradient formation. The samples were sintered
under a nitrogen pressure of 500 mbar and the holding time at the maximum
sintering temperature varied between 15 and 240 minutes.
In previous investigations (8-11) on the WC-Co layer formation it was
reported that the WC-Co layer growth is parabolic and different models to
calculate the layer growth of WC-Co zones depleted of fee carbides were
reported (8,10). These authors sintered (Ti.W)C-based cermets at liquid
phase temperatures under non-reactive atmospheres.
In our sintering experiments the WC-Co layer growth in alloy 34 showed a
very small increase with the sintering time but the WC grain size in the fee-
free layer and in the bulk shows a large dependence on the sintering time. In
Fig.6 three micrographs of alloy 34 sintered with a holding time of 1, 2 and 4
hours, respectively, are shown. The longer the sintering time, the larger is the
grain size of the WC crystallites. The reason because the WC-Co layer does
not grow extensively can be attributed to the introduction of nitrogen in the
liquid phase sintering step, interrupting the denitridation of the compact. Due
to the nitrogen in the sintering atmosphere the microstructure below the WC-
Co layers shows a carbonitride phase gradient whereas this was not reported
(8,10) if sintering is performed without reactive atmosphere.
It was found in alloy 28 (type 4) that the carbonitride layer slightly grows with
increasing sintering times. For a sintering time of 1 hour at 1490°C, the
thickness of this layer was about 2um. After 4 hours at the same temperature,
the layer thickness was 5um. Also the size of the WC crystallites in the
microstructure grew considerably. The small growth of the carbonitride layer
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can be attributed to the low amount of Ti-containing hard phases in the
starting formulation and the low diffusion rate of Ti, Ta and Nb.

10um 10um

Fig.6: Micrographs of alloy 34, sintering time left: 1h, right: 4 h.

Also the outer carbonitride layer of alloy 7 microstructures (type 3-4) grows
slowly with increasing holding time at the sintering temperature, and again the
WC grains distributed in the WC-Co rich zone and in the bulk of the compact
grow substantially.
Alloy 40 showed an increment of the thickness of the nitrogen-rich zone with
increasing sintering time from 18um (15 min.) to 30um after 4 hours.
For most of the compositions studied as a function of sintering time it can be
stated that the WC grains grow substantially upon increasing time. Because
this increment does not yield a substantial growth of layers but a significant
grain growth of WC grains, the sintering time should be kept as short as
possible to prevent coarsening.

3.2.3. Influence of the sintering temperature

The temperature for sintering of cemented carbonitrides is around 1490°C.
The melting point of the alloys 7, 28, 34 and 40 is around 1350°C (7). For this
reason, it is possible to sinter to full density at temperatures well below
1490°C.
To determine the influence of the sintering temperature in the formation of the
graded microstructures, alloys 7, 28, 34 and 40 were sintered at a
temperature of 1385°C. For the case of alloys 7, 28 and 40, there is no
change of the type of graded microstructure upon lowering the sintering
temperature. The thickness of the nitrogen-containing outer layers increases
showing that the interaction between the nitrogen atmosphere and the Ti, Ta
and Nb components increases. This is due to the increasing nitrogen
potential as a function of decreasing temperature.
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The graded microstructure of alloy 34 changes substantially if the sintering
temperature decreases. For vacuum sintering conditions (i.e. the maximum
total pressure < 1 bar) alloy 34 always shows a type 2 microstructure if the
maximum sintering temperature is 1490°C, independent on the nitrogen
pressure.
If sintering is performed at 1385°C and a nitrogen pressure of 500 mbar the
increased nitrogen potential yields a more nitrogen-rich Ti(C,N). This increase
(by temperature decrease and/or pressure increase) further promotes the
formation of WC and C according to the reaction (Ti,W)C (s) + N2 (g) ->
Ti(C,N) (s) + WC (s) + C(s) and thus an increase of the carbon activity.
The increased nitrogen activity causes the out-diffusion of Ti (and Ta and Nb)
from the bulk of the compact towards the surface. As a consequence of the
interaction between the Ti flux and the nitrogen atmosphere a carbonitride
layer forms on the surface. Because the solubility of WC in liquid cobalt
decreases when the carbon activity increases (16), a small amount of WC
precipitates and only a WC-Co rich zone forms below the carbonitride layer.
For this reasons alloy 34 shows a type 3-4 microstructure at the sintering
temperature of 1385°C as compared to a type 2 microstructure if the sintering
temperature is 1490°C, provided that the same nitrogen pressure of 500 mbar
is established (Fig.7).

v\ /I*',

10um

Fig.7: Micrograph of alloy 34 sintered at 1490°C with 500mbar N2 (left) and at
1385°C with 500 mbar N2 (right).

3.2.4. Influence of zigzag time-temperature profiles

Alloys were sintered with zigzag time-temperature profiles around the eutectic
temperature. Upon sintering with these profiles it was observed that the type
of graded microstructure did not change and that the grain size of the
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hexagonal and core-rim phases is smaller as compared to the same sintering
time of the isothermal treatment. In addition, more compact layers form and
the phase distribution is more uniform than in the isothermal treatment. These
effects can be attributed to dissolution and precipitation processes occurring
in the liquid phase. The reduction of the grain size of the solid phases is a
direct consequence of the shorter time within liquid phase conditions, hence
most of the grain growth occurs in this sintering step. The best microstructural
results were obtained with a combination of zigzag and plateau profiles. In
Fig.8 a comparison between the microstructures of alloy 34 sintered with a
isothermal treatment and a combination of isothermal treatment and zigzag
profile is shown.

10um . • " ' 10jjm-

Fig.8: Comparison between the formed microstructures of alloy 34 sintered
with isothermal treatment (left) and a combination of zigzag plus isothermal
treatment (right).

3.3 Results of sintering scale up

Regarding to the scale up of the sintering process from laboratory to semi
production in a sinter/HIP-furnace with an effective volume of about 20 I, the
program profile relating to temperature and gas pressure were adjusted.
Technical parameters of the furnace as well as the arrangement of the
graphite trays are given in Fig.9.
Microstructure examinations of the samples proofed the uniform gradient
formation throughout the whole effective volume of the furnace. Fig.9, right,
shows the optical uniformity of inserts of alloy 28 on one single graphite tray.
In more detail this uniformity is demonstrated in Fig. 10. It shows top, side and
bottom of alloy 28 samples taken from the core and the rim of a graphite tray.
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um 1 1 1

Fig.9, left: Front face of opened sinter/HIP furnace. Technical data: effective
volume: 20I, max. pressure: 100bar Ar/N2, max. temperature: 2000°C,
diameter of trays: 27cm, number of trays: 20. Gas control for CO, N2 and Ar
during vacuum-sintering.
Fig.9, right: Arrangement of inserts on the graphite tray.

Alloy 28

•OD
Fig. 10: Appearance of inserts from rim and core positions of the tray.

In the next experimental step the sintering conditions were modified, in order
to generate gradient structures for optimal cutting performance. To realize
this aim the statistical method of DoE (Design of Experiments) was used. The
ranges of variables are given in Table 2.
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Table 2: DoE trials, range of variables

Level

1. Sintering temperature

2. N2 pressure

3. Type of sintering cycle

4. HIP

Low

1420 °C

500 mbar

C12D

with

Middle

1450 °C

700 mbar
-

-

High

1480 °C

900 mbar

C7 mod.

without

For temperature and pressure low, middle and high levels were chosen. The
sintering cycle "C12D" has a steady level at peak temperature, whereas
sintering cycle "C7 mod." shows a zigzag-profile at peak temperature as
already described above (Sec.3.2.4). The HIP parameters were: T=1400°C,
p(Ar)=90 bar, p(N2)=1 bar.
The influence of temperature and N2 pressure on the gradient structure of
alloy 28 is shown in Fig.11.

1420°C/900mbar 1420°C/500mbar 1450°C/700mbar 1480°C/900mbar 1480°C/500mbar

Fig.11: Influence of temperature and nitrogen pressure on the gradient
structure of alloy 28, all samples HIPed. —i0| jm

The micrographs show that at all different conditions a type 4 gradient is
formed. With dropping temperature and rising gas pressure the thickness of
the Ti(C,N)-layer increases. The subsequent HIPing (90 bar Ar / 1 bar N2

partial pressure) has only a minor effect on the gradient structure as shown in
Fig.12. These microstructures also show the minimal effect of the type of the
sintering cycle on the gradient structure of alloy 28.
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lOym 10um

C12D, without HIP C12D, with HIP C7mod, with HIP

Fig.12: Influence on type of sintering cycle and HIP of the gradient structure
of sample 28, sintering temperature: 1450°C, nitrogen pressure: 700mbar N2.

As already mentioned before, the strongest effect on the gradient structure is
caused by the alloy composition itself (Fig. 13). At the given sintering
conditions the tungsten-carbide-rich alloys 28 and 34 exhibit a layer thickness
of 5 to 10 urn, whereas the samples of the mixed carbide rich alloys 7 and 40
show quite thick layers of 20 - 30

alloy 7

\0\\tn

alloy 34 alloy 28

10um

alloy 40

Fig. 13: Influence of alloy composition on the gradient structure. Sintering
temperature: 1450°C, nitrogen pressure: 700mbar, with HIP cycle.
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3.4 Cutting tests

First performance tests of graded hardmetals were carried out with inserts of
the geometry SNMG 120408. Samples of alloys 28 and 34 were tested in
sintered and sintered plus HIPed quality. In Fig.14 the test results are
summarised.

* 0-5
1

> 0.4
•D
C

™ 0.3
ra

5 0.2
"o
I 0.1

120

10 20 30

Cutting Time [min]

40 10 20 30

Cutting Time [min]

-Alloy 28
(Sintered 1450°C,
700 mbar N2)
Alloy 28 +HIP

- * ^ Hardmetal P25

Inserts: SNMG 120408

Cutting Conditions:

Vc = 180 m/min
ap = 2,0 mm
f = 0,2 mm/U

its

I

0.6

0.5

0.4

0.3

0.2

10 20 30

Cutting Time [min]

50

40

I
o
•S 20

Q.

Q 10

40 0 10 20 30

Cutting Time [min]

40

-Alloy 34
(Sintered 1450°C,
700 mbar N2)
Alloy 34+HIP

- * - Hardmetal P25

Inserts: SNMG 120408

Cutting Conditions:

Vc = 160 m/min

ap = 2,0 mm
f = 0,2 mm/U

Fig.14: Continuous turning of steel CK45N; Rm = 618 N/mm.

The flank wear land (VB) and the crater depth (KT) at the cutting edge of the
inserts were measured against cutting time when turning steel CK45N. For
comparison purpose a hardmetal of ISO grade P25 was used, whose
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composition is roughly comparable to alloy 34. As it is quite obvious, the
graded structure enables an extremely high wear protection. Especially the
crater wear is still negligible even after a cutting time of 30 minutes, whereas
the service life of the P25 ISO grade insert is over by means of crater wear
already after a cutting time of 20 minutes.
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Summary:

For developing of functional-gradient hardmetals the interaction of nitrogen
with (Ti,W)(C,N)-based compacts was investigated. Hot-pressed (Ti,W)(C,N)
compacts as well as sintered compacts of (Ti,W)(C,N)+Co were subjected to
sintering and heat treatment at 1200-1500°C and up to 30 bar N2.
In (Ti,W)(C,N) compacts four microstructure types were obtained upon
reaction with nitrogen. A uniform single-phase (Ti,W)(C,N) forms in samples
with a low WC and high TiN content. If medium WC and high TiN/TiC ratio is
present a core-rim type structure forms during Ar annealing which remains
the same when nitrogen in-diffusion occurs. The third type of microstructure
shows sub-micron lamellae of nitrogen-rich fee phase and WC. This structure
forms at increased WC and/or TiC content. If the WC content is increased
again a WC layer forms at the outermost surface. Compressive stresses
introduced by phase formation/decomposition were obtained for the nitrogen
in-diffusion.
Sintered (Ti,W)(C,N)+Co compacts were heat treated above and below the
eutectic temperature. Above the eutectic temperature compact Ti(C,N) top-
layers independent on sample composition were observed. Below the
eutectic temperature the microstructure formation is mainly influenced by the
sample composition. A Ti(C,N) top-layer forms in materials with a high
Ti(C,N) content. Contrary, interaction zones without a layer were obtained in
compacts with high WC/Ti(C,N) ratio. Some of these surface modified
compacts show surfaces and particle sizes favourable for a cutting tool.
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Keywords: hardmetals, reactive sintering, interaction zone, diffusion,
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1.Introduction:

The concept of functionally graded materials (FGM) has been put forward in
the past years [1,2]. One of the fields of application of this concept is related
to hardmetals and cermets used as cutting tools in which special properties
such as the ratio of hard phase vs. binder metal, hardness, stress, grain
size,... change gradually along certain pre-determined directions. It is well
established that any approach towards fabricating a graded hardmetal
(cermet) has to rely on knowledge about relevant properties and phase
reactions of the components and their relation with the process parameters
[3-6]. The formation of the graded zone is controlled by diffusion of the
various elements in the liquid binder and by the thermodynamic properties of
the system [7-9].
Several papers concerning the formation of layers and gradients in
(Ti,W)(C,N)-based cermets using a diffusion-controlled process have been
published [1,10-12]. Lengauer et al. [12,13] describe a principle classification
scheme consisting of four types of the near-surface microstructures formed
by sintering in reactive atmosphere, mainly containing N2.
Substantial work has been done in the development of functional gradient
hardmetals but they are mainly dealing with gas pressures < 1bar. The aim of
this work is to investigate the influence of higher-than-ambient gas pressures
for temperatures near the eutectic temperature on the formation of layers and
gradients at the surface and in near-surface areas of (Ti,W)(C,N)-based
compacts. Prior to these studies the reaction of (Ti,W)(C,N) with nitrogen was
investigated in order to study the phase reactions and diffusion in the hard
phase system.

2.Experimental:

Hot-pressed (Ti,W)(C,N) compacts as well as dense-sintered (Ti,W)(C,N)+Co
compacts, with small amounts of (Ta,Nb)C, were used. Hot-pressed samples
were made of TiC, TiN, and WC powders which were planetary ball-milled for
30min. in cyclohexane, dried and hot-pressed at >2300°C under 55MPa in Ar
atmosphere. Afterwards the samples were annealed in Ar atmosphere for
168 hours at 1500°C. Dumas-GC analysis was done to chemically analyse
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the gross composition and nitrogen loss. To investigate the reaction with
nitrogen, the annealed (Ti,W)(C,N) samples were reacted at 1500°C with
10bar N2 for 96h and 30bar N2 for 66h, respectively. These samples were
characterised by XRD and SEM to obtain information about the phases
formed.
The (Ti,W)(C,N)+Co compacts were annealed at 5 and 25bar N2 at 1200,
1300 and 1500°C. The reaction time was 1 to 100h. In these experiments
heating cycles were applied which are similar to standard heating cycles and
nitrogen was added at special points in the time-temperature profile [12,13].
For characterisation the samples were subjected to optical microscopy, SEM,
EPMA, XRD and surface roughness measurements.

3.Results:

3.1. Interaction of (Ti,W)(C,N) compacts with N2

In Tab.1 the composition of the starting material and the stoichiometry after
the Ar annealing process is given. The stoichiometry is calculated from the
results of the GC measurements. Because of nitrogen loss during the Ar
annealing process faint amounts W and W2C are present in the starting
material having a high N content. Nevertheless, the reaction of nitrogen with
the fee phases of almost 50at% non-metal concentration can be studied from
these samples.

Tab.1: composition of the (Ti,W)(C,N) compacts

sample
number

#43

#48

#49

#54

composition of the
starting material; (wt%)

we

10

50

50

90

TiC

20

20

10

10

TiN

70

30

40

zero

stoichiometry after the
Ar annealing process

([N]+[C])/([Ti]+[W])

0.91

0.97

0.97

~1
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The Ar annealed sample #43 shows grains with a triple core-rim structure,
the cores consisting of a (Ti,W)(C,N) phase rich in Ti and N, surrounded by a
inner rim (white) consisting of WC grains. The outer rim (greyish) was
identified as an fee (Ti,W)(C,N) phase, rich in W and C (compare Fig.1a).
Lindahl et al. [14] describe the formation of a similar core-rim structure in a
(Ti,W)(C,N)+Ni sample were the Ti(C,N) cores are partly surrounded by a
inner rim formed during solid state sintering from dissolved WC and therefore
with high W content. Because no binder phase is present in the sample this
is a proof that the presence of a liquid phase is not a necessary prerequisite
for the formation of core-rim type (triple) structures. According to the
calculations of Jonsson [15] for 1427X WC can only be in equilibrium with a
single fee phase. As the sub-stoichiometry is probably not responsible for the
presence of three phases (81, 52, WC) - because the fee phases can attain
quite a sub-stoichiometric composition before they undergo a phase reaction
- the samples may not be entirely in equilibrium. As the nitrogen diffusion is
fast enough to promote attainment of an equilibrium state (see below) the
non-equilibrium state is due to the low diffusion rate of the metals, i.e. Ti and
W.

The origin of the precipitated WC between the two fee phases may be due to
precipitation upon cooling down from hot pressing temperatures (where also
metal diffusion is orders of magnitudes higher than at the re-annealing
temperature). This is because the 81+82 phase region in the Ti-W-C-N is
destabilised upon decreasing temperature relative to a mixture S+WC.
Because of the above-mentioned low metal diffusion rate the two 8 phases
remain in the sample.

Four different types of surface interaction zones were found depending on
the composition of the starting material. If the starting material has a low WC
and high TiN content (sample #43) a uniform single-phase (Ti,W)(C,N)
formed at the surface (Fig. 1b).
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a) b)

Fig.1: SEM image of sample #43 a) Ar annealed (1500°C, 168h) b) N2

annealing (30bar N2, 66h)

The second type of microstructure resulting from the interaction with nitrogen
was found in samples containing a medium WC and a high TiN/TiC ratio
(sample #49). The grains of the Ar annealed sample #49 shows a core-rim
type structure where the core (black) consists of Ti-rich and the rim of a W-
rich (Ti,W)(C,N) phase (grey). Also W and W2C (white) is present between
the core-rim grains because of nitrogen loss (compare Tab. 1).
If this sample is reacted with N2 the core-rim structure remains stable (see
Fig.2a). An EPMA line scan (Fig.2b) shows that the nitrogen in-diffusion
occurred to about 60um from the surface leaving the general structure almost
unchanged but creating some TiN-rich uniform dark grey grains in between
the core-rim grains. Obviously these TiN-rich regions formed by in-diffusion of
N2 are nearly in equilibrium with the grey rims and thus have a very similar
composition than the cores. This is also supported by the fact that no WC
formed in between the two 8 phases, indicating that the 5i+82 region is stable.
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Fig.2: a) SEM image and b) EPMA line scan of the surface interaction zone
of sample #49 after N2 annealing (30bar N2, 66h)

It was observed that the core-rim type structure only formed if the starting
material has a high N content. If the WC and/or the TiC content increases the
core-rim type structure do not form in accordance with thermodynamic
calculations [15]. If the starting microstructure is uniform and a single fee
phase is present (except some grain boundary precipitates of W2C and W)
the interaction with N2 shows a substantial microstructural response. This
third microstructure type occurs if the TiN/TiC ratio becomes smaller (sample
#48). An about 45um thick interaction zone forms (Fig.3) which consists of a
lamellar structure of fee Ti(C,N) phase (dark) and hexagonal WC (white).
Interestingly the lamellae spacings are very small and are on the order of 0.1-
0.2um. The thickness of this type of interaction zone is largest and can reach
340um after 96h at 1500°C, depending strongly on the composition of the
starting material. The EPMA line scan of this type of sample again shows a
nitrogen gradient (see Fig.3b). Because of the very fine structure the WC and
Ti(C,N) lamella could not be separated by EPMA and a smooth profile was
measured.
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Fig.3: a) SEM image and b) EPMA line scan of the.surface interaction zone
of sample #48 after N2 annealing (10bar N2, 96h)

- <• V • • * ^

Fig.4: SEM image of the surface interaction zone of sample #54 after N2

annealing (30bar N2, 66h)

If the starting material consists of a high WC and a low TiC content without
TiN (sample #54) a WC layer forms at the outermost surface during
interaction with nitrogen (Fig.4).
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Low-angle XRD measurements of the surface of the (Ti,W)(C,N) compacts
showed that during the annealing process in Ar, outgasing of nitrogen occurs
which also causes tensile residual stress (0.2-0.3GPa). For the nitrogen in-
diffusion compressive stresses (up to -1.1 GPa) introduced by phase
formation/ decomposition was obtained. This is interesting because this
means that nitrogen in-diffusion for modifying the microstructure yields
favourable mechanical properties of the influenced zones.

3.2. Interaction of (Ti,W)(C,N)+Co compacts with N2

The composition of the different samples subjected to annealing and
sintering experiments in nitrogen atmosphere are listed in Tab.2.

Tab.2: composition of the (Ti,W)(C,N)+Co samples

sample
number

#7

#34

#28

we
content

medium

high

high

TiC
content

high

medium

low

TiN
content

high

high

zero

Various types of different microstructures form in the (Ti,W)(C,N)+Co
compacts reacted with N2. Some of these can be included in the established
scheme of microstructures of vacuum-sintered in-situ surface-modified
hardmetals and cermets (type 1-4), described by Lengauer et al. [12].
However, due to the application of high pressures in the present study,
others show features which do not fit into this scheme.
A compact Ti(C,N) top-layer followed by a more or less graded structure was
observed in (Ti,W)(C,N)+Co samples annealed above the eutectic
temperature at 1500°C at 5 and 25 bar N2 for 1h, independent on the sample
composition (Fig.5 and 6). This corresponds to a type 4 microstructure as
described previously [12]. Although the microstructure type remains the
same, several important features such as the thickness of the Ti(C,N) top-
layer, the surface roughness and the porosity increase with increasing
Ti(C,N) content (Fig.5 and Tab.3). At a high WC/Ti(C,N) ratio a quite smooth
and compact Ti(C,N) top-layer of about 10um thickness and with a surface
roughness of 1.2-2.1 urn formed at 5bar N2 (sample #28, Tab.3). An
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increased nitrogen pressure of 25bar N2 causes no substantial difference in
layer-thickness for this sample but the surface roughness (Ra) was increased
as compared to 5bar N2 (Fig.6, Tab.3).

10|jm

a) b)
Fig.5: microstructures of (Ti,W)(C,N)+Co samples sintered at 1500°C with
5bar N2 for 1 h a) sample #34, b) sample #7

a) b)
Fig.6: microstructures of sample #28, sintered at 1500°C for 1h a) at 5bar b)
at 25bar N2
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Tab.3: layer thickness and Ra values of the samples sintered at 1500°C with
5bar N2 and 25bar N2 for 1 h

sample
number

#7

#34

#28

Ti(C,N) layer thickness; (urn)
5bar N2

-50

-15

-10

25bar N2

-55

-25

-7

Ra;
5bar N2

4.5

4.6

1.2

(Mm)
25bar N2

5

3.6

2.1

Because of the presence of a liquid phase at 1500°C causing a high mobility
of the diffusing species (the eutectic temperature is about 150°C below this
temperature [5]), layers and gradients form quite fast (within 1h). If the
annealing temperature is decreased to temperatures were no liquid phase
appears (1300°C, 1200°C) the annealing time has to be increased in order to
modify the near-surface microstructure so as to form zones or diffusion layers
above a few urn.
While the obtained diffusion layers show an interface which is rugged and not
such distinctive as obtained with deposition techniques the nitrogen-
influenced zones show a smooth variation of particle distribution in near-
surface areas. Depending on the formulation of the compacts the influence of
nitrogen changes the composition of the Ti(C,N) phase only, leaving other
features almost unchanged. This is shown for a sample with high amount of
WC (sample #28) in which a nitrided zone (no layer) forms at the outermost
surface after annealing at 1300°C for 10h with 25bar N2. In this zone, the
nitrogen content in Ti(C,N) changes gradually from high concentration at the
surface and in near-surface areas to very low amounts in the core (in sample
#28 it actually attains pure TiC). Because of the intensive colour change of
titanium carbonitrides as a function of C/N ratio (e.g.: TiN: golden yellow;
TiC0.2N0.8: violet; TiC: grey [16]) this change is clearly visible in the
microstructure. Dark yellow particles at the surface transform to violet and
finally grey colour as the interior is approached* (Fig.7a).

Further increase of the annealing time of this compact at 1300°C (to 20h and
100h, respectively) yields a rough and porous surface zone with higher
amount of nitrogen-rich Ti(C,N). These near-surface areas also show a

* for a colour version of the photographs of this work, please connect to
www.tuwien.ac.at/physmet/microstructures
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distinct change in particle size upon interaction with nitrogen. Large WC
crystallites (up to 20um) can be identified followed by a graded zone in which
the WC crystallites become much smaller (Fig.7b and c). For the annealing
temperature of 1300°C and annealing times >10h this microstructural feature
is observed in all investigated compacts independent on composition
(compare Fig.7b and d). The compacts containing a high amount of Ti(C,N)
(sample #7) additionally form a Ti(C,N) layer on top of this graded transition
to the core structure. Hence, an interface is visible (Fig.7d).

b) c) d)

Fig.7: microstructures of samples annealed at 1300°C and 25bar N2 a)
sample #28 for 10h, b) for 20h, c) for 10Oh, d) sample #34 for 40h

While after 10h annealing time at 1300°C a nitrogen-affected zone is present
no such zone forms or is at least visible in the optical microscope after the
same time at 1200°C (compare Fig. 7a and 8a). At 1200°C and annealing
times up to 100h very smooth surfaces and much smaller interaction zones
were obtained (Fig.8 and 9). The rugged and porous Ti(C,N) zones obtained
at 1300°C do not form at this decreased annealing temperature in the
investigated period of time. This can again be explained by the decreased
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mobility of elements at lower temperatures. The annealing-time dependency
on formation of interaction zones for a compact with a high WC content
(sample #28) annealed at 1200°C with 25bar N2 is presented in Fig. 8. After
20h, 40h and 100h an interaction zone of about 30um with an increased
amount of nitrogen-rich Ti(C,N) in comparison with the core amount appears.
While the thickness of the interaction zone remains constant with increasing
interaction time the nitrogen content in Ti(C,N) and the grain size of the WC
crystallites increase (compare Fig.8b-d, see footnote on page 9).

Fig.8: microstructures of sample #28 annealed at 1200°C with 25bar N2 a)
10h, b)20h, c)40h, d) 100h

The formation of interaction zones and/or layers at 1200°C is mainly
influenced by the WC/Ti(C,N) ratio in the samples. In compacts with a high
WC/Ti(C,N) ratio (sample #28 and #34) a nitrogen-rich reaction zone occurs
at the outermost surface but no distinctive Ti(C,N) top layer forms (see Fig.8d
and Fig.9a). This can be explained by the fact that at 1200°C no liquid phase
is present so that Ti cannot diffuse fast enough to the surface which is
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required to form a Ti(C,N) layer in this samples. At the same annealing
conditions, a Ti(C,N) top-layer forms in compacts with a high Ti(C,N) amount
(sample #7, Fig.9c). There seems to be enough Ti present in the surface
regions to form a Ti(C,N) top layer in sample #7 which has a sufficiently high
Ti(C,N) content in the starting formulation to exceed the solubility product and
to promote TiN precipitation. At 25bar N2 an about 7um thick monolithic
Ti(C,N) top layer formed in this sample after 100h. Then a zone rich in fee
phase follows (Fig.9c). If a nitrogen pressure of 5bar is applied, again a
Ti(C,N) top-layer occurs although the annealing time was only 20h (Fig.9b).
For samples with high WC amount which were annealed at 5bar N2, also an
interaction zone as in samples annealed at 25bar N2 was found
(microstructure for sample #34 see Fig.9a). This is a proof that the two
different nitrogen pressures, 25bar N2 and 5bar N2, respectively, do not
cause any changes in the microstructure type of the different compacts
investigated.

b) c)

Fig.9: microstructures of (Ti,W)(C,N)+Co compacts annealed at 1200°C a)
sample #34, 20h, 5bar N2 b) sample #7, 20h, 5bar N2 c) sample #7, 100h,
25bar N2
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Upon a closer look at the Ti(C,N) top-layers which occur in samples with high
Ti(C,N) content a nitrogen-gradient in these layers can be found. The
gradient forms perpendicular to the surface. This becomes clearly visible
from the transition of the dark yellow colour to a violet colour, indication of
C/N ratio.
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Fig.10: annealing temperature versus Revalues of sample #28
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4.Conclusion:

In (Ti,W)(C,N) compacts four different types of microstructures form
depending on formation of the starting material during heat treatment with
nitrogen. Uniform single-phase (Ti,W)(C,N) at the surface is obtained in
samples with a low WC and a high TiN content. If medium WC and high
TiN/TiC ratio is present a core-rim type structure forms during Ar annealing
which remains the same when nitrogen in-diffusion occurs. The third type of
microstructure consists of a lamellar structure of fee Ti(C,N) phase and
hexagonal WC. This structure forms at increased WC and/or TiC content. If
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the WC content is increased again a WC layer forms at the outermost
surface.
(Ti,W)(C,N)+Co compacts modified with high-pressure nitrogen either form a
compact Ti(C,N) top-layer and/or an interaction zone. Above the eutectic
temperature compact Ti(C,N) top-layers independent on sample composition
were observed. Below the eutectic temperature the microstructure formation
is mainly influenced by the sample composition. A Ti(C,N) top layer forms in
(Ti,W)(C,N)+Co compacts with a high Ti(C,N) content. Contrary, interaction
zones without a layer were obtained in compacts with high WC/Ti(C,N) ratio.
These interaction zones show a smooth variation of particle distribution in
near surface areas. The two different nitrogen pressure applied, 25bar N2

and 5bar N2, respectively cause no substantial difference in the
microstructure type for all investigated temperatures.
It was observed that the surface roughness increases with increasing
annealing temperature and/or annealing time or nitrogen pressure. The Ra

values of one (Ti,W)(C,N)+Co compact (sample #28) are presented in Fig 10.
The surface roughness plays an important role in the cutting performance of
indexable inserts. Some of the structures formed below the eutectic
temperature show surface roughness lower than 0.5um and therefore as low
as the roughness of deposited layers. Although some nitrogen-reacted
compacts show features, such as rugged and porous influence zones and big
WC crystallites, which make them not suitable for use in metal cutting
operations,
Some microstructural features were observed which are very interesting for
the development of new gradient types formed by diffusional in-situ surface
modification. They show surfaces and particle sizes favourable for a cutting
tool. The low temperatures of solid-state modification of these compacts
allow not only the formation of zones with changing particle composition but
also the formation of graded interlocked layers (e.g. TiN-Ti(C,N)-TiC).
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Gradient Structures in Hardmetals

V. Richter, M. von Ruthendorf

Fraunhofer Institut IKTS, Winterbergstraße 28, D - 01277 Dresden, Germany

Zusammenfassung

Gradientenhartmetalle ermöglichen Kombinationen von Eigenschaften wie
Härte und Bruchzähigkeit, die mit homogenen Werkstoffen nicht erreicht
werden können. Die Ausbildung von Gradienten in Hartmetallen korreliert mit
der Migration von Bindemetall, die von Unterschieden in der Zusammenset-
zung des Preßgranulates sowie von der Hartstoffteilchengröße und deren
Verteilung abhängig ist. Um die Gradientenbildung zu untersuchen, wurden
Hartmetallproben aus unterschiedlich feinkörnigen WC-Pulvern mit variablen
Zusatzmengen von Cobalt und Ruß hergestellt. Neben Standard-
Biegebruchstäben wurden Zweischichtverbunde durch Aufeinanderpressen
von Granulaten mit unterschiedlichem Co-Gehalt und unterschiedlicher
Korngröße hergestellt. Die Verdichtung der Preß- und Sinterproben wurde
bestimmt und die magnetischen und mechanischen Eigenschaften der Sin-
terkörper gemessen. An dichten Verbundproben erfolgte die Aufnahme der
Konzentrationsprofile von Co, C und W parallel zur Preßrichtung über die ge-
samte Probenlänge (>10 mm) mittels ESMA. In gleicher Richtung wurden
Härte und Bruchzähigkeit ortsabhängig gemessen. Bei gegebener Hartme-
tallzusammensetzung ist die sich ausbildende Gradientenstruktur abhängig
von den Hartstoffteilchengrößen, den Nichtmetallgehalten (Kohlenstoff, Sau-
erstoff) und auch von Verunreinigungselementen im ppm-Bereich (Beeinflus-
sung der Benetzungs- und Löslichkeitsverhältnisse). Die Ergebnisse zeigen,
daß Unterschiede im Co- und C-Gehalt zur Co-Migration in Richtung des
niedrigeren Gehaltes führt. Bei Unterschieden in der Hartstoffkorngröße
wandert das Bindemetall grundsätzlich in Richtung der feinkörnigeren Hart-
stoffmatrix. Es war möglich, Co-Gradienten in den WC-Co-Verbunden bis zu
10 mm Dicke reproduzierbar einzustellen. Dabei wurden Härteunterschiede
bis 500 Vickers-Einheiten (HV10) gemessen.
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Summary

Functionally graded materials enable combinations of properties like hard-
ness and toughness that can not be achieved with homogeneous materials.
The formation of gradients in tungsten carbides correlates with the migration
of binder which is caused by differences in the composition of the green
body, gas-phase treatment during sintering or the mean particle size and par-
ticle-size distribution of the hard phase. In order to examine the gradient for-
mation fracture bars were made of differently fine-grained WC powders and
variable additions of Co and carbon black. Beside homogeneous samples
two-layer samples were manufactured by step-wise pressing of powders with
different composition and/or grain size. The densification behaviour of the
green bodies and the magnetic and mechanical properties of the sintered
compacts were measured. On two-layer samples with full density the concen-
tration profiles of Co, C and W was determined parallel to the pressing direc-
tion over the entire sample height (< 10 mm) by ESMA. Additionally, hard-
ness and fracture toughness were measured along this line. Differences in
cobalt contents are rapidly homogenised in liquid-phase sintering. But large
Co gradients can be generated by differences in particle sizes of the hard
phase, the non-metal content (carbon, oxygen) and impurities in the ppm
range (influence of the wetting and solubility conditions). After sintering the
binder content of the finer grained layer is generally higher than in the
coarser layer independent of the starting composition. In two-layer samples
Co gradients up to 10 mm in thickness and hardness differences to 500 units
(HV10) could be produced.

Keywords: WC-Co hardmetal, functionally graded materials, layer samples
migration of Co, effect of grain size and carbon content
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1. Einführung

Wie aus dem Schrifttum hervorgeht, ist die Ausbildung von Gradientenstruk-
turen in Hartmetallen vielfach untersucht worden. Das Ziel ist, für die jeweili-
ge Anwendung günstige Oberflächenbereiche mit bestimmten Eigenschaften
herzustellen, ungleichmäßig ausgebildete rauhe Oberflächen zu vermeiden
oder eine anwendungsgerechte Eigenschaftsgradierung über das gesamte
Bauteil zu erzeugen. Dabei wurde die Ausbildung zäher Randzonen auf WC-
TiC-TiN-Co und WC-(W,Ti)(N,C)-Co während des Vakuumsinterns, die mit
Co angereichert und frei von kubischen Carbiden sind, umfassend theore-
tisch untersucht (1,2) und bereits in die Praxis eingeführt. Die Dicke der
Randzone, mit der die Zähigkeit steigt, ist praktisch auf etwa 50 um begrenzt.
Inzwischen ist es möglich, die bei der Oberflächengradierung innerhalb des
sinternden Materials ablaufenden Diffusionsvorgänge durch definiertes Ein-
führen von Gasen während des Sintems zu steuern (3),(4). Binderreiche O-
berflächenschichten lassen sich auf WC-Co durch entkohlendes Ausheizen
und Sintern auch ohne Anwesenheit von Stickstoff herstellen (4). Wesentlich
augedehntere Gradienten wurden in WC-Co-Hartmetallen durch Infiltrieren
vorgesinterter Proben mit flüssigem Bindemetall (5,6) oder durch Sintern von
Schichtverbundteilen mit variablem Co-Gehalt (7,8,10) erzeugt. Beim Infiltrie-
ren und Sintern von Schichtverbunden wurde von einigen Autoren ein sehr
großer Einfluß unterschiedlicher Hartstoffteilchengrößen beobachtet (5,8,9).
Die Migration des flüssigen Bindemetalls kann zu Porosität und Verzug
(7,10) der Sinterteile führen. Mit den im vorliegenden Beitrag dargestellten
Arbeiten sollte untersucht werden, ob eine reproduzierbare Einstellung von
Co-Gradienten mit so großer Ausdehnung möglich ist, daß auch die Eigen-
schaften in Hartmetallteilen gradiert werden können, ohne die Hartmetallqua-
lität einzuschränken.

2. Experimentelles

Tabelle 1 enthält die Eigenschaften der eingesetzten Pulver im oberen Teil
und die Verunreinigungsgehalte der WC-Pulver (Massenspektroskopie) im
unteren Teil. Die BET-Werte sind mittels Stickstoffadsorption (ASAP 2000),
die Nichtmetallgehalte mittels LECO-Geräten und die Teilchengrößenvertei-
lung mittels Laserbeugung im MASTER SIZER (Malvern) gemessen worden.
Die Teilchengrößenverteilung der WC-Pulver enthält Bild 1.
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Bezeichnung des dFsss BET d5o-Wert Cfrei o Cr3C2A/C
Pulvers [Mm] [m2/g] [Mm] [Masse-%] [Ma.-%] [Ma.-%] [Masse-%]

WC40

WC60

WC100

WC200

WC400

WC600

WC1100

WC2000

Co EF Extra fine

0,54

0,68

1,00

1,95

4,23

5,80

10,80

23,00

1,5

2,3

1,6

1,3

0,5

0,2

0,15

0,10

0,05

1,0

0,69

0,77

1,05

3,43

7,66

10,05

17,13

42,61

6,40

6,06

6,15

6,08

6,08

6,12

6,09

6,14

6,15

-

0,03

0,07

0,08

0,04

0,09

0,12

<0,01

<0,01

-

0,34

0,29

0,22

0,07

0,05

0,03

0,03

0,014

0,72

0,29 Cr3C2

0.35VC
0,58 Cr3C2

0.47VC
-

-

-

-

-

-

-

Bezeichnung des <1 1 ...14
Pulvers ppm ppm

15...29 30...49 >49 >150 >1000
ppm ppm <150 <1000 ppm

ppm ppm
WC40

WC60

WC100

WC200

WC400

WC600

WC1100

WC2000

Al, B, Ca, Co, Cu, K,
Mn, Mo, Na, Ni, Zn

Mn Al, B, Cu, K, Mo, Na, Ni,
Zn

Al, B, Ca, Cu, K, Mn,
Mo, Na, P,V, Zn

V Al, B, Co, Cu, K, Mn,
Na, P, Zn

B, Cu, K, Mn, Mo, Ni,
P,Ti,V, Zn

Al, B, Cu, K, Mn, Mo, P,
Na, Ti, V, Zn

B, Cu, K, Mn, Mo, P, V,
Zn

B, V Cr, Cu, K, Mn, Na, Ni,
P,Ti, Zn

Ti

Ca

Ni.Ti

Ca.Cr,
Mo,Ni,Ti
Al.Ca,

Na
Ca.Ni

AI.Na.Ni

Al, Ca,
Co, Mo

Fe

-

-

-

Co, V

Co, Cr

Ca,
Co.Cr

-

-

Fe,
Ti
Cr,
Co
-

Cr,
Fe
Fe

Fe

Fe

-

-

Fe

Fe

-

-

-

-

Cr,V

Cr,V

-

-

-

-

-

-

Tabelle 1: Eigenschaften der eingesetzten Pulver
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Bild 1 : Teilchengrößenverteilung der verwendeten WC-Pulver
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Die Ansatzmischungen enthält die Tabelle 2. Diese Ansätze wurden nach
Zugabe von Preßhilfsmittel (2 Masse% Paraffin Terhell 2112) nach der übli-
chen Hartmetalltechnologie durch Mischen, Mahlen, Trocknen und Granulie-
ren zu preßfähigen Granulaten verarbeitet. In einigen Mischungen erfolgte
Zugabe von Ruß. Die Granulate wurden durch zweiseitiges Pressen auf einer
hydraulischen 20 t - Presse (Philmut PHC 20) zu Biegebruchstäben
(45x6x6mm3) und zu Zweischichtverbunden gleicher Grundfläche verdichtet.
Zwecks Erzielung relativer homoger Gründichten wurden schwer verdichtba-
re Granulate vorgepreßt. Das günstigste Verdichtungsverhalten beim Pres-
sen zeigen die Granulate 9 und 10 (WC400 mit 6% und 15% Co). Die Granu-
late 1 (WC40 mit 6%Co) und 5 (WC100 mit 6%Co) waren erst mit hohen
Preßdrücken ausreichend verdichtbar (Bild 2). Zwecks Untersuchung der
sich auf eine Gradientenbildung auswirkenden Parameter wurden die in der
Tabelle 2 aufgeführten Preßgranulate in solcher Anordnung übereinander
gepreßt, daß alle Kombinationsmöglichkeiten zur Variation folgender
Einflußgrößen im oberen und unteren Teil eines Zweischichtverbundes im
Grünkörper des Sinterteiles eingestellt sind: Unterschiede in der Co-
Konzentration AcCo, in der Hartstoffteilchengröße ATG und im C-Gehalt Aac.
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An-
satz-
Bez.

1
2
3
4
5
6

6C2
6C3

7
8
9
10
11
12

12C2
12C3

13
14
15
16

WC-
Sorte .

WC40
WC40
WC60
WC60
WC100
WC100
WC100
WC100
WC200
WC200
WC400
WC400
WC600
WC600
WC600
WC600
WC1100
WC1100
WC2000
WC2000

Co

[Masse%]

6
15
6
15
6
15
15
15
6
15
6
15
6
15
15
15
6
15
6
15

[Vol%]

10,08
23,66
10,03
23,56
10,17
23,85
23,63
23,42
10,17
23,85
10,17
23,85
10,17
23,85
23,63
23,42
10,17
23,85
10,17
23,85

Cr3C2

[Ma.%]

0,27
0,25
0,55
0,49

VC

[Ma.%]

0,33
0,30
0,44
0,40

Ruß

[Masse%]

0,15
0,30

0,15
0,30

Theor. Dichte

g/cm0

14,84
13,93
14,76
13,87
14,97
14,04
13,91
13,79
14,97
14,04
14,97
14,04
14,97
14,04
13,91
13,79
14,97
14,04
14,97
14,04

Tabelle 2 : Hartmetallansätze für die Herstellung von WC-(C)-Co

Die unterschiedliche Verdichtbarkeit ist ein Problem bei dem Versuch, Zwei-
schichtverbundkörper aus Hartmetallpulvermischungen, die sich in der Korn-
größe und teilweise im Co-Gehalt unterscheiden, durch Aufeinanderpressen
der entsprechenden Granulate herzustellen, wobei eine gleiche relative Ver-
dichtung (Gründichte im Verhältnis zur theoretisch berechneten Dichte) über
die Höhe des Verbundes erreicht werden soll. Für das Pressen der Verbund-
körper diente das für die Biegebruchstäbe benutzte Werkzeug. Die Füllhöhe
erlaubt das Pressen von Grünkörpern mit etwa 20 mm Höhe. Beim Pressen
der Verbundkörper wurde so vorgegangen, daß entsprechend des aus Bild 2
hervorgehenden Verdichtungsverhaltens die beiden vorgesehenen Granulate
mit dem aus der Preßdruckabhängigkeit am günstigsten erscheinenden
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Bild 2 : Verdichtung der Preßgranulate in Abhängigkeit vom Preßdruck

Preßdruck >100 MPa aufeinandergepreßt wurden. Dabei wurde grundsätz-
lich das schlechter zu verdichtende Granulat zuerst in die Preßform gefüllt.
Außer dem eingestellten Preßdruck wurden auch alle anderen Einstellungen
an der Presse beim Pressen des jeweiligen Grünkörpers notiert. Danach er-
folgte ein zweimaliges Teilen jedes Verbundkörpers in Längsrichtung (senk-
recht zur Preßrichtung). Die Gründichte der einzelnen Teile wurde geomet-
risch bestimmt. Die letzgenannten Schritte wurden wiederholt, bis das untere
und obere Verbundkörperteil die gleiche relative Verdichtung aufwiesen. Da-
nach wurden die Grünkörper der Verbünde entlang der Preßrichtung in vier
Teile zerlegt. Zur Kontrolle der gleichmäßigen Verdichtung erfolgte wiederum
die Bestimmung der Gründichten.
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Die Grünkörper wurden zwecks Entfernen des Preßhilfsmittels ausgeheizt
und bei < 1400 [°C] (Vakuum, teilweise Ar-Gasdruck) gesintert. Die Sinte-
rung der Zweischichtverbundteile richtet sich dabei nach den Bedingungen,
bei denen die beiden für die entsprechende Verbundkombination eingesetz-
ten Granulate zu porenfreien Sinterproben mit Hartmetallqualität (Porosität
nach DIN ISO 4505 gleich oder besser A04B02) verdichtet werden konnten.
An allen Proben werden die Sinterdichte, der Masseverlust während des
Ausheizens und Sinterns sowie die magnetische Sättigung bestimmt. Porosi-
tät, Gefüge und mechanische Eigenschaften werden an ausgewählten Ver-
bundproben untersucht. Die Meßmethoden richten sich nach den bestehen-
den Normen DIN ISO für Hartmetalle, wobei die Bruchzähigkeitswerte aus
den Rißlängen der Vickershärteeindrücke (HV10) bestimmt werden. Für die
Untersuchung der gesinterten Verbünde wurde der Analysenweg bei den
ESMA-, Härte- und Bruchzähigkeits-Untersuchungen (Versuchsproben
10x6x15mm3) so festgelegt, daß er grundsätzlich in vertikaler Richtung von
der unteren zur oberen Schicht des Formkörpers führt (inverse Preßrich-
tung). Entsprechend wurden metallographische Schliffe über die gesamte
Verbundprobe parallel zur Preßrichtung angefertigt. Bei 100-facher Vergrö-
ßerung werden Porosität und weitere Defekte im oberen und unteren Teil
der Proben bestimmt. Danach erfolgt die Auswahl von für eine mögliche An-
wendung relevanter Proben für die Prüfung der mechanischen Eigenschaf-
ten. Tabelle 3 enthält Beispiele für Verbünde, die zu Sinterkörpern mit Hart-
metallqualität verdichtet werden konnten und in denen unterschiedlich große
Co-Gradienten nachgewiesen wurden. An den ausgewählten polierten Ver-
bunden wurden mittels Elektronenstrahlmikroanalyse die Konzentrationsprofi-
le von Co, C und W parallel zur Preßrichtung über die gesamte Probenlänge
(>10 mm) aufgenommen. Dabei wurden die Ergebnisse mehrerer paralleler
Meßspuren nach Normierung (Massenkriterium) verglichen, um die Reprodu-
zierbarkeit zu prüfen. Parallel zu diesen ESMA-Meßspuren erfolgte in Ab-
ständen von 1 mm über die gesamte Analysenstrecke die Bestimmung der
Vickershärte (HV10) und der Bruchzähigkeit. Auch hierbei wurden mehrere
Meßreihen ausgewertet. Bei der weiteren Auswertung wurden die Durch-
schnittsergebnisse punktweise korreliert. Die ESMA- und Härtemessungen in
Bereichen mit nicht ausreichender Dichte waren nicht reproduzierbar. Paral-
lel wurden von mittels ESMA auswertbaren Proben mit Murakami geätzte
Schliffe von Verbundproben im Rasterelektronenmikroskop (EDX-Line in den
Übergangszonen der Verbünde) bei jeweils auf die unterschiedlichen Korn-
größenbereiche abgestimmten Vergrößerungen untersucht.
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3. Ergebnisse

Unterschiede im
Schichtverbund:

TG: Teilchengröße

Co: Co-Gehalt

C: C-Gehalt

MC:TiC-/Ta,NbC-Geh.

(Grünkörper)

TG homogen
Co variabel
Verbund 6
Co homogen
TG variabel
Verbund 18
Co homogen
TG variabel
Verbund 22
Co + TG
Variabel
Verbund 24
Co + TG
Variabel
Verbund 25
Co+TG homogen
C variabel
Verbund 44

Anordnung

in der Preßform

übereinander

oberes Granulat

unteres Granulat

WC6um6Co-11
WC6um15Co-12

WC0,6um15Co-4
WC1um15Co-6

WC11um15Co14
WC1um15Co-6

WCHum-loCo-M
WC0,6um6Co-3

WC20|jm15Co-16
WC0,6um6Co-3

WC1um15Co+0,3C
WC1um15Co+0,15C

A Co

(max)

Masse%

T 3,1

T 2,6

i 3,7

i 6,4

•i 6,6

i 3,8

A Härte

(max)

HV10

t 20

Î250

4- 140

Ì400

Ì500

i 130

Porosität - weitere Defekte

A: <10um B:10...25um

MP,MF: Poren, Fehler >25um

Porosität nach DIN ISO 4505:

Oberteil des Verbundes

Unterteil des Verbundes

A00//B00-02//C00 - MF
A00//B00-02//C00 - MF

A00/02//B00/02//C00
A00/02//B00//C00 - MP

A00/02//B00//C00 - MF
A00/02//B00//C00 - B-Pore

A00/02//B00//C00
A02//B00/02//C00

A00/02//B02//C00 - MF
A00/02//B00//C00

AOO/BOO/COO - MF
AOO/BOO/COO - MF

Tabelle 3: Gradierte Zweischichtverbunde WC-Co mit Hartmetallqualität

In Tabelle 3 sind die Eigenschaften von Zweischichtverbunden zusammen-
gestellt, die in den beiden Schichten im Grünkörper unterschiedliche Co-
Gehalte bei gleicher WC-Teilchengröße oder bei gleichem Co-Gehalt unter-
schiedliche Teilchengröße oder Rußzusätze enthalten. Einige Verbünde ent-
halten unterschiedliche Co-Gehalte und außerdem auch unterschiedliche
Teilchengrößen. In den zuletzt genannten Verbunden konnten die größten
Cobalt- und Härtedifferenzen erzeugt werden. An diesen Verbundproben tre-
ten aber auch die stärksten Formänderungen auf. Der Bereich, in den das Co
eindiffundiert, weitet sich stark auf. Die Richtung der Co-Wanderung und die
der Härtezunahme stimmen in den untersuchten Verbunden überein (Kenn-
zeichnung in Tabelle 3 mit T odei\l). Das Bindemetall wandert grundsätzlich
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in die Schicht mit dem feinkörnigeren WC. In der Randzone des gröberen
Verbundteiles wurde in Teilen mit dem geringeren Co-Gehalt (6 Masse% Co
in oberer und unterer Schicht) eine Porosität schlechter A04B04 gefunden. In
den Verbunden mit gleicher Teilchengröße und variablem Co-Gehalt kann
das System den Co-Konzentrationsausgleich bei praktisch relevanten Sinter-
zeiten erreichen. Zunächst wandert das Co in die Schicht mit dem geringeren
Co-Gehalt. In Verbundkörpern mit variablem Rußzusatz und gleichem Co-
Gehalt und gleicher Teilchengröße wandert das Co in die Richtung des ge-
ringeren Zusatzes. Die in den Verbunden auftretende Co-Differenz konnte
nicht mit der Härtedifferenz korreliert werden, da nicht alle Parameter ge-
messen werden können. Bild 3 zeigt REM-Aufnahmen polierter Schliffe der
Verbünde 22 und 25. Die Pulverschichten vermischen sich („verhaken inein-
ander") in den Übergangszonen.

V22:WC1|jm15Co/WC1iMm15Co (1000-fach) V 25: WC0,6Mm6Co/WC20Mm15Co (1000-fach)

Bild 3: REM-Aufnahmen der Übergangszone in Zweischichtverbunden

Die Verbünde 22, 24 und 25 sind auf der Seite des feinkörnigen Pulvers stark
gewachsen. Demgegenüber zeigt der Verbund 18 trotz einer Härtedifferenz
von 250 Vickerseinheiten keinen Verzug, obwohl der geringe Unterschied in
der Teilchengröße eine Co-Differenz von 2,6 Masse% bewirkt (vergi.Tab.3).
Bild 4 zeigt das Gefüge (Murakamiätzung) der Übergangszone dieses Ver-
bundes im Vergleich zu dem Verbund 24. Die Probe 24 weist eine fast dop-
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pelte Härtedifferenz gegenüber 18 auf, differiert aber etwa 20 % in der Breite
und Höhe der Verbundprobe zwischen den beiden Korngrößenbereichen.

links: ohne Sinterverzug rechts: starker Sinterverzug

Bild 4: Übergangszone der Verbundproben 18 (links) und 24 (rechts)
REM-Aufnahmen: Vergrößerung:!000-fach (oben) und 4000-fach (unten)

Bild 5 enthält die Gefügeaufnahmen von verschiedenen Bereichen des voll-
kommen porenfrei gesinterten WC-Co-Verbundes 24 bei 4000-facher Ver-
größerung. Links oben ist der Randbereich dargestellt, die Aufnahmen der
übrigen Bereiche im oberen Verbundteil zeigen dazu keine Unterschiede. Im
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unteren Verbundteil ist eine Vergroberung des Hartstoffkorns vom aufteren
Rand des feinkornigen Bereiches zum Ubergangsbereich hin zu beobachten
(Bild 5).

Bild 5: Gefuge von V 24 und Kornwachstum im unteren Verbundteil

links oben: oberer Rand; links unten: 2mm unter Ubergang; rechts oben: Mitte des
unteren Verbundteiles; rechts unten: unterer Rand der Verbundprobe (4000-fach)

Im Bild 6 werden von den Verbundkorpern 18 und 24, deren Ubergangszone
im Bild 4 gezeigt ist, die Korrelationen zwischen Bindemetallgradient, Harte-
und Bruchzahigkeitsgradient dargestellt.
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V18/15: WC1)jm15Co WC0,6(jm15Co
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V24/8: WC0,6|jm6Co WC1iMm15Co
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Bild 6: Korrelation zwischen Co-Gradient, Härte und Bruchzähigkeit in den
Verbundproben 18 (oben: ohne Verzug) und 24 (unten: mit Sinterverzug)

4. Schlußfolgerungen

Die Triebkraft für die Co-Migration während des Sintems von Pulverschichten
mit Unterschieden in der Teilchengröße und in Co- und Rußzusätzen ist das
Bestreben des Systems, die Summe aller Differenzen der freien Energie
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(5G = ÔH), zu minimieren und Konzentrationsunterschiede auszugleichen.
Die freiwerdene Energie korreliert mit der Oberflächen- bzw. Grenzflächen-
spannung der festen Phase (Pulverteilchengröße), der flüssigen Phase (Co-
Gehalt) und der Grenzflächen (Benetzung, Löslichkeit, Kohlung).
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Summary:

Quantitative quadrupole mass spectrometry of (Ti,W)C-based cemented
carbonitrides was carried out in order to monitor the evolution of the gas
species as a function of time and temperature during vacuum sintering. Solid
standards and gas mixtures as well as precise flow control were employed for
calibration. Upon integration of the outgassing rates the carbon and nitrogen
evolutions and mass losses during sintering of raw hardmetal powder
mixtures (WC, TiC, ...) and cemented carbonitrides could be quantified.
Outgassing occurs in the range of temperatures 490-1480°C. Nitrogen
outgassing of (Ti,W)(C,N) was greater than that of Ti(C,N) due to the
presence of W which increases the nitrogen activity in the solid causing a
higher nitrogen equilibrium pressure. TiN showed a CO (0.2wt%) and N2

(0.5wt%) weight loss only in the presence of the binder phase. For powder
mixtures, it was observed that the amount of CO, CO2 and N2 liberated during
vacuum sintering increased with the addition of cobalt in comparison with the
same powders without binder phase. Nitrogen containing cermet alloys
showed a greater loss of carbon than (Ti,W)C-based hardmetals.

Keywords:
Quadrupole mass spectrometry, quantification, sintering, outgassing,
hardmetals.

1. Introduction:

Mass spectrometry has been employed for studying the outgassing
characteristics (vapour species) of many components in vacuum systems (1).
1 Part of this work was presented at the PM2tec2000 (New York) in cooperation with the
Austrian Research Centers Seibersdorf and Widia GmbH, Germany.
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It provides a continuous and valuable information about the gas composition
in the vacuum environment as a function of temperature and time.
Many studies on the reaction products (mainly H2O, CO2, CO, N2 and
hydrocarbons) liberated during sintering of hardmetais and (Ti,W)C-based
cemented carbonitrides can be found in the literature (2-11) but no detailed
work on quantification of carbon and nitrogen mass losses due to
decarburisation and denitridation of cemented carbonitrides during sintering
has been reported. In the field of hardmetais, most of the work is related to
the study of WC-Co based hardmetais with different grain sizes (between
0.4um and 30um) and doped with little amounts of VC, Cr3C2, SiO2 or MgO
(2-6). Mass spectrometry investigations are often combined with dilatometry
measurements, differential thermal analysis and differential scanning
calorimetry, in order to understand some basic processes of the complex
mechanisms of the sintering of hardmetais (2-4,6-9). A detailed chronological
summary of outgassing investigations of hard metals by mass spectrometry
can be found in (12).
In this work a first approach to measure the amount of the species (CO2, CO,
N2) liberated during vacuum sintering of cemented carbonitrides was carried
out in order to quantify the loss of carbon and nitrogen. This is of value for
sintering of conventional hardmetais and cermets to achieve figures for the
appropriate starting formulation (e.g. doping).

2. Experimental:

2.1. Principal set up and experiments

A Balzers QMS 421 quadrupole mass spectrometer for the mass range 1-200
amu was employed to carry out the experiments (Fig.1). A high-pressure
interface (HPI) connects the vacuum sintering furnace with the high-vacuum
recipient of the QMS (PQMS< 1.10"5 bar). Helium was used as carrier gas and
the total pressure of the vacuum furnace was kept at 20 mbar during the
whole sintering experiment. The ionisation energy was 100 eV. As a constant
flow rate through orifice 01 and a constant pumping rate at orifice 02 were
established throughout all experiments a quantified calibration could be
performed. The masses were measured sequentially and each measurement
cycle took 35 s. Conditions of measurements are shown in Tab.1.
The calibration of the mass spectrometer was carried out for the main species
liberated during sintering, i.e.: 1 4 N\ 28N2

+, 28CO+ and 44CO2
+. The mass

difference of the ions 28N2
+ and 28CO+ is very small (Am=0.01123 amu) which
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would require a resolution of m/Am=2500. That cannot be achieved with a
quadrupole mass spectrometer and thus a calibration using standard gas
mixtures (He/N2, He/CO) and a system of linear equations to solve the CO
and N2 concentrations was applied. This procedure is described in detail in
(13).

Fig.1: Scheme of the sintering furnace and the mass spectrometer QMS 421.
01,02: orifices, P: pyrometer, TC: temperature controller, MF-G: medium-
frequency generator, HPI: high-pressure interface, QMG: controller for QMS,
ST: silica tube, IC: induction coil, C: crucible.

Tab.1: Conditions for mass spectrometry measurements
pressure in

QMS chamber

<1.irj5bar

pressure in
furnace

20 mbar

carrier
gas

He

ionisation
energy

100eV

range of
ion currents

1.irj12-1.1CT8A

total time of
measurement

35-40 s

2.2. Calibration with solid standard powder mixtures

For monitoring the outgassing rates of N2, CO and CO2 cold-pressed samples
of different powders (MoN, ZrO2 and CaCO3,) were placed into a Mo crucible
and heated up to 1500°C.
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For nitrogen calibration, molybdenum nitride powder (consisting of y-MoN1.x +
P-Mo2N + Mo) was prepared by means of heating Mo powder at temperatures
between 1000-1100°C under an NH3 atmosphere for 20-24 hours. The
nitrogen content was analysed by means of Dumas gas-chromatography
(GC) (14). In this method nitrogen and carbon are analysed by placing the
powdered sample in a tin crucible, dropping the sample under a stream of a
He/O2 mixture into a furnace and analysing CO2 and N2, formed within a flash
combustion, in a GC column. Standardisation is made by organic standards.
Results for molybdenum nitrides are shown in Table 2. The overall chemical
reaction for the decomposition of MoN occurring between 800 and 1200°C is:

MoN (s) « Mo (s) + 1/2 N2 (g) T

It is known that because of the high nitrogen equilibrium pressure of
molybdenum nitrides all the nitrogen is easily evolved upon heating. Figure 2
shows the weight loss of nitrogen vs. area of the N2 outgassing peak. A linear
function in the investigated range was observed.

o
0 50 100 150 200 250 300 350 400 450

N2 outgassing [area units]

Fig.2: Calibration curve for the N2 outgassing.

Tab.2: Results for the composition of Mo-N by means
powder

Mo-N 1

Mo-N 2

Mo-N 3

nitridation process

1000°C/ 20 hours

1000°C/ 20 hours

1100°C/24 hours

nitrogen content [wt%]

4.82 ± 0.04

5.60 ±0.03

4.94 ±0.04

of Dumas GC (14).
carbon content [wt%]

0.106

0.003

0.046
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To calibrate the mass spectrometer for the CO outgassing, a mixture of ZrO2

powder with graphite powder was employed. The chemical reaction occurred
between 400-1500°C and is:

ZrO2 (s) + 3C (s) <=> ZrC (s) + 2CO (g) t

Because of the slow kinetics of this reaction the reaction did not reach
completion at 1500°C. Dumas-GC measurements of the solid were thus
carried out also after heating in order to determine the amount of carbon
remaining in the sample, the balance of which was the amount converted to
CO (Tab.3). Again the relationship between the weight loss of C of the
powder mixture ZrO2+C versus the CO outgassing characteristics measured
by QMS was used for calibration (Fig.3).

Tab.3: Carbon analysis for a ZrO2+C powder before and after heating.
powder

ZrO2 + C 1

ZrO2 + C 2

ZrO2 + C 3

carbon content [wt%]

before heating

5.73 + 0.05

5.73 + 0.05

5.73 + 0.05

after heating

4.55 ±0.03

4.33 ± 0.04

4.69 + 0.10

400 800 1200 1600 2000 2400

CO outgassing [area units]

Fig.3: Calibration curve for CO outgassing.
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Commercial CaCO3 powder samples were employed to calibrate the CO2

outgassing. The reaction occurs in the range 400-1200°C and all the carbon
is liberated as CO2:

CaCO3 (s) <=> CaO (s) + CO2 (g) T

In Fig.4 the curve for the CO2 calibration is shown. Again, a linear function in
the investigated range was observed.

100 200 300 400 500 600 700 800 900

CO2 outgassing [area units]

Fig.4: Calibration curve for the CO2 outgassing.

3. Results and Discussion:

By means of the calibration curves, the outgassing curves obtained with the
mass spectrometer (in area units) were converted into values of mass loss (in
mg) in order to carry out the quantification.

3.1. Outgassing of pure commercial powders

Commercial powders, WC, TiC, TiN, Ti(C,N), (Ti,W,Ta,Nb)(C,N) and
(Ti,W)(C,N) employed for the production of cermets and hardmetals were
sintered in vacuum between 400 and 1480°C. The composition and evolution
temperatures of the species liberated are listed in Tab.4. As an example Fig.5
shows the outgassing characteristics of a (Ti,W)(C,N) powder. Outgassing
occurs in the range of temperatures 490-1480°C and the main product is CO.
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CO2 outgassing was always observed at temperatures below 600°C and that
of CO at temperatures between 600 and 1480°C with a maximum at 1100°C.
This can be explained because of the Boudouard equilibrium; C(s) + CO2 (g)
<=> 2 CO (g), which results in the formation of CO at high temperatures (>
900°C) and low pressures. CO and CO2 outgassing stems from the reduction
of oxide impurities mainly at the surface of the powder grains. The maximum
N2 outgassing takes place at 1400-1480°C, starting at 1100°C and finishing
asymptotically at 1480°C (caused by the temperature plateau).

cnOLmdc file: a:\TIWCN01.ASC
asSpec by W.Lercgauer (2000)

0 10 20 30 40 50 60 70 80

Fig.5: Outgassing characteristics of a (Ti,W)(C,N) powder sintered in vacuum.

The highest C loss was observed for TiC powder (ca.0.7wt%). Contrary, WC
showed a little C loss (0.1wt%). For TiN no C and no N loss was observed.
Nitrogen loss was only observed in powders which contain carbonitrides or
additional carbides in the starting formulation. Nitrogen outgassing of
(Ti,W)(C,N) was greater than that of Ti(C,N) due to the presence of W which
increases the nitrogen activity in the solid causing a higher nitrogen
equilibrium pressure. Therefore the N loss of (Ti,W)(C,N) was larger than that
of Ti(C,N) (0.4wt% vs. 0.3wt%). Nitrogen mass loss of pure carbides (WC,
TiC, ..) and Co is probably due to absorbed air at the powder particles.
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3.2. Powders mixed with cobalt
The temperatures at which the gas evolutions occur remained unchanged
with the addition of Co. It was observed that the amount of CO, CO2 and N2

liberated during vacuum sintering increased with the addition of cobalt in
comparison with the same powders without binder phase (compare Tab.5 vs.
Tab.6).

Tab.4: Range of temperatures for outgassing of CO, CO2 and N2

powder

we
TiC

TiN

Ti(C,N)

(Ti,W)(C,N)

(Ti,W,Ta,Nb)C

Co

initial composition
[Wt%]

we
100

-

-

-

50

33

-

TiC

-

100

-

50

28

33

-

TiN

-

-

100

50

22

-

-

TaC

-

-

-

-

-

30

-

NbC

-

-

-

-

-

3.3

-

Co

-

-

-

-

-

-

100

range of temperatures of evolutions

ra
CO

830-1400

600-1400

-

600-1480

600-1480

600-1480

450-550

CO2

<600

<600

-

<600

<600

<600

<600

N2

-

-

-

1100-1485

1100-1485

1100-1485

-

Tab.5: C and N mass loss in % for industrial powders without binder metal

powder

we
TiC

TiN

Ti(C,N)

(Ti,W)(C,N)

(Ti,W,Ta,Nb)C

Co

we
100

-

-

-

50

33

-

initial

TiC

-

100

-

50

28

33

-

composition

TiN

-

-

100

50

22

-

-

TaC

-

-

-

-

-

30

-

[wt%]

NbC

-

-

-

-

-

3.3

-

Co

-

-

-

-

-

-

100

mass loss [%]O ( # )

C

0.1

0.7

0.05

0.8

0.5

0.3

0.22

N

0.05

0.06

0.05

0.3

0.4

0.2

0.05
n values in % of the total sample weight
(#> standard deviation estimated to be in the range of ± 12%
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The nitrogen evolution of the carbonitrides was also increased with the
presence of a binder phase, especially for the phase Ti(C,N) (0.3wt% vs.
0.5wt%). Values for the C and N mass loss (in % of the total sample weight)
for all the compositions studied are listed in Tab.6. The outgassing
characteristics of a WC+Co powder sintered in vacuum is given in Fig.6.

Tab.6: Carbon and nitrogen mass loss in % for initial powders+10wt%Co

powder

WC+Co

TiC+Co

TiN+Co

Ti(C,N)+Co

(Ti,W)(C,N)+Co

(Ti,W,Ta,Nb)C+Co

initial composition [wt%]

WC

100

-

-

-

50

33

TiC

-

100

-

50

28

33

TiN

-

-

100

50

22

-

TaC

-

-

-

-

-

30

NbC

-

-

-

-

-

3.3

Co

10

10

10

10

10

10

mass loss [%]O(#)

C

0.2

1.0

0.2

0.8

0.9

0.9

N

0.05

0.05

0.5

0.5

0.4

0.2
(*' values in % of the total sample weight
(#) standard deviation estimated to be in the range of ± 12%

1600
name: wccobOO mdc file: a:\WC_CO.ASC
MasSpec by W.Lengauer (2000)

1 ' I

13 18 22 27
time / min

31 36 40

0.70

0.00

45

Fig.6: Outgassing characteristics of powder WC mixed with cobalt.
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The larger CO evolution of the mixtures with cobalt can be explained because
of the addition of oxygen impurities which cause higher CO formation and
because of the formation of liquid phase promoting the outgassing. For
example, WC+Co lost 0.2wt% carbon vs. 0.1 wt% of WC without binder phase
and alloy (Ti,W,Ta,Nb)C+Co lost 0.9wt% carbon vs. 0.3wt% without binder
metal. For the case of TiN a CO (0.2wt%) and N2 (0.5wt%) evolution occurred
only in the presence of the binder phase.

3.3. Hardmetals and cermets

The gas evolution during vacuum sintering of four different cemented
carbonitride alloys was investigated. The composition and the carbon and
nitrogen mass losses are listed in Tab.7, where fcc-phase means a cubic
mixed carbonitride.

Tab.7: Carbon and nitrogen mass loss in mg and % for the alloys studied

alloy

A

B

C

D

Initial

weight

[mg]

8380

11450

11100

7690

initial composition
[wt%]

WC

63

86

69

43

fcc-phase

26

8

21

43

Co

10

6

10

14

mass loss [mg]

C loss

46

62

66

95

N loss

3

3

7

22

mass loss [%]n (# )

C loss

0.5

0.5

0.6

1.2

N loss

0.04

0.03

0.06

0.28
(>) values in % of the total sample weight
(#) standard deviation estimated to be in the range of ± 12

The outgassing characteristics were similar for the four alloys investigated.
Fig.7 shows the CO, CO2 and N2 evolutions for alloy D. A small CO2

outgassing at low temperatures (<600°C) and three CO peaks at ca. 600°C,
900°C and 1100°C were observed. The first and the second CO peak are due
to reduction of oxides of the cobalt and WC phase, respectively. The third CO
peak is due to the reduction of oxide impurities of the (Ti,Ta,Nb)C phase. An
N2 evolution occurred between 1100 and 1380X. Both the third CO and the
N2 evolutions are abruptly interrupted when the liquid phase appears
(ca.1360°C). Some alloys showed a small N2/CO peak after the interruption
of the N2 evolution which probably indicates additional pore closure after a
dense skin has appeared. These results are in accordance with previous
works (5,7,11,15).
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The quantification of the outgassing results showed that the alloy D lost the
largest amount of carbon (around 1.2wt%) and also of nitrogen compared to
alloys A, B and C. The loss of nitrogen was due to the high content of Ti(C,N)
and the high content of binder phase (14wt%) in the starting formulation. A
high amount of (Ti,Ta,Nb)C promoted the high carbon loss for this alloy.

name: probe40cmdc fie: a:\PROBE40C.ASC
MasSpec by W.Lengauer (2000)

Liquid phase
ormation and

pore closure

CM

O
O

O
O

o>

62 76 91
time / min

Fig.7: CO, CO2 and N2 outgassing curves of alloy D.

Alloys A and B showed little nitrogen loss due to a small amount of nitride
components in the starting formulation. The carbon loss (0.5wt%) is due to a
high amount of WC and the reduction of its oxide impurities. Alloy C
presented both, relatively high WC and nitride contents with 10wt% cobalt,
hence relatively high C and N losses were observed.

3.4. Applications

The quantitative MS analysis is a valuable tool to control appropriate
formulations of hardmetals and cermets. This is important if a special
composition is established in order to achieve specific properties or to avoid
formation of brittle phases.
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Outgassing quantification showed that the loss of carbon is substantial for
alloy D. This alloy exhibited some brittle phases in the microstructure after
sintering (see Fig.8). It could be concluded that the lack of carbon produced
for reduction of impurities allowed the formation of (W,Co)6C-type ri-phases.
Thus, if such an alloy is doped with carbon in such a way so as to
compensate the carbon loss, ri-phase formation can be avoided.

r^^v^-. - •' . . .

Fig.8: rj-phase formation in alloy D due to loss of carbon during sintering.

4. Conclusion:

In this work, a first approach was done in order to quantify the gas evolutions
of cemented carbonitrides during sintering. For the starting powders an
increase of the outgassing products with the presence of a binder phase was
observed. Special attention should be paid to the changes in carbon and
nitrogen contents relative to the starting formulation upon vacuum sintering
for a better control of the microstructure.
Nitrogen containing cermet alloys showed a greater loss of carbon than
(Ti,W)C-based hardmetals. A careful control of carbon content by doping
seems to be necessary in such alloys to avoid r)-phase formation.
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