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Preface

^ On the eve of the 15th Plansee Seminar we look back on half a century_of_this
conference series founded by Professor Paul Schwarzkopf in 1951 .{The
Proceedings of these Seminars form an impressive chronicle of the continued
progress in the understanding of refractory metals and cemented carbides and in
their manufacture and application. There the ingenuity and assiduous work of
thousands of scientists and engineers striving for progress in the field of powder
metallurgy is documented in more than 2000 contributions covering some 30 000
pagesj

As we enter the new millennium the basic needs of the markets we are serving
remain the same: improved material properties and designs translating into
improved product performance and reliability. In view of ever shorter product life
cycles, however, the pressure on material scientists and engineers to introduce
these new products at reduced time-to-market and with improved benefit/cost ratio
is continuously mounting.

Since 1951 the means to meet these demands have greatly improved: novel
equipment with improved process control, faster computers for simulation as well as
for data acquisition and reduction, analytical tools with undreamed-of accuracy; all

^coupled with the shrinkage of distances brought about by the revolution in global
\?r communication.

The 15 Plansee Seminar was convened under the general theme "Powder
Metallurgical High Performance Materials". Under this broadened perspective the
Seminar will strive to look beyond the refractory metals and cemented carbides,
which remain at its focus, to novel classes of materials, such as intermetallic

/ compounds, with potential for high temperature applications.

It is with great pleasure that I welcome you in the name of Plansee Holding AG
here in Reutte/Tyrol and extend to you my sincere wishes for a fruitful, inspiring
seminar. Thank you in advance for your personal contribution to making the 15th

Plansee Seminar a successful, memorable event.

Reutte, May 2001 Fc the Executive Board

Dr. Michael Schwarzkopf
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W-Cu Gradient Materials
- Processing, Properties and Application Possibilities

Marion Joensson, Bernd Kieback

University of Technology Dresden, Institute of Material Science, 01062 Dresden

Summary:

The functionally graded material (FGM) of Tungsten with its high thermal and
mechanical resistance and Copper with its very high thermal and electrical
conductivity and ductility expands the application fields of this material in the
direction of extreme demands such as plasma facing components in fusion
reactors. The PM-production of W-Cu-gradients recommends itself because
of the possibility to form the gradient by the mixing of powder components,
but is also demanding because of the differences in their sintering behaviour
and thermal expansions. W-Cu-gradient samples of different concentration
profiles have been formed in layers by powder stacking in a die and
continuously by Centrifugal Powder Forming.
The consolidation routes were determined by the concentration areas of the
gradients and encompass liquid phase sintering, pressure assisted solid
phase sintering and the application of coated Tungsten powder and sintering
additives. The microstructure and the concentration profiles of the samples
have been investigated metallographically and by EDX. The influence of
processing and the gradient profile of the properties have been characterised
by TRS and the investigation of residual thermal stresses by neutron
diffraction.

Keywords:

W-Cu-gradient, FGM, concentration profile, processing, liquid phase
sintering, activated sintering, coated powders, residual thermal stresses.

1. Introduction:

Composites of Tungsten and Copper are traditionally of interest because of
their application in electrical (contact material) and process engineering
(spark erosion electrodes, contact tips in gas metal arc welding guns) and
many investigations are oriented on in the improvement of processing routes
and properties.
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Newer developments see W-Cu also as a promising material for thermal
management applications such as microelectronics packaging (1).
Gradient materials are characterised by the progression of their properties
(concentration, microstructure) with the coordinate. By powder metallurgy
processing the fabrication of a powder mixture gradient is very suitable to
produce such gradient materials. On the other hand the gradient combination
of powders differing in chemical composition, size and shape of the particles
is very exacting for the sintering technology, particularly in the case of W-Cu
gradients [Fig.1]. Thereby the influence of the local change in "micro"-
properties (and their dependence of the microstructure) on the "macro"
properties of the whole gradient material have to be considered [Fig.2].

NHtingtenperatire

16

H 4

—

i
. 2

1

_

"1

j
0 50

Cu content (Vol. %]

Fig. 1: Properties of Tungsten and
Copper in comparison

Fig.2: Change of thermal elongation
in W-Cu composites (2)

Especially the combination of such materials with very different properties
offers the possibility to expand the application areas by exploiting the wide
differences of local properties. However because of the big differences in
melting points and thermal elongations it is difficult to reach low residual
porosity and to prevent shape distortions.

2. Fabrication Processes

In the last years different gradient processing routes by powder metallurgy
were developed [Fig. 3]. The step where the creation of the gradient takes
place and if and how much binder or transporting liquids for the powder are
used depends on the processing route and the chosen material combination
and concentration range of the gradient.
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Fig. 3: Powder metallurgical fabrication of gradient materials

It is remarkable that conventional sintering of gradient materials hardly results
in satisfying densities. More successful are sintering variants with pressure or
reaction support or the presence of a liquid phase. Sintering with
temperature gradients could be also practicable because of the gradient in
the sintering temperature, but this requires the development of new sintering
equipment.

2.1. Materials selection

Based on different conventional powders, coated powders and using metallic
salts, shown in Tab. 1, the fabrication of gradients was carried out. The
Tungsten powder had been pre-milled before to eliminate the agglomeration.
Layered and homogenously compact blends were pre-mixed in a turbula
mixer. Coating with Ni and Cu has been done by an electroless method (3).
The metal salts were dissolved together with the binder in water to introduce
them in the CPF process.
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MATERIAL

W/Tridelta - original
W/Tridelta - milled

Cu/ EckartS24
Cu/ Ecka S23

Cu/EckaCHUFlO
Cu /Ecka AKUF20

MEAN PARTICLE SIZE
(nm)

28
6

93
75
5

10,5

APPARENT
DENSITY

(g/cm2)
6,1
6,3

4,0
4,2

PARTICLE
SHAPE

polyedric
polyedric
dentritic
dentritic
dentritic
spherical

Tab. 1: Powder characteristics

2.2. Forming operations

In the case of W-Cu gradient fabrication several methods of powder forming
are possible. The choice of the forming process determines the kind of the
gradient function.
Layer pressing of powder blends by stepwise change of the concentration as

the most common method results in a discontinuous gradient, depending on
the number of layers. For the fabrication of W-Cu-FGM's Takahashi et al (4)
applied layer pressing. During our investigations cylindrical parts consisting of
3, 8, 10 and 15 layers and rectangular shaped parts with 7 layers were
compacted by uniaxial pressing (100 MPa) with symmetrical and
asymmetrical combinations of layer sequences (5) [Fig.4].

PRESSURE DIRECTION

p r e s s u r e

_8 layers 15 layers

Fig. 4: Shape and layer combination of compacts

The Centrifugal Powder Forming as second forming process (6,7) offers the
possibility to fabricate continuous gradients. In this method, using a computer
program, the proportions of the composition for up to 4 powder components
were calculated and the moves of stepping drives, supplying the powder,
were controlled. The powder amounts were supplied continuously with
vibration support to a horizontally rotating form cup, open on the top.
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A distributor spread them to the wall of the cup, were they were kept in
position by the centrifugal force and then fixed with a binder, also
continuously supplied in the process [Fig. 5 and 6]. The computer program
includes options for wall size, numbers and thickness of layers, amounth of
binder.

BINDER SOLUTION

V-^CEHTBIFUGAL
FORCE

Fig. 5: Function principle of CPF Fig.6: CPF- body of W-Cu gradient

During our investigations of W-Cu CPF gradients, the wall size, the
concentration range and the gradient function
[Fig. 7] were varied [Tab. 2]. Because of the very different sintering behaviour
of Tungsten and Copper the forming of gradients in a partial concentration
area is more useful than the possible forming of a gradient over the whole
concentration area from 0-100 % Cu. Depending on the sintering conditions
the mixing gradient is nearly similar to the concentration gradient. If the
mixing gradient is to be used as the base to build up a Tungsten skeleton with
porosity gradient for infiltration the concentration profile is changed by
sintering.

Wall size
ofCPF-

form
[mm]

1
3
5

Concentration
areas of W/Cu

gradient
[vol.% Cu]

0-50
10-70
10-80
20-90
80-100
50-100

Exponent
of the

gradient
function

0,3
0,5
1
3

Gradient
direction

W=>Cu

Cu=>W

DIMFNTIDN DIMENTION

Tab. 2: Variation of CPF parameters Fig.7: Functions of W-Cu gradients
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2.3. Consolidation

In solid state sintering of W-Cu composites a strong dependence of the final
density on the composition, the particle size relation and the Cu-particle
shape (8) have been established. Compaction pressure, sintering time,
milling of the powders (9,10) do not have significant influence on pore
elimination by sintering [Fig. 8]. Pre-investigations of homogenous W-Cu
composites demonstrated that the sinter density approaches the theoretical
density only for Cu rich composites (> 70 M-% Cu). By increasing the W
content the density drastically drops away. The density of sintered parts
achieves only 70 % of the theoretical value. The same condition can be
established by solid phase sintering of a W-Cu gradient with 10-90 Vol.-% Cu
[Fig. 9].

, Sinter density fa/ccm!

18
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\
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<20 \im
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— <75 (jm activ.
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—theor.

5 10 20 40 60 80
Content of Cu[wt.-%|

100

Fig. 8: Density of W-Cu compacts
after solid state sintering

Fig.9: W-Cu gradient sample with
10-90 Vol.-%Cu

Dilatometric investigations of pressed and CPF-formed W-Cu composites
gave information about the influence of the forming process on the sintering
behaviour [Fig. 10]. Whilst sintering pressed specimens results in a typical
swelling, after CPF this effect does not exist. In that case the shrinkage is
much higher and more influenced by the composition.



/I. Joensson et al. RM3
15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

30 40
TIME [min|

0 -

- < ; -

1 0 -

1 5 -

2 0 -

2 5 -

WCu30
WCu40
WCu50
WCu60
WCu70
WCu80

V/\ -
y\ \

/ \ ' •

/ \

/ \ ' x

/ \

V

p
600 £

2000 4000

Time [s]

Fig. 10: Shrinkage curves of compacts (a) and CPF samples (b)

Because of the low density of the green CPF parts (not much higher than the
tap density) the rearrangement of powder particles is possible. In a gradient
material this is manifested in an increase of porosity in the direction of higher
Tungsten contents (fig. 9). Sintering with pressure support by hot pressing
and HIP with an optimum pressure/temperature regime result in satisfactory
densities down 50 Vol.-% Cu. At a higher content of Tungsten the sintering of
Copper is not sufficient for the densification of the whole composite and the
sintering temperature below the Copper melting point is too low for the
sintering of Tungsten. To activate the sintering of Tungsten a small amount of
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injected via binder solution during CPF. The infiltration of a W skeleton with
Copper melt is a well known way for fabrication of W-Cu composites with
higher W-content to full density (12). This requires open porosity and
sufficiend stability of the W skeleton. Because of the unfavourable
relationship between open and closed porosity, below 10 % this value defines
the lower limit. The upper limit is determined by shape retention. In
homogenous composites of up to 80% of liquid phase the W skeleton is
stable. In the case of gradient materials a porosity gradient is the prerequisite
to use this method. Several routes to produce such a porosity gradient were
investigated. In (13) a local increasing of porosity by anodic oxidation (pore
opening) in a porous Tungsten part with 57% porosity is proposed. We
investigated two ways. In a two step way a CPF part of 0-20 Vol.-% Cu was
pre-sintered. The resultant porosity gradient of 30-80 % (the Copper is then
homogenously distributed with a content of about 5 Vol.-%) was than
infiltrated with Copper melt. Also possible is a one step process where a CPF
gradient of 0-50 Vol.-% Cu and additional Cu amount was liquid phase
sintered (LPS) and this leads to a gradient of about 20-70 Vol.-% Cu.

3. Properties of W-Cu gradients

3.1. Microstructure and Concentration profile

The concentration and also the porosity distribution are determined by the
fabrication parameters. In layered samples irregularities in the distribution can
be detected, especially on the W-rich side of the gradient [Fig. 11 and Fig.
12].

400 )im

Measuring point [urn]

Fig. 11: Microstructure Fig. 12: Phase distribution of a
of HIP-gradient HIP-sample

The distribution in CPF- parts is continuous and depends on the exponent of
the gradient function [Fig. 13].



M. Joensson et al. RM3
15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

d

Fig. 13 : Microstructure of gradients with 50-100 % Cu, exp. 1(a), exp. 4 (b)
and with 50-0 % Cu, exp. 1(c), exp. 0,4 (d)

The consolidation parameters mainly influence the pore distribution [Fig. 14].
By solid state sintering the concentration distribution is nearly unchanged. By
liquid phase sintering the gradient shifts to Cu-richer contents.

Fig.14: Comparison of solid state (a) and liquid phase (b) sintered W-Cu
gradients (0-50 % Cu, exp. 0,4, with Ni additive)
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The sintering additives and the application of coated W-powder also influence
the pore structure. Clearly higher densities can be reached by the addition of
Co as activator [Fig. 15], by coating with Copper and by the combination of
both. However a density nearing the theoretical values can only be reached
by infiltration [Fig. 16].

£ *&«'*&&??

.'. -^ V. ,-v-

Fig. 15: Microstructure of sintered W-Cu gradients with 0-50 % Cu (pure (a)
and with additive (Ni: b; Co: c)

• 400

Fig.16: Infiltrated W-Cu gradient with 20 -80% Cu
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3.2. Mechanical and thermal properties

To model the changes of local material properties in gradient materials (micro
properties) the experiences of composites can be used. Because of the non-
solutability of W and Cu the dependance of the properties on the
concentration should be linear but only for those properties which are
relatively undependant on the microstructure. For mechanical properties,
thermal conductivity and elongation, which have a strong dependence on the
microstructure a greater scattering of values has to be considered in
boundary curve models [Fig. 17].

450

^ 400
re
°" 350

450

111

20 40 60 80 100

Vol.-% Cu
20 40 60 80

Vol.-% Cu

100

Fig.17: Concentration determined profile of micro properties

The macro properties of gradient materials are non-isotropic and have to be
tested taking into account the type and direction of the stresses.
Transverse rupture strength investigations were carried out by applying stress
in three different directions to the concentration gradient [Fig. 18].

W-Cu Cu-W W/Cu
Fig.18: Gradient sample position by TRS-tests
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Additionally the application of methods to improve the sintering activity of
Tungsten on the W-rich side of the gradient leads to higher densities and
therefore better mechanical properties [Fig. 19] (14). Sintering activated by
additives like Co stabilise the Tungsten skeleton and the use with Copper
coated Tungsten improves the distribution. The stabilisation of the W skeleton
is also advantageous before liquid phase sintering to avoid greater changes
in the gradient function during infiltration.

W/Cu
Cu/W

Cu-W Y ^

GRADIENT/ EXPONENT

a b

Fig.19: TRS of W/Cu gradients (sample position see Fig. 18), (a) 50-100%
Cu and (b) 0-50% Cu (Wb: Cu-coated W)

Residual thermal stress measurements were performed by neutron diffraction
(5) for one CPF gradient and for several layered samples. Comparing the
radial stresses for gradients with concentration steps of 10 and 5 M-% Cu it
can be observed that the stress distribution in Copper is relative
homogenous, because of the stress relaxation by plastic deformation. The
harder W-phase shows for a lower number of layers stress peaks which only
disappear if the distribution of components is more continuous [Fig.20a].
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Fig.20: Comparison of residual stresses of sintered gradient compacts with
different layer numbers (a) and of a sintered CPF gradient

The stresses decrease as the continuity of the gradient distribution improves.
The stress distributions of a continuous CPF gradient show no stress
singularities [Fig. 20b].

3.3. Application Possibilities

The combination of high thermal stability of the microstructure and good
mechanical properties on one side and comparable high thermal and
electrical conductivity on the other side in one material make W/Cu gradients
very suitable for thermal management and electrical applications. They can
be used as heat sinks, special contact materials, in microelectronic
packagings or as laser beam targets. Because of the residual stress
reduction by gradients this material can be used for thermal cycle processes
under extreme temperature conditions. The material properties offer the
possibility for the application in plasma facing components of the divertors in
fusion reactors.

5. Conclusions

The investigation of several fabrication methods results in proposals of
processing routes, which enable the development of W-Cu gradient materials
with satisfactory density. In the selecting of starting material, powder forming
and consolidation processes the influence of the very different materials
properties of Tungsten and Copper have to be considered for the selection of
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fabrication routes with regard to their suitability for the concentration range of
the gradient. Gradients with 100-80 Vol.-% Cu can be produced by pressure
supported solid phase sintering. In the area of 80-10 Vol.-% Cu the
production by infiltration of a W-skeleton with porosity gradient is possible.
Generally the application of Co as sintering additive and of coated Tungsten
powders improves the sintering behaviour and the mechanical properties of
W-Cu gradient materials. For the most critical concentration range of more
than 90 Vol.-% W the combination of sintering activation methods like
application of additives and coatings, smaller particle sizes and pressure
sintering seems to be the only practicable way for their fabrication. Partial
gradients can be combined to a part with the full range of concentration by
diffusion bonding (HIP).
The properties of gradient parts can be estimated from the profile of micro
properties only roughly and have to be tested in dependence of the type and
direction of stresses. The kind of application determines the necessary
concentration range of the gradient.

Acknowledgements

The research work was supported by the Deutsche Forschungsgemeinschaft.

References

(1) German, R.M.; Hens, K.F.; Johnson, J.L.: The International Journal of
Powder Metallurgy Vol. 30, No.2, 1994, 205

(2) Itoh, Y. et al.: Fusion Engineering and Design 31 (1996) 279-289

(3) Fujii, T.; Takatsu, K.; Takeshima, E.; Sakakura, A.: ISIJ 76(1990)5,
101-108

(4) Takahashi, M.; Itoh, Y.; Miyazaki, M.; Takano, H.; Okuhata, T.: Int. J. of
Refractory Metals & Hard Materials 12 (1993-1994) 243-250

(5) U.Birth, M. Joensson, B.Kieback: Proc. of the 5.International
Symposium on Functionally Graded Materials FGM~98, Dresden,
Germany , October 1998



1. Joensson et al. RM 3 15
15th International Plansee Seminar, Eds. G. Kneringer, P. Ródhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

(6) U.Birth, M.Joensson, B.Kieback: Proc. of the Powder Metallurgy World
Congress Granada, Spain, October 1998, 375

(7) Joensson, M.,Kieback В.: Pulvermetallurgie in Wissenschaft und
Praxis, Bd. 15, VDI-Gesellschaft Werkstofftechnik, Düsseldorf 1999, 23

(8) Popa, A.M.; Chaix, J.-M.: Sintering 2000(2000) 97-107

(9) Upadhyaya, A.; German, R.M.: The International Journal of Powder
Metallurgy Vol. 34, No.2, 1998,43-55

(10) Joensson, M.; Kieback, В.: Proc. of the Fourth International Symposium
on Functionally Graded Materials FGMV96, AIST Tsukuba Research
Center, Tsukuba, Japan, October 1996

(11) Kaysser, W.A.; Ahn, I.S.:
Modern Developments in Powder Metallurgy Vol. 18.21, 1988, Metal
Powder Industries Federation, Princeton, N.J., 235

(12) Yoo, M.G.; Lee, S.I.; Moon,I.-H.; Hong, K.T.: Proc. of the Powder
Metallurgy World Congress Granada, Spain, October 1998, 613

(13) Wieder, T.; Neubrand, A.; Fuess, H.; Piring, T.:
Journal of Material Science Letters 18(1999)1135-1137

(14) Birth, U., Joensson, M., Kieback, В.: Proceed, of the Powder Metallurgy
World Congress Kyoto, Japan, October 2000 (in print)



R M 5 W . Glatz et al.
15'1 International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

PM NET-SHAPE PROCESSING OF CR-BASED

INTERCONNECTS FOR SOLID OXIDE FUEL CELLS

Wolfgang Glatz1, Martin Janousek1, Emad Batawi2 and Bruno Doggwiler2

1 Plansee Aktiengesellschaft, A-6600 Reutte, Austria
2Sulzer Hexis Ltd., CH-8401 Winterthur, Switzerland

Summary:
Solid Oxide Fuel Cells are promising candidates for future decentralized
electricity-heat cogeneration systems and are at the dawn of market
introduction. Based on this background and on economical considerations a
cost efficient PM net-shape production route for metallic interconnects, being
key components for Solid Oxide Fuel Cell systems, was evaluated with
regard to industrial scale production. A variety of Cr-based powders, differing
in powder preparation processes, chemical composition and powder
characteristics were investigated in terms of their net-shape pressing and
sintering behaviour. With adequately designed powders the feasibility of the
PM net-shape route and its potential for large volume production were
demonstrated. The share of mechanical machining was significantly reduced.
The PM net-shape route is therefore considered to be capable of meeting the
stringent cost targets for the market introduction and the long-term
competitiveness of Sulzer Hexis SOFC systems. First results of
electrochemical performance tests of systems equipped with PM/NS Cr-
based interconnects are encouraging.

Keywords:
Solid Oxide Fuel Cells, interconnects, Cr-based alloys, net-shape processing,
cost reduction, field tests.

1. Introduction:

Solid Oxide Fuel Cells (SOFCs) are highly efficient systems able to transform
chemical energy, stored in gaseous or liquid fuels, directly into electricity and
heat without any intermediate energy transformation steps. Due to high
operation temperatures in the range of 900-1000°C and the resulting



W. Glatz et al. RM5 17
15" International Plansee Seminar, Eds. G. Kneringer, P. Rddhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

possibility of internal fuel (e.g. natural gas) reforming, as well as very low
emissions and high overall efficiencies, SOFC systems are promising
candidates for decentralized, residential electricity-heat cogeneration (1-6).
The development of reliable, low-cost mass production and assembly
techniques for key components of SOFC systems is of growing international
interest as the fuel cell technology matures to market introduction.
At Plansee main emphasis within the past two years was laid on the
development of a powder metallurgical (PM) net-shape (NS) process for the
production of metallic interconnects for the Sulzer Hexis SOFC system (7-9).
The status of the Sulzer Hexis product development is described in more
detail elsewhere (10, 11). Figure 1 shows the Sulzer Hexis field test system
(international field tests 1998-2001) including a cross section of the system
and a mechanically machined Cr-based interconnect. The metallic
interconnect is a multifunctional key component (e.g. fuel preheating and fuel
distribution, current collection) of the so-called fuel cell stack. The Hexis
interconnect consists of two parts - the cathode and anode disc which are
joined together and enclose a heat exchanger chamber -> HEXIS: Heat
Exchanger Integrated Stack (12). A 1kWei stack contains about 50
interconnects and electrochemical cells piled up alternately.

Cr-based interconnect
(0 120mm, mechani-
cally machined)

Figure 1: Sulzer Hexis SOFC field test (1998-2001) system / cross section
and mechanically machined Cr-based interconnect.
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PM/NS processing of interconnects via pressing and sintering offers a variety
of valuable advantages with decisive impact on the reachable cost target. A
minimum material loss and the elimination of expensive mechanical
machining steps significantly contribute to a significant manufacturing cost
reduction potential compared to fully mechanically machined parts. Further,
the PM/NS route allows functional features and designs that can hardly be
mechanically machined or only be realized by advanced shaping techniques,
e.g. electro chemical machining (ECM).
Among the few materials under consideration for high-temperature SOFC
interconnects Cr-based alloys (e.g. Cr-5Fe-1Y2O3) have proven to be
valuable candidates for good SOFC stack performance (13, 14). The unique
properties and the conventional powdermetallurgical processing of these
materials were described in more detail in references (15-17).
The present paper reviews the interconnect development and the PM net-
shape production status at Plansee and summarizes recent results of
performance evaluation of pressed and sintered interconnects in stack and
system tests at Sulzer Hexis Ltd..

2. Development of the PM net-shape production of interconnects:

Comparison of PM production routes for interconnects
Figure 2 schematically illustrates three PM production routes for metallic
interconnects evaluated at Plansee so far.

Route I Route II

Cr j ' Fe IY

HIP

Sir

Rohstoffe

Vorlegieren

Pressen&Sintern
bzw. HIPen

Blechhersteliung

Endbearbeitung

Interkonnektor

R o u t e III

[of] ;;sr
Y/ \ / \

H2

R o n s t o f f e

Vorlegieren

Pulverpressen
- - . _ N N S . . . . . .

Sintern&Loten

Interkonnektor

Figure 2: Comparison of different PM production routes for interconnects.
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The "classical" Route I includes rolling of pressed and sintered powder
precompacts to sheet material. Components are then worked out of the sheet
material via mechanical machining and/or ECM. Technical and economical
aspects of this route are described in more detail in reference (17). Route I is
primarily suitable for interconnects with larger dimensions (> 130mm in
diameter).
Route II includes consolidation of already near-net-shaped powder preforms
by hot isostatical pressing (HIP) followed by multi-wire sawing (MWS) of
plate-shaped material which is then again finalised to components by
mechanical/ECM processing. However, the MWS-technique is time
consuming and costly especially with regard to large-scale preforms.
For the production of small and medium-size interconnects the approach via
net-shape pressing and sintering, schematically illustrated in Route III, offers
significant benefits in terms of minimization of mechanical/ECM processing
and cost efficiency. In the following the development approach of Route III is
described in more detail.

Material selection procedure
Due to the severe operation conditions only a very limited number of
materials can meet the manifold and stringent requirements for interconnects
of high-temperature SOFCs.

Table 1 shows a comparison between different interconnect materials with re-

Table 1: Comparison of different SOFC interconnect materials
Eigenschaften

property
CRF

Cr-5Fe-1Y2O3

Superalloy
Ni-base*

Ferritic Steel
Chromium 10-25%

Ceramic
Lanthanum chromite

Streckgrenze
yield strength t
Kriechfestigkeit
creep rupture strength

Elektrische Leitfahigkeit
electrical conductivity

Oxidschichtleitfahigkeit
oxide scale conductivity

Warmeleitfahigkeit
heat conductivity

ft ft ft

cm

LZl

Thermische Ausdehnung
thermal expansion t ft
Oxidationsverhalten
oxidation resistance ft cm ft
Aufkohlung
carburization resistance cm

^ Ausgezeichnet
excellent

r—, gut
1 J sufficient

nicht ausreichend
' not sufficient

"Mil Chromoxiddeckschichi / With Chromium Oxid Scale
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gard to SOFC relevant properties. Based on their unique property profile Cr-
based alloys exhibit an outstanding suitability. Especially the better thermal
expansion coefficient compatibility with commonly used YSZ-electrolytes
compared to Ni-based alloys and the higher heat conductivity compared to
ceramic interconnect materials have to be pointed out. Due to their limited
high-temperature corrosion resistance ferritic steels are favourably evaluated
for intermediate-temperature SOFCs usually designed for an operation
temperature range of 650-850°C.

At the beginning of the 90ies Plansee started with the development of
mechanically alloyed and oxide dispersion strengthened Cr-based alloys, e.g.
Cr-5Fe-1Y2O3, designated as Ducrolloy CRF, for SOFC applications (18, 19).
This alloy is commonly worked to sheet material from which primarily large-
size interconnects were produced by mechanical/electrochemical processing.

In the early development stages of the near-net-shape (NNS) pressing and
sintering of Cr-based interconnects the need for a powder material
modification turned out to be an important concern to succeed with this
technique. In order to achieve a maximum component density as a baseline
for most adequate mechanical, thermophysical and electrochemical
properties as well as dimensional stability after the sintering process a
number of influencing parameters have to be considered and to be optimised.
Some main parameters include the powder raw material quality, the powder
morphology, the grain size distribution, the alloy composition and the pressing
and sintering parameters correlated to the pressing behaviour and the
sintering activity.

A comprehensive material characterisation study combined with pressing and
sintering trials was conducted for the evaluation of suitable powders for the
PM net-shape route.
All in all more than 50 different powder and alloy modifications, mainly
differing in the powder pre-alloying and powder preparation processes, were
investigated with emphasis on their pressing and sintering behaviour and the
corrosion resistance of the sintered compacts.

Table 2 summarizes the powders investigated. All alloys were based on Cr-
5Fe with modifications in terms of the kind / amount of dispersoid and alloying
element additions and the Cr-powder quality used. Different Cr raw materials
were evaluated with regard to considerable differences in market prices,
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purities and production methods. The three main powder grades prepared are
designated as grade (I), (II) and (III) in the following.

Table 2: Summary of the Cr-based alloys investigated

Composition (wt.-%)
Cr-5Fe
Cr-5Fe-0,02Y2O3

Cr-5Fe-0,5Y2O3

Cr-5Fe-1Y2O3

Cr-5Fe-0,3Ti-0,5Y2O3

Cr-5Fe-0,3Ti-1Y2O3

Cr-5Fe-0,5Y2O3 D
Cr-5Fe-1Y2O3 D
Cr-5Fe-0,3Ti-0,5Y2O3 D
Cr-5Fe-0,3Ti-1Y2O3 D
Cr-5Fe-0,5CeO2

Cr-5Fe-1CeO2

Cr-5Fe-0,3Ti-0,5CeO2

Cr-5Fe-0,3Ti-1CeO2

Cr-5Fe-0,5La2O3

Cr-5Fe-1La2O3

Cr-5Fe-0,3Ti-0,5La2O3

Cr-5Fe-0,3Ti-1La2O3

(I)
X

X

X

X

X

X

X

X

X

X

X

X

X

X

X

X

X

X

Powder grade

(II)
X

X

X

X

X

X

X

X

X

X

X

X

X

X

X

X

X

X

(III)
-
-
X

X

X

X

X

X

X

X

X

X

X

X

X

X

X

X

x... investigated -...not investigated

Pressing and sintering trials on laboratory scale
A series of pressing and sintering trials on laboratory scale was conducted in
order to evaluate the powders given in Table 2.
Using a 1000kN laboratory press samples with dimensions of 0 30 x2,5mm
were pressed at a specific load of 5t/cm2 in a first step. The samples were
subsequently sintered at temperatures exceeding 0,6Tm. The pressing and
sintering density were determined geometrically.
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An exemplary part of the results of these trials with regard to a selected
number of powders representing the three main powder grades is illustrated
in Figure 3. A distinct difference in the achieveable pressing density was
observed between powder grades (I) and (III) with powder grade (II)
exhibiting densities in between. The differences can be interpreted in terms of
the powder morphologies and the grain size distributions corresponding to the
powder preparation routes.
Obviously, also the sintering behaviour directly corresponds to the powder
preparation processes. The sintering activity of powder grade (III) was low
resulting in a minor shrinkage. Contrarily, the sintering behaviour of powder
grades (I) and (III) were significantly higher leading to sintering densities
beyond 90%, however, accompagnied by a high shrinkage values.

100

95

90

85

°65
60

55

50

• green density

• sintering density

3

3!

Figure 3: Exemplary results of pressing and sintering trials of different
Cr-based powders (see Table 2).

According to these basic results and to a further improvement in the pressing
and sintering parameters suitable Cr-based alloy powders for the PM net-
shape processing could be developed.
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Figure 4a shows the results of initial pressing trials on structured discs with
increasing size featuring some characteristics of the Sulzer Hexis
interconnect. The square-pin surface structure provides the gas flow channels
which were so far mechanically machined out of sheet material. A detail of a
square-pin exhibiting good contour acuity after sintering is shown in Figure
4b.

Figure 4: (a) Results of initial near-net-shape pressing/sintering trials and
(b) detail of a sintered square-pin.

PM net-shape production of Cr-based interconnects on industrial scale
Based on the results derived from the laboratory scale investigations up-
scaling trials were conducted on industrial facilities. In several iterations the
share of directly pressed and sintered component features could be
increased stepwise accompagnied by a significant decrease in mechanical
machining formerly necessary for component finalization.

Figure 5a shows first generation PM interconnects where the square-pin
structured cathode and anode discs were near-net-shape pressed and
sintered. All other features as outer and inner diameters, air outlets (arrow),
circumferential air inlets (see also arrow in Figure 5b) and the heat exchanger
chambers were still mechanically machined. The second generation parts
with modified design illustrated in Figure 5b already included all features
pressed/sintered except the air outlets which were still mechanically drilled.
Further emphasis laid on the optimisation of the pressing tools in close
accordance to the interconnect design in terms of pressability and electro-
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Figure 5: (a) First generation PM/NNS interconnects, (b) second generation
PM/NNS interconnects (see text, diameter of parts is 120mm).

chemical performance considerations resulted in third generation
interconnects illustrated in Figure 6. These components represent the current
status of the net-shape pressing and sintering of Cr-based alloys. All features
including the air outlets were pressed eliminating mechanical machining
steps.

Figure 6: Third generation PM net-shape pressed and sintered interconnect
components according to the current development status (diam. 120mm).
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Several thousand PM interconnects were produced so far which are
continuously tested and evaluated in small-stack and system-stack tests (20).
A main part of the ongoing development activities is focused on the further
fine-tuning of the powders used and the optimisation of the pressing tools
including wear resistance and life time aspects.

3. Cost reduction potential of the PM net-shape production route:

Figure 7 illustrates the cost reduction potential of the interconnect as a
function of production technology. Figure 7 clearly points out the significant
cost reduction potential provided by the PM/NS production route of at least
one order of magnitude compared to components essentially manufactured
by mechanical machining. It can be estimated from todays point of view that
the stringent cost target for interconnects only seems to be reachable with the
PM/NS approach combined with an optimised and highly automated mass
production.

O
o

100

10

Rolled PM Sheet
+ Complete Machining

until 6/98 NNS Pressing & Sintering
+ Partial Machining

3/99

NS Pressing & Sintering
currently in qualification

MIC cost target range for market entry 2001 - 2003

Long-term MIC cost target range > 2005

TIME [month/year]

Figure 7: Cost reduction potential of interconnects in dependence of the
production technology.
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4. Performance of PM interconnects in Sulzer Hexis field tests

First electrochemical laboratory tests with interconnects made from Cr-based
(Cr-5Fe-1Y2O3) PM sheet material have basically demonstrated the capability
of this material to meet the technical requirements.
Based on these successful tests the component and SOFC system
development was continued. 1998 five SOFC field test systems (see Figure
1) were installed for a three-year test period. In these systems mechanically
machined interconnects were initially operated. Since fall 1999 PM pressed
and sintered interconnects have been installed with good success. In the
meantime these field test systems have provided valuable long-term
performance data. So far Sulzer Hexis has generated data for more than
5000 hours of stack operation and beyond 10.000 hours of system
component operation. Figure 8 shows performance data of a 1kWei field test
system installed in Basel/CH which was equipped with PM pressed and
sintered interconnects.

Betriebsstunden Stack #4

-792 -292 208 708 1208 1708 2208 2708 3208 3708 4208 470:

29.1 26.2 25.3 22.4 20.5

Datum / Zeit

P_DC (W) PVCH4 (g/h) — - Stackspannung DC (V) . Eft (%)

Figure 8: Electrical power and voltage curve over 5000 hours of operation of
a Sulzer Hexis field test system installed in Basel/CH. The SOFC stack was
equipped with pressed/sintered PM interconnects.
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5. Outlook:

Future activities will focus on the technical and economical establishment of
PM net-shape produced interconnects. Main emphasis will be laid on the
optimization of the powder materials based on Cr-alloys and the the full
exploitation of the net-shape pressing technology in terms of optimum
component properties.
In parallel the industrial scale production capabilities for net-shape pressing
and sintering of Cr-based interconnects will be expanded in accordance to
the market introduction and market up-scaling of Sulzer Hexis SOFC
systems.
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Summary

Cr-Cu alloys suitable for electric contact materials for vacuum interrupters
have been fabricated from the mixtures of very coarse Cr and fine Cu
powders by liquid phase sintering. Large Cr particles in the sintered compacts
need to be refined to meet new requirements for extended applications. In the
present study, the refinement of large Cr particles has been tested adding Mo
or W elements into the interior of Cr-Cu compacts. The large Cr particles
were refined with addition of either Mo or W. Large Cr particles of 200~300jim
in diameter were refined to small particles less than 100 (j.m in diameter.
Critical amount of Mo or W necessary to induce refinement of large Cr
particles was more than 2% in both cases. The particle refinement is
accompanied by formation of cored structures. Particles of Cr-rich solid
solution with Mo or W cores have been regarded to result from preferential
dissolution of Cr particles and subsequent precipitation on the Mo or W
particle surfaces.

Keywords:
Cr-Cu alloys, electric contacts, addition of Mo or W, refinement of Cr particles,
cored structures
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1. Introduction

Recently Cr-Cu alloy systems useful for electric contact materials for vacuum
interrupters operating at medium voltage range have been studied
intensively11'21. A Cr-Cu alloy system is a composite material in which Cr
particles with high electric resistivity are being dispersed in the Cu matrix with
high electric conductivity. Electric properties of Cr-Cu alloys have a strong
dependency on the microstructural factors such as Cr content, size of Cr
particles, and dispersiveness of Cr particles in the Cu matrix.
As the Cr-Cu alloys have extended their applications from electric contacts for
vacuum interrupters to circuits for reactors and condensers, both improved
current interruption capability and high breakdown voltage limit have been
required'31. In order to meet these requirements for new applications, either
refinement of Cr particles or addition of refractory elements to the Cr-Cu
alloys has been tried [4"8].

Usually coarse Cr powders are used to fabricate Cr-Cu alloys in order to
avoid a detrimental effect of surface oxidation of Cr particles. Large Cr
powders, however, give undesirable effects on fabrication of Cr-Cu alloys. It is
very difficult to fabricate sintered compacts both with high density and with
homogeneous microstructures from the coarse Cr powders. A Cr-Cu alloy
with a fine grain structure was considered to have improved dielectric
strength, compared to that with a coarse grain structure'9'101, but a fabrication
method for Cr-Cu alloys with homogeneously fine grain structures from
coarse Cr powders has not been invented yet. If the coarse Cr particles can
be refined easily during sintering, it may be of great advantage to fabrication
of Cr-Cu alloys with high performance, because coarse Cr powders can be
used without menace to harmful surface oxidation of fine Cr powders.
Although additions of refractory elements have been tested to improve the
properties of Cr-Cu alloys, there are no systematic studies for refinement of
Cr particles yet. In the present study, the refinement of coarse Cr particles
has been studied adding either molybdenum (Mo) or tungsten (W) into the
interior of Cr-Cu alloy compacts with coarse Cr particles.
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2. Experimental

Powders used in the present experiment were copper (Cu), chromium (Cr),
tungsten (W), and molybdenum (Mo). Size and producer of respective
powders are about 15 urn (Cu, Changsung), 200-300 |̂ m or 70 u.m (Cr,
Sumitomo), 4.6 urn (W, TaeguTec), and 4.0 um (Mo, TaeguTec) in diameters.
The respective powders were weighed to make predetermined alloys of Cr-
Cu, Cr-Cu-Mo, and Cr-Cu-W with various compositions. In the alloys, the Cu
content was varied from 55% to 75% by weight and either Mo or W was
substituted for some parts of Cu, where the weight fraction of added W was
controlled by two times of added Mo in order to keep a volume fraction of
solid phase in both compacts almost constant. The weighed powders were
mechanically mixed in a slurry with iso-propanol and dried in a vacuum oven.
The dried powders were dosed by 4 g and compacted into a cylindrical disk of
12 mm in diameter under 260 MPa. As a model experiment to verify a role of
added Mo on the refinement of Cr particles, Mo bulk was inserted into the
interior of Cr-75%Cu powder bed and compacted (a model compact).
Powder compacts were sintered isothermally at 1100°C for 20 h under flowing
hydrogen, where the model compact was sintered for 50 h. Specimens for
microstructure observation were prepared along with a conventional route.
Polished cross-sections of the compacts were etched by a solution of distilled
water (100 ml), oxalic acid (5 g), and tataric acid (1 g) and observed by an
optical microscope and a scanning electron microscope (SEM). Size
distributions of the Cr particles in the sintered compacts were measured by a
linear intercept method on the optical micrographs. Composition analyses
were made by electron probe micro-analysis (EPMA) on the cross-sections of
the sintered bodies.

3. Results and Discussion

(1) Microstructure evolutions in the Cr-Cu alloys with addition of Mo
Figure 1 shows the microstructures of sintered Cr-75%Cu compacts partially
replaced with Mo. Large Cr particles with corrugated surfaces are observed in
the Cr-75%Cu compact (Figure 1(a)). Corrugated surfaces of the Cr particles
resulted from an energy relationship, called a dihedral angle, between grain
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Figure 1. Microstructures of Cr-(75-x)%Cu-x%Mo compacts sintered at
1100°C for 20 h: (a) x = 0, (b) x = 2, (c) x = 5, (d) x = 10. All the figures are in
the same magnification.

boundary and grain surface exposed to Cu matrix, which had been a liquid at
the sintering temperature. When Mo element more than 2% was added to Cr-
75%Cu alloys, large Cr particles were refined into small Cr particles (Figures
1(b-d)). As the Mo content in the compact increased, the Cr particles became
smaller in diameter. The Cr particles begin to be refined not in the Cr-73%Cu-
2%Mo compact. The compacts with more than 5%Mo exhibit a drastic
microstructural change. The Cr particles were almost completely refined into
the uniformly fine grain structure (Figures 1(b-d)).
Figure 2 shows the microstructures of sintered Cr-(65-x)%Cu-x%Mo
compacts in the same manner in Figure 1 (x = 0 ~ 10). Generally the same
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Figure 2. Microstructures of Cr-(65-x)%Cu-x%Mo compacts sintered at
1100°C for 20 h: (a) x = 0, (b) x = 2, (c) x = 5, (d) x = 10.

microstructural changes as those in Figure 1 took place in Figure 2. The
refined Cr particles in Figure 2 seem smaller in all the compositions than
those in Figure 1. The Cr particles in the Cr-63%Cu-2%Mo compact were
partially refined Figure 2(b), whereas the Cr particles in the Cr-73%Cu-
2%Mo compact showed only a little refinement (Figure 1(b)).
In addition, Figure 3 shows the microstructures of sintered Cr-(55-x)%Cu-
x%Mo compacts (x = 0 ~ 10). The refinement of Cr particles with addition of
Mo in Figure 3 looks similar to those in Figures 1 and 2.
It is verified from Figures 1-3 that Mo at least more than 2% should be added
to the Cr-Cu alloy systems in order to refine the Cr particles. Figure 4 shows
the variations of Cr particle size measured in the Cr-(75-x)%Cu-x%Mo
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Figure 3. Microstructures of Cr-(55-x)%Cu-x%Mo compacts sintered at
1100°C for 20 h: (a) x = 0, (b) x = 2, (c) x = 5, (d) x = 10.

compacts (x = 0 ~ 10) by a linear intercept method. At x=2, the Cr particles
were partly refined to small particles apparently with about 100 jim in
intercept length as shown in Figure 1(b). When 5%Mo was added, all the
large Cr particles were refined to fine Cr particles with about 80jxm in
intercept length. At 10%Mo, the fine Cr particles appeared to grow again
to slightly large size about 100 |a.m in intercept size. Therefore, Figure 4
represents that the Cr-Cu-Mo compact with 5%Mo has the finest and most
homogeneous grain structures, which agrees well with the microstructure in
Figure 1(d).
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Figure 4. Variation of distributions in intercept length measured on the
sintered Cr-(75-x)%Cu-x%Mo compacts sintered at 1100°C for 20 h.

(2) Microstructure evolutions in the Cr-Cu alloys with addition of W
When W element was added to the Cr-Cu alloys in order to make a fine grain
structure instead of Mo, added W results in the same refinement of Cr
particles with addition of Mo. Figure 5 shows the microstructures of Cr-
(75-x)%Cu-x%W compacts (x = 0 ~ 20). The large Cr particles were refined to
the smaller grains, compared to refinement of Cr particles observed in the
case of Mo addition. In the Cr-Cu-W alloy systems, a critical amount of W
required to induce refinement may be about 4%. Interestingly, a gray phase
was observed inside the small Cr grains, but there is no gray phase in the
interior of large Cr particles. Volume factions of this gray phase increase in
proportion to the amount of W added to the Cr-Cu alloys.
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Figure 5. Microstructures of Cr-(75-x)%Cu-x%W compacts sintered at 1100°C
for 20 h: (a)x = 0, (b)x = 4, (c)x= 10, (d) x = 20.

Figure 6 shows the variations of intercept length of Cr particles measured in
the Cr-(75-x)%Cu-x%W compacts (x = 0 ~ 20). The Cr particles were refined
almost at x=4 and completely at x=10. At 20%W, the number of fine Cr
particles decreases and the fine Cr particles seemed to grow. Figure 5(d),
however, shows occurrence of severe agglomeration of Cr particles instead of
particle growth. In Figures 1-3 and 5, dihedral angles of Cr-Cu-Mo and Cr-Cu-
W alloy systems seem far from zero and therefore, the Cr particles tend to be
agglomerated.

(3) Results of EPMA
In order to identify the gray phase inside the Cr particles observed in the Cr-
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Figure 6. Variation of distributions in intercept length measured on the
sintered Cr-(75-x)%Cu-x%W compacts sintered at 1100°C for 20 h.

Cu-W alloys, EPMA was carried out on the cross-section of Cr-65%Cu-10%W
compact. Figure 7(a) is a back-scattered electron image. A white phase is
observed inside the particle of a black phase. Figure 7(b) shows the
composition profiles of W, Cr, and Cu measured along the line x-x' in
sequence from the top of the picture. Figure 7(b) indicates that the white
phase is almost a pure W and the black phase surrounding the W phase is a
Cr-rich alloy phase. The white W phase in contact with Cr-rich phase has a
sharp boundary between the two phases. The shape and size of white
phase look very similar to those of added W powders.
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Figure 7. (a) Back-scattered electron image of Cr-65%Cu-10%W compact
and (b) composition profiles measured on the same figure along the x-x' line.

Figure 8. (a) Back-scattered electron image of Cr-70%Cu-5%Mo compact
and (b) composition profiles measured on the same figure along the z-z' line.

The Cr-70%Cu-5%Mo alloys was also analyzed in the same manner.
Figure 8(a) shows a back-scattered electron image, in which white areas are
observed inside the black phase, but there are no sharp boundaries between
the two phases. Figure 8(b) shows composition profiles of Mo, Cr, and Cu
measured along the z-z' line. The white area is identified to be a Mo-rich alloy
phase and a Mo concentration changes gradually from the center of white
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Mo-rich phase to the surrounding black phase.
Figures 7 and 8 imply that the pure W phase (or Mo-rich phase) inside the Cr-
rich alloy phase is formed by the same mechanism. Here, these
microstructures are called 'a cored structure'. However, the cored structure in
the present study is quite different from other type of cored structures,
because the cores are seen as aggregates of several small W or Mo particles
inside the Cr-rich alloy particles.
Different features of the cored structures between Cr-Cu-Mo and Cr-Cu-W
alloys are attributed to different behaviors of phase separation at the sintering
temperature. Both W and Mo forms complete solid solutions with Cr above
the spinodal decomposition temperature. The spinodal decomposition
temperatures are 1677°C in the Cr-W alloy and 880°C in the Cr-Mo alloy,
respectively1111. A sintering temperature of 1100°C in the present study
corresponds to the temperature forming a complete solid solution in case of
Mo addition, but to the temperature forming two separated phases (Cr-rich
phase + W-rich phase) in case of W addition. Therefore, added Mo forms
easily a solid solution without sharp boundaries in the Cr-Cu-Mo alloy
systems. On the other hand, added W tends to remain as a pure W because
a Cr-rich phase coexists with a W-rich phase and then, a sharp boundary is
maintained between the two phases.

(4) Mechanism of Cr refinement and cored structure formation
Figures 7 and 8 show that the added W or Mo powders are found in the
interior of particles of Cr-rich solid solution. Apparently W or Mo looks
indifferent to Cr particle refinement because all the W or Mo particles are
completely enveloped by the Cr-rich solid solution. However, Figures 1-3 and
5 strongly indicate that Mo or W plays a critical role on the Cr particle
refinement, because no refinements were observed without addition of Mo or
W into the Cr-Cu alloys.
Figure 9 shows the microstructures observed in the model compact with the
Mo bulk. Figure 9(a) is a microstructure near the surface of Mo bulk in contact
with Cr-75%Cu alloy. Two distinct layers were observed on the surface of Mo
bulk and large Cr particles were also found to have grown on the top layer on
the Mo bulk. Figure 9(b) is an internal structure around the two layers
observed byTEM.
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Figure 9. A microstructure near the surface of Mo bulk contacted with Cr-
75%Cu alloy compact at 1100°C for 50 h. (a) an optical micrograph and (b) a
TEM image of the marked area in (a).

Recrystallized Mo grains containing many dislocations and small amount of
Cr are in contact with pure Mo substrate. Many small Cr grains believed to be
a reprecipitated Cr are found on the surface of a recrystallized Mo layer. On
the other hand, no recrystallized grains are found on the surface of any Cr
particles. Figure 9 demonstrates that the Mo cores in the interior of Cr-rich
particles are formed by recrystallization of Mo followed by preferential
dissolution of Cr particles and subsequent precipitation of Cr-rich solid
solution on the recrystallized Mo grains.
A role of Mo (or W) on the Cr refinement can be schematically illustrated as
shown in Figure 10. Mo and Cr atoms diffuse simultaneously into the Cu
liquid in the early stage and then, each kind of atoms reaches the surface of
another metal. The atoms arrived at the another metal diffuse inward into the
lattice. Resultantly a thin coherent diffusion layer with high elastic strain
energy is being developed on the surfaces of each particle. It can be
assumed that a diffusion-induced recrystallization occurs at one of two
coherent diffusion layers. In the present study, it can be reasoned that a
coherent layer on the surface of Mo may be recrystallized first as shown in
Figure 9(b). Once the surface of Mo bulk(or powder) is recrystallized to a
stable equilibrium phase, a coherent layer on the surface of Cr grains can not
remain stable, because the coherent layer on the Cr grains has free energy
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Diffusion of Mo and Cr

Coherent diffusion layer

Diffusion-induced
recrystallization

Precipitated Cr solid solution

Figure 10. A schematic illustration for formation of cored structures during
liquid phase sintering of Cr-Cu alloys in the presence of Mo.

(coherent strain energy)112'131 relatively higher than the equilibrated
recrystallized Mo grains. Therefore, Cr particles dissolve into the Cu liquid and
precipitate as a stable Cr-rich solid solution on the recrystallized Mo grains.
The dissolving Cr grains have a coherent diffusion layer persistently until the
dissolved Mo atoms in the Cu liquid are consumed completely, because the
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Mo metal enveloped with Cr-rich solid solution can not supply the Mo atoms to
the Cu liquid any longer. As a result, particles of Cr-rich solid solution with Mo
or W cores are formed and large Cr particles are refined through dissolution
and subsequent reprecipiation on the surfaces of fine Mo or W particles.
In the present study, we could not experimentally prove a contribution of
coherency strain on the present microstructural evolution. However,
recrystallization of Mo and subsequent growth of Cr-rich solid solution on the
recrystallized Mo are considered to be enough to figure out an action of
coherency strain energy both in the refinement of Cr particles and in the
formation of cored structures.

4. Conclusions

The large Cr particles in the sintered Cr-Cu alloys have been refined
successfully by addition of Mo or W to the Cr-Cu powder compacts with
coarse Cr powder and the sintered Cr-Cu alloys with homogeneously fine
grain structures were obtained. Large Cr particles approximately 200-300 |im
in diameter were refined into the small Cr particles of about 100 jim in
diameter. A threshold amount of Mo or W required to induce Cr particle
refinement is larger than about 2% in both cases. Each small Cr particle has
a core comprised of Mo or W particles.
It was found in the model experiment that the recrystallized Mo grains were
formed on the surface of bulk Mo and the Cr-rich solid solution was
precipitated on the recrystallized Mo. There were no recrystallized grains on
the surface of Cr particles. From the cored structures and precipitation of Cr-
rich solid solution on the recrystallized Mo, it is suggested that the refinement
of large Cr particles results from preferential dissolution of Cr particles and
subsequent precipitation of Cr-rich solid solution, which, in turn, results from
action of coherency strain energy on the surfaces of the Cr particles.
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Summary

Molybdenum- and tungsten-copper alloys were developed as promising
housing materials for high-frequency- (HF-) microelectronic packaging. Three
different powder processing routes (mixing, attritor milling, compound
powder), different particle sizes and copper contents were tested to achieve
the best possible result in thermal and mechanical properties. Net shape
processing of the parts took place via metal-injection-moulding, debindering
and sintering. It could be seen that the sintering behaviour (density and
shrinking rate) was strongly depending on the copper content and tungsten
particle size. Lowest sinter activity was detected for a W90Cu10 powder
mixture with coarse (d50=3,5um) tungsten powder, highest for the new
developed Mo68Cu32 compound powder. Using compound powder leads to
higher density at lower sinter temperatures compared to conventional
processed WCu or MoCu powder mixtures. MoCu and WCu housing
demonstrators were produced and HF-equipment was integrated. First
electrical tests of the integrated demonstrator were performed successfully.

Keywords

tungsten, molybdenum, copper, thermal management, high frequency,
thermal expansion

1 Introduction

The current technical development is distinguished by an extensively growing
use of mobile-communication and multi-media systems. The increasing
number of these systems results in a likewise increasing demand on high
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frequency (HF-) transmitting wave bands. Number and width of the needed
wave-bands are limited, so that it will be necessary to increase the frequency
limit - in future up to 300 GHz. These high frequencies require a new
generation of advanced HF-circuits integrated on gallium-arsenide (GaAs)
chips, a material which is much more sensitive against humidity, mechanical
impact and thermal stress than silicon. Furthermore the circuits produce a
high amount of heat loss which has to be dissipated by the housing material
to avoid overheating and self-destruction of the module. Designated
applications are automotive distance- and cruise-control systems, local
communication networks or Active Phased Array Radar systems, consisting
of more than 1000 of separate radar transmit/receive- (TR-) modules. So the
following requirements for proper housing materials can be derived:

• high denseness (protection against moisture and other environmental
impacts)

• high thermal conductivity (dissipation of the accrued heat loss)
• coefficient of thermal expansion (a) near to GaAs: 5,8-10"6 K'1 (protection

against thermal stress)
• sufficient mechanical strength (protection against mechanical damages)
• high shielding capability (protection against internal and external interfering

signals)

top cover
-j bond

AI2O3-
substrate

adhesive I"

MMIC
(GaAs)

internal
shielding

housing

cooling
duct

Fig. 1: Schematic view into a typical HF-module

It is relatively easy to achieve good results in denseness and mechanical
strength by using metal as housing material, but it is difficult to combine high
thermal conductivity (X) and low coefficient of thermal expansion cte (a) in
one material. A potential material with a low coefficient of thermal expansion



46 RM9 1. Knuwer et al.

15" International Piansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

is Kovar®, but it also has a very low thermal conductivity which limits the
performance of the HF-circuit. On the other hand, copper is a material with an
excellent thermal conductivity but combined with a very high a-value. There is
no single material with suitable high thermal conductivity and low cte. The
combination of both is possible in an alloy system without miscibility of the
two (or more) phases. In this case, the properties of the compound are
determined by the properties of the single phases. Such systems are e.g.
pseudoalloys of refractory metals (tungsten, molybdenum) and copper [1,2].
Tungsten and molybdenum show a moderate thermal conductivity and a very
low a-value. The addition of copper increases both the thermal conductivity
and the cte corresponding to the alloy composition and makes it suitable for
microelectronic application. The processing of these alloys is only possible
with powder metallurgy methods. A near net shape mass-production of
complex shaped parts is feasible via metal-injection moulding.

Other proper housing materials are SiAI-alloys with an aluminium content
between 30 and 50 w.% as well as AIN. The SiAl alloys show disadvantages
in the net shape processing which is only possible via machining [3].
Aluminium nitride (AIN) can be net shape produced via ceramic injection
moulding but shows disadvantages both in metallisation behaviour and
brittleness [4]. A comparison of some materials is shown in table 1. An
impressive view into a fully integrated high-frequency demonstrator (hand
made prototype with metal-injection-moulded housing) gives fig. 2.

Table 1: Different potential housing materials for integrated HF circuits on
GaAs chips. W/MoCu-values are theoretical values, based on the
use of different mixing rules

Material

Si70AI30

Kovar(Fe54Ni31Co15)

Copper

Tungsten

Molybdenum

W80Cu20

Mo68Cu32

AIN

P
[gem3]

2,4

9,0

19,3

10,2

15,66

9,76

3,3

[W m-1 K-1]

130

17

397

174

137

216-252

178-228

200

a
[10-6K-1]

6,8

4,9

17,0

4,5

5,1
6,1-8,8
6,75-9,27

E
[GPa]

44

138

128

407

329

242-309

212-259

320
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HF-output

ceramic
substrate
with
integrated
HF-circuit

HF-input

." "':' .". .'.'.- :\

MoCu
housing,
metal-
injection-
moulded

Fig. 2: Fully integrated HF-demonstrator with a metal-injection-moulded
Mo68Cu32-housing. The housing will be closed for usage and tests
by a laser welded top cover

2 Experimental details

The experimental work was focused on the sintering behaviour. The influence
of following parameters was investigated:

• copper content
• particle size
• sinter temperature
• sinter time
• attritor milling
• compound powder

Copper content
First important parameter is the copper content of the alloy. During sintering it
determines the amount of liquid phase and therewith the sintering speed as
well as the gravity induced separation of liquid and solid phase. In the
sintered part it defines the cte and the thermal conductivity. In most
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commercial alloys the copper content is set between 5 and 50 w.%. In this
work following copper contents were investigated:

• MoCu: 32 w.%, 40 w.%, 60 w.%

. WCu: 10 w.%, 20 w.%, 30 w.%

Particle size
The particle size is the second important parameter. It was varied both for the
tungsten and for the copper particles. The molybdenum particle size was
constant. The particle sizes of the used powders (d50-values, laser diffraction
measurement) are shown in table 2:

Table 2: Particle sizes and internal code of the used metal powders
powder

Mo

Wfine

W coarse

Cu fine

Cu coarse

internal code

P89-II

P71

P72

P73

P74

d5o [urn]

6,58

1,54

3,55

6,04

12,00

Sintering temperature
The sintering temperature was set above the melting temperature of copper,
so that liquid phase sintering occurred. On the one hand, an increasing
sintering temperature decreases the viscosity of the copper melt and
increases the interactivity of copper and refractory metal. On the other hand,
caused by the low boiling point of copper, there is a danger of copper
evaporation and contamination of the sinter furnace at higher temperatures.
So the samples were sintered at temperatures between 1200°C and 1350°C
[5-7].

Sintering time
The densification during liquid phase sintering is mainly caused by particle
rearrangement [8]. Particle rearrangement is much faster than other sintering
processes, so that above the melting point of copper at first an intensive
shrinkage should appear with is followed by a slight shrinkage caused by
diffusion and/or solution-precipitation processes.
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Attritor milling
In the case of MoCu-powders the Mo60Cu40-powder was additionally 9h
attritor milled after mixing. It was expected to reach a higher sinter activity
with attritor milling because of the high amount of inducted mechanical
energy. Furthermore it was anticipated that the cracking of agglomerates
leads to a much better microstructural homogeneity of the sintered samples.

Compound powder
A further step in optimisation of both sinter activity and microstructural
homogeneity was the development of a so called "compound powder" by H.C.
Starck. It consists of a not demixable and extremely homogeneous
distribution of copper and refractory metal particles.

The different processed and investigated W/MoCu powders are shown in
table 3. Because of the high number of investigated powders the results
shown further on are a selection of the whole experimental work.

Table 3: Processed and investigated W/MoCu powders
powder
P75

P76

P125

P78

P77

P84

P90
P90AT

P116
P137

alloy composition (w.%)

W90Cu10

W90Cu10

W80Cu20

W70Cu30

W70Cu30

Mo40Cu60

Mo60Cu40

Mo60Cu40

Mo68Cu32

W80Cu20

powder composition

W-P71 CU-P73

W-P72 Cu-P74

W-P71 Cu-P73

W-P71 CU-P74

W-P72 CU-P73

MO-P89-II Cu-P74

Mo-P89-ll Cu-P73

P90 attrited

compound powder

compound powder

The powders were mixed in a double sigma kneader with a polymer/wax
binder system resulting in a homogeneous feedstock. Due to the different
particle sizes and shapes it was necessary to vary the powder loading of the
feedstock between 50 vol.% and 63 vol.%. The injection moulding took place
either on a laboratory or on a Klockner-Ferromatik FM20/40 injection
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moulding machine and was followed by the solvent (hexane) and thermal
debindering steps. Processing was completed by liquid phase sintering.

3 Expected properties of the processed alloys

The important physical properties of molybdenum- and tungsten-copper
pseudoalloys are determined by the volume content of copper, eq. (1). A
quantitative prediction of the physical properties influenced by the copper
content is -in contrast to conventional alloys- possible by the use of relatively
simple mixing rules from the pure metals properties [9,10]. The comparison of
different mixing rules (linear, inverted, exponential) with experimental results
shows that the linear mixing rule gives the best results for a calculation of the
cte [11], see eq. (2) and table 4. The calculated cte-values are matched well
by the experimental data, the mismatch is mostly <10%.

vol%,=—^ 100% (1)

P^ A>

PM=^-P,+V2-P2 (2)

m-,, m2 = mass fraction of each component;
Pi, p2 = d e n s i t y o f e a c h c o m p o n e n t

PM = property of the mixture
P i . P2 = property each component
V-i, V2 = volume fraction of each component

The calculated values shown in table 4 are only valid for the ideal case of full
theoretical density and pure starting substances. However, in most real
samples residual porosity and added alloying elements are responsible for a
decreased property profile. Frequently Ni, Co or Fe are added as an effective
sinter-activator [12-14]. But especially the use of nickel decreases the thermal
and electrical conductivity of copper significantly. An addition of
2 w.% Ni to a W80Cu20-al loy corresponds to a Ni-concentration of 10 w.% in
the copper matrix and reduces their thermal conductivity f rom 400 W/m-K
down to 45 W/m-K [15]. The resulting thermal conductivity of the tungsten
copper alloy is therewith decreased to 130 W/m-K, compared with more than
200 W/m-K for the use of pure copper.
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Table 4: Thermal expansion coefficient of different W/MoCu-alloys, theoretical
values calculated with equation (2) compared with measured values

composition
(w.%)

W90Cu10

W80Cu20

W70Cu30

Mo68Cu32

Mo60Cu40

composition
(vol.%)

W81Cu19

W65Cu35

W52Cu48

Mo65Cu35

Mo57Cu43

a[10"6K-1]
(eq. 2)

6,88

8,88

10,50

9,27

10,22

(X[10-6K-1]
(meas.)

6,80 - 7,50

7,30 - 8,00

9,30-10,50

8,80- 9,70

9,50 - 9,74

4 Sintering and microstructure of molybdenum-copper alloys

The sintering behaviour of both molybdenum-copper and tungsten-copper
alloys were studied with a Bahr TMA 801 S thermomechanical analyser used
as a sinter dilatometer. The dilatometric plots of the MoCu alloys P84
(Mo40Cu60), P 90 (Mo60Cu40) and P90 attrited are shown in fig. 3. The
alloys were tested as feedstock samples, so for an exact interpretation of the
shrinkage the powder loading of the feedstock has to be taken in account,
see table 5. A high copper content guarantees obviously not a high
shrinkage. Independent from copper content and powder loading the max.
measured shrinkage amounts 86,4% to 90,6% of the max. theoretical
shrinkage. The measured density of the samples after sintering reaches more
than 95% of the theoretical density, depending on dwell-time and -
temperature (up to 1300°C).

Table 5: Powder loading and shrinkage of different MoCu-feedstocks

Powder

P84

P90

P 90 attrited

powder
loading

53 vol.%

50 vol.%

55 vol.%

theoretical
shrinkage

19,1 %

20,6 %

18,1 %

measured
shrinkage

16,5%

18,3 %

16,4%

percentage
of th. shrink.

86,4 %

88,8 %

90,6 %
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For a better comparison of the different powders the shrinkage plots are
normalised to the percentage of theoretical shrinkage. Sintering starts at a
temperature of about 700°C as solid state sintering. As expected, after
exceeding the melting point of copper a very fast shrinkage appears with a
clearly transition to a slower shrinkage after a few minutes. Dwell time at
sinter temperature of 1200°C was 1h. For a longer sinter time a further slight
shrinkage can be expected.
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Sinter dilatometric investigation of MoCu alloys

Comparing the mixed and attrited powders, it can be seen that the sinter
activity of the attrited P90 powder is significantly higher both in the solid state
and in the liquid phase and matches nearly the P84 powder with a much
higher copper content of 63 vol.%. Both powders achieve nearly 40% of
theoretical shrinkage before melting point of copper is reached. Only at the
last stage of sintering the attrited powder needs a bit more time to come to
the final density. The sinter rate of the mixed P90 powder is much slower, it
achieves only 25% shrinkage in the solid state. From this point of view the
attrited powder is the best choice. However, with a high sinter rate the danger
of distortion during sintering rises so that advantages and disadvantages of
the attrited powder have to be balanced carefully.
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One problem was the intensively agglomerated molybdenum powder.
Because of the low interaction of molybdenum with copper melt the
agglomerates were not cracked and infiltrated by the copper melt. The use of
highly agglomerated Mo powder resulted in a contiguous Mo phase in the
microstructure (fig. 4) and consequently in a low mechanical and physical
property profile. Mo agglomerates in the microstructure with a diameter of 30-
40 urn were found. Copper content and porosity differed between the centre
and the border of the sample. These problems could be solved mostly by
attritor milling of copper and molybdenum. Most Mo-agglomerates were
cracked and subsequent infiltrated by copper melt, so that the contiguity of
the Mo-phase was reduced significantly. With this material a tensile strength
of more than 480MPa and an elongation of max. 9,8% was reached. A
welcome side-effect of attritor-milling was the input of mechanical energy in
the alloy system aligned with a higher sinter activity as visible in the
dilatometric plots. However, the best progress in producing MoCu-alloy
powders was yield with the development of a so called compound powder.
The Mo-particle size was reduced down to 2-4um with an absolute
homogeneous distribution in the copper matrix. The influence of the powder
processing on the microstructure of sintered parts is shown in the following
micrographs, fig. 4-6.

ffj

V 4 'I I

:*.#: • • • •

40 iJm

Fig. 4: Microstructure of sintered part, powder P90 mixed. Visible is the
relatively inhomogeneous microstructure with Mo-agglomerates up to a
particle size of 40um and some pores. For the designated application as
microelectronic housing this material seems not to be satisfactory.
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Fig. 5: Microstructure of sintered part, powder P90 attrited. The homogeneity
of the microstructure is, compared to the mixed powder, significantly higher.
Mo-agglomerates are mostly cracked. This powder is suitable but not yet
ideal for microelectronic housing production.

Fig. 6: Microstructure of sintered part, powder P116 compound. Visible is the
outstanding homogeneous microstructure with an extremely low molybdenum
particle size. This powder is the best choice for the use in microelectronic
housing production.
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5 Sintering and microstructure of tungsten-copper alloys

Sintering behaviour of the WCu alloys was investigated in the same way as
for the MoCu alloys. Because of the lower agglomeration tendency of the
tungsten powders an attritor-milling was not applied. The values for powder
loading, theoretical and measured shrinkage are summarised in table 6, the
sinter-dilatometric plots are shown in fig. 7.

Table 6: Powder loading and shrinkage of different WCu-feedstocks

Powder

P75

P76

P77

P78

P125

powder
loading

53 vol.%

62 vol.%

55 vol.%

53 vol.%

55 vol.%

theoretical
shrinkage

19,1 %

14,7%

18,1 %

19,1 %
A Q A 0 /

I o, I /o

measured
shrinkage

16,9%

6,0 %

21,2%

20,4 %

20,3 %

percentage
of th. shrink.

86,4 %

40,8 %

117,1 %

106,8%

112,2%

end temperature (1350°C)

W90Cu10F76

W80Cu20 PI 25

W70Cu30 F77

300 700400 500 600

process time [min]

Fig. 7: Sinter dilatometric investigation of WCu alloys
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Compared to molybdenum copper alloys the sinter activity of tungsten copper
alloys is once more reduced, caused by a smaller interactivity of tungsten and
copper. So for a proper densification a significantly higher temperature
(1350°C) has to be applied. Generally, sintering behaviour is comparable to
the MoCu alloys. Concerning the different particle sizes and copper contents
it is obvious that the sinter rate and final density are influenced both by the
tungsten particle size and the copper content. At a low copper content of 10
mass% (19 vol.%) the use of a coarser tungsten powder results in a very low
shrinkage. At a higher copper content of 30 w.% (48 vol.%) this effect
disappears. All alloys with a copper content of 20 w.% (35 vol.%) and more
show nearly the same high sinter rate. This corresponds to the results of
Kingery [8]. He found out that above 35 vol.% liquid phase densification is
mainly determined by particle rearrangement. Furthermore these alloys show
a higher shrinkage than calculated from powder loading although a residual
porosity was visible. Reason for the sample deformation is probably the low
force caused by the sensing device combined with the reduced viscosity of
the melted copper at higher temperatures. This is a hint for a low stability of
these materials and an increased risk of warping during the sinter process.
The microstructures of the investigated samples are shown in fig. 8-10.

Fig. 8: Microstructure of W90Cu10 P76. The copper content is obviously too
low for a sufficient tungsten particle rearrangement. A rigid tungsten skeleton
has been built and is only partially infiltrated by copper melt. The sample
shows a linear shrinkage of only 6 %.
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Fig. 9: Microstructure of W70Cu30 P77. The higher copper content prevents
the formation of a rigid tungsten skeleton and separates the particles from
each other. At higher sinter temperatures leads this microstructure to a
mechanical unstable sample and an increasing risk of warping.

* . •

20 yum

Fig. 10: Microstructure of W80Cu20 P137 compound powder. Visible
formation of a tungsten skeleton, but mostly infiltrated by copper melt. A good
compromise between porosity and instability with a homogeneous
microstructure.
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6 Conclusion

Processing MoCu and WCu-alloys via Metal Injection Moulding is a promising
and economic way to produce high numbers of accurate shaped
microelectronic components. The obtained mechanical and physical
properties were satisfying. The properties can be adjusted and the accuracy
can be optimised with a variation of the copper content. At higher copper
contents (>35 vol.%) and process temperatures (1350°C) a better
densification could be reached but at the same time the risk of v/arping
increases. With a new for patent applied powder production route, leading to
microhomogeneous MoCu- and WCu-compound powders, a further
successful step in optimisation of MoCu and WCu pseudoalloys was made.
Additional alloying elements were not necessary to achieve nearly full
density.
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Fabrication of W-Cu Nanocomposite by Reduction of WO3-CuO
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Summary:

W-Cu composites are promising materials for the heat-sink application used
in microelectronic devices due to the characteristics of low thermal expansion
coefficient of W and high thermal conductivity of Cu. The content of Cu
should be less than 20wt% to sustain the thermal expansion coefficient
similar to that of semiconductor. For the heat-sink applications, the fabrication
process of W-15wt%Cu composite was investigated. The fine and
homogeneous oxide composite powders were fabricated by high-energy ball
milling method and nano-sized W-Cu composite powders were produced with
reduction process at various temperatures. The reduction characteristics and
microstructure were analysed through XRD, SEM, EDS and TEM. The W-Cu
nanocomposite powders fabricated by reduction process exhibited high
sinterability resulted from the refinement of W grain size, homogenization and
full densification of W-Cu composite.

Keywords:
W-Cu composite, nanocomposite, reduction, sinterability, heat-sink materials,
thermal expansion coefficient

1. Introduction:

W-Cu composites can be used for electrical contact materials, shape charged
liner and heat-sink materials because of high arc resistance, specific gravity
and low thermal expansion coefficient of W and high thermal, electrical
conductivity and ductility of Cu (1-4). However, the W-Cu composites are
difficult to fabricate homogeneously and densely because they have no
mutual solubility and their contact angle is very large (5-6). To fabricate fully
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dense W-Cu composites, many researches have been advanced in two
directions. One is so-called activated sintering process (7). Activators
promote solution-reprecipitation of W (8), lead formation of intermetallic
compounds with W (9), and diminish contact angle of Cu on W (10). The
other is mechanical alloying (11) or high-energy ball milling (12). All of them
improve sinterability of W-Cu with enhanced rearrangement of W was finer
and more homogeneous after milling.
Recently, reduction method of ball-milled W and Cu oxide powders has been
investigated (6, 13). WO3 and CuO powders are easy to mix and crush
because of the same specific gravity (WO3: 7.2 and CuO: 6.3g/cm3). The ball-
milled W03-Cu0 powders are entirely reduced over 700°C and the
characteristics of reduced W-Cu powders change with reducing conditions.
The reduced W-Cu powders have a cored structure, which is the middle of Cu
enclosed by fine W particles. This cored structure form because W oxides are
reduced step by step like the following on the surface of metal Cu reduced
under 300°C as nuclei. Using the reduced W-Cu powders, fully dense
sintered parts and more homogeneous sintered microstructures are
developed (13).

WO3+CuO -»WOs+Cu (300°C)
WO3+Cu -> WO29+Cu (380°C)
WO2.9+Cu -> WO2.9+ WO2.72+CU (500°C)
WO2.9+ WO2.72+Cu -> WO2+Cu (600°C)
WO2+Cu -> WO2+ W+Cu (650°C)
WO2+ W+Cu -> W+Cu (over 700°C)

In Lee's result (13), however, the reduced W-Cu powder at 980°C was high
reduction temperature was finest and the rearrangement of that powder was
finished at the lowest temperature, 1200°C, in liquid phase sintering. But the
optimum reduction temperature would be changed by reduction conditions,
such as dew point and flow rate of H2 gas, bed height, grain and
agglomerated particle size of ball-milled powder and so on.
In our experiment, aspects of ball-milled and reduced powders were observed
after high-energy ball milling and the sinterabilities of these powders were
evaluated with the grain size of reduced powders in low Cu composition,
15wt%Cu. Also, the reduction process was estimated through evaluation of
sintered microstructures and densities.
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2. Experimental procedure:

WO3 and CuO powders were ball-milled in 400rpm for 1h by Simoloyer (Zoz
GmbH, CM01), which is a horizontal typed mill. The ball was made of
stainless steel and the size of that was 5mm. Ball to powder ratio was 16:1.
The characteristics of raw powders were indicated in Table 1 and the
morphologies of them were shown in Fig. 1. Milling atmosphere was argon
and milling chamber size was 21.

Table 1. Characteristics of raw powders.

Mean particle size
gram size

Purity
Vendor

WO3

21jim

<100p.m
99.94%

Korea Tungsten
TaeguTec Ltd.

CuO
10um
1~2!im
99.9%

Japan High Purity
Chemicals

remarks
by vendor

Fig. 1. SEM morphologies of (a) WO3 and (b) CuO.

The ball-milled W03-Cu0 powder was sieved with 325 meshes grid. The
sieved WO3-CuO powder was reduced at 780 and 820°C for 30min in dry
hydrogen with the steps of 250 and 650°C for 30min respectively.
The reduced powders were compacted under 20MPa in cylindrically shaped
die. The compacted parts were liquid-phase-sintered at 1150 and 1250°C for
1 h in wet hydrogen. The heating and cooling rate below 1000°C were
10°C/min and those were 5°C/min above 1000°C.
The ball-milled and reduced powders were analyzed through XRD, SEM and
TEM and the sintered density was measured through Archimedes' principle.
The sintered microstructures were observed through SEM.
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3. Results and discussion:

The WO3 powder was not agglomerated and the grain size distribution was
broad comparatively. But the CuO powder was very hard agglomerated and
the grain size distribution was narrow. In fig. 1, the shape of WO3 powder is
faceted polygon and that of CuO powder is irregular form.

Fig. 2. TEM morphologies of ball-milled powder.

The mean grain size of ball-milled WO3-CuO powder was around 60nm
calculated through Hall-Williamson equation with full width at half maximum of
XRD peaks. However, that of ball-milled WO3-CuO powder was below 100nm
and the grains below 10nm were distributed and agglomerated as the result
by TEM. Fig. 2 is shown the grain size and agglomeration of ball-milled WO3-
CuO powder. In our pre-experiment, increasing the ball-milling time, the grain
size of ball-milled W03-Cu0 powder decreased to 13nm after 30h in WO3-
CuO system (W-25wt%Cu).
Fig. 3 is the XRD pattern of ball-milled W03-Cu0 powder and reduced W-Cu
powder at 780°C. The oxides peak was smoothed after ball-mill due to the
grain size refinement. After reduction, the XRD peaks of only W and Cu
appeared.
The ball-milled WO3-CuO powder was reduced on three steps with 10°C/min
of heating rate in dry hydrogen. The first and second step temperature was
250 and 650°C respectively and the final step temperature was 780 or 820°C.
Each temperature was maintained for 30min respectively. Fig. 4 is shown the
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cross-sectioned morphologies of the reduced powders. The reduced powder
at 820°C was finer than that at 780°C. The sizes of reduced powders at 780
and 820°C were about 2 and IJJJTI respectively.
If the reduction temperature was lower, the reduced powder should be finer.
In Lee's work, however, the reduced powder was finest at 980°C between 780
and 1060°C due to variation of H2/H2O partial pressure, which affects the
chemical vapor transport and diffusion controlled mechanism (12).
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Fig. 3. XRD patterns of ball-milled and reduced powders

The first step of the reduction of W03-Cu0 powder was CuO^Cu+O under
300°C and WO3 was reduced around metal Cu like a core in the following
step between 300 and 700°C. Fig. 4 is shown the cored structure of the
reduced powder. Fig. 5 is shown the distribution of W and Cu with EDS
mapping. The center is Cu and the surroundings is W of nanoparticles.

Fig. 4. SEM morphologies of cross-sectioned powder reduced at
at (a) 780 and (b) 820°C
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Fig. 5. EDS mapping of cross-sectioned powder reduced
at (a) 780 and (b) 820°C

Fig. 6 is shown the sintered relative density with the reduction and the
sintering temperature. The relative density was increased with the sintering
temperature and the rearrangement of W is considered to be insufficient for
full densification on 1150°C. In the higher temperature, 1250°C, the reduced
powder at 820°C was fully densified because the size of reduced powder and
the W grain at 820°C was smaller than those at 780°C in the densification. It
is considered that the rearrangement of W particles was more active due to
finer particle size of W particle. The sintered density of reduced powder at
820°C was over 99%.

, ,

ity

VI
C
<1>
Q
0)

*£

a;

100-

99-

98-

97-

96-

95-

94-

93-

92

91-

90

- reduced at 780 C

- reduced at 820°C

1100 1150 1200 1250 1300

Sintering Temperature ( C)

Fig. 6. Relative Density with reduction and sintering temperature.
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The fine pore could be able to observe in the sintered microstructure. Fig. 7 is
shown the back scatted electron image of the sintered part. In Fig. 7 (a), (b)
and (c), micro-pore was observed. However, in Fig. 7 (d), the pore could not
be able to observe. The W grains of sintered part after reduction at 820°C
were larger than that at 780°C and the size of W grains were increased with
increment of sintering temperature.
The fine reduced W and composite particle were good to density during the
rearrangement. It is considered that the end temperature of rearrangement
was over 1150°C as shown in Fig. 7 (a) and (b).

Fig. 7. Back scattered electron images of sintered microstructure
at (a) and (b) 1150°C after reduction at 780 and 820°C, (c) and (d) 1250°C

after reduction at 780 and 820°C respectively.
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4. Conclusions:

The grain size of ball-milled oxide powder mixed homogeneously was about
60nm and the reduced powder size was 1~2|j,m. The W particle size of the
reduced powder was very fine with nano size. The reduced powder was
spherical and the middle was Cu and the surroundings was W. The reduced
powder at 820°C was finer than that at 780°C and the sintered density of
reduced powder at 820°C was higher than that at 780°C. The reduction
temperature affected the sintered density and microstructure because the
size of reduced powder was varied with the reduction temperature.
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FROM AQUEOUS METAL-SOLUTIONS TO SUB-MICRON POWDERS BY

A CHEMICAL REDUCTION PROCESS AND ODS-PRODUCTS BY CO-

PRECIPITATION

C. Edtmaier1, C. Eglsaer

Vienna University of Technology, Institute for Chemical Technology of

Inorganic Materials, Vienna, AUSTRIA

Summary:

Different metal-powders like Cu, Ni and precious metals like Ag, Au, Pt or Pd
can be produced by adding a suitable reducing agent to an aqueous metal
solution. In some cases it is also possible to produce homogeneous solid
solution powders. The particle-sizes can be varied in dependence of the
reducing parameters like dilution of the solutions and temperature. Sub-
micron powders far below 1 um as well as particle-sizes up to 5 um can be
produced. A simultaneous co-precipitation of solutions containing the
dissolved metal as well as Zr-, or Y-compounds is possible to obtain ODS-
materials thereof. Subsequent conventional PM-processing like sintering with
simultaneous transformation into oxides and subsequent deformation
produces e.g. Zr-, or Y-oxide stabilized materials with suitable mechanical
properties.

Keywords:

aqueous solution, sub-micron powders, chemical reduction, chemical
alloying, co-precipitation, ODS-materials

1. Introduction:

The production of fine powders of controlled morphology and size is the
challenge for powder-metallurgists today. There have been numerous
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E-mail: cedtmaie@mail.zserv.tuwien.ac.at
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attempts in the last decade to produce sub-micron resp. nano-scale
crystallites of various metal- and non-metal-powders. The use of such
powders in the material-technology covers applications where the heat-
treatment and sinter-temperature has to be decreased and lower porosity and
smallest grain-sizes are desired to realize specific convenient mechanical
properties (1), (2).
Two methods are applied in principle in the production of powders in the
nano-, and meso-range (3). So-called "top-down" methods comminute
macroscopic particles by physical methods like mechanical grinding, high-
energy ball-milling etc. (4), (5). A smallest particle-size of about 500 nm
cannot be remain under by limiting factors and commonly result in an
undesired pollution with abrasion-products from the balls and vessel. Melt-
atomization is also a common method, but gives products in the range of >
10um, sometimes 5um are possible, but not below. Pollution with abrasion-
and reaction-products from the crucible are common.
So-called "bottom-up" methods produce materials or phases by physical or
chemical methods from precursor-components. An increase in the use of
chemical principles for the development of nano-structured materials can be
found in almost all industry-nations. The precipitation has been accepted as
most popular process (6). Other current processes for the production of
ultrafine powders are evaporation and condensation of metals, gas-phases-
reactions and sol-gel-methods (3).
Beside the production of elemental powders also alloy-powders in the sub-urn
range have an increasing demand and market in the PM-industry. The most
common processes use elemental powders, which are mixed and heat-
treated to gain alloy-powders. This homogenization is very time-consuming,
as the diffusion-paths are longer for coarser particles. Using finer particles,
the times or temperatures could be decreased. Applying chemical methods
for the powder-production, chemical alloyed powders could be produced, so
that mixing or atomization of alloy-melts could be replaced completely. By the
way ODS-materials could be produced by a co-precipitation reaction. This
replaces the mixing operation completely, as the dispersoids are already well
distributed during the precipitation-reaction.
From the above outlined can be concluded, that bottom-down processes
cannot be successful for the production of sub-micron-powders with the
demand for highest purity, only bottom-up processes are suitable. The most
promising bottom-up processes are clearly chemical processes, like chemical
reduction with inorganic or organic reducing agents, gases, cementation-
reactions with base metals or electrochemical processes.
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In this article, a simple chemical reductive process using aqueous metallic
solutions is presented, where a suitable reducing/precipitation agents is
added. The solutions are commonly cheap and available in highest purity, the
necessary equipment for the process is also very simple. Due to the (co-)
precipitation-reaction followed by the addition of the reducing agent, the pure
metals, their hydroxides, oxides or other metal-compounds are precipitated. A
heat-treatment under H2 will give metal-powders of controlled morphology
and particle-size. Furthermore chemical methods offer the possibility of
producing extremely homogeneous (precursor-)mixtures or even solid-
solutions, so that heat-treatments for the homogenization of mixtures for the
production of alloy-powders can be done at lower temperatures or is
unnecessary.

chemical direct-reduction: corresponding to their position in the
electromotive series, metals can be reduced directly from their solution by
adding a reducing agent (7), (8). The necessary electrons for this are the
result of the oxidation of the reducing agent. Prerequisite for the discharge of
the reduction is a significant negative potential of the reducing agent
compared to the deposited metal.
Due to their positive potential, the precious metals like Au, Ag, Pt, Pd, Rh and
Ir are especially predestined for a chemical reduction from their aqueous
solution. Additions of a reducing agent at a well defined concentration and
temperature directly gives metal particles (9)-(12). Reducing agents can be
either inorganic or organic. Inorganic compounds have the disadvantage of
polluting the products, organic reducing agents offer the advantage of giving
mostly no disturbing residues, provided that they have a distinct negative
potential compared to the precipitated metal. Therefore compounds like
hydrazine-hydrate, formic acid, ascorbic-acid or gases are often used.
Hydrazine-hydrate has the advantage, that it has an extremely negative
potential and - depending on pH and kind of matrix-compound - just gaseous
reaction-products are evolved. Beside the precious metals, this method is
also interesting for metals like Cu, Co or Ni.

"chemical alloying and chemical mixing": beside the precipitation of pure
metals the preparation of compound-mixtures appears to be interesting. In
this case, the starting-solution contains a mixture of the individual metals and
are precipitated simultaneously ("co-precipitation"). Homogeneous powder-
mixtures can be the result, without any long lasting and intensive mixing
operations. In some cases also solid-solutions are possible. Mixed
compounds are possible in the case of isomorphic crystallizing salts.
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bulk materials: to produce bulk nano-crystalline materials, deformation
processes like Severe Plastic Deformation (SPD) or Equal Channel Angular
Pressing (ECAP) can be applied, where a nano-structure is formed by
intensive plastic stress (shearing). But these techniques are still carried out
on a laboratory scale. Another method to produce sub-micron-structured bulk
materials is via a powder-metallurgy processing, where sub-micron-powders
are consolidated at a temperature which do not result in a coarsening of the
structure. To stabilize additionally the structure at higher temperatures, fine
oxides can be introduced, which impede the grain-boundary migration (ODS-
materials). Such dispersoids can be added to the aqueous-solution as
dispersoid-compounds. This is already known for producing so-called TD-
nickel (Thoria Dispersed nickel). For the production of nano-, and meso-
structured powders by chemical reduction from aqueous solutions such
dispersoid-compounds could for example be Y-, or Zr-compounds, which are
transformed by a subsequent heat-treatment under oxidizing conditions into
their oxides Y2O3 resp. ZrO2.

2. Experimental Procedure:

The aqueous metal-solutions of Pt, Au, Ag, Pd and some common alloys of
precious metals, Cu and Ni were used as starting solutions. As the chlorides
and chloro-complexes of the precious metals are the easiest available, they
were used for the following experiments. But investigations were also made
with nitrate- or sulfate-compounds for the other metals (e.g. H2PtCI6, HAuCI4,
H2PdCI4, AgNO3, AgCI, Cu(NO3)2, Cu(SO4), [NH4]2Mo2O7, NiCI2 or Ni(NO3)2

etc.) and mixtures between the different solutions.
In the case of precious metals, the solutions were prepared by dissolving the
bulk metals in hot acids (13), (14), commercially available solutions and
compounds were used for the other metals. All solutions were prepared by
diluting with distilled water to the desired concentration. The pH was adjusted
with NaOH, if necessary. Due to its highly negative potential hydrazine-hydrate
is especially suitable as reducing agent and was used in most cases.
Alternative media like ascorbic acid, formic acid or oxalic acid can result in a
undesired pollution of the powders with residue-substances of the reducing
media like carbon or a non-complete reaction.
The metal-solution, as well as the reducing agent are preheated before mixing
both. The experiments were carried out at mixing-temperatures from room-
temperature to 90°C. After the unification, the solutions are then heated up to a
final temperature of > 90°C under vigorous stirring (figure 1). After the reaction
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has completed, the powders are filtered off the mother liquor, washed with
distilled water and dried at 105°C. For all experiments an 50% excess of the
reducing agent was used.

H2PtCI6, H3RhCI6, HAuCU,
H C H 0 H C O O H ,

Cu(NO3)2, Cu(SO4),
[NH4]2Mo2O7, NiCI2, Ni(NO3)2

H2O, NaOH

Pt, Au, Pd, I
Rh, Ag V

figure 1 : schematic procedure for the precipitation of metal-powders from
aqueous solutions

3. Results and discussion:

The technological challenge is to produce powders with a specific particle
size, narrow size distribution and shape. The experiments showed, that the
control over the particle-sizes and the morphology is influenced by a couple
of parameters. Typical process-parameters are e.g.:
- kind of metal-compound (chlorides, nitrides,...)
- single-salts, complex-compounds, insoluble intermediate-products (e.g.

Ag2O, AgCI, Ag2CO3, Au(OH)3)
- concentration of the solutions and of the reducing agents
- kind of reducing agent
- velocity of the dosage of the reducing agent, stirring velocity
- pH-value
- temperature
- use of protective-flocculants
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In the following sections, examples of some synthesized metal-powders and
metal-powder alloys, as well as ODS-materials are presented.

3.1 single metal powders:

example: Ag, Pt, Au

The following figures 1-6 show, that it is possible to vary the particle-sizes in
big ranges. Powders far below 1 |jm, around 1 urn and up to a few urn can be
easily processed, depending on the variation and control of the above stated
parameters.

figure 1: fine Ag-powder, x8000 figure 2:middle-range Ag-powder,
x5000

• • * • •

figure 3: coarse Ag-powder, x1500 figure 4: Pt-powder, x1000
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figure 5: fine Au-powder, x3000 figure 6: coarse Au-powder, x3000

example: Cu, Ni, Mo

The synthesis of Cu-powders also show impressive the possibilities for the
variation in morphology and size. Spherical particles in the range of 1-2um
and down to 0,5 um as well as needle-shaped ones were produced (Figure 7-
9). If the last ones are sintered at 900°C for one hour under H2, a density of
30% was measured. Also Ni-powders in the range of about 0,25-0,5 um were
synthesized (figure 11). Figure 12 shows a MoO2-powder with =1um.
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figure 7: coarse Cu-powder,
spherical, x 3000

figure 8: fine

* 1 ?L«
- • 1 |jm

Cu-powder, spherical,
x6000
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figure 9: needle-shaped Cu-powder, figure 10: needle-shaped Cu-powder,
x600 sintered at 900°C/H2/1h, x100

figure 11: Ni-powder, x10000 figure 12: MoO2-powder, x5000

3.2 "chemical alloyed" powders:

In this section exemplary experiments for the system PtRh are presented.
PtRh acts as an representative example for the production of alloy-powders
by chemical reduction direct from aqueous solutions. Generally PtRh-alloy-
powders are difficult to produce by precipitation reactions, because of the
different solubilities of the chloro-complexes of Pt and Rh in
ammoniumchloride. This is on the other hand an effect which is used for the
refining and separation of Platinum Group Metals (PGM's). But by adding a
reducing-agent like hydrazine-hydrate to the metal-solution gives a solid-
solution powder.
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Depending on the pH-value, either coarse or very fine particles can be
obtained. E.g. at pH > 7, the resulting particles are extremely fine and far
below 1 urn (figure 13). By keeping the pH-value during the entire reaction
constantly below 7, it is not necessary to start the reaction by adding a base,
and commonly coarser particles can be synthesized (figure 14).

figure 13: PtRhiO-powders, pH>7, figure 14: PtRMO-powders, c = 15g/l,
x3000 temp. = 70°C, pH <7, x3000

Generally the particle-size can be influenced by the concentration of the
solution. The more it is diluted, the coarser the particles should be, undiluted
solutions should give finer powders. This can be explained by the decreasing
supersaturation of the solution with increasing dilution with water. Principally
the particle-size is mainly controlled by this supersaturation, as the nucleation
and crystal growth are a function of it. If a higher supersaturation is required
for an adequate crystal growth at low growth-rates, high nucleation rates and
hence small crystals will result. The nucleation rate is so small at a low
supersaturation, that in a given period only few nuclei are developed.
Although existing crystals are growing, no new nuclei are formed. With
increasing supersaturation the nucleation rate rises steeply and gives a
product of small crystals. With decreasing supersaturation the growth tends to
zero, the necessary time to infinite.
The experiments for PtRhiO shown in figure 15 confirm the theoretical
behavior partially. It can be seen, that it is additionally superposed by the
process-temperature. At a temperature of 50°C particle-sizes are
tendentiously increase, if the concentration of the solution is below 20-25 g/l.
At 70°C respectively 90°C the reverse effect can be seen. Increasing
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concentration results in an increase of particle-size. Especially for 90°C the
particle-sizes increase rapidly in the marked concentration-range.
Further investigations concerned the influence of the nominal composition of
the solutions on the resulting particle-sizes. Hydrazine-hydrate was used as
reducing agent, the pH was kept below 7. All conditions were kept constant
for all experiments, the concentration of the metal-solution was 75 g/l. The
lines in figure 16 show smaller particles with increasing Rh-content. A marked
influence on the resulting particle-size can be observed for the presence of
Pd, Au and Ir. Already relatively small amounts of these alloy-components
reduce the sizes of the particles drastically.

0 10 20 30 40 50 60 70 80 90

metal-concentrallon |g PtRhiOfl]

figure 15: mean particle-sizes of
powders from a PtRhiO-solution in
dependance of concentration and

temperature, pH<7

5 10 15

alloy-composition [w1%]

figure 16: influence of nominal alloy-
composition on mean particle size,

pH<7

Figure 17 shows characteristic XRD-pattern of Pt, Rh and Pd-powders, as
well as those of some alloy powders produced by the chemical direct-
reduction method. The alloy-powders show the characteristic peak-
broadening and shift by the alloying. Principally alloys like PtPd5, PtRh5Pd5,
PtAu5, Ptlrt, PtRh5,10,13,20, PtRh13Pd5 and Pd60Pt35Rh5 have been
successfully produced by this method.
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figure 17: XRD-pattern of elemental powders and some synthesized alloy-
powders by chemical reduction

3.3 ODS-materials:

The common and commercial applied processes for the production of ODS-
materials are powder-mixing or mechanical alloying with commercial available
dispersoids (e.g. Y2O3, ZrO2), reactive milling (e.g. AI-AI4C3, Ag-AgSnO2),
internal oxidation of alloys or atomization of melts followed by a precipitation
of the dispersoids.
An alternative concept for the ODS-production is the chemical precipitation
combined with a selective reduction. This can be an inexpensive alternative
for refining and recycling processes of metallic valuable materials, where the
product is a purified metal-solution. In this case, a wet chemical manufacture
of ODS-materials resp. starting-materials like powders can be a cost-benefit,
as the amount of process-steps can be reduced (15). Moreover, the pollution
of the products can be prevented effectively, as no abrasion from balls and
vessels, like in the case of milling, can occur.
Due to the simultaneous co-precipitation of the disperse phase and the
matrix, a homogeneous compound is formed with a homogeneous distribution
between each other. Here, the reducing agent like hydrazine-hydrate is
added to the aqueous metal-salt-solution containing the matrix element and
the disperse phase simultaneously. Depending on electrochemical potential,
the matrix metal component(s) precipitate either in their metallic form, or
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together with the disperse phases as hydroxides. By a heat-treatment under
oxidizing conditions, the disperse phase is converted into oxides and forms
the homogeneous distributed dispersoids (figure 18). A following heat-
treatment under reducing conditions will ensure the matrix being in its metallic
state. Applying an optimal temperature and time, the size of the dispersoids
can be controlled. It is also possible to maintain alloy-matrices like PtRhiO or
PtAu5, as a solid solution is formed simultaneously. In all cases, the resulting
powders can be subsequently treated by conventional powder-metallurgical
techniques like degassing, cold/hot isostatic pressing or extrusion and rolling
to sheets (16).

figure 18: heat-treated PtRhiO-powder with ZrO2-precipitates from a co-
precipitated PGM-solution, x3000 (16)

4. Conclusion:

With the described process, suitable metal-powders can be produced directly
from aqueous metal-solutions by adding suitable reducing-agents.
Investigations were made with the precious metals Ag, Au, Pt, with the base
metals Cu, Ni, Mo as well as with some alloy-system like PtRh, PtAu, Ptlr and
PtPd. Also complex alloys of PtRhPd with varying composition were
investigated.
The advantage of the described chemical reduction process is the possibility of
varying the size and morphology of the resulting powders in big dimensions.
Depending on the chosen parameters - mainly temperatures, concentration
and pH - the resulting sizes of the powders can be in the range of far below 1
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urn up to a few |jm. Depending on the used reducing agent, pH and used
compound, the powders are unpolluted. Their purity depends only on the purity
of the used starting metal-salt solution. It was shown, that it not only possible to
produce single metal powders, but also solid-solution powders. Dispersion-
reinforced materials are an additional possibility within this process. Here, the
dispersoid-compounds are added to the starting solutions and are
simultaneously co-precipitated. Subsequent heat-treatment under oxidizing
conditions gives homogeneous distributed and fine oxides. The product can
furthermore treated by conventional PM-techniques.
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Summary:

The effects of the phase size and of small Fe amounts in composite powders
tungsten-20%copper (W-20wt%Cu) on the sintering behaviour are studied.
Two types of mixed powders are synthesised by hydrometallurgy (H) or by
mechanical alloying (M). The powder M consists of nanosized W-Cu mixtures
and micron size W and Cu grains. Hydrometallurgical powders, without Fe
and doped with 0.2wt% Fe, have phase sizes from 150 to 450nm. Sintering is
studied from the relative density after heating and treatments at 1090 -
1250°C (3 - 80min). The lowest density - 88% - is obtained with the pure
powder H with the coarser size. A smaller phase size or the Fe addition
increases the sintered density. The pure fine and the doped coarse
hydrometallurgical powders reach the highest density (96-98%). Fe additions
significantly decrease electrical conductivity.

Keywords:

W-Cu (20wt%), composite powders, phase size, Fe doping, densification,
electrical conductivity.

1. Introduction:

Due to their high thermal conductivity and satisfactory weldability, W-Cu
alloys with W contents 80-90wt% have possible applications in heat-
management. The mutual solubility of W and Cu is extremely small (1) and
powder metallurgy processes, the more often Liquid Phase Sintering (LPS),
are required to get the homogeneous distribution of the two components in
the materials. In most cases, LPS densification results of rearrangement and
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of grain shape accommodation. For W-Cu, the rearrangement efficiency is
limited as liquid Cu easily spreads on the W particles but does not penetrate
in the W-W grain boundaries (2). The contribution of the W grain shape
accommodation by dissolution-precipitation is poor due to the vanishing W
solubility in liquid Cu. Theoretical approaches conclude that shrinkage
proceeds mainly by rearrangement then solid state sintering of the W grain
skeleton (3,4). The achievement of high density is difficult for micron size
powders but is possible with W-Cu submicronic mixed powders: the
homogeneous distribution and fine size of Cu in the W network improves
rearrangement and a very small W particle size enhances solid state
densification. Effectively, very fine homogeneous mixtures, produced by co-
milling of W and Cu (5,6), co-reduction of oxide mixtures (3,7) or co-reduction
of co-milled oxides (8,9) lead to high density materials. As additions of
elements as Ni, Fe or Co were shown to activate the solid state sintering of
the W skeleton (10,11), the small amount of Fe impurity usually introduced by
milling in the co-milled powders could also help densification. However, from
the published results it is difficult to evaluate the contribution of the phase
size and of the doping impurity to the shrinkage.

The purpose of the present work was to examine the effects of the phase size
and of small Fe additions on the sintering behaviour and on the electrical
conductivity of alloys W-Cu (20wt%). The evolutions of the sintered density
and of the microstructure along heating and at 1200°C were compared for
two types of composite powders - prepared by hydrometallurgy (H) and by
mechanical alloying (M) - with different microstructures. The doping effect
was observed from two series of hydrometallurgical powders with similar
microstructure but without doping element (H) or with a small Fe amount
(Hd).

2. Powders:

2.1 Synthesis processes.

Two types of powders are synthesised by mechanical alloying (M) or by hydro
-metallurgical process (H).

Powders M were produced by co-milling of electrolytic Cu powder (6um) and
W powder (3um) in argon atmosphere. A ball-mill with a stainless steel
container and steel balls was used. The rotation speed, the weight ratio (ball /
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powder) and the milling time were 58 rpm, 20 and 40h respectively. A small
Fe amount was introduced by the milling balls but this pollution was limited by
a previous step of pure W milling.
Powders H were processed by precipitation of a mixture of Cu and W oxides
in an aqueous solution. After drying, the oxide mixture was reduced in
hydrogen flow at 750 - 800°C. Two series of these powders (H, H*) were
obtained with different reduction conditions. For each series, two grades were
prepared with Fe addition as doping element (Hd, Hd*). A controlled content
of Fe was added in the master solution to prepare the doped powders Hd.

2.2 Powder characteristics.

The Cu content and the impurity level were determined by chemical analysis.
The composite powders were characterised by Scanning Electron Microscopy
(SEM), by SBET, Fisher size and some laser granulometry measurements for
the particle size. The mixed phases in the particles were studied by X-Ray
diffraction: the size and strain rate of the W phase were evaluated by the
method of Williamson and Hall from the shape and the width of the X-Ray
peaks. The peak broadening is produced by the small grains and this
technique accounts for the fraction of smaller size grains. The intensity of the
Cu phase peaks was too weak for an accurate analysis but their significant
broadening evidence the submicronic Cu phase size. The main results are
grouped in Table 1.

Table 1: Characteristics of the studied powders.

Powder type

Microstructure

Composition
(wt%)

FSSS (Mm)
SBET (m2/g)
W size (nm)
Strain rate (%)
Cu
Fe
0

H
1.45
0.47
250
0.12
20.0
0.01
0.091

Hd
1.65
0.41
450
0.16
20.0
0.23
0.027

H*
0.95
0.82
200
0.09
20.2
0.02
0.2

Hd*
0.80
1.36
140
0.1
20.2
0.23
0.22

M

0.27
30
0.22
20.2
0.08
0.51

As shown by the initial oxygen (O) content (Table 1), the oxide reduction
might be very slightly less complete in the powder H* than H. Despite the
argon atmosphere used for milling, the O level is much higher in M. The total
content of the other impurities (Ni, C, Na ) is about 0.2wt% in all the powders.
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Powder M consists of a major fraction of irregular particles with size about 30-
50um and a minor fraction of smaller particles (<10um). The four series of
powder H contain spheroidal particles. The SEM observations and the laser
granulometry size, about 10-20um, much larger than the magnitude range
deduced from the SBET and FSSS values, indicates a coral-like structure of
the particles. This coral-like structure is finer in the series H* than in H.

In the M particles, the W phase is found mainly with a very fine size, 10-30nm
but a fraction of micron size grains is still present. The W phase is not evenly
distributed in Cu: some elongated W free Cu zones (5-1 Oum) are observed in
the nanophased mixture where W and Cu cannot be differentiated by SEM.
In the H particles, the W phase forms fine and regular grains, no W free Cu
zones are detected. The W phase mean size is larger in H than in H*. As
expected, the chemical synthesis does not induce stress and the strain rate is
lower in H than in M.

3. Compaction Behaviour:

The behaviour was studied by measurement of the density do of cylinders
(16mm diameter, 2-3mm height) compacted in an uniaxial press with different
loads (200-800MPa). No organic binder or lubricant was introduced in the
powder or on the mould walls.
The increase of the green density do versus the applied pressure P is plotted
in Fig. 1 for the powders H and M. Sound compacted parts are easily
obtained with the two powder types but do is higher for M than for H for a
given P value. The do evolution with P is correctly fitted by the Heckel law
(12) in which do is expressed as %dth:

ln(100/(100-do)) = KP + A.

Table 2: constant values deduced from the Heckel fit of do versus P.

Powder K (MPa'1) A ge(MPa)
M 6.8*10"4 0.79 490
H 6.5*10'4 0.45 510

In the model, the constant K is related to the elastic limit of the material
(K=1/3ae) and the constant A accounts for the influence of the particle size
and shape. The values of K and ae reported in Table 2 are close for M and H.
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Fig.1:
Evolution of the density do

versus the applied pressure P
for M and H.
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The elastic limit oe is in the range of stainless steel, much larger than that of
pure Cu (60-80MPa) but close of that of pure W (550MPa). The A values are
different, as expected from the different morphology of powders M and H.
The behaviour was similar for the series H, H*, Hd and the relation do = f(P),
was used to compact two types of specimens to be sintered at fdo (50-53%)
and Fdo (62-64%). For M, only the type Fdo could be prepared. Slightly higher
P values were required to obtain the cylinders (8mm height) used for
electrical conductivity measurements.

4. Sintering Behaviour:

Due to the small phase size in the initial powders, grain growth is expected
along heating and could induce an early consolidation. Consequently, the
microstructure and shrinkage evolution was examined from about 400°C.

4.1 Evolution up to 1000°C.

The increase of the phase size was determined by X-Ray diffraction on the
powders M and H heated (5K/min) at temperatures from 390 to 1000°C. The
density of compacted samples treated in the same conditions was checked.
As shown by Fig.2, no significant change of the W phase size was detected
up to 900°C. From 950°C, the size increase is visible mainly in M. At 1000°C,
the smaller grain size is about 250 - 500nm in all the powders. Our results
are consistent with the SEM and TEM observations of Kim et all (6).
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No shrinkage of the compacted samples is measurable up to 1000°C, but
some consolidation is noticed from 900°C

Fig.2:
Evolution of the size

of the fine W phase fraction
during heating.
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4.2 Evolution at 1000 - 1200°C.

The effect of the "process" parameters (temperature, time) was studied by
measurement of the density and by SEM observations of compacted powders
treated for:
• 3min at temperatures in the range 1000 -1250°C.
• 80min at sintering temperatures from 1090 to 1250°C.
All the experiments were effected under hydrogen flow with an heating rate
5K.miiY1.
The role of two "material" parameters - powder types and initial density (fdo,
Fdo) --was investigated.

4.2.1 Shrinkage.

Effect of "process" parameters: temperature and time.
The sintered density (%dth) evolution on heating then on the step at 1200°C
is reported on Fig.3 for H and Hd. Shrinkage occurs on heating - in the solid
state and after the Cu melting - and on the isothermal step. Density
increases strongly in the temperature range close to the Cu melting (1060-
1150°C) then less at higher temperatures. From 1200°C, exudation is found
out systematically for Hd* and sometimes for the other doped alloys.
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Fig. 3(a): Evolution of the sintered density (%dth) during heating up to 1200°C
and the isothermal treatment at 1200°C for H and Hd with do = 52% (- - - )
and for Hd with do = 63% (— ). 3(b): Temperature dependence of the density
(%dth) of the different powders compacted at 63% sintered for 80min.

Effect of "material" parameters: green density, powder microstructure, doping.
Qualitatively, the shrinkage behaviour is similar for all the powders, but the
heating contribution to the total shrinkage and the final density are different:

• A do increase induces a shift almost equivalent in sintered density.
However, the heating contribution is larger and the isothermal shrinkage is
smaller in Fdo than in fdo (Fig.3a).

• The addition of Fe also increases the heating contribution (Fig.3a, 3b).
• The finer microstructures (H*, Hd*) exhibit a larger shrinkage at 1060-

1100°C (Fig.3b). The maximum density is reached from about 1120°C in
Hd* and a further temperature increase produces exudation at 1200°C. In
the undoped materials H* densification is smaller but still continues up to
1200°C.

The final density values acquired with compacted powders with do about 62-
64% are 92-93% for H and M and 96-98% for Hd, H* and Hd*. They are
reached at 1250°C for H, M, Hd and at 1200°C for H* and Hd*.



88 RM 12 F. Dore et al.
15" International Plansee Seminar, Eds. G. Kneringer, P. Rddhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

An equivalent increment of density is induced by the microstructure
refinement or the Fe addition or by the do increase. The cumulated effects of
doping and fine size give the same maximum value (97-98%) already at
1100°C but lead to exudation at 1200°C.

4.2.2. Microstructure.

The SEM microstructures of H,
Hd and M after 3min at 1170°C
are compared in Fig.4. In H, a
coarse porosity, about 5um in
size, and the initial particle
shape are still detectable. Such
features are no more visible in
Hd. In M, rather elongated
pores (10um in length) are
present between dense areas
of Cu-W mixture often
surrounded by pure Cu zones.

Fig.4:
Microstructures of

H, Hd and M compared after
3minat 1170°C.

After 80min at 1170°C, the
microstructures (Fig.5) of H
and Hd are similar, with a
rather homogeneous Cu
distribution, but some micron
size pores are still observed in
H. In M, the residual porosity is
coarse and Cu zones are
present around the mixed Cu-
W areas.
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Fig.5: Compared microstructures of H, Hd and M after 80min at 1170°C.
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Fig. 6: Compared microstructures observed on fractography of M
after a) 3 and b) 80min at 1200°C.

The phase coarsening is noticeable in H, Hd and mainly in M where the size
oh the finer W grains has grown from 250-400nm after 3min to 0.8-1 urn after
80min, as shown in Fig.6.

4. 3. Electrical conductivity of the sintered materials.

The electrical conductivity was measured on the specimens used for the
sintering study and on cylinders (14 mm diameter, 8mm height ), cooled at
3K/min after sintering. The density and conductivity values of some samples
sintered at 1200°C are grouped in Table 3.

Table 3: Density and electrical conductivity after sintering.

Material

H
Hd
H*
H*
Hd

Comments

Flat cylinders.
Rapid cooling.

High cylinders.
Slow cooling.

Density
(%dth)

88
97
97

94.6
97

Electrical conductivity
(u£r1crrf1)

0.2
0.16
0.22
0.22

0.175

% IACS

34.5
27.4
38
38

30.2



F. Pore et al. RM 12 91_
15" International Plansee Seminar, Eds. G. Kneringer, P. Rddhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

As electrical and thermal conductivity of metallic elements is closely related,
such values give a magnitude range of the thermal conductivity of the alloys
compared to that of pure Cu. In the studied materials with a fixed Cu content
(about 43vol%), conductivity is expected to be decreased by impurities (O)
and by doping elements as Fe, by porosity, and to depend on microstructure.
The conductivity values (Table 3) show that the Fe doping is more detrimental
than a significant residual porosity in materials with similar microstructure (H,
Hd) and that the microstructure effect is limited (H*, hi).

5. Discussion:

The evaluation of the density increment induced by the finer phase size or the
Fe doping or the do increase is possible by comparison of the results obtained
from the hydrometallurgical powders which microstructures are similar. This
increment - about 10% for sintering at 1200°C - decreases when the sintering
temperature increases. Such an evaluation is not easy in M in which the
phase size and doping contributions are cumulated and the microstructure is
different.
Due to the interactive effects of the "material" parameters, the present results
can be compared only with the literature data on comilled (5) and coreduced
(7) powders with Cu content and do of the same magnitude range. The
smallest density values are provided by H (fdo) at 1200-1250°C: they are
close to those obtained by Upadhyaya et all (5) with a comilled powder
expected to contain some doping element (Fe) introduced by milling. For the
same sintering temperatures, the densities reached by H* (fdo) and Hd (fdo)
are some 10% higher than those of H and of the comilled powders but are
lower than the values obtained by Skorokhod et all (7) with coreduced
powders. After sintering at 1100 -1150°C, the densities of H*(Fdo) are similar
to those given by the coreduced powders (7) which specific area (SBET 0.6-
0.9 m2/gm) is close to that of H*.

The study of the densification mechanisms of the different powders was not
carried out in this work. However, the significant shrinkage on heating, visible
from the solid state, mainly for H* and Hd, is consistent with rearrangement.
The growth of the W grains was mentioned by Johnson et all (4) at 1200 -
1500°C and attributed to coalescence. Such a coalescence is expected from
the energy values of the W/W and liquid Cu/ W interfaces. In our work, growth
is shown already from 1150°C but the evolution of the W grain morphology
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displayed by fractography does not evidence the significant development of
the W skeleton that should result of coalescence. Moreover, the Fe effect is
not detectable by SEM observations. As the Fe contribution to densification is
obvious and as the shrinkage mechanisms are often deduced of works on
powders doped with Fe by comilling, the precise investigation by dilatometry
and by TEM is required to analyse the local processes inducing the shrinkage
of "pure" W-Cu alloys.

6. Conclusion:

To study the contribution of the microstructure and of doping on the
densification of the pseudo-alloy W-Cu (20wt%), composite powders were
synthesised by mechanical alloying (M) and by hydrometallurgy with two
different phase sizes (H,H*) and with Fe additions (Hd, Hd*).
Mechanical alloying produces bulk particles in which a large fraction of W-Cu
zones with very fine phase size (10-30nm) and micron size W or Cu grains
are mixed. The powders generated by hydrometallurgy contain spheroidal
particles. The coral-like microstructure of the particles consists of W grains
with uniform size (250-450nm in H, 150-200nm in H*) evenly distributed in
Cu. The phase size and the Cu distribution are much more homogeneous in
the powders of type H than in M.

All the powders have a very good compressibility.

During heating of the compacted powders, some consolidation is noticed from
900°C and some growth of the W grain size is detected from 950°C. Growth
is seen mainly in M that contained initial phases with very fine size. At
1000°C, the smaller grain size is in the range 250-500nm in all the powders.

In all the powders, shrinkage starts in the solid state (from 1020°C), increases
significantly at the Cu melting up to 1100-1150°C, then becomes weaker. The
parameters related to the materials - initial density do, microstructure type
and Fe addition - affect the temperature range of rapid shrinkage and the
final density. The lower density values -84-88% - obtained with H (do 52-
53%), are reached at 1200-1250°C. The sintered density is improved by the
do increase or the finer and more homogeneous powder microstructure (H*)
or the Fe addition (Hd). The highest values (96:98%) are obtained with H*
and Hd. For the studied powders, the contribution of the microstructure and of
doping are equivalent.
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The possible use of submicron size W-Cu mixture without doping element to
achieve high density materials at relatively low sintering temperature (1200-
1250°C) has a practical interest as Fe additions are very detrimental to the
electrical conductivity and could induce exudation during sintering.
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Summary

Fatigue crack growth (FCG) and fatigue life (LCF and HCF) of the oxide dispersion
strengthened (ODS) nickel-base superalloy PM 1000 have been studied at 850°C on
strongly textured bar (GAR=10) and sheet material (GAR=4). Specimens were prepared
with their axis parallel to the <100> and <110> (sheet only) directions, resp. The fatigue
tests were performed under total strain control in the LCF regime and under stress control
for HCF and FCG testing. In the HCF range, shorter lives were observed with <100>-
specimens as compared to <110> ones. The opposite is true in the LCF range where
longer lives are found in <100>-specimens. In fatigue crack growth studies, the threshold
values obtained for FCG in <110> direction are higher than those of <100> direction. This
finding is in accordance with the orientation dependence of Young's modulus and strength
level. In order to evaluate the potential of additional y'-hardening, PM 3030 has been
included into our investigations. At 850°C, a coarse elongated grained variant (GAR>100)
showed much better HCF properties than PM 1000.

Zusammenfassung

Die zyklische Rißausbreitung (FCG) und die zyklische Lebensdauer (LCF,
Gesamtdehnungskontrolle und HCF, Spannungskontrolle) der oxiddispersionsgehärteten
(ODS) Nickelbasissuperlegierung PM 1000 wurden bei 850°C an einem Rundmaterial
(GAR=10) und an einem Blechmaterial (GAR=4) untersucht. Proben in <100>- und in
<110>-Richtung wurden untersucht. Im HCF-Bereich wurden an aus dem Blech
entnommenen Proben kürzere Lebensdauern bei den <100>-Proben im Vergleich zu den
<110>-Proben beobachtet. Das umgekehrte Verhältnis liegt im LCF-Bereich vor, hier sind
längere Lebensdauern bei den <100>-orientierten Proben gegeben. Offensichtlich wird
das HCF-Verhalten hauptsächlich von der Probenorientierung bestimmt. Die erhaltenen
Schwellwerte nach Ermüdungsrißausbreitung in <110>-Richtung sind höher als die in
<100>-Richtung. Die dargestellten Ergebnisse sind in Übereinstimmung mit der
Orientierungsabhängigkeit des Schubmoduls und der Festigkeit. Um das Potential einer
zusätzlichen y'-Härtung zu untersuchen, wurde PM 3030 in unsere Untersuchungen
einbezogen. Bei 850°C zeigt die grobkörnige Charge von PM 3030 (GAR>100) viel
bessere HCF-Eigenschaften als PM 1000.
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1. Introduction
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Fig. 1: Temperature dependence of the yield strength, compression tests.

Components used for high-temperature applications commonly experience hot gas
corrosion in combination with creep and fatigue loading. Oxide dispersion strengthened
(ODS) nickel-base superalloys have been shown to be promising candidate materials to
best fulfil these multiple challenges, especially for hot and severely stressed components
in aircraft as well as stationary gas turbines. Due to the excellent thermal stability of the
oxide dispersoids [1], the temperature capability of ODS nickel-base alloys may even
exceed those of their y precipitation-strengthened single-crystalline counterparts. In the
past few decades considerable progress has been achieved in the understanding of the
basic creep deformation mechanisms of ODS alloys. In particular, this involves three key
features: (i) the interaction of dislocations with precipitated and dispersoid particles [2,3],
(ii) the effect of grain size and grain aspect ratio on creep rupture life [2,4] and, recently,
(iii) the influence of grain orientation or texture on creep strength where a relation a<m> >
a<iio> > a<ioo> was established for a constant given strain rate e [5,6]. The latter aspect is
highlighted in the plot of the 0.2% yield strength 00.2 vs. temperature, Fig. 1. Clearly,
<110>-oriented samples (squares) reveal superior strength in comparison with <100>-
oriented compression specimens (circles) over the whole range of temperatures
investigated. It is important to note here, that these differences are solely due to
orientation effects as the squared and the circular data points belong to specimens taken
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from the same heat - a cross-rolled sheet material - but in perpendicular directions.
Hence, the dispersoid microstructure is identical in all cases.
In contrast to the strength behaviour under monotonic loading, systematic studies of the
cyclic behaviour of ODS nickel-base alloys are still lacking, particularly in the high cycle
fatigue (HCF) regime as well as in the field of fatigue crack growth (FCG). Recent
investigations on the low cycle fatigue (LCF) properties of the iron-base ODS alloy PM
2000 [7] as well as of its nickel-base counterpart PM 1000 [8] suggest a strong
relationship between texture and cyclic lifetime. In [7,8] it was concluded that the cyclic
lifetime in total strain controlled tests correlates well with the Young's modulus in the
loading direction but not with the grain structure. Hence at a given total strain amplitude,
elastically hard orientations like <110> or <111> are inferior to the relatively soft <100>-
orientation. However, no information is available in the literature on the stress-controlled
HCF behaviour. Therefore, a systematic study on the HCF and fatigue crack growth
behaviour in dependence on grain morphology and grain orientation seems conclusive.
The importance of both these factors will be exemplified in the following by experiments
on differently processed heats of the ODS nickel-base alloy PM 1000.

2 Experimental
2.1 Materials

The austenitic nickel-base alloy PM1000 having the nominal chemical composition (wt.%)
of Ni-20Cr-0.5AI-0.3Ti-0.6Y2O3 was supplied in the fully recrystallized condition in form of
the following two heats: (i) sheet material (thickness 13mm) manufactured by (hot) cross-
rolling and (ii) hot extruded bar material (diameter 50mm).
The grain structures of both heats were investigated by optical microscopy (OM) and are
sketched in fig. 2. Intercept distances were measured and yielded a grain aspect ratio
(GAR) of 10 and 4 for bar and sheet material, respectively. The orientation of individual
grains was measured by scanning electron microscopy (SEM, Zeiss DSM 962) using
electron back scattered diffraction (EBSD) as well as by neutron diffraction. Both methods
revealed a strong <100>-fibre texture and a <100>{011}-cube on edge texture for the bar
and sheet material, resp. The texture of the materials is closely correlated with the main
forming axes: the fibres of the bar material are parallel to the extrusion direction and the
<100>- and <110>-directions of the sheet material correspond to the cross rolling
directions.
In order to increase the high temperature strength, the Ni80Cr20 solid solution matrix of
PM 1000 is strengthened by thermodynamically stable and incoherent Y2O3 dispersoids
(0.6 wt%). Transmission electron microscopy (TEM) has been used for the quantitative
determination of the microstructural parameters, Fig. 3a. Mean values of the dispersoid
diameter of d=15nm, a planar centre-to-centre spacing L=98nm and a volume fraction
f=1% were found. For evaluating the potential of superimposed precipitation hardening in
improving the fatigue resistance of ODS Ni-base superalloys, the alloy PM 3030 has been
included in our experiments, having approximately the same dispersoid parameters as PM
1000.
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Fig. 2: Grain structure of the investigated PM1000
a) and c) Bar material (<100>-fibre texture)
b) and d) Sheet material (<100>{011}-cube on edge texture)

f *
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a) Y2O3 particles in PM 1000 b) Y2O3 and y particles in PM 1000

Fig.3: Particle microstructure in PM 1000 and PM 3030, TEM bright field micrographs

In addition to the oxide dispersion, the PM 3030 used contained cuboidal Ni3AI-y-
precipitates with equivalent diameter dy = 560nm, planar centre-to-centre spacing Ly =
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610nm and volume fraction fy = 50%. As compared to PM 1000, the oxide dispersoids of
PM 3030 were found to be somewhat larger (d = 30nm, L = 150nm, f = 2.1%), Fig. 3b, and
the texture is characterised by a <110>-fibre texture parallel to the extrusion direction.

2.2 Testing Procedure

Smooth specimen fatigue tests (specimen diameter: 5mm) were carried out using an
electromechanical test machine INSTRON 8562. A triangular waveform has been applied
in both strain controlled LCF and load controlled HCF tests. In the LCF regime the total
strain rate was held constant at 10~3s~1, whereas in the HCF regime the frequency was
fixed at 1 Hz. In the high temperature range (850°C) constant temperature was realised
over the gauge length by a pyrometric-controlled induction heater.

Fatigue crack growth tests were performed by means of a DYNACOMP testing machine
developed in our laboratory [12]. With this machine the specimen is excited to bending
vibrations in its exact resonance. This enables two physical effects to be used
simultaneously: (i) the resonance effect for low-power excitation of cyclic loading and (ii)
high resolution compliance analysis by means of measurements of the frequency (or
period, resp.) of the resonance vibrations. Because the vibrating masses and the
(dynamic) compliances of the mechanical resonator are easily determined, high precision
crack growth as well as crack closure analysis are possible. Thus, a proper design of the
set-up not only allows well-defined loading conditions to be realised (including K control)
but also enables high resolution crack behaviour analysis.

The tests were performed at a frequency f=60...90Hz in laboratory air at 400°C and 850°C
utilizing induction heating of the samples. The single edge notched specimens (cross
section of 5x20mm2, notch depth 3.0mm) were fatigue precracked applying a
Kmax<16MPaVm. The fatigue crack growth and threshold measurements were performed
under continuous AK shedding at R=const. or Kmax=const. (increasing R), resp. According
to earlier experiments [13] the load shedding rate was kept at C=(1/K)dAK/da=-0.32mm'1,
which is slightly higher than the value of -0.09mm'1 recommended by ASTM E647-88.

3 Results and Discussion
3.1 Fatigue Strength

The cyclic hardening/softening behaviour of PM 1000 during total strain controlled LCF at
850°C is reported elsewhere [9]. As a summary, the material displayed fairly constant
stress amplitudes from the start of the test on. While at strain amplitudes below 0.6% fairly
constant stress amplitudes were observed following a weak tendency to cyclic softening in
the first few cycles, almost continuous cyclic softening became apparent at higher strain
amplitudes after an initial non-softening period of less than about 10% of the fatigue life.
The reason for this softening was identified as the occurrence of crack nucleation and
growth already in these early stages of fatigue. Stabilised hysteresis loops as typically
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observed before crack initiation are plotted in fig. 4 for <100>- and <110>- sheet material
specimens cycled at a total strain amplitude of ea,t = 0.4 %. The corresponding plastic
strain based a-epr hysteresis loops are also included in this figure. These hysteresis loops
were simply derived from the total strain hysteresis loops by subtracting the respective
elastic strain calculated via eei = c/E. Because of the significantly different Young's moduli
the plastic strain based hysteresis loops differ between both specimen orientations.
Obviously, the <110>-oriented specimen exhibits significantly larger plastic strains epi at a
given stress level, which is a consequence of the higher E-value of E<11O> = 165GPa as
compared to E<iOo> - 100GPa.

-0.4 -0.2 0 0.2 0.4

Strains [%]

Fig.4: Stress-strain-hysteresis loops of PM 1000
total strain control, strain amplitude ea,t = 0.4 %; <110> and <100> specimens with grain
aspect ratios GAR = 4 and GAR = 10, respectively.

In accordance with the measured monotonic (creep) strength exemplified in Fig. 1, a given
fatigue life is connected with a somewhat smaller stress amplitude aa for the <100>-
orientation (Fig. 4). Hence for tests at a given cyclic stress level larger plastic strains
experienced per cycle are expected, which lead to accelerated accumulation of plastic
deformation (2Nsapi). Therefore, a shortening of the fatigue life for <100>-orientations is to
be expected for constant load control tests. This finding will be treated in the next section.
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3.2 Cyclic Lifetime

The HCF range of the stress-life curves of PM 1000 is shown in Fig. 5. In this diagram the
results achieved at 850°C with cross-rolled sheet material of <100>- and <110>-
orientation (Fig. 2), resp., are presented. The experimental data clearly show, that the
specimens with <100> orientation exhibit shorter lives as compared to the <110>
specimens. Since the HCF tests were run in load control this result cannot be explained
with respect to the differences in the Young's moduli of both orientations. On the contrary
this result is attributed to the dependence of the yield stress on specimen orientation with
respect to the sheet texture. This effect implies larger plastic strains at a given stress level
for the lower strength orientation. Despite the reduced yield stress difference at high
temperatures it is assumed, therefore, that the somewhat smaller yield stress of the
<100> specimens results in accelerated damage accumulation, which is large enough to
shorten the fatigue life.
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Fig. 5: HCF range of the S-N curve of PM 1000 for specimens with <100>- and <110>-
orientation, sheet material (R= - 1 , f = 1 Hz, triangular loading)

Fig. 6 shows a total strain-life plot for the sheet material of PM 1000 covering both the
LCF and HCF ranges. Comparing the LCF-data points (full symbols), it is obvious that the
<100>-specimens (circles) exhibit longer cyclic lives than the <110>-specimens (squares)
at the same total strain amplitude level. This is in contrast to the finding in the HCF range.
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Because the strain-life-curves are simply shifted along the life axis, both orientations
reveal almost the same fatigue ductility exponent c=-0.73.
As has been shown in earlier investigations there is no influence of the grain structure on
the fatigue life [8]. This implies, that the observed lifetime difference is primarily
determined by texture and/or crystal orientation effects. In order to understand the
difference between the HCF and LCF results, the different control mode of the cyclic
loading has to be taken into account. Following Smith et al. [10] this finding can be
rationalised when comparing the plastic strain instead of stress or total strain amplitudes.
Due to the higher Young's modulus of <110>-oriented specimens (cf. Fig. 4), a lower
elastic strain amplitude is generally obtained at a given stress amplitude for the <110>- as
compared to the <100>-oriented material. Consequently, higher plastic strain amplitudes
result for <110>-orientations at a given total strain range. Thus, when accepting a critical
plastic strain (or strain energy) accumulation as the failure criterion the data points of the
<100>- and <110>-specimens should be expected to fall on the same straight line, at least
in a Coffin-Manson plot, where the plastic strain amplitude is plotted over the number of
cycles to failure. In the HCF-range the strain-life-curves become nearly identical, even
when plotting total strain amplitudes vs. cyclic lifetime. This is attributed to the smallness
of the plastic strain as compared to the elastic ones.
In Fig. 7 the HCF behaviour of PM 3030 is compared with that of PM 1000 at 850°C. It is
obvious that the y-precipitates provide a substantial improvement of fatigue strength
and/or cyclic life. Similar as PM 1000, the additional precipitation hardened PM 3030
exhibits negligible cyclic hardening/softening, but shows differences in some other
features [11]: due to the higher strength level, crack initiation becomes more difficult and
occurs only late in fatigue life. However, due to the concentration of plastic deformation in
a few shear bands ductility is generally much lower; therefore, crack propagation is very
fast. Consequently, it takes just a few cycles from crack initiation to complete failure. The
S-N-curve of PM 3030 is also steeper and the value of the strength exponent b—0.16 is
lower than that of PM 1000 (b=-0.072). Hence, the superiority of PM 3030 is most
accentuated at high stress amplitudes and decreases with smaller stress amplitudes, so
that similar fatigue lifetimes are expected at very low stress amplitudes (< 100MPa) and at
very high numbers of cycles to failure (>108 cycles). This thermally induced loss of fatigue
strength can be attributed to the precipitation of platelet-like carbides and the associated
reduction of the y'-volume fractions [11].

Macrographs of the fracture surfaces produced in the HCF range of <100> specimens are
shown in Figs. 8a and 8b. These figures serve to illustrate that crack initiation always
occurred at the specimen surface. Independent on the loading level, specific
microstructural features could not be identified as crack initiation sites.
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Especially inclusions, which are sometimes referred to as crack initiating particles [15, 16],
were not responsible for crack initiation. Furthermore, there is obviously no connection
between the crack initiation site, the crack propagation direction and the pancake
structure.

crack initiation crack initiation

a) b)

Fig. 8: Macrographs of HCF fracture surfaces of PM 1000 specimens with <100>-
orientation, specimen diameter: 5 mm
a) Stress amplitude 195MPa, Cycles to fracture 113.000, Grain alignment almost vertical
b) Stress amplitude 225MPa, Cycles to fracture 24.700, Grain alignment nearly horizontal

In order to analyse a possible interrelationship between microstructure and crack path
some of the specimens were cut along planes parallel to both specimen axis and primary
crack growth direction. After careful polishing and etching the crack path clearly revealed
trans- and intergranular segments. Examples of such crack profiles are shown in Fig.
9a,b. Crack propagation occurred in both figures from right to left. Evidently, crack growth
in the <100> sheet material specimen (Fig. 9a) is characterised by almost equal
contributions of trans- and intergranular facets, whereas crack propagation in the <100>
bar material (Fig. 9b) exclusively occurred transgranular with some secondary cracks
aligned along the longitudinal grain boundaries. The lower cyclic life in the HCF regime of
the sheet material in comparison with specimens taken from the bar is in accord with this
finding [21]. Similar relationships between microstructural crack path characteristics and
fatigue life are reported in the literature [8,14].
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500 um

500 urn

Fig. 9: Optical photomicrographs of a metallographic section through a PM1000 specimen
tested in the HCF range (crack growth direction from right to left)
a) Sheet material showing a mixture intergranular and transgranular crack propagation
b) Bar material with predominating transgranular crack propagation

3.3 Fatigue crack growth

The fatigue crack propagation behaviour has been analysed in the near-threshold regime
in the frame of linear elastic fracture mechanics. The threshold itself, therefore,
characterises the lowest cyclic stress intensity for growth of a possibly existing
macrocrack. The size of such a macrocrack is typically of the order of 0.1 to 1mm.

Typical examples of FCG curves of PM 1000 are shown in Fig. 10, which compares the
near-threshold growth characteristics at 850°C with that at room temperature. The
measurements were performed at a constant load ratio R=0.05. Under these loading
conditions usually a pronounced crack closure effect interferes and microstructural effects
on the threshold value become maximised. As is evident from Fig. 10 the crack growth
behaviour at 850°C deviates from that at 20°C by the following two effects: (i) the crack
growth rate in the Paris regime is about an order of magnitude higher than at room
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temperature, and (ii) the threshold is significantly enhanced. Whereas a straightforward
explanation for the first finding could not be established, the upward shift of the threshold
value on increasing the temperature is obviously caused by an intensified crack closure
effect, which might be due to excess fretting oxidation within the crack. This view is
supported by literature data [17-19] as well as by additional crack closure experiments,
which will be presented in a forthcoming paper [21].

The temperature dependence of the threshold value as well as the effect of the elongated
grain structure are summarised in Fig. 11. The over-all increase in the threshold value
with increasing temperature is due to the above-mentioned oxide wedging, which is
superimposed to the roughness induced crack closure effect [20], which predominates at
lower temperatures. From Fig. 11 it is additionally evident, that microstructural variables
become increasingly important with increasing temperature in affecting the threshold
value.

3 10 20

Threshold AKth [MPam1/2]

Fig. 10: Near-threshold fatigue crack growth kinetics of PM 1000 at room temperature
and 850 °C

The influence of load ratio on the threshold value is plotted in Fig. 12. Because of
experimental difficulties in performing high-temperature crack growth measurements at
high load ratio (due to superimposed cyclic creep effects), the load ratio effect is only
shown at room temperature. As can be seen from Fig. 12 the threshold of PM 1000 is
decreased from about 4.5-6.0MPaA/m at R=0.05 to R=3.2-4.4MPaVm at R«0.80. As
discussed above, this effect is caused by roughness-induced premature crack closure
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[18,20]. At high temperatures an enhanced load ratio effect is expected due to excess
oxidation within the crack.

sheet
FCGin<110>

• FCGin<100>
bar

A I to fibre axis

0 200 400 600 800 1000

Temperature T [°C]

Fig. 11: Effect of temperature on FCG threshold of PM 1000 at RO.05
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Fig. 12: Effect of load ratio on FCG threshold of PM 1000 at room temperature

The microstructural variables affecting the threshold value are represented by the
difference in the texture type between bar and sheet material as well as by the specimen
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orientation within the rolled plate. In general, the threshold is significantly higher for
specimens with FCG in <110> direction as compared to <100> direction, especially at
higher temperatures. Because in all cases the crack propagates transgranular, it is
assumed that the observed orientation effect might be again a consequence of the
orientation dependence of the elastic modulus. Such a modulus effect is well known from
the literature and has also been reported for the alloy MA 754 [14].

4. Summary

Fatigue life as well as fatigue crack propagation in PM 1000 are primarily influenced by
the texture of the material, which in turn is responsible for modulus and strength
differences between different specimen orientations. Hence under conditions where
strength is the primary controlling parameter, <110>-oriented specimens are superior to
<100>-oriented samples. This is the case for FCG, load-controlled fatigue testing in the
HCF regime as well as for creep. In contrast, the reverse behaviour is observed for total
strain-controlled LCF tests: under this loading conditions <100>-orientations show longer
lives due to their lower young's modulus.
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Summary:

Graphite is widely used in present Tokamak facilities and a C/C composite has
been selected as one of the candidate materials for the ITER. But C-based
material has an excessive chemical sputtering yield at 600-1 OOOK and exhibits
irradiation enhanced sublimation at >1200K under plasma erosion condition,
causing serious C-contamination of plasma. Low Z material SiC has several
advantages for use in fusion reactor, such as excellent high temperature
properties, corrosion resistance, low density, and especially its low activation
irradiation. To reduce C contamination during plasma exposure, previously
SiC coatings were chemically deposited on the surface of C-substrate,
however, the thermal stresses arise on the interface between the coating
layers and the substrate under high temperature. Heating/cooling cycle
leading to cracks in SiC/C interface, small thickness of coating and long
processing time are limiting factors for FGM made with CVD process.
In this paper, a new SiC/C bulk FGM has been successfully fabricated with
P/M hot pressing process. The chemical sputtering yield, gas desorption
performance, thermal shock resistance and physical sputtering performance
in Tokamak are outlined in this paper.

Key Words: SiC/C FGM, Graphite, SiC, hot pressing

1. Introduction

Graphite is widely used in present Tokamak facilities and C/C composite has
been selected as one of the candidate materials used in ITER(lnternational
Thermal-Nuclear Experimental Reactor). But C-based material has too high
chemical sputtering yield at 600-1000K and emerges irradiation enhanced
sublimation at >1200K under the plasma erosion conditions, causing serious
C-contamination problem of plasma. Hence various measures are being taken
to solve this problem. Siliconization and boronization with Si- and B-containing
organic compounds and He through in-situ glow discharge in Tokamak
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facilities resulting in Si- and B-based films can effectively reduce the
contamination of light impurities in plasma, but the thickness is limited only
within the range of 700-1000A. The life time is too short, besides, this kind of
film is ineffective for high heat flux components (such as divertor etc.), as the
film will be too rapidly eroded in plasma exposure[1-3]. A low Z (atomic
number) material SiC-based composite is now being considered as an
attractive candidate for fusion technology due to a series of advantages, such
as stability in hydrogen and helium, high temperature resistance and erosion
resistance, and especially its low residual radioactivities[6]. For reducing the C
contamination during exposure in plasma, SiC coatings have been made on
the surface of C-substrates with various processes[4], but due to the thermal
stress produced on the interface between the coating layer and the substrate
under high temperature heating/cooling cycles caused by the difference of
thermal expansion coefficients of C and SiC, cracks or peeling usually occur in
SiC coating.
Japanese scientists firstly proposed the idea of Functionally Graded Materials
(FGM) in 1984[5]. Inhomogeneous materials with gradually changed
compositions and structures were made through continuous changing the
compositions and structures of two materials with different properties in order
that the thermal stress caused by the mismatch of thermal expansion
coefficient on the interfaces can be reduced and thus the cracks and failure
can be prevented.
In previous literatures SiC/C FGM mostly are being fabricated with CVD or
CVI process[6-7], but the process cycle is long (in some cases 100hr is
required). Cost is expensive, and it is difficult to obtain thick graded layers.
Many systems of FGM have been made with powder stacking-hot pressing
process, but hot-pressed SiC/C FGM is scarcely found in literatures.
In this work the FGM design idea is adopted for making SiC/C FGM based on
making monolithic SiC, C and composites of different compositions with
powder stacking-hot pressing for fusion technology, making possible to
combine the advantages of high hot shock resistance and high heat
conductivity of graphite with the advantages of high plasma-erosion resistance
of SiC. Fabrication and primary investigation of hot shock resistance and
plasma-relevant performance are reported.

2. Experimental

Commercial powder of SiC, carbon black (CB), and boron are used as raw
materials. The characteristics of these powders are listed in Table 1.
B and CB powder are used as sintering aids for SiC[3j. The powders were wet
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mixed in predetermined compositions by ball milling for 6 hours, and then
dried in air.

Table 1. Characteristics of raw materials
Powder
SiC
CB
Boron

Particle size (|a)
0.05-0.5
< 1
2-3

Purity
97
Analytical
95

Two specimens, T4 and T7 were made with stacking compact. Specimen T4 is
4-layered FGM and Specimen T7 is 7-layered FGM. The composition for T4
and T7 are:

T4: 100%C+(60%C+40%SiC)+(20%C+80%SiC)+100%SiC
T7: 100%C+(60%C+40%SiC)+(40%C+60%SiC)+(20%C+80%SiC)+

(10%C+90%SiC)+(5%C+95%SiC)+100SiC

The green compacts were put into a graphite die and sintered at a condition of
1950°C, 25MPa and holding for 1 hour in argon.
Scan360 scanning electronic microscopy was used to observe the
microstructures of fabricated T4 and T7 FGMs. Thermal shock resistance was
tested by continuously quenching samples from 500 °C to water at room
temperature. The plasma-relevant performances were evaluated by
Southern-west nuclear physics institute of China.

3. Results and discussion

3.1 Microstructures of SiC/C FGMs

(a) T4 (b) T7
Fig. 1 Microstructure of SiC/C FGM T4 and T7
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Fig. 1 shows the microstructures of T4 and T7. From Fig. 1, T4 and T7 were
fabricated successfully. No macro cracks were found in T4 and T7 specimens.
And both T4 and T7 were fully densified with boron and carbon additions.
Compared with T4, the interfaces of T7 aren't clear. The differences of
compositions in T7 are smaller than that in T4 so that the transition of the
graded layers in T7 is more continuous than that in T4.

3.2 Thermal shock resistance

T4 and T7 were continuously heated to 500°C in a MoSi2 furnace and then
were quenched into room temperature water at room temperature. T4 cracked
after 33 quenching cycles. No cracks were found in T7 specimen after 52
cycles of quenching. It is proved that T7 has better thermal shock resistance
than that of T4 due to the better transitions of the graded layers and better
thermal stress distribution.

3.3 Chemical sputtering performance

1x10*

o
1x10*

B SMF-800 graphite + SD4 from SiC

- CD, from SiC

466' 36d'' 606" 7*00" S(Jd Sd

Temperature(k)
Fig.2 The chemical sputtering yields of SiC and graphite SMF-800

The chemical sputtering performance of SiC/C FGM is conducted in LAS-2000

apparatus. The chemical sputtering yield is tested under 3 KeV, 4.6E15 D+ /s

cm^ irradiation. In comparison with graphite SMF-800, SiC shows lower
SiD4/CD4 yield. The SiD4 and CD4 product at 500K of SiC is 2.8 and 10 (arb.)
respectively. The total SiD4 + CD4 product of SiC at 500K is 47% of that of
graphite SMF-800, while at 700K is 22% of that of graphite. At the high
temperature, the total SiD4 + CD4 product of SiC is 20-30% of that of graphite,
so the SiC/C FGM has better resistant chemical sputtering property. These are
shown as Fig.2.
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3.4 Thermal desorption performance

(1) Experiment conditions:
Firstly, degassing for about 2 hours at about 1300K, then, after the
temperature of the sample cooled down to RT, a deuterium ion with 2.7 keV
energy was implanted, the total flux is 1.2x1018 ions. At the base pressure
1x10~6 Pa, the thermal desorption spectra are measured by fast temperature
rising from RT-950 °C, the curve of temperature rising was also shown in
Fig.3.
(2) Experimental results:
The thermal desorption of CD4 of SiC are obviously lower than that of graphite,
and the thermal desorption of SiD4 is lower than that of CD4 of SiC by at least
one order. The characteristic desorption peak temperatures of D2 and CD4 of
SiC are obviously higher than that of graphite, which means the desorption
activation energies of D2 and CD4 of SiC sample are lower than that of
graphite. These are shown as Fig.3. -

120.0 180.0
Time (Seconds) TDS lor Graphite

(a) SiC (b) graphite SMF-800
Fig.3 The thermal desorption spectra of SiC and graphite

3.5. Physical sputtering damage after plasma irradiation in HL-1
apparatus

The plasma physical sputtering damage of the surface of specimen T7 is
lower than that of graphite SMF-800 specimen, no distinct change of crystal
structure is found in XRD pattern of specimen T7. While small increase of
peak width in XRD patterns of graphite SMF-800 specimen appears, indicates
change of crystal structure and increase of crystal lattice defects.
After plasma irradiation, evident characteristics of plasma sputtering damage
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is noticed in graphite SMF-800 as shown in Fig.4 (a) and (b), while less
evident characteristics of plasma sputtering damage appear in specimen T7,
as shown in Fig.4 (c) and (d).

c d

Fig.4 SEM micrographs of graphite SMF-800 and SiC/C FGM

before and after plasma irradiation

(a) graphite before plasma irradiation , (b) graphite after plasma irradiation ,
(c) T7 before plasma irradiation, (d) T7 after plasma irradiation .

4. Conclusions

Hot-pressed bulk SiC/C FGM specimens are successfully fabricated. Much
better hot shock resistance of SiC/C FGM material convincingly shows the
validity of the processing. The total chemical sputtering yield of SiD4 + CD4 of
SiC ceramic is about 20-30% of the CD4 yield of graphite SMF-800; and the
thermal desorption yield of SiD4 + CD4 of SiC is lower than that of CD4 of
graphite SMF-800 at least one order. Less evident characteristics of plasma
sputtering damage appear in SiC/C FGM after plasma irradiation in HL-1
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apparatus than those in graphite SMF-800. These results in this work open an
application prospect of hot-pressed SiC/C FGM in fusion technology.
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Development of a Low Temperature Solid HIP Process for
Joining CFC Monoblocks onto CuCrZr Tubes

Arno Plankensteiner, Bertram Schedler, Robert Krismer, Florian Rainer

Plansee AG, Reutte, Tyrol, Austria

Summary:

A Low Temperature Solid HIP Process is developed for ITER Divertor Baffle
components in order to join AMC CFC monoblocks onto CuCrZr tubes
without overaging. For the fabrication solution annealed cold worked CuCrZr-
tubes age-hardened during the Hot Isostatic Pressing (HIP) process are
joined to the back-casted (AMC) OFHC copper ring of the CFC monoblock.

The process relevant influence parameters (clearance between components,
thickness of can, maximum HIP pressure, pressure and temperature history
in time) and quality relevant parameters (contact pressure at HIP interface,
stresses in the CFC body) are determined in a brainstorming. By using the
Design of Experiments (DoE) software a number of parameter sets are
defined that act as input for the process simulation via Finite Element Method
(FEM) based models each of which representing an individual parameter set.
The values for the quality relevant parameters calculated this way are then
evaluated with the DoE software in order to detect the functional
dependencies between them. An optimum set of parameters is detected and
has been verified successfully in a manufacturing process of several
prototype components as well as full-scale components for the ITER Divertor
Baffle.

Keywords:

ITER, divertor, HIP, AMC, CFC, CuCrZr, OFHC, FEM, DoE.

1. Introduction:

For components of the ITER Divertor Baffle a joint between a CFC
monoblock containing an OFHC copper ring manufactured via active metal
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casting (AMC) and a CuCrZr copper tube has to be developed. ThiS/tube
alternatively may consist of a dispersion strengthened Cu alloy that allows a
brazing operation to be used for the joining of the CFC monoblock onto the
tube. However, under neutron bombardment as appearing in first wall
components in fusion reactors other copper alloys such as CuCrZr in the as-
hardened condition show a less pronounced decrease in fracture thoughness
than dispersion strengthened alloys. On the other hand, by using a CuCrZr
alloy a joining process has to be used that avoids overaging of the
precipitates, i.e. makes use of temperatures less than approximately 480°C.
Therefore, the following requirements have to be fulfilled by a joining process
that incorporates CuCrZr components:

• maximum temperature 480°C
• joint interface with a service temperature of 250°C minimum (due to

temperature of divertor coolant circuit)
• no low-melting elements in the joint zone
• high vacuum properties of the joint
• no use of activating elements such as Ag

Therefore, joining solutions based on brazing operations are of minor
importance (note that some special brazes with extra low melting
temperatures have also been investigated and rejected afterwards due to
their limited handling capabilities). Promising results with low temperature
solid HIP processes elsewhere have initiated the activities as presented in
this paper. Due to the lack of experience in joining CFC bodies with this
respect a DoE based parametric study incorporating FEM models is done
prior to expensive and time consuming practical experiments.

2. Structure of the development program:

The development program is split into two parts:

• metallurgical investigations
o definition of specimen geometry
o definition of process parameters
o HIP
o characterization of joint
o set of parameters for the joint
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• simulation of the solid HIP process
o definition of influence parameters and quality relevant parameters
o extraction of sets of parameter combinations via DoE
o definition of FEM models
o calculation of quality relevant parameters via FEM
o evaluation of FEM results via DoE

• prototype manufacturing with an optimum parameter set as detected
above

The individual parts of the program are performed simultaneously. Within the
basic metallurgical investigations the conditions for both the metallurgy of the
HIP joint between the OFHC copper ring and the CuCrZr tube and the
simultaneous age hardening of the CuCrZr material during the HIP process
are mechanically characterized by using tube shaped specimens. On the
other hand the numerical experiments using the combined DoE-FEM
approach give that set of influence parameters raising to optimized quality
parameters, i.e. minimum stresses in the CFC body and sufficiently high
stresses at the HIP joint interface during HIP and minimized stresses
afterwards.

3. Basic metallurgical investigations

Aim of these investigations is the definition of the metallurgical requirement
with respect to a proper solid HIP joint between the OFHC copper ring and
the CuCrZr tube. The conditions of the surfaces to be joined plays a major
role concerning the joint quality. This importance even increases as the
process temperature is kept below 0.7 Tm. In the frame of this issue not only
the absence of any foreign matter (e.g. oil, oxides, etc.) has to be considered
but also metallurgical conditions improving the formation of an interface. The
following modifications of the joint interface prior to HIP are investigated:

• deposition of galvanic Ni onto CuCrZr tube
• Ti foil between the CuCrZr tube and the AMC-OFHC
• Al foil between the CuCrZr tube and the AMC-OFHC
• CuCrZr directly joined onto the AMC-OFHC

These joints are manufactured via HIP at 480°C/1000bar/4h and tube
specimens are prepared. The latter are characterized mechanically by push-
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out tests, see sketch in fig. 1. The sample with the galvanic Ni-deposition on
the CuCrZ tube performed best with regard to the push-out test. Fig. 2 gives a
metallographic cut of this sample after the test showing that the Ni-deposited
interface has been deformed during the push-out test without any evidence of
delamination. Therefore, the other candidates have not been investigated
further on and thus are not optimised in the present framework.

Figure 1: Push-out test unit to characterize
the bond strength of HIP samples.

Figure 2: CuCrZr/OFHC-HIP sample with
galvanic Ni-layer after push-out test.

4. Simulation of the solid HIP process

4.1. Definition of influence parameters and quality relevant parameters

The HIP temperature as one of the most crucial process parameters should
be as high as possible, but may not deteriorate the CuCrZr with respect to
mechanical and electrical properties. This requirement can be best
accomplished, if solution annealed/quenched/cold-worked (SA/Q/CW)
CuCrZr tubes are age-hardened during the HIP cycle. Therefore, the time-
temperature profile of the HIP cycle has to follow a typical age-hardening
treatment of CuCrZr meaning 480°C/4-6h.

For a high quality solid HIP joint of metals usually the applied pressure has to
be chosen as high as possible. However, a solid HIP process for the
manufacture of a CFC containing component limits the maximum possible
HIP pressure. Thus, the proposed combined DoE-FEM approach aims at
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yielding a set of process parameters for the HIP cycle that incorporates
minimized stressing of the CFC body over the whole process.

The time at maximum temperature is not regarded as a crucial parameter for
the formation of the HIP joint and therefore, is chosen with regard to
optimized properties of CuCrZr.

This way, the quality relevant parameters are defined as follows:

• maximum principal stress in CFC body: to be minimized
• hydrostatic stress in the CFC body: to be minimized
• contact pressure at the HIP interface (480°C): to be maximized
• contact pressure at the HIP interface (RT): to be minimized

The influence parameters are defined as follows:

• wall thickness of OFHC ring in CFC body: 1 value
• wall thickness of CuCrZr tube: 1 value
• max. temperature of HIP process: 1 value
• pressure-temperature loading history: 1 value
• initial clearance CuCrZr tube/AMC-OFHC: 3 values
• thickness of steel can: 2 values
• maximum HIP pressure: 2 values
• initial clearance CFC body/steel can: 2 values
• pressure-temperature unloading history: 2 values

With respect to interference parameters the basic metallurgical investigations
have shown that the chemical modification of the HIP interface as shown in
chapt. 3 is very important with respect to the joint quality. Due to the solution
of this problem as described above the metallurgical HIP interface conditions
may be excluded from potential interference parameter investigations. Other
potential interference parameters are not accounted for.

4.2. Definition of parameter sets via DoE

The DoE software CORNERSTONE [1] is used to detect quantitatively the
interaction behavior between the influence parameters and the quality
relevant parameters as given above. The used D-optimal design allows to
choose a free number of influence parameters and their characteristics with
respect to their interaction with the quality relevant parameters. Here the
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interaction between the initial clearance of CuCrZr tube/AMC-OFHC and the
other parameters is assumed to be quadratic. All other interactions are
assumed to behave linear. Table 1 shows the matrix of 23 numerical
experiments as detected by DoE.
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Table 1: Parameter sets as detected via the DoE software. Each line represents a single parameter
set which serves as input for the FEM calculations. Note that " - 1 , 0,1" not necessarily corresponds
to lower, intermediate and upper value for the individual parameters.

4.3. Calculation of quality relevant parameters via FEM

This section describes briefly the FEM-models being used for calculation of
the quality relevant parameters.

4.3.1. Model design and meshing

The 23 FEM models the geometry of which being drawn schematically in fig.
3 are generated via the Preprocessor package PATRAN [3]. In order to
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achieve simultaneously high resolution of the model output quantities and
minimized computation times geometrically similar finite element meshes as
well as adequate mesh refinement in the regions of contact and material
jumps are used. For the calculations the FEM package ABAQUS 5.7 [2] is
used. Each model consists of approximately 12000 2/D elements with linear
interpolation functions. Generalized plane strain conditions with respect to the

25

CO

CuCrZr-tube-

AMC interface

i
oo

C F C — ^

steel-can

Figure 3: Sketch of the cross section of the CFC monoblock containing the OFHC copper ring and
the CuCrZr tube. A steel can protects the monoblock.

out-of-plane deformation (i.e. tube axis) are used. This corresponds to an
infinitely extended monoblock in axial direction accounting for full triaxial
stresses in the component (note that edge effects at the axial free ends of the
component cannot be investigated under these assumptions).

4.3.2. Contact formulations

The contact formulation between the steel can and the CFC monoblock
assumes small scale gliding with negligible friction (this has been verified by a
separate numerical sensitivity study). During the HIP operation the contact
interface is allowed to close and open according to applied loads and
component response. For the contact interface at the CuCrZr/AMC joint a
more sophisticated approach is used. During loading the contact interface is
allowed to open or close the contact domain adopting again small scale
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sliding and negligible friction. As long as the maximum load during the HIP
operation is reached the properties of the contact interface are switched to
those of a perfect joint, i.e. no discontinuities in the displacements and
identity of traction vectors at the interface).

4.3.3. Initial and boundary conditions

The models assume that all parts of the assemblage are free of stresses at
the beginning of the HIP process. In the simulations it is also assumed that
pressure and temperature are increased simultaneously during loading. Note
that two different maximum pressures are investigated whereas the maximum
temperature is fixed at 480°C. At the perimeter of the model, i.e. inner wall of
tube, outer wall of can, the mechanical load is applied directly as pressure
whereas in out-of-plane direction a concentrated force has to be applied
which results in an out-of-plane pressure that is defined on the basis of the
undeformed cross section. After reaching maximum pressure and
temperature the following unloading schemes are applied alternatively:
Simultaneous decrease of pressure and temperature or sequential decrease
of first temperature and second pressure. It is also assumed that the
heating/cooling rates are sufficiently low so that gradients in temperature may
be excluded from the investigations. After complete unloading the steel can is
removed from the model in order to check the influence of the decanning on
stresses in the component.

4.3.4. Material models and parameters

The thermo-elasto-plastic material properties of the used materials CuCrZr,
steel 316L, CFC-NB31 and AMC-OFHC-Cu, are taken from Plansee internal
files. Note that all the metallic constituents of the divertor component are
allowed to deform plastically (piecewise linear stress strain curves and
isotropic hardening is assumed throughout). Furthermore, the CFC material is
assumed to behave orthotropic with respect to the mechanical and thermal
material response (no inelastic deformations allowed).

4.3.5. Damage relevant criteria and parameters

Within the present framework of the DoE-FEM approach computations of
damage initiation and propagation in the materials being used are not the
objective. However, some simple criteria with respect to load bearing
capacities of the CFC and the HIP interface including the corresponding
critical stress parameters are necessary for serving as quality relevant input
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parameters for the DoE-FEM approach. With respect to CFC two main
damage characteristics for multiaxial but monotonic loading can be identified:
Failure due to pronounced uniaxial tensile or compressive loading captured
by a simple maximum principal stress criterion and deterioration due to
pronounced tensile or compressive hydrostatic stress states (mainly as a
consequence of the CFC's porous microstructure). The resistance of the HIP
interface with respect to normal and tangential decohesion is also captured
by simply comparing the evolving interface stress components during the
HIP operation for the different models.

4.4. Results of the FEM calculation

evolution of max. principal stresses in C/C
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Figure 4a: Calculated evolution of the maximum principal stresses at five points
in the CFC body at the AMC/CFC interface.
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Figure 4b: Calculated distribution of the maximum principal stresses in the CFC body during HIP at
480°C and after decanning at room temperature.

In this section only results of a single finite element model representing a
single parameter set are discussed. Fig. 4a shows a typical evolution of max.
principal stresses in the CFC body close to the CFC/AMC-OFHC interface at
five sites around the drilling hole of the CFC body as indicated in the contour
plots of fig 4b. Note that time t as used here represents a counting parameter
due to computational reasons only (the problem itself is time-invariant):

• 0<t<100: loading (increase of pressure and temperature simult.)
• 100<t<200: temp, and pressure kept constant, change of

properties of the HIP interface in the model
• 200<t<300: unloading (decrease of temp, and pressure simult.)
• 300<t<400: decanning procedure

It is worth noting that the strongly non-linear behavior of the principal stresses
particularly at the beginning of the HIP procedure is mainly due to changing
contact conditions between can/CFC and AMC/tube. As can be seen from the
contour plots in fig. 4b maximum principal stresses of 102MPa have to be
expected at 480°C. Note that this stress level is the highest one occurring in
the whole CFC body over the whole HIP cycle. After decanning at ambient
the maximum principal stress decrease to 77MPa the latter being strongly
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localized at the CFC/OFHC interface.

evolution of hydrostatic pressure in C/C

ro
a.
*E

u
re

CO
CO

Q .

ta
ti

CO

e

200

180

160

140

120

100

80

60

40

20

0

-20

-40

HYD1
HYD2
HYD3

HYD4
HYD5

100 200

time

300 400

Figure 5a: Calculated evolution of the hydrostatic pressure at five points in the CFC body at the
AMC/CFC interface during HIP.
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Figure 5b: Calculated distribution of the hydrostatic pressure in the CFC body during HIP at 480°C
and after decanning at room temperature.

Pronounced hydrostatic stress states appear during unloading and
decanning, see figs. 5a and 5b, respectively. These stresses are firmly
localized and it may therefore be concluded that no deterioration of the CFC
material has to be expected.

The history plot in fig. 6 indicates clearly the evolution of contact stresses at
the CuCrZr/AMC interface during the HIP cycle. As shown in the
corresponding contour plots a maximum contact pressure of approximately
100MPa over the full circumferential direction is detected at 480°C. Thus, a
well established interface joint has to be expected. After decanning these
stresses show rather pronounced fluctuations in circumferential direction.
Note that the interface now is totally under tensile normal stresses with a
maximum around 70MPa.
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evolution of CuCrZr/OFHC contact pressure
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Figure 6: Calculated evolution of interface contact pressure at five points of the AMC/CuCrZr-
interface during HIP (upper) and calculated distribution of interface contact pressure at 480°C
during HIP and at room temperature after decanning (lower).
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4.5. Results of the DoE evaluation

Here, we show the functional dependencies between the influence
parameters and the quality relevant parameters as evaluated with the DoE
software. /
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Figure 9: Predicted interaction graphs for the max. contact interface pressure and tension,
respectively (at the tube/AMC interface), vs. influence parameters at 480°C (upper) and at room
temperature after decanning (lower) obtained via the DoE-FEM approach.
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4.6. Optimum parameter set

Via the above investigations a unique parameter set could be identified with
respect to influence parameters with simultaneously minimized stresses in
the CFC body, maximized HIP interface contact pressure at480°C, and
minimized HIP interface contact stresses after decanning. This parameter set
is defined as follows:

• HIP pressure: " 1 "
• initial clearance tube/AMC: "0.5" or higher
• thickness can: " 1 "
• HIP temperature/pressure unloading "0"
• initial clearance CFC/can "0" or " 1 "

This parameter set has been proved successfully in the manufacturing of
several prototype as well as full-scale components, respectively, of the ITER
Divertor Baffle, see fig. 10.

Figure 10: Full-scale ITER Divertor Baffle components with CFC monoblocks joined onto CuCrZr
tubes via a Low-Temperature Solid-HIP process. Processing and design parameters, respectively,
according to the results of the combined DoE-FEM parametric study.

5. Conclusions

The proposed DoE-FEM design strategy for the Solid HIP joining process of
AMC CFC monoblocks onto CuCrZr tubes has been proved as a powerful
and efficient tool in manufacturing process development. Although the
adopted DoE approach requires a minimum amount of input (proper definition
of quality relevant parameters, a priori assumptions on the interaction
behavior between individual influence parameters, etc.) it yields the functional
dependencies between the quality relevant parameters and all the influence
parameters in a straight forward manner without the necessity of running an
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experimental program with a full permutation over the whole parameter
range. Additionally, the numerical character of the individual FEM based
experiments allows the very efficient running of individual experiments in view
of consumed time and costs all that within the frame of achievable accuracy
from a computational standpoint of view.
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Summary

Compatibility of sputtered tungsten(W) films on lithium titanate (Li2Ti03,
tritium breeding materials) fused crystals was examined by Rutherford
backscattering spectroscopy (RBS). After heating W films on the crystals
at 773 К for 1200 s in vacuum of 10"6 Pa, some of W atoms migrated to the
Ы2ТЮз crystals, while neither titanium(Ti) nor oxygen(O) atoms diffused into
the W film. After further heating from 2400 s to 7200s, this W behavior was
accelerated and both titanium(Ti) and oxygen(O) atoms diffused into the W
film.

Keywords:

Rutherford Backscattering Spectroscopy, Tritium Breeding Materials,
Tungsten, Solid State Reaction, Diffusion

1. Introduction

Lithium titanate (U2TIO3) is a promising candidate for tritium breeding
materials of a controlled thermo-nuclear reactor(CTR) because of its low
activation, excellent tritium performance, chemical stability, etc. [1,2]. The
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breeding materials will be used in a metallic blanket vessel at elevated
temperatures during operation of CTR, and detailed data on compatibility of
Li2Ti03 with possible metals or metallic alloys are required. Although Li2Ti03

is used in sintered state, some data obtained by single crystals will be useful,
because of possibility of columnar and equiaxed grain growths due to pore
and bubble migration in sintered pellets similar to those in oxide fuels for light
water atomic power reactors. Tungsten(W) is selected as metallic materials,
since W is one of the typical refractory materials. In the light of this
background, preliminary study of the compatibility at 673 K (400 ) and 723
K(450 °c) was performed for W sputtered films on the Li2Ti03 crystals[3,4].
In this report, some results obtained at 773 K (500 °c) are presented.

2.Experimental

Since Li2TiO3 shows poor compatibility with commercially available
crucibles, the floating zone method(FZ) with a crucible free technique from the
melt was employed. The apparatus is an infrared imaging furnace with two
halogen lamps as the radiation source (Nichiden Machinery, Ltd. Inc.,
SC-M15HD). Commercially available Li2Ti03 powder(99% pure, Kanto
Chemical Co.,Inc.) was pressed into a cylindrical rod (about 6 mm in diameter,
60 mm in length) by a hydrostatic press under a pressure of 2x108 Pa and
sintered at 1073 K for 30 minutes in air. One of these rods was used as a
feed rod and the other as a seed one. The feed rod was suspended coaxially
in the center of a silica glass tube, while the lower seed rod was fixed coaxially
by a chuck. The 500 watts input power of each halogen lamp was most
suitable for maintaining the molten zone stably in argon atmosphere at the
bottom of the feed rod located at the focus of the ellipsoidal reflection mirrors.
Growth was started by melting the tips of the two rods which were brought
together to form a molten zone. The feed rod was moved downward
gradually so as to establish contact between the molten zone and the seed
rod. The growth rate tried was 3 mm/h. In order to stir the molten zone, the
feed rod and the seed were rotated in opposite directions at 30 rpm and 20
rpm respectively. As-grown crystals are about 5 mm in diameter and 30 mm
in length. The as-grown crystals were annealed at 1173 K for 1 h in air, since
they showed black color due to color centers induced by reduction during
fabrication. After annealing, the crystal color looked opaque. The x-ray
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powder diffraction patterns of the as-received powder, grinding powder of the
as-grown crystal and grinding powder of the annealed crystals showed the
same diffraction pattern of the typical monoclinic crystal structure (the lattice
parameter: a=0.5401 nm, b=0.8806nm and c=0.9727nm). The microstructure
observations by an optical microscope showed some grains, the sizes of
which were about 1 to 2 mm. Optical absorption spectra of the annealed
Li2Ti03 crystals(5 mm in diameter and 0.5 mm in thickness ) showed a strong
absorption band above 4.1 eV (300 nm), which seems to be a fundamental
optical absorption edge, together with a relatively sharp peak like an exciton
band. The fused rod of 5 mm in diameter was cut into a disk of 1 mm in
thickness. A W film of about 100 nm in thickness was sputtered on the disk
with a magnetron sputtering apparatus (ANELVA Co. STC-350UHV) after
polishing the surface of the disk.

After making 100 nm W films on one side of the Li2Ti03 disk, RBS with 2
MeV 4He was applied by Tandetron accelerator of Institute for Materials
Research, Tohoku University to investigate W, titanium (Ti) and oxygen (O)
depth profiles in the samples. The effect of heat treatment time on the
interface reaction was examined at 773 K (500 °c) in a high vacuum of 10"6 Pa
in a chamber, where the RBS was measured at room temperature after
cooling down the samples.

3.Results and Discussion

Fig.1 shows RBS spectrum for the W sputtered film on the Li2Ti03 fused
crystals, where the thickness of the sputtered W film is about 100 nm which
was estimated based on the surface energy approximation [5]. The Ti and
the O edge of the Li2Ti03 fused crystals are shifted to lower energy side by the
stopping cross section of W. Fig.1(b) shows RBS spectra at room
temperature (RT) after heating the at 773K (500 °c) 1200 s (20min) in vacuum
of 10"6 Pa. Watching Fig.2 carefully, in the W spectrum a decrease in the
intensity of the lower energy side are observed. In terms of the Li2Ti03

substrate, the Ti and the O edge keep unchanged. These results suggests
that (1) some of W atoms migrate into the Li2Ti03 substrate and the density of
W atoms near the interface decreases and has some concentration gradient
of W atoms in the W thin film and (2) both of Ti and O atoms near the interface
does not diffuse into the W film. This result is in contrast to the cases at 673
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0.5 1 1.5 2
Energy(MeV)

Fig.1 The backscattering spectra at
e =170° for 2.0 MeV He ions
incident on the W sputtered
films (100 nm thick) on a Li2Ti03

fused crystal before heat treatment.

2000

0.5 1 1.5 2
Energy(MeV)

Fig.2 After heating at 773 K (500°c)
for 1200 s in vacuum of 10"6 Pa.

0.5 1 1.5 2
Energy (MeV)

Fig.3 After heating at 773 K (500°C)
for 2400 s in vacuum of 10"6 Pa.

0.5 1 1.5 2
Energy(MeV)

Fig.4 After heating at 773 K (500°C)
for 7200 s in vacuum of 10"6 Pa.

K [3] and at 723 K [4], where the reaction rates are much slower than those at
773 K. After further heating the samples to 2400 s(40 min) and 7200 s (120
min) at 773 K ,this reaction is accelerated as shown in Figs.3 and 4, although
it is difficult to clarify detailed behavior for Ti and O because of the scattering
data. From these figures any behavior of Li atoms is not known, although Li
atoms may play an important role on these reactions. The methods of the
6Li(d,a)4He, the 7Li(p, a)4He reaction or the proton or havier atoms than
lithium elastic scattering by Li atoms can provide an absolute depth profile[5].
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Another method is to use the thermal neutron-induced reaction of 6Li(n, a)T.
Study of Li distribution profiles in the samples is now in progress using the
oxygen elastic scattering method.

4.Summary

The following points were noticed from the experimental results of
compatibility of the Li2Ti03 fused crystal with the sputtered W films by
Rutherford backscattering spectroscopy. For the W film samples, after
heating at 773 K (500 °c) for 1200 s in vacuum of lO^Pa, (1)Some of W
migrated to the Li2Ti03 crystal. (2)Neither Ti nor O atoms diffused into the
W film. (3)After further heating to 2400 s and 7200 s, this behavior of W
was accelerated, and those of Ti and O were not known.
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Summary

This work is part of the BRITE / EuRAM Project "Development of Torsional
Grain Structures to Improve Biaxial Creep Performance of Fe-based ODS
Alloy Tubing for Biomass Power Plant". The main goal of this project is to
develop heat exchanger tubes working at 1100°C and above.

The paper deals with design implications of a biomass power plant, using an
indirectly fired gas turbine with a high temperature heat exchanger containing
Fe-based ODS alloy tubing. In the current heat exchanger design, ODS alloy
tubing is used in a radiant section, using a bayonet type tube arrangement.
This enables the use of straight sections of ODS tubing and reduces the
amount of material required.

In order to assess the potential of the power plant system, thermodynamic
calculations have been conducted. Both co-generation and condensing
applications are studied and results so far indicate that the electrical
efficiency is high, compared to values reached by conventional steam cycle
power plants of the same size (approx. 5 MWe).

Keywords

Biomass, efficiency, PM2000, ODS alloy, indirectly fired gas turbine.

1. Introduction

There is presently a strong commitment, in Europe and in other parts of the
world, to renewable energy generation as a means to reduce CO2-emissions.
Technologies and efforts for developing biomass-fuelled plants with higher
energy conversion efficiencies are, hence, essential.
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Advanced, large-scale indirectly fired Combined Cycle Gas Turbine (CCGT)
systems offer overall energy conversion efficiencies of 45 % and above,
compared with approximately 35 % for conventional biomass steam plants.
However, to attain this level of efficiency in an indirectly fired CCGT, it is
required to develop a heat exchanger capable of operation at temperatures
and pressures of above 1100°C and 15 -30 bars, respectively.

Hence, a project group1 has been formed to conduct the BRITE / EuRAM
Project "Development of Torsional Grain Structures to Improve Biaxial Creep
Performance of Fe-based ODS Alloy Tubing for Biomass Power Plant",
Project No.: BE97-4949. The project is partly financed by the European Union
and the main goal is to develop heat exchanger tubes working at 1100°C and
above.

As a part of this project, Sydkraft and Mitsui Babcock have investigated the
feasibility of using these tubes in an advanced, indirectly fired combined cycle
power plant fuelled by biomass. This paper deals with the preliminary results
of this investigation.

Other parts of the project, not presented here, include material tests, material
and tube manufacturing and field tests of tubes.

2. Power plant configuration

The prevailing method for generating electricity from biomass is combustion
of solid wood to produce steam for a steam turbine. For modern small-scale
plants ( 5 - 1 0 MWe) the electrical efficiency is typically 25 - 30 %. In a co-
generation application with production of hot water for district heating, the
electrical efficiency is normally 3 - 5 percentage points lower. To improve the
electrical efficiency, research and development is conducted to enable the
use of biomass as a fuel for gas turbines. Possible approaches are indirectly
fired gas turbines, direct combustion of wood powder in the gas turbine
combustor, or gasification and subsequent combustion of the generated
syngas.

1 Plansee GmbH, MSR GmbH, Mitsui Babcock Energy Limited, Sydkraft AB, University of
Liverpool, Risoe and University of Cambridge.
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Indirectly (or externally) fired gas turbines differ from conventional gas
turbines in that the products of combustion do not enter the expander. This is
shown in Figure 1. Another difference is that the combustion in the indirectly
fired case takes place at atmospheric conditions.

Fuel (natural gas) Fuel

Flue gas \ ^ | A i r

Flue gas

Conventional gas turbine Indirectly fired gas turbine

Figure 1. Conventional and indirectly fired gas turbines.

Conventional gas turbines require very clean fuels in order to avoid fouling,
erosion or corrosion of the hot parts in the expander. The limits for
particulates and alkali species in the working gas are normally on the ppm
level. The advantage of the indirectly fired approach is that solid fuels can be
used without any risk of damage to blades and vanes in the expander.

Indirectly fired gas turbine cycle systems can be arranged either as serial-
coupling systems or as parallel-coupling systems. In a serial-coupling system,
the exhaust gas from the gas turbine is used as preheated combustion air for
the solid fuel combustor. This results in high-temperature heat being
recovered into the gas turbine.

In a parallel-coupling system, on the other hand, heat in the gas turbine
exhaust gas is recovered only in a bottoming system. Combustion air is then
provided by means of a separate fan. Schematic pictures of these coupling
modes are given in Figure 2.

The systems studied in this work are all designed as serial-coupling systems,
i.e. gas turbine exhaust gas is used as preheated combustion air in the solid
fuel combustor. However, only a fraction of the gas turbine exhaust flow is
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used as combustion air. The rest of the gas turbine exhaust bypasses the
combustor and mixes with the flue gases downstream of the combustor.
Residual heat in this mixed gas flow is then recovered in a bottoming steam
cycle.

Solid fuel combustor and high
temperature heat exchanger

Serial-coupling system Parallel-coupling system

Figure 2. Different layouts of indirectly fired gas turbines.

Serial coupling is thermodynamically advantageous since heat in the gas
turbine exhaust is recovered at the highest possible temperature level. The
reason for not using the entire gas turbine exhaust flow as combustion air is
that only a limited amount of heat is required to heat the compressed air in
the high temperature heat exchanger. Any additional heat from solid fuel
combustion is recovered in the bottoming system, at lower efficiency. Using
more of the exhaust flow to burn more fuel is, hence, of no interest.2

The systems studied are based on a fictive gas turbine with performance data
similar to VT4400 from Volvo Aero Corporation. Performance data for this
machine, at ISO conditions3 and natural gas fuel, are presented in Table 1.

Modelling of the gas turbine in externally fired applications is based on this
information. It has been assumed that the mass flow through the turbine is to
be kept at design value. It has also been assumed that the polytropic
efficiencies for both turbine and compressor are the same as in the design
case. Based on design data, these efficiencies are estimated to 0.850 for the
compressor and 0.859 for the turbine.

2 This is unless a higher output is required from a system with a given gas turbine.
3 15°C, 1.013 bar, 60 % relative humidity.
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Output
Thermal efficiency
Compressor inlet air flow
Compressor pressure ratio
Exhaust temperature
Compressor outlet temperature*
Turbine entry temperature*
Cooling flow, as fraction of
compressor air flow*

4.4 MW
30.5 %

19.7 kg/s
12.2

474°C
385°C
1085°C

10-15%

Table 1. Performance data for selected gas turbine at ISO conditions and natural
gas fuel. *Estimated by Sydkraft, not given in public sources.

The cooling flow to the gas turbine expander, presented as percentage of
design compressor flow, has been estimated to 12.5 %. The resulting cooling
mass flows are kept constant in the calculations.

An externally fired combined cycle (CC), based on this gas turbine, has been
modelled and calculated by means of the software PROSIM, developed by
Endat Oy, Finland. Calculations have been performed for both condensing
and co-generation units.

Co-generation is in this context equivalent with production of hot water for
district heating. The co-generation system has been designed to give
maximum electrical efficiency, given the limits imposed by the temperature
levels in the district-heating network. The supply/return temperatures are
assumed to be 90/45°C.

The model fuel used in the calculations is wood powder with a very low
moisture content, 3%. Hence, starting from raw wood chips, both size
reduction and extensive drying is required. These operations have not been
included in the studied power plant concepts. It is, however, possible to
integrate a dryer, using steam or low temperature heat in the flue gases to dry
the fuel.

3. High-temperature heat exchanger

Since the thermodynamic efficiency of the gas turbine cycle depends on the
gas temperature and pressure at the expander inlet, a heat exchanger that
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can withstand high temperatures, in a chemically rather harsh environment, is
required. The original specifications for the heat exchanger included a duty of
approximately 14 MWthl an increase in air temperature from 385°C to 1085°C
and a pressure of about 12 bar(a) on the air side, in order to comply with the
data for the chosen gas turbine. In order to reach the final air temperature of
1085°C, the Fe-based ODS alloy PM2000, which can be used at material
temperatures of up to 1100°C4, is to be used in the high temperature part of
the heat exchanger. In the low temperature part, where air is heated from
385°C to approximately 650°C, austenitic and ferritic tube materials can be
used instead.

The fuel, dry wood powder, can be burnt with a low percentage of excess air.
It does, however, have a high adiabatic flame temperature. Preheating the
combustion air or using air that has passed through the gas turbine will in-
crease the flame temperature even further, but this is necessary to get a high
performance according to discussions in the previous section. The wood
powder has low ash content and a melting temperature of ash of around 1250
- 1300°C. This means that the flue gas temperature should be kept below
1200°C to avoid having molten ash in the heat exchanger. The conclusion
was that the flame has to be cooled either by radiation in a cooled
combustion chamber or by flue gas re-circulation.

Initial calculations showed that a design with a cooled combustion chamber
required less ODS material than a design with flue gas re-circulation. There-
fore, a design with heat transfer to the pressurised air in two separate heat
exchangers was chosen. The high temperature part is a radiant section
where ODS material is used for the tubes. The second part, working with a
flue gas temperature below 1200°C, is in the form of three conventional
convective banks of the cross flow type, with tubes of austenitic and ferritic
material.

The present design of the high temperature heat exchanger is based on a
small square furnace enclosure (3x3 m) with a vertical burner at its centre
and panels of free-hanging ODS tubes (approx. 6 m long) at the walls. The
radiant section dimensions were based on the required heat transfer area
with assumptions regarding slagging and fouling. The height of the radiant

4 Normally, this material is highly anisotropic, exhibiting its best mechanical properties in
the axial direction. Work is, however, conducted within the aforementioned BRITE /
EuRAM Project to improve the material's properties in the circumferential direction.
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section depends on the flame length and the maximum allowable flue gas exit
temperature.

The ODS alloy is restricted in its applications by its mechanical properties.
For example, it cannot accommodate bending, it is difficult to weld and the
tube length is limited with the present manufacturing method. To overcome
these problems, the design of the radiant section uses a bayonet type tube
arrangement with an outer tube of PM2000 material and an inner tube of
ceramic material, Figure 3. This enables straight sections of PM2000 tubing
to be used and reduces the amount of material. The arrangement also means
that the tubes are top-supported and allowed to expand individually without
constraints. To facilitate assembly and tube exchange, the tubes are
connected to the header via threaded connection pieces.

Header
arrangement

Tube
arrangement

fSfffSfStffff

Air in

Ceramic

PM2000 material

Figure 3. ODS bayonet tube arrangement.

The combustion chamber is followed by a convective heat exchanger. The
design is such that conventional materials can be used in this area. However,
the outlet flue gas from the radiant section of the furnace will enter the first
convective bank at a temperature of 1200°C. Hence, rapid fouling of the hot
end of the convective bank must be expected. The convective bank is,
therefore, designed with wide tube spacing and soot blowers located between
adjacent tube banks, to allow on-line cleaning.

Figure 4 shows the layout of the complete heat exchanger.
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expander

Convective banks
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Radiant heat exchanger
with ODS tubes
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Air from GT
compressor

Figure 4. Layout of high temperature heat exchanger.



F. Olsson et al. RM20 147
15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

The layout is a result of an iterative process, where results from thermo-
dynamic cycle calculations at Sydkraft have been used as input for the heat
exchanger design work at Mitsui Babcock and vice versa. The result of this
process is a heat exchanger design with the following characteristics.

Radiant section
Air inlet temperature (°C)
Air outlet temperature (°C)
Air side pressure drop (bar)
Flue gas pressure drop incl.
burner (bar)
Convective section
Air inlet temperature (°C)
Air outlet temperature (°C)
Air side pressure drop (bar)
Flue gas pressure drop (bar)

656
1013
0.59
0.03

384°C
656°C
0.085
0.0003

Table 2. High temperature heat exchanger data.

Due to the limitation of the maximum temperature in the PM2000 material
(1100°C), the final air temperature is 1013°C instead of the desired 1085°C.
This is the result of an optimisation of air temperature versus pressure drop.
In the heat exchanger the heat transfer is increased by higher air velocity.
Higher heat transfer means smaller temperature difference between heat
exchanger material and air and, thus, means that a higher air temperature out
from the heat exchanger can be reached. This would be beneficial for the gas
turbine efficiency. Higher air velocity, however, also means higher pressure
drop, which results in lower gas turbine efficiency.

4. Overall plant performance

The power plant concept studied is based on a combined gas and steam
turbine cycle. In this section the calculated values of output power and
efficiency for condensing and co-generation units are presented.

Design properties for the gas turbine were presented in Table 1. The major
difference in the indirectly fired configuration calculated here is that the
turbine entry temperature is decreased to 1013°C, in order to comply with the
specifications of the ODS heat exchanger. Other differences, compared to
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design specifications, are increased pressure drops between compressor and
turbine and at the turbine outlet.

As was mentioned above, a serial-coupling system is applied. Hence, part of
the exhaust gas (air) leaving the gas turbine is used as preheated combustion
air in a wood powder burner. In order to introduce the wood powder into the
combustion chamber, additional air supplied by means of a roots blower, is
used to convey the wood powder to the burner.

4.1 Base case condensing unit

This system is presented in Figure 5, which is a simplified drawing taken from
the Prosim software.

Gas turbine

Convective HX Super-
heater

Econorniser

r^-k Flue gas

Condensate heater

Figure 5. Indirectly fired combined cycle, base case condensing unit.

After heating the high pressure air in the high temperature heat exchanger,
the combustion gases are mixed with the excess air from the gas turbine
exhaust. The remaining heat in these flue gases is used to produce steam in
a single-pressure heat recovery steam generator (HRSG). The steam is
expanded in a steam turbine with an extraction for feed water deaeration. In
order to recover more energy from the flue gases, a condensate heater is
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added between the economiser and the stack. This reduces the amount of
steam extracted from the turbine.

To perform the calculations, a number of input parameters have to be
assigned proper values. In appendix A, the most important input parameters,
and the values used in these calculations, are presented. The air temperature
at the ODS heat exchanger outlet, and the pressure drops in the radiant and
convective heat exchanger parts, are results from the heat exchanger design
presented earlier.

The electrical efficiency of this system varies slightly with live steam pressure.
With the present live steam temperature, 428°C, the maximum is close to 16
bar and, hence, this value is chosen. The resulting steam flow is only 2.20
kg/s.

The gas turbine output is 3.01 MWe and the steam turbine output 1.70 MWe.
Taking into account the roots blower and pump work, the net output is 4.67
MWe. Based on the lower heating value of the fuel, the resulting electrical
efficiency is 34.8 %.

The gas turbine output is considerably lower than the design value presented
in Table 1. This is due to the decreased turbine inlet temperature and the
increased pressure drops.

4.2 Base case co-generation unit
This system is very similar to the system presented above. The main
difference is that the condensate heater has been substituted by a heat
exchanger for district heating water. This heat exchanger is connected in
series with the condenser, where the pressure is now higher than in the
system for power production only (0.48 bar versus 0.042 bar).

The electrical efficiency of this system also varies slightly with live steam
pressure. With the present live steam temperature, 428°C, the maximum is
close to 24 bar and, hence, this value is chosen. The resulting steam flow is
2.10 kg/s.

The gas turbine output is 3.01 MWe and the steam turbine output only 1.14
MWe. The net electrical output is 4.10 MWe and the heat output is 7.13 MJ/s.
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Based on the lower heating value of the fuel, the resulting electrical efficiency
is 30.6 % and the total fuel utilisation is 83.7 %.

4.3 Topping combustion, condensing unit

Presently, the air temperature at the high temperature heat exchanger outlet
(1013°C) is lower than the design value of the gas turbine inlet temperature.
In order to utilise the full potential of the gas turbine, the addition of a natural
gas fired topping combustor has been investigated. As presented in Figure 6,
a fraction of the airflow is bled from the outlet of the convective heat
exchanger and used to burn natural gas in a separate combustor. The flow is
adjusted so that the final air temperature, after mixing with the air from the
radiant section, is 1085°C. This is consistent with the design value of the gas
turbine inlet temperature.

1085 C ••

Figure 6. Integration of a natural gas fired topping combustor.

The reasons for taking only part of the air-flow to the topping combustor are
that the inlet air temperature is lower, the resulting pressure drop is lower,
and it is possible to have a near stoichiometric combustion.

Another option is to extract air for the topping combustor immediately after
the compressor. This would, however, increase the amount of natural gas
required, since the air would then be colder.
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Input parameters for this system are presented in appendix A. As a result of
the increased gas turbine inlet temperature, the outlet temperature and,
hence, the steam temperature out from the super-heater have been
increased. The steam turbine inlet temperature is 460°C and the steam flow
is 2.45 kg/s.

The gas turbine output is 3.63 MWe and the steam turbine output 1.98 MWe.
The net output is 5.57 MWe. Based on the lower heating value of the fuel, the
resulting electrical efficiency is 37.4 %. The amount of natural gas added in
the topping combustor corresponds to 13.4 % of the total fuel input.

The gas turbine output is still lower than the design value presented in Table
1, even though the turbine inlet temperature is at design value. The reasons
for this are the increased pressure drop between compressor and turbine,
and the increased pressure at the gas turbine outlet.

4.4 Topping combustion, co-generation unit

Finally, a co-generation unit with a topping combustor has been studied. The
result is a gas turbine output of 3.63 MWe and a steam turbine output of 1.32
MWe. The net electrical output is 4.91 MWe and the heat output is 7.69 MJ/s.
Based on the lower heating value of the fuel, the resulting electrical efficiency
is 33.0 % and the total fuel utilisation is 84.7 %. Again, the amount of natural
gas added in the topping combustor corresponds to 13.4 % of the total fuel
input.

5. Discussion

Using ODS alloy tubing, it is possible to design a high temperature heat
exchanger operating with metal temperatures of around 1100°C. The
proposed design consists of a radiant section, where ODS material is used
for the tubes, and a convective section using conventional tubing materials.

The results of the thermodynamic calculations, summarised in Table 3,
indicate that the indirectly fired gas turbine systems have a potential for
comparably high electrical efficiencies. The corresponding figure for a
condensing steam cycle power plant of this size is normally around 25 %.
Hence, the development of a high temperature heat exchanger could make
an important contribution to the development of systems converting solid
fuels to electricity with high efficiency.
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Base case,
condensing
Base case,
co-generation
Topping
combustion,
condensing
Topping
combustion,
co-generation

Electric
output
(MW)
4.67

4.10

5.57

4.91

Heat
output
(MJ/s)

-

7.13

7.69

Electrical
efficiency

(%)
34.8

30.6

37.4

33.0

Fuel
utilisation

(%)
34.8

83.7

37.4

84.7

Natural
gas
(%)
0

0

13.4

13.4

Table 3. Thermodynamic performance of studied concepts.

Due to the present limitation of the maximum temperature in the ODS
material, the final air temperature is lower than what was originally aimed for
(1013°C instead of 1085°C). In order to utilise the full potential of modern gas
turbines, further development of the ODS material and the heat exchanger
design is required. Meanwhile, top firing with natural gas is an interesting
option.

This work will continue during 2001 with detailed studies of the heat
exchanger design and its integration with the gas turbine. Also, the economy
of an indirectly fired combined cycle power plant of this type will be assessed.
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Appendix A. Input parameters for the thermodynamic calculations.

High temperature heat exchanger
(radiant + convective)
Heat loss (% of heat transferred)
Air outlet temperature (°C)
Air inlet temperature (°C)
Pressure drop air side (bar)
Pressure drop flue gas side (bar)
Minimum temperature difference (°C)
Burners
Wood powder burner lambda
Natural gas burner lambda
Natural gas burner heat loss (%)
Gas turbine
Expander inlet temperature (°C)
Inlet pressure drop (%)
Steam cycle
Live steam pressure (bar)
Superheater min. temp. diff. (°C)
Evaporator pinch-point (°C)
Economiser approach temp. (°C)
HP turbine isentropic efficiency
LP turbine isentropic efficiency
Feed water tank pressure (bar)
Condenser min. temp. diff. (°C)
District heating heat exchanger min.
temp. diff. (°C)
Generators
Gas turbine generator efficiency
Steam turbine generator efficiency

Base case,
condensing

1.5
1013
384

0.915
0.08
75

1.10
-
-

1013
1

16
30
15
10

0.65
0.75
1.21

5
-

0.965
0.96

Base case,
co-

generation

1.5
1013
384

0.915
0.08
75

1.10
-
-

1013
1

24
30
15
10

0.65
0.75
1.21

5
15

0.965
0.96

Topping
combustion,
condensing

1.5
1013
384

0.915
0.08
75

1.10
1.02

1

1085
1

16
30
15
10

0.65
0.75
1.21

5
-

0.965
0.96

Topping
combustion,

co-
generation

1.5
1013
384

0.915
0.08
75

1.10
1.02

1

1085
1

24
30
15
10

0.65
0.75
1.21

5
15

0.965
0.96
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Performances of Novel Integral Tungsten-copper
Contact under Load Service Tests

Yin Weihong Tang Huiping Teng Xiuren
Northwest Institute for Nonferrous Metal Research

P.O.Box 51, Xi'an, Shaanxi, 710016, P.R.China

Summary:

A novel electrical W20Cu(W-20wt%Cu) integral contact was prepared by useing of

the tungsten powder with proper powder characteristics and pure copper, and

adopting of an infiltrating-casting process. While the desired performances, such as

density, tensile strength, specific resistance and microstructure etc.,were integrated

by reccessary examing and evaluating, the load service tests, mainly including

mechanical endurance test, temperature rise test, switching on -off capacity test and

dynamic-thermal stability test etc. were conducted. The results indicate that no

bending, no deforming, no or only slight cracking appear in the contact materials

after the above-mentioned service tests, which meet full requirements of high

performance electric contacts in power engineering.

Keywords:

W-Cu contact, mechanical endurance, temperature rise, switching on-off capacity,

dynamic-thermal stability

1. Introduction

Tungsten-copper contact materials integrate the good electric conductivity and

thermal conductivity of copper with wear-resistance and weld-resistance of tungsten,

therefore, find an extensive application in the field of high power oil and air breakers
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as well as SF6 breakers of electric power engineering.

Tungsten-copper material performances include regular properties, such as mechanical

properties, physical properties and microstructure etc., and load service performances,

such as switching on-off capacity, dynamic-thermal reliability, mechanical endurance

and temperature rise etc. The regular properties are the base of the load service

performances, and they are possessed of much practical significance. The purpose of

the present investigation is to prepare a novel integral electric W-20wt%Cu contacts

with desired regular properties, then to conduct their load service test and to examine

their engineering power performances so as to provide the reliable base for direct use

of the materials.

2. Experiment and results
2.1Preparation of integral contact

The preparation flowsheet was as follows:

Powder(W)-press-sinter-skeleton-Cu-infiltrating-contacts

On the base of the previous investigation[l,2],the following technological parameters

were adoptied for producing of W-20wt%Cu contacts.

Starting materials included the tungsten powder with 7.9 u m particle size and proper

particle size distribution,copper with 99.9% purity.

Press pressure: 200MPa~300MPa

Sintering for W skeleton: 1650°C~1700°C,2h,H2

Infiltrating-Casting on copper backing:1250°C~1350°C,0.5h~1.0h, in H2.

2.2Examining of regular properties

The properites of W-skeletons and W-20wt%Cu contacts are shown in table 1 and

table 2, respectively.

X-ray detection photo of integral contact after handling of infiltrating-casting on
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copper backing is shown in Fig.l, and the joint layer between W20Cu composite and

Cu support is shown in Fig.2.

Tablel. DataofW-skeleton

Porosity of W-skeleton, %

Total Open Close

35.52 35.42 0.10

Relative density

%

64.48

Compressive strength

MPa

228

Table2. Properties of W-Cu Contacts

Composition,%

W Cu

80+120 + 1

Hardness

HB

224

Density

g/cm3

15.6

Tensile strength.

MPa

200-210

Bend strength*

MPa

870

Specific electric

Resistance

v- O.cm

3.83

*as soft state

W20Cu Contact Cu SuDDort
W20Cu

Fig. 1 X-ray detection photo of integral

Contact, XI

2.3Service test run

Fig.2 Joint layer between W20Cu

composite and Cu support X 630

The W-20Cu integral contacts possessed of above-mentioned properties were put into

the following service test runs.

2.3.1 Mechanical endurance and temperature rise tests
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3 movable W-20Cu contacts were installed in phase A, phase B and phase C of less

oil breaker SN,0-10II/1000-31.5, and the mechanical endurance test of 2000 times

was conducted according to the steps shown in table 3, after that, the temperatrue rise

test was done. The direct electric current resistances of the different phases in the

main circuit before the test were RA° =47 u Q,RB° =50 u Q and Rc° =50 u Q

respectively. The rated electric current was 31.5KA. The direct electric current

resistances of the different phases after the test were RA ' =49 u Q ,RB ' =51 v- Q

and Re ' =59 u Q respectively, the results are shown in table 4.

Tabel 3 Operation steps of mechanical endurance test

Operation step

On-15 seconds-off-15 seconds

Off-0.5seconds-on-off-30 seconds-on-30 seconds

Total times of off-on

Operation voltage

min.

rated

mas.

rated

Times

500

500

500

250

2000

Table 4. Temperature rise of W-20Cu contacts

Position of

Measurement

Contact

fingers

Movable

contacts

Phase

A

B

C

A

B

C

Allowed temperature

rise limit, °C

40

40

40

40

40

40

Actually measured

temperature rise after

endurance test, °C

34.4

38.4

38.4

34.4

38.4

38.4

Material

State

qualified

qualified
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2.3.2 Switching on-off capacity test of W-20Cu contacts

The contacts were installed in SNIO-IO(II)

breaker, in which there were 3 phases

corresponding to phase A, phase B and

phase C in electric network, see Fig.3.

Each phase was possessed of one movable

contact and one stationary contact, each of

the stationary contact consisted of 12

contact fingers arranged in cylindrical base

socket, see Fig.4. Under the condition of

10%, 30% 60% and 100% of rated symmetric

on-ofTcurrent(31.5KA), the switching on-off

capacity test was conducted according to

the following steps "off~0.5 seconds—on-

off—180 seconds—on-off', of which the

two steps of 10% and 30% had to be

carried out continuously. The test condition

simulated the limit situation of electric

network operation. The results of switching

on-off capacity test are shown in table 5. Fig 3. SN10-10( II) breaker

Fig 4. Stationary contacts, fingers of which were placed in cylindrical base socket
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2.3.3 Dynamic-thermal stability test

The combined dynamic-thermal stability test was conducted. The movable contacts

and stationary contacts as well as high voltage switching installation required for the

present test were much the same as those required for above-mentioned switching on-

off capacity test. The test results are shown in table 6.

3. Discussion

The experimental results in table 3 and table 4 show that no any abnormal situations

of the contact materials provided, such as bend, upset and cracks etc. appear with the

exception of slight abrasion of their surface after their undergoing the mechanical

endurance test with 2000 tines. The temperature rise of the contacts do not exceed the

allowed limit (40°C).

It is clear to see from table5, although top on-off electric current reaches peak value

of 87.26KA and the maximum symmetric on-off electric current goes up to 3I.4KA,

the contacts demonstrate good electric conductivity at the rated symmetrical current

of 100%. The burn-off abrasion of the contacts at 60% and 100% of the rated

symmetric on-off current is less than that at 10% and 30% of the rated symmetric on-

off current, shown as Fig. 5. This is attributed to the fact, first, the test at 10% and

30% is a twice continuous cycling test, while the test at 60% and 100% is a once

cycling test, secondly, the arc burn off duration at 10% and 30% is almost 1 time

longer than that at 60% and 100%.

10% 30% 60% 100%

Fig. 5. Comparision of arc burn-off abrassion of contacts at different rated on-off electric current
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Net-Like crachs appear on the contact surface after burn off abrassion, showsn as

Fig. 5. The metallograph analysis indicates that most of the cracks extend from the

surface(relatively wide cracks) to the inner(fme cracks), see Fig.6. This is because

there appears the thermal stress in the inner of the contacts under the action of high

temperature arc burn off. The thermal stress squeezes the molten copper from the

capillarity of the tungsten skeleton, thus a thin tungsten layer is formed at the surface

and undergoes high temperature sinter once more in electric arc, which leads to

produce inhomogeneous shrinkage, and the cracks are formed finally. Owing to the

fact that there exists the temperature gradient between the outer and the inner, the

shrinkages on the surface are much more than those in the inner, it leads the cracks to

extend from the outer to the inner.

Fig 6. Metallograph of cracks from the surface to the inner for

W-20Cu contact after arc burn off abrassion X 100

The purpose of the thermal stability test is to test the reliability of the contact material

bearing the electromotive force of shaft current during the specified time. The

dynamic stability is aiming at testing of contact weld-resistant reliability. The

experimental results in table 6 show that the contacts operate well in the condition of

dynamic stable electric current. It means that the contact material has a good weld-

resistant stability.



No

1

2

3

4

IK/Iek %

of rated

symmetric

on-off

current

10

30

60

100

Table 5. Results

Test cycling

Off-0.46s.-on-off-180s.-on-off

Off-0.47s.-on-off-l 80s.-on-off

Off-0.48s.-on-off-180s.-on-off

Off-0.48s.-on-off-180s.-on-off

Frequency

KHz

32.0

23.2

15.3

7.9

of switching on-off capacity test

Amplitude

coefficient

1.7

1.5

1.5

1.4

On-off

current

IK

KA

3.3

9.6

18.5

31.4

electric

Partial

direct-

current, %

<20

<20

<20

<20

Peak

electric

current

KA

7.4

22.2

45.75

87.26

Voltage of

operation

frequency

restoration

KV

11.8

11.8

10.3

9.8

Duration of

arc-burn off

I0"zs

2.25

2.14

1.65

1.33

State of

contacts

OK

OK

OK

OK

a
£.

2.
0)

No.of

test

04

05

Test item

Thermal stability

Dynamic stability

Table 6

Test frequency

Hz

50

50

Results of dynamic-thermal stability test

Phase

A

B

C

A

B

C

Dynamic stable

electric current peak

value, KA

41.5

70.2

68.9

58.2

85.8

85.9

Thermal stable

electric current

KA

33.6

33.0

32.0

41.5

39.7

38.0

Duration of

switching on

Second

2.08

0.30

State of contacts

OK

OK

g.
X
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4. Conclusion

The contact materials having the satisfied regular properties present the qualified

performance of the mechanical endurance, relatively low temperature rise, good

switching on-off capacity and dynamic-thermal stability, and meet fully the

requirements of the application in electric engineering.
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SUMMARY

A series of W-Cu composites were fabricated alternatively by infiltration method
(19-48vol%Cu) or by pressing and sintering method (20-80vol%Cu), and three-point
bend tests were carried out at temperatures between 77 and 363K.
Ductile-to-brittle transition behavior of the composite was investigated and also
effects of Cu content as well as fabrication method on the strength and ductility of the
composite were discussed. Results were summarized as follows. (1) Composite
containing 19-40vol% of copper demonstrated ductile-to-brittle transition behavior.
Transition temperature tended to decrease substantially with increasing Cu content,
though ductility of the composite by infiltration method was much better than that by
pressing and sintering method. (2) Composite containing 48-80vol% of copper did
not demonstrate transition behavior regardless of fabrication method. (3) These
results were well interpreted in terms of microstructure and fractography.

KEYWORDS

W-Cu composites, microstructure, ductile-to-brittle transition, rule of mixtures,
fractography

INTRODUCTION

Tungsten-copper composites containing 10-60vol% of copper are widely used as
electric apparatus such as heavy duty electrical contacts, high current circuit breakers,
resistance welding electrodes and contact tips of arc welding guns, because of
good resistance to arc erosion and welding as well as good wear resistance of
tungsten, and because of excellent electrical and thermal conductivity of copper (1-3).
These composites are also used as heat sinks in electronic packages, because of low
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thermal expansion coefficients (4). More recently W-Cu composites are used as
thermal management and microwave shielding materials, because of high atomic
mass of tungsten (5). For improving properties and performance of composite,
densification of the material should be primarily considered. In these points of
view most researchers have ever tried applying mechanical alloying (5,6) and/or
adding elements such as iron, cobalt, nickel and rare earth metals (3,7).

Effects of fabrication method and conditions, and/or effects of Cu content on the
mechanical properties of the composite are also investigated extensively (1,6,8-10).
It is shown that both hardness and strength generally depend on microstructure and
composition. First hardness and strength increased almost linearly with increasing
volume fraction of tungsten in copper matrix obeying "rule of mixtures". Secondly
the composite fabricated by infiltrating tungsten powder skeleton with liquid copper
demonstrated superior properties to that fabricated by pressing and sintering the
mixed powders of tungsten and copper. However there are not many studies on the
ductility, particularly the ductile-to-brittle transition behavior of the composite.
Furthermore the mechanisms of deformation and fracture of W-Cu composites were
not fully understood.

Pure tungsten (one of BCC transition metals) in the recrystallized state shows no
ductility at and around room temperature and demonstrates ductile-to-brittle
transition behavior. In contrast, copper (one of FCC metals) has quite excellent
ductility even at relatively low temperatures regardless of heat treatment and
demonstrates no ductile-to-brittle transition behavior. In this study a series of
W-Cu composites containing 19-80vol% of copper were fabricated alternatively by
infiltration method (19-48vol%Cu) or by pressing and sintering method
(20-80vol%Cu). Microstructure of the composite was observed by SEM.
Strength and ductility of the composite were evaluated by three-point bend tests at
temperatures between 77 and about 363K, and then its fractography was carefully
examined using SEM. Finally effects of Cu content as well as fabrication method
on strength and ductility of the composite were discussed from the terms of
microstructure and fractography.

EXPERIMENTAL PROCEDURES

W-Cu composites containing 19-80vol% of copper were fabricated by two kinds of
methods. One was infiltration of tungsten powder skeleton with liquid copper.
In this paper this kind of composite was designated as "W-Cu(i)". Copper contents
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were 19, 27, 35 and 48vol% and the porosities were as low as 2-4%. The other
was pressing and sintering of mixed powders of tungsten and copper. In this paper
this kind of composite was designated as "W-Cu(m)" . Copper contents were 20, 40,
60 and 80vol%. The porosities in W-(20-60vol%)Cu(m) were 2-3%, whilst the
porosities in W-80vol%Cu(m) were 7%. Typical size and dimensions of the
composite were 25mm wide, 50mm long and 4mm thick. In this study commercial
pure copper (OFHC) and pure tungsten were also used for reference.

( a ) '

Photo 1 Typical microstructures of W-19vol%Cu(i) (a),
W-35vol%Cu(i) (b), W-48vol%Cu(i) (c) and W-60vol%Cu(m) (d)
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From each composite small specimen was cut out for the microstructural observation
by SEM. The specimen was mechanically polished using emery papers and buff
clothes. Typical microstructures of the composites are follows. In the
photographs dark region indicates Cu-phase including porosities, whist bright region
indicates W-phase. Generally Cu-phase in W-19vol%Cu(i) (Photo l(a)) was
distributed homogeneously and mostly isolated. This result suggests that W-W
contiguity was primary. With increasing Cu content, interconnection of Cu-phase
was frequently observable and hence W-W contiguity decreased as shown in Photo
l(b). In W-60vol%Cu(m) (Photo l(d)), on the other hand, W-phase was isolated
and surrounded by the Cu-phase in contrast to W-19vol%Cu(i). Microstructure of
W-48vol%Cu(i) (Photo l(c)) was just intermediate between that of W-35vol%Cu(i)
and that of W-60vol%Cu(m). It is noted that Cu-phase in W-48vol%Cu(i) was
distributed heterogeneously and local close-packing of Cu-phase was observed.

Three-point bend tests were carried out at temperatures between 77 and about 363K
with a crosshead speed of O.Ollmm/s. Typical size and dimensions of the test
specimen were 4mm wide, 25mm long and 1.5-2.0mm thick. Before each test,
specimen surfaces were polished mechanically using emery papers. From the
load-displacement curve obtained at a given temperature, yield strength(ay),
maximum strength(am) and bend angle(cc) were calculated using the following
equations.

oy,m=3aP/wt2 -(1)
a=2{90 " -[cos\a/(ah(2r+t-d)yi2)+cos\2r+t)/(a2+(2r+t-d)Y2)]} -(2)

vv(mm) is the specimen width and t(mm) is the specimen thickness. 2a(=16mm) is
the span of the supporting pins and 2r(=5mm) is the diameter of the loading and
supporting pins. P(N) is the applied load and d(mm) is the displacement of the
crosshead. Yield strength corresponds to the load at the yield point, whilst
maximum strength to the maximum load in the load-displacement curve. In this
study maximum displacement of the crosshead is mechanically limited and therefore
bend angle of 90 " is defined as "full-bended". For the failed specimen, fracture
surface was carefully examined by SEM, and manner of crack initiation and
propagation was investigated.

RESULTS

1. Temperature dependence of strength and ductility

In Fig.l yield strength and maximum strength evaluated for each composite were
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plotted against the reciprocal of test temperature(7), since it is experimentally
obtained that yield strength is approximately a linear function of (1/7). W-Cu(i)
composites containing 19-35vol% of copper demonstrated ductile-to-brittle transition
behavior. For example, W-19vol%Cu(i) (Fig.l(a)) failed after showing a certain
amount of plastic deformation at temperatures above room temperature, whilst failed
without any ductility at temperatures of <223K. In contrast W-48vol%Cu(i)
(Fig.l(b)) and W-60vol%Cu(m) (Fig.l(c)) failed after showing certain amount of
plastic deformation even at 77K. These results suggest that the composite
containing >48vol% of copper does not demonstrate transition behavior. It is noted
that pure tungsten in recrystallized state failed after showing no ductility at the
temperature as high as 363K, whilst pure copper did not fail, that is full-bended, even
at 77K.

2000 2000

4 6
\/T\

10 12 14 10 12 14

1/7 (lO'K1)

6

l/Ti

10 12 14

Fig.l Temperature dependence of yield and maximum strength for
W-19vol%Cu(i) (a), W-48vol%Cu(i) (b) and W-60vol%Cu(m) (c)
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Effects of fabrication method on the strength and ductility were recognized for the
composite containing 19-40vol% of copper. Generally both strength and ductility
of W-Cu(m) composite were inferior to those of W-Cu(i) composite.

2. Effect of Cu content on the strength and ductility

Yield strength at room temperature was plotted against Cu content in Fig.2.
strength generally decreased with increasing Cu content from 19 to 80voll%.

Yield

2000

1500 -

II
2"53

1000 -

20 40 60 80

Cu content (vol%)
100

Fig.2 Plots of yield strength as a function of Cu content

It is well known that electrical properties such as electrical resistivity and mechanical
properties such as hardness and strength obey the rule of mixtures by the following
equation.

M=MAVA+MBVB -(3)
Here M is the physical or mechanical property of the A-B composite, and MA and AfB
are the properties of the element A and element B, respectively. VA and VB are the
volume fraction of the element A and element B, respectively. Data for W-Cu
composite containing 19-40vol% of copper approximately dropped on the straight
line connecting between data for W-19vol%Cu(i) and data for pure copper. It is
noted that data for pure tungsten was not applicable, since this material failed without
any ductility at the temperature as high as 363K. However data for
W-48vol%Cu(i) and W-(60-80vol%)Cu(m) deviated slightly lower than the rule of
mixtures. Particularly yield strength of W-80vol%Cu(m) was as low as pure
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copper. In Fig.3 slope of the linear relation between yield strength and reciprocal
of temperature as shown in Fig.l was plotted against Cu content. First the slope
tended to decrease substantially with increasing Cu content from 19 to 40vol%
irrespective of fabrication method. Secondly the slope for the composite
containing 48-80vol% of copper was relatively small (<24xlO3MPa • K). It is
interesting that the composite showing very small slope did not demonstrate
ductile-to-brittle transition behavior. It is well known that distinguish temperature
dependence of yield strength closely concerns the transition behavior of bcc metal.

20 40 60 80

Cu content (vol%)
100

Fig.3 Plots of the slope of linear relation as a function of Cu content

Change of maximum strength at room temperature as a function of Cu content was
not monotonous as shown in Fig.4. First the maximum strength for
W-(19-35vol%)Cu(i) was 1400-1500MPa irrespective of Cu content. It is noted
that the maximum strength for these composites corresponded to the fracture strength
and this value was relatively higher than that for pure tungsten (about lOOOMPa).
Secondly the maximum strength tended to decrease with increasing Cu content from
48 to 80vol%. It is noted that the maximum strength for these composites does not
correspond to the fracture strength but to the tensile strength. Effects of fabrication
method on the strength was recognized only for the composite containing 19-40vol%
of copper. It is shown that W-Cu(m) composite had generally lower strength than
W-Cu(i) composite. Additionally data for W-20vol%Cu(m) showed a large
scattering.
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Fig.4 Plots of maximum strength as a function of Cu content

Bend angle at room temperature generally increased with increasing Cu content as
shown in Fig.5. At Cu content between 19 and 35vol%, the bend angle increased
only gradually. However the composite containing >48vol% of copper showed
large bend angle of > 40 ° irrespective of fabrication method.

100

80
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40

20

A W-Cu(i)
• W-Cu(m)
• OFHC

T

20 40 60 80

Cu content (vol%)
100

Fig.5 Plots of bend angle as a function of Cu content
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Effects of fabrication method on the ductility were recognized only for the composite
containing 19-40vol% of copper. W-Cu(m) composite had generally smaller bend
angle than W-Cu(i) composite. It is noted that the composite showing bend angle
of >40 ' did not demonstrate ductile-to-brittle transition behavior.

3. Fractography

(a)

Photo 2 Typical fractography of W-19vol%Cu(i) (a,b),
W-35vol%Cu(i) (c) and W-48vol%Cu(i) (d)
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Typical fractography of W-19vol%Cu(i) was shown in Photo 2(a) and 2(b). The
fracture surface basically consisted of W/W interface (marked by "A" in Photo2(b))
and W/Cu interface including Cu-phase (marked by "B"). With increasing Cu
content, ratio of W-W contiguity decreased, size of isolated WAV interface decreased
and deformation of Cu-phase became heavier (Photo 2(c)). Such a change of
fractography was almost consistent with the change of microstructure. In Photo 1
it is shown that W-W contiguity decreased and interconnection of Cu-phase increased
with increasing Cu content. Fractography of W-48vol%Cu(i) (Photo 2(d)) was
different from that of W-(19-37vol%)Cu(i). WAV interface was rarely observed
and deformation of Cu-phase was much heavier in the former composite.

Effects of fabrication method on the fractography were also recognized. W-W
contiguity in W-40vol%Cu(m) was almost equivalent with that in W-35vol%Cu(i).
However poor sintering of tungsten powder was locally observed.

DISCUSSION

It was reported that hardness of W-Cu composite well agrees with the rule of
mixtures (1,8). The hardness increased almost linearly with increasing Cu content,
though the hardness was also affected by microstructure and porosities. It is well
known that the relation between hardness and yield strength is linear. Thereby it is
deduced that yield strength of the composite agrees with the rule of mixtures. In
this study yield strength for W-Cu composite containing 19-40vol% of copper almost
agreed with the rule irrespective of fabrication method. However composite
containing >48vol% of copper showed generally lower strength than the rule of
mixtures. It is interesting that all the composites satisfying the rule of mixtures
demonstrated ductile-to-brittle transition behavior. Deviation from the rule for the
W-Cu composite containing higher Cu content is interpreted from the viewpoints of
microstructure. As mentioned above, distribution of Cu-phase was homogeneous
in the composite containing 19-40vol% of copper irrespective of fabrication method.
However distribution of Cu-phase in the composite containing >60vol% of copper
was heterogeneous and extensive interconnection of Cu-phase was observed ranging
the whole specimen. In the latter case it is possible that Cu-phase preferentially
deformed plastically without any effect by W-phase. Belk et al. (9) concluded that
cold deformation of composite containing 20-40mass% of copper can be modeled by
the confined deformation of Cu-phase with the tungsten remaining undeformed. In
such a case the composite may show a lower yield strength than that expected by the
rule of mixtures.



Y. Hiraoka et al. RM23 173
15" International Plansee Seminar, Eds. G. Kneringer, P. Rddhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

i

00

Maximum strengthmum

Critical stres:

Critical
temperature

Yield strength

1/T(arb. unit)

Fig.6 Definition of critical stress and critical temperature

Change of maximum strength with increasing Cu content is explained as follows.
W-(19-35vol%)Cu(i) and W-(20-40vol%)Cu(m) composites failed after showing a
small deformation at room temperature and then maximum strength corresponds to
fracture strength. However, fracture strength of a material is represented more
nicely by the critical stress (11). Here the critical stress is defined as the stress at
the critical temperature where yield strength is equal to maximum strength as shown
schematically in Fig.6. The critical stress evaluated for each W-Cu composite was
plotted against Cu content in Fig.7. First it is shown that the critical stress for the
composite containing 19-35vol% of copper was almost constant (about 1550MPa).
W/Cu interface is the weakest site because of mutual insolubility of tungsten and
copper (1). Thereby the crack first initiates from the W/Cu interface, and then
propagates alternatively thorugh W/Cu interface or WAV interface. Fractography
revealed that fracture surface of the composite containing 19-35vol% of copper
consists of WAV and W/Cu interfaces. Ratio of the W/Cu interface increased and
deformation of Cu-phase became heavier with increasing Cu content, though the
W-W contiguity still remained. This result suggests that the crack propagation
might be obstructed by the W-W contiguity and the stress necessary for the further
crack propagation is as high as 1550MPa. Secondly it is shown that the critical
stress for W-Cu(m) composite is relatively lower than that for W-Cu(i) composite.
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Fig.7 Plots of critical stress obtained for the composite
containing 19-40vol% of copper as a function of Cu content

By considering the above discussion, this result suggests that the WAV interface in
W-Cu(m) composite should be weaker than that in the W-Cu(i) composite. The
composite containing >60vol% of copper showed large plastic deformation before
failure and did not demonstrate transition behavior. This result is interpreted as
follows. Microstructural observation for these composites revealed that W-phase
was isolated and that surrounded by the Cu-phase. Thereby propagation of the
crack initiating from the W/Cu interface is obstructed by the Cu-phase. Mu et al.
(10) reported that fracture toughness of the composite is effectively improved with
increasing Cu content through the preferential plastic deformation of Cu-phase.

Ductility is determined both by the yield strength and by the maximum (or fracture)
strength. Particularly low-temperature ductility of a material is represented more
nicely by the critical temperature as defined in Fig.6. The critical temperature is
also an expression of ductile-to-brittle transition temperature (DBTT) (11). In
Fig.8 critical temperature for W-(19-35vol%)Cu(i) and W-40vol%Cu(m) was plotted
against Cu content. First it is shown that critical temperature decreased
substantially with increasing Cu content. As mentioned above, fracture strength
(or critical stress) was almost constant irrespective of Cu content. Thereby change
of DBTT is attributed to the substantial decrease of the yield strength (Fig.2) as well
as to the substantial decrease of the slope (Fig.3) with increasing Cu content.
Secondly it is shown that the critical temperature of W-Cu(m) composite was much
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Fig.8 Plots of critical temperature obtained for the composite
containing 19-40vol% of copper as a function of Cu content

higher than that of W-Cu(i) composite. This result is attributed primarily to the
much lower critical stress of the former material, since the yield strength was almost
equivalent irrespective of fabrication method. Superior ductility of the composite
containing >60vol% of copper is interpreted as follows. Crack once initiating from
the W/Cu interface cannot further propagate, since Cu-phase surrounding W-phase
deforms easily because of very low yield strength and hence obstructs crack
propagation.

CONCLUSIONS

(1) W-Cu composite containing 19-40vol% of copper demonstrated ductile-to-brittle
transition behavior in a manner similar to pure tungsten, one of typical BCC
metals. The transition temperature decreased substantially with increasing Cu
content. This result is attributed mainly to the substantial decrease of yield
strength obeying the rule of mixtures as well as to the substantial decrease of the
slope of linear relation between yield strength and temperature, with the fracture
strength being unchanged. Fracture strength and ductility of the composite
fabricated by infiltration method were generally superior to those of the composite
by pressing and sintering method.

1) W-Cu composite containing >48vol% of copper regardless of fabrication method,
on the other hand, did not demonstrate such transition in a manner similar to pure
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copper, one of typical FCC metals. This result is attributed to the much lower
yield strength leading to the preferential deformation of Cu-phase with W-phase
being undeformed.
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Summary:

The sintering behavior of W-Cu composites is influenced by the copper
content, the sintering temperature, the tungsten particle size and mainly the
dispersion of the copper and tungsten phases. High sintered densities are
obtained if the copper phase is well dispersed and fine tungsten is used.
Powders consisting of composite particles, obtained by long time milling,
exhibit high sinterability, and high final densities can be reached even for
short sintering times and low copper content. Alloys of different compositions,
made with different tungsten powders and milled for different times, are
prepared. The sintering behavior is characterized by the evolution of the
structure and dilatometric measurements. The sintering kinetics is described
and the influence of the dispersion of the powder is analyzed.

Keywords:

Composite, W-Cu, sintering, high energy milling

1. Introduction

W-Cu is a metal-metal matrix composite material. Its main properties are high
electric and thermal conductivity, high resistance to electric-arc-corrosion, low
coefficient of thermal dilation and high density. These properties are easily
adjustable by varying the alloy composition. Its main applications are in
electric contacts for heavy-duty circuit breakers, welding electrodes and heat
sinks for high power micro-electronic devices.
Conventionally, W-Cu alloys are produced by infiltration of a porous, pre-
sintered tungsten body by molten copper. Nevertheless, the structure of
pieces produced by infiltration can have residual porosity and heterogeneous



178 RM24 U.U. Gomes et al.
15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

phase distribution, such as copper pools. Additionally, not all compositions
can be produced by infiltration. There is an upper limit for the copper content
beyond which the capillary force is not strong enough to cause copper
infiltration. Another drawback of the infiltration technique is the impossibility of
producing complex shapes, as required for use as heat sinks in electronics.
The traditional route of powder metallurgy (mixing-pressing-sintering) is an
alternative technique for producing W-Cu alloys. Apparently, it would solve
problems such as structural heterogeneity and shape limitation. The
production scale could also be increased.
In the liquid phase sintering of a structure with a given volume of liquid, only
systems having high wettability (low contact angle) between liquid and solid
phases or having some solubility of the solid phase in the liquid can be
sintered to densities near the theoretical value (almost pore-free structure).
The hardmetal based on WC-Co is an example of a system with such
properties. The W-Cu system, on the other hand, has low wettability of liquid
copper on tungsten and tungsten does not dissolve in liquid copper.
Consequently, the W-Cu alloy structures produced by sintering have high
porosity. The use of sintering as a method for producing the W-Cu alloys
depends on solutions to increase the sinterability of the system.
The use of fine tungsten powders, milling instead of just mixing, and higher
sintering temperatures can increase the sintered density (1), but not enough
to produce the necessary pore-free structure. A fully dense structure can be
obtained if sintering activators such as Co, Ni or Fe are used, but the
presence of segregated impurities deplete the properties of the material (2-4).
There are a number of methods capable of preparing W-Cu powders that can
be sintered near full density (5-8). These methods are chemically or
mechanically based. The powders produced by these methods have a
common characteristic: high dispersion and fine copper and tungsten phases.
Sintering of W-Cu composites has been described as the solid state sintering
of the tungsten particles before and after the melting of copper, leading to the
formation of a rigid skeleton. The rearrangement of the tungsten particles as
copper melts also contributes to the densification, but this contribution
depends on the composition of the alloy (1,3,9). Nevertheless, Ji-Chun Kim et
al. describe sintering of a composite W-Cu powder prepared by mechanical
alloying as a double rearrangement process. In such a powder, each particle
consists of tungsten nanograins embedded in a copper matrix. Firstly, in solid
phase, the composite particles sinter together as common particles (first
rearrangement). Then, as liquid forms, the tungsten grains rearrange,
producing an homogeneous structure (second rearrangement).
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This paper examines the sintering process of W-Cu powders prepared by
different methods and investigates the influence of the powder preparation
method, the tungsten particle size and the composition on the sintering
kinetics. A sintering model is proposed to explain the different sintering
mechanisms mentioned in the literature.

2. Materials and Method:

Tungsten powders (Wolfram B.H. - Austria) of different mean particle sizes
(0.54|im and 2.03u,m) and a copper powder were used in this work. The
copper powder was produced by atomization and the particle size is in the
range 4-30(xm.
The copper and tungsten powders were wet milled with cyclohexane in a
planetary mill for different periods. Both the vessel and the milling spheres
were made of hardmetal to minimize contamination. After milling, the powder
was dried and granulated. The compaction was done in a 6mm diameter,
single action die with a pressure of 220MPa. Table 1 shows the compositions
and the milling conditions of the prepared alloy powders. After drying, the
powders were observed under the electron microscope.

Table 1: Compositions and milling conditions used to prepare the alloys.
Alloy

W19C2
W40C2
W75C2
W47C2
W47C6

W47C92
W19C25f
W47C56f
W40C2-f

Copper Content
Vol.%

19
40
75

47

19
47
40

Milling Time
Hour

2

6
92
25
56
2

Tungsten Powder

2.03|j,m

0.54|j.m

The samples were sintered in a dilatometer and/or in a resistive type furnace.
The sintering atmosphere used was flowing hydrogen and the heating rate for
all experiments was 10°C/minute. Table 2 shows the sintering conditions in
the dilatometer and the resistive type furnace, the green and sintered
densities and the densification of each alloy.
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Table 2: Sintering conditions, green and sintered densities and densification.
The samples were sintered for 1 hour

Alloy

Pure W
Pure Cu
W19C2
W40C2

W40C2-f

W75C2

W47C2
W47C6

W47C92
W47C92
W19C56f
W47C25f

Sintering Temperature
°C

Dilatometer

1400
990

1200

1070

—
—

1206
1300
1200
—

Resistive
Furnace

—
—

925, 1000,
1085, 1160

700, 800,
925, 1000,

1060,
1085, 1160

1076
1076
—
—
—

1170
(5min)

unless stated.
Relative
Green
Density

%
65
86
67
72
61

77

83
82
65
65
64
68

Relative
Sintered
Density

%
55
89
70
78
80

85

84
84
98
98
96
95

Densification
(SD-GD)

%

-10
3
3
6
19

8

1
2

33
33
32
27

Pure tungsten and copper were sintered as reference. The sintering
conditions and densities are also shown in Table 2. The green and sintered
densities were measured by the Archimedes method and by the ratio
mass/volume, where the volume is determined by measuring the dimension
of the piece with a micrometer. Both methods give comparable results, unless
the sample is deformed or has pores open to the outer surface. In the first
case the Archimedes method is used. In the green samples and in case of
samples sintered at low temperatures, the ratio mass/volume is used. The
sintered samples were also cut, ground, polished, etched and observed under
the light microscope.
The dilatometer measures the variations of the linear dimension of the
samples during sintering as a function of the temperature and time. The
results are presented in terms of the sintering parameter and the sintering
rate, defined according to equations (1) and (2) respectively:
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AL _dAL

At ~ dt

;ri00 (D

(2)

where Lo and Lf are the initial and the final length of the sample and and Ls is
the length at a given moment during sintering. Positive values for equations
(1) and (2) means swelling of the sample.

3. Results:

Figure 1 shows the curves of the sintering rate for pure copper and tungsten.
Figure 2 shows the sintering rate of alloys W19C2, W40C2 and W75C2. The
vertical lines mark the moments at which copper melted and the isothermal
temperature was reached.

-5

Isotherm

Isotherm

50 100 150

Time (minute)

200

Figure 1: Sintering rate of pure tungsten and copper versus the sintering time.
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Figure 2: Sintering rate of alloys W19C2, W40C2 and W75C2 versus the
sintering time.

Figure 3 shows the sintering rate of alloys W47C92, W19C56-f and W40C2-f.
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Figure 3: Sintering rate of alloys W40C2-f, W19C56-f and W47C92 versus the
sintering time.
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Figures 4 and 5 show the structures of alloys W40C2 and W40C2-f
respectively. Both samples sintered at 925°C for 1 hour.

Figure 4: Alloy W40C2. The copper
particles are surrounded by a ring of
tungsten particles.

Figure 5: Alloy W40C2-f. Elongated
structures are seen. They are copper
particles deformed during milling.

Figure 6 shows the structure of alloy W40C2-f sintered at 1160°C for 1 hour.

Figure 6: Alloy W40C2-f. The pores
are elongated. They were created by
melting of the copper plates.

Figures 7 and 8 show the powders of the alloy with 47v/o copper, made with
the finer tungsten powder milled for 25 and 92 hours respectively.
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ML
Figure 7: The powder of alloy
W47C25-f. The plates are deformed
Cu particles with pricked tungsten.

Figure 8: The powder of alloy
W47C92-f. The plates are fragmented
with continued milling.

4. Discussion:

Two simultaneous effects must be taken into account in the analysis of the
sintering rate curves: the thermal dilation and the shrinkage due to sintering.
At low temperatures, the thermal dilation is more significant. Sintering
becomes increasingly more important from a certain temperature that
depends on the material under sintering. As seen in figure 1, sintering begins
in copper around 730°C and in tungsten around 1100°C. From these
temperatures, the sintering rate continuously increases (negatively), reaching
a maximum when the isothermal temperature is attained. The same behavior
is repeated for alloys W40C2, W19C2 and W75C2, shown in Figure 2.
Apparently, the sintering mechanisms, in solid and liquid state, depends in
some way on the "state of heating". When heating stops, the mechanisms are
deactivated and sintering slows down.
The sudden change of the sintering rate of copper around 285°C is probably
related to the reduction of the copper oxide by hydrogen. As seen in Table 2,
copper shrank only 3% due to the low sintering temperature, 990°C, and the
high green density. Tungsten swelled even after 1400°C for 1 hour.
The sintering rate curves and the densification of the alloys milled for 2 hours,
shown in Figure 2 and Table 2 respectively, show that the higher the copper
content the higher is the sintering rate. Therefore, the sintering of W-Cu
composites in solid and liquid state, in the temperature range investigated in
this study, is due to the copper phase.
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Alloys W40C2 and W19C2 have a similar shrinkage behavior. Their sintering
rates exhibit 2 negative peaks between the melting point and the isothermal
temperature. Alloy W75C2 has a high sintering rate in solid state sintering.
The structure begins to shrink at 825°C. Its relative density after sintering at
1200°C is 85%. The sintering rate decreases immediately as the isothermal
temperature, 1070°C, is reached.

The structure of a green W-Cu sample is formed by tungsten particles
surrounding the larger copper particles. The distance between the copper
particles is variable, but the number of tungsten particles per copper particle
and the mean distance between the copper particles depend on the
composition of the material. A fraction of the copper particles are in contact
with each other. These particles sinter together as the temperature rises. If a
network of sintering copper particles is formed throughout the structure, the
sample shrinks during solid state sintering. Very fragile necks linking the
tungsten particles must grow, but they do not contribute to the densification of
the structure. The contacts between copper and tungsten particles also do
not contribute for densification. The copper particles sinter together with the
neighbor tungsten particles and these form a ring around the copper particles,
as shown in Figure 4. In the alloys with 19% and 40% of copper, such a
network of copper particles is not formed, but in the alloy with 75% of copper
the network exists and its structure shrank in solid state sintering.
When copper melts, the liquid infiltrates the surrounding region, in the fine
space between the tungsten particles. A large pore is created in place of the
copper particle. This pore is closed only if there is an excess of liquid in the
structure. During the infiltration of the liquid, the tungsten particles are
rearranged due to the capillary forces. This rearrangement is the main
contribution to the densification. It corresponds to the rapid increase in the
sintering rate just before the melting point, indicating that the copper phase is
already "soft" enough to infiltrate the structure. As the temperature rises, the
liquid spreads further and the rearrangement continues, but as the isotherm is
reached, the liquid stops infiltrating and the sintering rate decreases.
The sintering rate of alloy W40C2-f, made with the finer tungsten powder, is
very different from that of alloy W40C2, with the same composition and
milling time, but with the coarser powder, as shown in Figure 3. The sintering
rate is clearly higher, mainly after the copper melting. The relative sintered
density is comparable with that of alloy W40C2, but the densification is much
higher, in part due to the low green relative density. It is expected that the
densification by the particle rearrangement is more intensive if a finer
tungsten powder is used because the pores between the tungsten particles
are smaller. The capillary forces are higher for finer pores. However, it was
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expected that the solid state sintering for the alloy with the finer tungsten
powder would be more difficult than that of the alloy with the coarser powder
because the mean distance between copper particles increases, making the
formation of a copper network more difficult. This behavior was not observed
in our experiments.
The reason for this is the formation of elongated particles during the milling
process. Figure 5 shows the structure of alloy W40C2-f sintered at 925°C. At
this temperature, the form of the particles after milling is still retained. The
collisions during milling deform the copper particles and tungsten particles
enter at the surface and get distributed inside the copper particles. This kind
of particle is not seen in the powder made with the coarser tungsten powder.
For some reason, the use of finer powders makes the formation of such
particles easier.
The structure of alloy W40C2-f looks denser than that of alloy W40C2 when
sintered before the melting point. This indicates that the densification in solid
state sintering is more intense. The elongated particles should connect to
each other more easily and the shrinkage of the structure is possible. When
copper melts, the liquid infiltrates the surroundings, as in the alloy with the
coarser powder, and pores are formed. Figure 6 shows elongated, randomly
oriented pores.
The powders milled for longer times (longer than 25 hours) have relative
densities higher than 95%. Their densification is also high, but the relative
green densities are lower than those for the alloys of the same composition
milled for 2 hours, as shown in Table 2. The curves of sintering rate are also
very different from those of the briefly milled alloys, as seen in Figure 3. The
samples begin to sinter at comparatively lower temperatures. The
densification in solid state is pronounced and, in contrast to the briefly milled
alloys, the sintering rate maximum is reached shortly after the copper melting.
After this the sintering rate falls rapidly. This indicates that the structure has
already a high density shortly after the melting temperature.
The reason for the high sinterability exhibited by the powders milled for a long
time is in the particles. During milling, the collisions between the milling
media, the wall of the vessel and the particles of tungsten and copper deform
the copper particles, so that their shape becomes plate-like. The tungsten
particles are broken and/or embedded in the copper plates. The successive
collisions further deform the copper plates in different directions and embed
more tungsten particles. These particles are called composite particles.
The number of tungsten particles not embedded (free tungsten particles) in
copper continuously decreases and the copper phase hardens by cold work.
Figure 7 shows the powder of alloy W47C25-f after 25 hours milling. Large
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plates are seen together with much debris, which is also plate-like, formed by
the fragmentation of the larger plates. Very small free tungsten particles are
also seen. The fragmentation of these plates caused by the copper hardening
changes completely the appearance of the powder. Figure 8 shows the
powder of the same composition, but after 92 hours of milling. The particles
are smaller, do not have the plate shape and free tungsten particles are not
visible.
The composite particles are formed by very fine tungsten grains embedded in
copper. The tungsten grains are placed in the bulk and also on the surface. A
compact of composite particles has, therefore, an excellent dispersion of
copper (in each particle of the powder) and very fine tungsten. This is the
reason for the high sinterability. During heating, at around 700°C, the
temperature at which pure copper starts to sinter, the copper phase present
in each particle begins to sinter. Necks of copper link the composite particles
in contact. In the sintering rate curves, alloys W47C92 and W19C56-f begin
to sinter between 650°C and 700°C. The copper necessary to grow the necks
comes from the bulk of the composite particles. This causes a copper
enrichment of the surface of the particles. The tungsten grains in the bulk
approach each other. Those tungsten grains in contact sinter together. Thus
tungsten grain growth by sintering and coalescence occurs.
When the melting temperature is reached, the structure is in an advanced
state of densification. The liquid rapidly fills the remaining pores. The
tungsten grains, which were grouped in the bulk of the solid composite
particles, are rearranged and the structure becomes more homogeneous.
The final structure is dense, homogeneous and very fine.
The high sinterability of powders consisting of composite particles is not very
dependent on the sintering temperature, sintering time and composition. The
sintering of alloy W47C92 at 1206° and at 1300°C for 1 hour yielded the
same relative density, 98%. A relative density of 95% was obtained with alloy
W47C25-f sintered at 1170°C for only 5 minutes. The most surprising result,
however, is found for the alloy containing only 19v/o copper milled for 56
hours. Its relative density was 95% after sintering at 1200°C for 60 minutes. A
powder of the same composition, milled for 2 hours and sintered at the same
conditions yielded a relative density of only 70%.

5. Conclusions:

Copper is the responsible for the sintering of W-Cu composites. Powders
milled for short times and powders milled for long times sinter differently. For
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the alloys briefly milled, in the solid state, densification occurs if a network of
copper particles sintering together is formed. This condition is fulfilled only for
copper rich alloys. In the liquid state, the liquid copper spreads into the fine
pores between the tungsten particles and promotes a particle rearrangement.
Again the contribution of the particle rearrangement to the densification is
dependent on the copper content. Large pores are formed when copper melts
because the liquid infiltrates the surrounding pores. High sintered densities
are obtained only for copper rich alloys.
If finer tungsten powders are used, the densification in the solid and liquid
state sintering increases. The finer pores increase the capillary forces
responsible for the particle rearrangement.
When the powders are milled for longer times, composite particles are formed
and these particles have high sinterability. The composite particles are
formed by the continuous deformation and cold work of the copper particles
and the insertion of small tungsten particles into the copper. The milling time
controls the shape and size of the composite particles and also the size and
number of tungsten particles inserted into the copper phase.
The powders formed by composite particles exhibit high sinterability and a
different sintering behavior. In the solid state, the composite particles sinter
together by the growth of copper necks linking the particles. When the liquid
is formed, it flows in the remaining pores. There is growth of the tungsten
grains during the whole sintering process and a rearrangement of these
grains when copper melts.
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Summary

Tungsten-copper composites containing a small amount of phosphorus were

prepared using conventional P/M method. Cu3P powder was used as phosphorous

source. The effects of phosphorus addition on the physical properties and the

surface condition were investigated and the existing form of phosphorus was

specified on the tungsten-copper composites

The results are summarized as follows.

The tungsten-copper composite containing 10% copper, for example, demonstrated

optimum thermal conductivity at the phosphorus addition of 0.02%.

The density of the composites was almost 100% and the surface of the sintered

body was flat and smooth after sintering at a temperature between 1100 and 1150°C.

It was shown that phosphorus exists as Co2R

Keywords:
Tungsten-copper, W-Cu, Composite, Phosphorus, Thermal conductivity

1.Introduction

Tungsten-copper composites have been widely used for heavy-duty circuit breaker

contacts and discharge machining electrodes. Recently, these composites have

been used for thermal management materials because of the high thermal

conductivity of copper and the low thermal expansion of tungsten [1 ].

Infiltration and element powder mixing method are used to produce tungsten-copper

composites. In the Infiltration method, however, the production cost is relatively high

because this method requires the infiltration process in addition to the sintering

process and the machining and/or grinding of whole infiltrated surface to remove

excess copper. In the element powder mixing method, a certain amount of micro-
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pores remain in the sintered composites, which deteriorate their physical properties

such as density, thermal conductivity (TC) and transverse rupture strength (TRS),

because tungsten and copper have no solubility each other. On the other hand, as

the sintering temperature of the composites is 200~300°C higher than the melting

point of copper to obtain high relative density, the surface of the composites is

roughened by the excess oozing of copper. Purpose of this study is to investigate the

effects of phosphorus addition which have been used widely in the sintering of Iron

based alloys [2] on the physical properties and the surface condition of tungsten-

copper composites and to specify the existing form of phosphorus in the composites.

2.Experimental

2-1. Preparation of tungsten-copper composites

Tungsten powder (99.9mass% purity) with a mean particle size of 0.76 \x m,

electrolytic copper powder (99.7% purity) with a mean particle size of 5.2 /x m and

cobalt powder (99.8% purity) with a mean partide size of 1.5 ^ m were used in this

study. Cu3P powder (99.9% purity) with a size of under 200 mesh was added as

phosphorous source.

0.2mass% Cobalt was added to W-10%Cu and 20%Cu respectively as the sintering

activator [3,4]. The amount of phosphorus addition was varied from 0 to 0.051% for

W-10Cu and from 0 to 0.085% for W-20Cu respectively. The adjusting of amount of

phosphorus addition was carried out to displace a part of tungsten content in the

composites.

The mixing was carried out with a 300g powder charge in small attrition mill of which

vessel and balls were made of hard metal with a speed of 120rpm on 4 hours.

Ethanol was used as the mixing solvent and 1 % PVP was added as the pressing

binder. The mixed powders were pressed into rectangular bars with 10mm width x

5mm thickness x 30mm length and disks with 11mm diameter x 2mm thickness.

The compaction pressure was 1500kgf/cm2. The compacts were sintered in dry

hydrogen atmosphere at the temperature between 1050 and 1300°C for 1 hour.

2-2. Measurement and analysis of tungsten-copper composites

Density of sintered composites was measured by Archimedes' method of water

displacement. TC was measured by laser flash method using ULVAC thermal

constant analyzer TC-7000. TRS was measured at room temperature using 3 -point
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bending test with 20mm of span. The sizes of TRS specimen were about 8mm width

x 4mm thickness x 25mm length.

Differential thermal analysis on the mixed powder was carried out with heating rate of

0.5°C/min in hydrogen atmosphere by ULVAC differential thermo-gravimetric

analyzer TGD 7000.

Phosphorus content of the sintered composites was analyzed using ICP.

Assessment of micro-pores was performed on polished composites by optical

microscopy. Observations of microstructures were performed by SEM, JEOL JSM-

5500 with accelerating voltage of 15KV and by TEM, HITACHI H-800 with

accelerating voltage of 200KV.

Qualitative and quantitative analysis in micro regions were carried out by EDAX,

HORIBAEMAX2200.

Electron diffraction analysis was carried out to identify the existing form of P.

3.Resufts and Discussions

3-1. Effects of phosphorous addition on the physical and mechanical properties of

W-Cu composites

The compacts of W-10Cu-0.2Co and W-20Cu-0.2Co with various amounts of P

addition were sintered at 1150°C for 1 hour.

(1) Fig.1 shows the sintered density as a function of P addition. The almost 100% of

added P remained after sintering. With increasing amount of P addition, the sintered

density increased first then showed the optimum that was almost 100% of relative

density and decreased gradually in both W-1 OCu and W-20Cu.

Some micro-pores were observed in the composite with 0% P addition shown in

Fig.7, while few micro-pores were observed in the composites showing the optimum

density and in the composites with further P additions.

Hence the increasing of density is attributed to the disappearances of micro-pores.

On the other hand, the gradual decreasing of density is attributed to the formation of

Co2P with low density. As described later, P existed as Co2P which have a density

Of6.4g/cm3,[5].

(2) Fig.2 shows the thermal conductivity (TC) as a function of amount of P addition.

With increasing amounts of phosphorus addition, TC increased first then showed the

optimum value and decreased. In W-10Cu, the composite with 0.02%P addition

showed 163W/mK which was 22w/mK higher than 141W/mKof the composite with
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no phosphorus addition. In W-20Cu, the composite with 0.04%P addition showed

207W/mK which was 49w/mK higher than 158W/mK of the composite with 0% P

addition.
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Fig.1 Sintered density as a function of P addition
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Fig.2 TC as a function of P addition

The first increasing of TC is attributed to the disappearances of micro-pores in the

same manner with density. But TC increased after the density reached the

maximum. This phenomenon cannot be explained only by the disappearances of

micro-pores. As for the reason of this behavior, we infer that because P fixes Co as

Co2P, the concentration of Co in Cu phase deaeases so that TC of the composite is

improved, ft is considered that P addition increases further beyond the optimum,

excess P (C02P) forms and deteriorates TC.

On the other hand, the ratio (0.002) of 0.02%P to 10%Cu agreed approximately with
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that (0.002) of 0.04%P to 20%Cu. It is considered that the optimum ratio of P

addition to Cu is 0.002 in the case of TC.

(3) Fig.3 shows the transverse rupture strength (TRS) as a function of phosphorus

addition. With increasing of phosphorus addition, TRS increased first then showed

the maximum and decreased gradually. Unlike TC, the behavior of TRS is similar to

that of density.

The increasing of TRS is attributed to the disappearance of micro-pores. And the

decreasing of TRS is attributed to the increase of brittle Co2R

On the other hand the ratio (0.001) of 0.01 %P to 10%Cu agreed approximately with

that (0.001) of 0.02%P to 20%Cu. It is considered that the optimum ratio of P

addition to Cu is 0.001 in the case of TRS.

0 0.02 0.04 0.06 0.08 0.1

P addition (%)

Fig.3 TRS as a function of P addition

3-2. The effect of P addition on the densification of composite

W-10Cu compacts with 0% and 0.02% P addition were sintered at various

temperatures between 1050 and 1300cC. Fig.4 shows the relative density as a

function of sintering temperature. The density of the composite with 0.02%P addition

increased sharply, and then reached to almost 100% of relative density at 1100°C,

while the density of the composite with 0%P addition increased gradually, reached to

the maximum at 1250°C. Thus the densification temperature was lowered

significantly by P addition.

Fig.5 shows differential thermal analysis on the mixed powder of W-10Cu-0.2Co with

0%P and 0.02%P addition. It was shown in Fig.5 that liquid phase in the composite
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of 0.02%P addition appeared at about 10°C lower than that of 0%P addition. But it

can not be explained only by this result that the densification temperature of the

composite of 0.02%P addition was about 150°C lower than that of 0%P addition. It is

assumed that the densification starts at significantly lower temperatures because the

solidus line temperature are 714°C in Cu-P system and 1023°C in Co-P system

respectively [5].
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3-3. Effects of phosphorous addition on the surface condition of W-Cu composites

In the case of near net production of W-Cu composite parts, a flat and smooth

surface as well as high relative density is essential due to the requirements in size

tolerance and surface roughness. W-10Cu with 0%P addition and 0.02%P addition

were sintered at various temperatures between 1050 and 1300°C. The surface

conditions of sintered composites were observed visually as shown in Table.1. The

surface conditions varied from gray, light red, red to copper oozed surface finally.

Gray, light red and red composites had flat and smooth surfaces, while copper

oozed had uneven surface because of excess oozed copper.

With addition of 0.02%P, the composites which were sintered in the temperature

range of 1100 to 1150°C showed almost 100% of relative density as well as flat and

smooth surface. On the other hand, with 0%P the composites showed copper oozed

irregular surface in the temperature at which higher relative densities was obtained.

Table.1 Effect of P addition on surface condition of sintered composites

Sintering
Temp.(°C)

1050
1060
1075
1100
1150
1200
1250
1300

Surface condition of sintered composites

0.02%P

Gray
Gray
Light red
Light red
Red
Red or Copper oozed
Copper oozed
Copper oozed

0%P
Gray

Gray
Gray

Copper oozed
Copper oozed

3-4. Existing form of P in sintered composite

(1) It was shown by chemical analysis that almost whole amount of phosphorus

remained in all sintered composites.

(2) Fig.6 shows the microstructure by SEM of W-10Cu with 0.02%P addition. The

grain size of W grew up to about 2-3 n m from about 0.8 n m of starting powder.

However the growth of W grain was observed in both composites with and without P

addition.

(3) Fig.8 shows the microstructures by TEM. There are three regions shown by
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arrow 1,2 and 3. Region 2 and 3 were observed in all 10 fields of vision, while region

1 was observed in only 2 fields.

(4) Fig.9 shows the results of micro qualitative and quantitative analysis of region 1

and micro qualitative analysis of region 2 and 3. It is shown in Fig.9 (a) that region 1

is composed of P and Co. It is shown in Fig.9 (b) and (c) that region 2 is composed

of Wand region 3 is composed of Cu.

(5) Fig. 10 shows the result of electron diffraction of region 1. The result shows

region 1 is composed of C02P Hence ft is concluded that P exists as Co2P in sintered

composites.

We presume that P dissolves rapidly into copper phase from Cu3P phase at the

eutecrjc point (714°C) of CU-CU3P system then forms Cu-Co-P ternary phase in the

sintering temperature and forms Ca,P in cooling[6].

5/zm

Fig.6 SEM image of microstructure of W-10Cu of 0.02%P
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• • 100//m

Fig.7 Micro-pones of W-10Cu with 0%P

Fig.8 TEM image of microstaicture ofW-10Cu of 0.02%P
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(a) Micro qualitative and quantitative analysis of region 1
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Fig.9 Qualitative analysis of micro region (W-10Cu of 0.02%P)
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Fig.10 Electron diffraction of region 1
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4. Conclusion

(1) In W-10Cu and 20Cu composite, density, thermal conductivity and TRS

increased, then demonstrated optimum and decreased finally with increasing

amount of P addition, in particular, W-1 OCu composite showed 163W/mK at 0.02%P

addition and W-20Cu composite showed 207W/mK at 0.04%P addition.

(2) The density of the composites with addition of 0.02%P was almost 100% and the

surface of the sintered body was flat and smooth after sintering at a temperature

from 1100°C to 1150°C.

(3) It was shown that phosphorus exists as Co2P in sintered composites.
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Infiltrated TiC/Cu Composites

N. Frage, N. Froumin, L. Rubinovich and M. P. Dariel

Department of Materials Engineering, Ben-Gurion University of the

Negev, P.O.Box 653, Beer-Sheva, Israel

Summary:

One approach for the fabrication of ceramic-metal composites is based on the
pressureless impregnation of a porous ceramic preform by a molten metal.
Molten Cu does not react with TiC and the wetting angle is close to 90°.
Nonetheless, molten Cu readily impregnates partially sintered TiC preforms. A
model that describes the dependence of the critical contact angle for
spontaneous impregnation by molten metals in partially sintered preforms on
the level of densification and on the morphology of the particles was
developed. For high aspect ratios of the particles forming the preform, wetting
angles close to 90° still allow impregnation by the molten metal. The results of
the model were confirmed by infiltration of partially sintered TiC preforms with
molten Cu and by fabrication of the TiC/Cu composites with various ceramic-to
metal ratios. Decreasing of the metal content in the composite from 50 vol.%
to 10 vol.% leads to a hardness increase from 250 to 1800 HV, and to the
decrease of the bending strength from 960 to 280MPa. The resistivity of these
TiC/Cu composites decreases from 142 ohm-cm to 25 ohm-cm.

Keywords:

Wetting, critical contact angle, infiltration, composite, TiC, Cu

1. Introduction:

Titanium carbide has a high melting point, displays extremely high hardness
and shock resistance and its electrical conductivity is comparable to that of
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metals. Metal-ceramic composites based on the titanium carbide-copper
system display a favorable combination of electrical and mechanical
properties. Free liquid metal infiltration in a porous ceramic preform is an
attractive method for the fabrication of composites over a range of metal-to-
ceramic ratios. The main impediment for the fabrication of such composites is
the poor wetting of TiC by non-reactive liquid metals such as Cu. The
interfacial properties of metal-ceramic systems, and, in particular, the wetting
behavior play an important role in the evolution of the microstructure during the
processing of metal-ceramic composites. The microstructure is an important
factor that determines the mechanical and physical properties of these
materials.
Over the past years, the wetting behavior in the TiC/Cu system has been the
subject of several investigations (1 - 4). Eremenko in his the early work (1) and
later investigators (2 - 4) reported that non-reactive liquid metals like Cu and
Ag do not wet stoichiometric TiC and form high 120° contact angles. The
addition of titanium to the melt and/or the use of carbon-deficient,
hypostoichiometric titanium carbide improve significantly the wetting of the
carbide substrate by liquid Cu (2). It has also been established that oxygen is
an important and often determining factor of the wetting behavior in metal-
ceramic systems (5-7). In titanium carbide, the level of surface oxidation varies
from an oxycarbide, TiCxOy layer to titanium oxides with different degrees of
oxidation (8, 9). Thus, the partial oxygen pressure within the work chamber in
the course of some of the processing stages and, in particular, when the
carbide is in contact with the liquid metal, is expected to affect the wetting
behavior as was previously shown in our work (10). The wetting of ceramics by
a molten metal is the outcome of a complex interplay of several factors i.e., the
ceramic substrate, the active metal, the molten metal, oxygen and oxide-
reducing species. The inter-relationship between these factors is obviously
determined by the thermodynamics of this multi-component system.
Pressureless infiltration of a molten metal into the ceramic network is affected
by the ability of the liquid metal to wet the ceramic surface. One can easily
deduce from elementary physics that the basic requirement for spontaneous,
or pressureless infiltration, in a system of cylindrical pores is a negative
capillarity pressure, namely a contact angle 9<90°. The driving force for the
liquid to penetrate into regular cone-shaped capillaries is proportional to
cos(0-a), where a is half of the apex angle of the cone. Thus, even a non-
wetting liquid (6 > 90°) may fill a regular cone-shaped capillary. Since the
driving force for the liquid impregnation into an inverted cone is proportional to
cos( 9 + a), liquid penetration in such a capillary is possible only for a wetting
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liquid with 0 <90° -a . An additional requirement for successful liquid metal
infiltration is that the porosity of the preforms be interconnected and the liquid
and solid do not react to form new phases with a positive excess volume that
may plug up the channels. Generally, in real preforms the open channels are
tortuous and an interaction may prevail between the ceramic and the metal
phases, leading to critical contact angles for spontaneous infiltration that
deviate significantly from 90°. This feature was often observed experimentally,
for instance, in studies (11-14).
Recently, in an effort to define the relationship between wetting angle and
liquid infiltration in a porous structure, Trumble (15,16) has put forward a
simple geometrical approach based on the toroid-shaped voids in an assembly
of close-packed spheres. According to this model, spontaneous infiltration is
limited by liquid penetration into the tetrahedral pores of the close-packed
structure for which the critical angle, 9c=50.7°. A simple geometrical model
was also used by Yang and Xi (17) for the spontaneous infiltration into orderly
packed fibres or spheres. Even though the authors' approach provides the
elements necessary for the analysis of spontaneous infiltration, it still deals
with a situation only remotely connected to real systems and the restrictions
implicit in the model severely limit its applicability. In particular, the packing
mode, the shape of the particles and the surface roughness, as pointed also
out by Trumble (15), can differ substantially from those used in the model.
The initial purpose of our study was to examine the possibility of using the
infiltration approach for the fabrication of TiC-Cu composites. First
experiments indicated, that porous TiC preforms could easily be infiltrated by
liquid Cu even though the TiC-Cu system is considered as a non-reactive
system. This observation led us to carry out further analysis of pressureless
infiltration in sintered or partially sintered powder compacts, by considering the
effect of inter-particle neck formation and by relaxing the restriction on the
particles shape. In parallel and in an effort to validate the conclusions of the
theoretical analysis, we carried out an experimental examination of wetting in
the Cu-TiC system. Within this latter part of the study, we determined the
properties of the infiltrated TiC/Cu composites over a range of metal-to-
ceramic ratios.

2. Experimental Procedure:

Substrates with various levels of porosity were prepared from the titanium
carbide powder (ALPHA, Stock #40178, CAS#12070-08-5, typically ~2 nm,
purity 99.5%) by uniaxial compaction (100 MPa) and sintering in the 1200-
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1600°C temperature range for 1 hour, in a vacuum furnace (10"4torr) with a
graphite heater. The use of a graphite heater leads to a very low oxygen partial
pressure in the work chamber (< 10~23 torr) and prevents the oxidation of TiC
(18). The porosity of the sintered substrates was measured by the liquid
displacement method.
Wetting and impregnation experiments were performed using the sessile drop
method at 1150°C in a high vacuum furnace described in more details
elsewhere (19). Contact angles were measured directly from the profile
images of the molten metal drop. The TiC substrates were polished with 1 y.m
diamond paste just prior their insertion into the furnace for the contact angle
determination. The metal (Cu) used for infiltration was 99,999% pure.
Standard X-ray diffraction, metallographic preparation and EDS methods were
used for characterization of the substrates and analysis of the ceramic/metal
interfacial regions. The mechanical and electrical properties of the Ti-Cu
composites were tested using standard conventional techniques.

3. Results and discussion:

3.1 TiC sample characterization
X-ray diffraction examination revealed the exclusive presence of the TiC
phase in the initial powder and the sintered substrates. The level of surface
oxidation on the TiC substrates and the oxygen distribution in the near-
surface region, as determined by AES analysis combined with Ar depth-
sputtering are shown in (Fig.1). The results indicate that sintered titanium
carbide had a very low level of oxygen contamination. The oxygen from the
surface was completely removed within the first 20-25 sec. of surface
sputtering.

o 0.3 ,

0.5 1 1.5 2 2.5 3 3.5 4
Sputtering Time, min.

Fig.1. In depth oxygen content
in the TiC substrate.

—• — Total porosity

° Open porosity

1200 1300 1400 1500 1600

Sintering temperature, °C

Figure 2. The porosity of the
sintered TiC substrates.
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1300°C

Fig. 3. SEM images of the fracture surfaces of the TiC preforms sintered at
three different temperatures.

The porosity of compacted but unsintered substrates was of 45-47 vol.%. The
porosity of the samples as a function of the sintering temperature, after a
standard 1h treatment, is shown in Fig. 2. The samples reached 94-96 %
relative density after pressureless sintering in the range 1500-1600°C and the
open porosity was of 5-7%. SEM images of the surface of fractured TiC
preforms, sintered at different temperatures, are shown in Fig. 3.
A remarkable grain growth occurs during sintering at elevated temperatures
and, as apparent in these figures, the amount of closed porosity increased with
increasing sintering temperature.

3.2 Wettability and impregnation of TiC by Cu
Wetting angles were determined on high density TiC substrates. The
dependence of the contact angle and of the drop base diameter on the time
elapsed after placing the metal on the substrate surface at 1150°C, are shown
in Fig. 4. The initial contact angle was about 130° and decreased to a final
equilibrium value about 88-89°, after approximately 25 min.

5 10 15 20 25 30
Time, min

Fig. 4. The contact angles and drop base diameter observed in TiC/Cu
systems at 1150°C.
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Molten Cu impregnates unsintered preforms and also partially sintered
substrates, as long as their porosity is higher than 10vol%, without spreading
on the surface. Impregnation started after 2-3 min, the incubation period (Fig.
5a), and was completed within ~1 min (Fig. 5 b-e). The outcome of the
impregnation was a metal-ceramic composite material.

Fig. 5. The kinetics of Cu impregnation of an unsintered TiC substrate at
1150°C

4. The infiltration of porous preforms. The theoretical model:

4.1 The effect of partial sintering on the critical angle
For a porous structure based on close-packed (FCC, 111) equi-sized spheres
(Figs.6a, b), the critical contact angle for spontaneous infiltration, as shown by
Tumble (16), can be deduced from simple geometrical considerations. Thus,
the liquid penetrates into the non-cylindrical pores until the contact angle with
the adjacent solid corresponds to a flat liquid surface.

B

Liquid level

Fig.6. FCC closed-packing of the spherical particles, a) tetrahedral
arrangement of the A, B, C and D spheres in FCC structure, b) the section
through the centres of A and B spheres and the point F, which is the contact
point between D and C spheres, plane (0 T l ).
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The conditions for liquid infiltration are fulfilled when the bottom of the next
upper layer is tangent to the plane liquid surface. According to the Fig. 6b for
the critical contact angle

^ir1 0)
For the FCC structure (111 layer) with lattice parameter a:

A

A =
a -a

According to eq.1
2-v/6

cos 0 1 = 0.633 anc j = 50.7 . The same

value for the critical contact angle was obtained by Trumble (16).
In a real assembly of particles, both packing mode and particle shape differ
substantially from those used by Trumble. In a partially sintered system the
point contact between the particles has grown into a finite boundary area, as
shown in Fig. 7.

i

A

1

i

/A*
> 1 \

1 :

l\
'\

a

i

I'

R2

/ /

~ Liquid level

Fig. 7. Packed spheres after partial sintering

During densification stage in the course of the sintering treatment, the centres
of the spherical particles approach each other, neck formation occurs and the
initial points of contact grow into particle boundaries of finite extension. Since
the excess mass at the interface has to be disposed of, one may assume that
the radii increase from initial Ro to R2, as shown in Fig. 7. As the next step in
this model and in order to take advantage of the calculation based on the
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close-packed arrangement of particles, while we conserve the new inter
particle centre distance, we let the spheres contract to new radii Ri, such that
the spheres are again only in point contact. We thus obtain a closed packed
structure of imaginary spheres that allows us to apply simple geometrical
considerations necessary for the evaluation of the relation between porosity
and critical contact angle. Notice that this second step in going from R2 to Ri
is not the reverse of the previous one, namely going from Ro to R2. The new
system now consists of imaginary spheres in point contact but after some
densification had occurred. The critical angle for this case may be found from
an equation similar to eq.1, see Fig.7:

= _ ^ (2)

It is useful to define a new parameter g, which links the Ri and R2 radii as

, Rig = l - — and rewrite eq. (2)
K2

cos0 = —( l -g ) - l (3)

Using the relationships for the FCC structure (see above) for the critical
contact angle, we obtain

——(l-g)-l (4)

For g=0 (unsintered spheres), 0= 60 = 50.7°. However, in general, g>0 and
the critical contact angle has a larger value.
We may now derive the relation between the level of sintering (or porosity of
the green or partly sintered body) and the critical contact angle. We define a

linear contraction parameter c = l - —- that can be calculated by making use
Ko

of the law of mass conservation. The mass of original sphere with radius Ro
must be equal to the mass with radius R2 less 12 spherical segments (cross
hatched area in Fig.8), corresponding to the overlap with the 12 neighbours in
a close-packed structure (eq. 5)
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Fig.8. Scheme for calculation of spherical segment (a) volume. The height of
the segment h=RrR2

Using the definition of g and from eq.5 we obtain the expression for the
contraction parameter:

The porosity of the partially sintered particles with FCC structure (four
particles per each cubic cell) can be defined as

An „•!.

(7)

4 ^ D3
were ~T~Ko is the invariant volume of the solid per "Wigner-Seitz" cell of

volume a3/4 that decreases gradually in the course of the sintering process.
Taking into account the relation between lattice parameter and radius of the

AR
imaginary closed-packed spheres (a = —j^) and the definition of the

contraction parameter c, the porosity can be expressed as:
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Fig.9. The critical contact angle for partially sintered closed-packed spheres at
various levels of porosity.

For a given porosity, eq.(8) allows to calculate c and then, using eq.6, the
value of g and finally the critical contact angle from eq.4. The dependence of
the critical contact angle on porosity in the closed packed structure of equi-
sized spheres is shown in Fig.9. It, thus, follows that the critical contact angle
depends on the level of sintering i.e. on the porosity of the preform.

4.2 The effect of particle shape on the critical angle
A still more realistic description can be attained by relaxing the restriction on
the particles shape. First, we consider the extension, by a factor e, of the
unsintered particles (see Fig.1) in a direction perpendicular to the FCC (111)
plane, as shown in Fig. 10a.

Liquid level — Liquid level

Fig. 10. Particles are extended in the direction perpendicular to the packing
plane: a) unsintered particles, b) partially sintered particles.
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The extension transforms the spherical particles into ellipsoids (axes a and b)
with aspect ratio e-b/a . The critical contact angle becomes

tanO = etanOo (9)

where Oo is the critical contact angle for the closed-packed FCC (111)
spheres. The dependence of the critical contact angle on the aspect ratio is
shown in Fig.11.

00
«

§

1 70"
| 60-

•E
U

50-

/

2 4 6 8 10
Aspect ratio, b/a

Fig.11. The critical contact angle for various aspect ratios.

For example, for an aspect ratio of particles e=5, 9 = 81° and for e>8, the
critical angle is close to 90°.

4.3 The critical contact angle, general case
The simple transformation may be also applied to the partially sintered
closed-packed spheres (Fig. 10b). We can make use of eq.9 to derive the
critical contact angle. The calculated contact angles for partially sintered
bodies at different levels of porosity and aspect ratios are shown in Fig. 12.
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6 8
Aspect ratio, b/a

Fig. 12. The critical contact angle for partially sintered bodies for various aspect
ratios and porosities: 1 - 20%, 2 -15% and 3-10 vol.%.

Again, as for the unsintered extended spheres, the critical contact angle for
more realistic systems is very close to 90°. This situation approaches the
cylindrical pore structure for which the classical determination of the critical
contact angle (less than 90°) is valid. By relaxing the constraint on the particle
shape (ellipsoidal instead of spherical) and allowing some neck formation
between adjacent particles, the critical contact angle increased from 50 to
about 90°. In a sense these results undermine the critical angle concept,
which looses much of its validity. In our discussion, we have brought only a
minimum of geometrical modifications to the close-packed equi-sphere
model, yet these modifications affect significantly the critical contact angle.
Throughout the analysis, the assumption of non-reacting solid particles with
the infiltrating liquid was maintained. The conclusions are hardly applicable to
strongly reacting systems, such as molten Cu alloys containing some oxygen
and/or titanium in contact with a partly sintered alumina preform. The reaction
products at the interface may profoundly alter pore configuration including their
closing up. The real non reactive metal-ceramic systems are of interest from
still another standpoint. The ceramic particles in these systems conserve their
original irregular shape and rough external surface by not undergoing
significant dissolution in the liquid. This morphology generates local situations
that correspond to particles with a high aspect ratio in contact with the liquid
and, as follows from our analysis, increases the critical contact angle.

5. Properties of the infiltrated TiC/Cu composites:

The composites with a various metal-to-ceramic ratio were obtained by
infiltration of TiC preforms of different porosity with liquid Cu and the
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microstructure of these composites are shown in Fig. 13. The microstructure of
the composites containing more than 30 vol% copper consists of TiC particles
embedded in the metal matrix. The irregular shapes of TiC particles may be
clearly observed.

Fig. 13. Microstructure of the infiltrated composites with various metal-to-
ceramic ratios.

The mechanical and electrical properties of the infiltrated TiC/Cu composites
were affected significantly by the ceramic-to-metal ratio. Decreasing of the
metal content in the composite from 50 vol.% to 10 vol.% leads to a hardness
increase from 250 to 1800HV, and to the decrease of the bending strength
from 960 to 280MPa (Fig. 14).

2000

1500H
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10 20 30 40
Vol.% of Cu

200

Fig.14. The mechanical properties of the infiltratated TiC/Cu composites.
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Fig. 15. Electrical resistivity of the infiltrated TiC composites.

The resistivity of these TiC/Cu composites (Fig. 15) decreases rapidly from
142 ^ohm-cm to 25 |aohm*cm at 30 vol% Cu, in agreement with the
microstructure shown in Fig. 13. At higher Cu contents, the resistivity
decreases gradually to values corresponding to pure Cu.

Conclusions:

A model was developed to account for the dependence of the critical contact
angle for spontaneous impregnation by molten metals, in partially sintered
preforms, on the level of densification and on the morphology of the particles.
For high aspect ratios of the particles forming the preform, wetting angles
close to 90°still allow impregnation by the molten metal. The results of the
model were confirmed by infiltration of partially sintered TiC preforms with
molten Cu and by fabrication of the TiC/Cu composites with various ceramic-to
metal ratios. Decreasing the metal content in the composite from 50 vol.% to
10 vol.% leads to a hardness increase from 250 to 1800HV and to the
decrease of the bending strength from 960 to 280MPa. The resistivity of these
TiC/Cu composites decreases from 142 |aohm-cm to 25 ^ohm-cm.
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The corrosion of coated and uncoated Mo and of uncoated

Mo-ZrO2 in glass melts under a. c. loading

Hans-Peter Martinz", Jifi Matej* and Gerhard Leichtfried"

° Plansee AG, Reutte.Tirol, Austria

* Laboratory of Inorganic Materials of the Institute of Inorganic Chemistry ASCR

and the Institute of Chemical Technology, Prague, Czech Republic

Summary:

Sintered and deformed molybdenum, molten and deformed molybdenum and
Mo-5ZrC>2 (Mo with 5 volume % ZrOa) were exposed to molten C-, white- and

2green-glass under an alternating current loading of 1 A/cm2. Via mass loss
measurement and chemical analysis of the glass melts corrosion rates of the
various materials were determined.
The most significant deviation to lower corrosion could be found for Mo-5ZrO2

in green-glass. Retardation of intercrystalline corrosion by the dopant itself or
- more likely - the formation of a viscous layer promoted by the presence of
the dopant are responsible for this behaviour.
Sibor (Si-B) coated molybdenum was also tested in C-glass melt under the
same conditions. After an initial period of strong dissolution and bubbling the
corrosion rate decreased and became lower than that of the 3 uncoated
materials. Presumably the preferential dissolution of Si (B) over the period
observed is responsible for this effect.

Keywords:

Corrosion, molybdenum, coating, glass, alternating current, SIBOR
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1. Introduction

Molybdenum is used in glass fabrication (1) for melting electrodes, glass tank
reinforcements, stirrer cores, melting containers and emptying tubes because
of a variety of outstanding properties: high melting point, low vapour pressure,
high hot tensile strength and creep resistance, low thermal expansion
coefficient and relatively good corrosion resistance against various glass
melts especially soda lime and borosilicate glass melts. Nevertheless
corrosion resistance - and additionally creep resistance - of pure Mo are not
satisfactory in some cases (2) and therefore new Mo-based materials are in
evaluation. The main corrosion mechanism found in this special glass with a
comparatively high content of Sb2O3 is the grain boundary attack by oxidizing
agents (3).
Within this work sintered and deformed molybdenum (Mo-SD), molten and
deformed molybdenum (Mo-MD) and - as a new material with higher creep
resistance (3) - molybdenum with 5 volume % ZrO2 (Mo-5ZrO2) were
exposed to molten C-, white- and green glass under an alternating current
loading of 1 A/cm2. Via mass loss measurements and chemical analysis of
the glass melts corrosion rates of the various materials were determined.
Besides all the positive properties of molybdenum its weak oxidation
resistance above 400°C must not be forgotten. Principally there are various
possibilities to protect Mo against oxidation in glass industry - Plansee is
recommending first of all its SIBOR-coating which is protective against air
attack at temperatures up to 1600°C.
As the oxidation behaviour of SIBOR in air has already been treated in
previous publications (4,5) in this work the dissolution kinetics of SIBOR in C-
glass melt at 1300°C under alternating current loading has been investigated.
This is an important item because SIBOR dissolution may temporarily create
bubbles and streaks within the molten glass.

2. Experimental

Three molybdenum based materials were exposed to corrosion in
three different glass melts under loading by alternating current. The
behaviour of Sibor layer on molybdenum was also investigated in borosilicate
glass melt under similar conditions.



H.-P. Martinz et al. RM 29 219

15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

Tab. I shows the composition of glasses used in the tests . Glass 1 is
borosilicate glass used for production of fibres ("C-glass") , glass 2 is green
bottle glass and glass 3 is white container glass.

Component
SiO,
TiO2

B2O3

CaO
MgO
BaO
Na2O
K2O
AI2O3

Cr2O3

Fe2O3

MnO
NiO
PbO
refining agent

Content in wt. - %
1
65
-
4.5
14
3
1
0.5
8
4*
-
-
-
-
-
none

2
71.86
0.05
-
10.99
1.20
0.03
12.90
0.51
1.55
0.225
0.475
0.021
0.006
0.023
0.06 % SO3

3
71.00
0.035
-
10.45
2.54
0.062
12.95
0.96
1.59
0.003
0.057
0.008
-
-
% 0.136 SO3

* AI2O3 + Fe2O3

Tab.I.: Composition of glasses used in tests: 1...C-glass, 2...green bottle
glass, 3...white container glass

The materials used can be characterized as follows: Mo-SD: pure
molybdenum produced via the press-sinter-deformation-route with grain-
numbers per mm2 of 4500 before and 350 after an 100h-1650°C-
H2.annealing; Mo-MD: pure molybdenum produced via the melt-deformation-
route with grain-numbers per mm2 of 1500 and 15 respectively and Mo-ZrO2:
molybdenum with 5 vol.% of fine (a few |am) dispersed ZrO2 particles
produced via the press-sinter-deformation-route with grain-numbers per mm2

of 45 and 25 respectively. At temperatures up to 1600°C and loads up to 20
MPa the creep rate of this dispersion-strengthened material is at least 5 times
lower than that of the pure molybdenum-qualities (3).The SIBOR ® coating
was applied to Mo-SD by APS (= Atmospheric Plasma Spraying) to a
Thickness of 100 - 200 \irr\ and subsequent thermal treatment The chemical
analysis of the materials tested is given in Table II.
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Element

C
0
H
N
Fe
Co
Ni
B
Si

Content
Mo-SD

15
28
2
5
18
<5
<5

<10

in material fm-ppm or wt.-%]
Mo-MD

8
13
<1
<5
9

<5
<5
29

M0-5ZrO2

<5
6768

5
34
53
<5
18

<10

SIBOR-coat.

1.80%

8.10%
rest

Tab.II: Composition of Mo-based materials and of the SIBOR-coating

The materials tested were in form of rods, 5 mm in diameter and 20
mm long. All rods were fitted by a hole 2.5 mm in diameter and 3-4 mm deep
on one end for separable junction with molybdenum leads. Fig. 1 shows the
junction. Molybdenum wire, 1.2 mm in diameter fitted by a loop on the end
was pressed tightly into the hole in tested specimen. The molybdenum lead
was protected against contact with glass and also with the atmosphere above
glass level by a silica glass capillary.

Fig. 1: Junction of molybdenum lead L to tested sample M.
C ...protective capillary, G ... glass melt



H.-P. Martinz et al. RM29 221

15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

A pair of tested samples with leads was fed by alternating current of mains
frequency at current density of 1 A.cm"2 via the simple feeding circuit shown
in Fig. 2.

220 V

50 Hz

Jl
13,4 ohm

4 - 1

Fig. 2: Feeding of electrodes. T ... position of the thermocouple

A pair of weighed samples with leads according to Fig. 1 and a
calibrated thermocouple protected by a silica glass tube were vertically
introduced into glass melt in ceramic crucible placed in an electric furnace
with automatic temperature control and connected to feeding circuit. The
amount of glass melt was 50 g in borosilicate glass 1 and 67 g in container
glasses 2 and 3 , respectively. The working area corresponding to the
described arrangement in all tests was 2x3.338 cm2. The test temperature
and duration were 1300°C and 20 h in borosilicate glass 1 and 1400° C and
12 h in container glasses 2 and 3. The different test duration and glass
amounts in the tests with Sibor coated samples are indicated in Section 4. At
the end of every test, the feeding was disconnected and temperature was
reduced to increase the viscosity of glass melt. Electrodes with adjacent
layer of the melt were withdrawn. One sample was pulled out of the lead
before the glass layer turning rigid and dropped into water. Remaining glass
was separated by etching in hydrofluoric acid and the weight loss was
determined. The second sample was let to cool freely down and used for
microscopic observation of metal-glass interface. For determination of the
molybdenum content in glass melt, furnace temperature was raised again,
glass melt was stirred and poured into water.
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3. Behaviour of molybdenum materials

Corrosion losses of molybdenum based materials in borosilicate glass (No.1)
are shown in Tab. III. It may be seen that differences between materials
tested are within experimental errors. Mean value for all three materials is
20.85 mg/electrode. The corresponding values obtained by chemical analysis
and related to one electrode are given in the last column of the table. It may
be seen that these values, even if lower because of inhomogenous
distribution of Mo in the glass melt, also do not differ very much to each other.
In case of Mo-ZrO21.7 mg/electrode of dissolved ZrO2 has also been found in
the glass.

Material

Mo-MD

Mo-SD

Mo-5ZrO2

weight loss [mg]/electrode

1.

20.6

22.7

18.4

2.

20.1

18.7

22.6

3.

20.2

19.7

20.0

4.

-

24.0

22.8

average

20.3

21.3

20.95

s

±0.15

±1.2

±1.1

amount of dissolved
molybd.[mg]/electr.

12.2

13.1

14.1

Tab. Ill: Corrosion of molybdenum materials in borosilicate glass melt. 1300°
C, 20 h, 1 A.cm"2.

Corrosion losses of the same materials but at higher temperature and for
shorter time in green bottle glass (No.2) and in white container glass (No.3),
again completed by the values based on chemical analysis of glass, are given
in Tab. IV and V respectively.

Material

Mo-MD

Mo-SD

Mo-5ZrO2

weight loss

1
13.9

13.8

10.0

2
15.6

12.2

10.4

mg]/electrode

3
-

-

10.1

average
14.75

13.0

10.15

amount of dissolved
molybd. [mg]/electr.

10.5

7.3

5.65

Tab. IV: Corrosion of molybdenum materials in green bottle glass melt.
1400°C, 12 h, 1 A .cm"-2
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Material

Mo-MD

Mo-SD

Mo-52rO2

weight loss [mg]/electrode

1

17.6

14.2

16.9

2

16.9

15.0

14.2

3

16.5

14.8

14.9

4

-

-

13.7

average

17.0

14.7

14.9

s

±0.3

±0.2

±0.7

amount of dissolved
molybd. [mg]/electr.

7.5

6.0

5.6

Tab. V: Corrosion of molybdenum materials in white container glass melt.
1400°C, 12 h, 1 A. cm"-2

It may be seen that corrosion losses of all three materials in white container
glass are higher than those in green bottle glass under the same conditions.
This may be attributed to higher SO3 content in white container glass as main
corrosion depolarizer. There are also differences in corrosion losses of tested
materials: Molten and deformed material (Mo-MD) shows highest corrosion in
both glasses. While there is no conclusive difference between sintered and
ZrC>2 doped materials in white container glass, the corrosion loss of doped
material in green bottle glass is by about 30 % lower than that of sintered and
deformed (Mo-SD) material. The concentrations of dissolved molybdenum
found in glass are in qualitative agreement with the sequence of corrosion
losses. Again 0.9 mg/electrode of dissolved ZrO2 has been found in white
container glass and 1.4 mg/electrode in green bottle glass respectively after
the tests with ZrC>2 doped material. These results may be compared with
those obtained in glass with comparatively high content of antimony oxide (3)
where a more expressed favourable effect of ZrO2 has been found. This
effect has been explained on the basis of loosing molybdenum grains as a
consequence of antimony penetration, the supposed effect of ZrO2 addition
being based on a better material consistency. In addition to the quoted paper
the behaviour of two non doped molybdenum materials may be compared in
the present paper. The higher corrosion loss of molten material in both
container glass melts cannot be explained on the basis of a higher carbon
content which is known to increase the corrosion rate (6) as the molten
material is containing less carbon than the sintered one (see Tab. II). The
only possible explanation may then be based on different material structures.

This seems to be another strong evidence for the loosing of grains as an
important corrosion mechanism in less and medium corrosive glasses. The
released molybdenum particles can be observed on the light micrographs of
Fig. 3 and the SEM pictures of Fig. 4.:
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I 1100nm
Fig. 3: Light micrographs of cross sections of Mo-MD, Mo-SD and Mo-ZrO2

(from left to right) after the test in white container glass

I—I 10|am
Fig. 4: SEM pictures of cross sections of Mo-MD, Mo-SD and Mo-ZrO2 (from
left to right) after the test in green bottle glass

The micrographs of Fig. 3 do not show significantly stronger particle release
of Mo-MD compared to Mo-SD and Mo-ZrO2 in white container glass as
indicated by weight loss and chemical analysis of Mo in the melt. On the SEM
pictures of Fig. 4 which represent the situation after the test in green bottle
glass melt a significant difference between undoped and doped molybdenum
materials can be seen: many small particles released from the Mo-MD and
Mo-SD surface, some kind of very thin layer and a few larger particles in case
of the Mo-ZrO2.
The most probable explanation of the favourable behaviour of the doped
material in green glass melt seems to be the retardation of intercristalline
corrosion by the dopant itself or, more likely, by the formation of a - probably
viscous - layer on the surface promoted by the presence of the dopant. An
important difference in composition of both container glasses is the higher
content of oxides that may be reduced like Fe2O3l MnO, PbO and NiO.
Especially elemental nickel is known to cause a strong intercrystalline
corrosion of Mo.
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4. Behaviour of Sibor layer on molybdenum material

Sibor coated samples were exposed to contact with borosilicate glass melt
under a.c. loading for different time of 3 to 144 hrs. The glass melt was
exchanged in some tests and some specimens were exposed to glass melt
repeatedly as indicated in Tab. VI.

Test
No
1
2
3
4

5

6

7

Test
duration[h]
3
24.5
50
72

72

36

36

Foregoing
test [h]
none
none
none
none

none

1.el.: 24.5
2.el.: 72

l.el.:72+36
2.el.:24.5+36

Glass
exchange
none
none
none
after 36 h

after 36 h

none

none

Corrosion
loss Img]
21.25
40.6
26.1
30.8

48.4

17.5
28.7

26.4
for microscopy

Glass
colour
dark
dark
dark
l.crucible: dark
2.crucible: slightly col.
l.crucible: dark
2.crucible: slightly col.

1 dark only in
i electrode vicinity

~J dark only in
J electrode vicinity

Tab. VI.: Conditions of tests of Sibor layer

Test No
1
2
3
4-l.crucible
4-2.crucible
5-l.crucible
5-2.crucible
6
7

Electrodes voltage
lOmin
7.9
7.45
7.8
8.4
7.9
8.1
7.4
7.5
7.7

1 h
7.25
7.05
7.3
7.15
7.9
7.45
7.3
7.45
7.9

rvi
2h
7.25
6.90
7.1
7.05
7.95
7.4
7.3
7.55
7.9

3h
7.30
6.90
7.15
6.95
-
7.35
-
7.65
8.0

4h
-
6.90
7.20
7.05
-
7.3
-
7.7
8.05

Tab. VII. Electrodes voltage at the beginning of tests

It has been observed that the behaviour of the samples at the beginning of
the tests differs from that after about two hrs: Tab. VII shows electrodes
voltage necessary for passing demanded current at the beginning of tests: It
may be seen that the voltage decreases significantly during first two hours if
non-treated samples are used. The increased voltage at the beginning is very
probably associated with the appreciable bubble development observed on
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tested electrodes within this period. The voltage decrease does not occur at
already treated samples, not even after glass exchange.

An appreciable dark colouring of the melt in crucible has been observed
after exposure of hitherto non-treated samples. Again, only
a slight glass colouring occurred at already treated samples including these
after glass exchange as indicated in Tab.VI.

1000
900
800
700
600
500
400
300
200
100
0

= 4,0564x +192,55

R2 = 0,7157

50 100 150

x/h
Fig 5: Overall weight loss of Sibor layer vs. time

Fig 5 indicates an initial period of the rapid dissolution of the layer followed
by a period with low dissolution rate. The calculated "steady state"
dissolution rate of 1.215.10"4 g.cm"2.h"1 is lower than mean dissolution rate of
non-coated molybdenum in the same glass calculated on the basis of data in
Tab. II : 3.12.10^g.cm~2.h"1. On the other hand, the loss of Sibor coated
molybdenum after 20 h according to Fig. 5 (27.4 mg) is higher than the
average value of 20.85 mg for molybdenum materials.

The comparatively low dissolution rate of the layer following the rapid
initial dissolution may be generally associated with formation of a diffusion
layer in glass adjacent to the sample retarding the dissolution of Sibor layer
or with changed properties of the initial Sibor layer. The glass exchange does
not seem to affect Sibor behaviour and the rapid initial dissolution is not
restored even after complete removing of the layer of adjacent glass by
etching in hydrofluoric acid in tests No 6 and 7. Hence the retarding effect
should be sought in modified properties of Sibor layer. Fig. 6 shows
micrographs of the Sibor layer as annealed before glass contact (left), after 3
and 144 hours testing in C glass. Phases capable to react with glass melt
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evolving bubbles are likely to be dissolved preferentially: Si, C, Mo-silicides
and SiC.

-110 urn

Fig. 6: cross sections of the SIBOR coating on Mo-SD before (left) and after
corrosion in C glass (3h middle, 144h right); EDX: 1..Si; 2..Si,Mo; 3,4,5..Mo;
Si and Mo in the layers of picture 558506 and only Mo in the porous zone of
picture 558505

It can be seen that the initial Sibor layer undergoes severe dissolution and
modification during the first 3 hours. Afterwards the glass melt is removing
the silicon (and presumably also the boron) by dissolution leaving behind a
porous molybdenum surface. This preferential attack on Si (B) may be
responsible for the slower corrosion of the SIBOR coated Mo after a rush
initial period compared to the uncoated molybdenum.
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Summary:

The scope of this study encompasses the compositional modifications of the
tungsten-rhenium dual system (W-3/5Re up to W-27Re) as well as some
of the tungsten-molybdenum-rhenium ternary system. The alloys of interest
are considered with a specific representation of powder metallurgy route
based
on doped or undoped tungsten vs. vacuum melted materials. This paper
constitutes an in-depth review of structural and mechanical properties and
systematic compilation of challenges necessary to provide the quality
consistency of severely drawn filaments. The issue of thermomechanical
processing trends is addressed as an important part of W-Re fabrication
technology to achieve further improvement in design properties of rod and
wire.

Keywords:

Powder metallurgy, rhenium, tungsten-rhenium, wire, thermomechanical
treatment, structure, mechanical properties, drawing, annealing.

1. Introduction:

Although Re is a scarce material, W-Re alloy combinations have won wide
and important applications in various modern technological fields and
achieved great economic benefits. Widespread applications for
thermocouples, lamp filaments, electric and electronic devices, welding
electrodes, etc. are in high temperature environments, where the alloys
outstanding properties, such as
elevated melting point and recrystallization temperature, appreciable
electrical resistivity, good low temperature ductility, great creep strength,
favorable wear and corrosion resistance can be put to their best usage (1-4).
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The development of W-Re wires for commercial applications persists as a
source of continuing innovations in material science and manufacturing
technology and consequently there is a strong engineering motivation for
guiding further alloy design and fabrication improvement. Additions of 3-5%
Re (all compositions in weight %) to overcome the severity of pure W
embrittlement appear to be beneficial due to alloy softening, though less
spectacular in their effect than the solubility-limit concentrations of 24-27% Re
which significantly promote the strength and ductility increment imparted to W
by solid solution strengthening.

The growing acceptance of W-3/5 Re and W-25 Re wires is primarily fueled
by favorable experience as alternative thermoelements (5). The alloys of
interest are generally manufactured in the USA and Europe through the
powder metallurgy (P/M) route with a tolerance on the Re addition in the
range of + 0.5% or better. In order to suppress the phase formation, vacuum
melting (V/M) is the most popular W-27Re production process in Russia with
Re content tolerances of ± 3%. In alloys W-3/5 Re the W-base material is
intentionally doped with K, Al and Si (AKS tungsten) to control
recrystallization behavior. Plansee and Russians manufacture wire of such
alloys in the undoped condition. There is strong incentive to achieve better
material performance by addition of 10, 15, and 20% Re to W as so-called
"dilute or moderate alloys",
or consideration of high Re ternary alloys with W and Mo (6). Dispersion
strengthening by interstitial refractory phases ( HfC, ZrC, Th O2) sharply
increases the high temperature strength of both low and high rhenium alloys
and decelerates their softening upon heating (7).

Further prospects to attain property enhancements include the engineering of
proper alloying, formation of optimal structural states under
thermomechanical treatment (TMT), and using new manufacturing methods.
An extensive survey of physical, chemical, thermal, magnetic, and selective
mechanical properties was recently conducted by this author (6, 8) to provide
background information on Re and its alloyed systems with Mo and W and to
aid in the usefulness of the compilation as a reference source. The balance of
the present paper will be concerned with the processing and resulting
microstructures and mechanical properties that can be produced in W-Re
wire or rod forms. This was motivated by the importance to successfully
transmit current knowledge for high performance applications in leading edge
technologies.
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2. Compact Consolidation and Wire Fabrication:

The P/M consolidation technology of W-Re bars by solid-state diffusion
involving blending of elementary powders, pressing to green compact, and
high temperature sintering is already well established. Consequently there
is much experience in the field. Further fabrication usually includes a
combination of TMT steps such as swaging to fully densify the sintered bar
and to reduce it to size more suitable for drawing, and wire drawing until the
final diameter is obtained. Because of high-elevated temperature alloys
strength and lack of plasticity, heating throughout swaging and drawing
promotes sufficient material ductility. However, W-Re alloys are generally
worked below their recrystallization temperature and development of fibrous-
appearing structure
is noticeable, accompanied by significant work hardening rate vs.
accumulated deformation (9-13). Due to complex interaction of process
details and differences in operating conditions, detailed description of
manufacturing is beyond the scope of this paper.

The intermetallic compound sigma (a) phase, with its habit of appearing in W-
Re alloys near the solubility limit in stringer-like morphology, is the most likely
contender for the dubious honor of causing a discouraging degree of quality
variation related to longitudinal fissures which easily propagate into wire
cracks (splitting). The inevitable formation of sigma phase as a row of fine
scale precipitates can be mitigated by following efforts to enhance the
creation of a homogeneous W-Re solid solution: mechanical alloying of a
blended elemental powder mixture, coating of the W particle with a Re film,
application of high temperature sintering, or proper combination of TMT
parameters. However, this undesirable phase is hard to entirely eliminate by
any prevention technique because the effect of repeated deformation and
recrystallization cycles which cause resolution and coarsening of Re-rich
strain-induced a compound (13, 14). A practical approach in manufacturing
split resistant W-25Re filaments is to produce the minimum amount of a that
can be tolerated.

An important gain in productivity as well as a significant improvement in
material
performance throughout manufacturing can be achieved primarily by
processing enhancement. Homogenization of W-Re alloys using appropriate
TMT will assure that no problems will be encountered in obtaining the desired
mechanical and thermoelectric properties. Several development trends are
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known as the obvious choice, which can be described briefly below as
follows.

Optimization of the input wire rod fabrication is very strong being driven by
correlation between rod stock quality and fine wire processability. New,
efficient rolling equipment incorporating a novel technology to replace
conventional swaging/rolling operations is a great advancement. Some
evidence has accumulated for the existence of favorable triaxial state of
compression stress when rolling in box groove such low plasticity materials
as Mo and W (15). A study conducted by the author (16) has furnished
valuable data regarding use
of a planetary mill to manufacture Mo rod 2.5 mm dia with upgrade drawability
from as sintered bar 16x16 mm by one step reduction of 98%. In response
to heavy rolling deformation, the structure appeared to be more uniform and a
large number of dislocations created a network of fine sub-grains that impart
ductility to material so it can withstand the severe distortions of
wiredrawing(17).

Recent work of Russians (18) has purported to demonstrate high pay-off
applications of eight-stand lengthwise rolling mill to manufacture W wire rod
of 2.75 mm dia. Because the rolled wire has a stronger <110> fiber texture
that leads to a higher strength and greater plasticity (19), wire manufacturing
by rolling to a smaller size of about 1 mm is a challenging endeavor. A great
deal of effort has been spent on the development of hydrostatic extrusion of
Mo and doped W which revealed a superior room-temperature properties of
rod associated with heavy polygonized uniform grain structure (15). The
results of the first investigations (20) related to severe plastic deformation
(SPD) indicate that equal channel angular pressing is an advanced method
for processing ultra fine grained W to a grain size of about 1 mm. It is a quite
attractive perspective to develop by SPD some plasticity in W-28 to 30 Re
sintered parts to imbue such promising alloys with high resistance to
brittleness.

"Warm" drawing of W-Re wire requires the proper combination of fabrication
variables in order to avoid such detrimental affects as wire breaks, fine
generation, and wear. Such variables include: reduction schedule, drawing
speed and temperature, wire surface quality, back tension and lubrication.
The configuration of carbide dies strongly affects friction forces and the exact
amount and location of shear in the wire. In the investigation of Mo and W
wire drawing of 1.0 - 0.8 mm dia at 600° - 800°C, Bryskin et al (21) reported
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that there is an optimum zone of die angles which varies from 10° to 15°,
depending upon the reduction. Another study (22) locates this optimum die
profile between 16° and 18°. While Perlin and Ermanok (23) stated the
approach angle value of diamond die between 6° and 12° when drawing Mo
0.15 mm dia with reductions of 5 to 25%, Hallas (24) notes consistently lower
drawing force with 24° die for W wire 0.25 mm dia.

3.Microstructural State and Mechanical Properties of Wrought Wire:

As a direct consequence of deformation introduced by the rotary hammering
action of swaging, followed by compression forces during drawing, the
structure of W-Re wires appears to consist of twisted and elongated fine
fibrous grains in the longitudinal direction and heavily worked and cured
grains in the cross section (13). The fibrous state of wrought doped W-3/5 Re
filaments displays evidence of the string-like arrangement of the 2nd phase,
which exists as small spherical potassium bubbles along the wire axis. Such
microstructural refinement by severely raising strain content promotes the
ductility and affects the material hardening rate even if dynamic stress relief
by preheating eases residual stresses. The basic principles that govern
microstructural evolution of W-Re during TMT are very similar to those related
to W and data available from Briant and his collaborators (12, 25) are quite
pertinent. The deformation twins are present in the alloys containing more
than 23% Re (7, 13).

The tensile strength and ductility of wire are a dominant consideration in
selection of drawing process parameters. Current property data of W-Re wire
of different compositions is very sparse and scattered throughout the
literature.
A noticeable magnitude of spread among the values is associated with
individual manufacturing and testing status. The Table below lists the data,
which are the mean values, based on multiple tests. The observed
engineering stress-strain curves indicate that while hardening is appreciable
in unalloyed W, it is essentially nonexistent in the W-Re until necking occurs
and the wire maintains a reasonable ductility as indicated by elongation. The
hardness is generally not uniform across wire diameter, usually being higher
in the interior than near the surface. Appearance of such hardness
distribution is also quite typical for drawn steel wire (23).
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Table: Room Temperature Mechanical Properties of P/M W-Re Wire
(26)

Alloy
Diameter, mm
doped W-3Re

0.18-1.02
doped W-5Re

0.18-1.02
W-25Re

0.05-1.27

Wire
Condition
drawn 50%
annealed

drawn 50%
annealed

drawn 40-60%
annealed

Tensile Strength
UTS (x103MPa)

2.1-3.0
1.4-2.0
2.0-3.0
1.2-1.8
2.4-3.5
1.7-2.3

Elongation
(%)

0.5-3.0
10-30
0.5-3.0
10-30
0.5-3.0
10-25

Microhardness
VHN

470 -600
380 -460
450 - 600
350 - 430
540 -750
470 - 530

The extent of changes in mechanical properties of W-Re throughout
applications of dry wiredrawing practice is not directly proportional to the
amount of drafting as it is affected by a combination of fabrication variables
listed above. Figure 1 illustrates the strength of Re alloys wire as a function
of drawing reduction. The strain hardening envelope (Fig. 2) addresses the
issue of W-25 Re wire manufacturing with saturation in hardening when high
reduction is introduced. This heavily drawn wire withstood total area reduction
of 99.6% without rupture and tends to have higher strengthening increments
for a given amount of cold drawing strain usually initiated from 0.254 mm
(26). Such wire can be used for the component fiber in the metal or
intermetallic matrix composite. Work hardening curves on Fig. 3 show the
effect of wire diameter on the strength of binary and ternary alloys. W - (20-
27) Re alloys surpass the alloys with 2 - 4% Re in the intensity of strain
hardening (7).

4. Consideration for Wire Annealing:

For W-25 Re the primary recrystallization is complete between 1873K and
2073K and equiaxed grains are formed. With continued high temperature
exposure the irregular grain growth is noticeable at 2273K and, as the grain
size increases, the wire becomes less pliable at ambient temperature.
Heating up to 2400 - 2600K of doped W-3/5 Re alloys produces a slight
microstructural evolution while exposure at 2700K and above will remove any
fibering and texturing effect. Large interlocking elongated grains (non-sag
structure) develop rapidly (8, 13). Systematic analysis of the available
mechanical properties data was undertaken to create a comprehensive user-
expandable graphical database (Fig. 4 -18) attributed to the annealing effect.
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Figure 1. Effect of work hardening through cold drawing on tensile strength of V/M Mo - 47
Re wire diameter of # 1 - 0.6 mm, # 2 - 1.0 mm and # 3 - 2.0 mm. (a) and V/M # 1 - W-27
Re and # 2 - Mo - 47 Re wire (b) (27)
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Figure 2.
Effect of deformation
on the ultimate tensile
strength, elongation, and
microhardness for P/M
wire drawn from 1.3 mm
to 0.2 mm for W-25 Re
and from 1.6 mm to 0.09
mm for Mo-47.5 Re. (26)
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1. W - 27 Re

2. W - 27 Re {warm drawn}

3. Mo - 47 Re - 7.98 Nb - 10.2 Ta - 19.88 W

4. Mo - 47 Re - 1.32 Zr - 3.16 Hf

5. Mo - 47 Re - 2.29 Ti - 4.05 V

6. Mo - 47 Re

7. Mo - 47 Re
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8. Mo - 75 W - 25 Re

9. Mo - 36 W - 28 Re

10. Mo-SOW -35 Re

11. Mo-20 W-45 Re

12. Mo- 10 W-45 Re

13. Mo- 10 W-45 Re {cold drawn)

14. Mo - 20 W-27 Re

15. Mo- 39 W -27 Re

Figure 3. V/M binary with additives (a) and ternary (b) alloys of the W - Mo - Re system:
Room temperature values of the ultimate tensile strength expressed as a function of the wire
diameter. (28)
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Figure 4. Ultimate tensile strength (a) and elongation (b) versus annealing temperature for
P/M W and W-3 Re wire diameter 0.39 mm (time of anneal 0.3 ks). (29)
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Figure 5. P/M undoped W-Re alloys - Elongation for a wire diameter of 1.0 mm as a function
of the annealing temperature (time of anneal: 3.6 ks) (30)
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Figure 6. P/M undoped W-Re alloys -Ultimate
tensile strength and elongation as a function of
the annealing temperature and time of ex-
posure of wire with a diameter of 0.34 mm.
(time of anneal: 0.9 ks; at 1773 K for unlined
symbols time of anneal: 15 s) (31)

Figure 7. P/M undoped W-Re alloys -
Ultimate tensile strength and elongation for
a wire diameter of 0.1 mm as functions of
the annealing temperature, (time of anneal:
1.2 ks) (9, 32)
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Figure 8. P/M undoped W-Re alloys
(thoriated - 2.0% ThO2) - Ultimate tensile
strength and elongation for a wire diameter
of 0.15 mm as a function of the annealing
temperature, (time of anneal: 0.9 ks) (10)
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Figure 9. P/M W-Re alloys - Ultimate tensile
strength and elongation for a wire diameter of 0.5
mm, 1.4 mm, and 1.6 mm as a function of
annealing temperature, (time of anneal: 3.6 ks)
(33)
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Figure 10. P/M doped and undoped W-Re
alloys - Ultimate tensile strength and elongation
for wire diameter of 0.35 mm as a function of
the annealing temperature (time of anneal: 0.9
ks) (34)
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Figure 11. P/M doped W-Re alloys- Ultimate
strength and elongation for wire as a function
of the annealing temperature, (time of anneal:
0.9ks)(10)
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Figure 12. P/M doped W-Re alloys- Ultimate tensile strength and elongation for a wire
diameter of 0.2 mm as a function of annealing temperature, (time of anneal: 0.18 ks) (35)
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Figure 13. P/M undoped (a) and doped (b) W-Re alloys - Ultimate tensile
strength and elongation for wire diameter of 0.1 mm as a function of the annealing temperature,
(time of anneal: 0.9 ks). (36)
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Figure 14. Ultimate tensile strength and
elongation for P/M doped W-3 Re wire as a
function of the annealing
temperature, (time of anneal: 30 s) (37)

Figure 15. P/M doped W-Re alloys -
Ultimate tensile strength and elongation for
wire diameter 0.5 mm as a function of
annealing temperature (time of anneal: 0.6
ks) (38)
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Figure 16. Ultimate tensile strength and elongation for P/M doped W-3 Re wire diameters
of 0.43 mm and 0.159 mm as a function of the annealing time and temperature. As
worked wires present strength 2240 MPa with elongation 1.68% for diameter 0.43 mm
and 2081 MPa, 2.08% for diameter 0.159 mm (26)
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Figure 17. Ultimate tensile strength (1), elongation (2) and grain size (3) versus annealing
temperature for V/M W - 27 Re wire diameter of 0.24 mm with reduction degree 94% (time
of anneal in vacuum: 1.8 ks) (39)
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Figure 18. Ultimate tensile strength, elongation (a) and microhardness (b) for P/M W - 25
Re wire diameters of 2.87 mm, 0.51 mm, and 0.23 mm as a function of the annealing
temperature, (time of anneals: 10 s, 1.8 ks and 3.6 ks (26)

Annealing operations for W-Re wire are highly proprietary and application
specific. With the exception of the annealing treatments during swaging, all
in-process annealing of wires is employed essentially to remove strain-
induced residual stresses and restore the optimum ductility exhausted by
heavy reduction. The stress-relief operation is more amenable to maintain the
drawn texture by avoiding recrystallization because of difficulties of handling
recrystallization embrittled wire and resulting of wire tears and breaks.

A substantially uniform residual fine-fibred structure, slightly modified by
decay, with evidence of partially recrystallized nuclei is typical for annealed
wire in the Table. Continuous annealing in the temperature range of 1800 -
2400K is a practical heat-treatment. Such an intermediate processing step is
required
more often for the doped material, which is more susceptible to loss of low-
temperature ductility of thin wire. The dissolution of subsurface contamination
before annealing appears to be quite beneficial to the subsequent wire
ductility. High purity dry hydrogen is the preferred furnace atmosphere
because it improves surface cleanliness by reducing any oxide film.



B. Bryskin RM 31 243
15'" International Plansee Seminar, Eds. G. Kneringer, P. Rddhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

Acknowledgements:

The Author would like to express his appreciation to T.A. Leonhardt from
Rhenium Alloys, Inc. and Dr. T.J. Patrician from OSRAM SYLVANIAfor kind
permission to publish the valuable technical data. Special thanks to
R. Biermann for reviewing the manuscript, L. Robinson for technical
assistance in preparing this publication and M.L. Buck, Sr. for assistance in
graphic design.

References:

1. B.D. Bryskin and F.C. Danek: The Journal of The Minerals, Metals
and Martial Society (JOM), Vol. 43 (7), (1991), pp. 24 - 26

2. B.D. Bryskin: Advanced Materials and Processes, Vol. 142 (3),
(1992), pp. 2 2 - 2 7

3. B.D. Bryskin: Proc. 9th Symposium on Space Nuclear Power
Systems, pp. 278 - 291 (ed. M.S. El-Genk et al, American Institute
of Physics, New York, 1992)

4. J.-C. Carlen and B.D. Bryskin: Proc. Symposium Evolution of
Refractory Metals and Alloys, pp. 119 - 135 (ed. E.N.C. Dalder et
al, TMS, Warrendale, PA, 1993)

5. R.D. Lanam and D.A Toenshoff. Proc. Int. Symposium on Rhenium
and Rhenium Alloys, pp. 383 - 390 (ed. B.D. Bryskin, TMS,
Warrendale, PA, 1997)

6. B.D. Bryskin: Advanced Materials and Processes, Vol. 154 (4),
(1998), pp. 8 3 - 8 6

7. K.B. Povarova, O.A. Bannykh, E.K. Zavarzina: Proc. Int. Symposium
on Rhenium and Rhenium Alloys, pp. 691 - 705 (ed. B.D. Bryskin,
TMS, Warrendale, PA, 1997)



244 RM 31 В. Bryskin

15" International Plansee Seminar, Eds. G. Knerlnger, P. Rödhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

References Continued:

8. B.D. Bryskin and J.-C. Carlen: Proc. Symposium Molybdenum and
Molybdenum Alloys, pp. 11 - 37 (ed. A. Crowson et al, TMS,
Warrendale, PA, 1998)

9. E.M. Savitskii, M.A. Tylkina, K.B. Povarova: in „Rhenium Alloys"
(Izdatel'stvo Nauka, Moscow, 1965, Translated from Russian, IPST
Press, Jerusalem, 1970) pp. 177 - 219

10. A.S. Gladkov, V.M. Amosov, Ch. V. Kopecki, A.M. Levin: in „Metals
and Alloys for Electric-Vacuum Devices" („Metalli i Spalvi dlia
Electro-Vacuum Ustroistv", in Russian), (Izdatel'stvo Energía,
Moscow, 1969), pp. 470 - 531

11. S.W.H. Yin and C.T. Wang: in „Tungsten. Sources, Metallurgy,
Properties, and Applications" (Plenum Press, New York, 1981),
pp. 151 -358

12. C.L. Briant: Proc. 13th Int. Plansee Seminar, Vol. 1, pp. 321 -335
(ed. H. Bildstein and R. Eck, Plansee AG, Reutte, 1993)

13. B.D. Bryskin and J.-C. Carlen: Proc. 4th Int. Conference on Powder
Metallurgy in Aerospace, Defense, and Demanding Applications,
pp. 6 7 - 9 8 (ed. F.H. Froes, MPIF, Princeton, NJ, 1995)

14. E.Y. Ivanov, C. Suryanarayana, B.D. Bryskin: Materials Science and
Engineering, A251, (1998), pp. 255 - 261

15. A.P. Kolikov, P.T. Poluhin, A.V. Krupin, I.N. Potapov, V.M. Izotov,
M.A. Bondarev: in „Technology and Equipment for Treatment of
Refractory Metals" („Technologia i Oborudovanie dlia Obrabotki
Tugoplavkih Metallov", in Russian), (Izdatel'stvo Metallurgia,
Moscow, 1982), pp. 225 - 326

16. B.D. Bryskin, V.V. Nesgovorov, P.S. Maksudov: The Soviet Journal
of Non-Ferrous Metals, 11 (6), (1970), pp. 57 - 58



В. Bryskin RM 31 245

15* International Plansee Seminar, Eds. G. Kneringer, P. Rödhammer and H. WNdner, Plansee Holding AG, Reutte (2001), Vol. 1

References Continued:

17. I.M. Pavlov, V.M. Izotov, V.V. Nesgovorov, V.F. Choporov,
B.D. Bryskin, L.M. Isaev, I.V. Koryakin: Refractory Metals Institute,
Scientific Compilation (Nauch. Tr., Vses. Nauch. - Issled. Proekt.
Inst. Tugoplavkih Metal. Tverd. Splavov, in Russian), Vol. 13,
(1973), pp. 6 6 - 6 8

18. V. F. Roschin, V.M. Izotov, P.M. Finagin, A.G. Serdjuk, I.N. Potapov:
Proc. 11th Int. Plansee Seminar, Vol. 1, pp. 257 - 264 (ed.

H. Bildstein and H.M. Ortner, Plansee, A.G. Reutte, 1985)

19. H. Guojun and I. Hongru: Wire Industry, 9, (1990), pp. 662- 664

20. I.V Alexandrov, G.I. Raab, R.F. Valiev, L.O. Shestakova,
R.J. Dowding: Proc. 5th Int. Conference on Tungsten and Tungsten
Alloys, pp. 27 - 31 (ed. M. Greenfield and G. Oakes, MPIF,
Princeton, NJ, 2000)

21. B.D. Bryskin, V.V. Nesgovorov, A.A. Shegai, V.l. Brabets: The
Soviet Journal of Non-Ferrous Metals, 43 (5), (1970), pp. 81 - 82

22. G.W. King: Wire Technology, 5/6, (1978), pp. 117-121

23. I.L Perlin and M.Z. Ermanok: in „Theory of Drawing" („Theoria
Volochenia" in Russian), (Izdatel'stvo Metallurgia, Moscow, 1970),
pp. 113-130

24. A. Hallas: GE Technical Information Series No. GE81-RMD-358,
(1981), pp. 27

25. P.F. Browning, C.L. Briant, B.A. Knudsen: Proc. 13th Int. Plansee
Seminar, Vol. 1, pp. 336 - 351, (ed. H. Bildstein and R. Eck,
Plansee AG, Reutte, 1993)

26. B.D. Bryskin: Rhenium Alloys Inc., Unpublished Data, (1991 - 1998)



246 RM 31 В. Bryskin
15" International Plansee Seminar, Eds. G. Kneringer, P. Rödhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

References Continued:

27. M.A. Tylkina and E.M. Savitskii: Rhenium in New Technique,
Scientific Compilation (Rhenii v Novoi Technike, In Russian),
(Izdatel'stvo Nauka, Moscow, 1970), pp 5 -21

28. K.B. Povarova and Kazanskaya: Fizika I Khimiya Obrabotki
Materialov (in Russian), 2, (1988), pp. 112-117

29. K. Hayashi, N. Shiga, T. Shimizu, I. Koseki, M. Ito, S. Ogura,
S. Yamazaki: Proc. 1st Int. Conference on the Met. and Mat. Science
of Tungsten, Titanium, Rare Earth, and Antimony, Vol. 2
pp. 742 - 747 (Int. Academic Publishers, 1988)

30. B.E. Kieffer, G.S. Root, S.A. Worcester: Proc. 5th Int. Plansee
Seminar, pp. 571 - 576 (éd. F. Benesovsky et al, Plansee AG,
Reutte)

31. S.К. Danishevski, A.M. Gurevich, N.I. Smirnova, S.I Ipatova, E.I.
Pavlova: Rhenium, Scientific Compilation (Rhenii, in Russian),
Izdatel'stvo Nauka, Moscow, 1964), pp. 212-215

32. S.P. Ipatova and E.I. Pavlova: Vacuum Technique, Scientific
Compilation (Sbornik Materialov po Vacuumnoi Technike, in
Russian), Gosenergoizdat, Moscow, 1960), pp. 7 4 - 8 0

33. F. Haider: Data Sheet W-Re and Mo-Re, Metallwerk Plansee
GMBH, G1.35.01 - T280 - 291, 05.12.1996 and 551.10 - 013, 014,
023, 024, 18.07.1997

34. S.K. Danishevski: Physical - Chemical Properties of Rhenium
Alloys, Scientific Compilation (Phisico-Chimichiskie Svoistoa
Splavov Rhenia, in Russian), Izdatel'stvo Nauka, Moscow, 1979),
pp. 193-201

35. J.W. Pugh, L.H. Amra, D.T. Hurd: Transactions of the ASM, Vol. 55,
(1962), pp.451 -461



В. Bryskin RM 31 247_

15" International Plansee Seminar, Eds. G. Kneringer, P. Ró'dhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

References Continued:

36. V.M. Amosov, E.I. Pavlova, V.l. Karavaicev, N.M. Zelencova:
Rhenium in the New Technique, Scientific Compilation (Rhenii v
Novoi Technike, in Russian), (Izdatel'stvo Nauka, Moscow, 1970)
pp. 62 - 67

37. T.J. Patrician: Recrystallization of W-Re wires- OSRAM SYLVANIA,
Private Communication, 1995

38. Li Yingqrian, Z. Qin, D. Zhouquan: Effect of Annealing Temperature
on Structure and Properties of Doped W-Re Wire, Northwest
Institute, China, Private Communication, 1997

39. L.L. Jdanova, M.A. Tylkina, E.M. Savitskii: Rhenium in the New
Technique, Scientific Compilation (Rhenii v Novoi Technike, in
Russian), (Izdatel'stvo Nauka, Moscow, 1970) pp. 90 - 93



ATO100389
248 RM 34 M. Nagae et al.

15" International Plansee Seminar, Eds. G. Kneringer, P. Rôdhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

Mechanical Properties of Molybdenum-Titanium Alloys

Micro-Structurally Controlled By Multi-Step Internal Nitriding

Masahiro Nagae1, Yoshito Takemoto2, Jun Takada2,

Yutaka Hiraoka3 and Tetsuo Yoshio1

1Faculty of Environmental Science and Technology, Okayama University, 3-1-1

Tushima-naka, Okayama 700-8530, Japan

2Faculty of Engineering, Okayama University, 3-1-1 Tushima-naka, Okayama 700-8530,

Japan

3Faculty of Science, Okayama University of Science, 1-1 Ridai-cho, Okayama 700-0005,

Japan

Summary:

Internally nitrided dilute Mo-Ti alloys having a heavily deformed
microstructure near the specimen surface were prepared by a novel two-step
nitriding process at 1173 to 1773 К in N2 gas. For the nitrided specimens,
three-point bend tests were performed at temperatures from 77 to 298 К in
order to investigate the effect of microstructure control by internal nitriding on
the ductile-to-brittle transition temperature (DBTT) of the alloy. Yield strength
obtained at 243 К of the specimen maintaining the deformed microstructure by
the two-step nitriding was about 1.7 times as much as recrystallized specimen.
The specimen subjected to the two-step nitriding was bent more than 90
degree at 243 K, whereas recrystallized specimen was fractured after showing
a slight ductility at 243 K. DBTT of the specimen subjected to the two-step
nitriding and recrystallized specimen was about 153 К and 203 K, respectively.
These results indicate that multi-step internal nitriding is very effective to the
improvement in the embrittlement by the recrystallization of molybdenum
alloys.
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1. Introduction

Molybdenum and its alloys are promising candidates for high-temperature
structural materials such as plasma facing components, aerospace
applications and so on. However, the practical developments for these metals
are not performed enough because of the cold brittleness resulting from the
fragility of grain boundary common to the refractory metals with a bcc structure.
In particular, the cold brittleness becomes conspicuous by the recrystallization,
resulting in a significant increase in the ductile-to-brittle transition temperature
(DBTT) (1). Therefore, it is necessary to suppress the recrystallization of
molybdenum to high temperature by the pinning of grain boundaries.

As one of the solution for the problem, we proposed the recrystallization
control of Mo-Ti alloys by multi-step internal nitriding (2). In this method, it is
possible to disperse TiN particles into the rolled alloys having the deformation
structure because the nitriding temperature is elevated step by step from
below the recrystallization temperature of the alloys. These particles act
effectively as a pinning point of the grain boundary migration. As a result, the
recrystallization temperature of the alloys is improved above 1873 K. In such
alloys, it is expected not only that the high-temperature strength is increased
due to dispersion strengthening but also that the cold brittleness is improved
by maintaining the deformation structure.

The aims of this paper are to examine the DBTT of Mo-Ti alloys subjected
to the multi-step internal nitriding and to discussed the effectiveness of this
nitriding method for the improvement in the cold brittleness of Mo.

2. Experimental

Mo-alloy containing 0.5 mass% Ti (to be referred to hereafter as
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Mo-0.5Ti) are prepared by the powder metallurgy method (3). Rectangular
specimens with the dimensions of 2.5wx1t*25l mm were cut out from the
as-rolled sheet, and mechanical and electrolytic polishing were carried out.
Nitriding was performed at 1173 to 1773 K in a flowing N2 gas of 1 atm. At first,
the preliminary nitriding (to be referred to hereafter as primary nitriding) was
performed at 1223 K for 16 h after nitriding at 1173 K for 64 h, which were
below the recrystallization temperature of the alloys. The secondary nitriding
was performed at 1773 K for 24 h, in order to grow up the Ti nitride precipitates
dispersed by primary nitriding. The recrystallized specimens were obtained as
a comparative specimen by heating Mo-0.5Ti alloy at 1773 K for 1 h in a
vacuum of about 1.3><10"4 Pa. A part of the recrystallized specimens was
nitridedat 1773 K for 24 h.

The cross-sectional observation was carried out by using optical
microscope. Micro-Vickers hardness of the cross section was measured by
using a weight of 0.245 N. In order to examine DBTT, three-point bend tests
were performed at 77 K to room temperature.

3. Results and discussion

Figure 1 shows optical micrographs of the cross section for Mo-0.5Ti alloy
as-rolled (a), recrystallized at 1773 K (b) and subjected to the two-step
nitriding at 1173 to 1773 K (c). The structure of the recrystallized specimen (b)
is an equiaxed grains structure of which the average grain size is about 30 pm.
On the other hand, the structure of the surface region of the two-step nitriding
specimen (c) is similar to that of the as-rolled specimen (a), though the inward
is recrystallized by secondary nitriding at 1773 K. The suppression of the
recrystallization is due to the pinning effect of the. grain boundary migration by
TiN particles dispersed by two-step nitriding. The depth to which the
recrystallization was suppressed depended on the temperature of secondary
nitriding.

Figure 2 shows stress-displacement curves obtained at 243 K for the
specimen recrystallized (a) and subjected two-step nitriding (b). The cross
represents the occurrence of brittle fracture. The yield stress of the
recrystallized specimen (a) and the two-step nitriding specimen (b) were 970
MPa and 1620 MPa, respectively. The high yield stress of the two-step
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Fig. 1 Optical micrographs of the cross section for Mo-0.5%Ti alloy as rolled
(a), recrystallized at 1773 K (b) and subjected to the two-step nitriding at 1173
to1773K(c).
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Fig. 2 Stress-displacement curves obtained at 243 K for the specimens
recrystaliized (a) and subjected to the two-step nitriding (b). The cross
represents the occurrence of brittle fracture.

nitriding specimen is explained mainly by the precipitation hardening by
internal nitriding.

Figure 3 shows appearance photographs of the specimens after the bend
test at 243 K. It is found that the two-step nitriding specimen is bend more than
90 degree at 243 K, whereas recrystallized specimen is fractured after
showing a slight ductility at 243 K. In many case, the increase in the yield
stress brings the decrease in the ductility. However, the two-step nitriding
specimen of this study exhibited excellent ductility, even though it had a high
yield stress compared with the recrystallized specimen. These results suggest
that the two-step nitriding specimen has high toughness.

In order to investigate the influence of the nitriding on a strength property,
a part of the recrystallized Mo-0.5Ti alloys was nitrided at 1773 K for 24h.
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Fig. 3 Appearance photographs of the specimens after the bend test at 243 K.

Stress-displacement curve obtained at 242 K for this specimen is shown in Fig.
4. In case of the nitrided specimen after the recrystallization, it is found that the
brittle fracture occurs without showing ductility. From the experiment about Mo
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Fig. 4 Stress-displacement curve obtained at 243 K for the specimen nitrided
at 1773 K for 24h after recrystallization.

which had bamboo-type grain structure, Hiraoka et al. (3) reported that the
segregation of nitrogen to grain boundaries embrittled remarkably grain
boundaries of Mo. Furthermore, Kobayashi et al. (4) concluded that the
increase in the hardness by internal nitriding brought the decrease in the
low-temperature ductility from the results for internally nitrided TZM alloy
(Mo-0.5Ti-0.08Zr-0.03C). The result of Fig. 4 is not contradictory to these
results. Thus, for Mo alloys, the internal nitriding is one of the surface
modification methods by which the low-temperature ductility is spoiled, though
it is very effective in improvement in the high-temperature strength (5).
Therefore, it is found that the excellent low-temperature ductility of the
two-step nitriding specimen in this study is not due to the dispersion
strengthening by the internal nitriding but due to the suppression of the
recrystallization in the surface region by the two-step nitriding.

Figure 5 shows relation between strength and reciprocal of bend test
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Fig. 5 Relation between strength and reciprocal of bend test temperature for
the two-step nitriding specimens.

temperature for the two-step nitriding specimens. It is found that the yield
strength becomes equal to the maximum strength (fracture strength) at about
153 K. Therefore, the DBTT of the two-step nitriding specimen is estimated as
153 K. The DBTT of the recrystallized Mo-0.5Ti alloy is about 203 K (6). Thus,
the two-step nitriding specimen is excellent not only in the strength but also in
the low-temperature ductility compared with the recrystallized specimen.

4. Conclusions

Mechanical properties of the Mo-0.5Ti alloy micro-structurally controlled
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by novel two-step internal nitriding were investigated by the low-temperature
three-point bend tests. The results are summarized as follows.

(1) The two-step nitriding specimen having a heavily deformed
microstructure near specimen surface had high yield strength and excellent
ductility compared with the recrystallized specimen.

(2) The DBTT of two-step nitriding specimen was about 153 K, and the
cold brittleness was remarkably improved compared with the recrystallized
specimen.

(3) The multi-step internal nitriding is very effective in the improvement in
the cold brittleness caused by the recrystallization of Mo.
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Summary.

The grain growth control and recrystallization temperature in the internally
nitrided dilute Mo-Ti alloys were studied through a novel three-step nitriding
process at 1173 to 1973K in N2 gas, in order to develop highly ductile Mo
alloys having a heavily deformed microstructure near the specimen surface.
Primary internal nitriding process below the recrystallization temperature of
the present alloys at around 1273K brings uniform dispersion of superfine
Ti-nitride precipitates in the Mo matrix where the deformation microstructure
remains. These superfine precipitates decompose and disappear after heating
at 1473K in a vacuum. However, after secondary nitriding at 1773K in a
nitrogen atmosphere, those particles grew up to be stick-shaped particles with
a length of 50 to 120nm without the recrystallization of Mo matrix within about
130jj.m from the specimen surface. The depth of the region where the
recrystallization of Mo matrix was suppressed was greatly dependent upon the
secondary nitriding temperature. The third nitriding was conducted at 1773 to
1973K. For the specimen nitrided at 1873K, the recrystallization temperature
in a vacuum was elevated above 1873K.
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1. Introduction

Molybdenum and its alloys are promising candidates for high-temperature
structural materials such as plasma facing components, aerospace
applications and so on. However, the practical developments for these metals
are not performed enough because of its high intergranular failure
susceptibility. In particular, the intergranular failure becomes conspicuous by
the recrystallization, resulting in a significant increase in the ductile-to-brittle
transition temperature (DBTT) (1). Therefore, it is necessary to suppress the
recrystallization of molybdenum to high temperature by the pinning of grain
boundaries.

It is well-known that dispersion of fine particles, such as oxides, in an alloy
is effective to the pinning of migration of grain boundaries. Kurishita et al.
reported that TiC-dispersion molybdenum Alloys prepared by mechanical
alloying (MA) and hot isostatic pressing (HIP) treatment exhibited high
recrystallization temperatures of 2073K to 2273K for 3.6ks anneal (2). This
method, however, has serious problems with regard to products shape,
manufacturing costs and workability, because this method needs HIP
treatment. Therefore, another particle dispersion methods are desired
industrially.

We directed our attention to the internal nitriding of Mo-Ti alloys (3, 4),
which can disperse fine nitride particles into the alloy after working it to any
shape. In general, the internal nitriding of alloys is effective in the improvement
in high-temperature strength. For example, it is known that Mo-1.0 mass% Ti
alloy nitrided at 1773K in N2 gas exhibits high-temperature strength about five
times as large as that of unnitrided alloy (5). However, the low-temperature
ductility of the alloy is lost remarkably, because the nitriding at such a high
temperature causes the recrystallization of Mo matrix.

In the present study, we tried the multi-step internal nitriding of dilute
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Mo-Ti alloys. Specifically, preliminary nitriding was first performed below the
recrystallization temperature of the as-rolled alloys, in order to disperse
superfine Ti-nitride precipitates in the alloys maintaining the deformation
microstructure. Then, the precipitates were grown up by elevating the nitriding
temperature step by step. The aim of this study is to investigate whether these
precipitates act effectively as a pinning point of the grain boundary migration.

2. Experimental

Mo-alloys containing 0.2 to 0.75 mass% Ti (to be referred to hereafter as
Mo-0.2Ti and so on) were prepared by the powder metallurgy method (6).
Rectangular specimens with the dimensions of 2.5w*1fx25' mm were cut out
from the as-rolled sheets, and mechanical and electrolytic polishing were
carried out. Nitriding was performed at 1173 to 1873K in a flowing N2 gas of 1
atm. At first, all specimens were subjected to the preliminary nitriding (to be
referred to hereafter as primary nitriding) at 1123K for 16h after nitriding at
1073K for 64h, which were below the recrystallization temperature of the
alloys. The secondary and third nitriding were performed at 1473 to 1873K, in
order to grow up the Ti nitride precipitates dispersed by primary nitriding.

The cross section of the nitrided specimens was examined by using
optical microscope. The microstructure was observed by transmission
electron microscopy (TEM). Thin films for TEM observation were prepared by
mechanical polishing, dimpling and electrolytic polishing in a solution of methyl
alcohol-15 vol% H2SO4.

3. Results and discussion

Figure 1 shows optical micrograph (a) of the cross section and TEM
image (b) near the specimen surface for primarily nitrided Mo-0.5Ti alloy. It is
found that the deformed structure by rolling remains after primary nitriding and
very fine precipitates with a grain size of about 1.5 nm are dispersed uniformly.
These results indicate that the fine precipitates can be dispersed by
low-temperature internal nitriding into Mo-Ti alloys with the deformed
structure.
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100um

Fig. 1 Optical micrograph (a) of the cross section and TEM image (b) near the
specimen surface for Mo-0.5Ti alloy primarily nitrided.

Optical micrograph (a) of the cross section and TEM image (b) near the
specimen surface for Mo-0.5Ti alloy nitrided at 1773K for 24h after the primary
nitriding are shown in Fig. 2. The recrystallization of the surface area with a
thickness of about 130 jj.m is remarkably suppressed, though the inward is
recrystallized by secondary nitriding at 1773K. Stick-shaped particles with a
length of 50 to 120nm are clearly observed in Fig.2 (b). The electron diffraction
analysis showed that these particles were TiN with an f.c.c structure. The
suppression of the recrystallization is due to the pinning effect of the grain
boundary migration by TiN particles. Thus, it was possible to grow up only
precipitated particles by two-step internal nitriding without the recrystallization
of Mo matrix.
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Fig. 2 Optical micrograph (a) of the cross section and ТЕМ image (b) near the
specimen surface for Mo-0.5Ti alloy nitrided at 1773K for 24h after the primary
nitriding.

The depth to which the recrystallization was suppressed depended on the
temperature of secondary nitriding. Figure 3 shows optical micrographs of the
cross section for Mo-0.5Ti alloy nitrided for 24h at 1673K (a), 1573K (b) and
1473K (c) after the primary nitriding. It is found that the thickness of
un-recrystallized region increases as secondary nitriding temperature
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Fig. 3 Optical micrographs of the cross section for Mo-0.5Ti alloy nitrided for
24h at 1673K(a), 1573K(b) and 1473K(c) after the primary nitriding.
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Fig. 4 Optical micrograph of the cross section for Mo-0.35Ti alloy nitrided at
1773K for 24h after the secondary nitriding at 1473K.

decreases. At 1473K (c), the recrystallization is suppressed to the depth of
more than 300|a,m. This result suggests that the recrystallization temperature
of the nitriding front after the primary nitriding is about 1473K. In case of fig. 2,
it is speculated that the recrystallization progressed in the depth of more than
130j^m, because the nitriding temperature reached 1773K before the
precipitation of enough particle amount and size to display the pinning effect
above 1473K. So, third nitriding was performed at 1773K after the secondary
nitriding at 1473K, in order to prevent the recrystallization of the nitriding front.

Figure 4 shows optical micrograph of the cross section for Mo-0.35Ti alloy
nitrided at 1773K for 24h after the secondary nitriding at 1473K. It is found that
the recrystallization is suppressed to the depth of about 350|im, which is 2.7
times that of Fig.2 (a). Thus, it is important to raise the nitriding temperature
step by step, in order to increase the thickness of the un-recrystallized region.
In this study, the thickness of the un-recrystallized region did not depend on
the Ti content. However, in case of low Ti content alloys (for example,
Mo-0.2Ti alloy), Mo matrix was recrystallized by the high-temperature nitriding,
because the pinning effect by the TiN particles was poor.
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Fig. 5 Optical micrographs of the cross section for Mo-0.35%Ti alloy annealed
in a vacuum for 1 h at 1773K(a), 1873K(b) and 1973K(c) after the third nitriding
at1600oCfor24h.
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Figure 5 shows optical micrographs of the cross section for Mo-0.35Ti
alloy annealed in a vacuum for 1 h at 1773K to 1973K after the third nitriding at
1873K for 24h. For the annealing temperature up to 1873K (b), the
recrystallization of the surface region is not observed, whereas the unnitrided
alloy is recrystallized at about 1273K in a vacuum. Thus, it was possible to
enhance the recrystallization temperature of Mo-Ti alloys above 1873K by
three-step internal nitriding.

4. Conclusions

The grain growth control and recrystallization temperature in the internally
nitrided Mo alloys containing 0.2 to 0.75 mass% Ti were studied through a
novel three-step nitriding process. The results are summarized as follows.

(1) The dispersion of fine precipitates into the Mo-Ti alloys with the
deformed structure was possible by low-temperature nitriding at 1173 to
1223K.

(2) These precipitates grew up to be stick-shaped TiN with a length of 50 to
120nm by the secondary nitriding at 1773K without the recrystallization of Mo
matrix.

(3) The thickness of un-recrystallized region depended on the secondary
nitriding temperature. It was important to raise the nitriding temperature step
by step, in order to increase the thickness of the un-recrystallized region.

(4) For the specimen nitrided at temperatures of three steps up to 1873K,
the recrystallization temperature was above 1873K in a vacuum.
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Summary:

While sintering Mo-0,3% La2O3in hydrogen, the content of water vapour
in the atmosphere increases due to the dehydration of La(OH)3to La2C>3, on
the one hand, and the removal of residual oxygen in the powder, on the other
hand. This water vapour cannot be removed sufficiently from the centre of
larger ingots and a dew point gradient is formed.
A description of experimental observations of the effect of the dew point of
the sintering atmosphere on densification, and the evolution of porosity and
microstructure is given.
A shift in the onset of densification towards higher temperatures with
increasing dew point was observed. The density of specimens sintered in
atmospheres with a high dew point lags behind the values obtained in dry
hydrogen.

Keywords:

Doped molybdenum, dew point, refractory metals, La2O3

1. Introduction:

Dispersion strengthening is a common method for improving the
mechanical properties of metals at high temperatures, and has been studied
extensively. In the case of ML, La2O3 is used as dispersoid because when
worked it is deformed to a similar extent as the molybdenum matrix, leading
to the characteristic pearl string arrangement of particles. However, since
La2O3 is hygroscopic, it is present as La(OH)3 before sintering and is then
dehydrated. The water vapour formed by this reaction and the water vapour
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produced by the reduction with the hydrogen atmosphere of the small
amounts of MoO3 that are contained in the powder lead to an increase in the
dew point of the sintering atmosphere.

In sintering small ingots, this effect could be neglected, but not when
sintering relatively large ingots. In the latter case a dew point gradient is
formed because the water vapour is removed more slowly close to the centre
than further outside. In preliminary experiments, the density of samples
sintered under hydrogen with a high dew point was considerably lower than
the density of samples sintered under dry hydrogen. It will be shown that a
higher dew point leads to a significant change in sintering behaviour.

2. Experimental:

2.1. Powder selection and sample preparation:

The following powder variants were used in the experiments:

ML standard 3.05 urn FSSS
ML 2.40 um FSSS
ML 3.05 |jm FSSS
ML 4.40 urn FSSS
Mo 3.15 um FSSS

The difference between the ML standard and the other ML powder
variants lies in the method of doping. ML standard is liquid doped, and the
other variants are solid doped. Pure molybdenum powder was included in
order to observe the effect of doping on sintering behaviour.

The powders were isostatically pressed and sintered at temperatures
between 800°C and 2200°C under dry hydrogen and under wet forming gas
atmosphere with a N2:H2 ratio of 95:5 and dew point of 0°C, equivalent to a
hydrogen atmosphere with a dew point of around 50°C. The heating rate was
500°C/h and the hold time was one minute.

The dry hydrogen samples simulate the sintering behaviour close to the
outside of a large ingot, and the wet forming gas variants simulate the
behaviour nearer to the centre.
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2.2. Dilatometry experiments:

In this series, as pressed samples were used, and the experiments
were performed under dry hydrogen and wet forming gas up to a temperature
of 1550°C.

ML standard
-O-ML2.40 | jm

ML 3.05 |jm
ML 4.40 urn

1600

Temperature [C]

Fig. 1. Dilatometer curves of the samples measured under dry hydrogen

10

• D

1600

(s-ML 3.05 |jm :
- » - M L 4 . 4 0 | j m

-50 - * - Mo 3.15 ym

-60 —

-70 -

-80 —

Fig. 2.

Temperature [°C]

Dilatometer curves of the samples measured under wet forming gas
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From the diagrams in figs. 1 and 2, it is evident that the dew point has a
strong effect. Not only is the degree of shrinkage substantially smaller under
wet forming gas but also the peaks of the curves are shifted towards higher
temperatures. These peaks, listed in table 1, signify the points at which
densification and thermal expansion of the samples are in equilibrium.

Under dry hydrogen, shrinkage began at the lowest temperature in pure
molybdenum and the solid doped ML 2.40 urn. Then followed the solid doped
variants ML 3.05 urn and ML 4.40 urn, in that order. The peak of the ML
standard variant lies at the highest temperature. The shrinkage at 1550°C
was highest for ML 2.40 urn, followed by Mo 3.15um, ML 3.05um,
ML standard and ML 4.40 urn.

The picture was quite different for the samples measured under wet
forming gas. Interestingly, pure molybdenum was least sensitive to the high
dew point, while all ML variants showed considerably less shrinkage at
1550°C, including the ML 2.40 urn sample with its higher specific surface
area of 0.49 m2/g, compared to the 0.37 m2/g of Mo 3.15 urn.

Powder variant
ML standard
ML 2.40 um
ML 3.05 Mm
ML 4.40 Mm
Mo 3.15 urn

Peak temperature [°C]

dry H2

1158
957
1014
1048
974

wet N2H2

1335
1076
1261
1384
1093

Table 1. Peak temperatures of the dilatometer curves

2.3. Mercury porosimetry:

Samples sintered under both gas types were used for mercury
porosimetry experiments. Mercury is used as the analysing fluid because it is
non-wetting with regard to most materials. Therefore, pressure has to be
applied in order to force it into the pore channels.
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The governing basic equation for mercury porosimetry is the Washburn
equation

Pr=2y cos9 (1)

where P is the applied pressure, r the radius of the pore channel, ythe
surface energy and 9 the contact angle. During measurement, the pressure is
gradually increased and the cumulative intrusion volume is recorded. For a
detailed description of the method, see [1]. Since the intruded pore diameter
is inversely proportional to pressure, pores with large diameters are the first
to be filled with mercury. The open porosity of a is simply the total intrusion
volume divided by its bulk volume, and is shown for both atmospheres in fig.
3 and fig. 4 as a function of sintering temperature.

50

40

30

o
a.
c 20 —
&
O

• —0— ML standard

"i-B-ML2.40|jm

-A-ML 3.05 (jm

•-ML4.40|jm

|-*-Mo3.15|jm

500 1000 1500

Temperature [°C]

2000 2500

Fig. 3. Open porosity as a function of sintering temperature for the samples
sintered under dry hydrogen

The open porosity of the samples sintered under dry hydrogen
decreased first in Mo 3.15 urn and ML 2.4 urn and was nearly zero for the
samples sintered at 1700°C. Then followed the ML 3.05 urn and the ML
standard variant, while ML 4.40 urn still showed considerable open porosity at
1800°C.
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ML standard

ML 2.40 |jm

ML 3.05 (jm

ML 4.40 |jm

- * - M o 3 . 1 5 | j m

1000 1500 2000 2500

Temperature [°C]

Fig. 4. Open porosity as a function of sintering temperature for the samples
sintered under wet forming gas

As in the dilatometer experiments, the samples sintered under wet
forming gas showed quite a different behaviour compared to those sintered
under dry hydrogen. The temperatures at which all porosity is closed was
shifted by 300°C to 500°C. Again, pure molybdenum was least affected by
the atmosphere, and its porosity was closed at 2000°C, whereas in all the ML
samples, the pores closed at around 2200°C.

Another question of interest was how the pore diameters were
distributed. Pores with a diameter of up to 0.3 um were arbitrarily defined as
fine pores and pores with a diameter of more than 0.3 um as coarse pores.
According to the Washburn equation (1), the pressure corresponding to the
diameter of 0.3 um was calculated and the cumulative volume up to that
pressure V0.3 was tabulated for every sample; this is the volume of coarse
pores. In order to quantify the volume of fine pores, V0.3 was subtracted from
the total intrusion volume Vtot. The development of coarse and fine pores is
shown in fig. 5 as a function of temperature for both atmosphere variants.

Evidently, the volume of fine pores is reduced under wet forming gas
before significant densification has taken place, while, under dry hydrogen,
fine pores are present up to a higher relative density.
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Coarse and fine pores of the ML standard variant as a function of relative density

In the fractographs, figs. 6 to 9, ML standard samples sintered under
both atmospheres at different temperatures but with similar relative densities
are compared at the same magnification of 5000x. The microstructure of the
sample sintered at 1600°C under wet forming gas atmosphere, shown in fig.
7 is coarser than that in fig. 6 for the sample sintered under dry hydrogen, but
both contain around 30% open pores. In fig, 8, the microstructure of the
sample sintered under dry hydrogen at 1600°C shows signs of intermediate
stage sintering, whereas in the sample sintered under wet forming gas at
1700°C in fig. 9, the microstructure appears to be quite loose.

Fig. 10 is a micrograph of a ML standard sample sintered at 2200°C
under dry hydrogen, and fig. 11 is a micrograph of a ML standard sample
sintered at 2200°C under wet forming gas. In both cases, considerable grain
growth has taken place, but the pore diameter is larger and the density is
lower in the forming gas sample. Once the pores are detached from the grain
boundaries, the only mechanism that will allow the pores to shrink is volume
diffusion, which requires a very high activation energy in the case of
molybdenum and is therefore insignificant during sintering. This means that
little further densification can be expected in the microstructure shown in
fig. 11.
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Fig 6. ML std sintered under dry H2

at 1400°C, p = 6.8g/cm3
Fig. 7. ML std sintered under wet N2H2

at 1600°C, p = 6.7g/cm3

Fig. 8. ML std sintered under dry H2

at1600°C, p = 7.9g/cm3
Fig. 9. ML std sintered under wet N2H2

at1700°C, p = 7.9 g/cm3

Fig. 10. ML std sintered under dry H2

at 2200°C, p = 9.8 g/cm3
Fig. 11. ML std sintered under wet N2H2

at 2200°C, p = 9.0 g/cm3
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3. Discussion:

From the dilatometer experiments, it can be concluded that
densification in all investigated variants is shifted towards higher
temperatures and is retarded at a high dew point. This effect was also
observed in the porosimetry experiments. It was also found that, at a high
dew point, the fine pore content is reduced before significant densification has
occurred. This implies that the surface area and consequently the
thermodynamic driving force for sintering is smaller at a high dew point, and
that the centre of a large ingot begins to densify at higher temperatures than
the area near the outside if the water vapour cannot be removed. From the
micrographs in figs. 10 and 11 it is clear that the final density is significantly
lower in the centre of a large ingot. The consequence of this density gradient
is that the material will fail during forging.

It has been reported that, in some ceramic systems, vapour transport
influences densification [2] because it can lead to particle coarsening, which
in turn results in a smaller specific surface area and a reduced driving force.
A requirement for this mechanism to be active is that a certain factor - in the
case of molybdenum this is water vapour - is present in the atmosphere and
reacts with the material. Kilpatrick and Lott [3] suggest that water vapour is
dissociatively absorbed by molybdenum and that an oxide is formed
according to following equation

2H2O(g) + Mo(c) o 2 H 2 + Mo02(c) (2)

The oxide is itself rapidly oxidized to Mo03, and the trioxide is removed as a
vapour of MoO3 or its polymers or as the more volatile MoO2(OH)2 [ibid.].

MoO2(c) + H2O(g) => MoO3(g) + H2 (3)

MoO2(c) + 2H2O(g) => MoO2(OH)2(g) + H2 (4)

Chemical vapour transport has been observed in refractory metals in a
different context, namely, during reduction, where it leads to particle growth
[4, 5]. In the case of tungsten, the transport phase has been identified as
WO2(OH)2 [4]. Therefore a plausible reason why densification is retarded in
ML and molybdenum is that a chemical vapour transport mechanism is
active.



276 RM38 C. Stallybrass et al.
15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

References:

1. Lowell, S., Shields, J. E. (1991), Powder Surface area and Porosity (3rd
ed), London: Chapman & Hall.

2. Readey, M. J., Readey, D.W. (1986), Sintering ofZrO2 in HCI
Atmospheres, J. Am. Ceram. Soc. 69 [7], 580-82.

3. Kilpatrick, M., Lott, S. K. (1965), Reaction of Flowing Steam with
Refractory Metals. I. Molybdenum (1100-1700°C), J. Phys. Chem. 69,
1638-40.

4. Schubert, W. D. (1990), Kinetics of the Hydrogen Reduction of Tungsten
Oxides, J. Ref. Hard Metals, Dec, 178-91.

5. Benesovsky, F. (1977), Molybdan Gmelin Handbuch der Anorganischen
Chemie. Erganzungsband A1, 8. Aufl., Berlin: Springer.



AT0100392
D. Gallet et al. RM 40a 277

15" International Plansee Seminar, Eds. G. Kneringer, P. Rddhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

CREEP LAWS FOR REFRACTORY TUNGSTEN ALLOYS
BETWEEN 900 AND 1100°C UNDER LOW STRESS

D. Gallet* J. Dhers*, R. Levoy*, P. Polcik**

*CEA, Centre de la vallee du Rhone, Service STME
BP111, 26702 Pierrelatte, France

** Plansee Aktiengesellschaft

Abstract

Refractory metals and alloys with melting point above 2500°C, are commonly
used at temperature well above 1000 °C. Very few creep data exist at low
temperature and low stress. In the present work, we studied the micro-creep
deformation and the structure stability of different W and W alloys, W-B, W-
La2O3, W-K, W-Re, in the temperature range 900-1100°C and stress range
10-50MPa, up to 500 hours.
A Norton type law has been established for those materials. Stress exponents
around 1.0 have been obtained. Activation energies have been determined,
and are much lower than self diffusion energies for all materials tested. The
main mechanism involved has been identified as Harper-Dorn creep, implying
some dislocation rearrangement. The dopants are classified according to
their efficiency in creep reduction and boron at 100ppm has been found to be
the most efficient, whereas at 10ppm, it degrades the behaviour of stress
relieved tungsten.
Furthermore, we have found that the addition of some elements may have an
efficient effect as recrystallization inhibitor

Keywords

Tungsten, doped tungsten, creep, Norton law, B, K, La2O3, Re
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Introduction

The vocation of refractory materials generally consists in working at high
temperature, under a certain stress. For structural parts, or for some specific
application, it is necessary to get a very good stability either geometrically, or
structurally (impeding recrystallization). It is the reason why many W alloys
have been developed.
Raffo et al (1) have compared the efficiency in terms of creep deformation of
different alloying elements, such as B, Nb, Hf, and Re, at 1926°C. Hf is the
more efficient, but all the alloys lead to some improvement in comparison with
pure W.
W-AKS have been developed, as non sag W for lighting wire applications.
Doping with small amounts of aluminium, and potassium silicates, associated
with a high deformation, results in a material exhibiting good dimensional
stability and high recrystallization temperature.
The temperature field of application is generally higher or equal to 1500°C.
But, at lower temperatures, above 1000°C, those materials may present a
great interest because of the limits of superalloys. Around this temperature
very few data exist, and W, if held during hundreds of hours at this
temperature, recrystallizes.

Creep behavior of refractory pure metals and alloys has been investigated for
a long time, at various temperatures and stresses, given the conditions of
application of those materials. But little work has been made on the creep
deformation of refractory metals at low stresses, and at T<0.4Tm. One
reason for the lack of data in these regions lies in the difficulty of measuring
deformations as small as 10"7.
The Norton law generally gives the stress dependence of the deformation
rate: s = F(T, t) cn . It is generally admitted, now, in the Norton law (2, 3) that
the stress exponent for steady state deformation at low stresses (o/G < 10~5)
and high temperature is close to 1. Two classes of mechanisms may be
involved in this creep regime (6): 1. Slip dislocation mechanisms divided into
1 .a the Harper-Dom process (4), which involves dislocation glide in the grain,
and is independent of the grain size. The Harper-Dorn mechanism is not yet
clearly established, although several mechanisms have been proposed, in
particular the dislocation network theory by Ardell (5), and 1.b the Sherby
process in solid solution alloys (7), consisting of dislocations slip, and pile up
on grain boundary, followed by dislocation climb. In this case, n=1 when the
limiting mechanism is glide; 2. diffusion mechanisms involving either lattice
or grain boundaries.
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In all cases except Harper-Dorn creep beyond a certain grain size, those
mechanisms lead to some dependence of creep rate on grain size.
Many authors have pointed out that the mechanism of creep deformation
depends on the metal composition and structure: mechanisms may vary
between pure metals, solid solution alloys and particle reinforced alloys.
Thus, depending on the form of the dopant, whether it is at the grain
boundary, in the bulk, in solid solution or as precipitates, the parameters of
the Norton type law may vary.
The intention of this paper is to give a general view of the microcreep
behaviour of a range of W alloys likely to be used at temperature between
900 and 1100°C, in the primary creep region.

Experimental procedure: materials

Tungsten
Tungsten was obtained from Plansee. It has been characterised in several
metallurgical conditions: stress relieved at 1000°C for 6hrs (referred to as
Wsr), recrystallized for 4hrs at several temperatures to study the effect of
grain size on creep: 1400°C (considered as the standard annealing
temperature and referred to as Wr), 1500°C, 2000°C and 2200°C. It is
manufactured by powder metallurgy, and provided in 1mm thick sheets. Its
typical chemical composition is given in table 1.

table 1. Chemical composition in ppm of tungsten

w
c
18

0
<30

N
<10

Mo
49

Ni
<20

Al
<15

Si
<20

P
<10

Vickers hardnesses under 30kg load are 500HV for Wsr and 400HV for
recrystallized W. Typical grain size is 1um for stress relieved tungsten. Two
populations of grains exist in recrystallized tungsten: grains on the order of 1
to 5um, whose number decreases with increasing temperature, and larger
grains. The size of those depends on the annealing temperature: between
10um and 20um at 1400°C, between 20um and 50um at 2000°C, between
50um and 500um at 2200°C.

Tungsten boron alloy
Tungsten boron alloy was obtained from Plansee. The boron contents are
10ppm, 105ppm, 125ppm and 217ppm (weight). The alloy was elaborated by
sintering of a mixture of boron powder and W powder, and hot rolling. The
alloy has undergone a stress relieving heat treatment: a 1000°C-6hrs. The
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typical chemical composition for both materials is given in table 2. The sheet
is 1 mm thick.

table 2. Chemical composition in ppm of tungsten boron alloy

W-10B
W-105B
W-125B
W-217B

B
10
105
125
217

S
<5
<5
<5
<5

O
40
80
155
30

N
<5
<5
<5
<5

P
<10
<10
<10
<10

Macrohardnesses are between 48 and 51 HRC for all three materials.
Globular tungsten boride particles, 1 to 5um diameter are present for 105 and
200 ppm B but not for the 100ppm one as shown on figure 1.

fig.1 Micrographs of 10ppm boron doped tungsten (left) and 105 ppm boron
(right)

Tungsten potassium alloy (W-VM)
A tungsten potassium alloy has been received from Plansee: the common
commercial W VM alloy. It is produced by powder metallurgy, hot rolling, and
annealing at 1000°C - 6hrs. The sheets is 1mm thick. The impurities analysis
given by Plansee is given in table 3.

table 3. Impurities analysis in ppm of WVM alloy

W-VM <5
K
34

Fe
<100

Mo
13

O

MacroVickers hardness is 500/525HV30.

Tungsten rhenium alloy
Tungsten rhenium alloy has been obtained from Plansee. It is manufactured
by mechanical alloying techniques involving PM. The initial powders are
mechanically alloyed prior to hot isostatic pressing. W and Re are in total
solid solution.
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The bar diameter is 18mm, it has been annealed at 1100°C - 2hrs. The
chemical composition given by Plansee, is shown in table 4.

table 4. Chemical composition in wt.% of W-Re

W-Re
Re Mo
26.0 < 100 ppm

O2

< 30 ppm < 30 ppm |< 50 ppm
MacroVickers hardness is 515/550HV.

Tungsten La2O3 alloy
Tungsten lanthanum oxide alloy was obtained from Plansee. The alloy has
been produced by powder metallurgy (referred to as PM) and hot rolled. The
sheet thickness is 1mm. The material has been stress-relieved at 1000°C - 6
hrs. Chemical composition given by Plansee is detailed in table 5.

table 5. Chemical composition in wt.% of W-La2O3

W- La2O3

La2O3

1%
C ppm
<5

Mo ppm
75

P
< 10

O ppm
1388

Vickers hardness is 432-460 HV30. La2O3 particles are acicular, elongated
along the rolling direction.

Experimental procedure: creep testing
The experimental procedure has been described elsewhere (8). We recall it
here. All materials described above have been tested in four point bend
creep, between 900°C and 1050°C, under constant stress between 10MPa
and 50MPa, for up to 500hrs.
Four point bend was chosen rather than tensile test because it allows
measurement of smaller deformations. The tests took place in a tubular
quartz furnace in vacuum. The specimens were electro-eroded from the as-
received sheets to [215x15x(1;1.5)]mm. The tests were conducted using a
graphite experimental apparatus. The outer four point bend testing length was
180mm and the inner length, 100mm. Loads were determined using standard
four point bend theory, assuming identical behavior in tension and in
compression. Two specimens were tested at each given temperature + stress
for reproducibility.
Prior to testing, samples width and thickness were measured at +0.1 mm. The
initial deformation of the specimens was measured using a contactless
transducer, at +1um. This allows deformations as low as 5e-7 to be
measured, which is necessary because of the low temperatures and stresses.
Samples are subsequently loaded initial concavity upwards, placed into the
furnace and heated at 300°C/hr, held at temperature for a given time, after
which the furnace cools down freely and the samples are taken out and
measured. The creep deformation is then obtained by subtracting the initial
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deformation to the deformation measured after testing. Measurements are
usually made at the following time steps: 25hrs, 75hrs, 150hrs, 300hrs,
500hrs, 1000hrs, but those can vary between tests. The final creep curve is
then obtained as £ = f(t) for each temperature and stress.

The curves are analysed using Norton type creep law: s = Bexp\-—)a"tm

(equation 1). First, a law of the form e = Aa"t"'\s established at each
temperature (900°C, 975°C and/or 1050°C depending on the material). At
least two stresses have been applied per temperature, which yields four sets
of results. The least squares method allows the stress exponent and m to be
determined at each temperature. These coefficients supposedly constant
over temperature sometimes vary significantly. An average is then calculated,
and B and the activation energy Q are determined. Results are presented in
terms of n, m, B and Q for each material in a given temperature and stress
range.

Results and Discussion

Creep behavior usually follows the three-stage evolution: primary, steady-
state and tertiary creep. In this study, most creep tests are limited to primary
creep stage. Because of the low temperature and low stresses applied,
stationary creep has rarely been reached even for duration of several
hundred hours. Therefore, a law of the form of equation (1) has been applied
instead of the law giving the creep rate. A complete set of coefficients
according to equation (1) has been determined for each material (table 6).
Figure 2 compares the creep behavior of all materials at 975°C and 20MPa.

table 6. Norton Creep I
Material

Wr*
Wsr
W La2O3

W B
10ppm
W B
lOOppm
W B

T range
(°C)

900/975
900/975
975/1100
975/1100

975/1100

975/1100

stress
range
(MPa)
5/60
10/30
10/30
10/30

10/30

10/30

_aw Coefficients
time
(h)

150
500
500
500

500

500

stress
exponent
n
1.1
1.0
0.9
1.1

1.0

1.0

for Tungsten and some Alloys
time
exponent
m
0.2
0.3
0.3
0.2

0.1

0.1

act.
energy Q
(kJ/mol)
49
134
122
91

83

50

constant
coefficient
B
6.2e-5
1.0
0.4
4.4e-2

1.6e-2

9.3e-4
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200ppm
WRe
W K

975/1050
975/1050

10/30
10/30

200
200

1.0
1.0

0.5
0.4

109
126

3.6e-2
0.3

* heat treated at 1400°C

First, it is interesting to rank the materials in terms of creep behavior in that
temperature and stress range : from best to worst : recrystallized tungsten >
W-B100ppm > W-La2O3 > W-B200ppm > stress relieved tungsten = W-Re =
W-K > W-B10ppm. The dopants can be classified in 3 categories: those
improving the creep behaviour of stress relieved tungsten in that range -
more than 100ppm boron, lanthanum oxide -, those having little effect -
potassium and rhenium - and those degrading its behaviour- 10ppm boron.

8.1E-04

6.1E-04

4.1E-04

2.1E-04 --

1.0E-05 fl

•^f'^^t--•»•"' " ^ - • '

^ _ •

j ,

Wr
—a—Wsr
- - -X - - W-La2O3

W-B10ppm

• W-B100ppm

< - H — W-B200ppm
I . - - * . . w-Re

—»—W-K

200 400
t(h)

figure 2. Compared creep curves of tungstens at 975°C and 20MPa

Regardless of the dopant, all tungstens exhibit a stress exponent of 1.0+0.01.
This is in agreement with previous results in the low stress region, but at
usually higher temperatures except in (8). All activation energies are also low
compared to self diffusion and grain boundary diffusion energies. Dopants
tend to further decrease that energy. This rules out the usual diffusional
mechanisms as sources of creep and raises questions about the way the
dopants act in that creep regime.

Pure tungsten
Results for pure tungsten have been presented elsewhere (8). We will recall
them briefly here, as they will be useful to understand the creep mechanism
and thereby to study the effect of the dopant.
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Pure tungsten has been characterised in several metallurgical conditions, that
have been detailed previously. Results of creep tests at 975°C and 26MPa up
to 500h are presented in figure 3.

- • — 1500°C - -A - 2000°C - - -X- - - 2200°C

e1,0E-04

1.0E-05 •: ••- , , —--I

0 100 200 300 400 500

t(h)

figure 3. Creep results of tungsten at 975°C and 26MPa

In order to understand the mechanism that comes into play, the following
points should be noticed:
• all recrystallized samples behave the same way, showing a creep that is

independent of grain size for large grains (>1 Oum),
• for both the recrystallized and the stress relieved tungsten, the activation

energies shown in table 6 are very low compared to the lattice diffusion
energy at 580kJ/mol (9), and to the grain boundary energy at 420kJ/mol
(9),

• a dislocation rearrangement process has been observed by TEM during
creep (10), showing the pinning of dislocations into a disorganised
network; this is in agreement with the dislocation network theory as
presented by Ardell (5). It is clear that stress relieved tungsten is much
more sensitive to this process than recrystallized tungsten, due to a much
higher dislocation density,

The only creep mechanism that is independent of grain size is the Harper
Dorn mechanism; no information has been found in the literature on the
activation energies involved, which could be on the order of 50 to 150kJ/mol
for pure tungsten according to the present results. Those observations tend to
show that a Harper Dorn mechanism is at stake, although usually observed at
low stress but much higher temperature (4); this mechanism somehow
involves a dislocation rearrangement process.
Added to that and as mentioned earlier, the microstructure of stress relieved
tungsten is not stable in that temperature range. An unpublished study based
on SEM, image analysis techniques and hardness characterisations shows
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that recrystallization becomes significant over 1000°C. Figure 4 shows the
evolution of hardness with heat treatment temperature.

Wsr 6h "lOOtTC 6h 105CTC 6h1100"C

Heat treatment

6h 1200X

fig. 4. Evolution of hardness with heat treatment
The decrease in hardness testifies to the recrystallization process, from more
than 500HV30 for stress relieved tungsten to about 400HV30 for
recrystallized tungsten. Thus it is clear that some amount of recrystallization
will occur in creep tests over 1000°C. This phenomenon will be taken into
account. As a side effect of this unstable microstructure, dispersion in terms
of deformation measured compared to the average Norton creep law is much
higher for stress relieved tungsten at 40% in some cases, at low temperature
and low stress than for recrystallized tungsten at ±10% at 975°C and ±25% at
900°C.

Boron doped tungsten
It is interesting to compare boron doped tungsten to stress relieved tungsten
as they are in the same metallurgical condition. Their creep behaviour is
shown on figure 5.
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- - I - - W-B200ppm

1.0E-04

fig. 5. Creep deformation of B doped W at 1000°C under 20MPa

It can be seen that, whereas a very small amount of boron (10ppm) degrades
the creep behaviour of Wsr, an amount of 100ppm improves that same
behaviour by a factor of 2. Further increase in boron content to 200ppm does
not seem to improve the creep behaviour any further.

Since boron is expected to impede the recrystallization of tungsten, SEM
studies have been undertaken to compare the recristallization behaviour of
boron doped samples with that of pure Wsr. Figure 6 shows micrographs of
samples with 10 and 100ppm boron content after 500h at 1050°C.

fig.6 Micrographs of 10ppm (left, bulk) and 100ppm (right, surface) boron
doped W after 500h at 1050°C
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Those should be compared with Wsrthat recrystallizes over 1000°C. Whereas
a small amount of 10ppm boron has not impeded recrystallization at all, the
effect of 100ppm is clear. In that case, recrystallization is limited to the
surface of the sample. It appears that boron blocks in some way the
movement of grain boundaries. This is in agreement with (14), in which the
authors attribute the beneficial effects of boron in tungsten to a lower grain
boundary mobility due to borides at grain boundaries plus boron in solid
solution. This leads to reduction in grain size. The recrystallization
temperature with boron content has been studied in more details in (1); the
authors observed a sharp raise by more than 200°C in recrystallization
temperature of tungsten with 100ppm boron addition. According to them, this
increase is caused by boron in solid solution that lowers grain boundary
mobility by about 3 orders of magnitude.
A GDS analysis has been undertaken to check the distribution of B in the
sample. As mentioned previously, special care had to be taken in the
elaboration process to avoid the evaporation of B during sintering. But this
phenomenon cannot be fully avoided as revealed by the GDS analysis: a
depletion in boron clearly appears at the surface. This result was confirmed
by the same analysis performed on the 200ppm sample : there exists a zone
of 20 to 30um on each surface, that is depleted in boron, thereby allowing
recrystallization to occur.

The effect of this surface recrystallization on the coefficients of the Norton
type law has been shown in table 6. An increase in boron yields a decrease
of both the activation energy and the time exponent m. In other words, the
material may exhibit a strong initial deformation, but it evolves less with time
than Wsr. This analysis can be further refined by examining the evolution of
the time exponent with temperature. For each of the test temperature and
each boron doping, a value of m has been determined and is shown in table
7.

table 7. Evolution of time exponent with temperature for B doped W
T(°C)
975
1050
1100

10ppm
0,29
0,19
0,16

100ppm
0,14
0,12
0,1

200ppm
0,1
0,13
0,12

The time exponent decreases with increasing temperature. This reflects the
evolution of microstructure as observed on SEM. In bending tests, surface
zones play a major role since they are submitted to the highest stresses, and
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it is those zones that primarily recrystallize. Thus, as temperature increases,
Wsr tends to behave more like W r : its creep rate slows down and the value of
the time exponent decreases. This is particularly true for the 10ppm sample,
less for the 10Oppm and not for the 200ppm.
However, when looking at the deformation itself, microstructure does not
explain why 10ppm deforms more when it should deform less due to
recrystallization, neither why 200ppm is different from 100ppm when they
have very similar microstructures. It is likely that boron somehow intervenes
directly in the creep mechanism. To further understand this question, the form
of boron in the sample has to be determined.
As said earlier, SEM pictures showed large partly faceted particles (fig.6).
Using image analysis techniques, an average equivalent diameter of about
5um in both the 100ppm and the 200ppm B doped samples has been
determined. The nature of those particles is still under investigation. An EDS
analysis conducted on our samples confirmed that those precipitates
contained W and B and microprobe analysis confirmed that they were W2B.
X-rays did not find the W2B structure at all and TEM found some W2B mixed
with some other phase. At that point, it is not possible to conclude about the
nature of boron in tungsten.
In (1), the authors elaborated ingots with a range of boron content from
100ppm to 7.8%. As opposite to our results, they did not observe any
precipitate in the 100ppm sample, but only from the 300ppm one up to higher
B content. That second phase appeared in two forms: 1 to 8um diameter
round particles distributed through the grains and intergranular film. They
suggested that boron was in W2B precipitates plus solid solution and that it
was the solid solution part that improved high temperature properties. What is
clear through our study is that it is not those large precipitates that can have
an effect on the creep behaviour of the sample, due to their size and small
number. We therefore agree with (1) in that boron must exist in some other
form such as solid solution or very fine precipitates, inter or intragranular.
Since no other particle have been detected with TEM either within the grains
or on the boundaries, it is likely that boron is in solid solution. Those matters
need further studies to be resolved
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Lanthanum oxide doped tungsten
Creep results of lanthanum oxide doped tungsten compared with Wsr and the
best (100ppm) boron doped tungsten are presented in figure 7.

1.0E-03

a Wsr

- - X - - W-La2O3

- • • • - - W-B100ppm

1.0E-04

0 100 200 300 400 500

t(h)

fig.7 Creep results of La2O3 doped W at 975°C and 26MPa

It can be seen that the effect of lanthanum oxide doping is in between the
100ppm boron and the Wsr.

Similarly to the boron study, SEM analysis have been conducted to check on
recrystallization and the form of lanthanum oxide. The recrystallization
behaviour is very similar to that of 100 and 200ppm boron doped tungstens: a
30um zone has recrystallized on the surface. The form of the precipitates is
typical: the lanthanum oxide appears in very elongated particles whose length
can reach 10um, for a width on the order of 1um or even less. This is a
known phenomenon of La2O3 doping, that is due to the ductility of the
particles that deform during rolling. Those particles are intergranular and well
distributed through the material, even in the recrystallized region, although
maybe in smaller amount. Lanthanum oxide particles hinder grain boundary
mobility which in turn restricts recrystallization. Also, as said earlier, that
recrystallization can be responsible for the better creep behaviour, since its
occurs in highly stresses zones.

From the coefficients of the Norton type law, it is closer to pure Wsr than
boron doped materials: both the activation energy and the time exponent are
very similar between pure Wsr and lanthanum oxide doped tungsten. As
opposite to the effect of temperature via recrystallization that we have seen
on the time exponent with boron doped tungsten, m remains very stable with
temperature for lanthanum oxide doped tungsten: 0.3 -0.01/+0.001 between
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975 and 1100°C. Lanthanum oxide doping is different from boron since it is
only intergranular and thus only modifies grain boundary mobility, whereas
we have seen that boron certainly acts as solid solution. The fact that
lanthanum oxide has little effect on the creep law coefficients implies that
grain boundaries probably play little role in the creep mechanisms involved.

Rhenium and potassium doped tungsten
Creep results of rhenium doped tungsten compared with Wsr and potassium
doped tungsten are presented in figure 8.

1.00E-03

1.00E-04

Wsr

- - O • -W-Re

- -A - W-K

0 100 200 300 400 500
t(h)

fig.8 Creep deformation of Re and K doped W at 1050°C and 26MPa

It appears that those two dopants have little effect on the creep behaviour of
Wsr in that temperature and stress range. Their form in tungsten is
nevertheless very different.
The case of rhenium has been studied in several papers (11,14,15). Rhenium
forms a solid solution with tungsten, up to about 30at.% (11). In (11), the
authors explain its effect as an alloying element in tungsten by a
displacement of the impurities and defects from grain boundaries to bulk.
Thus rhenium can act in two ways: as solid solution, its modifies dislocation
rearrangement and it also affects the grain boundary mobility by withdrawing
impurities and putting them in the bulk.
In the case of potassium doping, its effect on creep is well known for
filaments at usually higher temperatures (12) and/or higher stresses in
tungsten wires (13). Potassium acts by forming strings of small bubbles that
impede transverse grain growth, inducing a high aspect ratio that is
favourable to high temperature properties. In (13), the authors observed a
grain boundary diffusional creep mechanism at 1000°C under 115MPa,
yielding activation energies between 385 and 463kJ/mol. As seen earlier, the
activation energies found in the present study are much lower than the
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diffusional energies. Although we are in a similar temperature range, but at
lower stress, the creep mechanism is completely different. And again, it
appears that intergranular bubbles have little effect on creep in our regime.

Conclusions

The effect of doping on stress relieved tungsten has been investigated in
terms of microstructure and creep deformation at low temperature and low
stress. The following conclusions can be drawn from the present study:
• dopants can be ranked from best to worst according to their effect on the

creep behaviour of stress relieved tungsten at 1000°C and under 20MPa:
100ppm B > La2O3 > 200ppm B > Wsr = K = Re > 10ppm B,

• whereas 10ppm B is not enough to impede recrystallization, 100ppm and
200ppm B and La2O3 are efficient at temperatures around 1100°C for a
duration of several hundred hours,

• the mechanism by which boron acts on creep probably comes from its
solid solution form; but the full nature of boron doping in tungsten remains
uncertain,

• considering the low temperature and low stresses used in this study, it is
not the usual diffusional mechanisms that explain creep; the stress
exponent is unity and the activation energies are very low compared to the
diffusion ones, implying some other mechanism such as Harper Dorn
creep in relation with a dislocation rearrangement process,

• dopants that usually act only on grain boundaries, such as K and La2O3

seem to have little effect on creep in our test conditions, confirming that
the mechanism mainly involves lattice phenomena.
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SUMMARY:

In order to improve the low-temperature toughness and room- and
high-temperature strengths of molybdenum (Mo), sintered Mo alloys with fine
grains and fine, dispersed particles were fabricated by hot isostatic pressing
or spark plasma sintering with mechanically alloyed powders of Mo and 0.8
mol% ZrC or TaC (designated ZRC08 and TAC08). The fabricated Mo alloys
showed no significant grain growth even after annealing at 2470 K for 3.6 ks
due to the pinning effect of the particles against grain boundary migration.
For the Mo alloys the impact three-point bending test was performed at 270 to
470 K and at 5 m s"1 and the static tensile test at 300 to 1970 K and at 4.2 x
10"5 to 8.3 x 10-2 s"1. The fabricated alloys exhibited lower ductile-to-brittle
transition temperatures and higher tensile strengths up to 1770 K than fully
recrystallized pure Mo. In particular, TAC08 was superior in low-temperature
toughness and ZRC08 was superior in room- and high-temperature strengths.
Furthermore, ZRC08 showed a large elongation of 551 % at 1770 K. These
excellent mechanical properties of the fabricated Mo alloys are attributable to
the fine-grained microstructure and grain-boundary strengthening by the fine
particles.

KEYWORDS:
molybdenum, zirconium carbide, tantalum carbide, mechanical alloying, fine
grain, particle dispersion, mechanical property
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1. INTRODUCTION:

Molybdenum (Mo) has many favorable properties for high-temperature
structural applications because of its high melting point (2890 K), low thermal
expansion coefficient, high thermal conductivity, ease of fabrication and
excellent compatibility with liquid metals. However, coarse-grained Mo,
which is fully recrystallized, shows poor toughness (ductility and strength) at
low temperatures and poor strength at high temperatures. Since these poor
mechanical properties limit the temperature range and area used for
structural materials, significant improvement of low-temperature toughness
and high-temperature strength is needed.
To improve the poor mechanical properties, high-ductility and highly
creep-resistant doped-Mo alloys were developed by doping with a small
amount of Al, K, Si [1,2] or rare-earth oxides [3-5]. The origin of the
excellent mechanical properties in the doped-Mo alloys is related to the
elongated coarse-grained microstructure induced by additives. Recently,
Kurishita and coworkers [6-8] developed a high-toughness Mo alloy with fine
grains and finely dispersed TiC particles by mechanical alloying (MA) and hot
isostatic pressing (HIP) processes, followed by hot forging and hot and warm
rolling. They noted that the high toughness of the alloy may be due mainly
to grain-boundary strengthening by fine carbide particles having
semicoherency with adjacent matrix and that the particles have the beneficial
effects of increasing the recrystallization temperature and hindering grain
growth. In both cases, however, large amount plastic working was required.
Such working may limit the products available to thin sheets or thin wires in
shape, which are inapplicable as structural materials. It is therefore needed
to fabricate Mo alloys with improved mechanical properties, without any
working after consolidation.

More recently, the authors [9,10] have reported that the low-temperature
fracture strength was increased and the ductile-to-brittle transition
temperature (DBTT) was decreased by dispersion of carbides such as TaC or
ZrC in Mo alloys fabricated by MA and HIP or spark plasma sintering (SPS).
It should be noted that the observed high toughness was attained for the Mo
alloys fabricated by consolidating without any working. The high toughness
is most likely due to grain-boundary strengthening by fine carbide particles
and to decreasing of the effective size of a weak grain boundary acting as
crack initiator by grain refinement [6,7,11],
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On the other hand, Mo was reported to exhibit a strong grain size
dependence of yield stress [12,13]. Since dispersed carbide particles can
suppress grain growth at high temperatures and maintain fine-grained
microstructures of the Mo alloys, fine-grain strengthening may occur to a
certain extent even at relatively high temperatures, say, up to around 0.5 Tm,
where Tm is the melting point of pure Mo. In addition, it is well known that
superplastic behavior occurs at high temperatures of 0.5 Tm and above for
fine grained materials [14]. Therefore, the fabricated Mo alloys are expected
to exhibit high toughness at low temperatures, high strength up to relatively
high temperatures of 0.5 Tm and superplastic behavior at high temperatures
of 0.5 Tm and above.

In this study, sintered Mo alloys having fine grains and fine, dispersed
particles of ZrC or TaC are fabricated by HIP or SPS with MA powder.
Impact three-point bending and static tensile properties of the fabricated Mo
alloys are presented.

2. EXPERIMENTAL PROCEDURES:

Mo alloys with 0.8 mol% ZrC or TaC dispersed particles, which are
designated ZRC08 and TAC08, were fabricated by MA and HIP or SPS.
Powders of pure Mo (average particle size 4.1 urn), ZrC (2.0 urn) and TaC
(1.1 urn) were mixed to obtain the target compositions in an argon
atmosphere. These mixed powders were subjected to MA for 108 ks in a
planetary type ball mill with pots and balls made of a cemented carbide
(WC-Co). For the MA powders, HIP and SPS were conducted at 1570 K
and 147 MPa for 10.8 ks in argon, and at 2070 K and 74 MPa for 0.3 ks in a
vacuum of 10 Pa, respectively. Designation, target and analyzed
compositions and relative density of the carbide dispersed Mo alloys are
listed in Table 1. In the table, (M/H) corresponds to HIP with MA powders
and (M/S) to SPS with MA powders. For comparison, three materials were
prepared: pure Mo fabricated by MA and HIP, a pure Mo sheet recrystallized
at 2070 K, and a Mo-La203 sheet recrystallized at 2370 K, which are
designated Mo(M/H), Mo(R) and TEM (trade name) [15], respectively. It
should be noted that the carbide dispersed Mo alloys have high densities very
close to theoretical ones, although they were fabricated without any working
such as forging and rolling and have an oxygen content as high as about 0.1
mass%.
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Table 1 Designation, target and analyzed compositions, and relative density
of the carbide dispersed Mo alloys.

Material
(Designation)
ZRC08(M/H)*
ZRC08(M/H)
ZRC08(M/S)
TAC08(M/H)
TAC08(M/S)
Mo(M/H)
Mo(R)
TEM

Target composition

Mo-0.8ZrC
Mo-0.8ZrC
Mo-0.8ZrC
Mo-0.8TaC
Mo-0.8TaC
Pure-Mo
Pure-Mo

Mo-0.3La2O3

Analyzed composition (mass%)
Metal
0.70Zr
0.71Zr
0.69Zr
1.40Ta
1.20Ta

-
-

0.88La

C
0.100
0.148
0.117
0.102
0.110
0.009
0.001
0.002

N
0.022
0.022
0.032
0.017
0.019
0.078
0.001
0.001

O
0.140
0.093
0.138
0.110
0.137
0.013
0.001
0.133

Relative
density (%)

99.9
99.7
99.9
99.4
99.9
99.9
100
100

These Mo alloys were annealed in a vacuum of 2.7 x 10"4 Pa at 1870 to 2470
K for 3.6 ks to examine thermal stability of microstructure and to control grain
size of specimen. Microstructures were observed using a transmission
electron microscope and a scanning electron microscope.
The low-temperature toughness, and the room- and high-temperature
strengths and superplastic behavior of Mo alloys as-sintered and annealed at
2070 K for 3.6 ks were assessed by impact three-point bending and static
tensile tests. The impact bending test was carried out at 270 to 470 K and at
approximately 5 m s"1 with bend bar specimens 1 mm wide, 20 mm long and
1 mm thick. The tensile test was conducted at 300 K and at 1170 to 1970 K
(= 0.40 ~ 0.68 Tm) and at 4.2 x 10"5 to 8.3 x 10~2 s"1 with tensile specimens
with a gauge section 4 mm wide, 25 mm long and 1 mm thick for room- and
high-temperature strengths and a gauge section 3 mm wide, 8 mm long and 2
mm thick for superplastic behavior.

3.RESULTS AND DISCUSSION:

3.1 Microstructure
Figure 1 shows optical micrographs of etched surfaces (upper micrographs)
and transmission electron micrographs (lower ones) for (a) ZRC08(M/H), (b)
TAC08(M/H), (c) ZRC08(M/S) and (d) TAC08(M/S) in the as-sintered
condition. Figure 2 shows optical micrographs for (a) Mo(R) and (b) TEM.
The carbide dispersed Mo alloys have much smaller grain size than Mo(R)
[12,13]. In M/H specimens of both ZRC08 and TAC08, the grain size is
smaller than that of M/S specimens and the particle size is almost the same
as that of M/S specimens. TEM has an elongated coarse-grained
microstructure [16].
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(a) ZC08(M/H) (b) TAC08(M/H) (c) ZRC08(M/S) (d) TAC08(M/S)

Fig.1 Optical micrographs of etched surfaces (upper micrographs) and
transmission electron micrographs (lower micrographs) for the carbide
dispersed Mo alloys.

(a) Mo(R) (b) TEM

Fig.2 Optical micrographs of etched surfaces for (a) Mo(R) and (b) TEM.

Figure 3 shows the variation in grain size as a function of annealing
temperature in ZRC08(M/H), ZRC08(M/S), TAC08(M/H), TAC08(M/S) and
Mo(IWH) in the as-sintered condition and Mo(R). No significant grain growth
occurs even after annealing at 2470 K for 3.6 ks for the carbide dispersed Mo
alloys [17]. In particular, ZRC08 exhibits excellent thermal stability of
microstructure. M/H and IWS specimens of both ZRC08 and TAC08 exhibit
similar behavior in grain growth.
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Fig.3 The variations in grain size as a function of annealing temperature in the
carbide dispersed Mo alloys.

3.2 Low-Temperature Toughness
Figure 4 shows the test temperature dependence of total absorbed energy
for ZRC08(M/H), ZRC08(M/S), TAC08(M/H) and TAC08(M/S) in the
as-sintered and annealed conditions, and Mo(R) and TEM. It is obvious that
all of the curves provide clearly a transition from ductile to brittle regions. It
is obvious that the DBTT depends strongly on material. In the as-sintered
condition, the carbide dispersed Mo alloys except for ZRC08(M/H) have lower
DBTT than Mo(R). In particular, TAC08(M/H) exhibits more excellent
low-temperature toughness, i.e., lower DBTT and higher upper shelf energy,
than TEM with elongated coarse-grained microstructure. TaC addition has
more beneficial effect of decreasing the DBTT than ZrC addition. On the
other hand, the annealing at 2070K for 3.6 ks does not change the DBTT of
TAC08(M/H), while it significantly decreases the DBTTs of TAC08(M/S) and
ZRC08(M/S) by approximately 90 K and 40 K, respectively. As a result, the
difference in DBTT of TAC08 between M/H and M/S specimens becomes
small although the DBTT of M/H specimens is lower than that of M/S
specimens.

As mentioned in §2, M/H specimens were sintered by HIP for 10.8 ks at
1570K (0.54 Tm), while M/S specimens were sintered bySPS for 0.3 ks at
2070K (0.72 Tm). It is then inferred that the observed remarkable decrease
in DBTT of M/S specimens for TAC08 and ZRC08 is due to the occurrence of
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Fig.4 The test temperature dependence of total absorbed energy for the
carbide dispersed Mo alloys.

precipitation of dispersoids during the annealing for 3.6 ks at 2070 K since the
sintering time of 0.3 ks in SPS may be too short to result in sufficient
precipitation. After all, a noted result in Fig.4 is that In the annealed
condition the carbide dispersed Mo alloys have much lower DBTT than Mo(R)
and that TAC08, both of M/H and M/S specimens, shows lower DBTT than
TEM.

As shown above, the test temperature dependence of absorbed energy, in
other words the low-temperature toughness, was significantly affected by the
kind of carbide added (TAC08, ZRC08), fabrication process (M/H, M/S) and
post-sintering annealing. The low-temperature toughness is known to
depend strongly on the density (porosity) and grain size of materials [6,7,11].
As the density increases and the grain size decreases, the toughness can be
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improved. However, comparison between the result of low-temperature
toughness (Fig.4) and those of the relative density (Table 1) and grain size
(Fig. 3) in the carbide dispersed Mo alloys did not allow us to find any
relationship or trend between the toughness and relative density or grain size:
TAC08(M/H) has the lowest DBTT, but its relative density (99.4%) is lowest,
and ZRC08(M/H) has the highest DBTT, but its relative density (99.7%) is
higher than that of TAC08(M/H) and grain size is smallest (0.3 urn).
Kurishita and Yoshinaga [11] reported that the addition of 1 mol% TiC to Mo
has the beneficial effect of improving the low-temperature toughness by
strengthening weak grain boundaries. Although the effects of TaC and ZrC
additions on the strengthening of weak grain boundaries are not well
understood, it is considered that the large difference in low-temperature
toughness observed in this study may come from the differences in the kind
and nature of dispersoids (precipitates) existing mainly at weak grain
boundaries.

3.3 Room-Temperature Strength
Yield strength, ultimate tensile strength and elongation to failure at 300 K for
ZRC08(M/H)*, ZRC08(M/S), TAC08(M/S) and Mo(R) with different grain sizes
are shown in Table 2. In both M/H and M/S specimens of as-sintered
ZRC08, the tensile strengths are 1.8 times higher than that of Mo(R), however,
no plastic behavior is found. Both M/H and M/S specimens of annealed
ZRC08 are superior in terms of room-temperature strength; their yield and
tensile strengths are 3 and 2.3 times higher than that of Mo(R), respectively
[18]. Yield and tensile strengths of as-sintered and annealed TAC08(M/S)
are about 1.5 times higher than that of Mo(R).

Table 2 Yield strength, ultimate tensile strength and elongation to failure
at 300 K for the carbide dispersed Mo alloys.

Material
(Designation)

ZRC08(M/H)*

ZRC08(M/S)

TAC08(M/S)

Mo(R)

Condition

As-sintered
Annealed

As-sintered
Annealed

As-sintered
Annealed

Recrystallized

Grain size
(um)
0.3
1.8
2.7
2.8

10.9
11.2

53.8

YS
(MPa)

1015

1038
559
547
344

UTS
(MPa)

827
1053
838

1077
707
639
469

EL
(%)

0
0.6
0
9

12
38

54
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Mo exhibits a strong grain size dependence of yield stress because of the
high elastic modulus [12,13]. As shown in Fig. 1, the carbide dispersed Mo
alloys contain fine grains and finely dispersed particles. Grain refinement
contributes significantly to the high strength of the carbide dispersed Mo
alloys. Another strengthening mechanism in the carbide dispersed Mo
alloys is the dislocation-particle interaction by the Orowan process. It is
considered that the observed high strength may result from the very fine grain
size and the uniform dispersion of fine particles [12,13].

3.4 High-Temperature Strength
Figure 5 shows the test temperature dependence of ultimate tensile strength
and elongation to failure at 1170 to 1970 K (= 0.40 ~ 0.68 Tm,) for
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Fig.5 The test temperature dependence of ultimate tensile strength and
elongation to failure at 1170 to 1970 K for the carbide dispersed Mo alloys.



302 RM41 T. Takida et al.
15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

ZRC08(M/H)*, ZRC08(M/S), TAC08(M/S), Mo(R) and TEM. It should be
noted that the carbide dispersed Mo alloys exhibit excellent strength up to
about 1800 K: Their tensile strengths are 3 to 5 times higher below 1470 K (=
0.51 Tm) and 1.5 to 2 times higher at 1770 K (= 0.61 Tm), than those of Mo(R)
and TEM. However, at 1970 K (= 0.68 Tm), the carbide dispersed Mo alloys
show slightly lower tensile strength than Mo(R) and TEM, probably due to the
occurrence of grain boundary sliding [13,17]. In this way, the tensile
strengths of the carbide dispersed Mo alloys depend strongly on test
temperature. Since the Orowan stress may not show a strong temperature
dependence, the observed strong temperature dependence of strength is
likely because the fine-grain strengthening effect is decreased increasing
temperature due to diffusion. The elongation of ZRC08(M/S) with grain size
of 3.0 urn increased rapidly in the temperature range over 1770 K, and a
large elongation of 180 % was attained at 1970 K.

3.5 Superplastic behaivor
Figure 6 shows a tensile tested specimen of ZRC08(M/H)* with grain size of
0.3 urn deformed at 1770 K and at 8.3 x 10~4 s'\ A large elongation of
551 % was attained. In general, superplastic materials exhibit a large
strain-rate sensitivity of over 0.3. The strain-rate sensitivity of ZRC08(M/H)*
at 1770 K was 0.41. The high strain-rate sensitivity gives rise to high plastic
stability [19]. It can be seen from Fig. 6 that the specimen was elongated
relatively uniformly. This is probably attributable to the high strain-rate
sensitivity.

u t t t d s p e c i m e n , * ? * - • ' : . - . ' •> . •:." - •
*y77A4i^SUi^eai3i3

Fig.6 The tensile tested specimen of ZRC08(M/H)* with grain size of 0.3
deformed at 1771 K and at 8.3 x 1 0 ^ s \
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4. CONCLUSIONS:

Thick bulky sintered Mo alloys with high strength and high toughness have
been successfully fabricated by HIP or SPS using MA powders with fine
carbide particles of ZrC or TaC. The characteristics of the microstructure of
the carbide dispersed Mo alloys are fine grains, finely dispersed particles, and
thermal stability up to 2470 K. DBTTs of the alloys as measured with impact
three-point bending are much lower than that of recrystallized pure Mo, and
DBTT of TaC-dispersed Mo alloy is lowest and considerably lower than that of
recrystallized Mo-La203 (TEM). Yield and tensile strengths of the alloys are
much higher than those of recrystallized pure Mo. Especially, ZrC-dispersed
Mo alloys have much higher strengths and fairly large elongation. These
results suggest that the developed carbide dispersed Mo alloys are very
promising for use as high-temperature structural materials.
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Researches on Processing of Some Titanium
Alloys Obtained by Powder Metallurgy

Toma Vasile, Mircea Dobrescu
University Poiitehnica Bucharest

Keyowords

Powder, Hip - process, heat treatment titanium alloys

1 . Introduction

The main purpose of powder metallurgy is to obtain semi-finished products
with very small changes of thickness after machining.
Ti-AI-Si alloys based on y -TiAl and a2 - TisAI compounds has some unique
like high fusion temperature, low density and high temperature mechanical
strength.
Hot isostatic press (HIP) technology has been used to remove internal
porosity and involves subjecting components to simultaneous elevated and
pressure for a period of time.
2. Experimental

Chemical composition of titanium alloys used in experimental researches
were the following:
Ti - 48 Al - 0,5 Si (at %)
T i - 46A I -1 ,5S i (a t%)
T i -44A ! -3 ,0S i (a t%)
Researches were done using a vacuum resistor fumnace (Ipsen) for heat
treatments and a hot isostatic press (Asea) for HIP - processes.
Microstructural analysis were carried out using Dron diffractometer for XRD /
investigation, an optical and an electron microscops (Zeiss - Yena, Philips)
for optical and TEM microscopy analysis.
Based onT i - Al - Si phase diagram (1) and on Perrot and Ramanath
reasearches (2) one may say that the structure of Ti - Al - Si alloys is
composed by three main phases: y, a2 and £ - Ti5(Si, Al)3. (fig. 1).
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20 30
Al (AI.-%)

Fig. 1 - Phase diagram Ti - Al - Si

There are threee possibilities of morphologies:
(1) lamellar a (fig.2)
(2) duplex - lamellar a and globular y (fig. 3)
(3) globular y (fig. 4)
As function as Al and Ti content, the proportions of a2 and y can be controled
and modified. For exemple: below 45 at % Al - microstructure consists of
100 % fine a; between 45 - 50 at % A! - duplex (a + y); above 50 at % Al -
100 %y.
Technological cycle used in experimental researchers contains:
a) powder mixing (Al, Ti, AISi12)
b) prebonding
c) cold extrusion
d) hot isostatic press HIP
Hip process has the follwing parametres:
- particle size: smaller than 150 |j.m
- extrusion press degree: 17
- pressure: 200 MPa
-temperature: 1350°C
-duration: 4 h
- e) heat treatment (1000°C/10 h)
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' • } * ; -

Fig.2 - Photomicrograph of Ti - 44 Al - 3 Si (at %) with
a lamellar structure (x 200)

Fig. 3 - Photomicrograph of Ti - 46 Al - 1,5 Si (at %) with
duplex a + y (x.200)

Fig. 4 - Photomicrograph of Ti - 48 A! - 0,5 Si (at %) with
globular y structure ( x 200)
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3. Results

Tensile strenqht of Ti -Al - Si alloys is constant in the temperature range
20 - 60°C (470 MPa), than decreases till 700°C (440 MPa). Above 700°C,
tensile strength decreases rapidly (fig. 5) Yield strenght behaviour is almost
the same.

.200

0 200 400 600 800 1000
Temperaturefc)

Fig. 5 - Mechanical properties (TS -tensile strength;
YS - Yields strength; E - elongation) v.s temperature for
Ti - 48 Al - 0,5 Si (at %) alloy

HIP - technology .accelerates diffusional processes with increasing
temperature above 1000°C and silicides separation. The parts subjected to
HiP process have final dimensions HIP also produces grain refinement (fine
lamellar a ) and a tensile strength of 500 MPa.
Heat treatments (1000°C /10 h) improve strength characterisitics. After heat
treating in (a + y) region, the structure composed by lamellar a grains
organized in collonies and globular y, the best combination between strength
and ductility. On cooling silicides occur in microstruture.
Aluminium have an important contribution to stability and strengthening of a
phase. Grain size and yield strength decrease with reducing Al content
(fig. 6).
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56

Fig. 7 - Mechanical properties v.s aluminium content for Ti - Al - Si alloys

Regarding the influence of Silicon by adding 0,5 % Si creep resistance is
increasing (fig. 8)

0.2 S 0.5 0.7 5

WEIGHT % SILICON

Fig. 8 - The influence of Si content on creep properties of Ti - Al - Si alloys

The formation of £ - phase is possible for 1 - 3 % Si (fig. 9) with increasing
tensile strength and decreasing creep properties.
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in order to indentify the main phases, in fig 10 are shown the results of XRD
investigation

Fig. 9 - TEM - image of Ti - 46 Al -1,5 Si (at %) ilustrates the formation of
§ -Ti5(Si, Al)3 phase
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Sintering of Mo2FeB2 Based Cermet and its Layered Composites

Containing SiC Fibers

Dhaval Rao, G.S. Upadhyaya

Department of Materials and Metallurgical Engineering

Indian Institute of Technology, Kanpur-208016, India.

Summary:

In the present investigation Mo2FeB2 based cermet (KH-C50) and its
composites containing SiC fibers were sintered in two different atmospheres
namely hydrogen and vacuum. It was observed that vacuum sintered
samples have remarkably lower porosities than the hydrogen sintered ones.
Two different sintering cycles were employed for each of the atmosphere and
properties of the material were studied. Introduction of fibers in the composite
imparts shrinkage anisotropy during sintering. Fiber containing cermets have
rather poor densification and transverse rupture strength (TRS). TRS, macro
and microhardness, and boride grain size measurements were also carried
out for the cermets sintered in different atmospheres.

Keywords:

Cermet, layered composite, sintering, transverse rupture strength

1. Introduction:

Transition metal borides and their application as engineering materials have
been intensively studied and outstanding properties of borides documented
[1]. Poor sinterability and extreme brittleness are the key technological
challenges in processing and fabrication of borides by powder metallurgy.
Reaction sintering is an innovative technique, utilizing reactive nature of
boron, to consolidate hard and brittle borides with low sinterability. Takagi et
al [2] described the basic principle of the new process as the enhancement of
reaction between boride and metal matrix. This is followed by densification of
cermet via liquid phase formation between ternary boride and metal matrix.

Raw materials used for the production of Mo2FeB2 based cermet (KH-C50)
are boride powders such as molybdenum boride, iron boride and powders of
iron, molybdenum, chromium and nickel. Earlier investigators [3,4] studied



P. Rao et al. RM 43 313
15™ International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

the phase evolution during reaction sintering of this material and proposed a
series of chemical reactions taking place at different sintering temperatures .
In the present investigation effect of sintering atmosphere on the properties of
the boride based cermet has been studied.

Ceramic matrix composites containing continuous fibers of another ceramic
phase is important for developing tough, particularly high stiffness end
products. Among all the ceramic fibers SiC is the most preferred one, as they
are conveniently produced by CVD process and have excellent properties.
Compatibility of the reinforcing phase i.e. fiber and the matrix is one of the
most important considerations in the development of such composites.
Adequate bonding between matrix and reinforcing phase is essential to
permit loading the fibers to maximum strength. In addition reaction between
the matrix and the fibers may greatly affect the end properties. Keeping this in
mind in the present investigation the effect of SiC fibers on ternary
molybdenum boride from the view point of processing and end properties are
studied. A lot of work as, reported on SiC fiber reinforced metal matrix
composites [9], but very little on ceramic matrix composites.

2. Experimental Procedure:

The Mo2FeB2 based boride cermet green material (KH-C50) used in the
present investigation was obtained from Toyo Kohan Co. Ltd., Tokyo, Japan
in the form of tape cast sheets of thicknesses 1.06 ± 0.02 mm and 0.48 ±
0.02 mm respectively. Around 50 vol. % Poly Vinyl Butyrl (PVB) based binder
and ethanol as a solvent were used to prepare these sheets.

Continuous SiC monofilaments (diameter lOO^m) manufactured by B. P.
Metal composites Ltd., England were used. The characteristics of the
monofilament are given in Table 1. Poly Vinyl Alcohol (PVA) granules
supplied by Burgoyne and Burbidges & Co., Mumbai, India were used.

The composition and particle size of various powders used in the experiment
are tabulated in Table 2.

In all the layered composites the planner area of green specimen was
maintained as 45 X 15 mm. SiC fibers were chopped to 45 mm length. The
number of fibers used for preparing each sample was calculated on the basis
of volume fraction calculation of the end composition. Fibers were layered on
to a green KH-C50 strip. Full care was taken to avoid overlapping and joining
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Table 1 Properties of continuous SiC monofilament

Fiber
Trade Name
Manufacturer
Type
Protection system
Chemical
Composition
(Wt. %)

Diameter, \im
Density, Mg/m3
Melting point, C
Elastic modulus, GPa
Tensile strength, GPa
Coefficient of thermal
expansion, / K

SiC
W
TiB2
C

SiC on W (CVD)
SM 1240
B. P. Metal Composites Ltd., England
Single
C + TiB2
85 to 90
5 to 8
3 to 5
2
100
3.4
2880
400
3.75
3.8 X10"6

Table 2 Characteristics of various powders

Powder
Mo2FeB2 based cermet 'KH-C50'
Toyo Kohan Co. Ltd.
Tokyo, Japan.

Aluminium, Grade MD-201
Alcan Metal Powders
New Jersey, USA.

Aluminium-bronze
Valimet inc.,
California, USA.

Copper
Amrut Industrial Products
Mumbai, India.

Composition
Molybdenum - 42.7%
Iron - 39.3%
Chromium-10.2%
Boron - 5.0%
Nickel - 2.8%

Aluminium - 99.3%

Aluminium - 8%
Iron- 1.5% (max.)
Copper - Rest

Arsenic (As) - 0.002%
Acid insoluble matter - 0.05%
Heavy metals (Pb) - 0.008%
Iron-0.005%
Sulphide - 0.005%
Copper - Rest

Particle Size

-

-400 mesh -
65.26 wt%

-100 mesh

-250 mesh
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of these fibers with each other. Solution of PVA granules in water (10 wt. %)
was used as interlamellar binder, while placing second boride strip over to it.
This was done in order to facilitate handling of green sandwiched composites.

In case of fibrous composites containing various interlamellar additives (2
vol. %) such as aluminium, copper or aluminium bronze powders, calculated
amount of these powders, was spread over the interface. Care was taken to
ensure uniform distribution of this powder on to interlamellar surfaces. Green
compaction load of approximately 100 kPa was manually applied on lamellar
compacts.

For debinding and sintering processes, the samples were placed on a
graphite boat puffed with hexagonal boron nitride powder and introduced into
laboratory type horizontal tubular furnace. Two sintering atmospheres namely
vacuum (0.1 mbar) and hydrogen was selected. The furnace had heating
zone of approximately 105 mm in the temperature range of 1250 °C-1350 °C
with an accuracy of ± 3 °C.

The time - temperature plot of the cycles is shown in Fig. 1. The cycle 'A' has
lower heating rate as compared to cycle 'B\ In cycle 'A' debinding is carried
out at 400 °C for 30 minutes, followed by sintering at 1245 °C for 30 minutes.
Cycle 'B' has debinding stage at 400 °C for 60 minutes, and a reduction stage
at 1000 °C for 60 minutes, followed by sintering at 1245 °C for 30 minutes. In
both cycles cooling was done in the prevailing atmosphere at an average rate
of 2-3 °C / min. For minimizing distortion during sintering a minor external
pressure (~ 200 Pa) in the form of graphite plate was exerted over the
samples. 1400

1000-

Cycle A

60 120 180 210 300 360 420 480
Time, min

Figure 1: The time -temperature plot of sintering cycles 'A' and 'B'
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Linear and volumetric shrinkages of the composites were calculated using
initial and final dimensions. The porosity in the sintered samples was
calculated using xylene impregnation technique [6].

X-ray diffraction studies on the green and sintered cermets were carried out
on Rich Seifert & Co., Germany make, ISO Debyeflex - 2002 diffractometer
using CuKa radiation.

Vickers macrohardness of the polished specimens were measured on Leco
V-100 - C1, hardness tester of Akashi Corporation, Japan. The load of 10 kg
and indentation time of 15 s was maintained. Vickers microhardness of the
samples was measured using Leitz Miniload Microhardness tester
manufactured by Leitz Wetzlar, Germany. A load of 0.5 kg and indenting time
of 30 s was maintained.

The transverse rupture strength (TRS) of the layered boride cermet and their
composites were performed on Instron 1195 material testing machine using
three point bend test. For all the tests a full scale load of 0.5 kN, crosshead
speed of 0.1 mm/min, and span length of 23 mm was maintained.

For optical microstructural studies, the usual sample preparation was
followed with the final polishing using 0.3|am alumina slurry. Etching was
done either using Nital (2 % HNO3 in alcohol base) or PPP reagent. The
composition of PPP reagent is given below [5].
10g - K3[Fe(CN)6], 1g - K4[Fe(CN)6].3H2O, 30g- KOH, 100g - H2O.

The action of the latter etchant as coloring reagent for refractory boride is
rather slow, so either it is applied at elevated temperature (60 °C) or for few
minutes at ambient temperature. Boride grain size measurement for the
sintered cermets was carried out by intercept method.The fractured surfaces
of the TRS tested samples were observed using JEOL, JSM-840A, Scanning
electron microscope (SEM) in secondary electron imaging mode.

3. Results and Discussion:
3.1. Sintering of Layered Boride Cermet
3.1.1. Nature of Sintering and Boride Grain Morphology

As already mentioned in the earlier section, consolidation of ternary boride
based cermet is achieved through reaction sintering. Chromium forms
substitutional solid solution with ternary boride Mo2FeB2 resulting into (Mo,
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Fe, Cr)3B2, the presence of such boride has been confirmed by earlier
investigation [4]. In the sintered form few peaks of Fe (binder matrix) and
Fe2B (unreacted lower boride) are also detected. The appearance of new
phases and disappearance of old ones clearly establishes reactive nature of
sintering.

The metallographic studies reveal that in nital etched condition it is rather
difficult to differentiate between individual and coalesced boride grains (Fig.
2a). When PPP reagent is employed, (Fig. 2 b), the boride grain morphology
becomes clearly visible. Boride grains have rectangular facets with average
size less than 3u.m. An insignificant variation in the boride grain morphology
and size after any sintering cycle was noticed. This implies that variation in
mechanical properties of the cermet after sintering in hydrogen and vacuum
is primarily due to change in the porosity level.

iSp^f^^fî ;^;'

IKS
Figure 2: Optical micrographs of vacuum sintered boride cermet etched in

different etching media (Sample 2, Table 4); (a) etched with Nital
(b)etched with PPP reagent

3.1.2. Densification Behaviour

The vacuum sintered cermet samples have remarkably lower porosities than
those sintered in hydrogen. It is observed that interlamellar air entrapment is
the major contributor to the overall porosity of the sample. Hydrogen as
sintering atmosphere could not cause this entrapped air to escape out fully.
On the other hand in vacuum, the porosity level in the sintered compacts
drops down. In order to improve interlamellar bonding, Poly Vinyl Alcohol
(PVA) solution was employed as binder during green compaction stage
(Sample land 2, Table 3). Complete removal of PVA is assured during
debinding stage (400 °C) in the sintering cycle. Optical micrographs (Fig. 3 a
and b) confirm development of better interface after PVA incorporation. The
PVA was therefore invariably incorporated as a mandatory step in the rest of
investigations.
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Figure 3: Optical micrographs of interface of hydrogen cycle 'A' sintered
boride cermet; (a) without PVA binder (Sample 1, Table 3)

(b) with PVA binder at interface during green compaction
(Sample 2, Table 3)

The densification for the multilayered cermet (Sample 3, Table 3) was inferior
to that for double layered sample (Sample 2, Table 3). This is mainly due to
the increased possibility of air entrapment between the lamellar interfaces.

In case of vacuum sintered samples, cycle 'B' offered better densification
than cycle 'A'. This may be attributed to the better debinding and reduction at
the isothermal hold of 60 minutes at 1000 °C. On the other hand, when cycle
'B' was followed in case of hydrogen the results were not encouraging
(Sample 12, Table 3). The reason behind this reversed trend is not clear.

3.1.3. Mechanical Properties

In case of vacuum sintered straight boride cermet, the transverse rupture
strength (TRS) was much higher than that for hydrogen sintered one.
Moreover cycle 'B' vacuum sintered cermets have higher TRS(636 MPa) than

Microhordnesi
HV0.5
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I 0 3

78 0

I 1230

I
(160

BS3

1
3*0

Hydrogen Vacuui Hydrogen Vacuum Hydrogen Vacuui Hydrogen Vacuum

Figure 4: Properties of hydrogen and vacuum sintered boride cermet
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cycle 'A' sintered ones (421 MPa). The TRS values obtained are however
much lower as compared to maximum reported values of 1.6-2.0 GPa [3,5].
This difference can be attributed to the sample geometry. The presence of
even a minor flaw or surface irregularity would severely affect strength in
thinner cross-sections. Hydrogen cycle 'B' sintered cermets show poor TRS,
as compared to cycle 'A' sintered ones. Similar to TRS, micro and
macrohardness values of the cermets sintered in vacuum are more than for
those sintered in hydrogen. For the sake of comparison, the properties of
hydrogen cycle 'A' and vacuum cycle 'B' sintered cermets are shown in Fig.
4, which reflects the effect of porosity on the strength.

3.2. Sintering of Layered Composites of Mo2FeB2 Based Cermets
containing SiC Fibers
3.2.1. Densification Behaviour

Similar to straight cermets the amount of retained porosity in the composites
was found to depend largely on the sintering environment. As already
described, the densification of boride cermet (KH-C50) proceeds through
liquid phase sintering. Presence of external pressure during sintering has little
effect over densification of the straight cermet. Presently, it is observed that a
minor external load (~200 Pa) helps in controlling distortion and enhancing
interlamellar bonding (Sample 4 and 5, Table 3). It does so by reducing the
possibility of air entrapment at the interface. Fig. 5 shows the variation of %
porosity in the composites with respect to volume fraction of SiC fibers,
corresponding to different sintering atmospheres and cycles. Vacuum
sintered composites have better densification than hydrogen sintered ones.

Figure 5: Variation of percentage porosity in the composites with volume
percent of SiC fibers and sintering cycles
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The justification for which is similar as that in case of straight cermet. Porosity
level increases when fibers are introduced between cermet lamellae. Due to
poor wetting between SiC fiber and boride cermet, the presence of fibers
hinders interlamellar bonding. The increased irregularity at the fiber
containing interface is evident from metallographic examinations.

It is interesting to note that for the same volume fraction of fibers (2 vol. %),
when the number of boride layers were increased from 2 to 3, the
densification and mechanical properties deteriorate (Sample 6 and 10, Table
3). In principle, as the contiguity of SiC fibers among each other decreases, in
case of 3 layered composite, the reverse should have occurred. It is
attributed to the fact that the free junction of the layered composites gets first
sealed due to emergence of melt, thus leaving the pores within the bulk
unhealed.

Fig. 6 illustrates that when fibers are introduced between the cermet lamellae,
the shrinkage of composite along the fiber laying direction drops to maximum,
as compared to the shrinkages along other two directions i.e. width and
thickness. This anisotropy in shrinkage of composites was observed
irrespective of sintering atmosphere and cycle. The reason being that the
fibers touching the cermet layer hinders the shrinkage along the direction of
maximum contact. This hindrance will be more if the number of fibers in
contact with cermet interface is more. This justifies the further drop in
longitudinal shrinkage of the composites with increasing volume fraction of
the fiber.

50
O Hydrogen Cycle A
A Hydrogen Cycle's'
a Vacuum Cycle - '
• Vacuum Cycle'3'

0 1 2 3 4 5
Vol.'/. o1 SiC Fibers

Figure 6: Variation of linear shrinkage of the composites in fiber direction with
volume percent of SiC fibers and sintering cycles

In an attempt to improve wetting between SiC fibers and cermet, metallic
powders of aluminium, aluminium bronze and copper (2 vol. %) were applied
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individually at the interfaces containing SiC fibers of the composite. The
sample containing aluminum powder as an interlamellar additive in 2 vol. %
SiC composite, yielded very poor bonding and was fragile in nature (Sample
7, Table 3). Literature [10] suggests that when SiC and aluminium are in
contact at elevated temperatures several solid solution phases and
compounds may appear depending on kinetic constraints. The formation of
AI4C3 takes place in the vicinity of the interface. The possibility of ternary
carbide AI4C3.SiC at the present sintering temperature is ruled out. The
formation of binary AI4C3 appears to prevent bonding with the boride cermet
substrate.

Aluminum bronze (Sample 8, Table 3) addition gave better results than pure
aluminum, while copper powder addition gave even better TRS values. One
fact emerges clearly that all the above additives deteriorate the interlamellar
bonding and no useful purpose is achieved. The fractographs of the samples
with and without interlamellar additive (Fig. 7) shows the non-wetting nature
of additive in the fiber-cermet system. Literature [7] does confirm higher angle
of contact between refractory borides and the metallic melt. The results
confirm the successful application of Mo2FeB2 based cermet parts to hot
metal dies and extrusion equipment's for aluminium, copper and their alloys,
where nonwetting is desirable [8].

Figure 7: SEM fractographs of 2 vol. % SiC lamellar composites with and
without interlayer metallic additive; (a) no interlayer additive
(Sample6, Table 3) (b) 2 vol. % aluminium-bronze as interlayer
additive (Sample 8, Table 3)

3.2.2. Mechanical Properties

Fig. 8 shows the variation of TRS of the composites sintered in different
manners. The TRS is primarily controlled by the porosity levels. Introduction
of fibers lowers the TRS of the composite as compared to the straight boride
cermet. The vacuum sintered composites according to cycle 'A' are exception
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to this trend, the reason for which is not clear. However, an increase in the
fiber content from 2 vol. % to 4.4 vol. %, invariably lowers the TRS.

Vol. V. of SiC Fibers

Figure 8: Variation of TRS of composites with volume percent of SiC fibers
and sintering cycles

4. Conclusions:

• Increasing the number of stacked cermet layers, the percentage porosity
of the layered straight boride cermet increases.

• Vacuum sintering results in better densification and mechanical properties
as compared to hydrogen sintering.

• Mo2FeB2 ternary boride grains have rectangular facet morphology and
average grain size of less than 3 urn, which show insignificant variation in
cermets sintered in either of atmospheres and cycles.

• An imposed minor external load (~ 200 Pa) during sintering of SiC fibrous
composites helps in controlling distortion and air entrapment.

• Presence of SiC fibers at the interface hinders in bonding. 2 vol. % SiC
fiber composites usually have higher percentage porosity and lower TRS
than straight cermets sintered in the same manner. On increasing the vol.
% of SiC fiber in the composite, the TRS invariably falls.

• Interlamellar metallic additives e.g. copper, aluminium and aluminium-
bronze invariably reduce the TRS of the composite due to their poor
wetting with refractory borides.
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Summary

Molybdenum aluminides form the basis for high performance, high
temperature intermetallic coatings resistant to high temperature corrosion in
aggressive media. In view of the difference in the melting temperatures of the
two main constituents, processing routes to produce raw materials based on
melting and casting are not very suitable. In this respect, current research
efforts are focused on a comparatively low temperature processing approach,
called reactive sintering. In this case, thermal activated reactions and
densification of elemental powder compacts are sustained by exothermic
outputs associated with enthalpies of formation. Relevant processing
temperatures are usually close to the lowest eutectic of the system. On the
other hand, a key factor concerns heating rate effects on dimensional
changes occurring during reactive sintering and on the characteristics and
properties of reaction products. For this reason, heating rate effects on the
densification kinetics of reactively sintered Mo-AI powder compacts have
been investigated. Sintering experiments have been carried out in a
dilatometer and the final products analysed by diffraction and microscopy
techniques. Phenomena taking place during the formation of solid solutions
and intermetallic compounds are discussed.

Keywords

molybdenum aluminide, reaction sintering, dilatometry, X-ray analysis
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1. Introduction

Intermetallics perform very good structural stability at elevated temperatures
and therefore have superior high temperature strength and corrosion
resistance. Molybdenum aluminides are especially suitable for applications
where high corrosion resistance against sulphur containing environment at
elevated temperatures is necessary.

Reactive sintering is a pressureless powder processing method which is used
to produce an intermetallic compounds from elemental constituent powders.
The process is called a self- propagating high temperature synthesis (SHS) or
combustion synthesis. Once initiated, the sintering process is sustained by
the heat of formation of the compound (mostly the reaction is highly
exothermic).

The pressureless synthesis of aluminide from elemental powders mixtures is
well characterised process [1-5-6]. The heat generated after initiation of the
reaction moves along the compact and a reaction wave is formed. A high
wave velocity means a large temperature increase in the specimen. This
leads to the formation of transient liquid phase which results in compact
densification. High dissipation rate of this heat leads to the limitation of
temperature increase - in this way densification of the specimen may be
impeded. The main advantage of the SHS as a technique of aluminide
synthesis is relatively low temperature at which high melting material is
produced. Reactants often differ significantly in melting temperature and/or in
density (e.g. 660.4°C and 2.7g/cm3 for Al vs. 2623°C and 10.2g/cm3 for Mo)
which makes alloying difficult by conventional methods. Those differences are
not any limitations for SHS procedure.

Reactive sintering as a synthesis of aluminides from elemental powders is
similar to the transient liquid phase sintering except an exothermic reaction
occurring between molten aluminium or eutectic liquid and the solid phase.
The amount of the liquid appearing in the system and its properties in terms
of wetting behaviour determine the properties of the reactive sintered product.
Heating rate seems to be the main processing parameter influencing both
solid-solid as well as liquid-solid reactions [7*13]. Thus, in this study the
influence of heating rate on sintering behaviour controlled by dimensional
changes occurring during synthesis of molybdenum aluminides, as well as on
phase compositions and concentrations in the reactively sintered materials
was investigated.
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2. Experimental procedure

Table 1 gives the characteristics of powders used during experiments. Binary
Al-Mo powder mixture with composition Al + 5wt.-%Mo was prepared of
elemental powders. The composition falls in the two phase region, where (Al)
and AI12Mo mixture is stable [14].

Table 1. Powders characteristics

Property
Powder type
Particle size, |j.m

Molybdenum
reduced
<20

Aluminium
gas atomised
<20

Mixing was carried out in a turbula mixer for 60 minutes. Powder mixture
was then uniaxially compacted into 4x4x15 mm3 perpendicular green
compacts using a compaction pressure of 300 MPa. No lubricant was used.
Green densities were near 75% of theoretical. Sintering was performed in an
horizontal NETZSCH 402E dilatometer under vacuum better than 10"3Pa. The
isothermal sintering temperature was 750°C. Specimens were heated at
different heating rates, which varied from 0.5 up to 20 °C/min. The holding
time at the isothermal sintering temperature was kept at 15 minutes. The
cooling after isothermal sintering was performed at 20°C/min. in all cases.

After sintering, the sintered compacts were analysed for their phase
composition by X-ray diffractometry (XDR). The microstructural parameters of
the phases present in the final products were evaluated along with their
concentrations.

3. Results and discussion

In Figures 1-̂ 4 dilatometric curves recorded during the current investigations
are shown. Corresponding temperature - t ime profiles and dimension change
rate curves are also drawn in those figures. To analyse the sintering
behaviour of investigated mixture the derivative curves are especially useful
because their extrema indicate individual steps of that process. There are
three characteristic steps to distinguish on dimension change rate curves.
Dependently on the heating rate, the particulate peaks are different in size but
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in all cases one maximum and one minimum are observed during heating as
well as one maximum during cooling. The most unambiguously is to
recognise them in Figure 3. It should be noted that maximum on derivative
curves corresponds to the swelling, and minimum - to the shrinkage on
dilatometric curves.

Al - 5%Mo Isothermal sintering 750°C,15 min.

600
3

Heating rate
0.5° C/mm.

Cooling rate
20°C/min.

200 400 600 800 1000 1200 1400 1600

Time, min.

Figure 1. Dilatometric traces for specimen heated at 0.5°C/min.

Solid state interdiffusion of components at the particle contact regions
promotes localised heating and is responsible for initial liquid formation before
the furnace reaches the eutectic temperature. According to the Al-Mo binary
phase diagram the lowest melting point is the eutectic AI+MoAI12 temperature
(~660°C which is almost equal to the aluminium melting point reported as
high as 660.45°C [14]) and at that temperature the liquid phase can appear in
the system. Due to the highly exothermic effect of aluminide synthesis a large
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difference between the furnace temperature and the sample temperature can
be expected and melting within the compact may occur even below 660°C
concerned as a furnace temperature.

I Isothermal sinterinq 750°C,15

-8.00

50 100 150 200 250 300 350 400 450
Time, min.

Figure 2. Dilatometric traces for specimen heated at 2°C/min.

The appearance of even a small amount of the aluminium-rich liquid causes a
rapid increase in the reaction rate which leads to the spontaneous
combustion of the powder compact. Since the investigated composition is
rather poor in terms of the amount of possible heat generated as a result of
molybdenum aluminide formation, and, the Al and Mo particles are not too
fine, the combustion reaction is strongly limited. The exothermic effects of
molybdenum aluminide formation are not as high as for nickel aluminide
building [5, 8-11]. Therefore, the investigated Al-Mo system is not as sensitive
to the processing parameters as Al-Ni system and is more controllable. So,
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the amount of the heat released as a result of Al - Mo interactions is
sufficiently high to cause contact melting and to increase the reaction rate
(which indicates swelling), but after combustion reaction there is enough
unreacted aluminium left to cause shrinkage. Some, unpublished here,
experiments for sintering Al-Mo samples with higher molybdenum contents (>
10wt.-%) gave an extensive swelling as the main and only one effect of
sintering procedure. In those cases the intermetallic solid skeleton is enough
stiff and the amount of liquid too low that the shrinkage is not possible to
occur.

Al - 5%Mo Isothermal sintering 750°C,l 5 min.

800
wo
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Figure 3. Dilatometric traces for specimen heated at 5°C/min.

The first segments of dilatometric curves, it means from room temperature up
to the first swelling, show that independently of the heating rate only thermal
expansion of the compacts occurred. The temperature at which a jump-like
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swelling starts is shown for each dilatometric traces in Table 2. Heating rate
strongly influences that temperature as well as the maximum registered
expansion: the higher heating rate the higher temperature of sudden swelling
and the lower maximal expansion. It is obvious that the solid state reactions
between aluminium and molybdenum are more progressed when the
compacts are heated slower. Therefore, at those heating conditions also
more intermetallic phases are produced as a result of the solid state diffusion
processes and contact melting. The difference between molar volumes of
reactants and products justifies the swelling. Thus, the more intermetallics are
formed the higher jump-like swelling is observed. However, there is a 'critical'
heating rate above which the solid state interactions are so limited that any
dimensional effects of solid state intermetallics formation and contact melting
are not visible. That is the case for investigated compacts heated at
20°C/min. (Figures 4 and 5) when, except thermal expansion, only very slight
expansion (about 0.1%) is possible to notice during heating.

Table 2. Characteristic data achieved from dilatometric curves

Segment of the
temperature-
time profile

Heating

Cooling

Feature

Temperature at which expansion
starts (onset temperature), °C

Maximal expansion,
%

Expansion step caused only by
reaction, %

Temperature at which shrinkage
starts, °C

Shrinkage step caused by liquid
aluminium, %

Temperature at which expansion
starts, °C

Expansion caused by liquid phase
solidification, %

Heating rate, °C/min.

0.5

610

13.0

11.6

660

10.2

650

4.7

2

635

5.8

4.4

662

5.0

650

7.9

5

652

3.4

2.0

660

6.7

657

6.9

20

660

1.5

0.1

670

15.3

640

4.7
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Figure 4. Dilatometric traces for specimen heated at 20°C/min.

After the reactive sintered samples reached both their maximal expansion
during heating and the temperature close to the aluminium melting point
(Table 2) the jump-like shrinkage starts (Figure 1*5). In all chosen condition
there is still sufficient amount of liquid aluminium available to cause significant
shrinkage. The extent of the shrinkage cased by liquid phase depends on its
amount as well as on its surface activity against the solid phase. Among other
parameters the chemical composition of the liquid belongs to the most
important ones. Thus, as expected at the highest heating rate the highest
amount of liquid appears in the system which gives the highest shrinkage due
to the particle rearrangement. Since the reactions between components are
very limited the liquid is almost pure aluminium. It is worth to note that despite
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of above 15% of jump-like shrinkage the samples didn't lose their original
rectangular shape.

Samples heated very slowly (0.5°C/min.) demonstrate also high shrinkage
caused by liquid aluminium. There was sufficient time during heating until the
aluminium melting temperature was reached to complete all possible
reactions between both components. Therefore, pure aluminium was the
appearing liquid and its amount was sufficiently high. Sample heated at 2 and
5°C/min. show intermediate shrinkage: the reaction was not progressed
below the aluminium melting point and less pure aluminium liquid was
available.

16.00

12.00

o- 8.00

£? 4.00
a
C 0.00
o
*5i
§ -4.00
E

° -8.00

-12.00

-16.00

0.5°C/hnin.

2°C/min.

5°C/min.

- - - 20°C/min.

550 600 650 700

Temperature, °C
750

Figure 5. Dimensional changes during heating caused by reaction and
rearrangement for specimens heated at different heating rates.

As it is shown in Figure 5 the samples reached their final densification during
heating clearly below the isothermal sintering temperature. During the later
sintering period only negligible dimensional changes were registered. That
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was also typical for earlier investigations on other reactive sintered systems
where intermetallics were produced [8-M3]. Whereas, to the best knowledge
of the authors completely unique observation is the jump-like swelling of
compacts registered during cooling (Figure 6). According to the onset
temperature at which the sudden expansion starts (Table 2), and by taking
into consideration the over-cooling, the swelling effect can be explained by
solidification of the permanent liquid phase still remaining in the compacts. It
can be assumed that the expansion step depends on the amount of
precipitated (AI-Mo)3AI aluminide. After solidification process is finished only
small thermal shrinkage is observed.

Samples heated at:

— 0.5°CAnin.
2°CAnin.
5°C/inin

• - - 20°C/min. /
. _ . J

700 600

Temperature, °C

Cooling rate
20°C/hiin

8.00

4.00

0>
O)

0.00 g

-8.00 J
Q

-12.00

-16.00
500

Figure 6. Dimensional changes during cooling caused by liquid phase
solidification for specimens heated at different heating rates.

Results of XRD analysis (Table 3) show identified phases and their
concentrations in reactively sintered compacts produced at different heating
rates. From among many possible molybdenum aluminides [14] only three
have been recognised: cubic AI12M0, cubic AIMo3 and a new, in aluminium
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rich (AI-Mo)3AI phase where some aluminium atom positions are occupied by
molybdenum atoms which makes its hexagonal structure. The occupation
rate for molybdenum atoms was estimated as below 4.7 x 10"3. As expected
unreacted FCC aluminium was detected, but also some amount of unreacted
BCC molybdenum was identified.

Table 3. Results of the X-Ray analysis for samples heated at different
heating rates

Heating
rate,

°C/min.

2

5

20

Feature

Concentration,
wt.-%

Cell parameters,

Average domain
size,

Concentration,
wt.-%

Cell parameters,

Average domain
size,

Concentration,
wt.-%

Cell parameters,

Average domain
size,

Phases

Ali2Mo

38.6

7.580

733

52.9

7.579

652

43.3

7.582

608

Al

56.2

4.049

1236

39.7

4.047

962

33.7

4.050

986

(Al-
Mo)3Al

4.4

a = 5.757
c = 4.375

353

6.3

a = 5.704
c = 4.378

442

20.7

a = 5.705
c = 4.387

452

AIM03

0.5

5.038

476

0.6

5.005

488

0.8

4.990

428

Mo

0.3

3.12

433

0.5

3.112

380

1.4

3.115

571

It is clearly evident from Table 3 that the heating rate influences the
respective phase concentration in sintered compacts. The higher heating rate
the more molybdenum aluminides are formed and the less unreacted
aluminium is present. This correlates with the amount of the liquid phase
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appearing in the system during heating. At higher heating rate more liquid is
available not only to cause shrinkage but also to spread out on solid skeleton,
and thus, to increase markedly the surface on which reaction takes place. In
contrary, at lower heating rate more molybdenum is consumed for
molybdenum aluminide formation than in samples heated slower. It seems
that the molybdenum particle size is a critical parameter for consumption level
of this constituent. In case the finer molybdenum powder was used probably
that unreacted metal would not be present in the sintered compacts.

Transient liquid phase appears in the sintered system at higher temperatures
when the heating rate is higher. Because of the limited scale of solid - solid
reactions in quickly heated samples, the appearing liquid is almost pure
aluminium. This makes the liquid more active against solid component and
therefore shortens its presence in the compact. However, while the liquid is
present molybdenum partly dissolves in it and partly participates in the solid -
liquid reactions. In each case molybdenum aluminides are final products.
From among both on aluminium rich aluminides the formation of (AI-Mo)3AI
needs less progressed diffusion. Thus, the higher heating rate especially
favours the formation of that phase (Table 3) as well as it can be easier
precipitated from the supersaturated solution than other ones during cooling.

4. Conclusions

The results have clearly demonstrated that heating rate strongly affects
reaction sintering of Al - Mo system and, hence the density of the sintered
product. Heating rate determines both the amount and composition as well as
a wetting behaviour of the liquid appearing in the sintered system, and thus
influences also the reactive reaction alone. At lower heating rate compacts
tend to swell more during heating period and give less final density, whereas
at higher heating rate the large shrinkage is observed during the same period.
Heating rate influences not only the dimensional changes but also the
respective phases composition and concentration in sintered material.
Isothermal sintering period seems not to be a significant one because the
dimensional changes occur in investigated system only during heating and
cooling. Although the investigated composition is shifted to the aluminium-rich
side (-98.0 at.%) the formation of molybdenum aluminides is sufficiently
progressed during heating that the compacts keep their original shape. From
the other hand the solid skeleton built of molybdenum aluminides is not too
stiff and both the shrinkage during heating and swelling during cooling are
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possible to perform. The jump-like swelling during cooling is an unique and an
original phenomenon observed in the reactive sintering investigations.
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Summary:

MoSi2 and rare earth (RE)/MoSi2 composites were synthesized by mechanical alloying

(MA) and self-propagating high-temperature synthesis (SHS) techniques. Their

properties of hot pressing disks were measured, such as hardness and fracture

toughness at ambient temperature and compressive yield strength at elevated

temperature. The responded microstructures were observed by using SEM and X-ray.

The results show that the room temperature properties of MoSi2 matrix are obviously

reinforced by addition of rare earth element (especially, when it is of 0.9wt.%). The

toughening mechanisms in RE/MoSi2 composites include fine-grained, microcrack,

crack deflection, crack microbridging, crack bowing and branching, and the

strengthening mechanism is fine-grained. But RE/MoSi2 composites only synthesized

by SHS have higher yield strength at elevated temperature, with grain-coarsened and

dispersion strengthening mechanisms.

Keywords:

Molybdenum disilicide; mechanical properties; strengthening and toughening;
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mechanical alloying; self-propagating high-temperature synthesis.

1. Introduction:

Intermetallics molybdenum disilicide(MoSi2) is an attractive candidate material for high

temperature structural applications because of its lower density, high melting point, high

thermal conductivity and elevated oxidation resistance (1). However, its practical

applications are limited by two major problems: poor toughness at ambient temperature

(blow about 1000°C) and poor creep strength at elevated temperature (2). The

responded reasons for its low toughness can be the intrinsic difficulties of dislocation

movement because of special C11b crystalline structure, and the brittle SiO2 glass

phase in grain boundary formed as a consequence of oxygen contamination in

preparing process (3). The lower creep strength at high temperature is attributed to both

dislocation creep mechanism and grain-boundary sliding occurring (4). So many

researchers devoted their efforts to improving mechanical properties of MoSi2 in

material design and preparing technique after the early 1970s. In material design,

addition of second phase enhancing properties of the matrix was a usually major

method, such as additions of Ta, Nb, W, ZrO2, SiC, Si3N4, WSi2, Mo5Si3, TiB2, i.e. for

improvement of the toughness at low temperature. The high temperature strength of

MoSi2 was also increased by second phases because of hindering effects on

dislocation creep and grain sliding. Many details were shown in Ref (3). Rare earth

elements had been successfully used in refractory metals (such as tungsten and

molybdenum) to enhance toughness and high temperature strength of the matrix

because of their special electronic structure (5), but there are few papers reported the
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addition of rare earth elements in MoSi2. In preparing techniques, lots of methods have

been adopted such as mechanical alloying (6-7), self propagating high temperature

synthesis (8-9), exothermic dispersion (XD) (10), solid-state displacement reactions

(11,12), plasma-spry process (13) in order to attaint pure MoSi2 matrix composites.

Above all, MA and SHS techniques were used in the present study because they were

simple and effective.

In this study, the hot-pressing disks of MoSi2 and RE/MoSi2 composites, which

synthesized by MA/SHS processing method, have been attainted. Their hardness and

fracture toughness at room temperature and compressive yield strength at the range of

800-1400°C have been measured. Particular, attention is devoted to developing an

understanding of the micromechanisms of strengthening and toughening MoSi2

material by addition of rare earth element particles.

2. Experimental methods:

2.1 Materials and preparation process:

A mixture of 99.9% pure Mo with a particle size range of 2~4um, 99.5% pure Si with a

sieve size of -325 mesh and 99.9% pure RE (about 1um in size) were used for

preparation of MoSi2 and RE/MoSi2 composites. The RE content in the composites was

0.2, 0.4, 0.6, 0.9 or 1.2wt.%, respectively). The powder mixtures were milled for 35

hours in a planetary ball miller with ball to powder weight ratio 20:1 and rotation 225 rpm

in argon gas atmosphere. As a comparison, the same powder mixtures were

compacted into a cylindrical pellet in a steel die. The compact of 60 mm in diameter and

10 mm in length was heated in a tungsten wire-heating furnace to 1420°C to initiate the
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thermal explosion mode of SHS. The heating rate to the ignition temperature was

800°C/min. The SHS reaction was carried out in argon gas atmosphere, too. The

resulting powders were then hot pressed in a graphite die at 1300~1400°C for 20 min.

The hot pressed bodies were cut, grounded and polished into rectangular bars with

5x5x10 mm in size.

2.2 Microstructural analysis:

Phase identification was done by a SEMENS-500 X-ray diffractometer with

monochromated Cu ka radiation. A scanning electron microscope equipment with

electron dispersive spectroscope (EDS) was employed to analyze the microstructures

of test samples.

2.3 Mechanical test:

Vickers hardness of MoSi2 and RE/MoSi2 composites was measured with a Vickers

hardness tester at load 49N and a load time of 10 s. Indentation fracture toughness (Kc)

was calculated using the following relation of Anstis et al (14):

Kc=A{E/H)l(p/&) (1)

Where A is a constant with a value of 0.016, H is the hardness, P is the indentation load,

and C is the average of the four surface radial cracks, E is the elastic modulus of the

matrix which value of 440MPa for polycrystalline MoSi2. The value of H was the Vickers

hardness (Hv), given by the relation (15):

Hv = P/2b2 (2)
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Where b is the length of each indent diagonal.

The median values of 16 indentation diagonals

and 32 radial crack lengths were used from the

8 indentations for calculation of fracture

toughness and hardness at same load

examined.

High-temperature yield strength tests were

performed using a Gleeble-1500 testing

machine at the range of 800~1400°C, which

heating rate was 20°C/min and compression

test rate was 0.5mm/min. The average value of

five specimens tested at each temperature was

adopted as the value of yield strength for MoSi2

and RE/MoSi2 composites.

3. Results:

3.1 Microstructure:

u
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Fig.1 The X-ray diffraction patterns for synthesis
products by MA and SHS-

"» %.

9+ r*>«'<

Fig.2 Optical miaogra()hs showing the grain size
of the MoSij and 0.9%RE/MoSi2 composite, (a)
MoSij (MA), (b) MoSij (SHS),
and(d)RE/MoSi2(SHS).
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Fig.1 shows the X-ray diffraction patterns taken for synthesis products by MA and SHS.

The major peaks are in agreement with the standard peaks of MoSi2, indicating the

finishing formation of monolithic MoSb phase in solid reaction: Mo + 2Si —> MoSi2. RE

phase is so weaker that cant be clear seen because the addition of RE is very small.

Typical microstructures of MoSi2, with and without RE particles addition, were shown in

Fig.2. The average grain size of MoSi2 synthesized by MA is about 8u m (Fig.2a), which

is finer than that of by SHS. Similar phenomenon can be observed in Fig.2 (c) and (d).

Compared with Fig.2 (a) and (b), the composite has a finer microstructure than the pure

MoSi2 production by the same synthesis technique. The RE particles that only in their

oxide form were confirmed by chemical analysis by EDS. In the present study, the grain

size decrease with the RE content increasing at the range of 0-0.9%, otherwise, the

grain size increasing.

3.2 Mechanical properties:

11.5

0.2 0.4 0.6 0.8

% RE content
1.0 1.2 0.0 0.2 0.4 0.6 0.8

% RE content

1.0 1.2

Fig.3 Variation of Vtckers hardness in
RE/MoSi2 composites as a function of rare
earth element contents.

Fig.4 Plot of fracture resistance Vs various
amounts of rare earth element particles for
RE/MoSi2 composites.

Vickers hardness values for the MoSi2 and RE/MoSi2 composites are shown in Fig.3,

Which shows that the hardness monotonically increased with increasing RE content at
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the range of 0-0.9%, but it 1400

CO 1200

decreased when RE over 0.9%. The a.
^ 1000

similar results are also plotted in

Fig.4. The hardness and fracture

toughness values of MoSi2 at

ambient temperature were

enhanced about 50% by addition of

0.9% RE particles, respectively.
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Fig.5 Compressive yield strength as a function of test
temperature for MoSi2 reinforced with RE particles.

Clearly in Fig.3 and 4, the hardness and fracture toughness values of RE/MoSi2

composites synthesized by MA are higher than that of by SHS.

Fig.5 shows the compressive yield strengths of the MoSi2 material reinforced with 0.4,

0.9 and 1.2% RE particles. With increasing temperature, the yield strength decreases.

To MoSi2 and RE/MoSi2 composites synthesized by MA technique, all of the yield

strength values become very approaching. However by SHS technique, they are clearly

raised. In this case, the better effect of addition of RE particles on the matrix is revealed.

Especially, the yield strength value of 0.9% RE/MoSi2 composite is about 100MPa

higher than that of pure MoSi2 at 1000-1400°C.

4. Discussion:

4.1 Strengthening mechanisms:

(a) Room temperature strengthening: The trends in the room temperature hardness

data can be explained by following relation (16):



346 RM47 H. Zhang et al.
15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

ab= \k1+k2d
2 e x p ( - M ) (3)

Where ab is the tensile strength of P/M production, d is the grain size, 9 is the porosity,

ki, k2an6 k3 are the constant. With the d and 0 values decreasing, ob values will

increase. The responded c/and 9 values to Fig .2 were listed in Tab 1.

Tab 1 The average G and 9 values in Fig.2

MoSb MoSi2 0.9%RE/MoSi2 0.9%RE/MoSi2
I V I a t e n a l S (MA) (SHS) (MA) (SHS)

G(um) 8 10 4 6

0 (vol.%) 6 7 3 4

From Tab 1, the d and 9 values of MoSi2 and RE/MoSi2 composites by SHS are

bigger than by MA. So their hardness values are lower. Addition of RE particles results

in the enhancement of the hardness because it obviously refining the grain size of the

matrix about 50%. The hardness decreasing when adding content of RE over 0.9% can

be explained by the grain size increasing. Such as addition of carbon (17), Mo5Si3 (18)

or ZrO2 (19) particles made MoSi2 fine-grained in size to improve the hardness of the

matrix.

(b) High temperature strengthening: The higher yield strengths in RE/MoSi2 composites

synthesized by SHS than that of pure MoSi2 (Fig.5) are explained by dispersion

strengthening mechanism. For small, impenetrable particles a gliding dislocation can be

bow between particles and finally by-pass them, leaving behind an "Orowan" loop (20).

The additional stress, to expand dislocations and enable them to bypass

non-deformable particles of a second phase, is simply described by the Orowan

relationship (21):



H. Zhang et al. RM 47 347
15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

Gb

^d(j-1) (4)

Where rc is the critical sheer stress, G is the sheer modulus, b is the Burgers vector,

X is the interparticle spacing, f is the volume fraction of the dispersion phase. In this

study, the diameter of dispersing RE Particles in the MoSi2 matrix was observed to be

about 0.2-0.4 urn. According to equal (4), with the increasing of volume fraction of RE,

the X value decreases and the strength increases. But the decreasing of yield strength

in 1.2%RE/MoSi2 composite may be attributed to the d increasing, as described inTabi.

At 800~900°C, a small amount of microcracking is still observed in samples. It indicates

the materials fail in a brittle manner prior to any perceivable plastic deformation, which is

in agree with the brittle-ductile transition temperature (BDTT, ~1000°C). However, the

approaching yield strength values of M0S12 and RE/MoSi2 composites synthesized by

MA at above 1000°C are by two considerations. (1) The finer grain in size will make for

the grain boundary slip, which was approved to the same materials synthesized by MA

and SHS in this experiment. (2) The hindering effects of RE particles on dislocation

motion are propitious to improve the high temperature yield strength.

Thus the higher yield strength values of the materials by SHS than that of by MA is

attributed to the grain-coarsened. Dispersion strengthening effects only obviously

appear in the microstructure with bigger grain in size.

4.2 Toughening mechanisms at room temperature:

It is well known that the fracture toughness of brittle ceramic materials increases with an
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increase in grain size (22). However, the finer microstructure exhibited the higher

toughness, as shown in Fig.4. Fig.6 shows the fracture surface in MoSi2 and RE/MoSi2

composite. The fracture surface of pure MoSi2 shows failure to have occurred mostly by

transgranular cleavage (Fig.6(a)). While the composites fracture surface show a mixed

intergranular-transgranular failure (Fig.6(b)), as shown in SiC/MoSi2 composite (4). The

reason may be caused by the decrement of brittle glass SiO2 phase at the grain

boundaries because of rare earth element becoming oxide in MoSi2. These similar

results were also found in the other MoSi2 matrix composites reinforced by 3Y-ZrO2 (19)

and carbon (23).

b ..

4*

Fig.6 SEM images of fracture surface in MoSi2 (a) showing a mostly cleavage fracture and in
RE/MoSi2 composite (b) showing a mixed intergranular-cleavage fracture.

Crack propagation behavior in RE/MoSi2 composites were shown in Fig.7. Fig.7 a, b, c

and d show the microcracking, crack deflection, crack microbridging, crack branching

and crack bowing in the composites, respectively. Rice (24,25) has reviewed

mechanisms about toughening ceramic composites. These mechanisms include matrix

microcracking, crack branching, crack deflection, crack bowing and fiber pullout. Carter

and Hurley (26) have suggested crack deflection as an important toughening
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mechanism in SiC-whisker-reinforced MoSi2. Bhattacharya and Petrovic (17) have

provided an evidence for crack-interface grain bridging (crack microbridging) in

20vol%SiC/MoSi2 composite and crack branching in 40 vol%SiC/MoSi2 composite. The

present study did not appear to show fiber pullout. These crack behaviors observed in

this case, which can be explained by the presence of a complex residual stress field and

high resistance to crack propagation because of addition of RE particles in the matrix,

will absorb more energy and thus promote toughening.

ess?

lc 10nm
"

Fig.7 SEM images of the crack propagating behavior in RE/MoSi2 composite (a) showing microcrack,
(b) crack deflection, (c) crack microbridging, (d) crack bowing and branching.

5.Conclusions:

Rare earth particle reinforced MoSi2 composites were prepared by mechanical alloying

and self-propagating high temperature synthesis techniques. The hardness and fracture
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toughness of MoSi2 material at ambient temperature were obviously improved by

addition of rare earth element. Especially when adding 0.9%RE, they are enhanced

about 50%, respectively. The strengthening mechanisms are fine-grained strengthening

and dispersion strengthening. The toughening mechanisms include fine-grained,

microcrack, crack deflection, crack microbridging, crack branching and crack bowing

toughening.

MoSi2 and RE/MoSi2 composites synthesized by SHS have a higher yield strength

value at high temperature than that of by MA because the bigger grain size hinders

grain boundary slip. Adding 0.9%RE particles in MoSi2 make the high temperature yield

strength enhanced about 100MPa because of obstacle effect of RE particles on

dislocation movement.
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3D/2D- MODELLE ZUR INTERPRETATION DER EIGENSCHAFTEN

VON AL2O3-TIO2- TI(C.N) - DISPERSIONVERFESTIGTEN

KUPFERVERBUNDWERKSTOFFEN

V.G. Lvulko, E.P.Shalunov*, D.V.OIeinikov**, V.V. Antropov***

Don-TU , Rostow-am-Don, Russland
Wissenschaftllche-produktion Fa. TECHMA GmbH, Tscheboksari, Russland

** z.Z. TU Wien, Inst, für chemische Technologie anorg. Stoffe , Österreich
*** AG "Atommasch", Volgodonsk, Russland

Zusammenfassung:

Es werden die zusammengefassten Ergebnisse der Forschungen von
Multisystem AI2O3-TiO2- Ti(C,N) - dispersionverfestigner Verbundwerkstoffen
auf Cu-Basis (OCDS-Copper) als die aufgebauten graphischen räumlichen
(3D) und/oder flachen (2D - als den abgesonderten Fall) Modelle der
Veränderung der technologischen und funktionalen Eigenschaften (Härte,
Verschleiss, Leitungsfähigkeit, Rekristallisationtemperatur u.a.) von
Ausgangsverbundpulver (Mischung von Cu+AI2O3-Ti-C) und diese
Materialien nach dem Kaltpressen und Heissstrangpressen (Extrusion) je
nach ihrem Gefüge (Zusammensetzung), d.h.der Mikrofestphasen
(gleichmassigen 1-2 um Punktzugabe) von Oxide, Karbide und/oder Nitride
einschliesst,die bei mechanisch Legierund und/oder bei der thermischen
Synthese im Wirbelbett eingegeben ist, vorgestellt. Es ist die analytische
Beschreibung der Modelle als die funktionalen Abhängigkeiten «
Zusammensetzung - Eigenschaft » und als Polynome von 2.-3.Grad, die
zulassend, das expérimentale Feld adäquat zu beschreiben, und auch zu
diagnostizieren und vorherzusagen das Verbundwerkstoffe mit den
bestimmten Eigenschaften für verschiedene Bedingungen der Anwendung -
thermostandhaftige Schweisselektroden (MIG/MAG-Schweissung),
Piasmatronkathoden, Kontakte, tribologische Werkstoffe zu konstruieren.

Keywords:

OCDS-Copper, AI2O3-TÍ (C.N)-Phase, Mechanical Alloying, 3D / 2D- Models,
Electric Conductivity, Wear, Electrodes
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I.Einleitung:

Das Vervollkommnen der Technik ist mit dem Wachstum der Forderungen zu
den funktionalen Eigenschaften der vielfältigen Materialien, einschliesslich
Pulverwerkstoffe mit der erhöhten Festigkeit, Härte, Dehnung, mit dem Satz
der speziellen Charakteristiken verbunden. Auf solche werden
dispersionverfestigner Verbundwerkstoffen auf Cu-Basis, vorstellend die
kupferne Matrix mit eingeführt in sie thermodynamisch stabile Dispersoide -
von Oxiden, Karbiden, in verschiedenen Kombinationen und
Dispersoidgrössen bezogen (s.g. Oxide/Carbide Dispersion Strengthened
Copper : OCDS-Copper) (1,2).
Diese Materialien stellen mittels der Bearbeitung Ausgangspulvermischung in
Attritor, nachfolgend Kaltpressen bekommenden in Attritor der Granulen in
die Briketts und des heissen Strangpressens (Extrusion) dieser Briketts in
Stangestücke, Rohre und andere Profiln her, aus denen (öfter alles von der
Maschinenbearbeitung vom Schneiden) verschiedene Elemente und die
Details der Maschinen - Elektroden, Gleitlager , Kontakte u.a. hergestellt
werden ( 2, 3 ).
Eine eigentümliche Besonderheit der vorgestellten Materialien ist die
zusätzliche, mehr homogene Einleitung in das Basissystem der Elemente
Cu - AI - Ti - С - О zusätzlich feindispersen (1-2 um ) der Komponenten Ti
(C, N), bearbeitend den Ausgangs-Cu- Pulver in der kombinierten Einrichtung
mit Wirbelbett und PVD- Prozesses (4) (werden wir diese "feinen" Ti(C,N)-
Phasen in die Alternative die „groben" А12ОЗ-ТЮ2 -Phasen nennen, der bei
mechanischen Legieren in Attritor gebildet wird ).

2. Methoden und Experimentelles :

Im betrachteten System von Kupferverbundwerkstoffen Cu +AI - Ti - С - О +
Ti (С, N) kann man zwei Arten Dispersoide bedingt verteilen :

- Verhältnismässig grosse -"grobe" - Dispersoide von der Grosse
gegen 10 um und mehr, bekommen im Laufe mechanischen Legieren
von Pulvermischung Cu + (2-6 %)-Gew. % AI2O3 - (1-3) Ti - 1С
(Graphit) in Attritor . Die Technologie diesen Prozesses ist genug
bekannt und ist durchgearbeitet (2,5,6);

- „fein" (1-2 um ) Punktzugabe von Karbiden-Nitriden-Phase Ti (C, N),
vorläufig auf das Cu -Ausgangspulver (und ist es Aluminiumoxyd
möglich) nach der Technologie der Thermosynthese der
Verbundpulvere in der vibrierenden Schicht (Wirbelbett) in
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angehalten , d.h. die Eindringen von Mikrofestphasen in Kombination
mit PVD - oder CVD-Verfahren durchgefuehrt werden (4, 7). Der
Anteil der angehaltenen Komponente wurde metallographisch (die
stereometrische Analyse) bewertet, nach der Fläche der Deckung der
Oberfläche der Cu-Teilchen (ihr Grosse ~ 50 [Jim) und bildete von 2,3
bis zu 9,2-Vol. % zusammen.

Die Untersuchung der Eigenschaften ( E : Leitungsfähigkeit, Härte,
Verschleissfestigkeit, Rekristallisationtemperatur ) der bekommenen
Kompositionmaterialien (nach Extrusion der Ausgangsmaterialemit mit 40- %
- Deformation und nachfolgend Glühen beim 200 - 1000 °C) verwirklichte
sich auf den Mustern und die Fertigteilen - die Schweisselektroden.
Besonders, wurde der Verschleiss der Materialien nach der Vergrösserung
des Diameters ( Ad ) des Loches von Schweissspitze für die Schweissung

vom Draht ( 01 mm) (s.g. MIG/MAG- Schweissung) nach dem Durchgang
"durch" Schweissspitze 1 Km des Drahtes ( Masse ~ 6 Kg ) bewertet.
Nach den experimentalen Daten wurden die graphische-analytischen Modelle
gebaut, es wurde ihre Angemessenheit und die Möglichkeit der analytischen
Vorstellung als die Abhängigkeiten den «Zusammensetzung - Eigenschaft"
als der Faktorabhängigkeiten von der Art bewertet:

E = /= bo+ bi (А12ОЗ-ТЮ2) + b2Ti(C,N) + b1b2(№03-Ti02)ffi(C,N) +
2 / - И л - , г П « , +b2

22Ti(C,N) + ...

E- untersuchte Eigenschaft;
bo, bi ... - die Koeffiziente von Polynome, bestimmt als Ergebnis von

den Experimenten

Der Vergleich der Ergebnisse wurde mit den Materialien ohne "feine" Phase
und mit den Materialien auf Grund der Cr-Zr- Bronze durchgeführt.

3. Ergebnisse und Diskussion:

Auf der Anfängerstufe der Forschungen war die bekannte Annahme über die
Vergrösserung der Rekristallisationtemperatur von dispersionverfestigner
Verbundwerkstoffen auf Cu-Basis, im Vergleich mit der Bronze, sowie unter
dem Einfluss der „feinen" Phase geprüft (Tabele).
Wirklich, erhöht des gemeinen Anteiles eingeführt von Dispersoiden gefürt
zu wesentlich Erhöhung von Rekristallisationtemperatur des Materials.
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Diese Tatsache soll den entscheidenden Einfluss auf die Erhöhung der
Hitzebeständigkeit und der Hitzebeständigkeit des Kompositionmaterials
leisten, was entsprechend zur Erhöhung der Härte und der Verkleinerung des
Verschleisses, aber zur Senkung der Leitungsfähigkeit (Abb. 1-3) führt.
Untersuchende Faktorraum des Einflusses "feine" und "grobe" von
Dispersoiden und seine anschauliche Vorstellung als 3D/2 D-Modelle
(Diagramme) ermöglicht der breiten Auslese der geforderten Materialien mit
den bestimmten Eigenschaften und darf zum eigentümlichen Zertifikat bei
der Empfehlung solcher Materialien zur Benutzung für die konkreten Zwecke
dienen.

Tabele : Rekristallisationstemperatur (°C ) von Cu-Verbundwerkstoffen

Cr-Zr-
Bronze

450 -500

OCDS - Kupfer mit Dispersoidgehalt
(summarisch, Mas.-%)

5%
(ohne"feine"

Phase )

830 -880

6,2 %

850 -900

7,4 %

880-950

8,6 %

950-1000

9,8 %

950-1020

4. Schlussfolgerungen:

4.1. Die Einführung in den Zusammensetzung von dispersionverfestigner
Verbundwerkstoffen auf Cu-Basis von 2,3 - 9,2 Vol.- % Mikrophasen erhöht
die Rekristallisationtemperatur des Kompositionmaterials, dass eine
Grundlage der Erhöhung der Hitzebeständigkeit, der Hitzebeständigkeit, der
Härte und Verschleissfestigkeit der Pulverwerkstoffen ist.

4.2. Die aufgebauten 3D/2D -Modelle der Veränderung der
Eigenschaften von dispersionverfestigner Verbundwerkstoffen auf Cu-Basis
lassen je nach dem Anteil "feine" und "grobe" Dispersoiden zu, sie für
Diagnostik und der Prognostizierung die Eigenschaften geschaffenden
Materialien für die konkreten Bedingungen der Anwendung zu benutzen.
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Production of Diamond Wire by Cu15 v-% Nb "In situ" Process
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Summary:

Diamond wires are cutting tools used in the slabbing of dimension stones,
such as marbles and granites, as well as in cutting of concrete structures.
This tool consists of a steel cable on which diamond annular segments
(pearls) are mounted with spacing between them. This work has developed a
new technological route to obtain the diamond wires, whose fabrication
involves metal forming processes such as rotary forging and wire drawing,
copper tubes restacking, and thermal treatments of sintering and
recrystallization. It was idealized the use of Cu 15v% Nb composite wires as
the high tensile strength cable, covered with an external cutting rope made of
bronze 4wt% diamond composite, along the overall wire surface.
Investigations were carried out on the mechanical behavior and on the
microstructural evolution of the Cu 15 vol % Nb wires, which showed ultimate
tensile strength (UTS) of 960 MPa and deformation of approximately 3,0 %.
The cutting external rope of 1.84 mm in diameter showed UTS = 230 MPa.
On the microstructural side aspect it was observed that the diamond crystals
were uniformly distributed throughout the tool bulk in the several processing
steps. Cutting tests were carried out starting with an external diamond rope of
1.93 mm in diameter, which cut a marble sectional area of 1188 cm2, and the
tool degraded to a final diameter of 1.23 mm. For marble the "in situ" wire
showed a probable performance 4 times higher than the diamond saws,
however their probable performance was about 5 to 8 times less than the
conventional diamond wires due to the low abrasion resistance of the bronze
matrix and the low adhesion between the pair bronze-diamond.

Keywords:

Diamond wire, Cu-Nb composite, bronze-diamond composite, wire drawing,
restacking, sintering
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1. Introduction:

Diamond wires are cutting tools for rocks (marble, granite etc.), concrete and
substitutes of saws in general (1-5). They are composed of an AISI 316
stainless steel cable over which are assembled diamond sintered pearls with
10 to 12 mm in diameter spaced 25 mm between each one. In this work we
present an alternative route to manufacture diamond wire called "in situ
technique" derived from the fabrication of superconductor wire by the powder
metallurgy process. The core wires are manufactured with Cu15v-%Nb
powder and the external capping wire is made of bronze 4wt% diamond. The
wires are fabricated by drawing with minor steps of swaging after each
assembly during the composite fabrication. Table 1 gives the comparison of
geometric data of diamond wires fabricated by pearls and "in situ" techniques.
Diamond volume and surface in the "in situ" wire are 20 to 30 times larger
than pearls wire, and cutting section of rocks are decreased by 40%.

Table 1 Comparative geometric data between pearls- and
"in situ"- diamond wire

Data
<|>e (external diameter)
(j>i (internal diameter)

Width
Spacing

Diamond volume/m *
Diamond surface/m +

Relation between "in situ'Vpearls

*Diamond volume/m: TC/4 X ((j)e
2 - §?

+Diamond surface/m: nx§ex width

Pearls
10 mm
7 mm

5 mm(pearls)
25 mm

1000 mm3

785 mm3

Volume
Surface

) x width x nr.
x nr. pearls/m

"In
8 mm
5 mm
1000 mm

situ"
6 mm
3 mm

(length/m)
Continuous

30,630 mm3

25,133 mm3

30
32

pearls/m
i

21,206 mm3

18,850 mm3

21
24

2. MATERIALS AND METHODS:

Cu15v-%Nb core wires Niobium and copper compositions are given in
Table 2. They meet the specification of high purity Nb and OFHC Cu in order
to achieve high rate of area reduction (initial cross section/final cross section
R = 5 x 108). Grain size distribution of bronze powder has 80% of the particles
in the 75/60 jim range. Fig.1 presents the processing route of the Cu-Nb
composite. Area reduction between each pass was S = 10%. Intermediate
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and final copper proportion was determined by etching with 1H2O + 1HNO3

solution (6,7).

Table 2 Chemical composition of niobium and copper (wt%)
Ta Fe W Mo Ag Al Zr Ti C N O Sn

Niobium 0.11 0.005 0.02 0.009 nd - - 0.004 0.02 0.010.012 nd
Copper nd 0.002 nd nd 0.003 nd nd - 0.002 - 0.002 nd
Bronze - 0.008 - - . . . - fj.03 0.01 0.04 10.8

nd not detected; -absent; C (LECO CS-244); N, O (TC-136); other elements
inductively coupled plasma optical emission spectrometry (ICP/OES)

nsertion of Nb
0e=9.5O mm,
Cu 41.2 v-% Nb

bar
0,

0
=

= 6.10
6.20mm

mm
, L

into
=

Cu
50

tube
mm,

2nd etching, insertion, heat treatment, rotary forging

and drawing down to 3.08 mm, Cu 34.5 v-% Nb

Swaging down to 7.93 mm, round drawing down
to 3.57 mm and hexagonal drawing down to
3.08 mm; Cu43.5 v-%Nb monofilaments

4
1st etching with 1H2O:1HNO3; cutting of 19
filaments and 1st insertion into Cu tubes 0e=19.OO
mm, 0 | =16.00 mm, L = 44 mm , rotary forging
down to 0 =14.61 mm

T
1st heat treatment at 850 °C, 1 h, high vacuum;
rotary forging down to 0 = 7.93 mm, round
drawing down to 3.57mm, hexagonal drawing
down to 3.08 mm, Cu38.5 v-%Nb

3rd etching, insertion, heat treatment, rotary forging

and drawing down to 2.90 mm, Cu27.0 v-%Nb

4th etching with 1H2O:1HNO3; cutting of 61 filaments

and 4th insertion into Cu tubes 0 e =33.00 mm, 0 (

27.00 mm; rotary forging down to 0 = 24.76 mm

I
4th heat treatment at 850 °C, 1 h, high vacuum; rotary
forging down to 0 = 7.93 mm, round drawing down to
final diameter, for example, 0fmal = 0.36 mm,
R = 5x 108, Cu15.0v-%Nb

©
Fig. 1 Processing route of Cu-Nb composite by "in situ" technique

Diamond external bronze capping Table 3 gives the typical concentration
versus density of diamond in cutting tools. In the present work we used a
concentration of 50 (2.2 carat/cm3; 0.44 g/cm3; 0.1264 cm3 of diamond/cm3 of
tools) since this is the concentration used for granite rocks. For marble it is
used a concentration of 30. Figure 2 shows the processing flow chart of the
bronze/diamond cap starting with bronze 4 wt% diamond. Table 4 gives an
example of calculation of the mass of diamond and its percentage with
respect to the bronze.
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Table 3 Typical concentration versus density of diamonds in cutting tools

Concentration of
diamond

150
125
100*
75
50
42
30
25

Mass of

Carat
6.6
5.5
4.4
3.3
2.2
1.85
1.32
1.10

diamond/cm3 of tool
volume

Grams
1.32
1.10
0.88
0.66
0.44
0.37
0.26
0.22

Volume of
diamond

(cm3)/tools (cm3)
0.38
0.32
0.25
0.19
0.13
0.11
0.07
0.06

Concentration of 100 refers to 25 % in volume of diamond per cm3 of
tool and has 4.4 carat of diamond / cm3 of tools; 1 carat = 0.2 g. The
fourth column is obtained dividing the third column by the diamond
density (pdiam. = 3.48 g/cm3)

©

Mixture of bronze 4 wt% diamond
Rotary forging from 0 = 11.45 mm down to

0 = 2.54 mm; lamination down to0 = 1.20 mm

i
old isostatic pressing at 200 MPa, rubber matrix,

0 . initial = 12.87 mm, 0Sm, = 8.00 mm

3rd etching, insertion, heat treatment, rotary forging

and drawing down to 2.90 mm, Cu 27.0 v-% Nb

Sintering at 850 °C, 20 min, 2 x 1Q-4 Torr
4th etching with 1H2O:1HNO3; cutting of 61 filaments
and 4th insertion into Cu tubes 0e= 33.00 mm, 0 : =
27.00 mm; rotary forging down to 0 = 24.76 mm

apping of sintered bronze-diamond in electrolytic

copper tube 0 e = 13.70 mm, 0S = 9.20 mm

4th heat treatment, 850 °C, 1 h, high vacuum;
swaging down to 0 = 7.93 mm, round drawing down
to final diameter, e.g.
R=5x108 ,Cu15.0v-%Nb

0 f i = 0.36mm

Fig. 2 Processing flow chart of the bronze / diamond external cap
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Table 4 Calculation of bronze-diamond composition
Volume of the bronze bar before compactation

tsK 4 4

Bronze mass (neglecting the diamond mass for a first approximation)

m BR = VBR x p a p BR = 2 6 c r T | 3 x 2 > 5 5 g / c m 3 = 6 6 3 9

V

Volume of compacted bronze

=
 m

B R = 66.3 g = ?

B R Pcomp.BR 8.80g/cm3

mdiam, = Vdiam. pdiam. = 0.9518 cm3 x 3.48 g/cm3 = 3.31 g
3 31

Percentage of diamond in the bronze : = 0.0475 = 4.75 wt%
a 66.30 + 3.31

Obs.: Correction of mass bronze with the diamond mass results in a
final value of 4.76 wt%

Geometric array of Cu15v-%Nb and bronze/diamond braided wire Two arrays
are possible. Fig. 3a shows a monolithic array with 61 filaments of
Cu15v-%Nb (<|> =1.55 mm, hexagonal shape), corresponding to a diameter of
13.95 mm. These 61 filaments of Cu15v-%Nb are involved by 12 wires of
bronze 4 wt% diamond (4.90 mm in diameter) in the sintering step and heat
treated at 850°C for 20 min condition. The set is inserted in a copper tube
((J>ext. = 30 mm and <j>int. = 25 mm) as shown in Fig. 3b. The monolithic array is
swaged till 30% in area reduction and sintered at 850°C for 1 hour in vacuum
of 10"4 Torr to assure the cohesion of the filaments. In the sequence the set is
drawn and heat treated at 650°C for 20 min achieving an area reduction of
30%. The final drawing diameter is <j) = 6.90 mm; after pickling with 1H2O +
1HNO3 the diameter is reduced to 6.00 mm. The braided array shown in
Fig. 4 is composed of 127 filaments of Cu15v-%Nb (§ - 0.36 mm each
filament forming a core of 4.68 mm in diameter. In the sequence 12 wires of
bronze 4 wt% diamond (<j> = 1.65 mm each filament) are braided around the
core giving a final diameter of 8.00 mm. Braided wires are the substitute of
conventional diamond wire since it is more flexile than the monolithic array.
Steel wires have a resistance of 1800 to 2000 MPa but they are not used in
conventional diamond wire due to oxidation and low flexibility. Normally
stainless steel is used. The Cu15v-%Nb combines a resistance close to the
steel wire and the flexibility of stainless steel.
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Cu 15wt % Nb

c
Copper Tube Bronze 4 wt% diamond bronze 4wt % diamond

( a )

( b )

Fig. 3 Sequential array of monolithic "in situ" wire: (a) bee house-type
arrangement of Cu15v-%Nb filaments (<|)=1.55mm) (b) insertion of
arrangement (a) and bronze 4 wt% diamond bars into the copper tube
(c) final arrangements of monolithic wire (after pickling with 1H2O + 1HNO3)

Bronze 4 wt % diamond

Cu 15 wt % Nb

(a )

Fig. 4 Sequential array of braided "in situ" wire (a) initial braiding of 127
filaments of Cu15v-%Nb (b) final array of braided wire

3. RESULTS AND DISCUSSION:

Cu 15v-% Nb core wire Figs. 5a and b show the microstructure (SEM Zeiss
mod. DSM 962) of the cross and longitudinal sections of the Cu15v-%Nb at
the area reduction of 1.36 x 106for a wire diameter of § = 6.08 mm. There are
no defects between subassemblies. The dimensions of the Nb ellipsoid
ribbons are D = 4.00 \irr\ in width and t = 1.30 |im in thickness (aspect ratio
D/t = 3). Figs. 5c and d show the same data at an area reduction of 1.27 x 107

for a wire diameter of § = 2.00 mm, D = 2.50 u.m, t = 0.80 |am (aspect ratio
D/t = 3). This is not sufficient to have the full effect of dislocation in the
mechanical resistance of the Cu15v-%Nb (8,9) where D/t=30 with t = 5 to
10 nm. One advantage of this material is that the adjustment of the
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mechanical properties (p, E), R and D/t can be made to better suit the
diamond wire. Fig. 6 gives the ultimate tension stress (UTS) as a function of
R after the last heat treatment (4th insertion, R = 8.5 x 104). The UTS value for
pure copper is 500 MPa (R=2250). For Cu10v-%Nb the UTS is 700 MPa
(R = 2250) and for Cu15v-%Nb the UTS value is 960 MPa (R = 4800, Rtotai =
8.5 x 10 4 x 4800 = 4.1 x 108). The elastic modulus for Cu15v-%Nb is
52.5 GPa. Higher deformation will give higher elastic modulus and less
flexibility.

Fig. 5a Cross section of Cu15v-%Nb Fig. 5b Longitudinal section of
composite, R=1 36 x 106 Cu15v-%Nb composite, R=1.36 x 106

Fig. 5c Cross section of Cu15v-%Nb Fig. 5d Longitudinal section of
composite, R=1.27 x 107 Cu15v-%Nb composite, R=1.27 x 107
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Fig. 6 UTS as a function of area reduction R after the last heat treatment

Bronze 4wt% diamond external cap Fig. 7 shows the longitudinal
microstructure of the initial sintered bronze 4 wt% diamond at § = 8.00 mm.
The distribution of diamond is relatively spaced. The samples were cupped in
Bakelite and ground by 80 mesh emery paper. 1H2O + 1HNO3 pickling did not
work because corrosion was not uniform and pitting takes place in the
bronze/diamond interface. Fig. 8 shows the cross section of the external cap
at (j)=5.00 mm (R=2.56). Fig. 9 shows the longitudinal section of the external
cap and Fig.10 shows the cross section of the diamond wire at <j) = 1.84 mm
(R = 18.90). For bronze 4 wt% diamond the rupture load is shown as a
function of the external cap diameter along the various stages of the
processing (Fig. 11). The curve of Fig. 11 does not extrapolate to zero but to
(j) = 1.20 mm, whose diameter is the limit of the contact diamond-to-diamond
shown in Fig. 13. At this diameter the rupture load is 180 N indicating some
adherence between bronze and diamond of the order of 160 MPa
(CT-180N/[7i(|)2 /4]-180N/[(7r/4)(1.20)2x10-6m2 ]-160MPa). In Fig. 12
the UTS remains constant at 230 MPa up to <\> = 1.84 mm, after which it
decreases. The data of Fig. 12 refers to the UTS values for the same
material. This indicates that it is the optimum diameter for this composition
and grain size of the diamonds (350 |im).
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Fig. 7 Longitudinal section of the
composite sintered bronze 4 wt%
diamond

Fig. 8 Cross section of external cap,
<j) = 5.00 mm

-\ .

Fig. 9 Longitudinal section of external
cap, <J> = 5.00 mm

Fig. 10 Cross section of diamond
composite, <j) = 1.84 mm
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Fig. 11 Rupture load as a function of
diamond external cap diameter (mm)
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Fig. 12 Rupture tension (UTS) of
diamond external cap diameter (mm)
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Fig. 13 Examples of fractures of the diamond composite § - 1.20mm

The measurements were made in the annealed condition (650°C for 20 min)
and data are an average over 5 to 7 samples. The average modulus of
elasticity was E = 11.5 GPa. For annealed commercial bronze UTS=260 MPa
and E = 16 GPa (10,11). The presence of diamond up to § 1.84 mm has a
minor influence in UTS but it decreases E (more flexible material) since it is
now distributed as a composite. Conventional diamond wire has a rupture
load between 1200 to 3000 N (UTS=60 to 150 MPa considering § =5.0 mm
for the AISI 316 core). The bronze 4 wt% diamond at § = 1.84 mm has a
rupture load of 611 N (230 MPa) higher than the AISI 316 core. The UTS =
960 MPa for Cu15v-%Nb core is considerable higher than AISI 316 core.

Bronze - Diamond Adherence Figs.14 through Fig.17 show the interface
bronze-diamond in the various stages of the processing (as sintered, <|>=5mm,
(j) = 3.30 mm and (J> = 1.84 mm, respectively). The Cu layer is removed with
1H2O + 1HNO3 in order to expose the diamond. There is no gap (faults)
between bronze and diamond. There is no interdiffusion between them and
the adherence is smaller than UTS = 230 MPa of the bronze 4 wt% diamond.
In the sequence of development it will be used metal coated diamond or Co-
W alloy to improve the adherence.
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m
TV,' Kv

Fig. 14 View of a diamond crystal Fig. 15 Bronze - diamond interface
spiked in the bronze matrix; sample ^ = 5.00mm, longitudinal view
as sintered

Fig.16 Bronze - diamond interface Fig.17 Bronze - diamond interface
<j> = 3.30mm, longitudinal view cj) = 1.84mm, longitudinal view

Fatigue Strength Figure 18 shows the fatigue tension as a function of the
fatigue cycles for bronze 4wt% diamond wire at § = 1.84 mm. Fatigue tests
were carried out according to standard ASTM E466-82 (12). Four samples
were used for each level of loading: 120-50 MPa, 150-50 MPa, 170-50 MPa,
230-50 MPa, and 60 Hz of frequency. Cycle life close to 107 was reached for
a tension of 120 MPa. Working tensions were in the range of 24 to 60 MPa
indicating that fatigue life is not a limiting factor of the "in situ" bronze 4wt%
diamond wire.
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Fig. 18 Fatigue tension as a function of the number of cycles for bronze
4wt% diamond wire, (|)=1,84mm

Preliminary cutting of marble Table 5 presents the data of marble cutting by a
monolithic bronze 4 wt% diamond wire. Figs. 19a, b, c show the micrographs
of the wire before, in the middle and in the end of the cutting trial,
respectively. This was made in a linear saw frame of 0.22 m in length
resulting in 1188 x 10"4 m3/0.22 m = 0.54 m2/m of cut area per meter of wire.
Considering that the braided wires will have 12 bronze 4 wt% diamond wires
we expect a cutting area capacity of 6.5 m2/m. This is 5 (30 m2/m) to 8
(50 m2/m) times less than the pearls-diamond wire. The reason for this poor
performance is the low abrasion resistance of the bronze material shown in
Fig. 19b where abrasion of the loosed diamond powder is clearly seen.
Another comparison can be made with results of De Beers (13) for granite
cutting with a circular saw of (j> = 0.7 mm with a diamond volume of
v = 1.7 x 10"5 m3 and a perimeter of £ = 1.7 mm (v = 10'5 m3/m, effective
diamond DAS 100, 40/50 mesh and concentration 30). The measured cutting
capacity of the circular saw was 0.62 m2 resulting in 0.62/1.7 = 0.35 m2/m.
For marble the cutting capacity is doubled (0.73 m2/m). The cutting capacity
of the monolithic "in situ" linear saw frame (0.54 m2/m for diamond volume of
v = 1.7 x 10"6 m3) is 4.4 times higher than the De Beers results
[(0.54/1.7 x 10"6) -s- (0.73/10"5)]. In the sequence of development it will be used
W, Co, W-Co alloy, Fe, Fe-Co alloy or Nb to improve abrasion. It is
recognized that the critical point is the adhesion between the diamond and
the matrix. Loosed diamond will catastrophically erode the matrix. Metal
coated diamond will improve the cutting area capacity of the "in situ" wire.
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A new characteristic of the "in situ" diamond wire is its possibility to be welded
after rupture. Fig. 19d shows the micrograph of a silver welded part of the "in
situ" monolithic wire (<j)=1.69 mm). Mechanical resistance is maintained (UTS
= 226 MPa) in the welded area and diamond of this region is not lost. This
characteristic is a considerable improvement over the pearl-diamond wire that
is completely lost after rupture.

Table 5 Marble cutting data with the monolithic wire
N
6
10
11
20
22
27
31
31
31
26
34
33
28
18

()), mm
1.93
1.79
1.78
1.73
1.69
1.67
1.67
1.61
1.58
1.50
1.44
1.38
1.31
1.23

a , mm
0.06
0.06
0.06
0.06
0.04
0.05
0.06
0.06
0.06
0.08
0.10
0.11
0.14
0.12

N - Number Of me?"51 ir*»mpnts nf ih Hi irinn

<|> - average diameter

± e , mm
0.02
0.02
0.02
0.01
0.01
0.01
0.01
0.01
0.01
0.01
0.02
0.02
0.03
0.03

cutting e -

a- variance: a -

A , cm2

0
52.5
65

70.5
84
104
110
119

118.5
126
97.5

101.25
84

56.25
error' CT

( N - l J
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— -alt

(C)
Fig. 19 Marble cutting of monolithic "in situ" wire (a) before cutting
operation (j> = 1.93 mm (b) after cutting an area of A = 605 cm2,
§ = 1.61 mm (c) after cutting an area of A=1180 cm2, § = 1.23 mm
(d) silver welded junction of "in situ" monolithic wire

4. CONCLUSION:

A diamond wire was obtained by an alternative route called "in situ"
process by swaging and drawing with maintenance of integrity of the diamond
crystal. By this route it is possible to decrease the diameter of the wire from
10 mm to 6 mm decreasing the section of the rock to be cut by 3 times. The
core wire made of a Cu15v-%Nb composite allows a compromise between
high UTS (960 MPa) and good flexibility (E = 53 GPa). It has the oxidation /
corrosion resistance of the AISI 316 and the mechanical resistance of carbon
steel. The cap cutting wire was made of bronze 4 wt% diamond and the
integrity of the crystal was maintained during swaging and drawing. Abrasion
of the bronze matrix was too high indicating the need of development in two
directions: use of metal coated diamond in order to improve adhesion and
use of another metal matrix such as W-Co, Fe-Co alloys or Nb metal. Cost
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analysis is under study but it is expected to be lower due to smaller cutting
diameter, low cost of drawing process, elimination of pearls and spacing
assembly cost, possibility to be welded in case of rupture and final use of the
scrap as less noble cutting tools (linear saw frame, etc.).
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Fabrication of Ti-Ni-Cu Shape Memory Alloy Powders by Ball

Milling Method

Sang-ho Kang and Tae-hyun Nam

Division of Materials Engineering and RECAPT, Gyeongsang National University, Korea

Summary:

Ti-Ni and Ti-Ni-Cu shape memory alloy powders have been fabricated by ball
milling method, and then alloying behaviour and transformation behaviour
were investigated by means of optical microscopy, electron microscopy, X-ray
diffraction and differential scanning calorimetry. As milled Ti-Ni powders
fabricated with milling time less than 20hrs was a mixture of pure elemental Ti
and Ni, and therefore it was unable to obtain alloy powders because the
combustion reaction between Ti and Ni occurred during heat treatment.
Since those fabricated with milling time more than 20 hrs was a mixture of Ti-
rich and Ni-rich Ti-Ni solid solution, however, it was possible to obtain alloy
powders without the combustion reaction during heat treatment. Clear
exothermic and endothermic peaks appeared in the cooling and heating
curves, respectively in DSC curves of 20hrs and 30hrs milled Ti-Ni powders.
On the other hand, in DSC curves of 1hr, 10hrs, 50hrs and 100hrs, the
thermal peaks were almost discernible. The most optimum ball milling time
for fabricating Ti-Ni alloy powders was 30hrs. Ti-40Ni-10Cu(at%) alloy
powders were fabricated successfully by ball milling conditions with rotating
speed of 100rpm and milling time of 30hrs.

Keywords:
Ti-Ni powders, Ti-Ni-Cu powders, shape memory alloys, ball milling,
combustion reaction, transformation behaviour
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1. Introduction:

Ti-Ni alloys have been known to undergo a thermo-elastic martensitic
transformation and show the shape memory effect. The thermo-elastic
martensitic transformation in Ti-Ni binary alloys were known to be the
B2(Cubic)-R(Rhombohedral) and the B2-B19'(Monoclinic)[1,2]. The
transformation hysteresis and elongation associated with the B2-B19'
transformation are large (more than 50 K and about 7%, respectively), while
those associated with the B2-R transformation are very small (2 K and
0.8%)[3]. From a practical point of view, therefore, it is desirable to develop
new shape memory alloys whose shape memory characteristics fills the gap
between the two transformations.

Ti-Ni-Cu alloys whose Cu-content is more than 10 at% have been known to
transform in two stages, i.e., from the B2(cubic) to the B19(orthorhombic),
and then from the B19 to the B19'(monoclinic)[4]. The transformation
elongation associated with the B2-B19 transformation was known to be about
2.5% and the transformation hysteresis to be about 10 K[5]. Therefore, the
B2-B19 transformation in Ti-Ni-Cu shape memory alloys is very attractive
because its shape memory characteristics can fill a gap between those of the
B2-R and B2-B19' transformations in Ti-Ni alloys. Moreover the shape
memory characteristics associated with the B2-B19 transformation depend on
Cu-content. That is, transformation elongation and hysteresis decreased
from 3.2% to 2.7% and 11 K to 4 K, respectively, with increasing Cu-content
from 10 to 20%[6]. The Ti-Ni-Cu alloys whose Cu-content is more than
10at%, however, were so brittle that the plastic working can not be made.

Many researchers have made applications of powder metallurgy for the
production of Ti-Ni alloys. Green et al. [7] made Ti-Ni alloys by sintering
elemental Ti and Ni powders and showed that it is very difficult to obtain
densification and homogenization simultaneously in sintered alloys. Kato et
al. [8] made Ti-Ni alloys by the hot pressing method using prealloyed powder
made by the plasma rotating electrode process and reported that the alloy
exhibited shape memory effect. However, the application of powder
metallurgy method for the production of the ternary Ti-Ni-Cu shape memory
alloys has not been reported yet.

The present authors have fabricated Ti-Ni-Cu alloy powders by ball milling
with rotating speed of 250 and 350 rpm on the purpose of application of
powder metallurgy method for the production of Ti-Ni-Cu shape memory
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alloys[9,10]. In the alloy powders, however, the martensitic transformation
ranges were very wide, and so they should be decreased for practical
application. In the present study, various ball milling conditions were
examined in order to find an optimum condition for fabricating Ti-Ni-Cu alloy
powders with relatively small transformation temperature range. We started
from Ti-Ni alloy system because transformation behavior of the system is
simpler than that of Ti-Ni-Cu system. After finding an optimum condition in Ti-
Ni alloy system, it was applied for a Ti-Ni-Cu alloy system.

2. Experimental Procedure

Ti-50Ni(at%) alloy powders were fabricated by milling elemental Ti and Ni in a
ball mill in argon gas atmosphere. Stainless steel balls were used as grinding
media and the ball-to-powder ratio was 25:1. The rotating speed was 100
rpm and the rotating time was changed from 10min to 100hrs. The as-milled
powders were heated at 1123 K for 60s-3.6ks in vacuum(10"5torr), and then

quenched into iced water. X-ray diffractions were carried out using CuKa
radiation at room temperature. Shape of powders were investigated by
scanning electron microscope(SEM) observations. In order to investigate
transformation behaviors and temperatures, diffrential scanning
calorimetry(DSC) was carried out with heating and cooling speed of 20 K/min.

The same ball milling condition that determined as an optimum condition in
Ti-Ni alloy powders was applied for fabricating Ti-Ni-Cu alloy powders. After
heat treating at 1123 K for 3.6 ks, the shape, transformation behavior, crystal
structures of the powders were investigated by means of SEM observation,
DSC and X-ray diffraction, respectively.

3. Results and discussions

Figure 1 shows SEM micrographs of elemental Ti and Ni powders. Average
size of Ti and Ni powders are known to be 25 and 2 micrometers, respectively.
Figure 2 shows changes in shape of powders occurred during ball milling.
Shape of elemental Ti and Ni powders with ball milling time less than 1hr
almost does not change, as can be seen in Fig. 2(a) and (b). After 10hrs ball
milling, however, Ti and Ni powders are seen to be deformed, and then to be
agglomerated after 20hrs milling. With increasing milling time further, shape
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of the agglomerated powders becomes to be sphere, as can be seen in Figs.
2(e) and (f).

Fig. 1. SEM micrographs of elemental Ti and Ni powders, (a) Ti powders
and (b) Ni powders.

In order to investigate microstructures of as milled powders, optical
microscopic observations were made, and then results obtained are shown in
Figure 3. In powders milled for 10hrs, elemental Ti(white particles) and
Ni(gray particles)powders are separated, as can be seen in Fig. 3(a). In
powders milled for 20hrs, however, it is found that elemental Ti and Ni
powders develop lamellar structures, as can be seen in Fig. 3(b). The inter-
lamellar spacing in powders is seen to decrease from 20 micrometers to
6micrometers with increasing milling time from 20hrs to 100hrs. Also shape
of the lamellar structures becomes to be spiral with increasing milling time.
From Figs. 1-3, it is thought that cold welding starts to occur at 20hrs ball
milling, and that repeated cold welding and fracture develops fine and spiral
shaped lamellar structures.

Figure 4 shows X-ray diffraction patterns obtained from as milled powders.
Ball milling time is designated in patterns. Diffraction peaks corresponding to
elemental Ti and Ni appear in patterns, irrespective of milling time. Shape
and diffraction angle of the diffraction peaks, however, is found to change
with increasing milling time. As for shape of the diffraction peaks, it does not
almost change with increasing milling time from 10 min to 1hr. In the pattern
of powders milled for more than 20 hrs, the diffraction peaks broaden, and
then width of the diffraction peaks increase with increasing milling time. From



S.H. Kang et al. RM51 379
15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

Fig. 2 and 3, it is thought that the broadening in the diffraction peaks is
ascribed to deformations and refinements in microstructures by ball milling.
As for the diffraction angle, it does not almost change with increasing milling
time from 10 min to 1hr. After 20 hrs milling, however, it starts to shift.

Fig. 2. SEM micrographs of as-milled Ti-Ni powders fabricated by ball milling
method with a rotating speed of 100rpm. (a) 10min, (b) 1hr, (c)10hrs, (d)
20hrs, (e) 50hrs and (f) 100hrs.
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Fig. 3. Optical microfraphs of as-milled Ti-Ni alloy powders fabricated by ball
milling with a rotating speed of 100rpm. (a) 10hrs, (b) 20hrs, (c) 30hrs, (d)
40hrs, (e) 50hrs and (f) 100hrs.
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Fig. 4. X-ray diffraction patterns of as-milled Ti-Ni alloy powders.
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Fig. 5. X-ray diffraction patterns of Ti-Ni alloy powders heat treated at 1123K
for from 60s to 3.6ks after ball milling at a rotating speed of 10Orpm. (a) 60s,
(b) 300s, (c) 600s and (d) 3.6ks.
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Fig. 6. DSC curves of the Ti-Ni alloy powders fabricated by ball milling with a
rotating speed of 10Orprm and heat treated at 1123K for 1 hour, (a) 1 hr, (b)
10hrs, (c) 20hrs, (d) 30hrs, (e) 50hrs and (f) "lOOhrs.

In order to fabricate Ti-Ni alloy powders, as milled powders obtained from ball
milling for 30 hrs were heat treated at 1123 K. Figure 5 shows X-ray
diffraction patterns obtained from powders heat treated at 1123 K for from
60s to 3.6ks. In the diffraction pattern obtained from powders heat treated for
60s and 300s, diffraction peaks corresponding to the B2 and the B19'
martensite of TiNi phase appear. Also those corresponding to elemental Ti
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and Ni appears in the pattern. This suggests that TiNi phase is formed by
diffusion of Ti and Ni and that the diffusional reaction is not completed within
300s. After 600s heat treatment, however, diffraction peaks corresponding to
elemental Ti and Ni do not appear, as can be seen in the pattern of Fig. 5(c).
With increasing heat treatment time from 600s to 3.6ks, intensity of the
diffraction peaks of the B2 and the B19' increases.

Figure 6 shows DSC curves of Ti-Ni alloy powders heat treated at 1123 K for
3.6ks after milled for 1hr, 10hrs, 20hrs, 30hrs, 50hrs and 100hrs. As can be
seen, clear exothermic and endothermic peaks appear in the cooling and
heating curves, respectively in DSC curves of 20hrs and 30hrs milled
powders. On the other hand, in DSC curves of 1hr, 10hrs, 50hrs and 100hrs,
the thermal peaks are almost discernible. From diffraction patterns of Fig. 5,
the exothermic peak is known to be due to the B2-B19' transformation and
the endothermic peak is to be due to the B19'-B2 reverse transformation. It
should be noted here that the thermal peak of 20hrs milled powders is much
broader than that of 30hrs milled powders.

: Ti- c • : Ti- a

10000 100000

Ball Milling Time (sec)

Fig. 7. Changes in lattice parameters of Ti and Ni with ball milling times.
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It was known that high temperature sintering using elemental Ti and Ni
powders involve the combustion sintering process where the constituent
powders react violently to form TiNi phase[7,11]. The combustion sintering
process developed a porous structure not suitable for the shape memory
effect. In the present study, it was unable to fabricate Ti-Ni alloy powders
with as milled powders fabricated with ball milling time less than 10hrs,
because they were melted by the combustion sintering occurred during heat
treatment at 1123 K to form a porous bulk alloy. However, for as milled
powders with milling time more than 20hrs, the melting did not occur during
heat treatment, and therefore it was possible to fabricate Ti-Ni alloy powders.
This means that the combustion sintering does not occur while heat treating
at 1123 K as milled powders with milling time more than 20hrs.

As mentioned previously, the diffraction angle of elemental Ti and Ni starts to
shift after 20hrs milling. This means that lattice parameters of Ti and Ni
changes during ball milling. From Fig. 4, lattice parameters of Ti and Ni were
measured, and then plotted against the milling time in Figure 7. Lattice
parameters were measured only for the powders with milling time less than
40hrs because diffraction peaks of the powders with milling time more than
50 hrs were too broad to be suitable for measuring lattice parameters. As
can be seen in Fig. 7, lattice parameters of Ti almost did not change until 10
hrs milling, and then decrease abruptly with increasing milling time. Atomic
radius of Ni is smaller than Ti. Therefore, it is thought that the decrease in
lattice parameters of Ti is ascribed to a formation of Ti-rich Ti-Ni solid solution.
From Ti-Ni equilibrium phase diagram, it is found that Ni is not solved in Ti.
Therefore, the Ti-rich Ti-Ni solid solution is a metastable phase.

From Fig. 7, it is also found that the lattice parameter of Ni almost did not
change until 10hrs milling, and that it increases with increasing milling time,
although the amount of increase is very small. This increase in the lattice
parameter of Ni is attributed to a formation of Ni-rich Ti-Ni solid solution which
is a stable phase. From Fig. 7, it is concluded that as milled powders
fabricated with milling time less than 20hrs is a mixture of pure elemental Ti
and Ni, while those fabricated with milling time more than 20 hrs is a mixture
of Ti-rich and Ni-rich Ti-Ni solid solution. The melting occurred while heat
treating as milled powders with milling time less than 20hrs is attributed to the
combustion reaction of pure elemental Ti and Ni. The very wide thermal
peaks in Fig. 6(a) and (b) may be due to the combustion reaction which
develops porous and inhomogeneous structure. However, the melting dose
not occur while heat treating as milled powders with milling time more than
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20hrs, because reacting constituents are not pure elemental Ti and Ni, but Ti-
rich and Ni-rich Ti-Ni solid solution.

30[im

Fig. 8. SEM micrograph of as-milled Ti-40Ni-10Cu(at.%) alloy powders
fabricated by ball milling with a rotating speed of 100rpm.
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Fig. 9. DSC curves of Ti-40Ni-10Cu(at.%) alloy powders fabricated by ball
milling with a rotating speed of 100rpm and heat treated at 1123K for 1hr.
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As can be seen in Fig. 6(e) and (f), DSC peaks of powders milled for 50hrs
and 100hrs are too wide to be discernible, although the combustion reaction
did not occur in the powders during heat treatment. This may be ascribed to
large residual strain introduced during ball milling. Similar result has been
reported in mechanically alloyed Ti-Ni and Ti-Ni-Cu alloy powders[9,10].

c : B2
m : B19'
o : B19

20 30 40 50

290
Fig. 10. X-ray diffraction patterns of Ti-40Ni-10Cu(t.%) alloy powders
fabricated by ball milling with a rotating speed of 100rpm and heat treated at
1123Kfor1hr.

From above mentioned results, it is found that there is an optimum milling
time, i.e., 30hrs for fabricating Ti-Ni alloy powders by ball milling method with
relatively small transformation temperature range. The same milling
condition , i.e., 100rpm and 30hrs milling was applied for fabricating Ti-Ni-Cu
alloy powders. Figure 8 shows a SEM micrograph of as milled Ti-40Ni-
10Cu(at%) alloy powders. Average size of the powders is known to be 25
micrometers. Figure 9 shows DSC curves of Ti-Ni-Cu alloy powders heat
treated at 1123 K for 3.6 ks. Two thermal peaks are shown in both cooling
and heating curves. In order to explain the thermal peaks, X-ray diffraction
was made at 298 K, and then the result obtained is shown in Figure 10. As
can be seen, diffraction peaks corresponding to the B2, B19 and B19' phase
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appear. Therefore, in the cooling curve, the thermal peak appeared at higher
temperature is due to the B2-B19 transformation and that appeared at lower
temperature is due to the B19-B19' transformation. In the heating curve, the
thermal peak appeared at lower temperature is due to the B19'-B19 reverse
transformation and that appeared at higher temperature is due to the B19-B2
reverse transformation. This two stages transformation behaviour was
reported in a Ti-40Ni-10Cu alloy fabricated by casting[4].

4. Conclusions

1) As milled Ti-Ni powders fabricated with milling time less than 20hrs was a
mixture of pure elemental Ti and Ni, while those fabricated with milling time
more than 20 hrs was a mixture of Ti-rich and Ni-rich Ti-Ni solid solution.
2) Clear exothermic and endothermic peaks appeared in the cooling and
heating curves, respectively in DSC curves of 20hrs and 30hrs milled Ti-Ni
powders. On the other hand, in DSC curves of 1hr, 10hrs, 50hrs and 100hrs,
the thermal peaks were almost discernible.
3) The most optimum ball milling time for fabricating Ti-Ni alloy powders was
30hrs.
4) Ti-40Ni-10Cu(at%) alloy powders were fabricated successfully by ball
milling conditions with rotating speed of 100rpm and milling time of 30hrs.
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Summary:

Refractory metals have often been limited in their application because of their
propensity to oxidize and to undergo a loss of yield strength at elevated
temperatures. However, recent developments in both processing and alloy
composition have opened the possibility that these materials might be used in
structural applications that were not considered possible in the past. At the
same time, the use of refractory metals in the electronics industry is growing,
particularly with the use of tantalum as a diffusion barrier for copper
metallization. Finally, the application of grain boundary engineering to the
problem of intergranular fracture in these materials may allow processes to
be developed that will produce alloys with a greater resistance to fracture.

Keywords:

chemical-mechanical polishing, Cr-Ta composites, CVD deposition, EBSD,
electronics applications, grain boundary engineering, melt processing, Nb-
silicide composites, sputtering

1. Introduction:

The refractory metals are usually defined to be molybdenum, tungsten,
niobium, and tantalum. They have a body-centered-cubic structure and have
among the highest melting points of all of the elements. They also have high
densities; the lightest, niobium, has a density of 8.58 g/cc that is comparable
to nickel (8.55 g/cc), but tungsten, the heaviest, has a density of 19.2 gr/cc.
Other properties are summarized in Table I.
The most attractive feature of these elements is their high melting points, but
this positive attribute is offset by other less favorable properties, such as their
rapid oxidation rate at temperatures well below the melting temperature and
loss of strength at high temperatures (1). Consequently, in the past these



390 RM52 C.L Briant
1S;" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

metals and their alloys have primarily been used either at room temperature
where oxidation and strength loss is not a problem or in inert environments at
high temperatures where they are protected from environmental interactions
and high strength is not required. Processing has also proved difficult. Most
of these materials are prepared by powder metallurgy instead of melting
techniques, and this fact has limited extensive alloy development.
Furthermore, molybdenum and tungsten tend to be very brittle at room
temperature, and any thermomechanical processing of these materials must
be performed at elevated temperatures (1,2).
In recent years, there have been several new thrusts in which the use of
these materials is critical. In the area of structural materials, alloys have been
developed that have good high temperature strength and oxidation
resistance, thus allowing them to be considered for use in aircraft engine and
land based turbines (3-6). At the same time, refractories are used extensively
in the electronics industry in a variety of applications (1,7). Tungsten has
been used for a number of years as the vias in integrated circuits, and
tantalum films are now used as a diffusion barrier in the preparation of
integrated circuits by copper metallization. At the same time several new
techniques have been developed that can allow a more detailed examination
of the microstructure of refractory metals. Chief among these is electron
energy backscattering diffraction (EBSD) (8). This technique can be used to
determine the texture of materials and to understand how this texture evolves
during processing.

Table I
Properties of Refractory Metals

Element
Structure
Melting
Point (°C)
Elastic
Modulus
(GPa)
Density
(g/cc)
Thermal
Conductivity
(cal/cm/°C/s)

Nb
BCC
2468

110.3

8.58

0.125

Ta
BCC
2996

186.2

16.7

0.130

Mo
BCC
2617

289.6

10.3

0.34

W
BCC
3410

358.5

19.3

0.397
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All of these developments are closely tied with new processes for preparing
these materials. Thus to review new refractory-based alloys, we will organize
this paper by the different ways in which the processing can take place. To
begin, we will consider solidification of refractory-based alloys and, in
particular, the use of directional solidification in preparing these materials.
The next brief section will consider powder processing. The third section will
examine thermomechanical processing and show the power of EBSD to help
design new processes that can produce materials with better properties.
Finally, we will discuss various thin film/electronic applications of refractory
metals.

2. Melt Processing of Refractory Metals:

Because of the high melting point of refractory-based materials and their
reactivity with the environment at high temperature, standard casting
procedures are usually not applicable for these alloys. However, in recent
years directional solidification methods have been used to make refractory
metal intermetallic composites that have the potential to replace nickel-base
superalloys in the hottest sections of aircraft engine turbines (3). These
composites, which are the subject of paper 10-RM5 in this session, are
composed of a Nb-based solid solution, which provides room temperature
toughness, and niobium silicides, such as Nb3Si and Nb5Si3, which provide
high temperature strength. Other alloying elements can be included in these
materials to provide oxidation resistance or to change the type of silicide
present. These composites have been prepared by a variety of methods
including physical vapor deposition (PVD) (9), foil laminates processing (10),
and arc-casting(4). However, one of the most promising techniques is
directional solidification, since it allows great control over the distribution of
the phases in the material and can also be used to prepare large ingots of the
material.
One way in which directional solidification can be achieved is through the
optical image float zone method used by Pope (11). The basic principle of
this method is very similar to zone refining in that a small molten zone is
translated along the rod. As it passes along the rod, it deposits material in
such a way that a directionally solidified material is formed. The heating is
performed with tungsten halogen lamps in a water-cooled chamber as shown
in Figure 1. Although this technique has not been used to prepare Nb-silicide
composites, Pope has prepared directionally solidified ingots of a number of
intermetallic compounds and has performed extensive research on the
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composite system Cr2Nb/Nb (11). A typical microstructure of this system is
shown in Figure 2.
Bewlay et al. (3,12) have demonstrated that the Czochralski technique can
also be used to make directionally solidified structures. The alloy is melted
through induction levitation in a segmented, water-cooled crucible. A seed is
lowered into the liquid and slowly withdrawn, producing the ingot. This
method has been applied to the preparation of niobium-silicide composites
with melting temperatures up to ~2300°C. Figure 3 shows an example of a
microstructure prepared by this method.
The properties of these Nb-silicide composites indicate that with proper
optimization of the alloy composition, both good creep properties and good
oxidation resistance can be maintained. Figure 4 shows the creep rate of Nb-
Si alloys tested in compression at 1200°C under constant load (13). These
materials contained alloying additions of Ti and Hf, both of which improve
oxidation resistance of the Nb-silicide base materials. The results show that
the addition of up to 25 at.% Ti and 8 at.% Hf do not adversely affect the
creep rate. However, if concentrations above these values are used, the
creep rate increases to levels of 10~5 s"1, which would be unacceptable for
aircraft turbine applications.
Figure 5 shows the oxidation resistance of the niobium-silicide materials
(3,4,14). One can observe that through appropriate use of alloying elements,
the oxidation rate can be greatly reduced with respect to more traditional
monolithic Nb-based alloys. It has been found that Hf and Ti should be
increased substantially to provide good oxidation resistance and that addition
of Al is also very beneficial. Creep studies clearly show that if these elements
are increased beyond certain limits the creep rate is too high for the alloy to
be useful (13). However, the potential of these alloys, which would allow an
approximately 200°C increase in the operating temperature of the turbine (3),
mandates that research continue to find optimal alloying combinations.
Land-based turbines do not require the high temperatures of aircraft engine
turbines, and other materials can thus be considered. Significant progress
has been made in recent years in developing Cr-based alloys for these
applications. Although Cr is not usually considered as a refractory metal, the
material being developed at Oak Ridge National Labs and described in detail
in paper 108RM5, uses Ta as the principal alloying element (5,6).
The Cr-Ta system has a eutectic at ~ 10 atomic percent Ta. The two phases
that form at the eutectic are a Cr-rich solid solution and a Cr2Ta Laves phase.
With appropriate processing the Laves phase may either be dispersed in the
solid solution or in a lamellar eutectic structure. In addition other elements
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such as Mo, Ti, Si and La have been added to provide solid solution
strengthening and/or oxidation resistance.
Figure 6 shows the creep behavior of these materials (5,6). This figure
demonstrates clearly the role that microstructure plays in determining the
creep resistance of these materials. The sample with the dispersed Laves
phase showed a much higher creep rate than the material with the cast
lamellar structure. This result on the creep behavior of Cr-Ta alloys
underscores the importance of alloy architecture in determining creep
strength. It would appear that lamellar structures could well be optimal
because of the lay-out of the ductile phase with respect to the strengthening
phase. If the strengthening phase has too low a volume fraction or is in very
coarse particles, one can have a continuous pathway of the ductile phase that
can creep readily and provide a continuous ductile pathway throughout the
material.
We have chosen to focus on the two alloy classes listed above, because they
have the potential to bring new refractory-based alloys into production.
However, melting techniques are also being applied to more traditional alloys
as well. Tantalum is another refractory metal that is usually prepared by
vacuum melting techniques. These have recently been reviewed by Moser
(15) and can be divided into two main processes: vacuum arc remelting and
electron beam drip melting. Electron beam melting is usually the first step in
the process and because of the high temperatures involved it also leads to
purification of the metal. All interstitials will be evaporated during this step;
the primary remaining impurities will be other refractory metals. The ingots
made by electron beam methods are often further refined by vacuum arc
remelting. This technique provides better mixing and can further refine the
material. Multiple melting and solidification are often performed before the
ingot is ready for further processing.

3. Powder Processing of Refractory-Based Alloys:

Powder processing of refractory metals is the more standard method of
preparing large scale pieces of these materials. In general, the material is
pressed into shape and then sintered by passing an electrical current through
the pre-form (16). This sintering process provides sufficient strength to allow
the material to be processed by standard thermomechanical methods.
Some of the most thorough studies of the pressing and sintering processes
have been performed on non-sag tungsten that is used in the incandescent
lighting industry for lamp filaments (16,17). In this case, the sintering also
sets the composition of the material so that it contains the required amount of
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potassium to obtain the non-sag behavior. Today, much of the alloy
development that is being performed on refractory metals uses powder-based
methods. Some of the most recent interesting advances in this area have
been reviewed by Capus (18).

4. Thermomechanical Processing of Refractory-Based Alloys:

The standard methods of thermomechanical processing of refractory metals
have always been rolling, forging, swaging, and wire drawing. The specific
requirements can vary from one metal to another. For example, Ta can be
worked at room temperature because of its great ductility. In contrast, Mo
and especially W must be processed at elevated temperatures to avoid
cracking. Information about various processing methods have been given in
other publications (19-23).
Although details of these processes are undoubtedly important, we wish to
examine in this section a new technique that allows thermomechanical
processing to be followed much more closely and that should aid in the
solution of various processing problems. This technique is referred to as
EBSD and when coupled with various orientation imaging methods allows the
details of microstructural evolution during processing to be followed.
The basic technology has been reviewed in numerous publications and will
only briefly be considered here (8). Basically, one places the sample in the
scanning electron microscope and allows the beam to fall on the sample at a
glancing angle. Kikuchi bands are generated that can be analyzed for
crystallographic information. Since the beam can be focused to a very small
diameter, the crystallographic information can be obtained from a single
grain. If the beam is then rastered across the surface, an orientation map,
such as the one shown in Figure 7, can be produced.
Several studies of this type have been reported for refractory metals. Briant
et al. (23) have followed the evolution of texture in annealed tantalum. In that
study, only crystallographic information was obtained, which was plotted in
the form of inverse pole figures as shown in Figure 8. These results show
that the normal direction to the plate evolved into a <111> texture with
continued deformation and recrystallization. In contrast the deformation in
the rolling direction after recrystallization did not have a strong character.
More recently, Briant and Jepson (24) have used this technique to study
texture evolution in tantalum samples processed for sputtering. Such a
technique allows one to observed texture banding in processed samples. For
example, a comparison of Figures 9a and b show that there is a strong
<111> texture component in the area shown in Figure 9b that is not present in
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Figure 9a, even though both maps were taken from the same sample. Thus
by understanding these changes in texture one can design processes to
control its evolution.
Another important outgrowth of this process has been the development of the
field of grain boundary engineering. It is well known that tungsten and
molybdenum are very prone to intergranular fracture. This fracture always
occurs along high angle grain boundaries; special grain boundaries (i.e. those
with low £ values) and low angle grain boundaries are much less prone to
fracture (25). If one could increase the number of special boundaries relative
to random high angle grain boundaries, one could inhibit intergranular
fracture. The use of EBSD makes determination of this grain boundary
structure straightforward.
Watanabe and Tsurekawa (26) have performed studies this type for
molybdenum polycrystals. They processed samples by two different routes.
One consisted of swaging the material to a diameter of 10 mm at elevated
temperatures. Sheets were then cut from the rod and annealed in vacuum at
1773 or 1873K. The second set of samples was prepared from a single
crystal of Mo that was forged to induce deformation. Sheets were then
removed and annealed as described above. The latter method produced a
much higher number of special boundaries than the first method. When
these samples were tested in four point bending, it was found that the latter
samples showed an approximately 100 MPa increase in fracture stress. The
fracture mode for the samples containing the higher number of special
boundaries was predominantly transgranular whereas the samples processed
by the other method failed intergranularly. The authors further showed that in
order to achieve this improvement in fracture strength approximately 20% of
the boundaries must have this special character.

5. Deposition of Refractory Metals from a Vapor Source:

Today there are a number of uses of refractory metals in the electronics
industry and their criticality to this industry has led to significant research in a
number of areas. One of the main uses of refractory metals in this field is the
tungsten vias in integrated circuits. These are the parts of the circuit that
connect the layers of wiring to one another. The process of making vias
begins with the patterning of the cylindrical holes in the silica that make the
appropriate connections between the layers. It is then necessary to fill these
holes with an electrical conductor. The primary reason why tungsten was
chosen for this application was its ability to be deposited by a chemical vapor
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deposition (CVD) process. In this process tungsten, in the form of WF6, is
passed over the substrate and the following reaction occurs.

WF6 + 3H2 - • W + 6HF

If the proper conditions are set up, the vias will be uniformly filled and
appropriate connections made (27).
Once the CVD operation is complete, it is necessary to remove all the
tungsten that has deposited on the surface that is not contained in the vias.
Some efforts have been made to develop selective deposition, but the most
common approach is to use chemical-mechanical polishing to remove the
excess tungsten. Obviously, for such a process the details of material
removal must be controlled very accurately, and research has shown that
both the pressure on the sample and the pH of the solution are important
variables in this process (28-30). The mechanism for this process is thought
to be a combination of chemical and mechanical effects. When the tungsten
is polished in a slurry, an oxide will rapidly form. Any protrusions will be
knocked off by abrasive particles and bare surface exposed. As the oxide
reforms, corrosion occurs and reduces the roughness of the surface. This
process continues until the required surface planarity is achieved.
One of the major new applications for tantalum in the electronics industry is
its use as a diffusion barrier between electrodeposited copper and silicon. In
the past, aluminum has been used for most wiring in integrated circuits
because it was difficult to process the copper and keep it from diffusing into
the silicon. However, copper is preferred because of its higher electrical
conductivity. The application of a tantalum diffusion barrier, which is produced
by sputtering, can stop the diffusion of copper into the silicon (31, 32).
Therefore the broad application of copper metallization in integrated circuits
may also lead to new developments in the manufacturing of tantalum
sputtering targets.

6. Summary:

This paper has reviewed a number of new materials and new
processing applications for refractory metals. The new alloys being
developed for various structural applications indicate that new markets may
soon become available for these materials. At the same time applications in
the electronics area continue to grow. New techniques are becoming
available that allow the microstructure evolution during processing to be
followed closely.
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Figure 1 - A schematic of the optical imaging float zone furnace used for
directional solidification of refractory based materials. Figure taken from
reference 11.

Figure 2 - Microstructures prepared by the optical imaging float zone
furnace. The microstructure is from a 44Nb-54Cr alloy. The lighter phase
is the Nb solid solution. The micrograph is taken parallel to the growth
direction of the composite. Figure taken from Reference 11.
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Nb3SI

Figure 3: The microstructure of a niobium suicide in-situ composite
prepared by directional solidification. Micrograph courtesy of В.P. Bewlay
of the General Electric Company.
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Figure 4 - Creep rates of five Nb-silicide based in situ composites. The
samples were tested in compression at 1200°C. Note that additions of Ti
and Hf above 25 and 8%, respectively, causes the creep rate to increase
significantly. Data taken from reference 13.
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Figure 5 - A comparison of the oxidation of Nb-based material with the
oxidation of Ni- and Co-based superalloys. Note that the addition of Ti, Hf,
and Al greatly reduces the oxidation rate over that for monolithic Nb alloys
that do not contain these additions. Figure courtesy of Dr. M.R. Jackson of
the General Electric Research and Development Center.
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Figure 6 - Creep results for Cr-Ta alloys. Note that the as-case material
with a lamellar structure showed very little elongation during the test run at
1000°C and 138 MPa in humid air. The composition of the alloy was Cr-
8Ta-5Mo-0.5Ti-0.01Ce. Figure courtesy of Dr. Michael Brady of Oak
Ridge National Labs.
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Figure 7 - An orientation map of a sample of tantalum. The grains colored
red all had <110> directions within 20° of the direction parallel to the long
dimension of the figure.

<ooi>

Figure 8 - Inverse pole figures for rolled and recrystallized tantalum, (a.)
The inverse pole figure for a sample rolled to 2.8 mm and recrystallized.
(b.) The inverse pole figure for a sample rolled to 0.13 mm and
recrystallized. In both cases the direction of the inverse pole figure was
that perpendicular to the rolling surface. Note that with continued
deformation and recrystallization, the texture becomes strongly <110>.
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Figure 9 - A comparison of orientation maps showing banding in the
texture. In these figures, which were taken from different regions of the
same sample, the grains colored blue have <001> orientations with 20° of
the long dimension of the figure and those colored yellow have <111>
orientations within 20° of this dimension. Note that in the upper figure
<001> predominates and in the lower both the <111> and <001> are
present.
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Recent Advances In Nb-Silicide In-Situ Composites

В.P. Bewlay"1", CL. Brianf, M.R. Jackson"1", and P.R. Subramanian"1"

General Electric Company, Corporate Research and Development Center,
Schenectady, New York 12301, USA+

Division of Engineering, Brown University, Providence, RI 02912, USA*

Summary

In-situ composites based on Nb suicides have great potential for future high-
temperature applications. These Nb-silicide composites combine a ductile
Nb-based matrix with high-strength suicides. With the appropriate
combination of alloying elements, such as Ti, Hf, Cr, AI, it is possible to
achieve a promising balance of fracture toughness, high-temperature creep
performance, and oxidation resistance. This paper will describe the effect of
volume fraction of suicide on microstructure, high-temperature creep
performance, and oxidation resistance. The ratio of Nb:(Hf+Ti) is critical in
determining both creep rate and oxidation performance. If this ratio goes
below ~1.5, the creep rate increases substantially. In more complex silicide-
based systems, other intermetallics, such as Laves phases and a boron-rich
T-2 phase, are added for oxidation resistance. To understand the role of
each phase on the creep resistance and oxidation performance of these
composites, we determined the creep and oxidation behavior of the individual
phases and composites at temperatures up to 1200°C. These data allow
quantification of the load-bearing capability of the individual phases in the
Nb-silicide based in-situ composites.

Keywords

Niobium, suicide, composite high-temperature, creep, oxidation resistance,
Laves phase
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1. Introduction:

Nb-silicide based in-situ composites are potential candidates for very high
temperature structural applications (>1150°C), including advanced turbine
applications [1-6]. These composites consist of Nb5Si3 and Nb3Si type
silicides toughened with a Nb solid solution (abbreviated by (Nb) in the
present paper). More recent Nb-silicide based in-situ composites are highly
alloyed with elements such as Cr, Ti, Hf, B and Al [2-6]. Previous work has
shown that these materials exhibit a good combination of room temperature
fracture toughness and high temperature strength [1-6]. However, their high-
temperature creep performance has been found to be highly dependent on
the alloy composition and constituent phases. With the appropriate
combination of alloying elements it is possible to achieve the required
balance of room temperature toughness and high-temperature creep
resistance. Alloying elements such as Cr and B have beneficial effects on
oxidation resistance, stabilizing Laves phases, and T2 niobium borosilicide
phases, respectively.

Advances in high-temperature materials have had a major impact on the
efficiency of gas turbine engines, so that currently superalloys provide a
maximum surface temperature capability of ~1150°C. A Nb-based composite
system, with a melting temperature of 1800°C or more, may allow a
substantial increase in surface temperature. In the past decade, the potential
of new alloys strengthened with intermetallic compounds with low densities,
high elastic moduli, and high melting ranges [3,6] has been explored.
Intermetallic-based composite materials, such as Nb or Mo silicides, have
been combined with metallic second phases in order to generate composites
with a combination of attractive high-temperature properties and acceptable
low-temperature properties. Nb-silicide based in-situ composites with Nb3Si
and/or Nb5Si3 silicides have been shown to have great potential because of
their attractive balance of high- and low-temperature mechanical properties
[2,4]. These materials have the potential to surpass the performance of Ni-
based superalloys.

The basis for phase stability in Nb : niobium-silicide composites is the Nb-rich
side of the Nb-Si phase diagram where there is a eutectic between Nb3Si and
(Nb) [7,8]. (Nb)-Nb3Si and (Nb)-Nb5Si3 composites have been prepared from
binary Nb-Si alloys [1,3] with compositions from 10 to 25 Si (all compositions
are given in atom per cent throughout the present paper). The microstructure
of the composites from binary hypoeutectic alloys consists of (Nb) dendrites
with an interdendritic Nb3Si-(Nb) eutectic. In these composites extrinsic
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toughening is provided by the (Nb); there is no intrinsic ductility in the silicide.
The Nb5Si3 and Nb3Si have the tl32 and tP32 ordered tetragonal structures
with 32 atoms per unit cell. The unit cells also possess large lattice
parameters; the large Burgers vectors and complex dislocation cores
associated with these structures would suggest that dislocation creep makes
only a small contribution to creep deformation in these silicides. When
Nb5Si3 is alloyed with Ti and Hf, the less complex hP16 structure can also be
stabilized [8-10]. Nb3Si and tetragonal Nb5Si3 are beneficial to creep
behavior, provided their volume fraction and distribution within the composite
are controlled [10].

The present study was performed to determine the creep rates of Nb-silicide
based composites, and the monolithic intermetallic phases in complex
systems. This study was designed to develop both the constitutive creep laws
for these phases and a predictive modeling capability for more complex two-
phase and multi-phase systems [11]. The aim of the present paper is to
describe high-temperature creep behavior of the monolithic intermetallic
phases and the resulting Nb-silicide in-situ composites that were produced by
directional solidification. Oxidation behavior is also discussed.

2. Experimental:

Nb-silicide based in-situ composites were directionally solidified from
quaternary alloys with compositions of Nb-8Hf-25Ti-XSi, where X was
adjusted from 12 to 22%. The starting charges were prepared from high
purity elements (>99.99%). The directional solidification procedure has been
described in more detail previously [1]. Monolithic intermetallic creep
samples were prepared using multiple arc melting. Monolithic Nb alloys were
also prepared with compositions of Nb-1Si, Nb-46Ti-1Si (denoted as Nb-3 in
the present paper), and Nb-27Ti-5Hf-2AI-2Cr-0.9Si (denoted as Nb-C), in
order to determine the creep performance of the Nb solid solution in the in-
situ composites. The samples were examined using scanning electron
microscopy and Electron Back-Scatter Diffraction in the SEM (EBSD).

Table I shows the compositions of the monolithic intermetallic phases that
were investigated. The compositions of these phases were selected using
electron microprobe analyses (EMPA) of the respective phases in multi-
phase composites [8,9]. Monolithic intermetallics that were generated from
ternary alloys were given the post-script 3, for example, the Nb5Si3 modified
with 10% Ti was labeled silicide-3. The monolithic intermetallics that were
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prepared from quaternary and higher-order alloys were given the post-script
C, such as silicide-C.

Compression creep tests were conducted at temperatures of 1100 and
1200°C, and at stress levels of up to 280 MPa in a vacuum of -5x10-5 TOrr.
The cylindrical specimens that were used were 7.6 mm in diameter and up to
30 mm in length. The samples were machined by EDM to final dimensions.
In each test the sample was placed between two silicon nitride platens to
prevent breakage of the large graphite rams.

Nb foil was placed at the interface between the platens and the sample to
prevent any contamination of the sample or reaction with the platens.
Incremental loading and interruption of the creep tests at 24-hour intervals
were employed to determine the creep rate at multiple stress levels.

Table I: Compositions (in atom per cent) of the monolithic phases that were
investigated. The phases labeled 'silicide' are both based on the
Nb5Si3.

PHASE
Laves-C
Laves-3

Silicide-C
Silicide-3

T2-C
T2-3

hP16-3
hP16-C

(Nb)3Si-C
(Nb)-C
Nb-1Si

Nb-46Ti-1Si

Nb
21.0
30.0
38.5
53.0
41.5
62.5
20

25.5
49.0
63.1
99
53

Ti
11.0

16.0
10.0
13.0

44
25.5
18.2
27

46

Hf
5.5

6.0

3.0

13
7.8
5

Si
8.5
15.0
37.0
37.0
12.5
12.5
36.0
36.0
25.0
0.9
1
1

Cr
53.0
55.0
1.0

4.0

2

A!
1.0

1.0

0.5

2

B

0.5

25.5
25.0

Isothermal oxidation tests were performed at 1200 and 1315°C, in a static air
MoSi2-resistance heated furnace. Periodic removal from the furnace (at 1, 2,
4, 25, 50, and 100 hours, or until the test was terminated (due to visual
observation of gross material loss), was performed to determine weight
change per unit area. The samples were machined by first electro-discharge
machining and then centerless grinding to final dimensions, so that the
longitudinal axis was parallel to the growth direction, the sample being
nominally 2.5 mm in diameter and 25 mm in length. Metallography was
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performed at the termination of the test to determine the approximate
material loss after 100 hours of exposure.

3. Results and Discussion:

Composite Microstructures

Figure 1 shows the typical microstructure of the composites based on Nb-
8Hf-25Ti-XSi alloys with Si concentrations of 20% and less. The
microstructure consisted of (Nb)3Si tP32 phase (the grey phase) with (Nb)
dendrites (the light phase). The dendrites appear to have grown
cooperatively to generate an interpenetrating structure. Both the (Nb)3Si and
the (Nb) possess substantial amounts of Hf and Ti in solid solution [8,9].
There was some Ti segregation in the (Nb) which led to varying back scatter
electron (BSE) contrast at the interface between the (Nb) and the (Nb)3Si.

Figure 1. Scanning electron micrograph (BSE image) of the typical
microstructure of the transverse section of a DS composite
generated from a quaternary Nb-25Ti-8Hf-16Si alloy. The (Nb) is
the light phase and the (Nb)3Si is the grey faceted phase.

Figure 2 shows the typical microstructure of the composites with Si
concentrations greater than 20% and less than 25%Si. In addition to the
(Nb)3Si and (Nb) phases observed in the composites from lower Si
concentrations, the Nb5Si3 tl32 phase was also observed as the primary
solidification phase. The (Nb)5Si3was the large-scale, dark, faceted phase.
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Creep of Composites

Figure 3 shows the creep rate as a function of Si concentration for the Nb-
25Ti-8Hf-XSi composites, where X was adjusted from 12 to 22 atomic
percent. Data are shown at 1200°C for stresses of 140 to 280 MPa.
Quantitative microscopy indicated that as the Si concentration was increased
from 12% to 18%, the volume fraction of (Nb)3Si increased from 0.25 to
0.62. There is a broad range of compositions for which the creep rate is less
than 3x10"8s"1, which is an important design goal for high-temperature
applications [4].

There are two important features of these creep data. First, the creep rate
possessed a minimum value between 18 and 20 %Si. The compositional
width of the creep rate minimum decreased with increasing stress. Second,
at higher Si concentrations (>20%) the creep rate increased. Microstructural
analysis of samples after creep testing indicated that at low Si
concentrations, deformation was controlled by creep of the (Nb), but at high
Si levels, creep deformation was controlled by cracking of the silicide.

Figure 2.

Nb3Si Nb6Si3 ( N b )

Scanning electron micrograph (BSE image) of the typical
microstructure of a transverse section of a DS composite from a
quaternary Nb-25Ti-8Hf-22Si alloy. The (Nb) is the light phase,
the (Nb)3Si is the grey phase, and the (Nb)5Si3 the dark phase.
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Figure 3. Effect of Si concentration (volume fraction of metal and silicide)
on the secondary creep rate of Nb-Si based composites for
stresses of 140-280 MPa at 1200°C. At low Si concentrations,
deformation is controlled by creep of the (Nb) and at high Si
concentrations, composite deformation is controlled by cracking
of the silicide.

Creep Behavior of the Monolithic Phases

The creep data for the monolithic intermetallics are shown in Figure 4.
Figure 4 also shows data for the binary monolithic Nb5Si3, and the Nb5Si3-Nb
composite prepared from the binary Nb-10Si alloy [11]. The binary Nb5Si3
possessed the lowest creep rates and the Nb3Si-C displayed the highest
creep rates of the tetragonal phases investigated. The hP16 phases had
creep rates similar to the T2-C phase at stresses up to 140 MPa. However,
on increasing the stress above 140MPa the creep rate of the hP16-C
increased rapidly to a level of 3x10"5s"1at 210 MPa, as shown in Figure 4.
This behavior suggests a change in creep mechanism with increasing stress.
The hP16 phases have the worst performance, and at high stresses these
creep rates are beyond the scale of Figure 4.
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Figure 4. Secondary creep rates at 1200°C for the monolithic silicides,
Laves phases, hP16 and T2 phases that were investigated.

The silicide-3 and silicide-C had creep rates that were also higher than those
of the binary Nb5Si3. The ternary Nb5Si3 with Ti had a lower creep rate than
the Nb5Si3-C. The T2-C creep curve was higher than those of the Nb5Si3
type silicides, although it is lower than that of the Nb3Si-C. The creep rate of
the T2-3 was ~1x10"8s"1, but there was little sensitivity of the creep rate to
stress. The T2-3 also had a lower creep rate than the T2-C; the addition of
Ti, Hf, Cr and Al led to an increase in the creep rate of the T2. The Laves-3
possessed creep rates similar to those of the silicide-3.

The creep rates of the Nb-1Si, Nb-46Ti-1Si, and Nb-C at 1100°C and 1200°C
are shown as a function of stress in Figure 5. These compositions cover the
compositions of the Nb-based solid solutions in the composites that have
been generated previously from ternary, quaternary, and higher-order alloys.
The data at 1200°C indicate that the creep rate of the (Nb) is greater than
10"V1 even at stresses as low as 70 MPa. The creep rates of these
monolithic Nb alloys are similar to those of the composites from the low Si
(less than 14%) quaternary alloys shown in Figure 3. These results also show
that the creep rate of the Nb-Si solid solution is very sensitive to Ti additions.
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Figure 5. Secondary creep rates as a function of stress at 1100°C and
1200°C for binary Nb-Si, ternary Nb-Ti-Si, and complex Nb-based
monolithic solid solutions. Note the stress range is 10 times lower
than in Figures 3 and 4. The effect of alloying additions on creep
rate is shown.

The stress sensitivity of the creep rate was determined by relating the creep
rate (e) and stress (D) using a power law equation of the form, e= Bi7ln;
where n is the stress exponent and B is a constant at any specific
temperature. The grain size of all the monolithic phases was large and of
approximately the same order of magnitude (-100 Dm). In the present study
no attempt was made to incorporate any dependence of the creep rate on
grain size.

The stress exponents are shown in Table II. In the case of the Nb5Si3 the
stress exponent was almost one and the mechanism for creep deformation
was reported to be Nabarro-Herring creep, the creep deformation being
limited by Nb diffusion [12]. In the cast and heat treated conditions, the
dislocation densities in the monolithic intermetallic phases investigated were
very low, and Harper-Dom creep probably did not make a significant
contribution to creep. Therefore, the potential creep mechanisms are
Nabarro-Herring, grain boundary sliding, or power law creep for the cases
where the exponents are close to unity. Examination of the creep exponents
in Table II indicates that the creep deformation of the monolithic phases is
controlled by a range of mechanisms. For example, the T2-C, Laves-3, and
silicide-C constitute the first group that have exponents close to unity, as is
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the case for binary Nb5Si3. Creep deformation of these phases is probably
also controlled by Nabarro-Herring type creep, but the diffusing species that
control deformation are still being investigated. The Nb3Si-C and (Nb) alloys
represent a second group that have higher stress exponents (>3). The
monolithic (Nb) alloys have exponents of ~3, and in these systems
deformation is probably controlled by dislocation creep. These exponents
are similar to those reported previously for Nb-1.25Si [11]. This high stress
exponent suggests that creep deformation is controlled by dislocation glide,
as is the case for pure metals, despite the fact that the dislocation structures
in Nb3Si-C are complicated.

Table II: Stress, temperature, and power law constants describing secondary
creep of the monolithic phases that were investigated.

Phase

Nb5Si3

Nb-10Si

Silicide-C

Nb3Si-C

Laves-3

T2-C

(Nb)-3

(Nb)

(Nb)-3

(Nb)

Stress Range
(MPa)

100-280

70-140

70-140

70-140

70-140

70-140

3-80

3-80

3-20

3-30

Temperature
(°C)

1200

1200

1200

1200

1200

1200

1100

1100

1200

1200

Constant,
B

6.16x10"11

6.57x10"12

3.84x10"11

1.07x10"14

1.11x10"9

2.15x10~9

1.9x10"10

4.7x10"14

4.5x10'9

5.4x10"16

Exponent
n

1.0

1.9

1.5

3.6

1

0.9

3.3

2.9

3.1

5.5

Composite Creep Modeling

In order to develop an improved understanding of the response of the
composite to increasing silicide volume fraction and increasing stress, the
creep of the composite was simulated using the equation shown below [11],

where CJA is the applied stress, n is the stress exponent for the silicide (1.0),
and m is the stress exponent for the Nb (2.9). Vs and Vw are the volume
fractions of the silicide and Nb, respectively. Bs and Bw are the pre-exponents
in the power law creep expressions for the silicide and Nb, respectively.
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The constitutive creep equations for the monolithic solid solutions were
employed; using the data for the (Nb) and silicide solid solutions shown in
Table II. The above equation can predict the increase in the creep rate with
increasing stress for a given Si concentration in the hypoeutectic regime.
However, the model does not incorporate any damage mechanisms in either
the (Nb) or the silicide.
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Figure 6. Comparison of the measured and the calculated composite creep
rates for the range of (Nb) and silicide solid solutions investigated.

Figure 6 shows the effect of the both type of silicide and type of (Nb) on the
predicted creep rates. The results show that increasing the alloying content
of the (Nb) (Nb-3 vs. Nb-1Si) causes an increase in the predicted creep rate.
Of the three silicides considered, the binary Nb5Si3 produces the composite
with the lowest creep rate and the Nb3Si produces the composite with the
highest creep rate. In general the predicted creep rates are higher than
those measured experimentally.
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Figure 6 also shows the effect of silicide volume fraction on creep rate at a
stress of 210 MPa. In Figure 6 the measured creep rates are given along
with predicted creep rates for various combinations of (Nb) and silicide solid
solutions. The measured creep rates decrease between 12 and 18%Si
(-0.25 to -0.7 silicide volume fraction). The calculated creep rates also
decrease with increasing Si concentration from 12 to 18 %Si, but the rate at
which the predicted creep rates decrease is slower than the rate at which the
measured creep rates decrease. There are several possible reasons for this
difference. First, in addition to the increase in the volume fraction of silicide,
there is probably a change in the continuous matrix phase from (Nb) to
silicide at some point between 12 and 18%Si. Second, interface diffusion
may play a bigger role in the composites, whereas in the monolithic solid
solutions creep was limited by bulk diffusion.

Oxidation Behavior

The composites from binary Nb-Si alloys have very poor oxidation resistance,
as shown in Figure 7. However, the oxidation resistance at 1200 and 1300°C
of silicide based composites is substantially improved by additions such as
Ti, Al, and Cr [2,4,6,13], as shown in Figure 7. External and internal oxidation
are the two principal concerns with Nb-silicide based in-situ composites. With
regard to internal oxidation, additions of Hf can reduce oxygen solubility and
diffusivity and thereby slow embrittlement at elevated temperatures [5,6,13].

The DS MASC shows oxidation rates intermediate between the high rates of
an older Ni-based superalloy, for example IN 738, and the lower oxidation
rates of third-generation single crystal superalloys. The dashed lines in
Figure 6 indicate the oxidation rate goals, for a temperature of 1316°C. This
goal is derived from the current superalloy capability at lower temperatures.
The oxidation data for the MASC at 1200°C show a substantial improvement
over the oxidation behavior of binary (Nb)-Nb5Si3 composites.

The addition of Cr-rich Laves phases can further improve the oxidation
resistance. The oxidation resistance at 1204°C and 1316°C of a Nb-18Ti-7Hf-
20Cr-2AI-18Si alloy is compared to that of MASC in Figure 8. There is a
substantial improvement in oxidation resistance for the Cr-rich alloy, with
-33% Laves phase (by volume), -25% (Nb), and -42% M5Si3 silicides.
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Figure 7. Comparison of the oxidation rates of silicide-based composites
with those of Ni-based superalloys and monolithic Nb alloys. The
metal and silicide composite (labeled MASC) shows improved
oxidation behavior at temperatures greater than 1200°C.

The relationship between alloy composition and oxidation resistance of Nb-
silicide based composites has been reported previously [13]. The results
were characterized by regression analyses for major element effects (Nb, Ti,
Hf, Cr, Si, and Al), and by direct comparison for other addition elements (B,
Ge, Ta, Zr, Mo, W, and V). The oxidation rate at 1204°C (2200°F) and
1315°C (2400°F), as measured by weight loss per unit area, was related to
major element concentrations by the following equations:

Gwt/area = C1204C - A1204C (1.0Si+0.7Cr+0.5Ti+0.3AI+0.01Hf), at 1204°C

Gwt/area = C1316C- A1316C (1.0Si+0.7Cr+0.4Ti+0.8AI-0.5Hf), at 1316°C

Where C and A are temperature dependent constants. At 1204°C, C was
473 and A was 11.5. At 1317°C, C was 1741 and A was 39.1. These
equations show Si to be most beneficial in reducing the oxidation rate.
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Alloying additions of Cr and Ti are also beneficial. Al plays an increasingly
important role at higher oxidation test temperatures.
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Figure 8. Comparison of oxidation behavior of Nb-18Ti-7Hf-20Cr-2AI-18Si
with that of the MASC at 1204°C and 1316°C. Data are shown
for 4 samples of MASC and 9 of the modified alloy of (Nb-18Ti-
7Hf-20Cr-2AI-18Si) at 1204°C. Data are shown for 2 samples of
baseline composition and 4 of the Laves phase modified alloy at
1316°C, (b). The higher Cr concentration in the alloy leads to
stabilization of a Laves phase and improved oxidation resistance.

Studies of the effects of other alloying additions indicated that B offers a
benefit to the oxidation performance of the composite when alloyed at levels
greater than 3%; Ta and Zr are elements that can improve strength with the
least damage to oxidation (up to concentrations of 6%). V, Mo and W can
improve strength, but they severely degrade oxidation behavior. In some
alloys, partial replacement of Si with Ge has been shown by to improve the
oxidation resistance [6].
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4. Conclusions:

This paper has described the creep behavior and oxidation performance of
Nb-silicide based in-situ composites. The creep behavior of composites from
model quaternary alloys and monolithic phases has been described. The
creep rates of the composites from the quaternary Nb-Hf-Ti-Si alloys
decreased with increasing Si concentration from 12 to 18%, and increasing
silicide volume fraction from 0.25 to 0.62. At higher Si concentrations, the
creep rate increased as a result of crack linking and damage accumulation in
the silicides. The quaternary alloy composite creep rate increased with
increasing stress, but at each stress level there was a minimum in the creep
rateat~18Si.

Of the intermetallics investigated, the Nb5Si3 type silicides had the lowest
creep rates. The hP16 silicide phases have higher secondary creep rates
than any of the tetragonal silicides, or the T2 phases, at stresses greater than
140 MPa. Analysis of the creep exponents suggests that deformation of the
complex Nb5Si3 type silicide is probably controlled by Nabarro-Herring type
creep, as is the binary Nb5Si3 silicide. In contrast, creep of the Nb3Si silicide
appears to be controlled by a dislocation controlled mechanism. The (Nb)
solid solutions have creep rates that are more than an order of magnitude
higher than either the intermetallics or the composites that were investigated.

Modeling results and experimental data from the monolithic silicides and Nb
solid solutions indicate that at low Si concentrations the creep deformation is
dominated by the (Nb), but as the Si concentration is increased, and the
silicide volume fraction is increased, the composite creep performance is
controlled by the silicide. However, the model underestimates the effect of
increasing volume fraction of the silicide on the creep rate.
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Eutectics Me5Si3-MeSi2 in a Triple System Mo-W-Si
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Summary:

Refractory metals suicides high-melting point eutectics are of great interest for
different high temperature applications: production of composite materials with
silicon carbide skeleton, antioxidant protective coatings on carbon materials,
brazing of carbon, silicon carbide and refractory metals alloys materials. Phase
diagrams Mo-Si and W-Si are compared: diagrams are similar but not in all
significant details. Number of possible crystal structures for molybdenum
suicides is at least twice more, than for tungsten and this difference is
manifested distinctly for composite samples with different W-Mo ratio after
high-temperature tests. In tests of new silicon carbide-refractory metal suicides
composites materials (REFSIC) with 10-20 seconds heating time up to 1700°C
and 20-40 seconds time of cooling suicides with molybdenum prevalence were
not so steady as tungsten based suicides. Experimental data concerning
eutectic temperature dependence on W-Mo ratio, X-ray diffraction data,
scanning electron and optical microscopy structure investigations results and
some properties are discussed.

Keywords:
Eutectics, refractory metals suicides, composites, directional solidification,
brazing, silicon carbide, X-ray texture and phase analysis

1. Introduction:

Development of a new structural materials for high temperature applications
remain one of the most important task for material science during many
decades. Intentions to increase an efficiency of engines working due to the
energy of burning fuel and to propose materials for various heating devices
working in an air atmosphere conditions and many other purposes force to
continue difficult and expensive investigations. Refractory metals suicides had
involved attention due to their high antioxidant properties above 1000°C
already about 100 years ago. One of the most practically important
applications is connected with their use as high-temperature electric heaters
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[1-5]. Last decade silicides cause large interest for application as materials for
high-temperature antioxidant structural composite matrix materials, including
aerospace engineering. Silicon carbide is considered to be the most suitable
strengthening phase for such materials.

Successful experience of working with silicon carbide - refractory metal silicide
materials also has long history [6-8]. Such materials had demonstrated high
antioxidant properties and good high-temperature strength up to 1550-1800°C
with appreciable stability in thermal shock conditions. Modern time
investigators hope to invent new materials [9-11] with high antioxidant
properties and high-temperature strength. Among many other well known
refractory metal silicides molybdenum disilicide MoSi2 is often considered as
the main candidate for such purpose. But it is necessary to note that at
temperatures above 1600°C Mo5Si3 can better resist to gaseous corrosion of
oxygen than MoSi2 [12,13] and that tungsten silicides are not worse [12] in this
respect than molybdenum ones in analogous temperature conditions.
Therefore attempts of application in high temperature materials of Mo5Si3 as
well as tungsten silicides seems to be pertinent. Actually eutectic E(Mo5Si3 -
MoSi2) for a long time is used in antioxidant coatings on refractory metals and
alloys and in materials for high-temperature electric heaters. Application of
E(Mo5Si3 - MoSi2) for refractory metals brazing is already known [14] also.

Eutectic structures obtained with a help of directional solidification for system
Mo5Si3-MoSi2 were shown to be essentially modified due to Eu alloying: grain
sizes were diminished significantly [15]. Eutectic E(Mo5Si3 - MoSi2) was used
for wetting and impregnation of silicon carbide ingots [16] and some materials
with encouraging properties were obtained. Eutectics E(Mo5Si3-MoSi2) and
E(W5Si3-WSi2) seems to be even more perspective, [17].

This short report represents the trial to discuss some experimental results
concerning quasi binary system E(Mo5Si3 - MoSi2) —E(W5Si3 - WSi2), in which
the relative atomic concentration of Mo and W varies within the limits of 0 —
100 %. Information about proposed family of composite materials REFSIC,
[17], produced with the help of such eutectics is discussed also.

2. Materials and experimental procedure

Samples were obtained in a special device for directed solidification of
silicides in an atmosphere of cleaned Ar at 1900-2050°C Melted metals
possessed purity of commercial Mo and W powders for traditional
applications, used silicon was of semi-conductor technology purity.
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Phase structure investigations and microstructure estimations of the resulting
materials had been carried out on samples, prepared with the help of
consecutive grinding and polishing by diamond powders and pastes.

X-ray diffractometer DRON-3 with MoKa, radiation incident-beam graphite
monochromator, step-scan mode with a step size of 0.05° and a counting time
20 s in every point in an interval of double Braggs angle 10-28°, it corresponds
to 1.58-4.07 angstrom interval was used. Microstructure was investigated in
optical microscope "Neophot-32" (most distinct contrast was shown to be in
polarised light) and in scanning electron microscopes DSM-960 and JSM-25S
(best contrast in backscattered electrons)

Melting temperatures were measured with a help of spectral pyrometer. Error
in melting temperature determination was proved on samples with well defined
melting temperature and was find not to exceed 10-15° C.

3. Comparison of binary phase diagrams with silicides eutectics
E(Mo5Si3- MoSi2) and E(W5Si3- WSi2)

Diagrams for binary systems Mo-Si and W -Si (Fig. 1) looks out quite alike but
there are some significant for us distinctions between them:
1) Atomic concentrations of silicon in eutectic point are appreciably different:
In a case of Mo- Si binary system — 54 at. %

In a case of W- Si binary system — 59.5 at. %
2) Volumes fractions of Me5Si3 and MeSi2 phases at room temperature differs
appreciably, much more than atomic contents of silicon differs for eutectic
point. It is easy to estimate these volume fractions using densities from
JCPDS cards (cards numbers - in brackets, point group, cell parameters and
syngony a shown also).
• Mo5Si3 (34-371) tetragonal; a=9.6483;c=4.9135; 8.19 g/cm3

• MoSi2 (41-0612) tetragonal; a=3.2047(2); c=7.8449(8); 6.28 g/cm3

• W5Si3 (16-261) tetragonal; a=9.601; c=4.972;14.54 g/cm3

• WSi2 (11-195) tetragonal; a=3.211; c=7.829; 9.88 g/cm3

Tetragonal silicides of tungsten and molybdenum are isomorphous with cell
dimensions very close to each other.
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Fig1. Binary phase diagrams for Mo-Si and W -Si systems (a, b respectively
at. %, [18]).

The weight contents of silicon in Mo5Si3, eutectic point_E(Mo5Si3- MoSi2) and
MoSi2 are, [18], 16, 26 and 37 w. % respectively. So there are 52.4 w. % of
Mo5Si3 and 47.6 w. % MoSi2 for eutectic point. Volume fractions are 45.5 v.%
for MosSia and 54.5 v.% for MoSJ9.
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Similarly, the weight contents of silicon in W5Si3, eutectic point and WSi2 are
8, 18 and 23.5 w. % respectively. So there are 35.5 w. % of W5Si3 and 64.5 w.
% WSi2 for eutectic point. Volume fractions are 27.2 v.% for WsSia and 72J5
v.%forWSi?.

3). For tungsten silicides eutectics both W5Si3 and WSi2, according to today
data, are daltonide phases, that means ratios of atoms for metal and silicon
to be precise constant in temperature intervals of solid phases existence: 5:3
and 1:2, respectively. Only in a case of molybdenum silicide Mo5Si3 there is,
[18], an appreciable width (about 3 at. %) for phase concentrations limits. This
circumstance is very important for investigations of equilibrium achievement
kinetics as well as for diffusion processes studies, in a case of protective film
growth during high-temperature gas corrosion, for example. For small width of
phase concentration limits, diffusion of Me or Si components through this
phase is complicated due to very little possible concentrations gradients within
the phase: rate of diffusion is limited mainly by point defects concentration in
phases with very narrow concentrations limits.

4). Tungsten silicides W5Si3 and WSi2 are known only as tetragonal phases,
otherwise molybdenum disilicide may be hexagonal also, usually above
1900°C or after silicon diffusion. Due to carbon contamination of silicides
hexagonal Nowotny phase Mo4.8 i3C0.6 (43-1199) is formed. In early studies
this phase was erroneously considered as hexagonal "Mo5Si3-.

4. Experimental results and discussion

With a help X-ray diffraction and local microanalysis it was established that
tungsten and molybdenum silicides easily forms solid solution of isomorphous
tetragonal phases after crystallisation from melt. Introduction in liquid phase of
silicon, molybdenum and tungsten in proper quantities allows to obtain after
crystallisation eutectic-like mixtures of silicides-solid solutions of phases for
any relative concentration of each metal component - from 0 up to 100 %. As it
has become clear after X-ray diffraction experiments (more than 50 samples),
molybdenum and tungsten usually substitute each other in isomorphic
tetragonal silicides. New phases were not revealed, but sometimes phase
content was not established distinctly.

The problem concerning distribution of molybdenum and of tungsten between
silicides Me5Si3 and MeSi2, including dependence on initial condition of
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materials, time and temperature of melt overheating above melting point is not
yet clear enough. It is desirable to study it out the frames of present work.

To obtain melts containing suitable amounts of Si, Mo and W we have used
evaluation procedure described as follows. For the given ratio Mo/W in a quasi
binary eutectic E(Mo5Si3- MoSi2) + E(W5Si3- WSi2) we have used linear
approximation of expected atomic silicon concentration between extreme
points (pure tungsten - 59.5 at. % Si, pure molybdenum - 54 at. % Si), thus
determine silicon quantity for an appropriate melt.

It was established that melts with such a way determined content are remelted
after crystallisation in sufficiently narrow temperature interval about 10°C.
Special tests were accomplished for pure tungsten and for pure molybdenum
eutectics and it was established almost exact coincidence with temperatures
for these eutectics given in [18]. In the Table 1 there are shown data
concerning melting points of some «eutectic» melts received in this work for
different W-Mo ratios.

Table 1
Melting temperatures for quasi binary eutectic E(Mo5Si3- MoSi2) +

E(W5Si3- WSi2)

Ratio W-Mo
(W, at.%)

0
33
50
75
83
100

Melting
temperature, °C

spectral pyrometry
1900
1920
1930
1960
1975
2010

Data from [18], °C

1900
-
-
-
-

2010

As it follows from obtained results, an augmentation of tungsten concentration
cause infinite increase of melting temperature: about 30°C for first 50 at. %
of tungsten and about 80°C for the next ones.

Observed increase of melting point temperature with substitution of
molybdenum by tungsten causes some important consequences. Protective
antioxidant coatings may be received as multi-layered and brazing and coating
may be accomplished in any sequence. There arise the only one condition to
be fulfilled: subsequent operation has to be carried out at lower temperature
than the previous and without significant overheating. As our practice shows,
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the available choice of melting temperatures for quasi eutectics in 1900-
2010°C interval appears to be sufficient for this purpose.

In contrast with possible powder technology variant for protective coatings
production with a help of diffusion processes, directional solidification of high-
temperature silicides eutectics allows to receive very well textured coatings.
We have established, that rate of gaseous corrosion is very sensitive to
crystallographic orientation of silicides surfaces in protective coatings. In
comparison with usual samples, samples with significant volume fraction of
tetragonal phases (Mo,W)Si2 and/or MoSi2 and/or WSi2 grains in a case when
crystallographic planes {001} were preferably parallel a sample surface had
demonstrated in several times weaker corrosion rate.

Silicides crystallographic texture was studied with a help of pole figures {002}
in characteristic Mo Ka X-ray radiation on texture d iff racto meter. Counter with 4
mm width slit was fixed at 10,2-10,4° double Braggs angle, and this had
allowed to register X-rays diffraction from any above mentioned tetragonal
disilicides phases. With a help of directional solidification of a protective
coating it was possible to obtain it with quite strong crystallographic texture
{001} for disilicides. As example pole figure {002} (Schuiz tilt method up to 65°)
for such a sample is shown on Fig.2. There is a high peak in a centre of pole
figure and it corresponds to the fact that crystallographic planes {001} of
tetragonal disilicides are preferably parallel to sample's surface. Intensity of
diffraction fells more then 10 times for the planes tilting on 15° to a surface and
more than 20 times for the planes tilted up to 25° in comparison with a case of
planes {001} parallel to samples surface (it was maximum). Pole figure levels
of corrected on defocusing and background corresponds to 0.1 and 0.5 of this
maximum.

Considered here substitution of molybdenum by tungsten in silicides eutectics
cause several experimentally observable and important consequences for
producing of composite materials, protective coatings and brazing
connections:

• number of phases found in such samples at once after producing or after
thermocyclic tests is reduced significantly because of reducing of hexagonal
disilicides volume fraction and other silicides known only for pure
molybdenum or molybdenum with low level of tungsten alloying cases

• thermal expansion coefficient is reduced significantly for tungsten containing
silicides materials
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phase stability after thermal shock and thermocyclic tests arises with
tungsten concentration

& =65°
max

Fig.2 Pole figure {002} for REFSIC protective coating on carbon material.

It is necessary to note, that in X-ray diffraction phase analysis of above
described silicides eutectics serious difficulties are possible. Especially in a
case of samples with high molybdenum content after quick cooling tests or
samples that were changed chemically during testing and especially in a case
of hexagonal Nowotny phase formation due to carbon contamination during
production or testing the sample. The experimentally observable lines in X-ray
diffraction experiments not always suppose unequivocal interpretation due to
a plenty of overlapping in diffraction peaks. Information on contrast observable
in scanning electron microscope can be rather useful: silicides Me5Si3 and
MeSi2 have well differing ability to scatter electrons due to different electronic
density (element contrast). It seems to be rather perspective to use
channelling patterns contrast of backscattered electrons for to distinguish
tetragonal and hexagonal silicides.

Eutectics of silicides E(Me5Si3 - MeSi2) with molybdenum and tungsten
described above are very interesting for development of composite materials
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containing refractory metals and alloys as well as carbon materials and silicon
carbide materials due to following circumstances:

• these eutectics are capable to wet alloys of refractory metals, first of all
tungsten alloys, carbon and silicon carbide materials with quality sufficient
for brazing

• these eutectics possesses thermal expansion coefficient (tec) in an interval
(4-7) *1O"6 1/degree, that is close to tec for all above mentioned materials
and this can stabilise composite material at fast change of temperature
conditions

• there arises an opportunity to adjust chemical and phase structure, eutectic
composition to select most suitable brazing composition for connection of
above mentioned materials

Last decade in ISSP RAS was developed the new family of composite
materials REFSIC= REFractory metal Sllicide+ Silicon Carbide (REFSIC), just
patented in Russia [19] and claimed abroad [17].

Among the most important properties making perspective directions for
REFSIC application are high corrosion resistance in oxidising environments
at temperatures 1100-1900°C, high level of high-temperature strength, high
endurance in attitude to thermal shocks. High resistance to abrasive wear is
also interesting.

Among the prime technological application of REFSIC materials supposed to
be their using for high-temperature electric heaters manufacturing (first step -
up to 1600-1700°C) in laboratory and industrial furnaces. The basic areas of
their applications embrace needs of glass, refractory materials and porcelain
productions. We would like to replace some heaters from molybdenum
disilicide or from silicon carbide in already available furnaces.

In other areas of engineering the materials REFSIC are suggested for
manufacturing of details for devices and tools with high hardness and wear
resistance, which can work at high temperatures in oxidising environments
and thermal shocks conditions. Thermal expansion coefficient can be
controlled in a range of (4-7)*10"6 1/°C. Parts and details made of REFSIC
materials are of high stability in size under thermal cycling conditions. In tests
of new silicon carbide-refractory metal silicides composites materials
(REFSIC) with 10-20 seconds heating time up to 1700°C and 15-20 seconds
time of cooling silicides with molybdenum prevalence were not so steady as
tungsten based silicides.
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Some sort of REFSIC materials proved to be suitable for cutting and polishing
with diamond instruments. The materials can be applied both to manufacture
massive products and to make high temperature antioxidant protective
coating on carbon and/or silicon carbide materials, for instance on C-C
composites.

Some properties of materials REFSIC family:

Microhardness at room temperature - 10-32 GPa.
Strength at tests in three-dot bending - 80-200 MPa at 20-1400°C.
Number of thermal cycles from room temperature up to 1600°C without
visually detected destruction of a surface (heating up for 15 sec, cooling up to
200°C for 20 sec)

In a supersonic flow of gas1 - up to 25 cycle1s
In quiet air (up to 1800 °C) - up to 60 cycles.

Wide range of accessible density in this family of materials - from 2 to 14
g/cm3 (low value corresponds to pores containing structures with possible
carbon materials comonents)
Specific electric resistance - from 10000 to 90000 mkom*mm. The
realisation of various kinds of temperature dependence of electric resistance is
possible.

Table 2
Comparison of some propertied of REFSIC high temperature electric

heaters with molybdenum disilicide traditional ones

Maximum temperature
for horizontal heater
without support, °C
Thermal expansion

coefficient
Maximum thermal

specific power, W/cm2

Deformation after 10
thermal cycles up to

1600°C in any direction
for 160 mm long heater

REFSIC
1600-1700

(4-6) x10'6

40

<2 mm,
mainly due deformation

of a holder

MoSi2
<1300

8.25x10-6

20

~ 10 mm in vertical
- 20 mm in horizontal

direction

1 Experiments in supersonic flow were carried out in Moscow Aviation University (MAI) in common investigation
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Specific electrical
resistance at room

temperature,
mkom*mm

Specific electrical
resistance at

1600°C, mkom*mm
Heating -cooling time

for1600°C
temperature thermal

cycles, sec

10 000-90 000

10 000-25 000

40

500-1000

3 000-5 000

3000

Some microstructures of REFSIC materials.

Silicon carbon skeleton structures are very effective for high temperature
strength maintenance. It is possible to produce silicon carbide structure with
different grade of SiC volume fracture, different phase (polytyps) structure and
with different level of silicon carbide grains interconnections with each other.
Some illustrations (Fig.3) of possible approaches to structure tailoring of
REFSIC are demonstrated and discussed here.

a)x1000
Fig.3 a Different silicon carbide skeleton structures in REFSIC materials.
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b)x1000

C) x700
Fig.3 b,c. Different silicon carbide skeleton structures in REFSIC materials.

Scanning electron microscope, backscattered electrons, x1000. White phase
- Me5Si3 and/or Me5Si3C phase (Nowotny phase), grey phase - MeSi2. Dark
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phase is silicon carbide. Well grained particles are of hexagonal polytyps, little
smooth - of cubic one.
a) silicon carbide component structure and properties may be controlled with
a help of adjusting of:
• grain size (1-5 mkm for Fig.3b, 10-50 mkm for Fig.3c)
• volume fracture
• degree of silicon carbide grains interconnections with each other (very little

for Fig.3c and high for Fig.3b)
• cubic p-silicon carbide (Fig.3b) or other polytypes phase composition

(Fig.3a,c)

b) silicides component structure controlling by-
• eutectic directional structure (Fig.3a,c)
• different phase compositions, for example with Nowotny phase (Fig.3b)
It is possible to produce high temperature horizontal electric heater (Fig 4) with
very short time of heating -15-25 seconds only.

Fig.4 High-temperature horizontal electric heater during testing in open air.
1600°C. Cross section 3.0*3.0 mm, length 160 mm, ~75W/cm2, 225V, 74 A.
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5. Conclusion
1. Melting temperature dependence on tungsten -molybdenum ratio was
determined for quasi binary eutectic system E(Mo5Si3- MoSi2) + E(W5Si3-
WoSi2).
2. It was shown that in isomorphic tetragonal silicides Mo5Si3 (34-371) - W5Si3
(16-261) and MoSi2 (41-0612) -WSi2 (11-195) tungsten and molybdenum
seems to form solid solution substituting each other in 0-100% concentration
limits.
3. Strong crystallographic texture {001}may be obtained for tetragonal
disilicides and this texture diminish gaseous corrosion rate significantly.
4. A lot of possible structures including silicon carbide materials, carbon
materials, refractory metals and alloys may be obtained with a help of wetting
ad/or brazing of such materials by eutectic melts.
5. Some possible advantages and characteristics of REFSIC electric heaters
are discussed.
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Summary

The aim of the present work is the development of fabrication processes for NiTi
shape memory alloys by powder metallurgical means. The starting materials used
were prealloyed powders as well as elemental powder mixtures. Three techniques
seem to be very promising for shaping of NiTi compacts. Hot Isostatic Pressing (HIP)
has been examined for the production of dense semi-finished components. A
promising technique for the production of dense and porous coatings with an
increased wear resistance is Vacuum Plasma Spraying (VPS). Metal Injection
Moulding (MIM) is especially suitable for near-net shape fabrication of small
components with a complex geometry considering that large numbers of units have to
be produced for compensating high tool and process costs. Subsequently, thermal
treatments are required to establish defined shape memory properties. The
reproducibility and stability of the shape memory effect are main aspects thinking
about a production of NiTi components in an industrial scale.

Keywords:

Shape memory effect, NiTi, Nitinol, powder metallurgy, Hot Isostatic Pressing,
Vacuum Plasma Spraying, Metal Injection Moulding

1. Introduction:

The requirement for the occurrence of the shape memory effect is a reversible and
difrasionless austenite <-> rnartensite transformation. Normally this transformation is
caused by a change of temperature. Additionally, in the case of a metastable auslernte
a stress induced austenite <-> martensite transformation at a constant temperature is
also possible (pseudoelasticity). Although different materials exist showing shape
memory effects, at the present near stoichiometric NiTi alloys are of greatest
scientific and economic interest (1). The transformation of these alloys occurs within
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the temperature range between 50 and 100°C and strongly depends on the chemical
composition (usually 4 8 - 5 1 at.-% Ni). It has been observed that a variation of the Ni
content by 0.1 at.% changes the transformation temperature by approx. 10 K (2).
As indicated in the binary phase diagram (Fig. 1) there are additional stable phases
(NiTi2, Ni3Ti) in the above mentioned composition range beneath the main phase
NiTi. These additional phases do not show any shape memory effect but their
formation changes the composition of the remaining NiTi matrix. Additionally, the
decreased solubility of Ni at lower temperatures lead to the formation of the finely
dispersed metastable Ni4Ti3 phase (3). Annealing at 300 - 600°C is followed by a
coarsening of this phase and finally a transformation to the stable Ni3Ti phase occurs
(3). Especially the fine Ni4Tij dispersion has a strong influence on the austenite <->
martensite transformation.

Weight. Percent Nickel
40 50 60 70

L

Ti

30 40 50 60 70

Atomic Percent Nickel

Fig. 1 Binary phase diagram of the Ni-Ti-system (4).

Powder metallurgy (PM) is a well known technique to adjust the chemical
composition with high accuracy. Therefore, NiTi shape memory alloys were
produced about 20 years by powder metallurgical means (5)(6)(7). Preferred
techniques were combustion synthesis or reaction sintering (8)(9). But some
disadvantages have prevented an application of PM routes for production of shape
memory alloys in an industrial scale until now. In principle, NiTi alloys can be made
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from elemental powders as well as prealloyed powders. In the first case the ductility
of elemental powders allows the use of conventional PM equipment. After
compaction the NiTi phase is formed by an exothermic reaction during the sintering
process. Unfortunately, the different diffusion coefficients of Ni and Ti lead to the
appearance of Kirkendall porosity (7). This effect is enhanced by partial formation of
eutectic melt (p-Ti - Ni?Ti) at 942°C (see Fig. 1). On a macroscopic level an
anisotropic swelling of the pressed compacts is observed. A further disadvantage is
the strong affinity of Ti and its alloys to oxygen, nitrogen and carbon during the
sintering process leading to undesired formation of oxides, nitrides and carbides. This
has a negative influence on the mechanical and shape memory properties

Prealloyed powders do not show the appearance of the Kirkendall effect, but they are
currently quite expensive due to the small production units:- A technical problem
takes place if the powder particles show a pseudoelastic behavior. The high
springback of each powder particle immediately leads to a destruction of pressed
compacts. Therefore, their use is restricted to methods where the shaping is done
without pressure during compaction (e. g. metal injection moulding).

The present work deals with the optimization of promising techniques regarding to a
subsequent transfer to industrial scales. Hot Isostatic Pressing (HIP) was used for the
production of semi-finished parts (13)(14). This pressure-enhanced sintering
technique generally leads to products with almost theoretical density and allows a
direct comparison of mechanical and shape memory properties of PM parts and parts
produced by melting technologies. A preferred method for the production of dense or
porous NiTi coatings is Vacuum Plasma Spraying (VPS) due to its high deposition
rate and high level of automization (15). Potential applications of these coatings are
wear resistant protective layers and biomedical functional layers. In both cases the
resistance to corrosive environments is of special interest. Metal Injection Moulding
(MIM) has high potential for the near net shape fabrication of small PM parts with
complex geometries. Elemental powder mixtures are not useful for this technique due
to the anisotropic swelling of the compounds during sintering. The MIM process
becomes economic, if production of high quantities or compounds with complex
geometry is provided.
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2. Experimental:

Table 1 gives the manufacturer, the nominal particle sizes and the impurities of the
powders used in this investigation. In addition, the transformation temperatures of the
prealloyed NiTi powder for cooling (Ap, austenite —> martensite) and heating (Mp,
martensite —> austenite) are included.

Table 1: Elemental and prealloyed powders used
Powder

Ti
Ni

NiTi
(50.9 at.%

Ni)

particle size
(jim)
<45
<45

<22

manufacturer

GfE, Nilmberg
H.C. Stark, Goslar

Nanoval, Berlin

oxygen
(wt.%)
0.225
0.376

0.077

in this investigation.
carbon
(wt.%)
0.039
0.035

0.069

nitrogen
(wt.%)
0.014
0.032

0.002

Mp

(°C)
-
-

-80

AP
(°Q

-40

In order to obtain NiTi alloys capable of precipitation, all investigations were done
with Ni-rich alloys (> 50.5 at.% Ni). Elemental powder mixtures were homogenized
in a Turbula mixer for 24 h in a bottle without addition of grinding balls to keep
impurities low. The prealloyed powder was used as delivered.

Hot Isostatic Pressing (HIP)
The HIP process was done in cylindrical stainless steel capsules (316L) using an
elemental powder mixture with 50.5 at.% Ni. To avoid an excessive deformation of
the capsules during the HIP process, a precompaction of the powder mixture was
necessary. Therefore, cold isostatically compacted cylinders (compacting pressure
400 MPa) with approx. 70 % of theoretical density were filled into the capsules. Then
the capsules were welded in vacuum. The hot isostatic pressing step was done at a
pressure of 195 MPa. Regarding to the phase diagram (Fig. 1) sintering temperatures
were choosen to 850, 950 and 1050°C for 5 hours each. At 850°C the reaction
between Ni and Ti is controlled by solid state diffusion processes. A transistion to
liquid phase sintering takes place at 950°C due to the appearance of an eutectic melt
(Ti-Ti2Ni-eutectic with a melting temperature of 942°C) at the reaction front. At
1050°C the reaction is strongly influenced by liquid phase sintering. After the HIP
process, the capsules were removed by machining. To avoid uncontrolled
precipitations inside the NiTi phase, all samples were thermally treated in evacuated
quartz glass capsules at 850°C for 1 h (solution annealing) and then water quenched.
Annealing of the quenched samples at 500°C for 1 h was performed in order to
achieve a controlled precipitation of fine dispersed Ni4Ti3 particles. The samples were
subsequently prepared for morphological investigations, X-ray diffraction (XRD) as
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well as differential scanning calometry (DSC) to determine the transformation
temperatures.

Vacuum Plasma Spraying (VPS)
Starting material for the VPS process was an elemental powder mixture (50.8 at.%
Ni). The spraying process was carried out using a facility from Sulzer Metco. Due to
the high affinity of the Ti powder to oxygen and nitrogen, the spraying process was
performed in a vacuum chamber (10"2 mbar). All substrates made of stainless steel
were sandblasted to increase the adherence of the coatings. The substrates were
mounted in the vacuum chamber with a spraying distance of 250 mm. Argon,
hydrogen and helium and mixtures of theses gases were used as plasma gases. The
max. arc power was approx. 55 kW. The substrates were preheated to 850°C by the
plasma arc monitoring the temperature by a pyrometer. The elemental powder
mixture was fed into the plasma arc. Molten droplets of NiTi were formed and
accelerated onto the substrate. Thus, a layerwise coating of the substrate was
obtained. Under optimized conditions the coatings show already in the as-sprayed
state the desired properties like increased wear resistance. In order to investigate a
possible improvement of the desired NiTi-layer properties, thermal treatment of
samples was performed at 900°C for 2 hours. However, it should be considered that
annealing may lead to a change of the microstructure of the substrate. Samples were
prepared for optical microscopy and XRD.

Metal Injection Moulding (MIM)
For the MIM process a gas-atomized, prealloyed NiTi powder (50.9 at.% Ni) with
spherical particle shape (particle size < 22 um) was used. Wax and binder were added
to the powder and the mixture was homogenized for 4 hours using an heatable
kneader. Three different feedstocks were produced. Table 2 shows the nominal
composition of these feedstocks.

Table 2: Nominal composition of feedstocks used in this investigation.

feedstock 1
feedstock 2
feedstock 3

nominal composition
NiTi + 34 Vol.% (wax + binder)
NiTi + 28 Vol.% (wax + binder)

NiTi + 28 Vol.% (wax)

The main parameters for the injection moulding process (temperature of feedstock
and die, injection pressure, mass flow) were optimized regarding to uniform filling of
the die. Further criteria for defect-free green bodies are the lack of macroscopic
pores, shrink holes and cracks. As model geometry small rods as well as hollow
cylinders were moulded. Fig. 2 shows the dimensions of the parts.
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Fig. 2: Dimension of the MIM parts.

Dewaxing was achieved by thermal treatment on a sand bed. The capillary action of
the sand supports the removal of wax out of the green bodies. Due to the low
sintering activity of prealloyed NiTi powders, a sintering temperature above 1100°C
has to be choosen to get parts with closed porosity. As an optional step, theoretical
density can be achieved then by a subsequent HIP process without encapsulating (195
MPa, 1050°C, 3 h).

The microstructures of different samples were examined under an optical microscope
from Olympus equipped with M.A.R.S. software and under JOEL (JSM-T300)
scanning electron microscope and by energy-dispersive X-ray analysis (EDX). X-ray
diffractograms were recorded using a Siemens diffractometer (D-500) with Cu-Ka

radiation in the angular range of 29 = 30 - 70° at step rates of 0.01710 sec. A device
from TA-Instruments (DSC 2920) was used for DSC measurements.

3. Results and discussion:

Hot Isostatic Pressing
Fig. 3 shows the microstructure of HIPed samples depending on the sintering
temperature. Phase compositions marked in Fig. 3a were examined by EDX. After 5
hours at 850°C unreacted Ti as well as intermediate phases (NiTi2, Ni3Ti) are still
visible, but NiTi is already present as the major phase. As expected, intermediate
phases surround elemental phases leading to core-shell structures. This
microstructure is typical for diffusion-controlled reaction sintering. With increasing
sintering temperature a homogenization of the microstructure occurs (Fig. 3b). Liquid
phase sintering at 1050°C leads to the most homogeneous microstructure, where large
areas of intermediate phases do not longer exist (Fig. 3c). The expected precipitation
of Ni-rich phases (Ni4Ti3) in the NiTi matrix is unverifiable by optical microscopy.
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i

200 um i

Fig. 3 Microstructure of NiTi samples made of elemental powder mixtures. The
samples were HIPed at a.) 850°C b.) 950°C c.) 1050°C for 5 hours each at 195 MPa.

Due to the obtained homogeneity all samples used for further investigations are
HIPed at 1050°C. For economic reasons, a decrease of the holding time (5 hours) was
aspired. Anyhow, the decrease (e.g. 3 hours) resulted in the formation of transition
phases again - similar to Fig. 3b - and was not realized (16).

To investigate the influence of Ni-rich precipitations in the NiTi matrix on the
temperatures of the reversible austenite <-> martensite transformation, samples were
solution treated at 850°C, then water-quenched and subsequently annealed at 500°C.
The diffraction patterns of the different annealing steps are given in Fig. 4.

* NiTi

a.)

c.)

30 35 40 45 50 60 65 70

Fig. 4: Diffraction patterns of NiTi samples HIPed at 1050°C, 195 MPa, 5 hours a.)
after furnace cooling b.) solution treatment at 850°C, water-quenched c.) annealed at
500°C, water-quenched.
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The DSC measurements reveal the temperatures for the reversible transformation of
austenite (A) to martensite (M). The sensitivity of the DSC equipment ranges
between -150 and + 150°C. Therefore, phase transformations outside this range were
not detectable. Fig. 5 shows an example of DSC measurement for a sample annealed
at 500°C for 1 hour (water-quenched). Table 3 summarizes the results of DSC
measurements. Obviously, a strong influence of the Ni4Ti3 precipitations exists.
Whereas the solution-treated sample do not show any phase transformation in the
measuring range, the precipitiation of Ni4Ti3 causes an austenite —> martensite
transformation at 9°C (cooling) and the reversible transformation at 12°C (heating).

cooling

heating

50 -100 -50

k fc—1- "•'
\ r * • • -

--V
ii.arc

0 50

Temperature ("C)

100

- H
i

150 20O

UnivortilV2.60TA

Fig. 5: DSC measurement of HIPed NiTi samples (1050°C, 195 MPa, 5 h) annealed
at 500°C, 1 h. The precipitation of Ni4Ti3 is responsible for the appearance of phase
transformations.

Table 3: Transformation temperatures of HIPed NiTi samples (1050°C, 195
MPa, 5 h) heat treated at 500°C and solution treated at 850°C, each lh (water-
quenched).

Ms Mm Mf As Am Af
Sample (°C) (°C) (°C) (°C) (°C) (°C)

HIP 1050°C
500°C/lh

17 1 - 2 12 21

HIP 1050°C
850°C/lh

M: martensite, A: austenite, Index - s: start, m: middle, f: finish
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A comparison of the microstructure, transformation temperatures and mechanical
properties of HIPed and melted NiTi samples is subject of further investigations to
determine the influence of the production route on the shape memory effect. As an
example of use in near future flexible couplings for damping and load limitation
purposes will be machined from semi-shaped HIP products and applied in a suitable
test rig.

Vacuum Plasma Spraying (VPS)
In Fig. 6 the microstructure of plasma sprayed NiTi coatings is given. In the as-
sprayed state the coating shows the typical lamellae microstructure caused by the
spraying process. After cooling down stresses occur in the layer due to the high
cooling rates, the different thermal expansion coefficients (TEC) of coating and
substrate and the different TEC of the various stable phases. As worst case
microcracks were formed between the lamellae (Fig. 6a). Subsequent thermal
treatment (900°C, 2 h) leads to reduced stresses and a homogenized microstructure
(Fig. 6b). Additionally, healing up of some microcracks was observed.

50 nm 50 fini

Fig. 6: Microstructure of plasma-sprayed NiTi-coatings onto a steel substrate a.) as
sprayed state b.) annealed at 900°C, 2 h.

The diffraction patterns of as-sprayed as well as thermal treated samples are given in
Fig. 7. As indicated in Fig. 7a elemental Ni and Ti are already clearly reduced in the
as-sprayed state. After the subsequent thermal treatment at 900°C for 2 hour no
elemental Ti is detectable but pure Ni is still apparent (Fig. 7b). However, the
existence of pure Ni makes this layers unattractive for biomedical applications.
Compared to the investigated HIP samples the content of transition phases (NisTi,



444 RM56 M. Bram et al.
151* International Plansee Seminar, Eds. G. Kneringer, P. Rddhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

NiTi2) and mixed oxides (Ni2Ti4Ox) is much higher. The high oxidation rate is
probably caused by the low vacuum of the VPS chamber (1(T2 mbar).
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Fig. 7: Diffraction patterns of plasma sprayed NiTi coatings a.) as sprayed b.)
annealed at 900°C, 2 h.

It has been reported that NiTi shows an improved wear resistance due to its
pseudoelastic deformation behavior. Therefore, plasma sprayed coatings are
discussed as protection against abrasive loads as well as cavitation effects
(15)(17)(18). Related experiments to estimate the wear resistance of plasma sprayed
NiTi coatings are done by now.

Metal Injection Moulding (MIM)
MIM process was optimized to achieve dense NiTi parts without extensive formation
of oxides and carbides caused by uncompleted debinding. The first step of the
improvement was the development of a suitable feedstock. The content of wax and
binder plays an important role. Samples with approx. 34 vol.% wax and binder are
susceptible to massive failures. After debinding large cavities and pores are still
visible (Fig. 8a). The reduction of wax and binder content to 28 vol.% leads to an
improved die filling behavior without obvious failures (Fig. 8b). Samples produced
only by using wax do not show a sufficient green strength. Therefore, they are not
suitable for further investigations.
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Fig. 8: Influence of wax and binder content on the die filling behavior a.) 34 vol.%
wax and binder b.) 28 vol.% wax and binder.

Whereas the dewaxing of the MIM parts could be done by conventional techniques
using a sand bed, the low sintering activity of prealloyed NiTi powders required an
optimazation of the sintering process. It was observed that a sintering temperature
above 0.9Tm (melting point of NiTi) was necessary to get a closed porosity, which is
a prerequisite for mechanical stability of sintered parts. Another problem is related to
the production process of the NiTi powders by gas atomization. Approx. 5 % of the
powder particles are hollow spheres (see Fig. 8b). Pores inside of powder particles
remain nearly unchanged during the sintering process even at temperatures above
0.9-Tm. Therefore it was impossible to achieve theoretical density by pressure-less
sintering (Fig. 9a). In case of closed porosity a subsequent capsuleless HIP process
(1050°C, 195 MPa, 3 h) led to theoretical density (Fig. 9b).

The MIM process of Ti-alloys is always critical regarding to the remaining
impurities, especially oxygen and carbon. Fig. 10 shows the content of impurities
after the different processing steps. Due to the fact that the starting powder had a low
level of impurities, the further increase caused by the MIM process could be
acceptable. The influence of high oxygen and carbon levels on the shape memory
effect is not clear at the moment and will be subject of further investigations.
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Fig. 9: Sintering of MIM parts a.) pressure-less sintering at temperature above 0.9-Tm

leads to closed porosity of approx. 5 % b.) subsequent HIP (1050°C, 195 MPa, 3 h)
leads to theoretical density.
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Fig. 10: Impurities of MIM parts after different processing steps
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4. Conclusion:

Shape memory properties of NiTi-alloys are strongly influenced by the chemical
composition and the thermal treatments. Powder metallurgy PM is a well known
manufacturing route regarding to an exact adjustment of chemical compositions.
Therefore, three promising PM techniques were investigated regarding to a
manufacturing of NiTi-compounds with defined shape memory properties.
Hot Isostatic Pressing (HIP) was used to produce semi-finished NiTi-parts from
elemental powder mixtures. The optimization of HIP parameters (1050°C, 195 MPa,
5 h) led to an homogeneous microstructre with NiTi as main phase. Further thermal
treatments were necessary to achieve a controlled precipitation of the Ni3Ti4 phase.
Then an reversible austenite —> martensite transformation was observed, which is
prerequisite for shape memory effects. A comparison of shape memory and
mechanical properties of melted as well as hot isostatic pressed NiTi alloys is subject
of the present work.

Vacuum Plasma Spraying (VPS) of elemental powder mixtures was determined to
produce NiTi-coatings onto steel substrates with increased wear resistance. In the as-
sprayed state NiTi could be already detected by diffraction patterns, but this phase is
accompanied by elemental Ni, Ni3Ti and Ni2Ti40x. After a thermal treatment at
900°C for 2 h a homogenization of the lamellar microstructure takes place, but the
aforementioned phases are still present. Measurements of the wear resistance of NiTi-
coatings in the as sprayed state and after annealing are done at the moment.
Metal Injection Moulding (MIM) of prealloyed NiTi powders was optimized
reagarding to the development of suitable feedstock and production route. The result
of this optimization was the manufacturing of NiTi-compounds with a simplified test
geometry (rods and hollow cylinders). Pressureless sintering at temperatures above
0-9 Tm (melting point of NiTi) led to a closed porosity of approx. 5 vol.%. Theoretical
density was achieved by a subsequent HIP process (1050°C, 195 MPa, 3 h). The
possibility of near net shape production combined with a high potential of automation
suggests the MIM process for an industrial production of complex shaped NiTi
compounds.
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RECENT ADVANCES IN P/M-TANTALUM PRODUCTS
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Summary

The metallurgical grade tantalum powder is used for producing parts and mill
products. Some of the key requirements include purity, physical
characteristics (flow, fill density and compressibility) and interstitial contents.
A process to produce 99.99% pure tantalum powder with less than 150 ppm
oxygen has been developed.
This powder was consolidated into metallurgical products via conventional
P/M processing; resulting products had high purity and low oxygen. It also
retained fine grain-size and uniform properties inherent in P/M-derived
products. In addition, the desired crystallographic texture was obtained by
controlled thermo-mechanical processing (TMP) of the consolidated powder.
Fully dense products of this powder were tested for various applications,
such as deep drawing, sputtering, ballistics and capacitors. Critical functional
requirements in these applications along with the results of evaluations are
discussed.

Keywords

Tantalum powder, high purity, low oxygen, deep drawing, sputtering,
ballistics, lead wire for capacitors, P/M parts

1. Introduction

One common method of producing P/M (powder metallurgy) mill products of
tantalum is to cold isostatically press the powder into a preform, such as a
bar or rod, followed by resistance sintering at a relatively high temperature(1'
2). The resistance sintering simultaneously lowers the oxygen content (from
over 500 ppm to about 100 ppm) and densities the preform.
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However, there are many disadvantages in utilizing resistance sintering to
densify and remove oxygen. First, resistance sintering may only be utilized
with limited shapes, generally bars or rods. For resistance sintering, the
cross-section of the preform must be uniform along the path of electrical
current in order to prevent localized overheating and hot shorting. Also, the
cross section must be small enough so that the oxygen reduction in the
center of the preform occurs before the disappearance of the interconnected
porosity. The preform must be small enough to prevent sagging associated
with creep during unsupported resistance sintering. Thus, the preforms
generally do not weigh more than about 15 kg.
A new family of metallurgical grade tantalum powders has been produced(3).
Its oxygen content is less than about 150 ppm. Other impurities are typically
those of electron-beam melted tantalum ingot.
Since this oxygen level is acceptable for most of tantalum products, a
reduction in oxygen during consolidation and/or subsequent processing is not
required, thereby circumventing the need for resistance sintering for oxygen
reduction. It opens-up the opportunities for processing tantalum powder by
conventional P/M processing methods.
The objective of this paper is to discuss the properties of powders and the
products made therefrom.

2. Properties of the Powder

The starting material for these powders is tantalum ingot. Therefore, metallic
impurities will be similar to those in tantalum ingot; purity levels of 4N (99.99
%) and 4N5 (99.995 %) are achievable. Tables land 2 give chemical and
physical properties of the powder.

Table 1: chemical composition of tantalum powder

Element
C
N
Mo

ppm
10
25
6

Element
O
Si
Nb

ppm
125
5
15

Others: below detection limit ( DCP)
Table 2: physical properties of tantalum powder

Screen Size | Weight | Surface Area
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+80 Mesh
80/100 Mesh
100/325 Mesh
-325 Mesh

(%)
3
20
62
15

(m=7g.)
0.09
0.11
0.21
0.25

The morphology of the powder is shown in figure 1. Powders are generally
isotropic.

Figure 1: SEM micrograph of low oxygen metallurgical grade tantalum
powder

3. Properties of the Mill Products

This tantalum powder with low oxygen is suitable for all the typical
applications of metal powders, including wrought P/M processing, molding
and sintering and surfacing. So far, our research has been focussed on
producing and evaluating mill products. Limited work has been done on P/M
parts. Results of on-going investigation are given below.
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3.1 P/M Tantalum Sheet/Foil for Deep Drawing and Rupture Disks

Once the development of different methods for primary consolidation makes
resistance sintering obsolete, the P/M route of sheet and foil manufacture is
not limited to batch sizes of about 15 kg anymore. Coil sizes of 50 kg and
more seem feasible. Also, using H.C. Starck's P/M technology the sheet bar
size can easily be adjusted to the desired dimensions of the final product.
This ensures a high yield of the process.
P/M sheets from 0.5 to 0.25 mm thickness and up to 600 mm width can be
produced. Also, P/M foil of 0.05 mm thickness and a width of 300 mm has
been made and proved to be of excellent quality.
Table 3 lists the basic tensile properties which are typically found for H.C.
Starck P/M tantalum sheet of 0.25 mm thickness.

Table 3: typical tensile properties of 0.25 mm thick P/M tantalum sheet.

Property
Oo.2

UTS
Uniform Elongation

Total Elongation

Typical Value
300 MPa
350 MPa

22%
30%

Besides good tensile properties, also grain-size and texture are of utmost
importance for deep drawing.
Large grain-size usually results in a rough surface of the deep drawn
products'4'5| 6). Since the individual grains at the surface deform differently,
they create an undesirable roughness at the surface where the distance
between 'valleys' and 'hills' is correlated to the grain-size. This phenomenon
is widely known as 'orange peel' and can be eliminated only by TMP that
ensures a sufficiently small grain size. H.C. Starck has developed methods to
limit grain-size to about 15 |j,m (ASTM 9) while maintaining excellent deep
drawing quality (see figure 2). If desirable grain size can be as small as 10
|im (ASTM 10). I/M sheet material generally has a grain size of about 25 jim
(ASTM 7).
The good consistency of grain-size and mechanical properties of P/M
products is important in applications like rupture discs for the chemical
process industry, where the reliability is of key importance.
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Figure 2: typical microstructure of 0.25 mm thick P/M tantalum sheet, grain-
size is 15 |LUTI (ASTM 9); top: longitudinal, bottom: transverse

For deep drawing it is desirable to have an isotropic plastic behavior within
the plane of the sheet. This will prevent the sheet from 'earing', which means
that after drawing a cup, for example, the rim of the cup will be of uniform
hight. It is also benificial to design the sheet's properties in a way that it has a
higher strength in its normal direction (ND) as compared to in-plane
directions. This will prevent the sheet form getting thinner and finally fracture
during the deep drawing process. These plastic properties of the sheet are
controlled by the crystallographic texture of the material. For sheet material of
bcc-structure, like tantalum, best performance can be expected in deep
drawing if a strong <111>-fiber texture is found with the fibre axis along the
ND of the sheet. This texture component is also known as y-fiber. Other
texture components should be limited to a minimum; it can be achieved by
judicous thermo-mechanicap processing.
H.C. Starck has developed processes for manufacturing P/M tantalum sheet
with a highly desirable texture for deep drawing. Figure 3 represents the
orientation distribution function (ODF) and a {111}-pole figure of the newly
developed product. It is obvious from the pole-figure that there is an
extremely strong <111>-fibre with its axis parallel to the ND and that this fibre
has a high rotational symmetry around the ND; ODF also shows that other
texture components are very weak. This type of texture is a prerequisite for
good deep drawing performance. The strength of bcc metals is highest in
<111>-directions, and the rotational symmetry of the texture yields in-plane
isotropy.
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Figure 3: texture of 0.25 mm thick P/M tantalum sheet; a) orientation
distribution function, b) {111}-pole figure, all stereographic projections

P/M sheets of various thicknesses have been tested in deep drawing of cups
as shown in figure 4. It was found that surface roughness which is influenced
by grain size and 'earing' which is influenced by texture are far superior to
expectations.

Figure 4: deep drawn cups of various sizes made from H.C. Starck P/M
tantalum sheet material, coutesy of Steward Stamping Corp./EFI, Inc.

3.2 P/M Tantalum Plates for Sputtering
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A growing application for tantalum plate is for sputtering targets to deposit
thin films in optics and electronics. DC magnetron (DCM) sputtering is the
most prevalent physical vapor deposition (PVD) technology used for
depositing tantalum thin films(7). The following properties of the sputtering
target are very important, especially for high-quality thin-films in the
manufacture of ICs:

• Purity, generally 3N5 or higher
• 100 % theoretical density
• Small grain-size
• Uniform grain-size
• Uniform texture
• Consistency from plate to plate

Since the powder used in the new family of H.C. Starck P/M products has
similar metallic impurities as tantalum ingot material, purity for sputtering
targets can be met as required. The chemical composition of the finished
product does not vary significantly form the values listed for the starting
powder in table 1.
H.C. Starck has developed new technologies for primary consolidation of
metallurgical grade tantalum powder which ensure 100 % of theoretical
density.
The other requirements listed above are generally difficult to achieve with
standard processes for plate manufacturing from high purity tantalum ingot
material. P/M technology inherently yields more uniform properties, because
the coarse structure of the ingot has been destroyed in the process of
making the powder. Only non-uniform deformation or non-uniform annealing
during TMP can introduce variations of grain-size and texture throughout the
plate. H.C. Starck has developed manufacturing technology for P/M tantalum
sputtering targets which prevents all undesired non-uniformities to a
previously unknown extend.
In 12 mm thick tantalum plates a uniform grain size of 40 jim (ASTM 6) is
consistently achieved (see fig. 5).
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100(im

Figure 5: typical microstructure of 12 mm thick P/M plate, grain size is 40 jam
(ASTM 6)

Also, the texture proves to be uniform through thickness as well as
throughout lateral dimensions. This is best represented by an orientation
imaging map (OIM) as shown in figure 6. This map was taken from a
metallographic mount by Electron Back-Scattered Diffraction (EBSD) method
and represents a cross section through the thickness of a 12 mm thick P/M
plate. The map uses a color code to indicate the crystallographic direction of
individual grains which is parallel to the ND of the plate. Blue grains have a
crystallographic direction within a cone of 20° from <001> parallel to the ND
of the plate. The darker the blue, the closer to <001> the direction is. In a
similar way yellow represents grains which have a direction close to <111>
parallel to the ND of the plate, and red represents the <101>-directions.
Green areas show orientations which can be found in the center of the
stereographic triangle, far from all of the above mentioned directions. It is
obvious from figure 6 that there are no clusters or bands of similarly oriented
grains. Numberous texture measurements of this type revealed no sign of
texture non-uniformity as it is frequently found in poorly processed I/M
material. The inverse pole figure for the ND of the plate shows, that most
grains (blue and yellow) have <001>- or <11 Indirections parallel to the ND
of the plate which are frequently observed texture components of rolled bcc
metals.
P/M tantalum plates have been tested in DC magnetron sputtering and
proved to yield a superior thickness uniformity of the deposited thin film as
measured by resistance method(8). The 1 sigma interval of measured film
thicknesses was found to be in the range of 1 to 1.5 % of the mean film
thickness. So far I/M tantalum plates showed a range of 2 to 3 %. This
means that with the use of P/M tantalum sputtering targets the variation of
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film thickness can be reduced by 50 % as compared to I/M tantalum
sputtering targets! Figure 7 shows a used P/M sputtering target. It shoud be
noted that the appearance of the surface is matt and uniform, which is an
indicator for uniformity of grain-size and texture.

b)

Figure 6: texture of 12 mm thick P/M plate; a) orientation imaging map (OIM):
blue - <001 > parallel to ND, yellow - <111 > parallel to ND, red <101 > parallel
to ND; b) inverse pole figure for ND of plate (eaqual area projection)

Figure 7: used P/M tantalum sputtering target (300 mm diameter, 12 mm
thick), courtesy MRC Praxair, Inc.
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3.3 P/M Tantalum for Ballistics

In anti-tank systems tantalum plates are used as an explosively formed
projectile (EFP)(9|10|11). The benefits of tantalum for this application include its
high density (16.7 g/cm3) and its ability to withstand high deformations at
enormous deformation rates.
For a safe design of the EFP the tantalum plates are required to be of
uniform structure within each single plate and also from one plate to the next.
These requirements are very similar to those listed above for sputtering
targets, and for the same reasons P/M tantalum plates can be expected to
perform much more consistent as EFPs than I/M tantalum plates.
The use of H.C. Starck's new metallurgical grade tantalum powder in an EFP
as been demonstrated succesfully by Textron Systems(11) which can be seen
in Figure 8.

Figure 8: Explosively Formed Projectile after firing, this EFP was made from
metallurgical grade tantalum powder, courtesy Textron Systems

3.4 Capacitor Lead Wire

The low-oxygen tantalum was blended with silicon and processed into
tantalum bar, weighing about 135 kg; the weight can be easily scaled-up to
about 350 kg. It should be noted that the weight of bars produced with the
conventional tantalum powder is about 12 kg.
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The consolidated bar was processed into capacitor grade wire by standard
methods(2). Properties of the resulting wire are given below.

100|im

Figure 9: microstructure of annealed P/M tantalum wire

Figure 9 gives the microstructure of the wire; it is fully annealed and uniform.
The grain-size is similar to that of currently available wire.

Figure 10: scanning electron micrograph of P/M tantalum wire

Figure 10 shows the surface quality of the wire. It is apparent that the surface
of the wire is smooth and similar to that of currently available wire.
Table 4 gives the mechanical properties of the wire in different tempered
conditions; these are similar to those of currently available wire.
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Table 4: mechanical properties of the wire

Temper

Annealed
Ha If-Hard
Extra-Hard

Diameter
(mm)
0.2
0.2
0.2

UTS
(MPa)
520
1080
1370

Elongation
(%)
24.6
2.8
3.4

Table 5 gives DC leakage of the wire after sintering at 1400°C for 20 minutes.
These values are typical for the currently available wire and are significantly
lower than specifications (-0.093 jaA/cm2).

Table 5: DC leakage of the wire

Temper

Annealed
Half-Hard
Extra-Hard

Diameter
(mm)

0.2
0.2
0.2

DCL
(|iA/cm2

)
0.0093
0.0077
0.0093

The wire was used for making anodes using a commercially available ( NA
30 K) with a nominal specific capacitance of 30,000 CV/g. The powder was
pressed to 5.5 g/cm3 with embedded leads and sintered at 1400°C for 20
minutes. The sintered pellets were anodized at 100 Volts and tested at 70
Volts. Table 6 gives the results of electrical tests on the anodes. This data
indicates that the wire is satisfactory for its intended use.

Table 6: electrical properties of anodes with experimental wire

Temper

Annealed
Half-Hard
Extra-Hard

Diameter
(mm)

0.2
0.2
0.2

DCL
(|iA/cm2

)
0.056
0.064
0.062

Sp. capacitance
(CV/g)

27,700
27,400
27,500

It is evident that metallurgical, mechanical and electrical properties of the
wire are similar to those of commercially available wire. It should be relatively
easy to replace the current wire with this experimental wire.
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This new wire offers several advantages. The large weight of the starting bar
assures higher consistency. In addition, the processing steps assure higher
radial and longitudinal uniformity.

3.5 P/M Parts

The compressibility of the powder is shown in table 7. A hydraulic press was
used for producing samples for transverse rupture strength (TRS)
measurements. Standard samples and test methods were used.

Table 7: compressibility of tantalum powder

Compacting
Pressure
(MPa)
275
413
550
620

Pressed Density
(% of Theoretical)

82
88
92
93

Transverse
Rupture Strength
(MPa)
18.5
37.1
44.1
57.6

Generally a minimum strength of about 15 MPa is desired for normal
handling of pressed compacts. Evidently, a pressure of about 275 MPa is
adequate for it. However, the pressed density is lower than desirable at 275
MPa; higher pressures are required for obtaining higher green densities.
While the optimization of sintering cycle is still under development, densities
of over 95 % have been achieved by sintering at 1500°C for 90 minutes;
higher temperatures, longer times and repressing / resintering may result in
densities of over 97%. It is doubtful if 100 % density could be achieved
without HIPing or forging. However, a compact of over 95 % density is
expected to have only closed (isolated and not inter-connected) porosity and
is thus amenable to HIPing or forging without encapsulation.
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4. Discussion

While the research is still in progress, it is evident that this new powder may
be treated like conventional metal powders. Our emphasis, to date, has been
primarily on wrought-P/M processing for several technical reasons. The
wrought-P/M processing gives fully dense mill products with fine grain size.
The desired crystallographic texture is achievable by judicious thermo-
mechanical processing after primary consolidation.
The functional properties of mill products have been measured for certain
applications with satisfactory results.
Certain processing steps are inherent with tantalum. For example, oxygen
pick-up during high-temperature exposure is still a major concern. Due to the
lower surface area, this powder is expected to be stable at room
temperature.
Full density in parts may not be achieved without elevated (>1800°C)
sintering in vaccum. An easier method to produce fully dense parts would be
repressing / resintering or HI Ping / forging of sintered parts with > 97 %
density.

5. Future Plans

It is reasonable to assume that this powder is suitable for injection molding,
laser processing and other processing methods normally used with metal
powders. However, each of these applications / processes needs to be
developed. Our future plans depend on market acceptance and commercial
needs.
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1. INTRODUCTION
Tungsten alloys (Tm = 3410° C) are intended for service in reducing and

neutral media or in vacuum at temperatures and loads that are too high to be
suitable for alloys based on more low-melting metals. The disadvantage of
tungsten as bcc transition metal of IV group is its susceptibility to cold
brittleness (low plasticity at temperatures below the ductile-brittle transition
temperature 7d/b).

The aim of the present work was to develop the principles of the
design of tungsten-based structural alloys and their manufacturing and
treatment processes providing the production of high-strength high-
temperature tungsten-based materials having a satisfactory low-temperature
plasticity and workability both in thin sections and in large-scale articles.

To achieve this goal, it was necessary to solve the following problems:
• To elaborate the methods controlling the cold brittleness of tungsten

with allowance for the factors responsible for this damage and with
reference to the production method;

• To elaborate the methods improving strength and high-temperature
strength with allowance for the acceleration of diffusion processes in
bcc metals at temperatures above 0.6 Tm and for the absence of
"more sluggish" alloying elements (AE) than the most refractory
metal tungsten;

• To elaborate the methods of the uniform distribution of AE and
strengthening phases in conventionally melted or powder tungsten
alloys for the stabilization of required phase composition and
structural state and the required combination of the properties of
tungsten-based materials;
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• To estimate the possibility and reasonability to use one or another
type of alloying and microstructure formation upon the
manufacturing and thermoplastic treatment with reference to the
type and destination of semiproducts or articles produced from
tungsten-based alloys or composites.

2. STRENGTHENING OF TUNGSTEN ALLOYS

Solid-solution strengthening. The selection of AE for solid-solution
strengthening of tungsten is generally determined by the necessity to
combine high strength and high-temperature strength of actual alloys with
their satisfactory low-temperature plasticity.

For the selection of the element for solid-solution alloying, it is useful to
know the limiting solubility of the element in the base metal. We established
the regularities of changes in the solubility of metals in tungsten. It was
shown that the solubility is determined not only by the differences between
the atomic radii (AR) and electronegativities (AE) of AE and W, but also by
the position of AE in the periodic system and the type of its crystal lattice [1,
2].

The study of the phase diagrams and structure-property diagrams of
tungsten alloys showed (Figs. 1a - 1c) that, with increasing difference
between W and AE in the atomic radii and electronic structures in the series
Mo (Re), Ta, Nb, Hf, Zr, the extent of solid-solution strengthening at
temperatures below 0.6 Tm increases, and the recrystallization temperature Tr

is elevated. These beneficial effects are most pronounced at small (below 5
at. %) AE contents. However, at the same time, 7~m decreases, diffusion is
accelerated, and the activation energy for diffusion is reduced. These effects
are detrimental because, with increasing AE content above 5 at. %, they
cause an intense softening at temperatures above 0,5Tm and a decrease in
Tr [1, 3, 4]. In addition, any solid-solution strengthening of tungsten (irrelevant
to the rhenium effect in tungsten) decreases the low-temperature plasticity of
tungsten and deteriorates its deformability at elevated temperatures [1, 2].

With allowance for all available data on the solubility of AE and their
effect on the properties of tungsten, it was established that, for the solid-
solution strengthening of tungsten (as the most refractory metal), it is most
practically reasonably to add only optimum quantities of rhenium and up to 5
at. % molybdenum. These elements somewhat strengthen tungsten at low
and medium temperatures (below 0.5 Tm), and, at the same time, do not
deteriorate the characteristics of low-temperature plasticity, but even improve
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Fig. 1. Effect of alloying on (a) melting point (b) recrystallization
temperature, and (c) strength at 1400 - 2000°C of tungsten alloys in (a) cast
and (b) deformed and recrystallized condition.
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them, decreasing 7d/b, because the additions of rhenium and molybdenum
cause a relative small decrease in 7"m, almost do not reduce (Mo) or even
increase (Re) the solubility of interstitial elements (in particular, carbon) [1,
3], and insignificantly accelerate diffusion processes [4].

Although the transition metals of IV and V groups (Zr, Hf, Ta, Nb)
provide a substantial strengthening effect in a wide temperature range, they
are virtually unusable for the solid-solution strengthening of tungsten
because they abruptly decrease 7m (Zr, Hf), reduce the solubility of
substitutional elements in tungsten (Zr, Hf, Nb, Ta), and, in the case where
their content exceeds 0.5-2 wt %, abruptly deteriorate the technological
plasticity of the alloys of commercial purity [1, 2].

Strengthening by fine particles of refractory phases was the
following step in the direction of the enhancement of the high-temperature
strength of tungsten alloys. It was showed that the selection of the
strengthening phase is determined first of all by its high thermodynamic
stability at service and processing temperatures of the alloy and also by the
possibility to introduce it into the alloy upon one or another production
process. The strengthening effect is determined also by the possibility of the
formation of certain structures stabilized by fine particles of strengthening
phases.

To control the possible changes in the phase composition of a
strengthening phase upon its interaction with the W matrix, we studied the W-
rich corners of some ternary systems W-Me-X, where X is the interstitial
elements and Me is a metal of III - V groups of the periodic system, which
forms a stable interstitial phase. It was shown that the maximum stability in
equilibrium with W or its low-alloy solid solutions is characteristic of the
phases present at the W-Y2O3 (ThO2, R2O3, RO2) and W + (< 0.3 at. % Zr,Hf)
- ZrC (HfC) pseudobinary sections of the above ternary systems. To attain
the stabilization of NbC (TaC) in equilibrium with W, one should provide a
substantial excess of the metal forming the interstitial phase ( 4 - 6 at. %
Nb.Ta); the introduction of NbC (TaC) to W causes the formation W- and
W2C-based solid solutions alloyed with Nb (Ta) due to their interaction with
W. For the above-mentioned reasons, this is undesirable [1].

The experimental and calculated data on the solubility of
interstitial phases in W showed us (Fig. 2) [1, 3, 5, 6] that the refractory
oxides do notvirtually interact with W (their solubility is about 10"6 mol % at
2700°C). Therefore, the development of the alloys age-hardenable by fine
secondary oxide precipitates is unreasonable.
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The solubility of other interstitial phases in W increases according to
the sequence (mol %) MeN (~10"3) - MeB2 (-lO"2) - MeC (W,Me2C) (~10"1).
The solubility of ZrC (HfC) in W decreases with temperature from the
maximum value of 0.4 (0.6) mol % at the eutectic temperature to < 0.1 mol %
at temperatures below 1500°C. The W-ZrC (HfC) systems are basic for the
design of the alloys age-hardenable by fine particles of secondary carbides.

Our experimental and calculated (by the Orowan-Nicholson-Kelly
method) estimation of the strengthening of W at 1600 - 2000°C by interstitial
phases showed that the ZrC and HfC carbide particles of 0.01 - 0.1 urn in
size provide more effective strengthening than coarser (~1 urn) Y2O3 oxide
particles [1, 6].

3400 30002600 240022002000 1800 1600 l,"C

ln[MemXn]
w

max 3400 3000 2600 2400 2200 2000 T,K

-10

-15

-20

mol.%

«- TmMem0n

3.0 3.5 4.0 4.5 5.0

Fig. 2a.
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The results of our researches showed that it is necessary to
retain the stable sizes of fine particles of the strengthening phases in
tungsten alloys upon thermoplastic processing and long-term operation at
high temperatures. The experimental data on the temperature dependence of
the coarsening rate of interstitial-phase particles in W matrix and the
comparison of the experimental and theoretical [1, 3 - 5, 15] data on the
activation energy for their coarsening allowed us to establish that the
dimensional stability of these particles in W is determined by the enthalpy of
dissociation (or formation) of the interstitial phase and by the diffusivity of the
metal forming this phase in W. The maximum dimensional stability is
characteristic of oxide particles (Y2O3, ThO2, HfO2, ZrO2), and then this
parameter decreases in the following sequence: nitrides (TaN, NbN, HfN,
ZrN) - carbides (HfC, ZrC), (TaC, NbC). The minimum resistance to
coarsening is characteristic of W2C and (W,Me)2C (Fig. 2b).
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3. ENHANCEMENT OF THE LOW-TEMPERATURE PLASTICITY AND
WORKABILITY OF TUNGSTEN ALLOYS

The cold brittleness of tungsten is substantially determined by the
existence of a rigid covalent component of the interatomic bond in the edges
of the bcc lattice cell. This specific feature determines a low solubility of
interstitial elements, which occupy the octahedral pores of crystal lattice and
cause its tetragonal distortions and a strong interaction of dislocations with
elastic fields surrounding the interstitial solutes and suppressing the
dislocation motion. Grain boundaries are the most brittle structural
constituents of polycrystalline tungsten. Segregates of interstitial elements
low-soluble in tungsten and low-melting sp impurity elements with large
atomic radii (K, Na, S, P, As, etc.) [8, 9] are formed at grain boundaries in
cast, sintered, or recrystallized commercially pure tungsten. They form
precipitate films of relatively low-melting oxides and coarse inclusions of
W2C-type carbides or more complex precipitates, which act as stress
concentrators weakening grain boundaries and leading to intercrystalline
fracture.

To control the cold brittleness of tungsten alloys, we widely used more
or less conventional technological methods such as the purification of the
initial charge at different stages of chemical metallurgy and optimization of
melting or sintering parameters [10, 13].

Based on the experimental data on low-temperature plasticity,
workability, and Td/b comprehensively studied in Baikov Institute as a function
of the additions of some elements of III - VIII of groups [10-14] as well as the
experimental and theoretical data on the interaction of AE with tungsten and
impurities, we propose several methods to decrease the cold brittleness of
tungsten produced by vacuum melting (VM) and powder metallurgy (PM).

1. The competitive replacement of interstitial impurities from grain
boundaries can be achieved by microalloying of tungsten with
horophilic fee metals of VIII group (Fe, Ni, Pd, and Ru), which do not
form stable oxides and carbides (VM, PM) (Fig. 3a).

2. The competitive binding of oxygen due to the microalloying of
tungsten by active elements of III and IV groups (Y, rare earths, Ti,
B, and C), which are weakly dissolved in tungsten and burn out upon
melting. These elements bind oxygen in volatile oxides such as CO
and TiO, providing a decrease in total oxygen content in metal, or
bind oxygen in thermodynamically stable refractory oxides (Y2O3,
R2O3, and RO2) forming compact inclusions on peripherals of ingots
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instead of low-melting oxide layers at grain boundaries (VM) (Figs.
3a and 3b).
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Fig. 3. Effects of deoxidizing and alloying (a) on the temperature
dependence of the fracture toughness (K-|C) of as-cast tungsten and (b)
on the ductility (at 300°C) of the warm-rolled (e = 75 %) tungsten sheets
annealed (1h) at various temperatures.

3. The competitive binding of carbon in thermodynamically stable
refractory carbides ZrC and HfC forming fine inclusions inside grains
instead of coarse grain-boundary W2C particles (VM) (Fig. 3b).

4. The realization of the rhenium effect due to the alloying with 24 - 30
at. % Re, i.e. the contents close to the limiting solubility to increase
the low-temperature plasticity of the alloys both in deformed and in
cast, sintered, and recrystallized states («rhenium effect 1 ») as well
as the alloying with 2-4 at. % Re to moderately enhance the ductility
of the alloys («rhenium effect 1'»). Both these effects were shown to
be realized also in the alloys containing molybdenum, alumosilicon-
alkali additions (AI2O3, K2O and SiO2), or fine particles of
strengthening phases such as carbides (ZrC, HfC) and oxides
(ThO2, Y2O3, etc.) (VM, PM).
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5. The grain refinement can be used to decrease Td/b, to improve
workability, and to increase the brittle crack propagation resistance
(K1C) of commercially pure tungsten due to its solid-solution alloying
with substitutional elements and the introduction of ZrC and HfC
(VM) or Y2O3l R2O3> and ThO2 (PM). This effect can be achieved at
the expense of the interruption of the primary crystal growth upon
solidification or sintering due to the formation of segregates of more
low-melting alloying elements and soluble impurities between the
dendrite crystals (VM) or at grain boundaries (PM). This decreases
the microcrack size and the free path of dislocations and provides
the crack blunting and branching at the barriers such as W/Y2O3

interphase interfaces.

4. EFFECT OF DEFORMATION AND HEAT TREATMENT ON THE
PROPERTIES OF TUNGSTEN AND ITS ALLOYS

Deformation allows one to eliminate the inherited structure of cast and
sintered material (Fig. 4).

During multistage deformation with intermediate recrystallization
annealings, grains are drawn out into rodlike or flat fibers (upon drawing or
rolling, respectively), and the a perfect cellular (subgrain) structure is formed.
The fibers initially consist of equiaxed cells, which subsequently are also
elongated in heavily drawn wire or sheet. The refinement of grains and cells
of VM and PM materials upon deformation also leads to the reduction in the
impurity concentration at the boundaries at the expense of increasing total
area of the boundaries.

The refinement of all structural elements at all stages of deformation is
more rapid for heterophase alloys with HfC and ZrC than for single-phase
reduced alloys (Figs. 4b-4d). A decrease in microcrack size and free path of
dislocations changes the character of failure at room temperature, causing
the transition from mixed inter- and transcrystallite fracture in cast and
sintered alloys to ductile-brittle fracture of isolated fibers with the formation of
sets of blade-like microcells. This process is preceded by longitudinal failure
and cleavage along the fiber boundaries. Such changes in the structure and
the fracture type decrease rd/b

L- At certain degrees of deformation, rd/b
L

becomes below room temperature (Fig. 4a).



P. Makarov et al. RM59 473
15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

1800- 1600- 1500 9$A1 99,50 .99,996,%

p,cm

d.rnm

Figure 4. Effect of the degree of deformation of tungsten alloys on (a)
rbr

L, (b) mean linear grain size, fiber size, and cell size, (c) dislocation
density, (d) the length/diameter ratio of a grain or fiber, (e) the short-term
rupture strength ab and destructive strength ad, (f) the elongation 5, and (g)
the reduction in area IJJ at room temperature: (1) W, VM; AKS-W, PM; (2) W-
ThO2 (HfO2, Y2O3), PM; (3) W-HfC, PM; (4) W-(20-25)%Re-(18-20)%Mo-HfC,
VM; (5)W-(1-3)%Mo-(3-5)%Re-HfC, VM.

A further increase in the degree of deformation (above 94-96 %)
of the material with a favorable structure and a reduction in the temperature
of subsequent deformation (by forging, drawing, or rolling) below the starting
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recrystallization temperature affects the dependence of strength on the
degree of deformation. A practically linear dependence of the short-time
strength (ab, MPa) on the logarithm of the rod or wire diameter (d, mm) is
observed (Fig. 4d)

ab = A -B lgd (1 )

The scatter of the values for the same alloy is attributed to possible
differences in structure because of the variations of the treatment
parameters.

In Eq. (1), B reflects the increase in strength per unit change in log d
(the work-hardening rate). This coefficient depends on the type of alloying
and the phase composition of the alloys. The unhardened PM and VM
tungsten and its alloys with alumosilicon-alkali additions (of BA or ASK types)
and alloys with oxides (< 0.2 wl % HfO2, 1-2 wt % ThO2, Y2O3) exhibit a
minimum tendency to hardening (B = 1500-1800). Total or partial stabilization
of carbides in PM alloys increases the tendency to work hardening of the
alloys. VM alloys show the maximum tendency to hardening: they combine
solid-solution strengthening (including compositions economically alloyed
with Re and Re+Mo) and precipitation hardening (0.15-0.3 wt % HfC) (B =
3200-3500). [16, 17]. These laws permit the prediction and calculation of the
strength and plasticity of rod and wire of specified composition. The work
hardening of the alloys W-(1-4) Mo, Re-(0.1-0.2) ZrC (HfC) is retained in wire
under high tension, at least to - (0.52-0.57) Tm [1].

Heat treatment significantly affects the structure and properties of the
deformed material. Typical changes in the structure and properties of
tungsten alloys upon heat treatment can be illustrated by the example of low-
cost VM and PM tungsten alloys having the phase composition
aW+W2C+HfC, W+HfC+HfO2 after reduction or carbide (oxide) strengthening
(volume fraction of the strengthening phase is < 0.5-0.7 vol %), alloys W+0.2-
7.5 vol % Y2O3, and AKS-W. The samples are preliminarily deformed by the
scheme shown in Fig. 4.

The changes in the dislocation structure of deformed material can be
suppressed by pinning of dislocations in the case where fine precipitates of
refractory carbides ZrC or HfC or Me-C complexes dissolved in dislocation
pileups are formed in the tungsten alloys. This process is especially
pronounced in the temperature range of precipitation hardening (1600-
1800°C). Thus, after annealing at 1800°C, the deformed (to e~75%) alloys
characterized by solid-solution strengthening (by Mo, Re or Y) have a
completely recrystallized structure with equiaxed grains and a low dislocation
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density within the grains; in alloys with HfC, by contrast, regions of cellular
structure (dislocation networks) pinned by fine particles of refractory carbides
(HfC) are present. An analogous situation is observed after annealing of PM
tungsten wire (of 0.3 mm in diameter) and the alloy with HfC at 1500°C.
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Figure 5. Effect of annealing temperature (1 h) on (a) recrystallized grain
size, (b) lower ductile-brittle temperature of the transition from the ductile to
the brittle state, and (c) relative elongation at 20°C for economically alloyed
tungsten materials, ... e =75-97 %.

The starting temperature of the intense growth of carbide particles
(1500°C for W2C and 1600-1700°C for HfC) corresponds to the starting
temperature of the intense subgrain growth, the formation of recrystallized
grains, and a reduction in dislocation density.

Due to the stabilization of the dislocation structure of the deformed
material, interstitial phases decelerate the development of recovery and
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recrystallization processes in tungsten alloys. This elevates the starting
recrystallization temperature by 200-500°C relative to that of unalloyed
tungsten (depending on the type of alloying and the degree of preceding
deformation) and, therefore, decreases Tb/d and increases the starting
temperature of recrystallization embrittlement of low-rhenium or rhenium-free
tungsten alloys (Fig. 5) [11,13].

5. SELECTION OF THE PREPARATION AND PROCESSING
METHODS FOR TUNGSTEN ALLOYS

The efficiency of the preparation and processing methods is determined
by many factors including both the economical aspects (price and
accessibility of the process) and the possibility to obtain the material with
predetermined structural state, phase composition, and the combination of
properties. The latter factor is directly determined by the rate of the
development of diffusion processes in the W-AE systems, by the character of
the interaction between active microadditions and interstitial phases with
tungsten, impurities in them and components of atmosphere in the
temperature range of the alloy preparation (sintering at 1000-2900°C or
melting at 3400-3700°C), and by the possibility of the occurrence of
dissolution-aging reactions in the solid phase.

To obtain semiproducts of thin sections from alloys with carbides
(borides, nitrides), it is reasonable and economically efficient to use a low-
cost pellet technology rather than an ingot technology requiring subsequent
expensive repeated deformation by extrusion, forging, and drawing with
intermediate annealings.

Our studies of the effect of sintering conditions on the structure and
phase compositions of semiproducts [5, 19] showed that, upon sintering in
hydrogen or vacuum, the carbides, borides, and nitrides interact with oxygen
adsorbed at the surface of powder particles and with the traces of oxygen
contained in vacuum or dried hydrogen (technical hydrogen with a dew point
of -60°C). In this case, the strengthening interstitial phases are oxidized with
the formation of corresponding oxides, which are more thermodynamically
stable at sintering temperatures.

The calculated temperature dependences of the Gibbs free energies
AGT for the oxidation reactions of refractory interstitial phases show (Fig. 6)
that it is possible to completely or partially prevent the oxidation and to
stabilize ZrC and HfC in powder alloys by the introduction of more easily
oxidizing "victim" additions or deoxidizers such as boron or carbon [5, 19].
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Figure 6. Gibbs energies (AG) of the oxidation reactions for some
compounds and elements in the PM tungsten alloys during sintering

Thus, the stabilization of refractory particles such as MeC and MeB2

was shown to be principally possible in the alloys belonging to the W-MenCm-
MexOy system.

It was experimentally shown that, being introduced in the powder
mixture of carbides, borides, and nitrides of transition metals, the interstitial
refractory phases upon sintering at 1300-3200 К interact with oxygen and
become oxidized with the formation of the corresponding oxides of the
transition metals. As a result, the phase composition of the alloy changes
from W + MeC (MeB2) (the charge composition) to W+МеОг (the sintered
material), where Me is Zr or Hf (Fig. 7). Based on these results, we designed
the compositions of powder mixtures, in which free carbon or boron were
introduced as deoxidizers, established the optimum sizes of tungsten powder
particles (4 urn), and developed the technology of pressing and sintering. The
sintered tungsten alloys containing up to 0.6 vol % carbides were obtained.

One of the relevant problems to be solved for the preparation of the
alloys of tungsten (as the most refractory metal) is the realization a
homogeneous distribution of AE and strengthening particles in the macro-
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and microvolumes of the products because this determines the stability of
their properties. We studied the effect of high-energy mixing of tungsten
powders with the powders of carbides (HfC) and oxides (HfO2, Y2O3)
including those containing Re and Mo in attritor (MA) [18] on the structure
and properties of sintered alloys. We determined the optimum parameters of
mixing and sintering for the homogeneous distribution of rhenium and
molybdenum in tungsten-based solid solutions and achieved the
homogeneous volume distribution of fine particles of carbides and oxides,
preventing the formation of their conglomerates typical of the powder alloys
prepared by the conventional powder-mixing method.

The mechanical properties of the PM alloys subjected to MA treatment
and of the VM alloys were compared after recrystallization of the deformed
rods of 7 mm in diameter (the total degrees of the prior deformation were
95% for the PM rods after one-pass extrusion and rotation forging and 97%
for the VM rods after two-pass extrusion and rotation forging). These PM
alloys are as good as the VM alloys in ultimate strength, and the PM alloys
subjected to MA surpass the VM alloys in yield strength (Figs. 8a and 8b).
The VM alloys exhibit a stable ductility at temperature above 500K (W-4Re-
4Mo) or 600K (W-HfC), whereas the recrystallized rods produced from
powders treated by MA exhibit a stable ductility (5=17-10%) already at 320 K
(W-4Re) or 400 K (W-HfC) (Fig.8c).

The carbide-strengthened PM tungsten alloys containing Re and Mo
were used to prepare wire of 0.3-0.1 mm in diameter with high short-term and
long-term strengths comparable with those of the VM alloys.

The structural changes occurring upon heat treatment of the deformed
PM alloys precipitation-hardenable by carbides are similar to those occurring
in vacuum-melted alloys. Likely to the VM alloys, the PM alloys strengthened
by carbides (HfC), borides (HfB2), and nitrides (HfN) are age-hardenable.

For example, the strength characteristics at 1500°C of the deformed
and aged (at 1300°C for 10 h) PM alloys with HfN (HfB2) and HfC are 580-
680 MPa and 700-1000 MPa, respectively.

Short-term and long-term strength characteristics of the semiproducts
of new commercial and pilot tungsten alloys produced by the PM and VM
methods as large-scale shaped castings, deformed rods of-12-16 mm in
transverse size, and wire of 0.1-0.3 mm in diameter are presented in Figs. 9a
and 9b [1-3, 7, 16,20-22].

As compared with alloys based on other metals, the tungsten alloys are
characterized by the maximum high-temperature strength, which is so high
that, even with allowance for the high density of tungsten, its alloys at room
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temperature and moderate temperatures can compete in specific strength
with the most light titanium-based structural alloys (oWp of the W-27Re alloy
product of 50 mm in diameter is about 30 km). At temperatures above
1300°C (i.e., above the melting point of Ni superalloys), the tungsten alloys
have no competitors in specific strength, even being compared with the
alloys based on lighter refractory metals (Mo, Nb, and Ta).

Figure 7. Structure of the deformed tungsten alloys strengthened by
fine particles: alloys of the systems (a, b) W-Y2O3; (c, d) W-Y2O3-HfO2-B; and
(e, f) W-HfC-C. Magnifications (a, b) 13000; (c, d, f) 30000; and (e) 40000
times.

Due to the high long-term strength of fibres produced of commercial
powder alloys with completely or partially stabilized HfC carbide (W-
HfC/HfO2) [7, 19], these alloys are especially attractive with allowance for
their relative low cost resulting from manufacturing simplicity and low losses
of material at all manufacturing stages as compared with those of vacuum-
melted alloys of the same composition.



480 RM 59 P. Makarov et al.

15™ International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

UTS,
MPa
1200 --

1000-

YS,
MPa
1000

El, %
20
10 -

^ VV-5Re
"o^^NCw-0.2HfC

W-4Re-4Mo ^ ^ ^

^»^N>. W-/0.1-0.

W-5Re W-4Re-4Mo
> \ * \ '

a

.1-0.2)HfC

^ ^

2)HfC b
Re

>^

0.2HfC P
*^»

1:0.2)HfC
300 500 700 T, K

Figure 8. Mechanical properties of tungsten alloys at 290-800K: (a) UTS, (b)
YS, (c) elongation; (1) W+5%Re (MA, z = 95%), (2) W+0.2% HfC (MA, e =
95%), (3) W+4% Re+4% Mo (VM, E = 95 %), (4) W+(0.1-0.2)% HfC (VM, £ =
97%).



P. Makarov et al. RM59 481
15!h International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

UTS,

N/mm2

600

0,3 0,5 OJ

- 5
_, i

- n
ri J,W/
[-%

• 2

-

i

k i
% \

1 i 1

\ Slllik 8

0",
N/mm2

5(7(7 t, eC
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strength of the tungsten alloys of (a) large and (b) thin sections.
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W+ThO2, 8 - W+2%ThO2, W+27%Re, P = Larsson-Miller parameter.
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CONCLUSION

The general principles of the alloying of tungsten and the formation of
special structural states of the tungsten alloys are established and used to
design new carbide precipitation hardenable alloys with high or low contents
of rhenium and molybdenum. These alloys are characterized by high short-
term, long-term, and specific strength values in a wide temperature range
and surpass light high-temperature structural alloys and the alloys based on
refractory metals in these properties.

Comparison of the advantages and shortcomings of VM and PM
processes for the fabrication of various types of products from W alloys
shows:
• the highest purity and density, the highest low-temperature ductility and

toughness, and a high temperature strength of thin-section semiproducts
and/or large-size near-net shape details can be achieved for VM W, W-Y,
W-Re-Me (especially high-Re), and W-MeC alloys;

• simpler, low-cost, and metal-saving PM-process should be preferred in all
cases when thin-section semiproducts are required.
The designed reliable methods preventing carbide oxidation upon sintering
and increasing uniformity of the distribution of Re (Mo) and strengthening
phases by their introduction through easily-decomposing compounds or
more ecologically efficient MA technique improve the properties of PM-
alloys and widen their application.
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The Effect of Thermo-Mechanical Processing on the
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Summary:

Variations in oxide species and consolidation method have been shown to
have a significant effect on the mechanical properties of oxide dispersion
strengthened (ODS) molybdenum material. The mechanical behavior of
molybdenum - 2 volume % La2O3 mill product forms, produced by CSM
Industries by a wet doping process, were characterized over the temperature
range of -150°C to 1800°C. The various mill product forms evaluated ranged
from thin sheet stock to bar stock. Tensile properties of the material in the
various product forms were not significantly affected by the vast difference in
total cold work. Creep properties, however, were sensitive to the total
amount of cold work as well as the starting microstructure. Stress-relieved
material had superior creep rupture properties to recrystallized material at
1200°C, while at 1500°C and above the opposite was observed. Thus it is
necessary to match the appropriate thermo-mechanical processing and
microstructure of molybdenum - 2 volume % La2O3 to the demands of the
application being considered.

Keywords:

molybdenum, refractory metals, La2O3, oxide dispersion strengthened, creep
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1. Introduction:

Historical Background: Very fine dispersed second phases have long been
recognized as a way to improve the elevated-temperature strength of metals
and alloys (1,2). The basic theoretical background established several
criteria for success, directed primarily at insuring strong particle-dislocation
interactions and thus high hardening rates at low temperatures. These
criteria included (1):

• Small interparticle spacing.
• High hardness of the dispersed phase.
• Low matrix-particle interfacial energy.

For the dispersant to provide effective creep resistance, additional criteria
were identified, including (1):

• High free energy of formation for the dispersed phase particles to
enhance particle stability.

• A low or negligible solubility for components of the dispersed phase in
the matrix.

• Low diffusivity of the components of the dispersed phase in the matrix.

Attempts in the fifties to attain these goals were not particularly successful
(3), although several different matrix-particle systems were investigated. In
these early cases, the materials under investigation suffered from particle
sizes that were simply too large to have the desired beneficial effect.

One refractory metal alloy class stood out during this time as a highly creep-
resistant material, namely AKS-doped tungsten (4,5). It had been long known
that tungsten when doped in very specific ways with very small amounts of
oxides of aluminum, potassium, and silicon, displayed extraordinary
resistance to creep after recrystallization. This creep resistance was
connected to the unique elongated grain structure that evolved during
recrystallization. A full understanding of this effect was not gained until the
seventies, when the work of several investigators (6,7) identified the operative
mechanism in the alloy system. They showed that the doping produced a
very fine array of potassium bubbles, which were highly deformed by the wire
drawing process used for making lamp filament wire. The thermal energy
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applied to recrystallize the tungsten also caused these "tubes" to break into
linear arrays of submicron equiaxed bubbles. The bubble arrays provided
strong barriers to grain growth perpendicular to their length, but little
resistance along the length, providing a highly elongated creep-resistant
recrystallized grain structure.

This understanding also prompted efforts to manufacture oxide-dispersed
materials, and in the same era great progress was made in manufacturing
analogues of AKS-doped tungsten using oxide particles in both tungsten (8)
and nickel (9,10). The fundamental criteria were shown to be independent of
material system, and essentially the same or very similar to those identified in
the early theoretical work on dispersion hardening.

A variety of approaches have been pursued to produce fine, stable oxide
dispersoids in molybdenum (11-13). The literature hints that materials were
made that satisfied the creep resistance criteria (14,15), following the model
of thoriated tungsten. However, no creep test data were reported for these
materials. In the late eighties, success was demonstrated using rare earth
oxides to produce the dispersoids (16). Again it was shown that if fine
dispersoids are produced and the material is highly worked before
recrystallization, a highly creep-resistant material resulted.

Doping Techniques and Oxide Species: Our previous investigations into the
choice of doping technique and oxide species (17) were used to guide the
system and doping technique used in this work. Figure 1 illustrates the effect
of doping technique and species on tensile properties of ODS molybdenum-
lanthana and ODS molybdenum-yttria alloys. The figure legend notes the
average oxide particle size obtained in the wrought product using both wet
and dry doping techniques. For both oxide species, the wet doping technique
results in a much finer dispersion of oxide. At ambient temperatures the
alloy's strength is not strongly sensitive to either doping technique, but at high
temperatures the wet doping technique produces superior material for a given
oxide species. Lanthana-doped material is also superior to yttria-doped
material at elevated temperature.

The superiority of the lanthana-doped material is clearly shown in Figure 2,
which is a summary of creep test results obtained from a variety of
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molybdenum-base materials. In addition to the lanthana- and yttria-doped
materials shown in Figure 1, the creep behavior of arc-cast molybdenum (18)
and Z6, a commercial zirconia-doped material, are shown. The superiority of
the wet-doped molybdenum-lanthana is apparent.

The work reported here focuses on molybdenum doped with lanthanum oxide
(La2O3), using the wet doping process developed by Bianco, et. al. (19). This
approach employs an aqueous lanthanum nitrate solution to dope the
molybdenum dioxide (MoO2) precursor before its reduction to molybdenum
metal powder. The process achieves a very fine dispersion of the La2O3 in
the metal powder, which imparts excellent high-temperature properties. The
experimental work reported in this paper was designed to evaluate the
efficacy of the Bianco/Buckman doping technique by characterizing the high-
temperature properties of pilot- and production-scale heats of ODS
molybdenum in both round and flat product forms.

2. Material Description:

The starting material that was used to produce the various mill forms for
mechanical property evaluation was produced by CSM Industries by the
patented wet doping process that has been described previously (19). The
ODS molybdenum material contained nominally two volume percent La2O3

that corresponds to a lanthanum (La) analyzed content of 1.09 weight
percent. Various consolidation methods and thermo-mechanical working
schedules were used to produce the mill forms evaluated. The total amount
of work in the final product forms varied from 92% to 99.6% work which
represents a reduction in area ranging from 12/1 to 200/1. Flat sheet was
produced by cold isostatic pressing (CIP) a rectangular sheet bar which was
subsequently sintered and rolled to final gage starting at elevated
temperatures and finishing at near room temperature. The 4.8 mm (0.188
inch) diameter round bar was processed from a 70 mm (2.75 inch) diameter
CIP'ed billet which was sintered, and then processed to final form by a
combination of rod rolling and swaging at elevated temperature. The 38 mm
(1.5 inch) diameter bar was consolidated by CIP'ing a nominal 280 mm (11
inch) diameter billet which was sintered and then extruded hot to sheet bar at
a 4/1 reduction. A section of the sheet bar was then turned to a 70 mm (2.75
inch) diameter round and then rod rolled to final diameter. The final as-
worked microstructure was typical for an as-worked material. After a high
temperature (>1600°C) annealing treatment, a highly elongated interlocking
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grain microstructure, typical for an oxide dispersion strengthened material
developed (20).

3. Experimental Procedures:

Tensile and creep rupture specimens were machined from the various final
product forms. All specimens were pickled to remove 25 - 50 u.m (0.001-
0.002 inches) from each of the as-machined surfaces in the gage section.
Additionally, low temperature tensile specimens were electropolished in a
room temperature solution, containing four parts concentrated reagent grade
sulfuric acid and one part distilled and/or deionized water, using a 0.25 mm
(0.010 inch) thick Type 304 stainless steel cathode and a direct current
accelerating potential of 6 - 7 volts to remove 25 - 50 p,m (0.001-0.002
inches) from the gauge section.

Mechanical Properties: The following mechanical properties were measured
for the ODS molybdenum: (a) 0.2% offset yield stress, (b) ultimate tensile
stress, (c) percent reduction in area, and (d) total elongation to failure. The
ductile-to-brittle transition temperature (DBTT) was measured by uniaxially
loading tensile specimens to failure at temperatures ranging from +200 to -
196°C(+392to
-321 °F) per ASTM Standards E8 and E21 and a strain rate of 0.05 min"1 or
0.00083 sec"1. The surface of each fractured tensile specimen was analyzed
with a scanning electron microscope (SEM) to identify the mode of fracture;
i.e., ductile or dimpled, cleavage, intergranular, or mixed-mode. The DBTT
was defined as the lowest test temperature at which 100% dimpled fracture
surfaces were observed, i.e. no cleavage type failure. The elevated
temperature tensile properties of the swaged and recrystallized condition
were measured by uniaxially loading a tensile specimen to failure in dynamic
vacuum (< 5x10"5 Torr) at temperatures ranging from 1000 to 1800°C (1832
to 3272°F) and a strain rate of 0.05 min"1 or 0.00083 sec"1.

The uniaxial creep-rupture behavior of the ODS molybdenum material was
evaluated at temperatures in the range of 1200 to 1800°C (2192 to 3272°F)
under ultra-high vacuum (UHV) conditions (<1x107 Torr) using internally
dead weight loaded machines as described by Buckman and Hetherington
(21). The entire system including the test specimen was sealed, baked-out
for fourteen hours under dynamic vacuum at 225°C (437°F) to remove all
adsorbed moisture and gases from all internal surfaces. The system
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including the test specimen was heated to the desired test temperature and
held for thirty minutes with no load on the specimen. Length change of the
gage section was monitored with an optical extensometer with a resolution of
1.25 urn (50 micro-inches ). Measurements were made using the shoulders
of the gauge section for reference. The first length measurement was made
with no load on the specimen, and the first length change measurement was
made immediately after the load was applied. Length change measurements
were taken at periodic intervals to define the creep deformation behavior of
the specimen.

4. Results and Discussion:

Tensile Properties: The longitudinal tensile properties of the ODS
molybdenum lots in the as-worked and stress relieved condition are shown in
Figure 3. The percent cold work (work at temperatures lower than the
recrystallization temperature) is noted for each in the legend. From the yield
strength behavior, one can see that the differences in the amount of cold
work have a limited effect on the ambient temperature (< 300°C) strength but
almost no effect on the elevated temperature strength of the ODS
molybdenum material. The ambient temperature ductility is affected by the
total amount of cold work to some extent as well. The lots that were worked
to a lesser degree (38 mm /1.5 inch diameter bar and 6.4 mm / 0.25 inch
thick sheet) have higher room temperature elongation. Also evident from the
elongation plot is that the DBTT for all the lots is well below room
temperature. The observed DBTT values are listed in Table 1. Scanning
electron microscopic evaluations of the fracture appearance confirmed fully
ductile transgranular shear below room temperature consistent with
previously reported fractography (20).
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Table 1. Ductile-to-brittle transition temperature (DBTT) of stress relieved
ODS molybdenum and unalloyed molybdenum.

Material/Form
P/M Mo rod
ODS Mo rod
ODS Mo bar
ODS Mo sheet
ODS Mo plate

Size
4.8 mm (0.188 inch) dia.
4.8 mm (0.188 inch) dia.
38 mm (1.5 inch) dia.
0.75 mm (0.030 inch) thick
6.4 mm (0.25 inch) thick

DBTT (°C)
<-25
<-100
<-100
<-100
<-50

Creep-Rupture Properties: Unlike the short-time tensile strength, the creep
properties are significantly affected by the total amount of cold work. Figure 4
shows the UHV creep behavior of the 38 mm (1.5 inch) diameter bar and 4.8
mm (0.188 inch) diameter rod along with another developmental lot of
recrystallized ODS molybdenum rod at 1600°C (2912°F) and 34.5 MPa (5
ksi). As shown in this figure, the total work dramatically affects the degree of
primary strain exhibited but has little if any affect on the steady state creep
rate. This plot also points out the danger of reporting only minimum creep
rate for use as

38.1mm dia. bar (92% RA)
4.8mm dia. rod (98.2% RA)
4.8mm dia. rod (99.6% RA)

200 400 600 800

Time (hours)

1000 1200

Figure 4. Effect of total cold work on creep resistance of ODS molybdenum;
constant load uniaxial creep at 1600°C (2912°F) and 34.5MPa
(5ksi).
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the comparison between materials or differences in thermo-mechanical
processing of a single material.

Metallurgical Condition: In addition to the total amount of cold work, the final
end use temperature for ODS molybdenum needs to be considered in
choosing the appropriate microstructure for optimum creep resistance. A
comparison of creep rupture life of ODS molybdenum as a function of
metallurgical condition and test temperature is shown in Table 2 compared to
unalloyed molybdenum (18). As is indicated from this table, at all
temperatures, ODS molybdenum is vastly superior to unalloyed molybdenum.
At the lower test temperature (1200°C) ODS molybdenum in the stress
relieved condition has over three times the creep rupture life as the same
material tested in the recrystallized condition. At higher temperatures
(1500°C and 1700°C) the opposite result is observed, the recrystallized
material had exceeded three times the rupture life of the stress relieved ODS
molybdenum.

Table 2. Effect of total work and metallurgical condition on creep rupture
properties of ODS molybdenum and unalloyed molybdenum.

Material

Mo

ODS Mo

ODS Mo

Mo

ODS Mo

ODS Mo

Mo

ODS Mo

ODS Mo

Product Form

Ref. 18

0.188 inch (4.8 mm)
diameter rod
0.188 inch (4.8 mm)
diameter rod
Ref. 18

0.188 inch (4.8 mm)
diameter rod
0.188 inch (4.8 mm)
diameter rod
Ref. 18

0.025 inch (0.75 mm)
thick sheet
0.025 inch (0.75 mm)
thick sheet

Test
Temp (°C)

1200

1200

1200

1500

1500

1500

1700

1700

1700

Stress
MPa (ksi)

103.4
(15)

103.4
(15)

103.4
(15)
34.5
(5)

34.5
(5)

34.5
(5)

34.5
(5)

34.5
(5)

34.5
(5)

Metallurgical
Condition

RXT

SR

RXT

RXT

SR

RXT

RXT

SR

RXT

Creep Rupture
Life (hours)

0.25

4,100

1,250

0.6

750

> 2,000

0.03

217

>600
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5. Conclusions:

The wet doping process in combination with a selected oxide species
produced oxide dispersion strengthened (ODS) molybdenum with a
combination of high temperature creep rupture strength and a ductile-to-brittle
transition temperature (DBTT) well below room temperature. The thermo-
mechanical working schedule which ranged from an area reduction of 12/1 to
over 200/1 had limited effect on the tensile properties over the temperature
range of-100 to 1800°C (-148 to 3272°F). However, the thermo-mechanical
working schedule did have a large impact on high temperature creep rupture
strength. The processing schedule and final metallurgical condition must be
tailored to fit the final application. At temperatures near or less than 0.5Tm

(1172°C / 2142°F), the stress-relieved microstructure provided the optimum
creep rupture strength. The opposite was observed at temperatures much
greater than 0.5Tm where the recrystallized microstructure provided the
highest creep rupture strength.
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MICROSTRUCTURE AND MECHANICAL PROPERTIES OF

Mo/ZrC IN-SITU COMPOSITES

T. Suzuki, N. Nomura and S. Hanada

Institute for Materials Research, Tohoku University, Sendai 980-8577, Japan

Summary

Mo/ZrC in-situ composites with hyper-eutectic (Mo-40mol%ZrC) and eutectic
(Mo-16mol%ZrC) compositions were synthesized by arc-melting blended Mo
and ZrC powders and their microstructures and mechanical properties were
investigated. Mo-40ZrC annealed at 1873 K for 70 h consists of coarse
primary ZrC particles greater than 10 |im and eutectic of fine ZrC particles
less than 1 jam and Mo solid solution with grain sizes of about 3 |um. In
Mo-16ZrC fine ZrC particles with an average diameter of 600 nm are
distributed in Mo solid solution, forming some colonies with sizes of several
10 |o.m. Yield stresses at a strain rate of 1.7 x 10"4s"1 for Mo-40ZrC are very
high at high temperatures, especially above 1500 K, which are higher than
those of monolithic ZrC and Mo-40TiC. Mo-40ZrC exhibits good creep
strength as compared with advanced ceramic matrix composites. Fracture
toughness KQ for Mo-40ZrC and Mo-16ZrC at room temperature is evaluated
to be 13.9 and 12.7 MPa-m1/2by three point bending test, respectively, which
is much higher than that of monolithic carbide (1-3 MPa-im1/2).

Keywords:
ZrC, Mo, composite, microstructure, yield stress, creep strength, fracture
toughness

1.Introduction

Structural materials at very high temperatures over Ni base superalloys are
required to develop in various industrial fields. To meet these demands
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advanced structural materials such as refractory intermetallics or ceramics
have been investigated mainly because of their high strength at elevated
temperatures. However, most of them have low fracture toughness at
ambient temperature. In spite of many efforts to increase the fracture
toughness through a ductile phase reinforcement, few studies have
succeeded in increasing the fracture toughness without sacrificing high
temperature (creep) strength. There are two processes to incorporate a
ductile phase in brittle intermetallics or ceramics. One is the ex-situ process,
where a ductile phase is artificially introduced, and the other is the in-situ
process, where a ductile phase is formed during high temperature synthesis.
As a result, interface between two phases is unstable in ex-situ composites,
thereby producing other phase(s) through interfacial reaction on holding at
high temperature, while interface in in-situ composites is very stable at high
temperature. Therefore, in-situ composites are more promising as structural
materials at very high temperatures. Refractory intermetallic base in-situ
composites were investigated in the systems of Nb3AI/Nb [1-3], Nb5Si3/Nb
[4-6] and Cr2Nb/Nb [7]. A considerably good balance between high
temperature strength and room temperature fracture toughness has been
obtained. By contrast, few studies have been reported for ceramic base
in-situ composites.

According to the phase diagram of Mo-Zr-C system [8], ZrC is in equilibrium
with bcc Mo(Zr) at high temperature such as 1673 K. It is expected, therefore,
that fracture toughness of Mo/ZrC in-situ composite can be increased by
increasing a volume fraction of the ductile bcc phase. In addition, monolithic
ZrC is known to have high strength at very high temperatures. In this work
Mo/ZrC in-situ composites are investigated to provide high fracture toughness
in brittle ceramic without degrading high temperature strength.

2.Experimental procedure
Mo and ZrC powders with nominal compositions Mo-40mol%ZrC and
Mo-16mol%ZrC were blended in a cross-rotary mixer and arc-melted in an Ar
atmosphere. The arc-melted buttons were homogenized at 1873 K for 70 h.
Microstructure was observed in a scanning electron microscope (SEM) and a
transmission electron microscope (TEM). Phase identification and chemical
analysis were performed by a X-ray diffractometer (XRD) and an electron
probe microanalyzer (EPMA). Rectangular compression samples with the
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dimension of 2 mm x 2 mm x 5 mm were prepared by electro-discharge
machining (EDM) and polishing with SiC paper. Compression tests were
conducted in vacuum at temperatures from room temperature to 1773 K at an
initial strain rate of 1.7 x 10"4s"1. With reference to ASTM standard E-399, the
fracture toughness measurements were carried out by three-point bending
test using the single-edge notched beam specimens. Rectangular bend
specimens have the dimension of 3 mm x 6 mm x 28 mm and the span length
is 24 mm. A thin notch was introduced at the center of the bend specimens by
EDM using a 100 u.m diameter wire. The cross head speed in bending is 8.3
x10"6m-s"1.

{a) r>
• " - ,

/ •

r

r \

4(pm

Figure 1 (a) SEM and (b) TEM micrographs of Mo-40mol%ZrC.
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3. Results and discussion
3.1 Phase identification and microstructure
XRD and EPMA analysis indicated that homogenized Mo-40ZrC and
Mo-16ZrC consist of ZrC and bcc Mo solid solution. In Mo-40ZrC dark
dendritic phase corresponding to primary ZrC particles greater than 10 u.m
and bright phase containing very fine particles of eutectic are observed in a
SEM micrograph, as shown in Fig.1(a). A TEM micrograph of Fig.1(b) shows
that the eutectic is composed of fine ZrC particles less than 1 |im and Mo
solid solution with grain sizes of 3-5 jim, as shown in Fig.1(b). Fig.2(a) shows
a SEM micrograph of Mo-16ZrC, where fine ZrC particles are distributed in
Mo solid solution, forming some colonies with sizes of several 10 urn A very
small amount of bulky ZrC particles are observed in Fig.2(a), indicating that

(a) •;

-' V ':?>

<*«:,

MoSS

Figure 2 (a) SEM and (b) TEM micrographs of Mo-16mol%ZrC.
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the composition is close to the eutectic one. A TEM micrograph of Fig.2(b)
shows that the fine ZrC particles consist of short fibers with an average
diameter of 600 nm. The fibers have neither apparent preferential growth
direction nor orientation relationship.

3.2 High temperature strength
Temperature dependence of compressive yield stress (0.2% proof stress) for
Mo-40ZrC is shown in Fig.3, where data for Mo-40TiC [9], monolithic MoSi2
[10], MoSi2-45vol%SiCp [11] and monolithic ZrC [12] are also included for
comparison. It is evident that yield stress of Mo-40ZrC is higher than those of
Mo-40TiC and monolithic ZrC above 1300 K. The different grain sizes of Mo
solid solution (3-5 |im for Mo-40ZrC and several 10 jim for Mo-40TiC), solid
solution strengthening of Mo by Zr and solid solution strengthening of ZrC by
Mo may be concerned with the high yield stress of Mo-40ZrC. Fig.4 shows
the applied stress dependence of minimum strain rate in log-log plots for
Mo-40ZrC at 1673, 1773 and 1873 K, where data of Mo-40TiC are also
included for comparison. Creep strength of Mo-40ZrC is higher than that of
Mo-40TiC, which is consistent with the result of compression tests in Fig.3.
Clearly, a linear relationship holds between minimum strain rate and applied
stress. Stress exponents given by the gradient of the log minimum creep rate
vs. log applied stress plot are 4.5, 4.8 and 4.3 at 1673, 1773 and 1873 k,
respectively. The apparent activation energy for creep is calculated to be 510

Monolithic ZrC

400 2000800 1200 1600

Temeprature, T/ K
Figure 3 Temperature dependence of 0.2% proof stress for Mo-40mol%ZrC.
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Figure 4 Applied stress dependence of minimum strain rate for Mo-
40mol%ZrC at 1673, 1773 and 1873 K.

Figure 5 A TEM micrograph of Mo-40mol%ZrC crept to 3% strain at 1673 K
and 200 MPa.

kJ/mol at applied stresses of 200 and 300 MPa, which is close to the
activation energy for the self diffusion of Mo in pure Mo, 488 kJ/mol. Fig 5
shows a typical TEM micrograph of Mo-40ZrC crept to 3% strain at 1673 K
and 200 MPa. The micrograph is taken at a region of eutectic. Dislocation
networks are formed in Mo solid solution between fine ZrC particles. Hence,
the creep deformation is controlled by recovery occurring in Mo solid solution.
Most dislocations touching ZrC particles in Fig.5 are found to be
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perpendicular to the ZrC/Mo incoherent interface, implying that attractive
force is operating between dislocations and ZrC particles. Thus, the high
creep strength is attributable to this interaction of dislocations with ZrC
particles.

3.3 Fracture toughness
Fracture toughness KQ values of Mo-40ZrC and Mo-16ZrC at room
temperature are evaluated to be 13.9 and 12.7 MPa-m1/2, respectively. This
result means that the incorporation of Mo solid solution in ZrC increases
fracture toughness significantly, as compared with monolithic ZrC (1-3
MPa-m1'2). Fig.6(a) shows a SEM micrograph indicating crack propagation on

(a) .»

\

Figure 6 SEM micrographs indicating (a) crack propagation and (b) pull-out
of ZrC particles on fracture surface of Mo-16ZrC.
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a sample surface. One can see that cracks propagate in a zig-zag manner
partially along colony boundaries and many ligaments of Mo solid solution are
produced. Therefore, the crack deflection and ligament formation are
responsible for the increase in fracture toughness. Fig.6(b) shows a SEM
micrograph of fracture surface indicating the pull-out of ZrC particles. This
weak interfacial bond may lead to the increased fracture toughness at room
temperature.
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Summary

Work by Scruggs et al. in the 1960's demonstrated that up to 20% tensile
ductility could be achieved at room-temperature in sintered and extruded
powder metallurgical Cr alloyed with MgO. During sintering, much of the MgO
converts to a MgCr2O4 spinel, which was hypothesized to getter nitrogen from
the Cr, rendering it ductile. Recent efforts at Oak Ridge National Laboratory
(ORNL) have succeeded in duplicating this original effect. Preliminary results
suggest that the ductilization mechanism may be more complicated than the
simple nitrogen gettering mechanism proposed by Scruggs, as some ductility
was observed at room-temperature in Cr-MgO alloys containing nitride
precipitates. Results of microstructural characterization and room-
temperature mechanical property studies are presented for Cr-6MgO-(0-
2.2)Ti wt.% as a function of hot-pressing and extrusion. Possible mechanisms
by which the MgO additions may improve the room-temperature ductility of Cr
are discussed.

Keywords:

chromium, magnesia, spinel, mechanical properties, ductility, interstitial
embrittlement, powder processing

1 . Introduction

Chromium metal possesses an attractive combination of properties such as
high melting point, moderate density, good high-temperature oxidation
resistance, and excellent low- and high-temperature corrosion resistance in
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many environments (1). However, its brittle to ductile transition temperature
(BDTT) is usually, but not always, above room-temperature and, further, it is
susceptible to environmental embrittlement at elevated-temperatures by
interstitial nitrogen penetration (2,3). Therefore, industrial uses of Cr as a
structural material have been limited to low impact/non critical loading
applications.

The development of Cr as a structural material was aggressively pursued in
the 1960's (3). One of the most interesting findings from this era was
pioneering work by Scruggs et al. (4-7), who discovered that the room-
temperature tensile ductility of Cr could be significantly improved by the
addition of MgO. Blended, sintered, and extruded powders of commercial
purity Cr, MgO, and Ti in the range of Cr-(2-6)MgO-0.5Ti weight percent
(wt.%) were reported to exhibit room-temperature plastic tensile elongations
of up to 20% in the as-recrystallized state, and without electropolishing. The
material was successfully used for components such as a gas turbine flame
holder and as a thermowell in an ethylene cracking furnace. However, efforts
to create environmental embrittlement-resistant, high-strength Cr (and Cr-
MgO) alloys for demanding high-temperature applications such as gas turbine
blades, with BDTT's below room temperature, were unsuccessful (3).
Interest in Cr as a high-temperature structural alloy waned in the 1970's, and
the work by Scruggs et al. has been largely ignored since then.

There has been a recent resurgence of interest in Cr as a structural material
(8-13), driven by its excellent high-temperature corrosion resistance, which
makes it of great utility for the chemical and process industries, and its
relatively low coefficient of thermal expansion (CTE), which is attracting
attention as a metallic interconnector in solid oxide fuel cells (14).
Improvement in room-temperature mechanical properties is still a major goal.
The driving force behind the present work has been to gain a fundamental
understanding of why MgO additions to Cr improve ambient temperature
ductility, and to revisit the possibility of developing Cr-MgO alloys for
moderate impact/load- bearing structural applications in hot, aggressive
environments. Applications of interest include nozzles, spouts, and brackets
in black liquor gasification environments (15). Here we present preliminary
results from microstructural and mechanical characterization studies of the
original Scruggs Cr-6MgO-0.5Ti wt.% alloy, and from our initial attempts at
fabricating ductile Cr-MgO base alloys.
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2. Characterization of Scruggs Cr-6MgO-0.5Ti wt.% Alloy

A major contributor to the ambient brittleness of Cr is the presence of tramp
interstitial elements (nitrogen, carbon, etc.), which can result in the formation
of acicular phases at the grain boundaries (1-3). The ductilizing mechanism
proposed by Scruggs was based on in-situ gettering of interstitial impurities,
primarily nitrogen. During sintering, much of the MgO added to commercial
purity Cr powder converts to the MgCr2O4 spinel phase, which Scruggs
hypothesized gettered nitrogen and other impurities from the Cr, rendering it
ductile (5,6). High levels of oxygen impurities in the Cr powder (0.5-0.6 wt.%)
were considered necessary to form the MgCr2O4 spinel phase (5). The Ti was
added for general gettering purposes.

Table 1- Chemical analysis (inductively coupled plasma and gas fusion) of
the Scruggs Cr-6MgO-0.5Ti alloy. Data for a typical hot-pressed Cr-MgO-Ti
alloy of the present work, as well as for the source Cr and MgO powders, are
also shown. All compositions are reported in wt.%.

Element

Cr
Mg
Ti
O
N
C

s
Al
Si
Fe
Ca
W
Ni
Na

Scruggs
Cr-6MgO-0.5Ti
92.9
3.33
0.48
3.116
0.031
0.04
0.019
0.01
0.02
0.04
0.01
-
-
-

Cr-6MgO-1Ti

92.05
3.89
1.08
2.7
0.038
0.06
0.011
-
0.07
0.1
-
-
-
-

Cr
Powder
99.17
-
-
0.59
0.025
0.01
0.02
0.01
0.01
0.09
-
0.06
0.01
-

MgO
Powder
-
64.88
-
33.82
<0.1
0.11
0.12
0.89
0.04
0.03
0.1
-
-
0.01

An ingot of Cr-6MgO-0.5Ti wt.% alloy manufactured in the 1960's was
obtained from Dr. Scruggs for study. Details of the processing conditions for
this specific ingot could not be found; however these alloys were generally
manufactured by blending of commercial purity powders, sintering at
approximately 1600°C for 1-2 h, and then extruding at 1200°C (typically at a
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9:1 ratio) (4,5). A chemical analysis of this alloy is presented in Table 1. The
alloy contained relatively high levels of carbon (0.04 wt.%), nitrogen (0.031
wt.%), and sulfur (0.019 wt.%), which is expected given the use of
commercial-purity Cr powder.

The microstructure of the Cr-6MgO-0.5Ti alloy consisted of a nominally pure
chromium matrix with aligned bands of oxide particles of two distinct types:
magnesium oxide and magnesium-chromium-titanium oxide (Fig. 1).

MgO (dark particles) 100
2 MgCr2O4» Mg2Ti04 Spinel Phase (gray particles)

Fig. 1- SEM cross-section micrograph of Scruggs
Cr-6MgO-0.5Ti wt.% alloy. Spinel phase identification
based solely on composition.

In particular, no titanium was detected in the matrix phase. Electron probe
microanalysis (EPMA) of the complex oxide, quantified using pure element
standards for Cr, Mg and Ti, AI2O3 for oxygen and BN for nitrogen, indicated a
composition (in wt.%) of 15Mg-40Cr-10Ti-35O. To within the experimental
uncertainty in the measurement, this composition corresponds to a spinel on
the MgCr2O4-Mg2TiO4 tie line, of composition 2 MgCr2O4 • Mg2Ti04. No
chromium nitrides were detected by EPMA. The EPMA results indicated
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some nitrogen (0.1-0.5 wt.%) in the spinel phase; however, given the peak
overlaps between the N-K and Ti-L lines, the presence of nitrogen in the
spinel cannot be unambiguously identified even with wavelength-dispersive
spectroscopy (WDS). Electron energy-loss spectroscopy (EELS) in the
transmission electron microscope (TEM) is planned to unambiguously
determine the presence or absence of nitrogen in the spinel (see section 3).

The hardness of the Scruggs alloy was in the range of 150-180 Vicker's
(VHN), which is consistent with a recrystallized structure (as reported by
Scruggs). Tensile properties were evaluated using dogbone-type samples
approximately 3.8 cm long, with a gage length of 1.27cm and a thickness of
0.6-0.7 mm. The surfaces were abraded to a 600 grit (United States
standard) finish. The tensile testing was conducted in humid laboratory air
using a crosshead speed of 2.54 mm/min, which yielded a strain rate of
approximately 3.33 x 10"3/s. Despite a nitrogen impurity level of 0.031 wt.%,
the alloy exhibited substantial plastic tensile elongation at room-temperature,
ranging from 6.9-10.7% (Table 2). For pure Cr (without MgO additions) to
exhibit appreciable room-temperature ductility at these strain rates, it needs
to be very high purity (< 0.001-0.005 wt.% nitrogen), usually (but not always)
cold-worked, and the surfaces electropolished to eliminate local notches
(1.2).

Table 2- Room-temperature tensile properties for Scruggs sintered and
extruded Cr-6MgO-0.5Ti wt.% alloy.

Finish

600 grit (U.S.)

Tensile Strength
MPa

Yield

240
246
253

Fracture

314
328
358

% Elongation

6.9
6.9
10.7

When the Cr-6MgO-0.5Ti alloy was polished to a coarse 180 grit finish, the
plastic tensile elongation was reduced to below 2%. Therefore, the MgO
addition decreased, but did not completely eliminate, notch sensitivity. The
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fracture of the alloy was predominately cleavage-type in all cases, regardless
of the surface finish or the extent of plastic tensile elongation (Fig. 2).

Fig. 2- SEM fractograph of tensile dogbone sample
of Scruggs Cr-6MgO-0.5Ti wt.% alloy shown in Fig 1.

3. Initial Attempts at Fabricating Cr-MgO Based Alloys

A series of Cr, Cr-0.5Ti, Cr-6MgO, and Cr-6MgO-(0.5, 0.75, 1, 2.2)Ti wt.%
alloys was made in order to investigate the ductilizing effect of MgO on Cr.
Commercial purity Cr, Ti, and MgO powders of nominal 1-5 fim size range
were used. Chemical analysis of the Cr and MgO powders, as well as a
typical Cr-MgO-Ti alloy that was made, Cr-6MgO-1Ti wt.%, are shown in
Table 1. The MgO powder was calcined and stored in argon to prevent
interaction with water vapor. Unless otherwise noted, the alloys were
produced by oblique blending the powders for 24h using zirconia balls, and
hot-pressing under vacuum in a graphite die at 1590°C for 2 h at a load of
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MgO (dark particles) 1 0 0

MgCr2O4 Spinel Phase (gray particles)

Fig. 3- SEM cross-section micrograph of hot-pressed
Cr-6MgO wt.% alloy. Spinel phase identification
based solely on composition.

approximately 20 MPa. Selected alloys were further processed by sealing the
hot-pressings in a steel can and extruding at 1300°C with a 9:1 reduction
ratio. Both hot-pressing and hot-pressing/extrusion yielded fully dense
material. The hardness of the hot-pressed and hot-pressed and extruded Cr-
6MgO-(0-1 )Ti wt.% alloys was in the range of 150-180 VHN, similar to the
Scruggs alloy and, again, consistent with a recrystallized structure.

The microstructure of hot-pressed Cr-6MgO is shown in Fig. 3. The alloy
grain boundaries were decorated by MgO and Mg-Cr-0 phases. The
composition of the ternary oxide phase was determined by EPMA to be
12Mg-52Cr-36O (wt.%), consistent with the MgCr2O4 spinel phase. Within the
sensitivity limits of EPMA, nitrogen was not detected in the spinel phase. A
similar microstructure was observed for hot-pressed Cr-6MgO-0.5Ti and Cr-
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6MgO-1Ti, except that Ti was present in the spinel phase (similar to the Ti
spinel segregation observed in the Scruggs Cr-6MgO-0.5Ti alloy).

The presence of Cr-nitrides in Cr-6MgO was detected by the scanning
electron microscopy (SEM) technique of low-voltage EDS spectrum imaging
(16). This technique provides an attractive alternative to EPMA for mapping
of different phases through their characteristic X-ray spectra, although it is not
as good for quantitative analysis. A low operating voltage is used relative to
the EPMA, which results in an order of magnitude better spatial resolution
(-150 nm for 4 kV); however, many of the X-ray lines most suitable for
quantification (e.g., Cr-K) are not excited at these voltages. The much poorer
spectral resolution of EDS relative to WDS also compromises quantitative
compositional analysis. However, because a full spectrum, rather than the
intensities of a few selected X-ray lines, are acquired at each pixel in the
image, low-voltage EDS spectrum imaging provides a true phase, rather than
elemental, mapping technique. In-house ORNL multivariate statistical
analysis software is used to identify all spectrally-distinct phases in the image,
and also robustly distinguishes phases having spectral overlaps (e.g., O-K
and Cr-L) (17,18).

A gray-scale representation of a 200 x 200 pixel spectrum image, acquired at
4 kV with 100 nm per pixel, is shown in Fig. 4 for Cr-6MgO. In addition to the
Cr matrix, MgO and MgCr2O4 phases, chromium nitride and sulfide phases
were also identified. The nitrides were typically located adjacent to the MgO
and MgCr2O4 oxide dispersions. Qualitatively, the nitrides appeared more
blocky than the acicular nitrides typically observed in pure Cr. Similar nitrides
were also observed in hot-pressed Cr-6MgO-1Ti (the microstructure of hot-
pressed Cr-6MgO-0.5Ti has not yet been examined for nitrides). Interestingly,
preliminary analysis of the sintered and extruded Scruggs Cr-6MgO-0.5Ti
alloy and a hot-pressed and extruded Cr-6MgO-0.75Ti alloy of the present
study did not indicate any nitrides in the microstructure, although further work
is necessary to definitively rule out their presence.

Room-temperature tensile properties of the hot-pressed and hot-
pressed/extruded alloys are summarized in Table 3. All samples were tested
under the same conditions as for the Scruggs Cr-6MgO-0.5Ti alloy (600 grit
finish, strain rate of approximately 3.33 x 10"3/s). Both the pure Cr and Cr-
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Fig. 4-Phase map of the hot pressed Cr-6MgO
specimen shown in Fig. 3, as acquired by low-
voltage EDS spectrum imaging.

0.5Ti wt.% control alloys exhibited brittle behavior at room-temperature, with
little plastic tensile elongation (<~2%) observed. However, plastic tensile
elongation in the 3-5% range was observed for hot-pressed Cr-6MgO and Cr-
6MgO-1Ti (Table 3), despite the presence of Cr nitrides (Fig. 4). (Similar
ductility was also obtained for hot-pressed Cr-6MgO-0.5Ti). It should be noted
that the grain size of the Cr and Cr-0.5Ti alloys was on the order of 0.5
millimeter while the grain size of the hot-pressed Cr-6MgO based alloys was
on the order of 50 microns.

Increasing the Ti content to 2.2 wt.% in hot-pressed material resulted in a
reduction in plastic tensile elongation to the 1% range, although the yield
strength was increased from the 200 MPa range to over 300 MPa (Table 3).
Subsequent extrusion of hot-pressed Cr-6MgO-0.75Ti (Fig. 5) yielded plastic
tensile elongations over 10%, similar to that obtained for the Scruggs sintered
and extruded Cr-6MgO-0.5Ti alloy (Tables 2, 3).
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Table 3- Room-temperature tensile properties for selected alloys
manufactured in the present work.

Alloy (wt.%)

Tensile Strength
MPa

Yield Fracture %
Elongation

Hot-Pressed 1590°C for 2 h
Pure Cr

*Cr-0.5Ti

Cr-6MgO

Cr-6MgO-1Ti

Cr-6MgO-2.2Ti

156
149

182
202

0.6
1.1

178
185

220
209
205
220

210
175
202
200

333
338
283

229
246

296
290
310
324

322
322
340
350

358
372
338

1
1.2

3.4
3.5
4.9
5.2

3.1
4.7
5.2
5.4

0.6
1.2
1.2

Hot-Pressed 1590°C for 2 h and Extruded 1300°C
9:1 Ratio

Cr-6MgO-
0.75Ti

227
243

393
388

12.9
10.7

*Hot isostatically pressed at 1600°C, 1.5 h, Nb can
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PWjjïl

(a)

100 um

Fig. 5: Optical cross-section micrographs of
hot-pressed and extruded Сг-бМдО-ОТбТк
a) longitudinal b) transverse (10% oxalic etch)

4. Discussion, Implications, and Planned Work

Overall, it was found possible to reproduce the beneficial effect of MgO on the
room-temperature tensile ductility of Cr reported by Scruggs. The room-
temperature tensile ductility of the Scruggs alloy and the hot-pressed alloys of
the present work suggests that the addition of MgO to Cr significantly
increases the tolerance of Cr to tramp interstitial impurities such as nitrogen
and decreases, but does not completely eliminate, notch sensitivity. This
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latter finding is consistent with reports by Scruggs that, while the tensile
BDTT of the Cr-MgO alloys was below room-temperature, the impact BDTT
was above room-temperature (4,7). The addition of Ti in the 0-1 wt.% range
to Cr-6MgO appeared to have little effect on room-temperature tensile
properties (evaluated for hot-pressed material only).

The observation of Cr nitrides in the hot-pressed Cr-6MgO and Cr-6MgO-1Ti
alloys was very surprising given that these alloys showed -5% plastic tensile
elongation at room-temperature (Table 3, Fig. 4). This result suggests that the
ductilization of Cr by MgO is more complicated than the spinel nitrogen
gettering mechanism proposed by Scruggs. Contributing factors to the
ductilizing effect of MgO on Cr are speculated to include a switch to a more
benign morphology of the Cr nitride phase and/or a shielding of its detrimental
effects by its location adjacent to MgO/MgCr2O4 particles, and the production
of a relatively fine-grained material (50 micron size range). Tucker et. al. (19)
observed an effect of Cr2N precipitate morphology on BDTT in pure Cr as a
function of quenching and ageing treatments, although the results were not
definitive. A reduction in grain size has been reported to increase low
temperature ductility and fracture toughness in Cr (e.g. 1, 20). The
introduction of fine particles such as MgO may also lower the BDTT by
decreasing the effective slip plane length (reference 21 as cited in reference
22).

Attempts at introducing other ceramic dispersions in Cr have produced mixed
results on room-temperature tensile ductility (3, 23-25) with no dispersions as
effective as MgO. (Scruggs also demonstrated a beneficial effect with the
direct addition of MgAI2O4 spinel to Cr (6), however, the available data
suggest that it was not as effective at ductilizing Cr as MgO). The present
authors have conducted preliminary investigations of additions of TiO2 and
Y2O3 hot-pressed under the same conditions as the Cr-MgO alloys, none of
which resulted in significant room-temperature tensile ductility.

The factors contributing to the unique effect of MgO in ductilization of Cr
(beyond its tendency to form a spinel phase with Cr2O3) are not clear. One
quality of MgO is that it is quite soft for a ceramic phase and is therefore likely
to be well tolerated by the Cr matrix during deformation. This may be
necessary to realize the beneficial effects of grain size reduction resulting
from the introduction of second phase particles in Cr. Second, as pointed out
by Bakun et al. (22), MgO has a very high CTE relative to Cr, which likely
results in high tensile stresses at the MgO-Cr interface. This could cause
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preferential precipitation of impurity phases at this location (22); Bakun et al.
(22) also reported the presence of precipitated inclusions at the MgO-Cr
interface similar to that observed in the present work for Cr-nitrides.
Evaluation of the mechanical properties of Cr with ceramic dispersions of
significantly higher CTE than Cr are planned to evaluate this mechanism.

In the present work, subsequent extrusion more than doubled the observed
plastic tensile elongation at room-temperature in hot pressed material (Table
3). The reasons for this are not yet known. The increased ductility could be
due to the texture introduced by the extrusion treatment (the tensile axis was
aligned with the extrusion direction), a further reduction in grain size, or a
more uniform distribution of MgO/MgCr2O4 particles. It could also result from
complete removal of the nitride precipitates observed in hot-pressed material
by effective capture by the MgCr2O4 spinel phase as a result of the driving
force provided by the extrusion treatment. This latter explanation is effectively
a refinement of the original mechanism proposed by Scruggs (5,6). However,
it is important to stress that further characterization work is needed to confirm
the absence of nitrides in extruded material and/or incorporation of nitrogen
into the spinel phase. Critical experiments are also underway to determine
the relative contributions of nitrogen management (altered nitride morphology
and/or gettering by the spinel phase) and metallurgical effects (grain size
refinement, texture, dispersed particle interactions with dislocations, etc.) to
the ductilization effects of MgO on Cr.

An implication from all of the aforementioned proposed mechanisms is that
mechanical properties may be improved if a finer particle dispersion can be
achieved. This would reduce grain size and reduce the effective internal
notch size, and possibly increase the efficiency of interstitial impurity
management and gettering (if it does in fact occur). To accomplish this, work
has been initiated to examine the effect of high-energy ball milling the Cr,
MgO, and Ti powders prior to consolidation. Both the addition of MgO
powder directly and the addition of Mg metal powder, with the goal of
precipitating out fine MgO by internal oxidation, are planned.

5. Conclusions

1) The addition of MgO to Cr resulted in -5% tensile plasticity in hot-pressed
Cr-6MgO-(0-1 )Ti wt.% and -10% tensile plasticity in hot-pressed and
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extruded Cr-6MgO-0.75Ti at room-temperature, in an as-recrystallized state
with a 600 grit surface finish and at a strain rate of approximately 3.33x10~3/s.

2) The ductilization mechanism by which MgO acts is complex. In addition to
apparent management of interstitial impurity elements such as nitrogen,
through modification of nitride morphology and/or internal gettering, a
significant contribution due to metallurgical factors such as yielding a fine
grain size or a dispersed particle effect on dislocation behavior cannot be
ruled out.
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Summary:

The first electric powered lamp operated more that 150 years ago, since then
the evolution of light sources is astonishing. Today, more than 10% of the
global electric power produced worldwide serve for light production from
several billions lamps. Since last three decades incandescent lamps are
gradually replaced by more energy efficient discharge lamps. In parallel, new
generations of Light Emitting Diodes, producing bright colours (including
white) with luminous efficacy challenging even discharge lamps, appeared in
past years. The objective of this paper is to focus on the state of art in the
domain of light sources and discuss the challenges for the near future.

Keywords:
Light Sources, Luminous efficacy, Materials

1. Introduction:

Unable to tame natural light sources the Man discovered two methods to
excite matter and force it to produce artificial light: the incandescence and the
luminescence:

• In a first approximation we could define the "incandescence" as the
production of light from any hot body (temperature higher than 500°C).
The red light emitted from a heated iron piece is a characteristic example
of this process. To the similar way when any organic matter is burning
produces heat, gases and some carbon "particles". These carbon
particles are then agglomerated to clusters of a few micron of diameter
(10"6 m). Because of the surrounding heat these clusters become
incandescent and produce the orange-red light characterising a flame.
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• However, phenomena like phosphorescence and fluorescence
demonstrated the possibility to produce light from the matter with out
heating. The German scientist Wiedemann proposed, at 1888, to call this
"cold" emission "Luminescence", with the possibility to add a prefix
indicating the method used for triggering this phenomenon ; to this way
electricity causes "electro-luminescence", friction causes "tribo-
luminescence" and so on...

Nowadays, using electric lamps Man can produce artificial light when he likes
and as he like. "Light is the Man's most important product" said J. Waymouth.

2. Historic evolution of the electrical light sources:

Who invented the first electric lamp ? T. Edisson ? Certainly not ! The first
electric powered light source, a free burning carbon arc, has been proposed
by the English scientist Faraday in 1814 in the Royal Academy of Science
(historically, this can be considered as the very first application of plasmas).

In 18th century Dr Wall suspected the electric nature of
sparks emerging from the amber made knob of his
walking stick when rubbed up, he compared these
sparks to lightning during storms. Some years latter,
in 1750, Francis Hawksbee produced the first man-
made glow by electrostatically charging the outside of
a glass globe from which he had evacuated the air. H.
Davy, in 1814, demonstrated the possibility to create
an electrical discharge in a rarefied gas between two
electrodes when connected to a Volta's battery

Figure 1: H. Davy's (Figure 1). In 1814, Frarady in the Royal Academy of
e99 Science the first electric powered lamp for public

lighting, it was a free burning carbon electrode arc able to produce stable
white light during 10-20 h by keeping constant the inter-electrode distance
with a complicated mechanic system. His invention, improved by other
scientists has been extensively used for public and indoor lighting in Paris
(the Paris' Opera were the most famous example). In the 1850s, H. Geissler
discovered that a discharge through a low-pressure gas gave off light of a
spectrum characteristic of the gas, thereby founding at one time the neon
sign industry and the science of spectroscopy. By proper choices of gases,
Geissler was able to produce light of nearly all colours. The first commercial
application of this principle was a display of multicoloured lights put on at
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Queen Victoria's diamond jubilee. Then, in 1878, incandescence arrived with
the first carbonised bamboo-filament lamp presented by Edison. Less efficient
than any electric discharge but less expensive and considerably easier to
manufacture this lamp rapidly dominated the market, the first commercial
discharge lamp manufactured in series appeared 50 years letter. Nowadays,
world-wide lighting industry produce more discharge lamps than
incandescence bulbs.

The following illustration (Fig 2) resumes the historic evolution of light sources
from the turn of the XIXth century up to now.

Incandescence
with gas filling

Tungsten
filament |

Experimental arc
systems

'LED

1990-...
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3. Economic and environmental dimension of lighting industry:

Last year the world-wide turnover of the lighting industry is estimated to be
more than 15 billion Euros. Figure 3, resumes the Japanese production
during 10 years ; we notice that the Japanese lighting industry represents
nowadays 15-25 % of the world-wide lamp production. However, light sources
find application in several important industrial domains, for example,
reprography, surface treatment, water and air purification, curing, and
process monitoring and control. If these additional applications are taken into
account the total word-wide turnover of light source related technology is 2-3
times higher than the above figure.

Currently, more than 7.5 billion
lamps operate world-wide
consuming more than 2,000
billion kWh per year (10-15% of
the global energy production
world-wide). If, for an
industrialised country, this
amount is substantial (e.g. about
11% for France, 20% for US) it
becomes very important for
under-development nations for
which lighting is one of the major
applications of electricity (i.e. 37
% for Tunisia and up to 86% for
Tanzania). Furthermore, the

annual greenhouse gas (CO2) due
to this energy production is
estimated to be in the order of 550
million tons. In future, it can be
estimated that the need for light
sources will increases by a factor of
3. More efficient light sources would
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Figure 3: Annual production of Japanese
lighting industry. (HID : High Intensity

Discharge Lamps, Inc. Refl : Incandescence
with reflector, Inc. Hal: Halogen

Incandescence, Inc. Tot.: Incandescence
Total, FL : Fluorescent)

limit the rate-of-increase of electric power consumption ;

reduce the economic and social costs of constructing new generating
capacity;

reduce the emissions of greenhouse gases and other pollutants.



G. Zissis RM64 525

15lh International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

In fact, an improvement of 25% in the lamp efficacy corresponds to 250 billion
kWh per year energy savings as well as 150 million tons less greenhouse gas

in the atmosphere.
Air-conditioning

24%

Equipement
26%

Lighting
45%

Figure 4: Repartition of electrical consumption
of a typical commercial building in UK.

A large number of studies have been
completed and published on the
potential of energy savings through
energy conservation measures. For
example, as shown in Fig. 4, the
commercial building sector, with more
than 40 billion square meters of space
in place, and representing,
approximately, 30 to 35% of total
electrical demand, is estimated to
utilise more than 40%. of its energy for
lighting, and another 5 to 10% for air-
conditioning necessary, in major part,

for cooling air and building fabric heated directly or indirectly by current light
generation technologies. Various estimates have indicated a potential for
energy savings of 25 to 50% in the commercial sector by utilising newly
available lighting technology. From the viewpoint of lighting design, the main
focus of attention has been to increase the average efficiency from the range
of 40 to 50 lumens per watt achievable using older fluorescent technology
towards the figure of 100 lumens per watt made available using the latest
fluorescent lighting systems.

Fluorescent lamps dominate the area lighting market and 1.2 billion are
fabricated each year world-wide with Japan being responsible for 20% of this
total. These light sources, as do several other commercially important types,
contain a small amount of mercury. As a consequence, at the end of the lamp
life-time a considerable amount of "undesirable" waste is> generated, for
example, 80 tons of wastes containing mercury are collected each year in
France. It is well known that mercury is a highly toxic material, however, if
mercury were eventually to be prohibited as a lamp dosant material on
environmental grounds then this would represent an even greater challenge
for the development of new generations of light sources with greater efficacy
than is available at the present time.
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4. Some definitions:

The quality of a light source can only been defined in terms of the application
for which it is designed. As the major application of light sources is lighting,
the understanding of the "visual environment" is required before any attempt
to optimise the light source. This visual environment consists on the light
source, the object and the photoreceptor. In fact, "to see", means, using the
photoreceptor to detect, to locate and to identify an object illuminated by a
light source (Fig. 5).

Photoreceptor
• brightness
• colour

Light Source
a radiated power
• spectrum

Figure 5: The visual environment

In the triad "source-object-photoreceptor" it is preferable to first examine the
second item, the object, because this is a "passive" element with fixed
properties. An object is characterised by its shape and its colour. The "colour"
is a rather tricky idea because, as we will discuss latter, we "see" colours in
our brain only. In fact, objects appear coloured by selectively reflecting or
absorbing various wavelengths of light incident upon them. As an example, a
red rose appears red to us (this not the case of a bee or a dog...) because it
reflects light around 700 nm and absorbs all other wavelengths.

Let now focus our attention to the photoreceptor because its properties
largely govern the needed visual properties of sources. In most common
cases the human eye is this photoreceptor.

The eye pick up light from the source or the object and transmit the
information to the human brain as two different independently perceivable
signals: "brightness" and "colour", where colour is further broken down into
"hue" and "saturation". The eye perceives different wavelengths and the brain



G. Zissis RM64 527

15'" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

0.2-

450 500 550 600 650 700

Figure 6: Brightness relative sensitivity of the
"standard" human eye under photopic (sun sing)

and scotopic (moon sign) vision conditions

"see" colours. The eye, as
photoreceptor, is sensitive to
only a narrow band of the
electromagnetic spectrum, this
band, corresponding to "visible
light", stretch from 400 nm
(violet) to 700 nm (red).
Moreover, it is not uniformly
sensitive within this pass band.
The sensitivity varies with the
illumination level, this is due to
the fact two different type of
detectors exist in the eye: the
cones which perceive colour
and necessitate a minimum
illumination level of a few
candelas per square meter
(cd/m2) and the rods which

perceive grey levels corresponding to brightness, they are much more
sensitive and faster than cones. Figure 6, shows the relative response of the
"standard" human eye as function of the incident wavelength adopted since
1924 by the CIE (Commission Internationale d'Eclairage). The first curve
(moon sign) corresponds to the eye response under low illumination level,
called scotopic vision. The second one (sun sign) represents the receptor's
sensitivity under high illumination level, this is the photopic vision. This latter
is the only one concerning lighting design because the eye is "light-adapted"
than "dark-adapted" under the most illumination levels produced by the man-
made light. The brightness sensitivity is related to energy by the fact that at
555 nm (this wavelength corresponds to the maximum sensitivity of the
human eye) a radiant watt emitted by the source is equal to 683 lumens (Im).
Thus, the lumen should be considered as a "weighted" power unit taking in to
account the human eye sensibility.

The light source is characterised by the radiant power and the emitted
spectrum. The efficacy of a lamp is more delicate to define, in fact we will
distinguish here the "electrical efficacy" to the "luminous efficiency".

We call electrical efficacy, e, the ratio of the emitted power, Pr, expressed in
watts, to all spectrum (visible, UV and IR) over the input electrical energy, Pin

expressed also in watts:
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£ = -
Pi,,

This is a unit-less quantity some times expressed as a percentage.

The luminous efficiency, r\, expressed in lumens per watt, is a measure of
how efficiently a lamp converts electrical power, Pin, expressed in watts, to
visible light expressed in lumens:

We notice that the product, k Pr(A,)VpnPi), between the radiant power
(expressed in watts) and the photopic eye response, Vph(X), gives the
luminous flux expressed in lumens when k=683 Im/W.

The spectrum of an electrical lamp could be either continuum, this is the case
of incandescence lamps, or line (band) spectrum characterising any
discharge lamp. Recently a new lamp called "cluster lamp" produced a
continuum spectrum mixed with spectral lines like a candle !

For most seeing tasks, colour perception of illuminated objects is important. If
a light source has very little energy radiated in the part of the spectrum that
the object can reflects then it look rather black (or grey). The Colour
Rendering Index (CRI) is a measure of how well the light source reproduce
the colours of any object in comparison to a black body radiating at the same
"colour temperature". The CRI of a lamp is obtained by measuring the fraction
of light reflected from each of a number of surfaces of specific colours
covering the visible spectrum. We arbitrary attributed a maximum CRI of 100
to this light source whose most closely reproduce colours.

We speak earlier of "colour temperature" without defining the term; this
quantity, also called "Correlated Colour Temperature" (CCT) corresponds to
the temperature of the black body whose spectra most closely represents the
spectra of the light source. This CCT thus tell us something about the
appearance of the light source. The "natural light" referring to direct sunlight
has a CCT of 5100 K, whereas cloudy sky corresponds to higher CCT (6500
K). We notice here that a high CCT corresponding to a bluish light appear to
create a "cold" ambience, on the opposite, a low CCT light source seems to a
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human being "worm"... Definitively, it is difficult to dissociate physical,
physiological and psychological factors in the study of light sources !
Therefore, it is desirable for light sources designed for a variety of illuminating
purposes to radiate light of all visible wavelengths, so that all coloured objects
may be seen in something approaching their natural hues and saturation.
Human beings differ widely in preferences, and it is therefore very difficult to
quantify this measure of light source performance. In general, however, a
universally accepted subjective criterion appears to be how people look when
illuminated by the light source in question. If people look vibrant and alive, the
colour balance of the light source is acceptable for most uses; if they look
cadaverous or ill, it is unacceptable for applications in which people see one
another illuminated by it.

Depending on the intended applications, commercial light sources will have
different rating for the above characteristics (see Fig.7). The particular
application, and the demands of the consumer are the principal driving force
in lighting research.

High

Mean

Low

Low Pressure
Sodium lamp

High Pressure
Sodium lamp

Metal Halide Metal Halide
(Quartz envelop) (Ceramic envelop)

Mercury
High Pressure "White"

High Pressure
Sodium lamp

incandescence

100 IRC

Figure 7: Rating of some electrical light sources according IRC and luminous efficiency
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5. The ideal white light source:

It is possible to define the theoretical optimum light source in terms of
maximum luminous efficacy at 100% radiant power efficiency for a "white"
light source having good colour rendering capabilities. If one were to specify a
blackbody-like spectral power distribution in the visible, with zero radiant
emission at any other wavelength, then at 100% radiant power efficiency, the
luminous efficacy is about 200 Im/W.

However, it proves to be possible to do better than that; radiation in the far
red or far blue is not effectively utilised by the eye for either colour response
or brightness response, although these extremes are customarily considered
part of the visible spectral band. Acceptably good colour-rendering properties
may be achieved in a light source which is radiating in just three narrow
wavelength bands: blue, green, and red. Most coloured objects have
sufficiently broad reflectance spectra that they reflect light in two or more of
these bands, and the eye-brain system accepts a colour definition dependent
on the ratio of these two intensities of reflected light. Provided the
wavelengths of the emission bands are chosen to be those corresponding to
the maximum of the action spectra for the eye response to red, green, and
blue, the brightness sensation perceived by the eye can be maximised
simultaneously with the colour response. Light sources with such spectra can
simultaneously have higher luminous efficacy than any continuous-spectrum
source while maintaining nearly equivalent colour-rendering properties.
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A, (ran)

Figure 8: How calculate the maximum nominal efficiency of a white light source

For instance (see fig 8), consider an ideal source radiating as a black body at
3,000 K the following narrow spectral lines: 450, 555, and 610 nm, the eye
photopic response has the values of 51.5, 683, and 343 Im/W at the three
wavelengths respectively. Using the definition of the luminous efficiency, the
integral in this relation is reduced to a simple sum:

where IBB(^! 3000 K) is the emitted power from the black body at 3000 K and
at a wavelength X-t. The resulting luminous efficiency is approximately 300
Im/W, with the apparent "colour" of the light being the same as that of a
blackbody at 3000K (this a realistic CCT value for white light), and colour
rendering comparable to this blackbody emitter. This figure of 300 Im/W then
represents the probable upper limit for luminous efficiency of a three-
wavelength-emitting source having colour rendering acceptable for nearly all
lighting applications.

As shown in Fig. 9, after increasing steadily throughout the previous seventy-
five years, efficiency of conversion of electric energy into light by commercial
light sources appears to have reached a plateau of about 33% of the
theoretical maximum. No truly revolutionary new light sources have been
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introduced since the mid-1960's, marked by the debut of metal-halide and
high pressure-sodium arc discharge lamps. Light source developments since
then have been primarily evolutionary, with incremental improvements in

efficiency. Overall system
gains in lighting efficiency
have in the last decade
primarily resulted from the
substitution of more efficient
sources for less efficient
ones (viz. compact
fluorescent replacing incan-
descent). To achieve the
continued load-saving
challenges that will be
required in the future, much
greater efficiency
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improvements, of about a
factor of two, will be
required. Furthermore, from

an environmental point of view a drastic reduction or elimination of harmful
substances is required (viz. complete elimination of mercury).

The inability to develop dramatically-improved light sources in recent decades
has not resulted from lack of effort by the lamp manufacturers themselves. All
of the major lamp manufacturers in the US and Europe have for many years
maintained significant applied research and advanced development groups
unburdened by day-to-day problem-solving responsibilities, but immersed in a
highly-focused corporate climate. These groups have been, and continue to
be, well aware of the limitations of existing lamps, materials and processes,
and have been free to seek out better light-generating phenomena on which
to base dramatically-improved products. If such phenomena were known at
the present time then these groups would have explored them, modified them
as necessary, and exploited them in commercial products. It seems, therefore
that a fundamental reason for the present plateau in efficiency of light sources
is that the industry has outrun the scientific base that has supported the
technology since its inception: atomic physics and spectroscopy, and electron
and plasma science, electronics and electrical engineering. Thus, the
development of revolutionary new light sources having double the efficiency
of current light sources can only be based on new scientific phenomena not
previously considered for light source applications.
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All the above discussion concerns the two main characteristics of the ideal
white lamp, the luminous efficiency and CRI. Furthermore a "good" lamp
should fulfil several other requirements. In fact a "good" lamp should:

1. have a high efficiency
2. have a high CRI
3. have a long life
4. produce a stable light level during its lifetime
5. avoid flickering
6. produce its nominal flux instantaneously when turned on
7. be exchangeable with other types of lamps
8. be compact and light
9. avoid harmonic distortion feedback to the electric network
10. avoid environmental harmful materials
11. avoid electromagnetic interference with any other electronic equipment
12. avoid excessive heat and UV rejection
13. be recyclable
14. be inexpensive

6. Electric discharge lamps: Principle of operation:

An electric discharge lamp presents several advantages in comparison with
any incandescence bulbs: It is a very efficient energy converter, transforming
as 25 to 30% of the input energy into light; it last a long time, more than 2
years of continuous service (-10,000 hours); it have an excellent
maintenance of the light output, typically delivering more than 80% of its
nominal luminous flux during 85-90% of its life-time. This is excellent, but how
a discharge lamp works ?

Radiation

Input Power

Heat

Fig. 10: An electric discharge transforms input power to radiation and heat
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Any electric discharge convert electrical input power to radiation and heat
escaping from the plasma (Fig. 10). Depending on the intended application its
possible to privilege radiation or heat escape (radiation should be
predominant for a lamp !). In order to better understand who this
transformation occurs we will artificially split the plasma into two populations:
the charged and neutral particles and we will study the energy exchange
mechanisms between these two populations and the environment.

The figure 11 illustrate the most important energy transfer mechanisms in the
discharge plasma. The electric field generated by the external power supply
represents, in most common cases, the unique energy input into the plasma.
This field act on the charged particles, thus the electrical energy is
transformed into the kinetic energy of moving electrons (the ion contribution is

Mass Transfer
S(ambiolar diffusion)

Electric
Elastic

Inelastic

2nd kind

Mass Transfer
liffusion & convection)

Radiation

Heat

Radiation
Ibrehmsstrahlung)

Figure 11: Energy transfer channels in a electric discharge plasma

in most cases negligible because of their high inertia). This energy is
essentially redistributed via "collisional" and "radiative" channels. Elastic
collisions between electrons or electrons and ions haven't any direct
incidence to energy transfer studied here. However, this type of collisions has
a big influence on the Electron Energy Distribution Function (EEDF): it is
generally accepted that EEDF is closer to the Thermal Equilibrium Maxwellian
function when the electron-electron collision frequency is high.



G. Zissis RM64 535^
15' International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

Elastic collisions between electrons and neutral particles (atoms and/or
molecules), transfer energy from "hot" electrons and "cold" neutral particles.
The number of such collisions is directly proportional to the product between
the densities of electrons and neutral particles. In most cases the external
circuit fixes the electric current in the discharge, by the way, the electronic
density is almost fixed also. As the energy fraction transferred in each
interaction is very low (proportional to the ratio of electron over neutral
particle masses) it is clear that, for a given value of the electron density, a big
number of collisions is needed for an efficient transfer of energy between
those two populations. Thus, when the total neutral particle density (linked to
the pressure by the perfect gas law) is relatively low, in steady state, the
kinetic energy of the electronic population could be significantly higher than
this of the neutral particles, the discharge is then very far from the Local
Thermal Equilibrium (LTE) conditions. An example of a such system is the
fluorescent lamp: the global operating pressure is in the order of a few
hundred pascals, the mean kinetic energy of electrons is around 1 eV
whereas the mean energy of the neutral particle gas is in the order of 1/40
eV. In the case of higher operating pressures (in the proximity of the
atmospheric pressure) the energy exchange in efficient and both electrons
and neutral gas have the same kinetic energy, this corresponds to a LTE
discharge for which Maxwell's, Boltzmann's and Saha's laws are functions of
the local temperature. The mercury high pressure (HID) lamp is a typical
example.

The elastic collisions govern also the electron transport phenomena. The
electron mobility and the discharge electrical conductivity are directly linked to
the electron's mean free path in the plasma. This mean free path should stay
in all cases lower than the dimensions of the vessel containing the discharge,
otherwise the mean "life-time" of an electron in the plasma is not sufficient for
the discharge maintenance. For several reasons, the most convenient way for
controlling the mean free path is to impose the operating pressure. However,
in some cases, like the fluorescent tube or other non LTE systems, increasing
the pressure leads to a dramatic decrease of the radiant power and luminous
efficiency. The solution to this problem consist to use gas mixtures and
dissociate the role of each constituent: the "active" gas produce radiation (and
new electrons) and the "buffer" gas, the role of the latter is, in principle, to
control the mean free path of electrons in the plasma (this is an idealistic
situation...). For example in the fluorescent TL lamps the active gas is
mercury (partial pressure less than 1 Pa) and the buffer gas is in most cases
argon (partial pressure 400 Pa). When pressure is high, the distinction
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between active and buffer gas is no more necessary, the active gas can play
now himself the role of the buffer gas also. This the case of the HID mercury
high pressure lamp. We would like to notice here the fact that in some cases,
like sodium high pressure (SHP) or metal halide (MHL) lamps the use of the
"buffer" gas is different than that described earlier.

Inelastic collision channels (excitation and ionisation) are responsible also for
energy transfer between the "hot" electrons to the "cold" gas. This type of
collisions is directly linked to the production of excited states (radiative and
metastables) and generation of new electrons necessary for the discharge
maintenance and electric current continuity. On the opposite, all 2nd kind
collisions contribute to an additional heating of the electron gas and the non
radiative destruction of the excited states.

Two additional channels exist for energy transfer from electron cloud to the
discharge's environment:

The losses by "collective" mass transfer phenomena, the most known is the
ambipolar diffusion. These transfer fluxes get electrons from the hotter parts
of the discharge toward to the colder discharge's limits where energy is
deposited.

Electromagnetic radiation is also emitted when electrons are decelerated
because of interactions between charged particles. This radiation called
brehmsstrahlung corresponds to a continuum spectrum, it is responsible for
energy transfer from the discharge to its environment.

Finally, the energy communicated to the neutral particles via elastic and
inelastic collisions is dissipated mainly as heat and radiation, a small part of
this energy disappears by mass transfer (diffusion and convection) from the
hotter part of the plasma to its colder outer zone. The radiation emitted from
the discharge corresponds to a line (or band) spectra. This radiation can be
generated everywhere in the plasma and photons travel to all directions.
Some of these photons, during their travel will be reabsorbed and re-emitted
several times before escaping from the plasma. Some others will "disappear"
because of 2nd kind collisions responsible for the destruction of the excited
states, this phenomenon called the "radiation trapping" play a prime role on
the Thermal Equilibrium State of the discharge. For example, resonance
radiation is the most concerned by this trapping because of the presence of
an important number of potential absorbers, in the case of a relatively high
pressure discharge an important part of this radiation will be trapped and the
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number density of the first excited states will increase. Then, by means of
inelastic collisions between electrons and excited atoms it will be easier to get
electrons to higher excited states and thus privilege the emission of some
spectral line normally absent from a low pressure discharge.

In order to conclude this general discussion we should underline the fact that
the Thermal Equilibrium State of the discharge has an important influence on
what of the above channel are privileged instead of some others. A good
knowledge of these energy transfer mechanisms coupled to all species
population balance in the plasma offer us the possibility to predict optimal
operating conditions according to the application.
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UHP: A PHILIPS LIGHTING INVENTION FOR PROJECTION APPLICATIONS

Ger Van Hees*, Ernst Fischer**, Gunther Derra**
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Summary:

The UHP lamp (Ultra High Performance) was invented by Philips research as a
new lighting concept some ten years ago. The UHP-lamp is the first lamp realise
a halogen cycle in a high pressure mercury discharge. This concept results in a
very high luminance - up to 2 Gcd/m2 - and very stable lamp properties up to 10
000 hours lifetime (or more - going to 20 000 hours). These properties make the
lamp ideal for the projection market, a rapidly growing market with strongly
increasing demands towards smaller lighting systems with more light output.

The materials used in the lamp set limits for these increasing demands. The
thermal and mechanical load of the materials used, becomes increasingly high
when the lamp power is increased or when lamps are mounted in smaller
reflectors. The quality of the quartz envelope, the tungsten electrodes and
molybdenum sealing-in ribbon are therefor of the uttermost importance.

Keywords:

UHP, high pressure mercury discharge lamp, lamp materials, thermal load,
mechanical load

1. Introduction

In UHP technology, a very high pressure mercury discharge meets these
demands. When the pressure in a mercury discharge is increased up to 200 bar,
the entire visible range of the spectrum is filled with a continuous back-ground
radiation. This radiation comes from the formation of mercury-molecules in the
discharge. The concentration of mercury-molecules in the discharge increases
rapidly with increasing pressure; at a plasma pressure of 200 bar, the molecule
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partial pressure is in the range of 10 bar. The emitted light under these
conditions consists for about 50% out of continuous radiation. Due to this
phenomenon, the UHP lamp (see fig. 1) produces light in the blue, green and

red area of the spectrum.
Fig. 1: picture of the UHP lamp without reflector

These fairly good spectral properties are of great interest for the projection
system manufacturers. But the biggest advantage of the UHP lighting system is
the extremely high luminance of the discharge. The modern projection displays
tend require a light source that is as small as possible. If the light emitting part of
a lamp is too big, a lot of light is wasted. The UHP lamp has an arc gap of only
1,0 to 1,3 mm, this means that the light output is generated in a volume of a few

The UHP lamp was the first lamp to be able to stabilise such a short arc gap
over a long life time. Due to the presence of a halogen cycle, the 100W UHP
lamp can keep its 1,3 mm arc gap for more than 10 000 hours. The presence of
a small amount of halogen compound (Br) prevents the building up of a tungsten
layer on the inner bulb wall. In the burning lamp the tungsten atoms react
chemically in the colder regions to form gaseous compounds which are
transported back to the hotter spots. In this way, the light output remains very
constant over the life of the UHP lamp (up to 85% of initial light in the bundle
after 8000 hours).

2 Thermal load of the UHP lamp materials

A lot of the power put into the plasma, has to be removed as heat (see fig 2).
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Fig. 2: energy balancing of a UHP lamp

The temperature in the plasma reaches 8000K. Part of the heat is transported
into the sealing-in region of the lamp through the tungsten electrodes. Also the
"electrode losses", caused by the emission of electrons and bombardment of the
tip, have to be removed as heat. The fairly high lamp voltage (100V at 200 bar,
for electrode distance of 1,3mm) of a high pressure mercury discharge leads to
a relatively low current for a given power consumption, hence low electrode
losses. Therefor the electrode tip, which is in contact with the plasma, reaches
only temperatures up to about 3700K, near the melting point of tungsten. The
form and size of the electrodes and the geometry of the quartz glass in contact
with the electrodes, are essential to obtain the right heat transport. With the aid
of FEM analysis, a model has been built which can predict the temperature
distribution of the UHP lamp (see fig 3). Of course, all components in contact
with mercury must have a temperature above the condensation temperature of a
200 bar mercury vapour.
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Fig. 3: FEM modelling of the temperature distribution in a UHP burner

At both ends of the lamp, a sealing between quartz and metal has been realised
with a molybdenum ribbon. At the electrode side, this composite is subjected to
a high thermal load together with large mechanical stresses, see paragraph 3.
At the outside of the lamp, the molybdenum-quartz feedthrough is subjected to
high temperatures in the ambient air. Here, a temperature of more than 350°C
will lead to oxidation of the molybdenum and reduce lifetime. The demands of
the market push the lamp manufacturer to use smaller, elliptical (in stead of
parabolic) reflector types with short focal distance. Since the UHP lamp is
preferably built into a closed reflector, this means that the maximum
temperature of 350°C will be exceeded. The limits of the molybdenum-quartz
composite in this case can be dealt with by using open or airgap reflectors, in
combination with forced cooling, but this means more complex thermal set
design.

Another part of the heat is removed from the bulb through the quartz wall. The
very high plasma temperature leads to convection in the bulb. This means that
especially the top of the quartz bulb is subjected to a very high thermal load.
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Here, the material limits the developments towards smaller and more powerful
lamps. The quartz, reaching temperatures of almost HOOK, will tend to
recrystallize. This will lead to a loss of light and finally to failure. Next to that, the
quartz envelope under high teperature and stress state will deform, resulting in a
loss of pressure inside of the lamp.

3 Mechanical load of the UHP burner

UHP technology requires a very high pressure into a transparant envelope. The
high thermal load of the lamp implies that only quartz glass can be used for the
bulb. This means that a pressure of 200 bar,at high temperature (gradients), is
kept into a glass envelope. Next to that, a metal electrical feedthrough is molten
into the quartz (with very low thermal expans. coeff) to form a vacuum tight and
mechanically strong sealing. This means that the product design, the material
specification and the process control level have to be driven to the limits in order
to produce a state of the art UHP lamp.

4 Chemical demands

Thanks to the relatively low electrode losses, the average electrode temperature
is relatively low. This is necessary in order to minimise the electrode
consumption during lamp life due to tungsten evaporation. Electrode
consumption leads to an increasing arc gap and hence a decline in optical
performance in projection applications. Even more important, the tungsten
deposition on the very small inner surface of the quartz bulb would lead to light
losses and a rise in wall temperature, due to absorption, resulting in early
failure.

In order to solve these problems, it was chosen to develop the UHP lamp in
such a way that tungsten deposition was completely prevented. For this reason
a halogen cycle is achieved in the UHP lamp.
The presence of oxygen and halogen component (Br) in the lamp permits
chemical transportation of tungsten atoms away from the cold regions in the
lamp (bulb wall). The quantity of Br only has to be as small as 1 ug in order to
establish the cycle. The presence of bromine and oxygen in the lamp causes the
equilibrium vapour pressure of tungsten on the tip of the electrode to be below
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that of the tungsten-oxyhalides at the low temperature regions (bulb wall), see
fig 4. This means that tungsten will not be deposited on the (cold) wall.
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Fig. 4: Total equilibrium pressure of tungsten as a function of temperature,
the drawing of the electrode shows approximately the temperature distribution

over the electrode

In order to have a good working cycle, the presence of oxygen- or bromine-
getters is not tolerated in the UHP lamp. Therefor the purity of processes and
incoming materials will have to be controlled in order to avoid disturbance of the
chemical cycle.

5 Conclusion

The UHP lamp concept is a concept which drives the material limits to the edge.
The combination of a severe thermal and mechanical loading, together with a
delicate chemical cycle, leads to a lamp production in which very high levels of
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control must be integrated. This means that both the lamp manufacturer and its
suppliers must be outstanding in process control. Since the projection market is
always demanding more light from a smaller source, this evolution towards high
performance production processes and materials will continue for at least
several years.
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Characterization of the Interface

Molybdenum Sealing Foil / Vitreous Silica

St.Schlichtherle0, G. Leichtfried*, H.P.Martinz,* B.Retter*, F.Netzer0

° Institut für Experimentalphysik, Karl-Franzenz-Universität Graz, Austria
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Summary:

Molybdenum sealing foils doped with 0.52 wt% TiO2 and 0.55 wt% Y-Ce-
mixed oxide were analysed with regard to the distribution of the doping
elements by means of different surface - analytical techniques before and
after sealing with vitreous silica. Good adherence between the Mo-sealing foil
and the vitreous silica, which is a prerequisite for a long - term vacuum tight
seal, is determined by good wettability, mechanical and chemical bonding.

Three different lamp types with vitreous silica envelopes, which were
produced applying different sealing parameters, were used for the
examination. The Y2O3 - Ce2O3 particles with diameters of 1 - 3 urn have the
tendency to give an improved mechanical and chemical bonding, but only
locally. TiO2 leads to the formation of a thin film on the nanometer scale on
the metal substrate and to an improved adherence at the interface
molybdenum / vitreous silica. It is concluded that the lateral distribution of the
metal oxide between the molybdenum ribbon and the vitreous silica is
significant for the long-term performance of the seal.

Keywords:

molybdenum, vitreous silica, quartz, sealing, foil, TiO2,Y2O3 - Ce2O3, lamps;
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1. Introduction

In the lamp industry, the composite vitreous silica / molybdenum foil is of
special importance. A composite that withstands higher operation
temperatures and longer operation times can be created by applying
molybdenum foils with a knife shaped edge doped with yttria and ceria.
Tests with titania doped sealing foils have resulted in a higher stability under
cyclic conditions, but results tended to depend on the sealing time.

The aim of this work was to investigate the glass / molybdenum interface of
three types of lamps, differing in the sealing time, which are produced on an
industrial-scale. Model systems of the molybdenum / vitreous silica
composites have the disadvantage that unrealistic joining parameters are
applied, and they only reproduce poorly industrial conditions.

The analyses were restricted to the distribution of Ti and Y/Ce in the
interfacial region and good lateral resolution was required. A different
behaviour of Ti- and Y-Ce-mixed oxide dispersoids during the sealing process
could be expected to result in a different distribution of the relevant elements.
Bonding states and redox reactions were not considered in this study. A point
of special importance was the question, why sealings with titania doped
molybdenum foils reveal higher resistance against oxidation than those with
Y/Ce-mixed oxide foils, especially in case of a long sealing time.

2. Models for adhesion between metal and glass

The adhesion between a metal and vitreous silica is provided by physical and
chemical interactions. A metal oxide layer between metal and glass is
supposed to be essential for a composite of maximum mechanical stability
(Fig.1). This zone should be composed of only a few atomic layers because
of the danger of delamination caused by thermal mismatch, inhomogeneous
composition and internal stresses in the case of thick oxides (3).
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Sim plified two-dimensional schem a tic representation of glass-to-metal bonding:

A.) glass saturated with metal oxide in the interfacial region to give strong
chem icaI bonding via a "m ono-oxide" layer;

B.) as above, with chemical bonding via a "bulk" oxide layer; the strength of the
resulting system is dependent on the properties of this bulk oxide layer;

C.) interface is not saturated with the metal oxide; only weak bonding via van der
W a a Is forces is achieved.

Fig. 1: Outline of the metal / glass interface; from (2), modified

Joining stresses arise from different physical properties of the metal and
vitreous silica. The stress situation within the composite is determined by:

> the difference in the thermal coefficients of expansion,
> the elastic properties (Young's moduli),
> the yield strength of the molybdenum foil in dependence on

temperature,
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> the set point of the vitreous silica,
> the cooling conditions,
> the geometry of the parts to be joined.

Principally, it is necessary that stresses arising from the joining process do
not exceed the ultimate tensile strength of the materials (3). The thermal
expansion (contraction) of metals is usually a linear function of temperature
and is described by a, the linear coefficient of thermal expansion. This is also
true for glasses, but changes in the expansion behaviour owing to phase
transformations have often to be considered.

An estimation of the thermal stresses within the composite, owing to different
thermal expansion of the materials to be joined, can be made by a
comparison of the thermal expansion curves (2). For the fabrication of the
composite the set point of the glass (temperature of freezing) is essential.
Some glass manufacturers specify the set point 15 K above the strain point,
which is defined by a glass viscosity of 10135 Ns/m2, some take 5 K below the
annealing point (1012 Ns/m2) (6). But the set point is no absolute material
constant but depends strongly on the cooling rate. In industrial practice the
set point is often set equal to the annealing point (1). Below the set point
there is no possibility of stress relief by viscous flow of the glass. When the
expansion curve of the glass is shifted so that the set point coincides with the
metal expansion curve, the temperature dependent differential stress 8 (Fig.
2) of the joint can be seen as intersection on the y-axis.
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Fig.2: The thermal expansion of glass and metal; from (2), modified

A detailed work concerning the influence of the geometry of the metal parts to
be joined on the stress was given by Varshneya and Petti (7).

3. Experimental procedure

Three types of lamps with vitreous silica envelopes, produced with
decreasing sealing time from lamp A to B to C were investigated. The
samples for investigations were prepared by mechanical separation of the
molybdenum ribbons from the vitreous silica.
The analytical methods for the characterization of the molybdenum / silica-
interface can be seen in Fig.3.
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analytical techniques

SEM
Scanning Electron Microscope

EDX
Energy Dispersive analysis of X-rays

LA-ICP-MS
Laser Ablation Inductively Coupled Plasma
Mass Spectrometry

AES
Auger - Electron Spectroscopy

AES- Mapping
Auger - Electron Spectroscopy Mapping

XPS/ESCA
X- Ray Photoelectron Spectroscopy

TEM
Transmission Eletron Microscopy

EPMA .
Electron Probe Micrbanalysis

information
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elementary composition

elementary composition

quant, elementary composition
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Fig.3: Overview of the surface analytical methods applied
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4. Results and discussion

• Seals with Y-Ce-mixed oxide doped foils

Lamps A, B, C produced with Y-Ce-mixed oxide foils reveal similar
distribution patterns at the metal side of the composite. Y and Ce can be
detected associated with Si by means of EPMA within the etching grooves.
This supports the hypothesis of llmer (3) who was able to detect Y-silicate in
model sealings by means of XRD (X-ray diffraction). The glass side shows
mixed oxide particles with diameters of 1 - 3 \im at the interface to the metal
in case of all types of lamps investigated (Fig.4).

J

Fig.4: SEM of the separated glass interface from lamp A (left); EDX of a Y-
Ce-mixed oxide particle (right)

Furthermore, Y can be found in local spherical enrichments with diameters of
5 - 30 nm in the bulk of the vitreous silica of lamps A and B (Fig.5: arrows 1
and 2). These spheres can be detected in a 0.6 jim thick zone adjacent to the
interface.
Between the Y-enrichments no Y is detectable (Fig.5, arrow 4). This is true
for the nm as well as for the jj,m-scale. The results on model composites (3)
could therefore be confirmed with these investigations on real samples. By
means of TEM, no Y layer could be detected at the interface (Fig.5, arrow 3).
The Y-Ce mixed oxide particles stick well on the vitreous silica surface, but no
particles could be detected at the metal side of the composite. Therefore, it
can be deduced that the particles act like push buttons with chemical bonds
to the vitreous silica (Y-silicate-formation).
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50 nm

Fig.5: TEM bright field micrograph (left) with corresponding Y-mapping (right)

At the interface to the Mo foil such bonding does not seem to occur. It is most
probable that the mixed oxide particles are only mechanically anchored in the
molybdenum. As the results are similar for all lamps investigated, it is
concluded that sealing foils with Y-Ce-mixed oxide particles show a similar
behaviour independent of the sealing time applied.

• Seals with the Ti-oxide doped foils

Investigations of the interface between the vitreous silica and the Mo-foil
doped with titania revealed differences between the three types of lamps with
respect to the distribution and concentration of the dopant. Nearly identical Ti-
concentrations of 3 - 5 at% have been measured on the surface of the
separated foil with the AES-method, in the case of lamps A and B. This result
could be verified for lamp A by applying ESCA. TEM-investigations also
confirmed these results. In contrast, the Ti surface concentration is higher by
a factor of 2 in the case of lamp C. Graphitic carbon has been detected on the
surface of all separated foils, presumably as a consequence of storage in air.
Depth profiles of the Mo-foils were measured by means of AES. Based on the
sputtering rate of Ar ions on pure Mo surfaces, a Ti-rich zone of about 4 nm
thickness has been evaluated for lamp A, of 9 nm for B, and of 20 nm for
lamp C - values that correlate with the sealing times of the lamps. A longer
sealing time leads to a lower Ti-concentration in the interfacial region (Fig.6).
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Fig.6: Mo-side of the composite, AES-sputtering depth profiles for the Mo-foils
of lamp A, B and C

There is also an impact of the sealing time on the titanium diffusion profile in
the vitreous silica side of the composite, as shown in fig.9. In the case of lamp
C, the diffusion depth (0.3um) is markedly smaller than for lamps A and B
(around 0.5um).
Ti is homogeneously distributed in lamp A and lamp B with very small Ti-
containing clusters with sizes of a few nanometers (fig.8). In lamp C larger
clusters have been found in the area close to the interface (fig.7).
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Fig.7: TEM bright field micrograph (left) and Ti-mapping (right), lamp C

Fig.8: TEM bright field micrograph (left) and Ti-mapping (right), lamp A
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Fig.9: Glass-side of the composite, comparison of the analyses (TEM-EELS,
AES) for lamp A, B and C with Ti02-doped foils

5. Conclusion and outlook

It is concluded that the distribution of the dopants in the vitreous silica /
molybdenum interface can only be revealed by applying a variety of analytical
methods. Measurements and chemical analysis in the jim range (SEM,
EPMA and EDX) are necessary as well as investigations in the scale of a
tenth of a micron (AES). High-resolution methods (TEM) can also contribute
beneficially.
The Y-Ce-oxide doping improves the adhesion between the vitreous silica /
Mo-foil only on a local scale, whereas the titania exerts an adhesive effect
over the whole surface of the foil.
At the interface a Ti-rich metal oxide layer is the prerequisite for a chemical
bonding between the partners, metal and glass, over the whole surface of the
foil. It is supposed that this Ti-oxide interlayer provides the
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chemical bonding between the glass and the metal. The metal bond of the
molybdenum gradually changes towards the ionic-covalent bond of the
vitreous silica.
In addition, a correlation between the spatial distribution of the dopants and
the joining-time could be established. The foils doped with Y-Ce-mixed oxide
show a behaviour almost independent on the sealing parameters. In the case
of titania-doped ribbons, there is a distinct difference in the distribution of the
dopant among the various lamps produced with various sealing times.
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Abstract

One of the applications of tungsten is as high current density dispenser
cathode in the form of porous tungsten. It is used as a cathode after being
impregnated with an electron emissive material so pore distribution in the
part is the most important parameter for its function as a uniform and
controlled porosity will lead to a better performance.
In this study, application of microhardness as a characterisation method for
uniformity of the pore distribution and homogeneity of the structure is
introduced. Optical microscopy and SEM is used to relate the results and
porous tungsten structure for a better understanding of the method applied.

Keywords: Porous tungsten, microhardness, homogeneity, cathode

Introduction

The performance of a high electron density dispenser cathode in is closely
related to the porous structure of the piece since it is impregnated with
electron emissive material which should come to the surface every time
electrons are emitted as new feeding material.[ 1 ] In this connection simply
the pores should be of open type and uniformly distributed.[ 2 ] They are
obtained by powder consolidation methods i.e. pressing and sintering at high
temperatures T > 2000. [ 3 ]

In the following 80%th and 50%th porous tungsten slugs obtained from the
industry are used as test materials for the determination of the change in
density / porosity by microhardness (HV) measurements. Optical microscopy
and SEM are used to relate results to the microstructure. It is shown that
microhardness can be used as a control mechanism for the homogeneity of
the porous tungsten structures and the uniformity of the pore distribution in
porous tungsten parts.
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Experimental Procedure

Sintered porous tungsten slugs of 6mm diameter each having different
densities; 80%th, 50%th impregnated with epoxy resin are used as test
materials. LECO - 400 Microhardness Test Machine is used for the
measurements. 200gf is used as load since it gave a clear indent although
the porosity of the structure was an obstacle to have an accurate
measurement. It was made sure that the grain size of the selected samples
was smaller than the indent mark so that the hardness values could reflect
the particle - pore inter linked surface. The parts are examined in two
regions; centre and edge in order to observe the change in density thus
porosity in the sample. Coordinates ( x,y ) are given to the indents and the
distance from the centre is calculated using the simple geometrical
relationship for the distance between two points; A (x,y ) and B (x,y ):

D = [ ( x 1 - x 2 ) 2 - ( y 1 - y 2 ) 2 ] ( Eq. 1 )

Change of hardness with distance from the centre of the cathode is plotted for
each sample in order to see the change in density thus porosity along the
surface.

The concept of homogeneity index [ 4 ] is applied to porous tungsten
cathodes to determine the homogeneity of the porous structure using
hardness data.

Numerical results are confirmed by the micrographs from optical microscope
and SEM.

Results and Discussion

Microhardness test has been done on the following samples having two
different densities :

Sample No Relative Density (%th)

1 80
2 50

Related graphs are plotted; hardness vs distance and %frequency vs
hardness range. Homogeneity index concept is applied in order to relate
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hardness measurements to density and porosity distribution of the sample
which determine the sample's homogeneity.

A considerable number of hardness values are taken for each sample to
avoid false conclusions.

Homegeneity Index

Microhardness measurements are used calculate a homogeneity index (HI)
on the basis of a hardness variation factor, VH where;

VH = ( S2 ) / ( Hm ) ( Eq. 2 )

S2 = ( 1 / n - 1 ) I ( H - H m ) 2 (Eq .3 )

S: Standard deviation in hardness value
H: Individual hardness value
Hm: Mean hardness value

HI = ( S / H m ) x 1 0 0 (Eq. 4 )

According to the homogeneity index concept, the smaller the HI value the
higher the homogeneity but as we are comparing samples with different
densities and since the different is about 30%, HI values are not sufficient to
make a conclusion. Frequency of hardness range gives a better view of the
structure no matter the difference in densities since it is purely compared on
the basis of the distribution of the hardness values. Accordingly, the broader
the distribution less the homogeneity. This suggests that, individual hardness
values are very much dispersed and the porosity is not evenly distributed
similarly density varies along the area of interest so porosity is not uniform
and the structure is heterogeneous.

From the figures presented below, it is observed that hardness increases for
both of the samples as we go from centre to the edge region. This change in
hardness thus porosity is confirmed by the optical photos and SEM
micrographs. Samples are first examined individually then are compared with
the help of combined plots. The graphs of sample 1 and 2 are given
consecutively. As can be seen from the figures, data shows significant
scattering. However for the sake of illustrating the trend, linear regression to
the obtained data was carried out.
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Frequency of Hardness Range
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Fig.1.Change of hardness with
distance from the centre of the
80%th dense porous tungsten.
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Fig. 2. Frequency of hardness range
of 80%th dense porous tungsten.
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Fig. 3. Change of hardness with
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Fig.4. Frequency of hardness range
of 50%th dense porous tungsten.

Sample 1 ( 80%th dense porous tungsten )

The edge region is found to be more porous but still harder than the central
region.
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Fig. 5. Optical photo of 80%th dense Fig.6. SEM micrograph of 80%th
porous tungsten. (x 20 ) dense porous tungsten. ( x400 )

Hm ( edge ) = 236.84 HV
Hm ( centre ) = 204.26 HV

The two regions are compared between each other in terms of hardness
gradient and homogeneity. The following figures are related to central and
edge regions respectively.

Central Region
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Fig.7.Change of hardness with
distance for the central region.

Frequency of Hardness Range

n-rrn- -n-n

30

' 20

10

0

lD80%th

140- 160- 180- 200- 220- 240-
160 180 200 220 240 260

Hardness Rango(HV)

Fig. 8. Frequency of hardness range
for the central region.
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Fig. 9. Optical photo of the central
region of 80%th. (x20)

Edge Region

Fig. 10. SEM micrograph of the
central region of 80%th. ( x1100 )
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Fig. 11. Change of hardness with
distance for the edge region.

Fig. 13. Optical photo of the edge
region of 80%th. (x20)
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Fig. 12. Frequency of hardness
range for the edge region.
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Fig. 14. SEM micrograph of the
edge region of 80%th. (x1100 )
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Table 1

Sample No
1 (centre )
1 (edge )

H m (HV)
204.26
236.84

S
23.98
24.72

VH

1.68
1.61

HI
11.74
10.44

Frequency of Hardness Range
(80%th porous tungsten)

1 6 0
260 280

Hardness Range(Hv)

Fig. 15. Comparison of the frequency of hardness ranges of the central and
edge regions of the 80%th dense porous tungsten sample.

Sample 2 ( 50%th dense porous tungsten )

Similarly hardness is observed to be increasing as distance from the centre of
the cathode increases along the surface. The increase is observed to be
much more than that for sample 1 as the slope of the is higher: m2 > m-|.
Central and edge regions are again compared. Optical and SEM micrographs
are taken in order to have a better view.

Central Region
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Fig. 18. Optical photo of the central
region of 50%th. (x20 )
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Fig. 19. SEM micrograph of the
central region of 50%th. (x550 )
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Fig. 21. Frequency of hardness
range for the edge region.
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Fig. 22. Optical photo of the edge
region of 50%th. (x20)

Table 2.

Fig. 23. SEM micrograph of the
edge region of 50%th. (x1100 )

Sample No
2 (centre )
2(edge )

Hm ( HV)
96.96
123.25

S
17.26
10.66

VH
1.75
0.96

HI
17.80
8.65

Frequency of Hardness Range
(50%th porous tungsten)

Frequency

60-80 80-100 100-120 120-140 140-160
Hardness Range(Hv)

Fig. 24. Comparison of the frequency of hardness ranges of the central and
edge regions of the 50%th dense porous tungsten sample.
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Central and edge regions are found to be equally homogeneous with respect
to the hardness distribution. Although according to the HI values a relative
comparison of homogeneity can be made. Optical and SEM pictures show
that the porosity is equally distributed on the surface.

80%th vs 50%th dense porous tungsten cathodes

Finally porous tungsten cathodes with different densities are compared in
terms of homogeneity of the structure by plotting the frequency of hardness
range for each sample. (Fig. 25 )

Combined Plot

Frequency of Hardness Range
(50%th & 80%th porous tungsten)

Hardness Range(Hv)

Fig. 25. Comparison of the frequency of hardness range of the 80%th and
50%th dense porous tungsten cathodes.

It is observed that 50%th porous tungsten has a more narrow distribution so it
is relatively more homogeneous than 80%th porous tungsten which has
actually two distinctive distributions with a discontinuity in the trend, since
central and edge regions differ significantly in terms of porosity. The
calculated HI values for each sample also confirm the above observation as
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Hl2 < HI-, which means that the 50%th porous tungsten has a more uniformly
distributed porous structure than the 80%th dense porous tungsten cathode.
Related SEM and optical microscope photos support the results.

On the other hand for both of the samples an increase in hardness from
centre to the edge region is observed which can be due to the die wall effect
since in the die pressed samples due to the die wall friction particles in the
vicinity of die wall are highly packed, deformed and thus hardened resulting in
a higher density thus lower porosity and higher hardness as observed. In the
80%th dense sample this effect can be observed more clearly whereas in the
50%th sample since the structure is highly porous it is more difficult to
differentiate the centre and edge regions form the micrographs.

As the mean hardness values for each region of the samples are different, HI
values change. Since the HI and Hm are inversely proportional, a region with
high hardness value will have lower HI which might lead to the conclusion
that it is more homogeneous due to the fact that, lower the HI higher the
homogeneity. In conclusion, looking at the HI values is not sufficient to
compare the samples in terms of homogeneity. Frequency of hardness range
should be taken into consideration.

Conclusion

Porosity change of porous tungsten cathodes with different densities is
determined by microhardness measurements. Change of hardness along the
surface of the sample is examined and related to density / porosity
distribution. It is shown that microhardness can be used as a measure for the
homogeneity of the porous tungsten structures and the uniformity of the pore
distribution in porous tungsten parts.

References

1. B. Trivedi, S. V. Paibhale, V. G. Dale, R. Vijayaraghavan, M. A. Limaye,
V. L. Mahajan, PMAI Newsletter, Vol. 9, No. 4, pages 17 -20 , 1983.

2. B. Smith, G. L. Freeman, US Patent 4,444,718, 1984.
3. D. Francois, C. Teraz, R. Meyer, and H. Pastor, Plansee Seminar,

1971.
4. K. V. Sebastian and G.S. Tendolkar, Int. J. Pow. Met. and Pow. Tech. ,

Vol. 15, No. 1, pages 4 5 - 5 2 , 1979.



AT0100413
568 RM68 Z. Nie et al.

15* International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

Research and Development of Tungsten Electrodes

Added with Rare Earth Oxides

Zuoren Nie, Ying Chen, Meiling Zhou, Tieyong Zuo

School of Materials Science and Engineering, Beijing Polytechnic University

Beijing, 100022, P. R. of China

Summary:

The recent research and development of tungsten electrodes used in TIG

and Plasma technologies are introduced, and the tungsten materials as well

as the effects of rare earth oxides are specially discussed. In W-La2O3,

W-CeO2, W-Y2O3 and W-ThO2 electrode materials, the W-2.2mass%La2O3

electrode exhibited the best properties when the current is of little or middle

volume, and when the electrodes are used in large current, the W-Y2O3

electrode is the best. By a comparative study between the tungsten

electrodes activated with single metal oxides, as above-mentioned, and those

containing two or three rare earth oxides, namely La2O3, CeO2 and Y2O3, it

was indicated that the welding arc properties of the tungsten electrodes

activated with combined rare earth oxides additions is superior than that of

the electrodes containing single oxides as above mentioned. It was also

shown that the operating properties of tungsten electrodes depend

intensively on the rare earth oxides contained in the electrodes, and the

actions of rare earth oxides during arcing are the most important factors to
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the electrodes' operating properties, temperature, work function as well as

the arc stability.

Keywords:

rare earth oxides, tungsten electrode, welding, La2O3, CeC>2, Y2O3

1. Introduction:

Tungsten electrode is the key component in TIG and PLASMA technologies,

and W-ThO2 or W-CeO2 electrodes are often used. It is well known that

thorium is a radioactive element, and as a result, some radioactive pollution

will be produced during the production and operating of W-ThO2 electrode.

Moreover, the property of W-ThO2 electrode has to be improved to fit the

need of new technologies. Since 1970s, tungsten electrode activated by rare

earth metal oxides to avoid the radioactivity of thorium has been researched

and developed in China, Soviet Union, Japan and so on. W-CeO2 electrode

was developed in Shanghai Bulb Factory in 1973, and it was proved that in

the case of little current welding W-CeO2 electrode can replace W-ThO2

electrode, but W-CeO2 electrode can not fit in with alternating current welding

and large power. In 1990s, a thorough research work of tungsten electrode

added with single and combined rare earth metal oxides was carried out in

Japan and China. In this text, our work will be introduced primarily.
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2. Operating Properties of RE-Tungsten Electrodes:

In our initial work, tungsten electrodes activated by La2O3, CeO2, Y2O3 and

ThO2 respectively were analyzed (1). The results show that tungsten

electrode added with La2O3, CeO2, Y2O3 respectively has some better

properties that added with ThO2. W-La2O3 electrode has the best arc starting

ability in the four electrodes, followed with W-CeO2, W-Y2O3 and W-ThO2 in

turn. It is also suggested that arc stability of W-La2O3 electrode is the best

when the current is of little or middle volume, and when the electrodes are

used in large current, the W-Y2O3 electrode shows the best arc stability.

Based on the conclusions above-mentioned, tungsten electrode activated by

two or three combined rare earth metal oxides as La2O3l CeO2 and Y2O3

were studied. Tungsten electrodes added with combined additions of rare

earth metal oxides exhibit superior operating properties than tungsten

electrode added with ThO2 or single rare earth metal oxides of La2O3, CeO2

and Y2O3 (2). The electrodes activated by three combined additions of La2O3,

CeO2 and Y2O3 show a little better operating properties than those added

with two combined rare earth metal oxides, but it is suggested that the

RE-tungsten electrode materials exhibited superior processing ability (3).
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3. Study on the Effects of Rare Earth Metal Oxides:

3.1. Effects of rare earth metal oxides on the processing of tungsten

electrode materials:

The tungsten electrodes are produced by powder metallurgy and metal

processing technology. The actions of Y2O3 and CeO2 during the electrodes

preparation and the forms of the rare earth metal oxides in the sintered

tungsten rod as well as its effects on the electrode's heat processing were

discussed (4). The results suggest that the growth of tungsten powders and

sintered granularity is greatly retarded by Y2O3, and the hindrance of CeO2 is

comparatively slighter. It was also indicated that tungstates or oxytungstates

are the most phases of rare earth elements in the sintered rods, and its

stability will affect the forming process.

3.2. Analysis of the actions of rare earth metal oxides during

electrode operating:

The surface morphologies of electrodes' tips after arcing was observed by

SEM, and the distribution of rare earth elements on the surface of electrode'

tip was analyzing by EDAX, moreover, OM device was applied in observing

the microstructures of electrode tip's section along the lengthways, and also

the distribution characteristics of rare earth elements in the electrode tip's

surface layer were researched by means of AES.

In the electrodes added by single rare earth oxide as La2O3, CeO2, Y2O3

respectively or ThO2, three zones having different macro characteristics were

observed on the tip surface, and it was also observed that the distribution of
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rare earth elements was different from each other by SEM and EDAX (1).

In the electrodes activated by combined rare earth metal oxides, three

different zones as same as above mentioned was also observed. And on the

same tip surface of tungsten electrodes different rare earth element distribute

differently along the lengthways, the results of AES analysis indicated that

the migrating velocity of rare earth elements was different from each other

(4,5).

4. Conclusions:

As described all the results of the operating properties, the effects of

rare earth metal elements on the processing and operating above. It may be

concluded that tungsten electrode properties can be improved by adding

combined rare earth oxides to tungsten, and W-ThO2 electrode can be

substituted by tungsten electrodes activated by combined rare earth oxides.
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ABSTRACT

Thermionic emission behaviour of tungsten/tungsten carbide modified
with rare earth (La, Ce, Y) oxides is examined on account of suitability to
deliver important current densities in a thermo-emissive set up and for long
lifetime.

Work functions of potential cathodes have been determined from

Richardson plots for La2C"3 doped tungsten and for tungsten covered with
variable compositions rare earth tungstates. The role of platinum layers
covering the cathode was also examined. Given all cathodes containing
mainly lanthanum oxides were good emitters, emphasis was put on service
lifetime.

Comparisons of lifetime in tungsten doped with rare earth oxides and
with rare earth tungstates show that microstructure of the operating cathodes
may play the major role in the research of very long lifetime cathodes.

Based on these results, tests still running show lifetime compatible with
power grid tubes applications.

KEYWORDS

Thermo-emissive cathodes, rare earth tungstates or oxides, work

function, intermetallic compounds LnPt.5, cathode lifetime.
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INTRODUCTION

Tungsten covered with rare earth tungstate and directly doped with
lanthanide oxides have been widely investigated by Thales Electron Devices
in order to reduce temperature emission of the power grid devices and to
substitute the thoriated tungsten by a non-radioactive material. Indeed, the
risk of the laying down of an European legislation too strict for our suppliers
about the handling of the radioactive elements is still present.

Rare earth oxides as La2O3, Y2O3 and Ce2O3 are well known for their
interesting electron emission and have already been proposed to replace
thoria (1,2). However, high temperature physico-chemical properties show
similarities (same conditions of carburization for thoriated tungsten and rare
earth oxides) as well as significant differences :

Chemical equilibrium constants K= p(CO) / p(MO) at T=2000K
for the formation of metals

W2C + MO(QaZ^ = 2 W + CO + M ( l 'q ) (Eq. 1)

-2
are 10 for La, Ce and 1 for Y and Th.

At the same temperature, vapour pressures of liquid La, Ce or Y is

10 mbar whereas thorium vapour pressure is 10 mbar.

These simple comparisons show that the replacement of thoria by rare
earth oxides in cathodes supposes a deep investigation of the various
parameters controlling the efficiency and the lifetime of a power grid tube. In a
parent paper (3), we examine the chemistry of rare earth tungstates in
contact with tungsten and tungsten carbide at high temperature. The present
paper is more focused on the aspects of emission efficiency and cathode
lifetime.
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EXPERIMENTAL

SAMPLES AND MATERIALS

Various types of cathodes have been examined :

1 / Tungsten wires of 0.434 mm diameter directly doped with rare earth
oxides (in particular lanthanum and yttrium). They are manufactured by
PLANSEE firm These wires were directly heated at 2073K for
carburisation.
Some surface modifications on cathode can be brought: they consisted
of forming a thin platinum layer on its surface by electrolysis of a
platinum nitrate solution held at 90°C. Two cases of carburization are
possible :

- Pre-carburization : it was performed at 2073K before the
platinum deposits.

- Post-carburization : it was performed at 1823K after the
platinum deposits.

2 / Pure tungsten wire covered with rare earth tungstates (Ce2O3~WC>3,

La2O3-WC>3, (Lan.ssYn. 15)203 - WO3). They are prepared from a
polyacrylamide gel-assisted citrate process and are then deposited on
the tungsten surface by cataphoresis. Two cases of carburization are
also possible : the pre-carburization at 2073K and the post-
carburization at 1823K were performed respectively before and after the
rare earth tungstates deposits.

Two types of wires have been used : some are 0.450mm in diameter
and ones of 0.1mm for meshed cathodes.
For cases of post-carburization, cathodes were heated in vacuum until
melting of the tungstate was observed and then wire temperature was
adjusted at 1823K for post-carburization. Platinum layer could also be
deposited with the same way as before.
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Partial carburizations of wires (approximately 10% of diameter) were

performed in low pressure C2H2 at 1823 or 2073K during times not
exceeding 30 minutes.

SETUP

mA

'Doped
tungsten

wire

PUMP

| | Copper anode

[:• I Water-cooling system

Figure 1 : Experimental set up for electronic emission current densities and
work functions measurements.
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The two categories of wires have been tested for emission
characteristics in the same type of experimental chamber under vacuum (see
figure 1). A diode configuration has been set up inside a glass bell jar. The
doped tungsten wire is tightened at the centre of a water-cooled and copper-
made anode. A turbo-molecular pump (500 litres / sec speed) is used to

reach the limited pressure of 2x10 mbar. The tungsten wire length
concerned by the thermo-emission is 2.9 centimetres and that is equivalent to

2
an emissive surface S of 0.395 cm . The distance between cathode and
anode is 4 mm. The wire temperature is measured with a tungsten filament
pyrometer. The thermo-electronic emission of all wire materials have been
studied in the temperature range 1200 - 1600°C.

Four other devices were used for various purposes and to test cathode
lifetimes :

A diode configuration is made of a stretched cathode wire held at the
centre of a 20mm long 5 mm diameter cylindrical molybdenum anode with a
slit to perform pyrometry.

1 / The diode can be enclosed in a steel chamber equipped with
glass windows. Vacuum is achieved with mechanical + turbo-molecular

p

pump (330 l/s) and liquid nitrogen trap. Residua! pressure is 5x10
mbar. This set up is used to measure lifetime of tungsten wires doped
with rare earth oxides.

2 / It can also be enclosed in a steel chamber equipped with silica
windows. Vacuum is obtained with a molecular pump (400 l/s, residual

-10
pressure 10 mbar). Pressure is measured near diode with a Bayard
Alpert vacuum gauge and gases at 10 cm from top of diode are
analysed with a quadrupole mass spectrometer ( Balzers QMG 311).
This set up is used to qualify the nature and the amount of gases
evolved during service of cathode.

3 / The third device consists of enclosing the diode in a steel
chamber equipped with silica windows. Vacuum is obtained with a

molecular pump (80 l/s, residual pressure 10 mbar). Pressure is
measured near diode with a Bayard Alpert vacuum gauge. This set up
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has been used to measure lifetime of tungsten wires covered with
tungstates.

Another diode configuration is made of a meshed cathode held inside a
water cooled copper anode. Distance between anode and cathode is 3 mm
and it is not possible to measure temperature. Vacuum is obtained with

mechanical + turbo-molecular pumps (250 l/s, residual pressure, 10 mbar).
This set up has been used to measure lifetime of meshed cathodes made of
tungsten wires covered with rare earth tungstates.

EMISSIVE PROPERTIES OF CATHODES

In the following, work function calculations are based on the thermo-
emission principle described by the Richardson-Dushmann equation (4):

= A0 .T2 .exp (-<l>s / kT) equation 2

2
where J s is the emission current density (A/cm ), An is the Richardson

2 2
constant (A/cm /K ) and Os is the electron work function (Joules).
Temperature T is in Kelvin.

The experimental protocol for measurements is the following : electronic

emission current I is measured when inter-electrode pulsed voltages U/\ in a
1/2

range 20-800 volts is applied. The emission curves Ln I versus (UA) are

drawn and value of the zero field saturation current ls at some cathode
2

temperature T is determined. Schottky straight lines Ln (Is/T ) = f (1/T) are
then drawn and the electronic work function is deduced from slope.

Extrapolation at 1/T approaching zero gives Richardson constant An.
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The results appear in table I. Important variations of the work function
are observed between doped and covered tungsten wires with the exception

of the 3La2O3 - 2WO3 tungstate (3:2) cathode. There is no clear explanation
for these variations although chemistry (3) suggests that 3:2 behaviour is
different from other compositions. We may suggest that one possible
explanation would be that low work functions are obtained on tungsten
covered with tungstate grains which were observed by SEM after emission
tests, except for the composition 3:2 where the surface does not show any
trace of lanthanum.

The last column of table I reveals that all the compositions of cathodes
allow to obtain good emission at high temperature ( a typical good value is

2
1 A/cm ). This suggests that emission efficiency is not a critical parameter and
that we may concentrate more attention on service lifetime which is at least
as important as emissive property.

Tungsten wires
doped with
rare earth

oxides

Tungsten wires
covered with
a thin layer
of rare earth

tungstate

Doping nature

La2O3(1%)

La2O3 (1%)

+ Y2O3 (0.1%)

2(Ce2O3) - 9(WO3)

2(La2O3) - 9(WO3)

2(La0.85Yo.15)203-

9(WO3)

1(La2O3)-2(WO3)

7(La2O3) - 8(WO3)

3(La2O3) - 2(WO3)

3(La2O3)-1(WO3)

<&s(eV)

3.30 ±0.44

3.71 +0.13

2.58 ±0.14

2.01 ±0.22

2.06 ± 0.04

2.34 ±0.05

2.27 ±0.07

3.37 ±0.17

2.43 ±0.30

Ao

(A/cm2/K2)

990

6900

2

0.17

0.23

1.34

0.38

68.1

0.45

JS (calc)
at

2000K

(A/cm2)

23

15

3

6.5

6.5

8

3

1

1.5
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Tungsten wires
doped with
rare earth

oxides
and Pt covered

Tungsten wires
covered with
a thin layer

of rare earth
tungstates

and Pt covered
Tungsten wires

doped
with thoria (5)

La2O3(1%)+ 15umPt

La2O3(1%)

+ Y2O3(0.1%)
+ 15um Pt

2(Ce2O3) - 9(WO3)
+ 15um Pt

ThO2(1%)

2.39 ±0.16

2.66 + 0.15

2.64 ±0.08

2.63

6.6

91

6.4

3

28

83

6

3

Table I : Electronic work functions <J>s and Richardson constants Arj values
for doped tungsten wires.

LIFETIME OF CATHODES

PLANSEE WIRES STUDY :

Results of emission lifetimes obtained on tungsten wires directly doped
with rare oxides and manufactured by PLANSEE are shown in table II. As we
hope it in regards to the low work function values for platinum covered wires,

the figures of table II show the fact that, for composition W + 1% La2O3,
platinum allows electronic emission. This is less obvious for the composition
with yttrium.

These data also indicate that thicker the platinum layer is, longer the
cathode lifetimes appear. We do not reach lifetime as long as the one that
Buxbaum (2) in 1979 had said to get on similar molybdenum cathodes (a
factor 10 in difference).

However we can say that the platinum layer addition on lanthanum
oxides doped tungsten improves not only the work function but also in the
same time the running cathode lifetime.
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Doping nature

1%La2O3

1 % La2O3

+

0.1%Y2O3

carburization

Pre

Post

Post

Post

Pre

Post

Pre

Post

Post

Post

Pre

Pre

Pt

NO
YES
5 urn
YES

10 Mm
YES

15 urn
YES

15 urn
YES

40 urn
NO

YES
5 urn
YES

10 um
YES

15 um
YES

15 um
YES

40 um

Cathodes
death after
(hours) *

4 (LE.)

100 (LE.)

180 (L.E.)

1050 (L.E.)

1750 (L.E.)

980 (W.M.)

315 (L.E.)

675 (LE.)

865 (LE.)

1050 (LE.)

Cathodes
still alive

after
(hours)

> 2000 **

> 550 **

Working
cathode
T maxi
(Kelvin)
2223

1823

1823

1773

1773

1703

>2073

1823

1823

1823

1823

1533

* : L.E. = Low Emission and W.M. = Wire Melting are the death cathode
reasons.

** : The running of these two cathodes was stopped because of a power cut
in the devices.

Table II : Running lifetime of Plansee tungsten wires doped with rare earth
oxides.
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TUNGSTATES COVERED CATHODES :

The lifetime results are shown in table III and IV. Some very scarce data
showing lifetime equal to or less than one day were excluded because we
considered them due to some accidents in cathode preparation.

Rare earth tungstate
composition

2Ce2O3 - 9WO3

2La2O3 - 9WO3

2(CexGdy)2O3 - 9WO3

(x+y=1)

2(LaxGdy)2O3 - 9WO3

(x+y=1)

2(CexYy)2O3 - 9WO3

(x+y=1)

2(La0.85Yo.15)203-9W03

Carburization

Post-
carburized

Pre-
carburized

Post-
carburized

Post-
carburized

Pre-
carburized

Pre-
carburized

Post-
carburized

Pre-
carburized

Post-
carburized

Pre-
carburized

15um Pt
covered

NO

YES

NO

YES

NO

NO

YES

NO

YES

NO

NO

NO

NO
YES

NO

YES

Lifetime
(hours)
(dead

cathodes)
2680
2450
1660
1550
1180
1200
525

2600

170

2750
120
270
527
140
530
500

250

350

400

4400
1210
1200
1250

Cathodes
still alive

after
(hours)

>6900
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Table III : Lifetime of various 2:9 tungstates doped cathodes.

- 9WO3 modified tungsten cathodes have been particularly
studied because of their very promising electronic work functions (see table
I). Six different compositions containing Ce, La, Y and Gd were examined
The choice of rare earth was based on previous results not described here
and on similarities of physico-chemical and thermodynamical properties of La
and Ce on the one hand and Y and Gd on the other. Table III reveals
interesting features which are :

1) Various cathodes of same composition have approximately same
lifetime (this is not always true).
2) Post-carburization is slightly more favourable for lifetime than pre-
carburization.
3) Platinum coverage of cathode has no clear influence on lifetime.
4) There are huge and unclear differences of lifetime with chemical

composition of tungstates.

Rare earth tungstate
composition

7La2O3 - 8WO3

7La2O3 - 8WO3

3La2O3 - 2WO3

carburization

Post-
carburized

Post-
carburized

Post-
carburized

15um Pt
covered

NO

YES

NO

Lifetime
(hours)
(dead

cathodes)

1450
1450
1250

Cathodes
still alive

after
(hours)
>3900

>2600

Table IV :
tungstates

Service lifetime of various cathodes modified with refractory

Examination of lifetime of tungsten modified by refractory tungstates is
shown in table IV. Except the fact that all cathodes covered with platinum
were dead after a thousand of hours, showing that for this kind of cathodes
platinum has not got a real improving effect on lifetime, other comments on
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uncovered cathodes are difficult to be made : two cathodes (7:8 and 3:2) are
living with relatively important times and one (7:8) is dead. So it is difficult to
conclude.

DISCUSSION

All these results were obtained on tungsten wires modified by rare earth
oxides or rare earth tungstates and also by platinum.

We have already mentioned that all of them are good electronic
emitters. We will then focus discussion on lifetime where we observe large
variations in the results.

Lifetime is difficult to measure because cathode death can be natural or
accidental (poisoning, melting, deformation, power supply cut off, e tc . ) . To
clarify tables, we have not reported these parameters. If we consider that
most of cathodes have a natural death (Low Emission), the cause may
depend on the ratio of the time needed to diffuse rare earth metal and CO

from their formation site inside tungsten (by reacting W2C with Ln2O3) to the
time of evaporation of the first layer of rare earth adsorbed on tungsten. If this
ratio becomes too high death will happen before we have exhausted the

reactive products (W2C and Ln2O3). In the opposite case, death will happen
when one of the two reactive products will have been exhausted. In these two
extreme cases we expect lifetime to be relatively short. Long lifetime will
happen when the ratio of these two times is neither long neither short
allowing to produce just the right quantity of rare earth to keep the first
adsorbed layer. An example of such a behaviour is shown on figure 2.
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Figure 2 : variations of emissive properties of 3:2 tungstate cathode after a
sudden rise of temperature.

In this experiment, temperature of the cathode was abruptly changed
from 1600 to 1700°C. The potential dropped from 400 to 255V (starting point
of the graph of figure 2) after what we can make the difference between the
relaxation times of evaporation and diffusion of reactive products. We
observe an initial rise corresponding to a partial evaporation of the lanthanum
monolayer followed by a slow decrease towards a new working potential.
Although badly defined these characteristic times of evaporation and of
diffusion are of the same order of magnitude, approximately 100 hours.

Tentative calculations of lifetime may be done for distinct hypothesis.
We will do it for a 3:2 cathode at 2000K because this cathode lifetime
experiment was particularly well studied:

We observed its behaviour during a long time (as shown on figure 2).
We could also show from mass spectrometry that the majority of gases
evolved from cathode was CO and the total pressure measured in the

-9
chamber was between 1 and 2x10 mbar during operations. Pumping speed
is also calculated as 42 l/s.
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- A first rough calculation consists of lifetime prediction considering
surface covered with a thick layer of lanthanum metal. Vapour pressure of La
being 1.3x10"2mbar (6) we obtain 7 seconds. This instructive calculation
illustrates the Langmuir idea of the monolayer of active material.

- We can calculate lifetime of 3:2 cathode using total pressure (CO)

equal to 1x10 mbar. We deduce a lifetime of 826 days from pumping speed

and hypothesis that we transform completely W2C to W.

These considerations show that cathode lifetime depends on low
vapour pressures of chemically adsorbed monolayers of rare earth and that
rare earth and CO diffusions in W are time limiting processes in the cathodes
service. These two points emphasize a critical parameter for long life which is
the microstructure of the tungsten host. It may condition to a large extent the
diffusion controlled character of the service of cathodes.

If we try to apply the above ideas to lifetime results shown in tables II-
III-IV, we should first note that Plansee cathodes have a well-defined and
reproducible microstructure. It is then possible to use them to compare the
different modifiers. On account of this we observe in table II that lifetime is not
basically changed with the doping nature or covering element. In terms of
physical explanation, this means that yttrium and lanthanum behave similarly
for diffusion and evaporation. But it also shows the very useful role of

platinum on a La2O3 doped tungsten wire, without which emission does not
occur: a running temperature of 2223 K is too high and so not realistic.

Contrary to Plansee tungsten modified wires, tungstate covered wires
have an essentially unknown microstructure during operation. We have
reported in the parent paper (3) on chemistry of tungstates observations of
the lanthanum distribution after the melting of tungstate for different
compositions. It reveals important differences of rare earth repartition in and
on the solid. In particular we have observed infiltration behaviour of 3:2
through tungsten channels (3). These channels may offer the good
microstructure for low speed lanthanum diffusion during cathode service.
Obviously more work is needed to describe this unknown infiltration
phenomenon and to confirm these new ideas.
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CONCLUSION

New doped cathodes - W / W2C covered with various composition of rare
earth tungstate (La, Ce, Y, Gd) and sometimes with platinum - have been
examined for their ability to produce large emission currents during long
times. They have been compared with all solid Plansee cathodes of same
chemical composition. Results show that all cathodes are good electronic
emitters. Cathode lifetimes are very different from one system to another.
Comparison between them reveals that microstructure is the key point of long
life cathodes.
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Summary

Intermetallic titanium aluminides are one of the few classes of emerging ma-
terials that have the potential to be used in demanding high-temperature
structural applications whenever specific strength and stiffness are of major
concern. However, in order to effectively replace the heavier nickel-base su-
peralloys currently in use, titanium aluminides must combine a wide range of
mechanical property capabilities. Advanced alloy designs are tailored for
strength, toughness, creep resistance, and environmental stability. Some of
these concerns are addressed in the present paper through global commen-
tary on the physical metallurgy and technology of gamma TiAI-base alloys.
Particular emphasis is paid on recent developments of TiAl alloys with en-
hanced high-temperature capability.

Keywords
Intermetallic titanium aluminides, failure mechanisms, properties, processing

1. Introduction

Titanium aluminide alloys exhibit unique mechanical properties combined with
low density and good oxidation and ignition resistance. Thus, they are one of
the few classes of emerging materials that have the potential to be used in
demanding structural applications at elevated temperatures and in hostile en-
vironments. A vast amount of efforts has been expended over the past ten
years in attempts to optimize the composition and microstructure of the alloys
[1-5]. These have led to complex alloys with the general composition (in at.%)

Ti-(46-49)AI-(0-4)Cr,Mn,V-(0.5-2)Nb-(0-1 )Si,B,C. (1)
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The major phases in alloys of this type are -y(TiAI) and a2(Ti3AI). In general, a
reduction of Al content tends to increase the strength level, but is harmful for
ductility and oxidation resistance. Additions of Cr, Mn and V up to levels of 2
% for each element have been shown to enhance ductility. The role of vari-
ous other third elements is to improve other desired properties such as oxida-
tion resistance (Nb, Ta) and creep strength (W, Mo, Si, C) [1]. Boron addi-
tions greater than 0.5 at.% are effective in refining the grain size and stabiliz-
ing the microstructure [6]. The addition of third elements not only changes the
relative stability and transformation pathways of the phases, but also brings
new phases into existence. It must be mentioned that the full details of the
high-temperature phase equilibria and sequence of phase evolution with
temperature and ternary or higher additions are not yet fully understood. By
thermomechanical treatments a broad variety of microstructures can be gen-
erated in the alloys described by (1), which are often characterized in terms of
the volume fraction of lamellar colonies and equiaxed y grains; these are fully-
lamellar, nearly-lamellar, duplex and near gamma structures. The general
features of the correlations between alloy chemistry, microstructure and
properties have been outlined in various review papers which should be con-
sulted for additional background and information [1-6]. The established data-
base indicates that the alloys are viable materials for engineering applications
[7]. However, in spite of the potential technological impact of y(TiAI)-base al-
loys, the useful range of application is limited by their susceptibility to brittle
fracture, which persists up to 700 °C and the rapid loss of strength at higher
temperature. Thus, in most mechanical properties the titanium aluminides are
inferior to the nickel-base superalloys currently in use, even if the comparison
is made on a strength to weight basis. This impedes practical use of the tita-
nium aluminides and is the driving force for the current research and devel-
opment.

As with many other materials, the alloy attributes that are desirable for high
temperature service are counter to those that are considered to be desirable
for low temperature toughness and damage tolerance. Thus, the balance of
the mechanical properties has to be carefully chosen by the alloy design. This
needs a detailed understanding of the relevant failure processes and their
correlation with alloy chemistry and microstructure. At the same time, the ca-
pability for the alloy design is strongly related to the constraints of acceptable
processing routes. These concerns are addressed in the present paper
through global commentary on the physical metallurgy of y (TiAI)-base alloys
and the associated processing technologies. Particular emphasis is paid on
recent developments of TiAl alloys with enhanced high temperature capabil-
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ity. In order to limit the scope of this review, consideration will be given in
separate sections to the following topics:

- deformation behaviour, dislocation multiplication and mobilities,

- creep properties,

- implementation of strengthening mechanisms,

- processing.

2. Deformation Behaviour:

Titanium aluminides are relatively brittle materials, exhibiting little plasticity at
ambient temperatures. Typical of such deformation behaviour is that the glid-
ing dislocations are either too low in density or too immobile to allow the
specimen to match the superimposed strain rate. At elevated temperatures
titanium aluminides suffer from insufficient creep resistance and structural
changes. Such behaviour is often associated with dislocation climb and the
operation of diffusion assisted dislocation sources [3]. Thus, the factors gov-
erning the multiplication and mobility of the dislocations might be important in
several different ways and will now be considered.

2.1 Generation of perfect and twinning partial dislocations:

In two-phase alloys deformation of the y(TiAI) phase is mainly provided by or-
dinary dislocations with Burgers vector b = 1/2<110] and order twinning
1/6<112]{111} [3, 8]. Ordinary 1/2<110] dislocations have a compact core
structure [9], which suggests that cross slip and climb are relatively easy.
Multiplication of these dislocations can therefore take place through the op-
eration of dislocation sources incorporating stress driven cross slip or climb
as has been observed in disordered metals [10]. At room temperature multi-
plication has been found to be closely related to jogs in screw dislocations,
which were probably generated by cross slip (figure 1a) [3, 11].

At elevated temperatures multiplication of ordinary dislocations occurs
through the operation of Bardeen-Herring climb sources [3] as demonstrated
in figure 1b by a sequence of micrographs, part of a TEM in situ study. Ap-
parently, the critical vacancy concentration required to operate a Bardeen-
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150min 210 min 490 min

Figure 1. Dislocation generation in a two-phase titanium aluminide alloy of
composition Ti-48AI-2Cr. (a) Initial stage of multiplication of an ordinary
1/2<110] dislocation by cross glide. The dipole arms trailed at a high jog (1) in
a screw dislocation are widely separated so that they could pass each other
and may act as single ended dislocation sources. Note the emission of the
dislocation loops (2) from the interface, which have been discussed in the
text. Compression at T = 300 K to strain 8 = 3 %. (b) Nucleation and growth of
prismatic dislocation loops during in situ heating inside the TEM, following
predeformation of the sample at room temperature to strain e = 3%.

Herring source is relatively low. Processing routes of titanium aluminides of-
ten involve thermal treatments followed by rapid cooling, which certainly leads
to large vacancy supersaturations. Under such conditions Bardeen-Herring
sources can probably operate throughout the entire period where annealing
out of excess vacancies takes place.

A mechanism common to both low and elevated temperatures is the emission
of ordinary dislocations from the mismatch structures of lamellar interfaces,
which is certainly supported by coherency stresses [3, 11-14]. As with many
other materials, twins in y(TiAI) preferentially nucleate at lattice defects with a
favorable atomic configuration, which can be rearranged into an embryonic
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twin [15]. In two-phase titanium aluminides the lamellar interfaces seem to be
the prevalent sites for twin formation. The twins are nucleated at misfit dislo-
cations with a Burgers vector out of the interfacial phase which provide a
Burgers vector component parallel to the twinning shear direction [15]. There
are one-plane ledges in the twin/matrix interface, suggesting that the twins
have grown through the propagation of Shockley partial dislocations.

The relative contributions of dislocation glide and twinning depends on the
aluminium concentration, the content of ternary and quaternary elements,
and the deformation conditions. There is growing evidence that the activation
of superdislocations in the y(TiAI) phase of two-phase alloys requires signifi-
cantly higher shear stresses so that the different dislocation glide systems
often cannot simultaneously operate. Thus, there are many more restrictions
upon possible deformation modes in y(TiAI) than for disordered metals with
face centered cubic structures. In grains or lamellae which are unfavorably
oriented for 1 /2< 110] glide or twinning, significant constraint stresses can be
developed due to the shape change of deformed adjacent grains. It is now
well established that y(TiAI) is prone to cleavage fracture on {111} planes [11,
16, 17], which at the same time are the glide planes and twin habit planes.
Thus, blocked dislocation glide and twinning may easily lead to the nucleation
of cracks. Once nucleated on {111} planes, the cracks can rapidly grow to a
critical length. For an alloy design towards improved ductility, thus, the activa-
tion of glide involving c-components of the tetragonal unit cell of y(TiAI) is of
major concern.

2.2 Dislocation mobilities:

Information about the factors governing the dislocation mobility in a2(Ti3AI) +
y(TiAI) alloys have been obtained by TEM observations and analyzing the de-
formation behaviour in terms of thermodynamic glide parameters. When the
effects of temperature T and strain rate & are coupled by an Arrhenius type
equation, the total flow stress a can be described as [18-20]

a = aH+ a* = oM + (f/V) (AF* + kT In SVS'o), (2)

with

AF* = AG + VcTf. (3)
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o^is the long-range internal stress, a* is the thermal stress part and V is the
activation volume. AF* is the free energy and AG the Gibbs free energy of
activation. &0 '

s considered to be constant, k is the Boltzmann constant and f
= 3.06 is a Taylor factor to convert a and & to average shear quantities. The
activation parameters V, AG and AF* involved in eqs. 2 and 3 were deter-
mined by strain rate and temperature cycling tests according to the method
proposed by Schock [18]. V can be described as the number of atoms that
have to be coherently thermally activated for overcoming the glide obstacles
by the dislocations. It is therefore expected that V will undergo a significant
change when there is a change of the mechanism that controls the glide re-
sistance of the dislocations. The characteristic temperature dependence of a
and V estimated at the beginning of deformation is demonstrated in figure 2
[20, 21]. The flow stress is almost independent of temperature up to about
1000 K and then decreases. In contrast 1/V passes through a broad minimum
between 800 and 1000 K indicating that significant changes in the microme-
chanisms controlling the dislocation velocity occur. The relevant processes
have been investigated in several studies. Accordingly, at room temperature
the dislocation velocity is controlled by a combined operation of localized pin-
ning, jog dragging and lattice friction [3, 20], while locking of dislocations due
to the formation of defect atmospheres occurs in the temperature range 420
to 770 K [22, 23]. There is increasing evidence that the defect atmospheres in
two-phase alloys are formed by antisite defects, i. e. Ti atoms situated on Al
sites [24]. The strong increase of the reciprocal activation volume above 900
K indicates that a new thermally activated process becomes important. For
the materials investigated here this temperature is just the brittle ductile tran-
sition, where the flow stress degrades. In most cases, the activation enthalpy
is close to 3 eV [3, 20, 21], which is in reasonable agreement with the self-
diffusion energy of y(TiAI) [25]. This is indication of a diffusion assisted dislo-
cation mechanism. Climb of ordinary 1/2<110] dislocations has been recog-
nized on different y-base titanium aluminide alloys by post mortem [26] and in
situ TEM studies [3, 20]. Dislocation climb is known to be a stress driven
thermally activated process. Thus, the strength properties of the material be-
come strongly rate dependent and degrade at low strain rates. These fea-
tures are also characteristic of the high temperature deformation of the tita-
nium aluminides and particularly harmful for their creep resistance. An impor-
tant point is the observation that the activation enthalpy AH of the alloys con-
taining a large addition of Nb (alloy 4-6) [21] is significantly higher than that of
other alloys. The result implies that diffusion assisted deformation
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Figure 2. Dependence of the flow stress a and the reciprocal activation vol-
ume 1/V of binary and niobium containing alloys on the deformation tempera-
ture. The drawn lines refer to the values of a Ti-47AI-2Cr-0.2Si alloy with a
near gamma microstructure. Values estimated at strain E = 1.25 % and strain
rate S = 4.16 x10"V 1 .

processes are impeded by Nb additions, which might be beneficial for the de
sign of creep resistant TiAl alloys [21].

3. Creep Properties:

For the intended applications y(TiAI)-base should have a good creep resis-
tance, which must be present in the earlier stages of deformation. As with
other mechanical properties the creep characteristics are sensitive to alloy



596 RM70 F. Appel et al.
15* International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding A6, Reutte (2001), Vol. 1

composition and microstructure and considerable improvements have been
achieved by optimizing these two factors [27]. Much emphasis has been
placed on describing the stress and temperature dependence of the creep
rate in terms of the Dorn equation [28]. While differences in the details of in-
terpretation are common, there has been general agreement about the fact
that creep of fully-lamellar materials at moderately low stresses (a < 150
MPa) and temperatures (T < 750 °C) is controlled by climb of ordinary dislo-
cations. However, rather less is known about the micromechanisms control-
ling low creep rates, which apparently are more relevant for engineering ap-
plications. This imbalance of information will be addressed in the present sec-
tion in that electron microscope observations performed after long-term creep
will be discussed [29-32]. Among the various microstructures that can be es-
tablished in two-phase alloys fully-lamellar structures exhibit the best creep
resistance, and, thus, will be mainly considered here.

The alloy investigated had the composition (in at.%) Ti-48AI-2Cr, which might
be considered as a model alloy for fully-lamellar materials. Tensile samples
were crept for 6.000 to 13.400 hours at 700 °C and stresses ranging between
80 and 140 MPa [29-32]. After creep testing the materials were found to have
undergone significant microstructural changes. A prominent feature is the
formation of multiple-height ledges perpendicular to the interfacial boundaries
(figure 3). The ledges had often grown into zones which extended over about
10 nm.

Figure 3. Structural changes observed after long-term creep of a Ti-48AI-2Cr
alloy at T = 700 °C, stress aa = 140 MPa, t = 5.988 hours to strain e = 0.69 %.
Note the formation of extended ledges at a y/y interface.
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The formation of these ledges can formally be rationalized by twining and an-
titwinning operations parallel to the (111) plane of the interfaces [32]. When
the slabs grow further it is apparently energetically favorable to nucleate a y
grain. Two-phase alloys with the base line composition Ti-(45-48)AI-2Cr suf-
fer from dissolution of the a2 phase and coarsening of the y lamellae. This is
because the kinetics of the decomposition of the a phase into a2 and y lamel-
lae during cooling after processing is sluggish and the volume fraction of
gamma is less than at equilibrium. Thus, during long term creep, dissolution
of the a2 phase and formation of y grains occur and finally lead to a complex
conversion of the lamellar morphology to a fine spheroidized microstructure.
There is ample evidence that misfit dislocations and interface ledges play an
important role for achieving the phase equilibrium in that they provide the re-
quired change in the stacking sequence and serve as paths for easy diffu-
sion. More on this subject is provided in separate studies [30, 31]. In view of
these observations an alloy design towards improved high temperature
strength and creep resistance should rely on systems with stable phases and
microstructures. Equally important are a reduced diffusivity of the material
and the implementation of additional glide resistance, in order to impede dis-
location climb processes.

4. Alloy Design towards Improved Strength:

In view of the anticipated applications several studies have been performed in
order to strengthen y(TiAI) base alloys by solid solution and precipitation
hardening. From the engineering viewpoint the challenge is to establish these
mechanisms without compromising desirable low-temperature properties,
such as ductility and toughness.

Recently, it has been shown that a significant strengthening effect can be
achieved when Nb is added with an amount of 5-10 at.% to polycrystalline
two-phase alloys [21, 33, 34]. Nb is also a commonly added element because
of its ability to improve the oxidation resistance [35, 36]. Despite the exten-
sive body of investigations broadly confirming these results, there is some
controversy about the nature of the strengthening effect of Nb additions, i. e.
whether or not it arises from solid solution hardening. Thus, the origin of the
hardening mechanism has been studied by a systematic variation of the Al
and Nb contents. The investigations involve tests on binary alloys with the
equivalent Al contents, which are thought to ascertain the effects of off-
stoichiometric deviations on microstructure and yield strength [21]. As dem-
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onstrated in figure 2 the strengthening effect is almost independent of the Nb
content and the values of the reciprocal activation volume estimated for the
binary alloys are very similar to those of the Nb containing alloys. Thus, the
strengthening effect of large Nb additions has been attributed to the related
changes of the microstructure. This view is supported by recent ALCHEMI
studies (atom location by channeling enhanced microanalysis) of site occupa-
tion, which revealed that Nb solely occupies the Ti sublattice [37, 38]. How-
ever, the Nb containing alloys exhibit at room temperature an appreciable
ductility, whereas the binary alloys of the same Al content do not. This finding
indicates that significant changes of the deformation mechanism occurred
due to the Nb additions. In Nb containing alloys an abundant activation of
twinning has been recognized and the superdislocations were found to be
widely dissociated. As planar faults, twins and dissociated superdislocations
often coexist in the same grain or lamella, it is speculated that the stacking
fault energies of y(TiAI) are lowered by the Nb additions and that twin nuclea-
tion originates from the superposition of extended stacking faults on alternate
{111} planes [15, 39].

Appreciable improvements in strength and creep resistance have also been
achieved by precipitation hardening [40, 41]. The strengthening effect criti-
cally depends on the size and the dispersion of the particles. In this respect
carbides, nitrides and silicides appear to be beneficial as the optimum disper-
sion can be achieved by homogenization and ageing procedures. Utilizing
this method, in a Ti-48.5AI-0.37C alloy a fine dispersion of Ti3AIC precipitates
were generated which is characterized by a length lp=22 nm and width (along
<100] ) dp=3.3 nm of the precipitates [41]. The precipitates are elongated
along the c axis of the y matrix and exhibit strong coherency stresses due the
differences in crystal structure and lattice constants. These structural features
give rise to a strong glide resistance for all types and characters of disloca-
tions, which persists up to temperatures of about 750 °C and leads to signifi-
cantly improved high temperature strength and creep resistance. Figure 4
demonstrates, e.g., the interaction of deformation twins with the precipitates
in some detail [41]. The high glide resistance is manifested by the strong
bowing-out of the twinning partial dislocations. In the local region of the pre-
cipitates the shape of the twin/matrix interface is much less regular and the
twins are often deflected. These processes often lead to fragmentation of the
twins, i.e. islands of untwinned regions occur. However, as with the TiAI-Nb
alloys, twin nucleation seems to be relatively easy. Twin nuclei were often
found together with widely separated superdislocations giving rise to the
speculation that the twins originate form overlapping stacking faults [15]. In
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Figure 4. Immobilization of a deformation twin due to the interaction with
Ti3AIC perovskite precipitates. Note the high density of the precipitates, which
become evident by strain contrast, and the pinning of the twinning partial dis-
locations by the precipitates. Ti-48.5AI-0.37C, compression at T = 300 K to
strain e = 3 %.

this way a fine dispersion of deformation twins is formed, which provides
shear components in c direction of the tetragonal cell of y(TiAI) and, thus, is
beneficial for room temperature ductility and toughness.

However, carbides and nitrides seem to be susceptible to coarsening by Ost-
wald ripening, thereby reducing their effectiveness in impeding dislocation
motion. In case of carbides implementation of H phase particles Ti2AIC could
be a possible alternative [40], because this phase is thermodynamically more
stable and apparently provides also a good creep resistance. However,
coarse platelets of H-phase tend to be located at lamellar colony boundaries,
which is certainly harmful for low temperature ductility. Borides are virtually
stable up to the melting point of y(TiAI), however, metallurgical techniques to
refine their relatively coarse dispersion appear to be less efficient.

Nevertheless, in conclusion of this section it may be summarized that an alloy
design based on relatively large Nb additions together with a fine dispersion
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of perovskite or H-phase precipitates seems to be a suitable technique for
expanding the service range for titanium aluminides towards higher tempera-
tures and stresses.

5. Processing:

y(TiAI) alloys are available in all conventional product forms: ingot forgings,
extrusions and sheet. The structural applications outlined in the introductory
section may require the material to be formed into complex geometries with
large dimensions. Processing routes generally follow those of conventional
titanium alloys with some special alterations. Yet titanium aluminides are
generally difficult to process due to their solidification behaviour, susceptibility
to degradation from contamination and intrinsic brittleness. This holds particu-
larly for the novel high strength material described in the previous section, for
which the hardening mechanisms have to be implemented within the con-
straints of technically acceptable processing routes. In view of the available
coverage of this article attention is concentrated on ingot metallurgy and
wrought processing.

5.1 Ingot quality:

Vacuum arc melting (VAR) is currently the most widely used practice for pre-
paring ingots from elemental or master alloying additions. In order to ensure a
reasonable chemical homogeneity throughout ingots of 200 -300 mm diame-
ter the meltstocks are usually double-or triple-melted [42]. The peritectic so-
lidification reactions occurring in the composition range (45-49) at.% Al give
rise to an unavoidable micro-segregation, the extent of which depends on the
nominal Al level and the content of refractory elements. Al is rejected to the
interdendritic region while refractory elements, in particular those stabilizing
the [3 phase, are concentrated in the dendritic cores. The differences in con-
centration are as large as a few at.% and vary on a length scale of about 1
mm [43]. Rapid solidification processing generally reduces segregation, re-
fines microstructure and, thus, produces a more homogeneous material con-
solidation. As ingot size increases, cooling becomes slower and the as-cast
grain size increases, thereby exacerbating the problems associated with seg-
regation. Heat treatments in the (a+y) phase field are mostly ineffective to
mitigate the chemical gradients [44, 45]. Annealing in the a or (a+fJ) phase
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fields lead to significantly faster homogenization kinetics, but mostly results in
rapid grain growth.

5.2 Primary ingot break-down:

Significant improvements in the chemical homogeneity and refinement of mi-
crostructure can be achieved by hot working and the associated dynamic re-
crystallization. There is an intimate correlation between alloy chemistry, hot
working conditions and the evolution of the microstructure, which has to be
considered for the alloy design and processing. The microstructural evolution
has been systematically studied on a series of binary and technical alloys
with aluminium contents ranging between 45 and 54 at. % [46]. Not surpris-
ingly, the degree of dynamic recrystallization increases with strain, however,
no substantial recrystallization occurs below strains of about 10%. There is
also a marked effect of the aluminium concentration on the recrystallization
behaviour, which is manifested in the observation that the recrystallized vol-
ume fraction is at maximum for aluminium contents of 48-50 at.% (figure 5).
The recrystallization behaviour of two-phase alloys is also supported by the
presence of boride particles [46]. Boron is known to significantly refine the as-
cast microstructure, which is generally a good precondition for homogeneous
hot working and recrystallization [6]. In addition, particle stimulated dynamic
recrystallization may occur, when dislocations are accumulated at the parti-
cles during hot working [46].

Primary ingot break-down has been accomplished on an industrial scale
utilizing forging and extrusion [1, 5, 43-53]. Typical conditions for large-scale
isothermal forging are T=1000-1200°C at strain rates £ = 10"3 - 10"2s"1. 50 kg-
billets have been successfully forged within this processing window to height
reductions of 5:1. The as-forged structure appears banded, consisting of
stringers of 0C2 particles in a fine grained y matrix. In two-phase alloys it is also
common to observe lamellar colonies with lamellae lying in the plane of forg-
ing. These colonies are probably undeformed remnants from the cast struc-
ture.

Extrusion is usually carried out at temperatures around the a-transus tem-
perature [1, 5, 49, 51-53]. Under these conditions (typically 1250 -1380°C)
severe oxidation and corrosion occurs, thus, the work piece has to be encap-
sulated. In most cases conventional Ti alloys or austenitic steels are used as
can material. At the extrusion temperature the can materials have a signifi-
cantly lower flow stress than the TiAl billet [54]. This flow stress mismatch is
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Figure 5. Dependence of the volume fraction of recrystallized grains on the
aluminium content of binary and technical alloys [46]. Deformation at T =
1000 °C and è = 5 x 10"4 s"1 to strain e = 75 %.

often as high as 300 MPa and leads to inhomogeneous extrusion and crack-
ing. These problems can largely be overcome by a novel can design involving
radiation shields as an effective thermal insulation [55]. This reduces the heat
transfer from the work piece to the can and enables controlled dwell periods
between preheating and extrusion. Taking advantage of this concept, extru-
sion processes have been widely utilized for TiAl ingot break down. For ex-
ample, 80 kg ingots were uniformly extruded into a rectangular shape with a
reduction of the cross section of 10:1 (figure 6) [43]. The alloy had the com-
position Ti-45AI-10Nb and represents a new family of high strength materials
that have been described in the previous section. Extrusion above the I -
transus temperature TM resulted in a refined nearly-lamellar microstructure
with a colony size of 30-50 mm as demonstrated in figure 7a. Extrusion below
ТГ led to duplex microstructures with coarse and fine-grained banded re-
gions (figure 7b). These structural inhomogeneities are associated with a sig-
nificant variation in the local chemical composition, which is manifested at a
length scale comparable to or slightly smaller than that of the as-cast material
[43]. This observation provides supporting evidence that the dynamic recrys-
tallization during hot working is strongly affected by local composition. The
coarse-grained bands probably originate from the prior Al-rich interdendritic
regions where no I 2 phase was present. Thus, grain growth following recrys-
tallization is not impeded by i ]2 grains. On contrary, the fine-grained bands or
lamellar colonies are formed in Al-depleted core regions of the dendrites.
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The structural and chemical inhomogeneities of primarily processed TiAl
products provide severe limitations for the reliability of components or secon-
dary processing. Other quality issues concern cavities, internal wedge cracks
and surface connected cracks. Thus, further improvement of hot working pro-
cedures is of major concern. In view of the results discussed above, this re-

Figure 6. Ingot break-down of an engineering alloy with the base line compo-
sition Ti-45AI-(5-10)Nb+X by canned extrusion at Ta-AT. The ingot, originally
of 192 mm diameter and 700 mm height, was canned using austenitic steel,
sealed in vacuum, heated up and then extruded. A reduction ratio of 10:1 and
a rectangular die were used. The final TiAl extrusion was rectangular with
cross section dimensions of 100 x 30 mm2.

20 urn

Figure 7. Back-scattered electron images of a Ti-45AI-10Nb alloy extruded to
7:1 reduction, (a) Nearly lamellar microstructure observed after extrusion at
Ta-AT. (b) Duplex structure with a banded morphology observed after extru-
sion at Ta-AT.
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quires a tight optimization of the alloy composition and hot working parame-
ters, respectively, and to find novel engineering solutions for increasing the
amount of imparted strain energy, in order to achieve a more homogeneous
recrystallization. Advances in the manufacturing of components have been
described in recent conference proceedings and review articles [1, 2, 5, 43,
44, 52, 56], the reader is referred to these papers for further details.

5.3 Mechanical properties of wrought material:

The refined microstructure established after hot working generally results in a
significant strengthening, when compared with cast material. The increase in
yield strength can be rationalized in terms of Hall-Petch relations although
quantitative descriptions are often difficult due to the complexity of the micro-
structures [57]. Figure 8 shows the dependence of the density compensated
yield stress on temperature for forged and extruded y base alloys, which have
been developed at GKSS. Extremely high yield stresses in excess of 1000
MPa were obtained on Ti- 45AI-(5-10)Nb derivative alloys after extrusion to a
reduction ratio of 7:1 [43]. For example on one alloy variant (figure 8) at room
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Figure 8. Temperature dependence of density adjusted yield stresses for
forged and extruded gamma-base titanium aluminide alloys. (1) Forged Ti-
47AI-2Cr-0.2Si, near gamma microstructure, (2) extruded Ti-45AI-(5-10)Nb,
duplex microstructure,(3) Ti-45AI-(5-10)Nb+X, duplex microstructure. For
comparison the values of nickel base superalloys and conventional titanium
alloys are given, with (4) IMI 834, (5) Rene 95, (6) Inconel 718, (7) IN 713 LC.
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temperature in tension a fracture stress of 1100 MPa at a plastic strain of
8=2.5% was determined. This combination of room temperature strength and
ductility is the best ever reported on y(TiAI) base alloys.

Conclusions:

During the past five years significant progress has been achieved in the
physical metallurgy of titanium aluminide alloys. Compositions of alloys have
been identified that are capable of carrying stresses in excess of 900 MPa at
service temperatures of 700°C. Thus, wrought alloys of this type can be an
attractive alternative to the heavier nickel base superalloys in certain ranges
of stress and temperature. The future and promise of y(TiAI) base alloys and
manufacturing of components lies in innovative processing methods designed
to achieve better performance. Specifically, substantial improvements are re-
quired in ingot quality and hot working procedures to obtain homogeneous
and defect-free material with desired microstructures.
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Molding for TiAI-type Intermetallic Compound with High Efficiency
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Summary
Since a TiAI-type intermetallic compound has an excellent high temperature
strength and corrosion resistance, in addition to light weight, it is expected to
be applicable to the engine parts. However, it is difficult for TiAl to produce a
part with a complex shape, and considerable cost will be required. In this
study, it was tried to develop a technology for producing TiAI products with
high density and high efficiency by using metal powder injection molding
(MIM) process. Several kinds of TiAI alloy powders made by the
self-propagating high temperature synthesis process were mixed with an
organic binder, kneaded and then injection-molded into tensile specimens.
These compacts were subjected to the treatment for removing the binder and
sintering, resulted in a relative density as high as 97%. By room and high
temperature tensile tests, it was found that, Ti-47.4AI-2.6Cr (at%) has the
strength and ductility as those of the conventional processed materials.

Keywords
metal injection molding, TiAI intermetallic compounds, heat resistance alloy,
mechanical properties

1.Introduction
Binary Ti-AI intermetallic compounds have a lower density and higher melting
temperature and, consequently, have higher strength properties up to high
temperature range as compared with conventional metallic materials.
Therefore, they are expected as structural materials for the next genration1).
y -TiAI, in particular, has a density of about 3.8 g/cm3, only half as low density
as Ni-type heat resisting alloys, and an excellent high temperature strength
along with tolerable room temperature ductility. Therefore, it has been
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attracting a renewed attention as a new heat resisting material of light weight
and with high specific strength2'3'. Addition of a tertiary element to these
binary Ti-AI compounds is considered to be effective for improving their
mechanical properties and some studies about ternary compounds were
made, in which additional elements such as V, Cr, Mn, Nb, Mo, etc. were
used4>5). On the other hand, since these intermetailic compounds are
generally brittle and poor in workability, they are difficult to deal with as
structural materials. When conventional lost wax process was applied to
these compounds, problems such as poor yield and poor dimensional
accuracy were caused. So that, a working process of low cost and high
productivity has been expected to be developed.
In this study, it was tried to apply metal injection molding (MIM) process to
binary TiAl intermetailic conpounds. MIM process is possible to accurately
produce parts having three-dimensionally complex shape and, furthermore, is
possible to produce high density and high strength sintered compacts of near
net shape in commercial quantity. In order to establish a manufacturing
process for mass-production, basic tests were carried out using specimens
made by MIM process to systematically investigate their basic material
properties, the effect of chemical compositions on these properties, and their
quality. Besides, using an alloy containing Cr, similar tests were carried out
and fuel injection nozzles for automobiles were produced on an experimental
basis. Because Cr is an effective additional element that is possible to ensure
high rigidity and creep strength of y -phase and, at the same time, to improve
the ductility at room and high temperature4'.

2.Source Powder and Experimental Method
The source powder used was a powder that was made by pulverizing and
classifying a TiAl ingot solidified through Self-propagating High-temperature
Synthesis (SHS) process in Kyouritsu-Material Inc.. Table 1 gives the
properties of the powder. Fig.1 and fig.2 show a SEM photograph and the
particle size distribution of typical powder, respectively.
The source powder was mixed with Wietec-type binder of 10.5-11.5 mass %,
kneaded in a pressurized kneader at a temperature of 160°c for 2.5 hours
and injection-molded. Specimens with a shape shown in Fig.3 for tensile tests
at room and high temperature were manufactured using an injection molding
machine.
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Table 1 Characteristics of Ti-AI powders used in this study

Composition
(at%)

50Ti-50AI
25T1-75AI
55Ti-45AI

50Th47.4AI-2.6Cr

Particle
size

(Um)

13.6
12.2
12.2
11.9

Density

(Mg/m3)

3.82
3.33
3.91
3.95

Surface
area

(m2/g)

1.94
1.60
1.66
1.79

Binder
(vol.%)

32.9
32.6
35.6
35.8

(a) 50Ti-50A! (b) 50Ti-47.4AI~2.6Cr
Fig.1 SEM images of the mechanical crashed powders prepared by SHS

1.0 10 100
Particle diameter ( / im)

Fig.2 Particle size distribution of 50Ti-47.4AI-2.6Cr powder
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SfiL
3.5

(a) For room temperature tests

30.0

(b) For elevated temperature and creep rupture tests
Fig.3 Dimensions of injection molded compacts for tensile test

For removing the binder in the compacts, two processes, solvent extraction and
reduced pressure, were used. Wax component, mainly, was first extracted by
holding the compacts in an organic solvent in the temperature range from room
temperature to 60°C for 5 hours, and then the residual binder components were
removed in a nitrogen atmosphere of a reduced pressure binder removal
equipment. The binder removal conditions were determined in the way as follows :
Binder removal ratios under various atmospheres, temperatures and pressures
were investigated, and the residual carbon and residual oxygen in the
binder-removed compacts were analyzed with an infrared heat sink type analyzer.
Sintering was carried out in a vacuum sintering furnace. In order to determine
optimum sintering conditions, the behavior of carbon and oxygen during sintering
under two degrees of vacuum, 6.7 and 6.7x10"3 Pa, were investigated by
chemically analyzing the specimens that were furnace-cooled from a given
temperature. The effect of sintering temperature for each type of compound upon
its sintered properties was also investigated. Among the sintered compacts
obtained, 50TI-50AI and 50Ti-47.4AI-2.6Cr, which are of base compositions, were
subjected to microstructure observation, X-ray analysis, EPMA, and chemical
analysis to evaluate their soundness and, in addition, to room temperature tensile
test, high temperature tensile test (in air, 600°C, 800°C), and creep rupture test (in
air, 700°C) to discuss their mechanical properties. 50TW7.4AI-2.6Cr was used to
produce a model product on an experimental basis and it was examined if a
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desired strength can be obtained and mass-production is possible.
3. Results and Discussion
3.1 Determination of binder removal conditions and sintering conditions
Binder removal treatment by heating in the air causes oxidation of active
metallic powder like TiAl powder. Therefore, the reduced pressure nitrogen
atmosphere binder removal process was adopted in this study. The
injection-molded compacts through MIM process include much amount of binder
which has been mixed to give fluidity. Incomplete binder removal can cause the
increase in the amount of carbon after sintering. Since the amount of carbon
and oxygen after binder removal give a considerable effect upon the material
properties of the sintered compact, it is essential to remove the binder
completely and furthermore to establish optimum binder removal conditions to
control the amount of carbon and oxygen.
Fig.4 shows the effect of binder removal temperature upon binder removal ratio
for a base alloy, Ti50-AI50, under various atmospheric pressures and Fig.5
shows the effect of atmospheric pressure upon binder removal ratio.
Under every atmospheric pressures in this experiment, binder removal ratio
increases with the increase in binder removal temperature and, in particular
when the atmospheric pressure is 13-45 Pa, high binder removal ratios are
obtained at the temperatures around 380°C (Fig.4). It is found in Fig.5 that when
the binder removal temperature is 380X, a binder removal ratio as high as 97%
or higher can be obtained under the atmospheric pressure of 10-26 Pa.
Fig.6 shows the effect of binder removal ratio upon the amount of residual
carbon and oxygen. Since the carbon component resulting from the binder
included in the compacts decreases with the progress of binder removal, also
the carbon content of compacts subjected to binder removal treatment is
decreased. The carbon and oxygen content of compacts, the binder of which
has been removed up to a binder removal ratio as high as 97% and higher,
are almost the same as those of the source powder. In other words, the
binder removal conditions at this time are proper.

Fig.7 shows the transition of the amount of carbon and oxygen during
sintering as well as the sintering pattern. In the case of high vacuum sintering
under a pressure of 6.7x10"3 Pa, the carbon and oxygen content are reduced
when the temperature is 970°C and higher, which means that it is possible to
control the final carbon and oxygen content by utilizing CO reaction at a
temperature of 970°C and higher. But since decarburization during sintering is
an oxidizing reaction by oxygen, the oxygen existing in extremely small
quantities in the atmosphere is considered to give a considerable effect upon
the carbon and oxygen content. On the other hand, in the case of low vacuum
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sintering under 6.7 Pa, the oxygen partial pressure in the atmosphere is high
and, therefore, decarburization progresses even at a comparatively low
temperature and decarburization reaction becomes active when the
temperature is around 970°c and higher in common with the case of high
vacuum sintering. On the contrary, oxygen increases rapidly from around
870°C, which is considered to be due to oxidation of the metallic elements in
the Ti-AI alloy because the oxygen partial pressure in the atmosphere is high.
When the temperature is raised further, the decrease in oxygen content is
observed. This is considered to be due to reduction of generated oxides by
CO reaction because CO reaction is active in this temperature range.
Fig.8 shows the relationship between sintering temperature and grain size for
each type of Ti-AI alloys.
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Fig.8 Effect of sintering temperature on the grain size
of various TiAl compacts

The precise melting point of each alloy is unknown. Raising the temperature
during sintering in the TiAl (y-phase) region can cause the generation of
lamella structure, resulting in the deterioration of room temperature ductility.
Therefore, a temperature was determined as the sintering temperature,
where a high sintered density can be obtained and, at the same time, the
grain size of sintered compacts is similar to the mean grain size of the source
powder.
The binder removal conditions and sintering conditions determined from the
above experiments for each type of Ti-AI alloys, along with the properties of
sintered compacts, are presented in Table 2. The relative density is calculated
on the basis of the values in Table 1. A sintered density as high as 97% or
higher is obtained for any type of TiAl alloys. The degree of sintering at each
temperature is satisfactory.

3.2 Soundness of sintered compacts
Table 3 gives the chemical compositions of the source powder and the
sintered compact for each type of Ti-AI alloys. The chemical compositions of
the sintered compacts are similar to those of the source powder, that is, they
are in the desired chemical composition range. The sintered compacts of
50Ti-50AI and 50Ti-47.4AI-2.6Cr, which are of base compositions, were
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subjected to X-ray diffraction to identify the phases generated by sintering
(Fig.9). A diffraction peak of TiAl (y -phase) and a weak Ti3AI (a 2-phase) are
detected. Namely, the compacts are composed of these two phases. Active
metals are susceptible to oxidation and reduction when sintered. To examine
the soundness of the bright sintered surface of sintered compacts, EPMAwas
carried out in the thickness direction from the surface of a sintered compact of
a base alloy, 50Ti-47.4AI-2.6Cr. It is found from Fig. 10 that the oxide or
carbide layers such as TiO2, TiC, AI2O3, etc. are not generated, namely, the
surface is essentially bright as seen visually. But, some carbon stains and a
peak of a- AI2O3 resulting from the source powder, which has been brought
into the matrix, were observed.

Table 2

Cornposi
- ton
(art)

50Ti-50AI
25TJ-75AI
55Ti-45AI

50Ti-47.4AI
-2.6O

Defcind
-ing

CCxfir)

380X3
410X3
390x3

405X3

Debiting
ratio
ft)

97.5
98.0
98.3

97.8

Sintering
CCxhr)

1375X2
1355x2
1380x2

1365x2

.Bulk
density
(Mg/ri»)

3.72
3.29
3.82

3.86

Relative
densrty

ft)

97.4
98.7
97.7

97.7

Mean
gram
.size.
(Urn)

24.7
28.1
25.3

25.5

Table 3 Chemical compositions of Ti-AI compacts

Composition

50Ti-50AI

25Ti-75A!

55Ti-45AI

50Ti-47.4AI
-2.6O

Powder
Sintered
Powder
Sintered
Powder
Sintered
Powder
Sintered

Chemical composition (masses)
C

0.057
0.060
0,031
0.030
0.160
0.160
0.061
0.063

O

0.97
0.991
0.60
0.673
1.42
1.473
1.03
1.041

Ti

62.9
63.0
37.0
37.0
67.7
67.5
63.2
63.2

Al

36.9
36.9
62.3
61.9
32.0
31.9
33.2
33.2

Cr

3.43
3.43

Ni

0.098
0.095
0.27
0.096
0.16
0.110
0.009
0010
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3.3 Microstructure and mechanical properties of sintered compacts
Fig.11 shows the sintered structure of TiAI.

(a) 50Ti-50AI (b) 25TI-75AI

Fig. 10 The result of electron probe microanalysis
of 50Ti-47.4AI-2.6Cr compact

(c) 55Ti-45AI (d) 50Ti-47.4AI-2.6Cr
Fig.11 Microstructures of various Ti-AI compacts

The black spots scattering in the structure are blow holes. A fine structure
consisting of two phase structure of y and a2 and some yla2 lamella
structure is obtained in every compacts. In the binary TiAI, a 2 phase
increases with the increase in Ti content. 50Ti-50AI sintered compacts have a
fine duplex structure of a2

+y • 55Ti-45AI sintered compacts have a structure
of y lamella + fine a2. 50Ti-47.4AI-2.6Cr sintered compacts have a fine
duplex structure of a2 +y, which is similar to that of the base binary alloy,
50Ti-50AI, but the ratio of a2-phase is larger.
Table 4 gives the tensile test results at room and high temperature. Fig.12
shows fracture surfaces after tensile test.
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As to the room temperature tensile test results, 50Ti-50AI and 5571-45AI
sintered compacts with a fine structure have high tensile strengths of 250-270
MPa and, on the contrary, low elongation. In the binary type TiAl alloys, a
lamella structure develops remarkably, which is considered to be one of the
reasons to deteriorate elongation.

Table 4 Tensile properties of sintered TiAl compacts

Composition
Cat*)

50Ti-50AI

25Ti-75AI

55Ti-45AI

50Ti-47.4AI
-2.6O

R.T.
600°C
800°C
R.T.

R.T.
RT.

600°C
800°C

Tensile
strength
(MPa)

260.5
287.7
357.8
212.7

272.7
322.1
389.1
454.1

0.2%Proof
stress
(MPa)

265.8
320.4

-
-

366.5
435.3

Elongation
ft)

0.86
1.3

2.83
0.32

0.44
1.88
2.3
4.0

Room Temperature

5PRt

Fig.12 SEM images of the fracture surface after a tensile tested
at R.T. and 800°C

On the other hand, 50Ti-47.4AI-2.6Cr sintered compacts have a higher tensile
strength of 322 MPa and a higher elongation of about 2 % as compared with
the binary type TiAl alloys. The fracture surface of the compact is
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transgranular cleavage fracture surface. This is the evidence of ductility. In
the high temperature tensile test results, both of 50Ti-50AI and
50Ti-47.4AI-2.6Cr sintered compacts with fine duplex structure show a
reverse temperature dependence of high temperature strength. It is shown
also from their high temperature ductile fracture surfaces that they have
satisfactory high temperature ductility equivalent to high elongation after
fracture.
Creep rupture test was carried out for 50Ti-47.4AI-2.6Cr sintered compacts
having excellent high temperature strength and ductility using the same
specimens as the high temperature tensile test specimens shown in Fig.3.
The test was carried out by assuming the load for fracture after 1000 hours at
700°c in the air as 300 MPa. The material had a good creep property and did
not fracture even after 1000 hours. In order to determine the fracture load, an
additional load was applied to a specimen that had been subjected to a creep
test for 960.8 hours under a load of 300 MPa. The specimen fractured when a
load of 315 MPa, higher than initial load by about 5 %, was applied. From the
result, it is clear that the creep fracture strength at 700°c of this alloy is
around 300 MPa and it can be said that it is excellent in heat resistance when
its specific strength is taken into consideration. As seen in the SEM
photograph (Fig.13) of fracture surface, particulate compounds are dispersed
in the dimple-form surface. It was shown by EDX analysis (Fig. 13) that these
particulate compounds are AI2O3 particles.

100

80

\
540

20

C
0

Al

O

I Ti

Ti

Ti
I Cr

Energy (keV) 10

Fig. 13

Fig.13 SEM images and EDX profile for the 50Ti-47.4AI-2.6Cr
compact creep ruptured at 700°C for 1000 hours in the air
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From these results, the high creep fracture strength is considered to be due
to the effect of the a-AI2O3 particles with the diameter of 3-7 ^m, which
have been brought in from the source powder. These particles will prevent the
movement of dislocations in the <x2

+ r matrix.

3.4 Manufacturing of model product on an experimental basis
Model products of pin type fuel injection nozzle of an actual machine were
manufactured on an experimental basis using powders of two base alloys,
50Ti-50AI and 50Ti-47.4AI-2.6Cr. The MIM process conditions for these
model products are in accordance with those for specimens mentioned before.
The dimensional accuracy of 10 ± 0.05 mm desired for the model products
are determined from the experience in manufacturing of specimens. Since the
model products were made of two alloys of different coefficients of contraction
using the same mold, the desired dimensional accuracy of 10 ± 0.05 mm is
converted into a percentage of 10 ± 0.5 %. The dimensional accuracy was
determined from statistical analysis of actual measured values. The mean
values of accuracy for both the fuel injection nozzles made of 50Ti-50AI and
50Ti-47.4AI-2.6Cr were within ± 0.4 %, which satisfied the desired value of
± 0.5 %. Fig.14 shows the external appearance of these products. From
these results, it can be said that products of medium lot can be manufactured
industrially.

^^..^ 'jr g
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Fig. 14

Fig.14 Appearance of fuel injection nozzle for automotive engine
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4. Conclusion
In this study, metal injection molding (MIM) process was applied to binary
Ti-AI intermetallic compounds and a 50Ti-47.6AI-2.6Cr alloy and the basic
material properties of sintered products, the effect of chemical compositions
on these properties, and quality were systematically investigated. The results
obtained are summarized in the following:

(1) By optimizing the binder removal conditions and sintering conditions,
sintered compacts with high relative density of 97 % or higher can be
obtained. Between the source powder and sintered compacts, some
difference in oxygen/carbon content is observed.

(2) The microstructure of binary TiAl alloys consists of typical two phase
structure of r + a2 and some additional lamella structure of yla2.
50Ti-50AI and 50Ti-47.4AI-2.6Cr alloy have a fine duplex structure and
show excellent high temperature ductility.

(3) An alloy including Cr as a tertiary element, 50Ti-47.6AI-2.6Cr, has a room
temperature tensile strength of 317.2-328.6 MPa and a elongation after
fracture of 1.8-2.0 %. Namely it has well-balanced properties. Besides,
both of the desired high temperature strength and creep fracture strength
can be obtained.

(4) As for the fuel injection nozzles for automobiles manufactured as model
products, desired dimensional accuracy after sintering was obtained.

The results mentioned above are the results only for as-injection-molded
materials. It is known that the microstructure of TiAl intermetallic compounds
changes remarkably by heat treatments5'. So, using 50Ti-47.6AI-2.6Cr alloy
having satisfactory high temperature strength as a base alloy, we would like
to continue to further improve the high temperature strength by optimizing
heat treatment conditions and by controlling the microstructure.
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Reaction Sintering of Components from y-TiAI-Based Alloys

A. Bohm, R. Scholl, B. Kieback

Fraunhofer Institute for Manufacturing and Advanced Materials, Dresden,
Germany

Abstract:

Although reaction sintering is generally considered as an interesting way for
the preparation of several materials especially intermetallics there is no
solution for many problems occurring during the processing of elemental
powders as Ti and Al. The main problems preventing a technical use of the
elemental powder metallurgical route in the system Ti-AI are swelling effects
during reaction sintering of the green compacts as well as the high level of
impurities namely oxygen.
The work was dedicated both to the theoretical aspects of reaction sintering
processes in the Ti-AI system as well as the technological consequences for
production of y-TiAl components starting from the elemental powder mixtures.
It was shown that the problems considering densification of the green
compacts and level of impurities of the final product can be solved using a
new high energy milling technique. First components were produced using
this technique.

Keywords:

TiAl, reaction sintering, elemental powder metallurgy

1. Introduction:

Reaction sintering could be a very interesting way for the preparation of
intermetallic materials as aluminides or silicides. However it was shown that a
severe swelling of the green samples during the sintering process prevents a
full and homogeneous densification of the materials /BOH98, SAV93,
DAH93/.
It is known from several investigations /PEN88, WAN93, LOO71, MAC59,
MAC68/ that the phase formation of TiAl starting from elemental Al and Ti can
be described as a three step mechanism:
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6 Ti
4Ti +
Ti3AI

+ 6AI
2 TiAl3
+ TiAl + 2 TiAl2

• 4 T i +
• Ti3AI
> 6 TiAl

2 TiAl3
+ TiAl + 2 TiAl2

(1)
(2)
(3)

Several reasons for swelling were identified and a 4 stage model is proposed
to describe the swelling processes during reaction sintering.
A sophisticated high energy milling route has been developed to overcome
this problem and produce dense TiAI-material.

2. Experimental Procedure

Spherical Al and Ti powders of different grain size (Ti: 50 to 315 urn, Al: 50 to
160 urn) were mixed to achieve a final composition of 50/50 at.% Al/Ti and
subsequently compacted at different pressures from 400 up to 800 MPa to
cylinders with a diameter of 8 mm and 90% of theoretical density. In order to
get information about volume changes of the samples during heat treatment
the specimens were sintered in a dilatometer (vacuum).
To prepare powders that result in fully dense samples after sintering, high
energy milling (HEM) of the powder mixtures was carried out at 300 rpm in a
planetary ball mill under argon atmosphere. To improve milling behaviour of
the Al-particles additionally a pre-alloyed AI7.6O powder was used for
milling. The powders were milled without additives to achieve lowest levels of
impurities following a modified milling technique. The microstructure of the
samples was characterised using optical microscopy, scanning electron
microscopy, and X-ray diffraction.

3. Results and Discussion

3.1. Investigation of Swelling effects during reaction sintering of Ti-AI-
elemental powder mixtures

Recently it was shown that swelling of Ti-AI green samples during reaction
sintering can be described as a 4-step mechanism /BOH98, BOH00/.
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Fig. 1. Dilatometer plot of a Ti-AI sample with 50 at.% Al (vacuum, 10 K/min)

Referring to figure 1 showing a dilatometer plot of a Ti-AI sample with 50 at.%
Al the following stages can be found:

1. Solid state sintering below the Al melting point

RT<T,<660°C 50 urn

Fig. 2. Illustration of the first stage of swelling during reaction sintering of Ti-AI
green specimen

This stage (fig. 2) includes all phase formation processes during solid state
sintering. Generally only negligible swelling is observed by the favourite
formation of a thin AI3Ti-layer between the Ti-particles.
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2. Melting and rearrangement of the liquid Al-phase

T,>660°C

Fig. 3. Illustration of the second stage of swelling during reaction sintering of
Ti-AI green specimen

At temperatures above 660 °C melting of Al and wetting of the Ti particles
take place (fig. 3). Furthermore the melting results in a redistribution of liquid
Al by penetration of Al melt into Ti-Ti contacts due to capillary forces causing
a displacement of Ti particle centres and a macroscopic swelling of the
sample. The good wetting behaviour leads to a complete coverage of Ti
particles by an Al layer. In the contact of liquid Al and Ti the formation of an
AI3Ti layer is observed.

3. Formation of an AI3Ti-layer and disintegration of this layer by penetration
of liquid Al along the grain boundaries

T,<T,

Fig. 4. Illustration of the third stage of swelling during reaction sintering of Ti-
AI green specimen
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The third stage (fig. 4) is characterised by the reaction between liquid Al and
Ti to form AI3Ti and a subsequent disintegration of this layer. At the interface
between AI3Ti and liquid Al a penetration of the melt into the grain boundaries
takes place resulting in the formation of single AI3Ti-crystals which are
randomly distributed in the melt. Large amounts of elemental Al are
consumed during this stage.

4. Formation of a highly porous AI3Ti-zone on the surface of Ti-particles

Ti

AI3T1
T3<T4

Fig. 5. Illustration of the fourth stage of swelling during reaction sintering of Ti-
Al green specimen

The fourth stage of swelling (fig. 5) is characterised by a complete
consumption of liquid Al to form AI3Ti. Due to the processes taking place
during stage 3, the AI3Ti layer growing at the Ti-surface is continuously
disintegrated by penetration of Al melt into the grain boundaries. All elemental
Al reacts with Ti leaving pores between AI3Ti particles behind and a highly
porous AI3Ti-zone develops covering the Ti-particles. During this stage the
maximum swelling of the samples is observed. The microstructure is
characterised by Ti-nucleii covered by porous AI3Ti-zones.

As a result of the processes taking place during the 4 stages a microstructure
develops which is characterised by big pores at the places of the former Al-
particles and Ti-particles are covered by a highly porous AI3Ti-zone (fig. 6).
This porosity can not be eliminated during further sintering at higher
temperatures resulting in highly porous materials after heat treatment.
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Wt

Figure 6. Microstructure of a Ti-AI sample with 50 at.% Al after sintering at
750°C (15 min, vacuum)

3.2. Calculation of maximum swelling during sintering

It was shown earlier/BOH00/ that the maximum swelling of the Ti-AI-samples
can be calculated using the introduced 4 stage model. For details concerning
the calculation we refer to relevant publications /BOH98, BOH00/.

The maximum linear swelling 5| of Ti-AI samples only depends on the Al-
content of the material ^AI and can be calculated using the following equation

•u A , , T i

3 ( 1 - X A.

(1)

with DAi3Ti and un for the molar volumina of AI3Ti and Ti as well as E, as a
density-factor which equals 0.74.
Figure 7 shows the dependence of swelling of Ti-AI samples on the Al
content. For Al contents of up to about 50 at.% the calculated values are in
accordance with the measurements. No influence of the Ti particle size was
found in this range. For higher Al contents no further swelling of the samples
is observed.
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Fig. 7. Dependence of swelling on Al content and Ti particie size (700°C,
15 min, vacuum)

These phenomena can be explained as follows. For Al contents > 75 at.%
permanent liquid phase sintering takes place resulting in a particle
rearrangement and thus a densification of the sample. For Al contents < 75
at.% the swelling does compete with densification processes mainly particle
rearrangement during transient liquid phase sintering. Hence the total amount
of swelling is reduced.

3.3. Technological consequences

From the investigations it can be concluded that two main processes
contribute to the swelling of Ti-AI samples during reaction sintering, i.e.
rearrangement of Al melt and wetting of Ti particles (stage 2) and formation of
a highly porous AI3Ti layer on the Ti surface (stage 4). In order to suppress a
residual swelling of the samples both processes must be prevented.
During high energy milling (HEM) of Ti and Al powder mixtures an intensive
mixing and shortening of diffusion paths between Ti and Al takes place
resulting in compound powders with a high sinterability.
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Figure 8 shows such a compound particle of Ti and Al with lamellae of about
10 urn. During further HEM a continuous refinement of the lamellae takes
place which allows fast phase formation processes during solid phase
sintering due to extremely short diffusion paths. It can be shown that all
elemental Al is consumed already at the Al melting point (660°C). Thus no
liquid phase forms and no swelling of the sample occurs (see fig. 9).
Milling was carried out without additives to decrease the level of impurities
namely oxygen and carbon. An AI7.6Cr-prealloy was used to improve milling
behaviour due to its lower ductility.

Figure 8. Microstructure of a Ti-AI-compound particle after HEM (300 rpm, 2h)

Figure 9 demonstrates that a modified high energy milling route (HEM) seems
to be suitable for a pre-treatment of Ti-AI-elemental powder mixtures. Oxygen
and carbon contents of below 1000 ppm were achieved using this technique.
Furthermore this technique guarantees a fine microstructure with grain sizes
as small as 10 um and below.
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Figure 10 shows first samples which were produced from elemental powder
mixtures using this modified high energy milling technique.

4. Summary

In summary the following conclusions can be drawn:

(i) A severe swelling effect takes place during reaction sintering of green
compacts from Ti-AI-powder mixtures preventing a full and
homogeneous densification of the material.

(ii) Melting and rearrangement of the liquid Al-phase, the formation of an
AI3Ti-layer, disintegration of this layer by penetration of liquid Al along
the grain boundaries and finally the formation of a highly porous AI3Ti-
layer on the surface of Ti-particles are the main reasons for swelling.

(iii) Dense TiAI-material with > 95% TD can be obtained from elemental
powder mixtures if the mixtures are mechanically pre-treated using a
HEM technique.

(iv) Low levels of impurities (O,C < 1000ppm) can be achieved.
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Summary:

Ti-AI-intermetallic-based alloys with lamellar microstructure, y(TiAI) +a2(Ti3AI)
are characterized by a high melting point of 1460°C, a low density of -3.9
g/cm3, a high gas corrosion resistance up to a temperature of about 900°C, a
high creep resistance up to a temperature of about 800°C, and a sufficiently
high fracture toughness at low temperatures, up to 30 MPam1/2. Hence, they
are considered as excellent matrices for fibres of high melting point. Unlike
well-developed SiC/TiAl composites, which have an obvious upper limit for
the usage temperature due to SiC/TiAl interaction, Sapphire/TiAl composites
remain nearly unknown because fibres to be used in such composites have
not been really available. At the present time, such fibres are developed in
Solid State Physics Inst. of RAS. The results of preliminary creep tests of
AI2O3/TiAI composites obtained by using pressure casting have shown that
usage of such composite systems shifts the temperature limit for light
structural materials in terms of creep resistance to, at least, 1050°C: creep
strength on 100 h time base reaches 120 MPa at that temperature. It occurs
also that Sapphire-fibres/TiAI-matrix composite specimens have an increased
gas corrosion resistance by more than one order of the magnitudes as
compared with that of the matrix alloy.

Keywords:

Sapphire fibre, titanium aluminide, composite, microstructure, creep,
oxidation resistance
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1. Introduction:

An obvious necessity to have light materials for temperature interval 800-
1000°C yields the development of titanium-aluminide-matrix composites. The
most advanced family of such composites is that based on SiC-fibres.
The microstructure and properties of SiC-fibre/titanium-aluminide-matrix
composites have been studied and documented sufficiently well (1-4). They
have high creep resistance at elevated temperatures; however, an upper limit
for their service temperature is set up by chemical reactions on the
fibre/matrix interface yielding formation of titanium silicides. The situation is
improved by using SiC fibres with an outer layer enriched with carbon.
Single crystalline oxide fibres have been considered as a candidate for
reinforcement to titanium aluminides due to high thermodynamic stability of
refractory oxides and their "inertness" to many metals and intermetallics (5,6).
A limited availability of such fibres up to the very recent times is certainly a
reason for rather scarce and sometimes controversial information.
It was stated (7) that sapphire fibres could be introduced into a titanium
aluminide matrix by using a liquid fabrication route without a risk of fibre
degradation. In Ref (8) an effect of Nb/Y interface in a composite with
sapphire fibre was studied in an attempt to prevent a detrimental effect of Ti
to AI2O3 fibre and to provide a sufficiently weak fibre/matrix interface to
enhance the material crack resistance. It is also known (9) that creep
resistance of sapphire/y-TiAl composites at temperatures up to about 1000°C
and fracture toughness at ambient temperature can be sufficiently high and
an appropriate balance between these two properties can be achieved by
weakening the fibre/matrix interface via coating of the fibre with carbon.
The present paper, was stimulated by the availability of single crystalline
oxide fibres produced by the internal crystallization method (ICM) developed
in SSPI RAS (10,11) in such a way as to ensure the fibre cost sufficiently low
for structural applications.

The purpose of present work was to determine the temperature limit of
service of light titanium aluminide based material, strengthened by sapphire
fibres. The main tasks were to investigate the structure characteristic features
of creep and oxidation resistance at temperatures up to 1100°C and to study
microalloying effect on these properties.
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2. Results and Discussion:

2.1. Fibre and matrix materials:

Sapphire fibres were produced by I CM, which consists in crystallizing alumina
melt in continuous channels pre-made in an auxiliary molybdenum matrix and
then extracting the fibres by dissolving molybdenum in an acid solution
(10,11). The fibre axis coincides with c-axis of sapphire; the Weibull exponent
is about 3, the average tensile strength at a length of 1 mm is about 700 MPa
at RT. The fibres are similar to those described in (11) and characterized by a
rather unusual cross-section shape that can be seen in micrographs of
composite specimens presented in Fig.1a. The characteristic size of the fibre
in a cross-section is between 80 and 100 urn.
A basic cast alloy for the matrix was either pure Ti-48at%AI intermetallic or
that alloyed with either 1at.%Zr or Nb. All the materials had lamellar
y(TiAI)+a2(Ti3AI) microstructure (Fig. 1b). Their 100h-strength is 250-280 and
180-210 MPa at 800 and 825°C, respectively (12).

2.2. Fabrication of composites:

Composite rods with a diameter of about 5 mm and a length of about 65 mm
are produced by pressure casting of a matrix alloy melt into a quartz mould
containing fibres. The casting temperature - time - pressure regime is 1600°C
- 2.5 min - 0.6 MPa. The cooling time to a temperature of 1450° is 10 min.
Details of the equipment developed in SSPI RAS and used in the present
work is described in (13). The average fibre volume fraction is between 0.20
and 0.25. Fibres are rather gomogeniously distributed in the matrix (Fig.1a).

2.3. Microstructure and fracture surface:

Limited dissolution of the fibres occurs upon their impregnation under
pressure with the liquid TiAI-matrix. Initially sharp corners of the ICM-fibres
become rounded as seen in Fig.1c. The contact between liquid matrix and
quartz mould cause the formation of silicon containing phases that seen as
white inclusions in the matrix (Fig.1c). There are two types of inclusions:
Ti62AI12Si26 and Ti62Al2iSi17. These compositions are close to the Ti5(AI,Si)3

compound on the Ti5Si3 base. Total content of these phases is too small to be
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determined by X-ray analysis. In the TiAI-matrix alloyed with 1at.%Zr, it was
found that about 2,5at.%Zr replaced Ti in these ternary compounds.

Figure 1. SEM micrographs of the cross-sections (a), (b), (c) and
fracture surface (d) of the Sapphire/TiAl composites, (b) TiAI-matix
as-cast alloy.

The characteristic microstructure (Fig.1c) and fracture surface (Fig.id) reveal,
on the qualitative level, a high interface strength in Sapphire/TiAl composites.
This allows to load the fibres in a very weak matrix to large stresses.
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However, a high strength of the interface in can cause a low crack resistance
(fracture toughness) due to easy crack propagation between sapphire fibre
and TiAI-matrix without changing propagation direction along the interface.

2.4. Creep tests:

Since a temperature limits for the service of titanium-aluminide-based
materials with sapphire fibres is to be higher than that of TiAl alloys, the creep
tests were started at the temperatures higher than an upper temperature
usage limit for titanium-aluminide alloys (that is about 850°C). All the tests
were conducted in vacuum in order to avoid the effect of atmosphere. 3-
points bending tests were performed due to its simplicity; a length between
supports is -42 mm. Each specimen was loaded by a step-wise increasing
force to determine a stress sensitivity of the deflection rate and, characteristic
stress in the creep law that can be intrinsic to a particular specimen. Details
of the experimental technique and interpretation of the results are described
in Refs (14,15).
The steady state portions of the curves were used to calculate creep
properties of each specimen. Two examples of the flexure creep curve are
presented in Fig.2.

2.5. Discussion of creep tests results:

An interpretation of the bending creep data obtained at variable loading by
using corresponding creep models and introducing them into a calculation of
a creep response of a rod under bending yields tensile creep characteristics
of the composite and needs a special technique described in detail
elsewhere (16,17). The technique is based on the assumption of a unique
power law of the composites for creep under tension and compression:

'-•[$ m

where rjH, a,,, and n are constant, one of which can be chosen arbitrarily, so
in what follows we take rjn =io"4h"1. A solution of a simple creep problem for 3-
point bending of a beam with a circular cross-section yields:

j U
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where R = d/2.
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Figure 2. Examples of the creep curves of composite specimen tested
in 3-point bending. Deflection at the specimen center versus time under
step-wise loading of the CM specimen. Load values (in kgf) are shown
near the lines.

More 20 samples was tested at loads 11 kgf at 1100°C, 17,8-34,6 kgf at
1050°C, 24-33,1 kgf at 1000°C and 26-46 kgf at 850-900°C. The dependence
of / on Q for each specimen gives a value of n for a particular specimen. If
we have n, we express a,, for each particular set of the values of / and Q by
using Equation (2) and then average the values of an over all points for one
specimen to obtain the tensile creep characteristics, expressed by Equation
(1), for a particular specimen. At -r\n =io"4h"1 the value of <jn is the stress to
cause 1% of creep strain for 100 h (Fig.3). Doping the basic matrix alloy with
zirconium, which is similar to titanium, does not change the creep resistance
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of the composites. Doping the basic matrix alloy with 1at.%Nb decreases the
strength and creep resistance of the composites at 1050°C.
The stress sensitivity of creep rate characterized by the value of n intense
decreases with temperature increasing: n = 17, 15, 7, 6, and 5 at 850, 900,
1000, 1050, and 1100°C, respectively.
If to take in account the matrix properties at 1050°C and features of
temperature dependence of n it can be thought that the matrix contribution in
tensile stresses cannot be neglected even at such a high temperature. If
a,, -120 MPa for the CM at 1050°C (see Fig.3), then the effective stress on
the fibres is about 500 MPa.

200

CO
CL 160

CO
GO

120

2
o 80

40

• Ti-48at%AI
o Ti-48at%AI-1at%Zr

850 900 950 1000 1050 1100
Temperature, °C

Figure 3. Stress to cause 1% creep strain for 100 h versus testing
temperature.
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This nearly corresponds to the effective strength of sapphire fibres in a
molybdenum matrix, of =620 MPa, at the same temperature (15). The
molybdenum matrix strength (15) is by an order of the magnitudes larger that
the stress in the TiAI-matrix under creep conditions, hence, the critical fibre
length in the Mo parent matrix is essentially smaller than that in the TiAI-
matrix.

3. Resistance of CM to atmosphere corrosion:

The weight gain was measured after testing at 1000°C in air for 100 h. The
data on the oxidation resistance of the Ti-48at.%AI matrix and Sapphire/TiAl
composites with matrix alloyed with Si, Zr, V, Nb in comparison with
published data on the oxidation resistance of the matrix alloys are shown in
Fig.4a,b (18-20). Most of the data on the oxidation resistance of TiAl alloys
were published for temperatures below 900°C. This complicates their
comparison with the present data. The mass gain at 1000°C of Ti-47at.%AI
alloy (18) is nearly the same, as in the present work on the Ti-48at.%AI matrix
alloy (Ag=1000+100 g-m"2 to 100 h). For composites with 20-25vol.%
Sapphire-fibre/TiAI-matrix (doped <2,5at.%Si during preparation of specimens
in quartz mould), the weight gain at 1000°C is smaller than that of TiAl alloys,
doped 0,5at%Si or 2-2,5at.%Mo at 900°C (21). Comparison of all the data
allows to conclude that both Zr and Nb increase the corrosion resistance of
TiAI+Si, whereas V and Ta decrease it. However, in all the cases, the
corrosion resistance of Sapphire/TiAI-alloy composites is much higher than
that of the TiAI-alloy matrix. In any case, alloying the matrix is a resource to
decrease the interface strength in these composites to improve low-
temperature fracture toughness.

4. Conclusion:

The fibrous composites of a new type exceed other heat resistant materials
by specific 100-h strength at 1050°C. Single-crystal sapphire ICM-fibres/Ti-
48at.%AI-2,5at.%Si-matrix can reach service temperature level of ~1050°C in
terms of creep and atmosphere corrosion resistance. This is by about 200-
250°C higher than that of TiAl alloys.
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Near Net Shape of Powder Metallurgy Rhenium Parts

Todd Leonhardt and James Downs

Rhenium Alloys Inc.

Elyria, Ohio USA

Summary:

In this paper, a description of the stages of processing necessary to produce
a near-net shape (NNS) powder metallurgy (PM) rhenium component through
the use of cold isostatic pressing (CIP) to form a complex shape will be
explained. This method was primarily developed for the production of the 440
N and 490 N liquid apogee engine combustion chambers used in satellite
positioning systems. The CIP to NNS process has been used in the
manufacture and production of other rhenium aerospace components as
well. Cold isostatic pressing (CIP) to a near net shape utilizing a one or two-
part mandrel greatly reduces the quantity of rhenium required to produce the
component, and also significantly reduces the number of secondary
machining operations necessary to complete the manufacturing process.
Further, the developments in near-net shape powder metallurgy rhenium
manufacturing techniques have generated significant savings in the area of
both time and budget. Overall, cost declined by as much as 35 % for the
rhenium chambers, and manufacturing time was decreased by 30-40 %. The
quantity of rhenium metal powder used to produce a rhenium chamber was
reduced by approximately 70 %, with a subsequent reduction of nearly 50 %
in secondary machining operation schedules. Thus, it is apparent that the
overall savings provided by the production of near-net shape powder
metallurgy rhenium components will be more than merely another aspect of
any project involving high temperature applications, it will constitute
significant benefit.

Keywords: rhenium, powder metallurgy, cold isostatic pressing, hot isostatic
pressing, liquid apogee engine, thrusters, satellite, and aerospace.
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Introduction:

The use of powder metallurgy (PM) rhenium as the material of choice for high
performance liquid apogee engines, as well as other high temperature
aerospace applications, has proven to be both accurate and precise for the
demanding requirements created by the very nature of their function and
operation. Rhenium has a melting point of 3459 K, and has the highest
modulus of elasticity of all the refractory metals (1,2). Powder metallurgy
rhenium has consistently provided high yield and ultimate tensile strengths at
ambient and elevated temperature, while maintaining exceptional creep and
low cycle fatigue properties required for high temperature aerospace
applications (1,2, 3).

Historically, rhenium has been produced in a variety of standard metal forms;
rod, bar, plate and sheet, and these basic shapes underwent electrical
discharge machining (EDM) methods to generate the specified shapes and
sizes to indicated tolerances. The current method of consolidating powdered
rhenium metal for rods has been cold isostatic pressing (CIP). In this
technique rhenium metal powder (figure 1) is packed into a flexible mold with
a "rigid can" to maintain the desired shape (figure 2). Then the can/mold
assembly is immersed in water contained within a CIP vessel. This "wet bag"
process uses hydrostatic pressures of 210 to 410 MPa, which transfers the
isostatic pressure to the mold and consolidates the rhenium metal powder
into a "green" rhenium compact (4).

00-270 20.0kV x100 100|jm

Figure 1: -200 mesh rhenium metal
powder

Figure 2: Typical can and mold for
cold isostatic pressing
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Prior to Rhenium Alloys, Inc. undertaking a National Aeronautics and Space
Administration (NASA) Phase II Small Business Innovative Research (SBIR)
program, all complex parts and components based on PM were
manufactured using a standard rod or a large diameter rod (ingot) that
involved numerous machining operations. The initial powder metallurgy
apogee thrusters were made from a 15-30 kg rhenium ingot, and while this
method worked well extensive machining was required to produce a high
quality part (5). As an example, a 30 kg rhenium ingot (figure 3), was
produced to make a finished part weighing only 2.4 kg, It was apparent that
change was necessary in the PM techniques being utilized to effectively and
efficiently produce components of a consistently high quality with less scrap
generation. This led to our initial research into the area of powder metallurgy
near-net shape manufacturing.

Figure 3: A hot isostatic pressed
rhenium ingot

Rhenium Alloys, Inc. selected a technique that appeared to fulfill all of the
criteria for near net shape processing. That method was cold isostatic
pressing (CIP) to form a near-net shape part. The CIP technique achieved all
of the goals that had been set forth, and established an alternative method of
repeatedly producing rhenium thrusters of a consistently high quality.
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Procedure:

As part of the NASA Phase II SBIR, two (2) completed and "deliverable"
thrusters of different and unique types were to be manufactured; one (1)
each of the 440 Newton (N) and 490 N high performance bi-propellant liquid
apogee rhenium/ iridium thruster. Both thrusters have rhenium as a substrate
with iridium applied as an oxidation-resistant coating. Each of the thruster
designs utilizes a conventional convergent-divergent design to produce thrust
for use in low-earth orbit and/or a geo-stationary orbit for satellite positioning
systems.

To produce a component possessing complex shape properties, the CIP
tooling must have a design contour similar to that of the actual part, and will
entail the use of a contour "can" and mold, as well as a one or two-part solid
pressing mandrel. This method of using a pressing mandrel is known as the
"collapsing bag technique" as described in ASM Handbook Vol. 7 (4). This
technique was used to manufacture the thruster, with a two-part pressing
mandrel, which generated a near-net shape "green" part.

Because the thrusters are of a convergent-divergent cone design, it was
necessary for the mandrels to be divided at their narrowest point. Also the
mandrel was manufactured with a slight taper to allow it to be removed with
out scratching the inside of the "green" compacted part during the mandrel
extraction process. In this method, the mandrel holds the thruster's inside
diameter contour while maintaining the dimensional tolerances, (figure 4).
The flexible mold takes the contour of the mandrel, and the green compact
gets a contoured outside diameter matching the shape of the mandrel. In this
technique the powder fill controls the wall thickness of the near net shaped
(NNS) part with contoured inside and outside surfaces, as shown in figure 5.
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Figure 4: Mandrel used for cold
isostatic pressing of NNS thruster

Figure 5: "Green" near net shaped
rhenium thruster.

Following removal of the mandrel from the "green" NNS compact, the parts
are placed in a horizontal position and are "lightly" pre-sintered at a low
temperature to ensure that no "sag" will occur. Next, the thruster is pre-
sintered again, this time at a higher temperature and in a vertical position, to
promote shrinkage prior to high temperature sintering at 0.8 of the melting
point.

The sintering process can be performed in either a hydrogen atmosphere or
in a vacuum for a period of several hours. A sintered density of 97 % of
theoretical density of 21.04gr/cm3 was achieved with the CIP-ing to NNS
process. The NNS thruster was close to the desired dimensions as sintered.
Then, hot isostatic pressing (HIP-ing) was employed at high temperature and
pressure for several hours. And, due to the high as sintered density, the
NNS shaped part can be made without "canning", but with lower density parts
the can must be applied to avoid trapping the HIP gas in the porosities.

A "canning" operation can also be prohibitive due to the complexity of the
shapes involved. The formation of a metal can around a complex shape is
not only extremely difficult but also very costly. Consequently, the "can-iess"
or "container-less" technique becomes essential in the hot isostatic pressing
(HIP) method of producing complex rhenium components of nearly full
density. Further, during the HIP-ing process the NNS thruster shrank an
additional 2-4 %, ensuring dimensional tolerances would be achieved.
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Following the HIP-ing process, electrical discharge machining (EDM) and
diamond grinding procedures were performed to produce the finished part.
The EDM process was used to remove all rough surfaces in general, and on
the outside diameter, where the thruster "necks down", to remove excess
material. A two-step diamond grinding process, involving both "rough
grinding" and a finer "finish grinding", was utilized to achieve final dimensions
and ensure that the dimensional tolerances were met.

The 440 N thruster was the first near-net shaped chamber produced using
the "CIP to NNS" process, and it reached a final density of 99.4 %. The hot
processing methods applied produced a fine grain microstructure with micro-
porosity inside the grains (figure 6). This thruster (Figure 7) was delivered to
NASA Glenn Research Center in Cleveland, Ohio, and was coated with
iridium for oxidation resistance to the propellants. After the iridium coating,
the thruster will be hot fire tested for flight hardware certification.

Figure 6: Microstructure of the 440
N rhenium thruster

Figure 7: 440 N rhenium thruster
before iridium coating

The 490 N thruster was the more challenging of the two thrusters to
manufacture because of the large exit cone and smaller barrel section when
compared to the 440 N thruster. The parameters for making the 490 N
thruster were similar to those used for the 440 N thruster except for a higher
compaction pressure. Because of the larger exit cone of the 490 N thruster, it
had to be made in a two-part construction process, with a barrel section and
a partial exit cone as well as a larger exit cone section (figure 8). Some
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machining was performed before electron beam welding was used to join the
exit cone and barrel sections together. The completed 490N thruster (figure
9) had a density of 99.9 %, with a fine grain microstructure (figure 10).

Figure 8: Two-part construction
of the 490 N thruster

Figure 9: 490 N rhenium
thruster

100N thruster

Figure 10: Microstructure of the 490
N rhenium thruster

After completing the 440 N and 490 N thrusters, Rhenium Alloys began work
on several small 100 N liquid apogee engines for NASA Glenn Research
Center. The thrusters were produced by the "CIP to NNS" process. The
production process was shortened by using only a, light pre-sintering cycle,
followed by a shorter sintering cycle. Two (2) 100 N thrusters could be hot
isostatic pressed simultaneously, reducing both the production time and cost
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of the 100 N thruster (figure 11). Previously, the 100 N thrusters were
machined from a 76 mm rod, with a considerable amount of rhenium scrap
being generated.

Figure 11: 100 N NNS
rhenium thruster before
machining

Hemispherical domes

Two 38 mm-radius hemispherical domes (figure 12) were produced using the
"CIP-ing to NNS" process. A one-piece mandrel (figure 13) and complex CIP
tooling were designed to produce dome shaped objects. The retaining can
and mold were contoured to produce the inside and outside diameters and to
control the wall thickness of the hemispherical dome. The final wall thickness
of the domes was 4 mm.

Figure 12: Two rhenium domes
Figure 13: One-piece mandrel for
NNS domes
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Discussion

To produce consistent, high-quality NNS parts, a more in-depth
understanding of the consolidation process was needed, and therefore,
several experiments were performed to achieve a greater understanding of
the flow characteristics of RMP under hydrostatic pressure. A simple tube
mandrel would indicate the interactions between the powder, the mandrel
and the mold. When designing CIP tooling, mold thickness, powder-fill, and
mandrel design are critical elements for the success or failure of the project.
That is why a solid and basic understanding of a cold isostatic pressing
model is essential. The thickness of the mold provides a significant
contribution to the "as-pressed" density and the shape of the outside
diameter of the CIP-ed part. If the mold is too thick, it will wrinkle, or if the
part has small diameter the "green" part will fail to consolidate, or have a very
low "green strength".

Historical data on compaction, tap and apparent densities proved invaluable
when determining the powder fill requirements. If the wall thickness were too
thin or too thick, the "green" compact would crack. The first consideration is
the mold interaction due to the "spring back" of the powder compact and the
adhesion of the powder to the mold itself. When the part was too thin, the
mold would break the compact. If the wall thickness was too great, the
density was too low. A part produced with a consistent wall thickness and a
contoured mold provided the best solution to both the problems of cracking
and low "green strength".

Most metal powders are abrasive, and under pressure are forced into the
mold material and around the mandrel, where frictional forces play a
significant role. During these experiments, the mandrel became warm;
indicating substantial frictional heat was generated when the powder was
flowing around the pressing mandrel during the compaction process.
Additionally, particle re-arrangement and compaction play a role in producing
a "green" part possessing good "green" density.

One major observation was that cold isostatic pressure in a CIP unit with a
complex mold and mandrel, is not truly isostatic when acting on a component
with a complex mandrel design and a flexible mold. This non-uniform
pressure caused density variations in the "green" part that in turn caused
additional distortion problems during sintering.
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Due to the compaction variation from the non-uniform isostatic pressure,
predicting and controlling shrinkage and distortion was the major technical
hurdle. In early experiments, slump and distortion were observed with the
walls distorting or becoming oblong, and during sintering, slump would cause
a thickening of the walls at the bottom of the part.

To predict and control the distortion from the consolidation process, the CIP
tooling compaction and thermal processing steps had to be controlled
through the CIP pressure, pre-sintering time and temperature. Further, the
length of the sintering cycle needed to be understood and quantified for each
distinct part. It is now possible to predict, for a given part, the shrinkage rate
and thereby determine the dimensions of the tooling and mandrel.

Conclusion

A research program was established which was funded under a Phase I and
II SBIR grant from NASA. The goal of the project was to establish an
alternative manufacturing method for the production of powder metallurgy
rhenium combustion chambers. The task of reducing the quantity of rhenium
required to produce combustion chambers was undertaken to lower the cost.
This paper has focused on the evolution of manufacturing techniques utilized
in the production of rhenium thrusters. One of the major benefits of the "cold
isostatic pressing to near net shape method" is the ability to make parts with
a density of 95-98 % after sintering and 98.5 to 99.9 % after hot isostatic
pressing.

The developments in the production of near-net shape powder metallurgy
rhenium combustion chambers has reduced the manufacturing cost of such
chambers by as much as 35 %, and shortened the manufacturing time by 30
- 40 %. The quantity of rhenium metal powder used to produce a chamber is
reduced by approximately 70 %, and the subsequent reduction in machining
schedule and costs is nearly 50 %. Cold isostatic pressing to near net shape
has provided significant cost savings, and also increased the quality and
density of rhenium components. The overall benefits provided by this process
have become an important aspect when competing in the international
market for satellite propulsion components and other high temperature
components made of powder metallurgy rhenium.
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Potassium Incorporation into Tungsten by Entrapment of Dopant

Particles formed on the Surface of AKS-Doped TBO
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Summary

As a result of AKS-doping, submicron sized dopant particles are present on
the surface of tungsten blue oxide (TBO). The aim of the present work was to
study the role of these dopant particles in the incorporation of potassium.
Hydrogen reduced tungsten powders, sintered ingots and 0.39 mm diameter
wires were produced from two starting materials: a) doped TBO, b) doped
and subsequently H2O-washed TBO. The properties of these products were
comparatively investigated. The results indicated that during reduction, the
potassium-containing dopant particles on the surface of TBO are trapped
inside the growing tungsten crystals creating many relatively large inclusions
within the metal particles. It was concluded that the large inclusions in the
metal particles generate large potassium-pores in the sintered ingot from
which long bubble rows are formed in the wire.

Keywords:
bubble strengthened tungsten, potassium incorporation into tungsten

Introduction

Tungsten wire for incandescent lamp filaments must operate at high
temperatures for long times without significant distortion of the original coil
geometry. To meet these requirements, the wire must be strengthened by
elastically soft particles, such as gaseous or liquid bubbles (1,2). Lamp-grade
tungsten wires are strengthened by potassium-filled bubbles that are formed
as a result of so called AKS- or NS-doping. This procedure is carried out by
adding aqueous solutions of AI-K-Si-containing compounds to the tungsten
blue oxide (TBO). Hydrogen reduction of the doped TBO leads to a metal
powder with potassium-containing dopant phases within the tungsten grains.
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During high temperature sintering of the compacted metal powder, these
dopant inclusions decompose into their constituent elements, the majority of
silicon and aluminum are removed from the ingot, while a significant amount
of the insoluble potassium remains entrapped in the residual pores (3,4).
Further processing by swaging and wire drawing results in the elongation of
the potassium-containing pores whose break up into smaller bubbles during
heat treatment accomplishes the desired fine bubble dispersion required for
high temperature creep strength of the wire (5).

The application of this special kind of the dispersion strengthening methods
presents considerable metallurgical problems. While much is known about
the formation of the bubbles from their precursors (potassium-filled pores of
the sintered ingot), there are less understood those mechanisms by which
the dopants are incorporated into tungsten during hydrogen reduction of
doped TBO. The theories are mostly based on the formation of ft-W and/or
various intermediate compounds which could facilitate dopant incorporation
during TBO => WO2 => oc-W transition. An alternative mechanism was
proposed by Walter and Briant (6) suggesting that potassium-containing
particles on the surface of doped TBO provide sites for early nucleation of
tungsten crystals. In this way potassium can be trapped in pockets in the
interior of the tungsten crystals during their growth by vapor transport from
the oxide. Literature on dopant incorporation into tungsten during reduction of
AKS-doped TBO was reviewed recently by Zeiler et al. (7) and Schubert et al.
(8). The aim of the present work was to study the role of the surface particles
of AKS-doped TBO in the incorporation of potassium into tungsten.

Experimental methods and results

For the present study AKS-doped TBO was used that contained 2740 ug/g
potassium. The scanning electron micrograph (SEM) in Fig. 1a. shows that
after doping, the surface of dried TBO is covered by small dopant particles
ranging from 0.1 to 1um. The number density of the particles on the surface
of the doped oxide amounted to about 12 urn"2. In order to investigate the
effect of the surface particles on the developing potassium-filled bubbles, a
portion of the doped blue oxide was washed in H2O. During this treatment the
majority of the dopant particles was removed from the surface of the doped
oxide, as shown in Fig.i.b. After removal of the surface particles, the
potassium concentration of the doped TBO dropped to 1760 ug/g and the
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Fig.1 SEM micrographs showing dopant particles on the surface
of AKS-doped TBO before (a) and after (b) H2O-washing

number density of the particles on the surface of the oxide decreased to
about 1,4 urn"2.

The unwashed and washed doped blue oxides, designated as "A" and "B"
materials, were reduced in hydrogen to metal powders under the same
conditions. Subsequently, the two batches of tungsten powders were
processed by the usual powder metallurgy technique to 0.39 mm diameter
wires. The role of the surface particles of doped TBO in the potassium
incorporation was studied comparatively on the reduced metal powders,
sintered ingots and drawn wires that were produced from the two (washed
and unwashed) doped blue oxides.

Characterization of the two reduced tungsten powders was done by
measuring their potassium contents and evaluating the SEM micrographs of
the polished cross sections of the metal particles. Although the micrographs
of the sectioned tungsten particles did not allow accurate measurements for
the size of the embedded dopant inclusions, examination of numerous
sectioned metal particles revealed that the first batch of the reduced tungsten
powder prepared from the unwashed TBO (powder A) contained more
relatively large (>0.5 urn) inclusions in the interiors of the tungsten crystals
than the second powder batch obtained from the washed TBO (powder B).
The chemical analysis indicated that the potassium concentration
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in powder A amounted to 120 ug/g, while 85 ug/g potassium was found in
powder B. The SEM micrographs in Fig.2 show the presence of the
inclusions in the interior of the tungsten particles. Some characteristics for
the blue oxides and reduced metal powders are summarized in Table 1.

Fig. 2 SEM of sections of doped tungsten particles made from
unwashed (a) and washed (b) blue oxides

Doped TBO
"A"

Doped and
washed TBO

"B"

Number density
of particles on
TBO surface

[Mm"2]

12

1,4

Potassium
content of TBO

rug/gl

2740

1760

Potassium
content of W

powder
[|jg/9l

120

85

Size of
inclusions within

W particles
[Mm]

similar to the
dopant particles

on TBO

mostly small

(< 0,3)

Table 1. Data on doped and H2O-washed blue oxides and
reduced metal powders obtained from the two oxides

The SEM micrograps in Fig.3 show the fracture surfaces of the two sintered
ingots made from powder A and powder B. The size distributions of the
potassium-filled pores on the fracture surfaces of the sintered ingots were
characterized by histograms that were obtained by measuring the pore
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Fig. 3 SEM micrographs showing the residual porosities in sintered
ingots made from unwashed (a) and washed (b) blue oxides
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Fig. 4 Distribution of pore diameters on the fracture surface of sintered
ingots made from unwashed (a) and washed (b) blue oxides

diameters on the SEM micrographs and counting their relative number for the
corresponding size ranges. Since the high temperature strength ofAKS-
doped tungsten wires depends first of all on the submicron sized potassium-
containing pore population of the sintered ingot, our quantitative evaluation
was restricted to pore diameters of less than 1 urn (i.e. the "precursors" of the
bubble rows of the wire were considered). The results are given in Fig.4.
The difference between the two histograms shows that the removal of the
dopant particles from the surface of doped TBO resulted in a noticeable
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change in the size distribution of the submicron sized pore population
causing a decrease in the average pore diameter from 0.23 urn to 0.15 urn.

In order to get a qualitative picture about the difference in the bubble
dispersion of the wires that were produced from the unwashed and washed
doped blue oxides, the recrystallization behaviour of the two wires
(designated as wire A and wire B) were comparatively investigated using
emission electron microscope (EEM). Although the characteristics of the
bubble dispersion (e.g. size distribution of the bubbles) are usually analyzed
by direct microscopical measurements, the applied recrystallization test
proved to be a useful indirect method yielding information about the "quality"
of the bubble dispersion of the wire. This was allowed by the fact that the
movements of the grain boundaries in doped tungsten wires are controlled by
the bubble rows and the presence of these growth-controlling bubble-barriers
could be observed during recrystallization (9). The temperature at which
exaggerated grain growth started, was measured by an optical pyrometer
and the process was recorded by a video camera for subsequent evaluation.

The EEM examinations showed that the grain growth process in wire B
started at a relatively low temperature and resulted in a less favourable NS-
morphology compared with the corresponding properties of wire A. (Fig.5)
The recrystallization temperatures and the average aspect ratios of the
grains at the fully recrystallized conditions for the two wires are given in Table
2. A further consequence of the H2O-washing of the doped TBO appeared in
the motion of the boundaries during grain growth. While in the case of wire A
the jerky motion of the boundaries reflected the presence of many long
bubble rows that exerted strong barriers against grain growth perpendicular
to the wire axis, the moving boundaries in wire B experienced remarkably
shorter linear barriers against lateral grain growth.

(a)

Fig, 5 EEM micrographs showing recristallized grain structures
in wire A and wire B
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wire

A

B

onset of exaggerated
grain growth

2150

1950

grain aspect ratio

16

10

growth-controlling
linear barriers

mostly long

mostly short

Table 2. Influence of H2O-washing of TBO on the recrystallization
behaviour of 0.39 mm diameter AKS-doped wire

Discussion

The SEM micrograph in Fig. 1a shows that after the doping procedure, the
dopants are nonuniformly distributed on the dried surface of TBO. Although
the exact chemical compositions of the dopant particles are unknown, the
relation between their removal and the reduced potassium concentration of
the washed blue oxide indicates that the removed surface particles should
contain potassium. Consequently, the disappearance of these particles from
the oxide surface (Fig. 1b) resulted in a lower potassium concentration of the
reduced metal powder, as shown in Table 1. A further consequence of the
removal of the surface particles manifested itself in the difference in the
inclusion size of the reduced tungsten particles between powder A and
powder B. While the majority of the inclusions inside the metal particles of
powder B appeared to be small (<0.3 urn), a number of relatively
large (>0.5 urn) inclusions could also be revealed besides the smaller ones
in those metal particles (powder A) which were obtained from the unwashed
TBO ( Fig. 2).

Reduction studies have shown that the size of the inclusions in the doped
tungsten particles increases with increasing reduction temperature (10), and
hence, large («dum) dopant inclusions can form if the reduction temperature
is high (>750 °C). Since in the case of our experiments the washed and
unwashed blue oxides were reduced exactly under the same conditions, the
difference in the size distribution of the inclusions between powder A and
powder B must be ascribed to the removal of the dopant particles from the
surface of TBO.Therefore, at least a part of the large (>0.5 urn) dopant
inclusions in powder A must originate from the surface particles of the doped
blue oxide. Thus, our washing experiments supported the wiev (6) that during
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reduction, the potassium-containing dopant particles on the surface of TBO
provide nucleation sites for tungsten crystal growth around the particles by
CVT of WO2(OH)2 from the surrounding oxide areas, leading finally to
entrapment of these dopant phases in the interior of the growing tungsten
crystals.

This way of dopant incorporation may account for the observed difference in
the size distribution of the potassium-pores between the two sintered ingots
(Fig.3, Fig.4). The higher frequency of the pores having diameters of >0.3 urn
in ingot A can be related to the large inclusions that are present in a relatively
great number in the metal particles of powder A. Thus, although more or less
redistribution of potassium may occur during sintering (4,6), a qualitative
correlation seems to exist between the size of the inclusions in the reduced
tungsten particles and the size of the potassium-filled pores in the sintered
ingot.

The most pronounced effect of the washing treatment was observed on the
recrystallization behaviour of wire B. Fig.5 and Table 2 show that the
removal of the dopant particles from the surface of TBO resulted in a less
favourable morphology of the recrystallized grains. EEM examinations
indicated that the reduced quality of wire B was associated with the fact that
the recrystallization started at a lower temperature and the grain growth
process was controlled by relatively short bubble-barriers leading to lower
aspect ratios of the recrystallized grains compared with the corresponding
properties of wire A. These examinations showed that wire A had more long
bubble rows than wire B. Since the two ingots were processed to wire under
the same working conditions, the difference in the length of the bubble rows
between wire A and wire B must be attributed to the difference in the size
distribution of the potassium-pores between the two ingots.

Previous studies have shown that during thermomechanical processing, the
deformation of the potassium-pores occurs selectively, as the small pores
are less deformable than the larger ones (11,12). Therefore, at a given stage
of processing, the large pores are more elongated in the working direction
than the smaller ones and during annealing, the large pores break up into
longer bubble rows consisting of more individual bubbles than the less
elongated smaller ones. This means that the long bubble rows in wire A must
stem from the large potassium-pores of the sintered ingot. This conclusion is
consistent with the measured difference in the size distribution of the
potassium pores between the two ingots (Fig.4): the relatively large
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percentage of the pores in the 0.3-1 urn diameter range in ingot A may
account for the observed long bubble barriers in wire A.

Considering the relations between the potassium distributions in the different
intermediate products (reduced powder, sintered ingot, recrystallized wire), it
seems that a part of the bubble rows (first of all the long ones) in the wire can
be derived from the potassium-containing dopant particles present on the
surface of doped TBO. Therefore, the entrapment of these particles in the
interior of the growing tungsten crystals during reduction is an important way
by which potassium can be incorporated into tungsten.

On the other hand, however, there are facts that cannot be interpreted by this
incorporation mechanism. Taking into consideration, that the doping solution
can react with TBO resulting in chemosorptive bonds between the dopants
and the oxide (13) and depending on the reactivity of TBO, ion exhange
reactions (14) can occur, the presence of discrete particles on the surface of
blue oxide is presumably not the only form of dopant distribution. This
assumption is in agreement with the results of our chemical analysis:
although during the applied washing treatment nearly 90 % of the dopant
particles was removed from the surface of TBO, more than 60 % of the
original potassium content remained in the washed oxide and the wire did not
lose completely its NS-character. This would mean that a bubble dispersion
could develop in the wire even if practically all dopant particles are washed
away from the surface of TBO. In this case the dominant way by which
potassium is introduced into tungsten is possibly associated with the
formation of intermediates (7,15) facilitating tungsten nucleation and, hence,
dopant incorporation during reduction. Therefore, it can be concluded that in
usual cases (without washing of TBO) the bubble forming potassium is
incorporated simultaneously at least by two different mechanisms.

Conclusions

On the basis of the relations found between the dopant particle size on the
TBO surface, inclusion size in the reduced tungsten crystals and pore size in
the sintered ingot, it was concluded that a portion of the bubble rows in the
wire can be derived from the potassium-containing dopant particles that are
originally present on the surface of the doped oxide.
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Since during reduction, the dopant particles on the surface of TBO are
entrapped inside the growing tungsten crystals, their properties (size
distribution, number density, chemical composition of the particles) may have
a marked effect on the quality of the developing bubble dispersion in the wire.

During hydrogen reduction of the doped TBO, potassium incorporation may
occur by several possible ways depending on the reduction conditions.

The present work was supported by the National Research Fund (OTKA)
contract No. T 32730.
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ABSTRACT

This work presents the cristallography and chemistry of new
lanthanides-tungsten composite materials developed to manufacture
thermionic cathodes for power grid tubes, based on the same principle than
thorium-free cathodes. By mean of X-Ray diffraction at high temperature and
under vacuum with Synchrotron Radiation facilities, we followed in real time
the different phases and phase transitions that can occur during the heating
process and the carburization at 1550°C of such tungstates deposits on thin

tungsten ribbons. Melting points for composition between 9 La2C>3 - 1 WO3

and 2 La2C>3 - 9 WO3 were specified under the pressure of 1x10 mbar.

After interpretation of X-ray diffraction results, phase diagram of n La2C>3 - m

WO3 system under vacuum in equilibrium with metallic tungsten have been
deduced. Moreover we underline by these works the fact that using a
lanthanum-rich tungstate involves better stability and chemical homogeneity
of the cathodes surfaces with temperature.

KEYWORDS

Thermo-emissive Cathodes, Lanthanum Tungstates, X-ray Diffraction, Phase
Diagram, Wetting.
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INTRODUCTION

Thoriated tungsten is used since 1930 as a directly heated cathode
material. These cathodes work at 1750°C in power grid tube. Interest in new
materials to replace thoriated tungsten was renewed in the recent past
because of its natural radioactivity and European community agencies
tendency to have a very strict control in the use of thorium and its
compounds. Good electronic emitters in similar conditions than thoriated
cathodes have then been looked for (1). The accent was put on classes of
compounds which present a relatively good stability and advantageous work
functions. Rare earth compounds have been recognized for some time to fit
the above requirements.

Direct doping of tungsten by thorium or rare earth oxides requires high
temperature powder metallurgy in order to obtain oxides dispersed at
tungsten grain boundaries. Most of the former works have been done with
this kind of materials. Another way for doping tungsten is to use mixed oxides
of tungsten and rare earth. These ones can be deposited by cataphoresis on
the pure tungsten wire surface at room temperature and can then be
subjected to various high temperature treatments. This promising way is
complicated by the fact that we know very little about the phase diagrams of

these mixed oxides. La2O3 - WO3 phase diagram obtained in air was
reported in 1976 by Yoshimura and Rouanet (2) revealing 10 different
phases. Some data about such refractory compounds were also reported by
Canal and al. (3).

The present work aims to understand lanthanum tungstates behaviour
for different compositions deposited on the tungsten surface when they are
heated under vacuum or under acetylene atmosphere during some
temperature modifications which are representative of the process conditions
of formation of an active lanthanum-tungsten cathode. To realize this
investigation we have used high temperature X Ray Diffraction in real time
and under controlled atmosphere. The observations were completed by SIMS
experiments when necessary.
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EXPERIMENTAL

SYNTHESIS OF LANTHANUM TUNGSTATES :

Lanthanum tungstate synthesis was performed by a polyacrylamide gel-
assisted citrate process (4). First, a stable citrate solution containing the two
metals in the stoichiometric ratio for a desired composition was made. For

this, tungsten oxide WO3 reacted with a solution of triammonium citrate, with
the ratio of 4 moles of citrate for 1 mole of oxide, to give a clear and stable
solution of a citrate complex. By the same way a stable solution of lanthanum
citrate was obtained by reacting lanthanum nitrate with triammonium citrate (3
moles of citrate for a mole of lanthanum nitrate). The La and W containing
solution was gelled by in-situ formation of an auxiliary three-dimensional
organic network, the polyacrylamide gel. For this, the organic monomers,

acrylamide CH2=CHCONH2 and N,N'-methylenediacrylamide

CH2=CHCONHCH2NHCOCH=CH2, were dissolved in this solution (6g and
1g respectively for 100 mL of solution). The solution was heated under stirring
and a,a'~azoisobutyronitrile (AIBN) (a few drops of solution in acetone) was
added as polymerisation initiator upon reaching the boiling point. The solution
turned rapidly to an elastic gel. This gel was transferred to a porcelain vessel
and heated in a ventilated furnace at 5°C/min to 800°C for 1 h in order to
completely decompose the organic parts. The resulting white and light
powder, made of fine grains, was suspended in isopropanol and ball-milled
with zirconia balls in a polyethylene jar. This suspension was used to make
the lanthanum tungstates deposits on the tungsten samples surfaces.

EXPERIMENTAL X RAY SET UP :

The experiments have been carried out on the H10 beam line at LURE
(Laboratory for Electromagnetic Radiation Use) at Orsay (France) (5). With
the technical advantages of Synchrotron Radiation small samples can be
used and it is possible to work on very reduced surfaces because of the
vertical and horizontal focalisation of the X-rays beam. Linear and curved
(INEL) detectors with high speed performances also help to get real time
diffraction patterns. Incident X-rays energy is 10 KeV corresponding to a
wavelength X - 1.2398 A and typical time to get one real time diffraction
pattern is 50 milliseconds. In practice we used to accumulate data during 240
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seconds and the X-ray pattern obtained for each sample temperature
corresponds to an average of these data.

3
The samples used are tungsten ribbons (50x2x0.025 mm ) covered

with a small layer of lanthanum tungstate (thickness of about 10 um). It is
caught in water cooled brass jaws that drive the heating electrical current.
Mechanical arrangements allow to pull the ribbon in order to compensate for
its dilatation with temperature. All this set up is enclosed in a high vacuum
chamber made of water cooled aluminium alloy. Two curved beryllium
windows permit the transmission of X-rays monochromatic beam from outside
to inside the chamber (or vice-versa) as shown on figure 1. The beam arrives
on the ribbon with an angle of approximately 10°. The ribbons temperature is
measured through a silica glass window with a tungsten filament pyrometer.

A turbo-molecular pump is used to reach 10 mbar residual pressure

and a pin valve permits to introduce dynamically C2H2 with pressures from
-3 -2

2x10 to 1x10 mbar during one minute or more depending on samples.

Two types of experiments are realized in situ on the different ribbons :
- Simple heating process : it consists of a progressive temperature ramp (with
50°C or 100°C steps). Patterns are regularly taken from room temperature to
1800-2000°C depending on lanthanum tungstate deposited on ribbons.

- Carburization : it is performed at 1550°C under acetylene pressure and
can be followed in real time.

SIMS PROFILING

The depth concentration profile of lanthanum in tungsten was
investigated by means of positive ion mass spectrometry induced by 10 KeV

oxygen ions (O ) bombardment in a Cameca IMS 4F apparatus at the
Physics of Solid Laboratory of the CNRS in Bellevue (France). The crater

surface measures 250x250 um and it corresponds to a 88 um diameter
analysed surface. The depth scale calibration was obtained by measuring the
crater depth with a stylus profilmeter (DekTak II).
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Incident X-ray beam

W ribbon
covered with
La2O3 - WO3

Power Supply

Patterns
Acquisition

IN EL X-Ray
detector

Tungsten Ribbons
dilatation adjustment

Figure 1 : X-ray diffraction chamber for high temperature and under controlled
atmosphere.

X-RAY DIFFRACTION EXPERIMENTAL RESULTS

Analysis and interpretation of diffraction patterns have been in some
cases very difficult because of angular gap created by temperature during the
samples heating. Some average gaps of 0.5° to 1° in comparison with
ambient 28 values can be observed.

HEATING OF LANTHANUM TUNGSTATES UP TO THEIR MELTING POINTS UNDER
VACUUM :

All the lanthanum tungstates compositions studied are presented in the
table below (table I) with their corresponding temperature under vacuum and
under atmospheric pressure.

Melting point (MP) temperatures obtained under vacuum for the
different compositions are in most of cases less than the temperatures at
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atmospheric pressure observed by Yoshimura and Rouanet (2). The
difference observed does not exceed 150°C.

No rare earth oxides are formed on the ribbons surfaces during all the
experimental process i.e. heating and carburization.

2 La?O? - 9 WO.? : This phase is the less stable. At its melting temperature,
1025°C, it decomposes into one 1:3 solid phase and a liquid.

?O3 - 3 WO3 : we observed a symmetry change for this phase at 900°C.
The diffraction patterns become complex at 1100°C making the analysis
difficult. Overall this tungstate seems to evolve to the 1:2 composition.

1 LapQ? - 2 WO3 : As for the case under atmospheric pressure [2] this phase
has a reversible phase transformation around 1050°C (a 1:2 o |3 1:2).
At 1100°C this 1:2 tungstate presents an evolution into a lanthanum-richer
phase with metallic tungsten formation. Such observation is reproducible for
the compounds 2:3, 7:8 and 1:1 and we will deal with it in the following.

3 LapO^ - 2 WO^ : This phase was identified as a defined compound stable
up to 1650°C. During its heating we can note low intensity diffraction peak
changes which seem to correspond only to symmetry transformations.

The lanthanum-rich compounds 9:1, 4:1, 3:1 and 5:2 will also be
explained in the following.

La2O3

moles
9
4
3
5
3
1
7
1
1
2

WO3
moles

1
1
1
2
2
1
8
2
3
9

Melting point under air (2)

1740°C (decomposition)
1740°C (decomposition)

1960°C
1770°C (decomposition)

1800°C
1760°C

1670°C (decomposition)
1600°C
1070°C

1030°C (decomposition)

Melting point under
vacuum (figure 3)

1850°C
1900°C

«1800°C
1600°C
1650°C

MP not reached
MP not reached
MP not reached
MP not reached

1025°C

Table I : Composition and properties of lanthanum tungstates.
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RIBBONS CARBURIZATION :

Only 2:9, 1:2, 7:8, 3:2 and 3:1 tungstates compositions have been

studied at 1550°C under an acetylene C2H2 atmosphere. In any case the
tungstate was first melted and the temperature was then changed to 1550°C

to perform the carburization. Tungsten carbide (X-W2C is always formed at

the ribbons surface, W6C2.54 being not excluded because of its diffraction

pattern very close to the a-W2C one. For the compositions 3:2 and 3:1 we

observe a mixed carburization since not only 01-W2C is present but also WC.
On figure 2 we show the carburization of the composition 3:2.
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1 -> Ambient (powder), 2->1000°C, 3-^1400°C, 4^1600°C
5 -> 1650 to 2200°C (Melting), 6 -»1550°C with acetylene
7 -> Ambient after carburization

Figure 2 : Heating and carburization of 3 - 2 WO3 tungstate.
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DISCUSSION

La?O3 - WOs PHASE DIAGRAM UNDER VACUUM (See figure 3 ) :

The diffraction patterns taken during the ribbons heating process
(without carburization) were used to establish a phase diagram of La2O3 -
WO3 system in equilibrium with metallic tungsten under vacuum. Patterns
obtained are sometimes difficult to understand : indeed La2O3 - WO3 system
is rarely in an equilibrium state during its heating. The system changes all the
time since once tungstates are liquid they can migrate on the surface but also
be absorbed inside the tungsten ribbon. Therefore surface composition can
not be the same as the starting one : these reactions by elimination do not
permit to reach chemical equilibriums. So the La2O3 - WO3 phase diagram
under vacuum, presented on figure 3, in not exactly representative of
equilibrium states.

Three main parts exist in this diagram : the first one corresponds to a

composition range from the lanthanum oxide La2C>3 to the compound 3:2, the
second one from 3:2 to 1:2 and the third one from 1:2 to the tungsten oxide

WO3.

3 La2C>3 - 2 WO3 seems to be the most stable defined compound from
ambient to its melting point of 1650°C under vacuum (see X-ray pattern on
figure 2).

Part 1: For lanthanum-rich compounds such as 5:2, 3:1, 4:1 and 9:1
some changes can be observed in comparison to Yoshimura and Rouanet
phase diagram. For instance under vacuum the defined compound 5:2 is
stable below 1100°C. At this temperature, it splits up into two phases 3:2 and

La2O3 (see figure 4). After this decomposition we can suppose a
metastability field in which 5:2 has an important role. Indeed for 4:1, 3:1 and
9:1 compositions we should observe the same decomposition (with different

3:2 and La2O3 proportions) but this is not the case. The only noted fact is the
transformation of these tungstates (4:1, 9:1; 3:1) into the phase 5:2 with

La2C>3 disappearance when temperature increases. The example of 4:1 is
shown on figure 5 : at room temperature 4:1 does not exist ; it is 5:2 plus
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. These two phases are observed up to 1500°C above which only one
phase with 5:2 symmetry is present. This phenomenon is reproducible for the
tungstate 9:1. Therefore this supposed metastability area presents some
points that we do not really understand and so that is the reason why we
have represented it by a interrogation point on the diagram of figure 3.

These strange results made us synthesize very small balls of
composition 5:2 tungstate and melt them within a few seconds by laser
heating under argon pressure and cool them immediately. The diffraction
pattern obtained on the final compound shows exactly the 5:2 composition

that is to say 3:2 plus La2C>3 phases. Therefore we suppose that the
tungstate 5:2 can be a defined compound at least for temperatures above
1200°C.

The diffraction patterns for 4:1 above 1500°C seems to point out the fact that
it is a defined compound stable at high temperature up to its melting
temperature 1900°C. For compounds 9:1, 4:1 and 3:1 we can suppose the
existence of a solid solution with a cubic symmetry (type 5:2) because all the
corresponding patterns show phases with such a symmetry.

Part 2 : In the central part of the diagram we can note metallic
tungsten formation : it occurs during heating of the composition 1:1 from
1325°C and from 1100°C for compositions 7:8, 2:3 and 1:2. From these
temperatures the tungstate becomes, with more or less rapid kinetic speeds,
more lanthanum-rich and the new tungstate tends to be the defined

compound 3 La2C>3 - 2 WO3.

It is important to note that we are able to make difference between
metallic tungsten formed during tungstates heating and tungsten ribbons.
Whereas tungsten ribbons have the crystallographic orientation [200] which
corresponds to only one diffraction peak for 29 = 46.13° (room temperature),
metallic tungsten formed during tungstates heating does not present
preferential orientation.
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Figure 3 : La2O3 - WO3 on tungsten system phase diagram under vacuum.
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Figure 4 : Decomposition of the 5:2 tungstate into 3:2 and

Part 3 : For the compositions from 1:3 to the tungsten oxide WO3
similarities exist between the vacuum phase diagram and the atmospheric
pressure one. We can observe the decomposition of 2:9 into 1:3 and as

WC>3is not present on the diffraction patterns we can conclude that an

eutectic point is present at 1025°C for a composition between 2:9 and WO3.

LANTHANUM TUNGSTATE AS CATHODE MATERIAL :

For lanthanum-poor tungstates (compositions between 1:1 and 2:9) an
extension of the X-ray analysed part and MEB/EDX observations allowed to
point up two important facts :

- On the one hand, it seems that once liquid the deposited tungstate
migrates on the surface into cooler areas (ribbons extremities) where
it can solidify again.



680 RM82 K. Cadoret et al.
15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

On the other hand, the diffraction patterns point out the fact that heating
involves a lanthanum richer composition of the deposited tungstate by
tungsten oxides evaporation. The new formed phases have a higher melting
point and are therefore more stable.
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Figure 5: Evolution of the 4:1 tungstate with temperature.

These two phenomena, and more precisely the use of a lanthanum-
poor tungstate, make chemically heterogeneous surface before and therefore
after carburization. So we believed that using a lanthanum-rich tungstate is
better for having stable cathodes.

Moreover in order to have an homogeneous ribbon surface during the
whole process we thought it would be helpful to melt the tungstate in the aim
of having it penetrate inside the tungsten matrix before carburize it at 1550°C.
Some diffraction patterns indicate that it is possible : indeed for the
composition 3:2 we can see on figure 2 that for melting temperature (1650°C)
only the ribbon tungsten peak can be seen. MEB/EDX observations permit to
conclude that all the tungstate has been absorbed in the ribbon because no
tungstate trace was visible on the centre and extremities ribbon surface. Such
phenomenon is not so evident for all the compositions.
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To confirm this result we made SIMS experiments on tungsten ribbons
covered with tungstate compositions 4:1, 3:2, 2:3, and 1:3. The lanthanum
concentration profiles are given on figure 6 :

1.E+01

1.E+00

0 1000 2000 3000

depth (nanometre)

4000 i

Figure 6 : Lanthanum SIMS profiling for compositions 2:3, 1:3, 4:1 and 3:2
tungstates.

We can see 3 very distinctive behaviours:

- For compositions 2:3 and 1:3, the lanthanum tungstate is on the
surface and does not penetrate the surface.

- For composition 3:2, no tungstate is present on the tungsten surface.
It has been absorbed since lanthanum was noted just under the
surface. Some images of the crater bottom let us think that the
lanthanum tungstate 3:2 forms channels in the tungsten matrix.
Therefore we can not say that it is a real diffusion by the grains
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boundaries like it can be described in the investigations of E. E.
Glickman (6) or D. Chatain and al. (7).

- For composition 4:1 lanthanum has disappeared.

These observations indicate that 1:3 and 2:3 are wetting the tungsten
surface whereas 3:2 and 4:1 do not. Infiltration of lanthanum in channels for
3:2 is a quite unknown phenomenon. More work is needed to clear the nature
of these channels and the infiltration mechanism.

CONCLUSION

As regards to all of these results we think it will be judicious to consider

the tungstate 3 La2O3 - 2 WO3 (defined compound under vacuum) as a very
good candidate to replace thoriated tungsten in thermionic cathodes.
Moreover for this composition the fact that the liquid is absorbed in the
tungsten matrix represents an interesting way of material doping.
Another forthcoming paper (8) deals with the thermo-physic properties (in
particular work function) of these lanthanum tungstates and show their
capability to be used as thermo-emissive cathode materials.
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Summary

The carbonization kinetics of La2O3-Mo cathode materials has been studied

by thermal analysis method. Three-stage model of the carbonization has

been presented in this paper. The carbonization rate is initially controlled by

chemical reaction, then controlled by chemical reaction mixed with diffusion,

finally controlled by diffusion. After the initial experimental data are processed

according to this model, the correlation coefficients of the kinetic curves are

satisfactory. The apparent activation energy of carbonization of La203-Mo

cathode materials has been obtained. At the same time, we have deduced the

empirical expressions of the amount of weight increased per unit area after

carbonization, temperature and time in the temperature range 1393K-1493K.

Key words:

Carbonization, La2O3-Mo, Cathode, TG, Kinetics

1. Introduction

Carbonization of cathode is a key process in ThO2-W cathode's

manufacturing. Carbonized ThO2-W filaments are produced from plain ThO2-

W filaments by subjecting the formed and mounted filaments to a heat
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treatment in a hydrogen atmosphere consisting of benzene, acetylene,

naphthalene, or xylene vapors which are usually carried to the treating

chambers by a stream of hydrogen under controlled flow conditions. When

heating a filament in this atmosphere to a temperature, the hydrocarbon is

decomposed at the hot filament surface to form tungsten carbide, W2C, which

diffuses into the tungsten. Compared with original cathode, the carbonized

cathode can show better performance at lower temperature. The structure

and decomposition of carbide layer have been studied a lot in the past[1-3].

Although ThO2-W cathode has good emission properties, the radioactivity of

ThO2 leads problems to its manufacturing and application. As an alternative of

ThO2-W cathode, La203-Mo cathode appeared in the mid. of 1970s. However,

because of its poor emission stability, La2O3-Mo cathode has not been used

commercially. As mentioned above, carbonization is very important in

cathode's manufacturing, so many studies on the function of carbide layer in

the emission of the cathode have been carried out. The porous carbide layer

can store active substance and carry them to the surface[4]. The bulk

diffusion coefficient of lanthanum atoms increase after carbonization, besides,

carbon reduces the bonding between La atoms with Mo surface [5-6]. The

minimum work function can be obtained in a wider temperature range after

carbonization[7-8]. Mo2C formed in the carbonization process can reduce

La2O3 to metallic La, which is favorable for the emission[9]. Our previous
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studies show that good emission property and long lifetime can be got at the

proper carbonization degree. Therefore, how to get the optimum

carbonization degree is quite important. In this paper, the relationship among

the amount of weight increased per unit area after carbonization, temperature

and time have been obtained by the study of carbonization kinetics of La2O3-

Mo cathode, which can serve a guide for the carbonization degree control.

2. Experimental Method

La2O3-Mo cathode materials was cut into 8X6X1 mm3 in size. After grinding,

polishing and cleaning, geometric parameters of the specimens were

measured. The carbonization experiments in the temperature range of 1393-

1493K were carried out in a benzene atmosphere which is carried to the

treating chamber by a stream of mixed atmosphere of argon and hydrogen

(5% in volume) of natural flow 40ml/min. The heating rate is 20K/min.

3. Experimental results and discussion

3.1 Theoretical analysis

We have considered the process of carbonization reaction of La203-Mo

cathode can be divided into three steps:

a. Carbon decomposed by benzene is absorbed on the surface of carbide

layer.

b. Carbon diffuses to the Mo-Mo2C interface across the carbide layer.

c. Carbon has a chemical reaction with Mo on the interface to form Mo2C.
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So the rate of carbonization reaction should be controlled by three stages,

that is, in the initial stage the reaction rate should be controlled by chemical

reaction; in the last stage the rate is controlled by diffusion; in the middle

stage it is controlled by chemical reaction mixed with diffusion. Carbon atom

diffuses ceaselessly to the Mo-Mo2C interface through carbide layer, then

react with molybdenum, that causes the concentration of molybdenum atoms

at the reaction interface to decrease. Thus the molybdenum atom in the

matrix diffuses into Mo-Mo2C interface region to leave vacancy in it. Therefore

the density of molybdenum matrix decrease with the increase of the time of

carbonization.

Let L represents the thickness of a La2O3-Mo plate; pM,hc for the density of

carbide layer; P Si and P ' Si for the density of molybdenum before and after

carbonization respectively; A stands for the total surface area; y is the

thickness of carbide layer ( Compare y with L, y is so small that can be

negligible, so the thickness of the La203-Mo plate is considered not changed

during carbonization process). Thus the rate of carbonization is

V.fy (1)

here, d c is the content of carbon per unit volume. After carbonization the

weight increased per unit area is

AW W-Wa ,o.
A A ^ >

here, Wo and W are La2O3-Mo plate weights before and after carbonization
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respectively.

The carbonization reaction can be written as follows

2Mo+C=Mo2C (3)

According to the conservation of amount of substance before and after

carbonization, that is

PM,,2C
XA

 | 2Ap'MoL ^ 2ApMoL Mj

Mo MMo

MMotC and MMo are the mass of Mo2C and Mo in mol respectively.

Then

AW _ P,Uo2C
xA P'MQLA PMQAL _ ,( , \ (C.\

— - -A +—-4 j—-xpMl>1c+L[pMo-PMn) W ;

Combining (4) and (5), we get:

~ (6)

Adding (6) them into (1), we obtain

y _ " c A

PMo C 1 ~ l~7\

3.1.1 In the first stage of carbonization

In this stage, the carbonization rate is controlled by chemical reaction at

interface

V = Vc = Kc' AC ( 8 )

Here, Kc' is a constant of the chemical reaction rate; C is carbon

concentration at molybdenum surface. Combining (7) and (8), we can get:
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M, dt

Integrating formula (9), we get:

Kc; (10)
dc

Kc is a constant of reaction rate in the first stage.

3.1.2 In the middle stage

In this stage, the carbide layer of some thickness has formed at molybdenum

surface. The rate of interface chemical reaction is equal to that of diffusion[10],

so the rate is controlled by both of them. The rate of carbonization reaction

controlled by chemical reaction mixed with diffusion is

( 1 1 )

D K[

D is the carbon diffusion coefficient in the carbide layer.

Combining (7) and (11), we obtain

Adc d(-~) ^ A(=

dt ~ x_ J _
D K'c ( 1 2 )

Integrating (12) and adding (6) into it, we get

MM,, 2DC\ p I i IV'M»

K'c V A J dc

2M

(13)
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Let *„ L 2M-

KM is a constant of reaction rate in the middle stage.

3.1.3ln the last stage of carbonization

In this stage, carbide layer is very thick and diffusion path of carbon atoms is

quite long. So the carbonization rate is controlled by diffusion.

V = VD=AC° (14)
X

Combing (7) and (14), we obtain

Integrating (15), we obtain

2CD

A ) dc

2CD\
KD ~

KD is a constant of reaction rate in the last stage.

According to the expression of Kc and KD, we can get:

dc

Then equation (13) can be written as:

(15)
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3.2 Data Processing

After the initial experimental data are processed according to this model, the

dots which represent the data will appear on straight lines and their

correlation coefficients are satisfactory, as shown in table 1 and Fig 1.

Tablei Carbonization rate constant and correlation coefficient in various carbonization stages at

different temperature for sample La2O3-Mo

Temperature
(K)

1393

1443

1493

Reaction stage

first
middle

last
first

middle
Last
first

middle
last

Rate constant

365.9998 X10" 6

9.3366 X10~3

3.4172X10"s .
620.0001 X10~6

23.2231 X10~3

14.4000X10"6

1480.6663X10"6

28.5394 X10" 3

42.2571 X10~6

Relevant coefficient

0.9997
0.9956
0.9953
0.9998
0.9969
0.9961
0.9978
0.9978
0.9959

I—•— DI493K
—•— C1443K
— * — 81393K

5 ,'•

5

O1493K

Cm3K

B1393K

c d

Fig 1 Carbonization kinetic curve for sample La2O3-Mo

a. in the whole process b. in the first stage c in the middle stage d in the last stage



692 RM83 J. Wang et al.
15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

The data in table 1 can be further processed by mathematical method, then

we can obtain the reaction rate constants of the first, middle and last stages.

The apparent activation energy of different stages and the empirical

expressions of the rate constant and temperature can all be got by using

Arrhrenius formula^ = KoexP(-—)), as shown in table 2.
RT

Table2 Carbonization rate constant .apparent activation energy, frequency factor and correlation

coefficient in various carbonization stages for sample La203-Mo

Rate
constant

1393K
1443K
1493K

Apparent activation
energy (J)

Frequency factor Ko

Relevant coefficient

First stage
365.9998 X1(T6

620.0001 X10" 6

1480.6662 X10~6

2.4075 X106

3.6668 X105

-0.9871

Middle stage
9.3366 X10~3

23.2231 X10" 3

28.5394 X10" 3

1.9455X105

2.0517X105

-0.9863

Last stage
3.4172X10"6

14.4000 X10~6

42.2571 X10~6

4.3114X105

5.2782X1010

-0.9980

So expressions of the carbonization rate constants in three stages for sample

La2O3-Mo are as follows:

2.4075X1Q5

RT

1.9455 x l O 5

Kc.=3.6668XK,5exp|-

= 2.05I7xl05exp -
RT

=5.2782*10 '° RT

4. Conclusions

The mechanism of carbonization of La2O3-Mo cathode materials was

investigated. The carbonization process obeys a three-stage rule. The

relationship among the amount of weight increased per area after

carbonization, temperature and time in the temperature range 1393K-1493K

in three stages can be shown as follows.
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In the first stage: — = 3.6668xi0
5e

A. \ A /

In the middle stage:

\ 1 U ~^Y\ jjrp '\ j ^ . ~ . V ~ " . V « ^ M

In the last s a g e : f—] = 5.2782xioloexp(- 4,3114x1Q5

A ) •" -•-{ W
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Development of Aero-Spase Structural Ni3AI-based Alloys for

Service at Temperature above 1000°C in Air without Protection

Coating
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Summary:

The principles of alloying are developed for alloys based on the f phase Ni3AI
and realized for the design of a high-temperature alloy VKNA-1 V destined for
a wide range of "hot" GTE articles (e.g., flaps, nozzle vanes, turbine rotor
blades, elements of flame tubes, and other complex thin-wall articles)
produced by vacuum investment casting. Owing to a fortunate combination of
the selected boron-free alloying system (Ni-AI-Cr-W-Mo-Zr-C), the presence
of a ductile structure constituent such as nickel-based y solid solution (-10
wt%) and directed columnar or single crystal structure the alloy is
characterized by high ductility at room (El=14-35 %), middle and high
temperatures (El=18-31 % at 673-1473K), by a melting temperature (solidus)
as high as Tm = 1613K, a density of at most 7930 kg/m3, high short term and
long term strength at temperatures 1273-1573K (01OO=11O MPa at 1373 K).
Alloy has a high oxidation resistance at temperatures up to 1573 K and is
resistant to stress corrosion and general atmospheric corrosion. New VKNA-
1V Ni3AI-based alloy with equiaxed grained, directional solidification (DS), or
single-crystal structures can be produced by conventional cast processes
used for investment casting of nickel superalloys, including the process of
high-gradient DS. Compared to nickel analogs, the alloy is relatively cheap
and do not need in protective coating up to 1573K in air.

Keywords:

Structure alloy, y ^ A I , principles of alloying, mechanical properties, oxidation
resistance, direct solidification, single crystal structure
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1. Introdution:

Alloys based on Y phase Ni3AI ( / is the main strengthening phase of the
(y+Y) nickel superalloys) are attractive as structural materials for the
extensive production of hot gas turbine engines (GTE) articles such as
noncooled turbine blades, combustion chamber parts, nozzle vanes, flaps,
and other complex-shape thin-wall products intended for working
temperatures exceeding those of nickel superalloys (1350K) (1-4). Compared
to nickel superalloys, the Ni3AI alloys are lighter and more oxidation-resistant
owing to an increased aluminum content (14-24 at.%), retain an ordered fee
structure (L12 type) up to the melting temperature (-1670K). Ni3AI is
characterized by a potential resource of low-temperature ductility (owing to
more than five independent slip systems) (1-5). An additional advantage of
Ni3AI is that the semiproducts and articles of complex shape may be
produced from Ni3AI alloys using a well-developed technology of the
production and treatment of nickel superalloys.

2. Reasoning of the Selection of the Ni3AI-Based Alloy Compositions:

The well known present-day Ni3AI-based alloys type of IC 221M, 396M, IC-6
et. al. contain 0,005-0,03 wt% (0,02-0,16 at.%) boron because, according to
the current concepts, the microalloying with boron allows one to elevate the
Ni3AI RT ductility, increases cohesion and facilitates the transmission of
gliding through the grain boundaries (5,6). In our opinion, a disadvantage of
the Ni3AI-based alloys with boron is a probability of a decrease in the solidus
temperature because of the formation of boron-containing eutectic and a
tendency to hot brittleness (a decrease in ductility at 673-1123K in air and in
humid atmospheres) because of the oxygen penetration into the grain
boundaries enriched with boron. Therefore, the design of Ni3AI-based alloys
in our works was aimed at a virtually complete exclusion of boron (7-9). We
designed Ni3AI-based alloys using only the formation of a ductile structure
constituent such as the Ni-based y solid solution to increase the low-
temperature ductility and fracture toughness. Chromium providing the
formation of self-healing chromium-oxide film is introduced in many y'-Ni3AI
alloys as an additional protection against hot brittleness (1,3-5,7-11).
Strengthening of the Ni^l-based solid solution by alloying is determined by
several factors that may be summarized as: the higher is the Ni3AI lattice
distortion caused by the difference in the atomic sizes and electron structures
of alloying element (AE) and substituted metal (Ni or Al) and the higher is the
AE content, the larger is the solid-solution strengthening of Ni3AI at low and
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medium temperatures (3,5). At temperatures >0.6Tm, the improvements in
strength, durability, and creep resistance of the both y alloys (as the nickel
y+y superalloys) are substantially caused by the deceleration of diffusional
processes due to the alloying with the most "slow" refractory metals ( W, Mo,
Ta, Nb, and Hf), whose contents are limited by their solubility, danger of the
TCP-phase formation, and increasing density of the alloy. However, the solid-
solution strengthening in any case is insufficient for the aluminide
competitiveness with nickel superalloys in the temperature range of
precipitation hardening and dispersion strengthening effect (Y+y) (2-5).
For the strengthening of heterophase Ni3AI-based alloys, the particles of the
nickel-based y solid solution are generally selected from all possible second
phases that may exist in equilibrium with Y-Ni3AI in multicomponent systems.
Owing to the presence of the y+Y eutectic in the multicomponent system Ni-
AI-Cr-W(Mo)-Ti(Zr,Hf), that was a base for development of Ni3AI -structural
alloy the ductile y particles may uniformly precipitate in the Y phase upon the
solidification of the alloys approximately consisting of 90 vol % y+10 vol % y.
Owing to strong temperature dependence of the y solubility in the y phase,
this y-phase may be additionally strengthened by fine secondary Y-phase
particles precipitating upon heat treatment or upon high temperature work of
the material (dynamic dispersion strengthening). This allows us to rise
strength of Ni3AI alloys at 293 - 1273K.
The presence of metallographic and crystllographic textures and a decrease
in the extension of transverse grain boundaries in the heterophase Ni3AI-
based alloys substantially increase the long-term strength, creep resistance,
and durability of the alloys.
With allowance for the above reasons, we designed a Ni3AI-based alloy
VKNA-1V destined for cast shaped hot-circuit GTE articles having directional
or single-crystal structure and operating under general climatic conditions at
1273 - 1473 K with short-term (<10 h) overheatings to 1573 K (3,7-9,12,13).

3.Experimental procedure:

The casting technology of the VKNA-1V alloy articles including those with
single-crystal structure is the same as that used for the current ZhS-type
Russian nickel superalloys and requires the same equipment and accessory
(ceramic molds, cores, etc.) (8). This is generally caused by the closeness of
their heat-conductivity coefficients X, specific heat capacity C, and linear
expansion coefficient a in the entire temperature range between room
temperature and the maximum operation temperature as well as by their
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similar characteristics of linear shrinkage and by the absence of crack-
formation ability upon casting in electrocorundum molds with damping layers.
For example, the characteristics of the VKNA-1V SC alloy with a single-
crystal (SC) structure in the temperature range between 293 and 1473 K
change as follows: X from 8.39 to 27.7 W/m*K, C from 0.472 to 0.858
kJ/kg*K, a-106 from 12.3 to 14.5 1/K. The linear shrinkage is 1,5-2%. The
solidus temperature upon heating is -1600 K, and the solidification range is
80 K (8). The basic chemical composition of VKNA - 1V (wt. %): 76.9 Ni; 8.6
Al; 5.7 Cr; 3.5 W 3.2 Mo; 1.6 Ti; 0.5 Zr(Hf).
The alloy containes the following impurities (wt. %) 0.005 S, 0.005 P, 0.001
Pb, 0.0005 Bi, 0.003 Sn, and 0.003 Sb. We studied the cast ingots
directionally solidified (DS) at a rate of 20-40 mm/min with oriented columnar
or SC structures with the <001>, <011>, and <111> crystallographic
orientations. The deviations of these orientations did not exceed 10°. The
cast ingots of 55 mm in diameter with equiaxes grains were extruded into
rods of 16-18 mm.
The mechanical properties were determined by tension tests of the
specimens with a length-to-diameter ratio of five at 293-1623 K by
conventional methods. At least three specimens were taken for each point of
short-term tests and ten specimens for each point of long-term strength.

4. Results and Discussion:

4.1. Structure.

The following four types of structure were observed in the specimens
obtained: (1) fine-grained structure (equiaxed polyhedral grains) typical of the
deformed and recrystallized material; (2) coarse-grained equiaxed structure
(equiaxed dendrites) typical of "equiaxed" ingots; (3) the structure consisting
of elongate grains (columnar dendrites) typical of DS alloys; (4) single-crystal
structure that is also typical of DS alloys.
Both polycrystalline alloys with equiaxed grains (Fig. 1a) and the DS alloys
including single-crystals (Fig. 1b-d) contain primary y-phase light particles of
an irregular shape ("lilies). In some alloy modifications, these particles contain
globular inclusions of refractory MC carbides; nonequilibrium |3-NiAI globular
inclusions can also present in the y lilies, confirming the occurrence of the
peritectic transformation L+pVy/ in this high-alloy material (see also Fig.4).
The primary lily like y phase particles in the cast material are form rows or
chains in the solidification direction between the columnar dendrites. It is
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Fig. 1. Microstructure of the VKNA-1V (a) cast in vacuum into ceramic molds
and (b), (c), (d) directionally solidifiied <111> single-crystal.

likely that in this multicomponet alloys the dendrites are of the eutectic
(L^y+y) origin and are based on the y phase, in which isolated y-phase
inclusions <0.5-3 ц т thick and <5-12 [im long are present (Fig. 1c,d). Some
heat-treatment or operating conditions cause the decomposition the
supersaturated y solid solution. This results in the formation of fine (0.1-0.5
|im) secondary y precipitates inside the isolated y-phase particles. Such y
structures with the secondary cubic y s e c precipitates are typical of the Ni-
based superalloys (see also Fig. 4).

4.2. Mechanical Properties

The maximum RT strength values (UTS=1300-1520 MPa at EI=17-37%) are
characteristic of the alloy specimens with the deformed, recrystallized, and
single-crystal structures. The minimum values of the RT ¡relative elongation
(EI=7-10% after hot pressing at UTS=570-670 MPa) are characteristic of the
alloy cast in ceramic molds and having equiaxed grain structure. The
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formation of directional columnar or single-crystal macrostructure with a
minimum extension of transverse grain boundaries or without such
boundaries at all increases the high-temperature service life by an orders of
magnitude at: x = 0.2 - 4 h of c = 40 MPa for to the material in the
recrystallized and, especially, deformed states, to x = 12 - 26 h of a = 50
MPa for the material with the equiaxed structure and to x = 130 - 150 h of a =
100 MPa for material with directional columnar or single-crystal
macrostructure. It is seen that the optimal combination of RT short-term
strength and ductility and the long-term strength at 1173-1373 K are
characteristics of the alloy specimens with the single-crystal or dendritic
columnar structures. For this reason, we used only the alloys with these two
types of structures for the further studies.
The mechanical properties of the of the DS alloy VKNA-1 V with the dendritic
columnar structure and the <111> single-crystal structure were determined by
short-term tests in air at 20-1473 K (Fig. 2).
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Fig. 2. Ultimate tensile strength, yield strength and relative elongation of the
DS VKNA-1 V alloy with single-crystal <111> and oriented columnar dendritic
structures (DS) as a function of temperature.

Note that the ductility characteristics of both DS materials are weakly
affected by increasing temperature, and the medium-temperature (-873 -
973 K) ductility dip (inevitable for the boron-containing alloys) is virtually
absent. The data on the long-term strength of the VKNA-1 V alloy with the
columnar dendritic and single-crystal structures based on 10, 100, and 500 h
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given in Fig. 3. As it is seen from Fig. 2 and 3, the advantages of the
specimens with the single-crystal structure over those with the columnar
dendritic structure at temperatures above 1473 K (>0.9 Tm) are not so
apparent as at medium temperatures. In any case, the data obtained indicate
that the alloy is applicable for up to 500-1000 h at temperatures up to 1473 K
and can undergo short-term (up to 10-100 h) small loads (10-13 MPa) at
1523-1573 K.
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Fig. 3. Long-term strength based on 10, 100 and 500 h of the DS VKNA-1V
alloy with single-crystal (SC) and oriented columnar dendritic (DS) structure
as a function of temperature.

The effect of crystallographic orientation on the mechanical properties of the
VKNA-1V single crystals at room temperature is given in Table 1. The yield
strength and ultimate tensile strength of the <111> single crystal are higher
than those of the <100> and <110> single crystals. This effect is smaller at
1073-1373 K. An anomalous temperature dependence of the yield strength is
retained regardless of the crystallographic orientation. The single crystals with
the <001> and <011> orientations exhibit a decrease in ductility at -1073 K.
A sharp increase in ductility of the <011> singe crystals at high temperatures
of 1273-1373 K undesirable for structural materials. The <111> single crystals
are characterized by the minimum temperature dependence of ductility in the
range 293-1373 K.
For a rough estimation of ability to strain hardening, we may use the ratio of
the difference between ultimate tensile strength and yield strength to the total
relative elongation (Table 1): the ability to strain hardening maximum for the
<111> single crystals, which thus demonstrate a higher serviceability under
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the conditions of extreme loading. The long-term tests on the bases of 100
and 500 h exhibit that the strength of the <111> single crystals is higher than
that of the <001 > and, especially, <011 > single crystals (Table 1).

Tabl 1. Mechanical properties of the VKNA-1V single-crystals of different
crystallographic orientations.

Crystal
orientation

<001>

<011>

<111>

T, K

293
1073
1273
1373
293
1073
1273
1373
293
773
1073
1273
1373

YS,
MPa

330
760
540
430
400
1000
520
360
620
800
670
430
340

UTS,

MPa

550
840
550
440
670
1030
540
410
1350
1450
890
520
410

5,
%

55
14
44
31
29
12
49
54
14
22
26
30
22

UTS-YS
8

MPa/%
4.00
5.70
0.22
0.32
9.30
2.30
0.40
0.78
52.00
29.50
8.50
3.00
3.18

MPa

—
570
270
140
—
580
240
120
—
—
630
290
140

C>100>

MPa

—
480
150
90
—
500
130
72
—
—
530
200
100

MPa

.—.
430
94
62
—
430
83
50
—
—
470
150
70

4.3. Effect of Long-Term Heat Treatment on the Structure and Properties
of the Cast VKNA-1V Alloy

We studied the effects of the annealing of single-crystal VKNA-1 V samples at
1543 K for 5 and 30 h (air and water cooling) on the structure and mechanical
properties and also the stability of structure and mechanical properties of the
single-crystal specimens after long-term (250 and 500 h) annealings at 1523
K under the conditions simulating the possible service conditions including
overheatings. It shown that neither long-term annealings at 1523 K in air nor
rapid cooling (water quenching from 1523 K) do not virtually affect the
mechanical properties of the alloy: as-cast and heat-treated samples have
UTS=1300-1400 MPa, El=11-18%. These data display a high thermal stability
of the single-crystal structure with the <111 > orientation (Fig. 1).
However, the structure of the material substantially changes upon tests at
high temperatures in a stressed state. This is evident from the comparison
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between the <111> single-crystal microstructures before (Fig. 1) and after
tests at 1373 K at CT=100 MPa for 257 h (Fig. 4). Already after the resource
depletion by 50%, the boundaries of primary coarse y-phase precipitates
("lilies") observed between the dendrites in cast single-crystal specimens

Fig. 4. Microstructure of the VKNA-1V alloy with the <111> single-crystal
structure after test for long-term strength at 1373 K (a = 100 MPa, x = 257 h).

become more diffused because of the equalization of the composition of the
primary and eutectic y-phase precipitates (Fig. 4a). Inside the y-dendrites,
the isolated y-solid solution inclusions of eutectic origin containing the
secondary fine y-phase (ysec) particles become coarser (the y-particles reach
2-4 jam in transverse size and -10-15 \ux\ in length) and are oriented along
the loading direction (Fig. 4b). The secondary fine y-phase precipitates inside
the Y-phase particles also become coarser (Fig. 4c).
We emphasize the difference between the NisAI VKNA-1V alloy and
conventional nickel superalloys in strengthening mechanisms.
The (y + ysec) structure, providing the extremely high strength of the well-
known present-day Ni-based superalloys of ZhS (Russia) or CMSX2, Rene 4
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and PWA1480 (USA) types at the temperatures of age hardening (up to 1273
K), losses stability at higher temperatures because of the coarsening of fine
ysec particles, their dissolution in the matrix, and destruction of in their
coherency with the matrix. The VKNA-1V alloy ranks below the Ni-based
superalloys in strength up to 1173 - 1273 K (the operating temperatures of
blades and discs of gas-turbine engines are 993 - 1173 K) because in VKNA-
1V the strengthening y-phase particles in the f matrix are too coarse and
occupy at most 10 vol %; in its own turn, their strengthening by the secondary
precipitates ysec does not substantially contribute the alloy strength as is in
the case of the Ni superalloys. However the VKNA-1V alloy surpasses the
nickel superalloys in strength at temperatures above 0.8 Tm and up to
subsolidus temperatures (1573 K) due to the high thermal stability of the
structure consisting of (Y + y) eutectic with an excess of the primary y1 Ni3AI
inclusions. This structure provides a constancy of the phase composition and
the stability of sizes of structure constituents, whereas alloying of both solid
solutions (y1 matrix and y particles) with refractory elements (W, Mo, and Hf)
decelerating diffusion processes in the grains and at interphase boundaries
allows one to retain the high-strength state of the y Ni3AI alloy up to
subsolidus temperatures, at which the age hardening mechanism is
ineffective.

4.4. Corrosion Resistance of the VKNA-1V Alloy

The tests in air under general environmental conditions were performed by
two methods. We determined the gain in weight for 100 h at the expense of
the formation of AI2O3 based oxide film at the surface (10,0 and 22,5 g/m2 at
1373 and 1473 K respectively) and the loss in weight of the sample for 100 h
after cleaning its surface and removal of the damaged layer (including a
dense protective coating) formed upon the above tests (12-20 and 24-25 g/m2

at 1473 and 1573 K respectively). The equality of the weight gain and loss
displays the strength of the alloyed AI2O3-NiO protective oxide film and the
surface stability of the alloy upon oxidation in air flow. Owing to the absence
of boride segregates or phases at grain boundaries, the alloy does not tend to
corrosion under a stress of 0.8 of the bending yield strength and to
intercrystalline corrosion including "hot" cracking and hot bhttleness at
medium temperatures. The high corrosion resistance of the alloy allows one
to use it for critical coating-free parts of GTE and plants.
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4.5. Comparison of the Properties of the VKNA Ni3AI Based Alloy with
those of Other High-Temperature Alloys

The VKNA-1V alloy surpasses the known Russian nickel-based aviation
alloys ZhS-type with DS oriented or, especially, equiaxed grain structures in
100-h strength and 100-h specific strength. At 1373 K for VKNA-1V with DS

473 673 873 1073 1273 1473
T, K

Fig. 5. Comparison of the properties of the most advanced high-temperature
alloys based on Ni and Ni3AI: temperature dependences of yield strength
(YS) and relative elongation (El).

and <111> SC structure G1 0 0=90 and 110 MPa; a1Oo/p=1.13 and 1,26 km
respectively versus c-ioo = 60 and 90 MPa; a-ioo/p = 0,6 and 1,05 km for
ZhS6U and ZhS26 alloys with DS structure respectively despite VKNA-1V
lower total content of expensive refractory metals decelerating the
development of diffusional processes has 7.2 wt% W+Mo+Hf vs. 14.6 and
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15.7 wt% W+Mo+Nb+Ta+Re in the ZhS alloys. In these properties, the
VKNA-1 V alloy ranks below only single-crystal high-alloy nickel superalloy
ZhS40 (at 1373 K a100=145 MPa; <T10o/p=1,64 km). However, the density of
the latter alloy is higher than that of the VKNA-1 V alloy and its content of
heavy refractory "slow" AE is higher than that of the VKNA-1 V alloy by a
factor of 2.8 (20.4 wt% W+Mo+Nb+Ta+Re). For this reason, the ZhS40 alloy
is much more expensive than the VKNA-1 V alloy. An undeniable advantage
of the VKNA-1 V alloy over nickel alloys is the ability of the articles produced
of it to operate in air without protective coatings, whereas the all above Ni-
superalloys ZhS-type and PWA, Rene, CMSX-type need protective coatings.
The comparison of the data on yield strength of the Ni- and Ni3AI-based high-
temperature alloys in the temperature range between 293 and 1473 K shows
(Fig. 5) that, in the medium temperature range (up to -1273 K), the VKNA-1 V
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Fig. 6. Long-term strength of perspective materials based on intermetallics
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alloy ranks somewhat below the most known Ni- and Ni3AI-based alloys (1-4,
10-14). However, at temperatures above 1273 K, the advantage of the VKNA-
1V alloy with columnar dendritic structure and, especially, single-crystal
structure are rather pronounced.
We compared the best industrial nickel superalloys and the Ni3AI-based
alloys in long-term strength using the Larson-Miller curves because the
temperature ranges, loads, and durations in all cases are different (Fig. 6).
The stable high characteristics of long-term strength and service life of the
VKNA-1V alloy are provided by the optimally selected combination of the
alloy component without boron, the optimal combination of the / and y
phases and the controlled structure formed upon the alloy preparation and
retaining a high thermal stability.
New yNisAI+y ductile and high-strength alloy can be used as the best matrix
material for composition materials (CM) having high heat resistance and
excellent high-temperature strength, are reinforced by single-crystal sapphire
continuous fibres (15). Such CM is prepared by the impregnation of sapphire
fibres by the molten matrix materials under pressure.

Conclusions:

1. The alloying principles for Ni3AI were formulated and realized for the
design of the VKNA-1V alloy, which is characterized by good formability,
low-temperature ductility, and high-temperature short and long term
strength at temperatures exceeding the operating temperatures of current
nickel superalloys, and is ralatively cheap. The alloy does not need any
protection against oxidation, has no tendency to hot brittleness and
corrosion cracking.

2. The alloy composition is balanced so that it is based on a high-alloy yVy
eutectic with a small excess of the y primary crystals. A high low-
temperature ductility is provided by up to 10 vol % of ductile y solid solution
precipitates. This allows us to exclude alloying with boron and thus to
avoid stress corrosion cracking and medium-temperature decrease in
ductility. Chromium and zirconium improves medium-temperature
toughness and strength, small amounts of "slow" refractory elements (W,
Mo and Hf) decelerates softening that is induced by diffusional processes
at temperatures above 0.8 Tm.

3. The strength of the alloy in various temperature ranges is caused by
simultaneous or successive realization of several strengthening modes:
solid-solution strengthening of the y and / phases; disperse strengthening
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by the y-phase particles present in the Y matrix (in the dendrites of eutectic
origin); precipitation hardening by the fine y-phase precipitates in the y
particles.

4. The alloy is perspective material for heat resistant high-strength CM
reinforced single-crystal sapphire fibres.
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Summary:

The |3NiAI-based alloys (B2) have lower density higher resistance to
oxidation, and higher melting temperature relative to those of Ni-superalloys
or YNi3AI-base alloys. An improved low-temperature ductility of advanced
Ni-AI-Co-M (3+y alloys(EI=9-16% at 293-1173 K is achieved due to the
formation y-Ni solid solution intergranular interlayers of eutectic origin.
Secondary y and/or Y precipitates form in the grains of the supersaturated (3-
solid solution upon heat treatment at 1473-1573 K and 1073-1173 K. The
limiting contents of alloying elements (Ti, Hf, Nb, Ta, Cr, Mo)for the (|3+y)
alloys Ni - (19-29)% Al - (22-35)%Co, are determined which allowed to avoid
the formation of primary y-phase (decrease solidus temperature <1643 K)
and hard phases of the types a, r\ and 8 (decrease ductility). Alloying affects
the morphology of the secondary y and y precipitates: globular eqiaxed
precipitates are formed in the alloys containing Cr, Mo, and needle
precipitates are formed in alloys alloys containing Y-forming elements Nb,
Ta and, especially, Ti and Hf. After directional solidification, (P+y)-alloys
have directed columnar special structure with a low extension of transverse
grain boundaries. This microstructure allows one to increase UTS, by a
factor 1,5-2 and long- term strength (time to rupture increase by a factor of
5-10 at 1173 K)
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NiAl (3+y structure alloy, mechanical properties, alloying effect, phase and
microstructure idiosyncrasies

1. Introduction:

Nickel monoalminide NiAl is considered as a basis for the design of
advantageous structural cast and wrought alloys intended for service
temperatures higher that those of modern nickel wrought superalloys. NiAl
has a higher melting temperature (Tm =1913 K compared with <1553 K for
nickel alloys), low density (5.86 compared with 8-8.9 g/cm3 for nickel alloys),
and high modulus of elasticity (294.2 compared with -210 GPa for nickel
alloys). The main factors limiting practical application of NiAl (|3 phase), are
low-temperature brittleness, low cracking resistance at temperatures below
the ductile-brittle transition temperature (Td/b), and a relatively low strength at
temperatures > 1073 K. Therefore, the main problems associated with the
design of the structural alloys based on this compound are to increase high-
temperature strength and simultaneously to provide a sufficient level of low-
temperature ductility.

2. Principles of the design of structural p-NiAl -based alloys:

Improvement of ductility. The low-temperature brittleness of (3-NiAI having an
ordered bcc structure B2 (CsCI) is caused by the presence of strong covalent
and ion constituents of interatomic bonds (1, 2).
The well-known method to increase the low-temperature ductility of brittle
materials is their grain refinement. However, alloys with fine-grained structure
have low creep resistance (3).
The opportunity to increase the NiAl ductility by the alloying of solid solution is
attractive for the following reason. The world practice display the examples of
successful application of the unique effects such as the "rhenium effect" in
bcc refractory metals W, Mo and Cr (4) and the "boron effect" in Ni3AI (5) to
decrease Td/b below room temperature and to improve the deformability of
these materials. Without detailed explanation of the nature of these unique
effects, we only note that no alloying elements (AE) providing such
outstanding improvement in ductility were found for NiAl (6,7).
The idea of solid-solution alloying for improvement of NiAl ductility is
associated with the substitution of AE for either in Ni or in Al positions in their
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sublattices and with the resulting changes in the character of interatomic
bonds in particular, with enhancement of their metallic component or effect of
AE on a degree of ordering (7,8). In practice the solid-solution alloying of the
bcc B2 NiAl is accompanied by an additional low-temperature strengthening
and deterioration of low-temperature ductility, as it takes place in metals,
especially in bcc ones.
In this association, we considered the alternative opportunity to increase low-
temperature ductility (8) or the resistance to crack propagation (K1c) by the
formation of heterophase structures, in which the ductile phase with a
disordered structure forms either local inclusions, or continuous grain-
boundary interlayers (9-11). Similarly to that observed another nickel
aluminide, Ni3AI (f),containing up to 10-15% of a ductile y phase (Ni) (12).
Strengthening of fi-NiAI. The effect of alloying on strength depends on the
sublattice (Ni and/or Al), in which AE occupies positions and on the deviation
of the initial and alloyed compositions from the stoichiometric one because
the alloying affects not only the lattice distortions and the average valence of
metals in intermetallics, but also the relationship between the given solid-
solution composition and the limit of the AE solubility in NiAl. This is
confirmed by the data (13) about solubility of AE Fe, Co, Mn, Cu, Ti, Zr, Hf, V,
Nb, Ta, Cr, Mo, W in the NiAl and the data (13 - 15) showing the connection
between strengthening effect of AE and positions of AE in Al/Ni sublattice of
NiAl.
Taking into account the significant distinctions in the electronic structures of
Ni and Al, and the difference in the physicochemical characteristics and
atomic sizes of AE and Al (or Ni) to be substituted (8,14), it is reasonable to
expect a nonuniform distribution of AE in the NiAl lattice, formation of the
segregations clusters or the precipitations of fine particles of strengthening
phases cause significant strengthening and creep resistance effects of the
microalloyed NiAl single crystals (16,17). However, the ductility of these
alloys is low.
Creep resistance can be substantially increased by the reduction of the area
of grain boundaries (especially of transverse ones) (6,8,14).
Choice of the alloy base. With allowance for the above analysis, we intended
to design a ductile high-temperature structural alloy, using the following
principles: 1 - to enhance low-temperature ductility and fracture toughness by
the introduction of ductile constituents into the structure of the alloy; 2 - to
enhance high-temperature strength by the alloying of the {3-phase solid
solution and the ductile constituent with the elements strengthening both
phases and decreasing the rate of diffusional processes in the alloy; and 3 -
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to increase the creep resistance of the cast alloy by directional solidification
decreasing the fraction of transverse boundaries.
We considered two candidate systems such as Ni-AI-Co and Ni-AI-Fe, in
which NiAl is present in equilibrium with a disordered fee Ni-solid solution and
selected the Ni-AI-Co (18-20) system characterized by a sufficiently wide p+y
field (8,13) and by the absence of low-temperature transformations typical of
some Ni-AI-Fe alloys. In addition, Co increases the creep (10) and heat
resistances of NiAl.
Below we present some data on the structure and properties of the p+y Ni-AI-
Co and Ni-AI-Co-AE alloys, where AE is a transition metals of IV-VI groups of
the periodic system.

3. Experimental procedure:

The p+y ternary Ni-AI-Co alloys with the compositions that in the phase
diagram are present near the p+y/p+y+y phase boundaries were selected for
the study because they allowed us to determine the maximum and minimum
possible contents of Al and Co, respectively, providing a stable p+y phase
composition of the alloy and to estimate the optimal volume fraction of the y
phase and the effect of the y phase on the properties of the alloy. The alloys
were prepared from 99.9% pure Al, Ni, and Co by vacuum ARC melting and
by vacuum induction melting and solidification in a lined iron mold (ingots of
60 mm in diameter and 10 kg in weight for deformation and mechanical
tests). The details of the melting processes are described elsewhere (19,20).
Directional solidification of Ni-AI-Co-Me alloys was performed in a equipment
designed in VIAM. The melt temperature was 1700°C, and the ceramic mold
was cooled by emerging to molten tin (723 K) at a rate of 4 mm/min. The
temperature gradient upon solidification was 200-250 K/cm. The DS samples
were examined in the as-cast state (without heat treatment). Part of the ingots
was extruded at 1473 K to rods of 20 mm in diameter or upset at 1473 K to a
degree of deformation of 50%. The following heat treatments of cast and/or
deformed samples were performed homogenization or recrystallization
annealing at 1473-1573 K for 2-100 h and stabilizing annealing at 1123 K for
10-300 h (furnace or air cooling). The samples for microstructure examination
were etched with the Marble reagent. A DRON-3 diffractometer with a nickel-
filtered CuKa radiation was used for X-ray diffraction. The electron-microprobe
analysis was performed with a "Camebax-microbeam" device at an
accelerating voltage of 20 KV and a probe current of 25 mA. The differential
thermal analysis (DTA) was carried out with a Setaram device in helium
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atmosphere at a heating rate of 200 K/min. Tensile tests were performed
using an R-5 machine at a strain rate of 2.5 mm/min.

4. Structure and Properties of Ternary ((3+y) Ni-AI-Co alloys:

Microstructure and phase composition. The alloys are characterized by the
presence of ([3+y) degenerated eutectic, which consists of layers the y-phase
around the p-phase (Fig. 1a,b,c). If the y-phase volume fraction decreases,
the hardness of the alloy increases and its density decreases (Table 1).

Table 1. Phase composition and hardness of (p+y) alloys of Ni-AI-Co system
in as-cast condition and after heat-treatment (1473 K, 5 h + 1373 K, 20 h).

Alloy

1
2
3
4
5
6
7
8
9

Composition,
at.%

Ni
40
41,0
40,9
42,6
39,0
42,6
40,9
43,5
36,0

Al
29,6
29,0
28,7
28,7
26,0
25,2
24,3
21,7
18,0

Co
30,4
30,0
30,4
28,7
35,0
32,2
34,8
34,8
46,0

y-phase, vol %

cast
8+3
7±2
16±3
14±3
28±3
30±3
33±3
50+3
77+3

annealed
0

• — •

15+3
14+3
—

32±3
33+3
32+3
—

Hadness HV,
MPa

cast
3540
3500
3510
3450
3500
3390
3170
2990
2500

annealed
3480
—

3630
3870
—

3450
3590
3090
—

Den-
sity,
kg/m3

7060
7100
7120
7120
7290
7340
7390
7550
7780

The solidus temperature of Ni-AI-Co (P+y)-alloys is about 1643-1648 K,
corresponding to the temperature of the L<H»p+y eutectic transformation in the
binary Co-AI system.
The effect of deformation on structure and properties was studied in more
detail for alloys 2, 5, and 9, which differ in the p/y ratios. The alloys extruded
(ratio of 1:10) at 1473 K have a heterophase hot-deformed structure (Fig.
1d,e,f), in which the p- and y-phase fibers are elongated along the extrusion
direction and consist of polyhedral grains due to recrystallization that these
phases undergo upon high-temperature deformation.
High-temperature annealing (1473-1573 K) of hypoeutectic p+y alloy 2 with a
small y-phase content decreases the volume fraction of the y phase that is
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<x-
• v

if /

Fig. 1. Microstructure of (a), (b), (c) as-cast, (d), (e), (f) deformed and (g), (h),
(i) annealed (B+y) Ni-AI-Co alloys:
(a), (d), (g) alloy 2; (b), (e), (h) alloy 5; (c), (f), (i) alloy 9.
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present as precipitates at the boundaries of coarse recrystallized p-phase
grains (Fig. 1g). As the y-phase volume fraction in the hypoeutectic alloy is
increased to 30 vol % (alloy 5) the oriented structure is still retained, and the
fibers of the y interlayers transform to chains of recrystallized grains (Fig. 1 h).
These grains separate the p-phase fibers and thus hinder their broadening
above 10-20 (im. The P-phase fibers also consist of elongated grains (l/d<3-
5), which in some cases are separated by thin transverse y-phase
interlayers. In the hypereutectic p+y alloy 9 the chains of the p-phase
precipitates are present at the boundaries of coarse <500 u,m recrystallized y-
phase grains (Fig. 1i). The structures of as-cast, deformed and annealed
alloys 2 and 9 confirms a strong temperature dependence of the mutual
solubility of the P and y phases. The analysis of the data on the mechanical
properties and density of three alloys after extrusion and heat treatment
(Table 2) shows that, in the combination of properties and the most structure
stability, the alloys containing -30 vol % of the y phase are advantageous as
a base for the design of multicomponent wrought and, especially, cast (p+y)
alloys, in which the solid-solution strengthening of the p and y phases can be
realized.

Table 2. Mechanical properties of deformed Ni-AI-Co (P+y) alloys after heat-
treatment.

Alloy

2

5

9

Ttest

293
1073
1173
293
1073
1173
293
1073
1173

UTS, MPa

240
1060
240
100
1090
400
160

YS, MPa
Britle de

230
490
230
90

490
250
150

5,%
structin

49
31
33
114
30
1

12

¥•%

75
31
54
40
31
1

12

5. Effect of Alloying on the Phase Composition of the Ni-AI-Co Alloys:

We studied the Ni-AI-Co-AE alloys of four series on the basis of the following
four ternary Ni-Co-AI alloys (at. %): (I) Ni - (28 - 29)AI - 25Co; (II) Ni - (28 -
29)Al - 30Co; (III) Ni - (25 -27)AI - (30 - 35)Co; and (IV) Ni - (20 - 24)AI - (34 -



K.B. Povarova et al. RM85 717

15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

36)Co. The phase composition of alloys I can be B+y o r P+Y+Y. depending on
temperature, and alloys II - IV belonging to the (B+y) field are characterized by
gradually increasing y-phase fraction. The typical (B+y) microstructures of the
as-cast deformed (£=50%), annealed (1573 K) and aged (1123 K) alloys
belonging to series II and III are shown in Figs. 2.

Fig. 2. Effect of the heat-treatment (e) 1573 K, 2 h and (a), (b), (c), (d), (f)
1573 K, 2 h + 1123 K, 15 h on the microstructure of deformed Ni-AI-Co-Me
alloys (at. %).
(a) 39Ni-26AI-35Co, series III; (b) 41Ni-29AI-30Co, series II; (c) 38.3Ni-
25.4AI-33.3Co-3.1Mo, series III; (d) 41Ni-28AI-29Co-2Ta, series III; (e), (f)
38.8Ni-26.6AI-33.5Co-2.1Ti, series III.

The effect of alloying on their phase composition analyzed on the basis of the
electron-microprobe data is illustrated in Figs. 3-5.
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Alloys II containing (12 - 22.3)% Cr or a small (-3%) amount of Ti and all
alloys III containing (1.96 - 4.3)% Ti, (1 - 2)% V, (1.6 5 - 3.96)% Nb, (0.56 -
1.27)% Ta, (4.85 - 12.24)% Cr, (0.5 - 3.5)% Mo in the as-cast state have
approximately similar structures (Fig. 1b), typical of ((3+y) alloys. The as-cast
alloys with the additions of the metals of IV and V groups of periodic table (Hf,
Nb, Ta and, especially, Ti) exhibit a tendency to dendritic segregation.

Me
air/.

31-

16

—

Cr,

" ' i i .

9

I

a

C o r f .

•—' 0

- = ?

Al^o

Ti;ai.y0 12 Cr, at'/.

Fig. 3. Effects of titanium and chromium on the phase compose in alloys of
series II.

The effect of alloying both on the morphology of secondary j or / precipitates
being in the (3 grains and on the phase composition depends on the ratio
between the components in the initial alloy. As the aluminum content
increases and the Co content decreases from IV to III and further II and I
series, the stability of the y-phase being in equilibrium with p-NiAl solid
solution decreases in the alloys additionally containing Ti, Zr, Hf, Nb and Ta.
For example, the phase composition of all alloys IV is (3+y with a maximum
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fraction of the y phase. Alloys III have a smaller fraction of the y-phase. The
formation in these alloys of any phases in addition to the p and y phases is
possible only for high AE contents, whereas, in alloys II, the addition of even
1% Ta and Hf results in the disappearance of the y-phase and in the
formation of the y-phase. Alloys I without AE or with any AE contain the i
phase including its primary precipitates and belong either to the p+f or to the
p+y4y fields. In these alloys is possible formation of TCP-phases, enriched by
AE. The X-ray diffraction data on the phase composition of the alloys confirm
the electron-microprobe data.

o-r.%
-Co,<

20

2 Ta, at %

Me
%

36

24

0

1 NbC

r^j,,

/ jo-A— 4~.
HI i r

;TaMolt \
J? '

Mo Ta

1

1
1
|

1 V Nb

—^

CO^!

TMO^ 1173K

-~3—+
PA1,

2 Mo

i
i
i

i

>
3 71

AE , at. •/„

Fig. 4. Effects of (a) tantalum and (b) Fig. 5. Effect of alloying elements on
hafnium on the phases compose in the compositions of phases in the
the alloys of series II. alloys series III.

The size and morphology of the secondary y and/or •/ particles precipitating
upon the decomposition of the supersaturated p solid solution in the alloys
depend on composition AE, heat-treatment temperature and duration. Coarse
elongated plate- and feather-like y or y precipitates characterized by a length-
to-diameter ratio l/d (or the unequiaxity factor UF) = -10 - 20 and a diameter
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of 0.5 - 1 urn in the cast or deformed alloys with Ti, Ta, and Nb are formed
upon high-temperature (1573 K) decomposition of the 8 solid solution. Finer
particles, precipitate upon low-temperature decomposition at 1123 K in the
alloy, especially with Mo, Cr or without AE), preliminary homogenized at 1573
K are characterized by near-equiaxed shape, have ~ 0.2jxm in diameter (Fig.
2).
The solidus temperature and the solidus - liquidus temperature range (Ts - TL)
belong to the most important characteristics of wrought and cast alloys. The
typical DTA curves for some alloys of I-IV series are presented in Fig. 6.

At
K 39%Ni-26%AI-35%Co r\

1073 1273 1473 1673 T,K

Fig. 6. Typical DTA curves for the alloys of series III with the different
contents of AE (at. %).
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Our main attention was concentrated on measurement of the temperature of
liquid-phase formation (Ts), because it determines the upper limit of the
service temperatures of the alloys. The transformations with the participation
of the liquid phase can be subdivided into three groups. In the hypoeutectic
alloys p+(p+y)eut the transformations result in two "high-temperature" thermal
effects (curves 1-3 in Fig. 6) that are likely to be caused by the
transformations L+p+y <-> p+y and L+p <-> L+p+y. The starting melting
temperature (Ts) changes from -1643 - 1653 K for the initial ternary alloys of
series I-IV to 1673-1643 K for the alloys of series III and IV with the additions
of (1-2%) V, (0.56-1.27%) Ta, (1.5-3%) Mo, and (4.85-12.34%) Cr. The
introduction of Ti and Nb to the alloys of series l-lll (alloys with the increased
Al contents) causes the appearance of an additional thermal effect at low
temperatures. The correlation between the DTA data and the data on
microstructure and phase composition show that the low-temperature
transformation with the participation of liquid phase is caused by the
formation of primary / precipitates in the eutectic structure. The higher is the
content of the /-phase precipitates in the alloy, the lower is the starting
temperature of melting. For example, this temperature varies from 1513 to
1568 K for the alloys of series I enriched with Al and depleted of Co and from
1593 to 1620 K for the •/- phase containing alloys of series III with a high
content of Ta and other elements.
The effect of alloying on mechanical properties was studied for the Ni-AI-Co-
AE alloys of series II and III doped with Ti, Nb Cr, Mo and Ta (Table 3).

Table 3. The effect of alloying on the mechanical properties of (p+y) alloy
(wt%)48,6Ni-10,1AI-41,3Co

AE, wt %

Ni-AI-Co
2,1Ti
2,4Ti
3,8Cr
2,9Ti

0,5Nb/Ta
1,0Cr
0,5Mo

UTS, MPa
2 9 35W

1060/100
1240/335

1040/270

1150/330

YS, MPa

293K/U93K
490/90
740/290

620/255

650/290

5,%
293AV

A193K
31/114
12/10

10/8

10/8

V, %
293VU93K

31/40
9/12

10/4

6/3
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As it is seen from the given data, the alloying of the (p+y) ternary Ni-AI-Co
alloy with all elements increases the characteristics of strength at room
temperature and elevated temperatures. The maximal strengthening at all
temperatures, especially at 1173 K, is exhibited by the alloys with the addition
of ~2 wt % Ti, including those also containing the additions of 1-4 wt % Cr,
0.5 wt % Nb, Ta, and Mo.
The maximum characteristics of room-temperature ductility (5 = 8 - 12%) are
exhibited by the alloys containing ~2 wt % Ti, including the multicomponent
alloys. The minimum ductility (5, y =2 - 3 %) is exhibited by the alloy
containing 6.3 wt % Mo. This confirms the detrimental effect of brittle 5-phase
precipitates. Most of (p>y) alloys have a limited ability to the concentrated
deformation at room temperature (xj/ = 2 -12%). The similar characteristics of
ductility are characteristic of heavy alloys, in which the rigid W grains are
surrounded with ductile y coats (Ni-Fe).
The presence of ductile interlayers between (3 grains and fine globular or
extended secondary y and / precipitates inside the p grains determines a
high room-temperature fracture toughness (206-264 Jim2) of the alloys
containing (at. %) 2,1-2,4 Ti and 3,8 Cr.
The alloys containing titanium exhibit the most stable characteristic of ductility
in the entire temperature range (293-1173 K): 5 = 8 - 12% and y = 10 - 12%
upon short-term tests and 5 = 6 - 18%, \j/ = 8 - 30% upon long-term tests at
1173 K. All other alloys (with Nb, Cr, and Mo) having a lower room-
temperature ductility exhibit a dramatic growth of ductility with increasing
temperature up to 1173 K: 5 = 17 - 47% and \|/ = 49 - 70% upon short-term
tests and 5 = 30 - 50% and y = 30 - 50% upon long-term tests. This shows
that the volume fraction of the y phase in these alloys increases and,
correspondingly, their durability is deteriorated.
The durability of the alloys with a fine-grained structure containing (among
other elements) titanium (t=6 - 20h at 1173 K and a=100 Mpa) exceeds that
of the alloys containing niobium, molybdenum, and chromium. However, the
mechanical properties of these alloys after deformation and recrystallization is
low and can be increased by the transition to more coarse-grained cast
material having either equiaxed or DS oriented structures with l/d=10.
This transition exhibits a distinct tendency to increasing room-temperature
strength. The corresponding characteristics of ductility remain virtually
unchanged or slightly increase. The durability at 1173 K of the p-NiAI+y+Y
alloys containing titanium increases by an order (h=600-615 h at a=100MPa)
and then by two orders of magnitude (h=190 h at 0=1OOMPa) in going from
the fine-grained equiaxed deformed and recrystallized structure to the coarse-
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grained equiaxed cast structure and then to the coarse-grained DS structure
(with a small fraction of transverse boundaries), respectively. This regularity is
analogous to that exhibited by Ni superalloys. The ductility determined upon
long-term tests of the alloys at 1023 and 1173 K can be characterized as
moderate, ensuring the shape stability of articles upon long-term service.
Especially these alloys are of interest as a ductile matrix for composition
materials reinforced by single-crystal sapphire continuous fibers (21).

Conclusions:

1. New ductile NiAI-based alloys with a density of at most 7.3 g/cm3 can be
designed on the basis of (p+y) two-phase alloys (39 - 43)Ni - (20 - 25)AI -
(32 - 34)Co, in which secondary y and/or -/-phase particles can precipitate
upon heat treatment. The contents of alloying elements (< 3% Ti, < 5% Cr,
< 1-1,8% Nb, Ta, Hf) are selected in such a way as to prevent the
formation of the primary y-phase in the eutectic structure (because this
decreases the solidus temperature below 1623-1643 K) and to avoid the
formation of TCP phases embrittling the alloy.

2. The morphology of the secondary yand -/ precipitates depends on the
type of alloying and the precipitation temperature.

3. The alloys containing 2 - 3 wt % Ti as well as those also containing Cr (~1
wt %) and additions of Nb/Ta and Mo (0.5 wt % each) have the most
interest combination of properties: high strength and stable moderate
ductility in the temperature range between 293-1173 K, a high fracture
toughness at 273 K. Durability at 1173 K of these alloys can be enhanced
by one and two orders of magnitude by the transition to more coarse-
grained cast structures either equiaxed or directionally solidified,
respectively.
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Summary

Mechanically-alloyed NiAl powder and (Ni+AI) powder mixture prepared by
ball-milling were sintered by Spark-Plasma Sintering(SPS) process.
Densification behaviour and mechanical property were determined from the
experimental results and analysis such as changes in linear shrinkage,
shrinkage rate, microstructure, and phase during sintering process, Vicker's
hardness and transverse rupture strength tests.
Densification mechanisms for MA-NiAl powder compact and (Ni+AI) powder
mixture were different from each other. While the former showed a rapid
increase in densification rate only at higher temperature region of 800-900°C,
the latter revealed firstly a rapid increase in densification rate even at low
temperature of 300°C and a subsequent increase up to 500°C. Densities of
both powder compact (MA and mixture) sintered at 1150°C for 5min. were 98
and above 99%, respectively. Sintered bodies were composed mainly of NiAl
phase with Ni3AI as secondary phase for both powders. Sintered body of MA-
NiAl powder showed a very fine grain structure. Crystallite size determined by
XRD result and the Sherrer's equation was approximately 80nm. Vicker's
hardness for the sintered bodies of (Ni+AI) powder mixture and MA-NiAl
powder were 410±12 Hv and 555±10 Hv, respectively, whereas TRS values
1097+48 MPa and 1393±75 MPa.
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1 . Introduction

Recently, many of research works on jp-NiAl had been performed with an
expectation that it could be used as a high-temperature structural material
due to its excellent properties such as high melting temperature, high specific
strength, good oxidation and creep resistance, etc [1-5]. In addition to the
properties mentioned above, NiAl shows a thermoelastic transformation
behavior at relatively higher temperature than usually known shape-memory
alloy such as TiNi. However, the poor workability due to high brittleness at
room temperature hinders a wider application of NiAl. For this reason many
efforts for improving the ductility were already given using microalloying,
microstructure control and composite technology, etc. Especially after it was
known that the ductility could be remarkably improved by decreasing grain
size under a certain critical size, a great deal of works have been made to
obtain a nanostructued NiAl through various methods like inert gas
condensation, electro-deposition, sputtering, re-crystallization of amorphous
materials, and mechanical alloying. Among these the mechanical alloying is
known to be one of the simplest methods to produce homogeneous and fine
nanostructured alloy powders on relatively large scale.
Many of recent reports on SPS (Spark-Plasma Sintering) show that
remarkable improvements in material properties can be made by this
processing [6-8J. It is because a consolidation at lower temperature for
shorter period is possible in comparison with other conventional sintering
methods. SPS is a similar process with a combination of conventional
Electric-Current Sintering and Hot-Pressing. But it is different from them in the
sense that the electric current is applied to a specimen in a form of pulse and
the specimen is heated both by resistance heating of the specimen itself and
the conductive die mold (usually graphite). Figure 1 is a schematic
configuration of SPS facility. The reported material systems involve most of
hard-to-sinter materials such as intermetallic compounds [9] and refractory
[10-11], high-performance engineering ceramics and their composites [12-16].
In this study a production of nanograined NiAl powder and its full densification
by SPS was aimed. For comparison a powder mixture of (Ni+AI) was also
produced by ball-milling and sintered by SPS, too. The densification behavior,
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microstructure and mechanical properties were compared each other.
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Fig. 1 Schematic configuration of SPS facility.

2. Experimental Procedures

Al and Ni powders with a purity of 99.9% were used as starting materials.
Average particle sizes were 45 and 5/m, respectively (Fig. 2). Al and Ni
powders were weighed to have a final composition of Ni-36 at.% Al.
Mechanical alloying was performed at 600rpm for 20h in a high-energy
attrition mill, Simoloyer (CM01-01, Zoz Co., Germany), with stainless steel
ball media. The weight ratio of powder to ball media was 1:40. Stearic acid
(C17H35COOH) was used as process control agent. (Ni+AI) powder mixture
was prepared by ball-milling with 120 rpm for 1 and 10h.
Sintering was carried out in a pulse-electric-current-sintering facility under the
following conditions: Sintering temperature of 1150°C, heating rate of
10°C/min, holding for 5min at sintering temperature, and applying pressure of
50Mpa. Sintered density was measured by an electronic densimeter (model
SD -120, Mirage Co., Japan). Data of shrinkage along the pressure axis,
temperature, and electrical power input was automatically stored through a
data-acquisition system into PC. Stored data was further processed in a form
of densification rate (% relative density/sec.) vs. temperature. Crystallite size
of starting powders and sintered bodies were measured by X-ray line
broadening method.
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Fig. 2. SEM images of (a) Al and (b) Ni starting powders used in this study.

3. Results and Discussion

Fig. 3 is the summary of XRD results for prepared powder. Whereas powder
mixture of (Ni+AI) showed that Ni and Ti exist unchanged irrespective of
mixing time, NiAl and Ni3AI phases are formed in mechanically alloyed
powder.

(A

a)

• NiAl
Ni3AI

Mechanically Alloyed Powder

Ifl ip

|U Al
- N!

10hrs Ball-Milled Powder

_UL

Ihr Ball-Milled Powder

20 30 40 50 60 70 80 90

2¥e

Fig. 3. XRD result for (Ni+AI) powder mixture and mechanically-alloyed NiAl powder.

Fig. 4 shows the curve of change in relative density during a whole sintering
process for mechanically alloyed NiAl powder and (Ni+AI) powder mixture. It
can be seen in figure that MA-NiAl powder compact has a higher green
density and starts the shrinkage at higher temperature compared to (Ni+AI)
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powder mixture. Sintered density was 97% and 99% for MA-NiAl and (Ni+AI)
powder mixture, respectively.

100

,U Mechanically alloyed powder
ja Ball-milled powder mixture(10h)

50
0 200 400 600 800 1000 50 100 150 200 250 300

Temperature(°C) Time(sec)

Fig. 4. Change in relative density of MA-NiAl powder and
(Ni+AI) powder mixture during SPS process.

Fig. 5 shows the curve of change in densification rate during sintering
process for the specimens given in Fig. 4. It is evident that both two powder
compacts have different densification behaviour. The densification rate of
mechanically alloyed NiAl powder compact increased gradually up to 800°C
and drastically to 900°C, forming a single maximum on curve. (Ni+AI) powder
mixture showed a drastic increase in densification rate even at low
temperature and had two maxima on the curve near 300 and 500°C,
respectively. This different behaviour seems to be caused by occurring of self-
propagating high-temperature synthesis (SHS) reaction between Ni and Al in
(Ni+AI) powder mixture. In fact, we could confirm an exothermic reaction near
300°C from DSC analysis. Additionally to this reaction, a melting can be
occurred particularly on Al particles. It seems that a formation of heat and
liquid phase could enhance densification, especially in the early stage of
sintering.



J.S. Kim et al. RM86 731
15'" International Plansee Seminar, Eds. G. Kneringer, P. Rodbammer and H. Wildner, Plansee Holding AG, Reutte {2001), Vol. 1

(/s
e

a>

E
g
13
u

ns
iti

w
a

0.10-

0.05-

0.00-

[0 Mechanically alloyed powder
ja Ball-milled powder mixture(IOh)

>

II * *
y • ; i

; • / \
holding stage

0 200 400 600 800 1000

Temperature(°C)
50 100 150 200 250 300

Time(sec)
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XRD analysis for sintered bodies of MA-NiAl and (Ni+AI) powder mixture
revealed that NiAl exists as major phase with Ni3AI as secondary phase (Fig.
6). Phase change of (Ni+AI) powder mixture during sintering process is given
in Fig. 7. It can be seen that Ni and Al remain unchanged up to 500°C, form
NiAl, Ni2AI and NisAI between 500 and 600°C, and above 900°C NiAl and
Ni3AI coexist.

20 40

Sintered Body of MAed Powder

Sintered Body of
10hr Ball Milled Powder

Sintered Body of
1hr Ball Milled Powder

60

29
80 100

Fig. 6. XRD analysis for sintered bodies of MA-NiAl and (Ni+AI) powder mixture.
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Fig. 7. Phase change of (Ni+AI) powder mixture during SPS process.

SEM observation on fracture surface of sintered body of MA-NiAl powder
compact (Fig. 8) showed that agglomerates formed during MA became fine
and densified to very fine grain-sized microstructure. The grain size
determined by X-ray line broadening method was approximately 80 nm.

Fig. 8. SEM images of fracture surface of sintered body of MA-NiAl powder compact:

(a) Mechanically alloyed powder, (b) sintered at 900°C for Omin. and (c) at 1150°C for 5min.

Fig. 9 shows a microstructure change of (Ni+AI) powder mixture during SPS
process. Ni particles with sharp neediike surface cannot be found already at
500°C. A significant grain growth is observed at 600°C. Further increase of
temperature to 900°C led to a rapid grain growth.
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Fig. 9. SEM images of fracture surface of sintered body of (Ni+AI) powder mixture :
(a) As-ball-milled powder, sintered (b) at 500°C for Omin.,

(c) at 600°C for Omin., (d) at 900°C for Omin., and (e) at 1150°C for 5min.

Fine grain size of mechanically alloyed NiAl powder compact resulted in an
higher mechanical properties than (Ni+AI) powder mixture. Fig. 10 is the
summarized result of Vicker's hardness and transverse rupture strength.
Mechanically alloyed NiAl powder compact showed an average Hv value of
555 and TRS of 1393MPa. Fracture behaviour was also different from each
other. As can be seen in Fig. 11 the mechanically alloyed NiAl specimens
were broken with multi-fracture paths, while the (Ni+AI) powder specimen
showed a typical brittle fracture behavior.

1383(IVPa)

Fig. 10. Comparison of average Vicker's hardness and

TRS (Tranverse Rupture Strength) value of sintered body of

(a) (Ni+AI) powder mixture and (b) mechanically alloyed NiAl powder.
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(b) l a .

Fig. 11. Fractured specimens of (a) (Ni+AI) powder mixture and
(b) mechanically alloyed NiAl

4. Conclusion
From the above results of spark-plasma sintering experiments on
mechanically alloyed NiAl powder and (Ni+AI) powder mixture it could be
concluded as follows:
(1) Mechanically alloyed NiAl powder compacts showed a somewhat lower
sintered density (97%) compared to (Ni+AI) powder mixture (99%). But the
grain size of the former one was extremely finer than the latter one (80nm :
several tens nm).
(2) The different behavior of densification between both two powder compacts
seems from the fact that a self-propagating high-temperature synthesis
reaction occurs in case of (Ni+AI) powder mixture during sintering process.
(3) Sintered body of mechanically alloyed NiAl powder compact showed
higher Vicker's hardness and TRS than (Ni+AI) powder mixture: (555 Hv:411
Hv) and (1397MPa : 1093MPa).
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THE Ni3AI AND NiAl ALLOYS: A CLASS OF INTERN!ETALLICS WHICH
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AEROSPACE HIGH TEMPERATURE STRUCTURAL APPLICATIONS

Mariana Lucaci, Cristian Dragos Vidu, Eugeniu Vasile

METAV S.A.- Aviation Metallurgy, Bucharest, Romania

Summary:

The paper presents the results obtained in synthesizing Ni-base refractory
intermetallics from elemental powder mixes. In view of this, four mixes were
made for the Ni3AI intermetallics and five mixes for the NiAl ones. The
compound synthesis was made at T = 660°C under vacuum by the SHS
method, in the thermo-explosion mode. The variable parameters were the
compacting pressureand the aluminium amount in the mixes. The obtained
materials were then characterized by the microstructure and by the physical
properties. The product synthesis degree was followed as well as their
influence on the types of microstructures obtained. The reaction products
were evidenced by X-ray diffraction and by quantitative chemical
microanalysis. The obtained results revealed the formation of the Ni3AI

compound having a primitive cubic crystal lattice with ao= 3,564. A and the
formation of the NiAl compound, of a bcc lattice having ao= 2,86A. Those
obtained prove the ample influences of the powder homogeneity degree and
of the powder purity on the possibility to produce an adequate synthesis, as
well as the influence of the amount liquid appeared in the system on the
synthesis degree, on the reaction rate and on the porosity of materials
obtained.

Keywords:

Refractory nickel aluminides (Ni3AI and NiAl), SHS, physical properties,
microstructure, X-ray diffraction, EDX
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1.Introduction:

The refractory intermetallics of the Ni-AI system posses an ordered structure
providing them with attractive mechanical properties, especially for high-
temperature structural applications. Many of the intermetallics present a very
high yield strength which, in most cases, is kept as high temperatures as well.
In some compounds such as Ni3AI, the yield strength increases with the
temperature, up to about 600°C (1). The intermetallics based on light
elements have low densities, which represents an advantage when using
them in the aircraft industry (and not only), many of the intermetallic - based
commercial alloys- being produced from relatively cheap materials (2). The
intermetallics containing elements such aluminum and silicon posses a good
oxidation resistance, forming adherent and impenetrable surface oxide films
(3).
The major disadvantages inhibiting the commercial use of these materials
are: (i) the tendency to form coarse grains during the metallurgical
processing; (ii) the poor ductility and the low fracture tughness at room
temperature (4).
There are several processing methods such as: exothermic melting method,
controlled solidification methods and a series of powder metallurgy specific
methods, such as : atomizing methods, the centrifugal pulverizing, the
rotating electrode process, rapid solidification methods mechanical alloying,
the self-propagation high temperature synthesis.

2. Experimental procedure:

The experiments were conducted so as to obtain four types of Ni3AI
intermetallic materials and five for the NiAl one (Tab.1) from elemental
powders.
The grain size of the starting powders used were: < 100u,m for the aluminium
powder and < 15 |im for the nickel powder. The wet homogenization was
adopted, using 1 ml 2% polyvinilic alcohol solution for 100 g of mix. Using the
homogenized mixes, cylindrical samples were obtained by uni-axial pressing.
The pressures used were of 50,75, 100, 150 and 200 Mpa. The heat
treatment was applied under vacuum in the following conditions : T = 660°C; t
= 60 min.
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Tablei. The chemical compositions of the Ni3AI and NiAl mixes
Mix type
(code)

1.1
I.2
I.3
1.4
11.1
II.2
II.3
II.4
II.5

Ni
75
76
74
77
50
55
60
65
35

Chemical

%at
Al
25
24
26
23
50
45
40
35
65

composition (%)

%wt
Ni

86.72
87.33
86.1

87.93
68.51
72.67
76.55
80.16
53.95

Al
13.28
12.67
13.9

12.07
31.49
27.33
23.45
19.84
46.05

3. Investigation methods:

The physical properties investigated were : green and final material density,
green and final material porosity, the dimensional changes produced
following the synthesis and the hardness of the obtained materials.
The microscopical investigation and the identification of the phases presents
in the obtained materials were made on samples that were metallographically
prepared and electrochemically etched ( 50% methanol - 50% HCI solution).

4. Results:

From the macroscopic point of view, for all the materials, an inhomogeneity of
the starting mix was observed, evidenced by the exudation of the liquid phase
and appearance of the cracks. Also, the amount of the liquid phase influences
the shape of the samples as well as the material behaviour to synthesis and
densification. The NiAl materials havind a much higher liquid phase amount
have been synthesized with a marked shape deformation.
Appearently, all the Ni3AI - type materials present a volume shrinkage, a
decrease of the porosity as compared with the compacts porosity and an
increase of the density of the materials (tab.2).
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Compared with the Ni3AI intermetallics density ( p = 7,5 g/cm3) the density of
the synthetized Ni3AI materials is much lower, proving the very porous
structure of the synthetized materials.
In what the hardness values regard, noticeble they don'tyet over 60 BHN, just
because of the porous structure these materials have.

Ni3AI

1.1 50
1.1 75
1.1 100
1.1 150
1.1 200
I.2 50
I.2 75

1.2 100
I.2 150
I.2 200
I.3 50
I.3.75
1.3.100
1.3.150
I.3.200
I.4.50
I.4 75
1.4 100
1.4 150
I.4 200

Table 2 The physical
Vo

(cm3)

2.256
1.835
1.626
1.340
1.026
3.094
2.824
1.937
3.041
1.248
1.449
1.936
1.984
1.793
1.016
1.528
2.293
1.829
1.688
1.239

(g/cm3)

3.39
3.60
3.75
4.72
4.44
3.35
3.17
3.80
3.72
3.41
4.31
4.23
3.79
4.17
4.36
4.12
3.63
3.82
4.23
4.41

Pc
(%)

55
52
50
37
41
55
58
49
50
54
42
43
49
44
42
45
51
49
44
41

vs
(cm3)

1.77
1.43
1.36
1.33
1.88
2.65
2.23
1.69
2.37
1.13
1.37
1.70
1.53
1.49
0.85
1.69
2.1
1.67
1.60
1.55

properties of
Ps

(%)

40
39
36
35
33
50
45
44
35
37
36
35
34
31
33
52
47
46
43
29

p s ,(g/cm3)

4.30
4.60
4.45
4.74
5.15
3.88
4.00
4.34
4.75
4.83
4.51
4.80
4.88
4.99
5.17
3.71
3.89
4.15
4.45
3.50

the Ni3
ps/pt
x100
(%)
57
61
59
63
69
52
53
58
63
64
60
64
65
67
69
49
52
55
59
47

Al materials
AV
(%)

-21.4
-21.9
-15.8
-0.6
83.4
-14.1
-20.8
-12.7
-21.7
-8.9
-4.9

-12.1
-22.5
-16.7
-16.0
10.7
-6.8
-8.2
-5.1
25.4

AP
(%)

-27..4
-25.6
-27.8
-6.4
-29.5
-10.4
-22.0
-11.4
-30.1
-31.7
-14.2
-29.9
-30.4
-29.4
-20.0
14.3
-9.1
-6.4
-0.6
-30.4

Ap
(%)

26.9
27.7
18.4
0.4
15.8
15.9
25.8
14.2
27.3
41.5
4.7
13.2
28.5
19.7
18.4
-9.9
6.9
8.7
5.1

-20.6

HB

42.5
44.1
49.4
54.6
55.4
29.8
29.5
42.6
44

51.7
44.3
52.1
55.8
48.9
57.3
32.8
35.4
36.4
42.5
26.3

The NiAl - type materials (tab.3) show a volume shrinkage, a decrease of the
porosity as compared with that of the compacts and a increase of the
materials density. In comparison with tha raported density of the NiAl
intermetallic (pNiAi = 5.86 g/cm3), the ontained materials densities is much
closer to the raported value then the Ni3AI materials which indicate the
production of a very good conversion degree of the reactants in the reaction
product. The obtained NiAl material hardness was strongly influenced by the
materials porosity and by their very high brittleness.
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Literally, for some samples, the hardness number could not be determined
due to their breakage at the time of the indentation.

Proba
NiAl

111 50
II 1 75
I11 100
II 1 150
II 1 200
II 2 50
II 2 75
112 100
112 150
II 2 200
II 3 50
II 3 75
113 100
II 3 150
II 3 200
II 4 50
II 4 75
114100
114 150
II 4 200
II 5 50
II 5 75
115 100
115150
II 5 200

Table.3. The physical
vc

cm3

3.19
2.44
1.78
1.66
1.55
2.74
1.86
2.12
1.77
0.80
2.09
2.36
2.31
2.09
1.30
2.68
2.11
2.63
1.77
0.96
2.81
2.28
2.04
1.95
1.16

g/crrr

2.8
3.0
3.2
3.5
3.6
2.9
3.1
3.3
3.6
3.9
3.1
3.3
3.4
3.7
3.9
3.2
3.4
3.5
3.9
4.1
2.5
2.7
2.9
3.2
3.3

Pc/Pt
X

100,%
48
52
55
61
62
51
54
57
62
67
53
57
59
64
67
54
59
60
67
71
42
47
49
54
57

Pc
%

51
47
45
38
38
49
45
43
38
32
46
42
41
35
32
45
41
39
32
28
57
52
50
45
42

oroperties of
vs.
cm3

1.67
1.58
1.13
1.11
1.09
1.33
0.99
1.29
1.33
0.58
1.13
1.28
1.35
1.38
0.92
1.56
1.31
1.72
1.42
0.80
2.02
1.79
1.67
1.90
1.14

p s ,g/cm

5.38
4.74
5.15
5.25
5.19
6.14
5.97
5.64
4.72
5.62
5.83
6.25
5.87
5.70
5.41
5.34
5.74
5.41
4.94
5.01
3.49
3.53
3.56
3.31
3.37

the NiAl materials
Ps
%

4.4
4.8
2.8
4.6
6.4
2.7
3.9
7.8
17.4
8.6
6.3
5.0
9.5
12.3
14.4
21.8
17.2
21
29
30
15
14
17
13
20

AV
X

100,%
-47

-35.4
-36.6
-33.4
-29.6
-51.5
-46.9
-39.4
-24.9
-28.4
-46.2
-45.9
-41.4
-33.9
-28.9
-41.9
-38.3
-34.7
-20.1
-17.5
-28.3
-21.8
-18.4
-3.0
-2.5

AP
X

100,%
-91
-89
-93
-88
-83
-94
-91
-81
-54
-73
-86
-87
-76
-65
-55
-51
-57
-46
-9.6

6
-72
-72
-69
-70
-50

Ap
X

100,%
89
53
60
47
43
106
88
69
30
41
86
84
70
51
36
67
66
52
25
20
39
26
22
3
0

HB

134
104
145
95

281
268
139
152

255
232
192
143

79.1
162
132
101

410
89.5

For the point of view of the phases present into the materials, the X-ray
diffraction evidenced different behavior as a function of the intermetallic type
of the compositional range. So, in the case of the Ni3AI materials the analysis
evidenced the co-existence of a number of phases in the materials (Tab.4).
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Table 4. X-ray diffraction analysis - Summary of the results
Composition type

1.1 -75*
1.2-100*
1.3-150*
1.4-50*
11.1 -50*
11.2-100*
M.3-200*
II.4-75*

The phase present
Ni3AI

Majority
Majority
Majority
Majority

-
-
-

Minority

NiAl
Minority

-
-
-

Single phase
Single phase
Single phase

Majority

Al
Minority

-
Minority
Minority

-
-
-
-

Ni
-
Minority
-
Minority
-
-
-
-

*- the right-side number represents the compacting pressure

As can be noticed from the Tab.4 qualitative data, in the Ni3AI materials case,
a majority of Ni3AI is evidenced, having a cubic crystallization with lattice
parameter of a0 = 3.564 A. As a function of the chemical composition and the
compacting pressure, in addition to the majority phase other phases exists,
such as NiAl, residual Ni, residual Al.
In the case of the NiAl materials. All the investigated compositions evidenced
NiAl as a single phase, with a bcc structure, having a lattice parameter of a0 =
2.87 A, except the II.4 composition which also presented Ni3A! phase.
The microstructural analysis evidences the above mentioned features. Figure
1(a,b,c), present details of the 1.1 material microstructure as processed at 50,
100 and 200 MPa.

a) 1.1-50 (x 1150)



742 RM 87 M. Lucaci et al.
15!h International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

b) 1.1 -100 (x 1420) c) 1.1 -200 (x 1200)

Fig.1 Details of the 1.1 material microstructure

When processed at 50 MPa, the material is a single phase one. A preferential
grain etch is observed, as a function of the crystallographic orientation. The
grains are polyhedral and are of 10-30 jim sizes and the grain boundaries are
clean. At 100 MPa, the material structure contains at least two phases. The
microstructural aspect evidences the same polyhedral grains but greater (40 -
50|im) with the boundaries delimited by a lattice array of another phase. At
200 MPa, the material structure is again a single phase, with various grain
sizes and clean boundaries. Inter and intra granular porosity is noticeable in
this case.
At different compacting pressures, in the case of the 1.1 material, different
evolutions of the microstructural aspect are observed. The compacting
pressure assures the initial contact between the powder particles. If the mix is
well homogenized, this initial contact will allow for a correct initiation of the
synthesis reaction and for combustion wave propagation in the materials
volume, assuring an adequate synthesis. For the presented experiments, we
cannot establish clearly the improvement role of the compacting pressure
plays, exactly because of the initial powder mix non-homogeneity.
The compacting pressure and also the mix homogeneity are responsible for
the appearance of the fissures and cracks, as well as for the liquid phase
exudation from the samples. In the case of a material aggregation, the
contact between the two types of powders is not uniform anymore in the bulk
of the material. If the aggregation is made up of aluminum particles, at the
processing temperature, liquid phase amount will appear locally, which all the
material pores will not be able to take up on one side, and on the other side
which will not be able to contribute to the synthesis reaction.
So as this liquid has the tendency to either to remove the particles from each
other (fissures, cracks) or to get out to the sample surface.
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The 1.2 material pressed at 200 MPa (fig.2), present more or less reacted
areas and the 1.3 material pressed at 75 MPa (fig.3.a) presents a structure
containing at least two species of grains. The fig.3.b) detail presents also a
grain boundary phase as a network.

Fig.2 I.2 - 200 material (x 600)

a) b)

Fig.3 1.3 material (a) ensemble image (x 600); b) detail (x 1200)
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The 1.4 material processed at 150 MPa (Fig.4 a) is a very well reacted
material with few pores and a very fine microstructure. The details from fig.
4.b present polyhedral grains of 10 UJTI in size.

a) b)

Fig.4 1.4. material processed at 150 MPa; a) ensemble image (x 600); b)
detail (x 1200)

In the case of NiAl materials, their structure should be of a single-phase type,
except the II.4 and II.5 materials, as the diffractographic investigations show.
Fig.5 presents a birds eye view of the 11.1 material as processed at 200 MPa.
Equiaxial grains are noticed, having inter and intra granular spherical closed
pores. In some zones, as a function of the grains crystallographic orientation,
a pitting preferential etch was produced (the lighter area).

Fig.5 11.1-200 matrerial (x 263)
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5. CONCLUSIONS

Following the presented results, the main conclusions, which can be drawn,
are:
- The material microstructure is very sensitive to the initial composition of

the powder mix, but also to its homogeneity;
- The initial powder mix homogeneity is responsible for the correct evolution

of the synthesis reaction as well as for the final material microstructural
homogeneity;

- The compacting pressure improves the reaction front propagation and
leads to an adequate synthesis;
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Summary:

The manufacturing technology with specific regard to high temperature braz-
ing was developed to fabricate a honeycomb panel consisting of a thin-
sectioned PM 2000 core material sandwiched on both sides with PM 1000
face sheets. For brazing the PM 1000 / PM 2000 panel the braze alloy PdNi
was selected due to the best oxidation behaviour while good mechanical
properties and wetting behaviour compared with other tested filler alloys.
To examine the concept of a hybrid PM 1000/2000 panel as a stiffened skin
panel a number of engineering test samples of sub-scale and two full-size
panels were fabricated at Plansee AG and supplied to Fokker Space for test-
ing under representative in-service conditions.
Engineering tests showed that the test samples were rather insensitive to
temperature gradients even at temperature differences between the face
sheets of 550°C. The engineering test samples exhibited no plastic deforma-
tion after testing at different heating rates ranging from 5 to 40°C/s and at
temperature profiles representative for two flights. The requirement for the
designed application regarding impact properties at low as well as high speed
were met. Impact at low speed with an energy of 8J did not cause any cracks.
Hail tests where ice bullets were fired with speeds to 208m/s at different an-
gles from 25° to 90°C against the test piece showed no damage at 25° and
caused slight indentation at 45° and cracks at 90°, which demonstrated a
good performance for the fly through a hail cloud without any problems.
In tests to determine the response of a full-size panel to a number of simu-
lated thermo-mechanical flight load cycles the panel passed 50 cycles suc-
cessfully without damage.
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1. Introduction:

Increased demand for delivering payloads to low earth orbit and reliable ac-
cess to space will drive much of the civilian and military aerospace industry in
the coming decade. Reusable launch vehicles (RLV) can be the most cost-
and mission-effective approach under the condition of dramatic decreased
launch costs combined with a high level of reliability for space transportation.
Beside others one key factor for meeting these requirements of a future RLV
system is a strong reduction in the maintenance costs. With regards of the
existing Space Shuttle system the thermal protection system (TPS) which
consists of ceramic tiles in the hot areas and insulating blankets in the cooler
areas has only shown a limited reusability after re-entry in the past and was
identified as one of the most significant contributors to maintenance and re-
pair costs. Overall technology optimisation and revisions for the re-entry tra-
jectories resulting in decreased temperature loading, however, lead to new,
most promising design concepts which consider the introduction of high tem-
perature metallic materials assemblies as replacement of the ceramics based
TPS - structures (1). Due to the increased damage tolerant performance and
service time of such metallic structures as well as improvement in terms of
inspection and repairability the maintenance costs would be reduced deci-
sively. The envisaged baseline design consists of load bearing metallic hon-
eycomb panels fastened to a stand-off structure of the primary bulk of the
spacecraft. In some areas at the outer surface these skin panels have to
withstand operating temperatures up to 1050°C with emergency capabilities
up to 1200°C in oxidising environment during the re-entry period and simulta-
neously carry compressive loads. Regarding this service range the most
promising candidates for this application are oxide dispersion strengthened
(ODS) - superalloys as the alloys PM 1000 and PM 2000 (2). The aim of this
work was to develop the manufacturing technology of a hybrid PM 1000 /
2000 honeycomb panel and to examine this concept for a reusable stiffened
skin panel. For this purpose a number of test samples of sub-scale size, and
two full-size panels were fabricated at Plansee AG and supplied to Fokker
Space for testing under expected service conditions.
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2. Material:

PM 1000 is a cold-workable oxide dispersion strengthened (ODS) Nickel-
based superalloy with high chromium content. Thanks to dispersion strength-
ening with Y2O3 and a recrystallized, coarse-grained microstructure, PM 1000
features high tensile and creep rupture strengths at very high application
temperatures, near its melting point. Due to the 20 % chromium content, the
material is resistant to hot gas corrosion. The formed oxide layer exhibits
good short-term cyclic oxidation resistance and a high emission coefficient at
very high temperatures. PM 1000 additionally shows excellent low-cycle fa-
tigue properties. These unique properties make PM 1000 most suitable as
face sheet material.

PM 2000 is an iron-based ODS alloy with the high aluminium content of
5.5wt%. The oxide dispersion strengthening confers a structural capability for
operation temperatures of up to 1350°C. Its excellent high temperature oxida-
tion resistance is achieved by the formation of a dense and tightly adherent
alumina scale. The results of cyclic oxidation experiments demonstrate its
superior behaviour compared to conventional superalloys such as Haynes
214 (3). PM 2000 is some 15 % lighter than PM 1000 and can be worked to
very thin sections while still retaining the excellent high temperature strength
and oxidation resistance (4). These features are crucial for the use as honey-
comb core material.

Consequently the optimized panel design consists of a PM 2000 honeycomb
core joined onto PM 1000 face sheets, a set-up which is referred in the fol-
lowing as hybrid panel. According design of Fokker the thickness of the PM
1000 face sheet was 250um, the honeycomb core was manufactured from a
125um thick PM 2000 foil. This foil was corrugated into a half hexagon
shape, the strips were then laser welded to form the full hexagon shape and
the honeycomb structure built up layer by layer.

3. Development of Joining Technology:

In order to join the honeycomb core to the face sheets a brazing technology
had to be developed which ensures strength, ductility and oxidation resis-
tance of the joint up to 1200°C comparable to the base material. For basic
brazing experiments in a high vacuum furnace with a pressure p < 10~5 mbar
five different commercial filler alloys (table 1) were selected regarding their
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high melting temperature: the nickel based MBF 51, the cobalt based MBF
103 and the precious metals based braze alloys PdNi, PdCo and PdAu.
PM 2000 honeycomb cores with a size of 50 x 50 x 8mm were brazed to face
sheets by these different filler alloys. The brazing temperatures depended on
the melting temperature of the brazing materials. Typical brazing cycles
showed a total time of approximately 5 hours by a holding time between 5 to
10 min at brazing temperature. The processing temperature was monitored
with a Pt/lr thermocouple.

Material
MBF51
MBF 103
PdNi
PdCo
PdAu

Composition [wt%]
Ni 15Cr1.4B7.2Si0.06C
Co 15Ni 21Cr4.5W 1.6B 4.4Si 3Pd
Pd 40Ni
Pd 35Co
Pd 92Au

TM [°C]
1039-1126
1136- 1163

1238
1219
1270

Table 1: Composition and melting temperature TM of filler alloys

3.1 Wetting and Metallography:
Cross sections of brazed samples were examined with an optical microscope
to study the wetting and penetration behaviour of the tested filler alloy. After
optimising of the brazing temperature and time all filler alloys showed excel-
lent wetting and full penetration with the face sheet and the honeycomb core.

Figure 1a: Joint by PdAu filler Figure 1b: Joint by PdNi filler



750 RM90 B. Tabernig et al.
15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

Only PdAu was too aggressive to the base material so that the honeycomb
was totally dissolved (fig. 1a). Using short brazing times and low brazing tem-
peratures, however, metallographically sound joints can be achieved by the
PdNi filler (fig. 1b).

3.2 Oxidation Behaviour:
The oxidation properties of the joints were evaluated by the mass change at
1200°C for 20 hours under stagnant air. Experimental results of all tested filler
alloys are presented in comparison with the base material (PM 2000 core and
PM 1000 face sheets) in fig. 2.
The MBF filler alloys showed a high corrosion attack and spalling of the oxide
layer. The best oxidation resistance which was comparable to the base mate-
rial was achieved with the filler alloy PdNi.

20

D flaked off oxide [%]

D change of weight [%]

g
O 15

c
h
a
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g
e

 o
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e

MBF 51 MBF103 PdNi PdCo PdAu base metal

Figure 2: Change of weight after oxidation at 1200°C for 20 hours at air

3.3 Mechanical Properties:
For the evaluation of mechanical properties tensile tests were carried out at
RT, 700°C and 1100°C on test samples where face sheets PM 1000 (80 x
40mm2) were brazed by the selected filler metals. The tests were done at a
strain rate of 10"3 s"1 with 2 samples at each temperature. Excellent strength
values and a sufficient elongation up to 1100°C could only be gained on
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specimens brazed by PdNi and PdCo (table 2). The low ductility of the Ni-
based braze alloys was referred to the formation of brittle intermetallics and a
strong increase in hardness in the diffusion zone.

Filler alloy

PM 1000
MBF51
MBF 103
PdNi
PdCo
PdAu

Rm [MPa]
RT

>800
904
807
852
900
797

700°C
>380
317
257
309
407
337

1100°C
>100
115
15
134
153
30

£f [%]
RT

> 10
10.5

7
8.7
9.5
5.2

700°C
> 10
15.9
10.7
9.8
10.4
1.7

1100°C
> 1
0.6
-

2.6
2.8
-

Table 2: Mechanical properties of the filler alloys

Due to the best oxidation behaviour while good mechanical properties and
wetting behaviour compared with the other filler alloys PdNi was selected for
brazing the PM 1000 / PM 2000 honeycomb structures.

4. Manufacturing of Full-Size Panel:

4.1 Design:
After the evaluation of first experimental results the design of the full size
pane! was fixed by Fokker. The panel will be composed of the following com-
ponents (as indicated in fig. 3):

• PM 1000 upper face sheet (420 x 300mm): "2"

• PM 1000 lower face sheet (377 x 300mm): "3"

Holes of 00.4mm were drilled in the lower face sheet to provide air circu-
lation within the honeycomb structure and hence to ensure severe testing
condition during oxidation tests.

• PM 2000 honeycomb core (400 x 300mm): "4"

The edges were grinded in angle of 45° as a consequence of the se-
lected sealing design.

• PM 1000 sealing members (bended sheets with a length of 300mm): " 1 "
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Figure 3: Schematic illustration of the full-size panel design

4.2 Development Route and Manufacturing Procedures

• Manufacture of test samples:
For selection of braze alloy and first experimental testing a number of test
samples up to dimensions of 50 x 50mm were manufactured. The core mate-
rial had a cell size of 4.76mm and a height of 8mm. According design study
the cell size was changed for following development steps to 8mm and the
height to 10mm to further optimise the weight per area of the designed panel.

• Up-scaling to engineering test samples:
The first step of up-scaling included the confirmation of developed brazing
technology on test samples with new core design and dimensions of 50 x
50mm. A visual and metallographic investigation of specimens thereof
showed comparable results with test samples in the basic development. In
following steps successful up-scaling of test samples to dimensions of 120 x
120mm was performed. After control of joint quality a number of such engi-
neering test samples was delivered to Fokker for thermo-mechanical investi-
gations and impact tests.
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• Development of sub-scale panels:
The next step in the development route was the integration of the PM1000
sealing members in test samples of 120 x 120mm. A panel assembly consist-
ing of the face sheets, the honeycomb core and the sealing elements was
brazed. Special tooling had to be developed to fix the assembly and to pro-
mote uniform heating of the panel. An example of a sub-scale panel with de-
tails of the sealing is presented in fig. 4.

Figure 4: Sub-scale panel with integrated sealing members

Visual and metallographic examinations have shown uniform brazing over the
total area of the panel with no irregularities to previous development steps
and an excellent brazing connection in the sloping edges. Tests to manufac-
ture the holes in one side of brazed panels by mechanical drilling in dry condi-
tions showed good results.

• Manufacturing of full-size panels:
Based on gained experience in the previous development steps two full-size
panels were fabricated. Manufacturing started with the preparation of the pre-
material. The PM 1000 material was grinded to thickness of 250um. The face
sheets and sealing elements were machined thereof, specific attention to the
tolerances was paid when bending the sealing members. The PM 2000 hon-
eycomb was grinded after corrugation, too, in order to ensure flatness less
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than 50um and to avoid missing joints after brazing. The edges of the honey-
comb core were cut in 45° angles on two sites. For joining a thin braze foil
PdNi with a thickness of 50um was used to minimize its effect on the base
material. The individual raw parts of the panel, the face sheets, the edge
members, the core material and inserted braze foils, were assembled to an
adequate fixture by laser spot welding and subsequently joined by a high
temperature high vacuum brazing process at temperatures of about 1250°C -
1260°C. A sample which was brazed in the same cycle was investigated with
metallographic methods to certify the brazing step. Additionally a C-scan, a
non destructive pulse echo ultrasonic technique which can detect different
types of defects in brazed honeycomb structures (4) was applied to charac-
terise the quality of brazing. The C-scan indicated good results with only a
few minor imperfections in the joints over the total area.
The final treatment was the mechanical drilling of holes in one side of the
panel. One of the full-size panel which was delivered to Fokker for further
testing is presented in fig. 5.

Figure 5: Full-size panel with drilled holes on one face sheet
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5. Testing:

5.1 Engineering Tests

Thermal cycling tests:
2 engineering test samples (120 x 120mm) were cycled thermically in order to
identify at small scale the thermal response of a hybrid honeycomb panel to
heating rate and thermal flight cycles. The test panels were heated at one
side by infrared radiation. The temperature was controlled by two sets of op-
posing thermocouples at 5mm distance from the center line on the heated
and unheated side of the panels. Before and after each test C-scan pictures
were made to check the condition of the braze joints.
The objective of the tests on the first panel was to study the impact of differ-
ent heating rates. The test procedure included 4 heating up and cooling down
cycles. The upper face sheet of the sample was heated up to 1050°C in all 4
cycles. The thermal load, however, was increased in the 4 cycles by increas-
ing the heating rate. The values were 5°C/s, 10°C/s, 20°C/s and 40°C/s. After
the heating up phase the sample was kept for 100s before cooling down with
the same temperature gradient as used for heating. The thermal load can be
illustrated by the temperature difference between upper and lower side of the
panel. The maximum value was 550°C measured in the test at the heating
rate of 40°C/s. The second panel was tested by a representative temperature
profile of two thermal flight load cycles.
In spite of the applied high temperature difference between both face sheets
both samples showed no damage after all tests and were flat as before the
tests. The C-scan pictures indicated that the braze joints were still good. This
was further supported by a following metallographical investigation on the first
test sample. The conclusion can be drawn that the panel is rather insensitive
to thermal stress.

Impact tests:
Low and high speed impact tests were performed on 4 engineering test pan-
els to determine the sensitivity to external impacts at different speed.
The low-velocity impact tests were performed with an instrumented drop
tower using spherical headed drop weights with a diameter of 7.5mm. The
test panel surface was positioned perpendicularly to the drop path. Impact
speed and energy were determined by different drop heights and weights.
The impact energy was stepwise increased by 10J starting from 8.4J. A load
cell in the head of the drop weight measured the contact force.
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The result of the impact test with an impact energy of 8.4J is presented in fig.
6a. The impact did not cause cracks as revealed by visual inspection and a
C-scan, but only some plastic deformation. Hence the requirement for the
panel to withstand impact energies of 8J without cracking was met. Only after
additional 20.3 Joules cracks appeared (fig. 6b). Instead of highly deformed
cell walls the braze joints showed still good quality (fig. 6c).

Figure 6: Deformation of test sample tested at an impact energy of a) 8.4J
and b) 8.4J + 20.3J; c) braze joint after impact test of 20.3J

The high-velocity impact tests were performed with an air gun and ice "bul-
lets" of 25mm diameter. The impact speed was 208m/s which was measured
by a sensor in the air gun. The test panel was positioned at different angles
ranging from 25 to 90° to the bullet path. The hail tests showed no damage at
25° and cause slight indentation at 45° and cracks at 90°, which demon-
strated a good performance for the fly through a hail cloud without any prob-
lems.

5.2 Testing of Full-Size Panel
The objective of this test was to determine the response of a full-size panel
(300mm x 420mm) to a number of thermo-mechanical flight load cycles in or-
der to simulate the in-service behaviour. A schematic drawing of the test
equipment is given in fig. 7. The panel which was fixed on a support frame
was loaded mechanically in bending by applying a load on the bearing and/or
thermically by the heating of a quartz radiator on the upper side. The dimen-
sions of the load application areas were 20mm x 5mm. The test machine was
equipped with thermocouples and strain gages at defined positions to register
temperature and record displacements.
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Figure 7: Schematic illustration of equipment for testing the full-size panel

The tested thermo-mechanical load profile which is representative for the
TPS during ascent and re-entry of RLV is shown in fig. 8. The test on the full-
size panel included 50 cycles, e.g. simulation of 50 flights. In the first test cy-
cle only the mechanical load profile, in the second only the thermical load was
applied. In the following 47 cycles the panel was exposed to the combined
thermo-mechanical load profile.
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Figure 8: Representative thermo-mechanical load profile of a skin panel dur-
ing ascent and re-entry of the RLV
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The panel passed successfully all 50 thermo-mechanical cycles without dam-
age which was controlled by visual inspections and C-scans. Figure 9
showed no changes in the C-scan after the cycles compared to the C-scan
taken before the cycling tests.

isii i
• • • •

Figure 9: C-scan of the full-size panel a) before and b) after the 50 thermo-
mechanical cycles

A final test at 1100°C was carried out by increasing the mechanical load until
failure occurred. The panel demonstrated once again good performance as
the actual failure load was 1186N and hence about 10% higher than the pre-
dicted one. Failure occurred over the midline where the bending moment
reached a maximum (fig. 10a). Apparently the failure mode was initiated by
dimpling of the compressed facing (fig. 10b) causing a reduction of stiffness
and subsequent failure of the panel.
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Figure 10: a) failure of full-size panel and b) dimpling of compressed facing

For a detailed failure analysis specimens were cut from the tested full-size
panel and examined in the LM/SEM (fig. 11). The pictures clearly reveal the
high quality of the braze joints, the uniform brazing with small diffusion zone
and the deformation of the compressed face sheets with cracks initiated in
tensile regions.

Figure 11: a) specimen cut from tested panel and b) a metallographic section
thereof
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6. Conclusions:

The manufacturing technology of a hybrid PM 1000 / 2000 honeycomb panel
was developed and its use for a reusable stiffened skin panel investigated.
For this purpose a number of test samples of sub-scale size, and two full-size
panels were fabricated and tested under expected service conditions.
Engineering tests showed that the test samples were rather insensitive to
temperature gradients even at temperature differences between the face
sheets of 550°C. The engineering test samples exhibited no plastic deforma-
tion after testing at different heating rates ranging from 5 to 40°C/s and at
temperature profiles representative for two flights.
The requirement for the designed application regarding impact properties at
low as well as high speed were met. Impact at low speed with an energy of 8J
did not cause any cracks. Hail tests where ice bullets were fired with speeds
to 208m/s at different angles from 25° to 90°C against the test piece showed
no damage at 25° and caused slight indentation at 45° and cracks at 90°,
which demonstrated a good performance for the fly through a hail cloud with-
out any problems.
In tests to determine the response of a full-size panel to a number of simu-
lated thermo-mechanical flight load cycles the panel passed 50 cycles suc-
cessfully without damage.
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Summary:

Microstructure effects on densification and shape distortion in liquid phase sintering of
tungsten heavy alloy were investigated. Microstructure parameters such as the solid
volume fraction, dihedral angle, initial porosity, and pore size were varied to measure
densification and distortion behavior during LPS using W-Ni-Cu alloys. Green
compacts were formed using ethylene-bis-stearamide as a pore-forming agent with the
amount of polymer controlling the initial porosity. Different initial pore sizes were
generated by varying the polymer particle size. Dihedral angle was varied by changing
the Ni:Cu ratio in the alloys. Finally, the solid volume fraction was adjusted via the
tungsten content. Distortion was quantified using profiles determined with a coordinate
measuring machine to calculate a distortion parameter. Sintering results showed that
solid volume fraction and dihedral angle are the dominant factors on densification and
distortion during liquid phase sintering. Distortion decreases with increasing solid
volume fraction and dihedral angle, while initial porosity and pore size have no
observable effect on distortion at nearly full densification. Various strategies emerge to
improve distortion control in liquid phase sintering.
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1. Introduction:

Liquid phase sintering is broadly used for net-shape manufacturing (1, 2). In many
systems the liquid enhances densification, since it provides a capillary force that pulls
the solid grains together and offers a fast mass transport medium (3, 4). However, liquid
phase sintering is generally limited to high solid content compositions due to shape
retention difficulties. In tungsten heavy alloys, the large density difference (over 10
g/cm3) between tungsten grains and the matrix (usually Ni, Cu, or Fe) induces tungsten
grain settling along the gravitational direction, especially for liquid contents over
approximately 25 vol.%, resulting in significant distortion (5, 6),

In liquid phase sintering, solid bonds are formed by initial solid-state sintering during
heating. These solid bonds provide compact strength that resists distortion (7).
However, there is a loss of compact strength (7) when the solid-state sinter bonds are
dissolved by newly formed liquid. Once the compact strength falls below a critical
value, distortion takes place due to gravity. This is typical for systems with a high solid
solubility in the liquid (8, 9). For systems with negligible solid solubility in liquid, such
as W-Cu, sinter bonds retain during sintering and compacts with as high as 80 vol.%
liquid can be sintered without distortion due to high compact strength (5).

Densification has long been the subject of many investigations, and distortion has also
been studied in recent works (5, 6, 10), but few reports have directly addressed
distortion control. A systematic investigation of distortion is lacking. Similarly, the
initial pore structure effects on distortion have been neglected (10) and are still uncertain
at this time.

This work studies liquid phase sintering by investigating the microstructureal effects on
the combination of densification and distortion, including solid volume fraction, dihedral
angle, green porosity, and green pore size. In this work, W-Ni-Cu tungsten heavy alloys
with varying dihedral angles were liquid phase sintered and simultaneously monitored
for densification and distortion. Dihedral angles were varied by changing the Ni:Cu
ratio and the solid volume fraction was adjusted by varying the tungsten content.
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Artificial pores were introduced into the green compact using a clean-burning organic
polymer. Initial porosity and pore size were controlled by controlling the polymer
content and particle size. The microstructural effects on densification and distortion in
LPS were investigated. The sequence of densification and distortion during liquid phase
sintering was investigated using quenching experiments. Processing strategies brought
forth by this research aid in liquid phase sintering practice for the fabrication of high
density and high precision components.

2. Experimental Procedures:

The W-Ni-Cu tungsten heavy alloys with varying microstructures were fabricated from
mixed powders. To control the green porosity and pore size, an organic binder, EBS
(ethylene-bis-stearamide) was added to the powder mixture. During heating, the binder
decomposed to leave pores in proportion to added concentration. Varying binder
particle sizes created different green pore sizes. Dihedral angles were varied through the
Ni:Cu ratio from 8:2 to 2:8. The initial formulations were adjusted to give final solid
volume fraction (pore-free) ranging from approximate 60 to 85 vol.% using initial
tungsten contents and the alloy balance being Ni and Cu.

Table 1 summarizes the characteristics of the W, Ni, and Cu powders used in the study,
and the particle sizes of the EBS powders are listed in Table 2. The as-received tungsten
powder was first deagglomerated by rod milling for 1 h in a 2000 cm3 plastic jar filled
with argon. The ratio of rods to the powder was 10:1. The W, Ni, and Cu elemental
powders were first mixed according to the target composition, and then mixed with the
EBS binder at different particle sizes in a Turbala mixer for 20 min to achieve a
homogenous distribution. The binder content in the mixture was in proportion to the
desired green porosity. Table 3 summarizes the alloy compositions and the initial
microstructural features used in this study.

The mixed powders were weighed and uniaxially die pressed at 175 MPa into cylinders
12.8 mm in diameter and 10 mm in height. The green compacts were heated to extract
the binder at 550°C for 1 h in dry hydrogen with dew point of-55°C. The hydrogen
flow rate was 23 turnovers/h, and the heating rate was 3°C/min. After the binder was
extracted, the compacts were weighed and measured again to calculate the green
porosity.
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Table 1. Characteristics of the Metal Powders Used in this Study.

Powder

Vendor

Designation

Particle size
distribution
Dio (fim)
D50 (l^m)
D90 (Hm)

Pycnometer density
(g/cm3)

Apparent density
(g/cm3)

(% of pycnometer
density)

Tap density (g/cm )
(% of pycnometer

density)

BET surface area
m2/g

Rod-
milled

W

Osram

M-37

1.8
4.8
9.3

19.1

3.7

(19)

6.1
(32)

0.208

Ni

Novamet

123

4.7
10.8
25.7

8.9

2.3

(26)

3.3
(37)

0.48

Cu

ACuPowder

635

7.9
12.1
18.9

8.8

3.3

(38)

3.9
(44)

0.230

Table 2. Particle Sizes of the EBS Powders used in this Study (Vendor: Lonza)

Designation

Particle size
distribution
Dm (Urn)
D50 Gun)
D90 (i-im)

#1

1.3
5.9
15.3

#2

1.9
11.6
25.8

#3

3.4
22.7
55.4

#4

7.7
36.2
83.2

#5

29.2
87.0
173.8
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Table. 4.3. Compositions and Green Microstructures of the W-Ni-Cu Alloy used in this
Study.

Tungsten content (wt.%)

Ni: Cu ratio

Green porosity (vol.%)

Green pore size (|J.m)

75.6,77.3,78,78.7,80,83,87,90

8:2,6:4,5:5,4:6,2:8

37, 47, 57, 70

6, 12, 23, 36, 87

Sintering was performed at 1480°C in a CM horizontal tube furnace in dry hydrogen
with dew point of -55°C. The hydrogen flow rate was 35 turnovers/h. The heating rate
was 10 °C/min, and the holding time at sintering temperature was 30 min. To reduce
oxidation, a 30 min hold at 1050°C was employed during heating.

Quenching experiments were employed to investigate the sequence of densification and
distortion during liquid phase sintering. The 80W-16Ni-4Cu compacts with 67% green
porosity were sintered at 1480°C in a CM vertical furnace in dry hydrogen atmosphere
with dew point of -55°C. The hydrogen flow rate was 24 turnovers/h, heating rate was
10 °C/min, and sintering holding times were from 0 to 30 min. After the sintering
temperature and holding time were achieved, the samples were quenched into water at
room temperature.

After sintering, distortion was quantified using a distortion parameter. Compact
dimensions were first measured at various heights using a coordinate measuring
machine (CMM). The measured sectional radii were normalized with respect to the
maximum radius of the sintered compact. The distortion parameter equals the standard
deviation of the normalized radii of each sample.
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The densities of the sintered compacts were measured using the water immersion
method. Prior to measurement, the samples were infiltrated with light paraffin oil in a
vacuum chamber for 15 min to fill all open pores.

Finally, the samples were sectioned along the longitudinal direction, mounted, and
polished to a 0.05 jam finish for metallographic analysis. The solid volume fraction was
measured manually by point-count method. Typically 3 micrographs were measured to
ensure the statistical accuracy of ± 3 vol.%. Dihedral angle measurement was
performed by manually measuring the angle between two connecting grains using a
protractor. The median of 25 observations was reported as the true dihedral angle (11).

3. Experimental Results:

Figure 1 shows the photo of W-Ni-Cu (Ni : Cu 8:2) alloys with different initial tungsten
contents (80, 83, 87, and 90 wt.%) after liquid phase sintering at 1480°C for 30 min.
The initial porosity was 59 % and the pore size was 87 jam. The heating rate was
10°C/min. Figure 2 shows the sintered densities and corresponding distortion
parameters. The measured solid volume fractions were also given in Figure 2. All
samples achieved nearly full density, except the sample with 90 wt.% W content which
achieved only 94% of theoretical density. Distortion decreased as initial tungsten
content and solid volume fraction increased. The 80W alloy had the lowest solid
volume fraction and most distortion, while the 90W alloy had the highest solid volume
fraction and only showed slight distortion.

To investigate the dihedral angle effect on distortion, the solid volume fraction was held
constant by decreasing the initial tungsten content with decreasing Ni: Cu ratio (As Ni :
Cu ratio decreases, W solubility in Ni-Cu matrix decreases). The alloys employed were
80W-16Ni-4Cu (Ni: Cu 8:2), 78.7W-12.8Ni-8.5Cu (Ni : Cu 6:4), 78W-1 INi-llCu (Ni :
Cu 5:5), 77.3W-9.1Ni-13.6Cu(Ni: Cu4:6), and75.6W-4.9Ni-19.5Cu (Ni: Cu2:8).
These alloys were liquid phase sintered at 1480°C for 30 min. The heating rate was
10°C/min. The initial green porosity was 36%, and the pore size was 87 (am. Figure 3
shows the photo of the sintered samples. The measured solid volume fraction was about
0.61 for all the samples. Figure 4 shows the densities and corresponding distortion
parameters of the sintered samples. All the samples achieved a sintered density of above
95% of theoretical density. The sintered density increased slightly as dihedral angle
increased, except the 75.6W-4.9Ni-19.5Cu (Ni: Cu 2:8) alloy. Distortion decreased as
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Figure 1. Photograph of W-Ni-Cu (Ni: Cu 8:2) alloys with different tungsten contents,
after sintering at 1480°C for 30 min. The heating rate was 10°C/min, green porosity was
59%, and initial pore size was 87jlm.
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Figure 2. Distortion parameters of W-Ni-Cu (Ni: Cu 8:2) alloys with
different tungsten contents, after sintering at 1480°C for 30 min. The heating
rate was 10°C/min, green porosity was 59%, and initial pore size was 87um.
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the dihedral angle increased (Ni: Cu ratio decreased). The sample with dihedral angle of
46 degree had the most distortion, while the sample with dihedral angle of 76 degree did
not show observable distortion.

A comprehensive study of porosity effects on distortion was conducted on three
different tungsten alloys, 80W-16Ni-4Cu (Ni : Cu 8:2), 83W-13.6Ni-3.4Cu (Ni : Cu
8:2), and 90W-8Ni-2Cu (Ni: Cu 8:2). Compacts with different green porosities were
sintered at 1480°C for 30 min. The heating rate was 10°C/min and the pore size was 87
|j,m. The distortion parameters for these alloys are plotted in Figure 5, and Figure 6
shows the photo of the sintered 80W-16Ni-4Cu alloy with different green porosities.
For the 80W-16Ni-4Cu alloy, all the samples with different green porosities achieved
nearly full density and had similar distortion. The distortion parameter for the 80W-
16Ni-4Cu alloy is about 0.38. For the 83W-13.6Ni-3.4Cu alloy, all the samples with
different green porosities also achieved nearly full density and had similar distortion.
The distortion parameter for the 83W-13.6Ni-3.4Cu alloy is about 0.11. The 80W-16Ni-
4Cu alloy had more distortion than the 83W-13.6Ni-3.4 Cu alloy. Green porosity did
not show observable effects on distortion of the 80W and 83 W alloys after nearly full
densification. For the 90W-8Ni-2Cu alloy, samples with green porosities of 37% and
47% achieved nearly full density and showed slight distortion. A sample with green
porosity of 57% achieved only 93% density, and a sample with green porosity of 67%
achieved only 88% density. Both samples did not show measurable distortion.

Figure 7 shows the photo of the 80W-12Ni-8Cu alloys with different green pore sizes
after sintering at 1480°C for 30 min. The green porosity was 51%. The distortion
parameters are plotted in Figure 8. All the samples with different pore sizes achieved a
sintered density of above 96% of theoretical density, and had similar distortion
parameter. Green pore size did not show significant effect on distortion.

Figure 9 shows the photo of the 80W-16Ni-4Cu alloys after liquid phase sintering at
1480°C for 30 min using different heating rates. The green porosity was 68%, and pore
size was 87 |U,m. The compacts were heated to 1300°C at 10°C/min, and then the
temperature was increased to 1480°C using different heating rates. By doing this, the
heating rate when the liquid formed was changed. The heating rates employed were 1,3,
5, and 10°C/min. Figure 10 shows the sintered densities and corresponding distortion
parameters with different heating rates. All the samples achieved a sintered density
above 96% of theoretical density. Distortion decreased as heating rate decreased.
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Figure 3. Photo of W-Ni-Cu alloys with constant solid volume fraction but different
dihedral angles, after sintering at 1480°C for 30 min. Note that dihedral angle is varied
by varying the Ni: Cu ratio.

100

40 50 60 70
dihedral angle, degree

Figure 4. Sintered densities and distortion parameters of W-Ni-Cu alloys with constant
solid volume fraction but different dihedral angles, after sintering at 1480°C for 30 min.
The initial green porosity was 36%, and the pore size was 87 Jim. Note that dihedral
angle was varied by using the Ni: Cu ratio.
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Figure 5. Distortion parameters of W-Ni-Cu (Ni : Cu 8:2) alloys with different
porosities, after sintering at 1480°C for 30 min. The heating rate was 10°C/min.
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Figure 6. Photo of 80W-16Ni-4Cu (Ni: Cu 8 :2) alloy with different porosities, after
sintering at 1480°C for 30 min; (a) 37%, (b) 47%, (c) 57%, and (d) 67%. The pore size
was 87 |im.
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Figure 7. Photo of 80W-12Ni-8Cu (Ni: Cu 6:4) alloy with different EBS binder particle
size, after sintering at 1480°C for 30 min. The heating rate was 10°C/min and initial
green porosity was 51%.
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Figure 8. Densities and distortion parameters of 80W-12Ni-8Cu (Ni: Cu 6:4) alloy with
different EBS binder particle sizes, after sintering at 1480°C for 30 min. The heating
rate was 10°C/min and the initial green porosity was 51%.
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Figure 9. Photo of 80W-16Ni-4Cu (Ni: Cu 8:2) alloy after sintering at 1480°C for 30
min. The green porosity was 68%, and the pore size was 87 |ira, The heating rates
were: (a) l°C/mm, (b) 3°C/min, (c) 5°C/min, and (d) 10°C/min.
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Figure 10. Distortion parameters of 80W-16Ni-4Cu (Ni : Cu 8:2) alloys after sintering
at 1480°C for 30 min at different heating rates. The green porosity was 68% and pore
size was 87
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Figure 11. Photo of 80W-16Ni-4Cu (Ni : Cu 8:2) alloys after water quenching from
1480°C for different holding times. The heating rate was 10°C/min. The pore size was
87 jam, and green porosity was 67%.
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Figure 12. Distortion parameters of 80W-16Ni-4Cu alloys with 67% initial porosity
after sintering at 1480°C. The heating rate was 10°C/min. The initial pore size was 87
|im. The alloys were water quenched after different holding times.
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The sample with a 10°C/min heating rate had the most distortion, while the sample with
a l°C/min heating rate only showed slight distortion.

Figure 11 shows the photo of the 80W-16Ni-4Cu (Ni: Cu 8:2) alloys with 67% green
porosity after water quenching from 1480°C. The pore size was 87 urn, and the heating
rate was 10°C/min. The holding times at 1480°C were 0, 2, 5, 10, 20, or 30 min. The
sintered densities and distortion parameters of water-quenched samples are plotted in
Figure 12. It is clearly shown that distortion increased with increasing holding time, and
distortion did not occur until after nearly full density. After sintering for 0 min, the
compact achieved only 94% density and did not show distortion. After sintering for 2
min, the compact achieved 98.9% density and started to distort. Distortion was
significant after sintering for 5 min, where pore closure was evident.

4. Discussion:

In liquid phase sintering, densification and distortion are closely related to liquid content
and pore induced capillarity. With high liquid content full density can be achieved even
at the particle rearrangement stage (1), but often there is concomitant distortion. With
low liquid content the solid skeleton resists densification and retains the compact shape.
This was observed in our experiments. Low tungsten content samples achieved full
density and distorted, while the 90W sample only achieved 94% density and did not
distort.

Previous observations (5, 6, 12) found that solid-liquid segregation induces distortion of
tungsten heavy alloy during liquid phase sintering. The solid-liquid segregation
increases as liquid content increases. The measured solid volume fractions of W-Ni-Cu
(Ni : Cu 8:2) alloys within top and bottom regions are plotted in Figure 13. As W
content increases, the solid segregation (the solid volume fraction difference between
bottom and top region) decreases. Johnson et al. (6) reported that solid segregation is
only statistically significant for W volume fraction below 0.85. Our data compare
favorably with their observation. Slight solid segregation was observed for the sample
with about 0.8 solid volume fraction. Figure 14 shows the distortion parameter versus
solid segregation of W-Ni-Cu alloys after sintering at 1480°C for 30 min. Distortion
increased as solid segregation increased, which agrees with the previous observations (5,
6).
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Figure 13. A scatter plot of the solid volume fraction versus tungsten content for the W-
Ni-Cu (Ni: Cu 8:2) alloys sintered at 1480°C for 30 min. The solid volume fractions of
top and bottom regions are plotted. The average solid volume fractions of the samples
are also plotted.
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Figure 14. Distortion parameter versus solid segregation for the W-Ni-Cu (Ni: Cu 8:2)
alloys sintered at 1480°C for 30 min. Note distortion increases as solid segregation
increases.



776 RM92 W. Yi et al.
15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

Distortion in liquid phase sintering is also associated with low dihedral angles. In low
dihedral angles, the reduction in solid-liquid surface energy on first melt formation leads
to liquid penetration of grain boundaries (7). Consequently, densification by
rearrangement occurs rapidly and solid-solid bonds do not form before saturation of the
intergrain void space (7). Then the relatively weak capillary force is the only source of
strength that disappears as the voids are filled with liquid (7). Distortion is the
consequence of strength loss, due to loss of solid skeleton strength or capillarity (open
porosity) induced strength. Note that full density alloys will distort on reheating to
liquid phase sintering temperature, demonstrating liquid attack of grain boundary. On
other hand high liquid content alloys retain shape up to the point of densification or pore
closure.

Liquid penetration of grain boundaries leads to compact strength loss. A high solid
solubility in the liquid correlates with a low dihedral angle and easy liquid penetration of
grain boundaries. The fractional atomic solid solubility in the liquid can be
approximately linked to the dihedral angle by the following empirical expression (7):

/t,=0.11-0.14^tan ^ (1)

where kA is the fractional atomic solid solubility in the liquid, and (j) is the dihedral angle
in radians. High solid solubility in the liquid kA indicts a low dihedral angle according to
Equation 1. The atomic solid solubility in liquid can also be linked to the dihedral angle
by the following empirical equation (7):

</> = 75-638AkA (2)

where A kA is the fractional atomic solid solubility change in newly formed liquid as
compared with the solid solubility in the additive, and (|> is the dihedral angle in radians.
Equation 2 indicts that if the atomic solid solubility in liquid is much larger than the
atomic solid solubility in the additive, the systems have low dihedral angles. In turn,
low dihedral angles imply easier liquid penetration of the grain boundaries and often
distortion.

Solid volume fraction and dihedral angle are the dominant factors controlling
densification and distortion during liquid phase sintering. Table 4 summarizes the
interrelation between dihedral angle and solid volume fraction with respect to distortion
during liquid phase sintering (7). As it shows, a combination of high solid volume
fraction and high dihedral angle results in slow densification without distortion. On the
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other hand, low solid volume fraction and low dihedral angle result in rapid
densification with shape distortion.

Table 4. Interrelation between solid volume fraction and dihedral angle with respect to
distortion during liquid phase sintering (7).

Solid
volume
fraction

Low

High

Dihedral angle
Low High

rapid densification,

large distortion

intermediate

densification,

intermediate

distortion

intermediate to slow

densification,

little distortion

slow densification,

no distortion

5. Strategies for Distortion Control in Liquid Phase Sintering:

Various strategies emerge to improve distortion control in liquid phase sintering. Since
the compact strength evolution determines densification and distortion onset, the design
of compositions for densification without distortion requires manipulation of the
microstructure and its evolution to sustain compact strength to avoid distortion. As
compact strength has contributions from both sinter bonds and capillary forces, in
principle, processing strategies that preserve sinter bonds and/or capillary forces will
resist distortion. Liquid phase sintering systems that densify slowly resist distortion.
These inherently have high solid volume fractions and high dihedral angles. So one
option for distortion control is to use high solid volume fraction and high dihedral angle
systems. Systems with low solid solubility in the liquid inherently have a high dihedral
angle and resist distortion. Compositions with presaturated liquid forming agents (for
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example, prealloy matrix) will inhibit dissolution of sinter bonds into liquid and resist
distortion (7). A slow heating rate at the point of liquid formation allows solid bonds to
reform before capillary forces are lost with pore elimination and will resist distortion.
Densification and distortion are sequential events during liquid phase sintering, the first
focus is on densification. Densification occurs first. Distortion is inhibited until after
nearly full densification (pore closure) when capillary forces are lost and a solid skeleton
is not formed. So sintering without full density will also resist distortion. Some other
choices include low compact size aspect ratios and low sintering temperatures.
Sintering at low temperature has lower liquid content and also helps resist distortion, but
the sintered density is also relatively low unless longer times are used.

6. Conclusions:

Solid volume fraction and dihedral angle are the dominant factors on densification and
distortion during liquid phase sintering. Distortion decreases with increasing solid
volume fraction and dihedral angle. On Earth, green porosity and pore size do not have
observable effects on distortion in situation of fast densification where nearly full
density is achieved or pores are closed and capillary forces are lost. Quenching results
show that distortion is inhibited until pores are closed and the compact is nearly fully
densified. Dimensional precision can be achieved by manipulating the microstructure
and its evolution to sustain compact strength to avoid distortion in liquid phase sintering.
Processing strategies emerge to improve distortion control in liquid phase sintering,
including use of high solid volume fraction and high dihedral angle systems, low solid
solubility in liquid, compositions with presaturated liquid forming agents, slow heating
rate at liquid formation. Densification before full density or pore closure can also
prevent distortion.
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TUNGSTEN HEAVY METAL ALLOYS
RELATIONS BETWEEN THE CRYSTALLOGRAPHIC TEXTURE

AND THE INTERNAL STRESS DISTRIBUTION

G. Nicolas - M. Voltz

Cime Bocuze - St-Pierre-en-Faucigny
Subsidiary of Plansee AG

Summary :

Quite often the W-Ni-Fe-Co heavy alloys are subjected to a
thermomechanical processing of swaging and aging in order to obtain the
highest possible level of resistance. Within the framework of this plastic
deformation on cylindrical parts, the swaging leads to the distribution of
morphological and crystallographic texture as well as specific internal
stresses. The resulting mechanical characteristics are correlated to structural
and sub-structural variations.

Key words :

W-Ni-Fe-Co alloys - Swaging - Strain hardening -Texture - Internal stresses

1. Introduction :

The W-based alloys of the W-Ni-Fe-Co system are formed by liquid state
sintering in accordance with the standard powder metallurgy procedure. The
resulting microstructure is a biphase system composed of an a (W) phase of
nodular form, surrounded by a y ductile phase (Ni-Fe-Co-W) of which the
chemical composition is dependent on the chemistry of the initial mixture.

This standard microstructure leads to a defined range of mechanical
characteristics, of which the levels of resistance can only be increased by
strain hardening such as swaging or rolling, according to the geometry of the
product in question (1).

On these grounds, plastic deformation (more particularly by swaging) of the
W-Ni-Fe-Co product of cylindrical geometry has been studied and the
relations between the crystallographic texture and the distribution of internal
stresses have been analysed.
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2. W-Ni-Fe-Co alloys - Generalities :

W-based alloys contain approximately 88 to 98 weight percentage of W, the
rest constituted of alloying elements such as Ni, Fe and Co.

Most heavy alloys are produced by the process of liquid phase sintering in a
reducing atmosphere (hydrogen) which leads to a biphase structure made up
of (figure n°1):

- An a (W) phase in the form of more or less spherical nodules which are
a result of the reduction of the W/liquid interface energy and the
coalescence of W particles by Oswald coarsening. The crystallographic
system of this phase composed of pure W is the body-centred cubic
lattice.

- A ductile y phase, solid solution (Ni-Fe-Co-W) upon thermodynamic
equilibrium of which the W content is strictly dependent on the nature
and proportion of alloying elements.

The crystallographic system of this phase is the face-centred cubic
lattice.

In correlation with this standard structure and after dehydrogenation heat
treatment, alloys resulting from this system have density and mechanical
properties, in tension, impact resistance, compression, bending and
hardness that are homogenous and limited to a finite space.

For example, the levels of elastic limit and maximum tensile strength of these
alloys cannot be superior to approximately:

- 800 MPa for the elastic limit,
- 1100 MPa for maximum tensile strength.

Owing to the fact that with this alloy system it is not possible to access
hardening structural transformation such as martensitic transformation or
hardening precipitation, plastic deformation is the only means to increase the
levels of resistance and hardness of these materials. The strain hardening
balance of the alloy which has plastic-elastic behaviour, and namely of the a
phase at Young's high modulus (400 Gpa) should thus enable the alloy to
accommodate more breaking stress energy
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Fig 1 W-alloy (Ni-Fe-Co)
Standard microstructure (x 240) - Sintered state

A

Biphase alloy (e-back scattering):

- a (W) phase of nodular form
- y phase (Ni-Fe-Co-W)
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3. Properties after thermomechanical processing :

Cold working has been studied by swaging round products using an
axisymetric hammering device with 4 hammers (figure n°2). According to the
intensity of work ratio and the rate of associated dislocation density (2), the
following characteristics were taken into account:

- Morphological texture by metallographic observation,
- Crystallographic texture of the a phase by diffraction of X-ray,
- Mechanical characteristics:

• Internal stresses by X-ray
• Hardness measurement (HV30)
• Tensile test

a) - Morphological texture

Cold working changes the morphology of the material microstructure to a
large extent.

There is deformation of the a phase that evolves from a spherical shape to
an ellipsoTd according to the work ratio intensity (figure n°3).

b) -Crystallographic texture of the a phase

The a phase develops a double crystallographic texture on each side of the
half-radius of the cylinder (figure n°4).

- In the volume located between the surface and the half-radius of the
part: texture {200} <100>.

- In the volume located at the core, from the half-radius of the part :
texture {200} <110>.

The both <110> and <100> directions are parallel to the axis of the rod. The
intensities of texture increase with the work ratio level (figure n°5).
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c) - Internal stresses

Internal stress measurements show that (figure n°6):

- The material is subjected to an extensive field of internal stresses at the
core and a compressive field of internal stresses on the periphery. The
envelope of neutral fibre neighbours the crystallographic transition
zone.

- Internal stresses increase with the work ratio and are dependent on the
chemical composition of the alloy.

d) - Mechanical characteristics

Hardness and tensile characteristics show that in relation to structural
characterisations, the following is noted:

- Peripheral values are higher than core values with regard to hardness
gradient (figure n°7); this becomes increasingly true as the work ratio is
intensified.

- Elastic limits and tensile strengths are higher at the external part than
on the core part. Similarly, ductility is weaker on the periphery.
(Table n°1)

Tab 1 W-Ni-Fe-Co alloy after cold working
Example of tensile mechanical characteristics according to samples
taken from the core or the periphery of the part

Alloy 1

Alloy 2

Sample
Core
Periphery
Core
Periphery

Tensile results
Rp (MPa)

1100
1130
1550
1685

Rm (MPa)
1190
1210
1550
1690

A(%)
9
7
10
6
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Fig 2 Schematic diagram of axisymetric hammering with four hammers

Cross-section Front view

Spinning
of part

Feed rate of »
cylindrical part

Heading die
Hammering
frequency

I
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Fig 3 W-Ni-Fe-Co alloy after cold working
Variation of the morphological texture of the a (W) phase according
to work ratio intensity
Metallographies (x 200) - longitudinal view after hammer hardening

Level 1 work ratio intensity
Slight deformation of the a (W) phase nodules

Level 2 work ratio intensity
Significant deformation of the a (W) phase nodules

_-** (
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Fig 4 W-Ni-Fe-Co alloy after cold working
Display of the fibre texture in a cylinder

(200)

(200)
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Fig 5 W-Ni-Fe-Co alloy after cold working
Pole figures {200} and fibre texture <110>

Evolution of the pole figures according to the work ratio intensity
(levels 1 to 4)

-̂ mv

Wif /
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Material: Alloy 2

Cold working level
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3
4

Work ratio (%)
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W-Ni-Fe-Co alloy after cold working
Internal stresses and hardness gradient

Fig 6 Internal stress gradient (MPa)
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4. Conclusion :
It is determined that heavy alloys, W-Ni-Fe-Co based system have to be cold
worked in order to increase the strength and the hardness. Typically for a
rod, cold working is achieved by swaging and it generally leads to specific
distribution of morphological and crystallographic texture as well as of
internal stresses.

The swaging of the W-Ni-Fe-Co based cylinder results in:

- A morphological texture with a deformation of the a phase according to
the work ratio intensity.

- An a (W) phase crystallographic texture, distributed in two main parts :

<=> For the external part, between the half radius and the surface of the
cylinder, the a (W) texture is :

Plan {200} - direction <100>
In this field, the internal stresses are in compression

>=> For the core part, between the half radius and the axis of the
cylinder, the a (W) texture is :

Plan {200} - direction <110>
With an internal stresses distribution in tensile

- The both intensities of texture and internal stresses for each part
increase with the work ratio level.

- In relation to these distributions, a gradient of hardness and tensile
characteristics are recorded, with an higher level for the external part.
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ALLOYS PROCESSED BY RAPID SOLIDIFICATION,
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ABSTRACT

The paper present some new results focused on an aluminium high

temperature alloy, obtained by "melt spinning method". Alloy composition,

processing conditions, resulted structures and the influence between them

are presented. There are studied the two zone structures of the alloy and the

relation between processing conditions and the characteristics of the zones,

with implications on mechanical behaviour in real conditions. The final

conclusions show that is possible to control the structure in order to improve

material behaviour.

KEYWORDS:

aluminium .rapid solidification, Al-Fe-V-Si system, powder metallurgy

INTRODUCTION

Currently the importance of aluminium high temperature alloys for automotive

industry is related with radiators, suspension components, motor caps,

hoods, doors, pistons and sheet components.

In military field, aluminium alloys can assure a high ballistic protection and a

good weldability.
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Furthermore, these alloys provide a superior "resistance-ductility-fatigue

resistance" combination relative to other alloys.

The developing tendencies for aluminium alloys obtained by rapid

solidification and processed by powder metallurgy techniques, lead to three

main categories:

a. corrosion resistant alloys, with high mechanical resistance;

B. light alloys, with high elastic modulus;

C. alloys for high temperatures usage (over 343°C);

Rapid solidification processes used in development of aluminium alloys

powders reveal important advantages toward classical elaboration methods:

• more flexibility in composition choosing;

• final structure control possibility;

The development potential of the alloys from "c" category, related with the

heat treatment applied in order to increase mechanical and corrosion

resistance at high temperatures, may lead to the advantage of good

processing by powder metallurgy methods. Thus it can be obtained semi-

finished products with over 300 mm in diameter.

The tested alloy is part of Al-Fe system in addition with vanadium and

silicium: AI-8Fe-2V-1Si (%weight).

EXPERIMENTAL PROCEDURE

Alloy elaboration was made from pure aluminium (99,99%weight), ferro-

silicium (49,33% weight Si and rest Fe), ferro-vanadium (86,39%w vanadium;

0,4%w silicium; rest Fe), pure iron (99.9%w), silicium (99,9%w) and

vanadium (powder 99,9%w).

Components were melted in a BALTZERS complex device (induction vacuum

furnace), using an alumina crucible, in 10~2 torr vacuum and at temperature of
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1000-1050 C. Casting was made in bars (025x300 mm) using a metal

permanent mould.

The alloy was transformed in bands by rapid solidification, using an

installation with main characteristics presented in Table 1 -

Table 1

c
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d

1.

2.

3.

4.

5.

6.

m

a

o •

n

AP •

Q •
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m
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10

10

10

10

10

10

a

[°]

14

14

14

14

14

14

[mm]

0,65

0,65

0,65

0,65

0,65

0,65

[mm]

400

400

400

400

400

400

- charge weight

- tilting angle

- evacuation diameter

- chill block diameter

- motor speed

- evacuation pressure

- melt debit

jet speed

- contact length

jet length

-contact duration

n

[rot/s

]

32

32

32

32

32

32

Ap

[bar]

0,40

0,50

0,55

0,60

0,65

0,80

Q

[10"6

m3/s]

0,66

0,83

0,91

0,99

1,08

1,33

Vj

[cm/s]

23,59

50,75

47,66

49,54

55,02

61,56

U

[mm]

1,89

1,42

1,25

1,11

0,91

0,63

Li

3,5

3,5

3,5

3,5

3,5

3,5

tc

[s]

0,60

0,45

0,33

0,29

0,25

0,12
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Were used six levels for ejection pressure and were resulted different

band structures. The resulted bands were analysed by means of:

-macroscopic analysis;

-optical microscpoy;

-X-ray fluorescence analysis;

RESULTS AND DISCUSSION

Were realised width and thickness measurements. The values obtained

on six samples of each charge were mediated and mean values are

presented in table 2:

Table 2

Cod

1

2

3

4

5

6

Thickness,g [^m]

12,6

28,7

29,2

32,3

37,6

46,9

Width, lb [mm]

0,68

0,72

0,78

0,83

0,87

0,97

The cooling rate was determined using two methods:

1-graphic method-using the dependence "thickness-cooling rate"

2-analitycal method-using the differential ecuation of heat change

between the melted alloy and cooling block.

Table 3 present the results of determinations of cooling rate:
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Table 3

Sample code

1.

2.

3.

4.

5.

6.

Cooling rate(K/s)

Metoda 1.

5.106

2.106

2.106

1.106

0,9.10s

0,8.106

Metoda 2.

4.86.106

1,71.10s

2,27.106

1.40.106

1,23.10s

1,12.106

The analysis by optical microscopy of these bands present a refinement

of grains in relation with cooling rate increasing (Fig. 1 and 2 ). The most

important characteristic revealed by optical microscopy is the presence

of the two zone structures. The "A zone" (near the chill block) show fine

dendrites of primary aluminium, but without optic detectable precipitate

particles. The other zone, "B zone", show only primary aluminium

dendrites. The generous answer of B zone related by reactiv attack

(diluated HF) is the result of the presence of optic detectable

intermetallic compounds.
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Fig. 1. Optical

micrography of

sample 4

(x250)

Fig. 2. Optical

micrography of

sample 3

(x250)

The thickness values for the two zones are presented in Fig. 3.

The dependence shows that the two-zone thickness of the bands is

dependent of cooling rate. The ratio between A zone and B zone thickness

increase when cooling rate increase. The explanation for the presence of two

zones is related to different cooling rate realised on the two sides of the band:

the side near chill block and the free side.
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The Fig. 4. present the concentration profile for Fe and Al and reveal the

presence of fine and uniform distributed compounds, with certain grain size

differences between the two zones.

Fig. 4.Composition image and

concentration profiles for

Fe (up) and Al (down)

(x300)
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Fig. 5.Composition image

of sample 4

(x1200)

That fact is obviously confirmed by the electronic image from Fig. 5 (sample

4, B zone). At this magnification level, it can be observed the heavy element

compounds (light zones) and light element compounds (dark zones), in

relation with element concentration profile presented above.

CONCLUSIONS

The experiments and the results show the possibility for structure control of

rapid solidificated material using the cooling rate variation. It can be obtained

a binary structure ( A zone and B zone ) and therefore a wide variety of

properties.

The thickness of each zone can be controlled by physical parameters of the

melt spinning installation. The wide range of structures and properties that

can be obtained by rapid solidification of such alloys, create many

advantages focused on powder metallurgy processing possibilities and on

variety of structures that can be realised in final product.
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Summary:

Thermal spraying technologies are an effective way to ensure surface
protection against destructive effects of wear, corrosion and oxidising
phenomena. These technologies can be applied in majority of industrial
sectors in order to improve properties of new parts or for reconditioning worn
out parts technology. Ideally, it would be comfortable to have a material able
to resist to all type of wear, but the work condition intricacy combined with
economic reason have lead to the development of a big number of powder
materials that are used in thermal spraying technologies. The titanium
powders are suitable for coating layers which have a good behaviour in
"metal on metal friction", toughness, shock and corrosion resistance. In
particular, titanium layers obtained by plasma spraying are used in
different aerospace and non aerospace applications due to the
combination of low density, very good mechanical properties and high
corrosion resistance. The accomplishment of new titanium thermal layers
is effectively used in order to increase the lifetime of different engine parts
securing the thermal protection in use, resistance to high corrosion and
oxidising phenomena. This paper deals about the mechanical properties of Ti
based coatings applied by plasma spray process on steel substrates, the
obtained results show the possibility to apply titanium coatings where special
and high performance materials are needed.

Keywords:

Surface engineering, titanium powders, plasma flame, thermal spraying,
corrosion resistance, hard coatings.



802 RM96 P. Motoiu et al.
15" International Plansee Seminar, Eds. G. Kneringer, P. Rodhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 1

1. Introduction:

Surface engineering can be seen as one of the key technologies of the
present days, permitting to lengthen the lifetime of the products,
simultaneously reducing costs and saving natural resources. The optimal
performance of a component is to a great extent determined by the state of
the surface, because every work piece is exposed to several strains, namely
mechanical, shock, thermal, chemical or electro-chemical, radiation stresses,
which often have their maximum in the surface area. Owing to the presence
of this complex strain most failures of machine components start within or
close to the surface. The high importance of the surface in regard to the
lifetime of a component justifies the term "surface engineering", which
combines the knowledge of different scientific disciplines and deals with the
design of a composite system which has properties, that cannot be achieved
by either the surface layer or the bulk component alone IM.
Several coating treatments can be applied to improve the properties of a
surface, these add at least one layer to coat the original work-piece. Through
coating the surface of a work-piece, one gains a coating-substrate composite
system. So the different functions of a component are carried out by different
layers: the substrate, the substrate-coating interface and the coating layer.
Each solving proper functions, the purpose of a coating being generally
related to wear resistance, protection against corrosion, thermal and electrical
insulation, optical appearance of the work-piece. The substrate-coating
interface is important for adhesion and diffusion barrier, while the substrate
can guarantee strength, stiffness and weight.
Several aspects have to be considered when choosing a surface treatment,
owing to its possible interference with important properties of the bulk
material, regarding the use of the work-piece the bulk surface system as a
whole must have better properties than the work-piece without the surface
treatment. Moreover, the surface process must also be adequate regarding
the geometry of the component, this can lead to either redesigning the work-
piece or changing the process. Also the cost-effectiveness of the surface
process plays an important role, every process makes use of energy and
limited natural resources. At the same time, improving the lifetime of the
work-piece, resources can be saved.
Thermal spray techniques 121 have became an important part of surface
engineering and of net-shape forming processes. They are an effective way
to ensure surface protection against destructive effects of wear, corrosion and
oxidizing phenomena and are able to produce a large assortment of
protective coatings, because almost every material can be used for coating
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and there is a wide substrate range. It is also possible to change the coating
materials or/and the process parameters, so that one can achieve a multi-
layer or a graded coating. These technologies can be applied in majority of
industrial sectors in order to improve properties of new parts or for
reconditioning worn out parts technology.
The advantages of a chosen bulk-surface system can be related to reduced
production costs, failure of the part without damaging the whole machine or
even risking human lives, possibility of local repair of damaged machine
parts, minimal variation of the original design, energy and resource saving as
well as environmental protection.
In this contest the perspective of the coating industry is a very good one.
Besides the combination of new or known processes, coating engineering
gains interest towards multi-layer coating. The internal layer is responsible for
a good adhesion to the substrate, there is a gradually change of the
properties with each additional layer so that the outer layers have the optimal
properties to fulfil the functions they are designed for.

2. Coating materials

Ideally, it would be comfortable to have a material able to resist to all type of
wear, but the work condition intricacy combined with economic reason have
lead to the development of a big number of powder materials that are used in
thermal spraying technologies [3]. The main metal powders used in thermal
spraying technology are usually classified according to the chemical
composition, which can establish the properties of the new layer.
The titanium powders are used in thermal spraying applications for layers
which have a good behaviour in "metal on metal friction", tenacity, shock and
corrosion resistance. In particular, titanium layers obtained by plasma
spraying are used in different aerospace and non aerospace applications
due to the combination of low density, very good mechanical properties
and high corrosion resistance.
Thermal spraying is also one of the main promising processes for the
manufacturing of Ti based composites [4].
The accomplishment of new titanium thermal layers is effectively used in
order to increase the lifetime of different engine parts securing the thermal
protection in use, resistance to high corrosion and oxidising phenomena.
The combination of these properties with a severe control of the thermal
plasma spraying process of the titanium powders allows the accomplishment
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of layers whose hardness values are approximately 700 HV. These hardness
values are high enough to warranty good mechanical properties.
Because of problems related to oxygen contamination of sprayed material
before and during spraying due to the high chemical affinity of titanium and
oxygen, titanium alloys are usually sprayed under inert conditions, the
"Vacuum plasma spraying" being one of the most suitable process to control
and limit the contamination [5].
The powder characteristics play an important role in determining the quality of
the coating. Generally a powder with low level of contaminants, chemical
uniformity and a spherical morphology is desired. To meet these properties,
among the different powders manufacturing processes, the gas atomisation
technique is one of the most suitable and used.
Gas atomisation may be applied also for the fabrication of titanium alloys
powders, however very inert atmosphere and well controlled parameters are
required to avoid oxidation and contamination and the process may be quite
expensive. To reduce the powder costs other less expensive processes are
available, among these the hydride-dehydride process (HDH) is one of the
most suitable to produce powders having uniform chemical distribution with
relatively small size particles, suitable for the spray processes even if their
morphology is not as regular as that of the atomised ones [6].
In the HDH process, titanium or titanium alloy is hydrided by heating in a
hydrogen atmosphere. The brittle titanium-hydride compound is then easily
crushed to the desired size range and the powder is successively dehydrided
by heating in a suitable atmosphere or vacuum.
With the aim to evaluate the possibility to obtain low cost titanium coatings
with good properties for industrial applications, in this work titanium powders
were produced by HDH process using a titanium sponge, then the produced
powders were plasma sprayed on a steel substrate to obtain a coating layer.

3. Experimental Part

The main phases of the titanium powder obtaining operation are:
• The hydruration of the titanium sponge into an electrical resistant oven, at

a temperature of 500 - 550 °C, where takes place the exothermic reaction:
Ti + H2 = TiH2 + Q

• The grinding of the titanium sponge in order to obtain TiH2 with an
appropriate granulation.

• Vacuum de-hydruration of the TiH2 powder, into an identical oven with the
one used for hydruration at the maximum temperature of 850 °C.
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• The grinding and sorting of the titanium powder. The grinding operation is
optionally, in case that during the dehydruration begins the sintering
process. The grinding is executed into a titanium ball mill preferably under
argon atmosphere.

The main characteristic of the process consists in the fact that the hydruration
operation of the titanium sponge takes place simultaneously with the
dehydruration operation in one single equipment, which is provided with two
identical ovens.
The classifying is realised with the help of a set of sieves placed upon a
vibrator. The chemical composition of Ti sponge, as well as of the produced
Ti powders is in table I.

Table I: Chemical Composition of the Titanium Sponge and Powder, wt %.

Raw materials
Ti Sponge
Ti Powder
Ti Powder

Fe
0.1
0.10
0.10

Si
0.05
0.05
0.055

O
0.1
0.17
£.25

N
0.02
0.037
0.06

H
0.005
0.021
0.027

Ti
Bal.
Bal.
Bal.

The experimentation continued with the coating of a plain carbon steel
substrate, its average chemical composition being: C=0.26, Mn=1.36,
Si=1.52, Cr=0.19, Mo=0,16, S=0.018, P=0.023 wt% by plasma spraying the
Ti produced powder. In order to get high adhesion strength an intermediate
nickel base layer was chemically deposited.

The coating experimentation were made with the help of a METCO 7 M
plasmatron, the obtained spraying parameters being presented in table II.

Table II: Coating parameters adopted when spraying Ti powder.

Ar and H2

flow

[m3.h"1]
Ar+20
vol.%H2

Power to
plasma

[kW]

80

Spraying
distance

[mm]

60,80, 120

Spraying
speed

[m.s"1]

0.3

Temperature
of substrate

[°C]

140 + 5

Coating
Thickne
ss
[mm]

0.5

Powder
flow

[kg.h-1]

0.7
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The correct choice of the plasma gas represents an important factor
regarding the reactions type which can be generated at the metal-base
interface, finally a suitable surface resulting.
In order to achieve minimum expenses and a maximum heat transfer, argon
is used with a 10 to 20 % H2 addition.
For pure theoretical operations, in order to avoid any possible reaction with
the plasma gas, pure argon is used.
Generally, the process must take place so that the plasma gas shouldn't react
with the metallic base which has to be coated.
The study of the transformations induced into the material by the phase
transition, plastic deformations, thermal treatments or by the system
particles interaction was accomplished using the electronic microscopy.
The polished transverse section of the sprayed samples was observed by
optical microscopy, while SEM and dispersion energy microprobe were used
to perform microanalyses. Moreover the Vickers micro hardness properties of
coatings were tested.

4. Experimental Results

The dimension and grain size distribution of the powder obtained with a lab
vibrator during 20 minutes is presented in Figure 1. The average diameter of
the particle (Dav.) has been calculated using the formula:

Dav. = 100/£(a;/d iav) (mm),
were: af = % content of the granulometric fractions

djav. = Medium diameter of the granulometric fractions
The fluidity of the titanium powders or the flow speed depends on the
granules surface quality, on the granulometric distribution and on the impurity
content into the titanium powders.
In order to determine the flow speed it was used a special mechanism
composed of the funnel and the measure container. 50 g of powder are
weighted , and then introduced into the funnel and the chronometer indicated
the flow time.
The stereoscope analysis evidences the irregularly shaped granules of the
titanium powder, however their surface quality was good enough to warranty
the required flowability characteristics of the powder fed to the coating
system. The granules features of the obtained powder are shown in figure 2.

During the spraying process of the titanium powder on the metallic surface,
due to the exothermic reaction which takes place between the basic
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constituents of the titanium powder and the metallic base, as well as due to
the heat which the powder overtakes during its passing through the plasma
flame, a pre-established properties layer is obtained. Each coating layer
introduces an additional interface, which participates into the thermodynamic
transfer process between systems. These determinations point out
discontinuities through the sample volume (the pores, the structural,
chemical and mechanical heterogeneity) the phases contained into the
system as well as the metallographyc features.

1 2 3 4 5 6 7 8 9 10

Particle dimension (\im)

Figure 1: grain size distribution of the obtained powders.

Figure 2: morphology of the produced titanium powder.
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The preliminary thermal plasma coating experimentation was made upon
numerous trials, taking into account a lot of factors which influence the final
structural and physical-mechanical characteristics of the experimental
samples.
There are two coating aspects which must be taken into consideration: the
contact with the metallic surface and the internal interactions
Due to the fact that each separated particle strikes the surface and it is
flattened by the powerful shock, the result is a local contraction of each
particle which is somehow compensated by the material flowing.
Macro structural studies allow to examine the obtained surfaces. Samples
with special prepared surfaces are used, in order to underline the present
phases and the metallographic constituents.
The X-rays difractograms indicated the presence as layer constituents of a
phase and of titanium oxide as well as of titanium nitride.
The histogram in figure 3 represents the micro hardness properties of the
steel substrate, of the Ni intermediate layer, as well as of the Ti coating layer.
Thanks to the relatively high Mn content the hardness properties of the steel
substrate are quite high, while the very thin Ni intermediate layer appears as
a soft one able to accommodate the possible stresses between the coating
layer and the substrate. Finally the Ti coating is characterised by very high
micro hardness properties.
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Figure 3: Vickers microhardness variation from the substrate to the surface
coating
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In figure 4 the morphological aspects of the three different materials of the
composite system can be observed. The Ti coating layer includes the non
metallic phases formed during the spraying step, some small pores can also
be observed. However the layer is compact enough to warranty the hardness
and the toughness properties. The interface with Ni substrate appears very
continuous and well adherent, showing very good adhesion properties. Finally
the thin Ni intermediate layer show good welding and continuity of properties.

Figure 4: morphological characteristics of the coating layer and of the Ni
intermediate layer deposited on the steel substrate.
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5. CONCLUSIONS

The method of obtaining titanium powder by the hydruration - dehydruration
process allows to achieve a powder whose physical-chemical characteristics
are suitable due to its plasma spraying.
The fluidity of the titanium powders or the flow speed depends on the
granules surface quality, on the grain size distribution and on the impurity
content into the titanium powders.
The experimentation were made with the coating of a substrate constituted by
a C25 unalloyed steel, by plasma spraying of the titanium powder with an
intermediate Ni layer. The applied titanium coating will allow its use into
industrial processes where special materials are needed.
The morphological characteristics of the obtained coating appear very good
to warranty adhesion and interesting mechanical properties, with very high
microhardness characteristics.
The continuity and compactness of the Ti layer is important to insulate and to
protect the substrate, achieving good corrosion resistance.
The thin Ni intermediate layer is very important to help the adhesion, as well
as the corrosion resistance properties, moreover it plays a fundamental role
to reduce possible residual stresses between the Ti coating and the steel
substrate.
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Summary:

Novel multicomponent heterophasic powdered material of silicide-type is
presented. The powdered material is intended for forming high-temperature
protective multifunction coatings able to protect different hot-loaded structural
elements of aerospace industry from refractory metals alloys under severe
oxidizing conditions in high-enthalpy and super/hypersonic oxygen-containing
gas flows. The powdered material base on complexly composition of Si-Ti-Mo
system modified with B,Y,W. Technological conception of its obtaining and
powder making process are examined. The powders were worked out in
accordance with early performed functional structural model of special
materials for coatings with the increased self-healing ability. The coatings
can be deposited from the specially prepared abovementioned powders by
plasma spraying processes or any one of other coating methods ensuring the
conservation of morphological peculiarities of microstructure and phase
composition of powdered material (detonation spraying technique, from
slurry...). Finally the results of some properties of novel heterophasic silicide-
type powders and some properties of protective coating deposited on the
niobium base alloys by means of plasma spraying technique are presented.

Keywords:
Powder, protection, silicides, coating, niobium, spraying

Introduction

Rate of development of aerospace engineering is inseparable connected with
progress in material engineering and technology, because the increase of
performances of flying vehicles and propulsion systems largely depends on
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characteristics and reliability of the materials that have been used or being
under development, as well as on technology decisions, underlying industrial
production of such materials and development of progressive technologies of
their implementation into real constructions.
At the present stage it is extremely relevant to provide materials for vital parts
and elements of modern and advanced supersonic flying vehicles and their
engines, working in complex transient conditions at simultaneous forcing of
high temperature, mechanical load, and chemical activity of super/hypersonic
oxygen-containing gas flows. Traditionally used heat-resistant alloys (nickel,
iron or cobalt based alloys) are not able to work over 1350...1450 K, therefore
materials having increased refractory properties (refractory metal based
alloys, heat-resistant metal ceramics, ceramics, composite materials) have to
take their place. The niobium based alloys are of special interest because of
the most favorable combination of physic-chemical and technological
properties, as well as specific strength of the alloys. However, the usage of
the alloys is significantly limited by low durability at high-temperature gas
corrosion. It is generally recognized that the usage of antioxidizing protective
coatings is an only possible way to solve this problem. Despite of positive
success of Russian and foreign researchers, who have solved some
particular problems on development of heat-resistant coatings for refractory
alloys (including niobium based alloys), these solved problems comprise
small portion of the unsolved problems. The successes have been achieved
basically for moderate temperature (1550... 1700 K), for specific material, and
for limited conditions of operation.
This is why the continuous researches are carry out in the field of
improvement of known protective coatings and development of new
protective coatings that are capable to enlarge a range of application of
niobium based alloys, to solve conflicting objectives to the material of a
coating, as well as to solve numerous problems, connected with the features
of operation of the high-heat element coatings in structural members of new
technique, including aerospace technique.
There are generalized results of researches on development of special
heterophase powder materials for silicone corner of the system Si-Ti-Mo-B,
additionally alloyed with Y and W, intended to make layered (covering,
crusty) protective coatings for the niobium based alloys, as well as some
information about protective power of the coatings, applied onto the heat-
resistant niobium based alloy "5WMZ" with the use of plasma spraying
technique for these powders, presented hereinafter.
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Main aspects

One of the non-solved problems in the field of material engineering of
coatings connected with development of reliable high-temperature protective
coatings, that is able to secure working capacity for the whole row of thermal-
loaded parts, assemblies and structural elements of flying vehicles and their
engines, made of extra heat-resistant materials (including the niobium based
alloys), in different conditions of forcing of supersonic flows of ionized plasma,
having extreme oxidizing power.
It should be noted that this problem requires a solution practically for all the
existent heat-proof materials (including composites and ceramics), which can
be used as an alternative for thermal-loaded structural elements of
hypersonic flying vehicles (skin, thermal-protective shields, elements of air
intakes, and so on) and their engines (combustion cameras, nozzles, pylons,
and so on). Among the other features of operation, a coating in such
structural elements has the increased rated working temperature
(1600... 1900 K), which can measure up to 2050...2000 K in extremal
conditions of operation for a short time, as well as high values of heat- and
mass-exchange factors (oc/Cp - up to 2 and more) because of high gradients
of velocities and pressure of incoming (impacting onto a surface of the part
being protected) super/hypersonic high-enthalpy gas flow. In such conditions,
at the presence of technological or operational defects (porosity, micro- and
macro cracks, cavities, detachments, and so on) in the coating, as well as
developed open or surface porosity, the oxidation process hardly grows,
because of additional supply of oxidant to aforenamed defects, and
appearance of zones of local overheating of the surface in the locality of the
defects as a result of additional heat generation during oxidation reaction of
the material of the base. An analysis of existing publications in this direction
as well as the results of our own researches [1] made it possible that the
author of the article posed new conceptual approach [2, 3] to make sure the
working capacity of thermal-loaded parts under impact of aforenamed high-
oxidizing-ability gas flows with the use of heat-resistant heterophase coatings,
which work together with the material being protected as a single structural
wall. According to this approach, a new physic-chemical model [3-5] has been
developed and embodied in new silicide type coatings (based on the Si-Ti-Mo
and Si-Ti-Mo-B systems); a feature of this model is super-fast mechanism of
accidental defect healing. A structural factor is the central element of the
model; so the structural factor should be considered in a complex with
chemical composition of the coating material and with a technology of forming
of the coating on the surface of the structural material being protected.
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Basic aspects of selection of chemical system and base composition of
heterophase powder materials for forming the plasma protecting coatings
appropriate to this physic-chemical model were posed in the article [6].
Attention was emphasized to typical limitations, incident to common heat-
resistant plasma coatings, including silicide, binding their application to
protect niobium based alloys from high-temperature gas corrosion even in
relatively mild conditions of operation in air flows, and practically excluding -
in high-velocity high-enthalpy flows of oxygen-containing gases. Among the
main causes are technological porosity, appropriate to all plasma coatings,
and tendency of silicide coatings to form cracks during temperature cycling.
This defects make probability of oxidation anomaly origination in
aforementioned ionized gas flows significantly increased. As a result,
probability of origination of the local overheating zones in the material
becomes increased in vicinity of the defects, and such overheating
significantly overbalances heating of the surface caused by incoming gas
flow. In [1] shown that even insignificant (about 1%) open porosity of the
coatings on refractory metals based alloys may lead (because of high
oxidation heat) to inflammation of the base material and to self-sustaining
combustion mode. Aggravating factor is that the high-velocity gas flows, in a
course of erosion process, carry-over surface layers, including protective
oxide films.
In connection with the aforementioned, basic composition of the powder
material is selected to decrease open porosity in the layers of coating that are
formed by plasma spraying, as well as to provide high ability of the material
for self-healing pertaining to technological or operational defects of the
coating. The preference is given to the composition that has optimal heat-
resistance; this composition is found in silicon comer of state-transition
diagram for Si-Ti-Mo, modified by boron (B) [6]. The chemical composition
has been selected in conjunction with physic-chemical principles, stated in
[5], on creation of special heterophase heat-resistant alloys for coatings, as
well as according to structural model of such alloys, stated in [7], pertaining to
the powder alloys intended for plasma coatings. The selected base alloy Si-
Ti-Mo-B structurally is a micro-composite, having dendritic-cellular skeleton,
composed of refractory disilicide phases (Ti,Mo)Si2 and TiSi2 with relatively
low-melting-point eutectic in its cells, composed of silicon and aforenamed
disilicides. Borides TiB2 and Mo2B5 are uniformly distributed in a volume of
the alloy.
Benchmark appraisal of specimens with plasma sprayed coatings of the Si-Ti-
Mo-B system shows effectiveness of the coatings at short-term impact of
supersonic high-enthalpy air flows in transient conditions; positive results of
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the appraisal are presented in [6]. Researches in the area of additional
modification of the base compound with tungsten (W) and yttrium (Y) have
been made to increase technological properties of the powder material Si-Ti-
Mo-B and to improve operational properties of plasma coatings, formed with
the use of the material. The basic results of the researches are presented
below.
The alloying with tungsten is used to increase durability at erosion of the
coating. Modification with yttrium enables to use its properties as surface-
active element and affinity to oxygen to increase adhesion of the coating and
the protective oxide films of alloyed silica, formed in the process of oxidation.

Technological aspects

The technological conception on formation of plasma coatings from materials
based on the Si-Ti-Mo system, modifying elements for heat-resistant alloys
and basic technological stages (from obtaining powders of specified
structural-phase composition to application of protective coatings onto a base
with the use of plasma spraying of the powders) are presented in the article
[6]. In the present work the same methodology is used, and the development
of heat-resistant coatings for heat-resistant structural materials is divided into
two stages; this approach permits to create more versatile powder materials,
having specified complex of technological and operational properties, as well
as to modify the materials according to the new demands, subject to its
usage.
An influence of modifying elements on heat-resistance, structure and phase
composition of the basic powder material was studied with the use of
specimens that have been melted in suspension in inert atmosphere of
crucibleless induction furnace and have been cast into copper casting molds
6 mm in diameter. To homogenize the composition, the ingots, each having
15...20 g mass, have been exposed to vacuum annealing during two hours at
1373 K and residual pressure (1.33-6.65)-10"2 Pa.
Protective coatings, made of powder alloys, having optimal heat-resistant,
structure and phase composition, have been formed on specimens, made of
niobium based alloy 5WMZ with help of plasma spraying method by means of
universal plasma installation UPU-3M. To activate the surface, the specimens
were subjected to grid blasting treatment with electrocorundum E80 at a
pressure 2.5-4 kg/cm2 and subsequent defatting.
To prepare a powder having specified properties and structural-phase
composition a pilot technology is used; the technology includes melting of the
alloy with the use of electron-beam method of re-melting of the correspondent
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charge materials and re-processing (crushing, milling, dispertion and
separation according to granulometric composition - classification) of the
ingots into powders of optimal (for specific coating application technique -
plasma, detonation, and so on) fractional composition.
Quality control of formed coatings was done visually, with a help of binocular
magnifier immediately as sprayed and after so-called "technological test" -
15-min oxidation in the air at 1573 K.

Experimental methods and procedure

The basic alloy Si-Ti-Mo-B system limits for alloying with tungsten are
determined in such a way as to save in the tungsten modified alloys the main
structural components of the basic alloy: (Ti, Mo)Si2 and TiSi2, forming
refractory skeleton of the microcomposite; Si-containing eutectic and borides.
The composition of the Si-Ti-Mo-B-W alloys is selected with the help of
a technique of the mathematical planning of an experiment. Content of
tungsten was diversified in the limits 1 to 20 mass %.
With the use of X-ray phase and micro X-ray spectral methods of analysis it is
found that alloying with tungsten does not form any new phase that is absent
in the base alloy. As a solid solution, tungsten mainly is a part of (Ti, Mo)Si'2
phase, where it displaces atoms of molybdenum, and up to 1 mass % in
TiSi2.
The influence of tungsten on heat-resistance of the basic alloy is estimated by
the results of the specimen's oxidation characteristics analysis for air
atmosphere of thermo-furnaces with silite heaters at 1573 and 1673 K during
100 hours. A technique of periodic weighting of the specimen is used.
Variation of specimen's mass is checked after 1, 3, 5, and later - after every 5
hours, with the help of weighting instrument "Cartorius", the accuracy of
measurement is 0.0001 g. On the ground of experimental data the
"Composition - heat-resistance" diagram was built as curves of equal heat-
resistance (Fig. 1) as well as the surface of response corresponded to the
surface of relative mass alternation (Fig. 2). The contents of Ti and Mo in the
alloys are presented as a ratio of concentrations CTi/CMo in accordance with
"increasing - decreasing" principle by concentration of Ti in relation to
invariable content of molybdenum. When such system of axes is selected, it
is possible to extrapolate experimental data with the help of statistical
processing of separate elements of the diagram with the use of computer.
Equal amounts of the specific weight increment, rounded to the integer
numbers [(Am/S)-10~2, kg/m2] for convenience, are integrated with the use of
corresponding curves, which gives the overview about topography of
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response's surface (heat-resistant); the corresponding diagram is presented
in Fig. 1.

32/8 24/8 16/8 16/4 24/4
CT i /CMo,at.%

Figure 1. "Composition - heat-resistance" diagram for silicon corner of the Si-
Ti-Mo-B-W system (T = 1673 K, CB = const).

4 ^ W, at.%

Figure 2. The surface of relative variation of the alloy's mass for silicon
comer of the Si-Ti-Mo-B-W system (T = 1573 K, CB = const).

If the composition of the alloy is situated in the area of optimal phase
composition and structure in the diagram, then the alloy has high static heat-
resistance. Oxide film on the alloy's surface is formed within 10-30 min and
ensures a transition from active to passive oxidation at 1573-1673 K. After 3-
5 hours of the oxidation process, a parabolic regularity of oxidation's kinetics
is replaced by logarithmica! one (Fig. 3) with the lesser time correspondent to
the alloys, having greater quantities of the eutectics. The oxidation velocity of
the alloys at 1573-1673 K within 100 hours is in the limits of (5-7)-10"4

kg/(m2-h). According to differential thermal analysis data, alloying with
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tungsten leads the melting temperature of the disilicide (Ti, Mo)Si2 to
increase and the eutectic's temperature to decrease to 1530 K.
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Figure 3. Isothermal curves of oxidation of Si-Ti-Mo-B-alloying element
alloys (T= 1573 K, 1673 K):
1 - the Si-Ti-Mo-B alloy of optimal composition,
2 - the Si-Ti-Mo-B-W alloy, T = 1673 K,
3 - the Si-Ti-Mo-B-W alloy, T = 1573 K,
4 - the Si-Ti-Mo-B-Y alloy, T = 1673 K.

The aforementioned makes it possible to select the Si-Ti-Mo-B-W alloy from
optimal (heat-resistance and structure) concentration area of composition as
a powder material for plasma coatings, having the increased heat-resistance
and resistance to erosion in high-velocity high-oxidizing-ability gas flows.

Previously the positive experimental data were obtained [4] about
significant deceleration of a crystallization process of amorphous silica
protective film for Si-TiSi2-(Ti, Mo)Si2 alloys, when the alloys are additionally
alloyed with 0.05 to 0.2 at % of Y. In this limits of concentration, yttrium can
be dissolved in disilicide structural constituents of the alloy, and it has positive
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influence on heat-resistance of the basic alloys. Considering this results,
together with yttrium's ability as surface active element to increase adhesion,
heat-resistance, and thermo-resistance of the coatings [5], the selected Si-Ti-
Mo-B-W alloy was additionally alloyed with 0.1 at % of yttrium. Typical
microstructures of the alloy of optimal composition are presented in Fig. 4.

,--' eutectic
(Si+silicides)

Metallografic structure, x450 In reflected electron, x 1500

Figure 4. Typical
composition.

microstructures of the Si-Ti-Mo-B-W-Y alloy of optimal

Powdered alloy of the said composition for plasma spraying was obtained
according to aforementioned pilot technology. In a course of classification of
the powders according to grain-size distribution, 40 to 100 (im fraction has
been selected.
The selected spraying modes: arc current - 450-500 A, plasma forming gas
(Ar + 15 % N2) consumption - about 1.2 g/s, consumption of sprayed powder -
about 15 g/s, distance for spraying - about 100 mm. In a course of plasma
spraying the chemical and phase composition of the sprayed Si-Ti-Mo-B-W-Y
material are suffered to alternations, which are appropriate to Si-Ti-Mo-
<alloying element> alloys [7], namely: free silicon content is decreased in
permissible limits, and small quantities of SiO2 have been occurred.
In comparison with the coatings that is formed with the use of the same
modes from powders of the base Si-Ti-Mo-B alloy, increased values have
been obtained for the Si-Ti-Mo-B-W-Y coatings: adhesive strength (10-
12MPa) and level of static heat-resistance [(4.0-6.0)10"2 kg/m2 at 1573-
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1673 K], at the same values of the apparent porosity (2-5%) and powder
utilization coefficient (>50 %).

Results of the investigation of structural and phase changes in the
course of high-temperature oxidation of the specimens with coatings shows
that as well as for the base system, the developed technological spraying
modes ensures a transference of a mechanism of the protective action,
embedded into the novel Si-Ti-Mo-B-W-Y material, into the coating, formed
from this material.

Test results

Specimens made of 5WMZ alloy, having Si-Ti-Mo-B-W-Y plasma coatings
were subjected to heat shock with the use of plasma burner; test parameters
are presented below: gas flow (2.6 m3/h N2 + 0.7 m3/h O2) from tungsten
nozzle 5.2 mm diameter, and power consumption corresponded to 1=350 A
and U=70 V. The heat flow, produced by the jet of artificial air (N2 + 20 % O2)
being flow from the nozzle with the velocity 550-700 m/s, is equal to 0.245-
0.268 KCal/(m2-s). A distance between the specimen and the nozzle was
26 mm, a temperature of the surface on the side of the gas flow was 1600-
1675 K, and on the opposite side the temperature was 55-65 K less. The
calculated thermal flow through the specimen was 0.015-0.139 kcal/(m2s).
The specimens have been subjected to twenty 5-min and ten 20-min impacts
of air flow with cooling to room temperature in between. The coatings of the
specimens were not destroyed. There were no visible erosion of the surface.
However, a hardness of surface layers of base metal under the coverage
increased 2-2.5 times. Reference specimens, without coverage at the same
test conditions, take fire on the 2-nd of 3-rd second, and completely combust
within 5-10 s. The test was carried to failure of the coverage: the distance
between the nozzle and the specimen was decreased so that the temperature
of the specimen's surface increased by 20-25 K, and the specimen hold the
condition during 2 min at every increased temperature. The beginning of
intensive carry-over of the coverage has been detected at 1970 K, and at
1990 K (calculated velocity of the gas flow is 800 m/s) the surface melting
begins and the specimen takes fire.

The specimens made of 5WMZ alloy with developed plasma coatings
Si-Ti-Mo-B-W-Y were also tested at short-term impact of high-enthalpy
supersonic air flow according to modes, stated in [7] for Si-Ti-Mo-B slurry
coatings. However, after the 1-st cycle of the 20-s test at the surface
temperature 1950 K (optical pyrometer accuracy), about 1102 MPa of
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pressure's gradient of incident flow at heat-exchange factor within 0.4-
0.45 kg/(m2s), all the specimens were taken out of test because of the
coverage cleavages on sharp edges. In spite of blowholes in defected zones
of niobium alloy, the result of the test may be considered as positive, because
there were no burned specimen. It takes place a sweating of the coverage in
blowhole zone (Fig. 5) and a healing of unbarred areas of niobium alloy at the
cost of melted material.

Figure 5. The appearance of the specimen's surface (zone of blowhole) after
benchmark tests

Conclusions

The results of the researches are represented in the light of the decision of
common problem to provide reliable antioxidizing protection system for heat-
loaded structural members made of heat-resistant, but not heat-proof,
structural materials, operating at transient impact of high-velocity/super- and
hyper-sonic high-enthalpy oxygen-containing gases. This article presents new
results of systematic researches on development and improvement of the
previously developed heat-resistant heterophase materials on the base of
silicon corner of the Si-Ti-Mo system, which are intended to form (from their
powders) layered (crusty) protective coatings of novel class, differing from
common materials by structural-phase and morphological characteristics of
microstructure.
The experimental data, obtained in the work, pertaining to the influence of
alloying with tungsten (as well as with tungsten + yttrium) on the structure,
phase composition and heat-resistance of the Si-Ti-Mo-B system from
optimal area of compositions, make it possible to enlarge knowledge in the
area of materials technology in question and serve as a basis for
development of new powder materials and plasma coatings with using of
these materials on the niobium based alloys. The experimental data on heat-
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resistance are generalized in a form of diagram "Composition - heat-
resistance" to simplify scientific substantiation of the composition on the stage
of development of the material (powder, granules, cathodes, and so on) for
coatings, or its modification on purpose to impart specified physic-chemical
and/or technological properties.
The presented pilot technology of powder production for developed Si-Ti-Mo-
B-W-Y material makes it possible to enlarge nomenclature of the powder
materials for plasma spraying. The developed powders may be used for
forming of layered (crusty) protective coatings with the help of any other
technique that ensure invariable the phase composition and peculiarities of
the microstructure of the deposited heterophase material (slurry melting,
electrophoresis, and so on) practically on any high-temperature structure
material on condition that they have natural or artificially created compatibility.
Recently there are variety of high-temperature heat-resistant structure
materials, and their scope of application may be significantly increased with
the availability of reliable protection from surface oxidation and erosion in
combination with special operating characteristics of the surface. That is the
reason why the prospects for usage and further improvement of the coatings,
presented in the article, are inexorably associated with the development of
proper barrier-compensation layers on a boundary of material being protected
and with assurance of due strength of adhesion bond.
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Summary:

One of the most representative success in the field of sintering in the already
passed 20 century was the achievement of translucent high-alumina (99.9%
AI2O3) which is really a synthetic sapphire. The difficulties to obtain by sintering
such very refractory, hard and non-plastic material were doubled by the
necessity to work it in the form of relative long but very thin (0.7...0.8 mm) tubes
as necessary for the electric-arc discharge tubes of the High Pressure Sodium
Vapor Lamps for public lighting. The paper is dealing with some complex
influences of the main technological parameters, as quality of initials powders,
peculiar consolidation procedures, high temperature sintering. Aspects
concerning sealing materials and methods for assembling the tubes with other
components of the HPSV-Lamps are also referred. It is mentioned the high
consolidation degree (99.9%) obtained starting from colloidal powders, also the
remarkable maintenance of form in reaching the final predicted dimensions, in
spite of the high contraction during technology.

Keywords:

HPSV - Lamps, sintered alumina transluced tubes, AI2O3, MgO, activated
sintering, bonding ceramics.

1. Introduction

Although in present day the design of new machinery, equipment, vehicles,
various kind of engines have attained a high level of development, it is to be
remarked that the further evolution of any new equipment places rising
demands on the performance properties of the materials used in their
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construction. So, in spite of the high value predicted by some engine projects,
the lack of some appropriate materials is frequently conditioning the
achievement of them.
One specific example of this dependence of the performances of some
equipment on the properties of the materials used for its construction was
pointed out in the field of illuminating sources, in the fourth quarter of the last
century. So, the performances of HPSV - Lamps (High Pressure Sodium
Vapors Lamps) were predicted but they could not be materialized because of
the lack, at the time, of some proper material to carry out the electric arc -
discharge tubes. HPSVL involve in their design the utilization of high-pressure
sodium vapors arc - discharge providing high efficacy of the light transmission.
In comparison with the normal mercury or incandescent lamps which offer only
about 20 to max. 70 lumens / watt, the HPSV - Lamps confer a clear, good,
monochromatic yellow color rendition of the arc - discharge produced light, the
total transmission in the visible region being greater than 90%, ensuring up to
150-170 lumens / watt, even more to day.
The HPSV - Lamps as shown in fig. 1 consists essentially from a central inner
transparent tube in which it is produced the arc - discharge, the space between
this tube and the external glass tyre of the lamp being empty, vacuumed. The
essential component of this lamp is this arc - discharge tube in which there are
the sodium vapors at high pressure. In order to have an intense light emission,
the pressure of Na - vapors was increased with approx. 100000, up to 200 torr,
in rapport to the vapor pressure in classic mercury lamps which is only of 2 - 3
|j.m. In this work condition the electric arc - discharge temperature is of about
2200 - 2700°C, the temperature at the tube wall being of 1250 - 1280°C at the
center zone (1), (2).
Thus the tubes must be made from a special material, resistant at high
temperatures involved by the arc - discharge and also corrosion resistant at the
alkali vapor attack. Moreover the tube must be non-porous and mainly, it must
be transparent - translucent to ensure the transmission of the arc produced
light. High sodium pressures achieved by increasing arc - tubes temperatures
cannot be attained in conventional glass or quartz tubes, because rapid
chemical corrosion by Na is produced, in less than one hour, the so - called
sodium clean - up, which darkens the tube, even causing failure of the lamp.
So it was presumed that corindon, a-AI2O3, with its peculiar characteristics can
accomplish the HPSV lamps work conditions as material for the arc discharge
tubes and this supposition was correct. First experiments were made with
monocrystals of a-AI2O3, the sapphire, but it is obvious to imagine the
difficulties involved to process thin and long tubes in this way. Then the
attention was concentrated to carry out the lamp - tubes from polycrystalline
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a-AI2O3 by sintering, this ceramic material being able to give the solution for the
HPSV lamp problem.
It is to be mentioned that translucent alumina as material was obtained in
various simple forms, as disks, plates etc, relative long time before the
translucent tubes, being obvious that the technology of simple forms was move
accessible. Many specialists did a big lot of experimental work in the period
1962 - 1980 to achieve the technology for the translucent tubes, the first who
succeeded being R. Coble (3), (4), (5), (6), (7).

Dimension
mm

A

Bmax
C
D

E

F

Limits as a function of
lamp power

75.5-111
9-9

7.3 - 7.6
3.1-4.1

3.0 - 3.0
0.8 - O.S

Fig. 1 Schema of a HPSV - Lamp

2. Experimental work

Fig. 2 Form and dimensions
of alumina translucent tubes

Sintering of pure a-AI2O3 seems to be relatively easy in principle, involving
mainly: adequate powders, proper forming procedures, high sintering
temperatures up to 1750 - 1800°C. But for the HPSV lamps there are
necessary to carry out delicate, very thin and relative long tubes, as illustrated
in fig. 2. The form and dimensions of the tubes and especially the fact that they
must to be translucent are changing the problem of the technology, especially
from the point of view of the powder preparation, forming and sintering
procedures.

a. Initial alumina powder
There were tested many types of alumina, including even corindon (a-AI2O3)
the most stable form of alumina, prepared from aluminum sulfate by calcination
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at temperatures up to 1550°C. But the corindon powders prepared in this way
are generally of warse granulation, from 10 - 15 |im size and don't have good
aptitude to be formed as tubes, being hard and not plastic. Even in the case we
obtained relative high densities after sintering, up to 97 - 98%TD with these
aluminas, the transparency was very poor. These results can be attributed to
the relative grobe and non-homogeneous grain size and also to the presence of
some impurities or secondary phase at grain boundaries. The non-desired main
impurities are the alkali, Si and Ca.
So we pass to prepare ourselves a more fine AI2O3 powder, by thermal
decomposition of a very pure aluminum hydroxide, obtaining a very pure and
fine colloidal gamma - AI2O3] which passes by calcination to alpha -AI2O3, at
temperatures around 1200 - 1300°C. A small amount of the gamma phase
remains always in the calcined powder and we remarked that its presence, up
to 2 - 3 wt% has even a positive effect on the sintering rate. This alumina
powder is colloidal, with a medium size of 0,01 - 0,02 urn. and a relative good
aptitude to be formed. Testing many lots of such a powder with different
degrees of purity, we put in evidence a strong influence of the purity on the light
transmission of the final sintered tubes, as shown in fig. 3, we succeeded finally
to prepare a very pure alumina up to 99,99% purity attaining up to 92 - 95%
light transmission after sintering.
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Fig. 3 The light transmission of sintered alumina tube as a function of the
purity
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b. Forming procedures
All our experiments evidenced the necessity to reach finally a high rate of
sintering, just up to the theoretical density. This level of densification is
obviously necessary as one of the main quality condition for the tube, in the aim
to be translucent and also to resist at the pressures to which the tube is
submitted in the work system of the lamp. Also good mechanical behavior is
necessary for the intermediate technological stages of the tube, as green
compacted, calcinated, assembled, sintered, to endure all manipulations, even
mechanical adjustments during technological process. A high green compact
mechanic resistance is mainly indispensable for a good maintenance of form
and dimensions during processing. This mechanical strength must be ensured
by the forming procedure.
Considering the usual procedures in Powder Metallurgy, it is obvious that
forming of such delicate thin and long tubes cannot be carried out by hydraulic
or by hot pressing. Only extrusion and isostatic procedures can be considered.
Also green casting is to be mentioned, but it is not a productive method and
involves high shrinkage.
We experimented the extrusion process, but in this case the maximum
homogeneous length of formed tube can be only of 70 - 80 mm, having in view
that the alumina powder has no plasticity.
Also in extrusion we put in evidence slipping effects along the walls of the
extrusion equipment which rend a non-uniform texture, a non-uniform
distribution of the density along the tube, even thinned zones.
Finally we experimented cold isostatic pressing method, by means of own
special designated experimental equipment and achieved to form thin tubes up
to 170 - 180 mm long, good and uniform consolidated, with positive result (8).
The cold isostatic compacted tubes are characterized by a good maintenance
of the form and good mechanical resistance during the manipulations specific
to the technology. It is to be mentioned that the total shrinkage of the tube, from
the green compact to the sintered stage, is very great, of 35 - 40%. At this
large contraction level there were necessary detailed works involving severe
calculations for the pressing equipment parts, to ensure predicted final
dimensions of the tubes. An example for these calculations is given in fig. 4,
where the necessary green dimensions of tubes were determined in function of
the contraction and of final required dimensions.
Also the contractions in calcinated stage, of about 6 - 11% in our case, were
considered, having in view that the tubes generally need some intermediate
finishing operations, as adjusting of external diameter finishing of the ends of
tubes, etc. This nomogram is a detailed example for illustrating the strict
conditions for obtaining precise final dimensions, having in view that the tubes
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must be assembled with other metallic or non - metallic subassemblies to form
the lamp (9).
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Fig. 4 Predicted dimensions of the green compacted diameter of the tubes in
function of the necessary sintered diameters, at various totals
contraction

c. Final sintering
In the technology of sintering alumina thin tubes it is obvious that there are
required: high temperatures of sintering, up to 1750 - 1800°C, relative long
duration and proper atmosphere. At these temperatures, coupled with long
sintering time in usual type of treatment, the crystal growth is substantial,
reaching up to 50 - 70 |im grain size, even more. At these dimensions of the
grains there are usually associated non-homogeneous crystal growth,
apparition of precipitation or other defects at grain boundaries, which have in
the case of alumina a negative influence on the transparency. For instance we
give some specific aspects of discontinuous grain growth obtained by us in
normal sintering of alumina at 1750- 1800°C.
As illustrated in fig. 5, 6, 7, they appear small grains, of about 3 - 6 (j.m,
together with big grains of about 40 - 60 |im, existing also medium sized grains
of 10 - 15 |o,m. Also second phase can be located at the grain boundaries, as
shown in fig. 5.
Thus we tried to achieve the sintering in peculiar conditions, with the aim to
prevent the exaggerated and non-uniform crystal growth, which affect the final
properties. So we experimented two methods of activated sintering, as follows:
using some small additions from other oxides as doppants and / or using a
peculiar thermal treatment to activate the sintering.
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Fig. 5 Not uniform grain size in normal sintered alumina: small grains of 3 - 8
jim together with big grains of 40 - 50 |im; second phase located at
grain boundaries (initial X 2200)

Fig. 6 Exaggerate grain growth in normal sintered alumina: small grains of
3 - 5 | i m , big grains of 3 0 - 4 0 u.m; (SEI, initial X1700)
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,
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Fig. 7 Not uniform grain growth: small grains of 3 - 6 jim, big grains of
40 - 50 |im; (SEI, initial X1700)
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We founded that important effects are due to small amounts additions of about
0,1 - 0,75 wt% MgO. The doppant was dispersed in different methods, better
results being obtained by the precipitation technique into the initial alumina
powder. Experimental tests put in evidence that MgO addition has as effect to
enhance the sintering level, allowing us to achieve a complete sintering at lower
temperatures, of 1600 - 1700°C. Structural studies put in evidence that in this
case it is formed the magnesium aluminate, MgAI2O4, at temperatures higher
than 1400°C. The presence of the spinel was observed during sintering at the
limits of alumina grains having an important effect, namely to prevent
discontinuous or exaggerated grain growth. So the presence of the second
phase, magnesium spinel, may lower the rate of normal grain growth, being a
solid solution effect. When heated slowly, we can sinter to theoretical density
(7).
But after final sintering, very small, even no evidence of the MgO or of spinel
presence was found at the grain boundaries, which appear very clear and
clean. Up to the end it was concluded that MgO and its aluminate disappear by
evaporation at temperatures higher than 1550°C. The effect of MgO is to drive
the material to lower the porosity, this effect increasing with increasing sintering
temperature and time, in the range of 1450 - 1650°C (7), (10).
As a global effect, MgO plays a positive main role in sintering of alumina: its
presence prevents exaggerate grain growth, associated with increasing the
sintering rate, which can be achieved at lower temperatures of 1550 - 1650°C.
Both this main effects allowed us to obtain more homogeneous grain sized
alumina, as shown in fig. 8 and 9. And after played its role, MgO and its spinel
disappear by evaporation.
On the other hand we applied a peculiar thermal treatment for activating
sintering. Times ago we studied this kind of thermal treatment in view to obtain
more homogeneous sized grains. We imagined a new type of sintering
treatment illustrated schematic in fig. 10, in the idea to hinder, to control grain
growth, simultaneously favoring sintering rate.
As illustrated in fig. 10, this treatment, noted ZN, consists mainly in determining
thermal fluctuations during the sintering, either during heating phase, either at
the maximum temperature. We tested this kind of sintering on various
materials, obtaining interesting effects, depending on the specific parameters of
ZN treatment (At-i, At2, AT, N (number of the cycles), and also on the nature of
material submitted to sintering (11), (12).
In the present case of sintering alumina thin tubes we succeeded first to inhibit
exaggerate grain growth and to ensure a relative uniform grain size up to an
appropriate level for translucent alumina by applying this type of treatment in
adequate conditions. We must to point that the transparency appear for good
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sintered tubes at some optimum uniform grain size of 15 - 20 jxm, as shown in
fig. 9.
In our technological procedure we tried to couple both effects, of small MgO
additions as mentioned before, with the effect of the thermal treatment type ZN,
obtaining mainly to inhibit the non-homogeneous grain growth and to achieve a
relative uniform grain size. Also as a supplementary benefit both methods for
activate the sintering contribute to reducing the maximum temperature for
sintering, probably due to a more uniform densification, associated to the
diminishing of porosity. So finally the sintering was achieved at temperatures of
about 1550 - 1650°C in high vacuum.

Fig. 8 Relative uniform grain growth of alumina during activated sintering;
medium size 10 - 15 urn (SEM, initial X1000)

Fig. 9 Relative homogeneous structure of activated sintering alumina with
good formed crystals, medium size 10 - 15 jim (SEI)
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Fig. 10 Schema of activated sintering thermal treatment type ZN (11), (12)

3. Final remarks

At the end of present work it is to point out that the technological process for
making translucent polycrystalline thin alumina tubes for the HPSV lamps is a
complex one, involving severe conditions for the initial alumina powder as well
as for the utilized procedures specific to the sintering technology.
Finally we succeeded, by the methods pointed before, to obtain a material
characterized by:
- high degree of consolidation with high density of about 99,9%TD, practically

approximately with theoretical density;
- high purity, of about 99,98% purity AI2O3;
- relative uniform grain size, of 15 - 20 |j,m;
This main characteristics determining a transparency of 92 - 95%. These main
properties are specific for the monocrystal of AI2O3, the sapphire, only in our
case the synthesized material is polycrystalline, materialized by the sintering
methods.
Mention must be made that a high degree of consolidation was obtained,
starting from a colloidal powder with 0,01 - 0,02 |j,m medium size (fig. 11) and
arriving finally a complete dense material, with 15 - 20 (im crystal size (fig. 12).
The densification was also very high, from a very fine colloidal powder with a
density of 0,1 g/cm3 to the final sintered material with 3,99 g/cm3.
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Fig. 11 Fine initial colloidal alumina powder of 0,01 - 0,03 jim medium size
(initial X200000)

Fig. 12 Homogeneous grain structure specific for translucent alumina: clean
grain boundaries, medium size 15 - 20 |im (SEI)

In parallels we studied a series of various types of alumina based material
being derived from the main system AI2O3 - MgO with 99,0 - 99,5% AI2O3 with
other small additions as Y2O3, La2O3, looking for the evolution of their specific
properties, as mechanical resistance, the character of the fracture, wear and
surface behavior (13), (14), (15), (16). Also we studied some aspects
concerning the bonding / assembling of sintered alumina tubes with other
ceramic or metallic components of the HPSV - lamps, using sealing frit
materials belonging to the oxidic systems as AI2O3- CaO - MgO or
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AI2O3 - BaO - MgO with small additions of Y2O3, La2O3 (9). All this correlated
studies contributed to a better understanding of high alumina (over than 99%
AI2O3) sintering in our work conditions.
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