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MECHANICAL AND TRIBOLOGICAL PROPERTIES

OF ION BEAM-PROCESSED SURFACES

by

Padma Kodali

Abstract

A variety of surface modification and surface coating techniques are currently

used in industry to modify the near-surface mechanical properties that influence the

friction and wear behavior of metals, metallic alloys, ceramics, and polymers. Near-

surface mechanical properties such as hardness and fracture toughness of a coating-

substrate system can be tailored economically without changing the bulk properties of

the system.

The intent of this work was to broaden the applications of well-established

surface modification techniques and to elucidate the various wear mechanisms that

occur in sliding contact of ion-beam processed surfaces. The investigation included

characterization and evaluation of coatings and modified surfaces synthesized by three

surface engineering methods; namely, beam-line ion implantation, plasma-source ion

implantation, and DC magnetron sputtering. Correlation among measured properties

such as surface hardness, fracture toughness, and wear behavior was also examined.

This dissertation focused on the following areas of research:

• Investigating the mechanical and tribological properties of mixed implantation of

carbon and nitrogen into single crystal silicon by beam-line implantation.

• Characterizing the mechanical and tribological properties of diamond-like carbon

(DLC) coatings processed by plasma source ion implantation.

• Developing and evaluating metastable boron-carbon-nitrogen (BCN) compound

coatings for mechanical and tribological properties.

The surface hardness of a mixed carbon-nitrogen implant sample improved

significantly compared to the unimplanted sample. However, the enhancement in

the wear factor of this sample was found to be less significant than carbon-

implanted samples. The presence of nitrogen might be responsible for the degraded

wear behavior since nitrogen-implantation alone resulted in no improvement in the

wear factor. Wear mechanisms that occurred in implanted and unimplanted surfaces

tested against AISI52100 steel were determined to be adhesive, abrasive, and third

body wear.

xix



DLC coatings have low friction, low wear factor, and high hardness. The

fracture toughness of DLC coatings has been estimated for the first time. The wear

mechanism in DLC coatings investigated with a ruby slider under a contact stress

of 1 GPa was determined to be plastic deformation.

The preliminary data on metastable BCN compound coatings indicated high

friction, low wear factor, and high hardness. The wear morphology of the coatings

that were tested against a ruby slider suggested that abrasive wear, brittle fracture,

and third body wear are the mechanisms by which loss of material can occur.
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Chapter 1 Introduction

Tribology is an interdisciplinary subject involving the science and technology

of interacting interfaces in relative motion and embracing the study of friction, wear,

and lubrication. Mechanical properties such as hardness, elastic modulus, and fracture

toughness influence the friction and wear behavior of interacting surfaces. The

ambient environment and loading conditions also influence the friction and wear

properties of sliding or moving surfaces. Thus, friction and wear are characteristic

properties of an engineering system.

Friction and wear of bulk materials can be modified by applying coatings that

can change the near-surface properties. Potential applications of new coatings depend

on their tribological performance at the desired operating conditions and the nature of

the interacting surfaces. Accordingly, understanding the relationship between

tribological and mechanical properties is crucial in developing effective coatings.

1.1 Friction and Wear

Issues of friction and wear have been reviewed in a number of text books [1-8].

Friction and wear are complex processes that involve the mechanical and/or chemical

interaction of material surfaces in sliding or rolling contact. At a macroscopic level,

friction and wear occur simultaneously, whereas at the atomic level, friction can occur

without wear [9].

The chemical interaction of contacting surfaces may lead to adhesion.

Thermodynamically derived adhesive forces that operate when the contacting surfaces

come into contact form bonds between the two surfaces. Both friction and wear

involve the separation of these adhesive bonds. The energy losses in breaking these

adhesive bonds are concentrated at relatively thin interface zones.



The energy dissipated in mechanical interactions involve much larger volumes

of material compared to adhesion and may extend to the subsurface. The depth and

severity of subsurface damage depends on the applied load and type of material.

Mechanical interaction of surfaces can be either elastic, plastic, or both. Elastic

deformation of the contacting asperities involves no permanent surface deformation,

whereas plastic deformation involves surface change. The extent and type of damage

depend on the loading conditions and material type.

Attempts have been made to relate the wear damage-related phenomena such

as plastic deformation and fracture to macroscopic operating parameters such as

pressure and velocity. Correlation between wear and operating parameters led to the

construction of maps showing the different regimes of wear [9].

1.2 Wear Maps

Wear maps in general indicate the location of different wear regimes with a

dominant mechanism of wear. These wear maps imply that wear mechanisms change

with tribological test parameters such as velocity, load, and humidity. For example,

by increasing the load and velocity of test conditions, the mechanism that is

responsible for loss of material can change from plastic deformation to brittle fracture.

For a given slider and a set of operating conditions (that is, load and speed), a wear

map can be used to help in predicting the underlying mechanisms by which material

loss can occur during sliding contact.

Lim and Ashby [9] constructed wear maps for steels against steels under dry

sliding conditions. They constructed these maps empirically and by modelling. They

identified various wear mechanisms: plasticity-dominated wear, which includes mild,

severe, and delamination wear; oxidation-dominated wear; melt-dominated wear; and

seizure. They mapped different regimes where each of these wear mechanisms is

dominant. In different regimes, the interfacial temperature caused by frictional



heating is responsible for the various wear mechanisms. The calculated data was in

good agreement with experiental observations.

Hsu et al. [10-15] extensively and systematically studied the wear mechanisms

that are common to ceramics. They used the data to construct wear maps for ceramics

under lubricated and unlubricated conditions. Figure 1.1 is an example of a simplified

approach developed by Hsu et al. [11] for relating the applied load and sliding speed to

the wear mechanisms that occur in alumina without lubrication. The transition from

ultra-mild wear to mild wear occurs either when the operating load exceeds IN or

when the sliding speed exceeds 0.1 m/sec.

Design engineers can use information derived from the wear maps in the initial

stages of selecting a coating material. Figure 1.2 shows the transient points where the

mild plastic wear mechanism changes to a fracture-controlled mechanism for four

different ceramic materials for dry sliding conditions and at a combined load and

speed condition. The approximate transition regimes are bounded by the parallel lines.

For example, at a load of 5N and sliding speed of O.Olm/sec, alumina is a better choice

than zirconia for minimizing wear under dry sliding conditions.

Thus, identifying the dominant wear mechanism for the desired operating

loading conditions from wear maps may help in choosing a suitable material. If

similar wear maps were developed for coatings, selection of appropriate materials for

desired applications would be simplified.

Friction and wear are not intrinsic material properties, but they are

characteristics of an engineering system. As mentioned earlier, these properties are

strongly influenced by the ambient environment. Friction and wear of a substrate can

be changed by modifying the near-surfaces properties. Surface engineering is the

branch of science that deals with tailoring the properties of surfaces to improve

tribological or corrosion properties.
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1.3. Surface Engineering

Two common approaches to control wear and friction are surface

modification and surface coating. In surface modification, the original surface is

changed, whereas in surface coating, the new material is added onto the surface. The

purpose of surface engineering is to modify the surface to achieve a set of specific

properties for an application. For example, the substrate material can be designed for

strength and toughness, while the coating is responsible for both wear and corrosion

resistance. Improved wear resistance of the modified surfaces is attributed to changes

in the composition and microstructure of the near-surface region. These changes, in

turn, affect mechanical properties such as hardness, toughness, and flow strength of

the surface layer. For example, if the modified layer is hard, wear by abrasion is

minimized. By reducing abrasion at the surface, the total frictional force is decreased.

If there are any intrinsic residual compressive stresses caused by processing, they

retard crack propagation and can reduce the formation of wear debris. Thus, a less

expensive substrate like aluminum can be modified at the surface to perform as well as

an expensive ceramic such as aluminum nitride. Details of surface engineering are

discussed in the next chapter.

1.4 Objective of this Dissertation

This research was intended to contribute to an understanding of surface

engineering methods and the various wear mechanisms that can occur in the sliding

contact of ion beam-processed surfaces. The investigation included characterization

and evaluation of coatings synthesized by three surface engineering methods; namely,

beam-line ion implantation, plasma-source ion implantation, and DC magnetron

sputtering.

Beam-line ion implantation has proven to be a viable technique to tailor

friction and wear properties of metals, ceramics, and polymers [16-22]. Processing



parameters such as ion species, dose, energy, and the temperature at which the

implantation was perfomed influence the properties of the modified region.

In the present semiconductor technology, silicon is the dominant material used

in microelectronic and micromechanical devices because of its excellent processing

properties. There are several reports aimed at understanding the friction and wear

behavior of surface-modified silicon by implantation of a single ion species, both at a

microscopic and macroscopic level [23-26]. This research was undertaken to study

the role of implantation of multiple ion species into silicon. The tribological

properties of silicon implanted with single implants of carbon and nitrogen as well as a

combination of the two were studied. Carbon and nitrogen ions were chosen because

carbides and nitrides have high hardness and good wear resistance.

Plasma-source ion implantation (PSII) is a relatively new processing technique

that was initially developed to overcome the limitations of traditional beam-line

implantation, such as target manipulation, and to produce high doses of ions in a

simple, fast, efficient, and cost-effective manner [27-31]. PSII has been successfully

used to improve the tribological properties of a variety of steels and metals [32-42].

Diamond-like carbon coatings (DLC) have attracted great attention in the last

two decades. Because of the low friction and wear of DLC coatings, potential

applications to increase the performance and lifetime of cutting tools, gears, bearings,

seals, cams, etc. are numerous. In addition to the low friction and wear of these

coatings, their excellent biocompatibility has had an impact in biomedical applications

[43]. Several researchers have performed extensive studies on the tribological

properties of amorphous DLC coatings processed by various techniques [33, 44-53].

However, there are no reports on the apparent fracture toughness of these amorphous

coatings nor on its role on the tribological properties of these coatings. The present

study also investigated amorphous DLC coatings synthesized by PSII on a silicon

substrate. The apparent fracture toughness, hardness, and tribological properties of



these coatings were studied. The wear behavior of the DLC coatings was examined as

a function of the hardness, apparent fracture toughness, stress, and thickness.

DC magnetron sputtering is widely used in industries to synthesize ceramic or

metallic coatings. In this investigation, an approach to develop novel coatings with

high fracture toughness and high hardness using this processing technique was

attempted. Hard wear-resistant coatings often fail by brittle fracture because of their

low fracture toughness. The addition of a softer phase may improve their fracture

toughness. Coatings with a mixture of hard and soft phases are known as compound

coatings. Compound coatings can have both a high fracture toughness and a high

hardness.

In search of new coatings with high fracture toughness and high hardness, this

research explored metastable boron-carbon-nitrogen (BCN) compound coatings to see

if the combination of the lubricating nature of crystalline hexagonal boron nitride and

the wear resistance of boron carbide could be combined. The hardnesses of

polycrystalline boron carbide and hexagonal boron nitride are reported to be 40 GPa

and 9 GPa, respectively [55]. In addition to high hardness, polycrystalline boron

carbide is also reported to have a high wear resistance [55]. Hexagonal boron nitride

has a structure similar to graphite and can act as a solid lubricant. In this work,

amorphous BCN coatings synthesized by DC magnetron sputtering have been

characterized for mechanical and tribological properties for the first time.

1.5 Methodology

The methodology of this research was to characterize surface coatings for

composition, microstructure, hardness, fracture toughness, and tribological properties.

For hardness measurements, a nanoindenter was used; for fracture toughness

measurement, the Vickers microindenter was used. Tribological tests were conducted

with pin-on-disc (POD) tests using both AISI 52100 steel pins and ruby pins under dry

sliding conditions and controlled humidity. Composition of the ion-modified surfaces



was determined using ion-beam analysis, and microstructure was characterized with

transmission electron microscopy.

Basic wear mechanisms were determined for each type of coating, and wear

rates were compared with those of the unmodified substrate. The results are discussed

in relation to current models in the literature. The experimental techniques that were

used to characterize the coatings are discussed in detail in the Chapter 3.

1.6 Summary

This dissertation focused first on understanding surface engineering methods,

then on using these methods to modify friction and wear properties of a silicon

substrate. The importance of characterizing these modified surfaces for composition,

microstructure, and mechanical properties by appropriate techniques and correlating

the measured properties to evaluate a coating performance was demonstrated.



Chapter 2 Overview of Tribology and Surface Engineering

Tribology is a branch of science dealing with the interactions of contacting

bodies that are in relative motion. These interactions control friction and wear

properties of the materials that are in contact. Friction and wear are not intrinsic

material properties but are characteristics of an engineering system. Tribological

contact induces physical and chemical changes on the contact surfaces, and these

changes occur at random. These random occurrences during a contact make the

tribological investigations complex.

This chapter describes the importance of tribology, theories of friction and

wear, contact mechanics, and surface engineering. As will be described in the

experimental portion of this thesis, tribological investigations were performed using a

pin-on-disc (POD) apparatus. In this setup, a spherical slider rests on a flat rotating

disc. Therefore, the stresses and deformations on an elastic half-space loaded by a

sphere will be discussed.

2.1 Importance of Tribology

Reliability and longevity of mechanical, electrical, and electronic equipment

are continuously challenged for several reasons, including minimum energy use,

maximum productivity, and ensured safety of operation. Friction and wear contribute

to energy losses in industrial equipment. In general, friction and wear processes occur

jointly when two surfaces undergo sliding or rolling contact under load. Friction is the

resistance encountered by one body in moving over another. Wear is defined as the

progressive loss of material from the operating surface of a body as a result of the

relative motion between surfaces.
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Design engineers are challenged to tailor friction and wear to the needs of an

application of an engineering component. In certain applications, such as in bearings

and gears, low friction is essential; while in others, such as clutches and belt drives,

high friction and low wear are desired. In the magnetic recording industry, tribology

is the central technical problem. For example, inside a video cassette recorder (VCR),

the tape and head are in relative motion. There is an air gap of about 30 nm between

the head and tape. The penetration depth (stored information density) can be increased

by decreasing this air gap. While decreasing the air gap yields higher signal strength,

it also results in greater tape wear. In high-density tapes, occasionally the head and

the tape come in contact, resulting in tape wear. This wear can cause the tape to lose

information. With an increase in the number of contacts, wear debris accumulates on

the head, resulting in damage to the tape and head. Thus, high-interface reliability

between the tape and head through the whole life of operation is critical. Greater

advances in information storage density would result from the solution of tribological

issues of the tape and the head.

Tribology is also an important problem in the health and medical field. The

wear of brackets, pins, and plates in dental bridges and orthopedic implants such as

knee and hip replacements illustrate the profound impact of tribological issues on our

lives. Materials such as titanium, titanium alloys, cobalt chromium alloys, and

stainless steels are widely used as implant materials. Hip implants, for example, can

only function for about 15 years. If the hip implant replacement surgery is performed

on a younger patient, the patient may need a second implant later in life if the implant

wears out too soon. The critical factor limiting the life of an implant is the wear debris

accumulated with use.

A common problem in each of these examples is the control of friction and

wear. In absence of surface lubricating layers, tribological phenomena are related to

the fundamental properties of materials, such as bonding, hardness, modulus, tensile

11



strength, toughness, and fatigue limit. The tribology problem needs to be addressed by

a multidisciplinary approach. To solve a tribological problem, knowledge in the

following area is required.

• A sound knowledge of contact mechanics dealing with stress

distribution of loaded contacts. (This part of the problem predicts the

areas of the contact, pressure, temperature distribution, flow stress

distributions, crack formation, and particle detachment of the loaded

contacts.)

• Mechanical properties of materials in contact.

The knowledge of material properties such as Young's modulus, Poisson's

ratio, coefficient of thermal expansion, and thermal conductivity is useful to interpret

the tribological behavior of a system. For example, the contact radius of an asperity

and it's contact pressure that will be discussed later in this chapter are a function of

Young's modulus and Poisson's ratio.

Traditionally, the performance of engineering components could be improved

by proper material selection and design improvement. Surface-engineered materials

are among some of the new materials that have been developed in the last few

decades. In this class of materials, only the near-surface properties of the material are

modified. The choice of modification technique is based on four important principles:

• the bulk material to be modified should be chemically stable during the

processing steps,

• the bulk material should retain its properties even after surface

modification,

• the process should be cost effective, and

• environmental hazards should be kept to an acceptable level.
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Depending on the application, a thin and either a soft or hard coating is used in

sliding and rolling bearings [55]. Hard coatings like titanium nitride (TiN) improve

the lifetime of cutting tools [56]. In the information technology sector, various soft

coatings such as molybdenum sulfide (MoS2), carbon (C), and silver (Ag) on the head

and the magnetic tape have proved to be efficient in reducing friction and wear [55].

In biomedical components, various coatings such as hydroxyapatite (calcium

phosphate) are used to facilitate direct bonding to bone [55]. Titanium and titanium

alloys modified by nitrogen ion implantation have also been investigated for improved

life and biocompatibilty [55]. Another promising coating is amorphous diamond-like

carbon (DLC) coatings that have a low coefficient of friction and are both wear

resistant and inert to human tissue [43]. Moreover, DLC coatings adhere strongly to

existing implant materials [57].

2.2 Tribological Contact of Surfaces

This section gives a brief description of the interactions of surfaces in contact.

When two solid surfaces are brought together, contact generally occurs at a few

asperities (contact points) as shown in Figure 2.1. The sum of these local contact

areas represents the real area of the contact, which is only a fraction of the apparent

area of the contact. The number of asperities that come in contact increases with the

normal load, P. These asperities are responsible for supporting the normal load on the

surface and for generating frictional forces. The contact pressure exerted by a

normally loaded surface on the contact depends on the contact geometry. Greenwood

and Williamson [58] proposed a measure of the deformation of surface asperities by

using a dimensionless quantity; the plasticity index, i|/. Greenwood and Williamson

[58] assumed that the asperities had a Gaussian height distribution and were all of the

same tip radius. They also assumed that the elastic deformation and stresses could be

calculated from the Hertzian equations. The plastcity index, \\f, is given by

13



with composite modulus Ec

Ec=[^+^r [2.2]

where:

Gp= (C^H- O2
2)1/2 is the composite standard deviation of the asperity peak

heights, where a1 and c2 are the root mean square (RMS) roughness of the

surfaces 1 and 2, respectively.

P=l/( l/p\ + 1/|32) is the composite mean radius of curvature, where p\ and P2

are the radius of curvature of contacting asperities of the surfaces 1 and 2,

respectively.

Ej and v15 E2 and v2are the Young's modulus and Poisson's ratio of

surfaces 1 and 2, respectively.

H is the hardness of the softer material.

The plasticity index combines mechanical properties (E and H) and topographical

properties ( a and P) of the surfaces in contact. Greenwood and Williamson [58]

found that the value of *P may vary from 0.1 to 100 for real surfaces. In practice, it

falls in a narrow range. The deformation is predominantly elastic if the value of *F is

<0.6 and plastic if Y >1.0. The deformation is elasto-plastic for 0.6 < ¥ <1.0.

According to this model, load does not enter the expression for the plasticity

index. Surface properties and surface topography play an important role in

determining the occurrence of the plastic deformation. If the deformation is initially

plastic, surface interaction in repeated passes may smooth the surface during run-in

14
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until the standard deviation of the asperity peak height distribution decreases and/or

the radius of curvature of the apserities increases, such that the plasticity index falls

into the elastic range of contact.

2.3 Theories of Friction and Wear

In general, friction and wear processes occur simultaneously when two

surfaces undergo sliding or rolling contact under load. Friction is the resistance

encountered by one body in moving over the another. Wear, which will be discussed

in the later part of this chapter, is defined as the progressive loss of material from the

operating surface of a body as a result of the relative motion between surfaces.

2.3.1 Friction

In general, no engineering surface is perfectly smooth, regardless of the surface

finish method employed. Roughness is a measure of the asperity distribution.

Theories of friction are based on adhesion, deformation, or a combination of both.

Friction is not a constant for any given material, but it is a function of both materials

that are in contact. These two materials may be chemically similar or dissimilar. The

environment also has strong influence on friction. Adhesion and deformation are due

to the natural chemical and mechanical interaction of the asperities, respectively.

In the adhesion model of friction by Bowden and Tabor [59, 60], atomic

interactions between asperities subjected to contact loading lead to the formation of

strong bonds at the contacts. The area over which the two sliding asperities are

bonded is called the adhesive junction. Adhesion of surfaces at ambient conditions is

still controversial. Contaminant layers on the surface make the formation of these

junctions in air and at room temperature almost impossible with the exception of noble

metals. However, even at relatively low loads, contact pressures can be sufficiently

high to penetrate these surface layers and initiate plastic deformation locally resulting

in adhesive junction formation. When a tangential force is introduced, individual

asperities deform under the combined actions of both normal and shear stresses. The
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frictional force caused by adhesion is simply a product of shear strength and contact

area. First-order calculations with this relation gives friction coefficients of the order

of 0.2; however, experimentally determined values are much greater than this value.

Several researchers developed a number of theories to explain the discrepancy

between theoretically predicted and experimentally observed values of friction [61-

65]. Even though these models accounted for additional components of friction from

ploughing, roughness, and surface energies of adhesion, none of them were successful

in explaining experimentally observed values of the friction.

In addition to adhesion, deformation associated with a sliding/rolling contact

can contribute to frictional forces. In deformation theory, mechanical interactions

caused by the asperities may involve deformation processes that can be elastic, plastic,

or both. Several models relate friction with various deformation processes [65-70].

As mentioned earlier, the common features of all these models are adhesion and

deformation processes by which the energy is dissipated by generating frictional force.

The models deal with several routes possible for each process. One deformation

model of friction is summarized as an example. Rigney and Hirth [69] related

frictional force for steady state friction under simple sliding situations to the amount of

plastic deformation by the following equation.

11 = - ^ [2.3]

where:

L is load,

X8 is plastic work done per unit volume,

t is thickness of the deformed zone,

|i is the coefficient friction,
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w is width of deformed zone,

x is shear stress, and

e is strain per unit cycle.

In Eqn [2.3], w, t, and L can be obtained from the measurements for a given sliding

contact. However, shear stress I and 8 average strain per cycle are not readily

available. These quantities (x and e) can be estimated from the published data in the

literature. Thus, prediction of friction coefficients is possible. This model also

predicts that at a fixed load, the metal with lower hardness may have higher friction

than a metal with higher hardness.

Suh [2, 66] developed a theory that accounts for three components of friction:

deformation caused by asperities, plowing, and wear particles remaining in the wear

zone. Wear particles in the wear zone may agglomerate, work harden severely, and

act as third bodies that deform the contacting surfaces. This model has supporting

experimental data for metals that demonstrates that the wear particles contribute to

friction.

Earlier theories treat friction, adhesion, and deformation independently.

However, current theories treat adhesion and deformation as complimentary to one

another. The relative role of the two are still subject to much discussion.

The discussion on friction so far has been limited to macroscopic friction.

New experimental techniques such as lateral force microscopy, scanning tunneling

microscopy, and the surface force apparatus can probe increasingly smaller surfaces

and interfaces. From these techniques a new term was coined: nanotribology, the

study of friction and wear at the atomic level. Several models and experiments have

sought to explain friction at this scale [72-73]. The laws of macroscopic friction are

found to be inapplicable at the microscopic level. For example, at a macroscopic
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level, friction is always accompanied by wear. However, recent experimential studies

using lateral force microscopy demonstrate that friction can occur without wear at the

atomic level [9].

Experimental studies indicated that friction is strongly influenced by crystal

structure, microstructure, temperature, humidity, and compatibility of the sliding

surfaces. The limited ductility of ceramics does not allow for the easy formation of

adhesive junctions at room temperature. However, ceramics are susceptible to

chemical reactions during the test that can change friction drastically. For example,

formation of amorphous SiO2 was reported by Fischer et al. [74] for Si3N4, sliding in

humid air and water mixed hydrocarbons. The low shear strength of this oxide layer

resulted in reduction of both friction and wear. Ceramics can also dissipate the

mechanical energy created by frictional forces via brittle fracture, in turn increasing

friction even more.

2.3.2 Wear

Different mechanisms responsible for the material loss during mechanical

contact include; adhesion, abrasion, fatigue, oxidation, erosion, and corrosion. This

discussion is restricted to adhesion, abrasion, and fatigue. Details of erosive and

corrosive wear are discussed in standard books on tribology [1-7].

2.3.2.1 Adhesive Wear

Adhesive wear occurs when the adhesive junctions formed between the

asperities of two sliding contacting bodies are stronger than either material. As a

result, material transfers from the softer (cohesively weaker) body to the harder

(cohesively stronger) body. As the sliding continues, the transferred particles may

become loose wear debris and further influence the wear process, through third-body

interactions.

After a single pass or a contact, some asperities may deform plastically under

the applied load. When the load is removed, these asperities plastically deformed
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under compression, retain residual stresses. These stresses may affect the additional

deformation of the asperities by delaying the onset of the yielding. After several

passes, it is possible that the deformed asperities carry the load entirely elastically.

This process is known as elastic shakedown. At stresses below the shakedown stress,

the contact is entirely elastic. Above the shakedown stress, the accumulation of plastic

deformation caused by repeated loading can cause fatigue fracture and the generation

of wear particles. Thus, fatigue wear proceeds in a sequence of elastic and plastic

deformation, work hardening, crack initiation, and crack propagation. Under such

repeated loading, cracks can originate at or below the surface. A mathematical

expression of wear under such conditions that was derived by Archard [75-76]

is given by :

kFN
W = - g L [2.4]

where:

W is the wear rate (wear volume per unit sliding distance),

FN is the normal load,

H is the hardness, and

k is the wear coefficient.

The wear coefficient, k, is a measure of severity of wear and has been

interpreted as [4]:

• the probability of asperity interaction that produces a wear particle,

• a number that reflects the number of cycles of deformation required to

produce a wear particle, and

• the size of the wear particle produced by each contact.

Eqn. [2.4] cannot be used to support or reject any particular mechanism of wear. As

explained, the wear coefficient can be interpreted several ways. A wear coefficent of
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10"2-10"3 is considered severe wear, whereas a wear coefficent below 10"4-10"5 is

considered mild wear [4]. The size of the wear debris in mild wear is typically

0.01 nm to 1 (im, in contrast to 20 [xm to 200 u.m in the case of a severe wear [4].

Acceptable values of the wear coefficient, k, depends on the application.

2.3.2.2 Abrasive and Delamination Wear

Damage to a surface by a harder material is known as abrasive wear. Abrasive

wear involves both plastic flow and fracture. Sometimes abrasive wear may occur by

plastic flow alone. If wear is caused by the harder surface of the two sliding bodies,

the process is known as two-body wear. However, sometimes free particles can be as

effective as external abrasive particles. In this case, damage to the surface is said to be

caused by three-body wear. The direct proportionality of wear resistance and

hardness is also observed in abrasive wear as in adhesive wear. Factors that influence

the wear coefficient k in abrasive wear are:

• the geometry of the abrasive particles,

• the strain hardening of materials,

• the number of particles that deform the surface either by cutting or

wedge formation, and

• the volume removed.

Delamination wear typically results from a fatigue-stimulated process. Suh

and Jahanmir [77, 78] proposed that repeated loading and unloading cycles may

induce subsurface cracks that lead to the delamination wear mechanism. These cracks

propagate parallel to the surface and eventually extend up to the free surface.

Therefore, fatigue should result in plate-like wear particles. Crack formation and

propagation in wear are closely associated with fracture toughness.
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2.3.2.3 Role of Fracture Toughness

Fracture toughness is a measure of resistance to crack propagation. Fracture

can occur in ductile as well as brittle materials. Microcracking along with other

abrasive mechanisms of microploughing and microcutting in a material elucidates a

correlation between fracture toughness and abrasive wear resistance. Figure 2.2 shows

that abrasive wear resistance of brittle materials initially increases with fracture

toughness. For a given testing condition, a linear relationship between wear resistance

and fracture toughness is observed below a critical value for fracture toughness.

Above this critical fracture toughness, an inverse relationship is observed. The inverse

relationship arises when the wear mechanisms are controlled by plastic flow; it is well

known that the fracture toughness varies inversely with hardness or yield strength. In

summary, there might be a critical value of fracture toughness that initiates the wear

process controlled by the crack nucleation, by crack propagation, or by both.

There have been models by several researchers that relate fracture toughness

and wear resistance [80-82]. These models have been based on several assumptions

about the geometry and the origin of the cracks. All these models predict that wear of

brittle materials depends strongly on fracture toughness rather than hardness.

Mechanical properties data show that, in general, fracture toughness is inversely

related to hardness, as shown in Figure 2.3. In addition, these models also predict that

abrasive wear in brittle materials is controlled by nucleation and propagation of cracks

above a critical load. The literature involving theories of wear of ductile and brittle

materials is vast [69-71, 84-86]. There is no general model that is universally

applicable.

2.4 Contact Mechanics

Contact mechanics deals with stresses and deformation that arise when

surfaces of two solid bodies are brought into contact. The contact is said to be

conforming if the two surfaces fit close together without appreciable deformation. On
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the other hand, if there is deformation in one of the surfaces, the contact is said to be

nonconforming. The two surfaces in a nonconforming contact will have dissimilar

pressure profiles. Conforming contacts have large contact area because of their close

fit and low contact pressure, whereas nonconforming contacts have small contact area

and high contact pressure. Figure 2.4 illustrates conforming and nonconforming

contacts.

In most tribological problems, the contacts are nonconforming. Contact stress

distributions for different geometries and loads (normal and tangential) contribute

significantly to the tribological behavior of a coating. Contact mechanics provides

insight into the stress distribution, crack initiation, and crack propagation for surfaces

in contact. The use of contact mechanics for industrial problems is complicated

because of changes in material properties under working conditions. However, the

knowledge of stresses can provide the basis for the first-order design criteria of a

coating. In the following section, a brief review of contact mechanics is provided.
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Figure 2.4. Illustration of (a) conforming and
(b) nonconforming contacts.

26



2.4.1 Contact Stress Field Caused by a Spherical Indenter on an Elastic Half-

Space

Hertz derived the expressions for the contact radius and the distribution of

pressure for an elastic contact [87]. Results for a sphere loaded elastically against a

plane normal to the surface are summarized below. Figures 2.5a and 2.5b show the

contact pressure for this geometry without friction and with friction, respectively.

Hertz's work was reviewed and extended by Johnson [88]. In the Hertzian limit (that

is, the elastic limit), the contact radius for a sphere under normal loading on a plane is

given by

3PR72

a = L « : J [2-51
The variables P and R in Eqn. [2.5] are the load and the radius of the sphere and Ec is

given by Eqn. [2.2]. The maximum elastic static contact stress for a sphere resting on

a plane or a disc is calculated using

3 P
P m a x = 2 7ta2 [ 2 ' 6 ]

The contact pressure induces stresses that can lead to deformation in the material close

to the contact. Deformation is material-dependent and is responsible for changes in

the real area of the contact and the frictional forces. The effect of tangential load on

the magnitude of tensile stress at the trailing edge of the sphere is shown in

Figure 2.5b. The symmetry of the maximum contact pressure is disturbed because of

the development of a tensile stress at the trailing edge and a compressive stress at the

leading edge. The magnitudes of these tensile and compressive stresses increases with

increasing friction.

2.4.2 von Mises Yield Criterion

Repeated sliding in a tribological contact can lead to severe plastic

deformation, fatigue, and eventually crack nucleation at or below the surface. The
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Figure 2.5. Schematic of the stress distribution for the elastic contact of a
sphere and a plane, (a) Normal load, (b) Normal load and
tangential load.
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propagation of cracks to the surface results in creation and liberation of wear debris.

A flow chart showing the sequence of events in a typical wear process, from loading

of the surface to material removal, is shown in the Figure 2.6.

The von Mises stress is accepted as a good criterion for plastic flow, which is

the phenomenon that eventually leads for the formation of wear particles. In general,

the solids in contact are subjected to a combination of externally applied and internally

generated shear and normal stresses. Most materials yield plastically when the shear

stress reaches a critical value. The condition for plastic yielding relating to distortion

energy is given by the von Mises criterion [89]. The von Mises shear strain-energy

criterion is expressed as :

2
1

= g[(°xx -
a

where:

o^, Oyy, and azz are the principle stresses, and

ay is the yield strength of the material in uniaxial tension or compression.

When the value of (3J2)
1/2 exceeds the uniaxial yield strength of the material, cy,

yielding occurs.

Hamilton and Goodman [90, 91] investigated the stress field of a spherical

contact sliding against a rigid plane and used this information to plot the von Mises

stresses as a function of depth below the contact. The surface stresses (i.e., at z =0) in

an half-space loaded elastically under plane-strain conditions, where the thickness of

the solid is large compared to the width of the loaded region, are summarized in the

equations below [2.8 to 2.11]. Figure 2.5b shows the in-plane stress distribution in the

elastic half-space of a sliding contact with normal and tangential load. For a
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Load on the surface:

• Normal

# Tangential

i
Stress in the material:

• Shear

• Tensile

i
Deformation in the material:

• Elastic

• Plastic

• Viscous

Fracture and cracking:

• Initiation

• Propagation

i
Wear of the material:

• Wear debris

Figure 2.6. Schematic diagram of the process from loading
of the surface to wear.
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frictionless contact surface with a normal load p, the shear stress, (TX2, and the in-plane

normal stress, oxx, are given by

cxz(x,Q = 0

3p
oxx(x,0) =

° - ( x ' 0 ) = ^

<(x,0) =

(1-2v){xa}-T-

-oc<X<°=

at x,y,z=0

for x>a

[2.8]

[2.9]

[2.10]

2jta3

for x<a [2.11]

Tangential traction between the two nonconforming bodies with similar elastic

constants in a normal contact induces equal and opposite normal displacements at

every point on the surface. Thus, the distribution of norrnal pressure is identical.

However, when the elastic constants of two materials are different, the pressure

distribution no longer remains identical.

Under combined normal and tangential loading, friction at the contact interface

influences the stress field of the contact. When sliding occurs and the coefficient of

friction is nonzero, the symmetry of the displacements and the stresses is lost. The

effect of tangential traction is to add to the tension on the trailing edge of the contact

and the compression on the leading edge as shown in Figure 2.5b. Under these

conditions the shear stress, oB , and the in-plane stress, Gxx, are given by

3MP

Gxz(X,C} =

|x|<a

|x|>a

[2.12]

[2.13]
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° « ^ = aS?

axx(x,O) =

axMn I 3 2X2

for x>a [2.14]

7tx,. v."
forx<a [2.15]

a S+A
InEqn. [2.14], |Xis the friction coefficient, (j) = tan1 (—), M = (—^—)05, A = x2-a2,

S =A, and M 0 = (x2 — a2)0 5 . The maximum tensile stress on the surface occurs at the

trailing edge of the contact (x=-a) and is given by

3p [ 1 - 2 V 4+v

There are no simple analytical expressions to describe the variation of normal

stresses as a function depth. A full description of these stress fields requires computer

analysis. Figure 2.7 shows contour plots of the von Mises stress for [1=0, 0.25, and 0.5

from Hamilton's and Goodman's [91] work. Their investigation revealed that the

maximum value of the von Mises stress occurs beneath the center of the slider for zero

friction and low coefficient of friction. As the friction increases, this peak in the

contour moves forwards in the direction of sliding and towards the surface.

Equations [2.15] and [2.16] predict the influence of the coefficient of friction

on the in-plane stress distribution at the surface and is plotted in Figure 2.8. The high-

stress tensile region that develops at the trailing edge of the contact is also apparent in

Figure 2.8. Tangential traction also produces a compressive stress at the leading edge.

Because the trailing edge is in tension, it is more susceptible to crack nucleation.
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Figure 2.7. Contour plots of the von Misses stress (normalized to Po)
for the elastic contact of a sphere and a plane:
(a) \i = 0, (b) n = 0.25, (c) \i = 0.5, from ref. [90,91].
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2.4.3 Contact Stress Field Caused by a Spherical Indenter on a Layered
Elastic Half-Space

2.4.3.1 Normal Load

Burmister [92] developed the elasticity theory necessary to solve the stress

state for the case of a single layer on a bulk substrate for normal contact without

sliding. Chen [93] extended this analysis for axisymmetric and nonaxisymmtric

normal surface loading. Gupta and Walowait [94] investigated a layered half-space

under normal contact with plane-strain. Analytical and finite element solutions for the

elastic stress fields produced in thin and relatively stiff layers for the same conditions

were considered by van der Zwagg and Field [95], Djabella and Arnell [96], and

Komvopolus [97]. Komvopolus [97] also considered the effect of friction at the

contact zone. The results for a normal contact from these researchers [95-97]

suggested that:

• The ratio of layer thickness to contact width h/a has a significant effect

on the in-plane stresses at the coating surface and the coating/substrate

interface, the maximum shear stress at the coating/substrate interface,

and the von Mises equivalent stress.

• Relatively thick stiff layers minimize the stresses in the substrate. On

the other hand, if the layer is too thin, stresses in the substrate can be

higher than those in the nonlayered case.

• The maximum interfacial shear stress, localized in the case of a thin

coating, is spread over a larger area by thick coatings. Komvopolus'

[95] results suggest that the effect of the friction coefficient at the

contact zone on the stress field is negligible.

2.4.3.2 Normal Load plus Tangential Load

Figures 2.9a-b show the various stresses, such as the normal stresses, the in-

plane stress, and the interfacial stress, for a layered medium under combined normal

and tangential loading. Stress analyses of a layered medium under these loading
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* • x/a

Figure 2.8. Influence of friction on the stress distribution of an
elastic contact of a sphere and a plane, from ref.
[90,91].
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conditions were conducted by Sullivan and King [98,99], Djabella and Amell [100],

and Leroy and Villechaise [101]. Sullivan and King [98, 99] solved the stresses

analytically, whereas Djabella and Arnell [100] and Leroy and Villechaise [101] used

finite elemental modeling. The stress state of a single layer system was studied as a

function of thickness to contact width ratio (h/a), coating modulus to substrate

modulus ratio (E/EJ, and friction (|i,). Table 2.1 summarizes the parameters from

these three groups of researchers. Results of their analyses revealed that the modulus

of the layer relative to the substrate and coating thickness has a strong influence on:

• the potential for yielding in both the layer and substrate,

• adhesion failure of the substrate-coating interface, and

• crack initiation and propagation caused by in-plane stresses.

Table 2.1 Summary of the parameters used by Sullivan and King [98, 99], Djabella
and Amell [100], and Leroy and Villechaise [101] in solving the contact stress fields

of layered elastic half-space.

Parameter
h/a

Ec/Es

King and Sullivan
[97, 98]
0.05-4'

0.5,1, 2

0, 0.25, 0.5

Djabella and Amell
[100]

0.1-1.0

1,2,3,4

0.15,0.3,0.5

Leroy and
Villechaise [101]

0.01-4

0.5, 2, 3

0, 0.3, 0.5

* Results were discussed only for h/a =0.05, 0.79, 1.0, 1.22.

The thickness to contact width ratio (h/a) and the point where the stresses were

calculated in these three studies were different [98-101], which makes the comparison

of absolute magnitudes difficult. However, trends for the tensile stress at the surface

and the shear stress at the coating-substrate interface can be compared.

36



"normal

/ Coating EG

Interface

Substrate Es

j j j j r htang< h

Figure 2.9a. Schematic diagram of an elastic contact of a sphere on a
layered medium.
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Figure 2.9b. Illustration of stresses of an elastic contact of a sphere on a
layered medium.
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Leroy and Villechaise [101] have shown that for |j,= 0.5, the in-plane stress at

the leading edge, decreased in stiff coatings and increased in compliant coatings, as a

function of thickness to contact width ratio. Djabella and Arnell [100] observed

similar trends in the in-plane stress, at the leading edge for a coefficient of friction 0.5.

The in-plane stress analysis by King and Sullivan [98, 99] for the same value of the

friction coefficient (0.5) and at h/a=1.0 also indicated that this stress decreases with an

increase in modulus. Thus, the results from all three groups [98-101] suggested that

for a fixed substrate modulus, the maximum tensile stress at the surface increases

significantly with the friction coefficient and the coating modulus. Figure 2.10 shows

the normalized in-plane stress, oH , for different ratios of the coating modulus to

substrate modulus, and different coefficients of friction from King and Sullivan's work

[98, 99]. This figure shows that at a higher coefficient of friction, the magnitude of

tensile stress is low when the modulus of the coating is lower than that of the

substrate.

The interfacial shear stress for a given h/a and modulus ratio, in general,

decreases with increased thickness in both Djabella and Arnell [100] and Leroy and

Villechaise's [101] work. In addition, results from both groups suggest that for a

given coating thickness, the interfacial shear stress increases with friction. The results

of interfacial stresses for three different values of the friction coefficient (0,0.25, and

0.5) from King and Sullivan's [98, 99] work are presented in the Figure 2.11. These

results suggest that the interfacial shear stress increases with friction for both the stiff

and compliant coatings. The location of the maximum stress shifts towards the surface

with increasing friction. This figure also indicates that the magnitude of the maximum

interfacial stress for a given friction coefficient increases with modulus ratio. Thus,

the trends that were observed in the interfacial stresses by all the three groups are in

good agreement. In Figures 2.10 to 2.13, a0 and Poare the contact zone radius and
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= 0.25

Figure 2.10. In plane stress distribution on the surface of an elastic
contact of a sphere with layered elastic half-space:
(a) \x = 0, (b) \i = 0.25, (c) ^ = 0.5 from ref. [98,99].
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= 0.25

0 -0.1 -0.2 -0.3 -0.4 -0.5

(c)

Figure 2.11. Shear stress distribution on the surface of an elastic
contact of a sphere with layered elastic half-space:
at ̂ - = 0.5, (a) n = 0, (b) \L = 0.25, (c) n = 0.5, from

o
ref. [98,99].
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pressure under the spherical indenter for EC=ES, whereas a is the contact zone radius

forEc*Es.

Results of the shear stress, cxz, and the normal stress, a^, and the in-plane

stress, oM from King and Sullivan's [98, 99] work on thin coatings (h/a =0.05) for

(1=0.5 are shown in the Figure 2.12. In this figure, the stress calculations are presented

for x=a/2, where a is the contact radius. These plots indicate that the normal stress and

the shear stress do not change significantly with coating modulus (Fig. 2.12a, c).

However, the in-plane stress axx changes significantly with coating modulus

(Fig. 2.12b).

The maxima of the von Mises stress in both stiff and compliant coatings from

Leroy and Villechaise's work [101] are approximately double the values of those

obtained by King and Sullivan [98, 99]. On other hand, the stresses agree qualitatively

for a stiff coating if comparison is made between Djabella and Arnell [100] and King

and Sullivan [98, 99]. Djabella and Arnell [100] did not perform an analysis of soft

coatings. All three groups of researchers [98-101] reported that the maximum stress

also increases with friction for a given modulus.

The von Mises stress contours for a friction coefficient of 0.25 for three

different ratios of the coating to the substrate moduli are shown in Figure 2.13. The

von Mises stress is normalized to Po, which is the pressure under the center of the

indenter for EC=ES. The trends that were observed in the von Mises stress contours

were similar to those observed in bulk materials by Hamilton and Goodman [90, 91].

For example, the magnitude of the maximum tensile stress located at the trailing edge

increases with the coefficient of friction. The location of this maximum tensile stress

moves towards the surface with the coefficient of friction. In Figure 2.13, the von

Mises stresses were compared for the same normal load and the same thickness. The
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Figure 2.12. Stress distribution at x/a = 0.5, for h/a = 0.05
and \i = 0.5 from ref. [98,99].
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Figure 2.13. Contour plots of the von Misses stress for (normalized to Po)
p. = 0.25 for different coating to substrate modulus ratio and
under the same loading conditions.

= 0.5, (b) E ^ = 1.0, (c) E ^ = 2.0 from ref. [98,99].
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von Mises stress contour plots (Figures 2.13a-c) show the change in the location and

magnitude of the maximum von Mises stress of the coated case as compared to the

uncoated case (i.e., EC=ES). These plots also show that the point of maximum von

Mises stress moves closer to the surface with an increasing coating modulus and

thickness.

Djabella and Arnell [102-103] extended the finite elemental modeling to multi-

layered systems that can minimize the effect of sharp material mismatch on interfacial

and shear stresses. They studied the elastic stresses of thin double-layered coatings

with h/a=0.2 and thick multi-layered coatings with h/a=1.0. Their results indicated

that for both types of loading, i.e., normal and normal plus tangential loading

conditions:

• Tensile stresses at the surface are reduced for relatively thick multi-

layered coatings consisting of monolayers, double layers, or

multilayers as compared to thin double-layered coatings.

• Tensile stresses at the layer-substrate interface are also reduced for a

system with multilayers with graded interface as compared to a single

or double layer of the same total thickness.

• Residual stresses that are introduced due to processing can lead to

instantaneous debonding caused by sharp material mismatch for thick

coatings. Multilayered coatings can be synthesized without such a

delamination problem.

Thus, the magnitude of the stresses that can cause the failure of the coating is smaller

for thick coatings consisting of monolayers, double layers, or multilayers than thin

coatings. Hence, coatings with a thick multilayered system will perform better than a

thin multilayered system. They also suggest that simultaneous minimization of all the

stresses that are responsible to coating failure is not possible.

To summarize, the layer modulus, thickness, and friction coefficient influence

the stress distribution of a layered medium under combined normal and tangential
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loading conditions. The complexity involved in a tribological test does not allow the

direct correlation of the experimental data with the results from modelling. One of the

objectives of this study was to explore the possibility of taking results from contact

mechanics in evaluating the tribological performance of surface-modified materials.

2.5 Introduction to Surface Engineering

As shown in the previous section, the tribological behavior of a system

depends on contact conditions, physical and chemical behavior of the contacting

materials, and the thickness, hardness, and elastic modulus of the surface layer. One

way to influence the tribological response of a system is to change the properties at the

surface that affect the contact mechanics, the hardness, and the toughness of a

material.

The surface of an engineering component is important because most failures

originate at the surface either by wear, fatigue, or corrosion. Failure at the surface can

be prevented or delayed by modifying the surface. A growing area of technology is in

the design and implementation of surface engineering processes that can be used to

effectively and economically tailor and modify the outermost regions of a solid. Two

principal drivers for the evolution of surface engineering are its great flexibility and

cost benefits.

When design engineers select materials for an application, they are often

constrained by macroscopic and structural property requirements, such as strength

and/or modulus-to-weight ratios, and thermal and structural stability. Economic

factors such as the cost of materials and fabrication, including machining and casting,

are also important. Other properties that influence the performance and lifetime of the

material in service, such as surface cleanliness, friction coefficients, and resistance to

oxidation, corrosion, and wear, become secondary considerations because in many

instances materials with good performance properties in these aspects do not satisfy

the structural or economic constraints of the application. The ability to mix harder and
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softer phases in a controlled fashion and to tailor coatings for hardness, fracture

toughness, and modulus by surface engineering is both unique and beneficial. Surface

engineers choose bulk materials for their structural properties and economic value, and

then tailor their surface and near-surface regions to make them suitable for a given

application. Through surface engineering, the properties and performance of materials

that cost $2.00 per pound can be improved so that they meet or exceed the qualities of

materials that cost $10.00 to $20.00 per pound.

A principal application of surface engineering is wear and friction, where it is

common practice to engineer a material's surface properties by employing either a

surface modification process or by applying a surface coating. In the modification

process, the modified zone is an integral part of the bulk material, whereas for surface

coatings, the modified zone is a distinct material deposited onto the bulk material.

Improved wear resistance of the modified surface is attributed to the

composition and microstructural changes in the near-surface region. Such changes, in

turn, affect mechanical properties such as hardness, toughness, and flow strength and

ultimately determine the material's application performance. For example, if the

material can be made harder, wear by plowing will be minimized. By reducing

plowing at the surface, the total frictional force also decreases. Since the frictional

force influences surface and subsurface deformation, a hard surface with low friction

will also suppress crack formation and propagation. The occurrence of crack

formation and subsequent wear debris generation can also be influenced by controlling

and tailoring the state of surface residual stresses.

There are several processing routes to producing modified surfaces for surface

engineering applications. The choice of a particular process depends on factors such

as the effect of a process on the substrate, the interaction of the modified zone with the

substrate, the role or engineering application of the modified zone, and cost

effectiveness. Properties of the coating, such as roughness, thickness, Young's
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modulus, yield strength, and shear strength with respect to the substrate, are also

important considerations.

Ion beam-based technologies, such as ion implantation and ion beam-assisted

or energetic deposition techniques are favored methods for implementing surface

engineering. Ion implantation produces modified surfaces that are well-integrated

with the substrate, while ion-assisted deposition provides the opportunity of producing

thicker modified zones through the build up of a coating that possesses many of the

same properties found in ion-implanted surfaces. Table 2.2 lists some examples of

materials that have been successfully modified by ion implantation. It can be seen that

ion implantation significantly reduced wear for many cases. For example, the friction

of nitrogen implanted Ti6A14V against ruby decreased by factor of 3, and the wear

volume decreased by a factor of 300.

This dissertation is concerned with the characterization and evaluation of

coatings that were synthesized by three surface-engineering methods; namely, ion

implantation, plasma-source ion implantation, and DC magnetron sputtering. The

details of these surface engineering and characterization techniques are discussed in

the next chapter.
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Table 2.2 Tribological properties of ion-implanted surfaces.

F
00

Host
Material

Pure iron

Ti6A14V

SiC

A12O3
Polycrystalline
WC-Co

Polyimide

Implant
Species

N+

N+

Ar+

Ti+

N+

N+

Slider,
Load

Ruby,
1-2N
Ruby
2-3N

Steel(<l%C)
9N

A12O3
ION
Steel
100N

SUJ2 Steel

Friction Coefficient

Unimplanted Implanted
0.2

0.48

0.6

0.45

0.22

0.5

0.26

0.15

0.2

0.26-0.38

0.11

0.35

Reduction factor
of wear volume*

1-2

300-500

5

10

8-9

4

Ref.

[17]

[17, 18]

[19]

[20]

[21]

[22]

* Reduction factor = Ratio of the wear volume of unimplanted material to the wear volume
of implanted material.



Chapter 3 Experimental Techniques

A range of experimental techniques were used to perform this research. This

chapter summarizes those surface modification techniques. Experimental setups that

were used for characterizing various properties are also described.

3.1 Surface Engineering Methods

Surface engineering is branch of engineering that deals with tailoring surface

properties to improve their function and serviceability, and was described in Section

2.5. In this section, details of the ion-beam based techniques such as beam-line ion

implantation (BII), plasma-source ion implantation (PSII), and DC magnetron

sputtering are examined. For a detailed discussion of surface engineering, refer to the

text on surface engineering [104]. Extensive details of ion solid interactions can be

found in the book by Nastasi et al. [16].

3.1.1 Ion Implantation

Ion implantation is a process by which virtually any element can be injected

into the near-surface region of any solid. When energetic ions penetrate a target or

host material, they lose energy through electronic and nuclear collisions. The

contribution of the energy loss caused by electronic collisions is dominant if the ion

implantation is carried out by using low-mass ions of high energies. On other hand,

the contribution of the energy loss caused by nuclear collisions is dominant in an

implantation process if high-mass ions of low energy are employed. Before coming to

rest, the ions collide with lattice atoms in their path. Sometimes the energy transferred

during this collision is sufficient to displace atoms from their lattice sites. The

displaced atoms undergo further collisions with other lattice atoms before coming to

rest. This multiplication process is known as collision cascade. The actual total

distance that ions travel before coming to rest is known as the range of ions, R. Since
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energy is lost by the incident ions to target atoms and electrons in a series of discrete

collisions, the stopping process is random. This leads to the total distribution of the

ions to a near-Gaussian profile. The projected range of ions, R^ is the distance that

ions travel in the direction of the incident ion beams and perpendicular to the surface

of the target. Thus, the mean projected range gives the probable location for an ion to

come to rest. The associated spread of the projected range, ARp, is called straggling.

The range, R, projected range, Rp, and straggling, ARp are illustrated in the Figures

3.1a-b.

The nonequilibrium process of ion implantation can invariably lead to meta-

stable structures, super-saturated solutions, amorphous phases, and new alloys. The

collision cascade creates a distribution of vacancies, interstitial atoms, and other types

of lattice disorder in the region around the ion track. Energy lost by the incident

energetic ions on the surface of a solid can sometimes lead to an ejection of target

atoms from the surface. This process is known as sputtering. The sputtering process

influences the retained dose and surface morphology. The number of foreign atoms in

the substrate can be calculated from an assumed Gaussian distribution of the implanted

profile (Figure 3.1b). From a surface engineering point of view, the important

parameters in the process of ion implantation are ion energy, mass, dose of the ions,

and the implantation temperature. All these parameters together dictate the width,

composition, and microstructure of the modified region.

The distribution of implanted ions, N(x), is given by

[3.1]
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Figure 3. lb. Illustration of Gaussian profile of an
implantation process.
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where:

<J>j is the ion implantation dose,

Rpis the projected range, and

ARp is the projected range straggling.

The peak atomic density of the implanted species, N , can be obtained by setting x=

0.4*.
N =

Once the atomic density of the substrate is known, the peak atomic concentration Cp,

can be obtained by using

Np

A number of Monte Carlo codes have been developed to calculate the range

and damage distribution of ions in amorphous materials. Transport of Ions in Matter

(TRIM) [105] is the most commonly used computer program. More discussion on this

approach is presented in Chapter 4.

The analytical approach used to obtain range quantities was pioneered by J.

Lindhard, M. Scaharff, and H. E. Schiott [106] and is commonly known as LSS

theory, which can be used to calculate range values with an accuracy of about 20%. In

this approach, the total energy-loss rate along the path of the projectile, which includes

nuclear and electronic components, determines the range of an ion. This total energy

loss can be expressed in terms of the dimensionless units reduced energy, 8, and the

range, pL. Dimensionless parameters 8 and PL are helpful to establish universal range

curves for reduced energy, 8, and the electronic stopping parameter, k. The reduced

range, pL, for Thomas-Fermi nuclear stopping is given by
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where:

S(e) = S (e) + S (e),
II C

e is the energy of the particle,

S(e) is the reduced stopping factor, and

S (£) is the nuclear stopping factor.

3.441e1/2ln(e+2.718)
Sn(e) = T72 • TJY [3.5a]

1 +6.335B1 7 2+e(6.882e1 / 2-1.708)

0.03255M!
£ — 9/Q O/<J 1/9 [ J . D D J

Z Z ( Z f i ^ 3 ) 1 / 2 ( M M )

S (e) is the electronic stopping factor
6

e [3.6]

where:

k is the electronic stopping factor

Zj is the atomic number of the incident particle,

Z2 is the atomic number of the target atom,

Mj is the mass of the incident particle, and

M2 is the mass of the target atom.

Zi Zz ( 1 + M 7
" 12.6(Zf3 + Zf)3 /4 Mf [ 3 J ]

Physically, e is a measure of how energetic the collision is and how close the incident

ions get to the nucleus of the target material. The reduced range, pL is given by
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pL = RNM24rc4 ' 2 [3.8]

(M! + M2)

where:

R is the range of the ions, and

N is the atomic density.
0.04692

is theThomas-Fermi Screening length =—573 „ , - uo [3.9]
)

Table 3.1 gives the values of reduced range for the different values of reduced

energies, £, and the stopping factor, k, from ref. [107]. Once the reduced energy e and

the stopping factor k, is known, the reduced range, pLcan be obtained from Table 3.1.

Equation [3.8] can be used to estimate the range of the ions. However, in many

surface modification techniques, the projected range of ions, Rp, is the quantity of

interest. Based on LSS theory [106], Winterbon et al. [108] calculated a more exact

relationship between projected range of ions, Rp, and the straggling, ARp, for mass

M2
conditions 0.1 < —-— < 10, which is shown in Figure 3.1c. After estimating the range

from Eqn. 3.8, the projected range of ions, Rp and the straggling, ARp, can be

calculated from Figure 3.1c.

A schematic diagram of an implanter is shown in Figure 3. Id. The typical ion

implanter consists of an ion source to generate ions, an ion extractor to extract charged

ions, a mass analyzer to select the desired ions, beam optics to achieve the beam shape

and current density, and a target chamber where the substrate is mounted.

The ion implantation process has several advantages. The modified layer is

part of the bulk material. The interface between substrate and coating is graded. It is

highly controllable and reproducible. Bulk properties and the dimensions of the

substrate can be retained. Solid solubility can be exceeded.

54



Ion implantation is a low-temperature process, which is both highly

controllable and reproducible. Problems concerning adhesion of the modified surface

to the bulk are completely eliminated in this process. Bulk properties of the material

can be retained. Novel materials that are impossible for thermodynamics reasons can

be produced by exceeding solid solubility. Bulk and surface properties can be

optimized independently.

Ion implantation processes have been widely used to improve tribological

properties of metal, ceramics, and polymers [17-22]. However, this method has some

limitations. This process is expensive and is a line-of-sight process. When odd-

shaped objects are to be implanted, the process becomes complex. However, some

limitations of the beam-line implantation have been overcome by the plasma-source

ion implantation that has been developed in recent years [27-32].

3.1.2 Plasma-Source Ion Implantation

Plasma-source ion implantation (PSII), also known as plasma immersion

implantation, has been developed to implant targets of different shapes with ions of

gaseous species. The schematic diagram of the PSII implanter is shown in Figure 3.2.

It consists of plasma generated either by an RF or a DC glow discharge, the substrate

holder, and a power supply for pulse-biasing the substrate. The substrate is immersed

in a plasma and is negatively pulse-biased. The plasma ions are accelerated by the

electric potential and are implanted into the substrate.

Depending on the amplitude of the biased voltage on the substrate, the ions

may be either be implanted or deposited. If the biased voltage is greater than 2 kV, the

probability of implanting into substrate is greater. Because the substrate is immersed

in the plasma, the ions are accelerated from all directions simultaneously at normal

incidence, and the shape of the substrate is not a constraint. This conformal

implantation eliminates the need for target manipulation. In the PSII process, there are

no particle accelerators and mass analyzers. Thus, both atomic and molecular ions are
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Table 3.1 p Values as a function of e and k, from ref. [107].

£

0.01
0.02
0.05
0.10
0.20
0.50
1.0
2.0
5.0
10.0

k=0.0

0.072
0.115
0.218
0.360
0.614
1.35
2.67
5.84
19.4
53.6

k=0.1

0.069
0.110
0.207
0.339
0.571
1.21
2.29
4.57
11.9
23.8

k=0.12

0.069
0.109
0.205
0.335
0.565
1.19
2.22
4.39
11.1
21.6

k=0.14

0.068
0.108
0.203
0.332
.0553
1.17
2.17
4.22
10.4
19.9

k=0.2

0.067
0.106
0.197
0.321
0.533
1.10
2.01
3.79
8.83
16.1

k=0.3

0.064
0.102
.0188
0.304
0.501
1.01
1.80
3.26
7.11
12.3

k=0.4

0.062
0.098
0.180
0.289
0.472
0.938
1.63
2.88
5.99
10.1

k=1.0

0.052
0.081
0.144
0.224
0.353
0.656
1.06
1.71
3.17
4.92



10.0

Figure 3. lc. Relationship between the range, R, the projected range,
Rp, and the range straggling, ARp, as functions of mass
ratio, M2/Mj. ARpX is in the direction of the incident ion,
and ARpy is in the perpendicular direction of the incident
ion. Dashed lines, m = 1/3, solid lines, m = 1/2, from
ref. [16].
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Figure 3. Id. Schematic diagram of beam-Kne ion implanter.
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implanted. Because the range of molecular ions is different from atomic ions, the

resultant implant profile consists of ions of different energies.

Average current densities that can be achieved with PSII are two to three

orders of magnitude higher than the beam-line implantation process. This reduces the

time of implant at higher doses. In PSII, high beam currents are spread over the large

surface, eliminating local beam heating problems. PSII does have limitations: precise

determination of dose and energy is not easily possible, and plasma nonuniformities

may lead to uneven implantation. There has been extensive work employing PSII to

metallurgical applications [31-39,46, 123]. Although, PSII has been traditionally

developed as an implantation process, the same setup can be used for energetic ion

depostion at low energies and high pressure.

Typically, if the biased voltage is less than 2 kV, the ions do not penetrate deep

into the target (Eqn.3.1). Thus, at low voltage, ion beam deposition is favored. The

energy of the deposition and the pressure in the chamber alter the deposition rates and

energy distribution. It is well known from ion deposition experiments that the energy

of the ion and the pressure are inversely related. If the pressure in the chamber is low,

there are small numbers of collisions between the ions and gas atoms before being

deposited on the substrate. Thus, the ions that are deposited on the substarte have high

energy. On other hand, when the pressure in the chamber is high, ions undergo a large

number of collisions with the gas atoms before being deposited on the substrate and

lose energy. Thus, the ions that are deposited on the substrate have lower energy.

Some important parameters in PSII processing are the gas pressure in the chamber, the

amplitude of the biased voltage, and the rate at which the substrate is biased.

The ability to use a PSII setup either for ion implantation or for deposition is

beneficial. For example, implantation followed by deposition in the synthesis of a

coating produces an adherent interface.
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Figure 3.2. Schematic of the plasma source ion implantation from
ref.[16].
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3.1.3 DC Magnetron Sputtering

Plasma-source ion implantation is currently limited to gaseous ions such N,

hydrocarbons, Ar, etc. In some tribological applications, ceramic or metallic coatings

are considered as potential candidates to improve the performance of the workpiece.

Sputtering is one processing method used routinely to synthesize ceramic and metallic

coatings. Sputtering systems can be easily automated and are widely used. The

quality and composition of the films produced by sputtering are highly reproducible.

In addition, successfully developed novel coatings by sputtering can be considered as

potential candidates for the PSII process.

Sputtering is the ion-based material deposition by which the process of

momentum transfer from an energetic ion to a solid target results in the ejection of

atoms or molecules from the target surface. In sputter deposition, the sputtered atoms

are collected on the substrate to form a film or a coating. A typical sputtering

deposition setup is shown in the Figure 3.3. The target is a material from which the

coating is synthesized and is connected to the negative terminal of a DC power supply.

The substrate onto which the coating is deposited faces the target. The substrate may

be grounded, biased positively or negatively, heated, cooled, or some combination of

these conditions. The field generated by a magnet located behind the target helps trap

the electrons, thus increasing the efficiency of ionization. After the chamber has been

evacuated, a working gas, typically argon, is introduced into the chamber. This gas

serves as the medium in which the discharge is initiated or sustained. Since the target

is negatively biased, the positive ions from the plasma strike the target and eject the

target atoms through momentum transfer. Some of these atoms eventually deposit on

the substrate. The energy of neutral atoms that are deposited on the substrate and the

sputtering gas pressure follow an inverse relationship. Important parameters in the
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Figure 3.3. Schematic diagram of DC magnetron sputtering.
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deposition process are the distance between target and the substrate, substrate

temperature, sputter gas pressure, and the sputter voltage.

3.2 Characterization Techniques

The performance of the coatings are strongly influenced by their properties,

such as thickness, density, chemical composition, microstructure, etc. These coating

properties depend on the process method and parameters employed. Thus, in the

scientific development of new coatings, synthesis should be followed by

characterization to evaluate coating properties. Once the properties are identified, the

performance and potential applications of these coatings can be evaluated.

Additionally, in industrial applications, if the coatings are developed for a specific

application, characterization of these coatings is vital for quality control. Thus,

detailed characterization of a coating is important both in scientific development and

for industrial applications.

Figure 3.4 shows the flow chart of steps that are necessary in the development

of coatings for tribological applications. Coating thickness, residual intrinsic stresses

introduced from processing, microstructure, and the composition are related to the

processing parameters and determine the properties of the coating. A crucial step in

evaluating a tribological coating is the analysis of the wear track for wear mechanisms,

transfer of materials, tribochemical reactions, and the coating-substrate integrity.

Thus, in order to evaluate the tribological performance of a coating at given test

parameters, it is necessary to investigate microstructure, composition, and mechanical

properties. The rest of this chapter describes the experimental techniques that were

used to characterize the coatings.

3.2.1 Microstructural Investigations

Transmission electron microscopy (TEM) was used to examine the changes in

microstructure after surface modification. Cross-sectional samples were prepared by
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Figure 3.4. Flow chart to evaluate the tribological performance of a coating.
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standard techniques and examined using both Jeol-2000FX and Phillips CM30

microscopes.

3.2.2 Composition Analysis

Ion-beam analysis was used for compositional analysis. Rutherford

Backscattering Spectrometry (RBS) was used to determine the retained dose, changes

in composition, and location of the peak dopant concentration after implantation.

Crystallinity and depth of the damaged layer were examined by ion channeling.

A 2 MeV He+ ion beam was used for both channeling and RBS experiments. Details

of the channeling measurements and experiments are given in a recent handbook on

ion beam analysis [124]. Backscattered spectra were analyzed using the RUMP code

[125]. A schematic diagram of the backscattering spectrometry accelerator used for

the ion-beam analysis is shown in Figure 3.5.

Forward recoil elastic spectrometry was used to detect the hydrogen in DLC

coatings. In this technique, instead of measuring the energy of backscattering helium

ions, the energies of emitted hydrogen ions are measured. The details of this

technique have been discussed by J.C. Barbour and B. L. Doyle in Ref. [124]. A 2

MeV He+ ion beam was used for this analysis.

3.2.3 Residual Stress Measurements

Intrinsic stresses caused by processing were calculated by measuring the radius

of curvature of silicon samples before and after deposition. The stress in thin films

deposited on a single crystal can be determined using the Stoney equation [126],

where:

c is the stress,
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Figure 3.5. Schematic diagram of a backscattering spectrometry accelerator.
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Es is the bi-axial modulus of the substrate,

ts and tf are the thickness of the substrate and film, and

Fd and Fs are the curvatures of the deposited and uncoated silicon, respectively.

For measuring stresses, specimens of size 5x38 mm in dimension were cut from single

crystal Si(100) wafers.

3.2.4 Hardness Measurements

Hardness measurements were performed using a nanoindenter. Because the

depth of the microindent is always larger than the thickness of the modified layer (0.1-

5 ^.m), conventional hardness testers cannot be used to measure the hardness

properties of thin surface modified layers. Moreover, in conventional microhardness

tests, the hardness is obtained by imaging the indent after the the load is removed.

When the indents are small as those in a nanoindenter, large errors are introduced

when the indent diagonal lengths are measured. To measure the hardness of the thin

modified layers, indents have to be very small. Depth sensing instruments must be

employed to measure hardness of thin modified layers [127]. The depth measured

during the indentation includes both plastic and elastic displacements. To obtain the

hardness, the elastic contribution must be subtracted from the data.

A schematic diagram of the nanoindenter setup is shown in Figure 3.6a.

A Berkovich indenter is a three-sided pyramid and was used as the indenter tip.

A capacitance gauge was used to determine the position of the indenter. A coil and a

magnet assembly located at the top of the loading column were used to drive the

indenter towards the sample. The force imposed on the column was controlled by

varying the current in the coil. The loading column was suspended by flexible springs,

and the motion was damped by air flow around the center plate of the capacitor, which

was attached to the loading column.
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A typical nanoindentation test involved moving the indenter towards the

surface of the material and measuring the forces and displacements associated with the

indentation process. The surface was located for each indentation by lowering the

indenter at a constant rate against suspending springs and by detecting changes in the

force on contact with the surface. In testing mode, the load was incremented to

maintain a constant velocity. The load and indentation depths were measured during

both the loading and unloading cycles. The force contribution of the suspending

springs and the displacements associated with the measured compliance of the

instrument were removed.

A typical loading and unloading curve in a nanoindentation test is shown in the

Figure 3.6b. The slope of the unloading curve is used to calculate the modulus of

elasticity. The slope, S, is given by

where:

J 1-Vp 1-V?
Er Eo Ej

hp is the plastic depth,

Eois the indenter modulus,

v0 is the Poisson's ratio of indenter,

Ej is the sample modulus, and

Vj is the Poisson's ratio of sample.

An assumption must be made on the value of Poisson's ratio of sample. The plastic

depth can be calculated from the load-displacement curve by fitting a tangent to the

unloading curve at maximum load and then extrapolating to zero load.
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Figure 3.6b. Typical loading and unloading curve of an
indentation test.
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The x intercept at the extrapolated zero crossing is known as the plastic depth. Since

the plastic depth and the geometry of the indenter are known, the projected area in

contact with the indenter can be calculated.

Hardness values were calculated using

"•xft
where:

L(d) is the measured load, at a given depth

A(d) is the projected area of the indent at a given depth, and

d is the displacement depth from the surface.

Multiple indents were made on each sample, and the data were averaged. By using

plastic depth to obtain the projected area, the data were corrected for elasticity. The

maximum indent depth was kept below 10% of the coating thickness to minimize

substrate effects on the measured hardness and modulus [128,129].

3.2.5 Tribological Investigations

Friction and wear properties of materials were performed using a pin-on-disc

(POD) apparatus. Information on both friction and wear were obtained by a single

test. The testing conditions are summarized in Table 3.2. Elastic moduli and

Poisson's ratio of the uncoated silicon and the sliders are given in Table 3.3.

3.2.5.1 Pin-on-Disc Apparatus

Wear tests were performed without lubrication at room temperature in air at

controlled humidity. Spheres of AISI52100 steel and ruby 6 mm in diameter were

used as the pin. In this setup, the pin was mounted on a weighted arm that rested on a

flat rotating disc. The pin was examined for major processing defects using an optical

microscope. This setup is shown in Figure 3.7. Before each wear test, both pin and

disc were degreased by ultrasonic cleaning in acetone followed by isopropyl alcohol.
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The sliding speeds were changed by changing the rotation speed of the disc. The static

contact stress for a sphere resting on a plane disc was calculated using Eqn. [2.6].

3.2.5.2 Wear Measurements

Wear area was determined by integrating the surface profiles of a wear track

taken perpendicular to the sliding direction. In this study, wear area measurements

were performed at four positions along the wear track. The ridges that were observed

at the sides of the wear track that were caused by the plastic deformation of the discs

were neglected. To compare the various samples, the wear factor was calculated. The

wear factor is defined as the wear volume per unit load per unit sliding distance and

expressed as mm3/N.m [55].

The wear factor, W, is given by

W = r ~ - [3.14]

where:

V= Wear volume (mm3),

L= Total sliding distance (m), and

Fĵ = Normal Load (N)

3.2.5.3 Wear Morphology

The morphology of the wear tracks was examined with a high-resolution field

emission gun JEOL6300 scanning electron microscope and a Nanoscope-III AFM.

The atomic force microscope (AFM) was operated in contact and tapping modes, with

silicon nitride and silicon tips, respectively.

3.2.6 Fracture Toughness Measurements

Fracture toughness tests were performed using a Vickers indenter with loads

ranging from 25 to 1000 grams. The indentation axis was normal to the specimen
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Table 3.2 Test conditions for tribological investigations.

Sample

Silicon
Silicon
DLC coatings
Silicon
Amorphous BCN coatings

Slider

52100 steel
Ruby
Ruby
Ruby
Ruby

Load
(N)
0.04
6.25
6.25
0.80
0.80

Static Contact Stress
(GPa)
0.250
1.17
1 .0
0.80

1.1-1.2

Sliding Speed
(mm/sec)

9.4
62.8
62.8
62.8
62.8

<1to

Table 3.3 Modulus and Possion's ratio of the sliders.

Sample

Silicon
52100 steel
Ruby

Modulus
(GPa)
180
201
379

Poisson's Ratio

0.35
0.28
0.28



Friction force
transducer

Disc
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Figure 3.7. Schematic diagram of a POD apparatus to measure
friction and wear.
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surface. The indentation cracks were parallel to the silicon (001) planes. The criteria

for a well-defined crack is given by C > 2a, where C is the crack length and 2a is the

diagonal of the indent [130]. The crack length was determined by averaging the data

of four indents made at every load. The residual stress intensity factor for this type of

crack geometry is given by [130]

Kr=X^r [3.15]

where:

P is the peak contact load, and

X is a material constant, that depends on the hardness,

For brittle materials, % is taken as 0.016(E/H)1/2 [130].

where:

H is the the hardness, and

E is the Young's modulus.

The residual stress intensity factor was taken as the fracture toughness of the material

when cracks are at equilibrium. Figure 3.8 shows an indentation technique and the

crack geometry used for these measurements.

The indentation technique can be used to determine the fracture toughness of

coatings deposited on brittle substrates. In this case, the residual stress intensity factor

comes from the superposition of stress intensity factors due to the film and the

substrate. Thus, the fracture toughness of coating-substrate systems determined by

this technique is referred to as the apparent or effective fracture toughness of the

coating-substrate.
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Figure 3.8. (a) Deformation and fracture due to Vickers indentation (side view),
(b) Indentation pattern (plane view).
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Chapter 4 Implantation Studies of Silicon

In semiconductor technology, silicon is the dominant material used in

microelectronic and micromechanical devices because of its excellent processing

properties. The friction and wear behavior of implanted silicon has been addressed in

several reports [22-26]. The research in these reports was aimed at understanding and

controlling both friction and wear at microscopic and macroscopic levels by

implantation of a single gas species into silicon [22-26]. However, there are no reports

on the influence of implantation with multiple ion species into a single crystal silicon

substrate. The aim in this study was to characterize the tribological and mechanical

properties of a silicon substrates implanted with both carbon and nitrogen ions and to

compare it with single implants of carbon and nitrogen. These mixed implantation

studies on silicon crystal substrates are divided into two chapters. This chapter

focuses on the characterization of implanted surfaces of silicon. Chapter 5 addresses

the investigation of mechanical and tribological properties of implanted silicon.

4.1 Objective

One objective of this study was to examine the predictive capability of ion-

solid interaction theory with experimental results. Specifically, implantation

parameters such as projected range, straggling, and retained dose were examined.

Complete analysis required the investigation of the microstructure of the implanted

layer. Thus, this chapter focuses on the calculation of implantation parameters using

analytical expressions, computer simulations, and ion beam analysis.

4.2 Implantation of Silicon

Samples of single-crystal silicon with an orientation of (100) were implanted

with ions of carbon and nitrogen with an energy of 60 keV at room temperature using
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a beamline 200 keV implanter. The sample was tilted 6-7° to minimize ion channeling

effects. Typical ion implantation doses used were:

4xlO17 C+ ions/cm2,

4xlO17 N+ ions/cm2,

4x10" C+ ions/cm2 + 4xlO17 N+ ions/cm2

8xlO17N+ions/cm2, and

8xl017 C+ ions/cm2.

To minimize surface contamination during implantation, a cryo shield

surrounding the sample was cooled to liquid nitrogen temperatures. A background

pressure of about 2x10~6 Torr was maintained.

4.3. Results

The results of carbon and nitrogen implanted silicon are presented in the following

order.

1) Determination of the projected range and straggling of the implanted species

2) Investigations of the microstructure

3) Characterization of the surface roughness

4) Discussion of the results

4.3.1. Determination of Projected Ranges and Straggling of the Implanted
Species

The projected range and straggling of the implanted species were determined

on the calculations using analytical expressions, computer simulations, and Rutherford

backscattering spectrometry (RBS).

4.3.1.1 Calculations from Analytical Expressions

Analytical equations 3.1 to 3.8 described in Chapter 3 were used to estimate

the projected range, Rj,; straggling, AR^ peak atomic density, Np; and peak atomic

concentration, C ; of a implanted species. The values of £, the reduced energy, and k,
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the stopping factor, for nitrogen-implanted silicon at 60 keV were 4.3 and 0.25,

respectively. From Table 3.1, the reduced range, pL, was 8.83. The range of ions, R,

from Eqn.[3.8] was determined as 297.4 nm. The projected range, Rp, and straggling,

ARp, for nitrogen-implanted silicon from Figure 3.1c were calculated to be 174.2 nm

and 111.5 nm, respectively. A similar analysis for 60 keV carbon in silicon gave

183.6 nm and 116.1 nm for Rp, and ARp, respectively. These results are summarized

in Table 4.1.

The mass and atomic number of carbon ions are lower than nitrogen ions,

hence the projected range of carbon ions into silicon was higher than the nitrogen ions.

The atomic peak concentration was calculated using Eqns. 3.2 and 3.3. The atomic

peak concentration increased with dose. For example, the peak atomic fraction of

nitrogen increased from 0.21 to 0.36 when the dose was increased from

4xlO17 N+ ions/cm2 to 8xlO17 N+ ions/cm2.

The analytical expressions used in the above analysis were derived for a

constant homogenous composition target. These expressions cannot be used simply

and accurately to determine the projected range, Rp, and straggling ARp, for evolving

compositional changes or targets with non-homogenous composition. Thus, for

mixed-implant specimens the projected range, Rp, and straggling, ARp, cannot be

estimated from analytical expressions.

4.3.1.2 Computer Simulations

As discussed in Chapter 3, TRIM [105] is the most commonly used program to

calculate ion ranges and damage. Figure 4.1 shows the profile of Monte Carlo

simulations of carbon and nitrogen implantation into silicon. The results obtained

from these simulations are summarized in Table 4.2. These data indicated that the

carbon ions penetrated deeper than nitrogen ions, in agreement with analytical results,
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Table 4.1. The results for projected range were in reasonable agreement with

estimated values from analytical expressions. However, the TRIM straggling was less

than analytically estimated by a factor of 2. This suggests that the analytical

expressions that were used are not accurate.

For a mixed-implant sample, where both carbon and nitrogen were sequentially

implanted into same sample, the simulations were done to estimate the projected range

of nitrogen ions by assuming the target is composed of three layers. The first layer

was assumed to be 100 nm thick and 100% silicon; the second layer was 300 nm thick

and had 0.64 and 0.37 atomic fraction of silicon and carbon, respectively. The third

layer was 1300 nm thick silicon. These simulations predicted the projected range and

straggling of nitrogen ions in carbon implanted silicon as 134 nm and 36 nm,

respectively.

4.3.2 Ion Beam Analysis

Experimentally, the projected range, straggling, and atomic concentration of

the implanted species were determined by RBS. The width of the modified layer was

determined by channeling measurements.

4.3.2.1 Rutherford Backscattering Spectrometry Analysis

Figure 4.2a-b shows the RBS spectra of the carbon implanted samples to a

doses of 4xlO17 C+ ions/cm2 and 8xlO17 C+ ions/cm2. The simulated spectra are also

shown in Figures 4.2a-b. The data were fit to a Gaussian distribution from which the

peak concentration, location of the peak concentration, and concentration full-width

half maximum were calculated. These results are summarized in the Tables 4.3 and

4.4.

The ion beam analysis was performed using RUMP [125]. To get a

compostional analysis, the data was fit to a Gaussian form defined by the following

expression.
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exp -41n(2)
x-p(2)

L P(3) .

where:

_
ln(2)

« P(3)

p(l) is the integral of the Gaussian (atoms/cm2),

p(2) is the depth of the layer (atoms/cm2),

p(3) is the full width half maximum (FWHM) of the Gaussian distribution

(atoms/cm2), and

Cp is the mole fraction of implanted ion species.

Depth of the layer and FWHM could not be expressed in units of thickness

since the information on the variation of density with depth was not available.

However, assuming the density of the modified layer was in the range of the

crystalline silicon 5xlO22 atoms /cm3, the projected range, Rp, and the straggling,

of the ions could be calculated. These data are summarized in Table 4.4.
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Table 4.1 Results from analytical expressions.

Sample

Unimplanted
4xl(T C+ ions/cm'
4x10" N+ions/cm'
8x10" N+ions/cm"
8x10" C+ ions/cm'

Projected Range
Rp(nm)

—
183.7
174.2

—
—

Straggling
ARp(nm)

—
116.1
111.5
—
—

Peak atomic
concentration

Np(1022 atoms/cm3)

1.4
1.4
2.8
2.8

Atomic fraction
of the implanted

species

cp—
0.22
0.22
0.36
0.36

00
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Figure 4.1 Implanted profile of carbon and nitrogen ions from Monte Carlo
simulations.
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Table 4.2 Projected range and straggling of carbon and nitrogen ions into Si(100)
from Monte Carlo simulations using TRIM [105].

Sample

Unimplanted
4xlOl)C+ions/cmi

4x10" N+ions/cmz

8x10" N+ ions/cmz

8x10" C+ions/cm'

Projected Range
Rp(nm)

—
177.3
152.8
—
—

Straggling
ARp(nm)

—
52.3
48.7
—
—

Peak atomic
Concentration

N.
(1022 atoms/cm3)

—
3.29
3.06
6.12
6.60

Atomic fraction
of the implanted

species
Cp

—
0.37
0.40
0.57
0.55

oo
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Figure 4.2a Rutherford backscattering spectra of the sample implanted
with 4xlO17 C+ ions/cm2.

84



30

0
100

Energy (MeV)
0.4 0.6 0.8 1.0 1.2 1.4

-8xlO17 C+ ions/cm2

•Unimplanted
-Simulation

200 300 400
Channel

500 600

Figure 4.2b Rutherford backscattering spectra of the sample implanted
with 8xl017 C+ ions/cm2.
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RBS studies indicated that the peak atomic fraction of the nitrogen ions was

approximately 0.47 in the sample implanted with 4xlO17 N+ ions/cm2. When the dose

was increased to 8xlO17 N+ ions/cm2, the concentration of nitrogen ions changed to 0.72.

This peak atomic fraction of nitrogen ions was greater than the amount of nitrogen

(0.57) required to form stoichiometric silicon nitride (Si3N4). Similarly, the peak

concentration increased with dose for the carbon-implanted samples. For the sample

implanted with 8xl017C+ ions/cm2, the peak concentration was greater than the amount

of carbon (50%) required to form stoichiometric silicon carbide (SiC).

In the mixed-implant sample, the measured range of nitrogen ions was 78 nm as

compared to 160 nm, the range in silicon. The carbon-implanted sample had a higher

density of scattering centers as compared to unimplanted silicon. For example,

Nsi=5xl022 atoms/cm3, whereas NSiC=7.4xlO22 atoms/cm3. As a result, a higher energy

loss (dE/dx) can occur in the carbon-implanted sample, leading to a reduction in the

projected range of the ions relative to pure silicon. Thus, the range of nitrogen ions in

carbon-implanted silicon was less than in silicon.
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Table 4.3 Results from RBS analysis in units of 10" atoms/cm2.

Sample

Unimplanted
4xlOwCT ions/cm*
4x10" N+ions/cmz

8x10" N+ ions/cmz

8x10" C+ ions/cm'

P(l)
1017atoms/cm2

—
2.0
3.7
6.9
6.8

P(2)
1017 atoms/cm2

—
9.0
8.0
9.0
10.0

P(3)
1017atoms/cm2

—
4.6
7.2
8.9
8.9

Mole fraction of
the implanted

species

cP—
0.40
0.47
0.73
0.72

4x10" C+ ions/cmz + 4x10" N+ ions/cm"
C-portion of the implant
N-portion of the implant

4.0
4.0

10.8
3.9

6.2
5.6

0.61
0.67

00



Table 4.4 Results from RBS analysis in units of nm.

Sample
Unimplanted
4xlOliC+ions/cm'
4x10" N+ions/cmz

8x10" N+ ions/cm'
8x10" C+ions/cur1

Retained Dose
10natoms/cm2

—
2.0
3.7
6.9
6.8

nnf

—
180
160
180
200

FWHM
nma

—
92
144
178
178

nm

—
39

61.1
75.6
75.6

4x10" C+ ions/cm" + 4x10" N+ ions/cmz

C-portion of the implant
N-portion of the implant

4.0
4.0

216
78

124
112

38.6
47.6

00
oo

a : Assuming the density of the modified layer is 5.0x1022atoms/cm\



4.3.2.2 Channeling Measurements

Crystal orientation influence on ion penetration is known as channeling. If a

single crystal is oriented with a major pole parallel to the incident beam direction, the

yield from backscattered ions is small since the channeled ions do not make close

impact collisions with the lattice atoms. Channeled ions also have a lower rate of

energy loss, and hence a greater range than those of nonchanneled ions. This technique

can be used to calculate the crystallinity of the ion-implanted region [124].

Figures 4.3a-b show the channeling spectra of the unimplanted sample and the

nitrogen-implanted samples, i.e., (4xlO17 N+ ions/cm2and 8xlO17 N+ ions/cm2). These

spectra indicated that the yield was the same for the channeled and random directions,

suggesting that the modified layer could be amorphous or poly crystalline, with grains

oriented at random. TEM studies performed to confirm the crystallinity of this

modified layer revealed the amorphous nature of the layer. These results are discussed

in section 4.4. The channeling data of other implanted samples, which are not shown

here, indicated that the crystallinity of implanted layers was similar to those shown in

Figures 4.3a-b. The width of the modified ion layer, including implantation and

radiation damage, was calculated from these channeling data using RUMP [125]. The

width of the ion-modified layer was observed to increase with dose. The results are

summarized in Table 4.5.
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Table 4.5 Width of the ion-modified layer from channeling measurements.

Sample

Unimplanted
4xlOiiC+ions/cmz

4x10" N+ ions/cmz

4x10'' C+ ions/cmz + 4x10" N+ ions/cmz

8x10" N+ions/cm"
8xl0 i ;C+ions/cmz

Width of the
ion-modified layer"

from channeling
measurements (nm)

—
300
290
350
320
330

a: Includes implantation and radiation damage.

4.4 Microstructural Investigations

To investigate the crystallinity of the ion-modified layers, TEM studies were

performed. Figure 4.4 shows a typical selected area diffraction pattern of the modified

layers. The diffraction patterns have diffused rings, indicating the amorphous nature of

the modified layers at all doses. The bright-field images of the samples implanted with

4xlO17 N+ ions/cm2, 8xlO17 N+ ions/cm2, 8xlO17 C+ ions/cm2, and the mixed implant

(4xlO17 C+ ions/ cm2 + 4xlO17 N+ ions/cm2 ) are shown in Figures 4.5 to 4.8.

Figure 4.5 shows the TEM bright-field image of the sample implanted with

4xlO17 N+ ions/cm2. This micrograph indicates the modified layer was amorphous.

When the dose was increased to 8xl017 N+ ions/cm2, TEM data revealed bubble

formation in the entire modified region (Figure 4.6). In contrast, for the sample

implanted with 8xlO17 C+ ions/cm2, no bubbles were observed (Figure 4-7). At a high
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Figure 4.3a Channeling spectra of the sample implanted with 4xlO17 N+ ions/cm2 and
the uncoated silicon.
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Figure 4.3b Channeling spectra of the sample implanted with 8xlO17 N+ ions/cm2 and
the uncoated silicon.
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Figure 4.4. Selected area diffraction pattern of the modified layers for
4xlO17 C + ions/cm2.
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Figure 4.5. TEM bright-field image of 4xlO17 N + ions/cm2
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Surface

Figure 4.6. TEM bright-field image of 8xlO17 N+ ions/cm2.
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Figure 4.7. TEM bright-field image of 8xlO17 C+ ions/cm2.
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Figure 4.8. TEM bright-field image of 4xlO17 C + ions/cm2 + 4xlO17 N+ ions/cm2.
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dose where the solubility of nitrogen in silicon was exceeded, nitrogen ions that were

trapped formed gas bubbles, whereas carbon ions might have precipitated forming

bonds with other carbon ions.

The bright-field image of the sample implanted with the mixed dose of 4xlO17

C+ ions/cm2 + 4xlO17 N+ ions/cm2 indicated less dense material at approximately

85 nm from the surface (Figure 4.8). RBS data also indicated a nitrogen peak at 75 nm

with an atomic fraction of nitrogen of about 0.6. The TEM and RBS measured ranges

for nitrogen were in good agreement. At this projected range, the concentration of the

implanted nitrogen ions might have exceeded the stochiometric composition of silicon

nitride. As in the case of 8xlO17 N+ ions/cm2, the peak atomic fraction of nitrogen might

have exceeded the solubility limit to form less dense material at the projected range in

the material. The width of the modified layers calculated from the bright-field images

are summarized in Table 4.6.

Table 4.6 Width of the ion-modified layer from TEM measurements.

Sample

Unimplanted
4xlOi;C+ions/cmz

4xl01'N+ions/cmz

4x10" C+ ions/cmz + 4x10" N+ ions/cmz

SxlO^N+ions/cm"
8X101' C+ ions/cmz

Width of the
ion modified layera from

TEM measurements
(nm)
—
257
278
314
—

275
a: Includes implantation and radiation damage.

4.5 Roughness Characterization

Figures 4.9 a-f show roughness measurements obtained using AFM before and

after implantation. Lighter regions correspond to a higher degree of elevation in these

AFM figures. The RMS roughness of silicon before implantation of 0.14 nm changed

to 0.21 nm when implanted with 4xl017C+ions/cm2. The RMS roughness
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determined from these measurements for the unimplanted and implanted samples at the

start of the wear tests are summarized in Table 4.7.

Table 4.7 Roughness values of the implanted and unimplanted Si(100) samples
measured by AFM.

Sample

Unimplanted
4xlOjiC+ions/cmz

4xl01'N+ions/cmz

4x10" C+ ions/cmz + 4x10" N+ ions/cmz

8x10" mans/cm"
8x10" C+ ions/cm^

RMS roughness in nm
for a scan area
2.5|i,mx 2.5fim

0.14
0.21
0.42
0.91
2.4
0.15

4.6 Discussion of Results

The projected range and straggling were calculated from analytical equations,

and computer simulations, and were measured by RBS. Analytical and computer

simulations were based on the Gaussian shape of the implanted profile. The doses that

were used in this study were high, and the implanted profile deviated from Gaussian. In

O^i
the equation for N , N p = — , the value (̂  was taken as the implanted dose in

AKp

analytical and computer simulations. The estimated peak concentration and atomic
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Figure 4.9 Atomic force microscopy images
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fraction of the implanted species predicted by analytical calculations were less than the

measured values. These difference are due to the high estimated values of ARp in the

analytical approach.

The results obtained for the projected range of the implanted ions from

analytical and TRIM calculations were in good agreement. For example, the projected

range of carbon ions into silicon from TRIM calculations were 177.3 nm, which is in

reasonable agreement with the values obtained by analytical expressions; i.e.,

183.7 nm. Similarly, the analytical calculations of the projected range of nitrogen ions

into silicon matched with TRIM calculations. However, the values for straggling of

single implants of nitrogen and carbon ions into silicon from analytical expressions and

TRIM calculations were in poor agreement, with TRIM values being less than the

analytical calculated values.

Experimentally determined values for the projected range of carbon and nitrogen

ions into silicon were in also in agreement with the values predicted by TRIM. For

example, the projected range of carbon ions into silicon from TRIM calculations were

177.3 nm, which was in reasonable agreement with the values obtained experimentally

using RBS; namely, 180.0 nm. The straggling predicted values by Monte Carlo

simulations were within 35% of the experimentally determined values. As discussed by

Nastasi et al. [16], simultaneous occurrence of sputtering, radiation enhanced diffusion,

and compound formation with an increased dose could be responsible for the

asymmetry of the implanted Gaussian profile. In addition, these phenomena can also

lead to deviations from predictions and can result in higher straggling with increased

dose. Thus, as expected, the experimentally measured straggling at higher doses

(8xlO17 C+ ions/cm2) was 75.6 nm, as compared to 39 nm at a lower dose (4xlO17 C+

ions/cm2).

The atomic concentration of carbon and nitrogen in the mixed implant (4C+4N),

were higher than observed at the lower dose of single implants of carbon ions (4C) or
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nitrogen ions (4N). There is no simple method to determine the density and its variation

throughout the modified layer. In this data analysis, the density of the modified layer

was assumed to be uniform and could give rise to a higher measured peak atomic

concentration than actually present.

The TEM bright-field image of the sample implanted with 4xlO17 N+ ions/cm2

indicated that the modified layer was amorphous. The measured atomic concentration

of nitrogen ions was 73% when the dose was increased to 8xlO17 N+ ions/cm2. This

fraction exceeds the concentration of nitrogen ions that is needed to form stoichoimetric

silicon nitride. The excess nitrogen ions formed bubbles throughout the entire modified

region (Figure 4.6). These bubbles were due to coalescence of nitrogen molecules that

were formed when N-N bonds reached a critical density. Kinetics and thermodynamics

of the bubble formation are discussed in the next chapter. Although the concentration

of carbon ions that is needed to form stoichiometric silicon carbide was exceeded for

the sample implanted with 8xlO17 C+ ions/cm2, no bubbles were observed (Figure 4-7).

At a high dose of nitrogen the solubility of nitrogen in silicon was exceeded. Nitrogen

ions that were trapped formed gas bubbles. In contrast, at a high dose of carbon ions,

the excess carbon ions may have precipitated forming bonds with other carbon ions.

Thus, small regions of graphite or diamond could be found in the sample implanted with

high dose of carbon ions.

The bright-field image of the sample implanted with the mixed dose of 4xlO17

C+ ions/cm2 + 4xlO17 N+ ions/cm2 indicated less dense material at approximately

85 run from the surface (Figure 4.8). This distance corresponded to the measured depth

of the projected range of nitrogen ions in carbon-implanted silicon measured by RBS.

At this depth the peak atomic fraction might be slightly greater than 0.57. The

concentration of N-N bonds might not have been sufficient to form bubbles.

The width of the damaged layer measured by TEM studies (Table 4.6) was

compared with the width of the ion-modified layer determined by the channeling data
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(Table 4.5). Agreement between the two measurements was good. For example, the

width of the modified layer for a sample implanted with 4xlO17 C+ ions/cm2 measured

by channeling experiments was 300 nm, whereas TEM measurements revealed the

modified layer to be 257 nm. The slight difference in the thickness values arose from

not taking atomic density changes into account when estimating thickness from the

channeling data.

AFM measurements revealed changes in the surface roughness of the implanted

samples. Sputtering and formation of new compounds may have contributed to these

changes in the roughness.

4.7 Conclusions

When the projected range and straggling obtained from analytical equations,

computer simulations, and RBS data, were compared, the limitation of these methods

became evident. For example, the range estimated by analytical equations, computer

simulations, and RBS data are in agreement. However, the straggling estimated by the

analytical expressions is twice the value obtained by computer simulations. The

analytical expressions were derived for a constant homogenous composition target,

single-implantation event and do not account for sputtering. It was also found that by

using analytical expressions, the projected range, Rp, and straggling, ARp, for mixed-

implant specimens could not be estimated.

The analytical equations and ion beam analysis assumed a Gaussian distribution

of an implanted profile. The implantation doses used in the present experiments were

high. At these high doses (4xlO17 and 8xlO17 ions/cm2), the implantation profile

deviated from the Gaussian distribution. Similar to the analytical expressions, the ion

beam analysis also assumed the density of the modified layer to be uniform. However,

the changes in the composition that arise from the implantation could give rise to higher

measured peak atomic concentration than actually present. In the Monte Carlo

simulations, the results were averaged over many simulated particle trajectories.
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TEM studies revealed that implantation of carbon and nitrogen ions at doses of

4xlO17 and 8xlO17 ions /cm2 into Si(100) produced an amorphous layer. The width of

the modified layer determined by TEM and channeling measurements were in

agreement. The studies also indicated that there was a limit on the solid solubility for

nitrogen ions at room temperature. TEM data indicated bubble formation in the sample

implanted with a dose of 8xlO17 N+ ions/cm2. For the sample implanted with 8xlO17 C+

ions/cm2, no bubbles were observed.

In summary, implantation of carbon and nitrogen ions at doses of

4xlO17 ions/cm2 and 8xlO17 ions/cm2 into Si(100) produced an amorphous layer. The

peak atomic concentration of the implanted species increased with dose. The width of

the modified layer, determined by TEM and channeling measurements were in

agreement.
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Chapter 5 Mechanical and Tribological Properties
of Implanted Silicon

Ion implantation is useful for improving tribological properties because of its

ability to precisely control the composition of the modified layer and to produce strong

adhesion of the ion-implanted layer to the substrate. Applications and examples of the

ion implantation process to modify the friction and wear properties of metals, metallic

alloys, ceramics, and polymers [17-22] are discussed in Chapter 2.

There are several reports on the investigations of tribological properties of ion-

implanted silicon in the literature [23-26]. J. Lekki et al. [23] implanted argon ions into

silicon, and their data suggests that no chemical change was required in the modified

layer to improve friction and wear properties. They suggested that the defects created

during the implantation propagated below the surface during the wear process and

helped reduce friction. Carbon-implantation studies on silicon by Miyamoto et al. [25]

indicated that the wear resistance of implanted silicon was greater than that of

unimplanted silicon. XPS studies revealed that the structure of the carbon implanted

region was similar to that of SiC. Gupta and Bhushan [26] studied the friction and wear

behavior effect of carbon and nitrogen implantation into single-crystal and

polycrystalline silicon as a function of dose and energy. Their studies indicated a

change in the chemistry of the near-surface region that improved the tribological

properties of silicon. There are no reports on mixed implantation of carbon and

nitrogen ions into silicon.

5.1 Objective

The objective of this research was to investigate whether mixed implantation can

be effective in improving the tribological properties of single crystal silicon. In light of

the general correlation between the hardness and wear resistance discussed in Chapter 2
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(Eqn. [2.4]), creating a harder phases such as silicon carbide or silicon nitride may

improve its tribological properties. Silicon carbide and silicon nitride have high

hardness and good wear resistance [54]. Thus, two possible species that can be

implanted into silicon are carbon and nitrogen ions. This study explored the promising

materials that may result from the mixed implantation of carbon and nitrogen ions and

an understanding of the tribological performance of silicon implanted with both carbon

and nitrogen ions along with the single implants of carbon and nitrogen.

The experimental details and results on the characterization of carbon and

nitrogen ions into single crystal silicon were discussed in the previous chapter. Some of

the results obtained in the previous chapter, that will be used in this chapter are

recapitulated here. Implantation of carbon and nitrogen ions at a doses of 4xlO17 and

8xlO17 ions /cm2 into Si(100) produced an amorphous layer. The TEM bright-field

image of the sample implanted with 8xlO17 N+ ions/cm2 indicated a low-density region

that was caused by nitrogen ions trapped in the form of bubbles in the entire modified

region (Figure 4.6). RBS studies indicated that the peak atomic fraction of the nitrogen

ions was, approximately 0.47 and 0.72 in the samples implanted with 4xlO17 N+ ions/cm2

and 8xl017 N+ ions/cm2, respectively. The peak concentration also increased with dose

for carbon implanted samples. For the sample implanted with 8xl017 C+ ions/cm2, the

peak concentration was greater than the amount (50%) required to form stoichiometric

silicon carbide.

5.2 Results

The results of the investigations of the mechanical and tribological properties of

the implanted silicon are presented in the following order.

1) Surface hardness

2) Tribological properties

3) Discussion of results
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5.2.1 Surface Hardness Measurements

Surface hardness of the unimplanted samples and the implanted sample was

measured using a nanoindenter. Figures 5.1 and 5.2 show the hardness, measured using

a nanoindenter, as a function of penetration depth. Table 5.1 summarizes the hardness

and modulus of the unimplanted and implanted Si(100) at a depth of 57 nm. The width

of the modified layer, as determined from TEM measurements for different samples,

varied from 250 nm to 315 nm. Thus, to minimize substrate effects, the depth at which

the hardness is presented, 57 nm, is only a fraction of the modified layer.

The hardness of the sample implanted with 4xlO17 N+ ions/cm2 was found to be

almost the same as the unimplanted sample (Figure 5.1). However, with an increase in

dose (8xlO17 N+ ions/cm2), a decrease in hardness relative to the unimplanted sample

was observed (Figure 5.1).
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Figure 5.1 Surface hardness as a function of depth for nitrogen-implanted samples.
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In the carbon-implanted samples, hardness increased by 6% at low dose (4xlO17

C+ ions/cm2) and by 30% at a higher dose (8xlO17 C+ ions/cm2) relative to the

unimplanted sample (Figure 5.2).

Surface hardness of the samples implanted with 4xlO17 C+ ions/cm2 and 4xlO17

N+ ions/cm2 were 17.3 GPa and 15.7 GPa, respectively. However, the hardness of

sample implanted with both 4xlO17 C+ ions/cm2 and 4xlO17 N+ ions/cm2 was found to be

21.8 GPa. The magnitude of the hardness after a mixed implant is nearly same as the

hardness measured from the sample implanted with 8xl017 C+ ions/cm2, as shown in

Figure 5.2.

5.2.2 Tribological Studies

Friction and wear tests were performed using a pin-on-disc (POD) apparatus

with a AISI52100 steel pin under contact stress of 225 MPa and at 35% relative

humidity. The contact stress, 225 MPa, was less than the yield strength of silicon, 5

GPa, thus minimizing wear by plastic deformation. Friction data of the unimplanted

sample and the implanted samples are shown in Figures 5.3 and 5.4. The sample

implanted with 4xlO17 N+ ions/cm2 showed a slight decrease in the coefficient of friction

relative to the unimplanted sample. However, the sample implanted with 8xl017 N+

ions/cm2 showed an increase in the coefficient of friction.

The carbon-implanted samples (4xlO17 C+ ions/cm2 and 8xl017 C+ ions/cm2)

showed a low coefficient of friction for about 300 cycles and then increased to the value

of the unimplanted sample (0.6). The sample implanted with both carbon and
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Figure 5.2 Surface hardness as a function of depth for carbon-implanted samples.
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Table 5.1 Hardness, modulus, and wear factor of the unimplanted and implanted Si(100).

Sample

Unimplanted

4x10" C+ ions/cmz

4x10" N+ions/cm2

4x10" C1" ions/cm2 +
4xlO17 N+ ions/cm2

8x10" N+ions/cm2

8x10" C+ions/cm2

Hardness*
GPa

16.0+0.7

17.3+1.1

15.7+0.9

21.8 ±1.0

12.3 ±0.8

21.0+1.0

Elastic Modulus*
GPa

191.0 ±9.0

200.6 ±8.9

188.3 ±8.3

217.5 ±7.0

155.0 ±0.6

219.6 ±8.7

Wear Factor for 660
Cycles

(10-6mm3/N.m)
229.7

103.4

252.1

162.1

Scattered

67.1

* : Measurements taken at a depth of 57 nm
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nitrogen (4xlO17 C+ ions/cm2 + 4xlO17 N+ ions/cm2) showed a low coefficient of friction

for about 100 cycles.

The wear morphology of the samples implanted with 4xlO17 C+ ions/cm2 and

8xlO17 N+ ions/cm2 after 150 cycles is shown in Figure 5.5. The morphology of the

wear tracks after 660 cycles of sliding for a variety of implant conditions are shown in

Figures 5.6 and 5.7. These scanning electron micrographs revealed parallel grooves

running along the wear tracks and loose wear debris inside the track. Wear

morphologies observed for 150 and 660 cycles were similar. In all the cases, no

measurable wear was evident on the slider. A transfer of wear debris to the slider was

observed; however, this wear debris was loose and easily removed by blowing gas.

The RMS roughness value of the 52100 steel pin before the wear test was 3 nm.

After the wear tests, no damage was observed on the pin. The contact radius of the pin

on the silicon substrate for static loading conditions was calculated to be 30 |im. The

roughness measurement of the pins at the end of the wear tests were difficult. Hence,

as an upper boundary, after the wear tests, the RMS roughness of the pin was assumed

to be close to the RMS roughness of the disc in the plasticity index calculations. The

measured roughness values of the wear tracks are summarized in Table 5.2. These

values of roughness were used to evaluate the plasticity index using Eqn. [2.1].
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Figure 5.5. SEMs showing the morphology of the wear tracks after 150 cycles
(a) 4xlO17 C + ions/cm2 (b) 8xlO17 N+ ions/cm2.
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(a)

(b)

(c)

Figure 5.6. SEMs of the wear tracks after 660 cycles
(a) Unimplanted silicon (b) 4xlO17 C + ions/cm2

(c) 8xlO17 C+ ions/cm2.

118



Figure 5.7. SEMs of the wear tracks after 660 cycles
(a) Unimplanted silicon (b) 4xlO17 N + ions/cm2

(c) 8xlO17 N+ ions/cm2.
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Table 5.2 Roughness values of the implanted and unimplanted Si(100) samples after wear tests.

Sample

Unimplanted
4xlO"C+ions/cmz

4xlO"N+ions/cmz

4x10" C+ ions/cmz + 4x10" N+ ions/cmz

8x10" N+ions/cm'
8x10" C+ions/cm"

RMS roughness of
the 150 cycles wear

track in nm for a scan area
2.5jj.mx 2.5|xm

20.6
26.8
2.0
11.2
79.7
8.8

RMS roughness of the
660 cycles wear track in nm

for a scan area
2.5p,mx 2.5\im

62.0
31.1
49.0
21.0
44.5
18.1



Wear track profiles were measured by profilometry for various samples, and

the results are shown in Figures 5.8 and 5.9. The depth of the wear track was less than

the depth of the modified region. The wear area was determined from these wear

profiles. The wear factor, defined as the wear volume per unit load per unit sliding

distance from Eqn.[3.14], after 150 and 660 cycles for all the implanted samples as

well as the unimplanted sample, are shown in Figures 5.10 and 5.11, respectively.

These data show that the trends in the wear factor determined after 150 cycles and 660

cycles were similar. The data also indicated that the carbon-implanted samples had a

lower wear factor as compared to the nitrogen-implanted and unimplanted samples.

Figure 5.12 shows the wear factor as a function of hardness. These data

showed that samples with high hardness had a low wear factor, and samples with low

hardness had a high wear factor. Thus, carbon-implanted samples with high hardness

had a lower wear factor than the nitrogen-implanted and unimplanted samples.
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Figure 5.8. Wear track profiles for Si (100) after 150 cycles
(a) Unimplanted silicon
(b) 4xlO17 C+ ions/cm2

(c) 4xlO17 C+ ions/cm2 + 4xlO17 N+ ions/cm2
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5.3 Discussion of Results

The following discussion addresses surface hardness, friction, and wear

behavior of the unimplanted and implanted samples.

5.3.1 Surface Hardness

Hardness of a material is a measure of resistance to deformation. To a first

order approximation, hardness of a material is related to its bond strength. Thus, the

results of surface hardness of the implanted surfaces was explained using bond

strength data. Since the implanted region had two different atoms (Si and the

implanted species), it is important to know the location and the diffusion of the

implanted species in the silicon lattice. In addition, the solubility of the implanted

species in a silicon lattice can be examined by applying Hume-Rothery rules [131]. In

order to understand the possible sites of the implanted species, it is appropriate to

examine the silicon structure.

Figure 5.13 shows the structure of silicon. There are 8 atoms and 8 interstitials

per unit cell. Taking the silicon atomic radius to be 0.146 nm, only 34% of the volume

of the unit cell is occupied and 66% of the unit cell is free volume. The atomic radius

of the carbon and nitrogen ions are 0.091 nm and 0.075 nm, respectively. The size of

the interstitial site is 0.104 nm. Thus, the relatively open structure of silicon suggests

that carbon and nitrogen ions can easily fit into the silicon lattice as interstiatial

impurities, size, electronegativity, and valency between solute and the solvent. The

difference in atomic size must be no more than 15%. The host and the impurity must

have the same
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Figure 5.13. Structure of silicon.
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The solubility of carbon or nitrogen as a substitutional atom in a silicon lattice

can be examined by applying Hume Rothery rules [131]. According to these rules, the

solubility of the impurity (solute) is limited by the relative difference between atomic

valence and about the same the electronegativity. These conditions are only necessary,

but not sufficient to form complete solubility. It has been proposed that the

electrochemical and relative valence effects dominate the magnitude of the solubility

of impurities in silicon [132].

Table 5.3 summarizes the atomic radii, covalent radii, electronegativity, and

the valency of silicon, carbon, and nitrogen atoms. Both carbon and nitrogen ions

differ by more than 15% in size from the silicon ion, suggesting a limited solid

solubility by substitution. The elements that have valence electrons in the s and p

states may fit in with sp3 bonding of silicon either of by electron sharing or

hybridizing. Because the carbon has 4 valency electrons, the formation of bonds

between carbon and silicon is easy and strong. In contrast, nitrogen has 5 valency

electrons, and thus will be electrically active in the silicon lattice. From the data in

Table 5.3, and according to Hume Rothery rules [131], it is seen that the carbon and

nitrogen cannot form a substitutional solid solution with silicon. Nitrogen and carbon

ions are small and can be incorporated into the silicon lattice at interstitial sites to form

a solid solution. Because nitrogen has five valency electrons, formation of an

interstitial solid solution requires an associated charge balance to maintain electrical

neutrality, which can be accomplished by vacancy formation.

In summary, both carbon and nitrogen have a tendency to form an interstitial

solid solution in the silicon lattice. However, experimental studies involving the

diffusivities of carbon in silicon have shown that the activation energy for diffusion

and the diffusion coefficient are similar to those found for impurities which are known

to diffuse substitutionally [134]. Thus, it appears likely that carbon enters as a

substitutional impurity [134-135].
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Ion implantation has been shown to be capable of forming metastable

crystalline or amorphous solid solutions, with compositions exceeding the equilibrium

solid solubility. Starting with pure silicon with 8 atoms per unit cell, 10.63 atoms of

nitrogen or 8 of carbon are required to form a stoichiometric silicon nitride and silicon

carbide. The maximum number of nitrogen or carbon ions that can fit in the free

volume of a unit cell of silicon can be estimated by assuming that carbon or nitrogen

ions can occupy all the unoccupied space in the silicon lattice. Under these

assumptions, either 31.6 nitrogen ions or 17.5 carbon ions can occupy the empty space

in a metastable silicon. This approximation gives the maximum upper limit of the

number of interstitial atoms that can be placed in the silicon unit cell. Physically, one

may propose that the nitrogen or carbon ions in the silicon structure might need to

satisfy some optimum conditions for bonding and stability, suggesting that only a

fraction of the 31.6 nitrogen ions or 17.5 carbon ions will occupy the empty space in a

metastable silicon structure. In the formation of metastable Si-nitride, it is anticipated

that the nitrogen concentration in solid solution can vary between 57 to 80 at.%,

whereas for Si-carbide, the carbon concentration can vary between 50 to 69 at.%.
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Table 5.3 Summary of atomic radii, covalent radii, valency, and electronegativity of Si, C, and N.

Element

Si

N

C

Atomic
radius3 (nm)

0.146

0.075

0.091

Covalent
radius" (nm)

0.117

0.070

0.077

Valency

4

±3,5,4,2

±4,2

Electronegativity"

1.8

3.04

2.5

(rsi-ri)/rsi

—

0.49

0.38

(EN)si-(EN)i

--

1.34

0.7

a: Periodic Table by Sargent-Welch Scientific Company



To understand the degree to which metastable solid solutions can form in Si,

the kinetics of the carbon and nitrogen into silicon were examined. The diffusion data

of carbon and nitrogen in crystalline Si, SiC, and Si3N4 are summarized in Table 5.4.

TEM studies indicated that the carbon or nitrogen implanted silicon layer was

amorphous.

Table 5.4 Summary of activation energy and diffusion constants
of C and N into Si, SiC, and Si3N4.

Diffusing
System

C->Si

N->Si

C->SiC

N->p-Si3N4

N->SiC

Activation
energy
Q(eV)
2.92

3.29

5.42

8.1

Diffusion constant
D0(cm2/sec)

0.33

0.87

5.8x10°

Reference

[137,138]

[138]

[139]

[140]

The following discussion is based on the assumption that the activation energies in

amorphous Si, SiC, and Si3N4 scale with crystalline materials. Cantor [139] argued

that diffusion in amorphous alloys is faster than vacancy-controlled diffusion and

slower than interstitial diffusion in crystalline materails. Using molecular dynamics

simulations, Nordlund and Averback [139] have shown that the ion mixing in the

amorphous structure of silicon is larger than in the crystalline structure. Since the

activation energy for diffusion of carbon and nitrogen in SiC and Si3N4 reported in the

literature are high, diffusion via the vacancy mechanism is dominant in C and N

implanted silicon. Comparing the activation energies in Table 5.4, one can conclude

mat the diffusion of carbon in the SiC lattice is easier than the diffusion of nitrogen in

Si3N4.
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Ion irradiation studies have indicated correlations between the atomic motion

required to form equilibrium phases with the complexity and size of the unit cell [16].

Both oc and f$-silicon nitride have hexagonal structure with 14 and 28 atoms per unit

cell, respectively, whereas, a and P-silicon carbide have 4 and 8 atoms per unit cell,

respectively. This suggests that formation of silicon carbide is favored relative to

silicon nitride by single implants of carbon and nitrogen ions into silicon.

The experimental data reported in section 5.2.1 show that nitrogen

implantation into single-crystal silicon showed no improvement in surface hardness.

For example, at a depth of 57 nm the hardness of the sample implanted with

4xlO17 N+ ions/cm2 was 15.7 GPa, which was almost equal to the hardness of the

unimplanted sample, 16 GPa (Figure 5.1).

Nitrogen has five valence electrons, when implanted into silicon, it has

tendency to form an N-N bond rather than an Si-N bond. Infrared (IR) studies by

Stein and Abe [140, 141] suggested that nitrogen atoms in silicon with concentrations

below the equilibrium solid solution are in N-N pairs. Because the bond energy of Si-

N is greater than the Si-Si bond, one would expect increased hardness if the number of

Si-N bonds are significant. On other hand, if the N ions bond to other N ions, nitrogen

molecules are formed which eventually can be trapped as nitrogen bubbles. Thus little

or no hardening will be expected when N-N bonds are not significant. Surface

hardness data indicated that there was no change in surface hardness, suggesting that

the number of Si-Si bonds were unchanged in the sample implanted at a low dose.

When the dose was increased to 8xl017 N+ ions/cm2, the measured hardness

was 12.3 GPa (Figure 5.1). This value of hardness was less than the value of the

hardness of the unimplanted sample. RBS data that was discussed in Chapter 4

suggested that the peak atomic fraction of nitrogen at high dose was greater than 0.57,

the fraction that is required to form a stoichiometric equilibrium silicon nitride. TEM
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studies (Figure 4.6) revealed nitrogen bubbles in the entire modified region at this high

dose, suggesting at this dose the nitrogen has exceeded the solid solubility limit in

amorphous Si-N. Based on this RBS data (Table 4.3) and TEM data (Figures 4.7 and

4.8), one may conclude that the nitrogen solubility in amorphous Si-N is above 0.47

and below 0.73.

At a high dose, it is appropriate to think of nitrogen implantation in Si-N

material. As discussed earlier, when nitrogen is implanted into silicon, it more likely

to form N-N bonds rather than Si-N bonds. In addition, the diffusion data also suggest

that the diffusion of nitrogen in Si3N4 is small. Thus, the number of N-N bonds may

increase with dose and the Si-Si bond density decreases. The N-N bonds form

nitrogen molecules. Since nitrogen is a gas at room temperature, when N-N molecules

reaches a critical number, nitrogen bubbles can form. This is consistent with

observations made by others [142]. Thus, the decrease in hardness relative to the

unimplanted sample appeared to be due to porosity of material due to the formation of

bubbles and decrease in Si-Si bonds.

In summary, the present data suggests that silicon implanted with

4xlO17 N+ ions/cm2 is amorphous, and when the dose was increased to

8xlO17 N+ ions/cm2, surface softening was observed. This is consistent with

observations made by Burnett and Page [24] that surface softening in silicon will

result at a critical dose of 4xlO17 N+ ions/cm2.

In contrast, in the carbon-implanted samples, the surface hardness increased at

both doses, i.e., 4xlO17 C+ ions/cm2 and 8xlO17 C+ ions/cm2, relative to the unimplanted

sample (Figure 5.2). As mentioned earlier, formation of bonds between carbon and

silicon is easy and strong due to its electronic configuration. Thus, when carbon is

implanted into silicon, formation of Si-C bonds is expected. Kimura et al. [143]

reported formation of disordered Si-C bonds using IR absorption measurements in

silicon implanted with carbon ions with an energies ranging from 40-70 keV. The
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bond energy of Si-C is 439 kJ.mole'1, which is 25% greater than Si-Si bond energy

[146]. Thus, one expects an increase in hardness of carbon-implanted silicon.

Experimental measurements indeed show that the hardness of the sample increased by

6% at low dose of carbon. Gupta et al. [26] reported no change in the hardness of

silicon was observed at doses below 2.5x1017 C+ ions/cm2 at 100 keV.

When the dose was increased from 4xlO17 C+ ions/cm2 to 8xlO17 C+ ions/cm2, it

was expected that the number of Si-C bonds would increase. Although RBS data

suggested that the peak atomic fraction of carbon was 0.72, TEM data indicated no

bubbles in the modified region. As explained in the Chapter 4, carbon ions can form

bonds with other carbon ions and remain as solid at room temperature. TEM

investigations by Kimura et al. [144] suggested that when the dose was greater than

that corresponding to a stoichiometric concentration of carbon in a B-SiC, the excess

carbon atoms remained as carbon clusters.

Consistent with the TEM observations by Kimura et al.[144], it is proposed

that the carbon-implantation into silicon at high dose will produce Si-C bonds and

carbon clusters when the dose exceeds the critical limit for metastable Si-carbide. The

bond energies of C-C and Si-C is greater than the Si-Si bond energy. The resistance to

plastic flow or the hardness directly scales with bonding energy, and thus the hardness

in the carbon-implanted samples should increase with an increase in dose. The

experimental measurements indicated a 30% increase in surface hardness at a high

dose of carbon as compared to unimplanted sample. These results are also consistent

with the work by Armstrong et al. [180]in the C-implanted Si(l 11).

In the case of the mixed implant sample (4xlO17 C+ ions/cm2 and 4xlO17 N+

ions/cm2), the surface hardness data showed a trend similar to the sample implanted

with carbon at 8xl017 C+ ions/cm2 as shown in Figure 5.1. These data are in sharp

contrast to samples implanted with only nitrogen ions. These data suggest that the
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presence of carbon ions in silicon modified the ability of the sample to effectively

incorporate nitrogen ions into the Si-C implanted layer.

In the mixed implant (4xlO17 C+ ions/cm2 to 4xlO17 N+ ions/cm2), it is

speculated that the nitrogen implantation into the carbon-implanted silicon displaced

the carbon atoms and formed silicon nitride. The heats of formation for SiC and Si3N4

are -16.0 kcal.mole"1 and -178.0 kcal.mole"1, respectively [145]. Nitrogen implantation

into carbon-implanted silicon can be written in the form of chemical equation, as

3SiC+2N2->Si3N4+3C-130 kcal.mole1

This equation states that the reaction to form a silicon nitride from a mixture of

nitrogen and SiC is exothermic, and thus formation of silicon nitride is

thermodynamically favorable when nitrogen is implanted into carbon-implanted

silicon. Similar arguments were made by Nastasi et al. [120] to explain the

precipitation of carbon or boron nitride when nitrogen was implanted into

polycrystalline SiC and B4C, respectively. The bonds that result due to a mixed

implantation are Si-N, Si-C, and C-C. Because the bond energies of Si-N and Si-C are

greater than Si-Si, an increase in the hardness was expected. The experimental

measurements indicated an increase in surface hardness of the mixed implant sample.

5.3.2 Friction and Wear Behavior

The sample implanted with 4xlO17 N+ ions/cm2 showed a slight decrease in the

coefficient of friction relative to the unimplanted sample, whereas the sample

implanted with 8xl017 N+ ions/cm2 showed an increase in the coefficient of friction.

For the sample implanted with 8xlO17 N+ ions/cm2, the observed bubbles from TEM

studies and higher roughness from AFM studies may have contributed to the increase

in the friction. The surface softening of this sample could have increased the

ploughing and thus raised the friction.

For the carbon-implanted samples (4xlO17 C+ ions/cm2 and 8xlO17 C+ ions/cm2),

a low friction for about 300 cycles was observed. After 300 cycles, friction changed
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to the value of the unimplanted sample (0.6). However, in the mixed-implanted

sample (4xlO17 C+ ions/cm2 + 4xlO17 N+ ions/cm2), a low coefficient of friction was

observed for about 100 cycles. This observation suggested that the carbon was

responsible for the low coefficient of friction. The transition of low friction to high

friction occurred in the carbon-implanted samples before the modified layer had worn

off completely. For example, for the sample implanted with 4xlO17 C+ ions/cm2, the

depth of the wear track measured by profilmetry after 660 cycles (Figure 5.9a) was 70

nm, and was less than the width of the modified layer, 270 nm. It is speculated that

the graphitization at the outermost surface layer was responsible for the lower friction

coefficient in the carbon implanted samples.

Roughness measurements from AFM studies indicated that for the same

sample (4xlO17 C+ ions/cm2), the roughness of the wear track after 150 cycles was 26.8

nm, which was 100 times higher than the roughness before the wear tests (Tables 4.7

and 5.2). Loose wear debris in the wear tracks of the samples after 150 cycles (Figure

5.5) suggested that the wear particles that formed during the test might have been

responsible for an increased friction coefficient before the modified layer

had worn off.

The parallel grooves running along the wear track suggested an abrasive wear

mechanism. As mentioned earlier, loose wear debris seen inside the track suggested

third-body wear. It is hard to differentiate after the fact between abrasive and adhesive

wear. In this study, the density of parallel grooves running along the wear track were

taken as a measure of severity of abrasive wear. Abrasive wear was more dominant

in the sample treated with a dose of 8x10" N+ ions/cm2, whereas adhesive wear was

more dominant in carbon-implanted samples. In the unimplanted sample, both

abrasive and adhesive wear mechanisms were present. However, in the case of

samples implanted with carbon, the number of parallel grooves was less, suggesting

that the abrasive wear mechanism was less dominant.
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Trends observed in the wear factor after 150 and 660 cycles were similar. A

reduction in wear factor was observed at 150 cycles for all the implanted samples,

with the exception of 4x10" N+ ions/cm2. There was large scatter in the data of the

wear factor of the sample implanted with 8xlO17 N+ ions/cm2. The nitrogen bubbles

indicated by TEM studies in this sample (Figure 4.6) could be responsible for the

scattered wear data.

At 150 cycles, the carbon-implanted samples showed a reduction in the wear

factor relative to the unimplanted sample. The lowest wear factor was exhibited by

the sample with high hardness, which was 8xl017 C+ ions/cm2 (Figure 5.10). The wear

factor for the mixed sample (4xlO17 C+ ions/cm2+ 4xlO17 N+ ions/cm2) was less than

the wear factor for the sample implanted with 4xl017 N+ ions/cm2 and greater than the

sample treated to a dose of 4x1017 C+ ions/cm2. This result suggested that carbon had

the greatest influence on improving wear properties of the mixed-implant sample.

The wear factor of the carbon-implanted samples after 660 cycles was reduced

significantly as compared to the unimplanted sample (Figure 5.11). For example, the

wear factor for the sample implanted with 8xl017 C+ ions/cm2 was reduced by 70%

relative to the unimplanted sample. As observed at 150 cycles, the wear factor for the

mixed-implant sample after 660 cycles was less than the wear factor for the sample

implanted with 4xlO17 N+ ions/cm2 and greater than the sample treated to a dose of

4xlO17 C+ ions/cm2. Although the hardness of the mixed-implant sample (4C+4N) and

the sample implanted with 8xl017 C+ ions/cm2 was same, the wear factors of these

samples after 660 cycles differed by a factor 2.4. The trends observed in the wear

factor after 660 cycles were similar to those observed at 150 cycles. The response of

carbon- and nitrogen-implanted silicon with the 52100 pin might be different, leading

to unequal wear factors. The data also suggested that implantation of nitrogen into

silicon degrades the improved wear behavior expected from carbon implantation. A

significant reduction in the wear factor compared to the unimplanted sample was
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observed for carbon-implanted samples after 660 cycles (Figure 5.11). For example,

the wear factor for the sample implanted with 8xlO17 C+ ions/cm2 was reduced by 70%

relative to the unimplanted sample.

The plasticity index values can be estimated using Eqn. [2.1] and from RMS

roughness values obtained from AFM measurements. The values of the plasticity

index between the pin and the disc before the friction and wear test were less than 0.6.

This suggested that the contact between them was elastic for all the samples [58]. The

calculated values of *F, the plasticity index after the wear test for 150 cycles, was < 0.6

for all samples except for the sample treated to a dose of 8xl017 N+ ions/cm2. The

sample implanted with 8xlO17 N+ ions/cm2 had a plasticity index of 0.75 after a wear

test for 150 cycles, indicating the deformation was elasto-plastic at a lower number of

cycles. The plasticity index value calculated after 150 cycles for other samples was

less than 0.6; however, the wear morphology indicated a plastic deformation. This

discrepancy in the predicted and observed nature of the deformation at a lower number

of cycles may have been due to the following reasons. The plasticity index expression

was derived for static contact, whereas the experimental investigation corresponded to

repeated sliding of the pin on the disc. As the test progressed, the surfaces and contact

radii can change due to wear. Also the assumption that pin roughness was to be equal

that of the wear track.

The plasticity index value for carbon-implanted samples and the sample treated

to a dose of 4xlO17 N+ ions/cm2 was greater than 0.6, but less than unity as the test

continued for higher number cycles, i.e., 660 cycles. The nature of the deformation

changed from elastic to elasto-plastic for these samples. In the case of the

unimplanted sample and the sample implanted with 8xl017 N+ ions/cm2, the plasticity

index value exceeded 1.0, indicating that the deformation behavior was predominantly

plastic. Thus, the severity of the abrasive wear scaled with the amount of plastic

deformation and can be visualized by the plasticity index value.
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Examination of the trends in the wear factor and hardness data revealed an

inverse correlation between hardness and wear properties, as in Archard's law,

Eqn. [2.4]. For example, samples with high hardness had a low wear factor, and

samples with low hardness had a high wear factor. Interestingly, samples with low

friction had a low wear factor, and samples with high friction had a high wear factor,

suggesting a general correlation between friction and wear in this material system.

When the transition of low friction to high friction occurs, the location of

maximum von Mises stress changes from the subsurface to the surface (Figure 2.7).

Plastic deformation is one mechanism by which loss of material can occur during a

sliding contact. The von Mises stress is a measure of the severity of plastic

deformation; samples with high friction can lead to a larger wear factor as compared to

tile sample with low friction. Thus, the samples with high friction had a high wear

factor.

Eqn. [2.16] implies that the tensile stress at the trailing edge scales with the

friction coefficient. Thus, when the friction coefficient changes from 0.2 to 0.7, the

tensile stress at the trailing edge changes. The tensile stress at the trailing edge

estimated from Eqn. [2.16] was 0.12 GPa for the friction coefficient of 0.2 and 0.35

GPa for the friction coefficient of 0.7. Tensile stresses can lead to crack formation and

eventually wear debris. Thus, high friction might have lead to more wear debris and

thus a higher wear factor. These data suggested that there was a general correlation

between friction and wear properties.

5.4 Conclusions

Surface hardness data suggested that when nitrogen was implanted into silicon,

the tendency to form N-N bonds was more dominant than Si-N bonds. When the N-N

bonds reached a critical density, nitrogen bubbles formed. The data also suggested

that the maximum solid solubility of nitrogen in silicon was between 0.42 and 0.73

atomic percent. In contrast, carbon easily formed bonds with silicon because of its
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electronic configuration. In addition, carbon is a solid at room temperature, unlike

nitrogen. Thus, the formation of C-C bonds would not result in surface softening

unless the entire modified region is graphite. Surface hardness was improved by

implanting carbon into silicon. In the case of the mixed-implanted sample, where the

nitrogen implantation was followed by carbon implantation, the incorporation of

nitrogen into the silicon lattice was modified. As a result, surface hardness was

improved significantly as compared to the unimplanted sample.

The wear factor of the sample implanted with a low dose of nitrogen was

almost equal to the wear factor of the unimplanted sample, whereas high doses of

nitrogen implantation degraded the wear behavior. Carbon-implantation improved the

wear factor of silicon at both doses. The wear factor of carbon-implanted samples

scaled inversely with hardness, as in Archard's law. The improved wear behavior of

the samples implanted with both carbon and nitrogen was not as significant as the

carbon-implanted samples. The value of the wear factor of this mixed sample was

found to be the average value of the wear factors of the sample implanted at a low

dose of nitrogen and a low dose of carbon. This suggests that both the carbon and

nitrogen ions influenced the wear factor of the mixed implant sample. Mixed

implantation of carbon and nitrogen did not result in any novel phases, with

significantly different wear behavior than single implants of carbon. In summary, this

chapter demonstrates, depending on the nature of the implant species, that ion-

implantation can produce wear-resistant surfaces. Mixed implantation of carbon and

nitrogen into silicon were investigated for the first time.
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Chapter 6 Investigations of Amorphous Diamond-like Carbon
Coatings

The low friction and wear behavior of diamond-like carbon (DLC) coatings

has significant impact on their potential applications. Some of these include increased

performance and lifetime of cutting tools, gears, bearings, seals, hard disc drives,

cams, etc. In addition, DLC coatings have excellent biocompatibility for use in

biomedical applications [43].

Several researchers performed extensive studies on the tribological properties

of amorphous DLC coatings processed by various techniques [43-53]. The percentage

of sp3 -bonds and the hydrogen content of the coatings dictate the hardness and elastic

behavior. The coatings with a higher percentage of sp3 -bonds and lower hydrogen

content have higher hardness and modulus. In addition, residual stresses in these

coatings has been shown to be correlated with hardness and sp3 content [52].

Investigations of tribological properties of amorphous DLC coatings with different

hydrogen content revealed no major differences in frictional behavior, but indicated

significant differences in wear rate [50].

Several processing techniques are available to synthesize DLC coatings.

Processes now in development can be scaled to industrial production to be efficient

and economical to produce strongly adherent conformal coatings. Plasma Source Ion

Implantation (PSII), a conformal technique that was developed a decade ago, has been

successfully used to modify the tribological properties of steel punches, injection

molds, die castings, printed circuit board drills, dental tools, saw blades, etc. by

implanting gaseous species such as carbon, nitrogen, and oxygen ions [32-40].

6.1 Objective

There are several reports on the characterization of mechanical and tribological

properties of DLC coatings [32, 33,44-53]. There are no reports on the wear behavior
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of these coatings at high contact stresses of the order of 1 GPa. At such high contact

stress, one might expect that coatings may fail by brittle fracture, in which case, the

wear process is controlled by fracture phenomena.

There are standardized testing methods for the fracture toughness of the

homogenous materials. However, these tests can not be used to measure the fracture

toughness of thin coatings or films beacuse of experimental difficulties associated with

both extremely low loads and displacement measurements, and film damage during

specimen preparation and/or load application. Coatings that are applied to improve

either wear resistance or fatigue resistance are always attached to the substrates under

service conditions. Therefore, it is legitimate to measure fracture toughness of a

coating attached to a substrate. However, a clear understanding of substrate

contribution, film thickness, and residual stresses due to processing must be

established. In this study where the substrate is relatively brittle, it is useful to know

how brittle the coating is and how the coating affects the friction of the coating-

substrate system. Vickers microindentation was used to investigate the effective

fracture toughness of a coating-substrate system as a function of residual compressive

stresses caused by surface modification. In this case, the residual stress intensity

factor comes from the superposition of stress intensity factors due to both the film and

the substrate. Thus, the fracture toughness of coating-substrate systems determined by

indentation technique is referred to as the apparent or effective fracture toughness of

the coating-substrate system.

The aim of this research was to examine the tribological behavior of DLC

coatings that were processed by the plasma source ion implantation (PSII) technique

and to correlate this behavior with the other material properties. Thus, in addition to

determining the apparent fracture toughness of DLC coatings, the coatings were also

characterized for hydrogen content, residual stress, hardness, friction, and wear

behavior.
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6.2 Synthesis

A pulse-biased method using the PSII setup that was discussed in Chapter 3

was used to deposit diamond-like carbon (DLC) coatings on silicon substrates. Before

deposition, the substrates were sputter-cleaned with argon at 10 mTorr for 2 hours and

at 2 kV with 20 microsecond pulses to remove native oxides on the surface. Then the

sputter-cleaned samples were implanted with carbon at 0.3 mTorr to create a

functionally graded interface. Twenty microsecond pulses of 20 kV bias were applied

to the samples at 400 to 600 Hz in the implantation step. After implantation, the

samples were sputter-cleaned again for 8 minutes at 10 mTorr and 2 kV to remove

contamination from the implantation process. Depositions were done using 0.6 to 1.5

kV pulsed bias and C2H2 rf-plasma at 0.5 to 1.7 mTorr. The coating thickness was

measured by using profilometry. The residual stresses introduced during the synthesis

of these coatings were measured using a technique discussed in Chapter 3 and are

summarized in Table 6.1.

6.3 Results

The evaluation of DLC coatings was based on composition, surface hardness,

apparent fracture toughness, and tribological properties. The results are presented in

the following order.

1) Composition Analysis

2) Surface Hardness

3) Tribological Properties

4) Discussion of the Results.

6.3.1 Composition Analysis

Hydrogen content was analyzed using elastic recoil detection (ERD)

spectrometry [118] as discussed in Chapter 3, Section 3.2.2. Figure 6.1 shows the

ERD spectra for the sample S2. The simulated spectra used to calculate the hydrogen

content is also shown in the figure. ERD analysis revealed less than 30 at. %
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hydrogen in all the DLC samples. The hydrogen and carbon contents in the coated

samples are also summarized in Table 6.1.

145



Table 6.1 Thickness, composition, and intrinsic stresses of various 11LC coatings.

Sample

SI
S2

S3

S4

S5

S6

Coating
Thickness (|nm)

0.7

1.27

1.36

1.76

1.92

7.0

Residual Stress
(GPa)

-0.6±0.15
-3.63±1.04

-2.8±0.26

-1.73±0.25

-2.49±0.25

-1.410.10

Carbon
(at.%)

74.1

74.1

86.2

87.1

86.6

87.8

Hydrogen
(at.%)

26

26

13.8

12.9

12.4

12.2
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Figure 6.1 ERD spectra of sample S2.
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6.3.2 Surface Hardness

The hardness and modulus of the DLC coatings were determined using

nanoindenter as discussed in Chapter 3, Section 3.2.4. Table 6.2 summarizes the

results of hardness and the modulus values of the various coatings investigated. A

comparison of the data from Table 6.1 and 6.2 show that the hardness is correlated

with the film thickness. No other correlation exists. Figure 6.2 shows the variation of

nanohardness measured at a penetration depth of 75 nm as a function of DLC coating

thickness. When the thickness increased from 0.7 to 1.76 ^.m, a 70% increase in

hardness occurred. This value remained constant up to 7 \im thickness.

Table 6.2 Elastic moduli, hardness, and contact stresses of DLC coatings.

Sample

Uncoated
SI

S2

S3

S4

S5

S6

Coating
Thickness (fim)

—
0.7

1.27

1.36

1.76

1.92

7.0

Elastic Modulus*
(GPa)

180
113.6±4.7

140.7+1.4

145.8±2.6

158.9+2.1

159.9+11.5

188.9+3.5

Hardness*
(GPa)

11.0
11.0±0.7

16.7±0.2

17.7±0.5

18.95±0.4

18.8±1.4

19.0±+0.7
* Measurements taken at a depth of 75 nm

6.3.3 Apparent Fracture Toughness

A microindenter with loads ranging from 25 to 1000 grams was used to

determine the cracking response of DLC coatings on silicon substrates. Figures 6.3a-b

show the scanning electron micrographs of indents for bare silicon (6.3a) and Sample

S4 (6.3b) at 1000 grams. The crack length was shorter in the coated sample (6.3b)
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Figure 6.2 Dependence of hardness on coating thickness.
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(a)
lOfim

(b)
lOfim

Figure 6.3 Scanning electron micrographs of the indents
at 1000 grams (a) Uncoated silicon (b) Sample S4.
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compared to that of uncoated silicon (6.3a). Figure 6.4 shows the crack length

dependence on load for the uncoated silicon and the sample S5. The length of the

radial cracks generated at the corners of an indent were shorter in the coating

compared to the uncoated silicon. Below 100 grams, no radial cracks were observed

for DLC coatings in contrast to uncoated silicon. At 200 grams, the observed radial

cracks did not meet the criteria, C > 2a, where C is the crack length and 2a is the

diagonal length of the indent. Thus, only well-defined cracks are included in Figure

6.4. The depth of an indent was greater than the coating thickness at all loads. The

apparent fracture toughness calculated by Eqn. [3.15] is summarized in Table 6.3.

Table 6.3 Thickness, hardness, fracture toughness, and wear factor of DLC coatings.

Sample

Virgin

SI

S2

S3

S4

S5

S6

Coating
Thickness (|im)

—

0.7

1.27

1.36

1.76

1.92

7.0

Hardness
(GPa)

11.0

11.0±0.7

16.7+0.2

17.7+0.5

18.95+0.4

18.8±1.4

19.0++0.7

(MPam1/2)

0.67 ±0.001

0.77+0.002

1.14+0.002

1.31+0.003

1.3010.004

1.52±0.002
—

Trends in apparent fracture toughness with coating thickness and hardness are

shown in Figures 6.5 and 6.6. Figure 6.5 shows that the apparent fracture toughness

increased with DLC coating thickness, and Figure 6.6 shows that the apparent fracture

toughness increased with DLC coating hardness. Interestingly, the 7 |Lim-thick sample

S6 showed no radial cracks for loads as high as 3000 grams. Figure 6.7 shows the
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Figure 6.4 Results from the data of well-defined radial crack in uncoated silicon and
DLC coating as a function of an applied load.
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SEM of the indent at 2000 grams for sample S6 showing no radial cracks. Thus,

sample S6 was highly fracture resistant, with a low value of compressive stress.

6.3.4 Tribological Studies

Tribological studies were performed using a pin-on-disc (POD) apparatus

under a normal load of 6.25 N and at 10% relative humidity, with a ruby pin as a

slider. Static contact stress data for the coated and uncoated samples were calculated

using Eqn.[2.6] and are summarized in Table 6.4. The DLC-coated substrates had

different contact stresses than the uncoated silicon substrate because of the difference

in elastic moduli. Figure 6.8 shows the coefficient of friction for the sample S4 and

uncoated silicon at a load of 6.25 N. The coefficient of friction at an applied normal

load of 6.25 N was observed to be less than 0.1 for all coated samples (S1-S6).

Friction of the coated samples remained low even after 10,000 cycles, corresponding

to a total sliding distance of 95 meters.

Table 6.4 Static contact stress, fracture toughness, and wear factor of DLC coatings.

Sample

Virgin

SI

S2

S3

S4

S5

S6

Static Contact
Stress
(GPa)

1.6

1.25

1.39

1.412

1.47

1.47

1.6

Kr
(MPam1/2)

0.67 ±0.001

0.77+0.002

1.14±0.002

1.31±0.003

1.30+0.004

1.52+0.002
—

Wear Factor
(mm3/N.m)

3.17x10"

2.18x10"

1.65x10"

0.79x10'

0.63x10"

—

0.584x10"
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Figure 6.5 Dependence of apparent fracture toughness on coating thickness.
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Figure 6.6 Dependence of apparent fracture toughness on hardness of the coatings.
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10

Figure 6.7 Scanning electron micrograph of the
Sample S6 indented at 2000 grams.
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Figure 6.8 Coefficient of friction of sample 4 (S4) and uncoated silicon at 6.25 N
with ruby pin.
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Investigations of the wear morphology for uncoated silicon and the sample S4

by scanning electron microscopy (SEM) are shown in Figures 6.9a-b. The parallel

grooves running along the wear track of silicon (Figure 6.9a) indicate that abrasive

wear is one of the dominant mechanism by which the silicon substrate wears.

Significant wear debris and severe damage by fatigue fracture were also evident in the

wear track (Figure 6.9a). Loose wear debris was also found on the pin. In contrast,

for the DLC-coated samples at the same contact stress, the wear track was smooth and

had no visible wear debris (Figure 6.9b). The wear morphology of the DLC-coated

samples indicated that the abrasive wear mechanism found in the pure silicon has been

suppressed in the coated samples. The smooth wear scar seen in the Figure 6.9b

suggests that wear mechansim in the coated samples may be due to plastic

deformation. The ruby pins used to test DLC coatings had no visible wear. Table 6.4

shows the wear factor, Eqn.[3.14] in the units of (mrn3/N.m) for various samples. A

comparision of the data in Table 6.3 shows that the wear factor for all the coatings

scaled with apparent fracture toughness, as shown in Figure 6.10.

Figure 6.11a-c shows the wear track profiles of uncoated silicon, Samples S3

and Sample S6. Depth of the wear track of uncoated silicon was 12 (im compared to

the wear depth of 0.2 \im for the coated samples S4 and S6. This data indicated that

the coated samples wore less than 20% of the coating thickness and reduced the depth

of wear track by a factor of 60, as compared to the uncoated silicon.
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Figure 6.9 Scanning electron micrographs of the wear tracks
(a) Uncoated silicon, (b) Sample S4
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Figure 6.10 Dependence of apparent fracture toughness on wear factor.
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Figure 6.11. Wear track profiles of uncoated and coated samples
(a) Uncoated silicon,
(b) Sample S3,
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6.4 Discussion of Results

The discussion is divided into three sections: Surface hardness, Apparent

fracture toughness, Friction and Wear behavior.

6.4.1. Surface Hardness

Hydrogen content has an influence on the hardness of the DLC coatings

[33, 51]. Walter et al. [53] reported hardness dependence on hydrogen content by a

empirical relationship,

H=49.1-1.31Hy [6.1]

where:

H is the hardness in GPa, and

Hy is the at.% of hydrogen.

According to this relationship, hardness decreases as the hydrogen content increases.

The data in Tables 6.1 and 6.2 show that the hydrogen content and hardness of the

present samples follow the trend proposed by Walter et al. [33]. For example, samples

(S3-S6) with a lower atomic percent of hydrogen had higher hardnesses than samples

(S1-S2) with a higher atomic percent of hydrogen. A comparison of the stress data in

Table 6.1 with the hardness data in Table 6.2 shows that there was no correlation

between these data, in contrast to the observations of Tamor [52].

Table 6.5 summarizes the literature data for elastic moduli and hardness for

carbon coatings processed by different methods. Comparing these data with the PSII

processed coatings in this study (Table 6.2) indicated that the elastic moduli and

hardness were comparable to the plasma deposited coatings at 100 V [151,152] and

with the sputtered a-C coatings quoted in the literature [153].

Table 6.5 Elastic moduli and hardness values for different coatings.

Material
Diamond

PD ac-C:H, 100 V

PD ac-C:H, lkV

E,GPa
1050

145

55

H,GPa
103

16

6.3

Ref.
147,148-150

151-152

151-152
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Sputtered a-c

MSIB a-c

Graphite, parallel to

a direction

Graphite, <0001>

Glassy C, GC10

Glassy C, GC20

Si

a-Si:H

PD: Plasma deposited

MSIB: Mass selected

a-c: amorphous carboi

140

686

10

29

32

130

100

15

20-110

3.0

2.2

10.4

10.0

153

154-155

149

149

156-157

151-152

149

158

ton beam deposition using cathodic arc.

l

6.4.2. Apparent Fracture Toughness

Fracture toughness data showed that all five samples had a higher apparent

fracture toughness than the uncoated sample. The apparent fracture toughness of these

coatings decreased with hardness (Figure 6.6). Sample S6 with 7 urn-thickness

showed no radial cracks for loads as high as 3000 grams. Thus, sample S6 was highly

fracture resistant, with a low value of compressive residual stress. The apparent

fracture toughness in DLC coatings appears to be more sensitive to thickness.

From this data, it is expected that thickness, hardness, and compressive stress

of the coating play different roles in the apparent fracture toughness. Thickness and

hardness of the coating appear to influence the initiation of the cracks, whereas the

compressive stress in the film should influence crack propagation.

It is interesting to note that the values of apparent fracture toughness observed

in this study were similar to those observed by Mecholsky et al. for polycrystalline

diamond coatings grown on silicon substrates [159]. Mecholsky et al. studied 6- and

12 (im- thick polycrystalline diamond coatings with 55 MPa compressive stress. In
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contrast, coating thicknesses in the present study varied between 1 and 7 (xm, with

compressive stress between 1 and 3 GPa.

As discussed earlier, residual stress, hardness, and coating thickness influence

the fracture behavior of the coating-substrate system. The following discussion

explains the results of apparent fracture toughness from the elastic model.

6.4.2.1 Elastic Model of Fracture Toughness

Using the energy-balance concept proposed by Griffith [160], the fracture

toughness of a material can be estimated by equating the elastic energy required to

fracture the surface to the surface energy required to create the two new surfaces.

KIC - ^ E [6.2]

where:

KIC is the fracture toughness,

y is the surface energy, and

E is the elastic modulus.

This equation gives the minimum fracture toughness of a material; it does not include

non-elastic deformation such as plastic work. Calculating the fracture toughness, KIC,

requires knowledge of the elastic modulus, E, and surface energy, y. For non-

equilibrium structures, KIC can be estimated from a combination of experimental data

and simple modeling. Elastic modulus values can be obtained from the nano-

indentation data. Surface energy values are more difficult to obtain, especially for

metastable materials.

In this discussion, surface energies are estimated using the bond energy model

and the cohesive strength model. These two models are applied to single crystal

diamond and silicon since experimental data for surface energies exist in the literature

for these two crystals. In addition, the fracture toughness of these two crystals were

also measured experimentally in the literature. Hence the estimated fracture toughness
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values from Eqn. [6.2] can be readily compared with experimental values. Use of the

bond energy model and the cohesive strength model to estimate the surface energies is

discussed in the following section and applied to silicon and diamond. Then, the

relevant model is further applied to estimate the surface energies of amorphous DLC

coatings.
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6.4.2.2 Estimation of Surface Energies from Bond Energies

Surface energy values can be estimated from bond energies and the number of

surface bonds. The atoms in different planes are marked clearly by different shades of

spheres in Figures 6.12 to 6.15. Since the fracture process creates two surfaces, the

surface energy is given by

2Y=Nsurp [6.3]

where:

e is the bond energy between two atoms and

Nsurf is the density of bonds per unit area.

NSurf=Psn [6.4]

where:

ps is the surface atomic density, atoms/m2 on the cleavage plane and

n is the number bonds broken per atom on one surface.

6.4.2.2.1 Calculation of ps, the Surface Atomic Density, on the Cleavage Plane

Silicon and diamond have same structure. The discussion will focus on silicon

and be extended to diamond. In order to calculate the surface atomic density on the

cleavage plane, the number of atoms in the plane and the area enclosed by these atoms

in a plane needs to be estimated. The atomic density on the cleavage plane can be

calculated using the following formula,

Ps = X [6-5]

where:

Np is the number of atoms in the plane and

A is the area over which the atoms reside.
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6.4.2.2.2 Calculation of the Number of Atoms in a Cleavage Plane

The planar configuration of Si(100) is shown in the Figure 6.12a. The unit cell

is shown by solid lines. There are 4 corner atoms shared by four unit cells, and 1 atom

in the middle that is unshared. Thus, there are 2 atoms per unit cell, with area a2.

Figure 6.13a shows the planar configuration of silicon (110). The (110) plane

and the unit cell in this plane are shown by the solid lines. There are 4 corner atoms

shared by 4 unit cells, 2 side atoms shared by 2 unit cells, and 2 atoms unshared.

Thus, there are 4 atoms in this cell, and the area in which these atoms are enclosed is

^2a2, where a is the cubic lattice parameter.

This analysis is repeated for the Si(l l l) plane whose planar configuration of

atoms is shown in Figure 6.14a. The solid lines also represent the (111) plane and the

unit cell in this plane. There are 3 corner atoms shared by 6 unit cells, and 3 side

atoms shared by 2 unit cells. Thus, there are 2 atoms in this unit cell. The area of the

unit in this plane that encloses these two atoms is (V3/2)a2

Table 6.6 summarizes the lattice parameters, number of atoms in the plane,

area of the plane, and the atomic density for Si(100), Si(110), Si(l 11), and diamond

(111). The data show that the atomic density of silicon in the (111) plane is less than

the (110) and greater than (100) planes. In addition, the data also show that the atomic

density in diamond (111) plane is greater than Si(l 11).
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(a)
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w m i—•[on]Plane 1 9 W W 9

(b)

Figure 6.12a. (a) Planar atomic configuration of Si(100) viewed along [100].
(b) Cleavage along the face of the Si(100) between

plane 1 and plane 2.
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Normal = [110]

[110]

[110]

Figure 6.13. (a) Planar atomic configuration of Si(l 10) viewed along [110]
(b) Projected perspective view of the above configuration

along [-1,1,0].
(c) Projection of the figure shown in (b) along [001].
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(a)

Normal = [ i l l ]

[110]

Cleavage

(b)

Figure 6.14a. (a) Planar atomic configuration of Si(l 11) viewed along [111],
(b) Side view of above configuration projected along [1,1,-2].
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Table 6.6 Summary of the number of atoms in the plane,
area of the plane, and atomic density.

Material

Si(100)

Si(llO)

Si(lll)

diamond (111)

Lattice
Parameter

a(nm)

0.543

0.543

0.543

0.357

Number of
Atoms in a

Plane
Nn

2

4

2

2

Area of the
Plane

A

az

1.414az

0.87az

0.87az

Atomic Density
atoms/m2 Eqn. [6.5]

Ps

6.78xl010

9.59xl010

7.8x10'°

1.82xlO';'



6.4.2.2.3 Calculation of n, the Number of Bonds Broken per Atom in a Cleavage
Plane

Figure 6.12b shows the cleavage along the face of the Si(100) between plane 1

and plane 2. From this figure, it is clear that each atom in plane 2 is connected to two

atoms in plane 1. Thus, two bonds are broken for every atom.

Figure 6.13b shows the projected perspective view of the silicon [-1,-1,0]

direction. Black atoms (A, B, C) are coplanar. Atoms A, B, C, D, and E form a

tetrahedron, with atom B at the center of the tetrahedron. Atom B is bonded to atoms

A and C in-plane, and to atoms D and E in the perpendicular (1,-1,0) plane. Atom D is

above the plane, whereas atom E is below the plane. Atoms D and E are shifted in this

figure for atom E to be visible. In order to see the stacking sequence of (110) planes,

Figure 6.13c gives a projection along [001]. The dashed line indicates the bonds

broken for cleavage. From the Figures 6.13b-c , it is evident that one bond is broken

per atom when cleaving (110).

Figure 6.14a shows the cleavage along the (111) face of the diamond structure.

In the plane view of the (111) projection, the principle atoms in the cleavage plane are

black and the tetrahedrally bound atoms above the principle atoms are white. In the

figure, additional principle atoms reside 1 bond length below the visible black atoms.

The gray atoms are tetrahedrally bonded to these invisible black atoms and reside

below. Clarification of the atomic arrangement can be seen in Figure 6.14b. Rows A,

B, and C, shown in a planar view of Figure 6.14a, are drawn in a side view projected

along [1,1,-2] in Figure 6.14b. The easiest cleavage plane for formation of the (111)

surface is to break the bonds between the A atomic pairs. Thus, one bond is broken

per every atom along (111).

After evaluating the surface atomic density, ps on the cleavage plane, and the

number of bonds broken per atom on one surface, n, the density of bonds per unit area

Nsurf, can be calculated from Eqn. [6.4]. Table 6.7 summarizes the number of bonds
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broken per atom, atomic densities, and the bond densities for different orientations of

silicon and and diamond (111) planes. The data suggests that the bond density of the

Si (110) plane is greater than both (100) and (111) planes.

6.4.2.2.4 Estimated Surface Energy from Bond Energies

Once the bond densities per unit area have been estimated, surface energies can

be estimated using Eqn.[6.3]. Table 6.8 summarizes the bond densities, bond energies,

and estimated values of the surface energies for the Si(100), Si(l 10), Si(l 11), and

diamond (111). The values of the surface energies estimated from bond energies for

silicon and diamond (111) are in good agreement with experimentally measured values

in the literature [161-163]. From the estimated surface energies, it is clear that the

(111) plane of silicon has minimum surface energy.

There are no reports on the estimated surface energy values in the literature to

compare the values estimated in this study. In cleaving a crystal along a particular

plane, two surfaces are created; the surface energy of a plane is half its cleavage

energy. Ramaseshan [164] estimated values of the cleavage energies of a diamond and

found the cleavage energy of a (111) plane is lower than that of the (110) and (100)

planes. The estimated values of surface energies in the present study follow a similar

trend (yul < y110 < Yioo)-
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Table 6.7 Summary of the number of bonds broken per atom
on one surface and number of bonds per unit area.

Material

Si(100)

Si(llO)

Si(lll)

diamond (111)

Atomic density
atoms/m2 from

Table 6.6

P,

6.78xlO1B

9.59xlO1B

7.8x10"

1.82xlOiy

Number of
bonds

broken per
atom

on one surface
n
2

1

1

1

Number of bonds
per unit area
Eqn. [6.4]

Nsurf

1.36xl(T

9.59xlO18

7.8x10'"

1.82x10"



Table 6.8 Summary of the number of bonds broken per unit area,
estimated surface energy, and measured surface energy.

Material

Si(100)

Si(llO)

Si(lll)

diamond (111)

Number of
bonds per
unit area
[Eqn.[6.4]
Nsur (in

2)

1.36x10"

9.59x10"

7.8x10"

1.82x10"

Bond
energy

e (kJ/mol)
222

222

222

368.2

Estimated
surface
energy

Eqn.[6.3]
Y(J/m2)

2.51.

1.77

1.44

5.5

Measured
surface
energy
y(J/m2)

2.13

1.51

1.23

5.4

Reference

[162]

[161,162]

[162]

[163]



6.4.2.3 Estimation of Surface Energies from the Cohesive Strength of a Material

Surface energies have been also estimated in the literature by using a simple

model by Orowan [165]. In this approach, the simple two-atom interaction potential is

used to describe the fundamental interaction between atoms that are being separated to

form new surfaces. The energy between atoms across the plane as a function of inter-

atomic distance is plotted in the Figure 6.15a. At equilibrium the spacing will be a0.

The force between the two atoms is simply described by F=dE/da, where, E is the

interaction energy between atom pairs and a is the atomic separation. This force is

plotted in Figure 6.15b as a function of interatomic distance. When atoms between

two adjacent planes are separated, it is legitimate to use stress (force/area) instead of

force. The restraining force per unit area (stress) that is required to separate atoms

between two adjacent planes must also vary with interplanar distance as shown in

Figure 6.15b. The work required to separate the atoms on adjacent planes from their

equilibrium distance can be obtained by approximating the attractive stress, a, between

two surfaces by a sine function with period 2Aa. The stress a, is given by

a = a0Sin[|(x-a0)j [6.6]

where:

oo is the maximum stress,

a0 is the equilibrium separation of the atomic planes, and

Aa is the range of interatomic force.
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Distance a -»

Distance a -»

Figure 6.15 (a) Potential energy between atoms in a crystal
as a function of inter-atomic distance,

(b) Force between atoms as a function of
inter-atomic distance.
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At the equilibrium separation of planes, a0, the stress is zero. With increasing

separation, the stress rises to a maximum value and then drops to zero when the

diistance exceeds the range of attraction, a. Thus, the work done in moving the

surfaces from their initial position, a0, to a position where they are no longer attracted,

can be equated to the surface energy. Orowan and Polanyi [165, 166] set the area

under the curve equal to the surface energy of the two surfaces created.

Jadx= 2y [6.7]

where

y is the surface energy per unit area.

Substituting Eqn. [6.6] into Eqn. [6.7],

ao+a ao+a

[adx= f c0Sin -<x-ao)dx = ̂ 2-2a = 2y [6.8]
J j \_di I 7C

a0 ao

° o = ^ - [6-9]

It is difficult to obtain c0 directly. However, by applying Hook's law at the

equilibrium distance a0, it can be obtained:

<*=q-^T— [6.10]

where E is the elastic modulus.

Thus, for small strains,

da Efi ^

Differentiating Eqn. [6.6],

da n _ n
[6.12]

178



%
since Cos—(x- a0) = 1.C when (x-ao) is very small.

d.

Equating Eqn. [6.11] and [6.12],

Solving for the surface energy, y, using Eqns. [6.9] and Eqn. [6.13],

Efal2

y = — — [6.14]

There is large uncertainty in the application of this Eqn. [6.14] because of the

difficulty in finding appropriate values for the range of attraction, a, which depends on

the structure and bonding of the material. A rough estimate for surface energies can be

made by assuming Aa and a0 are the same order of magnitude. An alternative estimate

is to equate Aa, the range of interaction, with the atomic radius [161]. The equilibrium

distance a0 is taken as the bond length between atoms in the present calculations.

Surface energies estimated using this approach for diamond and silicon are

summarized in Table 6.9.

6.4.2.4 Comparison of Surface Energies from Two Models

The experimentally determined surface energy values that were collected from

the literature and the estimated surface energy values from the two models discussed in

the previous sections are summarized in Table 6.10. Despite the uncertainties

involved in predicting surface energies, both approaches are in reasonably good

agreement with the experimental values. For example, the estimated value of the

surface energy for the face of a diamond (111) was in good agreement with the

measured fracture energy y, by Field and Freeman [163], which is 5.59+0.15 J/m2, and

theoretically predicted by

Ramaseshan [164]. The largest deviation is for the estimation of the surface energy
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value for the diamond (111) plane, which is = 20%, from Eqn. [6.14]. This can be

reduced by assuming a smaller interaction distance.

6.3.2.5 Estimation of KIC for Silicon and Diamond

Using the estimated surface energies and the experimentally determined elastic

modulus, the fracture toughness of the material can be predicted from Eqn. [6.2].

Table 6.11 compares the predicted and the experimentally determined fracture

toughness values from the literature for diamond and silicon. The estimated fracture

toughness values are in good agreement with the measured values of fracture

toughness. For example, the fracture toughness value estimated for diamond (111)

from the bond strength model and cohesive strength model are 3.7 MPa.m1/2 and 4.0

MPa.m1/2, respectively, as compared to the experimentally measured value 3.4

MPa.m1/2. There are some uncertainties associated with the experimentally determined

fracture toughness values. Some of them include specimen fabrication, crystal

anisotropy, microstructure, and environment.
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Table 6.9 Surface energies estimated from the cohesive strength of a material.

Material

Si(llO)

diamond(lll)

Lattice
Parameter

(nm)

5.43

3.57

Elastic
Modulus

(GPa)

180

1210

Range of
Interaction
(1010) m

a

1.46

0.91

Bond Length
(10-10) m

%
2.35

1.54

Estimated
Surface Energy

y(J/m2)
Eqn.[6.14]

1.66

6.6

Table 6.10 Comparison of estimated with measured surface energy values.

0 0 Material

Si(llO)

diamond (111)

Estimated
Surface Energy from
Bond strength of a

Material
y(J/m2)

Eqn.[6.2]
1.77

5.5

Estimated
Surface Energy from

Cohesive Strength of a
Material
y(J/m2)

Eqn.[6.14]
1.66

6.6

Measured
Surface
Energy

y(J/m2)

1.51

5.4

Reference

161
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Table 6.11 Comparison of estimated fracture toughness values
and measured fracture toughness.

Material

Si(100)

diamond (111)

From Bond Strength
of a Material

K ir MPa.m1/2

0.8

3.7

From Cohesive
Strength of a Material

KIC MPa.m]/2

0.77

4.0

Experimentally
measured value

KICMPa.m1/2

0.7

3.4

Reference
[167]

[149]

00
to



6.4.2.6 Estimation of Minimum Value of KIC for DLC Coatings

As mentioned earlier, to estimate the minimum fracture toughness of the

amorphous DLC coatings from Eqn. [6.2], knowledge of elastic modulus and surface

energy is required. Elastic modulus of these coatings can be measured by using a

nanoindenter. However, estimation of surface energy for amorphous DLC coatings is

not straightforward. This is due to mixed bonding (sp2 and sp3) and the absence of a

long-range order in the coatings. The following sections discuss the estimation of

surface energy, bond energy, and density of these amorphous coatings.

6.4.2.6.1 Estimation of Surface Energy of DLC Coatings

The surface energies for DLC coatings are estimated using a similar approach

to that discussed for crystalline materials in Section 6.4.2.1. The surface energy of

DLC coating is given by

27dlc=NsureDLC [6-15]

where:

Nsur is the surface atomic density and

eDLC is the bond energy of the DLC coating.

6.4.2.6.2 Estimation of Surface Atomic Density of DLC Coatings

The DLC coatings that were investigated in this study were amorphous, and

the coatings consisted of a mixture of sp3 and sp2 bonding. Thus, in order to estimate

the surface energies of the coatings, the fractions of sp3 and sp2 bonding had to be

known. The fractions of sp3 and sp2 bonding in the DLC coatings that were

investigated in this study by using electron energy loss spectroscopy were 0.3 and 0.7,

respectively.

It is appropriate to estimate the surface energy of the DLC coatings from bond

energies and number of surface bonds. Because of the absence of a long-range

periodicity in these coatings, surface bonds must be estimated without use of
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crystallography. The following assumption was used to calculate the number of bonds

per unit area.

N s u r s l^ [6.16]

where:
Nsur is the number atoms per unit area and

N is the number atoms per unit volume.

N = - ^ [6.17]

where:
NA is Avagadro's number,

A is the atomic mass number, and

p is the density.

6.4.2.6.3 Determination of p, the Density of DLC Coating

Assuming that the DLC coating was uniform and had only carbon and

hydrogen, the areal density (atoms/cm2) was determined using 3.55 MeV He+ ion

beam RBS data. This areal density can be converted to volume density (atoms/cm3)

by using Eqn. [6.18]. The thickness of the film was measured by profilometry. The

simulated spectra using RUMP [124] gives the atomic fraction of carbon and hydrogen

and the coating density in atoms/cm2. The coating density in (gm/cm3) was calculated

using the following expression.

gm atoms [fcAc+^Ah] „ 1 R 1

•^-"^ISO N̂  [6-18]

where:

p is the mass density of the coatings (gm/cm3),

t is the thickness of the coatings (cm), measured using profilometry,

fc is the atomic fraction of carbon,

fh is the atomic fraction of hydrogen,
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Ac is the atomic weight of carbon,

Ah is the atomic weight of hydrogen, and

NA is the Avagadro's number.

The average density of these coatings was determined to be 2.67 g/cm3. This is in

agreement with the values estimated by Ojha et al. for H/C ratio of 0.42 [168].

ERD measurements indicated 30% hydrogen and 70% carbon. Assuming that

all the hydrogen atoms present in the coatings were attached to carbon atoms in sp3

bonding, 43% would be C-H molecules. The remaining 57% of carbon would be in

sp2 bonding. This result was in agreement with EELS measurements (which were not

discussed here) that were performed on some of the coatings.

Using the density p in Eqn. [6.18], the number of atoms per unit volume

(carbon and hydrogen) are 1.23xl029 atoms/m3. The estimated number of surface

atoms is 1.6xlO19 atoms/m2. Thus, the number of surface atoms calculated in DLC

coatings is same order of magnitude as in a closed packed plane of a diamond (Table

6.6).

In Section 6.4.2.2.3, it was shown that cleavage along the Si(100) plane results

in breaking two bonds per atom. Since silicon and diamond have the same structure,

two bonds are also broken for the diamond (100) plane.). Assuming two bonds are

broken in cleaving a DLC coating, the number of bonds per unit area in a coating are

much higher than those in the closed packed plane of diamond (111). On other hand,

assuming the one bond is broken per one atom in DLC coating, as in (110) and (111)

planes, the number of surface bonds in DLC coatings is same as the number of surface

atoms. The absolute number of surface bonds in the DLC coating, 1.6xl019 atoms/m2

is less than the surface bonds for the closed packed plane of diamond, 1.82xlO19

atoms/m2. This appears to be reasonable.
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6.4.2.6.4 Estimation of Bond Energy of DLC Coatings

The DLC coatings that were investigated in this study were amorphous, and

trie coatings consisted of a mixture of sp3 and sp2 bonding. Thus, the average bonding

energy of DLC coatings investigated can be estimated using the following equation.

enit. = F ,£ , + F ,e , [6.19]

where :

Fs_3is the fraction of sp3 material=0.3,

FS|-f is the fraction of sp2 material = 0.7,

e , is the bond energy of sp3 =368 kJ/mol, and

8 , is the b energy of sp2 =638 kJ/mol.

Thus, the bond energy of DLC coatings, e^^, is 557 kJ/mol.

6.4.2.7 Estimation of Surface Energy of DLC Coatings

Using the bond energy values estimated in the previous section, and the

number of surface bonds in Section 6.4.2.6.3, the predicted surface energy of DLC

coatings is found to be 7.4 J/m2. This value of surface energy was approximately 30%

greater than the estimated or experimentally measured value for diamond (111) plane.

As mentioned in the beginning of this discussion, the surface energies for metastable

phases are not available in the literature. Thus, comparison can only be made with

respect to diamond. There are experimental errors in measuring the percent of sp2 and

sp3, which could decrease or increase the estimated surface energy value of the

coating.

6.4.2.7.1 Estimation of the Fracture Toughness of DLC Coatings

Using the elastic modulus values obtained from nanoindentation

measurements, and the surface energy estimated in the previous section, the fracture

toughness of the coating can be estimated using Eqn. [6.2]. These values were
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summarized in Table 6.12. The estimated values are higher than the silicon substrate.

The estimated values cannot be compared directly with the experimentally measured

apparent fracture toughness values using indentation technique that are also

summarized in Table 6.12. The experimentally measured values of the fracture

toughness includes substrate effects, whereas the estimated value is for the coating

alone. However, estimation of the surface energy of the coating-substrate system is

done using the simple approximations in the following section.
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6.4.2.7.2 Estimation of the Apparent Fracture Toughness of DLC-Si System

Estimation of the fraction of the substrate and coating contribution to the

surface energy can be done, since the crack lengths of the coating-substrate system at a

particular load are known. The highest load used was 1000 gms, and the lowest load

at which the well-defined cracks were formed was 300 gms.

The length of the cracks in the coating-substrate system at 1000 gms and 300

gms were 52.2 um and 17 (im, respectively. Figure 6.16 shows the half-penny crack

of a coating-substrate system. The area of the crack is TCC2/2, where c is the crack

length. The area of the coating, ADLC, can be approximated to 2cd, where d is the

coating thickness. The substrate contribution to the area of the crack, A ,̂ is given by

KT2

A S i = — -2rd [6.20]

A t o t=ASi+ADLC [6.21]

The surface energy of a coating-substrate system is approximated by

Y,to,=X^YDLc+^LTs i [6-22]
•"•tot A t o t

Using, Eqn. [6.22], the surface energy of the coating-substrate system is estimated to

be 1.85 J/m2 and 2.2 J/m2, at 1000 gms and 300 gms, respectively. The fracture

toughness of the coating-substrate system was estimated, using Eqn. [6.2] and by

approximating coating modulus to be equal to the substrate modulus. The apparent

fracture toughness of the coating-substrate system was found to be 0.82 MPa.m1/2 and

0.9 MPa.m1/2, at 1000 gms and 300 gms, respectively.
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Figure 6.16. Half-penny crack of a coating-substrate
system viewed in cross-section.
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The estimated value of the apparent fracture toughness is less than the

experimentally measured values. This discrepancy could be due to intrinsic residual

sixess as result of processing and/or due to plastic deformation of the coating-substrate

system.

Table 6.12 Predicted and experimentally determined fracture toughness.

Sample

Si (100)

SI

S2

S3

S4

S5

S6

Elastic Modulus
(GPa)

180.0

113.6±4.73

140.7+1.43

145.8+2.55

158.9+2.07

159.9±11.5

188.9±3.48

Predicted KIC of
the coating
(MPa mm)
Eqn. [6.2]

0.67

1.12

1.25

1.27

1.33

1.33

1.45

Experimentally
Determined
values of KIC
(MPa m1/2)
Eqn. [3.15]

0.67 ±0.001

0.77±0.002

1.14+0.002

1.31+0.003

1.30+.0.004

1.52+0.002

____

6.4.3. Friction and Wear Behavior

Low friction of the DLC coatings observed in this investigation was consistent

with reported values in the literature [32-36, 169-172]. Abrasive wear is the dominant

wear mechanism in silicon. Under the same contact stress, DLC-coated samples wear

by plastic deformation. Wei et al. [170,171] and Liu et al. [172] reported formation of

graphite on DLC-coated disc after a 100 million cycle rolling contact fatigue. Though

there is no direct evidence of formation of a thin graphitic layer in the current tests, it

is speculated that graphitization is a possible mechanism for a low frictional behavior

of the coated samples.

The wear factor of the silicon substrate is several orders of magnitude greater

than the wear factors of any of the DLC coatings investigated in this study. The wear
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factor for all the coatings, scaled with apparent fracture toughness, was calculated

using an indentation technique. As mentioned in Chapter 2, several theoretical models

relating hardness, fracture toughness, and wear exist in the literature [79-83]. These

models are applied to specific types of wear, such as severe abrasive wear, which

includes microcracking, microploughing, and microcutting or erosive wear. As

discussed earlier, no visible debris in the wear track in Figure 6.9b suggested that the

wear behavior in the coated samples was not abrasive. The wear behavior of the

coatings relative to the uncoated silicon was improved because of their low coefficient

of friction and high fracture toughness.

The static contact stress between silicon and the ruby slider, calculated using

Eqn. [2.6], was about 1.0 GPa in this investigation, whereas the yield strength of

silicon is about 5 GPa [173]. Tables 6.2 and Table 6.4 show that the contact stress on

DLC was much less than the hardness. This suggested that, microscopically, the wear

should not be dominated by plastic deformation or fracture.

The detailed contact mechanics of a sphere loaded elastically against a plane

were discussed in Chapter 2. The tangential traction caused by friction between the

pin and the disc also modifies the contact stress distribution over the static case [90,

91]. Once sliding begins and frictional forces operate, the region in front of the sliding

contact is in compression, whereas the region behind the contact is in tension. As

shown in the Eqn. [2.16], deviation in the stress from the static contact condition

scales with the coefficient of friction. The cyclic loading that results from the change

in the stress as the pin slides across the surface can lead to a fatigue fracture condition

on the disc surface. Points subjected to tensile stresses in the system are generally

more susceptible to this type of failure.

Arnell [174] has discussed that deformation caused by repeated loading can

form wear debris below the fatigue limit. The wear morphology of the uncoated

silicon (Figure 6.9a) indicated wear particles with sharp edges and cracks. No transfer
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layer was observed in the wear track, suggesting the wear indeed was due to fracture.

Fatigue fracture is directly related to the magnitude of the tensile stress in the system.

This cyclic failure can be suppressed if the coefficient of friction and the resulting

tensile stress of the system under study is low. The coatings deposited on the silicon

substrates had low coefficients of friction. As a result, the compressive and tensile

surface stresses that resulted (Figure 2.7) because of the sliding contact were

minimized and thus reduced the probability of fracture by fatigue.

This research revealed a possible linear relation between the two mechanical

properties (hardness and fracture toughness) and the wear factor. The sample S5 and

uncoated silicon had the same hardness; however, their wear rates differed by several

orders of magnitude. This observation illustrated that high apparent fracture toughness

and a low coefficient of friction were responsible for the wear-resistant nature of the

DLC coatings.

6.5. Conclusions

Hardness of DLC coatings with less than 30 atomic percent hydrogen was

found to be in the range of 11 GPa and 19 GPa. No correlation was observed between

hardness and residual stress in the coatings. The coating hardness increased with

coating thickness.

The apparent fracture toughness measured using the indentation technique was

found to be higher than the estimated value using the Griffith model for elastic

fracture. Three main factors can explain this discrepancy: (i) Residual stresses due to

processing (ii) plastic deformation during indentation (iii) both (i) and (ii). The exact

contribution of each of these factors couldn't be estimated. This study suggested that

coating-substrate fracture toughness using indentation technique can be correlated

with the other mechanical properties of the coating. The apparent fracture toughness

of these coatings was found to be similar to the values reported for polycrystalline

diamond films [147].
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DLC coatings, tested at a contact stress of about 1 GPa, were found to have

low friction (0.1) and low wear factors (10~7 mm3/N.m). The data suggested that the

loss of material in DLC coatings is due to plastic deformation. Though there is no

direct evidence of formation of a thin graphitic layer in these tests, it is speculated that

graphitization is a possible mechanism for a low frictional behavior of the coated

samples. The wear-resistant nature of the DLC coatings was attributed to high

apparent fracture toughness and a low coefficient of friction.

In summary, strong adherent amorphous diamond-like carbon coatings with

good tribological and mechanical properties were produced using PSII. The apparent

fracture toughness of amorphous DLC coatings were evaluated for the first time in the

literature.
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Chapter 7 Investigations of BCN Coatings

Hard, wear-resistant coatings often fail by brittle fracture because of their low

fracture toughness. One method to improve the performance of these coatings is to

add a softer phase to a hard coating, which can improve fracture toughness. The high

hardness and wear resistance of boron carbide and the lubricating nature of crystalline

hexagonal boron nitride, also known as white graphite, are known in the literature

[54]. The hardnesses of polycrystalline boron carbide and hexagonal boron nitride are

40 GPa and 9 GPa, respectively [54]. The structure and the sensitivity of a hexagonal

boron nitride to the presence of condensable vapors are similar to graphite.

The idea to combine the properties of boron carbide and hexagonal boron

nitride for a potential wear-resistant coating was explored by Besmann [175]. From x-

ray studies Besmann [175] found a single-phase BC043N029 which he proposed was

due to the substitution of carbon/nitrogen in the hexagonal BN structure. In addition,

electron microprobe analysis revealed a carbon-rich phase BQ 02N032 which was

reported to have less crystallinity. The hardness of these single-phase coatings was

found to be 4.2 GPa. The coefficient of friction of these coatings against alumina was

found to be 0.39. The details of the test conditions were not given.

There are no reports on amorphous BCN coatings. However, Devkon et al.

[176] studied the tribological properties of nitrogen-implanted B4C at a contact stress

of 0.003 GPa tol GPa, with a B4C slider at room temperature. The coefficient of

friction was observed to be less than 0.25 for both implanted and unimplanted

samples. Their results indicated an increase in wear resistance and an increase in

friction. Dekoven et al. did not perform hardness measurements but postulated an

increase in hardness after implantation. Nastasi et al. [120] investigated the friction

and wear properties of nitrogen-implanted B4C with a chromium steel slider. They
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found a reduction in both the friction coefficient and wear. They argued that nitrogen

implantation into B4C will thermodynamically favor the precipitation of BN and

carbon, which can act as a solid lubricant that can reduce friction. The literature on

investigations of directly synthesized amorphous BCN coatings is limited.

7.1 Objective

This study explored whether metastable boron-carbon-nitrogen (BCN) coatings

synthesized by DC magnetron sputtering would show any technologically useful

tribological properties. Thus, metastable BCN coatings were characterized for

mechanical and tribological properties for the first time. These preliminary tests were

performed at room temperature and 50% relative humidity under one load with ruby as

a slider.

7.2 Synthesis of amorphous BCN Coatings

Amorphous boron-carbon-nitrogen coatings were prepared by using DC

magnetron sputter deposition. Base pressure in the chamber was below 2xlO"8 Torr. A

mixture of argon and nitrogen gas at 3 mTorr pressure was used to sputter the target

materials of B4C at a power of 500 W with no bias. By changing the percent of

nitrogen in the sputtering gas, coatings with different compositions of boron, nitrogen,

and carbon were prepared. The temperature of the substrate during deposition was

less than 120°C. Deposition rates were about 0.2 nm/s. Coatings were deposited on

380 |im thick Si(100) substrates. Film thickness was controlled to be 1 [im.

Thickness of the coatings was measured by profilometry and found to deviate less than

3%.

7.3 Results

The results of the investigation of BCN coatings are presented in the following

sequence.

1) Composition and microstructure analysis,
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2) Mechanical properties,

3) Tribological properties, and

4) Discussion of the results.

7..3.1 Composition and Microstructure Analysis

In addition to silicon substrates, the depositions were also done on Nb-coated

carbon substrates used for ion beam compositional analysis. Nb was used to shift the

carbon, boron, and nitrogen peaks away from the substrate signal. A 2 MeV 4He+

beam was used to perform RBS on these samples. The RUMP-code [125] was used to

simulate the experimental spectra.

The RBS spectra of Sample 4 along with the simulation are presented in Figure

7.1a. The region of the lighter elements is expanded and is shown in Figure 7.1b.

Figure 7.2 shows the RBS spectra of the coatings with and without nitrogen. The

difference in composition profiles of nitrogen, carbon, and boron are shown in this

figure. The coating compositions extrapolated from the simulated spectra are

presented in a ternary diagram, which is shown in Figure 7.3. This data showed that

trie composition varied along the composition line between B4C and N. Coating

compositions are also summarized in Table 7.1.

Table 7.1 Composition of BCN coatings.

Sample
1
2
3
4
5

Boron
at.%
73.2
58.0
39.8
38.4
82.1

Carbon
at.%
17.9
17.1
15.6
13.5
17.9

Nitrogen
at.%
8.9

24.9
44.6
48.1
0.00

The diffraction pattern of these coatings obtained from TEM studies is shown

in Figure 7.4. The diffraction patterns had diffuse rings, indicating the amorphous

nature of the BCN coatings. Films synthesized with a B4C composition also showed

trie presence of an amorphous structure.
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Residual stresses in these coatings were measured by a curvature method as

discussed in Chapter 3. The coatings had intrinsic compressive stress of about

500 MPa. Intrinsic stress in the coatings did not change with nitrogen content in the

coatings.
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Figure 7.3. Composition triangle of the BCN coatings.
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Figure 7.4. Selected area diffraction pattern of the BCN coatings.
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7.3.2 Mechanical Properties

Surface hardness measured using a nano-indenter as described in Chapter 3

and apparent fracture toughness of the coating-substrate system using a microindenter

are discussed in the following sections.

7.3.2.1 Surface Hardness

The nanohardness measured in these coatings at a depth of 47 nm is presented

in Figure 7.5. To minimize the substrate effects, the penetration depth at which the

hardness was taken was two orders of magnitude less than the coating thickness. The

data showed that the hardness of these BCN coatings decreased with an increase in

nitrogen content. A summary of elastic moduli and hardness is given in Table 7.2.

7.3.2.1 Apparent Fracture Toughness

A microindenter with loads ranging from 25 to 1000 grams was used to

determine the cracking response of BCN coatings on silicon substrates. Figure 7.6

shows the crack length dependence on load for the uncoated silicon and sample SI.

The length of the radial cracks generated at the corners of an indent were shorter in the

coatings compared to the bare silicon. Below 100 grams, no radial cracks were

observed for BCN coatings in contrast to uncoated silicon. At 200 grams, the

observed radial cracks did not meet the criteria, C > 2a, where C is the crack length

and 2a is the diagonal length of the indent. Thus, only well-defined cracks are

included in Figure 7.6. The depth of an indent was greater than the coating thickness

at all loads. For example, the depth of an indent for Sample 1 at a load of 500 grams

was 6.1 n,m, which was greater than the coating thickness. The apparent fracture

toughness of the coatings, calculated from Figure 7.6 (crack length, C3/2,
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Table 7.2 Summary of hardness and elastic modulus of BCN coatings.

Sample
1

2

3

4

5

Silicon

Boron
at.%
73.2

58.0

39.8

38.4

82.1

Carbon
at.%
17.9

17.1

15.6

13.5

17.9

Nitrogen
at.%
8.9

24.9

44.6

48.1

0.00

Hardness*
(GPa)

34.9+1.4

25.9±1.0

20.9±1.0

20.2+0.8

41.5+1.5

16.07+0.7

Elastic Modulus'
(GPa)

334.9±12.0

264.9+9.0

201.0±7.0

194.016.0

367.0+11.0

191.01±9.0
* Measurements taken at a depth of 47 nm
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Table
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7.3 Summary of the apparent fracture toughness of BCN coatings.

Sample
1

2

3

4
5

Silicon

Boron
at.%
73.2

58.0

39.8

38.4
82.1

Carbon
at.%
17.9

17.1

15.6

13.5
17.9

Nitrogen
at.%
8.9

24.9

44.6

48.1
0.00

Fracture Toughness
(MPa.mte)

1.0+0.01

0.95±0.04

0.86±0.06
~

l.O5±O.O6

0.67+0.02



versus the load) and from Eqn. [3.15], is summarized in Table 7.3. The data indicated

that all five samples had higher apparent fracture toughness than the uncoated silicon

substrate.

7.3.3 Tribological Properties

Tribological studies were performed using a POD apparatus under a normal

load of 0.8 N and at 50% relative humidity, with a ruby pin as a slider. Sliding speed

of 68.4 mm/sec was maintained during the friction and wear tests. The static contact

stress for uncoated silicon was 0.6 GPa. Depending on the coating modulus, the

contact stress for BCN coatings varied from 0.83 GPa to 1 GPa. The friction

coefficient of Samples 1, 5, and uncoated silicon are shown in Figure 7.7. The

average friction coefficient of the coatings varied from 0.5 to 0.7. Sample 5 had a

steady friction. There were large fluctuations in the friction coefficient of uncoated

silicon and BCN coatings.

The wear tracks of the uncoated sample, and samples 1 and 5 that were

investigated using scanning electron microscopy are shown in Figures 7.8 and 7.9.

Figure 7.10 shows the wear track profiles measured by profilometry. The depth of

wear tracks was less than the coating thickness for all the measurements. The depth of

the wear tracks in the uncoated silicon and BCN coatings were 6 |im and 0.2 ^m,

respectively. Depth of the wear track of Sample 2 was approximately 0.6 (im, which

is still less than the coating thickness. The wear area determined from these wear

profiles was used to calculate the wear factor using Eqn.[3.14].
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Figure 7.8. Scanning electron micrograph of the wear track
of the uncoated silicon.
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Figure 7.9. Scanning electron micrographs showing the wear
morphology of (a) Sample 1, (b) Sample 5.
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The trends in the wear factor as a function of hardness are presented in the

Figure 7.11. In this plot, a simplified notation SI is used for Sample 1. The wear

factor values are summarized in Table 7.4. Dispite its high hardness and high

toughness, coating SI showed a high wear factor.

Table 7.4 Summary of wear factor and the apparent fracture toughness
of BCN coatings.

Sample
1

2

3

4

5

Silicon

Fracture Toughness
(MPa.mte)
1.0±0.01

0.95+0.04

0.86±0.06
—

1.05+0.06

0.67±0.02

Wear Factor
(10* mm3/N.m)

8.8±0.18

3.6± 0.25

2.3± 0.42

1.5± 0.123

0.82+ 0.02

380+ 30

7.4 Discussion of the Results

The investigations of BCN coatings were intended to contribute to the

development of new compound coatings. However, the results from this research

seems to be very complicated. In addition, the data was very limited. Thus, the

experimental data was not sufficient for a complete the analysis of the tribological and

mechanical behavior of these coatings. More experiments need to be carried out in

order to isolate and identify the wear mechanisms against the ruby slider under the

present testing conditions.

The nanohardness data indicated that an amorphous coating with a composition

close to stochiometric B4C had a hardness of 41 GPa and an elastic modulus of 367

GPa. The reported values of hardness and modulus for a polycrystalline B4C prepared
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by sintering were 44.15 GPa and 460 GPa, respectively [54]. The data indicated that

B4C coatings synthesized in this study had a hardness equal to polycrystalline B4C,

whereas the elastic modulus of the coating was 25% less than polycrystalline B4C.

Thus, the measured hardness for the amorphous boron carbide coating was in

agreement with the value reported for polycrystalline BCN in the literature [54].

Samples 3 and 4 had approximately the same coating hardness and moduli,

where the atomic percent (at.%) of nitrogen in these coatings was greater than 40. The

hardnesses of these two coatings (samples 3 and 4) were half the hardness of the

coating with no nitrogen (sample 5). The data also suggested that both pure

amorphous boron carbide and coatings with 9 at.% of nitrogen were hard.

The only studies that can be compared with these results are by Dekempeneer

et al. [177]. Dekempeneer et al. synthesized amorphous BCN coatings by adding

boron and /or nitrogen to hard DLC coatings. In that study, Dekempeneer et al. [142]

observed that the hardness of DLC coatings decreased with the addition of boron

and/or nitrogen. They reported the hardness for a pure DLC and for a coating with 42

at.% of nitrogen, 43% carbon, and 15% boron to be 20 and 9 GPa, respectively. The

coatings in this investigation were harder than the carbon-rich BCN coatings

synthesized by Dekempeneer et al [177].

The large amount of wear debris that was found in the wear track (Figures

7.8a-c) might have been responsible for the fluctuations in the friction coefficient.

Fracture of the coatings might have caused the fluctuations in the friction coefficient.

The hardness of BCN coatings was greater than the ruby pin (20 GPa). In the friction

and wear tests of samples 1,2, and 5, wear of the pin might have been expected. In

this study, the pin did not show any visible wear.

The SEM micrographs (Figure 7.9) of the wear tracks indicated parallel

grooves running along the wear track, suggesting that abrasive wear was one of the

dominant wear mechanism. Wear morphology observed for all the coatings was
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similar. The large amount of loose wear debris found in the wear track suggested that

brittle fracture was another possible mechanism of wear.

Adhesion of the coating to the substrate was strong since delamination of the

coatings from the substrate was not observed. Details of the other wear mechanisms,

such as tribochemical wear were not investigated. No transfer layer was observed on

the wear track. Gogotosi et al. [178] discussed tribochemcial wear as a possible

mechanism for wear in boron carbides against steel. Their studies indicated that the

oxidation process in air or during the friction tests formed B2O3. This oxide layer on

the boron carbide surface might have helped in reducing the friction.

Tables 7.5 summarizes the heats of formation of B4C, BN , and B2O3,

whereas.Table 7.6 summarizes the heat of the reaction to form boron oxide.

Table 7.5 Heat of formation data for boron nitride, boron carbide, and born oxide.

Compound

B.C
BN

B7O,

Heat of formation
kCal.mole1

-62.7
-250.9
-1271.9
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Table 7.6 Thermodynamic stability of the compound coatings.

Reaction

2B4C+6O2-> 4B2O3+ 2C

4BN+3O2-> 2B2O3+ 2N2

Heat of reaction
kCal.mole"1

-5087.6

-1540.2

In the compound coatings that were investigated in this current study, the

hardness decreased with an increase in the atomic percent of nitrogen, whereas the

wear factor decreased with an increase in hardness, i.e., with an increase in the atomic

pereent of nitrogen. Tables 7.5 and 7.6 suggest that thermodynamically, coatings with

a high atomic percent of nitrogen are susceptible to oxidization as compared to pure

boron carbide.

The wear factor of uncoated silicon is greater by three orders of magnitude

than that of to BCN coatings. This investigation on BCN coatings indicated high

friction (0.7) with a ruby slider. As discussed in Chapter 2, the maxima of von Mises

stress is located on the surface for high friction, suggesting a higher stress state, which

can result in larger plastic deformation or fracture. For example, the tensile stress at

the trailing edge, estimated by using Eqn.[2.16], is about 1.2 GPa. When comparing

the wear behavior of the coatings, it is important to note that all five coatings have a

different chemical composition. The present study revealed that abrasive wear and

fracture were the mechanisms responsible for material loss in all the coatings.

Although the apparent fracture toughness of the BCN coating was higher than

the silicon substrate, the wear morphology indicated wear by brittle fracture

(Figures 7.8b -c) might have been responsible for the loss of material. The current

data was limited to one humidity and one dry sliding conditioa The tribological

properties of amorphous BCN coatings have not been investigated in the literature.

This limits the direct comparison of the current results. Nastasi et al. [120] showed

that nitrogen implantation into polycrystalline boron carbide reduced the friction.
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Their tests were done using a chrome steel pin. Was and Dekoven[179] found

increased friction when a polycrystalline nitrogen-implanted boron carbide was rubbed

against boron carbide in a vacuum. Dekempeneer et al. [177] tested BCN coatings at

loads of 1 and 5N, with a steel pin under 50% relative humidity. Their sliding speeds

were approximately the same as in this study. Their wear data indicated that the BCN

coatings with greater than 50 at.% carbon showed low friction and low wear factors

relative to the silicon substrate. However, their results indicated that the coatings with

intermediate compositions failed. Some of the coatings that they tested also showed

high friction, as was observed in this study.

7.5 Conclusions

The metastable BCN coatings had high hardness of 20 to 40 GPa. The

hardness decreased with nitrogen content in the coating. The reason for this hardness

behavior is not clear at this point, but it is speculated that formation of a phase with

short range order is favored with an increase in nitrogen content in BCN coatings. The

apparent fracture toughness of the coatings is about 30% greater than the silicon

substrate. However, no significant difference in the apparent fracture toughness of

different coatings was observed.

Abrasive wear seems to be the dominant wear mechanism in these coatings.

Large amounts of wear debris were found in the wear track, which suggests wear by

third body wear and brittle fracture of the coatings. These loose wear debris might

have been responsible for the high friction against the ruby slider that was observed

under the test conditions. These results are only preliminary. In order to evaluate the

BCN coatings, more detailed experiments should be carried out. These experiments

are discussed in the next chapter.
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Chapter 8 Summary and Future Proposed Work

The intent of this research was to broaden the application of well-established

surface modification techniques and to elucidate the various wear mechanisms that

occur in the sliding contact of ion-beam processed surfaces. The investigation

included modifying surfaces by three surface engineering methods; namely, beam-line

ion implantation, plasma-source ion implantation, and DC magnetron sputtering. The

synthesized coatings were characterized for composition and microstructure, and

evaluated for mechanical and tribological properties.

Surface modifications and surface coatings can alter the near-surface

mechanical properties of a coating-substrate system. For example, changes in surface

hardness and fracture toughness can influence the friction and wear behavior of the

modified surfaces. Therefore, correlation among the surface hardness, fracture

toughness, and wear behavior was also examined. The following sections summarize

the three systems that were investigated in Chapters 5, 6, and 7.

Beam-Line Ion-Implantation Studies of Silicon

Beam-line ion-implantation was used to synthesize metastable phases with

unique composition and structures, i.e., exceeding equilibrium solid solubility. For

example, the solubility of carbon in silicon is 50 atomic percent. For the sample

implanted with a high dose of carbon, the ion beam analysis indicated 72 atomic

percent of carbon was incorporated into the silicon sample.

Previous studies on carbon implantation into silicon indicated the formation of

Si-C bonds, whereas nitrogen implantation resulted in N-N bonds. The changes in

surface hardness had a correlation with the strength of the bonds that might have

resulted from the implantation. For example, in the case of nitrogen implantation,

when the N-N bonds reached a critical density, nitrogen molecules were formed.
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These nitrogen molecules were trapped as gas bubbles. Thus, surface softening was

observed in this sample.

The carbon-implanted samples were found to be amorphous. During the first

100 to 200 cycles of testing these samples exhibited low friction before the modified

layer wore off. The reason for the low friction is speculated to be surface

graphitization. The wear factor of the carbon-implanted samples was lower than the

unimplanted crystalline silicon. The hardness was observed to increase with dose, and

the wear factor of carbon-implanted samples also scaled with surface hardness. The

improved wear behavior of the carbon-implanted samples is attributed to the presence

of amorphous SiC and excess C in the modified layer.

The microstructure of nitrogen-implanted samples was also found to be

amorphous. At a lower dose of nitrogen, no significant improvement was observed in

the surface hardness. In contrast, at a high dose of nitrogen, the surface hardness was

lower than the unimplanted silicon due to the formation of bubbles as was revealed

from TEM studies. A high coefficient of friction was observed in the nitrogen-

implanted samples relative to the unimplanted sample. The wear factor of the sample

implanted with a low dose of nitrogen was not significantly different from the wear

factor of the unimplanted sample. For the sample implanted to a high dose of

nitrogen, a large number of profilometry traces were measured at different positions

on the wear track. The wear area of these traces were scattered in a wide range. Thus,

no conclusion could be drawn other than speculating that nitrogen bubbles in the

sample might have been responsible for the scattered data.

The sample implanted with both carbon and nitrogen had a high coefficient of

friction compared to the unimplanted silicon. The incorporation of nitrogen into the

carbon-implanted silicon lattice was different from nitrogen incorporation into the

silicon lattice. For example, carbon could have inhibited the formation of N-N bonds,

as a result, surface hardness of this sample improved significantly compared to the
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unimplanted sample. However, the improvement in the wear factor for the samples

implanted with both carbon and nitrogen was not as significant as the carbon-

implanted samples. The wear factor value of this mixed sample was found to be the

average value of the wear factor of the sample implanted at a low dose of nitrogen and

a low dose of carbon. This suggested that both the carbon and nitrogen ions

influenced the wear factor of the mixed implant sample.

Future Proposed Work on Beam-Line Ion-Implantation Studies of Silicon

Proposed future work should include X-ray photoelectron spectroscopy (XPS)

or Auger electron spectroscopy (AES) to confirm that the chemical state of the

elements in the modified layer resulted from implantation. The information obtained

from these techniques would help to identify the possible phases responsible for the

changes in the mechanical properties.

One should investigate carbon and nitrogen implantation at high temperatures

to explore whether the crystalline phases show any changes in mechanical and

tribological properties. Implantation at a high temperature can provide

thermodynamic driving forces to form crystalline phases. Thus, implantation

experiments at high temperature should be carried out.

Investigating the mechanical and tribological properties of the samples where

nitrogen implantation is followed by carbon implantation is another possible

experiment. Thermodynamically, formation of silicon carbide by implanting carbon in

N-implanted silicon seems to be unfavorable because the reaction is endothermic:

Si3N4+3C—>SiC+2N2+130 kcal.mole'1. Thus, the incorporation of carbon in nitrogen-

implanted silicon might result in carbon-rich regions in the modified region.

Depending on the nature of the carbon, i.e., whether carbon is graphitic or amorphous

in form, the mechanical and tribological properties of the resulting modified layer

might be different.
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One should also explore synthesis of a mixture of crystalline and amorphous

structures. This can be achieved by implanting a certain atomic fraction of a species at

a high temperature and then the remainder of the desired fraction at liquid nitrogen

temperature. The mechanical properties of modified layers achieved by combining

both hot and cold implantation could depend on the fraction of crystalline and

metastable strutures. Thus, prediction of the hardness, friction, and wear behavior of

these systems is complicated. However, a systematic set of experiments on these line

of thoughts would provide an empirical model that can relate hardness and fraction of

crystalline or amorphous phase.

Because the carbon- and nitrogen-modified layer in the present study was

investigated with only one slider and at one contact stress, one should also investigate

the tribological performance with other sliders and at other contact stresses. For

example, the results of the tests performed with a ruby slider can be different from

those that result from a metallic slider because of the difference in transfer layers and

tribochemical reactions. Thermodynamic data show that the heat of reaction for the

reduction of ruby with silicon is positive:

2Al2O3+3Si-^SiO2+4Al+366.36 kcal.mole1. Thus, one can conclude that ruby pin is

chemically inert when sliding against silicon. On the other hand, a titanium pin

against silicon is chemically reactive under certain testing conditions. Similarly,

extending the work with a metallic slider such as nickel would produce information of

interest to the micromechanical device industry that is concerned with the wear of

devices.

Investigations of Diamond-like Carbon Coatings

Coatings that are applied to improve the friction and wear properties of a

substrate can fail either by delamination from the substrate or by fracture within the

coating. By using PSII, a graded interface between substrate and coating is formed.

This interface reduces the possibility of wear by delamination. However, these
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coatings can fail by defect generation and fracture in the coating. Thus, it is

advantageous to know the fracture toughness of the coatings. There are no

standardized tests to measure fracture toughness of thin coatings. In this study, the

fracture toughness of DLC coatings was evaluated using an indentation technique.

The DLC coatings processed by PSE, with thicknesses ranging from 0.7 |nm to

7 (im, were investigated for composition, hardness, fracture toughness, friction, and

wear behavior. These DLC coatings had less than 30 atomic percent hydrogen, and

the hardness of these coatings was found to be in the range of 11 GPa to 19 GPa. No

correlation was observed between the hardness and residual stress in the coatings. The

coating hardness increased with coating thickness.

The fracture toughness of DLC coatings has been estimated for the first time in

the literature. Based on elastic fracture, the calculated fracture toughness of the DLC

coatings was found to range between 1.12 to 1.45 MPa.m1/2. These values are less

than diamond, but greater than silicon. The experiments provided the insight that the

coating thickness, coating hardness, and residual stresses due to processing are three

important parameters in evaluating the fracture toughness of a coating-substrate

system. Thickness and hardness of the coating appeared to influence the initiation of

the cracks, whereas the compressive stress in the film should influence crack

propagation. For example, no cracks were observed at a load of 3000 gms for a 7 jim-

thick DLC coating.

The values of the apparent fracture toughness of the coating-substrate system

measured in this study were similar to that reported in the literature for polycrystalline

diamond coatings grown on silicon substrates. The apparent fracture toughness of the

coating-substrate system was also estimated at a lower limit using the Griffith model

for the elastic fracture. The apparent fracture toughness determined experimentally

was found to range between 0.77 and 1.52 MPa.m1/2. Values of the estimated apparent
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fracture toughness for a 1.36 .̂m thick sample was found to be 0.82 MPa.m1/2

compared to the experimentally determined value of 1.14 MPa.m1/2. Thus, the

experimentally determined values for apparent fracture toughness were 25 to 30%

greater than the estimated values of apparent fracture toughness. Residual stresses due

to processing and/or plastic deformation during indentation can influence the

measured values. For example, in this study, the residual compressive stresses were

found to inhibit the crack propagation. Similarly, the uncertainties associated with

surface energies may affect the predicted fracture toughness values.

The data indicated a correlation between the mechanical properties, such as

hardness and apparent fracture toughness, and wear factor. The DLC coatings were

found to have low friction (0.1) and low wear factors (107 mm3/N.m) even at the high

contact stress of about 1 GPa.

Future Proposed Work on Investigations of Diamond-like Carbon Coatings

Investigations on DLC coatings revealed that the apparent fracture toughness

of the coatings-substrate system is governed by coating thickness, coating hardness,

and residual stresses due to processing.

More systematic experiments have to be designed in order to develop a method

and an understanding towards the fracture toughness of nonuniform structures. For

example, variations of coating thickness at a constant coating hardness and residual

stress can help to identify the role of coating thickness on the initiation of cracks. By

mechanical manipulation of substrates before deposition, processing coatings of the

same thickness and hardness with varying residual stress should be explored.

Experiments on these coatings can also reveal the role of residual stress on the

propagation of cracks.

When indentation experiments were performed, it was realized that the loads

available to create well-defined cracks were limited because of the automation of the

microindenters. Thus, the number of data points that could be obtained on a particular
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system under investigation were limited. This further adds constraints on developing

any models based on experimental data. However, an older version of a microindenter

can be modified to obtain additional data points. In addition, this analysis was based

on the assumption that the induced cracks are half-penny shape. In reality, the shape

of the cracks might deviate from the half-penny shape. Since silicon is transparent to

infrared radiation, cracking in coatings on silicon substrate can be examined by

infrared spectroscopy. Another approach to determine the shape of the cracks

optically is by depositing the coatings on a transparent substrates such as glass.

Investigations of Boron-Carbon-Nitrogen Coatings

Boron-carbon-nitrogen coatings with varying compositions were synthesized

using DC magnetron sputtering. The composition varied along the composition line

between B4C and N. The hardness of the coatings varied from 40 to 30 GPa, with an

increase in nitrogen content. The measured hardness of amorphous boron carbide was

40 GPa, which is comparable to the hardness of a polycrystalline boron carbide that

has been reported in the literature. The hardness decreased with increased nitrogen

content, which suggested formation of a softer phase. Boron nitride exists in

hexagonal and cubic structures. The reported hardness of hexagonal boron nitride is

9 GPa and cubic boron nitride is 50 GPa. It is not clear at this point whether the

metastable BCN coatings are composed of hexagonal or cubic boron nitride or a

mixture of both forms.

Future Proposed Work on Investigations of Boron-Carbon-Nitrogen Coatings

X-ray diffraction, TEM, Auger spectroscopy, or x-ray photoelectron

spectroscopy experiments should be carried out to obtain the information on the

phases, bonding, and structure of metastable BCN compounds. Future experiments

should include varying the deposition parameters to form h-BN or any other possible

phases that can act as lubricants. Post-annealing of the samples investigated in this

study or synthesizing the samples with the same composition at high temperature are
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likely to result in varying proportion of two different phases. These samples are also

likely to exhibit interesting mechanical and tribological properties.

The present study investigated the friction and wear behavior of metastable

BCN coatings with a ruby slider under contact stresses ranging from 0.8 to 1 GPa.

Under these test conditions, these coatings had high friction. Additional work is

required to resolve whether the high friction was due to the absence of the lubricant

form of h-BN or due to brittle fracture in the coatings. One would expect the h-BN

phase to be more ductile and less prone to fracture. If brittle fracture was responsible,

then one has to be careful in choosing hard coatings with high friction since brittle

fracture may sometimes lead to the catastrophic failure of the coating.

The response of the BCN coatings to different testing should also be

investigated. For example, the coatings should be tested with the same slider, but over

a range of contact stresses to see if additional wear regimes, such as mild abrasion or

plastic deformation occur. If other regimes are observed, this work could lead to the

establishment of wear maps for this material system.

For practical applications, the behavior of BCN systems in the presence of

lubricants should also be investigated. Although the high friction and brittle fracture

observed in these limited unlubricated studies is somewhat discouraging, it is possible

that in the presence of a lubricant, fracture may be suppressed and the benefits of the

high hardness may be realized, particularly for low-angle erosion or abrasion-resistant

applications.

Summary

The major contributions of this dissertation are:

• Demonstrated the ability to develop novel nonequilibrium structures

using well-established processing techniques. For example, beam-line

implantation was used to investigate the mixed implantation of carbon

and nitrogen ions into single crystal silicon for tribological

applications.
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• Initiated the research to develop and evaluate new metastable BCN

coatings by DC magnetron sputtering for tribological applications.

• Estimated the fracture toughness of the DLC coatings using the

Griffith model for elastic fracture for the first time in the literature.

• Developed a foundation for a model that could be used to determine

the fracture toughness of thin coatings when the residual stresses in the

coatings are known.

In summary, part of this work contributed to novel ideas in coating processes

by using well-established techniques, and the other part contributes to the foundation

for a potential model to measure the fracture toughness of thin coatings with known

residual stresses.
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