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ABSTRACT 

In the present work, the defect microstructures and hardening effects produced by 600 MeV 
proton irradiation in Cu, Pd and Au single crystals have been studied at room temperature. 

The defect microstructures in the irradiated Cu have been investigated by using transmission 
electron microscopy (TEM) in a dose range from 9.7X10"4 to 4.6x10"2 dpa. It has been 
observed that about 90% of the total defect clusters are stacking fault tetrahedra (SFT's). This 
fraction is independent of the thickness of the foil up to about 130 nm. 

The irradiation defect cluster densities obtained are in agreement with previous published 
results of high energy proton irradiation. With the present data at medium doses, the dose 
dependence of the defect cluster density, in high energy proton irradiated Cu, has been well 
established. A comparison between the results of Cu irradiated with high energy protons, 
fusion neutrons and fission neutrons indicates that there is no difference in defect cluster 
densities produced by these particle irradiations when the results are compared on the basis of 
dpa. The data compiled can be fitted within a band which shows that the defect cluster density 
starts to saturate at a value of about 4xl023 m"3. A large transition dose range between the 
linear dependence to the saturation is located between 3x10~3 and lxl0"1 dpa. 

The defect cluster size distributions measured under weak beam dark field (WBDF) imaging 
conditions with (g, 6g) (WBDF(g, 6g)), g=200, show that the most probable size is between 
1.5 and 2 nm and the mean size is about 2 nm independent of the dose. This result is also in 
agreement with published results. 

The defect structure in Au at dose of l.lxlO"1 dpa has been observed. It shows that about 85% 
of the total defect clusters are SFT's. There are no grouped defect clusters, which may 
probably be due to the fact that the defect cluster density (5.1xl023 m'3) has already saturated 
at this high dose. The most probable defect cluster size is between 2 and 2.5 nm and the mean 
size is about 3 nm, which were obtained under the imaging condition WBDF(g, 6g), g=200. 

Tensile tests have been performed on Cu single crystals in a dose range of 9.0xl0"5 - 3.9xl0'2 

dpa. The change of the critical resolved shear stress (CRSS) induced by the irradiation is 
proportional to the square-root of the dose, up to about 7xl0"3 dpa and then tends to 
saturation. The comparison with the results of fusion and fission neutron irradiated Cu single 
crystals and polycrystals shows that the hardening effects produced by fission neutrons, fusion 
neutrons and high energy protons in Cu are similar when they are compared on the basis of 
dpa. This conclusion agrees with the above conclusion derived from the results on the defect 
cluster density. 

Correlating the defect cluster density to the change of CRSS of the irradiated Cu single crystals 
resulted in the relation: A T C « nbjNd /10. The corresponding apparent obstacle strength (a) 
of the irradiation defect clusters is about 0.1 and the corresponding breaking angle is about 
150° which means that these defect clusters are weak obstacles at room temperature. 
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il Abstract 

The hardening in irradiated Pd and Au is similar to that in irradiated Cu. The main differences 
are: i) In the Pd case, it is found that in the lower dose range (< 10"2 dpa) the change of CRSS 
is proportional to the cubic-root of the dose rather than the square-root, ii) In the irradiated 
Au, the apparent obstacle strength is about 0.17 which is greater than that of irradiated Cu. 
This is believed to be due to the size of defect clusters in irradiated Au which is larger than in 
irradiated Cu. 

It is found that in all three kinds of single crystals, the parabolic hardening stage-in was 
significantly or even completely suppressed at high doses. The phenomena is believed to be due 
to the geometry of the slip bands which limits dislocation glide on the cross slip planes. 

The activation volume of dislocation movement has been measured by performing stress 
relaxations during tensile tests. The results show that: i) the activation volume decreases with 
increasing dose; ii) in the yield region the activation volume increases with increasing 
deformation and reaches a maximum at about the end of the yield region, then it decreases. It 
is proposed that the stress drop of a relaxation includes two components: dislocations 
interacting with irradiation defect clusters and forest dislocations. Nevertheless, there is 
insufficient information to separate these two components precisely. Qualitatively, the results 
indicate that in an irradiated specimen, with increasing deformation, the predominant thermal 
activation mechanism changes from breaking through the irradiation defect clusters to cutting 
through forest dislocations. The transition from one mechanism to the other is located at the 
end of the yield region. 

In the irradiated and deformed Cu specimens, it has been observed that: i) Corresponding to 
the slip-bands observed on the surfaces of the crystals, defect-free channels of about 100 nm 
width are formed in the interior of the crystal, ii) The defect structures have changed greatly 
after large deformation. 

Investigations in deformed or as-rolled Cu, Au and Ni unirradiated specimens have shown that: 
i) Small defect clusters similar to those produced by irradiation are observed in all the 
specimens, ii) The defect density is higher in the regions around dislocations and grain 
boundaries. The density is deformation dependent, and high in a heavily deformed specimen, 
where it is comparable to that of an irradiated specimen at medium dose (~ 10"3 dpa), iii) The 
mean size of defects is substantially larger in the deformed specimens than in the as-irradiated 
specimens. The analysis of me preliminary results indicates that these defect clusters may play 
an important role in deformation, where work hardening is usually attributed to dislocation-
dislocation interaction, only. 

The results of computer simulations of dislocations moving through grouped obstacle arrays 
show that when the obstacle is strong, the CRSS of a grouped obstacle array decreases 
dramatically. However, when the obstacle is weak, there is essentially no difference between 
grouped and random arrays. The effects of the grouped obstacle structure increase with the 
average obstacle number in a group, but decrease with the obstacle area density. In irradiated 
Cu or Au, at room temperature where the irradiation defect clusters are weak, the presence of 
grouped defect cluster structures should therefore have no influence on the yield stress. 
However, at low temperatures, where irradiation defect clusters become stronger, the yield 
stress of an irradiated Cu or Au specimen can be significantly lowered. 



Résumé 

Dans ce travail, la microstructure de défauts et l'effet de durcissement produit par l'irradiation 
avec des protons de 600 MeV dans des monocristaux de cuivre, de palladium et d'or sont 
étudiés à température ambiante. 

La microstructure de défauts dans le cuivre irradié a été étudiée à l'aide d'un microscope 
électronique à transmission (MET) pour des doses variant entre 9.7-10"4 et 4.6-10"2 dpa. Il a été 
observé que 90% du total des défauts sont des tétraèdres de défauts d'empilement (SFT). Cette 
fraction est indépendante de l'épaisseur de la lamme mince jusqu'à une limite de 130 nm. 

La densité de défauts produits par l'irradiation, mesurée dans cette étude est en bon accord 
avec les valeurs publiées pour des irradiations avec des protons d'énergie similaire. Ces 
mesures ont permis de bien determiner la variation de la densité de défauts en fonction de la 
dose pour les protons de haute énergie. Une comparaison entre ces résultats et ceux obtenus 
après irradiation avec des neutrons de fusion et des neutrons de fission, indique qu'il n'y a pas 
de différence dans la densité de défauts produite, lorsque les résultats sont comparés à nombre 
de dpa égal. Toutes les valeurs publiées à ce jour peuvent être inclues dans une bande qui 
montre que la densité d'amas de défauts commence à saturer à une valeur d'environ 4-10'23 m"3, 
et qu'une zone de transition relativement large (entre 3-10"3 et MO"1 dpa) sépare la variation 
linéaire à faible dose et la saturation. 

La distribution de la taille des amas a été mesurée par des observation en condition de fond 
noir en faisceau faible (weak beam dark field) avec (g,6g) (WBDF(g,6g)) et g=200. H est 
montré que la taille la plus probable se trouve entre 1.5 et 2 nm et que la taille moyenne est 
d'environ 2 nm et est indépende de la dose. Ces résultats sont également en accord avec ceux 
déjà publiés. 

La structure de défauts dans l'or pour une dose de 1.1-10"1 dpa a été observée par MET. H est 
montré que environ 85% du total des défauts d'amas sont des SFT. H n'y a aucun groupe 
d'amas, ce qui est probablement dû au fait que la densité d'amas de défauts est déjà saturée 
pour cette dose élevée. La taille typique de ces amas est de l'ordre de 2 à 2.5 nm et la taille 
moyenne est de 3 nm. Ces mesures ont été obtenues pour des condition d'observation du type 
WBDF(g,6g), g=200. 

Des essais de traction ont été effectués sur des échantillons monocristallins de cuivre irradiés à 
une dose comprise entre 9.0-10"5 et 3.9-10"2 dpa. La modification de la contrainte résolue de 
cisaillement (CRSS) induite par l'irradiation est proportionnelle à la racine carrée de la dose 
jusqu'à environ 7-10"3 dpa et tend à saturer à plus haute dose. La comparaison avec les 
résultats obtenus au cours de la déformation d'échantillons inonocristallin et polycristallin de 
cuivre irradiés avec des neutrons de fusion ou de fission montre que les effets de durcissement 
sont semblables lorsqu'ils sont comparés à nombre de dpa sirnilaire. Cette conclusion est en 
accord avec celle obtenue par l'observation de la densité d'amas de défauts. 

La variation de de contrainte de cisaillement (CRSS) a été mise en relation avec la densité 
d'amas de défauts. Il en résulte une relation du type Axc » \ibjNd /10. La force des obstacles 
correspondante (a) est de l'ordre de 0.1 et l'angle 'échappement est de l'ordre de 150°, ce qui 
signifie que les obstacles sont faibles à temperature ambiante. 

iii 

file:///ibjNd


IV Résumé 

Le durcissement dans le palladium et l'or irradiés est similaire à celui du cuivre. Les différences 
principales sont i) dans le Pd, il est observé une zone de doses (< 10"2 dpa) où le changement 
de CRSS est proportionnel à la racine cubique de la dose plutôt qu'à la racine carrée; ii) dans 
l'or, la force apparente des obstacles est d'environ 0.17, ce qui est nettement plus important 
que dans le cuivre. Cet effet provient probablement de la taille supérieure des amas de défauts 
dans l'or. 

H a aussi été observé que le stade II parabolique de durcissement est grandement diminué, voir 
supprimé à dose élevée dans les trois matériaux. Le phénomène est probablement dû au fait 
que la géométrie des bandes de glissements limite le mouvement des dislocations dans le plan 
de glissement dévié. 

Le volume d'activation du mouvement des dislocations a été mesuré par relaxation de 
contraintes durant les essais de traction. Les résultats montrent que i) le volume d'activation 
croit avec la dose; ii) dans la région de la limite d'écoulement, le volume d'activation croit avec 
la déformation et atteint un maximum au début de la zone plastique, pour ensuite diminuer. 11 
est proposé que la contrainte durant la relaxation a deux composantes : l'interaction des 
dislocations mobiles avec la forêt de dislocations et avec les amas de défauts. Les informations 
détaillées manquent pour déterminer l'importance relative de ces deux effets de manière 
précise. Qualitativement, les résultats indiquent que dans les échantillons irradiés, le mécanisme 
thermiquement activé prédominant à faible déformation est l'interaction des dislocations 
mobiles avec les défauts d'irradiation mais à déformation plus élevée c'est l'interaction avec la 
forêt de dislocations. La transition d'un méchanisme à l'autre se produit au début de la 
déformation plastique. 

Dans les échantillons de Cu irradés , il a été observé que i) des canaux libres de défauts, 
d'environ 100 nm de large, sont formés à l'intérieur du cristal, corespondant aux bandes de 
glissement visibles sur la surface; ii) la structure de défauts d'irradiation est profondément 
modifiée après une déformation importante. 

Des études sur des échantillons de Cu, Au et Ni non irradiés ont montré que i) des petit amas 
de défauts semblables à ceux produits par irradiation sont également observés; ii) la densité de 
ces défauts est plus élevée près des dislocations ou des joins de grains. Leur densité augmente 
avec la déformation et celle d'un échantillon fortement déformé est comparable à celle d'un 
échantillon irradié à une dose moyenne ( -10 ' 3 dpa); iii) la taille moyenne de ces amas est 
légèrement supérieure dans les échantillons déformés à celle des échantillons irradiés. L'analyse 
des résultas préliminaires montre que ces défauts pourraient jouer un rôle important dans le 
mécanisme de déformation, alors que le phénomène d'écrouissage est souvent expliqué 
seulement par l'interaction dislocation - dislocation. 

Les résultats de simulations du mouvement des dislocations au travers d'un réseau d'obstacles, 
montre que lorsqu'ils sont forts et répartis en groupe, le CRSS diminue drastiquement. Par 
contre lorsqu'ils sont faibles, il n'y a pratiquement pas de différence entre une répartition en 
groupe ou aléatoire des défauts. L'effet du groupement des obstacles s'accroit avec le nombre 
moyen d'obstacle dans un groupe, mais décroit avec la densité planair de ces obstacles. Dans 
les matériaux irradiés, à température ambiante, les amas de défauts étant des obstacles faibles, 
la présence de groupes d'amas ne devrait pas avoir d'influence sur la limite d'écoulement. Par 
contre à basse température, lorsque les amas de défauts deviennent plus forte, la limite 
d'écoulement d'un échantillon de cuivre ou d'or peut diminuer de manière significative. 
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INTRODUCTION 

The interaction of 600 MeV protons with a solid gives rise to a high energy recoil spectrum 
which is even harder than that produced by fusion neutrons. Furthermore, like fusion neutrons, 
600 MeV protons produce also helium and other transmutation products. Therefore the 
600 MeV proton irradiation provides a good simulation of me fusion neutron irradiation. 
Because of the lack of fusion neutron sources in the world since the RTNS-II (the Rotating 
Target Neutron Source in Lawrence Livennore National Laboratory, USA) was shut down, 
the 600 MeV proton irradiation facility, PIREX (Proton Irradiation Experiments), has played 
an important role in the fusion technology program. 

To understand and model the evolution of the defect microstructure formed in the 
displacement cascades produced by 600 MeV protons, a number of numerical simulations and 
transmission electron microscopy observations have been performed by the PIREX group in 
recent years. It was established that the total defect cluster density, defect cluster size 
distribution, produced in Cu in a low dose range, 1.7X10"4 - 1.0.Xl0'? dpa, and in Au, 6.7xl0'5 

- 1.7xl0"3 dpa, behaved in a similar fashion to those resulting from both fission and fusion 
14 MeV neutrons irradiation [Proennecke, 1992]. On the other hand, it has been also observed 
that at high doses, around 1 dpa, die defect cluster density produced by 600 MeV [Horsewell 
et al., 1991] or 800 MeV [Zinkle et al., 1993] protons in Cu saturates. To fully characterize the 
defect microstructures produced by such high energy protons in Cu, information at the medium 
dose range, between 10"3 and 10"1 dpa, is required. Furthermore, it has been found that there is 
a large discrepancy in the published results concerning the defect microstructures in Cu 
produced by fission and fusion neutrons obtained by different investigators. The origin of this 
discrepancy should be studied. 

The microstructure changes will result in mechanical property changes in the irradiated 
material. Cu is hardened after room temperature irradiation. Since the first investigation on the 
radiation hardening effects in Cu performed at the beguining of 1950s by Blewitt et al. (1950), 
there were a number of authors who studied the problem by using fission and fusion neutrons. 
The main results showed that: i) The critical resolved shear stress (CRSS) of a Cu single 
crystal was substantially increased after receiving a dose of, e.g. 1022 n/m2 [Blewitt et al., 
I960]; ii) The change of CRSS or yield stress was found to be a square-root function of the 
dose, while other authors proposed a cubic-root and a one-fourth power functions. The reason 
for the different dose dependencies of the CRSS is not clear yet. For the high energy (600 or 
800 MeV) proton irradiation, there is no result on the hardening effects in Cu. To fully 
compare the damage produced by high energy protons with that produced by fission and fusion 
neutrons, such an investigation is required. 
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2 . Introduction 

To meet the above needs, the defect microstructures and hardening effects induced by 
6O0 MeV protons will be investigated in the present work in Cu single crystals in a dose range 
of 9.0x10"5 - 4.6x10"2 dpa. Similar investigations will be also performed in Pd single crystals in 
a dose range of 2.2x1t)"4 - 9.3X10'2 dpa and in Au single crystals with a dose about lxlO"1 dpa. 

The initial irradiation induced defect microstructures will be observed in the as-irradiated single 
crystals. The nature of the defect clusters, the defect cluster volume density and size 
distribution will be determined. The hardening effects will be studied by performing tensile 
tests, through which the CRSS changes due to irradiation will be evaluated, and the dose 
dependence of the CRSS change can be estimated. In order to define the hardening 
mechanisms, the results of the defect microstructures and the mechanical properties will be 
correlated and the obstacle strength of the irradiation defects will be deduced. Additional 
information about the deformation behaviour will be achieved by performing stress relaxation 
tests, to measure the activation volume of dislocation motion, and in-situ observations of slip 
band evolution, to characterize the deformation modes, during tensile tests. Furthermore, the 
dislocation and defect structures in the deformed specimens will be also examined by TEM. 

It has been observed that the defect clusters in fusion neutron irradiated Cu, Au and Ag 
[Kiritani et al., 1986], and in 600 MeV proton irradiated Au [Proennecke, 1992] form in 
groups. What kind of effect the grouped defect cluster structure has on the yield stress is not 
known at present. A computer simulation of the motion of dislocations in grouped obstacle 
arrays will be carried out to study its effect on the yield strength of the irradiated crystals. 



CHAPTER I 

REVIEW 

Radiation damage and its induced microstructures and 

mechanical property changes have been studied for 

more than forty years, and a great number of results 

have been obtained. In this chapter, the elementary 

theories and the computer simulation studies of the 

radiation damage will be briefly reviewed. Then results 

about defect microstructure observations and 

mechanical property measurements on copper irradiated 

with fission neutrons, fusion neutrons and high energy 

protons will be discussed. The irradiation defect 

microstructures of gold will be also briefly described. 
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4 Chapter I 

1.1 Radiation damage in solids 

This section is divided into two parts. In the first part, the general description of the damage in 
solids produced by energetic particles and the theory for the quantitative calculation of the 
defect production will be given. In the second part, the methods of computer simulation of 
radiation damage processes and some important results will be described. 

1.1.1 Elementary theories of radiation damage 

The irradiating particle loses energy in the target due to three kinds of interaction [Schilling 
and Ullmaier, 1994]: i) elastic interaction between the particle and a lattice atom; ii) inelastic 
interaction between the particle and the electrons in the solid; and iii) inelastic interaction 
between the particle and the nuclei of the target. How the energy is partitioned in these three 
mechanisms depends on the type of the bombarding particles and their energy. 

Corresponding to the three kinds of interactions, three types of defects will be produced in 
solids: i) the displacement of original lattice atoms from their normal sites to form vacancy-
interstitial pairs, i.e. Frenkel pairs; ii) the excitation of electrons; and iii) the introduction of 
foreign atoms, either by nuclear transmutations or by the projectile ions stopping in the solid. If 
the solid is a good conductor material, the second type of damage will not be permanent as the 
excited electrons can be rapidly replaced by other electrons and the energy will just transform 
into heat. In the following, only the first one will be considered. 

When the energy of the projectile is sufficiently high, it will generate displacement cascades, 
from which the point defect clusters will be finally produced. The sequence of basic events 
from the projectile bombarding the lattice to the final formation of defect clusters can be 
described as follows [Heinisch et al., 1992; Schilling and Ullmaier, 1994; Robinson, 1994]: At 
the beginning, within less than 1 fs (10"15 s), the primary knock-on event is over and a primary 
knock-on atom (PKA) with a recoil energy T is created. In the following very short period of 
time, -0.2 ps (1012 s), a collision cascade is produced as a result of the slowing down of the 
PKA. This collisional stage ends with a great number of lattice atoms being displaced from 
their normal sites. Then, in ~3 ps, the energy stored in the cascade region releases to form a 
very hot (several times Tm , Tm being melting point temperature[Diaz de la Rubia et al, 1989]) 
but less dense zone, the so called spike core. Within another ~7 ps, the spike core will cool 
down to form a vacancy-rich depleted zone, meanwhile a interstitial shell is also produced 
around the depleted zone. Afterwards, most (70-90%, temperature dependent) of interstitials 
and vacancies will annihilate by thermal intracascade recombination. The surviving vacancies 
and interstitials will agglomerate to form small clusters or annihilate at other existing defects, 
or move as free point defects. 

The production of defects can be quantitatively analysed. The theory is briefly described as 
follows. 

When a particle of mass m and energy E collides with a PKA of mass M, the maximum recoil 
energy Tmax which can be transferred is given by: 



Review 5 

4(mM) 
max (m + M)2 

(1-1) 

The energy received by the PKA is in the region, 0 < T < T,^. In fact a recoil energy spectrum 
exists. Recoil energy spectra vary with the radiation sources and the target materials. A number 
of codes, e.g., HETC [Coleman and Amstrong, 1970] and SPECTER [Greenwood and 
Smithers, 1985], which were developed on the base of the nuclear reaction theory can be 
employed to calculate recoil energy spectra, and other parameters such as damage energy cross 
section, helium and transmutation production. Fig. 1.1 is an example which illustrates the recoil 
energy spectra of Cu for irradiations of fission neutrons (HFIR), 14 MeV neutrons (RTNS) 
and 590 MeV protons (PIREX) [Victoria et al, 1992]. 
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Fig. 1.1 The recoil spectra produced by fission neutrons (HFIR), 14 MeV neutrons (RTNS) and 
590 MeV protons in Cu . [Victoria et al, 1992]. 

Kinchin and Pease (1955) were the first to point out that, when a lattice atom receives a recoil 
energy greater than the displacement energy threshold, Td, it will be displaced from its normal 
position. However, if T < Td, the atom will leave its position temporarily, but return to the 
position rapidly. The energy Td is therefore that needed to create a stable Frenkel pair. Kinchin 
and Pease gave the number of the displaced atoms produced by a PKA with the recoil 
energy, T: 

" 221 
(1.2) 



6 Chapter I 

In order to take into account the electronic losses (the energy lost by the excitation of the 
electrons) Lindhard et al (1963) studied the process of the slowing down of an energetic PKA 
by using Thomas-Fermi atomic theory and deduced the well known LSS theory and obtained 
that the damage energy (To) for displacing lattice atoms is a function of the recoil energy of the 
PKA (T), the masses and the atomic numbers of the PKA (mi, Zi) and the lattice atoms (m2, 
Z2): 

TD=f(T,ml,m2,Zl,Z2) (1.3) 

The ratio, TrJT, is referred as the damage efficiency. Fig. 1.2 is the result of calculation 
showing the dependence of the damage efficiency in several monatomic targets. Two important 
points can be seen in the figure: First, electronic losses are always present and increase rapidly 
with the energy. At the same time, of course, the damage efficiency drops very fast. Second, 
the damage efficiency increases with increasing atomic number. 

RECOIL ENERGY (eV) 

Fig. 1.2 Damage efficiency as a function of recoil energy of PKA for several monatomic 
targets. [Robinson, 1994]. 

Norgett, Robinson and Torrens (1974) modified the Kinchin-Pease model by taking the 
electronic stopping power into account and got the following relationship: 

0 

Nd(T) = < 1 
O.STD/(2Td) 

for T<Td 

fovTd<T<2.5Td 

for T> 2.5 Td 

(1.4) 
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This is the widely used NRT approximation for calculation of the displacement damage, dpa 
(displacement per atom) which is currently used as a dose unit. 

The NRT value corresponds to the displacements produced in the coUisional phase. 
Experimental results [Theise and Wollenberg, 1980; Zinkle, 1988], as well as molecular 
dynamics simulation [Hsieh et al, 1989; English et al, 1992] show that the number of defects 
surviving by the end of a cascade, is only a small fraction (-10 - 30 %, temperature dependent) 
of the NRT displacement approximation. 

1.1.2 Computer simulation of displacement cascades 

As the process from starting the cascade to forming depleted zone happens in only several ps, 
it is difficult to characterise it experimentally. However, present day supercomputers can 
provide satisfactory numerical simulation. 

There are several simulation methods developed based on different theories. Among them 
molecular dynamics (MD) simulation is the best method to model cascades generated by low 
energy (230 keV) PKA. The energy is limited due to present day computing power. The basic 
idea of classical MD is to simulate thermal vibrations of atoms in a classical manner, following 
Newton's law: F=ma [Adams et al., 1994; Bacon and Diaz de la Rubia, 1994]. It involves the 
following steps: 

i. Assign an initial position and thermal velocity to each atom (usually according to a 
Boltzman distribution); 

ii. Calculate the force on each atom, and determine the acceleration; 

iii. Compute the position and velocity a small time later by integration of Newton's law; 

iv. Repeat steps ii and iii until equilibrium is attained. 

MD simulation can provide valuable insight on: i) the mechanisms that lead to the separation of 
the self-interstitial atoms from the vacancies; ii) the role of replacement collision sequences; iii) 
the kinetics of the different stages in the cascade damage; iv) the efficiency of the defect 
production; v) the clustering of defect in cascades; vi) the cascade-induced atomic mixing in 
alloys; and vii) the influence of basic material properties on these features [Bacon and Diaz de 
la Rubia, 1994]. 

MD simulation is limited to a simulating time on the order of picoseconds for the highest 
energy (25 keV) cascades. To simulate cascades produced by higher energy recoils, another 
two codes, TRIM [Biersack and Haggmark, 1980] and MARLOWE [Robinson and 
Torrens, 1974], are the most widely used. Both codes use the binary collision approximation 
(BCA) where the trajectories of energetic particles are represented as series of two-body 
collisions. The main difference between these two codes is: TRIM uses a structureless (or 
amorphous) target, the next collision partner is found by a random selection process using the 
Monte Carlo calculation. Therefore it does not need a list of target atom position. It is clear 
that TRIM is less realistic. The advantage is that it usually requires less computing time, the 
energy treated can be up to 1 GeV, and can be run with normal personal computers. And 
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furthermore, the useful information of 3-dimensional cascade morphology, depth distributions 
of energy loss, displacement, vacancy and ionisation production can be obtained readily. 

Compared to TRIM, MAKLOWE is more realistic as it treats the cascade evolution in a 
crystalline target. The PKA energy can be chosen between 1 to 1000 keV. MARLOWE can 
provide information on the collision sequence, replacement and focuson threshold energies. 
Both codes can be used to model only the collision stage. To simulate thermal spike quenching 
process based on the results, modification or new models have to be developed. 

Assuming that the cascade core melting picture is correct, Alurralde et al (1991) applied 
classical thermodynamics to the evolution of cascades. At the end of the collisional phase, the 
kinetic energy is transformed into heat and the evolution of the cascade is followed by heat 
propagation. They investigated cascades in Cu, Ni, Ag and Fe and found that the maximum 
melt volume was proportional to the energy of projectile atoms in the range of 1-1000 keV. 
The results of low energy (5 and 25 keV) cases coincided well with those achieved by MD 
simulation. The interesting thing is that the number of liquid drops (melted regions) evolve in 
time, but only one drop exists in Cu when the energy is below 50 keV, which compares well 
with the experimental value of threshold energy for subcascade formation obtained by Kiritani 
et al (1990). 

Another interesting result was achieved by Heinisch and Singh (1992) who performed a 
systematic study of cascade structure by using a modified MARLOWE code. They define a 
"regular subcascade" as a region with a higher vacancy density and with a size smaller than 
their mutual distances. They obtained statistical results by simulating ten thousand cascades, 
showing that the mutual distance between subcascades has a broad distribution but the average 
value was about 50 atomic diameters, which is independent of the atomic number and the PKA 
energy. 

1.2 The irradiation defect microstructure as observed under the 
transmission electron microscope 

The defect structure produced by irradiation in pure copper consists of small defect clusters, 
dislocation tangles, voids and transmutation impurities. This last defect is not visible under the 
transmission electron microscope (TEM). Dislocation tangles and voids appear only at 
relatively high doses and high temperatures [English, 1982; Zinkle et al., 1994]. The prominent 
feature of the irradiated defect structure are the small defect clusters which are characterised as 
dislocation loops, including vacancy-type (V-type) and interstitial-type (I-type), and SFT's (V-
type [Sigle et al, 1988; Kojima et al, 1989]). At low dose, the defect clusters were observed as 
groups with an average distance between clusters of about 14 nm in fusion neutron irradiation 
cases [Yoshida et al., 1985; Kiritani et al., 1986], but dispersed in high energy proton 
irradiated Cu [Proennecke, 1992]. 

For room temperature irradiations, the parameters of the defect structure we are interested in 
are: (a) the nature of the defect clusters, usually the proportions of each type of defect cluster; 
(b) the dose dependence of the defect cluster density; and (c) the size distribution. These 
pararneters are not only important for the study of the microstructure evolution in irradiation 
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damage, as discussed in the previous section, but also very useful for the understanding of 
irradiation hardening, see section 1.3. 

In this section the defect structures in pure copper irradiated wiih fission neutrons, fusion 
neutrons and high energy protons are reviewed and compared. That observed in irradiated Au 
and Pd will be briefly demonstrated. The results are divided into three parts which discuss the 
nature, the number density and the size distribution of defect clusters, respectively. First of all, 
however, the TEM techniques used to study irradiation defect structures will be briefly 
described. 

1.2.1 Conventional TEM techniques for studying irradiation defect structures 

The use of TEM techniques to characterise radiation damage microstructures was discussed by 
many authors in detail, for example Rühle (1969), Wilkens (1978) and more recently by 
Jenkins (1994). In the present section a brief discussion will be given, from a practical point of 
view, of the use of conventional TEM techniques to investigate defect structures and what 
precautions should be taken. 

Normally three kinds of imaging conditions are used: 2-beam dynamical (2-beam), bright-field 
kinematical (BF) and weak-beam dark-field (WBDF) conditions. The characteristics of the 
image of defect clusters in the different diffraction conditions are as follows: 

i) In the 2-beam condition, a defect cluster has a black-white (BW) or just black contrast 
depending on its distance from the foil surfaces [Rühle, 1969]. The direction vector / from 
the centre of the black part in the image to the centre of the white part is dependent on the 
nature and the position (depth) of the cluster and the g vector. A small dissociated Frank 
loop can be easily identified, as the no contrast line between the black and white parts is 
straight and lies parallel to the projection of the {111} habit plane. 

ii) Under the kinematical imaging condition, the defect clusters are observed as black dots 
and SFT's are clearly seen as black triangles. 

iii) Under WBDF conditions, high resolution diffraction contrast images of defects can be 
obtained [Cockayne, 1971; 1973]. Compared to 2-beam and BF techniques, the WBDF 
technique provides a better resolution and contrast of the images. Some very small 
(~1 nm) clusters which are difficult to distinguish from the background (due to a too weak 
contrast), or multiple clusters (which are observed as a unique cluster) under 2-beam and 
BF conditions, can be easily resolved in the WBDF case [Kiritani, 1985]. Therefore, in 
quantitative studies, WBDF usually gives a much higher cluster density [ Satoh, 1989; 
Proennecke, 1992]. It is at present the most widely used imaging technique to investigate 
irradiation defect structures. 

Under two beam conditions, one can determine the nature of defect clusters by analysing the 
depth oscillation of the sign of the scalar product gl, which is shown in Fig. 1.3 [Rühle, 1967; 
Wilkens, 1978; Jenkins, 1994]. The %g and b indicated in Fig. 1.3 are the extinction distance 
and the Burgers vector of the loop, respectively. Defect clusters which are in the first layer 
(LI) or in the second layer (L2) show strong BW contrast but the directions of/ are reversed. 
Defect clusters in the third layer have the same direction of I as the ones in the first layer but 
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have a weaker BW contrast. In the region between layers, deeper than 1.3 çg, the defect 
clusters only show a black contrast. Thereby they can not be analysed. 

The depth (Ah) is measured using the stereo depth-measuring technique according to the 
equation: 

Ah = -^-sin— 
2M 2 

(1.8) 

where Ap is the parallax between the cluster and the surface viewed in stereo, M is the 
magnification of the final photograph, and the <j) is the tilt angle between the pair. The 
precautions one has to take for the depth measurement are: a) the magnification and Çg must be 
accurately calibrated; b) stereo pairs should be obtained with exactly the same g and sg; c) the 
top and bottom surfaces should be correctly identified. 
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Fig. 1.3 Sketch of depth oscillation of the black-white contrast vector I for small interstitial 
loops observed under 2-beam imaging condition. For the same g vector the direction 
of/ for vacancy loops must be reversed. 

An alternative method for the determination of the nature of the defect, the so called 2V2D-
technique, was established by Mitchell and Bell (1976). The principle of the technique is that 
the strain field of a defect causes a local change of g, and this leads to an image shift parallel to 
g when the image is defocused. As the g associated with an interstitial and a vacancy cluster 
change in opposite directions, the shifts also change in opposite directions. Therefore, if a 
stereo pair is obtained, the parallax difference will separate interstitial and vacancy clusters into 
different depth layers. In this case, the difficulties of the BW stereo technique can be avoided. 
The 2V2D technique has been widely used because of its simplicity. However the method was 
criticised by a number of researchers [Gruschel, 1979; Laupheimer, 1981, Jenkins, 1994]. The 
problems of the technique are: a) In principle, the magnitude of the image shift with dofocus 
depends not only on the local change of the g vector but also on the loop size, its Burgers 
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depends not only on the local change of the g vector but also on the loop size, its Burgers 
vector and its orientation in the foil, b) In practice, the zero-parallax plane is difficult to 
determine as the image is too blurred if it is too much defocused. c) An additional difficulty is 
encountered when the method is applied to SFT's and Frank loops which may display stacking 
fault contrast rather than the strain one. Wrong conclusions regarding the nature of the SFT 
can be reached because of this reason [Hardy and Jenkins, 1985; Jenkins, 1994]. 

In fact, it is easy to distinguish SFT's from other defect clusters as they have a clear triangle 
image when the beam orientation is [Oil], which turns into a square one when the beam 
orientation shifts to [001]. 

To measure the volume density of defect clusters, the thickness of the observed area has to be 
determined. The methods for measuring thickness are readily found in every electron 
microscopy textbook [e.g. Edington, 1974] . Normally two methods are used: the first is the 
stereo depth-measuring technique (see above). The second uses thickness fringes. The stereo 
technique can provide a result with an error as small as ±10A or usually ±5-10%. The second 
one is much more convenient than the first one but the error is larger ±10-20%. 

As a large percentage of the radiation defect clusters are usually very small, their visibility 
depends on a number of factors: 

i) Usually, the practical resolution of a microscope, which depends strongly on the tilting 
range and the mechanical stability of the stage, is considerably poorer than the point-
resolution of the microscope and is typically 1-2 nm. Some clusters are definitely not 
resolvable as they are as small as ~ 1 nm. 

ii) Because of the condition, gb=0, a fraction of loops will not be seen in a particular 
diffraction condition. Comparison of a number of photos taken on the same area with 
different g or z (beam orientation)is necessary. 

iii) Different diffraction conditions give a large variation in visibility. Proennecke (1992) 
showed that the visibility increases with increasing sg and is pretty low under the 2-beam 
condition. About 60% of the clusters only are observed. The reason may be that a fraction 
of the clusters are at an unfavourable depth. 

iv) The quality of a specimen, and particularly its thickness is also very important. 

The following imaging conditions are mostly used now: the beam orientation is near a [011] 
pole, the diffraction vector is g=200 or 111, and the deviation parameter sg=0.2 nm"1. 

The sizes of the defect clusters have a statistical distribution. The size of an individual cluster 
has little meaning by itself as it may vary up to 50% for the different g's used. The 
investigations of Katerbau (1976) and Saldin et al. (1979) with image simulation have shown 
that the width of the black-white interface of a cluster in the LI of the sketch in Fig. 1.3 for the 
2-beam condition is equal to the projected diameter. Stathopoulos (1981) found that the width 
is constant throughout layer LI and the same holds for the black dots at the L1-L2 boundary. 
Therefore the size measured under a 2-beam condition is a good estimation of the real size of 
clusters. Jenkins (1994) has mentioned that as SFT's display a stacking fault image, the 
kinematical images are likely to give correct results also. In WBDF condition, the position of 
the fringes on the faulted faces of SFT's may change therefore, the sizes measured with WBDF 
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images are unlikely to be correct. A systematic investigation performed by Proennecke (1992) 
shows that the average size on the image decreases with increasing sg. 

1.2.2 The nature of irradiation defects in copper 

From the last section it can be concluded that the determination of the nature of irradiation 
defects is most difficult. Furthermore, most of the published results were obtained by using the 
2V2D technique, leading to discrepancies between different sets of published results. 

The formation of irradiation defect clusters depends on the concentration of point defects, the 
mobility of point defects and the environment (sinks). The nature of small irradiation defects 
thereby depends on the dose, the dose rate, the irradiation source, the specimen geometry 
(bulk or thin-foil), the purity of the specimen, the irradiation and observation temperatures etc. 
At present, due to a lack of experimental data, the dose and dose rate dependencies are still not 
clear. 

It has been well established that, for low temperature irradiations the predominant (~90%) 
clusters are vacancy loops and SFT's, the rest are relatively larger interstitial loops. The early 
14 MeV neutron experiments [Yoshida et al, 1984, 1985; Kiritani et al, 1984] showed that 
SFT's might play an important role in the microstructure evolution, because: (i) more than half 
of the clusters observed were SFT's; and (ii) SFT density increases almost linearly with dose 
but their sizes decrease slightly, suggesting that SFT's were directly formed by cascade 
collapse and were also veiy stable under irradiation. Since then, SFT's have received more 
attention. As the fraction of SFT's reported lately varies a lot from case to case, this review is 
focused on the variation of the SFT's in different situations. In what follows if not specifically 
mentioned, the results are discussed for pure copper bulk specimens irradiated at room 
temperature or slightly above. 

1 ). Radiation particle source dependence 

Although initial observations seemed to indicate an increase in the proportion of SFT's with 
the recoil energy, this point is not clear at present. 

Stathopoulos (1981) observed that there were no SFT's produced in irradiated foils with low 
energy (30 keV) heavy ions (Cu+, W"). All clusters were identified as Frank loops 
(predominantly V-type). Muncie et al. (1985) reported that in fission neutron irradiated single 
crystal (99.999% pure) bulk specimens, 93% of the total loops were Frank loops and 8% of 
them had dissociated towards SFT's. Investigations by using 14 MeV fusion neutrons showed 
higher fraction of SFT's. Yoshida et al. (1985) reported more than the half of clusters were 
SFT's. Satoh et al. (1988) found about 75% defect clusters were SFT's. But at about the same 
time, Zinkle (1987) observed that only about 20% of the clusters were SFT's and partially 
dissociated loops of which the half are SFT's, i.e. 10% of the total. The difference in the latter 
three cases may be due to the fact that the purity of the specimens is slightly different, but also 
to the observations being performed in specimens of different thickness. Even then, the general 
tendency of an increasing fraction of SFT's with recoil energy is present. 
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Horsewell et al. (1991) performed irradiations with fission neutrons in the DR-3 and OWR 
reactors, l4MeV neutrons in the RTNS-II facility, and high energy protons in 
PlREX(6O0MeV) and LAMPF (800 MeV) installations. The results show that the SFT 
fractions are about 25% for all the cases. At about the same time, Proennecke (1992) reported 
that about 45% of defect clusters produced by 600 MeV protons were SFT's. 

After investigating microstructures produced by fission neutrons (OWR), fusion neutrons 
(RTNS-H) and spallation neutrons (LASREF), Murogaet al. (1992) concluded that there were 
no drastic differences in the type and size of the defect clusters produced by the different 
radiation sources and most of the observed clusters were identified as SFT's. Dislocation loops 
plus unidentified defects (presumably SFT's) were less than 30%. In this case, the fusion 
neutron irradiation results are similar to those of Yoshida, but those of fission neutron 
irradiation show much higher defect densities than the former two cases (Muncie and 
Horsewell). 

More recently, Zinkle et al.(1994) irradiated the specimens of the same batch that he had used 
before [Zinkle, 1987] with 750 MeV protons (LAMPF) and obtained that about 60% of the 
defect clusters were resolvable as SFT's. This is more than two times the proportion observed 
by Horsewell. 

This confusing situation is difficult to analyse as too many factors are uncertain or unknown, 
e.g. specimen preparation, TEM manipulation. The main conclusion that can be made at 
present, is that the nature of defect clusters seems more or less independent of the irradiation 
particle sources. A suggestion for performing round-robin type of tests has been proposed by 
Victoria et al. (unpublished) in order to clarify the confusing results. 

2). Specimenjhickness dependence 

Specimens can be irradiated in a bulk or thin foil state. From section 1.1.3 it can be expected 
that vacancy cluster densities in thin foils should be higher than those in bulk specimens as the 
free interstitials escape easily to the surfaces, and mutual annihilation of vacancies and 
interstitials will thus decrease. 

Kiritani et al. made comparison studies in Cu (1990), Au and Ni (1986) between bulk and thin 
specimens irradiated with 14 MeV neutrons at different temperatures. The results show that: 
i) vacancy defect cluster densities in irradiated thin foils are generally larger than those in bulk 
specimens, the differences increasing with increasing temperature and fluence. The differences 
are more pronounced in Cu and Ni than in Au at room temperature; ii) in thin foil specimens, 
the size of vacancy clusters becomes smaller in the thicker parts; iii) stereo microscopy reveals 
that defect clusters (SFT's) are much denser nearby the surfaces of a thin foil. 

3).Jmpurity and alloy addition dependence 

For fission, fusion neutron and high energy proton irradiations, no detectable effect of a small 
amount (<~100 appm) of impurities on the defect nature has been observed. Yoshida et al 
(1985) observed two types of copper specimens irradiated by 14 MeV neutrons, one of them 
with a high impurity content (oxygen and hydrogen). Though large differences of defect cluster 



14 Chapter I 

densities in the high dose cases was obtained, no difference in SFT fraction was mentioned. 
Very recently, Zinkle et al. (1994) irradiated three types of copper specimens of slightly 
different impurity content with 750 MeV protons, but also failed to see any significant 
differences. 

Solute additions can change the stacking fault energy (7) of the alloys, changing, therefore, the 
probability of SFT formation. This was found in both high PKA energy irradiations (14 MeV 
neutrons and 750 MeV protons) by Zinkle et al. (1987, 1994) and in low PKA energy 
irradiations (30keV Cu+ and W*) by Stathopoulos et al (1981). Some contradictory results 
have been observed. In the high PKA energy case, it is found that additions of 5%A1, 5%Mn 
and 5%Ni do not change the total defect density but substantially decrease the SFT fraction 
from 60% for pure copper to 20-25%. In the case of low PKA energy, SFT's were not 
resolved in pure Cu and Cu alloys (solutes: 10.1%Ni or 2.25%Be) with y>40 erg/cm2. 
Conversely in alloys (solutes: 7.6%Ge, 26.1%Zn, 10.4%A1, 15.8%A1, 8.3%Si) with 7 
<12 erg/cm2 more than 20% of the observed defects were SFT. Zinkle et al. (1994) have also 
noted that the interstitial loop concentration is significantly enhanced by solute additions. 

4). Temperature dependence 

Irradiation defect structures have a strong temperature dependence. 

Shimomura et al. (1985, 1988) irradiated thin foil specimens of several kinds of metals at low 
temperatures (<20 K) with 14 MeV neutrons then cryotransferred them to a microscope at the 
same temperature. In Au, Cu and Ag, interstitial clusters were observed but vacancy clusters 
were absent. These interstitial clusters formed with the assistance of 200 keV electron beam as 
they were only observed in the illuminated area. Fukushima et. al. (1988) performed a similar 
investigation in Cu and Au thin foils, but observed them at 150 K after irradiation at 20 K. The 
2V2D analysis showed that the majority of defect clusters in a relatively thick (> -60 nm) 
region were interstitial clusters. During isochronal annealing, the total defect density decreased 
rapidly during temperature increase from 150 K to 323 K. Almost all the missing defects were 
I-type. This can be explained by the fact that during heating vacancies are more mobile and 
interstitial loops shrink by absorbing vacancies. 

In the temperature range from room temperature to 423 K, the defect density is more or less 
independent of temperature [Singh and Zinkle, 1993]. More than one half of the defects are 
SFT's and the rest are dislocation loops. At an irradiation temperature of 473 K, dislocation 
loops were observed only at the vicinity of pre-existing dislocations. At 563 K, loops 
disappear, but voids were observed in addition to SFT's. 

1.2.3 The dose dependence of the defect cluster density in irradiated Copper 

The previous sections have shown that vacancy clusters are formed by a "cascade collapse" 
mechanism. These clusters may then shrink by absorbing free interstitials and small interstitial 
clusters (di- or tri-interstitials). On the other hand, interstitial clusters may nucleate at the sites 
of cascades or at sinks such as dislocations, impurities, etc., then grow by also absorbing free 
interstitials and small interstitial clusters. 
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It can be expected that at low doses the cluster density will be proportional to the fluence, 
while at high doses, cascades will overlap and the cluster density will saturate. From linear 
dependence to saturation, the dose changes by several orders of magnitude. In practice, usually 
the dose that can be obtained is limited within a relatively small range. The results, therefore, 
can be quite different in different cases. In what follows, we only consider fission, fusion 
neuiiOn and high energy proton irradiations of pure copper. 

1. ) Fission neutron irradiation 

Although fission neutron irradiation damage in copper has been studied for more than three 
decades, few sets of data are available to analyse the dose dependence of defect density. 

The first set of data was obtained by Makin et al. (1962) showing a fairly linear relationship 
between the density of small (<~5 nm) defect clusters and the irradiation dose, up to 
4xl022 n/m2. In a similar dose range, 0.6 - 2xl022n/m2 (E„>0.1 MeV), Rühle's data (1967) also 
fit the linear relationship. In both cases the doses are low, i.e. smaller than 10"2 dpa. In several 
other studies [Muncie et al., 1985; Horsewell et al., 1991; Muroga et al., 1992], copper 
irradiated by fission neutrons has been investigated, but the data is too limited in each case to 
make any fit. Recently Singh (1995) studied the effect of three higher doses from 10'2 to 2x10"' 
dpa, found that the defect densities were of similar magnitudes, about 6xl023/m3. It is believed 
the defect cluster density has already saturated in this case. 

2. ) Fusion neutron irradiation 

A number of investigations of defect structures produced by 14 MeV fusion neutrons were 
performed during the last ten years. All irradiation were performed in the RTNS-II facility 
which is now closed. The existing data are as follows. 

Yoshida et al. (1985) irradiated two batches of pure copper specimens with doses from 
2.5x1019 n/m2 to 3.6xl022 n/m2. One batch was 99.999% pure and the second one was 
99.998% pure with higher gas (02 and H2) impurities. The results show that the defect cluster 
density increases almost linearly with the dose. For the purer batch, at the highest dose of 
lxlO22 n/m2, the density deviates from the linear relationship showing a trend to saturate. 
Zinkle (1987) measured the defect cluster density in specimens with doses of 0.1 
to 2xl021 n/m2. Comparing his results with Yoshida's, he concluded that when the dose was 
higher than 4xl020n/m2, the cluster density would have a square root dependence on dose. 
Later on, Satoh et al. (1988), Kojima et al. (1991) studied a similar dose range (-0.6 -
5xl021 n/m2). All their results fit well with Yoshida's linear dependence. Muroga et al. (1992) 

examined a higher dose range (2.7-6.0x1022 n/m2). Their results can be expressed by the same 
square root relationship as proposed by Zinkle. 

Therefore, the dose dependence of the defect cluster density of fusion neutron irradiated 
copper can be expressed as a linear relationship with the dose plus a square root relationship 
coexisting at the higher dose (>~4xl020n/m2 corresponding to 1.6X10"4 dpa) part, as shown in 
Fig. 1.4. 
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1). Higkenergy proton irradiation 

The 600 MeV(PEREX-lD or 800 MeV(LAMPF) proton beam irradiations produce a recoil 
spectrum even harder than that produced by 14 MeV neutrons. To simulate fusion neutron 
irradiation in pure copper, a number of experiments were done by using these particle sources 
during the last few years. The limited results show again a linear relationship at low doses and 
saturation at higher doses. The cluster density saturates at a value of about 1024/m3. Data is 
missing m the 10" 10"1 dpa range. 

4). Comparison 

In Singh and Zinkle's review paper [Singh and Zinkle, 1993], it is mentioned that in copper, 
the difference, between fission and fusion neutron displacement cascades apparently does not 
have a large influence on the defect cluster evolution. Part of the recently published results on 
fission neutrons [Horsewell et al., 1991; Muroga et al., 1992], spallation neutrons [Muroga et 
al., 1992], fusion neutrons [Brager et al., 1981; Yoshida et al., 1985; Shirnomura et al., 1985; 
Zinkle, 1987; Satoh et al., 1988; Horsewell et al., 1991; Kojimaet al., 1991; Muroga et al., 
1992] and high energy protons [Horsewell et al., 1991; Zinkle et al. 1994], irradiations have 
been compiled on the basis of displacement damage (dpa), as shown in Rg. 1.4. It can be seen 
that the total irradiation defect cluster density saturates at a value of approximate 1024 m'3, at a 
dose of about 10"2 dpa. At low doses («cl.öxlO"4 dpa), the defect cluster density increases 
linearly with the dose. In the medium dose range (2x10^* to 5xl0*2 dpa) the linear and the 
square root dependencies coexist according to the authors' conditions. 
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Fig. 1.4 Dose dependence of the defect cluster density in copper irradiated near room temperature 
with fission, spallation, fusion neutrons and high energy protons. After [Singh and Zinkle, 
1993] 
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1.2.4 Size distribution of irradiation defect clusters in Copper 

The size distribution of defect clusters in irradiated copper bulk specimens seems to be only 
influenced by temperature and independent of factors such as the irradiation source [Horsewell 
et al., 1991; Muroga et al., 1992], the dose and the purity of the specimens [Zinkle, 1987; 
Satoh et al-, 1988] etc.. The most probable size is about 2 nm and the mean size is 2-3 nm at 
room temperature, see a typical example in Fig. 1.5, which also shows that loops have 
relatively large sizes. When the temperature is increased from room temperature to 200°C, 
Zinkle et al. (1994) have found that the size decreases. However, for thin foil specimens, the 
cluster size is larger at higher temperatures [Satoh et al., 1988]. 
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Fig. 1.5 Variation of the size distribution of SFT and dislocation loops with irradiation fluence 
in Cu irradiated at 423 K. After [Satoh et al., 1988] 

1.2.5 Defect structures in irradiated Gold and Palladium 

A typical feature of the defect structure produced by fission, fusion neutrons and high energy 
protons in Au is that defect clusters are observed to be grouped [Kiritani, 1986; Proennecke, 
1992]. Kiritani et al. (1985, 1986) have investigated both thin foils and bulk specimens 
irradiated with 14 MeV neutrons at different temperatures. The quantitative results of the thin 
foils show that, at room temperature, apart from isolated defects, each group has about 7 to 8 
defects. The average mutual distance between defect in a group ranges from 3.5 to 7 nm. In 
the dose range from 2.4xl019 n/m2 to about 8xl021 n/m2, the defect densities measured from 
thin foils and bulk specimens irradiated at 25, 60, 90 and 150°C fall in a band which has a 
linear dose dependence, see Fig. 1.6 which is quoted from [Kiritani, et al. 1986]. 
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The defect size of irradiated Au was found to be larger than that of irradiated Cu. 
Proennecke's results show that the defect size distribution measured under WBDF(g,6g) 
condition has a mean size of about 3.5 nm which is much larger than that of 2.2 nm of Cu 
measured under similar imaging conditions. 

It seems that no work is available on the defect structure of irradiated Pd. The author has 
found only one example which shows that in the 50 keV Kr+ ion irradiated Pd, the defects have 
an average size of about 3 nm for a dose of 5x10n ions/cm"2 [Smalinskas, et al., 1993]. 
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Fig. 1.6 Variation of defect cluster density in thin foils and bulk specimens of Au irradiated 
with 14 MeV neutrons at room temperature. After [Kiritani et al., 1986] 

1.3 Mechanical proper ties of irradiated Cu 

First studies of the detailed mechanical behaviour of irradiated metals started in the early 1950s 
[Blewitt et al., 1950]. During the last forty five years, especially in 1950s and 1960s, much of 
research was performed on this subject. In this section, the experimental results concerning 
irradiation hardening effects in Cu will be reviewed. At the same time, the related research on 
the irradiation hardening theory, slip band evolution will be also briefly reviewed. These results 
are presented in three sub-sections: (i) irradiation hardening theory; (ii) mechanical properties 
of irradiated Cu; (iii) slip band evolution during deformation of irradiated Cu. 
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1.3.1 Theory of irradiation hardening 

There are a number of models dealing with irradiation hardening. First, two important 
conceptions should be mentioned. They are the so called "source hardening" and "friction 
hardening" or "lattice hardening". 

Source hardening is due to the locking of the grown-in dislocations by radiation induced 
defects. The CRSS is then determined by the stress necessary to break the dislocations away 
from this locking. Friction hardening is due to the defects impeding the motion of dislocations 
by internal stress fields surrounding the defects. [Diehl and Schilling, 1965]. 

Seeger's tfieorv 

In 1958, Seeger analyzed the existing experimental results of irradiation hardening and 
resistivity annealing, and postulated a theory of radiation hardening [Seeger, 1958], in which 
he attributed the hardening to the thermally- and stress-activated cutting of dislocations 
through a distribution of obstacles, i.e. depleted zones formed during irradiation [Seeger and 
Essmann, 1962]. 

In the theory the strain rate é is given as: 

• N , f U(x)) 
e = — b v n exp — 

N, ° *\ kT 

(1.10) 

where N is the number of dislocations per unit volume hung up against obstacles, Nz is the 
number of obstacles per unit area of glide plane, b is the Burgers vector, Vo is the oscillation 
frequency of a dislocation ~1010/s, T is the absolute temperature, and U(x) is the activation 
energy to overcome the obstacle under stress x. Assuming the profile of the energy of the form 
shown in Fig. 1.7(a), which can be expressed as: 

U(.x) = U0 1 — 
1 (1.11) 

^ l + exp(*/ xQ) y 

and under a shear stress x, the energy profile changes to that of Fig. 1.7(b) and is given by: 

U(x) = uji 1 

^ l + exp(x/ xQ) ; 
-bl0zx (1.12) 

where l0 is the distance between the obstacles on the dislocation. The activation energy in this 
case is U = Ufa) - Ufa). At a stress level of U(/4bloXo, it gives: 

U = U, 
r 1 4M0xQx} 

un 

3/2 

(1.13) 
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Fig. 1.7 Energy profile for the cutting of a dislocation through an obstacle (a) no stress applied, 
(b) stress T applied. After [Seeger, 1958] 

For a fixed obstacle density, the larger the x, the shorter IQ. 

0 ~%N, (1-14) 

where (X is the shear modulus. From equations (1.13) and (1.14) one can obtain that: 

x2,3=A-BTV3 0.15) 

A = 00 
1/3 

B = A\-—ln 
k . M>v, V'3 

U0 Nzè j 

(1.16) 

(1.17) 

Assuming Nz is proportional to the irradiation dose, this gives a linear relationship between x273 

and T273, and a square root dose dependence of x. 

Fleischer's theory 

In 1962, the details of the defect configuration in irradiated Cu and other materials was still not 
well established. The existing experimental results showed that hardening in irradiated Cu was 
similar to that in quenched Al produced by "vacancy disks", in Fe by C and in NaCl by divalent 
substitutional ions. In the three cases the distortions produced by the defects being tetragonal, 
Fleischer postulated a theory of hardening due to tetragonal distortions [Fleischer, 1962a, 
1962b]. 
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For a rapid hardening model, Fleischer proposed a force-distance diagram of the obstacle on 
the dislocation as shown by Fig. 1.8. A dislocation passing a defect feels a rapidly increasing 
force which reaches a maximum F^ and then rapidly decreases. Under the applied force Fj, 
the dislocation moves up to x=B. Thermal activation energy, equal to the shaded area on the 
diagram, is needed to move the dislocation from x=B to x=0. 

Fig. 1.8 Force on a dislocation as a function 
of distance along a slip plane. 

The function used by Fleischer to describe the force F on the dislocation is: 

F=F0[(xlb)+\J2 (1.18) 

where Fo=GrAe&73.86, G and b have the same meaning as above, As is the difference between 
longitudinal and transverse strain of the tetragonal distortion. Thus the activation energy 
needed to move the dislocation from B to 0 should be: 

U = l<pj°[(F0 /l0b)[(x/b) + lj2 - T ] & (1.19) 

where k the distance between the defects on the dislocation. Noting that at B the applied force 
is F=T/O&, one can obtain: 

U=F0b[l-(T/T0)
U2]2 (1.20) 

where to=Fo/Wo=M.Ae(cJ1/2/3.3, the stress at 0°K, c the concentration of defects. The energy 
supplied by thermal fluctuations, is therefore proportional to kT. From equation (1.20) it can 
be deduced that: 

vl/2 

(T/Tor=i-(7yro) 
1/2 (1.21) 

where To=Fob/ak. Considering a size distribution for the defects, Fleischer obtained the flow 
stresses: 

-f(SM,)' (1.22) 
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where dt and m are the diameter and number density of the defects. Using the existing data of 
Makin on defect density and size distribution in neutron irradiated Cu [Makin et al, 1961], he 
found that xoc(fyt)lß, which was consistent with Blewitt's results [Blewitt et al., I960]. 

Theory for particle hardening 

For a more general case, if the obstacles are widely-spaced point-like weak obstacles of 
identical strength, the Fleischer-Friedel point obstacle approximation [Friedel, 1964; Fleischer 
et al., 1963; Reppich, 1994] gives that the flow stress can be expressed as: 

*FF = 
f F Y2(2T } ( L 2 3 ) 

m I L> I 
271 bL 

where Fm is the strength of the obstacles, TL is the line tension of the dislocation, L is the 
average planar square lattice spacing. 

Computer simulation with graphical methods performed by Kocks (1966), and Foreman and 
Makin (1966) shows that for a random obstacle array, the critical flow stress dislocations 
required to break through the obstacle array is smaller than the value given by eq. (1.23). For 
weak obstacles the CRSS, xc, is given as [Reppich, 1994] 

T C = 0 . 9 T F F = 0 . 9 
' FA (2TL 

\XLJ 
(1.24) 

(1.25) 

[~bL 

The specific obstacle strength, i.e. the breaking angle (p0, is defined through 

If we assume the line tension to be l/2jiè2 [Cottrell, 1953], then equation (1.24) is 

T c = 0 . 9 ( c o s ^ J / 2 i ^ (1-26) 

For extended and not widely-spaced obstacles of various strength, Schwarz and Labusch's 
computer simulation shows that for obstacles with symmetrical force profile (see Fig. 1.9) the 
shear stress is given by: 

x s t = TFFx0.94(l + 2.5T|5i)
1/3 (1-27) 

For obstacles with asymmetrical force profile (see Fig. 1.9) there is: 

^ SL = t FF 

x 0.94(1 + CSLr\SL) (1.28) 
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En. 
N-l/2 

« 1 (1-29) 

where YSL the interaction range illustrated in Fig. 1.9, and Cj£=2/3 . 

In all hardening models, the critical parameter is the effective mean planar obstacle spachig 
along the dislocation, /o which, as can be seen from the above discussion, is obstacle strength, 
obstacle size and applied stress dependent. 

- F. 

'SL 

m 

(a) (b) 

Fig. 1.9 Force profile of obstacles (a) symmetrical, and (b) asymmetrical. 

Destruction of dislocation loops and SFT's during deformation 

Hirsch (1976) studied in detail the interaction of dislocations between prismatic loops, faulted 
loops and SFT's. The conclusion is: 

• When screw (and some other) dislocations interact with loops and SFT's, they will react 
with the loops or SFT's to form helical and jogged configurations; an example is given in 
Fig. 1.10. Therefore the loops and SFT's are destroyed. 

• The "sweeping up" process occurs only if the helical and jogged configurations can glide 
easily. Resistance to glide (hardening) is due to the jogs lying on abnormal slip-planes and 
in FCC metals to Lomer-Cottrell dislocations. 

• At low temperature, the long jogs are sessile (Orowan obstacle) and athermal processes 
control the flow stress. The sweeping is limited. At medium temperature, short jogs tend to 
be glissile and sweeping up will be efficient. The process is thought to be controlled by the 
climb and glide of jogged screws. At high temperature, long jogs can be also glissile by 
climb and glide processes. The yield stress will be controlled by the long-range repulsive 
stress from the defects before contacting them. The details are shown as Fig. 1.11. 
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The process of the interaction shown in Fig. 1.10 is: the screw EF dissociates on c, and then by 
combining with the stair-rods remove the faults on the other planes. Finally, a helical 
configuration is formed as shown in (c). It should be noted that all segments except for DC are 
glissile either on c or d, and then the helix will tend to straighten. 

(a) (b) (c ) 

Fig. 1.10 Interaction between screw dislocation EF on slip plane c with Burgers vector AB and a stacking 
fault tetrahedron. Finally, a helical configuration with a jog DC is formed. After [Hirsch, 1976]. 

Fig. 1.11 Schematic variation of stress with temperature for various processes occurring during 
deformation of irradiated copper (defect size >-5b, b Burgers vector), a, Orowan stress; b, elastic 
repulsion from loops; c, climb-glide process for screws with jogs; d, sessile-glissile 
transformation for dislocations with edge components with sessile jogs. After [Hirsch, 1976] 

1.3.2 Mechanical properties of irradiated Cu 

The hardening of Cu irradiated with fission neutrons was well established as early as the 1960s. 
Investigations were performed by a number of authors in a wide dose range from about 1013 to 
1020 n/cm2. Due to the limit of the irradiation sources, fewer studies have been performed with 
a fusion neutron spectra. The results reviewed are those obtained from (i) fission neutron 
irradiation, (ii) fusion neutron irradiation. 
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i) Fission neutron irradiation hardening 

Fig. 1.12 is a typical example of the hardening effects in irradiated Cu crystals. Blewitt et al. 
(1960) characterized the phenomena as follows: (i) The yield stress increases with the neutron 
dose. The effects are substantial, e.g., the yield stress after 2xl01 9 n/cm"2 irradiation is 
increased by a factor of 22. (ii) An upper-yield point is apparent and followed by a region of 
slight work hardening (yield region), suggestive of Lüders band propagation, (iii) Following 
the yield region, the sample appears to work harden in the normal fashion of the unirradiated 
crystals. In addition, other authors [Greenfield et al., 1961] have pointed out that: (iv) the 
length of easy glide region is longer in the irradiated case as compared to the unirradiated 
crystal of the same orientation. This length increases with dose; (v) the slope of the linear 
hardening region is smaller in the irradiated case, as can be seen from Fig. 1.12. 

0 0J2 0.4 Q6 Ofi W 

Fig. 1.12 The stress-strain curves of fission neutron irradiated Cu single crystals. After [Diehl, 
1962] 

Blewitt et al. (1960) irradiated Cu single crystals of different orientations in two reactors. The 
thermal neutron fluxes in the two cases were lxlO12 n/cm2/s and 2xl01 3 n/cm2/s, respectively. 
The dose achieved is in the range of about 2xl01 6 n/cm2 to 1.5xl020 n/cm2, where the energy 
of the neutrons E > 0.067 MeV. The irradiation was conducted at room temperature, while the 
tensile tests were performed at three temperatures: 300°K, 78°K and 4.2°K. The results show 
that the increase of yield stress (due to irradiation) is proportional to the cube-root of the 
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fluence over the entire dose range in the cases of 300°K and 78°K and most of part in the case 
of 4.2°K. In the last case a saturation of the yield stress was observed at high doses. 

The same dose dependence of the yield stress was also obtained by Fischer (1962) and 
Koppenaal (1964) in the dose range of 2xl016 n/cm2 to 7x1018 n/cm2 and lxlO15 n/cm2 to 
lxl 020 n/cm2, respectively. 

Diehl et al. [Diehl, 1962; Diehl and Schilling., 1965] irradiated Cu single crystals of the same 
orientation at two temperatures, 350°K and 4.2°K, to a dose range of about lx l0 l s n/cm2 to 
7xl018 n/cm2. The deformation temperature for the 4.2°K irradiated specimens is also 4.2°K, 
the 350°K irradiated specimens were deformed at 295 and 90°K. The results show that the 
CRSS increases roughly with the square root of dose in all cases. The data, however, can be 
also fitted to a cube-root dose dependence within the range of scatter. More precise 
measurements have shown that the change of CRSS was proportional to the square root of the 
dose in the cases of lower dose, and tended to saturate at higher doses. The transition dose is 
between 1017to 1018n/cm2. 

There are several experiments in which the yield stress was measured with other experimental 
techniques. 

Young (1962) performed dislocation etch pit observations on Cu single crystals irradiated to 
four doses: 1.3xl013, 4xl013, 6xl016 and 1018 n/cm2. The crystals were deformed through 4-
point bending [Young, 1962]. The stress was increased from 25 g/mm2 to 2.5 kg/mm2 step by 
step. Before and after each stress increase, dislocations were located by etching to detect their 
motion and multiplication processes. The yield stress was defined as the stress necessary for 
the production of shp traces through the central part of the (111) tension or compression 
plane. The results show a cube-root dose dependence of the yield stress. 

Koppenaal (1964) measured the stresses necessary to produce a plastic strain of 2X10"6 during 
four-point bending tests. In the dose range of 1.6xl016 n/cm2 to 0.9xl020 n/cm2, the 
microstrain yield stresses (-75% of the macroscopic flow stresses) measured at both 300°K 
and 77°K showed also a cube-root dependence. 

Makin (1965) reviewed results of irradiation hardening of both single crystals and polycrystals 
and pointed out that the dose dependence of the yield stress can be expressed as (<j>f)1/2 and a 
saturation. (<|)f)1/2 only fits a dose range up to -lxlO18 n/cm2 (> 1 MeV). (<j>r)1/3 is an adequate 
fit only over a moderate range of neutron doses, it needs an incubation period at very low 
doses and also breaks down at high doses. 

Two studies were performed recently. In a small dose range, ~5xl022 to 1.3xl024 n/m2 (> 1 
MeV), Heinisch [Heinisch et al., 1986, 1992; Heinisch, 1988], established that the change of 
yield stress was proportional to the one-fourth-power of the neutron dose. Singh (unpublished) 
irradiated Cu polycrystals at three doses of 0.01, 0.1 and 0.2 dpa, the dose dependence is even 
weaker. 
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ii) Fusion neutron irradiation hardening 

In order to compare fusion neutron irradiation strengthening with that of fission neutron 
irradiation, a number of investigations, mostly on Cu polycrystals, were performed in the 14 
MeV neutron source RTNS-II. 

Mitchell et al. (1975) irradiated polycrystalline Cu with 14 MeV neutrons and fission neutrons. 
14 MeV neutron irradiation was conducted at 25°C in a dose range of~2xl019to4xl021n/m2. 
Fission neutron irradiation was conducted at 65°C to a dose range ~2xl021 to 8xl022 n/m2 

(>0.1 MeV). They found that the increase of yield stress produced by fusion neutrons is about 
10 times greater than that produced by fission neutrons, but only about 2 times if compared on 
the basis of damage energy. 

Similar experiments were performed by Heinisch et al. [Heinisch et al., 1986; Heinisch, 1988; 
Heinisch et al. 1992], in which Cu polycrystal specimens were irradiated at RTNS-H, OWR 
and LASREF with fusion, fission and spallation neutrons, respectively. The dose range is about 
3.8X10"4 to 4xl0'2 dpa. The results show that the yield stress changes due to the three different 
neutron spectra can not be correlated on the basis of dpa. However, in the companion paper 
[Muroga et al., 1992], the defect number densities for specimens irradiated in the three neutron 
spectra correlated well on the basis of dpa. The dose dependence of the change of yield stress 
is considered to be a one-fourth-power. 

Only one study has been performed on fusion neutron irradiated Cu single crystals. Shinohara 
and Kitajima irradiated high perfection Cu single crystals (The grown-in dislocation density is 
less than lxl04/cm2) in the RTNS-II to three doses: lxlO13, lxlO14 and 9.5xl014 n/cm2. They 
also irradiated four specimens with fission neutrons. In both cases a square-root dose 
dependence of the change of CRSS was obtained. It was found that a fluence of fission 
neutrons 3 to 4 times greater than for a fusion neutrons is needed to produce the same 
hardening. Comparing on the basis of damage energy, the above factor decreases to about 2.3. 

To characterize the radiation damage produced by 14 MeV neutrons, Zinkle et al. (1983) 
performed resistivity, microhardness and TEM investigations on copper and binary copper 
alloys. The results indicate that the radiation induced microhardness change increases as the 
fourth-root of the neutron fluence following an incubation fluence. 

1.3.3. Slip band evolution during deformation of irradiated Cu 

Valuable information about the deformation mode can be obtained by slip band observation. A 
very detailed description has been given by Neuhaiiser (1983) and Luft (1991). Here only the 
main results concerning irradiated Cu are reviewed. 

The yielding and slip-band formation has been described by Seeger and Essmann (1962) 
Neuhäuser (1983). Once the first dislocation is generated, the source will generate a group of 
dislocations. When this group of dislocations moves through the crystal, the stress exerted by 
these dislocations on the surroundings favours the production of a corresponding number of 
new dislocations of opposite sign propagating into the crystal on a plane at some distance. This 
new group of dislocations may initiate the motion of another group of dislocations. And soon, 



28 Chapter I 

a number of dislocation groups move on a number of close slip planes like an avalanche 
causing a lack of resistance from the swept defects. Finally one or several slip-bands are 
formed and the crystal yields. 

In neutron irradiated Cu, at relatively high doses one can often observe Lüders band 
propagation when the deformation is in the yield region. Lüders band, see Fig. 1.13, is an 
active region of slip, in which slip-band bundles have not yet reached their saturation density. 
The activation of new sup bands at a long distance from pre-existing ones and the growth of 
slip-band bundles up to a certain slip-band density will result in the propagation of the Lüders 
band along the length of the crystal [Neuhaüser, 1983]. 

Lüders band 

slip bond bundle slip bonds consisting 
of slip lines 

Fig. 1.13 Sketch showing clustered slip in neutron irradiated Cu: slip lines (height SL, width 
BL), slip bands (height S, width B), slip-band bundles, Lüders band. After 
[Neuhaüser, 1983] 

The results of the observations in neutron irradiated Cu can be summarized as follows: 

i) In contrast to non-irradiated crystals, slip in neutron irradiated copper single crystals is 
very coarse and inhomogeneous, i.e. in a form of slip-bands (and slip-band bundles) which 
are clearly visible in the optical microscope, or even with the naked eye. The slip bands are 
clearly separated from each other by undeformed regions [Seeger, 1958]. 

ii) The first slip band is formed normally near the ends of the specimen and propagates along 
the gauge length in the form of one or more Lüders band in the yield region (Blewitt et al., 
1960; Seeger and Essmann, 1962;]. 
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iii) The greatest density of slip lines lies at the front of the Lüders band. In the yield region 
pronounced cross slip traces between primary slip bands are already observable. The 
amount of plastic deformation which associated with the propagation of Lüders band, 
increases with the stress level [Klewitt et ai., I960]. 

iv) The slip bands can be formed within very short time spans, in the region of milliseconds 
[Makin and. Sharp, 1965]. The slip band morphology is critically dependent on the level of 
yield stress [Jackson and Nathanson, 1978]: below a stress of 2.5 MPa the slip in the 
specified case is similar to that in stage-I of work hardening of virgin copper single crystals; 
in the stress range between 2.5 and 20 MPa, the slip lines cluster together as slip bands; at 
higher stresses the slip bands are more clearly defined, more strongly localized and tend to 
form bundles. 

v) Seeger and Essmann (1962) reported that at 90°K, the front of the Lüders band extends 
over the whole length of the crystal, whereas at 513K the transition region between the 
slipped and the unslipped crystal has a width of the order 1 mm to 1 cm. The strong slip 
lines visible in the optical microscope may be resolved as very fine slip lines in the electron 
microscope. At low temperatures the süp lines appear to be more closely spaced and 
somewhat longer than at high temperatures. The amount of slip per individual line, 
however, is larger at higher temperatures. 

vi) The slip bands observed on the surfaces are consistent with the defect-free slip channels 
(see section 1.4) in the interior of the crystal observed by TEM in crystallography, width, 
slip displacement and spacing [Greenfield et al., 1961; Sharp, 1967]. 
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EXPERIMENTAL TECHNIQUES 

In this chapter the experimental techniques and 

procedures will be described. It includes details on 

tensile specimen and TEM disk preparation, the 

description of irradiation experiments with the PIREX 

facility, the tensile and stress relaxation tests, the in-situ 

observation of slip bands, microstructure observations. 
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2.1 Preparation of tensile specimens 

In order to characterize the irradiation hardening effects and irradiation defect microstructures 
produced by 600 MeV protons, Cu, Pd and Au single crystal specimens have been employed. 
The preparation includes cutting slices from initial large crystals, the chemical or mechanical 
polishing of the slices, the shaping the slices into tensile specimens, the electro-polishing and 
annealing of the tensile specimens. 

2.1.1 Materials and specimen preparation 

A Cu single crystal was supplied by IGA-EPFL with initial diameter of 16 and 45 mm in 
length. Emission spectrography and gas analysis show that the purity is better than 99.99% and 
H,N,O are less than 1,1 and lOppm, respectively. Pd and Au single crystals were bought 
from Metal Crystals & Oxides LTD, Cambridge, England. Both are 10 mm in diameter. The 
Pd one is 45 mm long and the Au one is 22 mm long. The nominal purity for both is 99.999%. 
The orientation of all the three types crystals is [011]. 

Slices of dimension 20x6x0.5 mm were cut from the cylinder crystals by an electro-erosion 
machine. Some small amount of bending was produced during the cutting. The orientations of 
the longitudinal axis of the different specimens are chosen near [011], as shown in Fig. 2.1. 
The wide face normal of the slices is along [011] and the narrow face normal is along [100], 
as shown in Fig. 2.2. After mechanical and electro-polishing, the slices were shaped into tensile 
specimens of small dimensions as shown in Fig. 2.2 by using the electro-erosion machine again. 

(a) (b) 

Fig. 2.1 The longitudinal orientations of Cu, Pd and Au single crystal tensile specimens, (a) Laue 
back reflection patterns of Pd, Cu and Au are similar, (b) The corresponding position in a 
standard triangle, .which is about 5° off 011 towards 001 and 3° off 011 towards 111. 



Experimental techniques 33 

Fig. 2.2 Sketch of the geometry of a single crystal tensile specimen. During irradiation 
the proton beam goes through the specimen along the [001] direction. 

2.1.2 Polishing and annealing 

Cu slices were first chemically polished by a semi-chemical method developed by 
Bonneville (1985), see sketch drawn in Fig. 2.3, in which the Cu slices were polished by a 
moving band soaked with the solution of: 25%Cr03, 25%HC1 and 50%H2O. A reduction in 
thickness was produced from 500 urn to about 320 u,m in this way. After cutting the slices into 
tensile specimens, they were again electro-polished to obtain smooth surfaces with a final 
decrease in thickness to about 300 ujn. The electrolyte was the 20% H3P04 and 80% H20 
solution. Polishing was performed at room temperature and 8-10 V. 

For Pd and Au slices, as no successful chemical or electro tlünning method was found, 
mechanical polishing had to be used, which was finished with a diamond paste of 1 urn and 
reduced the thickness to about 320 [xm. After the tensile specimens were shaped, and about 
20 \im were removed again by electro-polishing. 

Pd is very difficult to electro-polish. After trying several solutions and conditions, a solution of 
33%HN03 + 33.%H2S04 + 34%H3P04 was used in the temperature range of 30~40°C with an 
alternating voltage of ~10V. Unfortunately, the surfaces after electro-polishing are not 
brilliant. For Au specimens, the situation is better. The solution used by Proennecke (1992), 
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1. Specimen; 2. Mobile specimen holder; 3. Moving soaked band; 4. Band guide 
cylinder; 5. Chemical solution bath; 6. Weight; 7. Motor; 8. Screw for 
adjusting inclination. 

* A short description: The specimen is glued on the mobile specimen holder which is on 
a inclined surface, therefore, has a force to push the specimen against the moving 
band. By adjusting the screw 8, the inclination of the surface, then the force can be 
changed, it will lead to change the polishing speed. 

Fig. 2.3 Schematic illustration of the semi-chemical polishing device. After [Bonneville, 1985]. 

i.e. 10 g LiCl + 1 liter Methanol, has been used. The polishing has been performed at room 
temperature with a voltage of 30 V. 

Generally, a specimen was repolished to remove 10-20 Um to get fresh surfaces just before it 
was mounted in the tensile machine. In its final state, the thickness variation over the gauge 
length is kept constant within 3%, i.e. within 10 urn. 

As a small amount of bending was introduced during the cutting, and in the cases of Pd and Au 
specimens some cold work might have been introduced additionally during mechanical 
polishing, annealing was therefore necessary to remove the cold work effects. The annealing of 
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different material specimens was done in different conditions. Cu specimens were annealed at 
1000°C for 24 hours in a pure He atmosphere, then slowly cooled down to room temperature 
in 18 hours (1°C per minute), see the sketch in Hg. 2.4. Pd and Au specimens were annealed 
under high vacuum at temperatures of 7O0°C and 500°C, respectively, for 2 hours and finally 
cooled down in 10 hours. 

Well polished and annealed tensile specimens are ready for irradiation and tensile tests. 

C, looo 

I-

20 

Tiiœ(h) 

Fig. 2.4 Annealing curve of Cu single-crystal specimens. 

2.2 Irradiation 

The 600 MeV proton irradiation was performed in the PIREX facility at the Paul Scherrer 
Institut, Switzerland [Marmy et al., 1990]. Although the present author was responsible for the 
irradiations, the work has been done, in practice, by whole PIREX group. 

2.2.1 Irradiation experiment 

The irradiation was performed at room temperature, the calculated temperature of the 
specimens being 10 to 20°C higher, depending on the proton flux and beam size. The proton 
beam currents used for the irradiation experiment are 2, 5 and 10 JJ.A. The beam intensity has a 
two dimensional Gaussion profile [Gavillet, et al., 1985], the beam size was about 4x4 mm 
(4öxx4CTy, ) for most experiments. The wobbler amplitude was about 4.5 mm along the 
specimens. In principle the beam should be homogeneously distributed along the specimens 

To irradiate the present small tensile specimens, special specimen holders have been designed 
as illustrated in Fig. 2.5. The features are: (i) the specimen seats in a slot, in which it is free to 
move a small distance along the Y-axis. In this way, any bending due to thermal expansion of 
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the specimen during irradiation can be avoided, (ii) As the slot is formed by combination of 
two pieces, it is easy to put two specimens in it by adjusting the separation between die two 
pieces, (iii) Compared to the sandwich method used previously [Gavillet, 1986], in the present 
case the cooling of the specimen is more efficient as it is directly exposed to the flowing He 
cooling gas. (iv) Two support bars provide good protection against possible bending and 
provide good alignment as well. 

Fig. 2.5 Assemble of small tensile specimen and the holder for the irradiation experiments. 

Three specimens were irradiated together under the same conditions. They are placed one after 
the other [Marmy et al. 1990]. The proton beam is indicated in Fig. 2.2, i.e. along the direction 
[001]. A restricted difference of the doses for the three specimens can be expected. 

2.2.2 Dosimetry 

The dose of an irradiated specimen was measured after the specimen was cut into TEM disks 
by the method developed in previous experiments [Gavillet, 1991]. Two methods have been 
used, ^-spectrum and -y-counting. The isotopes used for Cu are: 46Sc, 5ICr, 58Co and 59Fe; for 
Pd: 75Se, 83Rb, 88Zr and 102Rh; and for Au: 172Hf, l73Lu, 17SHf, 183Re and 18sOs. The doses 
obtained from different isotopes are within a 30% dispersion band. The corresponding damage 
is calculated in dpa by using a modified form of the NRT formulation: 

£ > = -
0-85 EDpm A, 

2£p f lc iV •Xi&i 
[dpa] (2.1) 
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where D the dose [dpa], 5H> the damage energy cross section [eV cm2], Td the threshold 
energy [eV], o,- the isotope production cross section [cm2], X-, the decay constant of the isotope 
[1/s], Af the decay time [s] (time between the end of the irradiation and the y-counting), pm the 
specimen mass density [g cm"3], pa the specimen atomic density [cm"3], A-m the measured 
activity of the isotope after a time At [Bq], and P, the weight of the specimen [g]. The 
threshold energies for Cu, Pd and Au are 25, 35 and 35 eV, respectively. The variation 
between different disks of the same tensile specimen is normally less than 10%. The overall 
error is estimated to be ±10%. 

2.3 Mechanical testing 

2.3.1 Tensile tests 

Tensile tests have been carried out at room temperature and in air on a small tensile machine 
(as illustrated in Fig. 2.6a and 2.6b) which was specially designed for small load tests [Gavillet, 
1986]. The machine can be put horizontally or vertically. The cross-head speed can be varied 
in the range of 0.02-0.8 Hm/s. For all the tests an unique speed of 0.5 um/s has been used, 
which corresponds to a strain rate of about 8x10"s s"1. The elongation is measured by a digital 
displacement transducer with a precision of 1 urn. The value can be either read from the screen 
or printed out. A "S" shape load cell with a maximum measurable load of 250 N is installed in 
the machine. The DC output has been calibrated to be 0.135 mV/N. The analogue signal is 
recorded by both an analog recorder and a computer through an A/D converter, in fact a multi
meter. The precision of the load is about 0.001 N which is good enough for the stress 
relaxation tests, normally with load drops around 0.5 N. The temperature can vary by 2°C 
during the whole tensile test (3 to 4 hours) but is constant during a relaxation test (1 to 3 
minutes). 

Tensile tests have performed on specimens irradiated at each dose, and unirradiated specimens 
as well. Most of the tests were stopped just before the specimen fractured. Some tests were 
stopped at a deformation between 7=0.1 and 0.2 in order to observe defect-free slip channels 
by TEM. Shear strains (y) and shear stresses (x) are calculated by [Honeycombe, 1959]: 

Y = — - ( V ( l + e ) 2 - ( s h a 0 ) 2 -cosX0 j (2.2) 

* =~~-sinXo^(l+ef -(sinX0)
2 (2.3) 

_AZ 
£ = k <2-4> 

where "Ko is the initial angle between the tensile axis [011] and the slip direction <110>, %o is 
the angle between the tensile axis [011] and the slip plane {111}, l0 and A0 are the initial gauge 
length and cross-section, respectively, L is the load, Al is the elongation of the specimen and 
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therefore e is the elongation. In the present case, there are four favoured slip directions and 
two slip planes. 

The critical resolved shear stress (CRSS) is taken to be the value of the upper-yield point or 
that at a plastic strain of 0.2% when there is no upper-yield point. The change of CRSS due to 
irradiation was evaluated as a function of the dose. 

2.3.2 Stress relaxation experiments and slip band observation 

During each tensile test a number of stress relaxation tests have been performed by interrupting 
the tensile test, as shown in the sketch of the stress-time curve in Fig. 2.7. The interval 
between two relaxation tests is random but shorter in the beginning of the tensile curve in 
order to monitor the rapid changes of microstructures in this part, especially for irradiated 
specimens. Except for the deformation in yield regions, successive relaxation tests have been 
tried to obtain the correction for the effective activation volume. In the yield region of 
irradiated specimens with no or a small hardening, the first stress level can not be reached 
again without producing considerable deformation when reloading. Consequently, only single-
relaxations have been performed. In this case we believe that the correction on the activation 
volume is negligible, and the apparent activation volume is taken as the effective activation 
volume. In successive relaxation tests normally two relaxations are performed as there may be 
temperature instability effects if the relaxation time is too long. The duration of each relaxation 
or the first relaxation of successive relaxations is about 1 minute. The duration of the following 
relaxations depends on which method is employed. 

Both methods with a fixed relaxation time [Spätig, et al., 1993] and a fixed stress drop [Kubin, 
1974], as shown in Fig. 2.8, have been used. Apparent activation volumes are evaluated from 
the first relaxation curves by a "least square" fit between Ax and Cj+\ln(At+C2), where Ax is 
the drop of shear stress, At is the relaxation time, Q and C2 are the stress and time correction 
of starting point, and A, is the slope from which the apparent activation volume, Va, can be 
calculated by using the equation 

v = K (2-5> 
" X 

where k is Boltzmann's constant and T the absolute temperature at which the relaxation is 
performed. 

The apparent activation volume has to be corrected to obtain the effective activation volume, 
V,. 

Ve=Va-Vh (2.6) 

where Vj, is the correction term which can be obtained by performing successive relaxations. 
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I I Fixed parts 

[ H I Mobile parts 

Displacement 
'transducer 

Computer 
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(b) 

Fig. 2.6 (a) Schematic illustration of the tensile machine for small specimens, (b) a 
photograph of the machine. 
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Fig. 2.7 Sketch of a stress-time curve of an irradiated specimen showing relaxation tests performed 
in the yield region and the normal hardening region. In the yield region, reloading can not 
reach the first stress level without producing additional plastic strain. 

(a) Time 

CO 
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u 
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(b) lime 

Fig. 2.8 Sketches showing two methods of successive relaxation tests: (a) with a fixed 
relaxation time, At, and (b) with a fixed relaxation stress drop, AT. 
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Using the fixed relaxation time method, the correction, VJ,, is calculated by 

1/ k T 1 

SAX,-
1=1 

exPr-Avi-i (2.7) 

where AT/ and Ax„ are the first and the nth stress drop, respectively, as shown in Fig. 2.8(a). 

For the fixed stress drop method, 14 is given by 

• < % ) 

A AT n - 1 

where A?/ and Af„ are the first and the nth relaxation duration, respectively, see Fig. 2.8(b). 

The stress relaxation technique provides unique results about the values of the effective 
activation volume which is characteristic of the deformation mechanism. This parameter 
describes the dependence of dislocation velocity on stress. In that sense, this technique is 
superior to strain rate jump tests or single relaxation tests in which microstructural changes 
occur. 

The evolution of slip bands during deformation has been investigated by in-situ observations 
with a video camera which can provide a photo of a magnification of about 7 times. As the 
specimens are not repolished during tensile tests, only the accumulated morphology of the slip 
bands can been recorded. The fine structure of slip bands has been also checked for a few 
specimens irradiated at a low dose, by interrupting deformation, unloading, and then making an 
observation in an optical microscope where higher magnifications are available. 

2.4 Electron microscopy 

Transmission electron microscopy (TEM) has been used to investigate the irradiation defect 
structures and the deformation structures. In this section, techniques for TEM disk preparation 
and quantitative analysis, will be described. 

2.4.1 TEM disc preparation 

TEM disks have been cut from a tensile specimen in different ways depending on the material 
and also the state of the specimen. In order to minimize possible effects of the cutting method 
on the microstructure to be observed and also the possibility of contamination, three cutting 
methods have been used. 

i) Lacomit protection method: A region of 3 mm diameter of the specimen is painted an 
insulating layer (Lacomit) on both faces of the specimen. The uncovered parts are dissolved, 
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and finally cleaned in an Acetone bath to remove the Lacomit layers. This method does not 
produce any effects on the microstructure. The problem is that Lacomit can be dissolved in 
some of the etching solutions, e.g. LiCl + Methanol solution (for Au) and 33%HN03 

+ 33.%H2S04 + 34%H3P04 (for Pd). This method has been applied successfully to as-
annealed, as-irradiated, less deformed (8S10%) and irradiated and unirradiated Cu specimens. 

jp Electro-erosion cutting: In this method, there is no mechanical deformation effects. But 
there might be any annealing effects due to a localized increase of temperature. It is not so 
convenient for the irradiated specimens because of the contamination problem of the setup. In 
the present work, undeformed and less deformed (£<10%) Pd and Au specimens were cut by 
this method. 

(iii) Punching: This is the simplest method, but it may introduce additional dislocation 
structures. All the heavily deformed (e>20%) specimens were punched. 

The cutting methods and electro-polishing techniques used for each type of specimen are listed 
in Table 2.1. 

Table 2.1 Cutting and polishing conditions for Cu, Pd and Au TEM specimens. 

Material 

Cu 

Pd 

Au 

Cutting method 

Lacomit protection (e<10%), 
Punching (e>10%) 

Electro-erosion (e^lO%), 
Punching (e>10%) 

Electro-erosion (£<10%), 
Punching (e>10%) 

Electrolyte 

25%H3P04 + 25%C2H5OH + 
50%H2O 

10g LiCl + 1 liter Methanol 

Condition 

20°C, 
8-10 V. 

20°C, 
40-50 V. 

2.4.2 TEM Observation methods 

Three kinds of imaging conditions have been used: 2-beam dynamical (2-beam), bright-field 
kinematical (BF) and weak-beam dark-field (WBDF) conditions. In 2-beam conditions, one set 
of diffraction planes are tilted to, or very close to, the Bragg condition, which is characterized 
by the deviation (from Bragg condition) parameter sg, equal to zero or very small in this case. 
In practice, the diffraction spot of \g ( where g is the diffraction vector, i.e. the reciprocal 
lattice vector which corresponds to the diffracting plane) is excited, i.e., n = 1 in Fig. 2.9. The 
image is formed by using the incident beam. The setting of the BF condition is similar to that of 
the 2-beam condition. The difference is just tilting the same set of planes a Utile more, so that a 
small positive sg is obtained. In WBDF condition, one has to tilt the planes far away from 
Bragg condition to excite the ng (n can be fractional, see Fig. 2.9) diffraction spot. The value 
of sg (given in Appendix I) should be large, around 0.02 À"1. In practice, g is first tilt to the 
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optic axis by using the beam tilts, then the specimen is tilt to the appropriate diffraction 
condition, i.e. to excite the ng. Finally, a dark-field image is formed using the diffraction beam. 

direction of / \ direction of 
incident beam \ ^ / Y ^ " ' diffracted beam 

Kiojchiline 

0 • • • 

Fig. 2.9 Sketches showing the diffraction condition (g, ng). The position of Ewald sphere shown on the 
left side and the position of the relevant Kikuchi line shown on the right side. 

Specimens were observed immediately after electro-polishing using a Philips CM-20 electron 
transmission microscope at a tension of 200 keV. To study the defect structures introduced by 
either irradiation or deformation, the imaging conditions used for Cu were 2-beam, BF with 
5g=0.0038 Â"1, WBDF (g, 4g), WBDF (g, 5g) and WBDF (g, 6g). For Au those were 2-beam, 
BF with ^=0.003 A'1, WBDF (g, 6g), WBDF (g, lg) and WBDF (g, 8g) as g is shorter. Dark 
field strong beam condition was also used occasionally. As the specimen normal was near 
[Oil], g=200 and z=011 were used for most cases. Sometimes g= l l l , £=220 with z=011 or 
g=200 with z=001 were also used, but the image was less clear in these cases. Micrographs 
with different imaging conditions, especially WBDF (g, 4g) and WBDF (g, 6g), were usually 
taken from the same area. However, the quantitative information of defect cluster density and 
size was generally obtained from the micrographs taken under the condition of WBDF (g, 6g), 
g=200andz=011. 

All white and black triangles imaged under beam direction of <011> and those with size 
smaller than 1 run are taken as SFT's. "V'-shaped images under the same imaging condition 
are taken as triangle loops. The confirmation of this identification has been checked by either 
tilting the beam direction to <001> or using stereo observed 3D configuration. Round and 
some irregular shaped images are considered as loops. As their small population, < 10% in the 
present case, the nature of the loops has been not analyzed. A spot smaller than 1 nm is 
counted as SFT too. 
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The characterization of defect structures was performed in relatively thin areas. The average 
thickness of the areas is about 35 run with a upper and lower thickness limit of 50 nm and 
20 nm, respectively. Average defect density of each dose is obtained by measuring 5 to 8 
micrographs taken from different areas and, sometimes, from 2 TEM disks of the same tensile 
specimen. Usually more than 1000 defects are counted. The mean sizes of defects in different 
cases are measured from 500 to 1500 defects. 

The thickness was estimated by counting the thickness fringes on either WBDF (g, 6g) or 
WBDF (g, 4g) micrographs. In order to have an idea of the error in the measured density, a 
comparison was made between micrographs taken from the same area under different WBDF 
imaging conditions looking for the possible missing clusters. Especially, the thickness 
dependence of measured defect density in a high dose and a low dose cases have been studied 
to prove that the densities measured are realistic. 

The magnifications are generally 150000 or 200000 on the negative films with further 
enlarging ~3x on prints. The size of the image of defects was measured by using a stereoscope. 
The diameter of round spots and the longest edge of triangles were taken as the sizes of the 
corresponding loops and SFT's. The projection effects in SFT size were not taken into 
account. As it may give an error less than 10% while the overall error in size measuring can be 
as great as 15 to 20%. The variation of the image size with the deviation parameters was 
checked by measuring the image size of some larger SFT's (~4 nm) under different conditions: 
2-beam, BF^^.OOSSÂ"1), WBDF(g, 4g) and WBDF(g, 6g). 

Deformation produced dislocation structures have been observed under much lower 
magnification in BF condition. 

The deviation parameters and the extinction distances for Cu and Au under different imaging 
conditions are given in Appendix I. 
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RESULTS 

In this chapter the detailed results of the experiments 

described in the previous chapter will be presented in 

four different sections: i) irradiation of Cu, Pd and Au 

specimens, ii) irradiation defect microstructures, 

iii) mechanical properties, and (iv) microstructures 

produced by deformation. In the "microstructures" 

section, the results concerning the effects of imaging 

conditions on the defect structure observation, 

irradiation defect structures of the irradiated Cu and Au 

will be described. The section "mechanical properties" 

includes the results of tensile tests, relaxation tests and 

slip band observations. The microstructures of 

deformed irradiated and unirradiated Cu and Au 

specimens will also be presented. 

45 
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3.1 Irradiation of Cu, Pd and Au specimens 

In the present work 36 specimens were irradiated in total. They include 18 Cu specimens, 14 
single crystal and 4 polycrystal specimens, which were irradiated to a dose range from 9xl0"5 

to 4.6x10"2 dpa, 11 Pd single crystal specimens which were irradiated to a dose range from 
1.8X10"4 to 1.4X10"1 dpa, 5 Au single crystal specimens which were irradiated to a dose range 
from 8xl0'2 to 5X10"1 (expected) dpa, and 2 Cu3Pd single crystals which were irradiated 
together to a dose about 5xl0'3 dpa. The detailed results of the irradiation are listed in Table 
3.1 which includes the specimen parameters, irradiation parameters and the results of 
dosimetry. 

As some specimens have not been tested, the corresponding doses have not been measured. 
The actual proton fluences can be estimated from dosimetry measurements, from which the 
actual flux of proton beam on each specimen can be estimated. The variation of the doses 
between the specimens irradiated in the same batch can be sometimes a factor of 2 or higher. 
The reason for this difference could be that the three specimens are not accurately aligned 
along the beam direction. 

3.2 Irradiation defect microstructures 

Microstructures of Cu and Au specimens have been studied under different material conditions: 
as prepared, as irradiated, unirradiated and deformed, irradiated and deformed. For Cu, the 
information on the irradiation dose dependence of the defect structure has been obtained. 

3.2.1 Effects of imaging conditions on the observation of defect structures 

The irradiation defect structures in a Cu single crystal have been observed under different 
conditions: (a) 2-beam; (b) and (c) BF conditions of two different sg values; (d) to (f) the 
conditions WBDF(g,4g), WBDF(g,5g), and WBDF(g,6g), respectively. The same reflection 
vector g=200 and zone axis z=011 were used. The thickness fringes have been indicated in 
units of Çg on the right hand side of each micrograph. In the first three cases, the accuracy 
might not be high as the contrast of fringes is poor. For this reason the thickness fringes are 
not completely indicated in (c). The values of t,g (extinction distance) are 355,210,123, 85, upl
and 52 À for the cases (a) to (f), respectively. From the last three photos the thickness of the 
area can be estimated as from 0 to about 60 nm. 

The following conclusions can be obtained from this figure: 

• The defects visible are SFT's and small loops. 

• The irradiation defect clusters have a much better image contrast under WBDF imaging 
conditions. 
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Table 3.1 The detailed results of the irradiation of the Cu, Pd and Au specimens 

Material 

Cu 

Pd 

Au 

Cu3Pd 

Specimen 
name 

I05S01 

I05S02 

I05S03 

I05S04 

I05S05 

I05S06 

I05S07 

I05S08 

I05S09 

I05S10 

I05S11 

I05S12 

I05S13 

I05S14 

I05P01 

I05F10 

I05F11 

I05F12 

IPdOl 
IPd02 

EPd03 

BPd04 

IPd05 

IPd06 

IPd07 

IPd08 

EPd09 

IPdlO 

IPdll 

IAuOl 

IAu02 

IAu03 

IAu04 

IAu05 

ICujPdOl 

ICu3Pd02 

Irradiation 
date 

11.04.93 

11.04.93 

11.04.93 

16.04.93 

16.04.93 

16.04.93 

27.04.93 

27.04.93 

27.04.93 

14.05.93 

14.05.93 

14.04.93 
11.04.94 

11.04.94 

25.08.94 
10.08.92 

10.08.92 

10.08.92 

03.05.93 

03.05.93 

03.05.93 

14.05.93 

14.05.93 

14.05.93 

22.07.93 

22.07.93 

22.07.93 

11.04.94 

11.04.94 

25.06.93 

25.06.93 

25.06.93 

22.07.93 

22.07.93 

Beam time* 
[h] 
2 

2 

2 

16 

16 

16 

70 

70 

70 

1/4 

1/4 

1/4 

75 

75 

2 

2 

2 

55 

55 

55 

1/4 

1/4 

1/4 

2.3 

2.3 

2.3 

75 

75 

13 

13 

13 

Dose 
[dpa] 

7.9X10-4 

9 .5xW 

6.6xl0-3 

1.2xl0"2 

1.6xl0-2 

4.6xl0-2 

3.6xl0"2 

l.lxlO"4 

9.0xl0-5 

1.7X10"4 

3.5X10-2 

2.8xl0"2 

6.0xl0-3 

l.lxlO"1 

6.6X10"2 

1.4x10-' 

2.3X10"4 

2.2X10-4 

1.8X10"4 

8.4xl0"3 

1.2X10-2 

l.lxlO'2 

9.3xl0"2 

8.5xl0'2 

8.2X10-2 

1.1x10"' 

5.0xl0"3 

Fluence** 
[p/m2] 

1.6xl02' 

1.9xl021 

1.3X1022 

2.4X1022 

3-lxlO22 

9-lxlO22 

7.2X1022 

2.2X1020 

1.8xl020 

3.4xl020 

7.0xl022 

3.6xl022 

1.2xl022 

1.2X1023 

7.6X1022 

1.6X1023 

2.6X1020 

2.5X1020 

2.1X1020 

9.7xl02' 

1.4X1022 

1.3X1022 

l.lxlO23 

4.3X1022 

4.2X1022 

5.2xl022 

8.0X1021 

Dose rate 
[dpa/s] 

l.lxlO'7 

1.3X10"7 

l.lxlO"7 

2.1X10"7 

2.7X10-7 

1.8X10"7 

1.4X10-7 

1.2X10-7 

l.OxlO"7 

1.9X10-7 

1.3xl0'7 

l.OxlO"7 

8.3X10'7 

5.6X10-7 

3.3X10'7 

7.1X10"7 

2.5X10"7 

2.5X10-7 

2.0xl0'7 

l.OxlO-6 

1.4X10"6 

1.3X10-6 

3.4X10-7 

1.8X10-6 

1.7X10-6 

2.3X10-6 

Flux*** 
[p/m2/s] 
2.2X1017 

2.6xl017 

2.2X10'7 

4.1X1017 

5.4x10" 

3.6xl017 

2.8X10'7 

2.4X10'7 

2.0X1017 

3.8xl017 

2.6X10'7 

2.0X10'7 

1.6xl018 

6.4X1017 

3.8X1017 

8.2X10'7 

2.9X10'7 

2.8xl0'7 

2.3xl017 

l.lxlO18 

1.7X10'8 

LfixlO" 
3.9X10'7 

9.2X10'7 

9.0X10'7 

l.lxlO18 

* This is more or less the real irradiation time, i.e. all interruptions have been subtracted. 
** The fluence is calculated from dosimetry measurement. 
*** The flux is calculated by using the corresponding fluence and the beam time. 
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• In the 2-beam case, it is difficult to resolve the defects if they are located in a region thicker 
than lVi Çg. Condition (b) seems a good alternative choice for bright field image in this case. 
The contrast is too low in (c). 

• The resolution increases widi increasing ss in the WBDF cases, as can be easily seen in the 
area between arrows in (d)-(f). 

• Thickness values measured in different WBDF micrographs coincide well with each other. 
For example, the fourth fringe of (d), the fifth fringe of (e) and the sixth fringe of (f) are 
located at more or less the same place where the theoretical thickness are about 34 nm for 
(d) and about 32 nm for (e) and (f). 

The image size of 105 relatively large SFT's which are imaged under the conditions (a), (b), 
(d) and (f), have been measured. The average image sizes are normalized to that measured in 
(a) and presented in Fig. 3.2. One can see that the average image size decreases with increasing 
value of sg but the difference is not very significant. The defect densities measured from all 
micrographs in the same area of thickness from 10 to 60 nm are also presented in Fig. 3.2, the 
values being normalized to that of (f). It shows that: first, defect densities measured under BF 
conditions are much lower than those measured under WBDF conditions; second, densities 
measured under the present three WBDF conditions increase with the increase of sg. 

Using the same micrographs presented in Fig. 3.1(d), (e) and (f), the thickness dependence of 
the defect density has been checked by counting the defects in different slots with average 
thickness interval of 10 nm. The results are plotted in Fig. 3.3. The results show that, in this 
case, the defect densities measured in different thickness regions thinner than 40 nm are more 
or less constant within experimental error (mainly due to too small area measured). However it 
is certain that the number of resolvable defects decreases as the thickness increases in the 
thicker region. 

The variation of defect density with thickness was also measured from a specimen I05S02 with 
lower dose, 9.7X10"4 dpa, in a larger thickness range, 20 to 130 nm, and larger area too. Only 
the WBDF(g,4g) condition was employed. The results are given in Fig. 3.4, which shows again 
that the density of visible defects decreases rapidly in the thicker region. The difference is that 
here the decrease starts at a thickness around 80 nm. In Fig. 3.4, the density of loops are also 
plotted, multiplied by 10. It can be see that the loop density is less than 10% and does not vary 
much with thickness. 

The percentage of missing defects under WBDF(g,6g) condition has been checked in two 
cases. One is the case of Fig. 3.1 and the other is in specimen I05S05 at a dose 1.2xl0"2 dpa. 
In the first case, defects in the thickness range of 10 to 30 nm were compared between the 
three WBDF conditions. About 5%, 12% and 14% of the total visible defects under the three 
conditions do not image under WBDF(g,6g), WBDF(g,5g) and WBDF(g,4g), respectively. In 
the second case, defects in thickness range of 20 to 50 nm were compared with each other 
between WBDF(g,6g) and WBDF(g,4g) conditions. It is found that 7% and 18% of the total 
visible defects do not appear in these two cases, respectively. 
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3.2.2 Defect structures produced by 600 MeV protons 

The defect structures produced by 600 MeV protons have been observed in a number of as-
irradiated specimens and in undeformed regions between slip-bands of deformed specimens 
(see §3.3.2 and §3.4.2). 

1) Irradiated Cu single crystals 

Three as-irradiated specimens of doses: 9.7x10"4, 1.2X10'2 and 4.6x10"2 dpa, have been used to 
examine the original defect structures. Fig. 3.5 (a)-(c) shows the irradiation induced defects in 
these specimens. The defect density in case (a) is obviously lower than that corresponding to 
the other two higher doses. Apparently there is no significant difference between (b) and (c) 
though the dose in case (c) is about four times higher than that of case (b). Fig. 3.5 (d) shows 
an undeformed area in the specimen with a dose of l.lxlO"2 dpa and deformed to a 4.8% 
strain. 

In all four cases, the small round spots have been identified as dislocation loops, and small 
triangles as SFT's. The SFT's represent more than 90% of the total number of defect clusters 
observed, see Table 3.2. 

The defect densities and sizes have been measured from WBDF(g,6g) micrographs. The 
detailed results are given in Table 3.2. The dose dependence of the defect density is plotted in 
Fig. 3.6. In Fig. 3.7 the image size distributions of defect clusters in two of the as-irradiated 
samples are plotted. 

Table 3.2 Defect densities and image sizes of irradiated Cu single crystals measured from 
WBDF(g,6g) micrographs 

Specimen 
name 

I05S06* 
I05S08* 
I05S13* 
I05S02 
I05S05 
I05S07 

Dose 
(dpa) 

1.55 KT2 

3.910-2 
3.5- KT2 

9.7-10-» 
1.2-10-2 
4.610-2 

Deformation 
7 

0.11 
0.85 
0.15 

-
-
-

Total defect 
density 

(1022 m'3) 

55.3 
73.1 
55.7 
8.96 
44.2 
62.0 

Mean image 
size of total 

defects 
(nm) 

-
-
-

2.06 
1.97 
2.04 

SFT 
density 

(1022m3) 

52.9 
-

54.8 
8.27 
41.9 
58.0 

Mean image 
sizeofSFTs 

(nm) 

-
-
-

2.05 
1.96 
2.03 

* Measured from the undeformed regions of deformed specimens. 
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Fig. 3.5 Micrographs showing the defect structure in as-irradiated Cu single crystals at doses: (a) 9.7X10"4 

dpa; (b) 1.2xl0'2 dpa; (c) 4.6xl0'2 dpa, and in an undeformed region of an irradiated and 
deformed (AWo=6%) Cu single crystal (l.lxlO"2 dpa). The imaging condition is WB(g, 6g), 
g=200, z=011, for all the four cases. The thickness at the centre areas of (a), (b), (c) and (d) are 
about 50,45,30 and 30 nm, respectively. 
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Fig. 3.6 Dose dependence of the defect cluster density of irradiated Cu single crystals. All the densities 
were measured from WBDF(g, 6g) micrographs. Those measured in the undeformed parts of 
deformed specimens are also included (see Table 3.1). 
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Fig. 3.7 Image size distributions of defect clusters of two as-irradiated Cu single crystals measured from 
WBDF(g, 6g) micrographs. Note the mean sizes are nearly the same (about 2 nm) although the 
doses vary by about 50 times. Notice also the high percentage of SFT's in both cases. 
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2) Irradiated Au single crystals 

The defect structures of an irradiated Au crystal with a dose of 0.11 dpa has been investigated. 
Fig. 3.8 shows the same area under different imaging conditions: (a) BF, (b) WBDF(g, 6g), (c) 
WBDF(g, 8g) with 2=011; and (d) WBDF(g, 8g) with z=001, for all cases g=200. In this case, 
the most of the defect clusters are SFT's, more than 85% of the total defect clusters. There are 
quite a large portion, -10%, of triangle dislocation loops which have "V" shape images under 
z=011 conditions. The other loops with round shape images are less than 5%. 

Fig. 3.8 Defect structures in an irradiated Au single crystal of 0.11 dpa observed under various imaging 
conditions: (a) BF^O.OCB À'1), (b) WBDF(g, 6g) (Sg=0.0151 Â'1), (c) WBDFfe, 8g) (Sg=0.0211 
Â-1) with z=011, and (d) WBDF(g, 8g) (s^O.0211 Â-1) with z=001. For all cases g=200. The 
thickness at the centre of the area is about 16 run. 
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The densities and image sizes of SFT's, small dislocation loops and triangle dislocation loops 
have been measured from micrographs imaged under WBDF(g, 6g), g=200, z=011. The total 
defect density is about 5.1X1023 m'3. The size distributions are given as Fig. 3.9, in which the 
size distribution of triangle loops is plotted on the top of the size distribution of SFT's, and 
that of small loops is plotted on the top of the triangle loops. The mean image size of overall 
defects is about 3.0 run as indicated in die figure. The mean image sizes of the SFT's, the small 
loops and the triangle loops are about 2.7,4.8 and 5.2 nm, respectively. 

In the present case, there is no obvious defect groupment observed. Fig. 3.9 shows a stereo-
pair, from which one can see the spatial distribution of the defect structure. 

4 6 

Defect cluster size (nm) 

Fig. 3.9 Image size distributions of defect clusters in Au single crystal irradiated with 600 
MeV protons measured from WBDF(g, 6g) micrographs. Irradiation dose is 0.11 
dpa. 



50 nm t 9 

Fig. 3.10 A stereo-pair taken under imaging condition WBDF(g,7g), g=200, z=011, from which the spatial defect distribution can be seen by using a 
stereo viewer. 
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3.3 Mechanical properties of irradiated Cu, Pd and Au single crystals 

The results of mechanical testing and the tensile properties of irradiated and unirradiated Cu, 
Pd and Au single crystals are given in Table 3.3. In the following three sub-sections the results 
will be described in detail. 

3.3.1 Irradiation hardening 

The hardening effects produced by 600 MeV protons in the Cu, Pd and Au single crystals are 
significant. These can be readily seen from the tensile shear stress-shear strain curves of the 
unirradiated and irradiated Cu, Pd and Au single crystals presented in Fig. 3.11, Fig. 3.12 and 
Fig. 3.13, respectively. In the present dose range, the hardening phenomena in the three 
materials are similar. The common characteristics are: 

• The unirradiated crystals have the lowest yield stress and largest uniform strain. The yield 
stress increases and the uniform strain decreases with increasing dose. 

• At the higher doses, there is an upper-yield point followed by a yield region with slight or 
no hardening. Both the upper-yield point and the length of the yield region are more 
pronounced with increasing dose. 

• The serration of stress in the yield region increases with dose and decreases with 
deformation, as can be seen from the example given in Fig. 3.14, in which the shear stress-
shear strain curve of a Pd specimen in the shear strain range 0.05-0.15 is presented. By the 
end of the yield region, the stress serration almost disappears. 

• The details of the serration of stress, see Fig. 3.15, show that the stress drops down very 
fast and climbs up at a little slower rate. A statistical calculation of the hardening-rate of 
the stress rising parts shown in the figure gives a distribution from about 120 MPa to 1400 
MPa with a mean value of about 700 MPa. 

• There is tendency with increasing dose for the parabolic hardening region to shorten or 
even disappear (at high doses, see curves of specimens: I05S08, IPd07, IPd02, IAuOl in 
Fig. 3.11-13). 

• In most cases, the transition from the yield region to the following linear hardening region 
is gradual. The abrupt stress increase in the transition region observed by Diehl and 
Hinzner (1964) was not observed in all cases here. 

• The hardening rate in the linear hardening region tends to decrease with dose, see Fig. 
3.16, in which the location and the hardening rate of the linear hardening region are 
plotted versus the normalized (to ultimate shear strain, y«) shear strain. * 

The critical resolved shear stress (CRSS) has been evaluated, from which the change of CRSS 
due to irradiation has been calculated, and is plotted versus dose in Fig. 3.17. Fig. 3.17 also 
includes the data from tests which are not shown in Fig. 3.11-13. There is a tendency for the 
CRSS to saturate when doses are higher than about 10"2 dpa. In the lower dose region, the 
slope for Cu is about one-half (square-root dependence) but one-third for Pd. For Au, only 

• The hardening rates of the unirradiated Cu specimens are similar to the published data, of about 105 - 110 
MPa, with the crystal orientation near a [Oil] pole [Suzuki, et al., 1956]. 
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two points with similar doses were measured, therefore the dose dependence of the CRSS is ' 
not defined. 

Table 3.3 The mechanical tests and tensile properties of irradiated and unirradiated Cu, Pd and 
Au single crystals at room-temperature 

Material 

Cu 

Pd 

Au 

Specimen 
name 

CuS02 

CuS03 

CuS04 

I05S10 

I05S11 

I05S12 

I05S01 

I05S04 

I05S06 

I05S08 

I05S13 

I05S14 

PdSOl 

PdS02 

IPd04 

IPd05 

IPd07 

IPd09 

IPd02 

IPdlO 

AuSOl 

IAuOl 

IAu02 

Dose 
(dpa) 

0.0 

0.0 

0.0 

1.1x10-4 

9.0x10-5 

1.6x10-4 

7.9x10-4 

6.6x10-3 

1.6X10-2 

3.9x10-2 

3.5X10-2 

2.8X10-2 

0 

0 

2.3x10^ 

2.2X10-4 

8.4xl0"3 

l.lxlO-2 

6.6X10'2 

9.3xl0"2 

0 

8.5X10"2 

8.2xl0"2 

Thickness 
(urn) 

296 

320 

288 

300 

270 

278 

311 

307 

294 

247 

287 

269 

281 

265 

269 

290 

237 

240 

262 

213 

278 

268 

260 

Ttest 

(°C) 

22 

25 

22 

22 

24 

22 

24 

22 

22 

22 

22 

24 

22.5 

22.7 

22.5 

24.2 

22.7 

24 

22.5 

23 

22.4 

24 

24.3 

(MPa) 

17.5 

21.4 

21.4 

33.1 

32.6 

32.8 

54.0 

100.3 

144 

180 

147.1 

141.4 

21.3 

19.2 

52.2 

51.56 

127.1 

134.7 

203.6 

209.6 

13.4 

140.3 

136.2 

'Ywtal 

1.17 

135 

1.39 

1.16 

0.95 

0.37* 

1.02 

0.90 

0.11* 

0.85 

0.15* 

1.17 

1.17 

1.14 

1.13 

1.21 

1.16 

0.13* 

0.91 

0.59 

1.17 

0.68 

0.13* 

CRSS 
(MPa) 

7.1 

8.8 

8.8 

13.7 

13.5 

13.5 

22.9 

48.3 

60.8 

78.8 

61.7 

58.6 

8.8 

7.9 

21.6 

21.2 

53.2 

55.7 

86.1 

87.3 

5.5 

59.2 

56.6 

Slip band 
observation 

(Y/N) 

Y 

Y 

N 

N 

Y 

Y 

Y 

Y 

Y 

Y 

N 

Y 

N 

N 

N 

Y 

N 

Y 

Y 

Y 

N 

Y 

Y 

Stress 
relaxation 

(Y/N) 

N 

Y 

Y 

Y 

Y 

Y 

Y 

Y 

Y 

Y 

Y 

Y 

Y 

N 

Y 

Y 

Y 

Y 

Y 

Y 

Y 

Y 

Y 

* Tensile tests stopped here in order to observe defect-free channels. 
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Fig. 3.11 The shear stress-shear strain curves of Cu single crystals with tensile orientation [Oil] 
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Fig- 3.17 The dose dependence of the change of CRSS in 600 MeV proton irradiated Cu, Pd and Au 
single crystals. 

3.3.2 Slip band evolution during tensile deformation 

In the present work, in-situ observation of the slip band evolution during the tensile test in a 
series of successive optical photographs demonstrate the change of the morphology of slip 
bands and specimen shape during tensile deformation. The slip band evolution has been clearly 
observed until the end of the yield region. Fig. 3.18 is an example in which the deformations at 
which the photos were taken are indicated. 

The results are briefly listed in Table 3.4. Observation at higher dose (> 6.6xl0"3 dpa) shows 
that: 

i) Slip bands (or slip-band bundles) have been observed as soon as the crystal yields and can 
be recognized by small load drops. This phenomena is usually observed prior to the upper-
yield point. 

ii) After the first one starts at or near one end of the gauge length, the Lüders band spreads 
over the whole specimen in the yield region. During this period the density of slip bands 
also increases with elongation, which can be seen in Fig. 3.18. 

iii) The deformation is inhomogeneous and localized at slip bands. Between slip bands are 
undeformed regions, see the higher magnification photos in Fig. 3.19 which shows the 
cases of a Cu specimen with 1.55xlO"2 dpa and 7^=0.11, and a Pd specimen with l.lxlO'2 



Results 65 

dpa and y=0-13. Undeformed regions were observed even after deformation of 7^0.85 in 
the case of the specimen of 3.9xl0'2 dpa, see section 3.4 for details. 

iv) In most cases, two sets of intersecting slip bands which result from the two favored {111} 
systems coexist from early in the deformation. Sometimes, they seem to be equally active 
throughout the deformation. Fig. 3.20 shows the situations in the case of a Cu specimen 
with dose of 3.9xl0"2 dpa. 

At unirradiated and lower dose cases, the features are: 

i) Slip bands are fine (no bundles) and cover the whole gauge length homogeneously at the 
beginning of the deformation. With increasing deformation, slip bands become denser and 
denser, as shown in Fig. 3.21. 

ii) As the deformation is homogeneous, there is no obvious necking. However, the 
unirradiated specimen still produced larger uniform strain than the irradiated one. 

The deformation characteristics of Cu, Pd and Au are similar. Table 3.4 gives a summary of the 
results of the observation. 

Table 3.4 Results of slip band observation 

Specimen 

CuS02 

CuS03 

I05S11 

I05S12 

I05S01 

IO5S04 

I05S08 

I05S14 

IPd09 

EM02 

IPdlO 

IAuOl 

IAu02 

Dose (dpa) 

0 

0 

9.0x10s 

l.lxlO-4 

7.9X10-4 

6.6xl0'3 

3.9xl(T2 

2.8xl0-2 

l.lxlO-2 

6.6xl0-2 

9.3X10-2 

8.5xl0'2 

8.2xl0"2 

Slip line or band 
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Fig. 3.18 Slip band evolution in a Cu single crystal with a dose of 6.6xl0"3 dpa. The shear-strain corresponding to the photos (a)-(h) is indicated below the 
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(b) 100 wm 

Fig. 3.19 Slip bands observed in (a) a Cu specimen with 1.55xl0"2 dpa at y=0.11, and (b) a 
Pd specimen with l.lxl0"2dpaaty=0.13. 
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Fig. 3.20 Slip bands formed by slip in two intersected {111} planes during deformation in a Cu 
specimen with a dose of 3.9xl0"2 dpa. (a) Y=0.029; (b) Y=0.038; (C) y=0.071; (d) y=0.125. 

Fig. 3.21 Sip bands observed in an irradiated Cu specimen of low dose (l.öxlO"4 dpa) at different 
deformation: (a) y=0.027; (b) y=0.059. 
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3.3.3 Activation volume of dislocation movement 

In the normal case, the relaxation (stress drop-time) curve is well represented by the 
relationship AT =CI+X ln(At+C2). An example is given Fig. 3.22. In this case the apparent 
activation volume can be precisely determined. But in the yield region of an irradiated 
specimen, especially immediately after an upper yield point, there are very often two or more 
sudden stress drops in the one-minute relaxation period, see Fig. 3.23. The fit of each stress 
drop is good rather than the whole curve. Very different activation volumes are associated with 
the different stress drops. The values obtained from the first stress drops have been used in Fig. 
3.24-27. In some cases the error is large, when the first stress drop is very short and also not 
well defined. 

In the present activation volume measurements, the successive relaxation experiments were not 
very successful. The problem is that the stress level at the onset of the first relaxation is 
difficult to keep constant during the following relaxations. This situation occurs mainly in the 
relaxations carried out in stage-I of the unirradiated specimens, where the stress drops are very 
small, and the problem is more serious. 

Fig. 3.24 shows the results for Cu specimens. In this case the corrections for effective 
activation volumes have been performed on two specimens, CuS04 (unirradiated) and I05S12 
(low dose). Except for lower strains (<~0.4), the corrections are not significant and fall within 
the experiment error band. For higher dose cases, the apparent activation volumes, Va, can be 
roughly taken as the effective activation volume, Vt. Fig. 3.24 illustrates clearly that: 

• In the unirradiated case, the activation volume decreases with increasing strain. 

• In the irradiated cases, the activation volume decreases with increasing dose. 

• In the yield region the activation volume increases with strain and changes to decrease after 
the yield region or stage-I. 

The stress dependence of the activation volume is given in Fig. 3.25, in which only apparent 
activation volumes are plotted. In Fig. 3.24 and 25, it can be seen that, except for the yield 
region, the variation of the volume is the same for irradiated and unirradiated specimens. 

The results of Pd and Au are both similar to those of Cu, as can be seen from Fig. 3.26 and 
Fig. 3.27. One can notice that the points which correspond to the increases of the activation 
volume in Fig. 3.26 are almost all at the end of yield region in Fig. 3.12. 
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3.4 Microstructures in deformed crystals 

In this section, the results of the investigations of the microstructure of deformed, irradiated 
and unirradiated specimens will be shown. The main features studied include: dislocation 
structures in deformed specimens either in the yield region, or just before fracture; defect 
structures in both deformed irradiated and unirradiated specimens. 

3.4.1 Dislocation structures in Cu specimens 

The dislocation density in the as-annealed Cu specimens is about lxlO12 m"2. The structure is 
shown in Fig. 3.28 (a). In the specimens just before fracture, the dislocation structures were 
found to be dose dependent. Well developed cellular dislocation structures of somewhat 
rectangular shape were observed in the unirradiated and in the low dose cases, as shown in Fig. 
3.28 (b) and (c). Less evolved cellular structures have been observed in higher dose cases, in 
which dislocation cell walls have been formed essentially in one direction, An example is 
shown in Fig. 3.28(d). Some cell walls are identified as the traces of {111} slip planes. 
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Fig. 3.28 Dislocation structures in Cu specimens: (a) as-annealed, (b) unirradiated and deformed 
(7=1.39), (c) low dose (l.lxlO"4 dpa) irradiated and deformed (7=1.18), and (d) high dose 
(3.9xl0'2 dpa) irradiated and deformed (7=0.85). The g vector in the cases (a), (c) and (d) is 
200 and in (b) is 111. 

3.4.2 Defect-free slip channels 

Defect-free süp channels are produced by deformation have been usually observed at higher 
dose at low deformation. In the present work such a structure has been observed in three cases 
with the following doses and deformation: 1.55xl0'2 dpa, "7=0.11; 3.5xl0"2 dpa, 7=0.15; and 
3.9xl0"2 dpa, 7=0.85, respectively. In the first two cases, as the deformation is low, only 
defect-free slip channels have been observed, and no dislocation cell structures, as shown in 
Fig. 3.29 (a) and (b). In the last case, although the deformation is large, both dislocation cell 
structures and defect-free channels have been observed (Fig. 3.28 (d) and Fig. 3.30(b)). 
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As in the case of slip bands observed during tensile tests, defect-free channels are often 
observed to intersect each other, as shown in Fig. 3.29. The intersecting channels correspond 
to the traces of two sets {111} slip planes. 

Usually, the edges of a channel are clearly defined. The width of these channels is about 
10O nm. In defect-free channels, most of the crystal volume is very "clean", as shown Kg. 
3.30. There are only very few dislocation dipoles and defects. Dislocations are found to be 
mainly in tangles which are usually located at or near the intersections of the channels, see Fig. 
3.30(b). The dislocations can be roughly separated into two groups. One group includes those 
dislocations whose movement direction is along the channels, e.g. "A" in Fig. 3.30 (b). 
Another group dislocations are roughly parallel to the channel and are mostly located at the 
edges of the channels, e.g. "B" in Fig. 3.30(b). The direction of movement of this last group of 
dislocations is into the undeformed region of the crystal, but, they are impeded in movement by 
the defects. 

Outside the channels, there is no significant long range dislocation movement, which can be 
seen in Fig. 3.29 and Fig. 3.30. Instead one notices that there is no obvious defect free zone 
around the dislocations. 

Fig. 3.29 Low magnification BF micrographs showing defect-free channel in two irradiated and deformed 
Cu specimens: (a) 1.55xl0"2 dpa and y=0.11; (b) 3.5xl0"2 dpa and 7=0.15. The imaging 
conditions: (a) BF, g=200, z=011; (b) BF, g=200, z=012. 
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Fig. 3.30 WBDF micrographs showing defect-free channels in two specimens: (a) 3.5xl0"2 dpa and 
Y=0.15; (b) 3.9xl0"2 dpa and Y=0.85. For both, g=200, z=011. The thickness at the centre region 
of (a) is 120 nm and about 35 nm for (b). 
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3.4.3 Defect structures in irradiated and heavily deformed Cu single crystals 

The change of the irradiation defect structures after large deformation has been examined in all 
irradiated and deformed Cu specimens. A typical example is given in Fig. 3.31, which provides 
a view of a large area (about 1/4 of a dislocation cell in Fig. 3.28 (b) or (c)). It shows clearly 
the spatial distribution of defect clusters. The defect clusters are mostly SFT's, which can be 
easily identified from the higher magnification micrographs shown in Fig. 3.32 (a) and (b), 
which represent examples of a low dose case and a high dose case. The defect densities of the 
deformed irradiated specimens have been measured in the same way as that performed for as-
irradiated cases. The results are presented in Table 3.5 and also plotted together with those of 
as-irradiated specimens in Fig. 3.33. 

The results show that 

• In high dose specimens, the defect densities decrease considerably (in the deformed region) 
as compared to that of the as-irradiated specimens with a similar dose (or with the eventual 
undeformed region of the same specimen). 

• The defect densities measured in the low dose specimens are much higher than those 
obtained by Proennecke (1992) at the similar dose. Furthermore, in a less deformed 
specimen, I05S12, the defect density is much lower than those in the other two specimens, 
I05S10 and I05S11, with a similar dose but higher deformations, see Table 3.5. 

• The defect density is substantially higher in the region around dislocations. Larger SFT's 
have also been observed in the deformed cases as compared to the as-irradiated cases. 

Table 3.5 Defect densities measured from deformed irradiated Cu single crystals 

Specimen 
name 

I05S11 
I05S10 
I05S12 
I05S01 
I05S04 
I05S08 

Dose 
(dpa) 

9.010-5 
1.1-10-4 

1.6-1(H 
7.9-10-4 
6.6-10-3 
3.9-10-2 

Deformation 

Y 

0.95 
1.15 
0.37 
1.02 
0.90 
0.85 

Total defect 
density 

(1022m3) 
5.18 
3.81 
2.13 
4.86 
15.0 
22.3 

SFT 
density 

(1022 in3) 
5.05 
3.36 
2.0 

4.25 
13.8 
21.7 



Cliapter 

U i ^ ^ ^ -&.jmêg&?z 

oirStts.-v 

^ • - x , , i - " ^ ; 

**#«i)iM^fciAjwÉfé^*.«*™ 
i-.^?5iAä«teT*-*r 

:—W: 

^ ^ « a a i i u ) v f v : 

Fig. 3.31 WBDF micrographs showing the defect structures in an irradiated (9.0xl0"5 dpa) 
deformed (y=0.95) Cu specimen. The imaging condition is: WBDF(g, 6g), g=200, z=011. 
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Fig. 3.32 WBDF micrographs showing defect structures in two irradiated and deformed specimens: (a) 
9.0xl0'5 dpa and ^=0.95; (b) 3.9xl0"2 dpa and ^=0.85. The imaging condition of (a) is: 
WBDF(g, 6g), g=200, z=012, and that of (b) is WBDF(g, 6g), g=200, z=013. The thickness at 
the centre regions of both micrographs is about 50 nm. 
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Fig. 3.33 Defect densities in the as-irradiated, and deformed irradiated Cu single crystals. The 
deformation of the deformed specimens varies from 0.85 to 1.15 (y), see Table 3.5. For 
comparison Proennecke's data for low doses are also shown. 

3.4.4 Defect structures in unirradiated and deformed Cu and other fee metals 

The results from the previous paragraph indicate that although deformation destroys defect 
clusters, it may also create them. In order to examine this point, deformed unirradiated Cu 
single crystals have been observed. The results prove that: deformation can produce the same 
kind of defect clusters (mainly SFT's) in large densities, comparable to those obtained by 
irradiation. 

An example is shown in Fig. 3.34, which was observed in specimen CuS04 (7=1.39). In this 
specimen, it is found that the defect density is about 5.5xl022 m"3. The defect spatial 
distribution is similar to that in a deformed irradiated specimen, i.e. much more defects around 
dislocations. The defect size distribution has been measured and given in Fig. 3.35. Compared 
to the distribution in the as-irradiated specimens in Fig. 3.7, it shows a long tail towards large 
defect sizes. The mean image size is about 2.4 nm which is larger than that of as-irradiated 
specimens, ~2 nm. 

The defect clusters, most of which are SFT's, have been observed in a number of specimens 
with various treatments and purities. In a slightly deformed (y=0.05) Cu single crystal, a low 
density (~9xl021 m"3) defect structure has been observed. In a deformed (e=10.8%) Cu 
polycrystal (99.9% pure) specimen, it is found that there are numerous defect clusters in or 
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Fig. 3.34 Defect structures in an unirradiated and deformed (y=1.39) Cu single crystal. The imaging 
condition is: WBDF(g, 6g), g=200, z=011. The thickness at the centre is about 60 nm. 
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near grain boundaries. In a deformed (y=1.17) Au single crystal (99.999% pure), in as-rolled 
Cu, Au and Ni polycrystals, and even in the as-annealed Cu and Au single crystals defect 
clusters are always observed. The density, of course, varies from case to case. Fig. 3.36 (a) to 
(d) show the situations in the as-annealed Cu single crystal, the 5% (y) deformed Cu single 
crystal, the 10.8% (e) deformed Cu polycrystal and an as-rolled Au specimen, respectively. 

In summary: 

• Small defect clusters similar to those produced by irradiation are observed in all the 
specimens of Cu, Au and Ni under different conditions. It is clear that such defect clusters 
are widely produced during deformation of the FCC materials. 

• The defect density is higher in the regions around dislocations and grain boundaries. The 
density is deformation dependent, and high in a heavily deformed specimen, where it is 
comparable to that in a irradiated specimen at medium dose (~ 10"3 dpa). 

• The mean size of defects is larger in the deformed specimens than in the as-irradiated 
specimens, see Fig. 3.35. 

4 6 
Size (nm) 

Fig. 3.35 Image size distribution of defect clusters in an unirradiated and deformed (Y=1.39) Cu 
single crystal measured from WBDF(g, 6g) micrographs. 



Fig. 3.36 Defect structures in (a) an as annealed Cu single crystal, X140000; (b) a deformed (y=0.O5) Cu 
single crystal, X31O0OO; (c) a 10.8% deformed Cu polycrystal, X31O00O; and (d) as rolled Au 
polycrystal, X31OO00. The imaging conditions are: (a) BF, g=200, z=011; (b) WBDF(g, 6g), 
g=200, z=001; (c) WBDF(g, 6g), g=200, z=012; and (d) WBDF(g, 8g), g=200, z=011. 





CHAPTER IV 

DISCUSSION 

The results obtained in the present work will be discussed 

in four sections: (i) irradiation defect microstructures in Cu 

and Au, (ii) mechanical properties of irradiated Cu, Pd and 

Au, (iii) defect clusters formed during deformation, and 

(iv) hardening of grouped defect structures. In the first three 

sections, the discussion is mainly focused on the results of 

Cu. In the last section, the results of a computer simulation 

of dislocations moving through grouped obstacle arrays will 

presented and discussed. 
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4.1 Irradiation defect microstructures 

One of the main tasks of the present defect microstructure investigation is to obtain 
information about the defect cluster density and size distributions produced by 600 MeV 
protons in a low to medium dose range, and compare the results with the existing data. 

4.1.1 Observation conditions 

As was mentioned in §1.2.3, there is in the literature quite a large discrepancy about various 
results on quantitative defect density. One of most likely reason is due to the different TEM 
techniques and specimen preparation used by different authors. In the present work, the defect 
microstructures were observed in relatively thin (20 to 50 nm) areas. The defect density and 
size distributions were obtained by measuring the visible defects under WBDF(g,6g) image 
conditions. The results have been compared to published data. 

1) Visibility of defects under different image conditions 

Both Satoh (1989) and Proennecke (1992) have studied the visibility of small defects under 
different imaging conditions. The common conclusion is that the visibility increases but the 
image size decreases with an increase of the deviation parameter, sg. In the present work this 
has also been checked, see Kg. 3.2. In the cases of 2-beam and all WBDF conditions, the 
results agree very well with their data. For the BF cases, in the present work, it is found that 
the densities measured are lower than those measured under the 2-beam condition. This is the 
opposite what Satoh and Proennecke observed. The reason for this difference is not clear. 
However, the present results are similar to the results reported by Stathopoulos (1981). Under 
the BF condition with w=0.8, corresponding to SJ-0.0038Â"1 in the present case, he observed 
only a little more than 50% of the defects seen under 2-beam condition. 

The difference between the visible defect density obtained under WBDF(g,6g) and the total 
visible defect density observed under different imaging conditions is about 20% obtained by 
Satoh (1989) and 10% by Proennecke (1992). The reason for this variation could be that Satoh 
used more imaging conditions than Proennecke, to deduce the total defect density. In principle, 
the more imaging conditions used, the higher the total defect density that can be deduced. 
However, if the observations are performed on thick foils, the position of a defect observed 
under different imaging conditions could change very much and, therefore, it could be double 
counted. Consequently, the total defect density deduced could be unrealisticaUy high. 

In the present work, a comparison between the photos obtained under WBDF(g,4g) and 
WBDF(g,6g) conditions has been made. It shows that, about 7% of the total defects observed 
under these two imaging conditions are not seen under WBDF(g,6g). It is certain that the 
percentage would have been larger if more imaging conditions had been used. 

The above comparison shows that the visibility of defects obtained in the present observations 
is comparable to the published results. Since the defect densities presented in the literature are 
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normally the not corrected (as observed) visible defect densities obtained under a weak beam 
condition of s5=0.02 À"1, in order to compare the present results with the published data, all the 
defect densities given in §3.2 are those obtained under WBDF(g,6g), g=200. 

2) Variation of the visible defect density with foil thickness 

In the literature, the thickness of the observed area is not always mentioned. This, sometimes, 
gives rise to difficulties in comparing various observations. In Fig. 3.3 and Fig. 3.4 of §3.2.1, 
the variations of the visible defect density with the area thickness are \ issented. In the low 
dose case of Fig. 3.4, the density of visible defects decreases rapidly when the thickness is 
greater than about 80 nm. This may be because of the decrease of the contrast of defects in the 
thicker region. With increasing thickness, the smaller defects (say < 1 nm) and also the black 
ones which are often seen in thin area under WBDF(g,4g) condition will be less and Jess 
visible. Zinkle (1987) compared the visible defect size distribution in thin (18 to 45 nm) and 
thick (100 to 140) foils and found that the size was larger in the thick foils. He concluded that 
most of the defects smaller than 2 nm were not visible in foils of thickness greater than 100 nm. 
In the high dose case of Fig. 3.3, the density decreases when the foil is thicker than about 
40 nm. The reason is attributed to the strong overlap of the high density of defects. The 
situation is even worse in the WBDF(g,5g) and WBDF(g,4g) cases. In this case the stereo-
microscopy may give some help. 

One motivation to examine the thickness dependence of the defect density is, of course, to 
check the reliability of the present defect density measurement. From Fig. 3.3 and 3.4 it can be 
seen that the region of 20 to 50 nm thickness is almost the best region to give a high visible 
defect density in each case. 

3) The size of visible defects under different imaging conditions 

A SFT image shows stacking-fault fringes when it is larger than the effective extinction 
distance t,g. When a SFT is larger than 1/2^Ä, it should always be seen, but the image size is 
smaller than the real size. When the size is smaller than l/2^s, it will not be visible if it is totally 
buried in the dark fringe region. A "black" SFT has a fringe darker than the background. With 
increasing sg, £,g becomes smaller and then the visibility of small SFT increases, but the average 
image size of the total visible SFT will decrease. This has been demonstrated by the results 
concerning the size variation with the deviation parameter obtained by Satoh (1989) and 
Proennecke (1992). They show that the average image size of visible defects decreases by 
about 25% when sg increases from 0 to about 0.02 Â"1. 

Based on the arguments given above, one can imagine that for large SFT's the deviation 
parameter effect is small. In the present work, relative large (~4 nm) SFT's were selected from 
an area of the photos presented in Fig. 3.1. They were all visible under four imaging 
conditions: 2-beam, BF (jff=0.0038 Â'1), WBDF(g,4g) and WBDF(g,6g), the visibility under 
the other two conditions, BF (sg=0.0017 Â"1) and WBDF(g,5g) was not examined. The average 
image sizes measured under the four conditions were plotted in Fig. 3.2. One can see that the 
reduction of the image size with increasing sg is not so significant. 
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The above analysis shows that it is impossible or at least very difficult to correct the size of 
visible defects observed under a certain imaging condition, especially in the present case where 
the defects are small. Under the 2-beam condition one can obtain almost the correct size of 
relatively large (>~1.5 nm) defects as we know from §1.2.1. But most of the small (<~1.5 nm) 
defects are not visible under this condition. For the WBDF conditions, it is possible to correct 
the image of large defects by comparing it with that obtained under the 2-beam condition. But, 
again, one can not get the correction for the small defects. Furthermore the smaller the defects 
the larger the correction, as shown by Proennecke (1992). 

The size correction factor obtained by the present work is underestimated as only large SFT's 
were measured. The correction factor obtained by Satoh (1989) and Proennecke (1992) could 
be overestimated since there, small (smaller than the mean size of 1.6 nm in Satoh case) SFT's 
measured under WBDF conditions can make the difference large. A reasonable correction 
factor could be 15 to 20%. 

Therefore the size distribution of visible defects obtained under a certain imaging condition can 
only give us a rough idea of the corresponding actual size distribution. Comparison of the 
results of different authors should be carried out between those obtained under the same 
imaging condition. Again, as in the literature the size distributions of visible defects are 
normally given as those obtained under the weak beam condition of Sg=0.Q2 À"1, in §3.2.2 they 
are those obtained under WBDF(g,6g), g=200 (sg=0.019 À"1). 

4.1.2 The SFT fraction 

In the present observation, the SFT fraction is found to be greater than 90%. For similar 
experimental conditions Proennecke observed that -40% of the total defects are SFT's. His 
specimens were polycrystals of higher purity (99.9999%). It is difficult to understand where 
the difference comes from. One explanation is that it could be due to the thickness difference 
of the foils observed in the two cases. The areas he observed are thick, 80 to 150 nm, and the 
foil used for the present observation is thin, 20 to 50 nm thick. In the present case, loops in the 
thin regions could be lost at the surfaces during the preparation of TEM disks. However, if this 
argument is true, one should be able to observe that the loop density increases with the 
thickness of the foil. But as Fig. 3.4 shows, in the examined regions, 20 to 130 nm thick, the 
loop density remains more or less constant. It should be also mentioned that, the observation 
shows loops being stable under the 200 keV electron beam. It is often observed that free 
dislocations (not tangled) move and disappear at surfaces driven by electron beam heating. 
This implies that, if there are some loops lost at the surfaces, their number should be low and 
perhaps negligible. 

The observed SFT fraction, according to the author's experience, depends strongly on the 
TEM performance. When the system is well adjusted, the electron beam is stable, and the 
image is exactly focused, with g=200 and z is near 011 (a few degrees from 011 towards 001), 
one should be able to see SFT's as very sharp bright or black triangles depending on imaging 
conditions. In this case, if a stereo-pair is taken, one can easily distinguish SFT's from loops 
and obtain a correct SFT fraction. Another experience is that, the small SFT's have a more or 
less round image rather than a square shape image at z=100. It is, therefore, difficult to 
distinguish a SFT from a round loop in this case. 
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4.1.3 The dose dependence of defect density 

The dose dependence of the defect density of irradiated Cu single crystals, in the present work, 
is given in Fig. 3.6 of §3.2.2,. At lower doses, the slope of the curve is 0.65. In order to 
compare the present results with the existing ones, all published data of Cu irradiated with 600 
MeV or 800 MeV protons near room temperature have been plotted in Fig. 4.1. The dose 
dependence of defect density can be better defined and is given as the full line in the figure. It 
shows that, the defect density increases probably linearly with the dose in the lower dose 
region, and certainly saturates at high doses. The transition dose range is clear now, and 
defined by the present medium dose results to be located between ~4xl0"3 and 2xl0'2 dpa. 

In Fig. 4.2 the published results of Cu irradiated with fission, fusion neutrons and high energy 
protons obtained under WBDF conditions are compiled. It also includes new unpublished 
results of high energy proton irradiation obtained by the present author, and the fission neutron 
irradiation data by Singh. 

One can see that the data points of different kind of irradiation experiments are mixed with 
each other. It is difficult to fit the data with a unique curve but a band, as the data are scattered 
too far. The defect density starts to saturate at a value of about 4xl023 m"3 independent of the 
irradiation particle source. As the band is wide, the transition between the linear dose 
dependence range and the saturation range can only be given, between 3xl0"3 and lxlO"1 dpa. 

The results imply that, although the recoil energy spectra of fission neutron, fusion neutron and 
high energy proton irradiation are very different, there is no difference in the defect (cluster) 
production rate when it is compared on the basis of dpa. 

This conclusion can be understood on the basis of the accepted concept that, in Cu the vacancy 
defect clusters are produced from cascades (or subcascades) of PKA energy about 30 keV. For 
fusion neutron and 600 or 800 MeV proton irradiations, the average recoil energy of the 
PKA's is much higher than 30 keV. In this case, a cascade will split into a number of 
subcascades. Consequently, a high defect production is expected in these irradiations. In fission 
neutron irradiation, the recoil energy spectra is much softer. However, the average PKA 
energy is still higher than 30 keV. So most fission neutron PKA's are able to produce cascades 
which are comparable to the subcascades in fusion neutron and high energy proton irradiations. 

Nevertheless, it is clear that for such a situation it is somewhat too early to make any définitive 
conclusions. A further study is needed, especially the data of low dose fission neutron 
irradiation are strongly required. To understand the large discrepancy of the data, a round-
robin type of tests [Victoria et al., unpublished] or a change of photos between different 
aumors is very necessary. 
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4.1.4 Defect size distribution 

There is no significant difference between the defect size distributions at different doses. Fig. 
3.7 of §3.2.2 shows that, although the dose difference is about 50 times between the two 
cases, the defect size distributions are similar. The peaks of the distributions are located 
between 1.5 nm and 2 nm, and the mean defect sizes are about 2 nm as observed under 
WBDF(g,6g) conditions. These distributions are essentially identical to those reported in the 
literature, e.g. to that obtained by Zinkle (1987) and Proennecke (1992) under the same 
imaging conditions. 

4.1.5 Defect structures in irradiated Gold 

In low dose cases, grouped defect structures were observed in both of 14 MeV neutron 
[Kiritani, 1985, 1986] and 600 MeV proton [Proennecke, 1992] irradiated Au. But in the 
present case, no obvious defect groups were observed. The reason could be that the defect 
density has already saturated, see Fig. 4.3. In the figure, the results of Horsewell et al. [1991] 
and Proennecke [1992] are quoted. The results obtained at one dose only in the present work, 
is also included and it is consistent with the other data. The data at medium doses are too 
scattered to provide any meaningful fit. 

The SFT fraction in irradiated Au observed in the present work is about 85% which is again 
higher than that observed by Horsewell et al. (-50%) and Proennecke (-60%). Furthermore, 
unlike Cu, the mean size of SFT's of irradiated Au obtained by different authors is quite 
different. It varies from a little smaller than 2 nm as observed by Kiritani [1986] to about 4 nm 
obtained by Proennecke [1992]. In between, it is about 2.5 nm as obtained by Yoshida et al. 
[1985] and about 3 nm by Horsewell et al. (1991). The defect size distribution in the present 
irradiated Au (Fig. 3.9) is similar to that of Horsewell et al.. 

It is clear that the discrepancy in the results of irradiated Au is larger than that of Cu. In this 
case the TEM performance seems to be the main reason, as in the case of Horsewell (1991) 
and Proennecke (1992), the specimens, the irradiation condition are almost exactly the same 
and also the same microscope is used. 
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Fig. 4.3 Variation of defect density with dose in Au irradiated with 600 MeV protons. 

4.2 Mechanical properties of irradiated Cu, Pd and Au 

In this section, the results of the mechanical tests will be discussed with an emphasis on the Cu 
results: First, the irradiation hardening in Cu will be considered. In this paragraph the results of 
the dose dependence of the CRSS change will be discussed. Second, a correlation between the 
irradiation hardening and the defect structure in Cu will be attempted. The obstacle strength of 
the defect clusters in irradiated Cu will be calculated and compared with the published data. 
Third, the deformation behaviour of irradiated FCC crystals will be interpreted in terms of 
some phenomena observed in the present work. And last, a short discussion will be given on 
the limited results on irradiation hardening in Pd and Au. 

4.2.1 The irradiation hardening in Cu 

In section 1.3.2 the published results concerning irradiation hardening in pure copper have 
been reviewed. To avoid the discrepancies arising from the use of different types of tests, in 
Fig. 4.4 we compile only tensile test results of both irradiated Cu single crystals and 
polycrystals. The CRSS values of polycrystal specimens are converted from the corresponding 
yield stress by dividing by a geometry factor of 3. The neutron fluence has been converted into 
dpa. The conversion factor used for Blewitt's data from fast neutron irradiation is 1.7xl025 

n/m2 (E > 0.67 MeV) to ldpa; for Diehl's (1962) and Shinohara's (1985) data from fast 
neutron irradiation the factor is 1.6xl02S n/m2 (E > 0.1 MeV) to ldpa; for Singh's data is 
5xl0 2 4 n/m2 (E >1 MeV) to ldpa. The dpa values for Heinisch's data are given in the Fig. 7 of 
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[Heinisch, 1988]. These results together with the present data are given in the table of 
Appendix IV. 

There is a very large difference between the data of Kitajima and Shinohara [Kitajima et al., 
1982; Shinohara and Kitajima, 1985] and the rest of the data. As the measurements of the 
corresponding defect cluster densities are not available, the difference could well arise from an 
incorrect calculation of the faiences, which are surprisingly low. The other six sets of data are 
comparable within a dispersion band of a factor 2, which could mainly arise from the dose 
(dpa) conversion. 

The main conclusion that can be drawn from these results is that the hardening effects 
produced by fission neutrons, fusion neutrons and high energy protons in Cu are essentially not 
different when they are compared on the basis of dpa. This conclusion is in agreement with that 
obtained in the previous section in which the defect densities produced by these different 
particle sources are in principle no different when compared on the basis of dpa. 

If we consider each data set separately and, except for Singh's data which is probably located 
in the saturation region, the dependence of the change of CRSS on the irradiation dose can be 
well divided into two types: i) A square-root dependence in the lower dose region plus 
saturation at high doses. The data of Diehl, Kitajima, Shinohara and the present work belong 
to this type; ii) The cubic-root dose dependence type, which includes Blewitt's data and 
Heinisch's two batches of data. Although the exact reason for this different behaviour is not 
clear, we can notice that the tensile axis orientation of the specimens may play an important 
role. In the tests which provide a square-root dependence, each author used specimens with 
the identical tensile axis orientation for alt tests. In the case of Blewitt's results the data were 
obtained from the specimens with different tensile axis orientations probably at each dose. 
Heinisch's data on the other hand, is from polycrystals. 

It has also been also mentioned in §1.3 that Zinkle et al. (1983) obtained a one-fourth-power 
dependence plus a incubation period at low dose, < -lxlCT* dpa, for the yield stress (converted 
from hardness test data) change in fusion neutron irradiated Cu polycrystals, and Heinisch et 
al. (1988, 1992) also found their data fitted the one-fourth-power dependence within 
experimental errors. A strong support for this relationship is that they all found the defect 
density to be proportional to the square-root of the dose [Zinkle, 1987; Muroga et al. 1992]. 
However, from Fig. 4.2 one can see that the square-root dose dependence of the defect density 
is incorrect. Furthermore, one can see from Fig. 4.4, the slope of Heinisch's data is fitted better 
by the one-third dependence. 

In the discussion on the dose dependence of the defect density in §4.1.3, we have established 
that saturation starts approximately at 3xl0"3 dpa. Considering the tensile results for doses 
below this value, all results fall within a band with a square-root dependence. 
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Fig. 4.4 Variation of the change of CRSS with dose of Cu single viystals and polycrystals irradiated with 
fission neutrons, fusion neutrons and 600 MeV protons. 

4.2.2 Correlation between hardening and defect structure in Cu 

One of the main purposes of the present work is to correlate the hardening effects with the 
corresponding defect structure produced by irradiation. This relation can provide important 
information about the obstacle strength of the irradiation defects, and perhaps about the defect 
structure itself, as it is very likely that some hardening may be produced by defects which are 
invisible under TEM. 

We know from the results given in §3.4, that the defect structure changes very much during 
deformation. Therefore the defect densities of as-irradiated specimens have to be used except 
for the three specimens, I05S06, I05S08 and I05S13, which have the defect density data 
measured from their own undeformed regions between slip-bands(see §3.2.2). The as-
irradiated data are interpolated from the curve in Fig. 4.1 rather than in Fig. 3.6, because of the 
lack of the data at low doses in Fig. 3.6. The results are presented in Rg. 4.5. The data can be 
reasonably fitted with a line of slope of about one-half. 

http://i_i_i_i-i.Mil
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Fig. 4.5 Variation of the change of the critical resolved shear stress with defect density of Cu single 
crystals irradiated with 600 MeV protons. 

The obstacle strength of the irradiation defects in Cu can be calculated from the above data by 
using the dispersed obstacle hardening model [Bement, 1970] which results in a strength given 
by the equation 

àic=a\Lb4Nd (4,1) 

where Azc is the change of CRSS; \i is the shear modulus which for Cu is about 46 GPa; b the 
Burgers vector (2.56 Â); N and d are the defect number (volume) density and the defect mean 
diameter respectively; a is a constant related to the strength of the obstacle, which is taken as 
the apparent obstacle strength of the defects [Zinkle, 1987; Kojima et al., 1991]. 

To calculate a we have to use the correct defect density and size. As analyzed in §4.1.1, the 
visible defect density and image size obtained under WBDF(g,6g), g=200 condition are both 
about 20% smaller than the actual values. Since the size distribution is essentially dose 
independent, with a mean image size of about 2 nm obtained under WBDF(g,6g), the corrected 
size d=2.5 nm is used for all copper specimens in the calculation. The results of the analysis are 
given in Table 4.1, in which the values of the corresponding breaking angle and the strength of 
irradiation defects (or the mean maximum interaction force between a dislocation and a defect 
[Reppich, 1994]) Fm axe also presented. 

J.U 

I" 1 
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Table 4.1 The apparent strength a, breaking angle cp0 and mean maximum dislocation-defect 
interaction force Fm of the defects in irradiated copper single crystals.* 

Specimen 

I05S11 
I05S10 
I05S12 
I05S01 
I05S04 
I05S06 
I05S13 
I05S14 
I05S08 

Dose 
(dpa) 

9.00E-05 
1.10E-04 
1.60E-04 
7.90E-04 
6.60E-03 
1.55E-02 
2.80E-02 
3.50E-02 
3.90E-02 

CRSS 
[MPa] 

5.3 
5.5 
5.3 
14.7 
40.1 
52.6 
50.4 
53.5 
70.6 

Defect density 
[m"3] 

7.00E+21 
8.63E+21 
1.25E+22 
6.50E+22 
4.99E+23 
6.91E+23 
7.68E+23 
6.96E+23 
9.14E+23 

a 

0.11 
0.10 
0.081 
0.098 
0.096 
0.11 
0.098 
0.11 
0.13 

<Po 
(degree) 

152 
153 
157 
154 
154 
152 
154 
152 
149 

Fm 

P>2) 
0.24 
0.23 
0.20 
0.23 
0.23 
0.24 
0.23 
0.25 
0.27 

* The defect densities are corrected values quoted from Fig. 4.1. The mean defect size is 2.5 nm all cases, (po is 

calculated from the equation: CC = 0.9(cos(p0/2) , which is deduced from equation (1.26) and (4.1). Fm is 

calculated from equation (1.25). 

It can be seen from the table that, the value of a is about 0.1. The corresponding breaking 
angle of the defects is about 150°, which means the irradiation defects are weak obstacles. 

Kojima et al. (1991) have analyzed the obstacle strength in Cu irradiated with 14 MeV fusion 
neutrons by employing several different sets of data, i) They combined their TEM [Zinkel, 
1987] and electrical resistivity measurement [Zinkel, 1988] results with Mitchell's tensile 
results of polycrystals [Mitchell, 1975] (the specimens were from different heats) and obtained 
that with increasing dose, from about 4xl0"s to lxlO"3 dpa, the value of a increased steadily 
from 0.04 to 0.18. ii) They also measured the defect cluster density of Heinisch's tensile 
specimens (polycrystals) in the as-irradiated condition and combined the results with Heinisch's 
tensile test results [Heinisch et al., 1986] obtained that a varied from 0.15 to 0.18. iii) By 
extrapolating the defect cluster density [Zinkel, 1987] to very low dose, they obtained the 
unique oc=0.22 from Shinohara's results on single crystals. They explained that the value of a 
increasing with dose, as well the difference between the results of single and polycrystals, were 
due to the effect of grain boundaries: the change of the deformation mode from a cellular one 
to a slip-band intensive one at fluences > 1021 n/m2 in polycrystals [Essmann and Rapp, 1973; 
Howe, 1974] could produce a change in the irradiation hardening. The grain boundary effect 
induces a negative intersection at (Nd)ll2=0, when Ate is plotted versus (Nd)m. From the slope 
of the line Axc versus (Nd)m, they obtained that a=0.25 and 0.23 for Mitchell's data and 
Heinisch's data, respectively. 

The obstacle strength obtained by Kojima et al. has less meaning as it, in fact, is obtained from 
the equation: Azc =xi+a\ibjNd , where x,- is the negative intersection resulting from the 
effect of grain boundaries. In this case, a is no longer a function of the unique parameter 
(Nd)m, but also depends on T,-. As T,- is negative, the value of a should be greater than that of 
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the real obstacle strength. It can be further seen that it is improper to calculate a from the 
results of polycrystals where the effects of grain boundaries can not be evaluated. 

By plotting the present results as Ale as a function of (Nd)m in Fig. 4.6, it can be further seen 
that except for the upper point, the other points are lying along a straight une which goes 
through the origin. This is in good agreement with the dependence given by eq. (4.1). The 
reason for the large deviation of the upper point from the linear relationship is not clear. 

20 30 40 

(.Wm [106 m'1] 

60 

Fig. 4.6 Variation of the CRSS change with the square-root of the defect cluster density and size. 

Kojima et al. also mentioned that the values they obtained were in good agreement with the 
theoretical estimates, e.g., Fleischer theory [Fleischer, 1962]. However, Hirsch (1976) pointed 
out that Fleischer theory overestimates the yield stress. By using Friedel statistics [Friedel, 
1956, 1964] he obtained the yield stress to be [ib^NR/lO in the tetragonal distortion 
hardening case [Fleischer, 1962], where /? is the mean radius of loops. 

In the theoretical treatment, the different deformation mechanisms give different yield stress. 
The long range elastic interaction between dislocations and loops gives a yield stress of 
{iWM?/16 [Kroupa and Hirsch, 1964; Kroupa, 1965; Hirsch, 1976]. The junction reaction of 
dislocations and loops model [Foreman, 1968] gives the same dependence. The analysis given 
by Hirsch (1976) shows that the yield stress of irradiated Cu strongly depends on temperature 
due to the different mechanism controlling the motion of the dislocations, see §1.3.1. In the 
present case, the yield stress can be expressed as \ibylNd 110 = \ib^NR/7, which is slightly 

file:///ibylNd
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greater than \Lb^NRfl6 or \\b-jNR /10. This means that in the present case, the yield stress is 
determined by the climb and glide process for jogged screw dislocations, as shown in Fig. 1.11. 

We conclude that: 

i) The dose dependence of the increase in the CRSS of the irradiated Cu single crystals is in 
agreement with the dispersed obstacle hardening model. 

ii) At room temperature, the apparent obstacle strength (a) of the defect clusters in irradiated 
Cu is about 0.1 and corresponds to a breaking angle of about 150°, so they are weak 
obstacles. 

4.2.3 Deformation in irradiated crystals 

Information on the deformation mechanism of the irradiated crystals has been obtained from 
five different channels in this work: tensile stress and strain measurements, slip-band in-situ 
observation, stress relaxation measurements, TEM observation of the microstructure in 
deformed specimens and computer simulation of dislocations through obstacle arrays. Based 
on the information obtained in the present work and the existing models in the literature [e.g., 
Seeger and Essmann, 1962; Neuhäuser, 1983], a discussion will be given on the phenomena: 

I) Irradiation hardening: source-hardening or friction hardening ? 

In the author's opinion, there is some confusion in the literature concerning the mechanism of 
irradiation hardening due to source-hardening or friction-hardening. For example, Young 
(1962) observed the dislocation motion (by etch pit technique) during bending and concluded 
that irradiation hardening is due to source-hardening, based on the argument that he observed 
essentially no motion of grown-in dislocations prior to the yielding in an irradiated crystal. It 
should be noted that: first, the motion of the grown-in dislocations observed around the 
contact points of bending was not taken into account; second, only the grown-in dislocations 
were taken as source dislocations. In fact the dislocation sources are very often located at the 
surface [Neuhäuser, 1983], while in the bulk, Frank-Read sources are found very seldom 
[Wilsdorf, 1959; Berghezan et al, 1959]. 

The computer simulation results (see Fig. 4.12 and Fig. 4.13), [Foreman and Makin, 1966; 
Kocks, 1966] show also that before the stress reaches the yield stress (i.e. the stress level at 
which the dislocations can glide long distances and break through the obstacle array), the 
dislocation has already overcome about 20 to 40% of the obstacles on its way. This indicates 
that the irradiation hardening is due to friction-hardening, as the hardening arises from the 
defects impeding dislocation motion rather than dislocation generation at the source. 

77) Stress serration and work hardening in irradiated crystals 

Seeger proposed [Seeger, 1958; Seeger and Essman, 1962] that: the flow stress T at any given 
strain s can be expressed as the sum of a contribution T, which decreases with increasing 
temperature on account of thermal activation and a contribution xG which is temperature-
independent except for the temperature variation of the elastic modulus, so that 

file:////b-jNR
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T=T ,+T C (4.2) 

In fact, xs arises from the short-range interactions of dislocations with defects (xj) and forest 
dislocations (Xf). Xc is the long-range internal stress. Thus eq. (4.2) can be written as 

x=xd+xF+xc (4.2a) 

Then the work-hardening rate (0) can be written as 

e ,^ l=f^ + ^ + ^=e d + e F + e G (4.3) 
de de de de d F G K J 

Xd is defined by equation (4.1) and determined by the defect density on the slip plane; XG, as in 
the case of the unirradiated crystals increases with the dislocation density; XF increases with the 
forest dislocation density. 9^ is then always negative due to the softening induced by the 
destruction of the defects during deformation. 

The phenomena observed in the present work can be interpreted as follows. 

i) Defect-free channels, slip-bands and stress-serrations. As shown by computer simulation 
results (Fig. 4.13), once the stress reaches the yield stress, the dislocations suddenly cut 
through a great amount of defects and move swiftly through the crystal. Consequently, a 
stress-drop is initiated. Because no more or very few barriers remain on the path, successive 
dislocations can move like an avalanche and the sources multiply dislocations at a very high 
speed. This process will be soon retarded and finally stopped by dislocations with jogged 
dipoles [Hirsch, 1976; Neuhäuser, 1983]. At the point, XQ increases and a rapid hardening Go is 
produced. One stress-serration is completed. Large amounts of dislocations moving on 
different close süp-planes will create quite wide (~100 nm in width) defect-free channels in the 
interior of the crystal, as shown in Fig. 3.29 and 3.30. At the surface, a wide slip-band will be 
produced. In the process, a large amount of slip is produced in a small region. 

At high doses, the yield stress is even higher than Xm (the stress which corresponds to the onset 
of stage-Ill) of an unirradiated specimen, so that cross-slip can occur. The secondary 
dislocations observed in the slip-bands should also play an important role in the rapid 
hardening. 

Dislocations with jogged dipoles have not been observed in the present work. Only some 
dislocations (some of them can be identified as secondary dislocations) and small dipoles have 
been observed, see Fig. 3.30. The reason could be that the jogged dipole structures may only 
be seen in in-situ observations [Hirsch, 1976; Johnson and Hirsch, 1981]. In a post-
deformation observation, the stress has been released, the dislocations with jogged dipoles 
have become straight due to line tension effects. 

ii) The amplitude of serrations increases with irradiation dose and decreases with deformation. 
It is easy to understand that, the higher defect density, the greater the magnitude of the stress 
drop (see Fig. 3.14), and the larger the deformation produced in a single slip-band [Sharp, 
1967]. With increasing deformation, new slip-bands will be continuously formed in the 
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undeformed regions and stress-serrations are produced at the same time. As more and more 
dislocations are generated, the long range stress field of the dislocations in the existing slip-
bands will cause an increasing TG. The increase of xG will lead to a decrease in the magnitude of 
the stress-drops. 

iiPThe work-hardening rate of the linear hardening region decreases with increasing dose. In 
the yield region, the softening (6j) and the hardening (0c) operate alternatively thus making the 
average hardening rate to be very small, close to zero or negative, depending on which process 
is more significant. After the yield region, the hardening effects due to other dislocations are 
dominant. However, as there are still some undeformed regions, a softening is always 
produced when new slip-bands are formed in these regions. Obviously, the softening effects are 
more pronounced at higher doses, hence, the corresponding overall work-hardening should be 
lower. 

iv)The parabolic hardening stage disappears in the high dose cases. In an unirradiated 
specimen, the linear hardening stage-II ends when the stress is sufficiently high for screw 
dislocations to cross-slip. Cross-slip can relax the high stress field produced by dislocation pile-
ups [Weertman and Weertman, 1983]. The critical point is that the process can only be 
continued when the dislocations can cross-slip and then glide in the cross slip plane. In a 
crystal irradiated at a high dose, where the initial deformation is mainly produced in slip-bands, 
this process may be impeded. It is easy to see from the illustration in Fig. 4.7, that the width of 
a slip-band is only about 100 nm and the corresponding zone is sandwiched by undeformed 
regions with a high defect density. Correspondingly, as soon as the dislocations cross-slip, they 
will immediately run into the undeformed regions where their motion is strongly impeded. Of 
course, sometimes these dislocations can create new slip-bands on the cross slip planes, as 
shown in Fig. 3.29(b). But in the new slip-band, the same situation will happen again. 
Therefore, as long as the deformation is limited to slip-bands, the parabolic hardening stage is 
expected to be suppressed. 
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Fig. 4.7 Schematic illustration showing the cross-slip of dislocations is limited in the slip-band (or the 
defect-free channel). 
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4.2A Activation volume of dislocation movement in Cu 

From the discussion given in the previous paragraph the activation volume measured is, in fact, 
related to the two short-range interaction processes. In a first approximation, as these two 
thermal activation processes take place in different regions in the crystal, inside or outside slip-
bands, they can be taken as independent. Thus a simple linear superposition law can be applied. 
Ignoring the change of long range internal stress during relaxation, the stressa-drop (Ax) of a 
stress relaxation can be expressed as 

Ax=Axd+AxF (4.4) 

where Ax̂  is the stress drop due to the dislocation-defect interaction and Ax^ is the stress-drop 
due to dislocation-forest interactions. 

In an unirradiated specimen, only the interaction with forest dislocations is considered. The 
activation volume is given as 

Ve=xbL = xb/JpF (4-5) 

where x is the activation distance which decreases with increasing stress [Kocks, et al., 1975], 
b is the Burgers vector, L is the distance between obstacles along the dislocation line and pF is 
the forest dislocation area density. The dislocation density increases with deformation, and 
consequently, the activation volume decreases. 

For irradiated specimens, in the early stage of the deformation, the dislocation activities are 
mainly confined in few slip channels. The number of forest dislocations is limited. The main 
contribution to the stress drop should come from the dislocation-defect interaction. So, the 
activation volume measured immediately after yielding should decrease with increasing dose, 
as shown in Fig. 3.24. In this case, the decrease of the activation volume is also partly due to 
the shortening of the activation distance with the increasing stress. 

In practice, in the yield region, the activation volume increases with deformation and reaches 
the maximum value at about the end of the yield region, and afterwards decreases with the 
deformation, see Fig. 3.24. The stress drop changes in the opposite way, as illustrated in Fig. 
4.8. It is reasonable to resolve Ax into two components Axj and Axf in the way shown in the 
sketch. It means that with increasing deformation, AXd decreases as the defects are swept away, 
at the same time the forest dislocation density increases then AXF increases. After the yield 
region AXf becomes the main component. 
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End of yield region 
Deformatiom 

Fig. 4.8 Sketch showing the change of AT^ , ATF and AT during deformation, which is expected from the 
activation volume measurement. 

To quantitatively analyze the two component contributions is almost impossible, as there is no 
way to separate Ax,* and Axf precisely from Ax. Nevertheless a rough estimate of the activation 
distance for a dislocation cutting through the irradiation defects, Xd was attempted. The first 
data point of each irradiated specimen was considered, assuming Ax«f = Ax. The activation 
distance for dislocations cutting through the forest trees, XF, was estimated from some points 
of the unirradiated specimen CuS04 (in Fig. 3.24). The results are given in Table 4.2, in which 
the forest dislocation densities pr at the corresponding shear stress, x, were obtained from Fig. 
16 of [Basinski and Basinski, 1979]. The defect area density, pj=Nd, where N is die volume 
densities given in Table 4.1, and d=2.5 nm. 

Table 4.2 Activation distance for dislocations to cut through irradiation defects and forest 
dislocations * 

Specimen 

CuS04 

I05S10 
I05S12 
I05S01 
I05S04 
I05S0S 

Dose 
(dpa) 

1.10E-04 
1.60E-04 
7.90E-04 
6.60E-03 
3.90E-02 

Pd 
[m-2] 

2.16E+13 
3.13E+13 
1.63E+14 
1.25E+15 
2.29E+15 

PF 
[m-2] 

7.09E+12 
2.64E+13 
1.65E+14 
1.02E+15 
1.51E+13 
1.28E+13 
6.46E+13 
1.90E+14 
5.66E+14 

7 

0.032 
0.157 
0.412 
1.026 
0.025 
0.027 
0.118 
0.066 
0.058 

X 
[MPa] 

11.6 
20.3 
44.3 
96.2 
16.0 
14.9 
29.7 
47.0 
74.8 

Ve 
[b3] 
3510 
1740 
640 
266 
1180 
1190 
850 
540 
142 

xd 

[b] 

1.40 
1.70 
2.78 
4.89 
1.74 

xF 

[b] 
2.39 
2.29 
2.11 
2.18 

* For comparison, the interaction distance with forest dislocations, xF has also been calculated by using forest 
density PF obtained from Fig. 16 of [Basinski and Basinski, 1979]. The forest dislocations in irradiated 
specimens should be only in slip-bands in this case. 
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For the unirradiated specimen, the activation distances XF are more or less constant, indicating 
that the present measurements of the activation volume are reliable. For the irradiated 
specimens, the data are scattered. This could be due to the fact that AxF is not taken into 
account. The order of the activation distance to cut through irradiation defects is anyhow 
about 2b, which is comparable to that for the forest dislocations. 

In the above discussion, as there is still no systematic information available the defect clusters 
produced by deformation were not taken into account.. The discussion given in section 4.3 will 
show that these defects do play an important role in the unirradiated and low dose cases. 

4.2.5 Irradiation hardening in Pd and Au 

1) Palladium 

The deformation of in irradiated Pd is similar to that of irradiated Cu, as can be seen from 
§3.3.1 The main differences are: i) At low and medium (up to 8.3xl0"3 dpa) doses, there is no 
reduction in the ductility of the irradiated Pd crystals as compared to the unirradiated case. At 
similar doses, the ductility of Cu crystals is reduced by about 25%. ii) Not only the yield stress 
but also the ultimate tensile strength increases with dose, iii) The change of CRSS is 
proportional to the cubic-root of the dose rather than the square-root in at doses up to about 
3xl0"2 dpa, then starts to saturate. 

The most difficult characteristic to understand is that of the cubic-root dependence of the 
CRSS change on the dose. Because of the experimental difficulties of producing Pd foils for 
TEM observations, no information on the defect microstructure is available. The discussion on 
the dose dependence of the CRSS change must be delayed until this information has been 
obtained. 

2) Gold 

Although only the data corresponding to a single dose (the two doses, 8.2xl0"2 and 8.5xlO"2 

dpa, are similar within the experimental errors) has been obtained, the irradiation hardening 
effects in Au are shown clearly in Fig. 3.13. 

The defect density of such a high dose is believed to be saturated, see §4.1.5. Using the 
corrected defect density and defect size data of the as-irradiated specimen with a slightly higher 
dose, l.lxlO'1 dpa, the apparent obstacle strength a of the defect cluster is obtained to be 
about 0.17. The corresponding breaking angle is 142°. It means that at room temperature the 
irradiation defect clusters in Au are also weak. But they are stronger than those in irradiated 
Cu. This seems to be reasonable, as the defect clusters are larger in irradiated Au. 
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4.3 Defect clusters formed during deformation 

Published results about observations of defect clusters in deformed metals are very limited. The 
author has found only two cases in the literature. The first observation was performed by 
Smallman et al. (1959), who showed the presence of large SFT's in cold-rolled Ag, but made 
no detailed studies concerning the size and density of the SFT's. In the second case, Loretto et 
al. (1965) investigated a number of deformed pure FCC metals and alloys: Al, Ni, Cu, Ag, Au, 
Au+(0.8-4.8) at.%Sn, Cu+(1.3-9.4) at.%Al, and Ni+(40.3-67.9) at.%Co. Except for Al and 
Ni, SFT's were observed in all the other metals and alloys. However, what they observed are 
large SFT's at very low density. For example, in Ag the SFT size varied from 75 run down to 
10 nm, and the density of the SFT's was about 1018 m'3. Defects below 10 nm were thought to 
be not SFT's and were not studied in detail. 

The results obtained in the present work are then different from the ones above: i) Most of 
(-90%) the defect clusters are smaller than 5 nm, and are predominantly SFT's. ii) The defect 
cluster densities are of the order of 1022 m'3. iii) Small SFT's were also observed in as-rolled 
Ni. 

The information which can be deduced from the present preliminary observations is given as 
follows. 

1 ) Formation of defect clusters in deformed FCC metals 

The formation mechanism of the defect clusters in deformed FCC metals should be different 
from those in the irradiated or quenched FCC metals, as point defects are produced in different 
ways. 

During deformation, vacancies and interstitials may be produced by the nonconservative 
motion of jogs [Hirsch, 1962; Weertman, 1963; Pfeffer, et al., 1965] or by mobile loops 
cutting through attractive forest trees [Friedel, 1964; Saada, 1961]. Small circular loops may 
be formed when the long and narrow dipoles break up [Balluffi, 1979]. In the present case as 
the temperature is sufficiently high the interstitials are very mobile. Once they are produced, 
they may soon annihilate at dislocations. Therefore, the interstitial type clusters may be difficult 
to form. On the other hand, although the vacancies may also anneal at dislocations, as they are 
much less mobile, they have relatively long lifetime to allow them to agglomerate into clusters, 
and most of them can further evolve into SFT's. A SFT is a very stable configuration 
[Wollenberger, 1983]. The four stair-rod dislocation segments make it immobile. It is stable 
unless it is cut by moving dislocations. This may be the reason why most of the observed 
clusters are SFT's. 

The mechanism for the formation of SFT's during deformation is more readily interpreted by 
the "Frank dislocation loop dissociation" model [Silcox and Hirsch, 1959; Jenkins, 1974] 
rather than the "ledges migrating on the face of the SFT' model [Jong and Koehler, 1963; 
Kuhlmann-Wilsdorf, 1965], as the vacancy density can not be supersaturated here as in a 
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quenched metal. The large SFT's are unlikely to be formed by successively absorbing 
individual vacancies. 

A simple interpretation is given by employing the formation of small circular loops [Balluffi, 
1979], as shown in Fig. 4.9: The screw dislocation L is moving along direction V in a (111) slip 
plane with a jog J which lies in another slip plane (111 ). A long dipole di-di is pulled out due 
to the pinning of the jog J. The attractive force between the two edge components di and di 
make them climb conservatively towards each other and a row of loops such as / can be 
produced. Different size jogs may produce different sizes loops. These loops will finally 
dissociate into SFT's by the dissociation mechanism given by Silcox and Hirsch (1959), 
provided the stacking fault energy is low enough. 

Small defect cluster rows along <011> directions have been observed in the slightly deformed 
specimen CuS06, which may be produced by this mechanism. The size of all the defect clusters 
in the rows is much smaller man the average size. Whether the large ones are also produced in 
the same way is not clear. 

As the point defect production is expected to be proportional to the deformation [Saada, 
1961], the production of defect clusters is also expected to be proportional to the deformation. 
However, since moving dislocations destroy defect clusters, the density of the defect clusters 
that survive cannot be very high. In the present case, the highest density is expected to be 
around 6xi022 m"3, i.e., that of the specimen CuS06 with the largest deformation. 

In order to understand the mechanism responsible for the formation of defect clusters, in-situ 
observations are needed. It should then be possible to see how the defect clusters, at least large 
ones, are formed. By deterrnining the characteristics of the dislocations which produce the 
defect clusters, one may get more fundamental information about defect production during 
deformation, which cannot be obtained by other methods, e.g., electrical resistivity annealing. 

Fig. 4.9 Loops produced by the conservation climb of the two components of a long narrow dipole on 
a jogged dislocation. 
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2) Possible hardening induced by the deformation produced defect clusters. 

The defect cluster densities observed in deformed metals are high, and can certainly introduce 
some hardening. As they are produced during deformation, whether the hardening that they 
induces is comparable to that of forest, dislocations should be analyzed. 

The defect cluster density and mean size were measured from WBDF(g, 6g) photos to be 
about 5.5xl022 m"3 and 2.6 nm respectively, in the heavily deformed (Y=1.39) specimen CuS04. 
In another specimen CuS06 (y=0.05), a density of about 9xl021 m"3 was obtained. For such a 
density of defect clusters, if the size effects (on the obstacle strength) are not taken into 
account, from Fig. 4.5 it can be deduced the increase of CRSS to be about 15 and 6 MPa for 
CuS04 and CuS06, respectively. These values are already significant as compared to the total 
shear stresses at the positions where the tensile tests were interrupted, 102 and 13 MPa for 
CuS04 and CuS06 respectively. It can be seen that for CuS06 about half of the flow stress may 
be attributed to the defect clusters. This is not surprising, as in the case of CuS06, the defect 
cluster area density is about 3.6xl013 m"2 (after correction), and the corresponding forest 
dislocation density deduced from [Basinski and Basinskin, 1979] is about 9.3xl012 m"2. If we 
consider the defect clusters and the forest dislocations independently, using the apparent 
obstacle strength (a) 0.1 for the defect clusters and 0.3 for the forest, the flow stress given by 
the defect clusters and the forest is 7 and 10.7 MPa, respectively. The calculated flow stress of 
the forest is larger than the above expected value (half of the measured flow stress, ~ 7 MPa) 
may imply that the forest dislocations are not as strong as we expected before. 

For CuS04, the defect hardening is not very significant as compared to that produced by the 
forest dislocation, about 15% of the total stress. 

From the above analysis it can be seen that defects produced during deformation indeed play 
an important role in the hardening which is normally attributed only to forest hardening 
[Sevillano, 1994]. To better solve this problem, further systematic work is needed, which is 
beyond the scope of the present work. 

4.4 Hardening of grouped defect structures 

As we know from §1.2, in irradiated Cu, Au and Ag, grouped defect structures are often 
observed [Yoshida et al., 1985; Kiritani et al., 1985; Proennecke, 1992]. On the other hand, 
the initial value (not considering the grain boundary effects) of the obstacle strength Kojima et 
al. (1991) obtained increases with irradiation dose. In the present case, the highest dose also 
gave the biggest obstacle strength. One suspicion is that this may be due to the effects of the 
grouped defect cluster structure in irradiated Cu. The yield stress of a grouped obstacle array 
should be lower than that of a random or regular obstacle array as the obstacle distribution is 
too irregular. Although the random obstacle array has been intensively studied by a number of 
authors [Kocks, 1966; Kocks et al., 1975; Foreman and Makin, 1966; Morris et al., 1973; 
Brown and Ham, 1971, Reppich, 1994], there is no investigation performed on grouped 
obstacle arrays. In order to study the effects of grouped defect structures on the yield stress of 
irradiated metals, a simple computer simulation was performed in the present work. The 
method is described in Appendix IV. Here we discuss the main results. 
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The effects of group size on the CRSS of the obstacle array are shown in Fig. 4.10. It can be 
seen that when the obstacle is strong, the CRSS of the grouped obstacle array decreases 
dramatically as compared to the randomly distributed obstacle array. For example, in the case 
of an average of 2.37 obstacles in a group, the CRSS is reduced by about 35% when the 
obstacles are strong (90 ^ 60°). However, when the obstacles are weak, there is essentially no 
difference with the randomly distributed obstacle array. The effects of the grouped obstacle 
structure increase with the average obstacle number in a group. It is also interesting to note 
that when the obstacle strength is greater than a transition level, the CRSS of the array does 
not increase any more with the obstacle strength for a certain grouped structure. The larger the 
group, the lower the transition level. 

Applying this result to the irradiated Cu cases, at room temperature, as the irradiation defect 
clusters are weak (90~150°), any grouped obstacle structures have essentially no effects on the 
yield stress. Therefore, we cannot account the change of a to the grouped defects in this case. 
However, at low temperature where irradiation defect clusters become strong, (see §1.3.1) the 
yield stress of an irradiated Cu or Au specimen can be lower than that is expected. 

In Fig. 4.11, the effects of the obstacle density on the CRSS of the grouped structure is 
presented. When the obstacle density increases, and the structure approaches more and more 
that of a random distribution, then the effects of the grouped structure decrease. For the 
random distribution, the change of the obstacle density has no effects on the CRSS. 

The number of loops formed and the number of obstacles overcome when the array yields, 
depend on the strength of the obstacles. It has been found that when tyo ^ 120°, almost no 
dislocation loops can be formed. The number of obstacles passed by the dislocation when it 
goes through the array, varies from about 30% to 95% when q>o changes from 10° to 170°. It 
indicates that when the obstacles are weak, the dislocation behaves as rigid, see Fig. 4.12(a). 
When the obstacles are strong the dislocation is flexible. In this case, it passes the array 
through softer aress and leaves a lot of unsheared islands surrounded by loops, see Fig. 
4.12(b). 

It has also been noted that, before the stress is raised to the yield stress, the dislocation has 
already passed about 20 to 40 % of the number of obstacles that it will finally overcome, this is 
shown in Fig. 4.13, where the situation in a random array and a grouped structure array are 
demonstrated. This means, in any case, before the crystal yields, there is already significant 
dislocation activity. The hardening should be attributed to friction hardening as the hardening is 
due to the obstacles impeding the motion of the dislocation. 
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Fig. 4.10 The effect of grouped obstacle structures on the critical shear stresses at different breaking 
angles. Group sizes are of 16, 20 and 30 nm corresponding to 2.37, 4.41 and 9.32 obstacles 
in a group. 
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Fig. 4.11 The effect of the obstacle density on the critical shear stress of grouped obstacle arrays with 
different breaking angles. Open symbol: 3000 obstacles in (10000 nm)2 area; Solid symbol: 
3000 obstacles in (1000 nm)2 area; Circle: random obstacle array; Diamond: array with 
average 4.41 obstacles in a group of 20 nm in diameter.. 
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Fig. 4.12 Dislocation propagation in grouped obstacle arrays. 1000 obstacle in 1000x1000 nm arrays, (a) 
(|>o=150°, position i corresponding to x = 0.093 \\ib/L], position IÏ corresponding to T = 0.1 []ib/L], 
position iii corresponding to x = 0.12 [\ib/L]. The positions i, ii and wï are indicated on the curve 
(C) in Fig. 4.13. (b) (po=10°, the dislocation stops just before yielding. Except for those on or 
inside loops (/,-, h and I3 in (b)), obstacles under the dislocation have been passed. 
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Fig. 4.13 The yielding in weak obstacle (tpo=150°) arrays: (A) a random obstacle array, 3000 obstacles in 
(1000 nm)2; (B) an array with on average 3.99 obstacles in a group of 20 nm in diameter, total 
3000 obstacles in (1000 nm)2; and (C) an array with on average 2.28 obstacles in a group of 16 
nm in diameter, total 1000 obstacles in (1000 nm)2, the case of Fig. 4.12 (a). 



CONCLUSIONS AND PERSPECTIVES 

In the present work, the defect microstructures and hardening effects produced by 600 MeV 
proton irradiation in Cu, Pd and Au single crystals have been studied at room temperature. 

The investigations on the defect microstructures in the irradiated Cu show that: 

• About 90% of the total defect clusters are SFT's. This fraction is independent of the 
thickness of the foil up to about 130 nm. 

• Both me densities and the size distributions of defect clusters obtained are in agreement 
with previous published results of high energy proton irradiation. With the present data at 
medium doses, the dose dependence of the defect cluster density in high energy proton 
irradiated Cu has been well established. 

• There is no difference in the defect cluster densities of Cu irradiated with high energy 
protons, fusion and fission neutrons when they are compared on the basis of dpa. The data 
can be fitted within a band which has a linear dose dependence at lower doses and saturates 
at higher doses. A large transition dose range between the linear dependence to the 
saturation is located between 3xl0'3 and 1x10"' dpa. The onset of the saturation is at about 
4xl023ttï3. 

The observation of the defect structure in Au at one dose of l.lxlO'1 dpa shows that about 
85% of the total defect clusters are SFT's. There are no grouped defect clusters, which is 
probably due to the fact that the defect cluster density (5.1xl023 m"3) has already saturated at 
this high dose. Both the density and the size distribution are in agreement with the published 
results. 

The investigations of the mechanical properties have been performed on Cu, Pd and Au single 
crystals. The main conclusions are: 

• The hardening in the three types of materials is similar. The main difference is that in the 
lower dose range, the CRSS change is a square-root function of the dose in Cu case but a 
cubic-root function for Pd. 

• The parabolic hardening stage-Ill was significantly suppressed or even completely 
eliminated at high doses. The phenomena is believed due to the geometry of the slip bands 
which limits the amount of glide of dislocations on the cross slip planes. 

• In the yield region, the activation volume of dislocation movement decreases with increasing 
dose. With increasing deformation the activation volume increases and reaches a maximum 
at about the end of the yield region, then decreases. It is proposed that the stress drop of a 
relaxation includes two components: they are attributed to the dislocations interacting with 
irradiation defect clusters on the one hand and forest dislocations on the other hand, but 
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there is insufficient information to separate these two components precisely. Qualitatively, 
the results indicate that in an irradiated specimen, with increasing deformation the 
predominant thermal activation mechanism of dislocations changes from breaking through 
the irradiation defect clusters to cutting through forest dislocations. The transition from one 
mechanism to the other is located at the end of the yield region. 

• The comparison with the results of fusion and fission neutron irradiated Cu single crystals 
and polycrystals shows that the hardening effects produced by fission and fusion neutrons 
and high energy protons in Cu are similar when they are compared on the basis of dpa. It is 
found that when the dose is below about 3xl0"3 dpa, the data points fall within a band with 
a square-root dose dependence, and the saturation happens at higher doses 4xl0"2 dpa. This 
conclusion coincides with the above conclusion derived from the results of the defect cluster 
density. 

The correlation between the defect cluster density and the change of CRSS of the irradiated Cu 
single crystals is: Axc = uWwtf/10. Furthermore, the apparent obstacle strength (a) of the 
irradiation defect clusters is about 0.1 and the corresponding breaking angle is about 150° 
which means that these defect clusters are weak obstacles at room temperature. In the 
irradiated Au, the apparent obstacle strength is about 0.17 which is greater than in irradiated 
Cu. This is believed to be due to a larger size of the defect clusters in irradiated Au than in 
irradiated Ca- In these cases, the yield stress is believed to be controlled by the climb and glide 
of jogged screw dislocations. 

In the irradiated and deformed Cu specimens, it has been observed that: i) Corresponding to 
the slip-bands observed on the surfaces of the crystals, defect-free channels of about 100 nm 
width are formed in the interior of the crystal, ii) The defect structures have changed 
significantly after large deformation. 

In deformed or as-rolled Cu, Au and Ni specimens, it has been observed that: 

• Small defect clusters similar to those produced by irradiation are observed in all the 
specimens. It is believed that such defect clusters are widely produced during deformation 
of FCC materials. 

• The defect cluster density is higher in the regions around dislocations and grain boundaries. 
The density is deformation dependent, and high in heavily deformed specimens, where it is 
comparable to that of an irradiated specimen at medium dose (~ 10"3 dpa). The mean size of 
defect clusters in deformed Cu is larger than that in the as-irradiated Cu specimens. 

The analysis of the preliminary results indicates that these defect clusters may play an 
important role in deformation, where work hardening is usually attributed only to the 
dislocation-dislocation interaction. 

The results of computer simulations of dislocations moving through grouped obstacle arrays 
show that the CRSS of a grouped obstacle array decreases dramatically when the obstacle is 
strong, but is more or less the same as that of a random array when the obstacle is weak. The 
effects of the grouped obstacle structure increase with the average obstacle number in a group, 
but decrease with the obstacle area density. It can be, therefore, expected that in irradiated 
FCC metals, such as Cu, Au and Ag, at room temperature as the irradiation defect clusters are 
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weak, the presence of grouped defect cluster structures should have no influence on the yield 
stress. However, at low temperatures where irradiation defect clusters become stronger, the 
yield stress of an irradiated Cu or Au specimen can be significantly lowered. 

Due to limitations in time, specimen and irradiation capacity, the present work is incomplete 
and could be improved in the future. 

• The observation of the defect microstructures in irradiated Pd specimens, which has not 
been done due to the difficulty of the preparation of TEM disks, could be attempted. The 
results may give an explanation for the cubic-root dose dependence of the CRSS change. 

• The results of hardening in Au could be extended by irradiating some specimens at lower 
doses to get a dose dependence of the CRSS. It would also be interesting to perform some 
tensile tests at low temperatures where the influence of grouped defect structures may be 
seen. 

• A systematic investigation of the defect clusters produced during deformation could be 
performed in different materials at different temperatures by post-deformation observations 
and in-situ observations. The relationship between the defect cluster density and the 
deformation could be determined to evaluate the role of the defect clusters in the hardening. 
Some additional information about defect cluster formation mechanisms may also be 
achieved. 





Appendix I sg and £g values of Cu and Au under different imaging conditions 

From Fig. 2.8 it can be obtained sg(2k-sg) = (n-Y)g2. As k»sg then sg = {n-Y)g2 /(2/c), where k=l/k is the wave number 

and the radius of the Ewald sphere and X is the electron wavelength. For the tension of 200 keV, k=39.87Â'. 

The extinction distance is given as: %s - \gQ I (1 + sg%gQ
2)"2, where %i0 is extinction distance under 2-beam condition [Edington, 1974] 

Units: s;.[k\^g:[k\ 

Cu 

Au 

8 

111 

200 

220 

111 

200 

220 

lg,lg 

Sg 

0 

0 

0 

0 

0 

0 

S«o 

306 

355 

527 

202 

227 

315 

lg,2g 

Sg 

0.0029 

0.0038 

0.0077 

0.0023 

0.0030 

0.0060 

Ç. 

230 

210 

126 

184 

187 

147 

lg.3g 

r„ 

0.0058 

0.0077 

0.0154 

0.0045 

0.0060 

0.0121 

z,8 

151 

123 

65 

149 

134 

80 

lg-4g 

sg 

0.0086 

0.0115 

0.0230 

0.0068 

0.0090 

0.0181 

%g 

108 

85 

43 

119 

99 

54 

lg,5g 

Sg 

0.0115 

0.0153 

0.0307 

0.0090 

0.0121 

0.0241 

^ 

84 

64 

32 

97 

78 

41 

lg,6g 

Sg 

0.0144 

0.0191 

0.0384 

0.0113 

0.0151 

0.0302 

Çf 

68 

52 

26 

81 

64 

33 

lg,7g 

Sg 

0.0173 

0.0230 

0.0461 

0.0136 

0.0181 

0.0362 

%g 

57 

43 

22 

69 

54 

28 

lg.8g 

** 

0.0202 

0.0268 

0.0537 

0.0158 

0.0211 

0.0422 

%g 

49 

37 

19 

60 

46 

24 

lg,9g 

Sg 

0.0230 

0.0306 

0.0614 

0.0181 

0.0241 

0.0482 

Ç. 

43 

33 

16 

53 

41 

21 

lg.lOg 

Sg 

0.0259 

0.0345 

0.0691 

0.0204 

0.0271 

0.0543 

Ç. 

38 

29 

14 

48 

36 

18 



Appendix II Defect cluster density in Cu irradiated with fission 
neutrons, fusion neutrons and high energy protons 

High energy proton 
1st author 

(year) 
Horsewell 

1991 

Proennecke 
1992 

Zinkel 
1994 

Dai 

Dose 
[dpa] 

4.67x10-* 
8.67x10"* 
2.60X10-3 

1.02x10-2 
4.73X10"1 

1.19x10° 

1.32x10"* 
7.70x10-* 
1.05X10"3 

4.00X10'1 

7.00x10"' 

9.70x10-* 
1.20x10-2 
1.55x10-2 
3.50x10-2 
3.90x10-2 
4.60x10-2 

Density 
[1022 m"3] 

1.7 
4.4 
8.5 
50 
88 
110 

0.8 
8.8 
6.9 

120 
120 

9.0 
44.2 
55.3 
55.7 
73.1 
62.0 

Fusion neutron 
1st author 

(year) 
Brager 

1981 

Yoshida 
1985 

Zinkel 
1987 

Satoh 
1988 

Kojima 
1991 

Muroga 
1990 

Horsewell 
1991 

Dose 
[dpa] 

2.81x10"* 
l.OOxlO"3 

9.30xl0"6 

2.30xl0"5 

9.26x10"5 

3.70X10"3 

9.26xl0"s 

5.93x10-* 
2.19X10"3 

1.33x10-2 

5.04X10-5 

1.54x10-* 
3.89x10-* 
7.22x10-* 

3.06x10-* 
3.70x10-* 
8.78x10"* 
1.85X10-3 

2.30x10"* 
4.40x10-* 
8.60x10"* 

9.80xl0"3 

1.40x10-2 
2.20x10-2 

2.22x10-* 
4.13X10-3 

Density 
[1022 m3] 

2.5 
13 

0.1 
0.24 
0.82 
7.2 
1.2 
7.2 
23 
77 

0.62 
1.8 
2.8 
4.4 

2.7 
4.1 
11 
27 

2.5 
4.7 
8 

21 
25 
34 

2.9 
25 

Fission neutron 
1st author 

(year) 
Muroga 

1990 
Horsewell 

1991 

Singh 
1995 

Muroga** 
1990 

Dose 
[dpa] 

1.10x10-2 

1.80x10"* 
5.20x10"* 
9.40xl0"3 

l.OOxlO"2 

1.00x10-' 
2.00x10"' 

1.60X10"3 

3.70xl0"3 

l.lOxlO"2 

Density 
[1022 m-3] 

18 

8 
50 
67 

53 
67 
66 

6.6 
12 
23 

* The data are obtained from the observations under WBDF imaging conditions. 
* Spallation neutron irradiation. 
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Appendix III Hardening in fission neutron and fusion neutron 
irradiated copper 

1st author 

(year) 

Blewitt 

1960 

Diehl 

1962 

Experimental 

conditions 

Single crystals 

with different 

orientations 

Fission neutron 

E > 0.067 MeV 

Tto. = 30°C 

T ^ R T 

Single crystals 

Fission neutron 

(En > 0.1 MeV) 

Tm. = 80°C 

Ttest = RT 

Fluence 

[n/m2] 

0.0OE+O0 

2.24E+20 

6.09E+20 
1.06E+21 

1.42E+21 

1.62E+21 

2.89E+21 

4.52E+21 

4.76E+21 

6.21E+21 

6.21E+21 

7.08E+21 

1.02E+22 

1.11E+22 

1.23E+22 

1.74E+22 

2.15E+22 

2.38E+22 

2.58E+22 

2.86E+22 

5.12E+22 

5.13E+22 

6.16E+22 

1.04E+23 

1.04E+23 

1.59E+23 

2.30E+23 

3.80E+23 

1.06E+24 

1.38E+24 

O.OOE+OO 

8.00E+18 

7.80E+19 

3.77E+20 

7.44E+20 

1.47E+21 

3.12E+21 

9.90E+21 

1.89E+22 

3.00E+22 

3.43E+22 

3.88E+22 

Dose 

[dpa] 

0.00E+00 

1.32E-05 

3.58E-05 

6.24E-05 

8.33E-05 

9.50E-05 

1.70E-04 

2.66E-04 

2.80E-04 

3.65E-04 

3.65E-04 

4.17E-04 

6.03E-04 

6.53E-04 

7.25E-04 

1.02E-03 

1.26E-03 

1.40E-03 

1.52E-03 

1.68E-03 

3.01E-03 

3.02E-03 

3.62E-03 

6.13E-03 

6.14E-03 

9.37E-03 

1.36E-02 

2.23E-02 

6.25E-02 

8.14E-02 

0.00E+00 

5.00E-07 

4.88E-06 

2.36E-05 

4.65E-05 

9.19E-05 

1.95E-04 

6.19E-04 

1.18E-03 

1.87E-03 

2.14E-03 

2.42E-03 

Tora 

[MPa] 

1.96E+00 

6.04E+00 

6.91E+00 

8.75E+00 

8.72E+00 

8.30E+00 

1.16E+01 

1.33E+01 

1.21E+01 

1.39E+01 

1.53E+01 

1.53E+01 

1.76E+01 

1.85E+01 

1.93E+01 

2.23E+01 

2.22E+01 

2.33E+01 

2.33E+01 

2.22E+01 

2.94E+01 

3.24E+01 

3.08E+01 

3.22E+01 

3.71E+01 

4.27E+01 

4.92E+01 

5.14E+01 

7.47E+01 

8.20E+01 

8.88E-01 

1.55E+00 

2.76E+00 

4.51E+00 

6.27E+00 

8.58E+00 

1.20E+01 

1.78E+01 

2.20E+01 

2.34E+01 

2.56E+01 

2.38E+01 

Ax or Ao 

[MPa] 

O.OOE+OO 

4.08E+00 

4.95E+00 

6.79E+00 

6.76E+00 

6.34E+00 

9.60E+00 

1.13E+01 

1.01E+01 

1.19E+01 

1.34E+01 

1.33E-I01 

1.56E+01 

1.65E+01 

1.74E+01 

2.03E+01 

2.03E+01 

2.13E+01 

2.13E+01 

2.02E+01 

2.74E+01 

3.04E+01 

2.88E+01 

3.02E+01 

3.52E+01 

4.08E+01 

4.72E+01 

4.94E+01 

7.27E+01 

8.01E+01 

O.00E+00 

6.60E-01 

1.87E+00 

3.62E+00 

5.38E+00 

7.69E+00 

1.11E+01 

1.69E+01 

2.11E+01 

2.25E+01 

2.47E+01 

2.29E+01 

Dpa conversion factor 

1.7E+25n/m-2/dpa 

1.6E+25n/m'2/dpa 
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775 Appendix III 

Heinisch 
1988,1992 

Kitajima 
1982 

Shinohara 
1985 

Singh 
1995 

Polyciystal 

Fusion neutron 
TÜT. = 90°C 
Tttst = RT 

Fission neutron 
Tte. = 90°C 
T « = RT 

Single crystals 

Fission neutron 
E>0.1MeV 

Single crystals 

Fusion neutron 
Tirr = 25°C 
Tt = 20°C 

Polycrystals 

Fission neutron 
E > 1 MeV 
Tirr = 320K 
Tt = 295K 

7.37E+22 
1.02E+23 

1.68E+18 
7.38E+18 
3.57E+19 
1.06E+20 

9.65E+16 
9.90E+17 
9.45E+18 

O.OOE+00 
5.00E+22 
5.00E+23 
1.00E+24 

4.61E-03 
6.36E-03 
3.86E-04 
3.86E-04 
8.52E-04 
8.52E-04 
1.65E-03 
2.41E-03 
2.85E-03 
7.10E-03 
9.28E-03 
9.28E-03 

1.62E-03 
1.62E-03 
2.41E-03 
2.41E-03 
3.99E-03 
1.06E-02 
1.06E-02 
1.68E-02 
2.33E-02 
3.77E-02 

1.05E-07 
4.61E-07 
2.23E-06 
6.66E-06 

3.57E-08 
3.67E-07 
3.50E-06 

O.OOE+00 
1.00E-02 
1.00E-01 
2.00E-01 

2.82E+01 
2.98E+01 

7.50E+01 
2.00E+02 
3.00E+02 
3.13E+02 

2.73E+01 
2.89E+01 
6.65E+01 
5.28E+01 
7.82E+01 
8.02E+01 
1.09E+02 
1.35E+02 
1.35E+02 
1.60E+02 
1.84E+02 
1.92E+02 

7.66E+01 
1.02E+02 
1.04E+02 
1.12E+02 
1.26E+02 
1.63E+02 
1.67E+02 
1.69E+02 
1.94E+02 
2.26E+02 

1.27E+00 
2.83E+00 
5.49E+00 
1.07E+01 

7.54E-01 
2.09E+00 
6.33E+00 

O.OOE+00 
1.25E+02 
2.25E+02 
2.38E+02 

1.6E+25n/m-i/dpa 

2.7E+24n/m'2/dpa 

5E+24 n/m"2 / dpa 



Appendix IV Computer simulation of dislocations through grouped 
obstacle array 

The purpose of the present computer simulation has been described in the related section 4.4. 
What follows is the description of the method and the procedures. 

In order to simplify the simulation, a number of assumptions have been made: 

• The obstacles are point-like with identical strength, Fm = 2Td cos ^°Â , 9o is defined as 

breaking angle, and Td is the line tension of the dislocation, see Fig. A4.1 (a). 

• The system is two dimensional at temperature 0°K. Only one dislocation is considered. 

• The configuration of the dislocation does not change when it cuts or passes a obstacle. 
The line tension of the dislocation is constant. 

The square obstacle array of size L2 is produced in such a way as to simulate the defect 
production from subcascade in irradiated metals. The array is composed by a number (Ng) of 
random distributed obstacle groups (corresponding to cascades) of a diameter (dg), in which a 
maximum number (Nj) of obstacles (corresponding to defects produced from subcascades) are 
again random distributed, however if the distance between the newly produced obstacle and 
any existing obstacle is smaller than d0, the newly produced obstacle is not taken into account 
(corresponding to the annealing of the existing defect by new cascades). Therefore, the number 
of the obstacles in a group is between 0 and Nj. The irunimum distance between obstacles is 
chosen as 5 nm, which is the mean mutual distance of between subcascades obtained by 
Kiritani et al. (1985) in fusion neutron irradiated Au foils. 

The dislocation motion is simulated by employing a "circle-rolling" algorithm which was first 
used by Foreman and Makin (1966) and later by Morris and Klahn (1973). The procedure is 

i) A circle of radius R, see Fig. A4.1 (b), moves up along the left-hand boundary of the 
square glide plane until it makes contact with an obstacle. The circle centre remains on the 
left-hand boundary, which satisfies the mirror-image boundary condition and is equivalent 
to a free surface. The arc of the circle between the boundary and the first obstacle is 
defined as the first segment of the dislocation line. 

ii) The circle then rotates about the first obstacle counterclockwise. If the rotated angle 0 is 
smaller than 180-cpo when the second obstacle is contacted, then the first obstacle is stable 
and the second segment of the dislocation line is defined, see Fig. A4.1 (b). Otherwise, the 
first obstacle is passed, the procedure i) has to be repeated. 

iii) The same procedure as ii) is repeated to continue moving the dislocation until the centre of 
the circle moves to the right-hand boundary where the dislocation stops moving and a 
greater force is needed to move the dislocation again. 
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iv) A greater force is applied by shortening the radius of the circle. Then the circle moves 
following the procedure i)-iii), but starts at the position on the right-hand boundary where 
it stopped and rotates clockwise. 

v) When the circle meets an existing segment or meets the same boundary where it started a 
loop will be formed. When the circle contacts the upper boundary, the dislocation is 
considered as breaking through the array. That force is then taken as the yield stress the 
array. 

A code has been developed by the author using the FORTRAN language. The simulation is 
currently performed on the VAX machine or the SUN workstation. The main results and 
discussion are presented in section 4.4. 

Left-hand 
bound T d \ 

9s-» 

\ \ / 

/,?< Fm 

\ 2 

Lower boundary 

(a) (b) 

Fig. A4.1 Sketch showing (a) a equilibrium configuration between the obstacle and the dislocation; (b) the 
dislocation moves from the first obstacle to the second obstacle. 
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