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SYNTHESIS AND PROCESSING OF NANOSTRUCTURED MATERIALS

RICHARD W.SEEGEL
Materials Science Division
Argonne National Laboratory
Argonne, Illinois 60439 USA

ABSTRACT. Significant and growing interest is being exhibited in die novel and enhanced
properties of nanostructured materials. These materials, with their constituent phase or
grain structures modulated on a length scale less than 100 nm, are artificially synthesized
by a wide variety of physical, chemical, and mechanical methods. In this NATO Advanced
Study Institute, where mechanical behavior is emphasized, nanostructured materials with
modulation dimensionalities from one (multilayers) to three (nanophase materials) are
mainly considered. No attempt is made in this review to cover in detail all of the diverse
methods available for the synthesis of nanostructured materials. Rather, the basic
principles involved in their synthesis are discussed in terms of the special properties sought
using examples of particular synthesis and processing methodologies. Some examples of
the property changes that can result from one of these methods, cluster assembly of
nanophase materials, are presented.

1 . Introduction

1.1. BACKGROUND

Interest has focused increasingly on a variety of synthetic nanostructured materials, with
average grain or other structural domain sizes below 100 nm, during the past several years
with the anticipation that their properties will be different from, and often superior to, those
of conventional materials that have phase or grain structures on a coarser size scale [1].
This interest has been stimulated not only by the recent efforts and successes in
synthesizing a variety of fascinating atom clusters, zero-dimensionality quantum-well
structures, and one-dimensionally modulated multilayered materials with nanometer scale
modulations, but also by the exciting potential for synthesizing three-dimensionally
modulated, bulk nanophase materials via the assembly of clusters of atoms [2].

Nanophase materials are only one example of the broad new class of nanostructured
materials artificially synthesized with microstructures modulated in zero to three dimensions
on length scales less than 100 nm that it has become possible to create over the past few
years. However, they have gained much attention owing to their considerable
technological potential in both monolithic materials and device applications. The various
types of nanostructurcd materials share three features: atomic domains (grains or phases)
spatially confined to less than 100 nm, significant atom fractions associated with interfacial
environments, and interactions between their constituent domains. Nanostructured
materials thus include zenv dimensionality atom clusters and cluster assemblies, one- and
two-dimensionally modulated multilayers and overiayers, respectively, and their
three-dimensional analogues, nanophase materials, as indicated schematically in Fig. 1.



The interest in the possibilities for nanostructuring materials has resulted in a variety of new
methodologies for synthesizing materials with ultrafine structural or phase domains by
means of which the creation of new levels of property engineering may become possible
through the sophisticated control of scale, morphology, interaction, and architecture.

Figure 1. Schematic of the four types of nanostructured materials, classified according to
integral modulation dimensionality: zero - clusters of any aspect ratio from 1 to «*>; one -
multilayers; two - ultrafine-grained overlayers or buried layers; three - nanophase materials.
Intermediate dimensionalities can exist

For example, atom clusters in the nanometer size regime, containing hundreds to tens
of thousands of atoms, can now be produced in sufficient numbers by means of either
physical or chemical processes that they can be assembled into materials mat can be studied
by a variety of conventional experimental methods. These materials can take advantage of
and incorporate a number of size-related effects in condensed matter ranging from
electronic effects (so-called "quantum size effects") caused by spatial confinement of
delocalized valence electrons and altered cooperative ("many body") atom phenomena, such
as lattice vibrations or melting, to the suppression of such lattice-defect mechanisms as
dislocation generation and migration in confined grain sizes. The possibilities to assemble
size-selected atom clusters into new materials with unique or improved properties may thus
impact our ability to engineer a wide variety of controlled optical, electronic, mechanical,
and chemical properties with attendant useful technological applications.

The present paper focuses on the general principles that underlie the synthesis and
processing of nanostructured materials. The special opportunities presented by our ability
to create tianophasc materials assembled from atom clusters of metals and ceramics
synthesized by means of the gas-condensation method [3-7] are highlighted in terms of
some of the property changes that nanostructuring can achieve. This method appears to be
the most generally applicable of the presently available avenues for producing size-selected



atom clusters in the less-than-100-nm (nanostructure) regime, and thus appears to have
very broad technological potential in the area of advanced materials. However, other
approaches based on chemical or mechanical methodologies can frequently result in
nanostructured material with similar property changes, albeit with rather less flexibility.

1.2. GENERAL PRINCIPLES

Generally, in synthesizing nanostructured materials from atomic or molecular precursors,
one wants to be able to control a variety of microscopic aspects of the condensed ensemble.
First, and probably foremost, is the size and size distribution of the constituent phases or
structures. The desirable sizes are generally below 100 nm, since it is in this size range that
various properties begin to change significantly owing to a variety of confinement effects.
A property will be altered when the entity or mechanism (or combination thereof)
responsible for that property is confined within a space smaller than some critical length
associated with that entity or mechanism. So, for example, a metal which is coventionally
ductile owing to the usual ease in creating and moving dislocations through its crystal lattice
will become significantly harder when grain sizes are reduced to the point where dislocation
sources are no longer able to operate at low levels of applied stress. Since the stress to
operate a Frank-Read dislocation source is inversely proportional to the spacing between its
pinning points, a critical length in this case is that for which the stress to operate this source
bcconv s larger than the conventional yield stress for the given metal. Such confinement
only appears to be different from that usually encountered in the technical literature, where
for example the optical absorption properties of a so-called quantum-well semiconductor
device are blue shifted (to shorter wavelengths) owing to the dimensions of the well
becoming comparable to and smaller than the effective size of the excitonic state responsible
for this absorption. The specifics are indeed quite different, but the underlying general
principle of confinement is not.

Second, the composition of the constituent phases in a nanostructured material is of
crucial importance, as it invariably is to the performance of conventional materials. This
can simply mean maintaining phase purity during synthesis in a single phase
nanostructured material, such as an oxide or a metal, or it can mean controlling die impurity
doping levels, the stoichiometries, the solute gradients, the phase mixtures, or
combinations of these in more complex nanostructured materials. In this case, however,
the length scales over which such composition control must be maintained can push the
limits of our technical capabilities.

The third aspect of nanostructured materials that one would like to be able to control in
their synthesis is the nature of the interfaces created between constituent phases and, hence,
the nature of the interactions across the interfaces. These interfaces can, of course, be grain
boundaries between the same phase with differing orientations, heterophase interfaces, or
free surfaces. Since die number of interfaces present in nanostructured materials is large
compared with conventional materials, as shown in Fig. 2, this control can take on a much
greater importance here. However, it is frequently rather difficult to create a nanostructured
(or any other) material with prescribed interfaces. The greatest success to date has been
achieved with one-dimensionally modulated nanoscale multilayers.

It is the interplay among these three features (domain size, composition, and interfaces)
that determines the properties of nanostructured materials. In some cases, one or more of
these features may dominate, as we will see in some of the examples given in Sec. 4.
Thus, one wants to be able to build nanostructured materials under controlled conditions,
but with an eye to the particular property or properties of interest. The degree of control
available, of course, depends upon the particular synthesis method being used to create the
given nanostructured material. Discussion of the very wide variety of synthesis and
processing methods for the creation of nanostructured materials is well beyond the scope of



the present paper. Previous reviews [1,8] can be usefully consulted for such information.
In the present paper, some representative examples from the broad range of synthesis
methods available for creating nanostructured materials will be considered, but emphasis is
given here to one-dimensionally modulated multilayers produced by vapor deposition and
three-dimensionally modulated nanophase materials assembled from gas-condensed atom
clusters, since they can be used to illustrate many of the general principles just mentioned.
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Figure 2. Percentage of atoms in grain boundaries (including grain boundary junctions) of
a nanophase material as a function of grain diameter, assuming that the average grain
boundary thickness ranges from 0.5 to 1.0 nm (ca. 2 to 4 atomic planes wide). From [9].

Before discussing specific methodologies for synthesizing nanostructured materials, it
would be useful to first consider two examples of the manner in which material properties
can be varied through the assembly of constituent domains through domain interaction
effects. The first example relates to the optical absorption behavior of CdS clusters with
diameters in the nanometer size regime made by any of a variety of methods, including
chemical precipitation in solutions [ 10] or in zeolite supports [11]. This behavior is rather
different from that for bulk CdS. The absorption edge is blue shifted to appreciably shorter
wavelengths, owing to the effects of the quantum confinement discussed above. However,
when these clusters are synthesized in zeolite supports with increasing loading, such that
they become close enough to begin to interact through quantum tunneling, the absorption
edge begins to shift back toward bulk behavior [12], as shown in Fig. 3. Hence, control
of the average distance between clusters, even though they are not actually in contact, being
separated by the cage structure of the zeolite, can enable control over a property of the
assembled cluster ensemble. The second example is based upon a hypothetically simple
multilayered nanostructure, an alternating set of uniform thickness Cu layers separated only
by twist grain boundaries with twist axis normal to the layers and boundaries. Theoretical
calculations [13] of the variation with decreasing multilayer modulation wavelength of the
average lattice parameters and elastic constants of this chemically homogeneous Cu
multilayer, shown in Fig. 4, demonstrate that even for such a simple case of layer-layer
interaction, the effects on the elastic properties can be rather significant in the nanometer
regime. One can therefore expect that in real nanostructured systems, where they can be
synthesized, the effects of such domain interactions may be even more interesting.



(a)
CdS
'(micrometer size)

CdS/Y
7.4% by weight

CdS/Y
1.1% by weight

200 400 600
Wavelength (nm)

800

Figure 3. Optical absorption spectra (a) for CdS clusters in the sodalite cages of zeolite Y
for two different loadings compared to that for bulk CdS ftim size) [12]. (b) The cage
structure of zeolite Y. From [11].
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Figure 4. The average lattice parameters a and elastic constants (Young's modulus Y along
the modulation direction z and shear modulus G parallel to the xy plane of the layer and
boundaries) calculated as a function of modulation wavelength A for a simple Cu multilayer
separated only by twist grain boundaries. From [13].

2 . Synthesis

2.1. LAYER DEPOSITION

The deposition of layers of materials by means of electrolytic or vapor processes has had a
long history and many different methods have been used for this over the years. Recently,



however, as the desire to lay down materials with greater control and precision has
increased, a large number of new or improved synthesis methods have been developed.
These include a variety of increasingly sophisticated single- or multi-bath systems for
electrolytic deposition [14, 15] and an even broader and more sophisticated spectrum of
chemical or physical vapor deposition methods [16, 17], which are capable of not only
precise chemical and thickness control of the deposited layers on a nanometer scale, but
also in some cases control of the nature of the interfaces between layers themselves. For
the purposes of the present paper, it will be sufficient to show an example of the latter high
degree of control now becoming available for the synthesis of nanostructured multilayers.

substrate oxygen

Figure S. Schematic of a system for the synthesis of nanostructured ceramic multilayers by
means of MOCVD (metal-organic chemical vapor deposition). After [18J.

Figure 6. A cross-sectional high-resolution transmission electron micrograph of a
nanostructured multilayer formed by alterniting layers of TiO2 (dark regions) and VO2
(light regions). After [19].

Figure 5 shows a schematic diagram of a recendy developed system [18] for the precise
synthesis of ceramic multilayers by means of metal-organic chemical vapor deposition
(MOCVD), a method that has been rather widely used in the synthesis of semiconductor



multilayers. The apparatus has four independently controlled metal-organic precursor feed
lines, which avoid premixing of the reactants in the high-purity N2 carrier gas, and a
cold-wall horizontal growth chamber containing a substrate that can be maintained at
temperatures up to 1000°C. The apparatus in Fig. 5 is quite flexible, since the synthesis
variables (e.g., organometallic precursors, reactor pressure, gas flow rates, substrate
material, temperature and orientation) can all be independently controlled to produce
uniform ceramic multilayers with prescribed morphology, epitaxy, and stoichiometry. An
example of the type of nanostructure that can be created by such a synthesis methodology is
shown in Fig. 6. The organometallic precursors titanium isopropoxide (JiiOCjHy)^ and
vanadium triethoxide oxide (VOCOOgHs^) were used, respectively, to produce alternating
layers of TiC>2 and VO2 in an epitaxial multilayer assembly on a sapphire (CC-AI2O3)
substrate. High-purity nitrogen was used as the carrier gas for the precursors and oxygen
was used as the oxident to form the stoichiometric compounds. It can be seen in Fig. 6 that
by careful control of the synthesis parameters, alternating ceramic layers with
nanometer-scale thicknesses can be deposited with essentially perfect epitaxy. By selecting
appropriate substrate orientations and growth temperatures, both the phases and growth
planes of the individual layers can be readily controlled.

2.2. CLUSTER ASSEMBLY

2.2.1. Chemical Precipitation. One of the traditional methods for synthesizing ultrafine
powders or colloidal suspensions has been chemical precipitation. A wide variety of these
methods, including sol-gel synthesis [20, 21] and the inverse micelle method [10] for
example, have been successfully applied to die synthesis of nanometer sized clusters with
narrow size distributions. Some additional references to the variety of interesting methods
available can be found elsewhere [1, 2, 22-26] and in the pages of these Proceedings.
Invariably, in each of these chemical precipitation methods, the synthesized clusters are
burdened by surface layers (often intentionally introduced to cap the clusters at a given size
or to keep diem from agglomerating and forming large pores) from the solutions in which
they are formed. These surface layers create few, if any, problems in die study of isolated
clusters. However, if the clusters are to be assembled into bulk solids, as those of interest
in this NATO Institute on mechanical behavior, then the surface layers can become
contaminants in the grain boundaries of the cluster-consolidated material, and processing
and properties can be adversely affected. Such potential problems can be avoided in the
gas-condensation method for synthesizing nanophase materials.

2.2.2. Gas-Condensation. The synthesis of ultrafine-grained materials by the in situ
consolidation in vacuum of nanometer size gas-condensed ultrafine particles or atom
clusters [4] was first applied to metals [5, 6]. By consolidating clusters in this manner,
materials with a large fraction of their atoms in grain boundaries could be formed, as
described in the paper by H. Gleiter in these Proceedings. This method was subsequendy
applied to die synthesis of nanophase ceramics [7, 27]. However, the study of die gas
condensation of ultrafine particles or atom clusters has had a rather longer history stretching
back to the formation and use of 'smokes', such as carbon or bismuth 'blacks', for a
variety of applications [28]. Scientific research into the controlled production of ultrafine
particles by means of the gas-condensation method has been more recent [29-32], but still
preceeded cluster assembly and therefore provided an important basis for this work. In
addition, of course, the previous knowledge of powder metallurgy and ceramics generated
over an even longer period, provided much needed background information for the work
on nanophase materials to progress. The application of these ideas in recent years [8, 9,
33-35] to the synthesis of a variety of nanophase metals and ceramics has built upon this
broad scientific and technological base.



As stated in Sec. 1.2, control of the size or sizes and morphologies of the phase
domains or granular entities (e.g., clusters) being assembled is of pimary importance in any
of the methods for the synthesis of nanostructured materials. Beyond this, composition of
the phases and cleanliness of the interfaces between phases or grains must be controlled as
well. In bulk gas-condensed cluster-assembled nanophase materials, such control appears
to be readily available. Before proceeding with a description of their synthesis, it is useful
to list some of the unique advantages of the assembly of nanophase materials under
controlled atmospheres from gas-condensed clusters; they are as follows [3]:
(1) The <100 nm sizes of the atom clusters and their surface cleanliness allow conventional
restrictions of phase equilibria and kinetics to be overcome during material synthesis and
processing; this results from the combination of short diffusion distances, high driving
forces, and uncontaminated surfaces and interfaces available with cluster 'building blocks'.
(2) The large fraction of atoms residing in the grain boundaries and interfaces of these
materials allow for interface atomic arrangements to constitute significant volume fractions
of material, and thus novel materials properties may result from such 'defect* atomic
environments. . « . , . . . . . , .
(3) The reduced size scale and large surface-to-volume ratios of the individual nanophase
grains can be predetermined and can alter and enhance a variety of physical and chemical
properties.
(4) A wide range of materials can be produced in this manner, including metals and alloys,
intermetallic compounds, ceramics, and semiconductors; such materials can be synthesized
to contain crystalline, quasicrystalline, or amorphous structures.
(5) The extensive possibilities for reacting, coating, and mixing in situ various lypes,
sizes, and morphologies of clusters create significant future potential for the synthesis of a
variety of new multicomponent composites with nanometer-sized microstnicturcs and
engineered properties that can be both multifunctional and hierarchical. The studies carried
out to date, nevertheless, have concentrated on single-phase metals and oxide ceramics.

gas convection

clusters

region of
nucleation
and growth

precursor

Figure 7. Conceptual model for cluster formation via gas condensation. After [30].

The basic aspects of the generation of atom clusters via gas condensation can be
described using the conceptual model shown in Fig. 7. A precursor material, either an
element or compound, is evaporated in a gas maintained at a low pressure, usually well
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below one atmosphere. The evaporated atoms or molecules lose energy via collisions with
the gas atoms or molecules and undergo a homogeneous condensation to form atom
clusters in the highly supersaturated vicinity of the precursor source. In order to maintain
small cluster sizes, by minimizing further atom or molecule accretion and cluter-cluster
coalescence, the clusters once nucleated must be removed rapidly from the region of high
supersaturation. Since the clusters are already entrained in the condensing gas, this is
readily accomplished by setting up conditions for moving this gas. Such gas motion has
generally been driven by natural convection under the combined action of gravity and the
temperature difference between the precursor source and a cooled thermophoretic cluster
collection surface. However, a forced gas flow can be used instead of natural convective
flow, which should yield significant advantages in terms of both cluster size control and
process efficiency.

It should be emphasized that there are only three fundamental rates, that function
relative to one another, which essentially control the formation of the atom clusters in the
gas-condensation process [3]. They are (1) the rate of supply of atoms to the region of
supersaturation where condensation occurs, (2) the rate of energy removal from the hot
atoms via the condensing medium, the gas, and (3) the rate of removal of the clusters cnce
nucleated from the supersaturation region. Other factors can also affect the clusters finally
collected, particularly those that result in significant cluster-cluster coalescence, but these
three rates represent the core of thv, process. Accordingly, the smallest cluster sizes for a
given precursor are obtained for a low evaporation rate and condensation in a low pressure
of a light inert gas, such as He. These conditions lead to a lower supersaturation of
precursor atoms in the gas, slower removal of energy from the evaporated atoms (via the
lighter gas atoms at lower pressure), and more rapid convective gas flow owing also to the
lower gas pressure. The rapid gas flow is significant, since it guarantees a shorter dwell
time of the gas-entrained condensed clusters in the supersaturated region in which, if they
remained, they would grow further.

A typical apparatus [36] which uses such a process for the synthesis of nanophase
materials via the in situ consolidation of gas-condensed clusters is shown schematically in
Fig. 8. It consists of an ultrahigh-vacuum (UHV) system fitted with two resistively-heated
evaporation sources (which operate in the manner of Fig. 7), a cluster collection device
(liquid-nitrogen filled cold finger) and scraper assembly, and in situ compaction devices for
consolidating the powders produced and collected in the chamber. Before making the
powders, the UHV system is first evacuated by means of a turbomolecular pump to below
10"* Pa and then back-filled with a controlled high-purity gas atmosphere at pressures of
about a few hundred Pa. For producing metal powders this is usually an inert gas, such as
He, but it can alternatively be a reactive gas or gas mixture if, for example, clusters of a
ceramic compound are desired.

The clusters that are collected via thermophoresis on the surface of the cold finger form
very open, fractal structures. They are held on the collector surface rather weakly, via Van
der Waals type forces, and are easily removed from this collection surface by means of a
Teflon scraper. Upon removal, the clusters fall like 'snow' from the surface and are
funneled into a set of compaction devices (see Fig. 8) capable of consolidation pressures up
to about 1-2 GPa, in which the nanophase samples are formed at room temperature, or at
elevated temperatures if needed. The pellets formed in this conventional research apparatus
are typically about 9 mm in diameter and 0.2 to 1.0 mm thick, depending upon the amount
of material made (usually a few hundred milligrams) and the experiments to be performed.
The sizes of these samples have been more a matter of laboratory convenience .'han any real
limitation of the gas-condensation method itself. All of the fundamental rates involved in
the cluster synthesis can be significantly increased above those presently in use in the
laboratory and scaled up production rates leading to samples with greatly increased sizes
are clearly feasible. The scraping and consolidation are performed under UHV conditions



after removal of the inert or reactive gases from the chamber, in order to maximize the
cleanliness of the particle surfaces and the interfaces that are subsequently formed. Also,
any possibility of trapping remnants of these gases in the nanophase compact is minimized
by consolidation in vacuum. It should be noted in this regard that the total surface area of
the nanopbase powders produced in a given run is so great that, for a residual gas pressure
of less than 10*5 Pa in a volume the size of the LIHV chamber used, little gas contamination
of the cluster surfaces would be expected.
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Figure 8. Schematic drawing of a gas-condensation chamber for the synthesis of
nanophase materials. Precursor material evaporated from sources A and/or B condenses in
the gas and is transported via convection to the liquid-nitrogen filled cold finger. The
clusters are then scraped from the cold finger, collected via the funnel, and consolidated
first in the low-pressure compaction unit and then in the high-pressure compaction unit, all
in vacuum. From [36].

An example of a rather typical grain size distribution, here in as-consolidated TiC>2. is
shown in Fig. 9. It is quite narrow and has the log-normal shape typical of clusters formed
via gas-condensation [30]; it is thus essentially identical to that for the clusters from which
the nanophase sample was assembled. Indeed, this shape is rather typical for the grain size
distribution in any of the nanophase materials thus far produced by the gas-condensation
method. The asymmetric tail of the distribution extending to larger sizes is a manifestation
of cluster-cluster coalescence in the gas-condensation process.
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Figure 9. Grain size distribution
for a nanophase TiO2 (rutile)
sample compacted to 1.4 GPa at
room temperature, as determined by
dark-field transmission electron
microscopy. From [27].
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Since the as-collected gas-condensed clusters are generally aggregated in rather open
fractal arrays [29,31], their consolidation at pressures of 1-2 GPa is easily accomplished,
even at room temperature. The difficulties in consolidating the hard equiaxed agglomerates
of fine powders resulting from conventional wet chemistry synthesis routes are mostly
avoided. The sample densities resulting from cluster consolidation at room temprature have
ranged up to about 97% of theoretical for nanophase metals and up to about 75-85% of
theoretical for nanophase oxide ceramics. This "green-state" porosity represents (at least in
part) a manifestation of powder agglomeration leading to void-like flaws. Fortunately,
these appear to be capable of being removed by means of cluster consolidation at elevated
temperatures and pressures without significant attendant grain growth.

If an elemental precursor is evaporated in an inert gas atmosphere, then the atom
clusters formed and collected are the same material, only in a reconstituted form.
However, if clusters of a compound, such as a ceramic oxide are desired, the synthesis
process can become somewhat more complex. For example, in order to produce
nanophase TiO2 with a rutile structure and the grain size distribution shown in Fig. 9, Ti
metal clusters condensed in He were first collected on the cold finger and subsequently
oxidized by the introduction of oxygen into the chamber [27]. A similar method has been
used to produce (X-AI2O3 [35] with an 18 nm average grain size after oxidizing Al clusters
in air at 1000°C. If the vapor pressure of a compound is sufficiently large, as in the cases
of MgO and ZnO, for example, it is possible to sublime the material directly from the oxide
precursor in a He atmosphere containing, in addition, a partial pressure of O2 to attempt to
maintain oxygen stoichiometry during cluster synthesis. Such a method has been used [35]
to produce such nanophase oxides with average grain sizes down to about 5 nm.
Frequently, however, oxygen stoichiometry is not maintained.

In the case of nanophase TiC>2 cited above [27], the oxygen deficiency, while still
present, is rattier small and easily remedied as a result of the small gram sizes and short
diffusion distances involved. Raman spectroscopy has been a useful tool in studying the
oxidation state of nanophase TiO2 owing to the intense and well studied Raman bands in
both the anatase and rutile forms of this oxide and the observation that these bands were
affected in nanophase samples [37]. A series of Raman spectra from two as-consolidated
titanium dioxide nanophase samples and from one of these samples annealed in air until

11



fully oxidized to TiC>2 is shown in Fig. 10. The band broadening observed in the
nanophase samples (and also band shifting in both the anatase and rutile phases) was
confirmed [38] to be the result of an oxygen deficiency which could be subsequently
removed in these samples by annealing in air. A subsequent calibration of this deviation
from stoichiometry [39], shown in Fig. 11, indicated that the material produced in the
apparatus of Fig. 8 was actually TiOi.go. However, it could be easily oxidized to fully
stoichiometric TiO2> if desired, without sacrificing its small grain size (12 nra). Also, if
intermediate deviations from stoichiometry were sought, in order to optimize particular
material .properties sensitive to the presence of oxygen deficient defects, they could be
readily accessed as well.
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Figure 10. Raman spectra of two areas (a)
and (b) of an as-compacted nanophase T1Q2
sample compared with spectra for area (b)
after successive annealing in air for 0.5 h at
300°C (c), 500°C (d), 700°C (e), and 1000°C
(f) (* indicates anatase k=0 phonons; +
indicates rutile k=0 phonons). From [37].
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Figure 11. Variation with O/Ti ratio of the
peak position of (a) the rutile "447 cm"1"
vibrational mode and (b) the anatase "143
cm'l" vibrational mode, as well as (c) this
anatase mode's full width at half maximum
(FWHM). From [39].

Most of the atom clusters assembled into nanophase materials to date have been
generated from Joule-heated evaporation sources. However, such sources have limitations
that need not be suffered, since a wide variety of other sources are also available. The
primary limitations are source-precursor incornpatability, temperature range, uniformity and
control, and dissimilar evaporation rates for different constituents in an alloy or compound
precursor. Each of these limitations can be avoided by a host of alternative sources that
have been developed over the years of ultrafine particle research [32], but which are only
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now beginning to enter the field of nanophase materials synthesis. Among other sources
for bringing atom supersaturations into a condensing gas medium that have been
successfully used to produce clusters or ultrafine particles are Joule-heated ovens [40-42],
sputtering [43-47], electron-beam heating [48-51], laser ablation [52], and plasma methods
[53, 54]. It should be clear that this wide variety of evaporation methods will allow for
greatly increased flexibility in the use of refractory or reactive precursors for clusters and
will be especially useful as one moves toward synthesizing technological quantities of more
complex multicomponcnt or composite nanophase materials in the future.

2.3. MECHANICAL ATTRITION

Mechanical attrition produces its nanostructures, not by cluster assembly, but by means of
the structural decomposition of coarser-grained structures induced by severe mechanical
defonnation. Nanometer size grains nucleate within the shear bands of heavily deformed
materials converting a coarse-grained structure to nanophase. The heavy defonnation is
usually induced by means of high-energy ball milling [35-57], but can result as well from
surface wear phenomena [58] and other methods for introducing high densities of
defonnation, such as the high-energy shear process described by R. Valiev in these
Proceedings. Thus, the individual grains are never isolated clusters and much synthesis
and processing flexibility is lost Nevertheless, ultrafine grain sizes can be readily accessed
by this rather straightforward (brute-force) method, albeit with probable contamination
from the sources of mechanical work. However, the method is already capable of
producing commercial quantities of material, and for those applications in which careful
control of purity or grain morphology are not important, and for which the desired
properties are indeed accessible in the mechanically attrited nanostructures, it can be a
useful source of these materials. The variation with grain size as a function of ball-milling
time in Pd [59] is shown in Fig. 12(a). This behavior is found to be typical for ball milled
metals and clearly shows that grain sizes down into the nanometer regime can be accessed,
although it is more easily accomplished in relatively harder materials, as indicated by die
relationship between minimum grain size and bulk modulus shown in Fig. 12(b).
Mechanical attrition exercised at low temperatures ("cryomilUng") can extend the range of
applicability, as shown by Luton et al. [60] in their work on dispersion-strengthened Al.
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Figure 12. (a) Average grain size, determined by X-ray line broadening, of Pd as a
function of ball-milling time, (b) Minimum average grain size attained by ball milling
various fee metals plotted against their bulk modulus values. From [59].
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3 . Structure and Stability

Nanophase materials, as other nanostructured materials, are dominated by their ultrafine
grain sizes and their large number of interfaces. In addition, however, other structural
features such as pores and their associated free surfaces, grain boundary junctions, and
other crystal lattice defects play a significant role in their properties. It has become
increasingly clear that all of these aspects of the nature of nanophase materials must be
considered in trying to fully understand these new materials [61].

3.1. GRAINS AND PORES

Our present knowledge of the grain structures of nanophase materials has resulted primarily
from direct observations using transmission electron microscopy (TEM) [27, 62-64]. A
typical high resolution image of a nanophase palladium sample is shown in Fig. 13. TEM
has shown that the grains in nanophase compacts are rather equiaxed, similar to die atom
clusters from which they were formed. The grains also appear to retain the narrow
log-normal size distributions (Fig. 9) typical of the clusters formed in the gas-condensation
method [30], since measurements of these distributions before or after cluster consolidation
by dark-field electron microscopy yield rather similar results. On the other hand, the
observations that the densities of nanophase materials consolidated from equiaxed clusters
extend well beyond the theoretical limit (78%) for close packing of identical spheres
indicate that an extrusion-like deformation of the clusters must result during the
consolidation process, filling (at least partially) the pores among the grains. Observations
by electron and X-ray scattering indicate, however, that no apparent preferred orientation or
"texture" of the grains results from their uniaxial consolidation and that the grains in the
nanophase compact are essentially randomly oriented with respect to one another.

Figure 13. High resolution transmission electron micrograph of a typical area in cluster-
consolidated nanophase palladium. From [63].
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Taken together, these various observations indicate that cluster extrusion in forming
nanophase grains may result from a combination of deformation and diffusion processes.
Such processes are also evident from recent scanning tunneling microscopy observations
[65] on nanophase Pd and Ag. An example from Ag is shown in Fig. 14.

Figure 14. Scanning tunneling micrograph of nanophase silver. From [65].

All of the nanophase materials consolidated at room temperature to date have invariably
posessed a degree of porosity ranging from about 25% to less than 5%, as measured by
Archimedes densitometry, with the larger values for ceramics and the smaller ones for
metals. Evidence for this porosity was first obtained by positron annihilation spectroscopy
(PAS) [27, 66, 67] and more recently by precise densitometry [68] and porosimetry [69,
70] measurements. PAS is primarily sensitive to small pores [71], ranging from single
vacant lattice sites to larger voids, but can probe these structures enclosed in die bulk of the
material. Porosimetry measurements using the BET (Brunauer-Emmett-Teller) N2
adsorption method [72], on the other hand, probe only pore structures open to the free
surface of the sample, but can yield pore size distributions, which are unavailable from
PAS. Densitometry using an Archimedes method, of course, integrates overall densities in
the sample, including grains, pores (open or closed), and density decrements at defect
sites. These measurements have together shown that the porosity in as-consolidated
nanophase metals and ceramics is primarily in the less than 100 nm size regime (although
some larger porous flaws have been observed), and usually of comparable sizes to the
grains, but that the porosity is to a great extent interconnected and intersects with the
specimen surfaces, as seen in Fig. 14. Fortunately, consolidation at elevated temperatures
can remove this porosity without sacrificing the ultrafine grain sizes in these materials.

3.2. GRAIN BOUNDARIES

Owing to their ultrafine grain sizes, nanophase materials have a significant fraction of their
atoms in grain boundary environments, where they occupy positions relaxed from their
normal lattice sites. For conventional high-angle grain boundaries, these relaxations extend
over about two atom planes on either side of the boundary, with the greatest relaxation
existing in the first plane [13]. The significance of these atomic relaxations in nanophase
materials can be better appreciated by the simple estimate of the fraction of atoms in grain
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boundary environments as a function of grain size shown in Fig. 2. It can be seen that in
the average grain dimeter range between 5 and 10 nm, where much of the research on
nanophase materials has focussed, grain boundary atom percentages range between about
IS and 50%. Since such a large fraction of their atoms reside in the grain boundaries of
nanophase materials, it is clear that the interface structures can play a significant role in
affecting the properties of these materials.

A number of early investigations on nanocrystalline metals, including X-ray diffraction
[73], Mossbauer spectroscopy [74], positron lifetime studies [66,67], and extended X-ray
absorption fine structure (EXAFS) measurements [75,76], were interpreted in terms of
grain boundary atomic structures that may be random, rather than possessing either the
short-range or long-range order normally found in the grain boundaries of conventional
coarser-grained polycrystalline materials. This randomness was variously associated [33]
with either the local structure of individual boundaries (as seen by a local probe such as
EXAFS or Mossbauer spectroscopy) or the structural coordination among boundaries (as
might be seen by X-ray diffraction). However, recent high resolution electron microscopy
(HREM) investigations [62, 63] have indicated that their structures are rather similar to
those of conventional high-angle grain boundaries. An extensive review of these results
has recently appeared elsewhere [61].

The direct imaging of grain boundaries with HREM can avoid the complications that
may arise from porosity and other defects in the interpretation of data from less direct
methods, such as X-ray scattering and Mossbauer spectroscopy. Typical grain boundaries
in nanophase palladium are shown in Fig. 13. A HREM study [62,63], which included
both experimental observations and complementary image simulations, indicated no
manifestations of grain boundary structures with random displacements of the type or
extent suggested by earlier X-ray studies on nanophase Fe, Pd, and Cu [73, 75, 76].
Contrast features at the observed grain boundaries that might be associated with disorder
did not appear wider than 0.4 nm, indicating that any significant structural disorder which
may be present essentially extends no further than the planes immediately adjacent to the
boundary plane. Such localized lattice relaxation features are typical of high-angle grain
boundary structures found in coarse-grained metals. HREM investigations of grain
boundaries in nanophase Cu [58] and Fe alloys [77] produced by surface wear and
high-energy ball milling, respectively, appear to support this view. The HREM image
simulations [62,63] for Pd indicated that average random atomic displacements of >12%
of a nearest neighbor distance, if present, could be readily observable by HREM for the
assumed contrast conditions, which were identical to those used experimentally.

Indeed, as shown in Fig. 13 and in similar electron micrographs, the nanophase grain
boundaries appear to be rather low energy configurations exhibiting flat facets interspersed
with steps. Such structures could only arise if sufficient local atomic motion occurred
during the cluster consolidation process to allow the system to reach at least a local energy
minimum. Such observations suggest at least two conclusions [78]: first, that the atoms
that constitute the grain boundary volume in nanophase materials have sufficient mobility
during cluster consolidation to accommodate themselves into relatively low energy grain
boundary configurations; and second, that the local driving forces for grain growth are
relatively smaK, despite the large amount of energy stored in the many grain boundaries in
these materials. These conclusions also have an impact upon the inherent grain size
stability of nanophase materials described in Sec. 3.3.

The foregoing discussion suggests [78] that nanophase materials should be a valuable
resource for studying the average properties of grain boundaries. The high number density
of such defects in these materials enhance their influence on macroscopic properties,
allowing these effects to be studied by a variety of experimental techniques. Indeed, a
number of the effects observed in nanophase materials to date that have been deemed
unusual may simply result from so many grain boundaries being available for study in a
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sample for the first time. As pointed out in these Proceedings by H. Gleiter, for example, a
wide range of investigations on nanophase grain boundaries indicate that one is seeing the
effects from the wide distribution of interatomic spacings in the boundary structures. Since
this behavior is generally expected from theoretical models of conventional high-angle grain
boundaries [13,79,80], it remains to be seen whether there are any unexpected structural
relaxations present in nanophase boundaries. For careful investigations of grain boundary
properties to be successful in the future, however, specimen porosity will need to be
removed, via consolidation at elevated temperature and/or pressure, so that its property
contributions can be eliminated. By varying their grain size, the effects from interfaces and
junctions in nanophase materials could be effectively separated in such future studies.

3.3. STABILITY

The ultrafinc grain sizes of nanophase materials immediately raise a question regarding their
relative stability against spontaneous grain growth. With so many grain boundaries present
in these materials, and their concomitantly large stored interface energy, this question of
stability against grain growth becomes important to address from both scientific and
technological viewpoints. Interestingly, nanophase materials assembled from atomic
clusters appear to possess an inherent grain size stability. Their grain sizes remain rather
deeply metastablc to elevated temperatures. For example, it has been found for nanophase
TiO2 [27] that the 12 nm initial average grain diameter for the grain size distribution shown
in Fig. 9 changes very little with annealing to elevated temperatures, until about 0.4-0.5 of
the absolute melting temperature of T1O2 is reached. This behavior appears to be typical for
the nanophase oxides already investigated [35] and for nanophase metals as well [81], as
shown in the Arrhenius plot in Fig. 15. In the case of the Ti(>2, rapid grain growth only
develops above the temperature at which the mean bulk diffusion distance (Dj jO^of Ti,
the slower moving element in this compound, becomes comparable to the mean grain size,
at which temperature any local barriers to grain growth would cease to be significant.
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Figure 15. Arrhenius plot of the variation of average grain size, measured by dark-field
transmission electron microscopy, with sintering temperature for nanophase Fe [81], TiO2
[27], MgO/WOx [35], and ZnO [35]. The oxide samples were annealed for 0.5 h in air at
each temperature; the iron for 10 h in vacuum. From [82].
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The observations of narrow grain size distributions, essentially equiaxed grain
morphologies, and low energy grain boundary structures in nanophase materials suggest
that the inherent resistance to grain growth observed for cluster-assembled nanophase
materials results primarily from a sort of frustration [821. It appears that the narrow grain
size distributions normally observed in these cluster-assembled materials coupled with their
relatively flat grain boundary configurations (and also enhanced by their multiplicity of
grain boundary junctions) place these nanophase structures in a local minimum in energy
from which they are not easily extricated. There are normally no really large grains to grow
at the expense of small ones through an Otswald ripening process, and the local grain
boundaries, being essentially flat, have no curvature to tell them in which direction to
migrate. Their stability thus appears to be analogous to that of a variety of closed-cell foam
structures with narrow cell size distributions, which are stable (really, deeply metastable)
despite their large stored surface energy. Under such conditions, only at temperatures
above which bulk diffusion distances are comparable to or greater than the grain size and
communication among grains becomes possible, as in the case of nanophase HO2 cited
above, will this metastability give way to global energy minimization via rapid grain
growth. Such a picture now appears to have some theoretical support [83]. However, it
has also been recently suggested [84] that the porosity present in nanophase ceramics may
assist in their stability against grain growth, as it does in conventional coarser-grained
ceramics, and further support for such a stabilizing influence from voids in nanophass
ceramics is presented by M. J. Mayo in these Proceedings. Nevertheless, the grain growth
data for >96% dense nanophase TiAl intennetallic compound presented by C. Altstetter in
these Proceedings indicate that grain boundary stabilization in nanophase intermetallics, at
least, is not simply a result of the presence of significant porosity; these data also appear to
be consistent with the frustration picture.

The diffusion controlled grain-growth behavior in nanophase materials is apparent in
Fig. 15. The data in their high temperature limit fall, within their scatter, along straight
lines in this Arrhenius plot. The effective activation energy of this high temperature
limiting behavior is about 9 kT m for all of the materials; it is thus approximately one half
that for self-diffusion, or close to the value usually observed for normal grain boundary
diffusion in polycrystalline materials. It should be pointed out that exceptions to this
frustrated grain growth behavior would be expected if considerably broader grain size
distributions were accidentally present in a sample, which would allow a few larger grains
to grow at the expense of smaller ones, or if significant grain boundary contamination were
present, allowing enhanced stabilization of the small grain sizes to further elevated
temperatures. Occasional observations of each of these types of behavior have been made.
One could, of course, intentionally stabilize against grain growth by appropriate doping by
insoluble elements or composite formation in the grain boundaries. For these cluster
assembled materials, such stabilization should be especially easy, since the grain
boundaries are available as cluster surfaces prior to consolidation. The ability to retain the
ultrafine grain sizes of nanophase materials is important when one considers the fact that it
is their grain size and large number of grain boundaries that determine to a large extent their
special properties. It might also be possible to further stabilize even pure single-phase
nanophase materials against grain growth, if it were possible to control the precise nature of
the grain boundaries formed. Unfortunately, at this time such control over the assembly of
clusters via consolidation is not feasible, and essentially random ensembles of grains and
high-angle grain boundaries result.

Another important aspect of stability in materials with reduced spatial dimensions in the
nanometer size regime is phase stability. As one reduces the sizes of constituent phases
sufficiently, equilibrium phase relations will change owing to expected changes in a variety
of electronic and thermodynamic parameters of the confined atomic system. For example,
it has long been known [85-87] that the melting temperature of small metal clusters is
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suppressed well below that for the bulk solid, owing in part to a higher effective pressure
in the confined system, an effect also recently demonstrated [88] for 2.4-7.6 nm diameter
CdS semiconductor clusters synthesized by the inverse micelle chemical precipitation
method [10]. The melting-point suppression can be rather dramatic, as shown in Fig. 16,
where the smallest CdS clusters are seen to melt at about 1000 K below the bulk melting
temperature. Related effects are also seen in duster-consolidated materials. Investigation
of nanophase Er oxides synthesized by the gas-condensation route showed [89] that new
oxide phases related to previously observed high-pressure structures were formed in
grains of about 10 nm diameter, even though the samples had never been exposed to
sufficiently high external pressures. Similarly, it was recently reported [90] that nanophase
(8 nm) yttria can be stabilized in its high-pressure polymorphic structure, y-Yips. Thus, it
seems clear that the effects of reduced spatial dimensions on phase stability need further
investigation, since one cannot expect that the phase equilibria we know for conventional
materials systems will apply in general to those of significantly reduced dimensions.

1800.

Figure 16. Size dependence of the melting
temperature of CdS clusters determined by
electron diffraction ( • , + ) and dark-field
electron microscopy ( V) . From [88].
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4 . Processing and Properties

Cluster-assembled nanophase materials, as do other nanostnictured materials, possess a
variety of properties that are considerably different and improved in comparison with those
of conventional coarser-grained structures. These unique properties result from an
interplay among the three fundamental features of their nature cited in Sec 1.2: atomic
domains (e.g., grains) spatially confined to less than 100 nm, significant atom fractions
associated with interracial environments (e.g., grain boundaries or free surfaces), and
interactions between their constituent domains. In some cases one of these features
dominates, in other cases another feature does. Research on a variety of physical,
chemical, and mechanical properties is beginning to yield a glimmer of understanding of
just how this interplay manifests itself in the properties of these new materials. Several
examples will be given from this particular class of nanostructured materials to try and give
a sense of how the interplay among these aspects can significantly alter some useful
technological properties of these materials.
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First of all, the processing of nanophase materials is dramatically improved by the
combination of ultrafine cluster (grain) sizes, short diffusion distances, and cleanliness of
cluster surfaces prior to consolidation. For example, nanophase Ti<>2 (rutile) exhibits
significant improvements in both sinterability and resulting mechanical properties relative to
conventionally synthesized coarser-grained rutile [27, 69,91,92]. Nanophase TiOj with a
12 nm initial mean grain diameter has been shown [27] to sinter under ambient pressures at
up to 6C0°C lower temperatures than conventional coarser-grained rutile, as shown in Fig.
17, and without the need for any compacting or sintering aid, such as polyvinyl alcohol,
which is usually required. Furthermore, it has more recently been demonstrated [69] that
sintering the same nanophase material underpressure (1 GPa), or with appropriate dopants
such as Y, can further reduce the sintering temperatures, while suppressing grain growth as
well, thus allowing for the unique possibility to sinter nanophase ceramics to full density
while retaining their ultrafine grain size. The resulting fracture characteristics [84,91,93]
developed for sintered nanophase TiOx are as good, or in some aspects improved, relative
to those for conventional coarser-grained rutile.
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Figure 17. Vickers microhardness of TiO2 (nitile) measured at room temperature as a
function of 0.5 h sintering at successively increased temperatures. Results for a nanophase
sample (filled squares) with an initial average grain size of 12 nm consolidated at 1.4 GPa
are compared with those for coarser-grained samples with 1.3 p.m initial average grain size
sintered with (diamonds) or without (circles) the aid of polyvinyl alcohol from commercial
powder consolidated at 0.1 GPa and 1.4 GPa, respectively. After [27].

Another property that is altered and can significantly affect the processing of
nanostructured materials is diffusion. Atomic diffusion in nanophase materials, which can
also have a significant bearing on their mechanical properties, such as creep and
superplasticity, and electrical properties as well, has been found to be very rapid compared
with conventional materials. Measurements of self- and solute-diffusion [91,94-97] in
as-consolidated nanophase metals (Cu, Pd) and ceramics (TiO2) indicate that atomic
transport is orders of magnitude faster in these materials than in coarser-grained
polycrystalline samples. This very rapid diffusion in as-consolidated nanophase materials
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appears to be intrinsically coupled with the porous nature of the interfaces in these
materials, since the diffusion can be suppressed back to conventional values by sintering
samples to full density, as shown by measurements of Hf diffusion in TiC>2 before and
after densification by sintering [91]. Nonetheless, there exist considerable possibilities for
efficiently doping nanophase materials at relatively low temperatures via the rapid diffusion
available along their ubiquitous grain-boundary networks, with only short diffusion paths
remaining into their grain interiors, to synthesize materials with tailored electrical, optical,
or mechanical properties.

An example of the way in which the electrical response can be significantly altered by
means of this low-temperature diffusion doping along the nanophase grain boundaries is
shown in Fig. 18. Nanophase TiC>2 with a 12 nm grain size was doped at about the 1
atomic % level with Pt diffused in from the surface [35]. After annealing in air for 4 h at
about 500°C, the ac conductivity of the sample was measured as a function of temperature
[98]. The strongly nonlinear, and reversible, electrical response shown in Fig. 18, caused
presumably by the Pt doping into the band gap of this wide band-gap (3.2 eV)
semiconductor, suggests that the rather easy impurity doping of nanoptiLse electroceramics
via rapid diffusion down their many grain boundaries and interconnected pores may lead to
a wide range of interesting device applications in the future. The enhanced low temperature
sinterability of nanophase ceramics, without the need for any possibly contaminating
additives, should help with device compatibility problems frequently encountered in such
applications. However, much work remains to be done in this area.
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Figure 18. The ac conductivity of Pt-doped nanophase TiC>2 as a function of temperature.
The sample was pre-annealed in air at about 500°C for 4 h prior to the conductivity
measurements; the electrical response is reversible with temperature.

Although the optical properties of colloidal or zeolite-supported size-selected clusters
have been a popular subject for study [2,10-12], rather limited research has been carried
out so far on the optical properties of cluster-assembled nanophase materials. However
there appear to be interesting prospects, based upon what has been accomplished for
confined systems of atoms in which the sizes of constituent domains fall below the critical
length scales pertinent to a given property. Figure 19 shows an example of how the ability
to control the porosity in the synthesis of nanophase ceramics will apparently lead to some
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rather interesting optical applications in the near future. It has been recently demonstrated
[99] that the oxidation step in the synthesis of cluster-consolidated nanophase Y2Q3 can be
so controlled that the resulting "green-state" porosity of 25-35% has a size distribution
sufficiently small and narrow, as shown in Fig. 19, that the as-consolidated material is
effectively transparent. Samples of this material are shown in the inset of Fig. 19 along
with a similar opaque sample containing a larger pore population. The ability to reduce the
size of the porosity in such material to well below the wavelengths of visible or other
radiation, coupled with the possibilities for efficient doping of these materials cited above,
should lead to a variety of controllable optical properties and related applications.
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Figure 19. Pore size distribution in nanophase Y2O3 compacted at room temperature under
500 Pa pressure to a density of between 65-75% of the theoretical value. A similar set of
samples is shown in the inset along with an opaque sample with larger pores. After [99]

The chemical reactivity of nanophase materials can also be rather striking in comparison
with that of conventional materials. Since the gas-condensed clusters, with their inherently
high surface areas, are assembled via consolidation in the method described in Sec. 2.2.2,
there can be an excellent degree of control over the total available surface area in these
self-supported ensembles. Thus, one can maximize porosity for obtaining very high
surface areas, remove most of it, but retain some to facilitate low-temperature doping or
other processing, or fully densify the nanophase material. Also, as pointed out in Sec.
2.2.2, composition control can be readily achieved. Recently completed measurements
[100] of the decomposition of H2S over lightly consolidated, high surface area nanophase
TiC>2 at 500°C demonstrate the enhanced chemical reactivity of nanophase materials rather
well. Figure 20 shows the catalytic activity for S removal from H2S via dissociative
adsorption for nanophase T1O2 (rutile) compared with that for other commercially available
forms of TiC>2 with either the rutile or anatase structure. It can be seen that the nanophase
sample was far more reactive than any of the other samples tested, both initially and also
after extended exposure to the H2S. This greatly enhanced activity was shown to result
from a combination of unique and controllable features of the nanophase material, its high
surface area combined with its rutile structure and its oxygen deficient composition.
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Figure 20. Activity of nanophase TiO2 for the dissociative adsorption of H2S as a function
of exposure time at 500°C compared with that from several commercially available T1Q2
materials and a reference (A: 76 m2/g nanophase rutile; B: 61 m2/g anatase; C: 2.4 m2/g
rutile; D: 30 m2/g anatase; E: 20 m2/g rutile; F: reference alumina). From [100].

While there are considerably more extensive discussions of the mechanical behavior of
nanostructured materials in the papers collected in these Proceedings, it is useful here to
include a couple of examples to elucidate the relationships between these properties and the
synthetic nanostructures in which they are manifest The predominant mechanical property
change resulting from reducing the grain sizes of nanophase metals is the significant
increase in their strength [68,101,102]. Figure 21 shows recent microhardness results for
several samples of nanophase Cu compared with results for a coarser-grained sample. The
smallest grain size (6 nm) sample is seen to exhibit about a 500% increase in hardness over
the coarser-grained (ca. 50 |im) sample. Nanophase Pd samples with 5-10 nm grain sizes
have also been observed to exhibit up to about a factor of five increase in hardness over
coarser-grained (ca. 100 Jim) samples [101], with concomitant increases in their yield
stress. The common strengthening behavior found in nanophase Cu and Pd indicates that
this response is generic to nanophase metals, at least those with a fee structure. The
likelihood that such mechanical behavior is more broadly generic to nanophase metals in
general is enhanced by the observations that nanophase metals and alloys produced via
mechanical attrition also exhibit significantly enhanced strength. For example, Koch and
coworkers [103,104] have found hardness increases of factors of 4 to 5 in nanophase Fe
and a factor of about 1.2 in nanophase Nt^Sn when the grain size is reduced from 100 nm
to 6 nm.
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Figure 21. Vickers microhardness measurements at a number of positions across several
nanophase Cu samples ranging in grain size from 6 to 50 nm, compared with similar
measurements from an annealed conventional 50 \un grain size Cu sample. After [68].

The increased strength observed in ultrafine-grained nanophase metals, although
apparently analogous to conventional Hall-Petch [105,106] strengthening observed with
decreasing grain size in coarser grained metals, must result from fundamentally different
mechanisms. As discused in Sec. 1.2, it is expected that as nanophase grain sizes decrease
and fall below the critical length scale for a given mechanism to operate, the associated
property will be significantly changed. The grain sizes in the nanophase metals (Cu, Pd)
considered here are smaller than the necessary critical bowing lengths for Frank-Read
dislocation sources to operate at the stresses involved and smaller also than the normal
spacings between dislocations in a pile-up. Thus, adequate descriptions of the mechanisms
responsible for the increased strength observed need to accommodate to the ultrafine
grain-size scale in these materials. As this scale is reduced into the nanostructured regime,
and conventional dislocation generation and migration become increasingly difficult, it is
apparent that the energetic hierarchy of microscopic deformation mechanisms will become
successively accessed. Thus, easier mechanisms (such as dislocation generation from
Frank-Read sources) will become frozen out at sufficiently small grain sizes and more
energetically costly mechanisms will become necessary to effect deformation. Hence, grain
confinement appears to be the dominant cause for the increased strength of nanophase
metals. Nevertheless, a contributing factor to the observed strengthening may also be the
elastic strain accommodation [68] resulting from cluster consolidation.

Also in the area of mechanical behavior, but in a different class of materials, it has been
observed from the earliest studies that nanophase ceramics are rather easily formed [27,
107-109]. Furthermore, recent nanoindenter measurements on nanophase TiO^ [92] and
ZnO [110] have demonstrated that a dramatic increase of strain rate sensitivity occurs with
decreasing grain size, as shown in Fig. 22. Since this strong and similar grain-size
dependence is found for sets of samples in which the porosity is changing very little (but
for two materials with differing "green" densities: 75% forTiC^, 85% for ZnO), it appears
that this increased tendency toward ductility is an intrinsic property of these ultrafine-
grained ceramics. The strain rate sensitivity values measured at the smallest grain sizes yet
investigated (12 nm in nanophase TiO2 and 7 nm in ZnO) thus indicate ductile behavior of

24



these nanophase ceramics, as well as a significant potential for increased ductility at even
smaller grain sizes and elevated temperatures. The maximum strain rate sensitivities
measured in these studies, about 0.04, are already approximately one-quarter that for lead
at room temperature, for example. However, no superplasticity has yet been observed in
nanophase materials at room temperature, which would yield strain rate sensitivity values
about an order of magnitude higher than the maximum observed. Nevertheless, it seems
clear that at smaller grain sizes and/or at elevated temperatures, superplasticity of these
materials should be observed. Indeed, some limited evidence for such behavior has
recently appeared [109].

0.045

0.040-

I" 0.035-

0.030H

g 0.025-

1 0020~
0.015-

0.010-

[I ^

n ZhO
• TiCL

(3
§

10 100
Grain Size (nm)

1000

Figure 22. Strain rate sensitivity of nanophase T1O2 [92] and ZnO [110] as a function of
grain size. The strain rate sensitivity was measured by a nanoindentan'on method and the
grain size was determined by dark-field transmission electron microscopy.

The enhanced strain rate sensitivity at room temperature found in the nanophase
ceramics TiC>2 [92] and ZnO [110] shown in Fig. 22. appears to result from increased grain
boundary sliding in this material, aided by the presence of porosity, ultrafine grain size,
and probably rapid short-range diffusion as well. This behavior is therefore dominated by
the presence of the numerous interfaces in these materials and the very short diffusion
distances involved in effecting the necessary atomic healing of incipient cracks for grain
boundary sliding to progress at the strain rates utilized without fracturing the sample.
Extrapolating from this apparently generic behavior, one can expect that grain boundary
sliding mechanisms, accompanied by short-range diffusion assisted healing events, would
be expected to increasingly dominate the deformation of a wide range of nanophase
materials. Enhanced forming and even superplasticity in a wide range of nanophase
materials, including intermetallic compounds, ceramics, and semiconductors might become
a reality. Consequently, increased opportunities for high deformation or superplastic
near-net-shape forming of a very wide range of even conventionally rather brittle and
difficult to form materials could result.

The possibilities for plastic forming nanophase ceramics to near-net shape appear to be
well on their way to realization. Karch and Birringer [108] have recently demonstrated that
nanophase TiC>2 could be readily formed to a desired shape with excellent detail below
900°C, and the fracture toughness was found to increase by a factor of two as well. The
ability to extensively deform nanophase TiC>2 at elevated temperatures (ca. 800°C) without
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cracking or fracture has been clearly demonstrated by Hahn and coworkers [109, 111].
While these latter demonstrations have been accompanied by significant grain growth in the
samples at the elevated temperatures employed, it can be expected that lower temperature
studies (below 0.4-0.5 of the absolute melting temperature) in the future will also allow for
near-net-shape forming of nanophase ceramics with both their ultrafine grain sizes and their
attendant properties retained.

5 . Conclusions

The research accomplished to date indicates that there are tremendous opportunities for
synthesizing nanostmctured materials with new architectures at nanometer length scales
from atomic or molecular precursors via the assembly of atom clusters and by a myriad of
other techniques now becoming available. The keys to the future of nanostructured
materials, however, will be both in our ability to significantly improve the properties of
materials by artificially structuring them on these nanometer length scales and in developing
the methods for producing these materials in commercially viable quantities. The future
appears to hold great promise for nanostructured materials, based upon the limited
knowledge that has already been accumulated, but much work remains to be done.

The examples presented in Sec. 4 have demonstrated that, even in our crude initial
attempts to change and to control the properties of materials via nanostructuring, it is
already possible to dramatically alter a variety of technologically important properties of
materials in this manner. It was shown that the strength of normally very ductile pure
metals can be increased by orders of magnitude simply by reducing their grain sizes into the
range where dislocation generation and migration becomes confined and difficult Chi the
hand, normally very brittle oxide ceramics can be rendered more ductile and formable by
reducing their grain sizes into the range where grain boundary sliding becomes facilitated
by the high number density of internal interfaces and the rapid atomic diffusion therein.
Since cluster "building blocks" can already be assembled with some modicum of control
over the retained porosity and composition in the nanophase compact, it was also
demonstrated that significant positive effects on the electrical response of a wide band-gap
semiconductor 'device1, the optical transparency of a nanophase ceramic 'window', and the
chemical reactivity of a self-supported nanophase 'catalyst' can result The possibilities for
engineering the electrical, optical, and catalytic properties of nanostructured materials will
clearly be further enhanced by the ability to further control the compositions and defect
structures in these materials. Such examples suggest that even more exciting opportunities
may be available as we learn to synthesize more sophisticated multifunctional composite
nanostructured materials in the future.

Combining the various aspects of nanometer scale and composition and interface
control in nanostructured materials to create a variety of new technological materials with
atomically engineered properties will be a great challange. Fortunately, we are beginning to
learn something about the relationships between nanostructure and material properties and
how these might be changed through a variety of synthesis and processing methodologies
to control material performance. It seems quite possible that by developing the means for
creating new materials engineered from atomic or molecular precursors that we may indeed
be on the threshhold of a new era in materials technology. It is a challenge, therefore, that
appears to be well worth the effort
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