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RESUME

Le canal de combustible (composé d'un tube de force et d'un tube
de cuve fabriqués à partir d'alliages de zirconium) de réacteur CANDU
subit des changements de forme en raison de la déformation produite par le
rayonnement. C'est la conséquence de la modification microstructurale
provenant des dégâts dûs au rayonnement provenant du flux de neutrons
rapides. Le présent rapport résume l'état actuel de notre connaissance des
processus physiques qui sont la cause de la déformation. On y décrit, tout
en songeant au lecteur et à la lectrice non spécialistes, les mécanismes
fondamentaux d'une manière permettant d'éviter une bonne partie de la
terminologie technique associée. Ainsi, on présente les concepts de base
de la plasticité d'une matière cristalline et on les rapporte aux divers
défauts microstructuraux produits au cours de l'irradiation. On y examine,
en particulier, les mécanismes de fluage (déformation dépendante du temps
activée par une contrainte appliquée) et d'augmentation (déformation
dépendante du temps produite en l'absence de contrainte) en employant un
langage semblable à celui d'une publication telle que "Scientific American"
accompagné de graphiques simples. On y mentionne des études théoriques
(tout en évitant la complexité mathématique) et des mesures d'essais. On y
montre comment on peut se servir des connaissances qualitatives et
quantitatives pour en tirer un modèle prédictif destiné aux concepteurs et
opérateurs de réacteurs. On y évalue la situation actuelle de ce modèle et
suggère des améliorations futures.

Les travaux signalés dans ce document ont été financés dans le
cadre du Programme de RD de GPC (COG) et exécutés par le Groupe de travail
N°32.
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ABSTRACT

The fuel channel (comprising a pressure tube and a calandria tube
fabricated from zirconium alloys) in a CANDU® reactor undergoes shape
changes because of radiation-induced deformation. This is a consequence of
the microstructural modification arising from radiation damage produced by
the fast-neutron flux. This report summarizes our current understanding of
the physical processes responsible for the deformation. With the non-
specialist reader in mind, the underlying mechanisms are described in a
manner that avoids much of the associated technical terminology. Thus, the
basic concepts of plasticity in a crystalline material are introduced and
related to the various microstructural defects created during irradiation.
In particular, the mechanisms of creep (a time-dependent strain activated
by an applied stress) and growth (a time-dependent strain occurring in the
absence of stress) are discussed in a language characterized by a publica-
tion such as "Scientific American", assisted by simple diagrams. Reference
is made to both theoretical investigations (avoiding mathematical complexi-
ty) and experimental measurements. It is shown hov the qualitative and
quantitative knowledge can be used to derive a predictive model for reactor
designers and operators. The current status of such a model is evaluated
and suggestions for future improvements made.

The work reported in this document was funded by COG R&D Program:
Working Party No. 32.
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1. INTRODUCTION

A feature that distinguishes a pressure-tube reactor from a
pressure-vessel reactor is the fact that the structural component contain-
ing the pressurized coolant passes through the core of the reactor. Thus,
in the CANDU® * system and its derivatives, the zirconium alloy fuel chan-
nel, comprising the pressure tube and the calandria tube, is exposed to the
full fast-neutron flux during reactor operation. The primary effect of the
energetic neutrons is to modify the microstructure of the fuel-channel
components, and hence their mechanical properties. As the overall result
is a general deterioration of the properties, we refer to this phenomenon
as "radiation damage".

The engineering consequences of radiation damage fall into the
following categories:

1. The dimensions of the fuel-channel components change in a time-
dependent fashion. This is usually referred to as radiation-
induced (or -enhanced) deformation.

2. The resistance to fracture decreases. Thus, for example, the
fracture toughness, and hence the critical crack, length, is re-
duced and the subcritical crack growth rate due to delayed hy-
dride cracking is increased. Both of these are detrimental to
the leak-before-break design criterion. The generic term for
these effects is radiation-induced embrittlement.

3. Recent post-irradiation examinations of pressure tubes removed
from power reactors have led to the possibility that radiation
can influence the rate at which deuterium can be absorbed at the
surface of zirconium alloys. Thus, in addition to the effect
that radiation has on the chemistry of corrosion and deuterium
pickup, it has been speculated that the radiation-modified micro-
structure can change the ingress rate, by physical or mechanical
effects, particularly involving the oxide/metal interface.

In this report, we are examining the processes that underly
radiation-induced deformation. However, as fracture is always accompanied
by, and usually controlled by, plastic deformation associated with the tip
of a propagating crack, the contents of this report also relate to
radiation-induced embrittlement (see Reference 1 for a review of this).
Similarly, those microstructural changes that affect the deformation char-
acteristics of the material can also modify corrosion and/or deuterium
pickup rates, e.g., radiation-induced precipitation [2]. Thus, a study of
the precursors to radiation-induced deformation may elucidate the mecha-
nisms of deuterium ingress.

CAMada Deuterium Uranium. Registered in the U.S. Patent and Trademark
Office.
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The major purpose of this report is to review our current knowl-
edge and understanding of radiation-induced deformation in a format acces-
sible to the non-expert in this field. To accomplish this, the underlying
mechanisms are described in a manner that avoids the complexity and confu-
sion of technical jargon. Consequently, whenever it is necessary to intro-
duce key concepts and terminology, sufficient background information is
provided, often in pictorial form, to assist the non-expert reader. The
aim is to recast the major themes of the scientific literature in this
field in the language and vocabulary that characterize a publication such
as "Scientific American".

2. RADIATION-INDUCED DEFORMATION DEFINED

When a small tensile stress is applied to a metal, a correspon-
dingly small elongation strain results Instantaneously. If the stress is
removed, the strain is fully recovered; this is elastic deformation. If
the stress is increased, the strain increases in a linear fashion, until
the yield stress is reached. At this point, irreversible, rapid, plastic
deformation occurs in a non-linear fashion and the resulting shape change
is essentially permanent. Many design engineering codes are constructed on
the basis that the stress experienced by the structure must be less than a
designated fraction (e.g., 2/3) of the yield strength.

In practice, it is found that, for stress levels considerably
below the yield stress, plastic strain will gradually accumulate with time.
Such deformation is termed creep, a word indicating its slow time dependen-
cy. The rate at which creep occurs often defines the operating lifetime of
the structure because there may be a limited total tolerance to distor-
tional strain, or creep-induced fracture may occur.

In general, the creep rate increases with stress and temperature
(creep being a thermally activated process). The creep rate also increases
in the presence of radiation, particularly that due to fast neutrons. In
addition, irradiation introduces deformation modes other than creep (which
requires the presence of a stress), as follows:

1. Radiation-Induced Growth. Under zero stress, zirconium will
undergo a shape change. This does not occur in the absence of
irradiation.

2. Radiation-Induced Swelling. Deformation by creep and growth are
volume conserving. Irradiation can also produce a fine disper-
sion of internal voids or precipitates in a metal. This gives
rise to a bulk swelling (a decrease in density) under irradia-
tion.

Whereas elastic strains are intrinsic characteristics of the
metal's lattice, the creep, growth and swelling strains are extremely de-
pendent on the existence of defects within the lattice. To unfold this
story, we must examine the nature of these defects and how they proliferate
under the influence of irradiation.
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3. THE FORMATION OF POINT DEFECTS UNDER IRRADIATION

The exposure of any crystalline solid to energetic particles
(e.g., fast neutrons) causes atoms to be displaced from their normal lat-
tice positions. As a result, two kinds of point defects are created. The
displaced atom is called an "interstitial" and the corresponding empty
lattice site is called a "vacancy", as represented schematically in
Figure 1.

A fast neutron (with an energy >1 MeV) is capable of producing a
large number of vacancy-interstitial pairs, grouped into high-density
clusters, or cascades. The multi-collision process is depicted, schemati-
cally, in Figure 2(a). The incident neutron transfers kinetic energy to a
primary knock-on acorn, which proceeds to displace further atoms (of the
order of 1000 atoms) in a sequential process. Figure 2(b) shows the gen-
eral configuration of the final collision cascade. The core of the cascade
contains a high concentration of vacancies surrounded by an interstitial-
rich shell. Within the cascade, a large number of vacancies and intersti-
tials recombine in very short time periods (~10~1:l s). As this does not
require much thermally activated diffusive movement oZ the atoms, this is
called athermal recombination. Following this period of mutual annihila-
tion, the surviving fraction (~0.5) of the point defects are free to dis-
perse and migrate (by diffusion) throughout the crystal until they too are
annihilated by further recombination (now termed thermal recombination), or
by absorption at other types of crystal defects, such as dislocations or
grain boundaries (see Section 4). Thus, there is a balance established
between point-defect production and annihilation that results in a dynamic
equilibrium concentration of vacancies and interstitials throughout the
crystal lattice. This concentration is higher (a factor of ~106) than the
normal thermal equilibrium concentration* and the resulting supersaturation
provides the main thermodynamic driving force for the diffusive migration
of the point defects towards the major absorption sites (termed sinks),
such as the dislocations. The details of this process are outlined later
in this report.

The amount of radiation received by a component or specimen is
often simply reported as the integrated neutron fluence, i.e., flux x time
in units of neutrons per square metre. The integration is usually done for
neutron energies in excess of 1.0 MeV. However, it is preferable to repre-
sent the amount of radiation damage by a parameter related to the number of
point defects produced, allowing for those destroyed during the athermal
recombination stage. This is calculated by a process specified by the ASTM

At any temperature above absolute zero, there is always a certain
population of point defects present in the crystal as a consequence of
thermal agitation. The thermal equilibrium concentration of vacancies
is always greater than interstitials. In fact, at normal temperatures,
the concentration of interstitials is negligibly small. The existence
of a large number of interstitials is a feature that distinguishes the
in-reactor state from normal laboratory conditions.
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Committee on Nuclear Technology and Applications, which estimates the "dis-
placements per atom", or simply, dpa. This requires the reactor fast-
neutron flux and energy spectrum to be taken into account. The methodology
for this, specific to zirconium, has been developed [3]. In a typical
CANDU reactor, thirty years' irradiation (the design lifetime) produces
about 30 dpa. This means that each zirconium atom has been knocked out of
its equilibrium position 30 times during this period! It is only the in-
herent tendency for a metal to retain its crystalline stability (i.e.,
return to a state of thermodynamic equilibrium) that restores order to this
chaos and hence maintains structural integrity.

It is to be noted here (and discussed more fully in
Section 9.2.3) that interstitials are generally more mobile than vacancies
at any given temperature (the mobility of both increases with the tempera-
ture), this mobility being represented by a diffusion coefficient for va-
cancies Dv and a diffusion coefficient for interstitials Di, given by an
equation of the form

-AH V r:

1cT~Dv,i = D?,v exp (1)

where D° is a constant and AH is the activation energy (enthalpy) for dif-
fusion of the vacancy or the interstitial, representing the energy barrier
a point defect must overcome to jump from one site to another.

In addition, the amount of distortion in the lattice surrounding
the point defect is a lot greater for the interstitial (which has to force
open the lattice to accommodate it) than for the vacancy, an important
point that we return to later.

4. THE EXISTENCE OF OTHER LATTICE DEFECTS

In addition to the point defects described above, there are other
types of defects that exist in any crystalline metal (a crystal that is
defect-free is an unusual laboratory curiosity, not normally encountered in
practice). It is the very presence of the defects that is responsible for
the mechanical behaviour of a metal, particularly its deformation proper-
ties. In fact, if a metal had no such defects, its yield strength would be
much higher (a factor of about 100) than that experimentally observed.
Within the context of this report, two of these defects hold prominence.

4.1 THE GRAIN BOUNDARY

Special preparation techniques have been developed to produce
macroscopic specimens of metals as a single crystal. This is extremely
useful for performing deformation experiments to measure the intrinsic
properties of an individual crystal. However, commercially produced metals
are generally in the form of a polycrystalline assembly. Each grain, or
crystal, abuts its neighbour along a planar interface called the grain
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boundary. In general, the spatial orientation of adjacent grains (as mea-
sured by a specific direction related to the major axes of the crystal) is
different. The degree of randomness of the disposition of the principal
crystallographic axes of the population of grains in a polycrystal can be
determined using X-ray or neutron diffraction techniques and is represented
by a parameter called the crystallographic texture.

In zirconium alloys, the crystal structure is hexagonal close-
packed (hep) (see Section 6). Such a crystal class is highly anisotropic
in its deformation modes (and other physical properties). Because the
orientation of the grains in a polycrystalline zirconium component is typi-
cally non-random (i.e., highly textured), the macroscopic deformation pro-
perties are also highly anisotropic. This feature of zirconium alloys has
important consequences for the radiation-induced deformation properties of
the fuel channel, as will be evident in later sections cf this report.

CANDU pressure tubes are currently manufactured from cold-worked
Zr-2.5Nb. The fabrication process produces highly deformed a-phase grains
elongated along the tube axis. The grain boundaries are actually phase
boundaries due to the fact that a niobium-rich /J-phase network surrounds
the a grains. This structure is represented schematically in Figure 3.
Not only is the material highly textured in a crystallographic sense (a
preferred orientation of the a grains, as represented by the arrows in
Figure 3), but the severe grain elongation also represents a texture in a
metallurgical, or morphological, sense.

Calandria tubes are manufactured from annealed Zircaloy-2. The
a-grain morphology is more equiaxed (i.e., not elongated) than that of the
pressure tube. Thus, although there is a strong crystallographic texture,
the metallurgical texture is less pronounced than that of the pressure
tube. In addition, there is no /? phase present. A representative equiaxed
grain structure is also shown in Figure 3.

In these structures, the grain (or phase) boundaries are planar
(i.e., two-dimensional) defects. They can act as sinks for the point de-
fects described in Section 3. The finer the grain size (i.e., the greater
the density of grain boundaries), the greater is the efficiency of the
grain boundary as a point-defect sink. The grain boundary is also a source
of deformation, as described in Section 5.

4.2 THE DISLOCATION

In general, it is the presence of dislocations and their intrin-
sic properties that dominate the deformation behaviour of a metal. To
understand their role, it is necessary to describe the general geometric
features of the dislocation, avoiding the more subtle complexities.

In contrast to the grain boundary, the dislocation is a one-
dimensional lattice defect, i.e., it is a line defect. For a cold-worked
material, the density of dislocations is of the order of 1014 centimetres
of dislocation line per cubic centimetre of material (most of these dislo-
cations are introduced by the cold-working process itself, well-annealed
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material having a dislocation density of about 105 cm"2). An electron
micrograph showing dislocation line defects in zirconium is shown in
Figure 4.

In any crystalline material there are two major classes of dislo-
cations: screw dislocations and edge dislocations. For the purpose of this
report, it will be necessary to consider in detail only the edge disloca-
tion.

The basic concept is that a dislocation represents a discontinui-
ty in the regular lattice and that this irregularity is a source of mecha-
nical weakness in the metal, which allows deformation to occur at stresses
far below the intrinsic strength of the perfect lattice.

The configuration of an edge dislocation is understood with ref-
erence to the three-dimensional schematic in Figure 5(a), which shows the
arrangement of atoms around the dislocation. As can be seen, there is an
extra half plane of atoms associated with the dislocation, which disrupts
the local order of the lattice. The dislocation per se is the line that
marks the bottom edge of the extra half plane. (It is this "line" that
shews up as the dark contrast diffraction image in the electron microscope,
as shown in Figure 4.) Figure 5 also shows the sequential movement (in-
duced by an applied shear stress) of the dislocation from left to right, to
produce a unit step of strain or slip: the crystal in Figure 5(c) is now
sheared by one unit of lattice spacing (given the symbol of b - the Burgers
vector). This is a case of plastic deformation by slip, often referred to
as dislocation glide.

Figure 6 represents Figure 5 in a block-diagram form. The extra
half plane is ABCD in Figure 6(a); the dislocation line is DC and the slip,
or glide, plane is EFGH. When the dislocation has slipped across the glide
plane (Figure 6(b)), a shear strain of magnitude and direction of the
Burgers vector, b, has been produced. When the symmetry of the crystal is
taken into account, the vector b will be different for dislocations of
different crystallographic orientations and therefore will be associated
with a crystallographic vector (a point to be discussed later in this re-
port).

As with the grain boundary, the dislocation line is also a poten-
tial sink for point defects (see Section 5).

In this respect, the description of deformation in metals, based on the
properties of dislocations, resides in a "weak-link" model. This is the
essence of its complexity: whereas the distortion of a well-behaved
body, such as a volume of gas, can be accurately represented by the
average collective interaction of molecular defects (by its well-defined
statistical thermodynamic parameters, such as pressure, volume and tem-
perature), the deformation of a metal depends on the isolated behaviour
of its weakest links—the dislocations. It is this structural element
that places "materials science" outside the mainstream science of phys-
ics and eludes a closed mathematical description.
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5. DEFORMATION STRAIN RESULTING FROM THE MOVEMENT OF DEFECTS

Having described the basic configuration of point defects, grain
boundaries and dislocations, we can now examine the ways in which these
defects can produce a deformation strain in a metal. The deformation modes
fall naturally into several classes, as follows:

5.1 VOID-INDUCED SWELLING

Both vacancies and interstitials are associated with some distor-
tion of the lattice and hence produce an overall macroscopic strain. How-
ever, the distortion of an isolated point defect is very small so that,
even when present in very large numbers, the net strain is negligible. In
addition, if most of the vacancies and interstitials produced recombine and
self-annihilate, their capacity for producing any strain is eliminated.

Alternatively, it is possible to produce a significant strain
when the point defects collect together to create a three-dimensional de-
fect. This generally applies to the vacancies, which can agglomerate to
form microscopic, spherical voids in the material (which can be imaged in
the electron microscope). The corresponding interstitials (which are un-
able to form large interstitial clusters, because of energetic considera-
tions) are absorbed at other sinks, such as dislocations or grain bounda-
ries. The net effect is that the density of the metal decreases. The
resulting increase in volume causes a macroscopic swelling to occur.

Void-induced swelling is a common deformation mode in steels,
particularly at high neutron fluences. Although electron microscopy
studies of irradiated zirconium have revealed the presence of some voids
(an example is given in Figure 7), their number is insufficient to cause a
significant volume increase. One of the reasons for this resistance to
swelling in zirconium is related to the requirement for the presence of a
sufficient quantity of inert gas to stabilize the void nuclei. Unlike the
steels, the production of gas (e.g., helium) in zirconium, by neutron-in-
duced transmutation, is very limited because of a low n-a cross section.

5.2 PRECIPITATION-INDUCED SWELLING

All zirconium alloys contain a variety of small precipitates
(e.g., intermetallic compounds of zirconium, tin and iron). In addition,
many elements (arising from alloy additions and impurities) are present as
dissolved solutes in the matrix. In the unirradiated condition, the dis-
tribution of precipitates and other phases is determined by thermal equi-
librium conditions, represented in the metallurgical phase diagram. How-
ever, under reactor conditions, the dynamic increase in lattice disruption
(compared to the normal thermal agitations) and the strong departure from
equilibrium conditions (as evidenced by the huge point-defect supersatura-
tions) can have a dramatic effect on phase stability. Thus, new solutes
can be created by transmutation and all solutes, whether in solution or in
precipitated form, can undergo drastic rearrangement. The net result is
the appearance of new phases and new precipitates and the dissolution of
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those originally present. Because each phase has its own lattice struc-
ture, local and global densities can change. For example, the production
of a new precipitate can often result in an increase in volume, i.e.,
swelling similar to that produced by void formation (Section 5.1). How-
ever, this has not been identified as a major source of strain in
zirconium.

5.3 POINT-DEFECT ABSORPTION AT GRAIN BOUNDARIES

The grain boundary is an effective sink for point defects, parti-
cularly when the grain size is small. When interstitials are absorbed at a
grain boundary, the result is that additional atoms are deposited =>long its
length. Conversely, when vacancies are absorbed, a layer of atoms is re-
moved. Under certain circumstances, this can result in a shape change of
the grain, causing a macroscopic deformation of the polycrystal. Thus, in
Figure 8, if interstitials preferentially migrate to grain boundaries A and
vacancies to grain boundaries B, the assembly will elongate in the vertical
direction, as shown. The tendency for vacancies and interstitials to par-
tition their diffusional migration in this way is discussed in Section 7.

5.4 DISLOCATION CLIMB

When point defects are absorbed at an edge dislocation, the
dislocation will undergo a motion called climb. In Section 4 we described
how deformation can occur by dislocation glide. In this case, the dis-
location moves along the glide plane, ABCD, in Figure 6. In contrast, when
a dislocation undergoes climb, it moves along the climb plane, EFGH, which
is perpendicular to the glide plane. This is depicted in Figure 9.
Figure 9(a) shows the extra half plane ABCD associated with separately in
Figures 9(b) to 9(d). When interstitials migrate to the dislocation, the
addition of atoms causes the half plane to be extended (the dislocation CD
climbs downward onto a new glide plane), as shown in Figure 9(c). Con-
versely, Figure 9(d) shows the upward climb of the dislocation when atoms
are removed by vacancy absorption.

The climb of a dislocation causes a strain, i.e., deformation
ensues. This is represented in Figure 10, which shows the extra half plane
of Figure 9 In cross section. As interstitials are absorbed to cause down-
ward climb (Figure 10(a)), the crystal extends in the direction of the
arrows. The magnitude and direction are determined by the Burgers vector.
In contrast, as vacancies are absorbed, the crystal contracts, as indicated
in Figure 10(b).

5.5 DISLOCATION CLIMB AND GLIDE

In Section 4, we saw how deformation will occur when a disloca-
tion undergoes glide in its slip plane. The amount of glide that occurs
can be limited by obstacle., encountered by the dislocation. Typical
obstacles to slip are other dislocations, solute atoms, and precipitate
particles. Figure ll(a) shows, schematically, an edge dislocation (usually
represented as an inverted "T") under the action of a shear stress, which
has moved from left to right and is now held up at a shear-resistant
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precipitate; deformation ceases. However, the obstacle can be overcome by
the dislocation absorbing point defects and climbing onto a new glide plane
that circumvents the obstacle and allows deformation to continue. This is
shown in Figure ll(b). Note that the same result is obtained whether the
dislocation climbs upwards (absorption of vacancies) or downwards
(absorption of interstitials). This overall process is called climb-
assisted glide.

5.6 FORMATION OF DISLOCATION LOOPS

A striking feature of the microstructure of irradiated metals is
the existence of circular dislocation loops. An electron micrograph of
such loops is shown in Figure 12. They are a major source of radiation-
induced strain in zirconium alloys. The origin of this strain is depicted
in Figure 13. The dislocation loop in Figure 13(a) is shown in cross-
section in Figure 13(b) and 13(c), where the layers of atomic planes are
indicated. In Figure 13(b) a circular section of the layer has been re-
moved: this occurs by a large number of vacancies collecting in a two-
dimensional "raft", thus eliminating a circular disc of atoms. The inward
collapse of the adjacent atom layers causes a contraction strain, indicated
by the arrows. That this defect is a dislocation becomes apparent when
Figure 13(b) is compared with Figures 5 and 9: there are now two extra half
planes of atoms.

As more vacancies migrate to, and are absorbed at, the vacancy-
type dislocation, the loop expands and the strain increases. This is
exactly the same process as dislocation climb, discussed in Section 5.4.
Similarly, as more interstitials are absorbed by the interstitial-type
dislocation (Figure 13(c)), the extension strain increases. The specifics
of this process, as it relates to zirconium, are presented in Section 6.

6. PHENOMENOLOGICAL OBSERVATIONS OF RADIATION DEFORMATION IN ZIRCONIUM

The manifestations of radiation deformation modes that hold
engineering significance for the CANDU fuel channel are as follows:

1. The diameter of the pressure tube increases with time. This
mainly comprises creep (under the action of the coolant
pressure), growth contributing in a minor fashion.

2. The pressure tube elongates. This is largely due to radiation
growth, although a creep contribution is also present. In con-
trast, the elongation of the calandria tube over the reactor
lifetime is expected to be minor, unless some microstructural
instability is induced at liigli neutron fluenc.e.

3. The diameter of the calandria tube decreases by creep under the
action of the hydrostatic pressure of the surrounding moderator.
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4. The pressure tube undergoes creep sag within the unsupported span
between the garter springs (exacerbated by misplacement of the
garter springs), eventually making contact with the calandria
tube.

5. The total fuel-channel assembly sags under its own weight (inclu-
ding the fuel bundles). This is controlled by the creep rate of
the calandria tube, which has greater creep resistance because of
its low operating temperature.

All of the above dimensional changes are linked to the fact that
the deformation of zirconium components is highly anisotropic. This arises
from the intrinsic crystallographic anisotropy of th<_ zirconium lattice,
much of which is preserved at the macroscopic level by the intense texture
developed during the manufacturing process. With this in mind, we have to
examine the specific crystallographic geometry of the zirconium lattice.

The crystalline structure of zirconium is hexagonal close-packed
(hep). "Close-packed" refers to the fact that the zirconium atoms are
stacked in an arrangement that minimizes free space, as shown in Figure 14.
"Hexagonal" refers to the overall geometry of a complete stacking unit, as
indicated. Unlike many other metals (e.g., stainless steels), which have a
cubic structure, the hep crystal is anisotropic in its mechanical proper-
ties, such as its elastic and plastic properties. The latter arises from
the fact that the dominant dislocation slip planes are not equivalent in
their plastic response to a stress. The significance of the anisotropy
becomes apparent when it is realized that, unlike zirconium, stainless
steel (being isotropic) does not normally undergo radiation growth, and its
creep properties are generally isotropic. Growth and anisotropic creep in
zirconium are both responsible for the characteristic deformations of the
fuel channel, outlined above.

A single crystal unit, showing hexagonal symmetry, is shown in
Figure 15 (cf. Figure 14). Figure 15(a) shows the major crystallographic
directions, <c> and <a>. Figures 15(b) and 15(c) show the planes referred
to as basal and prismatic. It is well established that radiation growth
occurs by elongation along the <a> direction and shrinkage along the <c>
direction. This will occur if, for example, atom layers are added to prism
planes (by the growth of interstitial dislocation loops lying in the prism
planes, with <a>-type Burgers vectors), giving an elongation vector in the
<a> direction, and/or removing atom layers from basal planes (via the
growth of vacancy loops lying in the basal planes, with <c>-type Burgers
vectors), giving a shrinkage vector in the <c> direction.

Although this is a simple concept, the detailed mechanisms by
which this occurs are complex and are at the focus of understanding the
process. Electron microscopy has confirmed that irradiation can produce
holh interstitial and vacancy loops on prism planes and only vacancy-type
loops on the basal planes. Thus, in principle, electron microscopy can be
used to explain the amount of macroscopic deformation through the micro-
structural evolution by:
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- determining the loop Burgers vector;
- determining the habit plane of the loop and their type (intersti-

tial or vacancy);
- statistically determining the size and number distribution of the
loops: and

- averaging the strain vectors in the <c> and <a> directions, tak-
ing into account the crystallographic texture of the polycrystal-
line aggregate.

At this juncture, it is important to emphasize that irradiated
zirconium contains both interstitial and vacancy loops. This is very
different from the cubic materials, where only interstitial loops are ob-
served. The problem of explaining the coexistence of both types of loops
is a feature of this report.

7. PREFERENTIAL POINT-DEFECT ABSORPTION AT SINKS

It should be evident from Section 5 that the strain mechanisms
involving point-defect absorption at sinks requires the diffusional migra-
tion of vacancies and interstitials to be imbalanced. Thus, although there
is an abundance of these point defects, because the strain associated with
the absorption of each vacancy (a removal of atoms) is equal and opposite
to the absorption of each interstitial (an addition of atoms), if vacancies
and interstitials arrive at a sink in equal numbers, there will be no net
strain (e.g., dislocations will not climb, voids and dislocation loops will
not form). For this reason, a fundamental requirement for radiation-
induced deformation is that the rate of arrival of vacancies at a sink must
be different to that of interstitials. Seeking an explanation for this has
been the nub of the development of theoretical understanding. It has been
a central focus that has caused a great deal of confusion and controversy.
In order to proceed, it is essential that the physical principles underly-
ing the partitioning of point defects among the variety of sinks be under-
stood.

Earlier theories of radiation-enhanced deformation sought an
explanation in the increased flux of point defects to sinks arising from
the high defect production rate generated by neutron bombardment. The
essence of the argument was that the activation energy for diffusion (AH in
Equation (1)) was reduced to the activation energy for migration (under
normal thermal conditions, AH is the sum of the activation energy for
point-defect formation and that for migration) as the formation of point
defects was actualized by the radiation process itself. This would speed
up all diffusionally controlled processes. This explanation was flawed
because attention was focussed only on the vacancies, the countereffeet of
interstitials being ignored.

In fact, the diffusivity of interstitials is generally a lot
higher than that of vacancies. Thus, in the earlier stages of irradiation,
interstitials, being more mobile, will arrive at all sinks, at a rate in
excess of vacancies. As time progresses, this will result in the vacancy
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supersaturation increasing, at the expense of the interstitial supersatura-
tion. As the degree of supersaturation is the driving force for the diffu-
sional migration and therefore ultimately controls the rate of arrival of
point defects at the sinks, a self-balancing steady state develops where
the flux of point defects to the sinks is identical for both vacancies and
interstitials (and equal to the production rate). This would result in
mutual cancellation and the sink woulc produce no net strain. There must
be some other factor that causes some differential, an imbalance, between
the vacancy and interstitial flux.

The classical explanation for this lies in secondary "drift"
terms that enter the flux equations. The origin for this is found in the
elastic interaction of the point defects and the stress field associated
with some types of sinks. This is particularly true of the dislocations
(both straight dislocations and dislocation loops). Examination of the
dislocation structure in Figures 5, 9 and 13 will make it apparent that the
dislocation itself is surrounded by intense distortion of the atom planes-
It is evident by inspection that the inserted half plane produces a local
compressive stress, whereas the region below is under tension. This stress
field, which extends into the lattice, decreasing in strength with distance
away from the dislocation centre, creates an attractive drif<: force on the
diffusing point defects. The nature of the force is a gradient of elastic
interaction energy, which in simplified form can be represented by

drift force = || AV (2)

where dP/dx is the hydrostatic stress gradient of the dislocation stress
field and AV is the relaxation volume of the point defect and arises from
the lattice distortion associated with it, referred to in Section 3.

When a vacancy is formed, the surrounding atoms tend to relax
inwards around the empty lattice site (refer to Figure 1). Thus there is a
localized volume decrease and the vacancy relaxation volume, AVV, is nega-
tive. In contrast, the outward movement of atoms surrounding the intersti-
tial results in a local volume increase, hence AVi is positive. In terms
of Equat-on (2), the elastic interaction energy term PAV is such that va-
cancies will preferentially drift along the compressive gradient of the
dislocation and interstitials will drift along the tensile gradient. The
result is that both vacancies and interstitials are attracted towards the
dislocation, where they are absorbed. However, because |AVr| » |AVV|, the
drift is much greater for the interstitial than the vacancy. The net
result is that the dislocation shows a preference for interstitials, i.e.,
the diffusive flux of interstitials will be much higher than that of the
vacancies and the dislocation will climb by extending its extra half plane
(addition of atoms). We say that the dislocation sink is "biased" towards
interstitials. The concept of a bias, which can cause an imbalance between
vacancy and interstitial fluxes, is central to explaining the existence of
radiation deformation processes.
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In order that interstitial-absorbing climb can continue indefi-
nitely, the excess vacancies must be absorbed at some other sink. This can
occur at a sink that is biased towards vacancies or, more typically, to a
sink that has no bias at all; this is termed a neutral sink. A neutral
sink is one that has no stress field associated with it. Examples would be
a grain boundary, or a void. Thus, in the presence of an interstitial-
biased sink (a dislocation), there is a partitioning of point defects,
where interstitials are preferentially absorbed at the dislocation and, by
default, the neutral sink (e.g., a grain boundary) absorbs the correspon-
ding excess vacancies (but is not said to be intrinsically biased towards
the vacancies).

It is important to point out that within this theory of the par-
titioning of point defects to sinks, through the PAV drift term, disloca-
tions are always preferentially biased toward interstitials. This is true
whether the dislocations are present as straight segments or loops. Con-
sequently, any interstitial-type loops will grow by interstitial absorp-
tion, while any vacancy-type loops present will shrink and be annihilated
by interstitial absorption (i.e., the formation of vacancy loops was disal-
lowed by the theory). This was the position of the so-called "conven-
tional" theory up to about 1979. More recent developments in understanding
introduced significant modifications to this overall picture, as discussed
in Section 9.

Armed with these basic concepts, we are now in a position to
examine explicit mechanisms of radiation-induced deformation.

8. A SURVEY OF RADIATION DEFORMATION MECHANISMS PUBLISHED PRIOR TO 1979

Radiation-induced deformation has been studied, from a mechanis-
tic point of view, for several decades (starting in about 1955, when defor-
mation was observed to accompany fission in uranium). Consequently, there
is an abundance of theoretical models in the literature. A summary of the
earlier developments was presented by Bullough and Wood at the Internatio-
nal Conference on Fundamental Mechanisms of Radiation-Induced Creep and
Growth, held at the Chalk River Nuclear Laboratories (CRNL) in 1979 [4].
Progress on creep processes was updated in 1987 by Matthews and Finnis [5]
and on growth by Holt [6] at the International Workshop on Mechanisms of
Irradiation Creep and Growth held at Hecla Island. The majority of these
models are based on a reaction-rate-theory approach, to simplify the
solution of the detailed drift-diffusion-recombination problem.

The rate-theory model is based on the assumption that reactions
among point defects and sinks obey similar kinetics to chemical reactions
between molecules diffusing in a solvent. Such a bimolecular reaction
between species A and B is of the form

A + B + C (3)
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where the reaction product, C, is assumed to have no influence on the sub-
sequent reaction process. The theory then allows an expression to be writ-
ten down for the rate of change of concentrations of A and B. In a similar
fashion, we can represent the dynamics of the irradiation-produced point
defects by the rate equations

Ci = K + Dikfci + aCiCv (4)

Cv = K + DvkvCv + adCv (5)

where Ci and Cv are the concentrations of interstitials and vacancies,
respectively, Di and Dv are their migrational diffusivities. The
radiation-induced defect production rate is given by K. The quantities ki
and kv are the sum of the sink strengths for interstitials and vacancies,
for all the sinks in the material. The third term in Equations (4) and (5)
is the recombination rate (characterized by the coefficient a), which is
also dependent on Di and Dv. The sink strength (k) is a parameter that
represents the efficiency of each sink, taking into account its diffusional
geometry, including any drift terms (and therefore the bias) and the sink
density. Through Equations (4) and (5), the net flux of point defects to
each sink can be calculated and hence, using the knowledge of the strain
produced by each sink type, as described in Section 5, and the orientation
of that strain, as described in Section 6, the total macroscopic strain
rate can be predicted.

We will now examine the extant theories that lend themselves to
this approach, bearing in mind that it is impossible within the scope of
this report to describe every contribution. Rather, the intent is to show
how the general theoretical understanding has developed along a path of
continuity, guided by experimental observations and the logic of physics.
It is convenient in this regard to split the evolving historical develop-
ment into two periods. The first, outlined in the remainder of this sec-
tion, deals with the position established prior to 1979, the date of the
CRNL Conference. Then Section 9 describes the more recent developments,
which address the weaknesses of the earlier theories, bringing us up to
date with the summary of current understanding presented at the Hecla
Island Conference held in 1987.

8.1 VOID FORMATION MODEL

Some of the earliest radiation-damage theories [7,8] were con-
structed to explain swelling due to void formation. These theories depend-
ed on the fact that dislocations are biased towards interstitials, the void
being a neutral sink. Thus, the interstitials are preferentially absorbed
at dislocations (producing creep), leaving the excess vacancies to be ab-
sorbed by the void, resulting in bulk swelling. Although this model is
successful in explaining the deformation behaviour of steels in fast reac-
tors, it is largely inapplicable to zirconium, which forms few voids.
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8.2 STRESS-INDUCED PREFERRED NUCLEATION OF INTERSTITIAL LOOPS

Based on the idea that a dislocation preferentially absorbs in-
terstitials, a creep and growth model can be formulated to take into ac-
count the strain arising directly from dislocation climb. However, this
requires that the dislocation population have some preferred, anisotropic,
spatial distribution (the average strain resulting from the climb of a
random distribution of dislocations would add up to zero).

Under the action of an external tensile stress, interstitial-type
dislocation loops will prefetentially nucleate on planes normal to the
strsss axis. This is termed stress-induced preferred nucleation, or SIPN.
Once nucleated, the interstitial loops (being biased towards interstitials)
will continue to grow and cause an elongation along the tensile axis [9].
As the loop-growth stage will continue even if the stress is removed, this
deformation mode is a hybrid of growth and creep. Within this mechanism,
there is still the need for a neutral sink, to be present. It is assumed
that this is a void, or perhaps a grain boundary.

The main feature of the SIPN and void-swelling models is that the
dislocation bias is such as to cause all interstitial loops to grow and all
vacancy loops to shrink (both are biased towards the interstitials). This
is inconsistent with electron microscopy observations on irradiated zirco-
nium, which show the presence of growing vacancy loops, in addition to
interstitial loops, as discussed in Section 6.

8.3 STRESS-INDUCED PREFERRED ABSORPTION OF POINT DEFECTS

In Section 7 we discuss the way in which the interaction between
the relaxation volume of the point defect and the stress field causes a
dislocation to be biased towards interstitials. The responsible elastic
interaction is called the "size effect", for fairly obvious reasons. There
is a secondary additional term, called the "inhomogeneity effect", which
arises because the local inhomogeneity of the lattice surrounding the point
defect causes a perturbation in the normal elastic modulus. This term is
affected by an externally applied stress, in addition to the stress field
of the dislocation. The net effect is that dislocations whose Burgers
vectors are parallel to the tensile axis of the applied stress (i.e., the
extra half plane of the dislocation is normal to the tensile axis) will
absorb more interstitials than those with Burgers vectors perpendicular to
the stress axis. This, then, affects the bias of the dislocations accord-
ing to the orientation of the dislocation with respect to the applied
stress and is the origin of stress-induced preferred absorption, or SIPA.

SIPA causes a radiation-induced deformation strain due to dislo-
cation climb. No neutral sinks are required to be present. Interstitials
are preferentially absorbed by dislocations with Burgers vectors parallel
to the tensile axis and vacancies are preferentially absorbed by disloca-
tions with Burgers vectors perpendicular to the stress axis. The result is
a creep extension in the direction of the tensile stress. This mechanism
was originally proposed independently by Heald and Speight [10] and Wolfer
and Ashkin [11] and elaborated by Bullough and Hayns [12]. Because of its
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relative simplicity, SIPA has provided a focus for understanding radiation-
induced deformation and has undergone further refinement. In particular,
the original theory for the cubic metals (e.g., steels) has been extended
and modified to incorporate the specifics of the zirconium hep lattice.
Thus, the anisotropy of the dislocation Burgers vector distributions (in-
cluding the intrinsic crystallographic anisotropy of the hexagonal lattice
and the extrinsic metallurgical anisotropy introduced by the plastic defor-
mation involved in the fabrication of the alloys) has been taken into ac-
count [13,14]. In addition, the extra anisotropy in the dislocation struc-
ture introduced by SIPA-induced creep itself has been shown to result in
the increase of the growth component contributing to the overall deforma-
tion strain [15], i.e., a coupling of creep and growth processes by means
of SIPA.

8.4 CLIMB-INDUCED GLIDE

The SIPN and SIPA mechanisms have the feature that the deforma-
tion strain is produced solely by the climb of straight dislocations, or
the formation and growth of loops. Any strain resulting from climb-induced
glide (CIG), as discussed in Section 5.5, is not included. The main dif-
ficulty presented is that the contribution due to dislocation glide is
difficult to estimate quantitatively, although this may be the dominant
source of strain. As can be seen from Figure 11, the problem is to calcu-
late the height of the obstacle (h) that must be overcome and the glide
distance (d) to the next obstacle before the dislocation is again held up
in its glide plane. The creep rate is then proportional to the effective
glide velocity, Vcd/h, where Vc is the climb velocity of the dislocation
held up in its glide plane. One way around this uncertainty is to argue
that the inexorable nature of climb processes is such as to produce local-
ized areas of high internal stress sufficient to exceed the yield stress so
that general glide-induced plastic strain will occur until the internal
elastic stress is fully relieved. This is the basis for the so-called
I-creep model of Gittus [16]. In this case, h is the mean dislocation
separation and d is equal to one elastic deflection and d/h - 0.5 for typi-
cal dislocation densities.

Other workers have assumed the main obstacles to glide are the
voids [17], or defect loops [18], where voids are present as neutral sinks,
but these mechanisms are not appropriate to void-resistant metals, such as
zirconium. However, Dollins and Nichols [19] considered the obstacle to be
the atom-depleted zones created by the collision cascades (depicted in
Figure 2), where d/h ~ 3.

In all of the above models, the dislocation climb velocity (Vc)
is derived from the interstiH^1-biased dislocation in the presence of a
neutral sink, typically in the form of voids. An alternative is to use
SIPA-controlled climb, which does not require a neutral sink. Such models
have been developed by Mansur and Reiley [20] and Woo [14,21].

8.5 MECHANISMS SPECIFIC TO ZIRCONIUM

As growth is a major contributor to the radiation deformation of
zirconium, much of the theoretical attention has been devoted to growth
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mechanisms,* starting with the early work of Buckley [22]. He attributed
the observation of <a>-axis expansion and <c>-axls contraction to the for-
mation of interstitial loops on prism planes and vacancy loops on basal
planes (see Section 6). A consequence of this model is that crystallogra-
phically textured polycrystals would grow according to the law

e a 1 - 3F (6)

where e is the growth rate and F is the resolved fraction of basal-plane
normals along the measurement direction.

It is important to note that, for macroscopic growth to occur in
polycrystalline material, there must be some crystallographic texture pre-
sent. Thus, if the grains were randomly orientated, the average growth
strain of the multi-grain assembly would equal zero. In such a case,
F = 1/3 and Equation (6) would predict zero growth. For the pressure tubs
and calandria tube, growth is at a maximum along the tube axis, where
F 2 0.07.

Buckley's explanation was disputed by subsequent electron micros-
copy (e.g., see Reference 23) that showed no evidence of dislocation loops
with a <c>-component Burgers vector (i.e., no vacancy loops on the basal
planes). To overcome this difficulty, Kelly [23] suggested that the
stresses generated by anisotropic expansion of the zirconium grains would
produce unequal fluxes of vacancies and interstitials to different parts of
the grain boundary. However, Carpenter and Northwood [24] cast doubt on
this mechanism, based on the conceptual difficulty that a uniform stress
could not lead to such non-uniform migration of defects. They also pointed
out that apart from the non-existence of <c>-component loops, the observed
density of <a>-component loops was too low to account for the measured
growth strains. Following the theoretical work on void swelling in fast
reactor steels (Section 8.1), Carpenter and Northwood suggested that growth
could result from a net flow of interstitials to all dislocations (straight
dislocations and loops) with <a>-type Burgers vectors (by the interstitial
bias effect), accompanied by a net flow of vacancies to the grain bounda-
ries, which act as neutral sinks. For equiaxed grains, this would also
result in the growth law given by Equation (6).

A variation of the Carpenter-Northwood model was developed by
Fainstein-Pedraza et al. [25]. They took into account the anisotropy of
the grain shape, resulting in a departure from the relationship represented

The emphasis on growth can also be attributed to a number of other
factors:
- Unlike steels, the growth phenomenon is peculiar to zirconium (and
other hexagonal metals).

- In general, there is more data available on growth than creep. This
is related to the relative ease with which growth can be measured
experimentally.

- It is generally felt that, if the mechanisms of growth are first
understood, the modifying effect of stress to produce creep defor-
mation will be more readily accessible.
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by Equation (6). This theme of microstructural anisotropy was developed
further by Holt and Ibrahim [26], who modified Equation (6) to

t a 1 - F - 2A (7)

where A is a grain-boundary anisotropy factor, incorporating grain size and
grain shape (for a material with equiaxed grains, Equation (7) reduces to
Equation (6)). Note that Equations (6) and (7) are used in various ver-
sions of the fuel-channel design equations (see Section 11).

To bring theory intj better quantitative agreement with experi-
ments, a number of workers have examined ways in which the migration of
vacancies to the grain-boundary sinks could be enhanced. Thus, Bullough
and Wood [4j adopted a "fast vacancy" model in which the migration energy
of a vacancy was postulated to be sufficiently low to explain growth kine-
tics, based on direct observation of dislocation climb velocities in high-
voltage electron microscopy experiments. The controversial nature of this
suggestion is to be understood within the context of the great uncertainty
regarding point-defect properties, discussed further in Section 9.2.3.
This model predicts a strong grain-size dependence of the growth rate.

An alternative vacancy-migration-enhancement mechanism was sug-
gested by MacEwen and Carpenter [27]. In order that their calculated
growth rates agree with experiment, they introduced the notion that vacancy
migration to the grain boundary be enhanced by facile diffusion along screw
dislocations intersecting the grain boundary. This model yielded a low
grain-size dependency. However, a specific (unlikely) orientation rela-
tionship between the grain boundaries and the screw dislocations is re-
quired. In addition, the treatment of the point-defect diffusivities has
been questioned by Kidson [28].

Finally, the role of solute atoms (e.g., tin in Zircaloy-2) as
vacancy sinks (or vacancy traps) has been discussed [4,29,30]. The asso-
ciated strain (volume increase) can account for an initial growth tran-
sient, which saturates when all of the traps are occupied. From that point
onward, the solute atom acts as a recombination centre for vacancies and
interstitials, a process that does not directly contribute further to de-
formation strain, but rather decreases the overall growth rate. Further
remarks on solute atom effects are to be found in Section 9.3.

9. RECENT (POST-1979) DEVELOPMENTS IN THE UNDERSTANDING
OF RADIATION DEFORMATION OF ZIRCONIUM

Since the CRNL Conference in 1979, considerable progress has been
made in the understanding of creep and growth phenomena in zirconium. It
is instructive to note that many of these developments have focussed on the
intrinsic anisotropy of hep zirconium. Thus, a distinct departure has been
initiated from the theoretical modelling that evolved (prior to 1979) from
studies of steels, which are of cubic crystal symmetry and therefore
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crystallogiraphically isotropic. These considerations have provided
potential explanations for many of the specific characteristics of the
experimental data and have contributed to the improvement of the fuel-
channel design equation (see Section 11).

To understand the impact of some of these developments, it is
first necessary to review the major experimental observations (a discussion
of the relevant experimental techniques is presented in Section 10).

9.1 AN OVERVIEW OF KEY EXPERIMENTAL OBSERVATIONS OF RADIATION
DEFORMATION

Although a substantial amount of data has been generated on the
creep properties of zirconium alloys [31,32], greater attention has been
paid to growth, particularly in Zircaloy-2 (a consequence of the earlier
reliance on the Zircaloys as both a pressure tube and fuel-sheath materi-
al). Excellent review articles on growth have been published [6,29,32-34].
As with other sections of this report, no attempt is made to present a
comprehensive summary of the experimental literature. Rather, we select
those key observations of direct relevance to the overall understanding of
radiation deformation, and those having a direct bearing on the design and
operation of the CANDU system.

The growth behaviour (in the longitudinal direction, i.e., along
the tube axis) of annealed material is shown, schematically, in Figure 16,
based mainly on the work of Murgatroyd and Rogerson [35]. Three stages
can be distinguished. The first stage, an initial rapid growth, is fol-
lowed by a steady-state period, which at lower temperatures approaches a
saturation condition where the strain rate is close to zero (this is equi-
valent to the expected behaviour of the annealed Zircaloy-2 CANDU calandria
tube).

At J50 K the second stage appears to persist to high fluence.
However, at 550 K and above, the growth rate accelerates into a third
stage, where the strain rate increases with fluence. This last stage of
accelerated growth has been referred to as "growth breakaway". From a
practical engineering point of view, it is important to know whether growth
breakaway will occur in the CANDU calandria tubes. The experimental evi-
dence on this is uncertain. Growth data obtained by Murgatroyd and
Rogerson [36] on annealed Zircaloy-2 at 353 K indicate the development of a
breakaway stage at a fast-neutron fluence of about 6 x 1025 n«m"2. How-
ever, more recent data obtained [34] in this experimental program indicate
the apparent breakaway may be a transient that again saturates.

Figure 16 shows the positive growth behaviour in the longitudinal
direction (the case for both calandria and pressure tubes). In order to
conserve volume, the growth in the transverse (circumferential) direction
or radial (thickness) direction must be negative. For the calandria
tube, growth causes an increase in diameter and a decrease in thickness,
while for a pressure tube the diameter is decreased and the thickness
remains relatively constant.
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In addition, the high-flux growth data of Fidleris [32], up to a fluence of
1.4 x 1026 n«m"2, do not show the development of growth breakaway at 330 K.

During the first two stages of growth, electron microscopy has
revealed the development of dislocation loops with <a>-type Burgers vectors
on prism planes [37]. They are too fine to characterize at lower tempera-
tures, but above about 570 K a mixture of vacancy and interstitial types
have been determined.

The acceleration of growth in the third stage is accompanied by
the presence of <c>-component dislocations [37], which were shown later
[38] to have been formed by the growth of large basal-plane vacancy loops.
(In addition, some voids have been observed at the higher temperatures, but
their number is insufficient to contribute significantly to the growth
strain). The evolution of dislocation loops during the three stages of
growth is summarized in Figure 17. From this it can be concluded that
growth breakaway, or rapid growth in general, requires the formation of
<c>-component vacancy loops on basal planes. This important observation is
consistent with the behaviour of cold-worked Zircaloy (the behaviour of
cold-worked Zr-2.5Nb is similar). Whereas annealed material contains no
<c>-component dislocations in the as-received state, cold-worked material
contains copious quantities of <c>-component dislocations (not loops, but
straight segments wichin the dislocation network), introduced by the cold-
working step itself. As shown schematically in Figure 18, the growth beha-
viour of heavily cold-worked material shows an initial small transient
followed by a relatively rapid steady-state stage (the growth rate of this
stage is approximately proportional to the amount of cold work, i.e., the
dislocation density). Indeed, the growth rate of cold-worked material is
about equal to that in the growth breakaway stage of annealed material.
This leads to the general conclusion that, whenever large growth strains
are observed (or equivalently, high growth rates), <c>-component disloca-
tions are present, whether introduced by irradiation or cold work [37].
This key observation is discussed further in Section 9.2.2.

The situation depicted in Figure 18 for heavily cold-worked
(~20%) material becomes more complex when the degree of cold work is very
much reduced [33]. Thus Figure 19 shows the growth behaviour of pre-
annealed longitudinal specimens subjected to 1.5% cold work, plus a stress-
relief heat treatment at 770 K. The small degree of cold work results in
negative growth transients (when the transient is exhausted, the growth
rates approach that of the annealed material). In addition, the shape of
the transient depends on the nature of the cold work (compare the curve for
cold rolling against that for a straight tensile deformation). A study of
such results indicates that the various transient behaviours are a conse-
quence of differing amounts of internal stress introduced by cold deforma-
tion plus heat treatment. (A fuller discussion of internal stress effects
is to be found in Section 9.2.1). Note that this variability of response
is extremely relevant to calandria-tube material, where a small degree of
cold work is involved in the fabrication process.

The effect of the presence of internal stress is also shown in
Figure 20, for a variety of specimens [33]. In Figure 20(b), the dashed
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lines show the growth behaviour expected for all the specimens when the
1 - 3F law is used. Figure 20(a) shows that the experimental data are at
variance with this prediction. However, good qualitative agreement is
obtained in Figure 20(b) if the presence of internal stresses is included
(the solid lines). These stresses arise from differential thermal
contraction of individual grains during cooling from the annealing
temperature. The grain-to-grain incompatibility (due to the anisotropy of
the thermal expansion coefficient) generates intergranular stresses (see
Section 9.2.1).

Of significant practical and scientific importance are the growth
results of Fleck et al. [39] on the Task Group Three: Route 1 pressure-tube
material. This is a Zr-2.5Nb alloy that has undergone a modified fabrica-
tion route (reduced extrusion ratio and high-temperature stress relief) to
that used for standard CANDU pressure tubes. In this material, negative
longitudinal growth occurs, i.e., the specimens shrink along the tube axis.
This dramatic result is not a consequence of modified texture (the reduced
extrusion rafo had a modest effect on texture and therefore the results
are at total variance with the 1 - 3F law), or internal stresses introduced
during manufacture, but rather it is due to the different microstructure
developed as a result of the heat treatment (finer grain size, and a group-
ing of the dislocations into planar arrays). A discussion of these find-
ings is presented in Section 9.2.2. This result shows that rearrangement
of dislocation and grain-boundary sinks can reverse the growth strain and
offers the possibility of a range of fabrication steps that can tailor the
radiation deformation response.

9.2 AN OVERVIEW OF KEY THEORETICAL DEVELOPMENTS

As mentioned earlier, recent theoretical modelling has concentra-
ted on the intrinsic crystallographic anisotropy of zirconium. Some of the
more important effects are discussed below.

9.2.1 The Development of Intergranular Stresses

Each individual grain in a polycrystalline assembly is a single
crystal, whose deformation properties are anisotropic. As explained in
Section 4, the crystallographic orientation of neighbouring grains changes
across a grain boundary. This situation is depicted in Figure 21(a), where
the <c>-axis of each grain is represented by an arrow. When such a materi-
al is irradiated, each grain will attempt to deform (by irradiation growth)
anisotropically (<c>-axis contraction, <a>-axis expansion), as indicated by
the arrows in Figure 21(b). However, each embedded grain will be con-
strained to deform, self-consistently, with its neighbours. The resulting
strain incompatabilities across the grain boundaries will produce local
intergranular stresses, which cause elastic and plastic deformation to
occur, whereby each grain can conform to the deformation of its neighbours
to maintain integrity of the entire sample. This has two major consequen-
ces:

1. Even in the absence of an external stress, each individual grain
will now deform by a creep process, in addition to growth.
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Indeed, the growth tale will also be influenced by the creep rate
of each grain. Therefore, the irradiation creep and growth of
each grain, and hence the polycrystalline sample, cannot be
treated as independent events (they are coupled).

2. The total macroscopic deformation of the polycrystal cannot sim-
ply be taken as the average of the deformation of its individual
grains under the action of only the external stress, while ne-
glecting the intergranular stress. Instead, the intergranular
stresses acting on each grain must be calculated before the total
deformation (creep, growth and elastic) of each grain, and hence
the whole specimen, can be determined.

Both of these effects have to be taken into account in formula-
ting the engineering design equation (see Section 11), and in interpreting
experimental data. For example, care must be taken in separating growth
and creep processes, and the texture dependency, contained in Equations (6)
and (7), must be treated with care (deviations from the 1 - 3F law are
expected).

In addition to the buildup of intergranular stresses during ir-
radiation, such stresses can be developed prior to irradiation. Thus, the
crystallographic anisotropy of cold work and of the thermal coefficient of
expansion can introduce internal stresses during component fabrication,
which typically involves plastic deformation and heat treatments. The
dramatic consequences of such intergranular stresses on the "growth"
strains of calandria-tube material is discussed in Section 9.1 (showing the
strong departure from the 1 - 3F law). During irradiation, these initial
internal stresses are relaxed by creep processes and are gradually replaced
by the internal stresses arising from the radiation growth/creep processes
themselves. Eventually, as a steady state is approached, the radiation-
induced internal stresses reach a constant value. It is expected that this
situation evolves more rapidly in heavily worked materials, i.e., the tran-
sient condition is more prolonged in calandria-tube materials than in
pressure-tube materials.

Two approaches have been used to calculate the intergranular
stresses and incorporate their overall effect on the macroscopic strain
behaviour. The first is based on a numerical treatment [40,41], whose
application has mainly been directed at the influence of initial internal
stresses generated by calandi. ia-tube fabrication procedures [33], The
second is an analytical calculation [42], whose advantage is that the
physics of the process is accessible and, unlike the numerical treatment,
single-crystal information ran be extracted from macroscopic behaviour and
vice versa. This has been used to analyze pressure-tube creep data [43].
The application of these models to the design equation is discussed in
Section 11.

9.2.2 The Effect of Anisotropic Diffusion

This has been an area of significant development. In my opinion,
its potential for offering explanations for long-standing puzzles in the
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study of irradiation damage in zirconium is sufficient to designate it as a
breakthrough in understanding. A good review of the general concepts that
have emerged has been published by Woo [44]: as this is relatively free of
the complexities of the associated mathematics, it is reasonably accessible
to the non-specialist. Because the concept of anisotropic diffusion ap-
pears to provide key insight into the microstructural evolution and conse-
quent deformation during irradiation, we examine the major features in some
detail, using the following headings:

Background

The motivation in this research topic was to explain the striking
anomaly of the coexistence of vacancy and interstitial loops in irradiated
zirconium. As explained in Section 7, the conventional theory of the dis-
location sink strength predicted that only interstitial loops should be
stable. Thus, whereas vacancy loops could readily nucleate (e.g., from the
collapse of vacancy-rich cascades), they would subsequently become net
absorbers of interstitials and would therefore shrink, to extinction, i.e.,
vacancy-loop growth was disallowed. An early attempt to explain this dis-
crepancy was put forward by Woo and co-workers [45,46]. The basic idea is
that the bias (towards interstitials) of a dislocation loop decreases with
decreasing loop diameter. This means that the bias of smaller loops ap-
proaches that of a neutral sink. Thus, in the presence of a background of
a dislocation network, together with mature (large) interstitial loops,
small vacancy loops are permitted to grow. Although this is a valid expla-
nation, it does not ultimately account for large vacancy loops, of the same
size as, or even larger than, the interstitial loops (as observed).

An alternative (and improved) explanation was found in the ato-
mistic details of the drift field. Thus, as discussed in Section 7, the
conventional treatment depended on the drift term PAV, where P is the hy-
drostatic component of the dislocation stress field and AV is the relaxa-
tion volume of the point defect, centred on its equilibrium position in the
lattice. It was later realized [47] that the stress field also interacts
with the point defect during its migrational passage from one equilibrium
position to another. At its midpoint (termed the saddle-point position),
there is also a characteristic lattice distortion, which must be included
as a PAV-type term. However, in general, the lattice distortion at the
saddle-point is anisotropic, i.e., it is non-spherical and cannot be repre-
sented by a uniform volume change (a AV-type of term), but is, rather, an
elastic dipole-type of distortion. The latter results in an elastic inter-
action with the shear, component of the stress field (in addition to the
hydrostatic component). The corrected calculation now reveals the possibi-
lity of a different bias for vacancy loops and interstitial loops (even if
their diameters are equal) allowing the simultaneous growth of both loops.
This was referred to as the saddle-point shape effect, or SAPSE.

By including the effect of an applied external stress on the
SAPSE, it was shown that the conventional SIPA (see Section 8.3) could be
increased, to bring SIPA (SAPSE) into better agreement with experiment.
These calculations were performed for the case of loops [48] and straight
dislocations (screw dislocations, as well as edge, are biased by SAPSE)
[49].
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Intrinsic Diffuslonal Anisotropv

Specific calculations on the SAPSE, outlined above, could be
carried out only for cubic (i.e., crystallographically isotropic) metals,
as information on saddle-point configurations is unavailable for zirconium
and the other hep metals. This led Woo and Gbsele [50] to give further
thought to the bias of a dislocation in a crystallographically anisotropic
metal, such as zirconium. It quickly becomes apparent that SAPSE (or any
other drift-related effects) would play a minor role (being first-order
effects), as compared to the intrinsic anisotropy, in the diffusional
mobility of point defects expected in the hep lattice (a zeroth-order
effect). The dependence of the bias on the orientation of the dislocation
line or the dislocation loop will now arise simply because of the point
defects having different inherent mobilities in the <a> and <c> directions.
Definitive proof of the latter postulate is not available, but the indirect
evidence (and intuitive expectation) is high, as outlined in Section 9.2.3.
In fact, the balance of evidence would suggest that interstitials diffuse
faster within the basal planes (i.e., in the <a> directions), whereas va-
cancies diffuse faster in the <c> direction.* Based on this behaviour, it
is quite simple to envisage how the bias of sinks will be dependent on
their orientation with respect to the crystallographic axes. This is made
apparent in Figure 22. In Figure 22(a), the anisotropy of the intersti-
tials and vacancies is indicated, where the length of the arrows represents
the relative diffusional mobility, vith respect to the crystal axes. The
resulting effect on a cube of material bounded by orthogonal grain-boundary
sinks is the deformation depicted in Figure 22(b). In this case, the ver-
tical grain boundaries (i.e., those normal to the basal planes) have become
preferentially biased towards interstitials. Such an effect, corroborated
by experimental evidence [52], is contrary to earlier theories that predic-
ted the grain boundary to be a neutral sink.

The case of a dislocation AB disposed at an angle 6 to the
<a>-axis is shown in Figure 22(c). Note that we show AB as a straight
dislocation. However, the case of a dislocation loop is very similar,
being treated by averaging the line directions of straight dislocations.
As 8 increases, the flux of interstitials captured by the dislocation in-
creases while that of vacancies decreases (i.e., the interstitial bias is
increased). The resulting climb of the dislocation (dependent on its
Burgers vector) will cause deformation to occur.

Because the bias of the sink is now dominated by the difference
in the diffusional anisotropy between the interstitials and the vacancies,

For there to be a net effect overall, it is necessary for the diffu-
sional anisotropy of the interstitials to be different from that of the
vacancies. (It is this key feature that gives rise to the descriptive
acronym DAD, i.e., diffusional anisotropy difference.) Thus, for exam-
ple, the scheme works for the case where interstitial migration is an-
isotropic (faster in the basal plane), while vacancy diffusion is iso-
tropic. In addition, the quantitative manifestations of the differen-
tial sink biases are substantial even when the degree of anisotropy is
modest.
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the underlying phenomenon is called the "diffusional anisotropy differ-
ence", or DAD. An inspection of the principal ideas represented in
Figure 22 will indicate that the DAD effect is a simple (and direct) conse-
quence of projectional geometry. A nautical analogy may be drawn with a
sailboat in an "anisotropic" wind. Thus, in a directional current of air
(equivalent to a preferential point defect "wind"), the intensity of the
resulting force of the wind (capture efficiency) on a planar (cf., grain
boundary) or linear (cf., dislocation line) sail, depends on the angular
orientation of the sail with respect to the wind direction.

Consequences to Microstructure and Deformation

The role of DAD in the evolution of the irradiation microstruc-
ture, together with the resulting influence on deformation characteristics,
has been recently reviewed by Woo [51J. Perhaps the most important result
is the explanation of the growth of <c>-component vacancy loops on basal
planes and <a>-component vacancy ox. interstitial loops on prism planes.
The theoretical demonstration that anisotropic diffusion can cause the bias
of some dislocations to be negative (i.e., net vacancy absorbers for the
case where 9=0, Figure 22(c)), to permit the growth of vacancy loops, is
a solution to the long-standing contradiction of the conventional theory
and electron microscopic observations, described above. Furthermore, quan-
titative calculations [50] show that the growth deformation rate is signif-
icantly increased by the presence of <c>-component dislocations (straight
and loops). This offers an explanation lor the higher growth rates in the
cold-worked material (which contains <c>-component dislocations) compared
to annealed material (no <c>-compcnent dislocations) and accounts for the
growth breakaway in the latter, which coincides with the spontaneous forma-
tion of <c>-component dislocations, as described in Section 9.1 (although
the reason for the nucleation of the vacancy loops at higher neutron fluen-
ces is not yet accounted for; however, it has been suggested [38] that
irradiation-induced microchemical effects may provide nucleation sites -
see Section 9.3). The theory also serves to reconcile conflicting observa-
tions of the dependence of growth on metallurgical variables, such as grain
size and dislocation density between cold-worked and annealed materials.

Apart from the explanation for the formation of <c>-component
vacancy loops in zirconium, the DAD effect has been shown to be responsible
for other detailed features of the evolution of the microstructure during
irradiation (an excellent summary of microstructural development, in gener-
al, has been published by Griffiths [52]). Indeed, these microstructural
observations may be used as indirect evidence for diffusional anisotropy in
zirconium. These correlated features are as follows:

1. Dislocation loops are often elliptical in shape, indicating the
dependence of the point-defect bias on dislocation-line direc-
tion.

2. Dislocation loops are often found grouped into spatially ordered
arrays: basal-plane bands of vacancy loops and prismatic rafts of
interstitial loops. These arrangements reflect the diffusional
anisotropy.
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3. The local distribution of dislocation loops and voids is signifi-
cantly modified in the region close to grain boundaries and is
dependent on grain-boundary orientation, as expected from the DAD
theory.

4. Precipitate dissolution during irradiation occurs preferentially
near grain boundaries inclined to the basal plane.

Using the DAD-induced biases for network dislocations, disloca-
tion loops and grain boundaries derived by Woo [51], Holt [6] constructed a
comprehensive model for growth. This was applied to a wide range of
pressure-tube growth data, employing the best estimates of point-defect and
microstructural parameters. It was found that anisotropic diffusion could
explain the majority of the observed features of growth [6,53]. The theory
was particularly successful in accounting for the anomalous behaviour of
the Task Group 3: Route 1 material [39], as discussed in Section 9.1.
Thus, for Zr-2.5Nb fabricated to produce a low dislocation density and fine
elongated grains, the point-defect sink biases are such that each grain
elongates in the <c> direction and contracts in the <a> direction (in com-
plete contradiction to the standard pressure-tube material). The resulting
negative growth in the longitudinal and transverse directions would violate
the 1 - 3F law predicted by the earlier conventional theories. (The use of
such a material in pressure tubes would avoid the tube elongation problem
due to growth.)

The above discussion has been confined to growth deformation. In
order to adapt the anisotropic diffusion concept to the case of creep, the
modifying effect of the applied stress on diffusion, and therefore on sink
biases, has to be derived. This has been done by Woo [54]. He showed that
anisotropic diffusion can be induced by the action of the stress (this is
termed elastodiffusion). Thus, even in the case of a metal where the dif-
fusion of vacancies and interstitials is normally isotropic (e.g., a cubic
metal, such as steel), the application of a stress will, in general, cause
diffusion to become anisotropic and a stress-induced DAD effect can result.
In the case of an intrinsically anisotropic material (e.g., zirconium), the
anisotropy of diffusion can be increased (or possibly decreased; by the
applied stress. The resulting modification of the sink biases by the ap-
plied stress will result in creep deformation. Specific calculations have
been performed for cubic metals, where the necessary point-defect
parameters have been obtained by computer calculations. Unfortunately,
such information is not available for zirconium (a matter to be discussed
in Section 9.2.3), hence, the role of elastodiffusion (and an understanding
of creep theory in general) remains obscure.

The differential bias due to elastodiffusion is similar to that due to
SIPA (Section 8.3) but is a first-order effect, whereas SIPA is a
second-order effect (and therefore is expected to play a more signifi-
cant role). The theory as it presently stands [54] assumes that the
creep deformation is solely due to dislocation climb, but in principle,
a climb-induced glide mechanism could operate.
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9.2.3. Point Defects in Zirconium

It should be clear at this juncture that a knowledge of the pro-
perties of point defects is crucial to understanding the mechanisms of
radiation damage (both from the point of viey of microstructural evolution
and the resulting deformation). It is the unfolding of the phenomenologi-
cal properties that enables the mechanisms to be conceptualized, while it
is a quantitative evaluation of the necessary parameters that allows the
theories to be used in a predictive fashion. Unfortunately, it is the
latter that represents a dearth of information for zirconium. This section
summarizes the current status of knowledge.

we will examine the case of vacancies first. As shown in
Section 3, the diffusion coefficient associated with a vacancy mechanism
(termed the self-diffusion coefficient) is given by

-AH
Dv = D° exp

 z^- (8)

A review of the self-diffusion literature by Hood [55] has shown that the
activation energy, AHV, is 3.3 eV. Now, this activation energy is the sum
of two components:

AHV = AHV + AH? (9)

where AHv is the thermal energy (enthalpy) for formation of the vacancies
and AH™ refers to the migration of vacancies. Under irradiation condi-
tions, vacancies are formed by neutron bombardment rather than by thermal
means; therefore, AH" represents the most important quantity when consid-
ering the kinetics of radiation-damage processes. If zirconium behaves as
a "typical" metal, conventional understanding of diffusion and defect pro-
perties would yield 1.4 eV as an appropriate estimate for AH™ (correspon-
dingly, Hy - 1.9 eV). However, based on an interpretation of several
experimental data, Hood [55] postulates that AH™ - 0.7 eV: he refers to
this as representing "facile vacancy migration", where AH" - 1.4 eV is
reduced by impurity effects. This view has been criticized by Frank [56]
on the basis of theoretical and experimental considerations. He suggests
that AH™ - 1.4 eV is a good estimate (supported by computer simulation
values of 1 to 1.2 eV [57]) and that the value of 0.7 eV should be allotted
to interstitial migration (consistent with computer simulations, which
range from 0.3 to 0.8 eV [57]).

The purpose of exposing the reader to this controversy over mi-
grational energies is to underline the current ignorance of even the most
basic point-defect parameters in zirconium. The quantitative consequences
are extreme. Whether AH" = 1.4 or 0.7 eV is equivalent (from the point of
view of processes controlled by vacancy migration) to whether a pressure
tube operates at temperatures of 570 K or 1140 K (a difference in diffusion
rate of 106). The qualitative consequences are also profound. Thus, the
uncertainty of assigning specific migrational energies to vacancies or
interstitials would reflect a doubt as to whether a vacancy or interstitial
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mechanics prevails. In comparison, the uncertainties in quantities asso-
ciated with relaxation volumes of vacancies and interstitials in their
equilibrium or saddle-point positions (and other relevant point-defect
properties from which sink biases are estimated) are even greater.

Based upon computer simulation [57] and other experimental/theo-
retical considerations [55,56], the evidence supports the conclusions of
Section 9.2.2 that vacancy diffusion is largely isotropic, while intersti-
tial diffusion is anisotropic, suggesting that the DAD effect has a realis-
tic foundation. However, it should be pointed out that information on
interstitial properties in zirconium is almost non-existent. This is cqm-
plicated by the fact that more than one type of interstitial is expected to
exist in zirconium [56,57], which places it in the midst of an internatio-
nal controversy (referred to by Frank [56] as the "Thirty Years' War") as
to whether a one- or two-interstitial model applies to metals in general:
an issue which has significant implications for irradiation-damage models.

Despite all of these fundamental uncertainties in point-defect
properties, a consistent phenomenological picture is emerging. Thus, the
basic assumptions employed in the development of mechanistic understanding,
as reviewed in this report, are placed on a reasonably sound footing, as
attested to by the good agreement between the theoretical models and expe-
rimental data. In fact, progress in this area is remarkable. However,
until more reliable point-defect data become available, quantitative pre-
diction will depend on empirical (data fitting) estimates of some key para-
meters, as reported by Holt [6] and other workers [50-54].

9.3. MICRQCHEMICAL EFFECTS

To this point, the discussion of radiation-damage mechanisms has
revolved around the intrinsic defects (dislocations, vacancies and inter-
stitials). There is increasing evidence that the extrinsic defects, ari-
sing from deliberate alloy additions and impurities, have important influ-
ences on the detailed mechanisms. By extrinsic defects, we include second
phases and precipitates, in addition to solute atoms dissolved substitu-
tionally (e.g., Nb, Sn atoms occupying lattice sites) and interstitially

In the absence of experimental measurements of point-defect parameters,
computer simulations are valuable. However, to date, such calculations
carried out on the hep metals are rudimentary, in that the interaction
of atoms around the defect are modelled with a simple pairwise inter-
atomic potential (where the interaction of one ion with another depends
only on their separation, each pair being considered isolated from the
"many-body" effects of other ions). Within this limitation, the results
must be used in a qualitative sense, indicative of the types of defect
configurations allowed and their relative energies of formation and
migration. A pairwise computer model has been developed within AECL
[58] and progress has been made on a more sophisticated model that can
take into account many-body effects [59]. Unfortunately, further work
on these models has been terminated.
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(e.g., Fe, Ni, 0, H atoms occupying interstitial sites). It is beyond the
scope of this report to offer explanations of gross alloying effects, i.e.,
why Zircaloy-2 is more deformation-resistant than unalloyed zirconium, or
why Zr-2.5Nb shows greater strength than the Zircaloys. Rather, the intent
is to highlight the less obvious and more subtle (though important) second-
ary effects that are emerging, particularly in electron microscopy studies
of microstructural evolution. Such effects have been described as "micro-
chemical", mainly by U.S. workers studying irradiation damage in steels to
be used in fast reactors. In fact, these workers have suggested, on the
basis of their experience at higher fluences, that microchemical effects
will be discovered to play a more dominant role in radiation damage in
zirconium alloys than has hitherto been anticipated. (See the report on
the general discussion session at the Hecla Island Conference [60].)

Hood has shown [55] that a surprisingly large number of solutes
diffuse interstitially in zirconium. Some of these (e.g., Fe, Cr, Ni)
diffuse extremely rapidly. He suggests that such fast diffusers, paired
with the intrinsic vacancies, are responsible for the purported low migra-
tional energy (H™ = 0.7 eV) of vacancies in zirconium, the significance of
which (including the dissenting opinion) is discussed in Section 9.2.3. He
also points out that the opposite effect, trapping and immobilization of
vacancies, can be caused by other slow diffusers such as tin, or tin clus-
ters. This would serve to increase the recombination rate of intrinsic
interstitials and vacancies, thus reducing the effectiveness of radiation
damage. In this context, it should be pointed out that the trapping of
intrinsic interstitials would, in actuality, be more effective in promoting
point-defect recombination. It has been suggested that the trapping of
vacancies by tin (and the resulting volume increase) [30] is responsible
for the initial growth transient in Zircaloy-2. However, when the trapping
sites are saturated, they act as recombination sites, serving to suppress
the growth rate. A similar view is taken by Griffiths [52]. However, when
<c>-component vacancy loops are present, he suggests that loop growth (and
therefore irradiation growth) is assisted by the absorption of interstitial
solutes (e.g., Fe, Cr, Ni) within the plane of the loop, thereby decreasing
its total energy (through the reduction of the stacking fault energy)
associated with the loop.

It is recognized that the normal thermal equilibrium conditions,
which establish the nature and distribution of second phases (including
precipitates) within the microstructure, are significantly altered by irra-
diation. Under such circumstances, normal phase stability is disrupted by
dynamic dissolution, redistribution and reprecipitation processes. The
specific case of the Zircaloys (the most studied system) has been discussed
by Griffiths et al. [61]. This work shows that the structure of existing
precipitates (intermetallic compounds of Zr, Cr, Fe and Ni) undergoes radi-
cal modification (e.g., losing crystallinity and becoming amorphous) and
dissolution (particularly through depletion of the highly mobile Fe atoms).
The resulting increase in solute concentration can lead to secondary preci-
pitation, particularly at higher temperatures. Such processes can lead to
a volume strain contribution to growth, as described in Section 5.2. In
addition, the modified precipitates can provide nucleation sites for <c>
loops, either because of the generation of local stresses, or by solute
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trapping at incipient loops produced by the collapse of vacancy cascades
[38]. The details of this process are yet to be worked out, but the col-
lected evidence points to the significant role played by microchemistry in
dislocation loop formation and radiation deformation in Zircaloy [52]. It
is anticipated that the same statement applies to Zr-2.5Nb, but even less
information is available on this system, although significant redistribu-
tion of iron from the ft to the a phase seems to occur [52], which may play
a role in corrosion under irradiation, as well as deformation [2].

Finally, it should be noted that microchemical effects will be
further complicated at higher fluences by the accumulation of transmutation
products. For example, at end of life, 0.3% molybdenum will be generated
in Zr-2.5Nb. Such effects are yet to be investigated.

10. IRRADIATION FACILITIES

The most sophisticated in-reactor test rig for measuring radia-
tion deformation was developed about 20 years ago by Fidleris [62]. This
placed a small tensile specimen under uniaxial stress in a controlled tem-
perature environment. Deformation strain was measured continuously by an
in situ pneumatic transducer. It was this facility that first demonstrated
the radiation-induced acceleration of deformation in zirconium alloys. The
nature of these tests meant that both creep and growth contributed to the
strain. In order to separate the two, growth was measured independently on
unstressed rod-type specimens exposed in reactor and dimensioned periodi-
cally. In addition, bent-beam stress-relaxation specimens have been used
[31] to measure creep (growth making no strain contribution in this
geometry). Unlike the uniaxial tensile machines of Fidleris, the total
stress relaxation strains are very low, necessitating a demonstration that
the method really does measure creep deformation and not some anelastic
artifact: to date the assumption is that valid creep data are obtained
[31]. Other variants of these basic techniques have also been developed,
including small internally pressurized tubes and stressed helical springs.
In fact, the current trend is to minimize irradiation costs by relying
solely on multiple specimen in-reactor assemblies that are removed from the
reactor periodically for mensuration. The specimens are in stressed and
unstressed conditions. The data obtained from small-specimen testing are
also, of course, supplemented by measurements of length and diameter chan-
ges in actual pressure tubes.

Apart from the general need to produce experimental data on irra-
diated fuel-channel materials, there is a specific urgency in extending the
database to fluences equal to the lifetime of the CANDU reactors. With the
neutron flux of the latter being ~3.7 x 1017 n'rn^s"1 (>1 MeV) at the
pressure-tube midsection, and a reactor design lifetime of 30 years at 80#
capacity factor, the total fluence would be 3.8 x 1026 n«m"2 (this would be
reduced for the case of interim pressure-tube replacement ). To achieve

To emphasize the gap between design requirements (i.e., 30-year life
continued...
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this in test specimens over some reasonable experimental period, e.g.,
5 years, an irradiation facility with a flux of ~3 x 10ia n'm'^s"1 is re-
quired. With this in mind, the availability of suitable irradiation faci-
lities is summarized in Table 1. It can be seen that the number of facili-
ties that approach this goal is very limited and the most suitable are to
be found offshore. These limited resources (particularly those available
in Canada), together with the substantial costs associated with them, have
become a serious impediment to our ongoing program.

TABLE 1

FAST-FLUX FACILITIES

Irradiation
Facility

Bruce Reactor
NRU Mk4 Facility
NRU MTB Facility
NRU Mk7 Facility
DIDO Reactor
OSIRIS Reactor
ATR Reactor

Fast Neutron Flux
x 1017 n/V's"1

~3.7
2 to 3
4.5
6.5
7.5

20.0
30.0

Years
Required to Reach

CANDU Lifetime Fluence

30
43
29
20
15
9
5

A viable alternative to in-reactor irradiations is to use energe-
tic beams of charged particles to simulate neutron-induced irradiation
damage. A number of options are available:

1. A 1.0-MeV electron beam can be used in a high-voltage electron
microscope (HVEM): very high damage rates can be achieved.
However, whereas electrons produce vacancies and interstitials,
they are created as individual pairs and not in the form of cas-
cades, which are produced in reactor and have an important influ-
ence on radiation-damage mechanisms. The other major disadvan-

tage) and actual power-reactor experience, the following summarizes the
pressure tube lifetimes by the year 2000:

Total Years of Service

780 Pickering 3, 4 tubes
960 Bruce 1, 2 tubes
960 Bruce 3, 4 tubes
1520 CANDU 600 tubes
1520 Pickering B tubes
1920 Bruce B tubes
1920 Darlington tubes

17-18 (replaced)
17-18 (replaced)
22-23 (assuming no replacement)
16-17
14-16
13-15
6-10
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tage is that very thin (a few hundred nanometres) specimens are
necessary, but the advantage is that the dynamic evolution of the
microstructure can be observed directly within the HVEM.

2. An accelerator can be used to provide an energetic beam (from
1 keV to 1 MeV) of light or heavy ions that produces extremely
high damage rates (up to a thousandfold higher than reactor
rates), including the formation of point-defect cascades. How-
ever, the damage is confined to a very thin layer close to the
surface of the specimen. Such techniques are largely confined to
electron microscopy examinations of micros*:ructural evolution.
However, Parsons and Hoelke [63] have devised a method to detect
the deformation of bulk samples by deflection of a cantilever
beam irradiated on one surface by 100-keV neon ions (this produ-
ces radiation damage in a surface layer of 100 nm).

3. An accelerated beam of protons can be used, having the advantage
of greater penetration than the heavier ions. Thus, a 4-MeV beam
can fully penetrate a specimen 50 fim thick to produce uniform
damage at high damage rates. Such a source has been used to
study creep and growth in zirconium [64]. The major advantage is
that complex experiments (e.g., flux, temperature, stress tran-
sients) can be performed under well-controlled conditions.

As the use of high-energy particle beams to simulate radiation
damage due to neutrons is a relatively new concept within the Canadian
program, some further remarks are appropriate, drawing on the reported
discussion on this topic that took place at the Hecla Island Conference
[60].

Accelerator-based techniques were championed in the U.S. and in
Europe, during the formative years of their radiation-damage programs. It
provided a rapid method for exploring high-fluence regimes in a qualitative
and quantitative fashion. Of particular importance was the understanding
gained of the microstructural response to irradiation, for example, the
nucleation and growth of dislocation loops and voids. The characterization
of the latter contributed strongly to the design of fast breeder reactors.
However, as the irradiation-damage programs matured and high-flux reactors
were built, high-fluence neutron data (up to doses comparable to the accel-
erator experiments) became increasingly available, making direct comparison
of neutron and ion irradiation possible. This revealed certain deficien-
cies in the ability of energetic ions to simulate precisely the damaging
action of the neutrons. The shortcomings were particularly evident in the
area of microchemical effects.

This scenario is to be contrasted with che state of research and
development in Canada, where radiation-damage programs are less advanced
and information on high-fluence effects in zirconium is limited. In this
case, simulation techniques can contribute significantly to improving the
understanding of radiation damage in zirconium, in the same way that these
very techniques played a strong role in unfolding the mechanisms in steels.
We might, therefore, reasonably expect simulation to give considerable
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insight into anisotropic growth and creep processes in zirconium, under-
standing that some modifying microchemical effects will be poorly mimicked.
In the historical context, Canada can benefit from the U.S. and European
experience. In this spirit, we can state a few guidelines:

- Simulation techniques should be applied to appropriate problems,
such as texture effects and microstructural evolution. An impor-
tant objective should be to identify and understand the mecha-
nisms of processes such as creep and growth.

- Simulation data mus_L be complemented by in-reactor neutron data.

Radiation damage due to protons is closest in quality to that due
to neutrons.

Simulation experiments should be conducted on simpler materials,
where microchemical effects will be minimized.

- There are two quite separate attributes of simulation techniques,
which should not be confused. They can be used to accelerate
damage processes to reach high fluence in short times (e.g., the
heavier ions), or they can be used to perform detailed and com-
plex experiments (for which a reactor is unsuitable) at damage
rates similar to those in-reactor (e.g., proton accelerators).

The limitations and consequences of low particle penetration
range must be taken into account in the design of accelerator
simulation experiments.

The other important aspect of simulation techniques is with re-
gard to rate effects in high-flux experiments. This is an issue not only
confined to accelerator experiments, but also to those conducted in reac-
tors with high fluxes and different neutron spectra. The damage-rate ef-
fect is dependent on the specifics of the mechanisms. Three major catego-
ries can be identified:

1. At relatively low fluxes, the process is directly controlled by
the point-defect production rate (this is the so-called sink-
dominated regime, where the thermal recombination of point de-
fects is insignificant). In this case, the number of intersti-
tials and vacancies produced and absorbed at sinks is directly
proportional to the rate of bombardment with neutrons and the
radiation-damage property (e.g., deformation rate) will increase
linearly with flux.

2. At higher fluxes, we have to take into account the fact that a
certain fraction of the point defects will undergo mutual annihi-
lation before their arrival at a sink. As the thermal recombina-
tion rate increases at higher levels of point-defect supersatura-
tion, higher fluxes are generally less efficient in causing radi-
ation deformation, i.e., for the same fluence, higher fluxes
produce less deformation. In addition, it may be necessary to



take the irradiation time directly into account (relatively short
times at higher fluxes). Thus (particularly at higher tempera-
tures), there will be some ongoing recovery of the irradiation
damage, e.g., dislocation annihilation. This can be thermally or
irradiation-induced. Depending on the recovery rate, the evolu-
tion of the microstructure may be time-dependent.

3. The situation can be far more complicated for the onset of
threshold phenomena (e.g., growth breakaway or transients) that
depend on some abrupt instability of the microstructure. These
same phenomena are often controlled by the evolution of micro-
chemical processes resulting in formation or dissolution of pre-
cipitates, modifications of diffusion rates, etc. In these cir-
cumstances, it is very difficult to predict specific flux depen-
dencies.

Given this mechanistic understanding, it is important to determine whether
experiments conducted in high-flux reactor facilities are directly applica-
ble to power reactors operating at a lower flux. The main issue is whether
the irradiation response (e.g., deformation strain, microstructural state)
at any given fluence depends on the level of flux used to generate that
fluence. A wide range of fluxes has to be examined to obtain sufficient
data to establish damage rate and neutron-energy spectrum effects. This is
where accelerator experiments can prove useful because of the ability to
change the beam current (and hence the radiation-damage rate), at will,
over a wide range. A case where such information is needed is in the pos-
sibility of the growth breakaway phenomenon in annealed Zircaloy-2. Most
of the high-neutron flux data showing a breakaway regime have been obtained
at relatively high temperature. At lower temperatures, recent high-flux
experiments have shown that the breakaway threshold is not reached up to
fluences in excess of CANDU reactor lifetimes. With the possibility of the
breakaway threshold being flux-dependent, can we be certain that accel-
erated growth will not be observed in CANDU calandria tubes? What will be
the effect of microchemistry and transmutation on this?

The general problem of correlating results obtained at different
neutron fluxes and flux spectra, together with simulation techniques, is
currently under investigation within our overall research program.

11. ENGINEERING DESIGN EQUATIONS

The engineering design equation (EDE) is a mathematical formula
that enables the change in diameter or length of pressure tubes and calan-
dria tubes (by creep and growth deformation) to be calculated. Such infor-
mation is used by the reactor designer or operator to predict the dimensio-
nal evolution of the fuel channel. For this capability to extend over the
lifetime of the components (30 to 40 years), the EDEs must have a predic-
tive capability beyond the range of current empirical data. In addition to
their use to calculate the axial and diametral strains, they provide the
basic deformation subroutines in computer programs that model the more
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complex behaviour of the fuel-channel assembly. Thus, for example, they
facilitate calculations of fuel-channel sag (by means of CDEPTH [65] or
TUBESAG [66]), or the displacement of the reactor end shields (by means of
ACCORD [67]), or hydride blister formation following pressure tube/calan-
dria tube contact [68].

In the 1960s, attention was largely focussed on the diametral
(transverse) creep strain (et) of the pressure tube. The EDE developed for
this case was [69]

It = Kfft0(T - 160) (10)

where at represent the transverse (hoop) stress resulting from the coolant
pressure, ^ the neutron flux, T the temperature (in degrees centigrade) and
the constant, K, was estimated by fitting the equation to available experi-
mental data for cold-worked Zircaloy-2, cold-worked and heat-treated
Zr-2.5Nb. The same equation (with an appropriate value of K) was assumed
to apply to the calandria tube (annealed Zircaloy-2) to estimate creep sag.
In this case, at is replaced with ab, the bending stress and a functional
form of ^ was chosen to represent the known flux distribution along the
axis of the tube.

With the advent of higher coolant temperature, as the Bruce reac-
tor design proceeded that of Pickering, the temperature dependence repre-
sented in Equation (10) proved to be inadequate. Thus, in the early 1970s,
a correction term, a, was added:

et = Kfft0(T - 160)a (11)

where a = 1 for T < 570 K, a = 0.0125T - 2.75 for 570 K < T < 590 K,
a = 1.25 for T > 590 K. This ad hoc adjustment was eventually rationalized
in 1973 by the acknowledgement that the temperature dependence was better
represented as an Arrhenius term (in keeping with the normal rate equation
for a thermally activated mechanism). Hence,

et = Kfft# exp(-Q/RT) (12)

where the activation energy, Q, was equal to 5500 cal/mol for T up to 560 K
and 18 000 cal/mol for T > 560 K. Shortly after the establishment of this
new equation (particularly following the second diameter gauging of
Pickering-3 in 1974), the data showed that the creep equation underesti-
mated the diametral strains, and so K was increased by 50%.

The above equations were derived in a purely empirical manner,
the constants in the equations being determined from best fits to the limi-
ted experimental data. However, during the 1970s, as described in
Section 8, a much fuller understanding of the underlying mechanisms was
emerging and this was having increasing impact on the formulation of the
EDEs. The outcome was a major restructuring of the equations [70], taking
into account the following factors:
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1. There is a need to have specific equations for the elongation of
pressure tubes, as well as diametral strain.

2. It follows that the anisotropy of deformation must be recognized,
requiring a separation of transverse, longitudinal and radial
strain components.

3. Any axial stresses due to compressive end loads generated by tube
elongation must be taken into consideration.

4. Irradiation growth must be explicitly included, in addition to
creep (i.e., the total deformation strain is the sum of the two).

The resulting EDEs for transverse, longitudinal and radial strain
rates were as follows:

exp(-Q/RT) + Gt^ (13a)

exp(-Q/RT) + d 0 (13b)

er = (Cffr + Fffc)K0 exp(-Q/RT) + Gc<j> (13c)

where A, B, C, D, E and F are factors related to creep anisotropy and to
the hoop stress <7t and compressive stress ac due to end loading. Gt, Gi
and Gr are directional growth factors. Numerical values for all parameters
were derived from data fitting for cold-worked Zircaloy-2, cold-worked and
heat-treated Zr-2.5Nb.

In 1979, the EDE was again modified [71], based on the general
formulation contained in Equation (13). However, the following important
changes were incorporated:

1. The creep term was split into three contributions, the first
representing temperature-dependent thermal creep (i.e., that
which would occur even in the absence of irradiation), the other
two consisting of radiation creep, one component being
temperature-dependent and the other, temperature-independent.

2. A single equation was used to represent any stress state (i.e.,
not just applicable to the combination of Ot and ac used in Equa-
tions (13)) and any directional strain. This was achieved by a
more sophisticated treatment of the anisotropy factors.

3. An explicit (and quite complex) temperature dependency was intro-
duced into the radiation growth term.

4. The parameters in the new equation applied only to cold-worked
Zr-2.5Nb pressure tubes.
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The 1979 equation is of the form:

ed = Kiff{
ncS exp(-Qi/RT) (thermal creep term) +

K.20<7fCd[exp(-(h/RT) + K3] (radiation creep term) +

K4^Gd exp(-Q3/RT)/[l + K5 exp(-Q4/RT)] (growth term) (14)

where

Ca is the steady-state rate in direction d:

n is a constant, usually between 1 and 3, depending on tempera-
ture.

ai and Of are effective stresses, which together with the creep
anisotropy factors, c& and Cd, are calculated from a knowledge of
the distribution of the transverse, longitudinal and radial
stress components, together with plasticity anisotropy factors
based on the Von Mises yield criterion. These factors are calcu-
lated from quantitative measurements of the crystallographic
texture (based on X-ray data) and on the assumption that disloca-
tion slip in zirconium is composed of an 80% component on prism
planes and 20% on basal planes.

Gd is the radiation growth anisotropy factor that is calculated
from the crystallographic texture and grain shape, i.e., it is of
the form of Equation (7).

The various strain components in Equation (14) are shown as a
function of temperature in Figure 23. The values of the parameters in the
equation were based mainly on diameter gauging of 4 Pickering pressure
tubes and length-change measurements interpreted using ACCORD [67], supple-
mented by tube gauging in NRU and WR1, together with small-specimen data
(e.g., stress relaxation, growth specimens). The accuracy of the equation
is ±25 to 30% and is applicable over the temperature range 470 to 600 K.

A similar analysis was also used in 1979 to establish the EDEs
for calandria tubes [72]. In this case, separate equations were given for
the principal strains, as follows:

Axial Elongation comprised a steady-state creep and growth compo-
nent, plus an initial transient growth component.

Diameter Changes due to steady-state and transient creep and
growth terms.

Axial Bending (creep sag) and Transverse Bending (creep collapse)
consisting of steady-state creep only (growth does not contribute
to such deformation modes).
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The parameters were estimated from a very limited database ob-
tained from small-specimen growth and stress-relaxation measurements con-
ducted on material from one prototype calandria tube irradiated to low
fluence in NRU.

This was the status of the EDEs up to 1979. The major advances
in the formulation of Equation (14) were the recognition of the separate
constitutive contributions to the overall strain (thermal and radiation
creep, plus radiation growth) and a methodology for handling their aniso-
tropic characteristics. These improvements came about as a result of the
progress in phenomenological and mechanistic understanding of the underly-
ing deformation processes. However, most of the numerical coefficients,
and other parameters, were evaluated from fitting the equations to avail-
able experimental data. This was sometimes done in a somewhat indirect, if
not arbitrary, manner. Thus, for example, there was no independent (di-
rect) information on the growth of cold-worked Zr-2.5Nb- By adjusting the
material creep and growth constants, K1-K5, and activation energies, Q1-Q4,
the deformation equation was forced to fit strain measurements in four
tubes in the Pickering-3 reactor. The equations are not therefore strictly
predictive in nature but are curve fits to what has taken place in the
past. Consequently, the validity of the EDEs can be substantiated over a
reactor operating time period of about 15 years and apply to fuel channels
that have similar textures and microstructures and are operated under
similar conditions (pressure, temperature, flux) to those of Pickering and
Bruce reactors. It was recognized that if the equations were to be predic-
tive over total reactor lifetimes and applicable to future tubes with modi-
fied metallurgy, operating under different reactor conditions, they must be
placed on a more fundamental foundation. This has been the main motivation
for mechanistic studies during the 1980s, as described in Section 9. They
have resulted in interim updates of the EDEs for pressure tubes in 1986
[73] and calandria tubes in 1988 [74]. The general format of these is
similar to that found in Equation (14), but with the following refinements:

1. The thermal creep component was considerably modified (stress and
temperature dependence) as a result of extensive data from the
WR-1 reactor. This accounted for the increase in creep resis-
tance due to radiation hardening.

2. The linear dependence of in-reactor deformation on stress and
flux was substantiated by both experimental data and theoretical
models of the mechanisms. The latter also supported a low acti-
vation energy for growth.

3. A large database for pressure-tube elongation (mainly growth) was
generated for the first time (390 pressure tubes measured over 12
years). Similarly, extensive growth data (up to a fluence equi-
valent of 30 CANDU years) for calandria tubes were available from
small-specimen testing in a high-flux reactor.

4. Improved mechanistic models of growth, based on vacancy loop
growth by anisotropic diffusion (see Section 9.2.2), resulted in
a major revision of the growth anisotropy law, which reverted to
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Equation (6). This was in better agreement with the experimental
data obtained from small-specimen testing.

5. The creep anisotropy factors were revised based on evidence that
dislocation glide occurred primarily on prism and pyramidal
planes.

6. Intergranular interactions were taken into account for the first
time, using the theoretical models explained in Section 9.2.1.
This resulted in a further modification of the creep anisotropy
factors and the introduction of significant transient growth
behaviour in the calandria-tube case.

7. Even in the case where the generation of intergranular stresses
causes a coupling between creep and growth mechanisms, the theory
supports the separable and additive features of the strain rate
terms in the EDEs that are dependent on the applied stress (nomi-
nally creep) and independent of the stress (nominally growth).

8. In addition to the dominant texture effects, other microstructu-
ral features, such as the dislocation density, can be taken into
account. This enables the EDEs to be used to predict the in-
reactor deformation of fuel channels fabricated by modified met-
allurgical routes to improve their properties. However, major
differences in microstructure cannot be accommodated.

Similar to the previous EDEs, the numerical factors in the cur-
rent equations are obtained from fitting to power reactor data on pressure-
tube diameter/length measurement and calandria-tube sag. The new equations
give improved agreement with the distribution of diametral strain in pres-
sure tubes and sag in calandria tubes. An example of the former is shown
in Figure 24. This makes a distinction between the front end and back end
of the extrusion process used during pressure tube fabrication. As a con-
sequence, there is a variation in the microstructure (e.g., dislocation
density) along the length of the tube and a concommitant difference in the
deformation behaviour, particularly with respect to the inlet-outlet orien-
tation of the tube in a power reactor. Figure 24(a) shows that the older
(1979) equation is unable to distinguish between the two tube orientations.
However, the newer (1986) equation plotted in Figure 24(b) contains suffi-
cient microstructural information to predict the effects of fabrication
variables and therefore gives a much improved fit to the two tube orienta-
tions.

12. CONCLUSIONS AND RECOMMENDATIONS

The reactor-maintenance problems that arise directly from fuel-
channel deformation (particularly elongation and sag) have been recently
described by Field [75j. The significant engineering and economic conse-
quences provide ample incentive for accurate predictive capability and
improved materials. Similar remarks apply to the role of radiation damage
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in fracture and corrosion. A key tool towards this end is the development
of the engineering design equation, discussed in Section 11. This is rep-
resented, schematically, in Figure 25, where t represents the component
lifetime when the maximum allowable deformation strain e is reached. To
date, we have assumed that the long-term behaviour (following any initial
transients) follows the linear plot, case A, in reasonable agreement with
the interpolation of the empirical database bounded by DEF. However, there
is always the possibility that the future trend, as extrapolated beyond the
database, will follow case B (longer lifetime) or case C (shorter life-
time). The degree of uncertainty (and therefore risk) becomes greater if

1. our scientific knowledge of the deformation mechanisms is inad-
equate;

2. the database is limited, a situation which is exacerbated if a
new, or modified, fuel-channel material is introduced;

3. the design lifetime target is increased to t'; and

4. the reactor operating conditions (temperature, flux and stress)
are changed (particularly any changes outside our experience or
knowledge base).

A combination of points (2) and (4) leads to an effective com-
pression of the database if the neutron flux is increased in a power reac-
tor (this is an ongoing trend in the CANDU system, e.g., the peak fast flux
in Bruce units is 40% higher than in Pickering). Thus, ii the flux is
doubled, the database (DEF) shown in Figure 25 is halved (to D'E'F'), when
a fluence equivalence is taken into account. The need to extend the data-
base to higher fluence is highlighted in Section 10.

As mentioned above, the linear extrapolation in Figure 25 is
assumed for both the pressure tube and the calandria tube. However, the
phenomenon of growth breakaway, discussed in Section 9.1, has revealed the
possibility of the accelerating behaviour shown as case C. Such behaviour
would result from a change of mechanism, or a microstructural instability,
induced at higher fluences. In the case of annealed Zircaloy-2 (calandria
tube), this would occur if <c>-component dislocation loops were nucleated.
The subsequent enhanced growth of the calandria tubes would cause unaccep-
table displacement of the reactor end-shields. Fortunately, such behaviour
seems to be confined to temperatures above the calandria operating tempera-
ture. However, as we lack knowledge of the <c>-loop nucleation mechanism,
this represents an area of some uncertainty, particularly when one consi-
ders the possibility of calandria-tube lifetime extended to 40 years.

As shown in Section 11, there is a large number of independent
variables and constants in the design equations that must be evaluated from
the database. Fortunately, our phenomenological and mechanistic under-
standing has supported the choice of stress and flux dependencies (both
linear) and the calculation of the crucial anisotropy factors. Howevpr,
the latter is not completely secure. Thus, whereas we can, in principle,
measure the creep properties of an anisotropic material in three orthogonal
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directions, there are four unknowns in the equations required to describe
the deformation fully. To overcome this difficulty, we have to resort to
an assumed proportion of strain contributions on preferred crystallographic
planes (a partitioning of prism and basal slip in the 1979 equations and
prism/pyramidal planes in 1986-88 equations) used in conjunction with the
X-ray measurements of texture. Further mechanistic work is required to
refine this. In addition, an equation based on the concept of separable
deformation components (thermal creep, radiation-induced creep and growth)
seems a reasonable assumption on the basis of known mechanisms, although
recent developments have shown their interdependence. Thus, intergranular
interactions cause creep and growth to be coupled and thermal creep rates
measured out-reactor must be adjusted to account for the hardening that
occurs by radiation damage. The greatest remaining uncertainty resides in
the values of the activation energies and the strain-rate coefficients
(i.e., the Q and K parameters in Equation (14)). We examine these sepa-
rately.

Representing the temperature dependence of deformation through an
exp(-Q/RT) term is supported by the thermally activated mechanisms incorpo-
rated into the rate theory, i.e., the inclusion of Equation (1) in Equa-
tions (4) and (5). The Qs are then linked with the migrational enthalpies
of the vacancies and interstitials. However, as pointed out in
Section 9.2.3, the dearth of information on point-defect properties in
zirconium (possibly modified by impurity effects, Section 9.3) makes an
unequivocal assignment of Q values impossible, even if the controlling
mechanisms were well defined. This means that the values of Q must be
determined empirically, a process thath is not independent of the evalua-
tion of the Ks, in a data-fitting procedure. Further complication arises
if the evolution of the microstructure causes a change in the mechanism
(and therefore a transition to a different Q). An illustrative example of
this is shown in Figure 26. Up to 1980, the assumed temperature dependence
of growth (calandria-tube material in this case) followed the plotted line
in Figure 26 and this was reflected in the pressure-tube design equation,
as shown in Figure 23. Subsequent measurements at higher temperatures
showed that a change in the growth mechanism (to growth breakaway beha-
viour) occurred abruptly, accompanied by very high growth rates. It is
just this kind of finding that underlines the need for caution in the for-
mulation of the EDEs and highlights the requirement for mechanistic under-
standing for reliable extrapolation.

Now we turn to the numerical factors, Ks. These are obtained by
purely empirical methods and represent the greatest weakness of the whole
scheme, reflecting the lack of mechanistic understanding. This is where
the rate-theory approach can make the greatest contribution. In terms of
extracting (empirically) the values of the various Ks (a total of 5; for
example, in Equation (14)) some tautologies have, of necessity, to be ac-
cepted when the final EDE is brought into numerical agreement with actual
power reactor data. This is largely due to the fact that the primary expe-
rimental data (diameter, elongation, sag measurements) contain the additive
contributions from anisotropic growth and creep (both thermal and
radiation-induced), although this situation is ameliorated by data from
small-specimen testing, etc. Using such methods, it is difficult to assess
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that both the anisotropy factors and the numerical constants, for both
creep and growth, are accurately evaluated in an independent manner. In
addition, the interaction of creep and growth enters the analysis in other
ways. Thus, for example, the calandria-tube creep constant is "normalized"
to power reactor data by matching measured fuel-channel sag using the
computer program TUBESAG. In ord_-r to do this, a deformation equation for
the pressure tube has to be assumed and the overall fuel-channel deflection
rate is averaged. Similarly, pressure-tube creep and growth constants are
obtained from axial elongations calculated from in-the-field measurements
using the ACCORD program. The latter requires the calandria tube EDE as
input.

Except for estimates made from power reactor pressure-tube elon-
gation, there are very limited direct data on the growth of cold-worked
Zr-2.5Nb. The most thorough investigation is that due to Fleck et al. [39]
who irradiated small unstressed specimens (i.e., pure growth strains mea-
sured) cut from production pressure tubes. The results are at significant
variance with the EDE. Thus the steady-state growth rate of the specimens
is only 25% of that estimated from pressure-tube elongations. This sug-
gests that the EDE underestimates the creep contribution to elongation,
implying an error in the calculation of the creep anisotropy factors or
creep rates derived from stress relaxation data. Alternatively, the re-
sults may suggest that creep and growth cannot be considered to be simply
additive, or that fluence effects (the small specimens were irradiated in
the Dido reactor) have not been fully taken into account. Whatever the
reason, these growth results (on standard pressure-tube material) throw
doubt on the quantitative, and perhaps qualitative, veracity of the EDE.

Apart from the inherent anisotropy (originating from crystallo-
graphy and texture), the microstructural factors are contained in the K
constants (along with the other rate-theory parameters). These would in-
clude grain size, and phase compositions, dislocations density and morpho-
logy, major alloy and microchemistry effects and the modification of all of
these entities by metallurgical fabrication processes and heat treatments.
In addition, there is the tacit assumption that these microstructural fac-
tors are independent of temperature, stress, flux, fluence and time. In
general (except for some information on the dependence of creep and growth
on dislocation density), these factors are unknown and therefore do not
appear explicitly in the design equations. The fact that we have separate
EDEs for the pressure tube and the calandria tube is a consequence of this
deficiency. In addition, although the equations give a good fit to the
experimental data from which they are derived (indicating only that the
interpolation schemes are properly executed), the capability of predicting
the behaviour of modified materials, which depart (even quite modestly)
from the microstructures of standard components, is inadequate. A prime
example of this would be the Task Group 3, Route 1 pressure tubes,
discussed in Sections 9.1 and 9.2.2. Thus, the pressure tube EDE is unable
to predict the sign of the growth deformation, let alone its magnitude.
Similarly, this equation is unable to predict the in-reactor deformation
behaviour of small internally pressurized tubes (with a metallurgical
structure that departs from standard pressure tubes).
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In order to have a comprehensive design equation (more properly
referred to as the fuel-channel deformation model - FCDM - in what follows)
with the following features:

- minimal empirical parameters,
- maximum micros truetural information,
- predictive over the fuel-channel lifetime,
- tolerant to changes in reactor operating conditions, and
- applicable to improved materials and modified designs,

the deformation models must be mechanistically based. Their development
will be evolutionary (as indeed they have been to this point of time),
being updated as our knowledge base advances. As they will derive from an
understanding of radiation damage in general, they will find application in
the fields of in-reactor fracture, corrosion and hydriding, as well as
component deformation. In this respect, the models will recognize the key
feature that the fuel channel is an in-reactor structural component. With
Figure 27 as a guide, we can summarize the present status of this goal and
outline future requirements. This figure breaks down the FCDM into its
constituent parts, with an indication of the dimensional scale of its ar-
chitecture:

Box A: Point-Defect Properties

As explained in Section 9.2.3, point-defect data are largely
unavailable for zirconium. It has been pointed out [55] that a supply of
high-purity zirconium is required for this to be rectified. We should
increase our efforts to develop methods to produce such material. In addi-
tion to other experimental techniques being currently used, low-temperature
HVEM experiments should be pursued to obtain vacancy and interstitial data:
recent attempts show considerable promise.

Because of the intrinsic experimental difficulties in this area,
it is unlikely that all point-defect parameters will be measured in the
near term. Best-effort estimates will be required based on computer simu-
lation models and the extant literature. (In this regard, it is encourag-
ing to note that worldwide scientific interest is currently being directed
toward hexagonal crystals, a departure from the traditional attention given
to the cubic metals.)

An important item in this element of the program is to determine
the number of vacancies and interstitials produced by each neutron-induced
collision cascade. Although methods have been developed to do this, arbi-
trary assumptions regarding the point-defect recombination efficiency are
being addressed through a collaborative research program with other coun-
tries.

Box B: Creep and Growth Mechanisms

The main body of the report has described the impressive progress
made in this area, particularly with respect to growth processes. Before
such information can be inserted into the FCDM, experimental effort must be
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directed toward the selection of those mechanisms that dominate in
zirconium. Such experiments will be of a "fundamental" nature, probably
employing continuous strain-measurement techniques, such as uniaxial in-
reactor creep machines and accelerator simulation facilities. Electron
microscopy will play a vital role and should be expanded to dynamic
irradiation experiments in a HVEM.

Currently, the development of growth mechanisms has enjoyed the
greater success and these have made a considerable impact on the design
equations. More emphasis is now required on the creep mechanisms. In
order to place both the creep- and growth-rate equations on a quantitative
footing, better point-defect data (Box A) are required.

Box C: Single-Crystal Model

At this scale of dimension, we are now asking the question, "How
do the proposed mechanisms for creep and growth express themselves on vari-
ous crystallographic planes, to result in a given shape change of each
individual grain?" We currently have a better answer for growth than for
creep. From an experimental point of view, we might take the approach of
making measurements on stressed (creep) and unstressed (growth) single
crystals; however, these are not available for the commercial alloys.
Another, more practical, approach is to extract the single-crystal informa-
tion from tests on polycrystalline specimens. An analytical method [42]
has been devised for doing this.

Box D; Polycrystalline Model

This has been the area of most significant progress to date. The
grain-grain interactions, the relaxation of intergranular stresses and its
relationship to the crystallographic texture, have been a notable achieve-
ment (Section 9.2.1). This has yielded improved anisotropy factors, which
have had a dramatic impact on the design equations. The remaining chal-
lenge is to combine the best features of the analytical and numerical ap-
proaches, to obtain a fully self-consistent scheme.

The general success in this area has enabled the maximum informa-
tion (and mechanistic understanding) to be extracted from small specimen
and power reactor deformation data, these being polycrystalline in nature.

Box E: Component Model

Developments in this area are also at an advanced state. We are
now at the engineering level, where the global distortions of components
and component assemblies can be modelled. This includes the mechanical
interaction between pressure tubes, calandria tubes, end-shields, etc.
Computer programs such as TUBESAG and ACCORD provide this capability.
These link the polycrystalline models to the actual physical measurements
taken at the reactor site. It is this final element of the program that
contains the full FLDM. The only anticipated refinement in this area will
be a more comprehensive elastic-plastic finite-element analysis.
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The overall goal represented by Figure 27 is realistically
achievable. Its time scale will be a function of the available manpower
and other resources. Assuming a status quo scenario, a reasonable estimate
is 10 to 15 years. This corresponds to the time period where it is judged
there will be a resurgence of power reactor construction in Canada and the
rest of the world. At such a time, the deformation model will be required
to serve tens of thousands of fuel channels.

REFERENCES

1. R. Dutton, "The Role of Strain Locali2ation in the Fracture of
Irradiated Pressure Tube Material," Atomic Energy of Canada
Limited Report, AECL-9930/COG-89-31 (1989).

2. V.F. Urbanic, B.D. Warr, A. Manolescu, C.K. Chow and M.W.
Shanahan, "Oxidation and Deuterium Uptake of Zr-2.5Nb Pressure
Tubes in CANDU-PHW Reactors," in Proceedings of the 8th
International Symposium on Zirconium in the Nuclear Industry, San
Diego, 19-23 June 1988 (in preparation).

3. C.H. Woo, "Neutron-Induced Displacement Damage Analysis (with
Particular Reference to Zirconium)," Atomic Energy of Canada
Limited Report, AECL-6189 (1978).

4. R. Bullough and M.H. Wood, "Mechanisms of Irradiation Induced
Creep and Growth in Zirconium," J. Nucl. Mater. 2Q_, 1 (1980).

5. J.R. Matthews and M.W. Finnis, "Irradiation Creep Models - An
Overview," J. Nucl. Mater. 15_9_, 257 (1988).

6. R.A. Holt, "Mechanisms of Irradiation Growth of Alpha-Zirconium
Alloys," J. Nucl. Mater. 15_9_, 310 (1988).

7. H. Wiedersich, "On The Theory of Void Formation During
Irradiation," Radiat. Eff. 12, H I (1972).

8. R. Bullough, B.L. Eyre and K. Krishan, "Cascade Damage Effects on
the Swelling of Irradiated Materials," Proc. Roy. Soc. A346, 81
(1975).

9. G.W. Lewthwaite, "Irradiation-Creep During Void Production," J.
Nucl. Mater. 46, 324 (1973).

10. P.T. Heald and M.V. Speight, "Steady-State Irradiation Creep,"
Phil. Mag. 21, 1075 (1974).

11. W.G. Wolfer and M. Ashkin, "Diffusion of Vacancies and
Interstitials to Edge Dislocations," J. Appl. Phys. 4JZ, 791
(1976).



- 46 -

12. R. Bullough and M.R. Hayns, "Irradiation-Creep Due to Point
Defect Absorption," J. Nucl. Mater. 52, 348 (1975).

13. C.H. Woo, "Effects of an Anisotropic Dislocation Structure on
Irradiation Creep Due to Stress-Induced Preferred Absorption of
Point-Defects," J. Nucl. Mater. S0_, 132 (1979).

14. C.H. Woo, "Irradiation Creep Due to Stress-Induced Preferred
Absorption of Point Defects in Zirconium Single Crystals," in
Effects of Radiation on Structural Materials, J.A. Sprague and D.
Kramer, eds., ASTM STP 683, 640 (1979).

15. C.H. Woo, "Irradiation Creep Due to SIPA-Induced Growth," Phil.
Mag. 42, 551 (1980).

16. J.H. Gittus, "Theory of Dislocation-Creep Due to the Frenkel
Defects or Interstitials Produced by Bombardment with Energetic
Particles," Phil. Mag. 23., 345 (1972).

17. G. Martin and J.P. Poirier, "Considerations sur la Relation Entre
le Fluage sous Irradiation et les Dommages Crees par
l'Irradiation en l'Absence de Contrainte," J. Nucl. Mater. 12, 93
(1971).

18. M. Wiedersich, "Relation Between Void Formation, Irradiation
Creep and Irradiation Growth," in Proceedings of the
International Conference on Physical Metallurgy of Reactor Fuel
Elements, Metals Society, London, p. 142 (1975).

19. C.C. Dollins and F.A. Nichols, "Mechanisms of Irradiation Creep
in Zirconium-Base Alloys," in Proceedings of the Symposium on
Zirconium in Nuclear Applications, ASTM STP 551, p. 229 (1974).

20. L.K. Mansur and T.C. Reiley, "Irradiation Creep by Dislocation
Glide Enabled by Preferred Absorption of Point Defects - Theory
and Experiment," J. Nucl. Mater. 9_0_, 60 (1979).

21. C.H. Woo, "Irradiation Creep Due to Climb-Induced Glide in an
Anisotropic Dislocation Structure," J. Nucl. Mater. 9_8_, 295
(1981).

22. S.N. Buckley, "Irradiation Growth," Properties of Reactor
Materials and Effects of Irradiation Damage, Butterworths, London
p. 413 (1962).

23. P.M. Kelly, "Irradiation Growth in Zirconium," in Proc. on
Physical Metallurgy of Fuel Elements, Metals Society, London, p.
123 (1975).

24. G.J.C. Carpenter and D.O. Northwood, "The Contribution of
Dislocation Loops to Radiation Growth and Creep of Zircaloy-2,"
J. Nucl. Mater. £6_, 260 (1975).



- 47 -

25. D. Fainstein-Pedraza, E.J. Savino and A.J Pedraza, "Irradiation
Growth of Zirconium-Base Alloys: Part I". J. Nucl. Mater. 23., 151
(1978).

26. R.A. Holt and E.F. Ibrahim, "Factors Affecting the Anisotropy of
Irradiation Creep and Growth of Zirconium Alloys," Acta Met. 27,
1319 (1979).

27. S.R. MacEwen and G.J.C. Carpenter, "Calculations of Irradiation
Growth in Zirconium," J. Nucl. Mater. 9_Q, 108 (1980).

28. G.V. Kidson, "Vacancy-Interstitial Recombination Coefficients in
Radiation-Induced Growth Models," J. Nucl. Mater. U S , 115
(1983).

29. E.J. Savino and C.E. Laciana, "Radiation Induced Creep and Growth
of Zirconium Alloys," J. Nucl. Mater. 9_Q, 89 (1980).

30. H. Wiedersich and S.R. MacEwen, "Solute Effects on Radiation-
Induced Creep and Growth," J. Nucl. Mater. 9J2, 157 (1980).

31. A.R. Causey, F.J. Butcher and S.A. Donohue, "Measurement of
Irradiation Creep of Zirconium Alloys Using Stress Relaxation,"
J. Nucl. Mater. 15_9_, 101 (1988).

32. V. Fidleris, "The Irradiation Creep and Growth Phenomena," J.
Nucl. Mater. 15_9_, 22 (1988).

33. V. Fidleris, R.P. Tucker and R.B. Adamson, "An Overview of
Microstructural and Experimental Factors that Affect the
Irradiation Growth Behaviour of Zirconium Alloys," in Proceedings
of the Conference on Zirconium in the Nuclear Industry, ASTM STP
939, p. 49 (1987).

34. A. Rogerson, "Irradiation Growth in Zirconium and its Alloys," J.
Nucl. Mater. 15_9_, 43 (1988).

35. R.A. Murgatroyd and A. Rogerson, "An Assessment of the Influence
of Microstructure and Test Conditions on the Irradiation Growth
Phenomenon in Zirconium Alloys," J. Nucl. Mater. 9J2, 240 (1980).

36. R.A. Murgatroyd and A. Rogerson, "Irradiation Growth in Zirconium
and its Alloys," in Proceedings of the Conference on Dimensional
Stability and Mechanical Behaviour of Irradiated Metals and
Alloys, British Nuclear Energy Society, London p. 93 (1984).

37. R.A. Holt and R.W. Gilbert, "<c> Component Dislocations in
Annealed Zircaloy Irradiated at about 570 K," J. Nucl. Mater.
137. 185 (1986).

38. M. Griffiths and R.W. Gilbert, "The Formation of c-Component
Defects in Zirconium Alloys During Neutron Irradiation," J. Nucl.
Mater. 15J}, 169 (1987).



- 48 -

39. R.G. Fleck, R.A. Holt, V. Perovic and J. Tadros, "Effects of
Temperature and Neutron Fluence on Irradiation Growth of
Zr-2.5Nb," J. Nucl. Mater. 15.2, 75 (1988).

40. S.R. MacEwan and C. Tome, "Residual Stresses in Textured
Zirconium Alloys," in Proceedings of the International Conference
on Zirconium in the Nuclear Industry, ASTM STP 939, p. 631
(1987).

41. R.A. Holt, and A.R. Causey, "The Effects of Intergranular
Constraint on Irradiation Growth of Zircaloy-2 at 320 K," J.
Nucl. Mater. 15_Q_, 306 (1987).

42. C.H. Woo, "Polycrystalline Effects on Irradiation Creep and
Growth in Textured Zirconium," J. Nucl. Mater. H I , 105 (1985).

43. C.H. Woo, "Effects of Intergranular Interaction on the Anisotropy
of Irradiation Creep and Growth in Zirconium," in Proceedings of
the International Conference on Materials for Nuclear Reactor
Core Application, Vol. 1, British Nuclear Energy Society, London,
p.65 (1987).

44. C.H. Woo, "Effects of Anisotropic Diffusion on Irradiation
Deformation," in Radiation-Induced Changes in Microstructure,
Proceedings of the 13th International Symposium, F.A. Garner,
N.H. Packon and A.S. Kumar, eds., ASTM-STP 955, p. 70 (1987).

45. R. Bullough, M.R. Hayns and C.H. Woo, "The Sink Strength of
Dislocation Loops and Their Growth in Irradiated Materials," J.
Nucl. Mater. M, 93 (1979).

46. C.H. Woo, "The Sink Strength of a Dislocation Loop in the
Effective Medium Approximation," J. Nucl. Mater. 2S, 279 (1981).

47. C.H. Woo, "Intrinsic Bias Differential Between Vacancy Loops and
Interstitial Loops," J. Nucl. Mater. 1Q1, 20 (1982).

48. C.H. Woo and E.J. Savino, "Stress-Induced Preferred Absorption
Due to Saddle-Point Anisotropy: The Case of an Infinitesimal
Dislocation Loop," J. Nucl. Mater. H £ , 17 (1983).

49. B.C. Skinner and C.H. Woo, "Shape Effect in the Drift Diffusion
of Point Defects into Straight Dislocations," Phys. Rev. B. 20.,
3084 (1984).

50. C.H. Woo and U. Gosele, "Dislocation Bias in an Anisotropic
Diffusive Medium and Irradiation Growth," J. Nucl. Mater. 119,
219 (1983).

51. C.H. Woo, "Theory of Irradiation Deformation in Non-Cubic Metals:
Effects of Anisotropic Diffusion," J. Nucl. Mater. 152, 237
(1988).



- 49 -

52. M. Griffiths, "A Review of Microstructure Evolution in Zirconium
Alloys During Irradiation," J. Nucl. Mater. 152, 190 (1988).

53. R.A. Holt and R.G. Fleck, "The Effect of Temperature on the
Irradiation Growth of Cold Worked Zr-2.5Nb," in Proceedings of
the International Conference on Zirconium in the Nuclear
Industry, San Diego, 1988 (in preparation).

54. C.H. Woo, "Irradiation Creep Due to Elastodiffusion," J. Nucl.
Mater. 12Q, 55 (1984).

55. G.M. Hood, "Point Defect Diffusion in a-Zr," J. Nucl. Mater. 159,
149 (1988).

56. W. Frank, "Intrinsic Point Defects in Hexagonal Close-Packed
Metals," J. Nucl. Mater. 152, 122 (1988).

57. D.J. Bacon, "A Review of Computer Models of Point Defects in HCP
Metals," J. Nucl. Mater. 15.2, 176 (1988).

58. C.H. Woo and M.P. Puls, "PODSIP: A Computer Program for the
Evaluation of Point-Defect Properties in Metals," Atomic Energy
of Canada Limited Report, AECL-8392 (1985).

59. A.A. Bahurmuz and C.H. Woo, "The Multi-Scattering-Xa Method for
Analysis of the Electronic Structure of Atomic Clusters," Atomic
Energy of Canada Limited Report, AECL-7798 (1984).

60. R. Dutton, "General Discussion of Creep and Growth Mechanisms:
Their Theoretical and Practical Implications," J. Nucl. Mater.
159, 339 (1988).

61. M. Griffiths, R.W. Gilbert and G.J.C. Carpenter, "Phase
Instability, Decomposition and Redistribution of Intermetallic
Precipitates in Zircaloy-2 and -4 During Neutron Irradiation," J.
Nucl. Mater. 15£>, 53 (1987).

62. V. Fidleris, I.R. Emmerton and R.D. Delaney, "An In-Reactor Creep
Machine for High Flux Applications," J. Phys. E: Sci. Instrum. 5_»
442 (1972).

63. J.R. Parsons and C.W. Hoelke, "The Creep and Growth of Zirconium
Alloys as Determined from the Bending of Ion Irradiated
Cantilever Beams," J. Nucl. Mater. 152, 351 (1988).

64. R. Dutton and C.S. Lim, "The Use of Accelerator Techniques to
Study Irradiation Damage," Can. Met. Quart. 25, 169 (1986).

65. R.G. Sauve, N. Badie and R.A. Holt, "Simulation of Fuel Channel
Creep Response in CANDU Nuclear Reactors," in Proceedings of the
Conference on Structural Mechanics in Reactor Technology,
Anaheim, California, 1989 (in press).



- 50 -

66. A.R. Causey, A.G. Norsworthy and C.W. Schulte, "Factors Affecting
Creep Sag of Fuel Channels in CANDU-PHW Reactors," Can. Met.
Quart. 2A, 207 (1985).

67. S.R. MacEven and A.R. Causey, "Analysis of the Interaction of
Fuel Channels with the End Shields in CANDU Reactors," Nucl.
Technol. 44, 118 (1979).

68. R.A. Holt, N. Badie and S. Unterbergs, "Model for the Spread of
Contact Between Pressure Tube and Calandria Tube," in Proceedings
of the Conference on Structural Mechanics in Reactor Technology,
Anaheim, California, 1989 (in press).

69. P.A. Ross-Ross and C.E.L. Hunt, "The In-Reactor Creep of Cold
Worked Zircaloy-2 and Zirconium-2.5 wtX Niobium Pressure Tubes,"
J. Nucl. Mater. 26, 2 (1968).

70. E.F. Ibrahim and R.A. Holt, "Anisotropy of Irradiation Creep and
Growth of Zirconium Alloy Pressure Tubes," J. of Nucl. Mater. 21,
311 (1980).

71. R.A. Holt, A.R. Causey and V. Fidleris, "Correlation of Creep and
Growth of Pressure Tubes with Operating Variables and
Microstructure," in Dimensional Stability and Mechanical
Behaviour of Irradiated Metals and Alloys, British Nuclear Energy
Society, London, p. 175 (1983).

72. A.R. Causey, V. Fidleris and P.A. Ross-Ross, unpublished work.

73. A.R. Causey, V. Fidleris, S.R. MacEwen and C.W. Schulte, "In-
Reactor Deformation of Zr-2.5Nb Pressure Tubes," in Influence of
Radiation on Material Properties, Proceedings of the 13th
International Symposium, F.A. Garner, C.H. Henager and N. Igata,
eds., ASTM-STP 956, p. 54 (1987).

74. A.R. Causey, V. Fidleris and R.A. Holt, unpublished work.

75. G.J. Field, "Problems Caused by Irradiation Deformation in CANDU
Reactors," J. Nucl. Mater. 15_9_, 3 (1988).



- 51 -

(a)

INCIDENT
ENERGETIC •
PARTICLE

PERFECT LATTICE

DEFECTED LATTICE:

V = VACANCY

I = INTERSTITIAL

FIGURE 1: The Production of Point Defects by Irradiation, (a) An
energetic particle collides with one atom of the perfect
crystal lattice (the equilibrium lattice positions are depicted
by solid circles), (b) The atom is displaced to a non-
equilibrium interstitial position (I), leaving a vacant lattice
site (V) behind.



FIGURE 2: (a) Collision Sequence of the Neutron (•) Producing the Primary
Knock-on Atom (1) That Creates Vacancies (o) and Interstitials
( + ). (b) The final configuration of the cascade.
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FIGURE 3: The Grain Structure of Polycrystalline Material, (a) Cold-
worked Zr-2.5Nb (pressure-tube material), showing elongated a
grains surrounded by a /f-phase network, (b) Equiaxed a-grain
structure in annealed Zircaloy-2 (calandria-tube material). In
(a) and (b) the arrows depict preferred crystallographic
orientations (non-random) of the a grains.
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FIGURE 4: Transmission Electron Micrographs Showing Dislocations in
Zircaloy-2. (a) Annealed at 1070 K, and example of a very lov
dislocation density (the arrowed features are not dislocations,
but surface hydrides), (b) Annealed at 1070 K, followed by cold
working to a strain of 3.52. The latter has increased the
dislocation density (the dislocations are arrowed to distinguish
them from a background of hydrides and other precipitates).
Photomicrograph provided by M. Griffith.
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FIGURE 5: The Motion of an Edge Dislocation and the Production of a Unit
Step of Slip (a Shear Strain) at the Surface of the Crystal,
(a) An edge dislocation in the lattice of a crystal, (b) The
dislocation has moved one lattice spacing under the action of a
shearing force, (c) The dislocation has reached the edge of the
crystal and produced unit slip.
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FIGURE 6: Figure 4 in Block Diagram Format, (a) A dislocation CD (with

associated extra half plane of atoms ABCD) has moved (left to
right) part way along the slip plane EFGH, which is subjected to
a shear stress, (b) The dislocation has exited on the right-
hand surface. The crystal is now fully sheared (plastic strain),
as represented by the Burgers vector, b.
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FIGURE 7: Transmission Electron Micrograph of Voids in Pure Zirconium.
The material was irradiated at 725 K to a fluence of
7.7 x 1025 n»m'2. Photomicrograph provided by R.C. Styles.
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FIGURE 8: Plastic Strain Produced by Point-Defect Absorption at Grain
Boundaries, (a) A cluster of four equiaxed (square) grains.
When interstitials are deposited on grain boundaries A and
vacancies on grain boundaries B, the polycrystalline assembly
elongates, as shown in (b).
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FIGURE 9: Climb of an Edge Dislocation CD. The extra half plane ABCD in
(a) is shown in (b). If interstitials are absorbed along CD, the
extra half plane is extended by the addition of atoms (c) and the
dislocation climbs downward. If vacancies are absorbed, the
dislocation climbs upward by the removal of atoms (d).
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FIGURE 10: Plastic Strain (Indicated by the Arrows) Produced by a Climbing

Dislocation. In (a), the dislocation is climbing downward by
interstitial absorption, producing an elongation strain of the
lattice as the extra half plane extends. In (b) the dislocation
is climbing upwards by vacancy absorption, causing the lattice
to contract.
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FIGURE 11: Plastic Strain Produced by the Climb and Glide Mechanism.
(a) The dislocation (indicated by an inverted T) has moved from
left to right and is held up in its glide plane by a
precipitate: shear strain ceases, (b) Climb has occurred to
raise the dislocation to a new glide plane, free of the
precipitate: shear strain resumes.
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FIGURE 12: Transmission Electron Micrograph of Dislocation Loops in
Irradiated Pure Zirconium, (a) Small loops generated at low
fluence (approximately equivalent to 7 x 102 nm 2) by 3.5-MeV
protons at 570 K. (b) Larger loops generated at higher fluence
(1.9 x 1025 nm"2) in a fast neutron flux at 740 K. Photomicro-
graphs provided by R.C. Styles.
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FIGURE 13: Plastic Strain Produced by Dislocation Loop Formation, (a) A
dislocation loop positioned in a zirconium grain, (b) Cross
sectional view of a vacancy-type loop, producing a contraction
of the lattice, as indicated by the arrows, (c) Cross-sectional
view of an interstitial-type loop, producing an elongation of
the lattice.
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FIGURE 14: The Hexagonal-Close-Packed Crystal Structure of Zirconium,
(a) Exploded view of the packing of spherical atoms (in two
types of layers, A and B). (b) Assembled view of the packing,
(c) The hexagonal packing geometry which results.
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FIGURE 15: Schematic Representation of the Hexagonal Crystallography of
Zirconium (cf. Figure 13). (a) The major crystallographic
directions, <a> and <c>. (b) The basal plane of the crystal,
(c) The prism plane of the crystal.



- 66 -

0.4

4 6

Fast Fluence rVm2 E>1 Mev

10X10

FIGURE 16: Schematic Diagram Showing the Growth of Annealed Zircaloy in the
Longitudinal Direction as a Function of Temperature
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FIGURE 17: Radiation Growth in Annealed Zircaloy at 550-580 K, Showing the
Evolution of <c>-Component Dislocations, Causing Growth
A—^i^-^n,,., -* » m.. « <v/. ., ir>25 — - 2 ^f r o m Reference 37)Acceleration at a Fluence >4 x 10 nm
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FIGURE 18: Schematic Plot of Radiation Growth Behaviour in Annealed and
Cold-Worked Material
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FIGURE 19: The Effect of Various Mechanical and Thermal Treatments on the
Radiation Growth of Longitudinal Specimens of Zircaloy-2 at
330 K (from Reference 32)
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FIGURE 20: Radiation Growth of Annealed Zircaloy (Longitudinal Direction)
at 370 K, Showing the Effect of Texture and Internal Stresses
(Thermally Induced During Heat Treatments), (a) Experimental
results, (b) Calculated values (from Reference 33).
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FIGURE 21: The Development of Growth-Induced Intergranular Stresses in
Polycrystalline Material, (a) The pre-irradiated situation,
where the arrows indicate the <c> direction of each grain,
(b) The change in shape of each grain during irradiation is
indicated by the set of arrows: radiation growth causes con-
traction in the <c> direction and elongation in the <a>
direction. The incompatibility of such strains causes
intergranular stresses (tensile across some grain boundaries,
compressive across others) to develop.
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FIGURE 22: The Role of Anisotropic Diffusion in Deformation, (a) The dif-
fusional anisotropy of interstitials (enhanced in the <a> direc-
tion) and vacancies (enhanced in the <c> direc'i-.n) is indicated
by the set of arrows (whose length is proportional to relative
mobility), (b) The shape change of a crystal resulting from
(a), (c) A dislocation AB orientated (angle 9 to the <a> direc-
tion in the diffusional field of (a).
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FIGURE 23: The Components of the Transverse (Diameter Increase) Strain Rate
of Zr-2.5Nb Pressure Tubes (Pickering 3-4) as a Function of
Temperature. Neutron flux is 2.4 x 1017 n'm"1, stress is
114 MPa hoop and 55 MPa axial.
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FIGURE 24: Measured and Predicted In-Reactor (Power Reactor) Diametral
Strain Rates (et) as a Function of Distance along the Pressure
Tube, (a) shows the fit to the old (i.e., 1979) equation [71],
(b) shows the fit to the new (i.e., 1986) equation [73].
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FIGURE 25: Schematic Plot of the Design Equation, Showing Alternative
Extrapolations (Curves A, B and C) Beyond the Database (DEF).
The component lifetime, t, is determined by the maximum
allowable plastic strain (creep plus growth), e.



- 76 -

03

C\J

o
X

CM

Q.

•§ o i

6
0

0
o

o o

%
oo

Previously assumed
temperature dependence

300 400 500 600
Temperature (K)

700

FIGURE 26: The Effect of Temperature on the Growth of Annealed Zircaloy-2
(Calandria Tube Material), Showing the Temperature Dependence
Assumed Prior to 1980 (Plotted Line) and the Subsequent Measure-
ments (Open Circles) at Variance with This (from Reference 33)
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FIGURE 27: The Major Contributing Elements (Boxes A-E) of a Mechanistically Based Fuel-Channel
Deformation Model. The progressive size scale of the model components is indicated
(x is a characteristic length dimension).
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