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Preface

The third MRS Symposium focussing on defects in materials provided a lively
forum for the discussion of investigative techniques and the physical phenomena
associated with electronic and structural defects in condensed matter. The sympo-
sium featured both contributed and invited papers presented in oral and poster
sessions, including an atomic level imaging session held jointly with a related sym-
posium on High Resolution Electron Microscopy. This book contains 89 of the 101
papers presented in this symposium, representing contributions from 12 countries
in addition to Canada and the United States.

Substantial progress is being made in understanding the structure of displace-
ment cascades in irradiated materials and in quantifying their influence on phase
transformations and phase stability in materials subjected to radiation fields.
Diffraction as well as field-ion and conventional microscope measurements are
providing direct information on the internal structure and thermal evolution of
displacement cascades; thus making it possible to carry out direct comparisons of
cascade observations and phase stability of alloys under particle irradiation condi-
tions with numerical cascade simulations and theoretical formulations.

Impressive progress continues to be made in the investigation of natural and
synthesized interfaces and grain boundaries in materials. Chemically sensitive
scanning transmission electron microscopy (STEM) with atomic resolution was
demonstrated in semiconductors and high Tc superconductors, as was chemical
sensitive scanning tunneling microscopy (STM) of metallic overlayers on semicon-
ductors. Combined with continued progress on conventional high resolution elec-
tron microscopy (HREM) and x-ray diffraction investigations, the structure and
physical phenomena associated with grain boundaries, interfaces, and thin films are
being probed with ever increasing detail and precision in semiconductors, metals,
insulators, superconductors, heterostructures, and other synthetic layered materials.

The thrust of symposia such as these is to highlight the development of new in-
vestigative techniques as well as to promote discussion of underlying physical phe-
nomena. This association serves to stimulate the application of new techniques in
characterizing and more fully analyzing the structure and microstructure of mate-
rials. In turn, this information and understanding provides an opportunity for
application and controlled use of specific microstructural effects to achieve desired
results for technological applications.

Bennett C. Larson
Manfred Riihle
David N. Seidman

April 1989
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ATOM TRANSPORT AND PHASE SEPARATION' IN IRRADIATED Cu-Ni-Fe ALLOYS

HEINRICH J. WOLLENBERGER

Hahn-Meitner-Institut Ber l in , Glienicker Str . 100, 1000 Berl in 39, Germany

ABSTRACT

Radiation-induced atom transport controls phase stability under irra-
diation. Quantitative understanding of the latter phenomenon requires mea-
surement of all relevant components of atom transport as well as of all
quantities which characterize the concurrent phases. These requirements can
be met for sufficiently simple systems. The paper gives an overview on stu-
dies by means of electron microscopy, field ion microscopy with atom probe,
small angle neutron scattering, and diffusion coefficient measurements by
depth profiling with dynamical secondary ion mass spectroscopy, all for
samples irradiated with electrons, protons or heavy ions of Cu-Ni-Fe.

Evaluation of the data revealed detailed insights into the counterac-
tion of precipitate dissolution by atomic mixing and re-precipitation by
radiation-enhanced interdiffusion as well as into the evolution path of
phase changes. In Cu-Ni-Fe the interstitial transport mechanism changes the
tie-line for the alloy decomposition substantially when compared with the
unirradiated case. Proton irradiation to fluences above 0.1 dpa indicate
evolution of long-range composition fluctuations superimposed on the peri-
odically decomposed two-phase structure. The obtained information show the
importance of a combined application of microscopic, diffraction, and
direct methods for atomic transport measurements.

1. Introduction

The stability of alloy phases under irradiation has been treated in
the literature in view of its various aspects [1]. In general, the radia-
tion-induced steady state of coexisting phases may be controlled by atom
transport mechanisms and defect reactions being specific for each given al-
loy system. The question seems yet to be open whether a few fundamental
processes may dominate in controlling the steady state of many systems or
system specific reactions are more important. The present paper sketches
the way towards an answer with respect to the role of the fundamental pro-
cesses. Do we quantitatively understand the steady state of phase mixtures g
observed under irradiation in terms of our knowledge of fundamental irra- r-
diation effects? The attempt is made for Cu-Hi-Fe alloys, which decompose m
when thermally activated into two very similar coherent fee phases [2-5]. g
Irradiation with Cu+ ions at sufficiently low temperatures dissolves the m
precipitates and, hence, restores the one-phase solid solution. The two- „
phase structure occurs only within an intermediate temperature interval m

[2.6].

The two fundamental processes effecting the mass transport under "g
irradiation are the atomic mixing due to recoil impact and thermal spike «=
activation and the radiation-enhanced diffusion. The atomic mixing quoted "*
here is observed at low irradiation temperatures such that thermally acti- |-*
vated defect migration outside the cascade volume is suppressed. Can the
shape of the radiation altered miscibility gap of the Cu-Ni-Fe alloys quan- 2,
titatively be explained solely by the two mechanisms or must defect and ^
atomic reactions be invoked, which are specific for the alloy considered? M.



Fig. 1: FIM images for Cu-48.atSNi-Sat.XFe annealed at 773 K for 1 h (a),
10 h (b), 100 h (c) and 1000 h (d). Bright contrast indicates Ni-
rich phase.

The question was studied by determining all the required data on dif-
fusion coefficients, steady state phase boundaries and morphologies. The
detailed results hove been described in ref. [6], In the following, the
main points are gathered with emphasis on showing the use of various com-
plementary methods of analysis in order to arrive at the minimum data set
necessary for answering the above quoted questions.

2. Radiation-Induced Closure of the Miscibility Gap towards Lower Tempera-
tures

The Cu-Ni-Fe alloys of the selected compositions decompose below 900 K
into two coherent fee phases. Figs. 1 and 2 show FIM images and SANS curves
for given states of ageing. As a measure for the precipitate size we use
the wavelength x of the periodic arrangement of the two phases forming
{100} planes. Fig. 3 shows the time evolution of this quantity for thermal-
ly aged and for p+-irradiate-J samples at the given temperature. The enhan-
cement of the coarsening rate is obvious. Such measuretnents were performed
at different temperatures. From the well-known interdiffusion coefficient
governing the coarsening of these alloys and data as in Fig. 3, the radia-
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Coarsening as measured by the decomposition wave length \ for pro-
ton irradiated (open symbols) and aged ( fu l l symbols) Cu-Ni-Fe a l -
loys with the compositions l ike in f i g . 1 (triangles) and in f i g .
2 (squares). The data taken at different temperatures are scaled
to 623 K [6 ] .

Interdiffusion coefficient for Cu-Ni-Fe alloys with 8at.%Fe ( t r i -
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(a)

Fig. 5: TEM images of the alloy as in fig. 1 aged at 773 K (a) and subse-
quently irradiated at 673 K with 300 keV Cu+ ions to 0.5 dpa (b).
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Fig. 6: Map of stabi l i ty tests for the decomposed alloy with Sat.SFe (see
f ig . 1). Full symbols indicate no detectable irradiation in f lu -
ence, open ones precipitate dissolution after 300 keV Cu+ ion i r -
radiation to 0.5 dpa. Ordinate represents recoil rate for primary
knock-ons above 4 keV.

Fig. 7: Dependence of the primary displacement rate c r i t i ca l for precipi-
tate dissolution on decomposition wave length for the alloy con-
taining Sat.fcFe (see f i g . 1) at 673 K.

tion-enhanced interdiffusion coefficient shown in Fig. 4 was derived. The
question of the defect annihilation regime was studied by measuring the
dependence of the interdiffusion coefficient on the displacement rate. An
approximate square root dependence was found indicating recombination to
dominate. For the 2 MeV p+-irradiation and the actual sink density, atomic
mixing can be neglected with respect to radiation-enhanced diffusion. Cor-
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respcndingly, the precipitate dissolution rate can be neglected with regard
to the precipitate formation and coarsening. Even at the lowest investiga-
ted temperatures and for the highest applied fluences, p+-irraaiation-in-
duced precipitate dissolution could not be observed.

The situation is different for 300 keV Cu+ ion irradiation for which
the fixing coefficient normalized to the displacement rate as well as the
displacement rate itself are much larger than those for the p+-irradiation.
Consequently, dissolution can be observed at sufficiently low temperatures
(Fig. 5). Fig. 6 gives the map of results from test irradiations in the
displacement rate versus 1/T plot. The rate on* represents the primary
collision rate for recoil energies above 4 kev, which is taken as the cas-
cade production rate effective for precipitate dissolution. The straight
line marks the steady state phase boundary according to model calculations
[7] as fitted to the data. For the quantitative explanation of the boundary
in Fig. 6, in addition to the interdiffusion coefficient (Fig. 5), the mix-
ing coefficient responsible for the precipitate dissolution must be known.
It is derived from direct diffusion coefficient measurements. They have
been performed by dynamical SIMS analysis of diffused samples starting
with a thin tracer layer embedded within a single crystal [3,9],

Comparison of the interdiffusion coefficient and the mixing coeffi-
cient at the phase boundary in Fig. 6 yields the former to be larger by a
factor of 14 or more (depending on the irradiation conditions and the pre-
cipitate size) than the latter. Such a relationship contradicts the as-
sumption of a spatially homogeneous mixing rate [10] instead of the very
lccalized precipitate dissolution within the cascade volume. The observed
factors, however, are explained by a model, which takes into account this
kind of precipitate dissolution and the restoration of the dissolved re-
gion by radiation-enhanced interdiffusion [7]. No additional rate-control-
ling reactions at the precipitate boundary were invoked. This model pre-
dicts a strong influence of the cascade size on the position of the phase
boundary in the displacement rate versus 1/T diagram (Fig, 6).

The influence of the precipitate size has been studied with the re-
sult shown in Fig. 7. The boundary displacement rate Gc critical for pre-
cipitate dissolution at the given irradiation temperature is plotted ver-
sus the decomposition wavelength. The strong dependence reflects the loca-
lized action of the atomic mixing.

Thus far, the irradiation-induced phase boundary may indeed be inter-
preted solely by the two controlling processes atomic mixing and radiation-
enhanced interdiffusion. It remains to be checked whether the latter leads
to the same two-phase system as the thermal interdiffusion does. The coar-
sening behavior in Fig. 3 suggests such an identity, but it should be o
noted that the applied TEM analysis is not very sensitive to the composi- P
tion of the two unmixing phases. Small variations of the tie-line might =z
hardly be noticed. The situation is different for SANS which directly m
measures the structure function. Fortunately, this quantity senses o
even small atomic redistributions in these alloys when the neutron scat- 3
tering contrast is enhanced by using Ni62, which has a negative scattering
length. Fig. 8 shows the dynamic scaling functions for the alloy contain- -a
ing 4 at.J Fe, which.were obtained from the SANS curves of thermally aged <n
and electron-irradiated samples [11]. Scaling behavior is observed for m

either kind of treatment but curves of thermally aged and irradiated m
samples do not scale with each other. The structure function for the irra-
diated samples obeys the Guinier law within a more extended range and S,
shows a less pronounced influence of the interparticle interference (weak
intensity maximum). The irradiation type structure function developed even £
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Fig. 9: SANS curves for the alloy as in fig. 1 after ageing for 50 h (full
squares), electron irradiation to 7 x 10 dpa (open triangles)
and ageing (50 h) plus irradiation (4 x 10
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when the irradiation temperature allowed a significant contribution of
thermal vacancies to the interdiffusion. An example is given in Fig. 9.
Although the thermal vacancies significantly contributed to the evolution
of the scattering intensity shown by the open square data points, the i r -
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Fig. 13: Scaled SANS curves for the alloy containing 4at.£Fe after 2 MeV
proton irradiation at the temperature and for the fluences indi-
cated.

radiation obviously changes the shape of the curve by enhancing the inten-
sity in the range of < between 0.3 and 0.5 nm~l relative to that above
0.5 nm"1. As for the given irradiation parameters, defect annihilation is
controlled by the sink regime and, hence, the radiation-induced vacancies
should behave like the thermal ones. The observed deviation of the struc-
ture function in Fig. 8 must therefore be due to mass transport by migrat-
ing interstitials.

Evaluation of all the measured scattering curves yields two important
conclusions. The irradiation broadens the spatial distribution and the
size distribution of the precipitates. A quantitative example is given in
Fig. 10. It further reduces the scattering contrast between the two pha-
ses. This follows from the intensity scaling as shown in Fig. 11 for the
temperatures above 650 K. The scaled intensity I/R' is essentially propor-
tional to the square of the composition difference of the two scattering
phases. We have to conclude that the contribution of interstitial mi-
gration to the radiation-enhanced interdiffusion narrows the miscibility
gap. As we are dealing with a ternary alloy, it might be possible that the
three different atom species are not transported by interstitialcy migra-
tion with the same relative effectivities as by vacancies. Because of the
steep drop of the miscibility gap near the Cu-Ni edge, a reduction of the
Fe content available for the distribution into the two unmixing phases
would cause a shortening of the tie-line.

Distortions of the Fe distribution were indeed confirmed by atom probe
analysis [12]. Fig. 12 compares depth profiles of a thermally aged sample
and a selection of profile area from p+-irradiated samples which clearly
show a loss of the correlation between Ni and Fe as it strictly occurs in
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the thermally aged sample. The irradiation obviously produces Fe agglomo-
rates thus reducing the Fe content available for the formation of the two
unmixing phases. As discussed above, the agglomorate formation must result
from the mass transport due to interstitialcy migration. There must be a
special interstitial atom reaction leading to Fe agglomorates which cannot
be dissolved by vacancies.

The atom probe analysis was performed on p+-irradiated samples be-
cause the fluence achievable for electron irradiation did not show any
dissolvable effect. In order to obtain the structure function for p+-irra-
diated samples, SANS measurements were performed on such samples, which
because of the very small penetration depth of the protons could be only
10 um thick [13]. The result of dynamical scaling of the measured curves
is shown in Fig. 13. It indicates a relative enhancement of the scattering
intensity at very small values of the scattering amplitude with increasing
fluence. The effect had already been noticed for the electron irradiation
but did not significantly exceed the measuring uncertainty. For the p+-
irradiation it is a large effect. It indicates long-range composition
fluctuations, the amplitudes of which increase with fluence. The radius of
gyration must be larger than 500 nm. This kind of redistribution has not
been observed before and cannot be explained offhand. Unfortunately, the
atom probe analysis is not suitable for solving this problem as long-range
fluctuations must have large amplitudes in order to overcome the statisti-
cal noise.
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STOCHASTIC DESCRIPTION OF CASCADE SIZE EFFECTS
ON PHASE STABILITY UNDER IRRADIATION
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ABSTRACT

Cascade size may affect phase stability under irradiation because of two
distinct contributions: the replacement to displacement cross section ratio
depends on the deposited energy density; ballistic jumps which tend to disorder
ordered compounds occur by bursts (of size b), while thermal jumps which
restore long range order occur one by one.

The latter effect cannot be handled by standard rate theory. A stochastic
treatment of the problem, based on a Fokker Planck approximation of the
relevant master equation is summarized. It is shown that the possible values of
the long range order parameter under irradiation are not affected by the size b of
the bursts, but that the respective stability of the former is b dependent. As a
consequence, the stability diagram of phases under irradiation varies with b.
Such a diagram is computed for the N14M0 system where three structures are
competing: the disordered solid solution, D l a and DO23. A broadening by 100K of
the stability domain of the short range ordered structure to the expense of the
long range ordered one is predicted when increasing b from 1 to 100.

The stochastic potentials introduced in the present treatment are by no
means free energies of some constrained state. They can however be computed in
a mean field type approximation.

I. INTRODUCTION

The effect of the size of displacement cascades on phase stability under
irradiation, is both of practical and fundamental interest. Extrapolating data to
yet unexplored irradiating environment (e.g. 14 MeV neutrons) or optimizing ion
implantation conditions for producing compounds with an a priori chosen
structure requires a clear identification of the scaling parameters of phase
diagrams under irradiation.

Indeed the defect production rate appears as a natural scaling parameter in
the rate theories of irradiation induced solid solution instabilities [1], [2]. This is
because such theories only deal with atomic transport by thermally activated



defect jumps and neglect atomic mixing by replacement collisions : as a
consequence the irradiation flux only enters such theories multiplied by the
atomic displacement cross section. If "ballistic" jumps are taken into account,
the ballistic jump frequency scales with the irradiation flux via the atomic
replacement cross section which differs from the displacement one. In ref. [3]
we showed that (at least for coherent phase equilibria) phase diagrams under
irradiation could be predicted from "effective free energy" functionals, where
irradiation effects enter in the form of (cf. eqs 27 - 29 in ref. 3):

In eq. (1), <jr and ad are respectively the replacement and displacement
cross sections, <J> is the irradiation flux. Eq. (1) is valid when irradiation produced
Frenkel pairs annihilate mainly by mutual recombination. In the sink
dominated regime eq. (1) would be changed into :

where k^ is the sink strength
Eqs. (1) and (2), contain some (but not all) information on cascade effects.

Indeed depending on the density of deposited energy, the ratio of the replacement
to displacement cross section may be changed by about one order of magnitude
[4]. It was indeed found on building the stability field of the y1 phase in NiSi solid
solutions in the displacement rate, temperature space, that the low temperature
y1 phase boundary is shifted by more than 100 K on going from 1 MeV electron
irradiation to 150 keV Ni ions, i.e. from low to high Gf/ad values [5].

Other cascade effects have been explored from the theoretical side : dense
cascades would retain vacancies in the form of vacancy loops [6] ; defects are
generated by bursts randomly distributed in the material [7] so that defect arrival
rates at sinks or clusters would be noisy, the noise amplitude depending on the
individual defect mobility. To our knowledge, such noise has not yet been
included in theories of phase stability under irradiation.

Finally, Wollenberger and coworkers [8] showed both experimentally and
theoretically that in a two phase alloy, cascade effects weaken spatial correlation
between precipitates.

Here we address the question of cascade size effects on the stability of
intermetallic compounds under irradiation. More precisely, using a Master
Equation description of the order-disorder transition under irradiation, we are
able to assess the effect of the noise induced by cascades on the respective stability
of the dynamical equilibrium states of the system under irradiation. For the sake
of simplicity, we restrict to one aspect only of cascades : the time correlation



between replacement events. We neglect for the time being spatial correlations.
The technique and some applications are described in full details in ref, [9-11] :
here we rather give a survey of the technique and some examples of its use. In
particular, we give for the first time, the predicted dynamical equilibrium phase
diagram of N14M0 under irradiation for different cascade sizes. Since two
distinct ordered structures compete with the disordered solid solution, this phase
diagram offers many subtile points worth checking experimentally. As already
shown in ref.[ll], the noise induced by cascades does not modify the steady state
values of the order parameter under irradiation, but may alter their respective
stability. As a consequence, certain phase boundaries are shifted (by about 100K)
when, for given defect supersaturation and average ballistic jump frequency, the
cascade size increases from 1 to 100 .

It is sometimes argued that compound stability under irradiation could be
assessed from the free energy of the compound constrained by irradiation to an
arbitrary state of order [12]. We prove that such is not the case : a stochastic
potential may indeed be built for the order disorder transition under irradiation.
But this potential is by no means the free energy of the alloy constrained to the
steady state value of the order parameter.

II. MASTER EQUATION DESCRIPTION OF THE ORDER DISORDER
TRANSITION UNDER IRRADIATION.

We want to assess the respective stability of several ordered structures
under irradiation. Outside irradiation, the standard technique consists in
describing the structure by the amplitude of some order parameter 1% and
building a free energy functional J[r\), which converges to the actual free energy
of the system in the thermodynamical limit. There are many such functions, the
Bragg-Williams free energy associated to a concentration wave of amplitude r\ is
an easy one to work with[13]. The respective stability of two states 111,110 may be
defined as the ratio of their probability:

(3)

with |3- 1/kgT. Since CF is an extensive quantity, the volume Q of the system may
be factored out of the argument of the right hand side (rhs) in Eq.(3). It is found
that in the thermodynamical limit (Q —> «>, r\ = constant) the only state to have a
non vanishing probability corresponds to rj = r\, such that Gf ( r\ ) is the absolute
minimum of y and is indeed the free energy of the system:

py(ri) - -ln(Z) (4)



where Z is the partition function of the system evaluated within the frame of the
chosen approximation.

When dealing with an alloy under irradiation,the above procedure fails for
the following reason. Minimizing the free energy function yields the equilibrium
state for a system the configuration space of which is sampled by a trajectory
which keeps the temperature constant. The thermally activated atomic jumps in
the crystal provide the atomistic mechanism at the origin of such a trajectory.
Because, under irradiation, ballistic jumps occur in parallel to the former
jumps, the sampling of the configuration space under irradiation proceeds
according to different rules.

To circumvent this difficulty, we focus instead on the kinetics of the order-
disorder transition, and look for the steady state solutions of the kinetic model.
Since we want to assess the probabilities of dynamical steady states, we choose a
stochastic description of the kinetics , with the condition that, in the absence of
irradiation effects, the kinetic model should yield precisely Eq.(3), where the ri's
should be identical for the steady states and the equilibrium states.

This goal may be reached by applying a master equation technique which
proved to be useful in the study of non-equilibrium transitions, in chemical
systems [14a,b], as well as in electronic devices [15] or in lattice gas models [16].

We choose the standard simplified view of the order disorder transition
under irradiation [17] : atoms exchange lattice site by two mechanisms acting in
parallel : thermally activated jumps (the frequency of which is proportional to
the point defect concentration), ballistic jumps taking place along replacement
sequences. We will simplify the problem by assuming all jumps occur uniformly
in space, so that the configuration of the alloy is defined by the value of a single
variable : the long range order parameter of the compound (for the B2 structure)
or the amplitude of the appropriate concentration wave (for N14M0). To be more
specific, we deal here with the N14M0 system. The detailed treatment is given in
ref.[llb]. The CuZn system has been studied into details in ref.[lla].

The solid solution with the composition Ni4Mo exhibits the following
interesting behavior : outside irradiation ordering proceeds by first going
through a metastable short range ordered configuration (SRO) and then evolves
towards the Ni4Mo long range ordered structure (LRO). Under high energy
electron irradiation [18], Ni4Mo is either fully disordered, stabilized in the SRO
structure, or in the LRO structure at respectively low, intermediate and high
temperatures. In the lower temperature range of LRO stability, the structure
which is stabilized by irradiation depends on the initial state before irradiation
(bystability) : LRO structure slightly disorders, while an initially disordered
solution produces the SRO structure.



We assume the phases to be uniform in space. Each structure may be
described by a Mo concentration wave in the <120> direction [19,20]:

- r , _ . 2n 4n i
CQ= c 1+2T\( (COS -r-p + cos- r -p) (5)
* L ^ a J

Cp= c [ 1+ V2TIS sin j(F+l/2)] (6)

with p = 0,1,2,3,4 for LRO, p = 0,1,2,3 for the SRO, and c is the overall Mo atomic
concentration. It should be noticed that the LRO structure, of Dl a type, has two
Wyckoff positions, so that a single order parameter is sufficient for it's
description [20]. The order parameter for the transition may be chosen either as
rjQ (0 = for s) or as one of the compositions Cp (p = 0,1,2,3,4), with :

Cp=C(l-T^ (7)

for respectively the LRO and the SRO.
We now build a master equation of the ordering kinetics.Let Q be the

number of atomic sites in a plane (240) . Let P(N,t) be the probability that the
number of molybdenum atoms in the plane p = 0 equals to N at time t.The time
evolution of P(N,t) is governed by a Master Equation (ME) of the type:

b
dP (N,t) ^ f. p ( N t ) fw(N->N - k) + W(N->N + k)

P(N - k,t) W(N - k -»N) + P(N + k,t) W(N + k-»N)} (9)

k=l

In equation (9), b is the number of atoms in the p = 0 plane which are
jumping at once. In the case of thermal jumps b is equal to one, but b can be
larger than one for ballistic jumps (replacement sequences or cascades).

2.1 Purely thermal case

The transition probabilities for thermal jumps WQ(N-»N±1) (6 = (, s) must
be such that they satisfy the detailed balance. This is the case with the following
expressions [11] :

jjiii5f£i2. UOa,

W ̂ N + l ) - 12 a Y.[ . % £ . % £ • (10b)
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where K+ (respectively K. ) are the rate of permutation of one B (resp. A) atom on
planes p = 0 with one A (resp. B) atom on planes p * 0. Using a Bragg-Williams
approximation for calculating the internal energy of a state, these rates write :

K =rexp

K =rexp

c T
c N-cQ

2T

ar
" e l 'c

2T

N-cfl

4cQ J

(lla)

(lib)

where T[
r is the critical temperatures for the LRO structure (T£ = 1140 K [18]),

132a/-= ~F— is a geometrical coefficients and r is the mean atomic jump frequency.
Similar expressions hold for the SRO structure.

Eq. (9) yields for the steady states :

P N + 1 W(N -> N f l)
P N ~ W(N + 1 -> N)

(12)

By iterative use of Eq. (12) one is able to express the probability of the state N
with respect to the disordered state cQ. As we are interested in calculating these
probabilities in the thermodynamic limit, i. e. when ft-» <», N/Q fixed, we
perform a Q'l expansion of the RHS of Eq. (12). Retaining the first term of this
expansion and taking advantage of Stirling's formula, we get :

exp(-Ve[2T(Tie)-3:'(0)]/kT) (13)

where CT (rig) is precisely the free energy function per atom one gets from the
Bragg-Williams approximation, and V/-= 5Q (resp. Vs = 2Q) is the number of
atoms in the system describing the LRO (resp. SRO) phase. Under steady state
conditions, the most probable configuration (P(N) max) corresponds to the
absolute minimum of SF (rig). In other words the kinetic model just considered
yields the same probability distribution of configurations as the mean field
thermodynamical model mentioned above. Fig. 1 shows free energy curves for
SRO and LRO in the Bragg-Williams approximation : as expected the LRO phase
is the equilibrium phase, the SRO one being only a metastable one.

We can therefore rely on the kinetic model to address non equilibrium
situations.
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Fig. 1 : Free energy as a function of
the degree of order in LRO (r\j) or in
SRO (ris) from a Bragg-Williams
approximation at T = 900 K, (below
the critical temperatures for both
LRO and SRO structures). The
excess free energy with respect to the
disordered state is expressed in
reduced units.

400

Fig. 2 : Stochastic potentials x\fQ
(Eq. 19) (9 = C or s) for LRO or SRO
structures under irradiation as a
function of the degree of order at
various temperatures. The irradiation
parameters correspond to a 1 MeV
electron irradiation at 5. 10" ̂
displacements per atom per second,
which yields y0 = 5.25 10'6 (see §§
2.2.c). \j/0 are dimensionless. (from ref.
[10])

2.2 Irradiation case

Irradiation effects are introduced by enhancing the overall atomic mobility
(due to the defect supersaturation) and by adding to the atomic exchange
frequencies a ballistic contribution which forces mixing whatever the local
configuration.

a/ Irradiation enhanced atomic mobility

Under irradiation the mean atomic jump frequency T in Eq. (11) is
increased to a value F > T because of the point defects supersaturation. Indeed
if Dv and Dj are the vacancy and interstitial diffusion coefficients, DjCi' = DvCv'
under steady state conditions, V writes :

r1 « 2rv .cv' (14)

where the vacancy concentration under irradiation cv ' can be calculated by
solving the point defect balance equation under irradiation. One gets [10]:



v ^ ^ c v (25)
CTr

where g is a geometrical factor, F c the probability for displacement cascade to

occur on a site and F v the vacancy jump frequency :

o m
rv = Tv . exp (-Ev/kT ) (16)

The vacancy migration energy E^1 will be set to 1 eV in the following for the

sake of numerical example.

b/ General ballistic case

Under practical conditions, ballistic jumps, due to nuclear collisions,
rarely occur individually ; usually a stack of atoms is shifted at once, along so
called replacement collisions sequences [21], or inside "displacement cascades"
[4]. Eq. (9) still holds with :

We(N -» N ± 1) - WQ(N -» N ± 1) + WQ(N -» N 11) (17a)

W0(N-»N±k) = WQ(N-»N±k) fork>l (17b)

with 9 = for s for LRO or SRO structures, the superscript t or b in Eqs. (17a,17b)
standing for thermal or ballistic jumps. Assuming that a replacement cascade
in LRO (resp. SRO) consists of 5b (resp. 4b) atoms jumping at once,more
precisely consists of b atoms in plane p = 0 (or equivalent) exchanging position at
once with their nes
defined as follows :
once with their nearest neighbor, the ballistic transition probabilities, WQ, are

b-k

'b-k-p

r
_ c

p=0
b-k <18a>

p=0

Similar expressions hold for the SRO structure.The ballistic^ump
frequency FD, i.e. the number of replacements per atom per second, is given by
Tb = ocQ.b.rc with a(= 5 for LRO and a s - 4 for SRO.



c/ Simple ballistic case

As a first approximation we will assume that the ballistic jumps can be
seen as single events, i. e. involving one atom in a plane p = 0 at most . In that
case, Eq. (12) holds with the expression of the W given by Eq. (17a). As a result the
method summarized in §§ 2.1 applies in a straightforward manner. We get [10] :

• £ ^ - = exp f v0 (Ve(Tie) - ve(0)) 1 ci9)
P(cfi)

where the potential \\TQ is no more equal to the free energy function of the system.
In fact two terms enter \|/g(r|g) : the first one is the configurational entropy
appearing in £F (r|g), the second one is a combination of energetic and kinematic
contributions. This latter term is by no means an internal energy term. YgCng)
can be calculated numerically. Fig. 2 shows typical shapes of *¥, computed both
for the LRO and SRO structures under lMeV electron irradiation at various
temperatures.The most stable steady state configuration corresponds to the
absolute maximum of V|/g(r|g) (Eq. (19)). Notice that two independent control
parameters enter in yg : the irradiation temperature and Yo = SfCag-b.rc / E^)
which is a measure of the frequency factor of the ballistic to thermal jump
frequency ratio. The respective stability of the LRO and SRO steady states can be
assessed from the respective heights of the maxima of the corresponding \J/Q. AS
can be seen from Fig. 3, when the stationary regime has been reached, the
following behavior depending on the irradiation temperature is predicted :

a) T < 404 K : LRO and SRO are unstable ;

p) 404 K < T < 450 K : the LRO structure is unstable with respect to the
disordered state. However the SRO structure is more stable than the disordered
state;

y) 450 K < T < 497 K : for both structures \\f exhibits a positive maximum
for a non zero value of T| ; however as the SRO maximum is higher than that of
LRO, the SRO state is the most probable state ;

5) 497 K < T < 1140 K : both curves y^and y s still have maxima for non
zero order parameter values ; but the maximum of y p s higher than that of \jrs :
the LRO state is the most stable one ;

e) 1140 K < T : above 1140 K (resp. 1150 K) \|/f (resp. y5) exhibits a
maximum for rj/-= 0 (resp. T|s = 0) only : the disordered state becomes the most
stable state.

This sequence reproduces qualitatively that observed experimentally, with a
reasonable agreement for the temperature ranges. Similar computations can be
performed for a series of values of the parameter y0, from which a dynamical
equilibrium phase diagram may be constructed. Fig. 4 shows such a diagram.
Notice that the disorder/SRO transition which is of second order outside



irradiation becomes first order below a certain temperature under irradiation.
This implies the occurrence of a tricritical point in the dynamical equilibrium
phase diagram (labelled Tp on Fig. A). Such a point also exists for ĥe CuZn order
disorder transition under irradiation [lla].

We are now in a position to address the cascade size effect. However it is
difficult to solve the full Master Equation (9) under steady state conditions when
b > 1. For that reason, we approximate the latter by a Fokker Planck Equation
(FPE) [22,23].

1CT

LRO

1000 T(K)

Fig. 3 : Temperature dependence of
the maximum value of the yg
functions for the LRO and SRO
structures. Notice the crossover at
497 K.

Fig. 4 : Dynamical equilibrium
diagram for Ni4Mo. The higher yo or
the larger the cascade, the larger the
stability domain of SRO as compared to
LRO. The thin lines correspond to the
LRO<=> disordered solid-solution
equilibrium ( stability boundary;

ordering spinodal). [BUW]
—represents the experiment

ofref. [18].



HI. FOKKER PLANCK EQUATION DESCRIPTION

In the general ME (9), notice that b, the maximum value of k, is much
smaller than Q, the maximum value of N. Indeed in the thermodynamic limit, Q.
becomes infinite, while b is fixed by the physics of the irradiation. As a
consequence, all terms in Eq. (9) may be Taylor expanded around their value at
N. To the second order in 1/Q, and after simple algebra, we get :

(20)
dt 3c,

with 6 = C or s for LRO or SRO structures (c0 = N/ft is related to the order
parameter by Eqs. (7,8).In the Fokker Planck equation (20) we recognize a
diffusion equation where the flux is the sum of a convection (PVQ) and of a
diffusive (- T>Q 9P/dc0) contribution. It is found that :

X k [ W ( N N + k ) • W6(N-»N-k) ] (21b)
k=l

^ ^ 2 [W6(N-»N+k) + We(N-»N-k) ] (21c)

In the RHS of Eqs. (21), for k > 1, the W's are given by Eqs. (10,17). For k = 1,
the W's are the sum of the ballistic and thermal contributions (Eq. (17a)). After
some computer aided algebra we found the following expression for the ballistic
contributions :

aebrc(c2-c0) (22a)

br c [co(l - co) +c2d - C2> b (c2 - CQ)2] (22b)

with Z[= 12 and zs = 8, a.(= 5 and a s = A.
Notice that for a given ballistic jump frequency (fD = 5bFc for LRO, rD = 4bFc

for SRO), the cascade size appears as a free parameter in the F.P.E. (Eq. (20))
because of the b factor in the diffusion coefficient (RHS of Eq. (22b)). Therefore,
cascade size effects are revealed by the F.P.E., while they cannot appear in a
natural way in the chemical rate models. We consider now the steady state
solution of the FPE.

The steady state solution of Eq. (20), provided the systems are conservative,
writes :



- ^ = e x p I^ZTdx
P(cQ)

f
J

Notice that since the W's are all strictly positive quantities, I'Q/'DQ is
integrable on the interval [c, c0]. The argument of the exponential scales with Q.
The extrema of P are given by :

) = 0 or 1-§(co) = 0 as Q - » « (24)

In the thermodynamic limit (£2 -> ~, c0 fixed), it is easy to show that the
most stable steady state configuration corresponds to the absolute maximum of
$(c0) given by:

We will rather express <>g in terms of the order parameters T\Q. It can be
checked that, when one atom in a plane p = 0 at the most is involved in the
replacement events, i.e. when ocgb = 1 in Eq. (22), <5>Cng) is numerically quite
similar to \J/0(T10) which appears in Eq. (19) on most of the range of physical
interest; the difference becomes significant only in the near vicinity of TJQ = 1. We
thus trust the F.P.E. as a good approximation for the master equation used
before.

When b increases, the maxima of $ occur at r\ values which are independent
of b as should be expected from the preceding remarks (Eqs.22-23). However, the
relative hights of the maxima is changed, at least for those transitions which are
of first order. Indeed the higher the noise, the shallower the extrema of <J)0. Since
Dg varies with the degree of order T]Q, the amplitude of the various extrema of $Q
are not affected by the same amount. , and the respective stability of the steady
states may be altered on increasing b. Comparing the heights of the maxima of <>
for SRO and LRO with b=100, yields the phase boundary depicted on Fig. 4. The
larger the cascade size, the wider the domain of stability inversion between SRO
and LRO.

Such predictions are worth experimental confirmation.



IV. CONCLUSION:

The effect of the size of displacement cascades on compounds stability under
irradiation is identified owing to the stochastic treatment we have proposed. For
a given irradiation induced defect supersaturation, and for a given average
ballistic jump frequency, producing atomic replacements by bursts (b atoms
jumping at once) instead of individually has the following consequences:

- the steady state values of the order parameter are unaffected by the time
structure of the ballistic jump frequency;

- the relative probability of two steady states may be a function of b: first
order transition lines between the disordered and the ordered states may be
shifted to higher temperatures; the stability domain of short range order is
broadened to the expanse of the long range order.

A quite general feature seems to emerge from this and previous
work [11,16a]: transitions of second order may become first order under external
forcing. The occurrence of a tricritical point in the dynamical equilibrium phase
diagram has now been identified in the antiferromagnetic transition on the
simple cubic lattice [16a], on the BCC lattice [lla] and in this paper on the FCC
lattice for the DO23 ordering.

We stress that the stochastic potentials 4* and <j) we have introduced here are
by no means free energies of some constraint state. They however converge to the
free energy for zero external forcing.

Finally, we believe the methods and the cunclusions introduced here are of
broader use than irradiation effects and should apply e.g. to other dynamical
forcing such as ball milling or high temperature fatigue.
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MECHANISMS OF CASCADE COLLAPSE

**,*T.Diaz de al Rubia, "K. Smalinskas, "R.S. Avcrback, 'I.M.Robertson, H. Hseih and R.
Benedek
*Department of Materials Science and Engineering, University of Illinois at
Urbana-Champaign
**Materials Science Division, Argonne National Laboratory, Argonne, II. 60439

ABSTRACT

The spontaneous collapse of energetic displacement cascades in metals into vacancy
dislocation loops has been investigated by molecular dynamics (MD) computer simulation and
transmission electron microscopy (TEM). Simulations of 5 keV recoil events in Cu and Ni
provide the following scenario of cascade collapse: (i) atoms are ejected from the central region
of the cascade by replacement collision sequences; (ii) the central region subsequently melts;
(iii) vacancies are driven to the center of the cascade during resolidification where they may
collapse into loops. Whether or not collapse occurs depends critically on the melting
temperature of the metal and the energy density and total energy in the cascade. Results of
TEM are presented in support of this mechanism.

INTRODUCTION

Irradiation of a metal or semiconductor with energetic particles, ions or fast neutrons, leads to
production of point defects. The motion of these defects enhance various diffusional
processes, ion beam mixing, segregation, phase transformations and grain growth. In
addition, the retention of defects in semiconductors is often detrimental to device efficiency.
An understanding of the response of a material requires the determination of both the number
and configuration of point defects created by the irradiation. In the past several years it has
been established that vacancies produced in energetic displacement cascades often condense
into dislocation loops during the evolution of the cascade event, even when the irradiations are
performed at low temperatures where vacancies are immobile [1]. In attempting to explain this
behavior, it had been noted that the probability for such "cascade collapse" correlated closely
with ion beam mixing thus suggesting a role of thermal spikes in the collapse process [2]. In
this work, the role of thermal spikes in cascade collapse has been studied further using
molecular dynamics (MD) computer simulations and transmission electron microscopy
observations of loop collapse in Kr irradiated CuNi alloys.

COMPUTER SIMULATIONS

Simulation model: Molecular dynamics computer simulations were employed to follow the
evolution of the cascade structure from the time of initiation of a recoil event to a state of near
quiescence. The MD code employed for these calculations is a modified version of
SUPERGLOB [3], the details of which are published elsewhere [4]. Briefly, SUPERGLOB
employs fixed boundary atom positions and up to = 180,000 movable atoms. Two layers of
atoms contiguous with the boundary are damped to minimize the reflection of outward directed
energy thus simulating an infinite crystal. Two types of simulation were employed, a primary
knock-on atom recoil event (PKA) and a heat spike. The former is initiated by setting the
kinetic energy of one lattice atom equal to the entire cascade energy and the others equal to
zero. The initial atomic positions are the perfect lattice sites. A heat spike is generated by
partitioning the initial cascade energy among all of the atoms in the cascade volume according
to a Maxwellian distribution; die temperature gradient is smoothed by lowering the temperature
of the surrounding few shells of atoms. The initial positions of the atoms are also perfect
lattice sites. The volume of the cascade was estimated from the results of the PKA simulation.
The lattice temperature for both events is 0 K.



Pair potentials were employed for most of the calculations. Cu was represented by the Gibson
II form of a Born-Meyer potential [5] and Ni by the Johnson-Erginsoy potential [6]. These
potentials are very short range, cutting off to zero between the first and second nearest
neighbor position. Although These short range pair potentials are somewhat idealistic, their
computational efficiency is important for simulations of high energy events. Both the Cu and
Ni pair potentials provide reasonable values for point defect properties, threshold displacement
energies and elastic constants [6,7]. A few heat spike events were run using potentials derived
by the embedded atom method [8]. These events serve as a calibration for the pair potentials.

Results: Figure 1 shows the final configuration of the point defects that were produced by a 5
keV PKA in Cu. The self-interstitial atoms (filled circles) are distributed on the periphery of
the cascade whereas the vacancies (open circles) form a compact cluster at the center of the
cascade. Although the vacancies have not collapsed into a dislocation loop in this event nor
have they in other 5 keV simulation events, their formation of a cluster in the central core of the
cascade appears to represent the rudiments of cascade collapse. Higher energies or greater
energy densities are probably necessary for actual collapse. It is noteworthy that cascade
collapse arising from a single ion impact in Cu has only been observed experimentally when
the ion energies were greater than = 10 keV. Understanding how vacancies collapse into a
dislocation loop, thus begins with understanding how vacancies condense into the cluster
shown in Figure 1.
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Fig. 1 Final arrangements of point defects
produced by a 5 keV PKA. (o) vacancies;
(•) SIA's.

Fig. 2 Replacement sequences leading to final
positions of SIA's. (HCL is half lattice
constant, 1.8 A in Cu.)

Vineyard and co-workers demonstrated for low energy recoil events, T < 400 eV, that Frenkel
pairs are created via replacement collision sequences along close packed directions, (110) and
(100) in fee metals and (111) in bec metals [5,6]. Figure 2 shows that the same mechanism is
responsible for defect production in energetic displacement cascades. Linear trails of
replacement sequences are shown leading to the positions of the SIA's. It can also be seen
that: 1) there is a tendency for SIA's to cluster on the periphery of the cascade owing to their
strong elastic interaction, and 2) that SIA's are excluded from the central core of the cascade.
Unlike defect production at low energies, the positions of vacancies in the cascade are not the
sites where the replacement chains leading to SIA formation were initiated, but rather have
migrated some distances away during a later phase of the cascade.

A primary result of our MD simulations is the observation of local melting in the central core of
the cascade [9]. Melting was deduced from a comparison of the density, temperature and pair
correlation function (g(r)) of the cascade core with corresponding quantities in liquid Cu.
Some of this evidence is illustrated for Cu in Figures 3a and 3b which show a cross sectional
view of atoms in a thin slab of material of thickness zjl through the center of the cascade, 3a,



and g(r) for atoms in the cascade region. 5b. Clearly apparent in Figure ?a is a disordered
region in the center of the cascade; it has a remarkably sharp interface with the surrounding
crystalline material. Noteworthy in the pair correlation function is the absence of a (200) peak
at 3.6 A found in crystalline, but not liquid, Cu. The melt in the cascade event in Cu persists
for several picoseconds (ps) so that several lattice vibrations occur during the period of
excitation. Point defects located in the melt, which has a density = 85% that of crystalline Cu.
can lose their distinct identity during this time. From this picture of cascade melting, we
suggest the following mechanism for cascade collapse. As the cascade melt cools, it begins to
sofidify at the cooler periphery. Initially, density fluctuations in the melt are small and
resolidification proceeds with perfect epitaxial regrowth. The density fluctuations increase as
the cascade volume shrinks, owing to the loss of atoms earlier in the cascade evolution by
replacement collision sequences. Eventually, these mass fluctuations freeze out as vacancies.
The precise number of vacancies in this region and their degree of clustering depend on the
number of RCS's extending beyond the melt boundaries and the speed of the resolidification
front. For metals with higher melting temperatures than Cu, such as Ni, the front moves more
rapidly and the sweeping of vacancies to the center of the cascade is less pronounced. For
metals of lower melting temperatures, or for cascades of higher energy, the clustering of
vacancies is expected to be even more important. Protasov and Chudinov have proposed a
similar mechanism of collapse based on the thermomigration of vacancies toward the center of
the cascade driven by the steep radial temperature gradient [11].

H
5 keV PKA in Cu
o t=l . l ps
* t = 3.8 ps

— calculated
liquid Cu

for
(S. Foiles)

3.5 4.5
Radius (A)

Fig. 3a: Projection of a (100) cross sectional
slab of thickness a^/l near the center of a
5 keV cascade at t = l.lps.

Fig. 3b: Radial pair correlation functions of
atoms in the disordered zones at two times.
Results for liquid Cu (10) are also shown.

Additional evidence for our scenario of cascade collapse has been garnered from MD
simulations of heat spike events. For these simulations, an arbitrarily chosen vacancy
concentration of 2 at.% is distributed randomly within the volume of the heat spike. The
simulation is run until all vacancy motion has ended, 5 - 1 0 ps. The influence of energy
density on cascade collapse was studied by increasing the energy of the cascade but
maintaining the same initial cascade volume. The data from these simulations of cascades in Cu
and Ni are compiled in Table 1. The positions of the vacancies are represented by their radius
of gyration, rg about the centroid of the vacancy distribution. It is observed in Cu, that rg
decreases witn increasing energy density. The decrease of rg in Ni is far smaller. The large
contrast between Cu and Ni, we believe, derives mainly from their different melting
temperatures. We note that the higher energy collisions indigenous to a real cascade play no
role in the heat spike simulations, and thus apart from establishing the initial conditions for the
thermal spike, the collision cascade does not appear important for cascade collapse.

Although the current simulations reveal the importance of local melting in cascade collapse, it is



reasonable to question the reliability of the pair potentials employed in the calculations for
describing "real" Cu and Ni. Since melting appears to play a dominant role in cascade
collapse, we have examined the melting temperatures predicted by the Gibson II and
Johnson-Erginsoy potentials. Our preliminary values of melting temperature are 1100 K and
2400 K for Cu and Ni respectively [12], and thus the differences we report for cascades in Cu
and Ni may exaggerate, somewhat, their true behavior. We have also begun heat spike
simulations' using potentials derived from the embedded atom method. These data are also
included in table 1. It can be seen that the qualitative behavior in Cu is the same for ihe two
potentials, but as expected from the higher melting temperature of Cu derived from the
embedded atom method potentials [13] than from the Gibson II potential, the contraction of the
vacancy distribution is smaller for the embedded atom potentials. Whether or not the smaller
radius of gyration observed for the EAM potentials at 2.9 eV/atom indicate a greater vacancy
binding energy for these potentials or a statistical variation can not be answered until more
events are run.

Table 1. Radius of gyration of the vacancy distribution before and after a heat spike.

energy density l.leV/atom 2.9eV/atom

Cu (Gibson II) 16.35 A - 10.61 A 16.35 A-9.62 A

Cu (EAM) 16.37 A - 14.79 A 16.38 A - 7.81 A

Ni 16.40 A- 15.99 A

ELECTRON MICROSCOPY

Experimental methods: Transmission electron microscopy has been used to investigate the
damage structure produced in a series of CuNi alloys by room temperature irradiations to a
dose of 5 x 1011 ions cm'2 with 50 keV Kr ions. The CuNi system was selected for this study
since these metals have nearly the same atomic number and atomic size as well as the same
crystal structure. Cu and Ni, moreover, are miscible across the entire composition range. The
melting temperature of CuNi alloys, however, increases monotonically from 1325 K for pure
Cu to 1725 for pure Ni. Thus, this system provides a means to systemmatically vary the
melting temperature without varying the kinematics of the collision cascade in any appreciable
way. The response of the alloy to the irradiation was determined from measurements of the
defect yield, which is defined as the number of visible vacancy loops created per incident ion,
and by the size of the defect. The loop yield is determined from micrographs taken with the
(200) t\pe reflections. This diffraction vector images all possible Frank loops (Burgers vector
a/3<lll>) and 2/3 of the possible perfect loops (Burgers vector a/2<110>). In addition to
determining the defect yield, the size of the dislocation loop was determined. The loop size is
measured as the length of the interface in black-white lobe images and as the maximum
dimension of black dot images; Saldin et al [14] have shown that these sizes correspond
approximately to the size of the actual defect. The average number of vacancies retained in
dislocation loops, the loop efficiency, can then be determined.

Results The most cogent experimental results are illustrated in Figure 4 which shows the
number of vacancies contained in loops per incident 50 keV Kr+ ion, i.e., the product of loop
yield and average number of vacancies per loop, as a function of alloy melting temperature.
Also shown are the defect yields. The trend of decreasing vacancy accumulation in loops with
increasing melting temperature is apparent. The defect yields also follow this trend, although
the defect yield appears to be as high for the dilute NiCu alloy as for pure Ni even though the
melting temperature is lower. The experimental error is deemed too small to alter this
conclusion. This latter result indicates that, at least in dilute alloy systems, melting temperature
is not the sole materials variable controlling loop collapse even though it may be the most
important. It must be emphasized at this point, however, that these preliminary experiments
were performed at room temperature which is above stage III (vacancy migration stage) in Cu,
but below it in Ni. Comparison of the loop yields produced in other systems by irradiation at



room temperature and 30 K show that loop collapse still occurs at the lower temperature, but
with a reduced probability. The trend observed in the room temperature irradiations of the
CuNi alloys is therefore expected to persist when the irradiations are performed below stace
III .

Measurement of dependence of defect yield on ion fluence provides additional evidence for the
importance of cascade melting in cascade collapse. In situ measurements of cascade collapse in
Ni irradiated at 30 K with 50 keV Ni+ ions reveal that some loops produced by irradiation
disappear during subsequent irradiation. The probability for loop annihilation increases at a
rate proportional to loop concentration. Loop loss may occur by loops slipping to the foil
surface or by the direct impact by a second displacement cascade. Loop loss to the surface
cannot account for all loops lost as the majority of loops produced in these systems are sessile
undissociated, partially dissociated and dissociated Frank loops. Elimination of a loop by direct
impact of a second displacement cascade can be understood assuming cascade melting as
follows. As described above, point defects produced in a cascade are delocalized in the cascade
melt and only relocalize during solidification. When a new cascade overlaps a previously
created loop, those vacancies in the loop are absorbed in the new melt, and they must
subsequently recondense during resolidification for the loop to reappear. This should occur
with a probability roughly equal to the cascade yield. In Ni the yield is low, and thus, most
loops which fall within the melt zone of a later cascade are likely to be annihilated. For metals
with high cascade yields, like Ag or Au, loop annihilation is expected with much reduced
frequency. Measurements in these systems have not yet been carried out.
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Fig. 4 (a) Number of vacancies contained in
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Fig. 4 (b) Loop yields in CuNi alloys.
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ABSTRACT

Defects introduced into single crystals of Al.Cu, and Fe by low temperature fast neutron irradia-
tion were examined by diffuse scattering of X-rays. Structure and correlations of interstitials and
vacancies were investigated after irradiation and during annealing. The primary defect structure
is characterized by the correlation of defects in defect cascades. Size distributions for the arrange-
ment of interstitials and vacancies were obtained. The evolution of the damage structure during
recovery was followed and found to depend on the primary damage state. In AI we find large and
dilute cascades with a mean radius of R=90A, whereas in Cu small and dense cascades with
R=20A are produced. During recovery' in Cu dislocation loops of interstitial and vacancy type are
formed. In Al agglomeration of interstitials does not lead to loop formation. In Fe rather dilute
cascades with R=60A are observed. Here only small agglomerates of interstitials evolve during
recovery in stages I and III.

INTRODUCTION

The damage state induced by low temperature fast neutron uradiapon of a solid can be sensitive-
ly studied by diffuse scattering of X-rays. The observed diffuse intensity depends on strength and
symmetry of the displacement field caused by the defects as well as on correlations in their spatial
arrangement. Previous studies [ 1,2,3] have shown that the correlation of interstitials and vacan-
cies within displacement cascades causes an enhancement of the diffuse scattered intensity near
the Bragg point above that expected for uncorrelated defects. We extend this earlier work by an-
alyzing in detail the correlation contribution, taking into account the wide size distribution of de-
fect cascades due to the distribution of energies of the primary knocked on atoms. Characteristic
features of the annealing behaviour may be understood as a consequence of this primary damage
state. In the following we concentrate on the correlation of interstitials as observed by measure-
ments of diffuse intensity at large scattering angles, and shortly discuss one example of the corre-
lation of vacancies observed by small angle scattering.



THEORY

The diffuse scattered intensity IrjlK) due to defects in a crystal can in some approximation be
written as (e.g. [4])

ID(K)=( lt(q)f)|A(K)|2fV2<M*W} (1)

f is the atomic scattering factor, M and W are the static and thermal Debye-Waller factors. K is the
scattering vector and q its difference to the next reciprocal lattice vector G: q=K-G. A(K) is the
normalized scattering amplitude due to one defect, ctq) is the Fourier transform of the concentrati-
on fluctuation of the defects containing complete information on correlations in their spatial ar-
rangement. For a small concentration of randomly distributed defects the observable average
quantity <lc(q)l-> is equal to c, the defect concentration. If <n> defects are correlated in e.g. a par-
ticle of arbitrary shape, <lc(q)l-> is given by:

| c ( q ) | 2 ) = c + c ( ( n ) - l ) e ( q ) (2)

with the normalized averaged Fourier transform e(q) of the form function of the panicle.

If we assume that displacement fields from different defects superimpose linearly, the scattering
amplitude A(K) may be written as

A f M ( K )
A(K) = - ^ g + iKff(q) (3)

The Laue amplitude, determined by the difference Afjj in the atomic scattering factor between de-
fect and matrix, is constant in reciprocal space and dominates in the small angle scattering regime.
At large K distortion scattering dominates: far from Bragg reflections the second term, determi-
ned by strong distortions in the vicinity of the defects, and near Bragg reflections the third contri-
bution, the Huang scattering amplitude. It depends on u(q), the Fourier transform of the displace-
ment field of the defect. At small q the long ranged part of the displacement field is most impor-
tant, which may be described within elastic continuum theory. Consequently the Huang intensity
decreases by 1/q and depends on the strength of the defect expressed by its dipole force ten-
sor.

EXPERIMENTAL

Irradiations were conducted at the low temperature irradiation facility of the Research Reactor
Munich at 4.6 K in the neutron environment described by [5]. Measurements of Huang scattering
were performed at a 6 kW rotating anode source and a 2-circle goniometer, using X-rays of 0.71A
or 1.54A wavelength. Small angle scattering experiments were conducted at the JUSIFA instru-



ment at the Doris II synchrotron source (DESY Hamburg). For Huang scattering experiments
high purity single crystals were used: the Cu crystal was of purity 99.999'7c, the Fe crystal had a
residual resistivity ratio of about 1700. The high purity Al crystal was doped with lOOOppmZn.
After irradiation the samples were transferred to th"* measuring cryostat without warming up. The
Al(Zn) crvsial was irradiated with 0.6*10** fast neutrons/cm-, the Cu and the Fe crystals with
about 2* 10j ̂ neutrons/cm". For small angle scattering experiments high purity polycrystalline
foils were used. The samples were irradiated at 4.6 K, warmed up to and transferred at 77K.

EXPERIMENTAL RESULTS AND DISCUSSION

Figure 1 shows the observed defect induced diffuse intensity at large angles after irradiation at
4.6 K for AI(Zn), Cu, and Fe. Intensities were
symmetrized, multiplied by q~, and normali-
zed appropriately to yield <lc(q)r>/c. Al(Zn)
and Fe show rather similar behaviour (figure
la and lc): at large q-values pure Huang beha-
viour is found with intensities slightly enhan-
ced above those expected for single defects.
At small q-values an increase of intensities
due to the correlation of interstitials within
cascades occurs. In contrast to that, in Cu no
Huang behaviour can be found, but the diffuse
intensity is enhanced in a wide q-range.

2-

20
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Cu

The correlation functions shown in figure 1
were compared to model calculations, the
course of which is shortly indicated below,
and described in detail in a separate communi-
cation [6]. From the known distribution of
energies T p j ^ of the primary knocked on

0 005 0.10

qM/A]

Figure 1:

Normalized correlation contribution
<Jc(q)/2>forAl(Zn), Cu, and Fe after low
temperature fast neutron irradiation. Sym-
bols: experimental data, solid lines: result of
best fit with cascade size distribution (see
text)

atoms the distribution of cascade sizes Rc is
determined. To this end - following Wilson [7]
- a functional dependence of Rc on T p j ^ is
postulated:

1/3R C = a TPKA (4)PTPKA

and spherical cascade shape assumed. From
the cascade size distribution and the number
of defects due to a primary knock on of given
TpKA' calculated by the modified Kinchin-
Pease model, the correlation contribution
<lc(q)|2> is calculated. It is compared to expe-



riment by a least squares fit method, which yields numerical values for the fit parameters a andji
(see equ. 4). The main results of this analysis are summarized in Table 1, and for Al(Zn) in figure
2, where the interstitial concentration cc(TPKj^) within a cascade created by a primary recoil of
energy Tpf^ is shown (solid line). For comparison results from computer simulation studies [S]
are given.

Table 1: Specrrum averaged mean values of primary recoil energy Tp^, number of defects nc
within a cascade, and cascade radius Rc. aandfiresultfrom the best fit of the calculated correla-
tion contributions to experimental data (compare equ. 4)

a

[A/keV]

1.9

0.5

2.7

P
[A/keV1/3]

10.9

11

10.1

10"' 10° 1O1 102

Figure 2:

Concentration cc of interstitials
within cascades in Al(Zn) and
fraction of defects N(T) produced
up to a given primary recoil ener-
gy. Solid line: result from best fit
to experimental data. A: results
for ccfrom computer simulation

[81.

10 100 300 500

T[K]

Figure 3:

Mean number <n> of in-
terstitials in agglomera-
tes in Fe after irradiation
with fast neutrons and af-
ter recovery at the tempe-
ratures indicated.

A: irradiated with 2*1018

nlcm2, • : 3*1028 njcm2



For Al(Zn) there is good agreement of experiment and simulation. The interstitial concentration
in the cascade is quite low, as is the case forFe. Cascade overlap - which changes the correlation
function if it causes defect redistribution - could slightly influence the determination of <RC> in
Fe. The experimental value, however, will in any case be significantly higher than that found in
computer simulation 19 f.

Experimental results for Cu are more difficult to analyse. We have to assume that within the cas-
cade interstirials spontaneously form agglomerates, which cause strong distortions of the host lat-
tice. The result of the best fit with this model ( solid line in figure 1) is in reasonable agreement
with simulation [8] and shows that interstitials are arranged in very dense cascades. This favors
pronounced spontaneous agglomeration.

On annealing through stage I the cascade correlation of interstitials disappears completely: all in-
tersritials initially correlated get mobile and may undergo reactions.

The initial damage state exerts an appreciable influence on the annealing behaviour. A strong spa-
tial correlation favours reactions between defects of the same type and thus can lead to the forma-
tion of large and stable defect agglomerates. While in Al and especially in Fe - as shown in figure 3
- no extensive agglomeration of interstitial s is observed, in Cu from the dense cascade zones lar-
ge agglomerates develop which collapse into dislocation loops [10]: After recovery at 60K all in-
terstitials, but not more than 40% of all vacancies, are contained in loops. After recovery at 250 K
all remaining defects are correlated in loops. Thus an appreciable number of defects can survive
up to temperatures significantly higher than those of single defect mobility.

Correlations and reactions of vacancies may be studied by small angle scattering. If these experi-
ments are combined with measurements of diffuse large angle scattering, a rather complete pictu-

re of damage state and the defect
reactions after irradiation and

Figure 4:

Small angle scattering intensi-
ty of 7.05 keV X-rays from a
Fe polycrystal after irradiati-
on with fast neutrons to a total
dose of 7* 1018 n/cm2, and af-
ter recovery at the temperatu-
res indicated

. a.i.: after irradiation and re-
covery at 90 K.

-220 -0.30



upon recovery may be obtained. Some results of a recent synchrotron radiation experiment on a
Fe polycry stal, irradiated to a total dose of 7* 1018 n/cm2, are shown in figure 4. After irradiation
and recover)' at 90 K (somewhat below stage Ij}) we find correlation of vacancies in cascades, evi-
denced by the strong increase of scattered intensity at small angles.The scattering curve, and
accordingly the cascade correlation of vacancies, change only slightly on annealing through stage
I, where interstitials become mobile. Only after recovery at 171 K pronounced recovery sets in,
after annealing at 21 OK the cascade correlation of vacancies seems to be completely destroyed.
The remaining scattering signal after recovery at 250K is weak and mainly caused by residual im-
perfections.
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ABSTRACT

High-resolution transmission electron microscopy was used to investigate the
structure and growth kinetics of early-stage radiation-induced defects in commercially pure
Al. The majority of defects were determined to be single and multiple interstitial Frank-
partial loops, although some perfect dislocation loops and vacancy loops were also observed.
The growth rates of loops with final radii less than 8 nm were recorded in situ and were found
to be approximately 0.2 nm/sec for an electron density of about 4X1021 electrons/cm2-sec.
These results are similar to previous high-voltage electron microscope analyses performed on
larger radiation-induced defects in Al alloys.

INTRODUCTION

It is necessary to study the early stages of defect formation in Al alloys in order to
understand their mechanisms of nucleation and growth [1-3]. High-resolution transmission
electron microscopy (HRTEM) allows direct observation of defects at the highest possible
resolution [4,5]. In addition, since HRTEM is performed at accelerating voltages of 200 to
800 kV, formation and growth of radiation-induced defects can be recorded in situ. This paper
presents results from a HRTEM study of the atomic structure and growth kinetics of early-
stage, radiation-induced defects in commercially pure Al [6].

EXPERIMENTAL PROCEDURES

Commercially pure Al was examined in a JEOL ARM1000 electron microscope
operating at 800 kV. The microscope contained a LaB6 filament and the electron density on the
specimen during imaging was estimated to be about 4X1021 electrons/cm2-sec when the beam
was fully condensed. Through-focus series of images were taken in a <11O> orientation around
-60.0 nm (Scherzer) defocus. Similar experiments have been performed on JEOL 200CX,
Philips EM430T and JEOL 4000EX microscopes at 200, 300 and 400 keV, respectively [6].
Thin foils were prepared by electropolishing in a nitric-acid/methanol electrolyte and/or by
ion milling. These procedures have been described in detail elsewhere [7].

RESULTS AND DISCUSSION

Defect Structures in Commercially Pure Al

The most common radiation-induced defects observed in commercially pure Al were
single and multiple interstitial Frank-partial dislocation loops, and examples of these are
shown in Figs. 1(a) and (b). These defects form rapidly in thin foils of Al during HRTEM
imaging at 800 kV since the damage threshold for Al is about 170 kV [8] and there is a high
electron density (approximately 4X1021 electrons/cm2-sec) when the beam is focused on the
specimen. Since the defects lie on the {111} planes, they are seen edge on in the <110> images
in Fig. 1. A Burgers circuit has been constructed around the defect in Fig. 1(a) in order to
verify its 1/3<111> interstitial character. The radius of this defect is about 5 nm. While
identification of such small defects is difficult by diffraction contrast in a high-voltage
electron microscope (HVEM) [9] because of their small size and the number of reflections
typically excited, it is straightforward by HRTEM. The displacement of the {111} planes
across the defect in Fig. 1(a) shows that the interstitial loop is faulted. This is an interesting
result because the relatively high stacking-fault energy of Al (about 135-180 ergs/cm2

[10]) often causes unfaulting of loops early in the growth process [11].



It is known that interstitial loop formation is favored over vacancy loop formation in
Al due to the higher mobility of the interstitials (the activation energy for interstitial
diffusion is only about 0.3 eV compared to about 0.8 eV for vacancies [12]), their attraction
to dislocation defpcis [3] and the tendency for vacancies to annihilate at the surfaces in thin
folils [12,13]. In additbn, multiple interstitial loops similar to the one in Fig. 1(b) were
often observed in this investigation and have been reported to form in Al during HVEM
irradiation by others [12]. The inner loop extends from about B to A in Fig. 1(b) and both the
inner and outer loops appear to be faulted from B to the far right end in Fig. 1{b), as
evidenced by the displacement of the [111} planes across the loops, indicated on the figure.
However, the {111} planes to the left of B are not displaced. This could mean that the outer
loop has begun to unfault although it is also possible that this portion of the loop is embedded
in the foil and its actual structure is not clearly revealed. The radius of the outer loop is
slightly less than 20 nm and the radius of the inner loop is about 6 nm.

^V/;'/>".V.V.\'.*AtvK^A'. .-.023 nm

Figure 1. High-resolution TEM images of (a) single, and (b) multiple interstitial Frank-
partial loops in <110> Al.

Many defects on the inclined {111} planes in a <110> orientation were also observed in
HRTEM images, an example of which is shown in Fig. 2. Interstitial defects in Al are usually
hexagonal in shape and this morphology is evident from the projected image of the loop in Fig.
2. Previous AREM investigations have shown that it is possible to determine whether inclined
defects such as stacking-fault tetrahedra are of interstitial or vacancy type by examining the
bending of the {111} planes from the top to the bottom of the tetrahedron in HRTEM images
[14]. The strain field of an interstitial stacking-fault tetrahedron causes the {111} planes to
bend inward from the top to the bottom of the tetrahedron while that of a vacancy stacking-
fault tetrahedron causes them to bend outward. Similar reasoning for the case of an inclined
dislocation loop indicates that the {111} planes should bend inward for an interstitial loop,
identifying the loop in Fig. 2 to be of interstitial type. Other defects sometimes found in the
commercially pure Al a;'.er electron irradiation were loops with b=1/2<110> and an example
of such a loop is shown and discussed in the next section.

Growth Kinetics of Radiation-Induced Defects

It is possible to accurately characterize the kinetics of radiation-induced defect
formation during the early stages of growth by sequential image recording during electron
irradiation in a HRTEM. Figure 3 shows an example where a sequence of micrographs was
recorded in about 10 sec intervals during a through-focus series with an electron density of
about 4X1021 electrons/cm2sec. The defect had a radius of about 2.5 nm when it first
appeared in Fig. 3{a). A:;hough only three images were recorded before the defect grew to a
radius of about 7.5 nm and vanished after Fig. 3(c), its radius increased linearly with time
and the loop displayed an average growth rate dr/dt s 0.25 nm/sec, as illustrated in Fig. 4.
Linear growth rates of about 0.1 nm/sec have been observed for interstitial loops with radii
of 5-50 nm in thin specimens of Al under a constant electron irradiation of about 3X1019
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Figure 2. A radiation-induced planar defect on a {111} plane which is inclined to the <11O>
electron-beam direction. The {111} planes which are horizjnta! in this figure bend in toward
the defect.

Figure 3. A series of HR7EM images taken about 10 sec apart showing the gro.vih of a planar
delect on a {111} plane ^ commercially pure Al. The defect was not visible in ima- ]^ iaken
either before (a) or a?:e-' c;.



electrons/cm2-sec at 2ODD kV in a HVEM by others [12.1?]. T"o nuc'eatic-
loops takes place under an early stage ef :"3diation undo- :'••:- cc ' -c/on :••; .
of the mobility of inters;.tiais and their concentration exceeds '.JIG ccrresp:
vacancies, as discussed by chemical -?.:e theory [9.131. W::h further
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Figure 4. Loop radius versus
time for the defect in Fig. 3.
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Figure 5. Two images taken about 10 sec apart in a ihrough-focus series. The faulted
interstitial loop (I) remained while the (perfect) interstitial loop (P) vanished between
exposures.



The defect in Fig. 3 had disappeared by the time an image subsequent to Fig. 3{c) was
recorded. Although the structure of the defect is not clear, probably because it is very small
and embedded in the matrix, it is likely that the defect is an interstitial loop, as evidenced by
the slight expansion of the {111} matrix planes parallel to its habit in Fig. 3(c). The loop
could not have vanished by diffusion before the next image was taksn, and therefore, it
probably glided to the foil surface due to image forces [15,16]. This can only happen for a
1/2<110> perfect dislocation loop on a {111} plane which is inclined to the surface,
indicating that the loop unfaulted and rotated into an edge configuration as it grew. Further
evidence for the possibility of image forces acting on a (perfect) interstitial loop embedded in
a thin foil is shown in Fig. 5, where the 1/3<111> multiple interstitial loop in Fig. 1{b)
(indicated by I) remained for two successive images while another interstitial loop (indicated
by P) identical to that in Fig. 3 vanished between exposures. The maximum radius obtained by
the loop before it unfaulted and glided to the surface was about 6.5 nm.

CONCLUSIONS

High-resolution transmission electron microscopy is useful for determining the
structure and growth kinetics of defects with radii less than 10 nm in thin foils of Al. Such
defects are difficult to analyze by diffraction contrast methods due to their small size and
because they often unfault and glide to the surface before an analysis is complete. The primary
type of defects formed in AI during HRTEM imaging at 800 kV were single and multiple
interstitial loops and these grew at a rate of about 0.2 nm/sec under a constant electron
density of about 4X1021 eiectrons/cm2-sec. These results are similar to those obtained by
previous investigators on larger interstitial loops in Al by HVEM, contrast analysis and
chemical rate theory.
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ABSTRACT

The elastic diffuse neutron scattering from two Al-1.75 at.% Cu single
crystals with either the isotope Cu-63 or Cu-65, aged to contain type-I
Guinier-Preston zones has been measured along a reciprocal lattice line and
evaluated based on an expansion of the atomic displacement scattering up to
terms of third order. It is shown that erroneous results for the short-range
order term are obtained if the evaluation does not include data from the
first 3rillouin zone. The most reliable short-range order scattering extrac-
ted for both crystals is consistent with essentially single-layered Cu-rich
zones.

INTRODUCTION

The detailed structure and chemical composition of Guinier-Preston
zones in Al-rich Al-Cu alloys have been the subject of numerous studies (see
a recent review by Cohen [1]). The first decomposition product in the se-
quence of metastable coherent/semicoherent zones forming in quenched primary
solid solutions is called Guinier-Freston I zone (GPI). 3ased en x-ray scat-
tering observations, Gerold [2] proposed a model of a monolayer fbf Cu atoms
on {100} planes for GPI. This model has been challenged as x-ray diffuse
scattering results on aged Al-1.7 at.% Cu [3] and Al-1.94 at.% Cu [4-3 single
crystals indicate that the zones may consist of several layers with differ- £
ent Cu contents. These conclusions are based on the evaluation of three-di- jF
mensional measurements of diffuse scattering. 3oth short-range order (SRO) |J>
and local atomic displacements contribute to the diffuse intensity distribu- f-
tion, and a separation is only possible if the displacement scattering is ^
expanded in terms of the scattering vector h. As large h values are neces- -̂
sary to successfully separate SRO and displacement scattering in the pres- l^
ence of strongly h-dependent atomic scattering factors (the case of x-rays, Jj"
see [53)i it has been questioned [6] whether an expansion of the displace- ^
merit scattering to second order in h [3,43 is sufficient for the strong S
atomic displacements around GPI. A recent Scripta Metallurgica viewpoint set §
edited by Gerold [73 gives a summary of the current state of the discussion. -̂
There, results on diffuse scattering of neutrons from a single crystal of •$
Al-1.75 at.% Cu were presented [33• For neutrons, the atomic form factors
depend only weakly on h (via the Debye-Waller factor), and a smaller range '**
of h values is sufficient for a separation [93. Furthermore, inelastic scat- A
tering (corresponding to the thermal diffuse scattering in the case of x- pv
rays) can be experimentally separated by using a triple-nxis spectrometer,
and as the measurements are performed in transmission, smaller h values than
in the x-ray experiments are accessible. It was concluded that even an ex-
pansion to third order is not sufficient to obtain reliable SRO scattering
intensities as long as scattering intensities from the first Brillouin zone
are not included in the separation. The most reliable SRO intensity obtained
was found to be consistent with essentially single-layered GPI. Here, fur-
ther evidence is presented by comparing diffuse neutron scattering results
for two crystals containing different Cu isotopes (Cu-63 and Cu-65). As the
neutron scattering lengths of the two isotopes are different, SRO and dis-
placement scattering are weighted differently in the two crystals, and a
further test of the validity of the separation method is possible.



D:?EEIKI:;T3 AKD DATA ANALYSIS

Two Al-Cu alloys, one containing 1.75 at.% Cu-63, the other the ssre
amount cf Cu-65, were prepared, and single crystals were grown by strain-an-
neal. The crystals were subsequently heat-treated together, homogenized at
623 K, quenched in water at room temperature and aged at 353 K for 60 sin to
fora G?I. The diffuse scattering was measured along the reciprocal lattice
direction hOO (h = 2a sin©/X with a = lattice constant, 9 = half the scat-
tering angle, A = wavelength of the incident neutrons) for 0.2 s h s 6.9
using two wavelengths (0.234- and 0,1 nm) on a triple-axis spectrometer in
its elastic mode (zero energy transfer, with an energy resolution of about
0.7 ceV for 2.34- A ) . This entirely eliminates thermal diffuse scattering ex-
cept for a snail region around the Bragg pea&s (where h = 2,4,6). Absolute
scattering intensities were obtained after corrections for absorption and
calibration using the known incoherent scattering cross-section of vanadium
(oinc = 5'187 barn)*

RESULTS AKD DISCUSSION

Fig.1 shows the results for both crystals in Laue units, i.e. in abso-
lute intensities divided by C.,CC (b.-j-b-, ) where C., and Cc are the atomic
fractions of Al and Cu and b..,b_u are tne relevant coherent Scattering
lengths as given in table I. iDbviously, the difference between the two crys-
tals becomes larger with increasing h. This is due to the stronger influence
of displacement scattering for the crystal containing Cu-63 as can be seen
from the following.

If the atomic displacement scattering is expanded to third order in h,
the diffuse scattering intensity, in Laue units, along a reciprocal-lattice
line hOO is given by

ID(h) = ISR0(h) + hQ(h) h2R(h) h3T(h) (1)

0 0.5 1.5 2.0 2.5 3.0 3.5 4.0 4.5 5.0 5.5 6.0 6.5 7.0

h, reciprocal lattice units

Fig. 1. Elastic diffuse scattering intensity of
Al-1.75 at.Z Cu single crystals containing isotope
Cu-63 (•) and isotope Cu-65 (o). The lines are
tmi-dmm to th



Table I. Coherent scattering properties of Al, Cu-63
and Cu-65, according to Sears [10].

Al

Cu-63

Cu-65

3.

6.

10.

b,fn

449(5)

43(15)

61(19)

*b=ibAl-bCu!' f*

-

2.98

7.16

bf (AD)

-

4.7

2.2

bCubAl(*b>~2

-

2.5

0.71

£<

1.

0.

* > -

-

34

23

where Iqar, the SRO intensity, is a Fourier sum of the Warren-Cowley SRO
parameters, and Q, R, T are Fourier sums containing the displacement terss
of first, second and third order with, apart from factors aainly^related to
the SRO garaneter for each shell, factors bp (Ab)~ , bp b.,{£>b)~* and
b,,(Ab)~ as defined in table I. As the table shows, all tnese factors are
considerably snaller for Cu-65 than for Cu-63. (For x-rays, these ratios lie
between the two neutron sets.) The SRO term which is finally decisive for
the size and shape of the Cu-rich GPI can be extracted most reliably if the
other terms are snail. This has been illustrated for the crystal containing
Cu-65 in the viewpoint set mentioned above [8]. The Cu-63 results corrobo-
rate the conclusion that - with the use of low-h data - one finds that most
if not all GPI zones are single-layered.

All the Fourier sums in Eq.(i) are fully characterized within a range
Oigsi where g is the distance from the closest Bragg reflection H = 2n (for
an average fee lattice, n = integer), i.e. h = H+g. The different symmetry
of Innn(g) and R(g) (symmetric around any H) and of Q(g) and T(g) (antisyn-
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Fig. 2. Short-range order intensity IgRQ for the
crystal containing Cu~65, determined using the
quadratic approximation and a best fit to the data
in the four separation ranges
o: (0+g) to U - g ) , A: (2-g) to U+g)
a: (2+g) to (6-g), jr. U-g) to (6+g)



metric) can be utilized for separating them. If one neglects the cubic tern,
T, only three (H+g)-intervals are necessary, while four are necessary to
include T. The present expericents covered seven such intervals. It vas thus
possible to combine data in different regions of reciprocal space. Fig.2
shews the results for Iqg0 usir.g the quadratic approximation (without T ) ,
but using four instead of the minimum of three (contiguous) intervals and
seeking the best fit. (The snail h-dependence of the scattering lengths due
to the Debye-Waller factor was taken into account in the evaluation.)

An almost constant value of ISJ,Q of about 26+2 Laue units is found in
the first separation range where tne influence of displaceEent scattering is
lower than anywhere else. Thus, Iqsn results are most reliable in this sepa-
ration range. With increasing h, the displacement scattering contributions
are no longer properly separated. This is supported by the improvements seen
in Fig.3 where the results of a separation including the cubic term are
shown for the same separation range. The curves for I S R Q are more closely
spaced, but they still spread considerably for small g. The higher-order ex-
pansion thus improves the evaluation but the results are still misleading if
data from the first Brillouin zone are not included. That it is really the
displacement scattering which is not properly eliminated to obtain IgP0, is
seen fron Fig.4- where the san-e quantity as in Fig.3 is shown for the crystal
containing Cu-63. According to the higher weight of the displacement scat-
tering terms, the I-— results for the three different separation ranges
spread nore widely, but again the separation range containing (0+g) yields a
constant I
Al-Cu-65.

SRO' identical within the error bars with the value obtained for
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In Fig.5 the results obtained for the linear displacement term Q, using
the cubic approximation, are compared for the two crystals, again in the
four different separation ranges. The consistency of Q is improved by in-
cluding the cubic term, but Fig.5b shows that for Q, too, the larger weight
of the displacement scattering in the case of Cu-63 leads to a larger spread
of the results and to generally higher values.
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In conclusion, the results on the crystal containing the isotope Cu-63
confirzi that, as already discussed for the crystal containing Cu-65 [8], the
separation of diffuse scattering intensities in the presence of large atczic
displacements nay be misleading if no data from regions near the origin of
reciprocal space are available, even if third-order displacenent terrs are
considered, i.'eutron diffuse scattering yields reliable data also for stall
scattering vectors. Two Al-1.75 at.% Cu single crystals aged to contain G?I
zones show no direct indication of multi-layered Cu-rich regions. In a nore
detailed analysis, to be published elsewhere, a simple model is fitted which
allows for a maximum fraction of ten percent of the zones that could be
triple-layered.
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A NEUTRON DIFFRACTION STUDY OF NON-STOICHIOMETRIC Mn j . x O
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ABSTRACT

Rietveld analysis of Bragg intensities from in-situ neutron powder diffraction of
nearly stoichiometric Mn 0.9990 O reveals the presence of several percent Mn interstitials.
Similar to isostructural Fe j . x O, the cation interstitials are tetrahedrally coordinated in
the rocksalt structure iFm3m.).

INTRODUCTION

Point defects in oxides have received a great deal of attention recently because of
their marked effects in superconducting ceramic oxides. But for many years researchers
studying the nonstoichiometric transition metal monoxides CCoO,NiO,MnO,FeO) have
used point defect models to explain observed high temperature physical properties. Only
for FeO has sufficient diffraction work [1-3] been done to confirm their presence.
Calculations of defect formation energies from first principles [4-61 suggest that in
addition to FeO, large defect aggregates should also be present in MnO. No structural
studies on Mn j _ x 0 i0<x<0.15) have been reported. Physical properties such as Mn
diffusion [7-9], electrical conductivity [10-131, and thermogravimetry [14-19] indicate
that defect aggregation most likely occurs at large deviations from stoichiometry. In two
separate studies, one of diffusion [7], and one of thermogravimetry [18], interstitial Mn
occupation at stoichiometry has been suggested, but the results of both are disputed in
the literature [19].

Cation vacancy and interstitial site occupations in the rocksalt structure are
studied with diffraction by measuring their effect on the Bragg peak intensities.
Analysis of the neutron scattering structure factor for MnO reveals some surprising
information. If interstitial Mn atoms at tetrahedral sites are included in the rocksalt
structure, the intensity of odd hkl peaks increases only slightly, less than 1 percent for
each percent of interstitial occupation, as these peaks are more sensitive to the
octahedral Mn occupation. Conversely the intensity of the even hkl peaks change quite
substantially. For reflections with h+k+Mn the intensity falls more than 6 percent for
each percent of interstitial occupation; for the h+k+l«4n+2 reflections the opposite occurs.

From the ratio of cation vacancies to cation interstitials one can gain insight into
the most probable defect aggregates present. Several studies of this ratio have been
carried out in FeO (1.3,20-221. These studies all lacked precision because only 9 or 10
Bragg reflections could be measured. With Rietveld analysis and a pulsed neutron source
more than 30 peaks can be measured. Radler 123] has studied Fe interstitial occupation
in Fe j . x O with this technique. Here we report results from time-of-flight neutron
powder diffraction of Mn Ux O at high temperature O673'K).

EXPERIMENT

Time-of-flight neutron powder diffraction profiles of Mn j . x O were obtained on
the General Purpose Powder Diffractometer fGPPD) at the Intense Pulsed Neutron
Source UPNS) of Argonne National Laboratory (AND. Pressed cylindrical pellets of
99.999% MnO powder were prepared by Mr. C.L. Wiley of ANL. Typical pellet
dimensions were 1.0 cm diameter by 1.0 cm high. A slack of pellets 5 cm high was
placed in the furnace inside GPPD and heated to 1673 K. Sample composition was



controlled in-situ by flowing CO/CO : gas mixtures over the sample. The
thermogravimetric data of Dieckmann et al. 119] were used to determine the sample
composition for the various gas mixtures employed. All tank gases were commercially
available, non-certified grade. Seven different sample compositions in the range
0\x<0.02 were studied, but only that nearest stoichiometry (x«0.001> will be reported
here. To ensure sample equilibrium, powder profiles were taken in two hour increments
and refined for the cubic lattice parameter. When the lattice parameter for successive
data sets fluctuated by 0.0002 A or less (equilibrium was reached) another series of runs
totaling S to 10 hour's was collected. Then the gas mixture was changed. Equilibrium
was fast for sample compositions near stoichiometry; typically less than 2 hours. After
summing together the equilibrium profiles for each composition, a profile of measured
background scattering from the empty furnace was scaled and subtracted. The scale
factor used was the ratio of total incident neutrons measured in the incident beam
monitor for the raw and background data sets. First order thermal diffuse scattering was
calculated based on the method of Cole and Windsor 124], scaled same as above, and
subtracted.

Standard Rietveld (251 analysis techniques were used to refine the summed powder
profiles. The measured profile, namely the background,lattice parameter and peak
shape, were refined first. Then the structural model incorporating Debye-Waller
factors, site occupations, extinction and absorption, was refined. At elevated
temperature, diffuse scattering around Bragg reflections could not adequately be treated
by the available background fitting function. To remove the diffuse background we used
the Fourier filtering technique of Richardson and Faber [26]. (Refinements with and
without filtering on profiles of Fe j . x O at 1323°K showed filtering had no effect on
refined site occupations.) The primary effect of filtering the data is to improve both
background and Bragg peak fitting with the available analytic functions, and thereby
reduce the magnitude of profile fitting statistics.

Two different refinements were made, one for ideal MnO and one with
interstitial Mn occupation at the 1/4,1/4,1/4 position. For the ideal MnO the site
occupation for Mn on octahedral sites was constrained to the known composition and
isotropic Debye-Waller factors were used for both Mn and O. After completing
refinement for octahedral Mn occupation only, the tetrahedral site was added to the
structural model and the sum of the occupations for octahedral and tetrahedral sites was
constrained to the known composition. The Debye-Waller factor for the tetrahedral site
was constrained to equal that of the octahedral site, and the profile refined again.

RESLXTS

The refined powder pattern of Mn 0 999 O is shown in Figure 1. Displayed are the
measured (+) points, calculated profile (soiid line), and difference pattern. Despite some
minor peak fitting errors the overall fit is quite good. Refined structural parameters and
their standard deviations are given in Table 1. Included are values and statistics for
refinements with and without tetrahedral occupation. From the calculated statistics of
each fit and the number of points that comprise Bragg peaks a significance test, as
described by Hamilton [27], can be performed. The tested hypothesis is:

H o : There is no interstitial occupation in MnO

Using the weighted profile R values, the number of points in Bragg peaks, 486 , and
the number of variables, 14, the test statistic is:

R 1,474,0.01 - 1-007

and the observed ratio is:

R-1 .0836

The hypothesis is easily rejected at the Y7c level.



Just as easily one could perform a difference scattering density calculation by
refining the measured profile for an ideal MnO rocksalt structure. Subtracting the
calculated structure factors from the profile fit from the observed structure factors,
Fourier inversion and mapping on a 0.0,1/4 plane, as shown in Figure 2, reveals the
presence of interstitial atoms at the 1/4, 1/4, 1/4 and symmetry related positions. The
negative sign of the peak confirms that the atom is Mn, which has a negative neutron
scattering length.

DISCUSSION

Given the structural similarities between Mn j . x O (0<x<0.15) and Fe Ux O
(0.05<x<0.15) the observation of Mn interstitials would not be unexpected. Moreover

calculations [51 of defect and defect aggregate formation energies from first principles
suggest that defect aggregates of cation vacancies and cation interstitials will dominate
the defect structure of Mn 1_x O for x>0.01 . The data presented here give no
information in that regard. Unless extra peaks appear in the powder pattern indicating
some long range order the only additional information known at this point is the vacancy-
interstitial ratio. For Mn 0 9990 O at 1673 eK the ratio is 1. The most energetically
favorable defect from calculation is a 4:1 ( 4 octahedral vacancies tetrahedrally
coordinated about I interstitial ) defect having a ratio of 4. From the observed ratio we
can conclude that at stoichiometry the most probable aggregate, if one exists,is an
interstitial vacancy pair. From theory [4] it has been shown that the Mn interstitial will
maintain it's +2 valence, unlike Fe in FeO which becomes +3. The interstitial vacancy
pair would have no net charge if the vacancy were doubly ionized, as has been suggested
from diffusion and conductivity data near stoichiometry. Sykora [151 has found that
large quantities of neutral species must be present to simultaneously account for the
electrical conductivity and thermopower at large deviations from stoichiometry. This
could be that neutral species.

CONCLUSIONS

1) Mn interstitials have been observed in Mn 0.9990 0 .

2) The ratio of cation vacancies to cation interstitials indicates no large defect
aggregates such as a 4:1 cluster are present near stoichiometry in MnO. The only
possible aggregate is a vacancy-interstitial pair, which would be neutrally charged.
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Table I. Results of Rietveld refinements on Mn 0.9990 O l o r a ( A ) m

incorporating tetrahedral Mn interstitials, and <B> normal rocksalt structure.

A B

Temp
Runs
A
B
C
ALPHA
BETA
GAMMA
VOLUME
X (MN )
Y (MN )
Z (MN )
OCCUP (MN )
BISO (MN )
X (MNl )
Y (MNl )
Z (MNl )
OCCUP (MNl )
BISO (MNl )
X (OX )
Y (OX )
Z (OX )
OCCUP (OX )
BISO (OX )
SCALE
EXTINCT.
ABSOR.
OBSERVATIONS
REFLECTIONS
VARIABLES
DEG. OF
FREEDOM

R(F2;%)
R(P; 7c)
R(WP; 9c)
R(RIET; %)
R(EXP; %)

1400C
2730-2734
4.53893(5)
4.53893(5)
4.53893(5)
90.00000
90.00000
90.00000
93.51K3)
0.00000
0.00000
0.00000
0.0946(5)
3.11(5)
0.25000
0.25000
0.25000
0.0053(5)
3.11(5)
0.50000
0.50000
0.50000
0.10000
2.96(4)
0.705(9)
0.622(7)E-03
0.7000
486
34
14
472

4.168
2.830
3.852
8.893
1.326

1400C
2730-2734
4.53893(5)
4.53893(5)
4.53893(5)
90.00000
90.00000
90.00000
93.51K3)
0.00000
0.00000
0.00000
0.0999
3.35(5)

0.50000
0.50000
0.50000
0.10000
2.87(3)
0.69(1)
0.607(7)E-03
0.7000
486
34
13
473

5.777
3.049
4.174
9.577
1.327

R<F 2 ;7 c )=100*E| I O B S - I C A L C | / i : | I O B S |
R(P; 9c) - 100*2:|Y OBS -Y CALC | /E |Y 0 B S I
R(\VP: %) = 100*(E[W*(Y 0 B S -Y C A L C ) 2 I/EIW*(Y 0 B S ) 2 ]) '4

R(RIET; %) = 100*E|Y 0BS -Y C A L C | /E |Y 0 B S -BACK|

R(EXP; 9c) = 100*(# DEGREES OF FREEDOM/HW*(Y 0 B S ) :
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riFFL'£E X-RAY SCATTERING STUDY CF Cu3Au ABOVE THE CRDER-PISCRrER

TRANSITION TEKFERATURE

B. D. BUTLER AND J. 3. COHEN

Northwestern University, Dept. cf Materials Science and Engineering,
Evansten, IL 60208.

ABSTRACT

The x-ray diffuse scattering from a single crystal of Cu3Au was
measured in absolute units in a volume of reciprocal space. The measurement
was r.ade while the crystal was held at 703 K (approximately 35 K above the
critical temperature for ordering) and the measured intensity was separated
into components due to short range order (SRO) and strain. The Karren short
range crder parameters, pair interaction potentials and the first and second
order static atomic displacements were obtained by Fourier inversion of
these separated intensities. The relative interatomic pair potentials, out
to the third shell, were found to be V2/V1=-0.5 and V3/V1*0 consistent with

earlier determinations. The first order atomic pair displacements were
found to be contrary to what has previously been assumed: Au-Au first
neighbcr pairs were found to have negative displacements on average and Au-
Cu pairs positive displacements, compared to the average interatomic
distance.

INTRODUCTION

CUjAu is a classic example of an alloy that undergoes an order-
disorder transformation. In the ordered state the atoms are arranged such
that Au atoms have only Cu atom first neighbors resulting in a structure
where atomic planes alternate between 1:1 mixtures of Cu and Au atoms and J"
pure Cu. The transformation to a disordered state takes place o

discontinuously at a temperature of approximately 670 K. Above this
temperature long range order no longer exists but the constituent atoms j?
still have a preference for unlike neighbors resulting in a structure where £
short range order persists. »

Short range order in alloys can be described geometrically by a set of

pair probabilities Plcn representing the probability of finding a B atom at

the end of an interatomic vector (lmn) given an A atom at the origin of this 5°
vector. When no long range order exists this pair probability tends toward o

the atomic fraction of component B, cE, as the length of the interatomic §.
AB O

vector increases. The Warren short range order parameters, O;icn=--PiCI/cE,
 3

are usually used to describe such short range order and will tend toward
zero at large interatomic vectors since no long range order is present. The
state of short range order can then be fully described by a finite set of
these order parameters. SRO parameters can be determined by separating the
diffuse scattered intensity from a single crystal into components due to SRO (->
and strain and then Fourier inverting the separated SRO intensity. The. o
average atomic pair displacements can be obtained by inverting the separated
strain intensity.

Cu3Au is an excellent material for diffuse scattering studies because
of its relatively simple structure, it's ability to resist oxidation at
temperatures exceeding the critical temperature for ordering, and because
there is a high degree of contrast to x-rays between the constituent atoms.
Determinations of the Cu3Au SRO parameters above the critical temperature
have been made by CowleyCll, Moss[2] and Bardhan and Cohent33 from x-ray



diffuse scattering measurements. The evolution cf these measurements r.zs
been driven by considerations of the effects cf static atomic displacements
on the diffraction pattern. This study represents the most complete
accounting of such effects to date in that the measured intensity vas
separated into 25 components (1 due to SRO and 24 due to static
displacements) representing a complete separation of the diffuse intensity
based on an expansion of the scattering equation to the second order in
displacement^]. The SRO parameters, atomic pair potentials based en the
approach of Clapp and Moss [5,6,73, and the average atomic pair
displacements were obtained by performing the appropriate Fourier inversions
of these separated intensities. For more details see Ref. [83.

EXPERIMENTAL

The single crystal specimen used was a circular slice 2 mm thick and
15 mm in diameter cut so that the surface normal was nearly equidistant from
the (lOO), (101), and (111) poles. Details of the sample preparation and
prior history of the crystal can be found in Ref. C8]. The measurement was
done while the crystal was held at a temperature of 703 K inside of an
evacuated Be dome mounted on a four circle diffractometer. A sealed tube >:-
ray source with a Co target was used. The diffractometer was equipped with
an incident beam graphite monochromator set to diffract the Co Ka line and
the incident beam intensity was monitored by placing a film of V2O5 in the
incident beam path and recording the fluorescent intensity. Measurements
were made relative to this monitor to eliminate the effect of fluctuating
tube voltages and barometric pressure on the measured intensities. The
power of the direct beam was determined from a measurement of the scattered
intensity from a standard aluminum powder compact and from the scattering cf
polystyrene at high angles. These procedures allow the measured intensities
to be placed on an absolute intensity scale which is necessary in making
corrections to the data and in checking the results of the separation [93.

Data were taken in increments of Ah=0.1 in a reciprocal space volume
with 20 ranging from 25 to 145 degrees. Corrections were made to the data
for fluorescence, surface roughness, Compton modified scattering, detector
dead time, air scattering, and second and third order thermal diffuse
scattering. Details of each of these corrections can be found in Ref. [83.
Separation of the data into SRO and static strain components involves the
consideration of the different symmetries associated with each term [93.
The diffuse intensity is measured at a set of symmetry related points
(typically 40-50) where the magnitude of the Fourier sums associated with
each term are the same. The separation is then carried out using a least
squares procedure. This separation is done on enough points to fill the
reciprocal unit cell and the separated intensities are Fourier inverted.

RESULTS

The intensity measured on the (hkO) reciprocal lattice plane is
presented in Fig. 1. Diffuse intensity is concentrated near the
superlattice positions (from short range order) and near the Bragg
reflections (due mostly to static strain intensity and first order thermal
diffuse scattering). The effect of first order static strain can be seen
readily through the asymmetry in both the superlattice and Bragg
reflections. Note, the intensity is high on the low angle side of the 200
bragg reflection and low on the high angle side. The reverse is true for the
300 superlattice reflection.

The SRO parameters and the first order static pair displacements
calculated from the separated intensities are presented in Table I. Here



Table I . Short range order parameters for Cu3Au at 703 K and overage displacements (with associated errors)

loin
, AU-Cu

l lmn ioo<z
AU - All

000 0.
110 - 0 .
200 0 .
211 0.
220 0 .
310 - 0 .
222 0.
321 - 0 .
400 0.
330 0
411 0
42C 0
33' -0
42: 0
4UJ 0

935(0.
134(0
158(0

.007(0

. 039(0

.040(0

.010(0
.000(0
.031(0
.011(0
.009(0
.014(0
.002(0
.008(0
.004(0

.014)

.010)

.009)

.008)

.007)
.000)
. 00(5)
.005)
.000)
.005)
. 005)
.004)
.004)
.004)
. 003)

0.000(0.
-1.750(0.
-0.284(0.
-0.706(0.
-0.698(0.
-1.013(0.
-0.619(0.
-0.647(0.
-0.430(0.
-0.391(0,
-0.390(0.
-0.490(0
-0.410(0.
-0.392(0
0.409(0

000)
.170)
.121)
.148)
.106)
.184)
. 097)
.132)
.177)
.119)
.160)
.139)
.094)
.120)
.115)

0.000(0.
-0.878(0.
0.164(0.

-0.229(0.
-0.200(0.
-0.391(0.
-0.239(0.
-0.260(0.
0.075(0.

-0.142(0
-0.094(0
-0.139(0
-0.153(0
-0.130(0
0.149(0

000)
039)
061)

.054)

.042)

.059)

.036)
.047)
.009)
.042)
.059)
.052)
. 034)
.044)
. 04 1 )

0.000(0.
-1.750(0.
0.000(0.

-0.524(0.
-0.690(0.
-0.284(0.
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xla\ ""'J represents the projected displacement, along the 1 axis, cf two Cu
atoms separated by a vector (l,m,n)(a/2), and the carats represent lattice
averages. The negative first SRO parameter, large positive second, and
small third SRO parameter is characteristic cf the results obtained by
previous investigatcrsCl,2,3]. For a discussion of the differences between
this measurement and earlier results refer to [83. The present measurement
represents the first tire a full separation of the diffuse intensity in this
alloy has been made allowing the determination of the average static
displacements. Contrary to the previous assumption (see for instance CIO])
that the observed asymmetry is due to a small negative Au-Cu first neighbor
displacement and a small positive Au-Au first neighbor displacement, this
measurement shows that a more complicated set of average displacements
produces the asymmetry.

.' J
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X,jS* .XX *

(300) y"«t (400)
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Fig. 1 Measured diffuse intensity in counts on the
(hkO) reciprocal space plane for Cu3Au.

The atomic pair interaction potentials were calculated from the
separated SRO intensity following Clapp and Moss[5,6,7]:

o
3

(1)

Here, Isro(k) is the separated SRO intensity in Laue units, /3=l/k£T the
Boltzmann temperature factor, cAu and cCu the atomic fractions of Au and Cu,
and V(k) is the Fourier transform of the pairwise interaction potential.
Solving for V(k) and using the measurement of Isro(k), V(k) can be
transformed to yield tha pair potentials. The relative pair potentials are
more accurate than the magnitudes of the individual pair potentials because
of the inherent assumptions in the mean-field approximation used to obtain
Eq. 1 C6J. Also, the shape of the SRO intensity is given by the relative



magnitudes of the pair potentials [73. In this study we fcund V^/Vj = -

0.51*0.03, V./V1=-0.01i0.C6, and V^/V^O.14*0.06 consistent with the earlier

results reported by Moss and Clapp[7] of V?/Vj = -0.23 and V3/Vj = 0.02 and the

results of Bardhan and Cohent3J of Vj/V^-0.45 and V3/Vj = -0.05 at 743 K and

V2/V1 = -0.22 and V.j/V^-0.06 at 693 K. All of the pair potentials

corresponding to larger separations were negligible compared to experimental

error. A plot of where the present and previous results lie relative to the

minimum in V(k) as calculated by Clapp and McssE63 is presented in Fig. 2

SUMMARY

A measurement of the diffuse scattering from Cu3Au above the critical
temperature for ordering has yielded the Warren short range order (SRO)
parameters, pair interaction potentials, and average pair displacements.
This study is a more complete determination of these parameters because the
intensity was separated into all 25 components needed to describe the
diffuse scattering based on an expansion of the scattering equation to the
second order. The SRO parameters agree qualitatively with previous
measurements but are close to Cowley's original measurement in magnitude and
the atomic pair potentials are consistent with previous calculations.
Contrary to what has been previously assumed, the average first order static
pair displacements are negative for Au-Au pairs and positive for Au-Cu
pairs.

100 > A

.2

• • .

•foo

.2 .3 .4 .5\.6
V2/V,2

Fig. 2 Minima in V(k) for V2/Vx and V3/Vx for a disordered
face centered cubic lattice with positive V2, as calculated
by Clapp and and Moss C6] and experimental results of this
study (A), Eardhan and Cohen at 748 K (•), Bardhan and
Cohen at 693 K (•), and Moss and Clapp (•). The indices
indicate the strongest feature of the diffuse scattering
characteristic of that structure.
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DOUBLE CRYSTAL SYNCHROTRON X-RAY DIFFRACTION STUDY OF
STOICHIOMETRY IN GALLIUM ARSENIDE

S.COCKERTON. G.S.GREEN AND B.K.TANNER

Physics Department, University of Durham. South Road, Durham, DH1 3LE, U.bL

ABSTRACT

The integrated X-ray diffraction intensities of quasi-forbidden reflections in gallium
arsenide, such as the 002, are particularly sensitive to stoichiometry variations. We show
here that the integrated intensity as a function of wavelength exhibits a minimum whose
position is dependent on the stoichiometry. Using synchrotron radiation to tune the
wavelength, we have performed measurements on a horizontal Bridgman grown crystal. A
shift in the minimum is observed between measurements made from different part's of the
sample consistent with arsenic loss at the surface of the crystal.

INTRODUCTION

Gallium arsenide offers intrinsically improved performance over silicon in producing high
speed integrated circuits and discrete devices. However, growth and processing problems in
GaAs give" reliability and yields far behind that of current silicon devices. There exists a
need both to understand the origin of strains present in substrate material and to identify
the nature and density of point defects which have a deleterious effect on device
performance. In particular, it is not known how much variation in stoichiometry exists
between crystals grown by different techniques, between crystals grown by the same
technique and as a function of position in the crystal. There is thus a need to develop a
sensitive, non-destructive method to measure stoichiometry in GaAs.

Measurements of lattice parameter using X-ray diffractometry carried out by Potts and
Pearson [1] indicated a concentration of 1 x 10 cm"3 arsenic monovacancies. Similar
experiments by Straumanis and Kim [2] suggested a defect concentration of 2 x 10li;cm'3

and measurements by Goldstein and Almeleh [3] using e.s.r revealed a concentration of
101 cm° parametric resonance centres. These data are all consistent with the theoretical
anah'sis^of Logan and Hurle [4] which suggests that point defect concentrations of up to
lO^cm'-3 are possible. The techniques employed, however, suffer either from the need to
measure density extremely accurately or that destruction of the sample is necessary.

X-ray diffraction using composition sensitive reflections is an alternative approach to the
proble'm and has been explored by Fujimoto [5,6]. The method relies on the fact that
reflections such as 002 are forbidden in the diamond structure and exist only in GaAs
because the scattering factors of Ga and As differ. Thus, measurement of these quasi-
forbidden reflection intensities provides a possible means of determining the Ga to As
ratio. This approach has, unfortunately, a number of shortcomings. The major difficultly is
that the integrated intensity of such weak reflections must be measured to an absolute
accuracy of much better than We. Variations in temperature, crystal mosaic [7] and
harmonic contamination [8] can lead to errors larger than the effects'sought. In this paper
we show that the intensity of the 002 quasi-forbidden reflection exhibits a minimum as a
function of X-ray wavelength, the position of which is sensitive to the vacancy
concentration. No absolute intensity measurements are necessary. We report experiments
carried out using synchrotron radiation from the Synchrotron Radiation Source at
Daresbury Laboratory in which this minimum is identified and observed as a function of
position on the crystal.



THEORY

The structure factor for the 002 reflection has the following form:

F = 4[fGa + e'^fAs] [1]

where fGa and f ̂  are the atomic scattering factors for Ga and As respectively. Near to the
absorption edges of the material anomalous dispersion corrections [9] become extremely
important and equation 1 can be written:

F = 4 [fGa Af
A s

[2]

The anomalous dispersion corrections AfGa\ AfAs\ AfQa" and Af^" can be calculated
from Honls [101 approximations and these are shown in Fig. 1 (a)' over the wavelength
range 0.75 - 2.0 A.

Because the quasi-forbidden reflections are extremely weak in comparison with the
allowed reflections, it is generally accepted that kinematical X-ray diffraction theon' can be
applied to calculate the intensity. While this may not be strictly accurate, but for our
experiments, where absolute intensities are not so important, we can safely make this
assumption. The normalized integrated intensity I is therefore given by:

- f
As ') 2 + (AfGa" - [3]

The variation of the integrated intensity against wavelength for the wavelength ranee 0.75-
2.0A is illustrated in Fig. l(b).
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Fig 1 (a) Anomalous dispersion corrections for Ga and As as a function of wavelength, (b)
Normalized integrated intensity as a function of wavelength for the 002 reflection in GaAs.

A deviation in stoichiometry can be incorporated by introducing an atomic defect
concentration Ac. The type of defects present is still unclear and antisite defects, (believed
to be responsible for deep level EL2 defects), arsenic monovacancies, gallium
monovacancies and gallium diyacancies must all be considered. Fortunately, our approach
allows some degree of discrimination to be made. For an antisite defect concentration Ac,
the structure factor becomes, in terms of the complex scattering factors f,



F = 4 [(1- lTt [4]

or

F = 4[(l-2Ac)(fGa-fAs)] [5]

This shows that antisite defects result in a change in the integrated intensity by a factor
equal to twice the antisite defect concentration." Antisite defects therefore produce no
change in the shape of the intensity versus wavelength function and hence no shift in the
position of the minimum in intensity around 1 Angstrom (Fig l(b).

Vacancies do, however, change the shape of the distribution and the position of the
minimum. Consider an arsenic monovacancy concentration Ac. The structure factor
becomes

F = 4[fGa - (1 - Ac)f^] [6]

The intensity versus wavelength function then has the form:

Simulations for defect concentrations 0.1 and \% are shown in Figure 3.

Intensify (electrons)
100 r-T

0 8 10 12 1-4 1-6 18 20
Wavelength A

Fig.3 Intensity (in electrons)^ versus wavelength cun'e for the 002 reflection with 0.1 and
\% arsenic vacancy concentration.

Figure 3 indicates that there is a shift in the minimum position characteristic of the
deviation in stoichiometry present in the sample. Figure 4 shows an expanded portion of
Fig.3 close to the intensity minimum. On variation of the arsenic vacancy concentration
from 0 to 1%, significant shifts in both the wavelength position and the intensity at which
the minimum occurs are observed. We find that the wavelength value at which the
minimum occurs varies monotonically with the monovacancy concentration (Fig 5). The
accuracy to which this minimum can be determined is limited principally by the difficulty in
identifying the exact minimum position, but also the angular resolution of the
diffractometer and the absorption edge calibration.
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Fig. 4 Expanded plot of intensity versus wavelength close to the intensity minimum for 0,
0.5 and \% of As vacancies.
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Fig. 5 Variation of the position of the intensity minimum as a function of vacancy

concentration.

EXPERIMENTAL PROCEDURE

The experiments were carried out at the SERC Synchrotron Radiation Source (SRS) at
Daresbury Laboratory U K . All the experiments where carried out on station 7.5 using
the double crystal diffractometer described by Bowen and Davies [11]. The incidence
plane was chosen to be arm vertical to take maximum advantage of the polarized
radiation. A channel cut beam conditioner and 0.2 mm width collimating slit was used to
select the wavelength required. Use of a channel cut crystal ensured minimum beam
movement on the sample as the wavelength was changed. The absorption edges of both
gallium and arsenic were found to an angular precision of 5 arc sec by rotation of the
beam conditioner. This enabled the wavelength incident on the sample to be calibrated
to a relative accuracy of 5 x 10'4 A. However, our absolute accuracy is nearer 10"3 A due
to limited absolute calibration of the wavelengths of the edge positions. As discussed
previously the choice of a suitable combination of reflections allows significant reduction
in harmonic contamination to be made [7]. Hence a silicon 111 gallium arsenide 002



combination was chosen. A cross section cf a horizontal Bridgman grown cry>;;:l which
was D shaped and of approximately 50 mm diameter was investigated. The cryMal was
purchased from MCP, Wokingham, U.K., and had polished (001) surfaces. Rocking
curves were recorded in the symmetric Bragg geometry as the wavelength was changed by
scanning the reference crystal. Data was taken from three positions; close (5mm) to the
free surface, the centre, and close to the bottom of the crucible. Further experimental
details will follow elsewhere.

RESULTS

Figure 6 shows a wide range plot of integrated intensity against wavelength taken from
the centre of the crystal section. The agreement with the shape of the curve predicted using
kinematical diffraction theory is very good (Fig l(b). The detailed variation of intensity
versus wavelength for the two positions at the centre and upper edge sample is shown in
Fig 7. We note" that there is both an increase in the wavelength at which the minimum
occurs and an increase in the intensity at the minimum (see Fig. 4). From the wavelength at
which the minimum occurs we deduce that Ac is lower in the centre than at the upper
position. The larger value of Ac at the upper position is consistent with arsenic loss at the
crystal surface. N*o change in wavelength minimum value was detected between the centre
arid lower positions.

Integrated Intensity
125

10 11 12 13
Wavelength k

Fig. 6 Integrated intensity as a function of wavelength taken from the central region of the
specimen.
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Fig 7. Integrated intensity versus wavelength close to the intensity minimum. Squares:
central region, Circles: upper region of the crystal.

CONCLUSIONS

By exploiting the wavelength variation of the intensity of a quasi-forbidden reflection, we
have been able to obtain a direct measure of the stoichiometry in GaAs. This has been
achieved without the need for accurate intensity measurements and relies only on the
precision of the goniometry.
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X-RAY SECTION TOPOGRAPHY OF HYDROGEN PRECIPITATES IN SILICON

S.F.CUI*. G.S.GREEN AND B.K.TANNER

Department of Physics. University of Durham, South Road, Durham. DH1 3LE, U.K.

ABSTRACT

Spherical strain centres produced by annealing of silicon crystals grown in a hydrogen
atmosphere have been studied bv X-fav section toposraphv. Excellent agreement has been

hvdrogen
;en

foundbetween experimental images and those simulated by numerical solution of Takagi's
equations. The contrast differences between images in four reflections are examined and
recommendations made as to the most suitable conditions for the study of oxygen
precipitates in processed silicon wafers.

INTRODUCTION

When silicon grown by the floating zone method in a hydrogen atmosphere is
subsequently annealed, hydrogen induced defects can be formed [1]. The character of the
defects depends upon the annealing conditions. Samples annealed at about 500°C are
found to contain small spherical defects [2] while those annealed at higher temperatures
generate larger and more complex defects. For a 1000°C anneal, these are no longer
spherical and they punch out dislocations which give rise to characteristic "snowflake"
images in X-ray projection topographs [3].

Despite their technological importance, rather little attention has been paid to the
contrast of spherical defects in X-ray section topographs. In this paper we examine the
contrast of hydrogen induced precipitates in silicon under several diffraction geometries
and compare' the experimental images with those simulated by numerical solution of
Takagi's equations [4J. We identify the reflections for which maximum information on the
defects is available.

EXPERIMENT

The sample studied here was a {111} oriented plate of silicon of 800 ĵm nominal
thickness. It was cut from a single crystal grown by the floating zone method in a hydrogen
atmosphere and annealed at 500°C'for 30 minutes. After SYTON polishing, the'sample
was polished with 1/4 pm diamond paste prior to a final strain relief etch. X-ray section
topographs were taken on a Lang camera with a 10 jim collimating slit distant 75 cm from
an Elliott GX6 rotating anode X-ray source of projected dimension 200 pm by 200 ̂ m. All
topographs were recorded on Uford L4 Nuclear Emulsion plates and MoKotj radiation was
used exclusively due to the relative thickness of the crystal.

Images were simulated using programs based on those supplied to Daresbury Laboratory
by Dr. Y. Epelboin. Details of the algorithms used for solution of Takagi's equations can be
found in two extensive reviews by Epelboin [5,6]. We have developed and extended the
code to permit a wide range of strain fields to be used, both singly and in combination.
Simulations were performed on the Amdahl 5860 mainframe computer at Durham
University and each took typically 50 c.p.u. seconds to compute. Further details of our
method can be found elsewhere [7]

RESULTS

Fo
The

Four reflections were chosen for study, namely the 111", the 333, 333 stereo pair and 422.
"he diffraction geometry appropriate to each reflection is shown schematically in Fig. 1.
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Fig.l Diffraction geometries for (a) 111, (b) 333, (c) 333, and (d) 422 reflections used.

Figure 2(a) shows a typical 111 reflection topograph in which a wide range of image
contrast is apparent. It is somewhat surprising to discover that all the images can be
simulated by a simple isotropic elasticity model of a radial atomic displacement falling off
as the inverse square of distance. We note that defects close to the X-ray entrance surface
have a characteristic "comet" shape with a dark head and light tail (A, B and C in Fig 2(a)).
The dark head corresponds to the direct image of Authier's [8] nomenclature and the
position across the base of the image permits the depth of the defect to be determined
directly [7]. This direct image is formed from X-rays kinematically scattered from the
distorted region around the defect. As the X-rays are outside the range of Bragg reflection
in the perfect crystal it always appears as enhanced intensity. For all images~\vith a dark
head, the tail fills the whofe of the Borrmann fan between the direct image and the
direct beam edge of the section pattern. The light image corresponds to the dynamical
image as it corresponds to intensity lost from the wavefields because of the presence of the
defect [7]. Between the direct and dynamical images is the intermediary image formed by
interference of original and wavefields newly created at the defect. The intermediary image
is periodic and often appears as a bending of the perfect crystal Pendellosung fringes. The
best example in this reflection is in image C of Fig. 2(a) but in general this reflection does
not show very distinctive intermediary images. As the intermediary image is the only one
sensitive to the sense of the lattice distortion, the advantage of the strong scattering and
short exposure times of the 111 reflection is reduced. We note that the image height for all
the defects is almost constant at 20 ;um, and this indicates that the strength of the strain
field of the defects is very similar. There is remarkably little dispersion in the precipitate
size.

In the 333 reflection (Fig 2(b), much more detail is visible in the individual images and the
intermediary image in particular is much more pronounced. The increased magnitude of
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The geo:-.::\ <<\ the 333 reflection is Mich that the diffracted be;::r. e-.r.trc-j* nearly
perjjendic....:r to she exit surface of the crystal ^Fig l(e)). The increased width of the
section pa::ern permits even more detail to he distinguished. This reflection provided some
spectacular defect images. Fig. 3 shows an exampfe of the experimental and simulated
images of a spherical defect very close to the entrance surface. Direct, intermediary and
dynamical i-.-.ages are clearly visible and excellent agreement is seen betv.een experimental
ahdsimul:.:edlmai:ev

• I

4
v

Fig.3 Topographs taken with the 333 reflection, (a) experiment (b) simulation
Ffeld width 670 ̂ im

The 422 is a symmetric Laue reflection and the background intensity and Pendellosung
fringe pattern are not affected by long range curvature [8]. No feature differences are
found between images of spherical defects taken in symmetric and asymmetric geometries
in an unstrained crystal. As seen in Fig. 4, the Bragg angle is sufficiently large'for image
contrast to he quite detailed and the irnage heights are intermediate betweerTthe 111 and
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Excellent agreement is found between experimental images and those simulated u«-;:g
isotropic elasticity theory.
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FORMATION OF INTERSTITIAL DISLOCATION LOOPS IN Fe-Cr AND
Fe-Mo ALLOYS DURING ELECTRON IRRADIATION
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ABSTRACT

Elevated temperature lMeV electron irradiations have been carried out on a series of Fe-Cr
alloys (l-10wt. % CT) and an Fe-10 wt % Mo alloy. Results show that dislocation loop
populations are similar in all the Fe-Cr alloys and in the Fe-lOMo alloy, and consist of an
approximately equal distribution of a<100> and a/2<l 11> Burgers vector types. Differences
in loop morphologies and behaviour may be related to the nature of the solute.

INTRODUCTION

As part of a continuing program aimed at evaluating dislocation loop formation in irradiated
ferritic alloys, several Fe-Cr alloys (1, 5, 10, 15 wt. % Cr) , one Fe-Mo alloy (10 wt. %
Mo), and pure Fe, are being subjected to 1 MeV electron radiation over a range of
temperatures and dose rates, using a High Voltage Electron Microscope (HVEM). This paper
summarises initial results on the Fe-10% Mo alloy, and compares and contrasts the behaviour
with earlier [1] and additional data for the Fe-Cr system.

EXPERIMENTAL

Zone refined alloys with impurity levels <100 appm were prepared by arc melting and were
processed down to 200jim sheet. 3mm discs were punched from the cold-worked sheet and
annealed in vacuo. The annealing conditions were 3h at 1000 °C followed by 150h at 750 °C
for the Fe-Cr alloys, and lh at 1150 °C followed by water quench (to inhibit Laves phase
precipitation) for the Fe-lOMo alloy. The discs were then used to prepare thin foils for
electron microscopy, using standard procedures.

1 MeV irradiations were carried out in an AEI EM7 HVEM, at temperatures of 300°C -
700°C, and estimated dose rates in the range 10'9- 10"3 dpa/s, with a column vacuum
maintained at ~ 10"7 torn Post irradiation examination was carried out using a JEOL 4000FX
electron microscope, operating at 250-300 keV.

RESULTS

The Fe-lOMo alloy developed an even distribution of a<100> and a/2<l 11> interstitial
loops at temperatures between 300-600°C. When the foil normal was near [011], the two
types of loop appeared to nucleate with comparable ease, and grow at similar rates (the effect
of other foil normals is currently being investigated). One difference between these loops and
those in the Fe-Cr alloys was the relative lack of loop convolutions at all temperatures (Fig.l).
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Fig. 1. a<100> interstitial loops in Fe-lOMo
formed during irradiation at 450°C.

Reactions between a/2<l 11> loops and foil surfaces were common, as were a<l(X)> /
a/2<lll> loop interactions. Helices were observed to form very readily from pre-existing
screw and mixed dislocations during the irradiation. Both loop types usually lay near to the
pure edge configuration, but, in one instance, non-planar complex a/2<lll> loops formed.
These loops grew with the same complex form from the smallest size at which they were
resolvable (~5nm). Fig. 2 shows populations of complex a/2<l 11> loops and planar a<100>
loops which formed in an [Oil] foil. Post-irradiation high temperature annealing of these
loops, in situ in the HVEM, did not cause them to alter their shape, but resulted in pre-existing
dislocations in thicker regions of the foil gliding through the region of complex loops and
destroying them. A neaiby region with normal planar a/2<l 11> loops was unaffected by this
process.
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Fig. 2. Planar a<100> and complex a/2<l 11>
interstitial loops formed during irradiation of an
|0111 foil in Fe-lOMo at 500°C.



At high temperatures, nucleation of loops appeared difficult, and loops occasionally
nucleated along slip traces of pre-existing dislocations which had slipped out of the foil during
irradiation. Sometimes the loops aquired'the specific Burgers vector of the dislocation which
had glided. As the slip dislocations have Burgers vectors of a/2< 111 > type, this process
tended to promote a/2<l 11> loop formation to the exclusion of a<100> loops.

In the 1, 5, and 10<%Cr Fe-Cr alloys, approximately equal numbers of a<100> and
a/2<l 11> interstitial loops formed under most irradiation conditions. At low and moderate
temperatures all the loops were convoluted and no reactions between loops or between loops
and foil surfaces were observed. At high temperatures the convolutions diminished, and the
reactions did then occur. Both types of loop were very close to the pure edge configuration.
Some dependence of the loop populations on foil normal was observed; with <111> normals,
the loop types were found in roughly equal numbers, but with <100> normals, the a<100>
type sometimes appeared to predominate.

DISCUSSION

The absence of loop convolutions in the Fe-Mo alloy at all temperatures is in marked
contrast to the highly convoluted loops often observed in Fe-Cr alloys. It is believed that Cr
has strong interactions with C and N interstitial impurities [2] and may be involved with
formation of atmospheres around loop lines [1]. However the cause of the convolutions in
loops in Fe-Cr is still uncertain. The absence of convolutions in Fe-lOMo may be due to
differences in solute binding with impurities, or to the ability of the solute to participate in the
formation of an atmosphere. Certainly, the present results suggest that a/2<lll> dislocation
glide in Fe-lOMo is substantially easier than in low Cr Fe-Cr alloys at comparable
temperatures, allowing loop-loop and loop-foil surface reactions to occur at lower
temperatures. The impurity levels for the samples used here were < 50 a.p.p.m. for interstitial
(C,N,O) and < 20 a.p.p.m. for substitution^ impurities.

The complex a/2<l 11> loops which were observed in the Fe-Mo alloy are unusual. The
fact that the great majority of a/2<lll> loops in Fe-lOMo had normal planar morphology
indicates that the complex loops probably developed their morphology in response to local
conditions in the foil or the material. These loops formed in an [011] foil, and foils with this
orientation had previously, and have since, been found to develop the usual planar a/2<lll>
loops during irradiation under similar conditions. No evidence of chemical variations between
regions of normal and complex loop formation were found, and it is considered likely that
unusual stress conditions in the foil gave rise to the observed morphologies.

The mixed a/2<lll> and a<100> dislocation loop populations sometimes developed in
ferritic alloys make them unique amongst the body centered cubic alloys, and the Fe-Mo results
show that under some conditions at least, a<100> and a/2<l 11> loops nucleate in this material
with comparable ease and reach similar final sizes.
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ABSTRACT

Interstitial and vacancy loops in ion-irradiated copper have been studied through the
use of x-ray diffuse scattering in the "Asymptotic" scattering region near the (111)
reflection. Diffuse scattering measurements were made on copper single crystals irradiated at
room temperature with He, O, and Si ions, and the results have been analyzed in terms of size
distributions of interstitial and vacancy dislocation loops. The measurements were made in an
"off-symmetry" direction (along the Ewald Sphere) using a single angular setting of a linear
position sensitive detector. The He ion-irradiation was found to produce mainly interstitial
loops while the O and Si irradiations produced both vacancy and interstitial loops.

INTRODUCTION

Irradiation of materials with energetic ions produces displacement cascades containing
high local concentrations of vacancy-interstitial pairs, and at ambient temperatures these
vacancies and interstitials aggregate to form clusters such as dislocation loops, stacking-fault
tetrahedra, or voids. Transmission electron microscopy [1,2] and field ion microscopy [3]
investigations of the production and thermal annealing of cascades have provided a considerable
amount of information on this process. However, additional quantitative information regarding
cascade sizes, morphologies, internal defect densities, and thermal evolution is desired for
comparison with theoretical calculations and for obtaining a more complete picture of the
physics of defect production and defect interaction. Even though scattering techniques do not
offer direct imaging of defects as available through microscopy, x-ray diffuse scattering
provides information complementary to that obtained by microscopy imaging in the sense that
the defects are studied nondestructively in bulk with inherently good sampling statistics. Of
course, detailed scattering models must be available for interpreting diffuse scattering
measurements and the defects must be present in sufficiently large concentrations to be
measurable.

In this work, we have explored an "off-symmetry" x-ray diffuse scattering technique
for the study of dislocation loops in which copper crystals irradiated at room temperature with
He, O, and Si ions are used as test cases. Displacement cascades are, of course, not retained at
this temperature, but such irradiations provide information on defect retention as a function of
ion mass, and for this study provide a demonstration case for the evaluation of the
measurement technique. The measurement technique and scattering cross-section calculations
used in analyzing these measurements are presented, and the ability of this technique to
measure the size, concentration, and type of defects retained after irradiation is discussed.

THEORY

In the single defect approximation, the scattering cross section for randomly
distributed dislocation loops in a crystal lattice is given by [4,5]

where the scattering vector K = h + q specifies the measuring position in reciprocal space in
terms of the reciprocal lattice vector h and a vector q relative to h. re is the classical electron
radius, f(K) is the atomic scattering factor, and A(K) is the scattering amplitude associated
with a dislocation loop given by
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In Eq (2), the first lattice sum is over the atoms in a dislocation loop and the second sum is
over the host lattice distorted by the presence of the loop. The calculation of the scattering
cross-sections for dislocation loops has been discussed in detail elsewhere [5] and will not be
presented here. , , . . „ ,

In general the diffuse scattering cross-section must be calculated numerically for
detailed application, but an overall form of the scattering can be identified in the so-called
"Huang" and "asymptotic" regions for which

2!A(K)|2~
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q « 1/R Huang Scattering

q > 1/R Asymptotic Scattering.

(3)

The "asymptotic" scattering region falling off as the inverse fourth power of q is
characterized physically by local Bragg scattering from the highly distorted lattice near the
dislocation loop plane. Because the highly distorted region lying near (above and below)
interstitial loops is compressed and the corresponding regions are expanded for vacancy loops,
the local Bragg scattering from interstitial and vacancy loops lies on opposite sides of the Bragg
reflection.

This separation of the scattering in reciprocal space has made it possible to study vacancy
and interstitial loops independently using measurements along the [111] symmetry direction
[4]. The diffuse scattering calculations shown in Fig. 1 were made for q along the Ewald Sphere
at the 111 reflection (see Fig. 2) and it can be seen that the separation of the vacancy and
interstitial loop scattering is still present for this off-symmetry direction. The scattering
amplitudes in Fig. 1 indicate that the scattering peaks (in a q4 scaled plot) change position as a
function of size, making it possible to determine the size of the loops. Taking into account the
1/R2 scaling, these data also indicate that the scattering in this region is proportional to the
total number of point defects contained in the loops.
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Fig. 1 Scattering amplitudes for vacancy and
Interstitial loops calculated for q along the
Ewald Sphere and scaled by q4/R2.
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Fig. 2 Scattering geometry for off symmetry
scattering measured with a position sensitive
detector.



EXPERIMENT AND ANALYSIS

Dislocation free <111> orientation copper single crystals were irradiated at 300K wiih
He, 0, or Si ions using a 1.7 MeV Tandem Accelerator. The specimens were irradiated in a non-
channeling direction with ions of energy ranging from 0.75 to 5.0 MeV. The fluences at the
various energies were chosen by fitting EDEP1 damage energy calculations 1o obtain a constant
damage energy profile (of 2 x1012 MeV/^m) as a function of depth in the crystal. Fig. 3 shows
the calculated damage energy profile for the Si ion irradiation using 0.75, 1.0, 1.5 2 0 3 0
4.0, and 5.0 MeV ions.

The scattering measurements were made near the 111 Bragg reflection using CuKa x-rays
and the measurements were carried out at 13 K to minimize thermal background scattering. A
linear position sensitive detector was used in the geometry shown in Fig. 2 so that the diffuse
scattering was collected along the Ewald Sphere, (i.e not along a symmetry direction),
although for this case the direction happens to be rather close to the [133] direction. In order
to avoid parasitic diffuse scattering of the strong Bragg reflected beam from the cryostat
window, the sample was set slightly off the Bragg reflection during measurement and the
region closest to the Bragg position on the detector was masked to avoid damage by the high
scattering intensity close to the Bragg reflection. Sequential measurements were performed on
irradiated and unirradiated portions of the crystals so that the thermal scattering, the Compton
scattering, and the Bragg tail scattering could be removed from the data by subtraction of the
two spectra.

Fig. 3 Damage Energy profile for the
Si-ion irradiation of copper.
EDEP1 calculations were fit to a
damage energy level of 20 x1011
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According to the geometry of Fig. 2, the measured diffuse scattering intensity, I(K) is given
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where l0 is the incident beam power, u.o is the linear absorption coefficient, Cj(t) is the
volume concentration loops of radius Rj at a depth t in the sample, t0 is a reference depth in the
sample, and AQ is the solid angle subtended by the individual elements of the detector. In this
expression the non-homogeneous defect profile is taken into consideration by the depth integral
rn Eq. (4). This integral can be performed numerically if the ratio c,(t)/c,(t0) is obtained
from the calculated damage energy profile in Fig. 3. The position chosen for t0 becomes the
position at which the dislocation loop concentration Cj(t0) (outside the integral) is evaluated in
the fitting procedure. Of course, this procedure assumes that the dislocation loop size
distribution remains constant as a function of depth and that the concentration of loops depends
only on the damage energy, which is not completely true; however, this procedure does provide
a reasonable estimate within this approximation.



In lhe results that follow, the size distributions of the vacancy and interstitial loops, as
specified by the c,(t)'s for vacancy and interstitial loops, were determined by least-squares
fitting the measured intensity to Eq.<4). The concentrations of 10, 15, 20, 30, and 40 A
vacancy and interstitial loops were allowed as parameters (i. e. 10 parameters in all) with the
constraint of allowing only positive concentrations. Both the measurements and the
calculations were scaled by q4 before fitting in order that the "asymptotic" region carrying the
information on the vacancy-interstitial nature of lhe loops would be emphasized as shown in
Fig. 1.

RESULTS

The scattering calculations shown in Fig. 1 (and discussed in the theory section above)
demonstrate quantitatively that diffuse scattering along the Ewald Sphere direction at the 111
reflection of copper using CuKa x rays contains the necessary information to investigate size
distributions of vacancy and interstitial loops. This result is similar to that for diffuse
scattering along the (111] symmetry direction and not unexpected since the Ewaid Sphere
makes only a -21 ° angle with the [111] direction, however, this is a necessary condition for
analyzing the diffuse scattering along this direction in terms of vacancy and interstitial loops.

The measured diffuse scattering for He, O, and Si irradiated copper is shown as the solid
circles in Fig. 4. These data are scaled by q4 and plotted as a function of q along the Ewald
Sphere as shown and discussed in connection with Fig. 2. Because of the q4 weighting, the
intensity vanishes as q goes to zero; as q becomes large (where the magnitude of the diffuse
scattering falls off rapidly) the statistical uncertainties in the data increase and the
fluctuations in the data become larger as a result of the rapid increase in q4 . Therefore, the
measured data points were binned at the larger q's to increase the statistical precision so the
point spacing is less dense at the higher q's in Fig. 4.

We note that the scattering magnitudes were found to be relatively comparable for positive
and negative q for the Si and 0 irradiations, suggesting the presence of substantial numbers of
both vacancy and interstitial loops. For the case of He, however, relatively little scattering
appears for negative q, indicating the presence of relatively few vacancy type loops. We note
also that the magnitude of the scattering at positive q is smallest for He-ion irradiated copper
and largest for the Si irradiated case.

The solid lines represent fits to the measured points using Eqs. (1,4) and the size
distributions corresponding to these fits are shown in Fig. 5 for each of the irradiations.
Included on this figure are the average loop sizes and the total number of point defects contained
in the distributions. The average size of the interstitial loops appears to increase slightly for
the higher mass ion irradiations. The vacancy loops are small for each of the irradiations,
although the number of vacancy loops for the He irradiation is so small that the size
determination of vacancy loops may not be very meaningful in this case.

DISCUSSION

The results of this initial work using off-symmetry diffuse scattering measurements in
conjunction with a position sensitive detector indicate that a considerable amount of
information can be obtained using this technique. When only vacancy and interstitial loops are
expected, and monitoring their sizes, concentrations, and the total number of point defects
included (say as a function of thermal annealing) is of particular interest, such measurements
should be quite useful. However, for detailed investigations where other types of defect
clusters in addition to dislocation loops may be present, such measurements could not take the
place of measurements along several symmetry directions or over a planar region around the
Bragg reflections. The necessity of using proper models for analyzing scattering data is in all
cases an important consideration.

After evaluating the data reported here, some straightforward alterations in the
measurement technique have presented themselves. The use of a monochromator transmitting
only CuKai and collecting data with a detector slit varying in width as a function of angle, for
example, would improve the quality of the data and the analyzed results.
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Turning now to the defect physics aspects of the results, as presented in Figs. 4,5, the
measurements provide a determination of the fraction of defects retained at room temperature
as a function of the irradiating ion mass. Table I shows the number of Frenkel pairs produced
by the irradiations, which were carried out so that the damage energy was 2 x 1012 MeV/u.m
in each case. The number of interstitials contained in loops is compared with the number of
Frenkel pairs because essentially no collapsed vacancy clusters were detecied in the He
irradiation case .while the ratio of interstitials/vacancies in loops was 55/45 for Si and
57/43 for the O irradiation case. We see in the table that the fraction of defects retained
increases with ion mass, and for Si the fraction retained is a only half of the -6% retention



Table I
Fraction of Point Defects Retained in Ion Irradiated Copper

Ion

hte

O

Si

Frenkel Pairs
Generated

4.2 x 1020 (cm"3)

4.2 x 1020

4.2 x 1020

Interstitials
Retained

0.3 x 1019 (cm"3)

0.6

1.3

Percent
Retained

0.7 (%)

1.4

3.1

reported (6.7J for Ni ion and fast neutron irradiation of copper at ambient temperatures.
For the He-ion irradiation case, the lack of significant scattering on the negative q side of

Fig. 5 indicates directly that vacancy-like (i. e. collapsing) defect clusters are not detected in
the sample. That is, the lack of scattering for negative q means that dilatated regions such as
those immediately surrounding collapsed vacancy loops or stacking fault tetrahedra are not
present in significant numbers compared to those of interstitial-like clusters. Initially this
result seems to be in contradiction to the results of Ishida et.al.[8] and Gadalla et. al. [9], who
have reported both interstitial loops and stacking fault tetrahedra in He implanted copper.
However, Ishida noted that the density of stacking-fault tetrahedra decreased markedly when
the He densities reached concentrations similar to those in our samples, and the work of Gadalla
et al was for much larger He concentrations. Gaber et. al. [10] have reported large fractional
lattice parameter expansions of -0.75% per 1% He concentration in alpha particle irradiated
copper. Preliminary lattice parameter measurements on our He-ion irradiated sample
indicate a similarly large lattice parameter change, however, these aspects are still under
investigation and further diffuse scattering measurements with systematically varying He
concentrations will be needed before drawing conclusions.

SUMMARY

Numerical calculations have been made of "off-symmetry" x-ray diffuse scattering for
dislocation loops in copper showing that scattering from vacancy and interstitial loops can be
separated along the Ewald Sphere for low order reflections. "Off-symmetry" diffuse scattering
at the 111 reflection of copper has been used to study defect clusters resulting from He, O, and
Si- ion irradiation. Mainly interstitial loops were found for He-ion iradiation of copper,
while both vacancy and interstitial loops were found in O and Si irradiated copper.

tPermanent address: Japanese Atomic Energy Research Establishment, Tokai, Japan.
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ABSTRACT

Measurements of x-ray profiles and diffuse scattering from (111) and (100) oriented single crystal
Niobium films implanted with Nitrogen to average levels of 5 and 0.5 atomic percent are dis-
cussed. Theoretical analysis of the asymmetric Bragg profiles are used to determine the strain
profile in the implanted films. The measured strain profile results from two factors: (i) depth
distribution of implants and knock-on damage and (ii) elastic constraints. Residual elastic strains
develop due to the constraints imposed by a sapphire substrate. Comparison of the diffraction
results with theoretical predictions of TRIM indicates the presence of measurable knock-on
damage in the films. Huang and Stokes-Wilson scattering measurements made using
synchrotron radiation at the ORNL beamline, Brookhaven National Laboratory, viere used to
reveal the identity of defects formed during the knock-on process.

INTRODUCTION

Primary solutions of "N" implanted into Nb hate been investigated. By implanting at liquid
nitrogen temperature, N atoms remain unclustered in octahedral sites [1J. The implanted
interstitial atoms also produce damage rthted self interstitials, and vacancies. These self
interstitials and vacancies produced by damage become segregated at liquid nitrogen temperature
due to radiation enhanced diffusion, into a distribution of small loops

Foi-r implantation energies were used to produce four overlapping Gaussian distributions
of N in a 250 nm (111) oriented Nb single crystal film deposited onto a thick (001) sapphire
crystal. This gives a semi-uniform concentration with an average of S at % N. Variations about
the average composition produce related variations in the interplanar spacing, Bragg peaks be-
come broadened into intensity bands with a characteristic fine structure and these are used to
obtain the distribution of interplanar spacing below the free surface. Diffraction theory was de-
veloped to allow for the rather large effect of static displacement fields about interstitial implants
as well as damage related defects. Kinematic theory was used because of the relatively large
distortions encountered in high fluence ion-implantation problems.

We find that the distribution of interplanar spacings is 15% larger near the free surface
than that predicted theoretically by TRIM. This has been shown to be related to the excess ex-
pansion from residual knock-on damage. Both implanted N and knock-on defect arrangements
can produce a lattice expansion and related compressive stresses. Although some stress relaxa-
tion results from field cancellation between interstitial and vacancy loops, complete cancellation
does not occur for small loops due to core effects.

ELASTIC-FREE EXPANSION STRAINS

Consider the overall implanted zone to be contained within semi rigid walls and that it re-
sponds elastically without relaxations associated with plastic deformation. That is, the underlying
material does not allow a free expansion of the zone. The strains (and stresses) that develop
along the implanted zone can be calculated using the method of strain suppression (2J.

In treating (he purely elastic problem, the implanted zone is allowed to expand freely as
uncoupled slabs of constant concentration " C thickness dx3 and a distance x3 from the free
surface. Each slab undergoes a free expansion due to the pressure exerted by the implanted at-
oms and knock-on defects. A concentration "C* of one kind of point defect produces * bulk ex-
pansion of the lattice given by [3}.

x3< . C / DV



where ea are the diagonal components of the strain tensor, expressed in terms of the cubic coor-
dinate system. Cubic symmetry is maintained by allowing each of the axes of the principal strain
to be oriented along mutually perpendicular directions in equal numbers. Introducing a factor

of-y into Eq. (1) gives the linear isotropic free expansion strain.

The forces exerted by the underlying material do not allow these slabs to expand freely.
The residual elastic strains and stresses which develop along the implanted zone can be calculated
using the method of strain suppression [2], In this method, the slabs are joined together contin-
uously making the total strain (free expansion + elastic) along the V and 2' directions, parallel
to the free surface, essentially zero throughout the implanted zone.

The normal elastic strain, at an angle z to the x, direction ( e'n) can be shown to be equal
to [4].

C(x3) 5y
3V CC

*el
C H +

I - A

(2a)

(2b)

where Csn = Cu - y (C,, - C I2); C n , Cl2 and CA4 are the cubic anisotropic elastic constants
of the

implanted zone. Cl - 4(«j|/?j + «frj + /ffrft, «3 , fo and y3 are the direction cosines of the normal
to the free surface (x3 direction) with respect to the cubic coordinate system.

The elastic strain is exactly the negative of the free expansion strain of Eq. (I), making the
total strain at % = 90° zero throughout the implanted zone. At % - 0° (normal to the free sur-
face), the total strain is magnified by a factor Pft as compared to the free expansion strain. The
magnification factor /?d can be as large as 2-3. Also, the elastic strain profile, is directly pro-
portional to the variation of *C and the total strain at any tilt angle % is

cos (3)

•i(x3) goes to zero linearly at % = 90° with a COS'JJ dependence. At an angle x * X* . the total
strain is identically equal to the free expansion strain of Eq.(l)

(4)

The main features of the strain equations are illustrated in Fig. 1 for one element. If the
sample were completely relaxed by plastic deformation one would measure the fret expansion
stain. This is independent of % as is illustrated by the horizontal line in Fig. I.
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This can be applied to more than one type of defect by summing over all defect species, *j* to
obtain the free expansion profile.

A measurement of the strain profile at various tilt angles z, allows one to separate the free
expansion from the elastic strain. X-ray intensity band analysis is used to determine the overall
strain profile and is discussed in a later paper.

INTENSITY DISTRIBUTION FROM ELASTICALLV CONSTRAINED ZONE

If the implanted zone is completely constrained by the underlying substrate, then the dis-
placement components along the ai and ai directions (directions parallel to the free surface),
Xm and Ym , are zero since e'n(x3) = ei2(x3) = 0, at each position x3. Also, the strains normal
to the free surface, e33, are only a function of x3. By introducing these ^implications into basic
diffraction equations, and summing over each layer, one obtains the following equation for the
intensity profile around an (hk/) reflection

{ssK,F2 s i i r n N j h j s i l T n N 2 h 2 e - M ( m 3 ) e - M ( m 3 ) ^ ( Z ^ - ? ' ) e2*i(m3 - m3)h3 , «

(»N2h2)2
 m ,n , ;

where K' is constant over one intensity band, F is the structure factor for the normal unit cell,
NiHi and Sz&z are the dimensions of the crystal along ai and ai directions parallel to the free
surface and h', = (li, - h), hj = (h2 - k) , h3 are variables in reciprocal space. The exponentials
containing M(m3) and M(m3) are static attenuation factors determined by the implants and loops
[I,5J. If N(.ii and N2a2 are taken to be large, the intensity in reciprocal space is spread only
along the ha direction, and is a product of delta functions with respect to the hi and h'2 depend-
ence. The variation of the intensity along the I13 direction which is normal to the free surface,
is obtained by numerically summing Eq. (7) over the entire implanted zone. The displacement
Zm3 is obtained by summing the strains along the x3 direction (see Eq. (3) with 2 = 0°) .

Figure 2(b) shows an experimentally determined strain profile along the multiply implanted
Nb film and the division of such a zone into connecting linear regions. The linear gradients in-
troduces sawtooth regions in the strain profile where the strain gradient changes sign. A
sinusoidal representation of the strain profile would eliminate the sawtooth discontinuities.
However, under the present conditions, the end results from either analysis are not significantly
different.

Figure 3 illustrates the (222) intensity band from the strain profile of Fig. 2a obtained from
TRIM calculations. The relative change in volume per unit atomic fraction of N in Nb,
I dV

-77- -Tzr was taken to be 0.45 [1]. Clearly, this does not fit. Figure 4 illustrates our best fit to

the experimental intensity band and gives the experimental curve in Fig. 2(b). The x-ray analysis
shows a strain profile that contains additional detail near the surface and appears to go to zero
near the Nb-sapphire interface.

The (222) Nb planes are parallel to the free surface so that the full unprotected intensity
band is measured from a radial scan. If this is transformed to (001), bands of the type hk/ must
be projected. At an angle of inclination x corresponding to the (Iik/1) band, the projection is given
by

cos* « - = = = = - (6)

When this holds, the spread of the intensity along an (hk/) band in the *hj" direction is identical
to the distribution around the corresponding (00/) point. A detailed study of six intensity bands
were used to determine the strain distribution along the implanted zone and confirm that strains
along the ] ' , 2' directions are zero.
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FIG. 2. Free expansion strain pro-

files for multiply implanted

N (to an average concen-

tration of 5 at %) into a

2500A (III) oriented Nb

film on (001) sapphire.

Determined from (a) TRIM

simulations (b) x-ray inten-

sity band analysis.
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FIG. 3. (222) intensity band from

TRIM obtained with curve

in Fig. 2(a) using Eq. (5).

FIG. 4. Experimental (222) intensity

band compared with the in-

tensity profile obtained with

the curve in Fig. 2(b) using

Eq. (5).
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If particle size broadening is negligible, one can show that the strain broadening is proportional
to { {6J and one can inter-relate (hkO distributions to the (0U1) distribution. The spread in
radians is proportional to the overall strain "e" and described by

A20(rad) - 2( • cos2
2)tan0 (7)

This gives the usual tanO dependence relating strain to the angular change. The additional
cos:x term allows for the projection at an angle x- If tfxis dependence is obeyed, then the purely
elastic model is verified. These data are examined in detail in a later paper.

A preliminary examination of a (100) Nb film implanted under the same conditions as the
(111) orientation gives an intensity hand which differs from the results shown with a (111) film.
However, the results indicate that they are also in accord mth an elastically constrained model.

LATTICE DAMAGE

A (111) Nb film was implanted to an average composition of 0.5% N at LNT to reduce the
d-spacing broadening and thereby allow diffuse scattering data to be collected. We have charac-
terized the knock-on defect structures with Huang-Stokes-Wilson x-ray diffuse scattering using
Larson plots [7]. This required a difference to be taken between the data from implanted and
uniniplanted single crystal Nb films. Statistically meaningful data could only be obtained with
synchrotron radiation. This diffuse scattering, resulting from long range elastic displacement
fields, can be explained by vacancy and self interstitial loops of like size distributions with radii
extending from 5-15A.

The displacement field from knock-on damage has been identified as loops on (211) planes
using an anisotropic calculation by Ohr [8]. Self interstitial and vacancy loops have like dis-
placement fields except for a change in sign i.e interstitial loops give a positive displacement along
the loop axis while vacancy loops give negative values. Although this cancels some of the dis-
placement field, the cores continue to make a contribution and account for the 15% difference
between the x-ray results and TRIM in the range from 0 to 140 ntn (Fig 2). The region beyond
140 nm to the interface at 250 nm is still under investigation.

At 0.5% N, most of the expansion is due to lattice damage and this is close to the level
found at 5%. Someplace in between these concentrations, the lattice damage appears to saturate
causing the lattice disturbance from an increasing number of interstitial N defects to dominate.

CONCLUSIONS

1. For a 5 at % implantation of N in Nb at LNT, (he dominant elastic strain is due to single
N interstitials.

2. Knock-on lattice damage is sufficiently large and different relative to single interstitials to
he measureable using Huang-Stokes-Wilson diffuse scattering from a single crystal film,
containing a lower level of N (0.50 at %).

3. X-ray Intensity band analysis provides a means of determining the strain profile along an
implanted zone.

4. The strains remain elastic without observable plastic deformation.
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X-RAY LINE PROFILE ANALYSIS BASED UPON CORRELATED DISLOCATIONS
Satisli I. Rao and C. R. Houska, Department of Materials Engineering, \'irginia Polytechnic
Institute and State University, Blacksburg, Virginia 24061

ABSTRACT

X-ray diffraction line profiles have been described in an earlier work published by the au-
thors as a convolution of three functions: particle size broadening, and two types of non-uniform
strain broadening. The strain coefficients used in this approach are simply related to the strain
coefficients obtained by Krivoglaz et.al, using a theory based upon correlated dislocations. This
connection enables u.v to determine the dislocation density and the ratio of the correlation range
to the mean particle size. Results for cold worked fee and lice materials as \u*ll as highly
imperfect sputtered films of Mo are considered. Dislocations are highly correlated in cold worked
metals, whereas correlation is much loner in sputtered films deposited at low temperatures. In
each case, the dislocation density in high. An analysis of near debris consisting of cubic Zirconia
gave the highest dislocation density and correlation. The close similarity between Ihe early work
on cold work filings and wear debris provides insights on wear mechanisms.

INTRODUCTION

Krivoglaz, Martynenko & Ryaboshapka have developed a dislocation approach for x-ray line
shapes that includes correlation between dislocations as well as the dislocation density [1J. A most
important part of this development is the introduction of a parameter Rc which determines the
rate at which the dislocation pair probability falls off with distance. The calculation of column
strain, required for line shape calculations, is simplified by considering parallel arrays of corre-
lated dislocations. One type of array will have parallel core orientations and Burgers vectors that
are both parallel and antiparallel in equal numbers. Screw and edge arrays are treated separately.
The orientation of the core and direction of the Burgers vector are determined from
crystallographic considerations, i.e. from planes and lines of close packing. Within one array, the
average relative displacement for each pair of cells in a column is determined by allowing indi-
vidual dislocations as well as correlated pairs to take on all parallel positions that are consistent
with their long-range distribution. The x-ray strain Fourier coefficient is determined by averag-
ing the relative displacements over crystallographically distinguishable arrays with equal proba-
bility for both screw and edge types.

Houska and Smith [2J eliminated the need for fitting profiles by means of the usual Fourier
transform, and developed a statistical analytical fitting procedure. This was later extended into
an exact analytical expression by Rao and Houska [3], who found excellent numerical agreement
with the prior development. Either approach provides a statistical fit of line profile data which
allows a confidence level to be assessed for the parameters of interest. These include two root
mean square strain parameters and particle size based upon a spherical shape. The mean square
strain parameters are used to described the variation of mean square strain with distance.

Our results have demonstrated that ihe line profiles developed by Krivoglaz et a?, and our
analytical approaches are compatible and give profiles that vary continuously from a Cauchy-like
to a Caussian-like shape. The Cauchy-like shape may be related to highly correlated dislocations
while the Gaussian-like shapes relate to more random arrangements. The shape of a profile de-
pends upon the way the mean square strain < *£ > varies with distance. Linking this dependence
with dislocation fields, having a prescribed correlation, provides a fundamental connection with
basic theory. This extension of our analytical profile calculations allows the mean particle size,
dislocation density and the correlation range to be determined from the shapes of multiple orders
of a set of (hkO planes.

If subgrain size broadening plays a significant role, as it often does, the line profiles will not
be pure Cauchy or Gaussian. The exact shape is not only influenced by the mean particle size
but also by the variance of the size distribution [4], Data were examined for several bec materials
which include W, Mo, Nb, Cr and V filings [5J. Molybdenum data provided an interesting com-
parison because data from filings and from sputter deposited films differed greatly in the corre-
lation parameter.



This paper includes additional data from highly deformed At filings and Zirconia it car debris
which may be compared with bec results already cited.

THEORETICAL BACKGROUND

The mean square strain along directions perpendicular to the reflecting planes has been
shown to vary with the distance n < d > by the simple relation [2J

J f (1)
where <d> is the spacing of the first order reflection planes (hjk,/,). The profile is largely
shaped by the relative displacements of pairs of cells o\er a range that is usually less than

< L > / l O < ( n < d > ) < ( < L > ) (2)

where < L > is the average particle size. The strain parameters <rjl}> and < £ f o > allow
< E* > to be evaluated over this limited range. A column height distribuf ion based upon a sphere
is employed. This does not exlude the possibility of having an anisofropic average particle size
that varies with lik/; it merely assumes that the column distribution for each crysta! direction
resembles that for a sphere. Likewise, the variation of strain with distance according to Eq. (!)
need not be isotropic. This parametric approach enables one to carry out a least-squares fit of
the measured profiles. And, the construction of misfit surfaces enables one io establish confidence
levels for both strain anil particle size parameters.

In the dislocation approach, pair probabilities eaa. , ' are defined relative to a random dis-
tribution according to

e «a' - P « ' ( r ) - C a < V (3)

Here a designates both the core orientation and Burgers vector for one member of a pair, while
a' designates a second parallel dislocation at a radial vector distance r hut with an antiparallel
Burgers vector. Cs = probability of finding one type of dislocation oc in a given position. With
a Gaussian pair probability, eaa.(r) is given by

C =s C. + C. . , and we note that C« = C.,. The total probability C is related to the dislocation
density by nd = C/\f with A = area per atom on planes perpendicular to the dislocation cores (i.e.
I l l for bec and 110 for fee). Rc determines the degree of clustering and influences line shape,
as will be shown later.

After averaging over all dislocation positions and arrangements the following strain coeffi-
cient is obtained [1].

*e (5a)

with

- T = K(*R2nd)/2(X2ln X) (5b)

and

Z'« 1.344

Note thai eM . , the pair probability as defined hy [I], should he dislin£imlicd from Lfic strain parameters,
< t n > > and < iftj >•



We have rearranged terms and defined 2 variable X which is convenient in the analysis. Quan-
tities appearing in K »ill be defined in the following discussions for bee and fee materials. % and
<? depend upon the orientation of the dislocation, its Burgers u-ctor relative (0 the diffraction
vector S ,̂ and Poisson's ratio for edge dislocations.

TABLE 1. Sepcrate listings of average < z > and < £ > for screw (S), edge (E), and the
weighted average (SE) using a Poisson's ratio of 0.3.

P. <X*> <Zr.> * f
111
200
220
311
222
400

3
4
8
11
12
16

0.111
0.167
0.125
0.141
0.111
0.167

0.1795
0.1797
0.1796
0.1796
0.1795
0.1797

0.157
0.175
0.161
0.167
0.157
0.175

3.46
2.83
2.31
2.62
2.87
2.35

1.95
2.14
I.K9
I.8K
1.67
1.79

2.23
2.34
1.97
2.06
1.90
1.95

Averages over (hk/) 0.165 2.075
For bec materials, a value of < % > — 0.168 was found as a representative average for conditions
normally encountered. Table 1 shows values of < % > averaged over all orientations for screw
and edge dislocations in fee materials. One finds that it can be taken as a constant (= 0.165) for
those peaks normally examined for line shape in bec and fee materials. A similar examination
of < f > gave an average of 2.174 for bec and for fee 2.075. Both < % > and < £ > vary by less
than 1% for Poisson's ratio extending from 0.30 to 0.35. The small fluctuation with inV becomes
unimportant in terms of errors encountered in experimental Fourier coefficients. Values of
< 2 > s 0.167 and < £ > = 2.125 may be used as constants for both bec and fee materials.
Surprisingly, little variation is found between bec and fee parameters when averages are taken
over all spatial configurations. With n* representing the number of dislocations per unit area,
Eq. (5b) depends upon the product (nR?nd) or the number of dislocations in a circular range of
radius R c . Both screw and edge dislocations with alt orientations must be included.

The correction term to Eq. (5b) is

where Xm = (£'/< { > )( < L >/Rc). Equation (6) has been fully evaluated only for screw dislo-
cations. This contains terms already defined except for

TABLE 2. Variation of < £"Z2 > with hk^ .
lik/ t\ < ft1 >
111 3 0.0051
200 4 0.0085
220 8 0.0048
311 II 0.0097
222 12 0.0139
400 16 0.0235
the average < ("zz > given in Table 2 for fee and those reflections normally used in line profile
analysis. Without a comparable development for edge dislocations, Eq. (6) is useful primarily for
estimating the maximum value of Xm over which Eq. (5b) is valid. One finds this correction to
he less than 19% for the (400) at Xm = 0.37. For various reasons Xra should be below 0.-17 {5]
for reasonable accuracy.

It has been shown that the parameters appearing in (lie dislocation approach are related to
the strain terms in Eq. (I) and the particle size. One finds (hat the dislocation density is riven
by [5].



This varies directly with the strain parameter and inversely with the mean particle size. The
correlation range for bcc is given by

R,. 0 . 6 2 < L > < c m >
£ i . l O e . x p ( T-^— ) (8)

d ~
and ne find that the range Rc increases relative to < L > as the experimental quantities < L >
and <£?u > / < £ i u > increase. For fee a value of 1.15 is found as the prexponential factor in-
stead of 1.10. However, this difference is not likely to represent a meaningful correction.

Although the parametric approach is capable of treating anisotropic strain distributions and
particle size, it should be noted that a correlated dislocation approach is not yet available for
highly anisotropic materials like a-Brass.

DISCUSSION OF RESULTS

Table 3 lists results for both fee and bcc materials. A common pattern is apparent. For cold
worked filings one finds that

TABLE 3. Results for seven bcc [5], one fee [6], and cubic Zirconia [3J. Aluminum filings were
prepared under liquid nitrogen [6J. nJclO" <t^D><ct

iU>
X. N, <L(A)> (cm_,j (K/<L> xlQt x l 0 ,

Cr bcc 0.274 140 285 3.67 1.79 2.63 1.47
V bcc 0.226 93.7 200 6.56 2.17 3.46 4.05
Mo bcc 0.246 117 260 4.60 1.99 3.30 2.72
W bcc 0.368 89.4 200 1.53 1.33 0.84 0.29
Nb bcc 0.295 92.1 215 7.32 1.66 4.56 3.27
Mo(Sl) bcc 0.030 83.6 186 0.92 16 1.88 9.61
Mo(S2) bcc 0.022 397 884 0.17 22 1.69 2.04
Al fee 0.391 79.0 320 4.4J 1.64 2.32 1.60
ZrO2 fee 0.452 33.5 86 12.70 1.42 4.84 4.90

High correlation is found within a distance equal to the average diameter of spherical subgrains

(Df = -r- < L > ) . On the other hand, dislocations in the sputtered Mo films SI and S2 are not
correlated since R c /L»20. The effect of Rc/L on the line profile can be illustrated for the (110)
peak corresponding to the parameters given for Mo(S2). If L = 884 and n4 « 1.7x10'° are fixed
and Rc/L is made to vary o\er an extreme range i.e. 1.5 to 100, one finds a Cauchy-like shape
at 1.5 and a Gaussian like shape at 100. This reshaping of the (110) is illustrated in Fig. 1 which
has been reindexed to be (001). In this example, 100 would represent a random distribution of
dislocations while 1.5 represents a high correlation.

The results given in Table 3 for bcc and fee materials allow a simple explanation to be given
for the differences between "cold-worked" fragments and sputtered films. Although both may be
prepared with high dislocation densities, the major differences can be explained in terms of cor-
related dislocations. Filings show a high degree of correlation (small R c / < L > ) , while sputtered
films show an uncorrelated or random distribution of dislocations (large Rc / < L > ) . These dif-
ferences are related to sample conditions such as the temperature and local conditions at which
the high-density dislocation structure is produced. Fragment!; produced by filing or grinding at
room temperature or even liquid nitrogen temperature may not be "cold". Instead, they are
rapidly heated to a high temperature during fracture, and rapidly quenched due to their high
surface to volume ratio. Dislocations are mobile for short periods of time over short distances.
On the other hand, sputtered films deposited onto an unlike substrate at or even somewhat above
room temperature do not appear to have comparable dislocation mobility rather the defect struc-
ture develops as a consequence of growth. .
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Fig. 1 Shape changes of (110) Mo (S2) in

terms of reciprocal variable h3 for L = 884A,

nd =» 1.7x10'° and Rc/£ L > =: 1.5 (Cauchy-Iike)

and 100 (Caussian-h'ke).

Tlie mobility arguement appears to carry over to cubic Zirconia wear debris. We find that
the dislocation density is high and the correlation is amongst the highest of those given in Table
3. This finding supports the idea that ZrO2 wear debris particles fracture at a high temperature,
like a metal fragment produced by filing, and the dislocations are sufficiently mobile over a short
time to become highly correlated.
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EFFECT OF ALLOYING ELEMENTS AND ANNEALING ON IRRADIATION-INDUCED DEFECTS IN
IRON ALLOYS

V. Krishnanoorthy and F. Ebrahimi
Departner.t of Materials Science and Engineering, University of Florida,
Gainesville, FL 32611.

ABSTRACT

Iron alloys (Fe. Fe-0.7Ni, Fe-0.7Ni-0.025P) were irradiated at 288°C to
a fluence of 4.63x10^ neutrons/cm^. Analysis of the as-irradiated alloys
showed irradiation-induced defects in the form of interstitial prismatic
dislocation loops. The defect size decreased and the defect nunber density
increased with increasing impurity content. The pure iron alloy contained
dislocation loops predominantly with an a<100> Burgers vector. The Fe-Si and
Fe-Ni-P alloys, however, contained loops predominantly with an a/2<lll>
Burgers vector. Annealing at 500°C increased the size and decreased the
number density of dislocation loops in all the alloys. The a<100>
dislocation loops seemed to grow at the expense of the a/2<lll> dislocation
loops. The results are explained by a solute trapping mechanism.

INTRODUCTION

Interstitials and vacancies are created by neutron irradiation of b.c.c
crystals. These point defects may i) recombine, ii) segregate to the
existing sinks such as dislocations, iii) be trapped by solute atoms or iv)
aggregate on {110} planes and collapse to form faulted a/2<110> dislocation
loops. These dislocation loops unfault by shear into either a<100> or
a/2<lll> type [1]. A model based on the elastic energy change suggests that
in a-iron most a/2<110> loops should shear to a/2<lll> dislocation loops [2],
Previous TEM studies of irradiated a-iron [2-4] showed the formation of both
a<100> and a/2<lll> dislocation loops whose ratio depended on the chemical
composition and heat treatment of the alloys. The size and number density of
radiation-induced defects are strongly affected by the chemical composition.
Generally, the number density increases and the size decreases with additions
of solute elements [5].

Post-irradiation annealing studies by Bryner [6] on low-temperature
irradiated a-iron revealed that radiation-induced defects grew in size while
their number density decreased with an increase in the temperature and time
of annealing. It was also observed that some defects grew while others
shrunk. Two theories were proposed to explain the growth of dislocation
loops namely a) bulk diffusion mechanism [7] and b) glide and self-climb
mechanism [8]. Vacancy diffusion controls the growth and shrinkage of loops
in the bulk diffusion mechanism. The driving force for this mechanism is the
change in elastic energy of a loop due to the absorption or emission of
vacancies. The glide and self-climb mechanism [8] involves the coalescence
of dislocation loops due to their elastic interaction which results in a
short circuit diffusion around the periphery of the loops.

MATERIALS AND EXPERIMENTAL PROCEDURES

Three iron alloys were studied. The reference iron alloy contained
0.01wt%C, 0.02wtZMn, 0.003wt%P, 0.018wt%Ni, <0.005wtJJCu, 0.004wtZN and
O.llwt^O. The chemical compositions of the other two alloys were similar to
the reference iron except for additions of 0.7AwtZNi in the Fe-0.7Ni, and
0.69wt%Ni and 0.025wt2P in the Fe-0.7Ni-0.025P alloy. Alloys were irradiated
at 288°C to a fluence of 4.63 x 10 1 9 n/cm2 (E>lMeV) in a light-water cooled



Facility in Buffalo, New York. The irradiated materials were provided by the
Materials Engineering Associates, Inc.. The alloys were post-irradiation
annealed at 500°C for jjhr. Fe-Ni and Fe-Ni-P alloys were also annealed at
500°C, Ahrs and 400°C, 2hrs, respectively. Thin foils of alloys were
analysed in a JEOL200CX transmission electron microscope.

EXPERIMENTAL RESULTS

Radiation-induced defects were observed in all the irradiated iron
alloys. Tilting experiments on those defects that were large enough for
analysis showed that they are near-edge dislocation loops of interstitial
nature [9]. The dislocation loops analyzed had a Burgers vector of either
a<100> or a/2<lll>. Detailed size distribution and number density analyses
were conducted on defects that were away from sinks such as precipitates and
dislocations. These defects are referred to as "in-matrix" defects. Table
I summarizes the results of the analyses conducted on in-rnatrix defects in
as-irradiated and post-irradiation annealed alloys.

Table I: Analysis of dislocation loops in as-irradiated and post-irradiation
annealed alloys.

Designation

Reference Fe
As-irradiated
Ann.500°C, jhr

Fe+Ni
As-irradiated
Ann.500oC, |hr
Ann.500°C, 4hrs

Fe+Ni+P
As-irradiated
Ann.400°C, 2hrs
Ann.500°C, |hr

9
density
x 1015

(cm"3)

3.9
2.9

7.5
2.4
1.2

12.0
4.2
0.7

Mean
dia.
(A)

75
70

23
49
77

19
30
47

7. and // density(cm )

a<100>

7.

92
95

28
64
86

19
23
78

x 10 1 5

3.6
2.8

2.1
1.5
1.0

2.3
1.0
0.5

a/2<lll>

7.

8
5

72
36
14

81
77
22

x 10 1 5

0.3
0.1

5.4
0.9
0.2

9.7
3.2
0.2

// density of atoms in
dislocation loops (cm"-*)

a<100>
x 10 1 7

20
14

1.8
5.6
5.7

2.3
4.0
2.4

a/2<lll>
x 10 1 7

2.1
1.2

4.7
1.9
1.7

4.2
3.9
0.8 '

Total
x 10 1 7

22
15

6.8
7.5
7.4

6.5
7.9
2.5

The as-irradiated alloys showed a homogenous distribution of dislocation
loops in the matrix. The number density of dislocation loops increased with
an increase in the alloying content while their size decreased. Typical TEM
micrographs of the defect structure and the size distributions are shown in
Figure 1. The reference iron alloy contained dislocation loops predominantly
with an a<100> Burgers vector. Fe-Ni and Fe-Ni-P alloys, however, contained
dislocation loops predominantly with an a/2<lll> Burgers vector. The number
density of a<100> dislocation loops remained almost a constant whereas that
of the a/2<lll> loops increased with the addition of nickel and phosphorous
(refer to Table I).

A reference iron alloy specimen was annealed at 500°C for half an hour
to study the growth of a<100> dislocation loops. The number density and size
of dislocation loops and the proportion of a<100> to a/2<lll> types did not
change significantly upon annealing (Table I). A TEM micrograph showing a
typical dislocation microstructure and the size distribution of dislocation



2b, respectively.
Irradiated Fe-Ni alloy specimens were annealed at 500°C for half an hour

and four hours. A significant change in the size and number density of
defects was observed upon annealing. A typical TEM micrograph and the size
distribution of dislocation loops after annealing are shown in Figure 3.
There was a distinct broadening of the size range of dislocation loops on
annealing. The a<100> loop density decreased marginally whereas the a/2<lll>
loop density decreased dramatically upon annealing (Table I). The
percentages of a<100> and a/2<lll> dislocation loops were almost reversed
when the alloy was annealed for half an hour at 500°C. The loop density
decreased whereas the loop size increased with increasing the annealing time.

Irradiated Fe-Ni-P alloy specimens were annealed at 40Q°C for two hours
and at 500°C for half an hour. The number density, size and the type of
dislocation loops were significantly changed upon annealing. A typical TEM
micrograph and the size distribution for an annealed Fe-Ni-P alloy are shown
in Figure A. The size distribution plot reveals a widening of the size range
and a shift of the peak to a higher size. On annealing at 500cC the a<100>
loop density decreased only about two times whereas the a/2<lll> loop density
decreased about fifty times its original value.

DISCUSSION

Microstructural observations in the as-irradiated reference iron alloy
were consistent with previous studies [2-4] on a-iron showing a predominance
of a<100> dislocation loops. The predominance of the a<100> loops in pure a-
iron can be explained using Little and Bullough's [2] mechanism for void
swelling resistance in ferritic steels. According to them, a<100> loops have
a higher bias for interstitials than a/2<lll> loops. Thus, even though
energy calculations reveal that there is a lesser probability for a<100> loop
nucleation, the few a<100> loops that do form grow by a preferential
interstitial capture. The a/2<lll> loops absorb the net excess vacancies and
consequently shrink. Thus a higher number of a<100> loops will be left in
the material.

Additions of Ni and P increase the number density of defects and
decrease the average dislocation loop size. However- the number density of
atoms associated with dislocation loops is higher * ; reference iron alloy
than in the Fe-Ni and Fe-Ni-P alloys. These obser\ . can be explained by
a higher point defect recombination rate in the latte.. illoys due to a point
defect-solute atom interaction [10], The trapping of point defects by solute
atoms reduces their diffusion rate and consequently increases the probability
of recombination. Therefore, less interstitials reach the a<100> dislocation
loops and more of the a/2<lll> dislocation loops survive. The higher
interstitial-vacancy recombination stunts the growth of dislocation loops,
increases the percentage and the total number density of a/2<lll> dislocation
loops.

The data from post-irradiation annealing treatments of the alloys (Table
I) shows that in the reference iron and Fe-Ni alloys the number density of
atoms associated with dislocation loops remains a constant upon annealing.
The Fe-Ni-P alloy, however, shows a dramatic decrease in the number density
of atoms associated with loops upon annealing at 500°C. Positron
annihilation results [11] indicate a strong binding between phosphorous and
vacancies in an austenitic steel. Our results suggest a phosphorous-vacancy
interaction in the a-iron. The phosphorous-vacancy complex formed during
irradiation, breaks down upon annealing at 500cC and releases free vacancies
which are captured by dislocation loops causing a reduction in the number
density of atoms associated with them.

The interaction of Ni with point defects in b.c.c iron has not been
explored fully. Muroga et al [12] have observed that Ni is enriched at
interstitial-biased sinks such as a<100> dislocation loops and depleted at
vacancy-biased sinks. The association of Ni with interstitials, as suggested
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by Murcga et al [12], slows them down, hence increasing the interstitial-
vacancy recombination. Furthermore, nickel is deposited at the a<100>
dislocation loops due to the interstitial bias of the a<100> loops. The
enrichment of nickel may poison the a<100> dislocation loops and reduce
their interstitial bias. Hence there will be no preferential capture of
interstitials by a<100> loops. Therefore, more a/2<lll> dislocation loops
survive and grow at a rate comparable to the a<100> dislocation loops, as
observed in this study.

The results of limited annealing experiments conducted in this study are
inconclusive of whether the self-climb or the bulk-diffusion mechanism
control the dislocation loop growth upon post-irradiation annealing. The
most intriguing aspect of the loop growth in the Fe-Ni and Fe-Ni-P alloys was
that a<100> dislocation loops grew at the expense of a/2<lll> dislocation
loops, i.e. the number of atoms associated with the a<100> type increased at
the expense of a decrease in the number of atoms associated with a/2<lll>
type, while the total number density of atoms associated with the
dislocation loops remained constant (except for the release of vacancies in
the case of the Fe-Ni-P specimen annealed at 500°C). As far as the glide and
self-climb mechanism is concerned, these observations require that prismatic
a/2<lll> and prismatic a<100> dislocation loops react and produce prisnatic
a<100> type dislocation loops; such a reaction is not plausible. On the
other hand, for the growth of a<100> dislocation loops at the expense of
a/2<lll> dislocation loops, the bulk-diffusion mechanism requires a higher
concentration of vacancies next to a/2<lll> dislocation loops when compared
to the a<100> dislocation loops. This condition is contradictory to the
predictions of the relationship given by Eyre and Maher [7]. Further work is
required to explain the detail of the loop growth mechanism in these alloys.
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PRODUCTION AMD OBSERVATION OF SINGLE FRENKEL PAIRS IN MATERIALS
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ABSTRACT

Monoenergetic recoil of 29 eV on *^In atoms due to neutrino emission
in combination with the microscopic PAC method is utilized to study single
Frenkel pairs in materials. The 11<lIn atoms serve as primary knock-on atoms
and are simultaneously nuclear probes for PAC. In this way microscopic in-
formation on the Frenkel pair formation process and the thermal behavior of
vacancies and interstitials in several fee metals (Cu, Ag, A!) have been ob-
tained. In semiconductor Ge an intrinsic defect - probably a monovacancy -
is observed. No indication of Frenkel pair production was found in the in-
termetallic compound Pdln.

INTRODUCTION

Perturbed angular correlation (PAC) has in recent years become an im-
portant tool for the study of defects in materials, in particular in metals.
Unique features of the technique are high sensitivity (radioactive detection)
and the capability of obtaining structure information on an atomic scale. For
recent review articles see [1,2,3]. In a 'normal' PAC experiment the nuclear
probe detects defects by a thermally activated trapping process. This in-
volves long range migration of defects and requires an attractive potential
between probe and defect implying that the probe atom always has to be an
impurity atom.

We have recently introduced a technique which combines a low energy
recoil process (due to emission of a neutrino) with the microscopic features
of the PAC method [4]. Due to the low recoil energy slightly above threshold
for Frenkel pair production one expects the Frenkel partners in close vici-
nity to the probe atom. Arguments concerning type and structure of a defect
associated with the probe then can be drawn from the process of fundamental
collision in a solid. In this sense we have a truly local experimental tech-
nique which gives insight into the Frenkel pair production process and the
thermal behavior of closely spaced vacancies and interstitials. The strictly
local character is of particular importance for identification of defects
under experimental conditions where the trapping technique might be perturbed
by impurities interacting with defects during their long range migration. In
this case recoil experiments and trapping experiments may yield complementa-
ry information. A comparitive consideration of both techniques is given in
Ref. [2].

EXPERIMENTAL REALIZATION OF THE NEUTRINO RECOIL TECHNIQUE

The neutrino recoil technique combines the PAC on the 'standard' probe
111In/11ICd with the recoil on this probe due to emission of a neutrino du-

U l n to ^ring the preceeding decay of UlSn to ^ M n . The recoil energy, E r, is given
by

Er=Q
2/2Mc2=29 eV

2*where Q/c2* 2.5 tteV/c2 is the mass difference between ^ S n and 11JIn and M
is the mass of n i I n . m S n is usually produced by a heavy ion induced nu-
clear reaction and deeply implanted (̂ m range) into any desired material.
After implantation all radiation damage is completely annealed before the
neutrino recoil process occurs. Thus Frenkel pair production takes place in



an otherwise defect-free environment and can be applied in a rather general
way. Subsequently, PAC can be measured on ^ M n / ^ C d in the usual way as a
function of annealing and/or measuring temperature. A detailed description
of the techniques available for PAC on a heavy ion accelerator will be given
in a forthcoming paper [5].

EXPERIMENTAL RESULTS AND DISCUSSION

Experiments in pure metals

The most detailed experiments so far were performed in Cu [4,6], The
threshold for Frenkel pair production is well known to be 19 eV. With 29 eV
recoil on the probe ^ n n exclusive production of single Frenkel pairs is
expected. The result of an experiment performed at 4K is shown in Fig. 1.

-0.08

-O.10

-O.12

n,Sn _ * .n,n/»'Cd ,n

/m rV\ nh rfo n$
/

C J

1, ,1
/

# 1? '
ii
I
P

200
time[ns]

4.OQ

Fig. 1: PAC spectrum of 111In/111Cd in Cu after neutrino recoil at 4.2 K.
The frequency VQ = 117(2) MHz, n = 0 is induced by the neutrino recoil pro-
cess and represents a monovacancy nearest neighbor to the probe atom.

Part of the probes are decorated with a defect described by the quadrupole
frequency VQ = 117(2) MHz and the asymmetry parameter n = 0 (axial symmetry ).
Upon anneal in the defect vanishes in two steps which coincide with recovery
steps IQ and III, see Fig. 2. The first recovery step gives a microscopic
view on correlated recombination (6o % recovery of the defect signal) where-
as the remaining 4o % of the defects disappear in stage III due to detrapping
from the nuclear probes. From these experiments one can conclude that the de-
fect observed at the probe is the monovacancy. This result proves experimen-
tally that Frenkel pair production occurs via replacement collisions, see
Fig. 3.

In Ag, also one defect is observed like in Cu. The threshold in this
case is 26 eV, already quite close to the 29 eV available in our experiment.
This is indeed reflected in a rather small number of probes decorated with
a defect after the recoil process. Again, as seen already in.Cu, replacement
collisions lead to the appearance of the monovacancy at the In probes [7].

In Al, however, the result is quite different. A superposition of three
different defect signals is obtained which shows, that for certain materials
in combination with certain nuclear probes (primary knock-ons) various ele-



rcentary processes may occur during the Frenkel pair production.lt appears,
that in this case part of the primary knock-on In atoms directly jump into
an interstitial position [3].
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Experiments in intermetallic compounds: Pain

. Pdln is an attractive model substance since in this compound the probe
niln is not an impurity atom but is a normal constituent of the lattice.
Miiller and Hahn performed pioneering experiments in Pdln and were able to
identify thermal and structural vacancies by PAC [9]. Our recoil experiment
in Pdĵ Iiij- with high statistical accuracy did not give any indication for
defect production. Either the threshold in this bcc compound is too high
or a sufficiently low threshold is along <loo > directions leading to a coll-
ision chain along In atoms which would result in a monovacancy second near-
est neighbor to the probe. This defect might be invisible to PAC, as was al-
ready concluded in Ref. [9].

Experiments in semiconductor Ge

Intrinsic defects in semiconductors constitute a complex research
field. Recent PAC experiments (for an overview see Ref. [1]) have shown that
PAC can detect a variety of either donor atoms or interstitial impurity atoms,
an intrinsic defect, however, could not definitely detected so far. K'e pec-
formed recoil experiments in p- and n-type Ge (doping level Io16-lo18 / W )
with llxIn concentrations below lo /cm. In p-type Ge part of the probes
after neutrino recoil experience a defect signal VQ = 54(1) KHz, n = 0. The
defect disappears upon annealing to around 22o K. In an additional experi-
ment Ge was doped with Ulln , completely annealed and then electron irra-
diated with 1.1 MeV electrons to a dose of 2xlo15 e"/cm2. In the following
annealing program the defect with a frequency of 54 MHz is trapped after long-
range migration at the In probes at a temperature between 2oo K and 25o K.
Drawing information from both experiments we can conclude that the defect
with VQ = 54 MHz, n = 0 must be an intrinsic defect, ^ery likely a single
vacancy. The temperatures of appearance and disappearance of the defect cer-
tainly gives a clue to the mobility of vacancies a_nd interstitials, on which
little reliable information is available. It is particularly interesting
to note that in n-type Ge the defect can be observed neither by neutrino
recoil nor by electron irradiation. Different charge states of the defect
in the differently doped materials might be responsible for the observed
effects. Figs. 4 and 5 show the results of the neutrino recoil experiment
and the trapping experiment [lo].
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Fig. 4: PAC spectrum of a neutrino recoil experiment in p-Ge. The spectrum
does not change between 4K and 77K. The frequency v 0 = 54 KHz, n = 0 is
induced by the neutrino recoil.
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Fig. 5: PAC spectrum in p-Ge after electron irradiation at 77K. The spectrum
is measured at room temperature where the 54 MHz defect already known from
neutrino recoil is trapped at the probe.

CONCLUSIONS

The low energy process (neutrino recoil) in combination with PAC yields
insight into production and thermal behavior on an atomic level, which in-
cludes information on both vacancies jind interstitials. Its potential for
elucidating problems in more complicated" materials like concentrated alloys
and semiconductors is just beginning to emerge. Its capability to help iden-
tifying defects as intrinsic is of special importance in semiconductors. The
technique of introducing radioactive probes by nuclear reactions and recoil
implantation permits very low tracer concentrations (less than lo*4/cm3)
practically not influencing the Fermi level at usual dopant concentrations.
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ABSTRACT

Pulsed nuclear magnetic resonance proved to be a complementary new technique for the
study of moving dislocations in Al-Mg-Zn alloys. The NMR technique, in combination with
transmission electron microscopy have been applied to study dislocation motion in Al-0.6
at% Mg-1 at% Zn and Al-1.2 at% Mg-2.5 at% Zn. From the motion induced part of the
spin-lattice relaxation rate the mean jump distance of mobile dislocations has been deter-
mined as a function of strain. From the NMR data it is concluded that moving dislocations
advance over a number of solute atoms in these alloys as described by Mott-Nabarro's model.

INTRODUCTION

In this investigation we will focus mainly on plastic deformation experiments at a constant
strain rate e where the strain rate is linearly proportional to L/xm. L is the mean jump
distance of dislocations and xm represents the mean time of stay of a dislocation in front of
an obstacle. The method is essentially based on the interaction between nuclear electric
quadrupole moments and elastic field gradients at the nucleus. Around a dislocation in a
cubic crystal the symmetry is destroyed and interactions between nuclear electric quadrupole
moments and electric field gradients arise. Whenever a dislocation changes its position in
the crystal, the surrounding atoms have also to move, thus causing time fluctuations of the
quadrupolar spin Hamiltonian for spins with I > 1/2. Furthermore, for the investigation of
rather infrequent defect motions as in the case of moving dislocations, the spin-lattice
relaxation time in a weak rotating frame, T j p, has proved to be the most appropriate NMR
parameter affected by such motions because the 'time windows' of T} p lies-in the range of
x . For detailed information of this technique reference is made to our review paper [1J.
Using sufficiently small deformation rates e, so as l/xm < < oo, the Larmor frequency in
the rotating frame, the dislocation-induced relaxation rate depends on the mean-squared
electric field gradient due to the stress field of a dislocation of unit length, the mean local
field in the rotating frame and the (weak rotating) applied field. Since the electric field
gradient and the local field can be determined separately [2], for a given plastic deformation
rate e the spin-lattice relaxation rate can be used to determine L as a function of a physical
parameter as strain. It has to be emphasized that the observed spin-lattice relaxation rate
is a sum of 1 / T, „ and a background relaxation rate 1 / 7*?p. The background relaxation
which is caused in metallic samples by conduction electrons (Korringa - relaxation) can
easily be determined by setting e = 0 in the actual NMR experiment.



EXPERIMENTAL

Polycrystalline samples with a grain size of the order of 100 urn were used. To avoid skin
effect distortion of the NMR signal the actual NMR experiment was carried out on single
rectangular foils of size 27 mm x 12 mm x 40 urn. Three sets of polycrystalline samples were
used: ultrapure (5N) AI, Al-0.6 at% Mg-1 at% Zn and Al-1.2 at% Mg-2.5 ax% Zn. The
starting material for the different samples was homogenized at 550 °C for three days, the
material was rolled out to thin foils and cut by spark erosion to the sample size mentioned
before. The 5N-A1 samples were annealed a second time at 290 °C for 1 hr whereas the
alloys were exposed to the following procedure: annealing at 450 °C and quenched in water.
The NMR experiments discussed here are carried out at T = 77 K. At such a low temperature
nuclear spin relaxation effects because of diffusive atomic motions are negligible. In this
case the correlation times for diffusive atomic jumps are much longer than the typical values
of the waiting time im of mobile dislocations which are about 10-* s for e=* 1.5 s-1. Conse-
quently, an observable contribution of diffusive atomic motions to the measured spin-lattice
relaxation rate does not occur.
In the NMR experiments, the sample under investigation is plastically deformed at a constant
strain rate of about 1.5 S"1 by a servo-hydraulic tensile machine [3]. While the specimen is
deforming 27A1 nuclear spin-relaxation rate 7"7p is measured at an operating frequency of
15.7 MHz using the spin-locking technique [1]. Simultaneously, the actual deformation eis
observed. Before and after each experimental run, the background relaxation rate is
measured by setting 6 = 0.

RESULTS AND DISCUSSION

The strain dependence of L has been obtained by measuring (7~Ip) as a function of strain
e. The results of ultrapure Al and the various ternary Al-Mg-Zn alloys are depicted in Fig.
1. In order to reduce statistical errors each measurement was repeated about ten times and
the average value of L is plotted in Fig. 1. These results demonstrates a decrease of L with
increasing e as expected from a general consideration in terms of deformation-created
obstacles. For large values of e, the mean jump distance approaches a minimum value L ^
listed in Table I.

TABLE I. Mean jump distances L at large strain values as obtained from the NMR
measurements (Fig. 1, L ^ ) and from the TEM observations as presented in Fig. 2 (LH).

Sample A1(5N) Al-2.6at%Mg- Al-1.2 at% Mg-
1 at% Zn 2.5 at% Zn

(urn) 0.05 0.043 -0.01
LH (urn) -» 0.037 0.016
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Figure 1: The mean jump distance as a function of strain 6 in (a) pure Al, (b) Al-0.6 at%
Mg-1 at% Zn and (c) Al-1.2 at% Mg-2.5 at% Zn.
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Figure 2: Histograms of the distribution of interspacing dislocation distances as obtained
from TEM images: (a) Al-0.6 at% Mg-1 at% Zn and (b) Al-1.2 at% Mg-2.5
at% Zn.

There appears to be quite a difference among the various ternary alloys indicating that the
dislocation microstructure might be considerably different. This was examined by taking
TEM images of the dislocation configuration of the deformed samples. The Al-0.6 at% Mg
- 1.0 at% Zn shows a pronounced dislocation cell structure similar to that observed in
deformed Al. The corresponding histogram of the interspacing distances between the imaged
dislocations is presented in Fig. 2a, leading to a most probable value of about 0.04 urn (see
Table I). In order to compare LH with the mean jump distance L obtained by the "in-situ*
NMR experiments (Table I) one has to bear in mind that moving dislocations are hindered
in their glide plane by different types of obstacles: forest dislocations present in the cell wall,
dislocations in the interior region of the cell and solute atoms. Assuming different sets of
corresponding mobile dislocation densities p , , the total spin-lattice relaxation rate can be
decomposed in the separate contributions and according to:



p Z , p J

Taking p,/p to be a constant value it is quite clear from Eq. (1) that the experimentally
measured spin-lattice relaxation rate is mainly determined by the smallest L-value.
Consequently, in case of a cell structure it means that the spin-latticce relaxation is connected
to the spacing between forest dislocations inside the cell wall which is smaller than the cell
size and the distance between the solute atoms. So, the conclusion can be drawn that L^,,
0.043 (im by NMR (Table I) is governed by the mean interspacings of forest dislocations
inside the cell wall (0.037 urn).

To the contrary, as demonstrated by the TEM observation the deformed Al-1.2 at% Mg-2.5
at% Zn does not exhibit a distinct cell structure, but rather a uniform distribution of dis-
locations. Obviously, the higher Mg and Zn content impedes the formation of a dislocation
cell structure during the deformation process; this alloying effect is well known for a large
number of f.c.c. metals. The value of LH (0.016 urn), Fig. 2b, agrees fairly well with the mean
jump distance of L^n obtained from NMR experiments (Table I). Consequently, we may
conclude that the forest dislocations produced during deformation act as strong obstacles
for the movement of mobile dislocations, in front of which spin-lattice relaxation takes place.
In order to explain the mean jump distance at small e and its strain dependence, we separate
the contribution to the spin-lattice relaxation rate due to weak obstacles like solute atoms
and due to strong obstacles like forest dislocations. One can envision that at the yield stress
level in the case of dilute alloys a small fraction of the primary dislocations must move
through the weak obstacle field presented by the solutes before encountering forest dislo-
cations. The mean jump distance can be written (see Eq. (1)) as:

-J—£i-+£i (2)
£ N M R * - F P ISP

where KT and /, are the effective obstacle spacing between forest dislocations and solute
atoms, respectively. In order to verify this expression we make the necessary assumption
that the dislocation microstructure is the same in ultrapure Al and in the dilute Al-Mg-Zn
alloys at a certain value of e. This implies that LMMR-1 (alloys) versus LNMR"1 - pure Al is a
straight line. In Fig.3 LNMR1 VS. L ^ R - 1 (pure Al) is depicted for both alloys and the pure
material. At the beginning of deformation of the alloys p 2 / p »1 (assuming the two different
fractions of mobile dislocation densities are proportional to the corresponding ratios of the
effective planar obstacle densities). It means that, at the smallest degree of deformation (e
= 1.25 %) measured by NMR ls is found to be decreasing from O.lOum in Al-0.6 at% Mg-1
at%Zn to 0.07nm in AJ-1.2 at % Mg-2.5 at% Zn. These data can be compared with theoretical
predictions obtained from Mott-Nabarro's model of solid solution hardening [4][5][6]. The
effective obstacle spacing is given by:

where the maximum internal stress averaged over the space of radius 1/2 around each solute
is:

T , - n | 6 | c l n 1/c (4)



I 61 represents the misfit parameter (0.02(Zn) and 0.1 (Mg), respectively, and in the
localized-force model I is related to the atomic fraction concentration c of solute by
/ = 6 / / 2 c . From Eq. (3) the averaged lt is calculated for the two ternary alloys assuming
that the contributions of Mg and Zn are weighted by the corresponding fractions of their
effective planar densities. The calculated values are listed in Table II which are in good
agreement with the NMR experiments. It turns out that Friedel's model, in which a dislo-
cation released at one impurity must, on the average, pick up exactly one other one, is in
conflict with the present investigation. The same conclusion has been drawn in case of dilute
Al-Mg and Al-Zn binary alloys [7][8].

TABLE II. Experimental observation and theoretical prediction of the effective solute
spacing/,(nm).

Sample (Experiment)

NMR

(Theory)

Mott - Nabarro

Al-0.6 at% Mg-lat% Zn
Al-1.2 at% Mg-2.5 at% Zn

0.10
0.07

0.11
0.05

no
100-

90-

80-

70-

60-

50-

UJ-

30-

20-

10-

0-

Al:0.5at%Mg:10Qtfl/.Zn
o Al:1.2at%Mg:2.5at%Zn

AK5N)

25

Figure 3: Inverse of mean jump distance in Al-Mg-Zn alloys vs. the same quantity in
ultrapure (5N) Al: (AJ-0.6 at% Mg-1 at% Zn and Al-1.2 at% Mg-2.5 at% Zn.

According to our assumption, \ F , is the effective separation of forest dislocations in the
solid without solute atoms and has the same strain dependence in the alloy as in the ultra
pure material. Further, lt is assumed to be independent of strain. Consequently, assuming



the same evolution of the dislocation structure with increasing strain in ultra pure Al as in
alloyed AJ then according to Eq. (2) in the presentation of Fig. 3 the data of the alloyed Al
should lead to straight lines parallel to the identity curve of Al (5N). As the deformed Al-0.6
at% Mg-1.0 a\% Zn shows a dislocation cell structure which looks similar to the cell structure
of deformed ultra pure Al one expects such a behavior for Al-0.6 at% Mg-1 at% Zn. This
is indeed confirmed by the experimental findings depicted in Fig. 3. It is in sharp contrast
to the data of Al-1.2 at% Mg-2.5 at% Zn, which is, as a matter of course, not unexpected
since no cell structure formation has been obsen'ed in the latter alloy. So, one should not
expect to find L ^ R 1 of this alloy system to be parallel to LNMR-1 of the ultra pure Al.

CONCLUSION

Nuclear spin relaxation measurements in the rotating frame are shown to be a powerful tool
for studying dislocation dynamics in ternary Al-Mg-Zn alloys. In particular, the experiments
provide detailed information of the mean jump distance of mobile dislocations in these
alloys. It turned out that in highly deformed samples the obstacles to moving dislocations
are forest dislocations whereas in undeformed samples the barriers are forest dislocations
and solute atoms as well. The mean jump distance measured by NMR at small strain values
are in agreement with predictions based on Mott-Nabarro's model of solid solution
hardening. At large strain, the jump distances measured by NMR are consistent with the
TEM observations of the dislocation spacings.
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ABSTRACT

The microstructural and compositional changes produced in the near surface region of
single crystals of a-Al2O3 by ion-implantation with iron have been investigated by a number
of complementary techniques, including Rutherford backscattering spectroscopy (RBS),
conversion-electron Mossbauer spectroscopy (CEMS), analytical electron microscopy (AEM), and
scanning transmission electron microscopy (STEM). Iron precipitates, 1 to 3 nm in diameter,
have been identified in as-implanted material at depths corresponding :o the peak in the
deposited iron concentration profile. The same techniques have been usid to monitor the
redistribution of iron and the corresponding changes in valence state during post-implantation
annealing. Electron microscopy has been used to correlate RSB and CEMS results with the
microstructural development.

INTRODUCTION

Ion implantation has been used extensively as a technique for modifying the surface-
sensitive properties of ceramic materials. Many of the effects of implantation have been
measured by a number of independent techniques. Two of the techniques which have proven
useful in studying implantation with iron are Rutherford backscatttering-channeling (RBS-C)
and conversion-electron MOssbauer spectroscopy. However the development of ion
implantation into a reliable processing technique also requires an understanding of the
microstructural changes produced by the implantation and the effect of such changes on the
properties of interest. Analytical electron microscopy is a valuable technique in that it
allows direct observation of the microstructure in terms of solute concentration profiles,
second phase formation, lattice damage, and crystallinity of the implanted layer. In order to
understand the changes in surface-related properties it is necessary to know the distribution
of the implanted ions. It is equally important to be aware of any redistribution which takes
place during post-implantation annealing. In this study RBS, CEMS, and electron microscopy
were used in concert to characterize the structure and composition of single crystals of A12O3

implanted with iron.

EXPERIMENTAL CONDITIONS

Well-annealed single crystals of Q-A1 2 O 3 with [0001] surface normals were implanted at
room temperature with a mass-analyzed beam 160 keV 57Fe+ ions. Specimens were implanted
with Fe+ to doses of 4 x 1016 ions/cm2 or 1 x 1017 ions/cm2 with the ion beam ~7* off-
normal to avoid channeling effects. Some specimens were subsequently annealed in oxygen
for one hour periods at various temperatures in the range 700eC to 1500°C. Specimens were
analyzed by RBS with 2 MeV He+ ions [1]. Mflssbauer spectra were obtained with the use of
conversion-electron MSssbauer spectroscopy [2], The results were obtained in a backscattered
geometry at 4.2 K, 77 K, and room temperature. Further details of the MSssbauer
measurements have been reported elsewhere [3]. The final spectra were fitted with a least-
squares computer program that assumed Lorentzian shapes for Mfissbauer lines. Specimens for
transmission electron microscopy were prepared in both cross-sectioned and backthinned (plan

! « I | " I ^ 5 view) geometries by mechanical polishing followed by ion milling. Details of the specimen
J2^ 8 preparation procedures have been reported elsewhere [4,5]. Analytical electron microscopy was

if performed with Philips EM400T/FEG and Philips EM430T AEMs. Scanning transmission
electron microscopy was performed with a VG HB501.

iis!



RESULTS AND DISCUSSION

Rutherford backscattering spectra were obtained on as-implanted and on annealed
specimens in order to monitor changes in lattice damage and implanted iron concentration
profiles. Many of the details of the lattice damage have been discussed previously [1J.
Analyses indicate that the as-implanted material is highly damaged but still crystalline. The
RBS-C results also indicate that the damage in both the aluminum and the oxygen sublattices
recovers smoothly during annealing until the crystal quality is comparable to that in the
unimplanted material.

For the purpose of this paper, the changes in the implanted iron concentration profiles
may be more relevant. The results of RBS measurements are summarized in Fig. 1 which
shows the iron depth profiles for a-Al2O3 implanted with 4 x 1016 Fe+/cm2 at ambient
temperature together with the depth profiles from specimens subsequently annealed at 800eC,
1200°C, and 1500cC. It is apparent from the comparison of these profiles that significant
redistribution of the Fe ions takes place during annealing in oxygen. More detailed analyses
indicate that although the iron appears to diffuse towards the surface during oxygen anneals
at 800 or 1200°C, very little of the iron is lost from the specimen. However, after annealing
for 1 h at 1500°C in oxygen only 50% of the implanted iron remains.
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Similar observations regarding the redistribution of implanted iron were made by X-ray
energy dispersive spectroscopy (EDS) in an analytical electron microscope. Iron composition
profiles were measured in several specimens including a specimen implanted with 4 x iO16

ions/cm2, a specimen implanted with 1 x 1017 ions/cm2 and annealed at 700*C for 1 h in
oxygen, and a specimen implanted with 1 x 1017 ions/cm2 and annealed for 1 h at 900*C in
oxygen. The measurements were made following well established techniques which are
described elsewhere [6]. The results of EDS measurements are shown in Fig. 2. The profile
for the as-implanted (4 x iO16 Fe+/cm2) specimen is characterized by a well defined Fe peak
at approximately 60 nm from the surface and a maximum Fe/Al atom fraction of 9.5%. The
area under the curve is proportional to the total iron content of the specimen. Similar
measurements were made on a specimen implanted to 2.5 times the dose (1 x 1017 Fe+/cm2)
and annealed at 700*C (Fig. 2). Again a well defined Fe peak is observed at a depth of just
over 60 nm. As might be expected from the dose, the maximum Fe/Al atom fraction is -26%,
a factor of 2.5 times higher. The final comparison is with a specimen implanted to a dose of
1 x 1017 Fe+/cm2 and annealed at 900eC for 1 h. It is clear that although a peak in the
Fe/Al profile is still visible, the maximum value of the Fe/Al atom fraction (13.5%) is



significantly lower than that seen in the specimen annealed at 7OOeC. This decrease in the
iron concentration indicates that approximately one half of the implanted iron has diffused
away from the as-implanted peak depth. These AEM results compare well with the results of
RBS measurements from specimens implanted to 4 x 1016 Fe+/cm2, shown in Fig. 1.

Conversion-electron MCssbauer spectra were obtained from a specimen implanted with Fe*
to 1 x 1017 ions/cm2. Several overlapping components were identified on the basis of a
consistent set of computer fits for all the spectra. Analysis revealed that the components can
be assigned to a ferric ion (Fe3+), two forms of ferrous ion (Fe2+! and Fe2+u), and metallic
iron (Fe°). Spectra were also obtained from specimens annealed in oxygen at 700"C and
900eC. The CEMS results for both as-implanted and annealed specimens, obtained from
computer fits, are shown in Table I [7]. Based on this analysis it is apparent that
approximately one half of the iron in the as-implanted specimen is present in the Fe° state.
Detailed analysis suggests that this component arises from small metallic clusters w-ith a
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, MSssbauer parameters of various components in Q-A1 2 O 3
57Fe+ to a dose of I x 1017 ions/cm2 at room temperature and annealed in
[7]. IS is isomer shift, QS is quadrupole splitting, W is line width, HF is

magnetic hyperfine field, and R is relative area.
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size <4 nm. (It is rute^orthy :!-,.-t at ?. •,'.• >;• <.f 4 * ; > l IV ,.nr •.;.!> l i • :' :!•.-.• i;r;Man:ed
iron was present in ihe IV st.::e |"].) h i> ::!•-•> o ^ r l"i. m l.:i\ ' I :• .: :•.•.• •.?. ::.;•;.'.:. :i of
various valence states changes as a funcii n • !' annealing tempera:..re.

Conventional electron microscopy, convergent beam electron t1iiYrac:i;:i iCHLD>. selected
area diffraction (SAD), and STEM Z-comrasl imaging were used to reveal the microMructural
development responsible for the previoiHy described changes in cjncer.iration profile and
valence state of the Fe. Examination if specimens implanted with 4 x :0 ' v Fe~ cm2 showed
that the as-implanted microMructure con>i.-ts of tancled ana>s •f dii-Ioca'.ions extending from
the surface to a depth of about l"0 nm. Electron diffraction patterns show that the
implanted region remains crystalline. No evidence of precipitation was fc::nd. However, the
complex strain fields associated with the dense dislocation arravs make detection of small
precipitates extremely difficult, especially if the number of precipitates is small. Examination
of a specimen implanted with 1 x 101' FeVcm2 also revealed a complex dislocation array
characteristic of a highly damaged material. A more careful examination of a back-thinned
specimen from which ~50 nm of material had been removed from the implanted surface
revealed the presence of small darkly imaging clusters 1-3 nm in diameter in the region
corresponding to the peak in the implanted ion concentration profile. -65-90 nm from the
surface (Fig. 3). Careful EDS measurements made with the use of an electron probe 2-3 nm
in diameter revealed these clusiers to be iron rich. Selected area diffraction patterns
contained diffraction spots (e.g., at a in Fig. 3.) consistent with body-centered cubic a-iron.

Fig. 3. Transmission electron micrograph of as-implanted microstruture in
o-A!203 implanted with I x 1017 Fe+/cm2 at room temperature. Inset is selected

area diffraction pattern from the region shown.

In order to obtain a more positive characterization of the clusters, the specimen was
examined by STEM Z-contrast imaging. This technique utilizes electrons scattered through
large angles (-5°), where the electron scattering approaches the Rutherford limit and is
therefore strongly sensitive to atomic number, Z [8]. By placing a high-angle annular detector
around the transmitted beam it is possible to obtain images which show strong Z contrast
but with minimal diffraction (strain) contrast due to structural features. A Z-contrast image
is complementary to a conventional diffraction contrast image (e.g.. Fig. 3) which is primarily
sensitive to structure, but relatively insensitive to atomic composition. In addition, by making
use of the 0.25-nm-diam electron probe available in the HB50I equipped with a special pole
piece, it is possible to obtain the images at high spatial resolution. Figure 4 shows such a
Z-contrast image. The fine electron probe also makes it possible to obtain CBED patterns from
individual clusters. The CBED pattern shown in the inset can be indexed as body-centered
cubic a-iron.

Various AEM techniques have also been applied to the characterization of the
microstructural development which takes place during annealing in ox\gen [9]. Examination of
a cross-sectioned specimen, implanted with 1 x ]Q17 FeVcm2 and annealed for I h at 70CTC,
revealed the presence of a band of precipitates. 2-4 nm in diameter fa few precipitates were
as large as 6 nm). King in a region extending from 50 to 00 nm from the- surface. NV> other
distinct microstructural features uere observed.
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Fig. 4. Z-contrast scanning transmission electron micrograph of
as-implanted microstructure in Q-A1 2 O 3 implanted with 1 x 1017 Fe+/cm2

at room temperature. Inset is a convergent beam electron diffraction
pattern from an individual Fe cluster.

An examination of a specimen implanted with 1 x 1017 Fe+/cm2 and annealed at "OOX
revealed the microstructural development which is responsible for the changes measured in the
iron concentration profile [9]. Cross-sectional microscopy showed that the microstnu-ture
consists of several regions. The first region consists of a series of ledge-like features located
on the original specimen surface. These ledges are relatively uniform in thickness, ~3> nir)i

and range in extent from 180 nm to 310 nm. The second region extends from the implanted
surface to a depth of -35 nm and is relatively featureless except for a small numlvr of
faceted cavities. A band of precipitates approximately 5 nm in diameter is seen 50-60 nm
from the surface. X-ray microanalysis indicated that all the precipitates are rich in iron.
Additional information regarding the nature of the precipitates was obtained by examining a

backthinned specimen. Large faceted features, ~200 nm in diameter, which correspond to die
ledges seen in the cross-sectioned specimen were observed. In addition, small (5-nm-vliam)
precipitates are observed which correspond to the precipitates seen in the band at a depth of
~55 nm in the cross-sectioned specimen. Analysis of the diffraction patterns and Moire i"t inge
spacings led to the identification of the ledges as a-Fe2O3 (Hematite), with [0001] Fe2Os / /
[0001] AI2O3 and (1120) Fe203 / / (1120) A12O3. The small precipitates were identified as
FeAl2O4, with [111] FeAl2O4 / / [0001] A12O3 and (440) FeAl2O4 / / (3030) A12O3.

Transmission electron microscopy was also used to investigate the microstructure of a
specimen implanted with 4 x 1016 Fe+/cm2 and annealed for 1 h at 1500eC in oxygen |7|. | he
precipitates produced at 1500°C are much larger (15-50 nm in diameter) and fewer in nuinhcr
that those formed at temperatures <1200"C. In addition, two populations of faceted c;i\uit.s

were observed, one lying near the surface and one associated with the precipitates.
Convergent beam electron diffraction was used to identify individual precipitates [n a
backthinned specimen. Analysis of the pattern gives values of the interplanar springs
consistent with diamond cubic Fe3O4. Examination of the Fe-Al-O phase diagram iru1iv-;,|CS

that, given the temperature and oxygen partial pressure used, both Fe3O4 or the mixed
(Fe,AI)3O4 spinel are possible.

SUMMARY AND CONCLUSIONS

Rutherford backscattering spectroscopy, CEMS, A EM, and Z-contrast imaging Ul :,
scanning transmission electron microscope ha\e been used to characterize the microsmvuirc.
the vaJence state, and the composition of AI2O3 implanted wiih iron. In as-imi>).intr.i
specimens the iron resides in several different valence stales. The results of l i M.S



investigations indicate that at high doses (>6 x I036 Fe+/cnr) approximately one half of the
resident iron is in the Fe° state present in the form of metallic iron clusters [7]. This result
is confirmed by conventional TEM analysis and Z-contrast imaging, both of which techniques
identified the 1 to 2-nm-diam clusters as a-Fe.

It is also clear from RBS and AEM that the implanted iron undergoes significant
redistribution during subsequent anneals in oxygen. The redistribution is accompanied by
changes in the valence state of the iron as measured by CEMS. TEM examination of the
microstructural evolution reveals that the changes in the iron distribution are due to diffusion
(mostly towards the surface) and the formation of precipitates both on the surface and in
subsurface regions. Surface precipitates have been identified as a-Fe2O3, while subsurface
precipitates have been identified as spinel. This phase development is consistent with the
predictions of phase diagrams and also agrees with results of CEMS measurements.

The results of RBS measurements made on specimens annealed at high temperatures
(~1500°C) reveal that almost one half of the implanted iron is lost from the specimen. The
remaining iron is present in the form of subsurface precipitates of Fe3O4. There is no
indication of the growth of precipitates on the specimen surface. These results suggests that
the oxide is volatile under these conditions. The exact mechanisms involved in the diffusion
and eventual loss of iron, with the corresponding change in valence state, are not well
understood at present. Development of a mechanistic description of these processes must
await the results of additional studies.
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SINTERING BEHAVIOR OF AN ISOLATED PORT: MONTE CARLO

SIMULATION
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INTRODUCTION

Microstructures play an important role in sintering. However, most existing sintering
theories are macroscopic and do not consider the topologicnl constraints in a microstructure.
To fully take into account the microstructural effect, Anderson ct al. [1] developed a Monte
Carlo statistical mechanics mode] to study the grain growth behavior of a fully dense system.
I Icrc we developed a generalized model which allows both densification and grain growth to
occur. The densification occurs through the diffusion of matter and is incorporated in the
Monte Carlo procedure. Thus we can monitor both the microstructural evolution and the
densification at the same time during heat treatment. To our knowledge, this is the first
statistical mechanics model constructed for sintering. As a quantitative example, the sintering
behavior of an isolated pore of various sizes and shapes at different grain growth rates is studied.

MODEL

The statistical mechanics model that we employ has been successfully applied to study
grain boundary wetting. [2] We map a microstructurc into a discrete lattice as shown in Fig.
1. A lattice site can be a portion of a grain which is denoted by a letter. Different letters
represent different crystalline orientations. A domain of same letters represents a grain. A
domain of empty sites represents a pore. There arc N possible crystalline orientations. For
simplicity, we take the N crystalline orientations to be N planar vectors uniformly spaced on
a circle and the angle of a vector is a multiple of 2rt/N. The interaction between two vectors
depends on the angle difference G of the two vectors, and in general can be any reasonable
function. In the present stud}', we take

V(0) = 0 ir 0 = 0,

= .T otherwise. (I)

We consider only the nearest-neighbor interactions, i.e., only the interactions between adjacent
lattice sites are non-zero. The interaction between a vector and a void (empty site) is J\ The
ratio ofJ'/J determines the T=0 dihedral angle y by y = 2cos~1(J/2J'). For example, J7J =
5/3 gives y = 145°.

MONTE CARLO KINETICS

Monte Carlo simulations |3] can be a powerful and simple tool for the kinetic study of a



statistical mechanical model when an appropriate kinetic procedure is chosen. In the following,

we modify the standard Monte Carlo procedures to allow boili grain growth and diffusion

during sintering.

Grain Growth

Given a microstructure (with vectors and voids), an occupied site is randomly chosen and

randomly assigned a new orientation. The probability that the attempt is successful is

W = J c " F V I \l > 0 .
TG

= :-- IZiO .

where E is the energy cost to break all the bonds with its neighbors in order for a vector to

flip and I / xG is the attempt frequency associated with orientation flipping.

Diffusion

Diffusion is essential for the densification processes. We model the diffusional process by

exchanging the position of a vector with that of its neighboring void. The exchange probability

Wcx is

0

where &Gex is the energy change due to the exchange and ^- is the attempt frequency for

diffusion. The time constant T 0 for diffusion can be in principle different from that for

orientation flipping (grain growth) TC. We will use the ratio T ^ / T 0 to control the grain growth

rate relative to the densification in oversimulation. A large T^J/T^ corresponds to slow grain

growth.

RESULTS

For all the results shown below, we choose N = 3 0 and .!'/.'=1.67 (equivalent to 145°

dihedral angle). Samples were all sintered at T~O.72T,,, where Tm is the melting temperature.

For computational case, the simulations arc all done in two dimensions.

I. General Features of the Model

Figures 2(a)-(d) exhibits the sintering behavior of a multi-pore compact. Figure 2(a) is the

initial configuration with 10% porosity. Figure 2(b) is taken at t = 2O00 ?D. N'otc that (I) the

entire sample is shrinking compared to Figure 2(a), (2) pores are coalescing, and (3) some of

the material has evaporated as indicated by the arrow, figure 2(c) is at t = -4000 TI}. Notice



that part of the surface has been ruptured as indicated by arrow o. ANo notice the rounding

of an initially sharp corner as indicated by arrow p. Figure 2(d) is at t = 50000 T^ when the

sample is almost fully densificd. Note that (I) grains have grown considerably larger, (2) the

opening-up of a grain boundary at the surface (thermal etching), and (3) necking has already

taken place as indicated by the arrows on the top and at the bottom due to the periodic

boundary conditions (initially the upper edge and the lower edge were separated by six layers).

The value of T^/T^J is 10 for the above results.

II. Sintering of an Isolated Pore

As an example, we show in Figure 3 the microstructural evolution during the pore sintering

of an isolated pore. Figure 3(a) is the initial configuration with a hexagonal pore at the center

with edge = 4. Figure 3(b) is at t = 10000 TD. Note the shape of the pore is no longer hexagonal.

Figure 3(c) is at t= 50,000 tD when the sample is almost fully densificd.

To show the effect of grain growth on the pore shrinkage, in Figure 4 we plot the remaining

pore area at t= 20,000 xD for various grain growth rate as a function of the average grain

diameter at t= 20000 T^. The arrows indicate the initial pore areas. Each data point is an

average of 10 independent runs. The two sets of data correspond to pores with initial area

= 61 (edge = 5) and 127 (edge =7). One can clearly see that the shrinkage of the pores is

hindered when grain growth is fast, which is in agreement with the experimental observation

of Zhao and Harmer [4]. With further analysis, we find that for a given initial pore size, the

pore shrinkage at t = 20,000 zD is proportional to I.Ci at t = 20.000 TW where G is the average

grain diameter defined as G "yjAc where Ac is the average grain area. This behavior may

be explained as follows. In the entire process of removing a void from a pore, the bottleneck

lies in the break-up of the void from the pore because this process costs most energy. The

energy cost of the break-up process can be much reduced when the void is at the interception

of the pore surface with a grain boundary. Thus effectively the grain boundaries serve as the

channels for transporting the voids. The pore shrinkage rate for large pores is therefore

proportional to the nu.nbcr of channels that intercept with the pore surface, which is propor-

tional to 1/G in two dimensions and would be proportional to 1,'G in three dimensions.

The effects of the pore size and the pore shape arc shown in Figure 5 in which we plot

the pore removal time, tf, as a function of the initial pore area Ap in a double logarithmic

scale. In order to separate the effect of grain growth, we do not have oricntational flipping in

Figure 5, that is, the average grain diameter is fixed at G = 1.8. ANo, the sample size is fixed

at 45x45 to separate the effect of different sample sizes, llach data point in Figure 5 is the

average of 100 independent runs. It shows that when the pores are large enough, tf AJ,0,

while for small pores, // ~ A]
p

5. Also note that the pore removal time is initial shape-independent.

This is reasonable since the pores are undergoing shape change during sintering as we have

shown in Figure 3 and commonly observed experimentally (Rcf. 4 is an example).

When properly taking into account the effect of the sample size by changing the sample

size proportionally with the pore size, i.e.. the pore area to the sample area ratio is fixed as it

is in Herring's scaling theory, (5| we obtain if Ap° for small pores as shown in Figure 6(a)

and tf - A** for large pores as shown in Figure 6(b). In Figure (\ each data point is also the

average of 100 independent runs. Also plotted in Figure 6 arc the tf vs. Ap for fixed sample



size for comparison. From Figure 6, it is clear that the change oi' sample si/c gives the
additional A*$ dependence. The fact that // - .1™ for small pores and tf - .tj,-* for large pores
for sizc-scaled samples indicates that for small pores, surface diffusion is the dominant mech-
anism (r* dependence) and for large pores, volume diffusion (rp dependence) |5j is the dominant
mechanism where rp - ^ j s the average Porc diameter. The crossover from small pore
behavior (r*) to large pore behavior (/*) occurs when the pore si/c rp becomes larger than the
grain size G.

CONCLUSIONS

We have constructed a statistical mechanics sintering model for the first time. The model
is capable of displaying various sintering phenomena such as evaporation and condensation,
rounding of a sharp corner, pore coalescence, thermal etching, neck-formation, grain growth]
etc. For an isolated pore, we showed that grain growth can slow down the pore shrinkaee!
Furthermore, the pore removal time y is independent of the initial pore shape and, for fixed
sample size, rf- Ap

s for small pores and tf- Ap
n for large pores. After scaling up the sample

size with the pore size. tf~ A2
p

a for small pores and tf - .1J,* for large pores, which is in good
agreement with Herring's scaling theory. Our results indicate that the dominant mass transport
mechanism is surface diffusion for small pores and volume diffusion for large pores. The
crossover occurs when the pore size is comparable with the grain si/c.
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Fig. 1. A lattice representation of a microstructure.
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ABSTRACT

Electron energy loss spectroscopy of voidite defects in natural diamond shows that they are
composed of nitrogen which is likely to be present in the form of solid N'2 under high pressure (ca.
10 GPa). A similar examination of platelets has failed to reveal any nitrogen in them. It is proposed
that the voidites are generated by a discontinuous precipitation mechanism as the platelets decom-
pose. A similar study of the the chemistry of nanometre sized mineral particles present in most di-
amonds shows they are related to the earth's magma although there are notable differences.

INTRODUCTION

The major motivation for detailed studies of inclusions and defects in diamond is that it can
enlighten us as to the physical and chemical conditions which lead to natural diamond growth. It is
now commonly believed that the inclusions remain chemically unaltered in the relatively inert and
stable environment of the diamond host after being encapsulated by it [1 J; thus these particles should
reflect the true chemical composition of the magma. In contrast kimberlite,the host rock in which
diamonds are most commonly found, is thought to have undergone significant chemical alteration
during its ascent from the depths. The chemistry of the large macroscopic inclusions has been in-
vestigated extensively [2] but as yet little data exists for the very small nano-inclusions that are found
in almost all diamonds [3]. This paucity of information can in part be explained by the difficulty of
preparing high quality TEM samples of well characterized diamond, and in part by the length of time
that is required in a modern analytical electron microscope to analyse the complete and diverse range
of mineral inclusions that are found in each individual rock.

Most natural diamonds also contain significant quantities of nitrogen, (up to 0.3% in some
cases) which is believed to be in solution at the temperatures and pressures of diamond formation.
The decrease of nitrogen solubility expected as the temperature and pressure decreased during the
ascent to the earth's surface leads to an exsolution process. Extensive studies by a variety of meth-
ods have shown that this process often leads to the formation of thin platelet structures, typically
100 nm in diameter, on the cubic planes of certain diamonds [4]. Such diamonds have a character-
istic infra-red absorption signature which is labeled la A/B (The la indicates that the diamond con-
tains nitrogen which is non-paramagnetic. The A/B indicates that both A (pairs of substitutional
nitrogen atoms) and B (four N atoms plus a single vacancy) centers are present), ft has been es-
tablished that in most cases the total area of platelet structure scales linearly with the concentration
of B centers. However in the situation where the fractional concentration of B centers is very high,
i.e. most of the A centers are believed to have converted to B centers, there is often a catastrophic
decay of platelet structure, 'n the TEM it appears that the platelets have undergone a transition to
yield perfect dislocation loops and a large number of small regular and elongated octahedral faceted
precipitates, called voidites. The typical dimensions of the voidites range from 1 to 10 nm.

The work described here is a summary of the quantitative nano-analysis performed on platelets,
voidites and nanometre sized mineral particles in a range of diamonds using both a V.G. Micro-
scope's HB501 and an HB5 Scanning Transmission Electron Microscope (STEM). In these ma-



where pv and pc represent the atomic densities of nitrogen in the voidite and carbon in the diamond
lattice respectively, a is the partial ionization cross section. <? is the thickness of the voidite projected
along the beam direction, t is the foil thickness and ljlc is the relative nitrogen to carbon Is ab-
sorption intensities in the EELS. The intensity of the nitrogen edge is determined after subtracting
the normalized background spectrum acquired with the beam located just off the voidite defect. The
data are normalized in the region preceding the nitrogen edge from 3S0 to 395 eV. It is found that
the average atomic density of nitrogen is approximately half that of carbon i:i the diamond lattice
within a 20% error margin. Extrapolating an equation of state [9] derived for solid N*2 this atomic
density corresponds approximately to an internal pressure in the range 7 to 11 GPa.

Fig. 3 provides an interesting comparison between the nitrogen phase within the voidite and the
standard Is spectra of N'2 and NH3 published in the literature [10]. Although the precise effect of
high pressure upon the dispersion of the near edge structure is unknown, there is a reasonable
agreement to the molecular nitrogen phase.

Figure 3. Near edge structure of
Nitrogen: The standard
spectra of molecular nitrogen
and ammonia illustrated have
been convoluted with a top hat
function of width 2 eV to
mimic our spectra resolution,
ref [10]. Figure reproduced
from ref. [7].
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Although the presence of a paracyanogen phase, (CN)X, cannot be ruled out, the present measure-
ments indicate that it is unlikely because the molar density of nitrogen is so high that to accommo-
date significant amounts of carbon would require an unrealistic internal pressure. Furthermore, the
Is to 57" absorption at 285 eV which would be present in the (CN)X system is not detected. The
presence of the pre-edge structure from 283 to 289 eV due to the amorphous surface layer, an
artifact of the specimen preparation, is removed by the "difference technique" and so is unlikely to
obscure the detection of a IT* peak having a similar intensity as the N peak at 400 eV.

Platelets

Over 80 platelets contained within the two type la A/B diamonds were examined for the pres-
ence of diamond following the technique described by Berger and Pennycook [11]. In this case the
electron beam is scanned over a small 4x3 nm2 area both on and off the platelet oriented edge on
with respect to the beam direction. To observe the smallest traces of nitrogen the difference of these
two spectra is calculated after normalization to the same carbon absorption intensities in the 20 eV
region preceding the N edge, for example see fie. 4. In all cases no nitrogen was found.
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Figure 4. EELS recorded on and off a typical platelet: No nitrogen is detected in any of
the SO examined. The "on-platelet" spectrum is displaced vertically for display
purposes.

Discussion

Are these results reliable? The techniques used are novel and certainly can be misleading. The
chief problem concerning reliability lies in the effect of radiation damage, in which the intense
electron beam required to obtain sufficient counts for the spectroscopy displaces and changes the
chemical state of the nitrogen. We believe that the spectra illustrated are typical of undamaged de-
fects.

Is the absence of nitrogen at platelets significant? We believe that it is. On the basis of the
measurements from the smallest voidites whose typical size is 2.5 nm we are confident that we are
able to detect one tenth of a monolayer provided radiation damage is no more severe in the platelet
than in the voidite. This amount is much less than the two monolayers required by the elegant Lang
model [12] and the single monolayer of the Humble et al. (1985) model [13]. Subject to verification
awaiting further technical developments of electron spectrometers, we believe that all the nitrogen-
based platelet models have to be abandoned and that platelets contain little or no nitrogen whereas
the voidites, which are decomposition products of the platelets, contain a high density of nitrogen.
The earlier observation of small amounts of nitrogen at platelets by Berger and Pennycook [11] is
not be reliable because the degree of dissociation of the platelets was unknown in their study and it
would have been difficult to distinguish between platelets and voidite sheets in the edge-on orien-
tation. The presence of other chemical species, such as oxygen or hydrogen, have not been detected
but is deemed unlikely.

Can we understand these apparently contradictory observations? The strong correlation be-
tween platelet area and the degree of nitrogen aggregation could arise if the formation of platelets
is a by-product of the exsolution process similar to that proposed by Woods [14]. In this scheme B
centers are formed by the aggregation of A centers together with the release of interstitial carbon
which precipitates to form the platelets. This is an interesting example of a precipitate whose
chemistry is not that of the precipitating element.

Then how does nitrogen get into the voidites? One possible way is via the process of discon-
tinuous precipitation, such as is often observed in metallic systems [15]. Pearlite in steel is one such
example. Discontinuous precipitation occurs as a front of accelerated diffusion rate moves through
the crystal leaving behind an array of precipitates. In the case of pearlite the grain boundary dif-
fusion rate is higher than the bulk diffusion rate and so alternating layers of cemenlite and ferrite
are left trailing the grain boundary as it moves through the matrix. Perhaps in the case of platelets
there is a rapid diffusion of nitrogen and vacancies along the core of a dislocation as it climbs across
area of the platelet. The dislocation movement would lead to strings of nitrogen precipitates, that
is voidites. The accelerated process which results is most in evidence late in the precipitation se-



quence. because only a limited \olume fraction of the U-i Jilfusion path is available. Of course the
process is sensitive to structure and will produce a variable microsiructure depending upon ihe details
of thermal and plastic history. A simple calculation shows that the volume left behind by the moving
dislocation is proportional to the area swept out by it. This is consistent with the results of Barry
et al. [6] if about half the vacancies generated by the climb ends up in the voidite.

ANALYSIS OF NANOMETRE INCLUSIONS

Tiny faceted nano-inclusions were found in 4 out of the 5 stones examined, fig 5.

Figure 5. Annular dark field image of nano-inclusions.

EDX and EELS analyses (for example, see fig. 6) reveal a wide range of elements present within the
60 particles studied in the current study, namely Fe. Cr. Ca. Si, Ni, Ti, S, Na, C, O, K, Al, Mg, Sn,
P, Cl and Zn. The most common elements detected are chromium and iron, approximately 70% of
the particles contain these two elements in varying proportions. Various workers have noted a sim-
ilar trend in the macroscopic inclusions. [16]. The detection of S, K, Ca and CO3^~ is important
because it has been established that the magma is rich in such phases [3]. There are notable differ-
ences between the compositions of the nano-inclusions with those reported from the visible inclu-
sions by other workers. These include: a low concentration of Mg in the nano particles compared
to the Mg rich olivines, the most common macro-inclusion in diamond; Al, despite being a major
component of garnets is notable for its general absence within the suite of nano-inclusions except in
a single case; in one stone Zn is a common element in many inclusions. On the other hand only two
previous studies have reported Zn and in very low concentration [16].

Cr I
cJ

EDX

600 700eV JO
KeV—

Figure 6. EELS and EDX analysis from a 5nm inclusion: The Cu signal comes from the
specimen grid.



The observed panicle population varies from sample 10 sample and is most dense in the oxygen
etched foils since the incombustible mineral ash is left on the foil surfaces. The octahedral
morphology of the particles is typical of that imposed by the diamond crystal. An interesting feature
is their very small size. The inclusions may result simply from phase decomposition on cooling, in
which case their small size suggests that they represent the earliest stages on nucJeation before more
competitive growth occurred; or they may be the residue of the catalyst action during the growth of
natural diamond.

These studies of the nano-inclusions ha\e indicated that it is now timely to attempt a systematic
characterization of their chemistry in relation to the presence of macro-inclusions and the internal
diamond morphology which reflects the growth zoning and plastic history of the stone. Under-
standing the origin and chemistry of these small particles will reveal another saga in the complex
history of natural diamonds.

We would like to thank Professor A.R. Lang, F.R.S. and Dr S.D. Berger for valuable discussions
and de Beers Industrial Diamond Dvn. for the financial support of this project.
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DEFECT PROPERTIES OF HIGH TEMPERATURE SUPERCONDUCTORS PROBED BY POSITRONS

Y.C. JEAN,* H. NAKANISHI,* P.E.A. TURCHI,** R.H. HOWELL,** A.L. WACHS,**
M.J. FLUSS,** R. L. MEflG,# P.H. HOR,# Z.J. HUANG,* and C.W. CHU#

University of Missouri-Kansas City, Kansas City, MO 64110, USA
**Lawrence Livermore National Laboratory, Livermore, CA 94550 USA
University of Houston, Houston, TX 77004, USA

ABSTRACT

Measurements of electron momentum density by positron annihilation
are influenced by the presence of defects in superconducting oxides. Both
lifetime and Doppler broadening measurements are sensitive to the super-
conducting transition. Possible candidates for the defect species are
discussed along with their role in modifying the positron response.

INTRODUCTION

Since the recent discovery of high temperature superconducting oxides
there have been several measurements of positron annihilation parameters
on samples below and above the superconducting transition temperature.
Soon after the first high-Tc superconducting materials became available,
we reported the first experimental PAS results for YBajCusO^s super-
conductors (TC«92K) between 10K and 298KE1]. A dramatic difference in
positron lifetime and momentum distributions was discovered between the
superconducting state and the normal state (Fig.l). These measurements have
consistently shown sensitivity to the superconducting transition. Similar
results have been reproduced by others in the past 18 months[2]. Although
many researchers have seen variations in the response of positron measure-
ments the details of these variations are dependent both on the system
studied and on the particular sample. We wish to discuss the source of
these variations and whether they may be related to sample defect structure.

The details of the electron momentum structure in the superconducting
oxides and the existence and shape of the Fermi surface is also the subject
of great importance. There have been angular correlation measurements of
single crystal YBaCuO[3] and LaSrCuOC4] above Tc to find the Fermi surface
and to determine it's shape. The interaction and possible trapping of the
positron at defects in the samples can distort these momentum distribution
measurements. Consequently the details of the defect trapping in single
crystal samples must be understood as well in order to properly analyze the
results of such measurements.

POSITRON TRAPPING

Positron annihilation spectroscopy, PAS, has been extensively used as a
defect probe in metals and insulators. Both lifetime and momentum measure-
ments are used to detect trapping at defects by determining the annihilation
condition of the positron. Positrons that annihilate in a trap typically
overlap with a lower electron density having a lower average electron
momentum. This leads to additional, longer, lifetime components in a sample
having positron trapping. The variation of the lifetime components in this
case can be described by a set of rate equations, the trapping model, having
as parameters the positron trapping rate at the defect and the annihilation
rates in the free and trapped positron states. One of the signatures of
defect trapping of positrons is the applicability of this model to multiple
lifetime data.



In the top two plots in figure 1 we see the values for the second,
longer lifetime component for two samples one superconducting and one
not. A constant 165 ps bulk lifetime is calculated from these data and
the other lifetime components not shown. This behavior shows that in this
data set the sensitivity to the superconducting mechanism is carried by
the trapped positrons.
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The defects that trap positrons
in the superconducting oxides
have not been specifically
identified. There are data
suggesting that the traps may
be charged oxygen vacancies[5]
or related oxygen-vacancy
disorder[6] in the chains in
the YBaCuO crystal. Other
studies have found trapping
defects induced in the YBaCuO
system by electron irradia-
tion[7]. Positron sensitivity
to the crystal twin boundaries
has also been observed[8].
While these studies imply
some relationship between

the existence of trapped positrons and oxygen vacancies they do not
constitute a demonstration of trapping at oxygen monovacancy sites. Indeed
these studies and the work to be described below suggest that trapping at
oxygen monovacancy sites would lead to minimal variations in positron
lifetime and angular correlation distributions.

In early studies of powder samples positron trapping at internal
defects was not a dominant feature of the lifetime data. However, positron
trapping has been observed at specific sites in simple metal oxide systems.
Oxygen vacancy-interstitial complexes have been identified as positron traps
in uranium oxide[9] and metal vacancys have been seen to trap positrons in
BaGdTiOr.10]. In YBaCuO oxides, band theory calculationsCll] suggest that
single oxygen vacancies will not trap and bind a positron. Also, calcula-
tions using an atomic potential approach[12] predict little trapping and
small lifetime changes for positron interactions at oxygen monovacancies.
The calculations in reference[123 do predict deep wells binding positrons at
metal vacancies or metal-oxygen vacancy complexes which is consistent with
those experimental studies just described.

The response of the positron lifetime measurement to the superconducting
transition is modified in samples having no trapping. In figure 2 we see our
measurements of the positron lifetime in polycrystalline Lai 85Sr0
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Figure 2. Bloch state, bulk
lifetimes for three super-
conducting systems[15].
The data for the LaSrCuO and
YBaCuO systems showed no
trapping. However some
trapping did occur in the
TICaBaCuO measurements.

for 2K<T<300K[13]. We have
also measured positron life-
times in a single crystal of
YBa2Cu307[14]. A single
lifetime exhibiting similar
temperature dependence is
observed in both of these
measurements. The observa-
tion of this similarity was
interpreted by us as the
first indication of a common
physics in these new
perovskite superconductors.
It is also ar indication
that the pof> on in a Bloch
state is samp,ing a new part
of the electron distribution
in coordinate space. The
change in the spatial charge
distribution brought on by
superconductivity modifies
the positron lifetime
differently when the
positron is localized.

To understand how this may be so it is necessary to look at the positron wave
functions for the trapped and Bloch state positrons. Bloch state wave-
functions have been calculated using a cluster model for perfect LaCuO and
YBaCuO by us in references [13,14]. In these calculations the positron shows
a great affinity for the copper-oxygen planes and chains and the positron has
a particularly high overlap with the oxygen sites. Calculations of positrons
bound at oxygen vacancies also show a large overlap with adjacent, occupied
oxygen sites[12]. Thus the likely sites for positron trapping, i.e., metal
vacancies and metal-oxygen vacancy complexes, will remove positrons from the
Bloch state oxygen overlap regions.

While changing the overlap with the oxygen atoms in the planes is a
plausible suggestion for explaining the differences between the single and
multiple lifetime data on the YBaCuO system the systematics are not preserved
in more complicated materials. Two positron lifetimes were observed in
polycrystalline TJ2Ca2Ba2Cu3Oio.3 superconductors[15]. The deduced
Bloch state lifetime exhibits the same temperature dependence below Tc as
seen for the single lifetime results for polycrystalline La(214) and single
crystal Y(123) superconductors. The existance of a long lifetime (trapping)
with 65% intensity does not modify the behavior of the Bloch state positron,
as it appears to do in polycrystalline Y(123) samples[1].

Thus there is a consistency in the data as reported in that the Bloch
state lifetime either becomes longer at temperatures below Tc or remains
constant. This is true even for samples where the trap lifetime becomes



shorter at low temperature. Consequently the suggestion that there is a
common superconducting mechanism among the perovskite superconductors and
that there is a sampling of that mechanism by Bloch state positrons still has
merit.

This uniform behavior of the Bloch state positron lifetime has led to
the suggestion[163 that the increase below Tcin the lifetime is the result
of screening of the positron. Screening will reduce the overlap with the
core electrons that are the major source of annihilation. Angular
correlation measurements from several groups have demonstrated that the
majority of annihilations are with bound electrons and calculations show that
the positron Bloch wavefunction is maximized on the copper-oxygen planes and
chains. Thus positive charge carriers found in the copper-oxygen features
will screen the positron from the bound electrons and pairing correlations
can increase the efficiency of the screening effect. This results in an
increase in the positron lifetime that is proportional to the pair
concentration. If defects localize the positron then the screening effect
and associated lifetime changes will depend on the site and type of trapping
defect. Consequently understanding the nature and location of the trapping
defects may hold an important clue towards validating such models.

CONCLUSION

We have summarized the results for positron lifetimes in LaSrCuO,
YBaCuO, and TICaBaCuO and we have found that the presence of strong defect
trapping can modify the response of the Bloch state positron to the
superconducting mechanism by reducing the magnitude of the deviations seen
below Tc. The identification of the trapping defects is incomplete except
that oxygen monovacancies seem unlikely. The common behavior of positron
annihilation Bloch state lifetime below Tc in to those samples having small
or no defect trapping implies a common positron interaction with the
superconducting mechanism. The uniformity of the response of the Bloch state
lifetime to the superconducting transition has prompted the suggestion that
it may originate by screening of the positron from the electrons by paired
positive charge carriers in the superconducting state.
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SYNTHESIS, MICROSTRUCTURE AND LOCAL CHEMISTRY OF SUPERCONDUCTING
BiSrCaCuO THIN FILMS

P L Gai, S I Shah and E D Boyes

E I DuPont de Nemours and Company Inc, Central Research Dept,
Experimental Station, PO Box 19880-0356, Wilmington, DE 19880.

Abstract
Microchemical and microstructural characterization, using
established SEM and STEM techniques, has shown that most (>90%
of the area) of the Bi-Sr-Ca-Cu-0 thin films prepared by
reactive magnetron sputtering on both NaCl and MgO substrates in
the 1100) orientation is the superconducting phase Bi2Sr2CaCu20«
(2212); with largely defect free single crystal grains oriented
with the a-b conduction planes parallel to the substrate. The
geometrical interconnectivity is high and the grain boundaries
are clean and well ordered without any intermediate layers to
limit the superconductivity. There were also small patches
(<10%) in which the Bi- and Cu-rich phases, Bi2SrCu05 and CuO,
had separated. The films had an onset Tc at 115K with zero
resistance at 85K and a Jc of 105A/cm2 at liquid He temperature.

Introduction
There have been a number of reports in the literature [1/2] of
superconductivity in the bulk Bi-Sr-Ca-Cu-0 system. The
annealing procedures seem to be simpler for this system than for
the the '123' YBa2Cu307_x material and the onset Tc may be
somewhat higher, in the range 110K to 117K [3], but the critical
current (Jc) reported for the bulk materials is at best similar,
and they therefore remain inadequate for many potential
applications. There has been much more progress in growing
useful thin films for electronic applications, because it is
possible to get highly textured microstructures with the
preferred a-b conduction plane [4] parallel to the substrate
surface, and the low conduction c-axis normal to it. As a
consequence, the highly textured YBa2Cu3O7_x thin films [5,6]
have critical current values several orders of magnitude higher
than the corresponding bulk materials, which typically contain a
large proportion of high angle grain boundaries, and have a wide
variation in orientation. They therefore require a significant
participation in the conduction process by the short coherence
length c-axis, which limits the critical current (Jc) that can
be attained. Tc is controlled primarily by the crystal
chemistry and Jc by the microstructure, which can be engineered
to considerable advantage by controlling the texture of a thin
film, providing that the desirable crystal chemistry, including
oxygen (non)stoichiometry and hence Tc, is retained; both within
individual grains and at the boundaries between them.

Experimental
The Bi-Sr-Ca-Cu-0 samples were synthesized by reactive magnetron
sputtering, onto freshly cleaved (100) oriented NaCl and MgO



crystals at room temperature (~25°C). The deposition [7J was
carried out in a single target turbo-pumped magnetron sputtering
system with a base pressure in the 10~7torr range, using an
atmosphere of 90% argon/101 oxygen at a pressure of 5 millitorr.
The source target was a piece of the bulk superconducting oxide
compound Bi2Sr2CaCu2O8, provided by Subramanian et al [2], Kith
a power density of 5-8 watts/cm2, the deposition rate was 10-12
nm/min. A combination of low power density and high sputtering
pressure is essential to avoid resputtering of the growing film
by energetic particle bombardment [8,9]. Post deposition
annealing was done at 750°C for one hour in a flowing oxygen
atmosphere. For transmission electron microscopy including STEM
microanalysis; the annealed, ~75nm thick, films were floated off
the NaCl substrates and collected on carbon filmed aluminum
grids. Al grids were used in preference to copper to minimize
interference during EDX microanalysis with a low background
specimen holder in the VG HB501 STEM. Thicker, 1-2/jm, films
grown with a similar structure on MgO, had an onset super-
conducting transition at 115K and zero resistance at 85K(Fig.7).
The critical current densities from transport measurements were
105A/cm2 at 4.2K and 5xlO3A/cm2 at 78K.

Results and discussion
The plan view (Fig.l) and cross-section (Fig.2) SEM micrographs
of the films grown on the NaCl and MgO substrates are very
similar, and consistent with the transmission micrographs of the
thinner films grown on NaCl. In none of the EDX microchemical
analysis spectra obtained in the SEM, or with higher spatial
resolution (<10nm) and sensitivity in the STEM, was there any
evidence for the incorporation of chlorine (EX(C1K) « 2.6keV)
into the films grown on NaCl.

The films grown on both NaCl and MgO contained two types of
region, with distinctly different morphologies. The majority
(>90%) of each film was composed of granular regions with a
measured composition close to that of the sputtering target.
The minority phase, estimated to be <10% of the area, had a
needle-like morphology with an average composition of
Bi0.9Sr2Ca!.3Cu3.5OX. The TEM and STEM transmission microscopy
of the films produced similar results. Along with the
continuous regions of the films (Fig.3), there were the minority
regions (Fig.4), similar to those seen in the SEM; consisting of
separated crystallites some of which were needle shaped.

The majority of the film examined in the STEM consistently
produced EDX spectra (Fig. 5a) from areas each ~5̂ ni2 in size,
indicating a chemical composition for the main part of the film
close to that of the '2212' compound, Bi2SraCaCuO$, target.
However, point analyses in the STEM, with an estimated probe
diameter of ~3nm and an effective spatial resolution of 5-10nm,
showed that there was some variation in the local chemistry.
Firstly, the majority type region may actually be a mixture of
phases, with different numbers (2 or 3) of copper perovskite
interlayers and a corresponding variation in the relative amount



of copper in the composition ('2212' and '2223'). There is
further evidence for this from one of the few grains with the
c-axis in the plane of the film and therefore accessible to TEM
imaging (Fig.6). In the bulk material the different layer
sequencing along the c-axis is in the form of intergrowths
within the grains [10], but in the thin film it may exist as
separate grains. Secondly, there were much bigger differences
in the composition of the minority regions in which point
analyses with the ~3nm STEM probe showed that there was complete
phase separation on the scale of <50nm. This was undetected by
the SEM analyses which were averages over volumes typically
>l/jm* . The thin needle-like crystal in the minority regions of
the films (Fig.4) were shown by a combination of STEM EDX
(Fig.5b) and electron diffraction to be pure CuO in composition.
The other peaks in the spectrum come from a dispersion of
fragments of the other phases on the surface of the needle;
which contain all of the cations and could not be excluded
entirely from the analysis. The aluminum peak at 1.47keV is an
artifact attributed to the Al grid used to support the carbon
film on which the crystallites and pieces of thin film were
deposited. The other main phase present in this region was
identified (Fig.5c) as Bi2SrCa05, containing the remaining
cations, i.e. Bi, Sr and Ca, but no copper, and has a measured
(superJlattice spacing of 1.9nm. There are also some finely
dispersed fragments of the main, '2212' superconducting phase,
containing all of the cations. We conclude that the the EDX
data obtained from this region in the SEM, with an overall
composition close to Biq.9Sr2Ca!.3Cu3.5O8; are averages over
areas, each >l//m2, containing mainly a mixture of the individual
CuO and Bi2SrCaOs phases.

Tilting experiments in the TEM showed that most, but not all, of
the Bi2 Sr2CaCu208 grains were in the desirable [001] projection,
with the a-b 'conduction' plane parallel to the substrate.
There were some variations in image intensity, in both the TEM
and STEM, arising primarily from differences in thickness, along
with minor variations in orientation, of no more than a few
degrees, in the detached film. Figs.3 & 4 are respectively TEM
and STEM images from the majority and minority regions of a
film, illustrating the very different microstructures obtained.
The superconducting regions generally had good grain-to-grain
contact. There were some pores of varying shape, some with
acute angles, and typically 20-50nm in size. In this region
most of the grains extended through the full thickness of the
thin film. In the areas in which phase separation had occurred,
the porosity was very much higher, the density and
interconnectivity were both very much lower and the more open
microstructure (Fig.4) had considerable overlap of grains.

Coherence lengths are known to be very short in the high Tc
oxide superconductors. Grain boundary structure, and the
geometry of grain-to-grain interconnectivity on the atomic
scale, are therefore particularly important in determining the
critical current carrying capacity (Jc) of the materials. In



the classic '123' compound weak links at grain boundaries due to
intermediate layers a large misorientations have been shown to
reduce considerably the Jc. The individual grains of the
superconducting phase in the Bi films were found, by high
resolution electron microscopy (Fig.6), to be relatively free
from crystal structure defects; with no evidence of twinning.
In general the grain boundaries were low angle and clean, with
smooth sections of intimate contact between adjacent grains.
There was no evidence of precipitation or intermediate layers to
disrupt the conduction path.

Conclusions
The results indicate that a large proportion (>90%) of the
Bi-Sr-Ca-Cu-0 thin films, prepared by reactive magnetron
sputtering on both MgO and NaCl substrates in the (100)
orientation, consists of strongly textured grains of the main
superconducting compound with a composition close to
Bi2Sr2CaCu2O8 and the preferred a-b conduction planes parallel
to the substrate, i.e. with (001)//(100)NaCl(or MgO).

A minority (<10%) of the film has a much lower density with
some phase separation, on a scale of <50nm, into copper-free
(Bi2SrCa05) and copper-rich (CuO) crystals; which was only
detected by high resolution microanalysis in the STEM.

Good quality thin films of the Bi-Sr-Ca-Cu-0 superconductor have
been synthesized. They have a similar Tc (115K) to the bulk
materials with the same composition, but a very much superior Jc
of >105A/cm2 at 4.2K; due to a high proportion of the
superconducting phase, a strongly textured microstructure with
the c-axis of the crystal structure normal to the substrate and
good interconnectivity between the grains in the thin film.
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Figures
1. SEM of the surface of a ~75nm film deposited on (100) NaCl.
2. Cross-section SEM of a thicker film deposited on MgO with a

similar microstructure to the film on NaCl.
3. Bright field TEM micrograph of a region of film composed

entirely of the the superconducting phase ( Bi2 Sr2 CaCu2 O, ) .
4. STEM micrograph of the minority type of phase separated

region (CuO and Bi2SrCa05).
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GRAIN BOUNDARY ATOMIC STRUCTURE AND MICROSTRUCTURE OF
Bi-Sr-Ca-Cu-O, (Tl.Pb)-Sr-Ca-Cu-O AND Pb-Sr-R (RARE EARTH)-Ca-Cu-0 BULK
OXIDE SUPERCONDUCTORS

P. L GAI, M. A. SUBRAMANIAN, J. GOPALAKRISHNAN AND E. D. 3OYES
Central Research & Development Department, Experimental Station, E. I. du Pont de
Nemours & Co. Inc., P. O. Box 80356 Wilmington DE 19880-0356.

ABSTRACT

Electron diffraction, high resolution electron microscopy and STEM
micrcanalysis have been carried out on bulk superconducting oxides of Bi-Sr-Ca-Cu-
O, and on the new (Tl.Pb)- Sr-Ca-Cu-0 and Pb-Sr-R (rare earth)-Ca-Cu-0 systems to
elucidate microstructure and microchemistry. Real space imaging and microchemical
analysis are virtually essential to provide information about the atomic structure of
interfaces and other local defect structures as well as local chemical composition in
the materials since microstructure controls critical current parameter JQ. The HREM
images have been interpreted where necessary using the multislice image simulations
with 256 x 256 Fourier transform arrays. Superstructure modulations of the type
present in Bi-based and Tl-Ba-Ca-Cu based compounds are not observed with the
Pb-substituted thallium compounds examined and it seems likely that Pb substitution
stabilizes the compositions.

INTRODUCTION

We have recently reported the discovery of bulk superconductivity upto 122K in a
new oxide based on thallium and copper, but not containing barium, in the (Tl.Pb)-Sr-
Ca-Cu-0 and, close to liquid nitrogen temperatures in the Pb-Sr-R (rare earth)-Ca-
Cu-O systems (1,2). The properties and crystallography of Bi-Sr-Ca-Cu-O with
varying thickness of perovskite slabs alternating with Bi2O2 layers have been
described in the literature (e.g. 3). The occurrence of incommensurate modulations in
Bi-Sr-Ca-Cu-O system has been analyzed and described in detail (4-6). The
modulations are thought to indicate either a displacive or substitutional modulation
implying a variation in position or occupancy between unit cells. The EM analysis of
the displacements observed both in the Bi and in the copper perovskite layers
indicated that the nature of the incommensurate modulation was sinusoidal (4).
Different interpretaions of the modulations by several workers (e.g. based on rotation
of Cu-0 polyhedra, cation defeciency, extra oxygen in Bi-0 layers, partial substitution
of Bi by different cations, change in orientation of Bi lone pairs etc) have been
compared (5) and will not be discussed here.

EXPERIMENTAL

The preparation of the samples has been described elsewhere (1-4). Briefly,



the Bi-Sr-Ca-Cu-0 samples were prepared by reacting Bi2CL, SrCO3, CaCO, and
CuO (4). (Tl.Pb)-Sr-Ca-Cu-O were prepared by reacting TI2O3, CaCv. SrO2, PbO2

and CuO and Pb-Sr-R-Ca-Cu-O were prepared by reacting PbCyPbO, SrO2,
CaO2/R2O3 and CuO (where R (rare earth) = Y, Nd, Sm, Er, G6, Dy, Ho or Lu) (1,2).
They were characterized by X-ray diffraction, electrical measurements and electron
microscopy. The electron microscopy was carried out using eg. CM30 ST, Jeol
2000EX and CM12 electron microscopes with side entry stages. For EM studies,
samples were either ion milled : : ':'~,3 ground powder in freon was supported on
carbon filmed aluminium grids. HREM images were recorded at different defocus
values. The microanalysis was carried out on the bulk compacts using a microprobe
and on the ground material using a VG HB501 STEM, with an EDX detector. For
STEM microanalysis, probe sizes down to a few nanometres (nm) were used and
calibrations were carried out using a series of single phase standards of binary
oxides. SEM on bulk compacts was carried out with a Cambridge Stereoscan 200.

The multislice image simulations were performed using 256x256 arrays (7) on a
VAX cluster.

RESULTS

f. Bi-Sr-Ca-Cu-O

The ion milled samples showed subgrain boundaries which were clean. Grain
boundary structure and the nature of grain orientation and connectivity on an atomic
scale are critical in controlling JQ. Fig I shows an HREM image of a grain boundary in
'2212' Bi-Sr-Ca-Cu-0 (Bi2Sr2CaCu20x). The grain boundary atomic structure reveals
a sharp interface with no intermediate layers to limit the superconductivity.

Fig. 1. HREM of a grain boundary in '2212' BiSrCaCuO.



The electron diffraction patterns and microanalysis from the two grains indicated the
pole normals to be [010 ] of the '2212' phase and [110] Sr-Cu-rich oxide. However,
the nature of the high angle grain boundary, local chemistry and the different grain
orientations, would contribute to weak links leading to lower Jc. The grain boundary
also reveals steps at the interface (arrowed). One of the grains in the image also
indicates coherent intergrowths commonly observed in these materials.

II. m.Pbl-Sr-Ca-Cu-O

We have reported new high temperature superconductors based on the oxides
of thallium and copper but not containing barium (1). Two phases,

with tetragonal symmetry (a = 3.81 A and c = 15.23A) with TcPb0 5TI0 5Sr2Ca2Cu3O9

120K and TIQ 5 P b S J2O7 (tetragonal, a = 3.8A and c = 12.05A) with Tc 85K
were identified. SEM~of bulk compacts showed plate like crystals of dimensions
varying from 10 urn- 40 p.m and some upto 150 |im. Quantitative elemental analysis
shewed TI:Pb ratio of 1:1 in the samples with the general composition
TL^PbQ-Sr2Ca2Cu30x for the 120K material. A qualitative spectrum from the VG
STEM for this material is shown in Fig.2. Some local variations in cation ratios were
observed. HREM lattice image showed a layered structure (Fig.3) with a 15.2A repeat
spacing, and the corresponding [010] electron diffraction pattern is inset. The HREM

Fig. 2.
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Fig. 3. HREM lattice image in [0i0] projection with the corresponding electron



image near the optimum defocus, reveals perovskite slabs and the actual local
structure. Other additional minor phases were found to be CuO and Sr-Cu oxide.

Electron diffraction tilting experiments including tilting to [001] and [110] zones
did not reveal satellite reflections in this Pb-substituted Tl-Sr based material. By
contrast, it is reported (5) that in the non-Pb containing TI-Ba-Ca-Cu-0 system there
is some evidence (in the form of weak satellite reflections around the basic spots) for
superstructure modulations. These were interpreted in terms of e.g. oxygen ordering,
extra oxygen in TI-0 layers or by partial reduction of Tl3 + to W+ (5). Since the
transition temperatures for both classes of compounds are similar, this would indicate
that Pb substitution stabilizes the composition and that the influence of the
modulations on the superconducting properties is limited. The structure oi ^TI,Pb)-Sr-
Ca-Cu-0 consists of single (Tl.Pb) sheets separated by alternate Sr-Cu-Ca-O slabs
along the c axis. The oxidation state for the thallium would be considered to be Tl3+.
Reported thermal parameters indicate that atomic displacements in the (Tl.Pb)-O
sheets are possible due to deviations from the average structure resulting in chains or
pairs of (Tl.Pb) and O atoms but the cooperative displacements of (Tl.Pb) probably
inhibit a structural modulation of the type observed Tl-Ba based or Bi-based high Tc

compounds. In '2212' Bi-Sr-Ca-Cu-0 phase, Bi3+ has a lone pair leading to
asymmetric coordination and possible structural deformations. Other compositions
and mechanisms are being explored at present.

III. Pb-Sr-R (rare earth)-Ca-Cu-0

Superconductivity close to the boiling point of liquid nitrogen has been discovered in
the Pb-Sr-R(rare earth)-Ca-Cu-0 system. The superconducting compound has been
identified as Pb2Sr2(Ca,R)1Cu3O8+y using a combination of X-ray diffraction,
quantitative microanalysis and magnetization data (2). The single crystal X-ray
diffraction study shows the structure to consist of double CuO2 sheets interleaved by
(Ca.R). SEM showed a plate like morphology indicated by A in Fig.4. An EDX
spectrum is shown in Fig. 5. In some preparations a non-superconducting phase
identified as (Y,Ca)Sr2(Cu,Pb)3O was observed. Electron diffraction patterns from
the majority plate like crystals were consistent with a pseudotetragonal cell with a =
3.8A and c = 15.8A and the phase contrast lattice image indicated a layered structure
with 15.8 A repeat spacing. An HREM image and the corresponding electron
diffraction in [010] projection is shown in Fig.6. Occasionally, electron diffraction
patterns showed an orthorhombic cell (a ~ 5.4A and c~ 15.8A) as shown in Fig 7. The
crystals contained stacking faults and other structural inhomogeneities.
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Fig. 4. SEM show.ng p!a:e-l.ke morphology of Pb2Sr2(Ca.R)Cu20x (R = rare
eanh).

Fig. 5. EDX sp&cfum from P^S^Ca^ 5Er0 5Cu30x .
F.g. 5. [0"C] is::ce ."^34 cf P--S'Xa.5Y0 5Cu3O ) ( wi:h eisctron diffract.cn

Fig. 7. Electron c.V'ac:.'-" pa"em s'o/. ' .g ^eak reflections w.th an orthorhombic
cell, a - 5 4 A c - 15 8 A.



References

1. MA Subramanian, C C Torardi, J Gopalakrishnan, P L Gai, J C Calabrese, T R
Askew, R B Flippen and A W Sleight, Science, 242, p249 (1988).

2. M A Subramanian, J Gopalakrishnan, C C Torardi, P L Gai, E D Boyes.T R
Askew, R B Flippen, W E Farneth and A W Sleight, Physica-C, submitted.

3. AH Maeda, T Tanaka, N Fukutomi and T Asano, Jpn J Appl Phys, 27,2 (1988).

4. P L Gai and P Day, Physica-C, 152, 335 (I988).

5. H W Zandbergen, W A Groen, F C Mijlhoff, G Van Tendeloo and S Amelinckx,
Physica-C, in press.

6. Y Gao, P Lee, P Coppens, M A Subramanian and A W Sleight, Science, 241, 955
(1988).

7. P L Gai et al, Inst Phys (London, UK), Conf Ser 78, ch.12,485 (1985).

We thank W E Farneth, L G Hanna, I R Hartmann, F Gooding, D L Smith, C C
Torardi, C. F. Osier and N R Paglia for their assistance.



THE DEFECT CHEMISTRY OF PYROCHLORE SOLID SOLUTIONS
OF THE TYPE R2(ZrxTi1.x)2O7 with R=Gd, Y
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ABSTRACT

Two pyrochlore solid solutions, Gd2(ZrxTii_x)2Oj and
Y2(ZrxTii-x)2O7, were investigated to clarify the relationships
between composition, structural disorder and ionic and electronic
transport. A defect chemical model was developed based on the
results of electrical and x-ray diffraction measurements.
Frenkel, reduction and bandgap energies were derived.

INTRODUCTION

Pyrochlore compounds show high oxygen ionic conductivity
when they possess the appropriate degree of anion disorder[l-4].
Such high ionic conductivity suggests that they may be useful as
solid electrolytes if their electronic conductivity is
sufficiently low. This study reports the first systematic
measurements of the electronic conductivity of these compounds.

Moon and Tuller[2] described the ionic conductivity of
6d2(Zrq 3Ti0 7)o07 as a function of dopant concentration, derived
a quasi-frenKel coefficient, and determined the concentration and
mobility of oxygen vacancies. They later examined the ionic
conductivity of the solid solutions, Gd2(ZrxTii.x)2O7 or GZT, and
Y^Zr^Ti^jJoOy or YZT[4]. They observed that in GZT compositions
with less than about 25% Zr, oxygen vacancies and accidental
acceptor impurities were the predominant defects. At higher Zr
concentrations, intrinsic anionic disorder led to mutual charge
compensation of oxygen vacancies and oxygen interstitials thereby
resulting in intrinsic oxygen ion conduction.

This paper concentrates on the electronic properties of GZT
and YZT. The trends in the electronic conductivity with
composition are shown and the enthalpy of reduction and thermal
bandgap are derived.

DEFECT MODEL

The electrical data for both solid solutions conform to a
single type of defect model wherein either oxygen interstitials
or acceptor impurities charge compensate oxygen vacancies. The

*Present Address: Intel Corporation, Hillsboro, OR 97210



defect chemistry of pyrochlore compounds can be expressed by
quasi-chemical reactions for frenkel defect formation, reduction,
and intrinsic electron and electron-hole formation:

00
X "> Vo" + Oj" KF = [Vo'JCOi"] (1)

°0X "> V + 2 e' + l/2O2(gas) Kr = [V0"]n
2Po2

1/2 (2)

nil --> e' + h1 K± = np (3)

Electroneutrality requires a balance of charged species. This
balance is expressed, when oxygn vacancies are compensated by
oxygen interstitials:

[V0"] = [Oi*] (4a)

or, when acceptor impurities compensate the oxygen vacancies:

2[V0"] = [A
1] (4b)

Equations (4a and 4b) correspond respectively to intrinsic
and extrinsic oxygen ionic conductivity, or in this system, to
high Zr content and low Zr content. Varying the Zr content thus
enables exploration of the two regimes.

For sufficiently high Zr content (x > 0.25), equation (4a)
applies to the high degree of anion frenkel disorder. Combining
relations (l-4a), we express the total electrical conductivity in
terms of the contribution due to oxygen ions, electrons, and
electron-holes:

° = ai + *e,o(p°2)~1/4 + °h,o<Po2)+1/4

where, a± = 2KF
1/2eyv, oe>o = K^Kf^eu^ and oh>o =

The individual conductivities of the three mobile defects
can be found by empirically fitting measurements of total
conductivity as a function of Po2. In terms of the quasi-
chemical equilibrium constants in equations (1-3), the activation
energies for ionic, electron, and electron-hole conductivities
Ej, Ee and Eh are: E£ = 1/2EF, Ee = 1/2E- - 1/4EF, and Eh = E_ +
1/4EF - l/2Er where EF, Er, and Eg respectively represent the
frenkel, reduction and bandgap energies. This assumes non-
activated electron and electron-hole mobilities[5].

For low Zr content, the degree of anion frenkel disorder is
correspondingly low and unintentionally added acceptor impurities
fix the oxygen vacancy concentration. Equation (4b) then
pertains and the ionic conductivity is extrinsic. Particularly,
the electronic contribution to total conductivity becomes:

oe



Here, the electronic conductivity is explicitly dependent on the
concentration of acceptor impurities.

In both cases, since EF has been found to be negligible
relative to Er[2], the reduction enthalpy and thermal bandgap are
expressed in terms of the activation energies for electrons and
electron-holes, i.e., Er -2 Ee and Eg = Ee + Ejj-

EXPERIMENTAL RESULTS AND DISCUSSION

To accommodate the multicomponent nature of these compounds,
we employed a liquid-mix technique to ensure cation homogeneity
in the final product. Sample preparation and testing conditions,
including use of complex impedance spectroscopy, are detailed in
Ref. 5.

The conductivity data as a function of Po2 and temperature
were fit to equation (5) by an interactive least squares
technique, producing values of the Po2 independent specific
conductivities c^, a Qt and oh _. A representative plot of log
vs log Po2 is shown in Fig. 1 vJith solid curves representing the
least squares fit of the data. Note that this composition is
primarily an n-type electronic conductor at high Po2 and an ionic
conductor in the intermediate regime.

A plot of the n-type electronic conductivity, for Po2 = 1
attn, as a function of composition in both solid solutions is
shown in Fig. 2. For the high Zr content (x > 0.25), the trends
of decreasing electronic conductivity with increasing Zr content
conform to a dilution of the variable valent Ti ions. This would
be expected to systematically decrease the magnitude of KR. In
fact, Er was found to increase in GZT from 4.8eV at x = 0 to
approximately 6.5eV at x = 0.5. Simultaneously KF has been shown
to increase sharply with increasing Zr fraction. Both factors
are predicted in Eq. (5) to lower oe at a given Po, as observed
in Fig. 2. The lower ionic disorder of the YZT relative to GZT
at higher values of x may be the source of the generally higher
electronic conductivity of YZT.

With increasing Zr, the average Ti-Ti ionic separation
distance increases, which decreases the conduction band width.
This must result in a reduction in the electron mobility and
therefore in the conductivity as well.

In the extrinsic regime of low Zr content, the electronic
conductivity reflects the concentration of unintenionally
incorporated acceptor impurities, as predicted by equation (6).
This explains both the marked change in slopes of log a versus x
in Fig. 2 for x < 0.3 and the very different magnitudes in a at x
= 0 for the GZT and YZT solid solutions. Chemical analyses of
these end members are being pursued to isolate the sources of
these differences in background impurity levels.

The bandgap in Gd2(ZrxTii.x)2O7 with x < 0.6 was found to be
4.2 eV with an uncertainty of about ±0.2 eV due to the difficulty
of accurately ascertaining the magnitude and activation energy of
the hole conductivity. The thermal bandgap of Y ^ Z ^ T i ^ K O ^ is
not reported here, as the p-type conductivity was too small to
permit accurate determination.
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A MODEL FOR THE OPTICAL PROPERTIES OF REDUCED CONGRUENT
LITHIUM NIOBATE
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ABSTRACT

A detailed optical absorption study has been performed on a series of
chemically reduced lithium niobate crystals. A threshold absorption above
3.8 eV has been identified as a bandgap excitation, while the entire sub-
bandgap absorption has been demonstrated to be due to a single defect via
optical bleaching experiments. A model based on a bipolaron is proposed to
explain the observed optical properties.

INTRODUCTION

Lithium niobate (LiNbO3) is a technologically important crystalline
material because of its ferroelectric, piezoelectric and electro-optic
properties. Since it can be grown in single crystal form, it has found
applications as a substrate for optoelectronic devices, and as a non-linear
optical material [lj. Laser induced optical discoloration degrades the
performance of these devices, but is itself the basis of holographic storage
devices [2]. Although this laser damage process is well-known, little is
known about the microscopic defect or process responsible. In order to
better understand the microscopic details involved, an optical absorption
study as a function of chemical reduction has been performed.

In its congruent form LiKbO3 is colorless with a bandgap of 3.9 eV.
Following chemical reduction at low oxygen partial pressures and high
temperatures (1300 K) the crystal darkens and exhibits an enhanced electrical
conductivity [3]. Therefore, characterization of the optical properites and
electrical conductivity as function of chemical reduction is important, and
may help in the identification of the process or defect responsible for
optical (laser induced) damage.

Several investigators have studied the high temperature electrical
conductivity, a, as a function of oxygen partial pressure, Po2» and have
found the dependence [3,4,5]:

a a Po2 ~
ifi* . (1)

In the models proposed to explain this dependence two electrons are left o
behind in the crystal for every oxygen atom removed, and the removal of the <•»
oxygen atoms leads to either the formation of oxygen vacancies [4,5] or the n

removal of cation antisite defects present in the congruent crystal [3,6].
Although each model has its merits, the cation antisite model is favored
since it is consistent with the incorporation of lithium deficiency in the
congruent crystal [7].

A study of the conductivity and Hall mobility done by Nagels [8]
suggests that the entity moving at high temperatures in the reduced crystal
is the small polaron (possibly an electron self-trapped on a niobium atom).
If this entity was still stable at room temperature it might be responsible —
for the optical darkening. It should also lead to a Nb^+ electron
paramagnetic resonance (EPR) signal; however, no EPR signal is observed [9].
Therefore, there is the possibility that the small polaron is not directly
responsible for the lower temperature optical properties. The questions
that need to be answered are: (1) what happens to the electrons, produced
by the high temperature reduction treatments, as the temperature is lowered «*
to room temperature and below, and (2) are these electrons (as polarons [8J,



bipolarons [10], or some other lattice defect [9]) responsible for the
observed optical properites". This research will address these questions.

SAMPLES AND EQUIPMENT

The samples used in this study were grown by Crystal Technologies, Palo
Alto, CA, and provided through AT&T Bell Laboratories. All of the crystals
had the faces perpendicular to the c-axis polished to an optical finish.
The samples were cut into bars with dimensions 7.0x14.0x1.0 nun̂  using a low
speed diamond wafering saw.

Reduction treatments were performed in a quartz furnace tube at a
constant temperature of 1000° C. The samples were kept in a flowing gas
mixture which controlled the ambient oxygen content. By changing the
mixture of the flowing gas, the oxygen partial pressure could be varied and
different states of crystal reduction could be attained. The reduction
state of a crystal was determined when the electrical conductivity, measured
on a control sample in the furnace tube, reached a steady value [3]. The
oxygen deficiency in the reduced crystals is small enough that they may be
considered single phase.

Optical absorption measurements in the range 800 nm-300 nra were
performed using a Cary 118 spectrophotometer. Sample temperatures as low as
83 K were achieved using an Air Products cold-finger cryostat mounted
directly on the spectrophotometer.

Optical bleaching treatments were performed using a 200 Watt Hg-Xe arc
lamp. The output of the lamp was directed through an optical filter and
into a grating monochromator. The output of the monochromator was focused
onto the sample using a lens. Optical bleaches were performed with 20 nm
bandwidth at 25 nm intervals in the range 675 nm-325 nm.

EXPERIMENTAL DATA

The optical absorption results for room temperature measurements on
reduced samples can be described as having a bandgap threshold absorption
near 3.8 eV, and a complex broad band absorption featuring a peak at 2.4 eV.
Optical bleaching with visible-near UV light at room temperature produced no
change in the absorption spectra.

The optical absorption results for 88 K are similar to the room
temperature results, and the spectra for an unreduced sample and a sample
reduced at P02 • 10~8«3 atm are presented in Figures l(a) and l(b). There
is a shift of the bandgap threshold to higher energy (approximately 0.15 eV),
and a narrowing of the broad band peaked absorption. A visible wavelength
optical bleach of a reduced sample at 88 K shifts the position of the broad
absorption from 2.4 eV to 1.6 eV, and significantly reduces the absorption
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Figure 1. Optical absorption
data taken at 88 K.
(a) unreduced sample
(b) sample reduced at

P02 * 10~8«3 atm
(c) sample in (b) optically

bleached at 325 nm
for 30 minutes

1.5 2.4 3.3

PHOTON ENERGY (eV)

4.2



Figure 2. Bleaching difference
spectra calculated from 30
minute optical bleaches at
325 nm and 575 nm. T - 87 K
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near the bandgap threshold. The result of a 325 nm bleach is shown in
Figure l(c). If the sample is warmed to room temperature the original
unbleached spectrum is restored. All of these results are similar to those
previously reported [ 9 ] .

Two studies of the bleaching process were done for fifteen excitation
energies within the bleaching wavelength range 675 nm-325 nm. In both
studies, the sample temperatures were held at 87 K for the bleaching and
measurement process. The first study consisted of obtaining absorption
spectra both before and after a thirty minute optical bleach at a given
wavelength (isochronal bleach). At each bleaching wavelength a difference
curve was obtained by subtracting the spectrum of the unbleached state from
that of the bleached state. Examples of these difference curves are shown
for bleaching wavelengths 575 nm and 325 nm in Figure 2. The second study
consisted of thirty intervals of one minute optical bleaches at a given
wavelength (bleaching kinetics). Values for the absorption coefficient at
800 nm and the bleaching wavelength were obtained after each single minute
bleach. Data for bleaching wavelengths 575 nm and 325 nm are shown in
Figure 3. Generally, the 800 nm absorption (chosen to be representative of
the growth of the 1.6 eV absorption peak) increased monotonically with time
for all wavelength bleaches, while the rate at which it reached a steady
value varied with the bleaching wavelength.

DATA ANALYSIS

The strong absorption above 3.8 eV at room temperature (295 K) can be
described by Urbach's rule [11]. This is expected for a bandgap threshold
absorption. A fit of the room temperature data for all the reduced samples
in this study gave the values:
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Figure 3. Bleaching kinetics
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done at 325 nm and 575 nm.
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a - (2.99 + 1.62) x 10"31 exp((18.91 + 0.22) x E). (2)

The spectra taken at 88 K did not exhibit a consistent exponential absorption
tail, which is consistent with the removal of thermal broadening necessary
for the application of Urbach's rule. Results similar to these have been
found for stoichiometric LiNbC>3 by Foldvari, et al. [12].

The sub-bandgap absorption between 1.6 eV and 3.8 eV at 295 K (1.6 eV
and 3.9 eV at 88 K) increased monotonically as the oxygen partial pressure of
the reduction treatment decreased. As was mentioned in the introduction, the
mobile electron density also increased monotonically as P02 " ^ * [3,4,5]. If
the sub-bandgap absorption is produced by defects which have trapped the
carriers which are mobile at 1300 K, then the area underneath the absorption
spectra should vary as P02 ~ 1 / 4 . The integrated spectral absorption areas
from the reduced samples were corrected by subtracting the integrated
absorption area of the unreduced sample, which effectively removed the
bandgap absorption. This result was normalized by dividing by the
integrated area of the unreduced sample. In this way the change in the
absorption due to the reduction treatment was isolated. A log-log plot of
the normalized area versus reduction atmosphere is shown for data taken at
88 K in Figure 4, along with electrical conductivity data from Limb, et al.
[3]. The slopes found from the normalized area data are consistent with
slope -1/4. These results suggest that the defects responsible for high
temperature transport are directly related to those responsible for the
optical absorption at lower temperatures.

The difference spectra obtained from the isochronal bleaching data
retained a shape independent of the bleaching photon energy. These data
also showed that bleaching for short times at higher energies produced the
same effect as bleaching for long times at lower energies. This suggests
that the bleaching mechanism is the same for all bleaching wavelengths, and
that this mechanism can be thought of as the destruction of the defect
responsible for the 2.4 eV broad band absorption with the correlated
production of the defect responsible for the 1.6 eV absorption peak.

Using this assumption, along with the bleaching kinetics data, a
conversion cross section can be calculated for the bleaching process. For a
thin crystal, the change of the absorption coefficient, da, in a bleaching
interval, dt, can be calculated from:

da - - ( a - ao ) I a dt (3)

where ao is the infinite time value of the absorption coefficient (in cm"
1),

I is the incident bleaching photon intensity (in photons cm"2 sec"1), and o
is the conversion cross section (in cm 2). The intensity is assumed to change
within the thickness of the sample as:



dl - I o dx (4)

These coupled differential equations are difficult to solve analytically for
a sample of finite thickness; however, by dividing the thick sample into
smaller slabs and iterating over short time intervals arbitrarily accurate
solutions can be obtained numerically. Numerical results for bleaching
wavelengths of 575 nm and 325 nm are shown with the experimental data in
Figure 3. The parameters obtained from such a numerical simulation are the
conversion cross section, a, and the infinite time value of the absorption

coefficient, ao. The conversion cross sections calculated from the data
this study are shown in Figure 5 for one reduced sample.

in

DISCUSSION

As was mentioned earlier, the high temperature electrical conductivity
has been attributed to the motion of small polarons. Schirmer has proposed
that as the temperature is reduced to room temperature two small polarons
combine to form a bipolaron [10]. This is possible if the energy gained
from lattice distortions is enough to overcome the electron-electron
repulsion. Since the electrons are paired there will be no EPR signal
associated with the bipolaron. The bipolaron can then be broken by thermal
energy (heating) or by optical excitation [10].

The physical structure of LiNbO3 has the cations arranged along the
c-axis as: Nb,Li,V,Nb,Li,V where V represents a vacant interstitial
site [1]. In the model for a congruent crystal, six percent of the Nb atoms
sit on Li sites [7]. This would give arrangements such as Nb,Li,V,V,Nb,V,
Nb.Li.V , and Nb,Li,V.Nb,Nb,V,Nb,Li,V,... [6]. The small polaron is
assumed to be an electron self-trapped on a Nb atom [13]. If two small
polarons, centered on the Nb atoms separated only by a plane of oxygen atoms.
(....V.Nb.Nb.V,... in the sequence given above), have a sufficient wave
function overlap, then a bipolaron may be a stable configuration.

The results obtained in this study are consistent with the proposed
bipolaron model. We suggest that there are three components of the
optical absorption. First, there is a bandgap threshold absorption above
3.8 eV. Second, there is a resonance absorption corresponding to a bound-
to-bound transition. This is tentatively assigned as a transition of one
electron to an excited state within the self-induced potential well of the
bipolaron. We suggest that this is the 2.4 eV "color center" absorption.
Third, and finally, there is the ionization of one of the electrons to the
conduction band leading to a monotonically increasing absorption as shown in
Figure 5. This third absorption feature is proposed to be the optical
breaking of the bipolaron, and is supported by the appearance of a Nb 4 + EPR
signal [9]. We suggest that the ionization process produces two equivalent
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Figure 5. Ionization cross
section versus bleaching
photon energies. Cross
sections were calculated as
described in the text.

1.5

PHOTON ENERGY (eV)



single electron defects (polarons), and that the Nb^+ EPR signal ar.d the
optical absorption peak at 1.6 eV both result from these isolated defects.
At room temperature the ionized electron may recombine with a single
trapped electron to form a bound electron pair, but at cryogenic
temperatures low electron mobililty might not allow the ionized electron to
find an unpaired electron to pair with. This would account for the strong
optical bleaching of the bipolaron at low temperatures. Also, the
conversion cross section data show that the bleaching is most effective in
the spectral region above the broad absorption band, emphasizing that the
broad absorption at 2.4 eV may not be due to the breaking of the proposed
paired electron defect.

SUMMARY

We have proposed a model for the optical absorption spectrum of reduced
congruent LiNbC>3. The strong threshold absorption above 3.8 eV has been
identified as a bandgap absorption through the application of Urbach's rule.
The sub-bandgap absorption is tentatively proposed to represent a bound-to-
bound transition within a paired electron defect (possibly a bipolaron) plus
an ionization corresponding to an excitation of one of the bound electrons
to the conduction band. The ionization process is primarily responsible for
the optical breaking of the bipolaron at low temperatures, producing two
equivalent isolated polarons for every bipolaron destroyed.
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ABSTRACT

We report here the nature of the hole traps in singly doped (Ce3+, Tb 3 +

or Sm3+) and doubly doped (Ce3+ or Eu 2 + and Sm3*) MgS. Ce 3 + switches its
role from electron trap to hole trap when Sm is added to the host.
Stimulated luminescence involving these hole traps are presented. On
codoping with monovalent Li+ or Na+ ions V type hole centers can be
significantly reduced in MgS doped with the trivalent ions.

I. Introduction

Self-trapped hole centers known as V^ centers and interstitials
associated hole centers known as H centers are efficiently created by
ionizing radiation in alkali halidesFlJ, alkaline earth fluorides[2J and
other fluorides with perovskite structures["3,4] . V^ centers are stable at
low temperature. Over the temperature range where the fundamental emission
from the V^ centers disappears, non-radiative recombination of electrons-
holes at the V^ centers produces H center - F center (anion vacancies with
an electron trapped at each vacancy) pairs. However, in alkaline earth
oxides with trivalent ion impurities, ionizing radiation produces
V centers[5-8J (a cation vacancy with a trapped hole shared by an adjacent
oxygen ion), which are stable for a few hours at room temperature. Thermal
destructions of the V centers in alkaline earth oxides occur at
-100°C with associated thermoluminescence.

Our studies in alkaline earth sulfides reveal that, like in alkaline
oxides, V centers are produced in alkaline earth sulfides_ when doped with
the trivalent ions and exposed to ionizing radiation. V centers are most
efficiently created in MgS MM, where the charge compensation appears to be
attained predominantly by the cation vacancies. In CaS, the charge
compensation can be attained by the sulfur interstitialsFlo] also. MgS

doped with the trivalent ions Ce , Tb , or Sm shows a
thermoluminescence (TL) peak at -75 C. However, in MgS doped with the
divalent Eu ions, where no charge compensation is necessary, the TL peak
at -75 C is not observed. A higher temperature TL peak at -200°C is
observed when this material is doubly doped with Ce(Eu),Sm. It is the
higher temperature TL peak which makes this material ideal for storage
devices and radiation dosimeters. However, the lower temperature peak is
the cause of concern as it fades with time posing the problem of
reproducibility. In this paper, we will present our results of codoping
with Li+ or Na+ which substantially reduces the intensity of the lower
temperature peak. We will also discuss the stimulated luminescence
involving these traps and present the interesting role of Ce 3 + in singly
and doubly doped materials.



II. Experimental

Magnesium sulfide was synthesized from anhydrous magnesium sulfate by
CSo reduction in the presence of argon. Details of the growth, doping, and
the preparation of the experimental samples have been described
elsewhere[9,111. Thermoluminescence measurements were made using a
Harshaw reader, Model 2000 B and C. The samples were irradiated by
ionizing radiation at room temperature, using a Hg vapor lamp or a 60W
deuterium lamp in conjunction with a 200nm interference filter. The
heating rate was 5°C/sec in each case and the TL glow curves were recorded
by an X-Y recorder. The study of the spectral dependence of the emissions
from the TL peaks was performed by heating the sample near the TL peak on a
hot plate. The sample mounted on a brass disc was placed on the hot plate
and a thermocouple was attached to the disc to record the temperature. The
TL and the OSL emissions were detected by an EG&G PARC optical multichannel
analyzer. To improve the signal-to-noise ratio, the silicon diode array
was cooled to -25 C. Prior to an OSL measurement, the sample was exposed
to a selected wavelength of light from a 300 watt Xenon lamp in conjunction
with an Instruments SA, Inc. monochromator. A 1.06/im Nd:YAG laser was
used for optical stimulation.

III. Experimental Results and Discussions

Figure 1 shows the TL glow curves of MgS:Ce3+, MgS:Tb3+, and MgS:Sm3+

after the sample was exposed to ionizing radiation at room temperature. In
all three cases the TL peaks are observed at ~75 C. TL emissions at
-75°C are shown in Figure 2. TL emission can be recognized as the
emission of the respective dopant[9j. In the case of Tb and Sm doped
samples, the emission is the 4f-4f Tb and Sm emission, respectively.
In the case of the Ce doped sample, the emission is the well known

2 T 2 (5d)- 2 F 5 / 2 ,
 2 F ? / 2 doublet Ce3+ emission.

The above results suggest that the V centers are created in these
trivalent rare earth doped phosphors after the samples are exposed to
ionizing radiation. When a trivalent ion replaces a divalent Mg ion, a
charge compensation is necessary in the lattice. This charge compensation
is attained by a cation vacancy formed for every two trivalent ions that
enter into the lattice. The charge compensation in the fora of sulfur
interstitial is unlikely because of the large size of the S^~ ions
(1.84A*) in a lattice which is already distorted by the replacement of the
smaller Mg Z + ions (0.66$) by the larger Ce 3 + (1.0348) , Tb 3 +

(O.923A1) , and Sra3+ (0.964&) ions.
When these materials are exposed to ionizing radiation, band to band

excitation takes place, i.e., an electron is excited from the valence band
to the conduction band. .This electron is subsequently trapped by a
trivalent rare earth ion Sra (or Ce or Tb ) which possesses a positive
charge locally and acts as an electron trap. The hole that is left behind
is then trapped by a cation vacancy, the hole being shared by the next
neighbor sulfur ion forming a V center. The thermal destruction of these
V centers occurs at ~75 C marked by a thermoluminescence peak at that
temperature. The released holes from the V centers recombine with the
trapped electrons at the trivalent ions resulting in a luminescence which
is characteristic of the trivalent ion present in the lattice.
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Figure 3 shows the TL glow curves of MgS doubly doped with Ce(Eu),Sm
subsequent to irradiation by ionizing radiation at room temperature. In
each case, there is a high temperature TL peak at -200 C. When optically
stimulated by a Nd:YAG laser subsequent to exposure to ionizing radiation
and annealing over the ~75 C peak, the emission results which is the
characteristic Ce (or Eu Y emission[ll]. However, thermal stimulation
at -2Q0 C results in the Sm emission indicating the hole released from
the Ce (Eu ) hole traps recombines with the trapped electrons at the
Sm3+ ions. It is interesting to note that in the case of MgS:Ce , Ce3+

acts as an electron trap whereas in the case of MgS doubly doped with the
Ce 3 + and Sm ions, Ce acts as a hole trap.

"2



Optically stimulated luminescence can also be observed in MgS:Eu,Sjn
subsequent to exposure to room light. Room light excites the

8S (4f) - t2 transition of Eu2+. Eu2+ has absorption bands [l2] with

peaks at ~265nra and -480nm. These are due to the transitions from the

8S (Af) ground states to the eg(5d) and t2g(5d) levels. The 5d level of

the Eu2+ ions splits into e and t2g levels in 0^ symmetry. Since the t2g

level lies below the e level in 0^ symmetry, therefore, ionization from

the t, level to the conduction band is highly unlikely. This indicates

that Eu -• Sm electron transfer takes place without involving the
conduction band and very likely results from a tunneling process. Figure 4
shows the OSL subsequent to exposure to 500nra light at room temperature and
at 77K. We have observed that the 500nm light generates the most intense
OSL. At 77K, the .intensity of Eu2+ OSL emission decreases drastically
suggesting that Eu -• Sm electron transfer by tunneling is favored at
room temperature. Besides the Eu emission, two emission bands peaked
at -495nm and -440nm are also observed, the intensity of both increases at
77K. Since the V type centers are more stable at 77K and the OSL involves
recombination of stimulated electrons from the Sm ion electron traps,
with the holes trapped at other sites, it is speculated that both these
emissions involve hole centers. One of these is possibly due to the
V centers and the other is due to the V° (cation vacancies with two holes
trapped at each vacancy) centers.

On heating over the -75 C TL peak subsequent to exposure to 500nm
light, the -4?5nm and the ~440nm emissions are not observed[l3j in the
OSL spectrum, but the Eu emission was still observed. This further
supports our speculation that these emissions are due to the V type hole
centers. Our recent study[l4] of low temperature TL in this material
shows TL peaks at ~85K and at -240K. Therefore, phosphorescence may be
part of the observed emissions at -495nm and ~440nm. A further study is
in progress to understand more about the trapping and the luminescence
mechanism of these lower temperature TL peaks in this material.
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FIG. 4. Optically stimulated
luminescence in MgS:Eu,Sm
subsequent to exposure to
500nra light.
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In order to reduce the V centers in the sample we have codoped
MgS:Sm3+ with raonovalent Li+ or Na+ ions. A significant reduction in the
-75°C TL peak is observed. This is shown in Figure 5. Since, a Li+ ion
(0.68A*) has a comparable size with a Mg ion, Li+ enters into this
material more effectively than the Na+ ions, and compensates for the charge
imbalance due to the Sm ions. As such less cation vacancies are formed
in the lattice and thus the concentration of the V centers is reduced.
This result has a great implication in the use of this material in
radiation dosimetry, where the -75°C TL peak is undesirable because of its
fading at room temperature.

IV. Summary:

We have shown the evidence of hole traps and V type centers in rare
earth doped MgS. We have also discussed the stimulated luminescence
involving these hole traps. We have presented the results of our
successful effort to quench the undesirable lower temperature -75 C TL
peak by reducing the V type centers in this material.
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DISLOCATION-IMPURITY INTERACTION AND ITS EFFECT

ON SEMICONDUCTOR PROPERTIES
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ABSTRACT

The results confirming a significant role of dislocation-impurity
interaction in changing local properties of plastically deformed semicon-
ductor crystals have been presented.

INTRODUCTION

It is well known that the properties of plastically deformed Si are
considerably dependent on temperature and duration of the deformation
as well as those of subsequent annealing. This dependence is observed
when studying the Hall effect fl,2j, photoconductivity [l J, photolumines-
cence/37, DLTS spectrum /4-7J and EPR signal /* 5,1 ] and has been
interpreted by dislocation cores reconstruction [5] or a change in states
of point defects formed during plastic deformation / 4 j . However, when
analyzing the effect of dislocations on the properties of semiconductor
crystals one should not ignore their interactions with other defects of a
crystal lattice which alter the properties of dislocations themselves and
those of defects interacting with them. The formation of intrinsic point
defects upon plastic deformation followed by their annealing is only one
of such mechanisms.

The dislocation-impurity interaction accounts for the dependence
of plastically deformed Si on the as-grown crystal impurity content
found in a number of papers /"l,2,8j. The present paper offers results
indicative of interactions between dislocations and impurity atoms to the
formation of properties of local regions in semiconductor crystals adja-
cent to dislocations and dislocation slip planes. The processes occur-
ring in dislocation impurity atmospheres are discussed.

Properties of dislocation impurity atmospheres in Si

We note primarily the fact that changing in the behaviour of a
plastically deformed crystal under thermal treatment is rather complex
and cannot be explained within the frame of one mechanism only. This
is, in particular, corroborated by nonmonotonic dependences of charge
carrier concentration (Fig.l, curve l ) , the magnitude of eiectret charge

' retained on dislocation centers f9j(Fig.l, curve 2) and dislocation EBIC
contrast (Fig.2) on thermal treatment conditions. Besides, the
dislocation properties depend significantly on dislocation density and
impurity content. For instance, their donor action has been observed
in n-Si at fairly low dislocation densities [2 ]. It was found that disloca-
tion donor centers were formed near dislocations and their concentration
correlated well with tine magnitude of starting stresses for the motion
of individual dislocations and depended on the dislocation velocity during
deformation and on cooling conditions. On quenching deformed specimens
no donor centers were formed while a similar thermal treatment and
subsequent quenching had no effect on those formed earlier. These
results can be explained only under the assumption that dislocations
gather impurity atoms to form impurity atmospheres in which more com-
plex centers may be formed including dislocation donor centers as well.
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Fig.l. The dependence of charge carrier concentration
at 300 K (curve l ) and the magnitude of the
electret charge (curve 2) in plastically deformed
Si on deformation temperature.
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Fig.2. The dependence of the EBIC contrast
of a 60°-dislocation introduced at 625°C
in n-Si<Au> on annealing temperature.

Changes in the properties of the crystal region adjacent to the disloca-
tion during thermal treatment are likely to be due to the reactions of
complex formation containing, first of all, oxygen atoms. Studies on

Au-doped Si revealed [8] that during thermal treatment gold atoms
accumulate on dislocations to convert to an electrically active state
(Fig.3), the recombination behaviour of the region adjacent to the dis-
location differing markedly from those observed in Si without gold (Fig.2).
It should be noted, however, that though the gold accumulating on the
dislocation alters its properties and those of the regions adjoining



dislocations it, in fact, has no effect on the dislocation DLTS spectrum.
A similar result is observed for oxygen atoms in the case of the forma-
tion of dislocation donor centers. Yet, the interaction between disloca-
tions and hydrogen modifies the deep level spectrum to a great extent
(Fig.4).

CM

ZOO 280 T,K
Fig. 3. The DLTS spectrum in

Au-doped n-Si after deforma-
tion at 650°C (>>T

n«° 106cm"2)
(curve 2) and subsequent

annealing at 750°C (curve 3)
and 850°C (curve 4). Curve 1
shows the DLTS spectrum of
the undeformed specimen.

Properties of dislocation slip planes

Since dislocation impurity atmospheres are formed even duri ng
dislocation motion, the complexes formed in those atmospheres remain
behind the moving dislocations. This causes marked changes in the
properties of the regions adjacent to the dislocation slip planes. As
a result, the crystal regions adjoining the slip plane acquire the pro-
perties of two-dimensional defects which are revealed by selective
chemical etching and affect the mobility of charge carriers [ 10 J and
their lifetimes 111] as well as dislocation mobility /*12j. In a number
of cases we succeeded in revealing a correlation between the proper-
ties of slip planes and impurity content of the crystal. For instance,
their influence on electron mobility is considerable in CZ-Si and un-
observable in FZ-Si. Studies of slip plane recombination activity have
shown its dependence not only on the impurity content but also on the
type of dislocation responsible for this effect. All this supports the
assumption about the relation between the properties of dislocation slip
planes and dislocation-impurity interaction.

Dislocation-impurity interaction in other semiconductor crystals

Even though the results reported have been obtained on Si crys-
tals, similar processes are likely to occur ir\ other semiconductor crys-
tals. Thus, deformation of n-type GaAs crystals with a concentration
^n" 2 101(3 cm~° and that of EL2-centers 1016 cm"3 at 450°C dis-
played that at the same degree of deformation the effective concentra-
tion of dislocation acceptor centers in LEC CaAs crystals is much
higher than that in HB GaAs. 3% deformation, for example, decreases



the effective donor concentration down to 1 101<5 cm"3 in HB GaAs and
to 1.5 1015 cm in LEC GaAs. The dependence of the effect of plastic
deformation on growing techniques was observed in CA HgTe crystals
as well. The change of the properties of regions adjacent to dislocation
slip planes was observed in Ge /"ioj, GaAs [ l3 ] and CdS [14].

120 280

Fig. 4. The DLTS spectrum after deformation
at 625°C (ND = 106 cm"2) (curve l )
and subsequent treatment in hydrogen
plasma at 300°C for 30 min. (curve 2).
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ABSTRACT

A laser method for non-destructively mapping the distribution of aluminum-hole centers,
Al-h, in quartz has been developed utilizing an aluminum-hole A3 absorption band nearly
coincident with the He-Ne 632.8 nm wavelength. Al-h distribution for quartz sample with
varying aluminum concentration compared with coloration and the dose dependence of com-
peting aluminum compensation mechanisms Al-h and Al-OH is determined. From a com-
parison with electron spin resonance(ESR) results an approximate absorption coefficient cali-
bration of 0.1 crrr'/ppm Al-h is found.

INTRODUCTION

The principal impurities introduced during hydrothermal growth of synthetic quartz are
an aluminum-metal center, Al-M, formed when an aluminum atom substiturional in a silicon
site is compensated with an alkali ion (Li.Na) and grown-in OH, a hydrogen atom adjacent
to an oxygen site. The presence of these impurities introduces detrimental frequency offsets
in quartz resonators when operated in a radiation environment. Mechanical defects such as
inclusions, bubbles, pipes and cracks can also cause problems in the manufacture and elect-
roding of resonators. Ionizing radiation dissociates Al-M and OH and forms either Al-OH or
Al-h, a hole trapped at a non-bonding oxygen ion, depending on the amount of hydrogen
available in the crystal. Electrodiffusion (sweeping), the application of electric fields of *the
order of 1000 voltycm at about 500 °C, in either an air or vacuum environment, is used to
purify quartz by removing the alkalis. Al-OH and Al-h result from the vacuum process.

Experimental techniques to characterize the defects in quartz are well-established and
reviewed in many publications[l] to [4], Nevertheless, there is a need for non-destructive
techniques to characterize all the aluminum-related defects, as well as mechanical defects, Li
localized regions over an entire quartz bar, prior to resonator manufacture. Low temperature
infrared spectroscopy is useful for scanning large crystals normal to the growth axis to sensi-
tively monitor grown-in OH and Al-Oh produced by irradiation or electrodiffusion[5], but
the established techniques of visible spectroscopy and ESR for determining Al-h concentra-
tion are not easily applicable to non-destructive examination of localized regions.

Recently, low temperature optically detected magnetic resonance measurements at 1.6 K
have shown that the A3 band associated with Al-h has peaks at 2.85 eV (436 nm) and 1.96
eV (633 nm) with respective half-widths of 1.0 and 0.55 eV for n polarization[6J. Even
though these peaks are considerably broadened at room temperature, strong absorption is
present at the He-Ne laser wavelength of 632.8 nm and the argon laser wavelengths of 488.0
and 514.5 nm. We have previously used a He-Nc laser method to measure localized Al-h
concentration over large sections of quartz crystals[8]. In this paper, we utilize this technique
to measure Al-h concentration and irradiation dose dependence for samples with varying
aluminum and OH concentrations. Infrared measurements are used to determine concentra-
tions of hydrogen-related impurities. An attempt is also made to separate inclusions and sur-
face defect scattering from Al-h absorption.

EXPERIMENTAL PROCEDURES

The quartz samples used for this investigation were rectangular in shape, between 1 and
2 cm in size with parallel x, y, and z faces. All faces were polished flat, with 10 seconds of
arc or better parallelism and were essentially free of scratches. This paper reports results on
samples from Sawyer Research Products (SARP) Premium-Q and High-Q z-growth runs,
BH-A and E42-21, respectively. The High-Q material was grown without the lithium salt
additive used for Premium-Q growth and has a high sodium content. Variations in aluminum
concentration were estimated from ESR measurements made on sections cut from the sam-
ple, or in some cases sections adjacent to the to the sample[5]. Since ESR samples are small,



2.5x2.5x8 mm sections, the full aluminum variation across the sample is not determined by
this technique unless the entire sample is sectioned. The BH-A sample aluminum concentra-
tion varied from 3.7 to 7.6 ppm, while an adjacent sample was found to have 11 ppm. The
E42-21 aluminum concentration measured from an adjacent sample varied from 1.5 to 8
ppm. The experimental laser absorption set-up consisted of a randomly polarized 2 mw
632.8 nm He-Ne laser, a sample holder and positioning equipment and a silicon detector.
The laser beam width was .67 mm at 1/e2 with a divergence of 1.2xlO~3 radians. The sample
was mounted on a linear x, y positioning stage driven by a 1 micron/step motor. The posi-
tioning stage was actuated by an Aerotech Unidex IIIA motion controller operated from a
Hewlett Packard series 310 computer. The transmitted laser beam was measured with a cali-
brated E.G. and G. Gamma Scientific silicon photovoltaic detector with a circular sensitive
area of 1.0 cm"1 and a surface uniformity of < 1%. The power meter had a range of 10"* to
10r2 watts with a readout accuracy of \% and stability and repeatability of better than \%.
The computer was also used to receive the detector signal voltage, and store and plot the
data.

Absorption values were calculated from transmitted power I/Io ratios using the crystal
reflectivity value at the laser wavelength. Scan data across the sample was taken for each 0.1
mm reading while scan heights were variable, usually at 2 to 3 mm intervals. Since most of
the defect variation occurs along the z- or growth axis, scans were taken between the +z and
-z faces.

Infrared transmissions were measured between 3100 and 3700 cm"1 with the focused 1.5
or 3 mm beam of a Nicolet 170SX Fourier spectrophotometer. The sample was mounted
inside a Dewar cooled to 85 K and scanned normal to the z-axis between the +z and -z faces
with the unpolarized infrared beam parallel to the crystal z-axis (E//z). The peak absorptions
of the strong narrow 3581 cm"1 and the 3366 cm"1 bands are used to monitor relative
changes in grown-in OH and irradiation-produced A1-0H respectively. More detailed
descriptions of the infrared bands, measurement method, and polarization dependence of the
bands, are given in our previous publications^].

The E42-21 and BH-A samples were irradiated at room temperature with the RADC
"Co source using successive doses to obtain 20, 50, 80, 100, 200, 250, 500, and 1000 krad
total irradiation at a dose rate of 0.5 krad/min. Another BH-A sample was successively irra-
diated to 1.6 Mrad and air swept. A much higher dose rate of 76 krad/min was used for the
1.6 Mrad dose. Air sweeping was performed at Rome Air Development Center(RADC) at
500 °C with an electric field of 1000 v/cm.

RESULTS AND DISCUSSION

The crystal and laser beam orientation and a comparison of 632.8 nm He-Nc laser
absorption with the coloration produced by a 500 krad MCo irradiation are shown for sample
E42-21 in Fig. 1. Fig. la shows the laser beam direction, the scan positions as the beam
traverses the sample between the +z and the -z faces, the y-axis beam position and a -x, +y,
+z orientation bevel. The coloration of the crystal shown in Fig. lb for the y, z face darkens
toward the -z side of the crystal. Absorption measurements with the beam along the x-axis
show increasing values between the 2 and 12 mm z-positions corresponding to the change in
coloration. The absorption gradient across the sample is relatively uniform for the 3, 6, 9,
and 12 mm y-positions. From Fig. Id it can be seen that the coloration for the x, z face
darkens toward the -z side of the crystal up to the 12 mm x-position. At the 15 and 18 mm
positions the crystal is more uniformly darkened across the z-axis. With the beam along the
y-axis (Fig. lc), a steeper absorption gradient is also observed for the 3, 6, 9, and 12 mm x-
positions than for the 15 and 18 position. While the changes of coloration which correspond
to Al-h defect concentration variations are difficult to observe visually for this sample, 632.8
nm absorption gives a sensitive mapping of Al-h distribution in terms of absorption inten-
sity. For this sample the strongest variation in Al-h distribution is in the z-growth direction.

Al-h concentration variations can be seen in more detail from the absorption data of Fig.
2 for sample E42-21 irradiated to 500 krad. The scans of Fig. 2a between the +y and -y
faces were made with the beam along the x-axis at z-positions 3, 6, 9, and 12 mm from the
-z face, Approximately twice the absorption is observed at the 3 mm z-position, close to the
-z face compared to that at 12 mm, close to the +z face. Absorption, between the +y and -y
faces is relatively uniform except for strong local variations found between 3 and 7 mm
from the -y face, at 6 and 9 mm z-positions. These variations are also observed between
the +x and -x faces at the same z-positions.



Almost the same absorption of 0.26 to 0.27 cm"1 is observed for the 3 mm z-position with
the beam along cither the x- or y-axis. Absorption measured in the x-direction at the 12 mm
z-position has values between 0.13 and 0.15 cm"1 which is actually the average of larger
variations between 0.12 to 0.18 cm"1 measured in the y-direction.
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Figure 1: 632.8 nm absorption coefficient values ax and ar measured as a
function of position along the z-axis for quartz sample E42-21 after a 500
krad "'Co irradiation, compared to crystal coloration.

Fig. 3 shows Al-h irradiation dose dependence for sample E42-21. Up to 150 krad
absorption is relatively uniform with position between the +z and -z faces. Between 200 and
1000 krad the absorption increases toward the -z face. The dose dependence for grown-in
OH and A1-0H is shown in Fig. 3b. 3581 cm"1 absorption varies from 0.065 to 0.13 cm"1

between the +z and -z faces, indicating a factor of two in OH concentration. The OH
remaining in the sample is uniformly distributed at 50 krad and is then depleted by further
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irradiation dose. After OH depletion, there is no appreciable change in 3366 cm"1 absorption
between 100 and 1000 krad, evidence that Al-OH is saturated. With no further OH available,
Al-M centers dissociated by irradiation no longer form Al-OH, and Al-h is the only compen-
sating mechanism. The factor of two in 632.8 nm absorption at 1000 krad irradiation
between the +z and -z faces is an indication that aluminum concentration also varies by
amount. A z-plate adjacent to the +z face of the sample E42-21 was cut from which ESR
samples were fabricated. From ESR measurements, Al-h concentrations of 0.20 and 0.53
ppm, respectively, were determined for 50 and 90 krad irradiations. Both samples had 1.5
ppm aluminum concentrations. Absorption values of 0.020 cm"1 at 50 krad and 0.055 cm'1 at
90 krad were found for the sample regions closest to the +z face. From this data a calibra-
tion value of 0.1 enr'/ppm Al-h can be obtained, close to the approximate value of 0.08
enr'/ppm previously obtained from a vacuum swept sample of BH-A[8].

Although 632.8 nm absorption is proportional to Al-h concentration, surface scratches and
other growth defects such as bubbles, pipes and cracks can scatter the transmitted laser beam
and produce an apparent absorption. Al-h absorption measured between the +z and -z faces
of sample BH-A after 1 Mrad irradiation is shown for the beam along the x-axis in Fig. 4a
and along the y-axis in Fig. 4b. Similar absorption behavior is observed along the z-axis,
low values from the +z face to about 10 mm and then a sharp increase from 10 mm to the
-z face, for 4, 6, and 8 mm scan positions with the beam in either direction. The increase in
Al-h is evidence of higher aluminum concentration in this region. The sample was annealed
for 4 hrs at 370 °C to remove the Al-h defects and then re-measured at all of the same posi-
tions to obtain the background absorption. A comparison of the Al-h and background
absorption can be used to ascertain which peaks are due to Al-h variations and which are
due to inclusions and surface defects.
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Figure 4: Mapping of 632.8 nm Al-h absorption coefficient for sample
BH-A after a 1 Mrad "Co irradiation, and background surface defect and
inclusion scattering obtained after a 4 hour anneal at 370 °C.

An adjacent BH-A sample was given the series of 1.6 Mrad irradiation and air sweeping
treatments designated in the caption of Fig. 5. The initial OH distribution aJong the z-axis
determined from 3581 cm"1 absorption is shown by the dashed line and the final distribution
after the irradiation and sweeping by a solid line. Dissociation by irradiation and movement
by sweeping deplete OH at the +z end and the OH distribution is shifted toward the center
of the crystal. Al-OH distribution follows that of the OH except for the increase in the
region between 10 and 15 mm along the z-axis where the aluminum concentration is higher.
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Figure 5: Quartz BH-A, initial OH
distribution and OH, AI-OH and
Al-h distributions measured in the
y-direction after irradiation and
sweeping processes:

1) irradiated 1.6 Mrad "Co
2) air swept 5 days
3) irradiated 1.6 Mrad "Co
4) air swept 7 days
5) irradiated 1.6 Mrad "Co

Al-h absorption is strong close to the +z end of the crystal where OH is depicted. While
Al-h was produced in the higher aluminum region of the irradiated BH-A crystal of Fig. 4,
the additional OH brought into this crystal by air sweeping produces AI-OH as the prom-
inent defect.

CONCLUSIONS

He-Nc 632.8 nm laser absorption is a sensitive non-destructive technique for mapping
the Al-h distribution produced in quartz samples by irradiation. Combined with low tempera-
ture infrared measurements made over the same sample regions, all of the aluminum-related
defects formed when Al-M centers are dissociated by irradiation can be characterized and
localized distribution of aluminum impurities can be determined. Contributions to apparent
Al-h absorption by surface defects or inclusions can be separated by laser measurements
prior to irradiation or after annealing the sample at 370 °C for a few hours. The method
should be applicable to mapping impurities in materials other than quartz when a laser
wavelength is nearly coincident with one of the impurity absorption bands.
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ABSTRACT

The structural properties of the TiO™ - NbO» solid solution have been
investigated experimentally by the time-or-flight neutron diffraction method.
It is found that 1) the position parameter for oxygen ions decreases linearly
with increasing Nb concentration, 2) the four short metal-oxygen distances
increase linearly with increasing Nb concentration, while the two long distances
reir.ain constant, 3) the metal-oxygen-metal bond angle,OC , exhibits.a noticeable
deviation from that found in rutile at low Nb concentration, 4) Nb occupy
both regular cation and octahedral interstitial sites at low Nb concentration,
but Ti ions are increasingly squeezed out from the regular cation sites to
octahedral and tetrahedral interstitial sites at Nb concentrations higher than
30 no

INTRODUCTION

The formation of solid solution between TiO- and NbO. was first reported
by Vyder and Hoch[l]. Since then Rudorff and Luginsland[2] and Sakata[3]
investigated the dependence of lattice parameters on composition by X-ray
diffraction. The results of these workers are in very good agreement. The
a-parameter exhibits a linear variation characteristic for the continuous
series of the solid solution, but the c-parameter shows a considerable
deviation from a linear variation. Sakata[3] attributed the behavior of the
c-parameter to the.reflection of a competition between expansion due to the
substitution of Nb (0.74 A) for Ti (0.68 A) and contraction due to the
formation of Nb-Nb pair bonds (2.80 A) in the lattice. She further pointed
out the preferential formation of Nb-Nb bonds based on the observation that
the deviation from a linear increase is already noticeable at Nb concentration
as low as 30 mole%.

Recently the TiO»-NbO_ solid solution system attracted our interests mainly
because of its potential use as a semiconducting electrode material for
photoelectrolysis of H.O. As part of our research effort to understand this
solid solution system we have investigated the structural properties of the
system, especially with respect to the point defects in the solid solution by
neutron diffraction.

EXPERIMENTAL

The TiO.-NbO- solid solutions of various composition were synthesized by
solid state reaction of powder mixtures of TiO2(Alfa Products, 99.87. pure) and
NbC^Alfa Products, 99+7. pure). The powder mixtures were first rilled for 3
hours in methanol using zirconia grinding media to obtain good homogenous



powder mixtures. After drying in air at 50 C the powder fixtures were uniaxially
pressed into pellets at 10,000 psi and the pellets were subsequently pressed
isostatically at 30,000 psi. The isostatically-pressed pellets were fired at
l,^00°C for 5 hours. Since XbO^is not stable in air at elevated temperatures
and tends to react with TiO_ to form Nb^O,1 TiO- or SNbO.'TiO.,, the firing was
carried out in a reducing atmosphere by passing a CO/CO- gas"mixture in the
ratio of 1/20. The synthesized solid solutions were examined by XRD. Those
pellets which had the residues of the starting reactants were crushed and
refired repeatedly until the formation of uniform solid solutions were obtained.
The oxygen contents of various solid solution compositions were determined
thermogravimetrially by measuring weight gains during the oxidation of solid
solutions at 1,025 C in air.

Time-of-flight (TOF) neutron diffraction data were collected at ambient
temperature and pressure with the Intense Pulsed Neutron Source (IPNS) at
Argonne National Laboratory on the special environment powder diffractometer
or the general purpose powder diffractometer. In the TOF technique, the sample,
detector, and source are fixed and neutrons of differing wavelengths are
detected. The data are binned in 5 /isec intervals. The samples were contained
in 1/2" diameter seamless vanadium tubes and capped with aluminum plugs. Details
of the instrument and the data collection and data analysis software package
have been published previously[4-6].

TOF neutron diffraction data from the backscattering detectors (2Q=15O°)
were used in the refinements, as these were the highest resolution data
available from the diffractometers used. Analysis of the data was performed
with a Rietveld profile least square program adapted for TOF neutron data and
multiphase samples. Briefly the Rietveld analysis is a least squares refinement
technique wherein a crystallographic model, and models for background,
absorption and extinction are used to fit the raw diffraction data. The result
of the least-squares process is a structural model of the crystalline
contribution to the diffraction pattern. This method yields structural data in
a manner similar to that of single crystal diffraction experiments, with some
loss of information due to the overlap of powder peaks. For the compounds
studied here, the small unit cell size and the well-behaved Bragg peak shape
yield results whose accuracy approaches that of comparable single crystal
studies.

Starting structural parameters for the least squares process were assumed
to be identical as those for TiO- (rutile). No additional phases were detected
in any of the samples. The following parameters were refined for each sample;
unit cell constants, background parameters, one scale factor, one positional
parameter for oxygen ions (u,u,0), thermal parameters (anisotropic thermal
parameters for oxygen ions), peak profile parameters and one occupancy factor
for the regular rutile cation site (0,0,0). Additionally occupancy factors
were also refined for interstitial octahedral and tetrahedral sites in the
structure. The refinements were constrained to reflect the measured
stoichicmetry of the sample (metal to oxygen ratio), i.e. the sum of the
occupancies of the regular rutile cation site plus the occupancies of the
interstitial sites were constrained to equal the measured stoichiometry.
Scattering lengths used in the refinements were 0.71, 0.575, -0.33 (10 ) cm
for Nb, 0 and Ti, respectively. The fact that Nb and Ti have scattering
lengths of differing signs allows the neutron diffraction experiment to
uniquely and readily distinguish the elements at specific crystallographic
sites.

RESULTS AND DISCUSSIONS

In Fig. 1 the two lattice parameters, a and c, are plotted together with
the position parameter, u, of oxygen ions at (u,u,0). Two dotted lines in the



figure are the least square fits of the data of the present neutron diffraction
experiments. As can be seen from the figure the a-lattice parameters show a
linear variation with increasing Nb concentration, which is characteristic for
a continuous series of the solid solution. The results match very closely with
those reported by Rudorff and Luginsland[2], but somewhat shorter than those
reported by Sakata[3]. On the other hand the c-lattice parameters match very
closely with those reported both by RUdorff and Luginsland[2] and Sakata[3] and
show noticeable deviation from the linear variation. It is also interesting to
note that the position parameter of oxygen ions decreases linearly with
increasing Nb concentration. The extrapolated value of u for TiO- is .3055,
which is very close to that of 0.305 reported by Burdett[7].

In Fig. 2 concentrations of octahedral and tetrahedral interstitial ions
are plotted as a function of the solid solution composition. At the low
concentration of Nb ions in the solid solution Nb ions tend to occupy
regular cation sites as well as octahedral interstitial sites. As the
concentration.of Nb ions in the octahedral interstitial sites decreases with

4+ 4+
increasing Nb concentration and.disappears completely at the Nb
concentration higher than 4070, Ti

 + ions are increasingly squeezed out from the
regular cation sites into both octahedral and tetrahedral interstitial sites.
This might be due to the preferential formation of Nb-Nb bonds postulated by
Sakata[3].

As noted above the position parameter of oxygen ions is observed to
decrease with increasing Nb concentration. This results in the two long metal-
oxygen distances of the rutile structure to become shorter with respect to the
four short metal-oxygen distances. The variation of two long and four short
metal-oxygen distances is shown in Fig. 3 as a function of Nb concentration.
The figure illustrates that the four short metal-oxygen distances increase
linearly with increasing Nb concentration, while the two long distances remain
essentially constant. At 28.5 mole'/, of Nb concentration the four short metal-
oxygen distances are equal to the two long distances. An ionic model by
Bauer[8-10] which includes electrostatic forces plus Born repulsions indicates
that the octahedra in the rutile structure should contain two short and four
long bonds in contrast to what is observed. Based on this result Bauer and
Kahn[9] have suggested that TiO2 must be more covalent since the ionic model
gives the wrong result. In keeping with this interpretation the population
change in the bond lengths observed in the neutron scattering study reported
herein suggests that the metal-oxygen bonds become less covalent with
increasing Nb concentration.

The valence of the cations in the solid solution system has been calculated
by the formalism proposed by Zachariasen[ll] which relates the bond length D to
the bond strength s. between the ith and jth atoms by the following equation;

DCs...) = D(l) - Bln(s ) (1)

The valence of an ith atom is given by;

Vi " £ ^ (2)

The results of this calculation are given in Ta,ble I. In the calculation D(l)
and B for the solid solution are interpolated linearly from those for Ti and Nb
at a given composition. In all the compositions examined except that with
Nb/(Ti+Nb) = 0.7 the valence of the cations is slightly less than +4, which
might be taken to indicate the slightly covalent nature of the metal-oxygen
bonds in the solid solution.

Finally it is interesting to note in Fig. 3 that the metal-oxygen-metal
bond angles designated.Cf in Fig. 4 exhibit a noticeable deviation from that of
rutile (95°) in Nb concentrations less than 407c. This might be due to the
presence of larger Nb ions in the octahedral interstitial positions.



CONCLUSIONS

The structural properties cf the TiO- - NbO- solid solution have been
investigated experimentally by the time-oi-flight neutron diffraction method.
The results indicate that 1) the position parameter for oxygen ions decreases
linearly with increasing Nb concentration, 2) ths four short metal-oxygen
distances increase linearly with increasing Nb concentration, while the two long
distances remain almost constant, 3) the metal-oxygen-mecal bond angle,Of
exhibits a noticeable deviation from that found in rutile at low Nb
concentration, 4) Nb + ions occupy both regular cation and octahedral
interstitial sites at low Nb concentration, but Ti ions are increasingly
squeezed out from the regular cation sites to octahedral and tetrahedral
interstitial sites at Nb concentration higher than 30 mole7c.
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Table 1

The Valence of Cations.in the TiO~-
NbO2 Solid Solution*

Nb Concentration
(mole%)

10

25

32

Valence

3.934

3.918

3.905

40

70

3.922

4.021

Figure 4 Unit cell of the rutile
crystal structure which
indicates two long distances,
b. , four short distances,
b_ and metal-oxygen-metal
angle,a •

Calculated from metal-oxygen distances
reported herein using the formalism
proposed by Zachariasen[ll].



ION-BEAM-SOURCE STUDIES OF HYDROGEN MOTION
AND TRAPPING IN SILICON
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ABSTRACT

Ve have investigated the "real time" diffusion and trapping of hydrogen
in silicon with rapid 1 MHz capacitance and current-voltage measurements on
borcn and phosphorus doped Schottky-barrier and MIS structures. Hydrogen is
introduced by implanting hydrogen ions into the front electrodes of these
capacitors. As interpreted by numerical modeling, our data from p-type
silicon indicate that the 300 K hydrogen diffusivity is *10*10 cm2/s, that
* 10% of the mobile hydrogen is positively charged, and that these ions are
trapped at boron acceptors with a capture radius of 70 A. The behavior of
the n-type capacitors was quite different; hydrogenation resulted in the
appearance of a dense layer of positive charge quite near the silicon
surface, and in some cases negatively charged species which compensate
phosphorus donors.

INTRODUCTION

Because of its high reactivity, hydrogen plays an important role
throughout modern silicon device technology, but the charge state and
diffusivity of H in Si are not generally agreed upon. The influence of an
applied electric field has been observed in the bonding [1] as well as
debonding [2] of hydrogen in boron-doped silicon. It has been unclear,
however, whether H moves as a positively charged donor [2,3] or the Fermi
level affects the H«B bonding rate [1]. There is also considerable
uncertainty about the magnitude of the diffusivity of H near rooa
temperature with reported values ranging from *10*10 cm^/s [4] to several
orders of magnitude lower [5,6]. These issues are reviewed in several
recent publications [6-9].

EXPERIMENTAL PROCEDURE

The transport of hydrogen in the barrier structures was probed by 1 MHz
capacitance-voltage (C-V) profiling and current-voltage (I-V) measurements
"while the hydrogen was being introduced. Hydrogen is not directly observed
by either of these methods; rather, changes in the internal charge or field
due to the presence of hydrogen is sensed. The C-V technique probes the
distribution of space charge from its effect on the depletion width, while
the I-V characteristics are sensitive to the electric field n*.ar the
silicon-metal interface.

All capacitors were fabricated on <100> Si doped with boron or
phosphorus to densities of several times lO^Vcm^. Schottky barriers (SB)
were produced by sputtering Au or Ft on wet-etched silicon surfaces, and MIS
structures were made by evaporation of Al or Pd on Si which had a 33 A layer
(of oxide grown at 500'C in dry oxygen. Zero bias band-bendfn^ values ranged
from *0.7 eV for the Al MIS barrier to -0.1 eV for the >d capacitors,
providing a range of Fermi level positions in the depletion region.

Our apparatus allowed close control of the relevant parameters.
Hydrogen was introduced into the silicon by implanting hydrogen in the thin
(200-400 A) front-surface metallization vith a low-energy H-ion bean, and
the ion flux was regulated by stabilizing the background



hydrogen pressure. Sample temperature was controlled by a heater and a
"cold finger." Most importantly, the measurement cycles required only a
small fraction of a second, an insignificant amount of the total duration of
a run, so that the effects of bias voltage on transport were observed
without interference from the voltage sweeps during C-V or I-V measurements.

Our method of introducing the hydrogen provided a particularly simple
boundary condition for the hydrogen in-diffusion. The H concentration in the
silicon at the metal interface is assumed to be proportional to the ion-bean
flux and to respond essentially instantaneously when the beam is turned on
or off. Arguments in support of this as well as a more detailed account of
the experiment may be found in reference 10.

In order to predict the net space charge density in the depletion layer
(the experimentally measured quantity), differential equations describing
the hydrogen transport must be solved. Although we have employed a simple
model [10], which considers only diffusion, field-induced carrier drift, and
the capture of hydrogen (in p-type silicon) at negatively charged boron
acceptors, it was not feasible to attempt a time-dependent analytic
solution. Reference 10 describes the finite-element code that was developed
to solve the hydrogen-transport equations while accounting for the internal
electric field in the depletion layer in a self-consistent manner.

RESULTS AND DISCUSSION

p-Tvpe Samples

Figure l(a) shows the time evolution seen for the charge density while
an Au SB sample was exposed to a constant ion flux at 298 K. Fig. l(b)
demonstrates the effect of varying the ion flux. These samples were reverse
biased at +3V during the exposure time. The importance of the impressed
field on the degree of H penetration is made clear by the data of Fig. 2.
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Fig. 1 • (a) Ktt chart* density versus depth
(filled circles) for a boron-doped, Au Schottky
barrier capacitor at a fixed dose rate as a
function of exposure tlae. Gate bias was +3V.
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of Ion beaa exposure, at different gate blase*
(as labeled). (b) Net charge density In an Al
MIS capacitor after 240 s of Ion beaa exposure.
Dashed lines are stodel fits In which all of the
mobile hydrogen Is assumed to carry a positive
charge and solid lines apply If only 10% of the
hydrogen Is Ionized.



A diligent effort was made to determine the range of parameters vhich
produced the best fits to our data. The dashed line in Fig. 2(a), 3V bias,
represents the best fit to the reverse biased data assuming that all mobile
hydrogen is positively charged. Not only do the data vary more slowly
than the fit toward the end of the range, but more importantly the fit to
the data taken in forward bias (-0.5 V) using the same fitting parameters is
very poor. In forward bias the hydrogen penetrates much more extensively
than predicted. This result forces us to conclude that not all of the
diffusing species are charged. By assuming that only a fraction of the free
hydrogens are ionized the fits are greatly improved for all biases. This
was incorporated into the code by treating charged and neutral hydrogen
separately; only the charged species is impelled by the internal field or is
involved In H«B complexing. With these modifications, the code describes
the motion and bonding of H which is in a single site and is occasionally
charged or the situation where two distinctly different types of sites
exist, and only one is charged [7]. In the latter case the fraction of
charged sites Is assumed not to depend on position, and the diffusion of
hydrogen in and out of both types of sites is characterized by the same
value of D. Values of the fraction of hydrogen which Is charged, lying
between 5% and 20%, consistently produced the best fits for all samples.
These fits are shown as solid lines in Figs. 1 and 2. The shapes of the
code predictions are also very sensitive to the capture radius for trapping
at boron acceptors, and only values lying between 50 and 100 A produced
acceptable agreement with data from all four types of samples. This large
radius is consistent with coulomb capture.

Correct values of the hydrogen concentration at the silicon surface, Hs,
and the diffusivity, D, are more difficult to determine. Except at very
high ion flux, where charged hydrogen species had an appreciable direct
effect on the depletion layer charge density exclusive of acceptor
neutralization, code predictions tended to depend only on the HS»D product.
However, it was possible to estimate, within a factor of three uncertainty,
the value of H5 from the small amount of additional acceptor neutralization
observed after the ion bean was turned off. In making this estimate, we
have assumed that the source of hydrogen at the silicon-metal interface
turns off essentially simultaneously with the ion beam [10].

While our simple model predicted the time evolution of the data curves
reasonably well at low Hs values, when Hs exceeded -lO^/cm^, distinct
deviations of the data from code predictions were evident. These took the
form of less H penetration than the code predictions, particularly at longer
times, suggesting some loss of H at sites other than boron acceptors.
Recombination of neutral H to form molecular hydrogen is a possible
mechanism to explain these effects and, thus we incorporated that in our
model. The recombination radius which fit the high Hs data fairly well for
all samples was -20 A. This Is fortuitously close to the 19 A value one
calculates for the ground state wave function radius for a hydrogenic
orbital in silicon.

Finally, the temperature dependence of D deduced from measurements on
several diodes is shown in Figure 3 along with the extrapolation of the Van
Vieringen and Varmoltz high temperature H diffusion data. Extensive
measurements to estimate Hs at temperatures other than 298 K have not been
made as of yet, and thus the code fits used to deduce D use our room
temperature Hs values.

n-Tvpe Samples

In contrast to the simple field driven species which deactivates boron
acceptors, the phenomena seen with phosphorus doped Schottky diodes are



neutralizing phosphorus donors. Figure A illustrates this as do other data
vhich we shall discuss later. The source of hydrogen for this effect could
be the BOE sample etch or disassociation and drive-in of surface
hydrocarbons during sputtering of the barrier metallization. Donor
neutralization by H has been reported before by Johnson et al. (11] and is
evidence for either bonding of a neutral H species to donors or the
existence of a negatively charged H state. Recent data by Johnson et al.
[12] favor the latter hypothesis.
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Ion beam hydrogenation of n-type capacitors with beam conditions similar
to those used for p-type diodes causes substantial, largely parallel,
negative shifts of the 1/C^ curves as shown in Fig. 5. In contrast to the
acceptor neutralization phenomenon seen for p-type samples which are stable
at room temperatures, these changes begin to decay immediately after the ion
beam is turned off and disappear after sitting a few hours at 300K. Also in
contrast to H-ion-irradiated p-type diodes, where the diode conductance
decreases slightly after H exposure, the n-type samples show immediate,
sharp, increases in diode conductance (Fig. 6). These increases decay after
exposure in parallel with the capacitance shifts.

While the sign of the l/c2 shifts indicate an influx of positive charge,
the diode bias dependence of this effect (Fig. 5) is, at first sight, quite
contrary to the expected effect of an applied electric field on the motion
of positive species. This is also true of the bias dependence of the decay
process; we have observed that reverse diode biases, which should pull
negative charges back toward the metal after the beam is shut off, actually
retard the decay of the 1/C2 shifts. Finally, the H exposure and decay
process can sometimes lead to the appearance of a net decrease in positive
space charge density in the depletion layer as can be seen for the forward
biassed sample in Fig. 5.

We have determined that the negative 1/C2 shifts observed are not an
artifact due to phase errors in our capacitance bridge, exacerbated by the
enhanced diode leakage. They are also not due to edge effects since they
are present even when a mask is inserted to limit the hydrogenation effect
to the central area of the diode. Nor are they peculiar to Au diodes;
capacitors mad* with Al and Pt electrodes show similar effects.

We expect that the positive charges seen during hydrogenation are due to
charges within 100-500 A of the Si/metal interface; this would explain th»
enhanced diode current* and the "tunnel diode" character of the I-V plots.
Other data (not shown) indicate that the first increases in reverse diode
current (at short H exposure times) are not accompanied by any appreciable



change in forward bias currents. Tunnel diode behavior in Si is expected
for depletion region charge densities > 3 x 10l8/cm3, and 100-200 A near
surface layers of this added H-related charge density will produce the 0.1
to 0.5 volt shifts seen in Fig. 5.
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It is crucial to ascertain whether a mobile, positively charged H
species could move into the silicon under the driving force of a large
concentration gradient and establish a repulsive space charge layer large
enough to displace 1/C2 curves by *0.5V (Fig. 5). We have solved the
current continuity equations for the steady state (long time) solution of
such a situation and find that surface positive charge densities in excess
of 1023 atoms/cm^ would be required to build up the required amount of space
charge. This strongly suggests that the H species responsible for these
shifts is not in a positive charge state during in-diffusion.

A key feature of the data in Fig. 5 is that negative gate biases
accelerate the appearance of this positive charge and, as mentioned, retard
the decay of this species. This reinforces our conclusion that neutral H
species are the primary mobile entity causing these effects. Conversion of
neutral H to a positive, relatively immobile, near surface state could then
cause the observed 1/C2 shifts. This would be expected to be retarded by an
accumulated surface as is seen in the forward biassed diode data of Fig. S.

Two likely candidates for this positive species come to mind. The first
is a possible intermediate state, H2+, of the molecular H2 formation
process. The second candidate is the <111> oriented, H induced platelet
defect reported by Johnson et al. [13]. These are seen in densities
->10l9/cm3 near an H/D exposed surface and can be correlated with SIMS data
showing large near-surface D concentrations after deuteration at elevated
temperatures. If these platelets have an initial netastable state which is



positively charged, they could explain the data seen in Fig. 5.
Considerations of the kinetics of 1*2 formation indicate that its rate should
display a (H flux)2 dependence. Short-time data, however, show a roughly
linear dependence on this quantity, inconsistent with the H2 + explanation,
but not ruling out the "platelet" model.

What causes the post shut-off decay of the positive charge? Since the
bias dependence after beam shut off is opposite to that expected for field-
induced motion of positive species, electron capture appears to be an
attractive explanation. In the case of an accumulated surface, not only do
all the H-related positive charges disappear, but a net decrease in
depletion layer charge is eventually seen, indicating either bonding of some
of the neutral hydrogen species to phosphorus, causing donor deactivation,
or simple compensation by a negatively charged H species.

CONCLUSIONS

Ion beam experiments on p-type Schottky barriers have provided strong
evidence for mobile neutral and positive H species. Capture of the positive
species by ionized acceptors proceeds with the large cross-section expected
for a coulomb assisted process. Hydrogenation of n-type capacitors yields
metastable, positive-charge-induced shifts which appear to result from
capture and charge conversion of a neutral, mobile H entity. There is also
evidence from as-prepared and beam-hydrogenated diodes of substantial
phosphorus compensation, perhaps by negatively charged hydrogen atoms.
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ON THE ATOMIC AND MAGNETIC STRUCTURE OF Er2Fe17

R. iCUMAR. AND W. B. YELON
University of Missouri-Columbia, Department of Physics and Research Reactor,
Columbia, MO 65211.

ABSTRACT

We present the results of Rietveld analysis on the neutron diffraction
intensities of E ^ F e ^ , which crystallizes in the hexagonal Th2Ni^7 phase.
Of the reflection sets, h-k * 3n, l » 2n+l and i * 2n, the former fit better
than the latter and are in general more intense. This suggests disordered
transition-metal-substitution on the planes parallel to the c-axis resulting
in stacking faults; ABAB... is the usual sequence of ordered transition-metal-
substitutions in the parent CaCu5 phase. Influence of such deformations on the
interatomic distances in the substitution zone and the consequent magnetic
bonding and anisotropy is discussed.

INTRODUCTION

2 ] 7 like the other heavy rare-earth compounds Tm2Fej7 and Yb£Fej7,
crystallizes in the hexagonal Th2Kii7 crystal structure [1J. This structure
is related to the parent rare-earth inter-metallic phase CaCu5 in which each
third rare-earth atom in the basal plane is replaced by a pair of transition-
metal atoms with ligands parallel to the hexagonal c-axis. This substitution
can result in the ordered rhombohedral stacking ABCABCABC... or hexagonal
stacking ABABAB... of tha basic layers thus formed. Ordered substitutions on
A(l/3,2/3,z) and B(2/3,l/3,z) chains expand the lattice in the c-direction and
thus it can accommodate additional transitional-metal dumbbells on the C(0,0,z)
chain (Fig. 1). Such random substitution on C chains gives rise to non-
stoichiometric compositions as in Lu£Fei9 [3J. We have also observed I4J that
an increase in the iron-site occupancies over that allowed by the nominal com-
position yields a somewhat better fit of neutron diffraction intensities in
pseudobinary Er2CCoo.55FeQ.45)17. This structural defect may have an effect on
the spin reorientation phase transition phenomenon (brought about by competing
anisotropies) predicted by phenoraenological theories [5,6J. In erbium-iron-
boron compounds (E^Fej^B), this phase transition is sharp, but is smeared over
a broad temperature range in E^Fejj and its pseudobinaries with cobalt [7J.
As part of our earlier program of understanding the anisotropy mechanism in
these and very similar R2Fei4B permanent magnetic materials, we have determined
an exact atomic structure from the neutron diffraction data on Er2Fej7 above Tc j?
and magnetic structure at various temperatures below Tc. To further understand jij
the complete process of magnetization rotation below 300 K, we have measured **
the diffraction pattern at 250 K, 200 K and 150 K for about 12 hrs at each arm
position of the position-sensitive diffractometer at the University of Missouri
Research Reactor [8] to see if any satellite peak of the main magnetic peaks
at 100, 101, 110 and 002 evolves due to amplitude variation in ferromagnetic
components.

Atomic Structure

We have made a Rietveld analysis on the neutron diffraction intensities *""
measured at room temperature. It contains no magnetic intensity since room
temperature is above the ordering temperature of about 297 K. We do find
strong reflections h-k • 3n, f. « 2n of the parent CaCus phase; for example
(302) is the strongest reflection in our powder diagram. As both components,
erbium and iron, are good neutron scatterers, we have seen sizeable diffraction ^
intensities at h-k * 3n, t - 2n, spots which have very weak x-ray intensities.



Figure 1. Unit cell of Er2Fei7 (ideal Th2Nii7 crystal structure) resulting
from substitution on CaCu5 subcells. There are two formula units/
unit cell, and substituted dumbbells at A (z - 0) and 3 (z » 1/2).
Large open circles are Er atoms, small open circles are Fe atoms at
z * 0, and crossed circles are Fe atoms at z " ± 1/2.

The very appearance of these reflections indicates that there is less than
complete order on A and B chains and some substitutions take place on C
chains, too. Moreover, these intensities do not fit very well when compared
to neighboring h-k * 3n, i, m 2n + 1 reflections. Further, we have made a com-
plete statistical analysis on the two sets of reflections, and find that x^ is
37.4 for the former set and 3.4 for the latter. This is presented in Table 1.
There is further evidence of this atomic disorder: tfhen the 12k crystallo-
graphic atoms are fixed at z • 0, the calculated intensity at the most disor-
dered reflections 100,101 disappears. The presence of distributed pockets of
diffuse reflections in the room temperature diffraction diagram indicates
faulting in stacking sequences of structural layers. Arrowed peaks in the
fitted diagram of Fig. 2 are at the positions of most evident diffuse scatter-
ing in Fig. 3. This diffuse scattering is anomalously high in the region 29
» 9° to 20° (see Fig. 3) and remains constant at a3A temperatures, and thus
cannot be attributed to magnetic disorder scattering alone. Complete analysis
of this diffuse scattering is in progress and will help us quantify the extent
of lattice disorder on the atomic scale. Synchrotron x-ray diffraction is
planned on this sample, to be carried out at BNL-NSLS, and analysis of powder
diffraction will be made to fit the broadened peaks of Fig. 2 with stacking
fault probabilities.

We have also measured a neutron diffraction diagram well above Tc at
350 K and varied all the transition-metal site occupancies and the Er b site
occupancy to fit the observed intensities. The best fit between observed and
calculated intensities is obtained at composition Erj,92^e18.25 assuming com-
plete occupancy of the Er d site. Various fit parameters are listed in Table
IV. It is to be noticed that iron k-site is influenced most in this disorder
and some Er site or A and/or B chain remains unsubstituted.



Table I

Statistical Analysis on the h-k * 3n, i * 2n + 1
and l - 2n class of reflections

Reflection
Indices

h-k*3n
i * 2n

102
104
106
108
202
204
206
208
402
404
406
408
502
504
506

X2 « 37.4

(a) o E(W x

E(W x

xobs

671
1074
122
144

1911
2780
23
567
633
50

1329
157
582
568
187

(a)

DIFF)2

2
lobs*

For justification of

Magnetic Structure

!calc

520
567
117
137

1904
2694
19
350
750
58

1487
149
910
604
131

x (N-P+C)

Rietveld

DIFF

151
507
5
7
7
86
4

217
-117

8
158
8

-328
-36
56

N *

> P m

C »
weights

Reflection
Indices

h-k*3n
£*2n+l

103
105
107
109
203
205
207
209
403
405
407
501
503
505
507

X2 - 3.4(

I o b s

1284
455

2526
519

23448
83

3644
407
287

6540
196
873

4140
3356
48

a)

Icalc

1300
570

2147
494

23916
79

3168
411
169

6372
139
1148

3915
3286
28

number of independent measurements

number of least square parameters;
number of constraint functions.
, see Reference 2.

DIFF

-16
-115
379
23
468
4

476
-4
113
168
57

-275
225
70
20

>

The differential magnetic cross section and hence the scattered inten-
sity depends on the relative orientation of the ionic magnetic moments and
the scattering vector selected by our experimental geometry. Unlike nuclear
scattering, magnetic scattering is a sensitive function of the direction of
the moments relative to crystallographic axes, and thus helps us in estab-
lishing the magnetic lattice. Although full Rietveld modelling systematically
indicates the moment direction, inspection of the magnetic intensity at 250 K
and 8 K does give us a qualitative assessment (Table II). The large increase
in 001 relative to hkO reflections excludes a c-axis configuration and is
suggestive of a basal plane structure. Transition-metal moments are well
ordered at 250 K so any extra intensity appearing is due to erbium ion
ordering at low temperatures. The significant increase in the 002 reflection
is to be attributed to Er̂ "*" ion ordering in the basal plane. Total diffrac-
tion intensities at 8 K were further modelled for pure axial vs. pure basal
alignment In the Rietveld analysis and the results for the strong low angle
magnetic reflections are given In Table III.

Table II

Magnetic intensity at 250 K and 8 K

hki
100
101
110
002

250 K
1582
6045
6512
604

8 K
2905
19333
19484
7217



Table III

Neutron diffraction intensities in axial vs. basal model

Bragg
Planes

101
110
002
112

Pure
Calculated

19517
31518
0

12141

Axial Model
Observed Difference

21327
30065
-

15663

1810
1453
-
3522

Pure Basal Model
Calculated Observed Difference

21516
23056
7975
14906

21449
22971
8021
15665

67
85
46
759

It is to be noted that larger differences between calculated and mea-
sured intensities exist for the pure axial configuration. Therefore, we con-
clude that both iron (Fe3+) and erbium (Er3+) spin moments align in the basal
plane. We have further tried to specify the moment direction in the basal
plane precisely by refining the rare-earth moments in a noncollinear align-
ment with transition-metal moments. Twenty percent tilting on both erbium
site moments fit the data better; however, the agreement factors do not ex-
clude the possibility of a small out-of-plane component. Both Er moments are
oriented antiferromagnetically at about 13° from the transition-metal moments
in the basal plane. Canting in the basal plane is most likely in accordance
with the crystal field calculations [9]. The sixth order Stevens coeffi-
cients (YJ) do not change sign for Er̂ "1" ion whereas in Tra3+, otj (the second-
order Stevens coefficient) is positive and yj is negative. Thus, the moments
in Tn^Fejj assume an axial configuration at low temperatures (< 80 K).

Diffraction patterns at 250 K and 150 K are given in Fig. 3 and do not
show any evidence of satellite peaks around the main Bragg intensities at
100, 101, 110, 002. Small background humps around these peaks are the sug-
gested nuclear diffuse scattering due to disorder from an ideal Tti2Nii7 lat-
tice. Unlike Tni2Fei7, Er2Fei7 is a strong basal plane ferromagnet in which
magnetic and nuclear intensities are superimposed.

DISCUSSION

We have observed distributed pockets of diffuse scattering in our
experimental diffraction diagram related to the h-k * 3n, I - 2n class of re-
flections. Rietveld fits of the measured diffraction intensities at 350 K
with variable transition-metal site occupancies and Er b site occupancy
yields 6.4Z overall atomic disorder in the lattice, much less than has been
observed in L ^ F e ^ (27-34%). This large difference is probably due to the
larger atomic size of erbium and due to differences in heat treatment these
samples may have received (e.g., different annealing temperatures). We have
not done yet a detailed decomposition of interatomic distances around substi-
tuting transition-metal sites to see the relative increase/decrease of Fe-Fe
distances but note that a relative increase in the a parameter in Er2Fej7
strengthens the overall ferromagnetic interactions and thus the 3d(Fe3+)
transition-metal exchange anisotropy overwhelms the weaker Er3+ anisotropy
calculated in crystal field theory [9]. Therefore, there is no helimagnetic
type of structure between the transition-metal and rare-earth ordering tea-
peratures in E F

Our experimental neutron diffraction results on E^Fe^B (in a previous
work [10]) and Er2Fei7 strongly favor the new 2-14-1 phase over the hexagonal
2-17s for the fabrication of permanent magnets and/or magnetic bubble
devices. The erbium anisotropy is dominant at low temperatures due to the
tc tnsnnal anu4 i-nnmAnf an/I
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Figure 2. Rietveld fitting of measured and calculated neutron diffraction
Intensities at 300 K.

we surmise that there is no drastic temperature variation in higher order
terms in the crystal field Hamiltonian to precipitate the competition between
Fe and Er anisotropies in Er2Fei7. Therefore, the spin reorientation transi-
tion is very broad and is observed only in a few cobalt based pseudobinaries
Er2(CoxFei_x)i7. We present a tentative anisotropy phase diagram in the
temperature, composition plane in Fig. 4, which will be the subject of our
future publication [7]. We find this result quite unexpected since the
hitherto successful phenomenological model of Callen [5] predicts an axial
moment alignment in

Table IV

Atomic positions and site occupancies after fitting
the neutron diffraction intensities at 350 K

Transition
Metal Atom

Fractional Coordinates
Wyckoff
Notation

Site
Occupancy

Er
Fe(l)
Fe(2)
Fe(3)
Fe(4)

Residual (S)
R (Nuclear) -

2b
12k
12j

4f
6g

- (Rw /Res
7.0%P

0
0.1652(3)
0.3289(5)

1/3
0.5000

: p ) 2 - 3.09*

0
0.3304(5)

-0.0414(4)
2/3

0.0000

1/4
-0.0172(3)

0.25
0.1067(5)
0.0000

1.85(6)
13.10(26)
12.56(24)
4.37(10)
6.53(15)

7*
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XPS STUDY OF CdTe SURFACE LAYERS:
EFFECTS OF HYDROGEN

L SVOB, D. BALLUTAUD, A. HEURTEL and Y. MARFAING
Laboratoire de Physique des Solides de Bellevue, C.N.R.S., 1, Place Aristide Briand, F-92195
Meudon Principal Cedex, France

ABSTRACT

The effects of different hydrogen or equivalent deuterium treatments on CdTe
superficial layers are studied. Surface chemical analysis is performed by x-ray
photoelectron spectroscopy and hydrogen profiles are controlled by secondary ion mass
spectroscopy using deuterium. Hydrogen plasma etching leads to a clean and nearly
stoichiometric surface, and the surface abrasion rate is higher than the hydrogen in-diffusion
rate. Deuterium implantation by a Kaufman source leads to surface depleted of tellurium and
prevents them from further oxidation. Annealing under deuterium gas produces a similar
surface, free from oxide, but not stable with regard to further oxidation.

INTRODUCTION

This work is a part of a general investigation on the physicochemical behavior of
hydrogen in CdTe. Recently there has been much effort directed toward obtaining high quality
semiconductor surfaces. The properties of CdTe substrate surfaces play an important role in
the growth of thin layers by MOCVD or MBE, especially for infrared optoelectronic applica-
tions. The properties of deposited layers are strongly dependent on the substrate surface state.
The substrates are generally subjected to chemical etching. It is known that etchants usually
give rise to surfaces which differ from the crystal volume. Most of the etching methods leave
the cadmium telluride surface oxidized with more or less cadmium depletion [1].

The widely used CdTe etchant (bromine methanol solution) leaves a tellurium-
enriched surface [2]. Chromate etching is reported to produce a surface containing a
tellurium excess, whereas KOH + KCI remove the Te excess from the CdTe surface [3]. A
detailed discussion of CdTe etching with respect to the surface state can be found elsewhere
[4]. Etching of CdTe by a RF-hydrogen plasma, studied by means of Auger electron
spectroscopy was reported in a previous paper [5]. It was found that exposure of the CdTe
surface to plasma in a temperature range 170-330°C leaves an oxide-free stoichiometric
surface. Under 170°C no etching effect could be observed. The etching rate is higher than the
hydrogen in diffusion-rate as checked by secondary ion mass spectroscopy (SIMS).

In the present paper, the effects of other hydrogen treatments are studied, using
mainly the isotope deuterium: deuterium ion implantation from a Kaufman source (2 keV),
deuterium ion implantation with higher energy (200 keV), annealing in deuterium gas. All
the results reported here concern (111) oriented CdTe sample surfaces. Surface analysis has
been performed by x-ray photoelectron spectroscopy (XPS) and secondary ion mass
spectroscopy (SIMS) has been used to perform atomic profiling.

EXPERIMENTAL

The CdTe used in this work was Bridgman-grown material prepared at our laboratory
[6]. The (111) oriented Cd and Te faces were revealed by preliminary etching in a lactic
acid, nitric acid, hydrofluoric acid solution [7], under which the Cd face is black and the Te
face presents a bright metallic aspect. For SIMS profile analysis, hydrogen was replaced by
deuterium. SIMS analysis was performed using CAMECA IMS 4 F equipment.

The plasma hydrogenation (or deuteration) process is described in a previous paper
[5]. Deuterium is implanted using a Kaufman ion source under the following conditions:
2.10"4 mbar, 2 keV, and deuterium density 1017 at/cm2. Treatments were performed at
100°C for two minutes. Deuterium implantation was also performed at high energy (1015

at/cm2 and 200 keV).



The XPS analysis was carried out on a Leybold Heraus XPS spectrometer in which
photoelectrons were excited by the MgKa X rays (hv » 1253.6 eV). The escape depth of the
photoelectrons is about 20A. XPS spectra were recorded for elemental cadmium and
tellurium, and for CdTe surfaces. The mechanochemically etched CdTe surface was argon
sputtered to a steady state where the ratio Cd/Te was found to be 97%. This ratio was
calculated from the relative intensities of the Te 3d 5/2 and Cd 3d5/2 XPS lines (respectively
at Eb « 573 eV and E& » 405 eV) corrected by the atomic sensitivity factors [8], [9], and will
be taken as the reference in the following. The TeOx/Te ratio was also measured and sputtering
was carried out in the XPS analysis chamber with a differential ion gun under argon pressure.
Thermal anneals were performed at 150cC, 250°C, and 500°C for 24 hours in silica
ampoules filled with 1 atm D2 gas pressure.

RESULTS AND DISCUSSION

A simple mechanochemical etching in bromine methanol leads to Cd depleted surface
layers up to 250 A in depth. The surface XPS spectra show a 3d 5/2 tellurium oxide line
(Table I, Fig. 1). These results are in agreement with previous data given in the literature.

After implantation of deuterium with the Kaufman source we observe two effects:
deoxidation and Cd enrichment of the surface layers of CdTe {etched in bromine-methano!
solution before implantation). The results are presented in Table I. The Cd/Te ratio of 1.38
calculated from XPS line intensities is higher than the stoichiometric ratio. In Table I the
Teox/Te ratio is also reported. Cadmium enrichment of the surface layers is observed down to
a 500 A depth. Some deuterium diffusion can be detected in the sample bulk by SIMS profiling
(Fig. 2).

1
i

l]

ji
j :
i,
it
\\

j

•

i
•i

§
'a
)

i

H
i
1 1
i! :i

1
1: \

*1 ^
t |>

s

63d 5/2

0 A

200 A

600_A
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After the deuterium implantation treatment with the Kaufman source no further oxida-
tion of the sample surface could be detected by XPS analysis, even after exposure to air for six
months [10]. In Table II the Cd/Te surface ratios are given for several hydrogen treatments.
The Teox/Te ratios are also reported. It must be pointed out that the Cd/Te ratio is not exactly
the same depending on whether a (111) Te face or a (111) Cd face is considered.

Thermal treatment under D2 gas leads to deoxidation and Cd enrichment of the surface
layers of CdTe. SIMS profiling shows (Fig. 2) some hydrogen (deuterium) in-diffusion in



CdTe, but the diffusion depth is lower than for the Kaufman source deuteration. In Figure 3
the Cd/Te ratios are plotted following different hydrogen treatments; it must be pointed out
that the Cd enrichment is larger at higher annealing lemperatures and that the Cd enrichment
occurs to deeper layers in the case of the Kaufman source treatment.

TABLE I

Binding energy Eb (in eV below the Fermi level) Cd/Te ratio and TeOx/Te ratio for mechanochemically
Br2, CH3OH etched Co'Te, and for deuterium implanted CdTe by Kaufman source. Sputtering depths
are indicated.

CdTe Sample Treatment Eb Cd 3d 5/2 (e V ) Cd/Te Ratio Teox /T« Ratio

Mechanochemical etching

in bromine methanol
576.7(Te0X) 573.1 (Te) 405.5 0.83 0.55

Mechanochemical etching
in bromine methanol 576.7(Teox)

+ 1200 A argon sputtering (traces)
depth

573.2(Te) 405.6 0.91 0.05

Mechanochemical etching
in bromine methanol
+ 1200 A argon sputtering
depth

573.0(Te) 405.4 0.97

Mechanochemical etching
in bromine methanol
+ deuterium implantation
(Kaufman source)

573.0(Te) 405.3 1.38

Mechanochemical etching
bromine methanol
+ deuterium implantation
(Kaufman source)
+ 200 A argon sputtering depth

573 (Te) 405.3 1.25

DEUTERIUM SIMS PROFILES

1 2
DEPTH (/i m)

Figure 2. Deuterium profiles
from SIMS:

- Curve 1: sample implanted
with deuterium from the
Kaufman source.

- Curve 2: sample annealed
at 500°C under deuterium

gas.



TABLE II

Cd/Te and Teox/Te surface ratios for different Hydrogen treatments.

Treatment

Br2,CH3OH etching

Br2,CH3OH etching +
hydrogen plasma

Cd/Te ratio
(111) Te face

0.87

1

Cd/Te ratio
(111)Cd face

0.80

Teox/Te

0.13

0

Br2,CH3OH etching
+ Kaufman source deuterium 1.38
implantation (2keV)

Br2,CH3OH etching
+deuterium implantation 0.87 0.87 0.45
at 200 keV

Br2,CH3OH etching
+ 24 h D2 gas anneal at 500°C

Br2,CH3OH etching
+ 24 h D2 gas anneal at 250°C

Br2,CH3OH etching
+ 24 h D2 gas anneal at 150°C

1

1

1

.38

.28

.14

1

1

1

.25

.12

.09

0

0

0

The reoxidation kinetics of the samples has been studied at room temperature in air
after each type of hydrogen treatment. The reoxidation speed is slower when the Cd/Te ratio is
higher and when the Cd/Te ratio is modified at larger depths.

To explain these results, a chemical interaction of the Cd and Te atoms on the surfaces
has to be assumed. The net result of this interaction depends largely on two parameters: the
energy and the activity of the deuterium (or hydrogen) species used, and the temperature of
the treatment.

Exposure to a RF-hydrogen plasma at a temperature above 170cC represents a com-
bination of a high atomic hydrogen activity and a rather high temperature. In this case etching
of the surface prevails and surface stoichiometry is reached as described in a previous paper
[5J.

Implantation of hydrogen at 200 keV and room temperature is the opposite situation:
hydrogen penetrates rather deeply and does not chemically react with Cd or Te. Table II shows
that the Cd/Te ratio is not modified and the surface is still oxidized. These results are related
to the small hydrogen surface concentration and the low temperature of the treatment.

Intermediate conditions lead to a preferential reaction with Te atoms, from which a Cd-
enriched surface results. This is 'he case for hydrogen implantation with a Kaufman source
(i.e. low energy, high ion density, moderate temperature (- 100°C) and annealing under
molecular gas at a temperature above 150°C. Tellurium oxide is first reduced to elemental



tellurium, then tellurium hydride is formed, which is volatile at the temperatures used. The
preferential loss of Te at the surface induces an outdiffusfon of telfurium from the bulk, which
explains the Cd/Te ratio profiles plotted in Fig. 3.

0.8

200 400
S P U T T E R I N G D E P T H ( A )

6 0 0

Figure 3. Cd/Te ratio
profiles for different
hydrogen treatments.

1) Br2,CH3OH
mechanochemical
etching.

2) Kaufman source
implanted sample.

3) D2 gas anneal at
500°C (24 h).

4) D2 gas anneal at
250°C (24 h).

It is observed that a Cd-rich surface is more resistant to further oxidation at room
temperature. This could be related to specific properties of cadmium compared to tellurium
and also to the high concentration of deuterium that exists at the surface and in the region
adjacent to the surface (Fig. 2). Deuterium is expected to saturate all the weak and dangling
bonds, which impedes or slows down reaction with oxygen.

CONCLUSION

Exposure of CdTe (111) surfaces to hydrogen or deuterium using a Kaufman source or
by annealing under molecular gas results in the removal of surface tellurium oxide and a pref-
erential loss of Te over a depth of 100 to 500 A. This is explained by the formation of tel-
lurium hydride which is volatile at the temperatures used (i.e. above 100cC). Furthermore,
the deuterated, Cd-enriched surface becomes more resistant to further oxidation. This passi-
vation effect is more pronounced after the Kaufman source treatments, which lead to a larger
and deeper modification of the Cd/Te ratio and to a higher concentration of incorporated
deuterium.
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ABSTRACT

We present a kinetic model for hydrogen diffusion and deactivation of
shallow dopants in crystalline silicon which accounts for some of the
effects of dopant type and concentration on observed deuterium profiles.
The predictions of this model are in accord with recent Secondary Ion Mass
Spectrometry (SIMS) profiles of deuterium in both n- and p-type silicon
for a range of resistivities after passivation in a deuterium plasma.
Dopant type and concentration effects are explained by assuming the pre-
sence of a charged species and by allowing for the formation of immobile
deuterium molecules. The deuterium profiles are controlled by charge-
state-mediated reactions which form deuterium molecules and pairs with
shallow donors or acceptors. Earlier research has found that the hydro-
gen interstitial in silicon has a deep donor state in the band gap. The
observed behavior of the deuterium profiles implies that the Fermi level
passes through this donor state for a resistivity between 1 and 10 S-cm in
boron-doped material at 125 CC; i.e. the state is at E v + 0.30 + 0.10 eV.

INTRODUCTION

Recent evidence has shown that hydrogen is capable of deactivating a
variety of impurity and dangling bond states in silicon and III-V com-
pounds. The ability of hydrogen to neutralize the deleterious effects of
recombination centers in silicon has sparked great interest in both solar
cell and microelectronics processing. The effects of hydrogen on the
electrical properties of silicon are discussed in several reviews [1-3].

In addition to its ability to remove deep states from the energy gap
of crystalline silicon (c-Si), hydrogen has also been observed to deacti-
vate shallow acceptors [4-5] and shallow donors [6]. Marked increases in
the resistivity of p-type c-Si exposed to a hydrogen plasma have been as-
sociated with the in-diffusion of hydrogen as detected by SIMS profiling.
Partial deactivation of shallow donors under similar conditions has also
been reported. Electric field effects on deactivation have been observed
by several workers [7-9]. Recently a detailed study of the SIMS profiles
of in-diffusing deuterium as a function of dopant type and concentration
was reported [10 j. In this paper we present the results of a kinetic
model for hydrogen diffusion and deactivation in c-Si which accounts for
many of these effects.

Early measurements of hydrogen diffusion in c-Si by both Van
Wieringen and Warmoltz (VWW) [11] and Ichimaya and Furuichi (I-F) [12]
indicated that hydrogen has a high diffusion coefficient and low solu-
bility near room temperature. At 300 K, the VWW measurements extrapolate
to a diffusion coefficient D of approximately 1 micron per minute, and a
solubility S of less than 1 atom/cmJ. However, SIMS measurements of
hydrogen in silicon following passivation treatments have found that the
value of D is several orders of magnitude lower than the extrapolated VWW
value [13], and that hydrogen readily achieves bulk concentrations in
excess of 1 ppm. Clearly hydrogen passivation processes conducted near
room temperature involve non-equilibrium conditions.

Several models have been proposed to account for the discrepancies
between observed SIMS profiles and the early diffusion studies. As
discussed in Ref. 14, several authors independently invoked the formation
of hydrogen molecules in order to explain the observation of slower-



-than-expected diffusion of hydrogen at low temperatures (15-17).
Capizzi and Mittiga [18,19] developed a model which accounts for the pre-
sence of the electric field, and were able to fit some existing SIMS
data, they argued against the formation of hydrogen molecules on the
basis of the poor fit to kinetic data obtained when they were included in
the model. Pantelides [20], while presenting no kinetic data, argued
that deactivation of shallow acceptors is caused by direct compensation
of these states by hydrogen donors. Seager and Anderson [9,21] have ob-
tained excellent fits to profiles of hydrogen in Schottky structures
subjected to various bias voltages. While all of these models have been
successful in explaining aspects of the diffusion mechanisms, none have
quantified the influences exerted by doping type and concentration.

KINETIC MODEL

in the present work, we attempt to account for some observed effects
of dopant type and concentration on the in-diffusion of hydrogen in c-Si.
The previously published [2,10] experimental data we have fit are repro-
duced in Figures la and lb. These deactivation profiles were obtained
for float-zone (FZ) silicon exposed to a deuterium plasma at 125 CC for 1
hour. Substitution of the isotope deuterium yields a dramatic improve-
ment in the sensitivity of the SIMS, and we will henceforth refer to the
deuterium as hydrogen. The general featur«s of these profiles, and their
dependence upon material type and resistivity, provide strong evidence
for certain kinetic reactions during the deactivation process. In parti-
cular, the model allows for the formation of hydrogen molecules, and
assigns a donor level to the hydrogen interstitial. Complexes between
hydrogen interstitials and acceptors or donors (X) are formed, and their
reaction kinetics are governed by coulombic effects. We do not assume
that the hydrogen is directly bonded to the dopant, (indeed, much evi-
dence exists to the contrary), only that they are in proximity. Hydrogen
molecules H2 are formed by two processes: the reaction of two free inter-
stitials, and the dissociation of the complex H*X into H, and the iso-
lated X center, which occurs via a collision between H and H*X. we do
not account for the electric field set up by in-diffusing hydrogen atoms
[18-19], but this effect may be significant under certain conditions.

(b)

lOftcm

lObflcm

Depth

Figure 1. (a) Deuterium concentration (H) as determined by SIMS
measurements [ 1 0 ] , v s . depth for n-type FZ-Si of var ious r e s i s t i v i t i e s
(as shown) after a one hour plasma treatment at 125 *c
(b) Corresponding profiles for p-type FZ-si.



If no reactions occur within the bulk silicon, Fick's law should
govern the diffusion according to the equation:

Hill _ p 8'FHl
9t D 9x*

whtre [H] represents the hydrogen concentration and D its diffusion coef-
ficient. In standard passivation processes the following boundary condi-
tions apply:

[H(x«0,t»0)J - (H.I
[H(x>0,t-0)l - 0 (2)
[H(x—,t>0)] - 0,

and we obtain the complementary error function profile

[H] - (H0]erfc[x/(2/Dt)]. (3)

It is clear from Figs, la and lb that erfc behavior expected for
free diffusion is not observed in lightly-doped silicon/ where reactions
with defects are not significant. We oust invoke a reaction process
which can explain the 100 Si-cm SIMS profiles, and we argue that this
process is the formation of immobile, stable hydrogen molecules, since
the profile has the form expected for molecule formation.

In order to explain the influence of dopant type and concentration,
other reactions must be occurring within the lattice. Although interac-
tions with vacancies and silicon self-interstitials may have significant
effects on the motion of hydrogen, we focus on the interaction with
shallow acceptor and donor centers. We argue that the comparable pene-
tration depths in 0.1 and 100 S-cm boron-doped FZ-Si suggest that the
diffusion is not dominated by the electric field modified by the doping
gradient from in-diffusing H. Instead, differences in H profiles ob-
served between n- and p-type Si doped to various resistivities are
caused by coulombic effects between H and the dopant centers as well as
between H atoms themselves. In a manner similar to that described by
Pantelides [20], the Fermi level mediates these effects by determining
the charge state of the hydrogen, which has a donor level in the gap.
Since the change in the nature of the profiles at 125 °C occurs between
1 and 10 2-an in p-type material, we estimate the position of the 0/+
energy level for migrating hydrogen as E + 0.30 eV + 0.10 eV.

The diffusion equations governing tne processes are:

- k,[H][X] (4)

k,[H][H*X] (5)

-k,tHj[X] + k,[H)[H*X] (6)

k2[H][X] - k3[H][H*X] (7)

with the boundary conditions (2) as well as the additional conditions

(H, (x*0, t-0)) - 0
[H*X (x>0,t-0)] - 0 (8)
[X (xM), t-0)] - [Xo].

Here we have [H], [Hj], [H*x] and [X] representing the concentra-
tions of hydrogen, hydrogen molecules, hydrogen-dopant deactivated com-
plexes, and unpassivated dopant centers, respectively. The value (X,]
represents the dopant concentration, and is determined by the resisti-
vity. None of these reactions are assumed to be reversible at the



experimental temperature. The reaction rates k. are given by

k i " 4 n R i D (9)
f ° L ^ h e Process- *• Parameters in eqns.

Irlll I 5 i ^ * the diffusion coefficient D, the initial surface concen-
tration of hydrogen [H,J, and the capture radii R..

^ ^ 5 ? J A l H « ]
J
a n d >«, to be used in tne model may be derived

1 0° S-cmdata for ^ther boron (B)- or phosphorus <P>-
hydrogen conc«ntration greatly exceeds the

? ftiS,^** a r 9 » « t is strengthened by the fact that the
/ 5 " 5 1 0 ° v ^ ^ *" ̂  "'tyP* saxnPle« a r« H iilf» ̂ f ^ ^ fit ̂  10° ̂

[H.1 - 101 6 cm"3, D - 2 x 10' 1 1 cmVsec, R, - 0.1 A.

° f f i S V ^ n e a r l y e<^ual t o t"18 v a l u e obtained by i-rf •"* j ? * f i t o b t a i n e d « excellent. In the figure 4
S K . ^ 3 1 . corresponding complementary error function profil., which
illustrates the dramatic effect molecule formation has on the profile
and its necessity m fitting the data. Lattice distortions caSed by

i £ n S " 9 h . ^ r o 5 e n ^ ^ responsible for the small capture radius,
for X?lJT>ai?rxT& ** "ore heavily-<ioped samples, we must accost
for the coulombic effects mentioned earlier. HeTe we present prelimi-

US£?S **? aCtUal TOchani^ at work andPthe app?opriSe

1) The tendency to form molecules by either of the reactions
H(+/0) (+/0)

+ H -> H, (10)

H ( + / 0 ) + H*(B/P) -> H2 + B-/P+, (11)

2) the coupling of hydrogen interstitials to a dopant site (P/B)
+ B~/P+ -> H*B

1.0E*18c-

CO
i

<

O

£ 1.0E*17 ;

Figure 2. Best-fit (dashtd line)
to the 100 S-cm n-type saople
using the molecule formation para-
meters described in the text.
For comparison, an erfc profile
(solid line) expected for unen-
cumbered diffusion is super-
imposed. 1.OE*16

O.S i

DEPTH (MICRONS)



Numerical modeling of the observed SIMS profiles in Figs, la and lb
suggest that the assignment by Corbett et^ al^ (10) of a donor level
between 1 and 10 2-cm in p-type material is correct; hence the assign-
ment of the donor state. Hydrogen is positively charged in the 0.1 and
1 2-cm samples, and neutral in all others. Thus we have two values of
Rj. for each of the three reactions, one for each charge state of the
hydrogen. The reactions are summarized below, with those having
equivalent capture radii grouped together.
(For all n-type and 10 and 100 S-cm p-type material)

IT Hw + B -> H*B Hw + H*B - > H,

H° + P+ -> H*P H° + H*P -> H,

(and for 0 .1 and 1.0 2-cm p-type material)

B

-> H, HT + B -> H*B If H*B -> H, + B"

Several of the capture radii may be determined without parameteri-
zation. The value of R,° has already been found {by the fits to the
lightly-doped samples discussed earlier) to be 0.1 A. It is clear that
]*!+ vanishes, since the like charges repel. For R,+, calculations for
ion pairing [23] find a radius of 20 A for singly-charged species.

The hydrogen profiles turn out to be rather insensitive to the
remaining parameters. However, best fits are obtained for the parame-
ters R,° - 2.5 A, R,° « 0.25 A, and R,+ - 0.1 A. The best fits for two
of the cases are illustrated: the 0.1 p-type and 1.0 S-cm n-type samples
are shown in Figs. 3a and 3b, respectively. With the inclusion of both
molecule formation and charge state effects, we are able to obtain
reasonable fits to the SIMS profiles. It is clear, however, that
detailed structure in some of these profiles cannot be reproduced by the
model. We have not included the influence of the electric field induced
by H in-diffusion. We have imposed the same H diffusion coefficient on
the charged and neutral species. Finally, we have not accounted for the
influence of point defects introduced by the plasma bombardment. Inclu-
sion of these effects may be necessary in order to explain detailed
features of the profiles.

[H] (CM--3) [HI (CM--3)

1.0E*19

1.0E*18 •

I .OEO«E-

1.06*16

1.0608
O.S 1

DEPTH (MICRONS)
1.5

0.8 1

DEPTH (MICRONS)

Figure 3.
squares),
squares).

(a) Best-fit line to the .1 2-cm p-type sample data (full
(b) Best-fit line to the 1.0 S~ao n-type sample data (open



SUWARY

In this paper we have presented a kinetic model for hydrogen passi-
vation which explains some of the features observed in SINS profiles of
deuterium-treated p- and n-type c-Si. Hydrogen profiles obtained for
lightly-doped samples exhibit a behavior very different from the simple
error function expected for unencumbered diffusion. The addition of a
molecule formation term to the diffusion equation results in excellent
agreement between the predictions of the model and the observed pro-
files. Since the penetration depth of hydrogen is not dramatically
different for n- and p-type samples, the field induced by H in-diffusion
is not dominating the motion of the hydrogen.

Details of the hydrogen profiles depend upon the dopant type and
resistivity, which may be explained by assuming that the hydrogen inter-
stitials couple to dopant centers. The weak deactivation of n-type c-Si
is a result of molecule formation and low dopant capture probabilities
for neutral hydrogen. The presence of a plateau in the hydrogen profile
which is pinned at the dopant concentration in heavily-doped p-type
material indicates that the hydrogen-boron capture radius is large (due
to ionic attraction). Finally, marked changes in the profiles occur
between 1 and 10 2-cm in boron-doped material, indicating that the Fermi
level may be passing through the hydrogen donor level.
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ABSTRACT

Techniques of low-temperature photoluminescence, Auger electron spectroscopy, and
X-ray photoelectron spectroscopy are used to study the residual defects remaining after the rapid
thermal annealing of ion-implantation induced damage in As+ implanted (100) silicon. Rapid
thermal annealing resulted in the electrical activation of a major portion of arsenic in the
implanted zone, but a shallow region confined within a depth of - 200 A from the surface
contained As complexed with Si and O atoms. Surface characterization results agree with the
observed degradation in transport properties of the diodes constructed on the shallow N+/P As+

implanted B doped p-Si wafers.

INTRODUCTION

Rapid thermal annealing (RTA) of silicon is recently of considerable interest due its
ability to recrystallize the highly amorphous ion-implanted region without significantly changing
the dopant profile into the bulk. Since the technological importance of the annealing technique is
primarily governed by the regrowth of an electrically active high quality crystalline phase in the
implanted region, it is important to determine the presence and nature of defects remaining after
the RTA treatment. Severe defects are reported to remain in the surface region for As [1,2] and
P [3,4] implanted layers as observed by Rutherford backscattering (RBS), secondary ion mass
spectrometry (SIMS), transmission electron microscopy (TEM) and cross-section TEM
(XTEM) measurements. These observations have shown the existence of an amorphous surface
region without, however, identifying the density and type of point defects (e.g., vacancies and
interstitials) that eventually reduce the minority carrier life time in the MOS devices.

The RTA treatment of the uncapped, heavily doped p-silicon has recently [5,6] shown
a significant loss of As from the upper layers of the sample. On the other hand, performance of
n+/p junctions [7] or devices such as solar cells [8] constructed on the RTA processed silicon,
indicates the presence of a surface region that seems to contain arsenic in some form that
makes it electrically inactive. Model diffusion calculations showed that [6,9] irrespective of the
implantation and annealing conditions, the theoretical model yielded the best fits of the
experimental outdiffusion rate (obtained from RBS and SIMS measurements) for the same
value of a low activation energy for outdiffusion. Though the outdiffusion is thermally
activated, these observations suggested that for all temperatures above a minimum value
necessary for outdiffusion, the surface desorption was probably controlled by a slow-step
decomposition of As in the near surface region present in a form different from that in the bulk.
In this work we show, through a systematic comparison of the photolumincscence (PL), X-ray
photoelectron spectroscopy (XPS) and Auger electron spectroscopy (AES) spectra of (100)
p-silicon after various steps of the implantation and annealing conditions, that this surface
region does not appear to be compositionally similar to the structure of the implanted bulk
region.

EXPERIMENTAL TECHNIQUES

Wafers of Czochralski-grown boron-doped Si of (100) orientation with a resistivity
of ~ 20 Q cm were implanted with 2xlO14, lxlO15, 4xlO15, and lxlO16As+/cm2 at 70,120
and 170 keV. The implantations were carried out at room temperature with a beam current less
than 1 ^A/cm2 to limit sample heating and with an incident angle of about 7° to avoid
channeling effects. The RTA cycles began with a fast heating stage at about 100°C/sec. This was
followed by a temperature plateau of a few seconds (1100 to 1175°C), and the cooling down



period in the furnace chamber with adjustable maximum rates from -5 to -100 cC/s. A
temperature resolution of ±10°C is expected near 1100cC with light flux inhomogeneities of less
than 1% on the 80 cm2 sample holder surface. The details of SIMS and RBS measurements
have been described elsewhere [7,9]. For PL analysis, etching of » 200 A from some of the
samples was carried by out using a standard controlled etchant for Si (HNO3: HF: glacial acetic
acid: H2O mixture in the ratio 21:3:14:14.6 respectively). PL measurements were performed
with the samples cooled to 4.2 K in a continous-flow liquid He cryostat and using an argon ion
laser as the excitation source. The luminescence signal emitted from the sample was analyzed by
a Jobin-Yvon monochromator. A Ge photodiodc cooled to liquid nitrogen temperature was used
as the detector. After the luminescence signal was converted into the electrical signal, it was
amplified and the background noise supressed using a lock-in-amplifier. AES and XPS
measurements were carried out by a Hewlett Packard instrument equipped with Al Ka
monochromatic X-ray excitation source. The total experimental resolution was 0.6 - 0.7 eV.
After an HF etch, samples (5x5 mm2) were immediately introduced into the vacuum chamber.
XPS spectra were calibrated with the Au Ai-jp_ reference signal. Depth profiling was performed
using Ar+ sputtering, which corresponded to a precalibrated etch rate of ~ 80 A min*1 of TaO

SPECTROSCOPIC CHARACTERIZATION

Photoluminescence data

Radiation induced damage by As ion implants in Si can be sensitively monitored by PL
spectroscopy which may ultimately provide valuable information on the electrical activity of the
implanted species and the implantation damage to the host lattice. Information on the near
surface damage can thus be obtained from the luminescence data since excited carriers would
non radiatiyely recombine in the damaged region and consequently would not give the PL
emission. Figure 1 shows the low-resolution general scan of PL spectra from the following

nimplonted

Si: As | no RTA I

S!:A${RTA1100;
200 A etch)

I ' ' ' ! I ! 1 L

Fig. 1. Comparison of PL spectra of
(a) the starting wafer (B-doped Si) with
PL spectra of samples after subsequent
process ing: (b) l x l O 1 6 A s
ion-implanted and no RTA, (c) sample
(b) after RTA at 1100 °C for 10 s, and
(d) sample (c) after etching 200 A.

1700 1300 901 702
Wav*l*ngth(nm)



samples: (a) B-doped unimplanted sample, (b) IX1016 As+ implanted at 70 keV without RTA,
(c) sample (b) after RTA at 1100 °C for 10 s, and (d) sample (c) after removal of - 200 A from
the surface region. The scaling factor for each spectrum is given in parentheses. The subscript
indicates the phonon emitted (TO: transverse optical, LO: longitudinal optical, TA: transverse
acoustical and NP: no-phonon momentum conserving processes) and the notation in parentheses
is the type of transition. We note a large reduction in the exciton emission intensity [10] of the
unannealed ion implanted sample. Such a reduction in the excitonic emission is attributed to the
presence of non radiative decay paths (like a deep-level PL) in the unannealed sample. RTA at
1100 °C significantly restores back the emission spectra but the intensity is still lower than the
unimplanted sample. This is accompanied by a reduction in the relative intensity of the
multiexciton emission. We note that the emission is restored maximum to the initial intensity
levels of the unimplanted sample for sample (d), i.e., after removal of * 200 A from the surface
region of the ion implanted and annealed sample. This consequently reflects on a superior
crystal quality of the etched sample.

Figure 2 shows a higher resolution PL spectra for samples (c) and (d) in the 1220 -
1600 nm range. Also shown in this figure is the spectrum of a sample which is annealed at 900
CC for 10 s. The sample annealed at 900 °C has intense damage related deep level emission at
1526 nm (812.5 meV), alongwith other damage related lines that have been earlier observed in
the plastic deformation of Si [11,12]. These lines are attributed to the presence of relaxed
dislocations. Dl and D2 are associated with the randomly oriented centers having tetragonal
symmetry while D3 and D4 lines are due to either a triclinic symmetry or a preferential alignment
in the lattice [12]. A gradual reduction of the intensity of the Dl line, with a maximum for the
900 °C annealed sample to a minimum for the 1100 °C annealed and 200 A surface region etched
sample, points out to a superior crystal quality of the later sample. We believe this to be due to
the presence of an electrically inactive surface region (of » 200 A thickness) in which As is
bonded with the O atoms. The existence of a near surface region with the As bonded with O
atoms (to a depth much greater than the native oxide layer already present on die silicon surface
that is estimated to be *10 A [13] under the present room temperature oxidation conditions) is
indicative of a shallow damaged region near the surface. This region seems to be responsible for

/ V

/ W) ?2

/ Ml

Si:As{RTA 1100;
200 A etch}

a

Si:As{RTAi100)

b

Si: As {RTA 900}

c

D3 • «

Fig. 2. High resolution PL spectra
showing defect luminescence from
RTA processed samples: (a) RTA,
1100 °C (10 s) after 200 A etch, (b)
before 200 A etch, and (c) RTA at 900
°C (10s).
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the degradation in the electrical transport properties of the diodes constructed on shallow N+/P
As ion-implanted [IxlO16 As+/cm2 implanted at 70 keV and RTA annealed at i 100 °C for 10 s]
p-Si wafers [7] as is discussed in a later section below.

AES/XPS results

The existence of As in the surface region in a chemical state different from that in the
inner implanted zone was further confirmed by the AES and XPS data. The XPS As 3d lines
for the uncapped p-silicon sample (and subsequently implanted with a dose of lxl016of
As+/cm2 at 70 keV), which was rapid thermal annealed at 1165 °C for 10 s, are shown in Fig.
3. A high impurity dose implanted at low energy conditions ensured that arsenic was present
near the surface region in sufficient quantities to be detectable during AES and XPS
measurements. The main 3d peak is observed at a binding energy of 42.9 eV which is also
accompanied by a broad shoulder peak at 46.3 eV. This satellite shoulder is characteristic of As
bonded with other elements, particularly with O; the As 3d peak for As2C>3 and AS7O5 oxides
have been measured [14] at about 44.8 and 46 eV respectively. Further, the main 3d peak is
displaced by about 1.4 eV towards the higher energy as compared with the As 3d position of
elemental As. . . .

The Auger peaks for arsenic showed significant changes in the peak position and shape
of the L3M45M45 lines when monitored on the surface and after sputter removals. These are
shown in Fig. 4 for the specimen which were sputter etched by argon ion in the XPS/AES
chamber for the times indicated. The binding energy values at the surface and after 5,10 and 20
min sputtering were 262.2,261.3, 261.2 and 261.1 eV respectively. We note that the unctched
surface peak position is clearly differentiated from the positions after various etch times. This
main line is accompanied by three broad shoulder lines. The unetched surface shows only the
first line at 258 eV, the 5 min etched sample shows the second large shoulder at 257.3 eV
accompanied by the other two weaker ones. The other two spectra show gradually decreasing
intensity of the first shoulder and the maximum intensity for the third shoulder at 256.7 eV is
seen for the 20 min etched sample. . . , , ,

The difference in the X-ray induced As L3M45M45 Auger transitions between elemental
As and arsenic bonded to O or Si may arise from the different bonding configuration [15] of As
in the two cases. Generally, arsenic-silicon bonding involves an As 3d - Si 2p interaction.
Additional detailed measurements of the As-Si valence band density of states are required to
further explain the observed lineshapes. Further, the initial surface showed more surface oxide
(calculated from the oxygen Auger peak-to-peak heights, not shown here, which were
normalized with respect to the elemental sensitivity factors and the peak-to-peak Auger
intensities of other elements present) than the subsequently sputter etched regions. Auger depth
profile data showed that, while the Si/O ratio increased rapidly from 0.61 to 2.42 after the first
sputter etch, the ratio of As/O increased very little (from 0.5 to 0.9 after 5 min). It thus seems
that the As is bonded to O to a greater depth than Si. Further, the arsenic concentration in a
shallow region of < 200 A from the surface is more than two times the concentration in the inner
layers This is in agreement with the results of SIMS and RBS [7]. This suggests that As
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segregates in the surface region, probably as a result of oxidation. The depth of the specimen
upTo which arsenic exists in the oxidized state thus seems to be = 200 A which is considerably
more than the superficial thickness of the native silicon oxide already present on the surface.

Figure 5 shows the Si (2p) photoelectron spectra measured on the unetched and in-situ
Ar ion-etched surfaces for various times indicated. All these spectra exhibited a large peak close

Surface
— 5 Min
•-10Min
• • • 2 0 M i n Fig. 5. XPS spectra for Si 2p peaks

for the RTA treated sample on the
surface and after various etch
sequences.

99.5 r .
BINDING ENERGY >VJ

98

to the 2p peak position of elemental Si. The unetched surface showed in addition a smaller peak
(not shown here) at 103.1 eV; this peak corresponds to the SiC>2 phase which has been reported
[16,17] to have the 2p peak position at 103.4 eV. The primary 2p peak position was at 99.7 eV
for the unetched sample which shifted to a value of 99.5 eV after the first etching. The peak
positions after two consecutive etchings were nearly at 99.2 eV. These values could be
compared with the reported binding energy for elemental Si 2p peak at 99.15 eV [14]. A small
but distinct shift in the peak position for the unetched surface clearly indicates a different
electronic and chemical environment of silicon in the surface region. The 5 min etched sample
shows the peak at an intermediate position between the unetched and other two peaks. The last
two etch resulted in spectra close to that of elemental Si. Note that the full width at half
maximum (FWHM) values for these spectra were nearly the same for all samples (about 1.41
eV) and compared well with the FWHM value of 1.40 eV for the 2p peak of elemental Si.

DISCUSSION AND CONCLUDING REMARKS

RTA at 1100 °C shows a substantial increase in the intensity of the exciton emission and
a further 200 A etch of this sample results in an almost complete recovery of die excitonic
emission to the value of the unimplanted silicon. This increase in the excitonic emission is also
accompanied by a relative increase in the intensity of the multiexciton emissions. Further, the
intensity of the deep-level emission due to defect luminescence is considerably reduced for the
1100 °C annealed, 200 A surface region etched sample. These observations suggest that a large
portion of the electrically inactive "dead layer", that still remains after an efficient RTA treatment
to recrystallize the bulk implanted region, is essentially confined within a shallow surface region
of ~ 200 A.Thus, the arsenic present in this region does not seem to occupy a considerable
portion of substitutional lattice sites even after the RTA treatment.

The AES and XPS data suggest that most of the arsenic in the bulk is bonded to either
As or Si. However, in the upper monolayers arsenic exists in other chemical states. This region
is in addition to the native oxide layer already present on the silicon surface, which is estimated
[13] to be less than 10 A under the present room temperature oxidation conditions before
introducing into the AES/XPS vacuum system. As the XPS As 3d spectra show, in addition to
the oxide form arsenic is present as elemental / alloyed with Si-0 / polymeric As phase - all these
would have nearly identical core level spectra and would therefore be difficult to distinguish
from each other. The presence of As bonded with O atoms to a depth of » 200 A from the
surface (which is considerably greater than the native oxide thickness of Si) is indicative of the
existence of a shallow region near the surface that is responsible for the degradation in the
electrical transport properties. The electrical characteristics of the shallow NT+/P As ion implanted
samples (lxlO'6 As+/cm2 implanted at 70 keV and annealed at 1100 °C for 10 s) correlated well
with the observed surface characterization data of the regrown N+ layer. The values of built-in
potential, Vy, for diodes implanted and annealed under the above conditions, were distributed



around 0.6 V. This value is lower than expected for an abrupt junction. However, diodes
constructed on p-Si wafers with lower As implantation dose, typically 4xlO15 and ixlO15,
showed [7] higher values of V as expected for abrupt junctions. SIMS and RBS (random and
aligned modes) measurements showed no As segregation on the surface.

We believe that the dopant segregation in the shallow surface region results in the
formation of an electrically inactive surface region due to an overall gain in the Gibbs free
energy of formation of As-O bonds from the rupture of As-As bonds (the bond energies for
As-6 and As-As bonds are 3.44 and 1.87 eV respectively). It has been observed earlier [8] that
an increase in the plateau temperature upto 1100 °C resulted in a systematic decrease in the
ideality factor, n, indicating a decrease in the recombination component. The best results (n =
1.22 and the saturation current density = 6 nA/cm2) were obtained with the 4xl015 As+/cm2

implants annealed at 1100°C for 7s. The present work has shown that further increase in the
dopant concentration resulted in the As surface segregation. Increasing the RTA temperature and
time above 1100 °C and 7 s resulted only in sharply increasing the As outdiffusion rate from the
surface accompanied with undesirably deeper diffusion profiles into the bulk.

ACKNOWLEDGEMENTS
The authors are grateful to Professor G. Guillot for his permission to use the

photoluminescence measurement facility. This work was supported by the French - Groupement
Circuits Integres Silicium (GCIS) Grant.

REFERENCES:

a). Permanent address: Cathedra d'Electronica, Facultat de Fisica
Universitat de Barcelona, Diagonal 645, Barcelona 08028, Spain

1. M. Tamura, M.Horiuchi, T. Ito, and T. Abe, Appl. Phys. Lett. 52, 1212 (1988).
2. T.R. Cass and V.G.K. Reddi, Appl. Phys. Lett. 23, 268 (1973).
3. T. Hirao, K. Inoue, S. Takayanagi, Y. Yaegashi, Appl. Phys. Lett. 3 1 ,

505 (1977).
4. M. Tamura, N. Natsuaki, M.Miyao, T. Tokuyama, in Proceedings of the

5th Intemat. conference on Ion Implantation in Semiconductors and Other Materials.
Boulder. (Plenum. New York 1977) p. 391.

5. G. Chaussemy, B. Canut, S.N. Kumar, D. Barbier, and A. Laugier in
Fundamentals of Beam-Solid Interactions and Transient Thermal Processing, edited by
M.J. Aziz, L.E. Rehn, and B. Stritzker (Mater. Res. Soc. Proc. 100, Pittsburgh, PA
1988) pp. 695-700.

6. S.N. Kumar, G. Chaussemy, B. Canut, D. Barbier, and A. Laugier in
Proc. Europ. Mater. Res. Soc., Strasbourg, 1988, Photon. Beam and Plasma Assisted
Processing Fundamentals and Technology. (Appl. Surf. Science, in press).

7. G. Chaussemy, B. Canut, D. Barbier, M. Remram, J.F. Joly, J. Pivot, and A. Laugier, in
Proc. Europ. Mater. Res. Soc.. Strasbourg, June 1987 (Les Editions Physique, XV,
Paris 1987) p. 545.

8. J.F. Joly, L. Mayet, M. Remram, G. Chaussemy, D. Barbier, and A. Laugier, in seventh
Europ. Photovoltaic Solar Enerev Conf.. Sevilla, Spain (Reidel, 1987) p. 933.

9. G. Chaussemy, S.N. Kumar, B. Canut, D. Barbier, and A. Laugier, unpublished.
10. M.L.W. Thewalt, Can. J. Phys. 55, 1463 (1977).
11. M. Suezawa and K. Sumino, Phys. Status Solidi A 78, 639 (1983).
12. R. Sauer, J. Weber, J. Stoltz, E.R. Weber, K. H-. Kusters, and H. Alexander, Appl.

Phys A 36, 1 (1985).
13. F.Lukes.Surf. Sci. 30, 91 (1972).
14. CD. Wagner, W.M. Riggs, L.E. Davis and J.F. Moulder, Handbook of X-rav

Photoelectron Spectroscopv. Ed. G.E. Muilenberg (Pcrkin-Elmer, Eden
Prairie, MN 1979).

15. L.E. Davis, N.C. MacDonald, P.W. Palmberg, G.E. Riach, and R.E. Weber,
Handbook of Auger Electron Spectroscopv. edited by G.E. Muilenberg (Perkin Elmer,
Eden Prairie, MN 1979).

16. W.F. Banholzer and M.C. Burrel, Surf. Sci. 176, 125 (1986).
17. G. Hollinger and FJ. Himpsel, Appl. Phys. Lett. 44, 93 (1984).



OPTICALLY ACTIVE TF.ANSITION KF.7AL ITFFCTS V.i SILICON

Karia Celeste do Carmo, M.K. Nazar£, W.F. Thomaz, Irene Calao, Fatima
Cerqueira* and G. Davies**
* Departamento and Centro de Ffsica (IKIC), Universidade de Aveiro,
3600 Aveiro Fortugal
** Department of Physics, King's College London, Strand, London WC2R 2LS,
U.K.

ABSTRACT

Transition metals in silicon produce a number of photoluminescence
band s.

In this paper ve discuss and compare the electronic and vibronic proper-
ties of luminescence bands commonly related to iron, niquel, copper and
gold impurities.

1. INTRODUCTION

Transition metals are fast diffusers in crystalline silicon [l] and
produce many photoluminescence bands [2, 3, k]. The correct chemical iden-
tification of these bands vith the dopants is still not possible but a
classification of these bands, based on their electronic (section 3) and
vibronic (section 2) properties, can already be attempted.

Silicon crystals (n and p type) were doped vith Fe, Cu, Ni, and Au
by thermal diffusion in controlled atmosphere. The samples vere kept at
77 K until observation. Luminescence vas excited using the 512 nm line
from an argon laser or by the infrared radiation at 900 run from a 100 W
tungsten lamp filtered by a Spex minimate. General photoluminescence spectra
vere analysed using a Spex 1702 dispersive spectrometer or a Fourier trans-
form spectrometer coupled to a North Coast Ge detector.

For lov temperature measurements the samples vere immersed in liquid
helium using a bath cryostat. For variable temperature measurements the
samples vere mounted on the cold finger of a closed-cycle helium cryostat
(T ̂  12 K). Uniaxial stress data vere collected from samples compressed
along the three main crystallographic axis (001), (ill) and (110).

2. VIBRATIONAL SIDE BANDS

Most of the bands identified (Fig. l) consist of a progression of
tvo lov energy veil localized vibrational modes.

As clean examples of this group ve point out the lOlit meV copper related
band, the 735 meV (iron related).

In the linear coupling approximation [5] the relative intensity of
the n^n phonon is given by

S" exp (- S)/n! (l)

vhere S is the Huang-Phys factor (estimated from experimental
spectra - Table i). According to this theory the predicted band shapes
for these bands are shovn in Fig. 2 and agree veil vith the experimental
spectra (dotted lines) for the 735 meV, 101 1J meV systems. Hovever the
1067 meV band (Fe - B complex?) cannot be inserted in this group of centres.
This vibronic band is unusual as at lov temperature it consists mainly
of a strong one phonon side band (Fig. 3a). Based on this intensity the
estimated Huang-Phys factor should be very high (S ̂ 15) and this is clearly
not possible because the next phonon is very veak. So this system does
not follov the simple distribution of the side band intensities (equation 1).
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Table I: General Properties of TM bands of Fig. 1

System

Si:Fe
735

Sl:Cu

Si:Fe
1067

Ei:Au
83k

Si:Kl
e12.it

ZPL
Energy

me'.'

a

c

a
b
c

c:

a:

: 737.5
735.0
73k. 5

102lt
1016
101k

1069.2
1066.7
1066.k

Ifot
observed

a: 812.lt
t : 811.1

Phonon
Energy

A: 7.3
B: 9.3

A: 7.It

A: 7 . 2

B: 9 . 7

A: It.2

E: It.2

A: 5.7
B: 5.7

s

SA: 0.8
SB: 1.0

SA - v l

See
text

S ~ k.5
(from f i t )

u
^ t * 1 Activation

Energy eV
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Fig. 3 - The vibronic structure of 106U meV band at tvo different tempera-
tures, as measured (3a) and calculated (3b); n Bj represents the
n**1 phonon B of line i



We can explain the large intensity of this first phonon considering that
this band is vibronically induced.

Taking a system vith tvo vibronic states given in the Born-Oppenheimer
description by

<hn (r, Q) = 4>! (r) Xn (Q) (2)

vhere the 4>'s represent the electronic vavefunction and the X's the vibra-
tional wavefunctions and assuming that a linear electron-phonon coupling
term a Q can mix the electronic states, then the interaction matrix, although
infinite in size, has only a few non zero elements. The only off diagonal
elements to consider differ in their quantum vibrational number n_ by t 1 [5]:

l r dQ = A

Solving this matrix vith

)
m

= 8.5 meV (5)

and tvo electronic states separated by h meV the general form of the spectrum
can be veil predicted as shown in Fig. 3b [61.

This is the only system in silicon vith a side band vibronically induced
so far reported.

3. ELECTRONIC STRUCTURE

Most of the TM bands show a very similar electronic structure (inserts
in Fig. l) consisting of three zero phonon lines. Two of them are very close
in energy K 0.5 meV) and the third one is 3-1* meV apart. We have performed
uniaxial stress measuremnts on the 735 meV system and ve can show that the
symmetry of this system is trigonal vith a non-degenerate ground state and
two E excited states. The lower excited state is spin-orbit split by an
interaction of G.^5 meV. The perturbation hamiltonean can then be vritten as:

- > • -*•

H = Z ajj sjj + 5 L.S (6)

vhere the first term is the stress perturbation [7] and the second is the
spin-orbit interaction. The secular matrix, for this system, is then an
8 " 8 matrix and can be easily solved attending to:

i) from the experimental results the stress perturbations have the same
magnitude for the tvo excited E states. However parameter B for line
one (Bl), has different sign in line tvo (Bl = - B2);

ii) under (ill) stress the lines split in tvo components only meaning
that shear stresses, (2 Syy - s y z - szx) and (syz - s2X) / 3 , do not
perturb the E states;

iii) parameter B]^ has the same meaning as parameter B but is taken between
the tvo different excited states.

The experimental results and the fittings are shovn in Fig. h using the
stress parameters of Table II. The meaning of these parameters is the same
as used in [7, 8] .

The stress results on other TM lines reported so far [2, 9] have not
been fitted. We have applied our model to the published data and obtained
good fittings vith parameters of the same magnitude as the ones calculated
for the 735 meV system (Table II) this confirms the suggestion [2] that
the electronic structure of these bands has the same origin, the excited
states being derived from a tightly bound hole and a shallow electron.

For the 106k meV band (Fe-B?) detailed experimental data have not
been produced. Although its symmetry has been reported to be trigonal.
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Table II: Uniaxial stress parameters (notation from [7])

System

735
neV

1014
neV

Cr-B

neV/GPa

-5.4

- - 4.6

= - 6

*2

- 15.7

a - 7.2

a - 16

B

- 12.4

- 10.0

= 10

B12

t 8.7

15

Ifot
accessed

from
published

data

C

0

0

0

Assuming an identical behaviour of these ZPLines under stress as its
other TM partners ve can predict a value for parameter A of section 2.
This parameter is proportional to the interaction stress parameter B22-
On the other hand stress parameter B is proportional to the vibronic linear
coupling parameter A* (taken between one state) appearing in the Huang-Rhys
factor [5]

S = A*2/(2 m ft 0)3)

A* A

T ~
For a mode of ft u = 10 meV
system - Table I) we get

m co

and S = 1 (measured for the

a 1 0 n e V

(7)

(8)

735 meV

(9)

in the same order of magnitude as predicted in last section.

i». FORMATION AND DISSOCIATION OF TM CENTRES

The thermal stability of TM shows many similarities.
These defects show high mobilities at room temperature fl] and anneal

out between 120°C and ^ 200°C (Table I, Fig. 5 ) .
Ve have measured very similar activation energies (U s 1 eV) for the

735 meV and 106U meV bands (Table I ) , showing that the dissociation mechanism
of these defects is most probably the same.
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5. CONCLUDING REMARKS

We have shovn that the electronic structure of most of the transition
metal bands so far reported is very similar. Our uniaxial stress data is
consistent with a model of the electronic states being derived from an
exciton bound to an impurity vith a tighly bound hole and a shallow electron.
The presence of more than three electronic excited states is very clear
in the 101^ meV system and suspected in other systems like the 735 meV
(by the fact that the fittings of the uniaxial stress results are not as
good for the higher up state, this fact being due to the presence of other
states interacting vith this one - Fig. h).

However the differences observed in the vibrational side bands suggest
different physical mechanisms for the stability of these defects. The infor-
mation gathered so far shows also a similarity in the dissociation processes
of these defects.

At the moment more work is on the way to clarify some of these aspects.
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ABSTRACT

Defects in crystalline silicon caused by a BFJ ion implantation dose of
3xl01Jcnr2 have been studied using plan-view and cross-section TEM and SIMS.
Dislocations form at annealing temperatures above 1000cC and are pinned below
the Si surface by fluorine bubbles -10 nm diameter at a density of -lO^cm"2.
This microstructure is essentially stable at 1150°C from 4 to 400 minutes.

INTRODUCTION

Implantation of BFJ ions into silicon is a means of boron doping which
has some accelerator control advantages1 and, for heavy doping, yields
electrically superior devices2 . At doses above 1015cm"2 the implanted surface
layer is amorphized, and a highly defective transition region to crystalline
Si is formed.3 Subsequent high temperature processing causes epitaxial
regrowth of the amorphous layer and can introduce extended defects. In this
paper we report a study of two such defects, bubbles and dislocations, which
form at 1000°C and above. TEM on Si wafers in cross-section and plan view is
used to examine the defect microstructure while SIMS is used primarily to map
the profile of fluorine concentration.

EXPERIMENTAL PROCEDURES

Silicon (100) wafers which had previously been implanted with 3xlO13B/cm2

and annealed at 1200eC to produce a 3 /im deep p-well were used as the starting
material. The wafers were then implanted with 120 keV BFJ ions through a
thermally grown, 12 nm screen oxide in a rastered beam implanter with cold
water cooled wafer mounts to a dose of 3xlO15B/cm2. Following implantation
whole wafers were subjected to 1000eC for times of 15 to 45 minutes in
ambients of 02 or N2. However most of the data discussed here was obtained on
1x3 cm2 pieces cleaved from whole wafers immediately after implant. These
pieces were annealed at 530 to 1150°C for times of 4 to 400 minutes (a rapid
thermal processing furnace was used for the 4 minute anneals). Although both
02 and N2 ambients were used in these anneals also, mostly the N2 results are H-
reported here to avoid complicated explanations due to the oxidation induced, n>
displaced Si/SiO2 interface relative to the underlying microstructure.

Cross-section and plan view samples were prepared in standard ways* for «
examination in a JEOL 2000FX transmission electron microscope (TEM). e
Secondary ion mass spectroscopy (SIMS) was performed on a VG quadrapole mass
spectrometer sputtering with 0+ ions to measure the fluorine concentration
profile with depth. 5"

oo

RESULTS o

A cross-sectional TEM (XTEM) of an as implanted wafer is shown in Fig. 1. °*
Beneath the 12 nm screen oxide the Si is amorphous, as determined by electron
diffraction, for the first 125 nm. A dark band 12 to 18 nm thick represents
the transition layer to the crystalline substrate. When a piece of the same
wafer was annealed in N2 for 10 minutes at approximately 53O

eC, 50 nra of the
amorphous. Si epitaxially regrows as shown in Fig. 2. At the depth of the
original transition region, a band remains apparent in XTEM, but plan view TEM
(PTEM) is completely featureless at this stage, with no indication of the
bubbles seen at higher temperature. This band may consist of point defect



Fig. 1. XTZy. :f as-implanted (100) Si with cxide,
12 run, ancrpr.cus S i , 125 n.n, t rans i t ion layer,
15 nm, and su is trate , L to S.

Fig. 2. XTEM of implanted S i , annealed 10 min *t
-530°C in N2 to y i e l d part ia l epi taxia l regrowth.
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clusters, but we are uncertain. The
fluorine profile, plotted in Fig. 3,
is unchanged from the original
implant even though the regrowth
front has just passed into the peak
concentration. This demonstrates
that the atomic rearrangement
associated with solid state
epitaxial regrowth alone is
insufficient to redistribute the
fluorine as implied in an earlier
paper.5

A previous study of
BF£-implanted (100) Si indicated
that the qualitative nature of the
defect microstructure changed for
anneals at 1000°C and above,3 the
temperature range of interest to us.
We find that even short times at
1000°C produce two bands of small
bubbles beneath the surface of the
Si. Figure 4a is an XTEM following
an anneal for 4 minutes in N2 in
which broadly distributed bubbles,
-4 nm in diameter, are centered
about 100 nm below the Si/SiO2
interface. Another band of slightly
larger bubbles is narrow and
situated just below the original

amorphous/crystalline transition
bubble microstructure was determined from Fresnel fringe contrast
underfocus to overfocus conditions. The PTEM of this wafer piece

Fig. 4b; the bubbles have a measured areal density of C:-:10::cm*2.
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The fluorine profile in Fig. 5 shows a separation into three peaks, one at
each of the bubble layers and another at the Si/SiO2 interface.

In addition to the bubbles, the XTEM and particularly the ?TEM show tha;
dislocation loops form near the transition layer. Unlike dislocation loops
normally seen in Si, these are very kinked with no obvious crystallograph'ic
alignment. While not clear from Fig. 4b, the PTEM in Fig. 6 shows that the
kinks in the dislocations occur at their intersection with bubbles. This
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micrograph, taken on a vafer piece vhich had been annealed at 1150cC for
400 minutes, also illustrates the stability of this bubble and pinned
dislocation microstructure. A comparison of quantitative features associated
with the annealing extremes of 4 min at 1000cC and 400 min at 1150eC shows
that the bubble density decreases from 6xl0ncm"2 to 2.4xl010cra"2, the bubble
size grows from -4 run to 8 ran near the fluorine peak and 20 run at the
transition layer, and the 'size' of the dislocation loops increases from -100
nm to -500 run. However, even at 1000eC, the fluorine concentration decreases
as shown in Fig. 7.

Notice in Figs. 4 and 6 that
the dislocation loops are closed and
lay within the deepest band of
bubbles. This defect microstructure
was always observed when the wafers
were processed as centimeter sized
pieces, regardless of atmosphere,
temperature (above 1000"C), or
temperature ramp rate (150°C/sec to
5°C/min). However when whole wafers
from the same implant lot were
processed in a batch production
environment under otherwise
identical conditions, the
microstructure was significantly
different. Figures 8 and 9 compare
typical microstructures produced in
each of the above cases. For these
samples the screen oxide was removed
by a BOE etch. The Si was then
oxidized in a flowing 02 tube
furnace which was ramped from 800°C
to 1000eC at 5°C/min, held at
for 15 minutes, and cooled to

125
Depth (nm)

250

Fig. 7. SIMS profile of fluorin* concentration
a£t«r Kintals at 1000°C in S 2

 f o* *i *0 »nd *00
min, offset with sam* ordinatt seal*.

1000°C
800'C

at the same rate. The
microstructure of the batch
processed wafer contains both

bubbles and kinked dislocations at about the same density as that of the small
piece, but a large fraction of the dislocations are open since they terminate
at the Si/SiOj interface. By the schedule above we have oxidized a piece and
a whole wafer side-by-side to assure identical processing; the piece had the
same microstructure as always while the wafer exhibited both open and closed
dislocations with an interface termination density four times lower than for
the batch processed wafer shown in Fig. 8.

DISCUSSION

Creation of an amorphized Si layer followed by a highly defective
transition region to the crystalline substrate by a high dose implantation of
BFJ has been reported before, and our results are very similar6 . For heat
treatments at 1000'C and above the appearance of bubbles containing fluorine
plus "tangled" dislocations has also been reported by Nieh and Chen3, but with
several differences from our observations. They report a broad band of small
bubbles 70 to 190 nm from the surface and a band of larger (38 nm) bubbles at
the surface. Ve see two bands of small bubbles, one at the depth of peak
fluorine concentration and one at the transition layer. The locations of our
bands also correspond to the narrow peaks of fluorine concentration measured
by SIMS. The narrowing of the fluorine peaks compared with the as-implanted
profile is "anti-diffusional", and clearly indicates that the bubbles contain
the fluorine. The high concentration of fluorine in the as-implanted sample
and its low solubility in Si mean that the lattice is highly stressed by the
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Fig. z. XTE!-:s c£ implanted Si, oxidized 15 rr.in at 1000°C in 02. a> oxidized es a cm sized piece.

b) oxidized as a whole wafer in a batch process (two facir.j specimens in the field of view).
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find no evidence of bubbles there. The SiO2 apparently acts as a diffusion
barrier to fluorine leaving the Si.

The highly defective transition region between amorphous and crystalline
Si is commonly seen for many implant species at high doses. It is the
apparent source of dislocation loops and hairpin (or "paired"3) dislocations
which terminate on the surface, and which have been designated Type I and Type
II damage respectively7 . The evidence presented in this paper for the batch
processed wafers strongly indicates that the source for Type I and II is
indeed common. In these wafers both types are seen, and in fact hybrid types
in which partial loops, pinned by bubbles within the lower band, are seen to
have ends which escape to the surface. Without the bubbles it is likely that
these dislocations would become hairpin shaped to minimize their energy.

The puzzling difference between the dislocation microstructures for small
pieces processed individually and whole wafers processed in a batch has been
partially resolved by the simultaneous processing experiment. The small piece
developed the same microstructure as always, while the wafer developed a
dislocation microstructure intermediate between batch and small piece
processing. This indicates to us that the detailed nature of the wafer
heating is responsible for these differences. In the batch process wafers are
loaded into a carrier with other wafers 5 mm away, front and back. This
configuration will restrict gas flow and block radiation from the center area
of the wafers creating a radial temperature gradient and an inhomogeneous
stress field8 which apparently assists the dislocations in moving to the
interface. In the small piece temperature gradients (and thus stress fields)
are negligible, and the dislocations tend to be pinned before reaching the
surface. This suggests that by controlling the wafer stress during heating
(perhaps by backside treatments), one could prevent the dislocations from
reaching the active device region at the surface. This would be an obvious
advantage for improved oxide integrity or reduced junction leakage.
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TEM STUDY OF THE ANNEALING BEHAVIOR OF SECONDARY DEFECTS IN
1 MeV Si IMPLANTED GaAs

SAMUEL CHEN, G. BRAUNSTEIN and S.-TONG LEE
Corporate Research Laboratories, Eastman Kodak Company, Rochester, New York 14650

ABSTRACT

The annealing behavior of the lattice damage induced by 1 MeV Si+ implantation, at a dose
of 3 x 1015 cm"2 , into (100) GaAs has been examined by high resolution TEM, RBS and
SIMS. The samples were annealed at temperatures ranging from 500 to 900°C for 10 sec by
rapid thermal annealing {RTA). Two types of defects, perfect and partial dislocation loops,
lying in the GaAs {111} planes, were found throughout the as-implanted region, with the
highest defect density concentrated in a buried band centered at 1 u.m below the surface. After
annealing at 500°C, the total defect density showed little change, but the defects had become
partial dislocation loops. With further increase in the annealing temperature, the surface
region became increasingly defect free as the remaining individual dislocations increased in
size, accompanied by a decrease in their number density. RBS dechanneling analysis showed
that after annealing at 900°C, the crystal lattice of the near-surface region had recovered to
the level of a pristine GaAs. SIMS measurement of the Si profile showed little movement of the
implant species upon RTA processing, and the Si peak position correlated well with the
maximum defect density in the defect band.

INTRODUCTION

Megavolt ion implantation is attracting increasing interest as a potentially powerful
technique for the formation of small dimension channels or deeply buried dopant layers in the
fabrication of novel devices [1]. Feasible use of this technique in GaAs-based devices has been
demonstrated in the construction of mixer diodes [2] and the processing of monolithically
compatible GaAs structures [3]. While MeV ion implantation can place a high concentration of
select dopants microns below the substrate surface [4,5], this process concurrently
generates lattice defects, especially near the implant peak region. Once formed, these defects
are known to be stable even at high annealing temperatures [4,6]. In order to apply MeV
energy ion implantation technology to device fabrication, the nature, structure, and depth
distribution of implantation-induced defects need to be carefully investigated. Furthermore,
an understanding of their annealing behavior to control the conditions necessary to remove or
to prevent the formation of defects is needed in order to enhance the activation of electrical
carriers. While the annealing behavior of KeV implanted Ill-V materials has been extensively
studied [7,8], the detailed structural changes of MeV implantation-induced defects, as a
function of rapid thermal annealing, are not known. In this paper we report the nature and
structure of 1 MeV Si implantation-induced lattice damage in GaAs.

EXPERIMENTAL

One MeV Si+ ions were implanted at room temperature into semi-insulating (100) GaAs to
a dose of 3 x 1015 ions/cm2 using a 1.7 MV Tandetron. The sample surface was tilted to avoid
ion channeling. The beam current was kept low (< 0.5 u.A/cm2) to reduce sample heating
effects. We have experimentally determined, under identical implantation conditions, that the
temperature of the sample does not rise more than 20-30°C during the irradiation. After
implantation the samples were rapid thermally annealed at 500, 700 and 900°C for 10 sec
under flowing N2/H2, with the sample face placed on top of a pure GaAs wafer. The structure
and morphology of the defects in the as-implanted and annealed GaAs were studied primarily
by cross-section TEM. Samples for TEM were prepared by polishing and dimpling the cross
sections until they were 20 urn thick and then Ar-ion thinned with the sample cooled by liquid
nitrogen to reduce ion milling damage. The depth distribution of the implanted species was



As-implanted 500C 900°C

Fig. 1 Cross-section TEM images showing the defect morphology in as-implanted and
annealed (RTA, 10 sec) GaAs implanted with 1 MeV Si.

Fig 2. High resolution TEM image of a perfect interstitial dislocation with a Burgers vector
of a/2 [110], in as-irnpiantc-d GaAs.
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Fig. 3a Image of the annealing behavior of implantation induced defects at 500°C showing
dislocation cores around a perfect dislocation.

Fig.3b A partial dislocation, viewed edge-on, lying in the (111) plane in the 500°C
annealed GaAs.
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Fig 4. Change in implantation-induced defect size (•), and defect density (A), in the implant
peak region, in the the 300-1173 K temperature range.



probed by SIMS, and the recovery of the lattice from implantation damage was examined by
RBS-channeling using 2 MeV He++.

RESULTS

The cross-section morphologies of the as-implanted and annealed MeV Si implanted GaAs
are shown in Fig. 1. In the as-implanted sample, small spot-like defects are seen to extend
from the surface down lo a depth of 1.4 urn. The defect density increases gradually with
increasing depth and reaches its peak value at a depth of about 1 jxm beneath the surface. In the
near-surface region, where the defect density is lower, the majority of the spot-like defects
were identified by high resolution TEM as perfect dislocation loops, with a Burgers vector of
a/2(110) (Fig. 2). It was not possible to determine the extent of the lattice disorder in the
dislocation core from the high resolution images and electron diffraction did not definitively
show any amorphous regions. Deeper down into the sample, in the region showing the higher
density of defects, both perfect and partial dislocations were found. Upon annealing at 500°C
for 10 sec, while both types of defects were still observable, the size of the dislocation cores
associated with the perfect dislocation loops were much smaller (Figs. 3a and 3b). Image
analysis of the partial dislocation revealed a Burgers vector of a/6(112) [9]. Interestingly,
the total defect density of the 500°C annealed sample was similar to that of the as-implanted
GaAs. With further increase in annealing temperatures, a buried band of residual interstitial
dislocations remained in the deep portion of the implanted region. Concomitant with the
increase in annealing temperature (500-900°C), we observed an increase in the size of the
dislocations accompanied by a decrease in their density. The changes in size and density of the
defects in the RTA-processed GaAs are shown in Fig 4.

The SiMS depth profile showed little Si diffusion over the annealing temperature range
(Fig. 5), although a slight tailing of the Si profile is evident at higher implantation
temperatures due to channeling and/or radiation enhanced diffusion [4]. The position of the
peak Si concentration, Rp, was at 1.1 u.m beneath the substrate surface. To probe the
crystallinity of the GaAs lattice, RBS-channeling analysis (Fig 6) showed that upon annealing
at 900°C the near surface region has completely recovered (at least within the RBS detection
limit) from the implantation-induced lattice damage. Deeper into the sample, a steep increase
in backscattering yield occurred at a depth that corresponds to the buried band of extended
defects observed by TEM. Further analysis of the backscattering yield is documented elsewhere
[10 ] .
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DISCUSSION

In a previous work we have shown that significant in-situ self-annealing of implantation
damage occurs during room temperature MeV implantation of GaAs [4], In the present work
we show that this annealing results in the formation of both perfect and partial interstitial
dislocation loops, identified by high resolution TEM. Undoubtedly, many small point defects
such as discrete vacancy or interstitial complexes, antisi'e pairs or even small {<10 A)
amorphous clusters and dislocations still remain present but are too small to be detected by
TEM. During the implantation process, it is known that the use of low substrate temperature
(11) can result in the formation of amorphous regions in GaAs. In this work, very low ion
current was used during MeV implantation and except for the possibility that the dislocation
cores may be disordered (see Fig. 1), no amorphous regions were otherwise created.
However, the distortion of the lattice in the implanted region is clearly indicated by the
dechanneling yield in the as-implanted sample (Fig. 6). While the detailed nature of the
processes that lead to the formation of these implantation-induced defects is not fully
established yet, nonetheless, it seems certain that radiation-enhanced as well as thermally
induced relaxation of displacement cascades accompanied by point defect migration and
condensation are responsible for the formation and final distribution of the residual defects.
Since our samples showed an insignificant temperature rise in the sample during
implantation, we feel that dynamic annealing is primarily due to radiation-enhanced
diffusion, for which local regions of disordered point defects re-grow using kinetic energy
from the displacement cascade process (12). This is particularly so in the buried defect zone,
where nuclear energy loss is maximal and interstitial dislocations are the predominant defect
species.

The annealing behavior of the implantation-induced defects can be explained in terms of
complementar/ processes involving either point defects or dislocation loops and by taking into
account the temperature dependence of their mobility. At low temperature, T<500°C, the
annealing of defects is controlled by short-range point defect migration. Thus, small and
discrete point defects can dissolve locally into lattice sites, while large disordered region can
re-grow and the lattice misfits are accommodated with low Peierl's stress dislocation
configurations, such as the interstitial dislocation with a Burger's vector of a/2{110). One
observation should be made at this point. As shown in Fig. 4, the total size and density of
extended defects remaining after annealing at 500°C is not much different from that in the as-
implanted sample and this indicates that there is little growth of the implantation-induced
preformed dislocations, which is consistent with the low mobility of point defects. As the
temperature increases, point defects become more mobile, and their long-range migration
begins to play an increasing role in determining the annealing behavior of the defects. At
900°C, TEM shows that dislocations have either coalesced into larger loops (to reduce their
strain energy with the lattice) or have completely climbed to the free surface, resulting in a
defect-free near-surface region approximately 0.4 u.m deep. Similarly, the scattering yield
from near-surface region has decreased to the level seen in a pristine GaAs (Fig. 6). During
their thermally enhanced movement, loops can absorb highly mobile point defects such as
displacement-cascade-generated interstitials and Si implants. It is noted that the maxima of
the buried residual defect band correlates with the peak of the Si implant. At intermediate
temperatures, e.g., 700°C, TEM shows partial dislocations to be the primary form of residual
defects. This indicates that the processes involving the short-range transport of point defects
have been completed at this temperature. On the other hand, the mobility of point defects is
still small so the growth of loops is limited.

The temperature dependence of the defect annealing processes described above must be
operative throughout the implanted profile. The different nature of the residual defects in the
buried versus the surface region is primarily determined by the density and nature of the
pre-existent implantation-induced defects as well as by their proximity to the surface of the
sample. In the near-surface region the defect density is low, most of the defect being discrete
point defect complexes and small interstitial dislocation loops. Both of them are easily
annealed out. The close proximity of the uncapped surface facilitates the defect annealing
process since the surface can act as an annihilation sink for the loops, which, once formed, can
grow and climb to the surface. Away from the surface, where the defect density is high, loops
are formed copiously, and upon annealing, they can combine and become stable, resulting in a



buried residual defect band of loops whose density and size continues lo decrease and increase,
respectively, with increasing annealing temperature.

SUMMARY

The nature, structure and annealing behavior between 25 and 900°C of 1 MeV Si-
implanted GaAs has been investigated. We have shown by high resolution TEM that the initial
stage of extended implantation defects are perfect and partial dislocations loops. With
increasing annealing temperature, the thermally induced climb of the dislocations to the
surface results in a near-surface region that becomes increasingly defect free and the degree
of crystallinity recovers to that of a pristine GaAs. Deeper down, a band of residual
dislocations remains even after annealing at 900°C.
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IMPUPJTY - DISLOCATION INTERACTIONS IN MBE SILICON
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ABSTRACT

The interaction between impurity species and dislocations is an area of tremendous
importance both from a scientific viewpoint and from the need to understand gettering
mechanisms. Low temperature gettering will be a vital tool for future VLSI requirements.
However, the direct and unambiguous measurement of point defects gettered onto
dislocations is difficult.

We have made a systematic DLTS study of a deep level which is clearly related to
dislocations. The measurements were made in silicon deposited by molecular beam epitaxy
(MBE). This near mid-gap state appears to result from the complexing of an impurity or
defect with the • dislocation. In silicon with relatively high dislocation densities we observe
classical DLTS spectra. As the dislocation density becomes low we see clear evidence of
"crowding" of the gettered impurities; even though the total number of defects is not high
the local concentration near the dislocation causes spectral distortion. We are able to model
these spectral anomalies by observing detailed capacitance transients.

In this paper we aim to present an overall description of the electronic properties of
the gettered impurity or defect. The insight that this gives into gettering mechanisms is also
discussed.

INTRODUCTION

Extensive work has been carried out in characterising deep defect levels in bulk
silicon associated with dislocations introdoced by plastic deformation1. Deep Level Transient
Spectroscopy2 studies of the deep levels in n-type and p-type silicon have been undertaken,
the procedure is generally to introduce a high density of dislocations by plastic deformation,
typically 109cm~2. This generates a complex spectrum of energy levels which simplifies on
annealing at 800-1000 °C.

This is the first report of a systematic study of the deep levels associated with the
much lower level of dislocations formed during MBE growth. The growth was at 550 °C and _
even at this low temperature the dislocations appear to be effective gettering sites. P^

In this study DLTS was used to identify a deep level in a set of silicon epilayers /A
with dislocation densities ranging from less than 103 to mid 10 Scm"2. The unusual r n
electronic behaviour of this defect resulted in non-exponential capacitance transients and P*
distorted DLTS spectra. These anomalies were examined in detail in order to understand the &
behaviour of the defect, and from this it was concluded that the defect is an impurity ~5
complexed with a dislocation and that it is the local density of this defect which determines ^
its electronic behaviour. -^

GROWTH OF THE LAYERS

A set of nominally undoped silicon layers were deposited by MBE on n + -^j
(<20m0cm, 101 e-101 9cm~3) antimony doped (100) CZ silicon substrates. The substrates
were cleaned at 900 °C using a low silicon flux and 2/im thick layers were deposited at —
550 °C at 5jim/hr. Details of the MBE system and the growth procedure can be found in
reference 3. The dislocation density, measured by etch pits, was found to depend on the —£\s>
run number of a layer after system bake.

The layers were n-type with the carrier concentration decreasing with run number,
from 5x10's to lxl0 1 4cm~ 3 , indicating that the contaminant giving rise to the shallow ^ ^
donor state is being cleaned out of the system with increased use. Phosphorus has been



reported as the usual n-type contaminant in silicon MBE systems4. Delages states that
phosphorus segregation occurs at grain boundaries in the stainless steel of the system and
that the bakeout procedure causes it to migrate to the surface, from where it evaporates
into the growth chamber. The carrier concentration in these layers, high immediately after
bakeout and then falling, is consistent with the observed behaviour of phosphorus.

ORIGIN OF THE DISLOCATIONS

The dislocations were line dislocations and their density was found by counting the
etch pits revealed by Schimmel etching6. No stacking faults were seen in any of the etched
layers. In the low dislocation density samples the pits were predominantly single and
circular, suggesting that the dislocations were propagating in the <100> direction (ie
perpendicular to the surface). The low pit density and the fact that the etch pits occurred
singly may point to the dislocations in the epilayer being extensions of dislocations in the
underlying substrate. Ota7 reports that low dislocation densities (<500cm~2) in silicon MBE
layers are close to those in the substrate and suggests that in such epilayers the main
mechanism of dislocation formation is due to extension of dislocations from the substrate
surface.

The high dislocation density layers were dominated by elliptical etch pits in pairs,
with a smaller number of single circular pits. The distance between the two pits was the
same as the thickness of the epilayer. This suggests that most of the dislocations in these
layers were propagating in [210] directions from the substrate/epilayer interface and are due
to contamination of the substrate surface prv to deposition.

Types of surface contamination pric > deposition in silicon MBE systems have been
identified as residual oxide8, poorly outgas.sed holders9 and residual oxygen and carbon in
the UHV enviroment1 °. In these layers the falling dislocation densities with subsequent
growth was also accompanied by a drop in vacuum levels during deposition from 10~7 to
10~9mbar. Thus residual gases were probably responsible for substrate surface contamination.

MEASUREMENTS AND RESULTS

Gold Schottky barriers with an area of 0.94mm2 were evaporated onto the cleaned
epilayers. Since the substrate resistivity was very low Ohmic contacts were made to the back
of the substrates by aluminium evaporation. A capacitance voltage measurement of each
layer was carried out to obtain the doping profile. The carrier concentration was fairly
uniform in each layer. Current voltage measurements showed that the diodes had reverse
currents of approximately 10" 7A and so were of suitable quality for DLTS.

DLTS was carried
out twice on each sample.
In the first case DLTS
was carried out between
two reverse bias voltages,
ie using a reverse bias for
the filling phase as well as
the emptying phase of the
measurement. The same
deep state at Ec-O.58eV
was found in each layer.
The concentration of this
state is plotted as a
function of dislocation
density in Fig 1. This was
the only deep state found
in every layer although
lower concentrations of
various other different
deep states were found in

Dis loca t ion d e n s i t y • cm^-2 some of the other layers.



Fig. 2
DLTS spectra with a reverse bias fill
pulse. Rate windows are 200, 50 & 10/s.

:(a) Dislocation density=3xlO"cm~2

N=1.9xl0 1 scm~ 3

lit

(b) Dislocation density=4.5xl03cm~2

N=1.7xl0 1 5cm~ 3

Fig. 3
A typical emission transient.

T i m e

It was observed that for high
dislocation density layers the DLTS peak
height was almost independent of rate
window (Fig 2a). However, in the lower
dislocation density layers the peak height
decreased greatly with lower rate windows
(Fig 2 b) and so it was not possible to
determine the true deep state concentration.
The DLTS measurement is such that it
always under estimates the true change in
AC for a non-ideal emission transient and so
the deep state concentration used was taken
from the peak height of the largest rate
window. A large variation in DLTS peak
height with rate window is due to a
non-ideal emission transient ie a transient
which is not of the form of a single
exponential decay.

The capacitance transients under these
DLTS conditions consisted of a rise in
capacitance, due to electron emission, and a
fall in capacitance due to an opposing
process, either hole emission or electron
recapture (Fig 3). The fall relative to the
rise was greatest in the samples of lower
dislocation density and least in those of
higher dislocation density, with the transient
consisting only of a rise in the case of
sample #1 which had the highest dislocation
density.

The falling part of the transient was
captured using a digital storage oscilloscope
at several different temperatures in one
sample. When (C(»)-C(t))/(C(«>)-C(0)) was
plotted on a logarithmic scale against time
straight line graphs were obtained, indicating
that the process responsible for the falling
emission process was an exponential one.
Thus it was determined that this opposing
process was hole emission and not electron
recapture. The time constant of the hole
emission was then found and from this it
was possible to make an Arrhenius plot. The
activation energy of the hole emission
process was found to be 0.16eV relative to
the valence band. However, the implication
of this is that there must have been some
traps filled with holes at the end of the
filling phase. This is very unexpected
considering that filling was under reverse
bias.

In the second set of DLTS
measurements a fill pulse of +0.65V was
used. In this case the emission transients
were also of the type described above, with
the transient and DLTS spectrum shapes
changing in a consistent manner as the
dislocation density decreased (Fig 4). Fig 4a
shows that the DLTS spectrum for a high
dislocation density sample is dominated by



Fig. 4
DLTS spectra with a forward bias fill
pulse. Rate windows are 1000 & 400/s.

' (a) Dislocation density=3.4xl04cm~2

N=2.8xlO'
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(b) Dislocation density=4.5xl03cm 2
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(c) Dislocation density=6.9xl02cm~2

N=1.3xl014cm-3
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electron emission. For a sample with a
moderate dislocation density (Fig 4b) a
mixture of electrons and holes are emitted.
In the lowest dislocation density sample the
emission is dominated by holes (Fig4c).

The same electron emitting mid gap
state of 0.58eV (relative to the conduction
band) was observed as was a hole emission
process with an activation energy of 0.53eV
(relative to the valence band). This same
hole trap was also observed when minority
carrier trap spectroscopy, in which only
minority carriers are present in the test
volume, was carried out. Since the two
activation energies add up to the band gap
it was deduced that the two capture and
emission processes are taking place at the
same trap, ie the mid gap state can capture
and emit holes as well as electrons.

The electron capture cross section of
the mid gap state in sample #1 was
measured directly by reducing the fill pulse
width. It was found that the capture process
was exponential and the capture cross section
was calculated to be lxlO~14cm2.

The results of the DLTS measurements
can be summarised as follows; There is a
mid gap state which captures and emits
electrons (E=0.5SeV) and its concentration

_5ee increases as the dislocation density increases,
but with an upper limit of mid 10'"cm"3 .
This mid gap state also captures and emits

->eea holes, even when they are minority carriers
with E=0.53eV and is the dominant process
in the low dislocation density samples. In

-isee ac*dition holes are also captured and emitted
with an activation energy of 0.16eV
measured by activating the downward tail of
the emission transients from the first set of
measurements. This second hole emission is
smaller than the electron emission, but is

58 greatest when the concentration of the mid
gap state and the dislocation density are
lowest.

8 INTERPRETATION OF RESULTS

In the layers with high trap
concentration and high dislocation density the
deep state exhibits point defect like

1 behaviour. However, in the less dislocated
layers which have a lower concentrations of
the deep state holes, as well as electrons are
emitted. The following model is proposed as
a means of explaining the complicated

•" ' behaviour observed in these samples.
There is an impurity present in

all the layers at a concentration of mid
1014cm~3 which is electrically inactive when

-zeee cn



in the bulk. In these samples this unknown impurity is gettered to the dislocations where it
becomes electrically active in mid gap. Thus the concentration of the deep state increases
as the number of dislocations and so number of available sites increases. However, as the
dislocation density increases a point is reached when the number of available sites exceeds
the quantity of the impurity present and so the concentration of the state is limited to the
concentration of the unknown impurity. It is also at this point that the dislocation sites
switch from having an occupation by the impurity of 1, to a value which is less than 1
and continues to decrease as the number of dislocations increases. The defect is not an
isolated point defect distributed evenly throughout the samples, but is an impurity gettered
to a dislocation where it has a local concentration which is a maximum in the low
dislocation density samples and which decreases as the dislocation density increases.

The deep state concentration upper limit of mid 1014cm~3 cannot be due to
insufficient free carriers being available to fill all the states. If this was the case then in
the more highly dislocated layers the compensation would lead to the capture being
non-exponential, whereas in fact in these layers the capture was exponential.

Although we do not understand at present the origin of the hole emission under
these experimental conditions it is quite clear that the extent to which this happens, relative
to electron emission, depends on the local concentration of the gettered impurity. Hole
injection into n-type Scottky barriers is normally weak, but is sensitive to barrier height and
local field strength. It may be that the local conditions around the dislocation favour
minority transport into the dislocation system.

CONCLUSIONS

We have carried out DLTS measurements on a set of silicon epilayers with a range
of intrinsic dislocation densities. We observed a mid gap state which we believe to be an
impurity or defect complexed with a dislocation. This gettering occurred during growth at
550 °C, a fact which is of potential importance to the silicon MBE community. The
electronic behaviour of this defect is not yet fully understood but clearly it depends on the
local concentration of the gettered impurity or defect at the dislocation.
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ABSTRACT

Transmission electron microscopy at 300kV has been used in a thorough
examination of CMOS and bipolar processed wafers of Czochralski silicon.
Diffraction contrast and tilting experiments have been performed on the
defects which were observed and a number of new observations have been
made on stacking faults and COO13 platelets induced by oxygen
precipitation.

INTRODUCTION

The phenomena associated with precipitation during the heat treatment
of Czochralski silicon have been extensively studied over a long period of
time. Nevertheless, the effects are not well understood. We have
recently undertaken an examination by transmission electron microscopy of
wafers extracted from CMOS and bipolar fabrication lines and wish to
report sore of our results. A fuller report on the work has been submitted
elsewhere [1]. The original wafers were frcm different sources and were
of typical low carbon ( ̂ 0.15ppma) medium (interstitial) oxygen
8 x lO'^cm"3) n type (P doped) material. Our concern is with the
different forms of precipitation which occur during repeated cycling to
temperatures over 1000° C. Cross- sectional, plan view and till]
sectioned samples of the wafers have been examined in a Philips EM430
TEM usually operating at 300kV. In particular, the good penetration
possible with electrons of this energy, coupled with extensive tilting,
has permitted the deduction of a reliable picture of the three-diirensional
arrangement of precipitates in these materials.

At first sight the results were bewilderingly complex. As a result
of the work we have performed it emerges that the precipitation can be
reduced to the four types known from previous literature. These are
extrinsic stacking fault loops on {1113, [1003 plates with punched-out
prismatic loops of perfect dislocations, large ( ̂1 urn size) {1003 plates
without loops and octahedra. The chief issue we wish to address here is
the broad explanation for these different forms of precipitation. In
addition vre will present new details of the precipitation process which we
have observed during the course of this project.

Most of the detailed analysis on loop punching from precipitates was
based on vrork in metals where relief of stress from the precipitate was
the only significant driving mechanism f2]. However, in the case of oxygen
precipitation in the silicon, the situation is in fact greatly changed by
the additional chemical stress generated by the silicon interstitials
created. We shall concentrate on the {1113 stacking faults and the
punched-out loops because these were the two chief types of defect present
in the samples « studied. We seek an explanation of these two different
strategies for absorbing the excess interstitial atoms. We will first
summarise sane of our results and then attempt to evaluate them.



RESULTS AND DISCUSSION

The CMOS samples had a complex heat treatment involving temperatures
cf up to 1050°C. The samples contained mainly {100} precipitates and
punched-out loops although {111) extrinsic faults and large
dislccation-free {100} plates were also observed. The most interesting
feature cf the punched-cut loops was that, in fully processed wafers, they
became the sites cf subsequent cxygen precipitation and then themselves
acted as sources cf further sets of subsidiary punched-out loops. An
example is shown in Fig 9 cf [1]. The stacking fault loops were unusual
in that they had serrated perimeters, perhaps indicative cf a later
vacancy supersaturaticn, which caused ercsicn of the periphery as
previously observed in the case cf metals [3). Large {100} plates were
alsc observed in these wafers. These plates were mostly dislocation free;
the plate density, their size and character apparently did net change with
the various stages cf wafer processing. They were also regions cf very
irregular chemical etching. No cctahedra were observed.

The bipolar samples contained a much higher density cf stacking fault
lccps and a lower density cf {100} plates with punched-cut loops. The
highest temperatures reached (̂  1200cC) during processing were above these
experienced by the wafers in the CMOS processing. There were no large
dislccation-free {100} plates in these samples, but there were occasional
small cctahedra. The {111} faulted loops were particularly dramatic and
interesting in these samples, and Fig 1 illustrates a typical large loop
in a {111} section. An approximately hexagonal planar core is surrounded
by subsequent rings of precipitation of increasing diameter and decreasing
amount. We suppose that during each heat cycle the outer partial
dislocation became decorated by further oxygen precipitation on cooling.
On later heating the partial dislocation loop broke away from its
deccrating precipitation and later became decorated again in its new
position. Inner loops of precipitate grew progressively during the
heating cycles and so have become extensively developed. Outer resting
places let the partial dislocations are only lightly decorated. In some
cases, near the periphery of the fault, it is evident that only a small
segment cf the partial loop broke away from its cxygen precipitation
during a heat cycle and was then decorated as a bulge on the periphery
(see A en Fig 1 ). In addition, new partial loops nucleated at the centre,
some also circular, others angular with segments at 60°, as near the
centre at B in Fig 1. In addition, it was noted that the individual
precipitates in the circular rings showed strong 'inside/outside contrast*
on changing the sign of g_ or the sense of deviation parameter s. These
small precipitates were of two types with black or white appearance when
in 'outside contrast'.

An important question arises as to the magnitude cf the internal
stress associated with each of the four different types cf precipitate.
There has been some discussion cf this point in the literature but we are
net clear about the reality of the situation. It is easiest to judge this
in the case of the large {100} plates and the octahedra, which lack the
complication of associated dislocations. In both cases residual stress
was evident at room temperature but no attempt has yet been made at a
quantitative evaluation. However, it also seems likely that the stress
associated with the smaller {100} plates at the centre cf colonies of
punched out loops is not greatly different in magnitude: the presence cf
nearby dislocations makes difficult strain determination by convergent
beam electron diffraction. If we assume, as is the custom in much of the
previous literature, that all the precipitates associated with the defect
clusters mentioned here are cf amorphous silicon cxide (we have repeatedly



failed tc obtain, by convergent beam experiments, any electron diffraction
from the precipitates which we have studied), then it may be that
although the precipitates are themselves sources of internal stress, most
of the stress is chemical, arising from the excess of interstitial atoms.
Quite apart from the experimental uncertainty about the relative
magnitudes cf intrinsic stress associated with each cf the four defect
types there is ancther complexity. It may be that one or ether cf the
precipitates incorporates carbon which, en account cf its smaller atomic
size, would tend to reduce the associated level of stress.

In view cf this situation we are inclined to consider that there are
two chief mechanisms by which the excess silicon atoms are absorbed by
silicon specimens in which cxygen precipitation is occurring. The choice
is likely tc be determined in part by the interstitial diffusion rate.
Higher temperatures will favour faster diffusion and the formation of
stacking faults. Lower temperatures, with some stress assistance, will
favour instead the formation cf prismatic loops which later glide away
from the precipitate when repelled by further loop formation. Nucleation
can also be • expected to play an important role. It is well known that
transition metal impurities can be responsible for nucleating precipitates
although the details are not established. We have also found by bulk
atomic absorption analysis [1] that the regions cf high densities of
punched-out loops are correlated with regions cf enhanced copper impurity
(4 x 10l*cm"3 ). In addition, carbon and boron background levels and the
nature and concentration of dopants may each play a part in the nucleation
process. Fcr example, it is now well established that self interstitials
in silicon can take the place cf substitutional carbon, releasing it into
a mobile interstitial form. Whatever the trace impurity situation, there
is certainly evidence from the present work that not only are punched-out
loops associated with {100} plates but also that {111} stacking faults are
associated with small central {111} plates of what are presumably cxide
precipitates.

A study cf precipitates soon after nucleation at 850°C in similar
silicon samples revealed, in addition to a larger density cf {100}
platelets, a smaller number of {111} platelets. Of course the correlation
between fcrm cf nucleus and later precipitation is net perfect. We have
some examples cf {111} stacking faults associated with central {100}
plates cr more bulky three-dimensional precipitates. We also have
examples cf {111} central precipitates associated with birds' nests of
dislocations without associated stacking faults. Finally we have a few
examples cf isolated defects creating both a stacking fault loop and
perfect prismatic punched-out loops. It certainly appears from our
evidence that the nature of the nucleated oxygen precipitate plays an
important role in the subsequent mechanism cf eliminating interstitial
silicon atoms.

The evidence indicates that the large {001} plates were in the
as-received wafers prior to processing. If they are oxygen plates, they
have presumably denuded their environments of oxygen and so no longer grow
in subsequent heat treatments. Any defects associated with these
precipitates have evidently been eliminated at high temperatures prior to
delivery. No doubt these plates gather impurities and hence exhibit
irregular etching characteristics, but EDX failed to reveal any trace
elements with certainty.

The very lew density cr absence cf octahedra in this investigation
while ethers [4] quote high densities is worth noting. From a survey
cf the literature it appears that these reporting many large octahedra
have worked on samples annealed fcr long periods at high "temperatures
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STABILITY OF Pb!_xEuxTe ALLOYS
L. Salamanca-Young, M. Wuttig and S. Nahm,
University of Maryland. College Park, MD 20742,
D.L. Partin and J. Hermans,
General Motors Research Laboratories, Warren, MI 4S090.

ABSTRACT
We present high resolution transmission electron microscopy results of Pbi_xEuxTe alloys
that show evidence for a compositional instability for x % 0.5 when the alloys are grown on
BaFj substrates. The Pbi_xEuxTe solid solution becomes stable at room temperature if a
buffer layer of PbTe is grown on the BaF2 substrate prior to the growth of the Pbi_xEurTe
layer. The stabilization of the Pbi_xEuxTe solid solution is the result of the additional
energy term due to the strain between the Pbi_xEuxTe film and the PbTe buffer layer.
The estimated critical temperatures for decomposition of the Pbi_xEuxTe alloys with and
without the PbTe buffer Ia3*er are « 0 K and w 366 K, respectively in accord with our
experimental observations. We also present models for the structure of the decomposed
phase and use them to obtain simulated images using computing methods. The simulated
images are compared with those obtained experimentally.

INTRODUCTION

Pbi_rEuxTe alloys are important for the fabrication of devices involving PbTe/EuTe su-
perlattices and PbTe/Pb1_xEuxSeyTei_y heterostructures.[l] In order for the devices to be
stable at the temperatures of operation, the alloys used to fabricate them should be stable.
The stability of the alloys depends on the miscibility between the compound semiconduc-
tors. Alloys that show a range of compositions where there is no miscibility are unstable
or metastable in that range of compositions. Many semiconductor alloys are unstable in
the bulk but have been grown as thin films using epitaxial techniques such as MBE and
MOCVD.[2,3] The stabilization of the film is the result of either the inherent strain that
exists within the film [4] or the strain between the film and the substrate.

The criterion for stability against infinitesimal fluctuations in the composition may be
written as: (d7G'/dx2)Tp > 0 where G* is the free energy per mole of the solution and
x is the composition, T is the temperature and P is the pressure. Using the delta lattice
parameter (DLP) model [4] for a pseudo binary alloy of the type Ai_xBxC or (AC)i_x(BC)x,
Stringfellow[4] derived an expression for (d2G/dx2)T,p as:

where G is the free energy per unit volume, Nv is the number of moles per unit volume of solid
solution before decomposition K = 1.15 x 107 cal/(mole A ' ) (for IIJ—V semiconductors),
a(x) is the lattice parameter of the alloy of composition x and R is the gas constant. The
curve in the phase diagram defined by (d2G/dx2) = 0 is known as the chemical spinodal.[5j
Under this curve, the solid solution is unstable and decomposes without an energy bar-
rier. Spinodal decomposition corresponds to a relatively long wavelength modulation in the
composition or the strain or both, along the primary crystalline directions. In this range
of compositions the homogeneous solid solution is unstable to infinitesimal fluctuations in
the concentration and for temperatures below a critical temperature Tc. For temperatures



above Tc the solid solution is either stable or metastable. The critical temperature, Tc can
be obtained from eq. 1 as:

which reduces to [4]

for alloys where Vegard's law applies.
If strain is associated with the composition modulation the solid solution is stabilized over

a larger temperature range by the strain energy and the critical temperature for instability
decreases. The new strain spinodal critical temperature is T3 = Tc — (7?|£)/(2(1 — z/)/?.Vt.) [5]
where rjc = \(dajdx) is the chemical linear expansion coefficient per unit composition change,
E is Young's Modulus, v is Poisson's ratio and Nv is the molar volume of the solution with
lattice parameter a. Stringfellow[4] has obtained values for Tc and T, for III—V compounds
where Vegard's law applies. In this work, we have extended the DLP model to obtain values
for Tc and T3 for Pbi_ rEu rTe alloys where Vegard's law doesn't apply.

In addition to the strain that exists within the film of alloy, there exists strain between the
film and the substrate. This strain produces an additional energy term which also stabilizes
the solid solution. In this work, we also investigate the effect of the strain between the alloy
and the substrate by comparing TEM images of MBE grown Pbi_rEuxTe alloys that are
grown directly on BaF2 substrates with those of alloys of the same composition that are
grown on a PbTe buffer layer. In order to obtain information at the atomic level the TEM
images obtained under controlled conditions should be compared with images obtained using
computing methods. In this work, we compare experimental TEM images of the decomposed
alloy with images obtained using the multi-slice method. [6] We also present estimated values
for Tc and Tt for the Pbi_zEuxTe alloys grown with and without the PbTe buffer layer.

EXPERIMENTAL DETAILS
We grew Ifim of Pbo.55Euo.45Te films with and without a 0.9^m PbTe buffer layer on the
(111) surface of BaF2 substrates using MBE at a temperature of 573K. The cross-section
samples and plane view samples for TEM observation were prepared by mechanical thinning
and subsequent ion milling at low temperatures. We obtained high resolution lattice images
and electron diffraction patterns using a Philips EM430 transmission electron microscope.
All the lattice images were obtained under axial illumination.

RESULTS AND DISCUSSION
We have previously reported that Pbi_xEuxTe alloys with 0.4 < x < 0.51 grown on the (111)
surface of BaF2 substrates show spinodaf decomposition for alloys grown at cs 600K.[7,S] The
modulation develops along either the < 111 > or the < 110 > directions where the elastic
energy is a relative minimum. The modulated structure manifests itself in the diffraction
patterns as diffuse satellite spots around the crystalline reflections and along the < 110 >
or < 111 > directions.[7,8] The (TT2) lattice image shown in Fig. la) is an example of the
decomposition of a Pbi_ rEu rTe alloy where a modulation in the composition of A « 21A is
along the < 110 > direction. For a cubic lattice, the minimum value of the elastic energy
depends on the sign of the anisotropy term 2Cn - Cn + C12, where the C,,'s represent the
elastic constants.[9] In the case of both, PbTe and EuTe, 2C« - C n + Cn < 0, therefore, a
Solid firtliiiirm of Pbi -Eu.Te become* lincfaM* firct in flurf lixtinn* in thm rnmnncifmn . | n n a



the < 111 > direction and then along the < 110 > direction. For Pbi-jEujTe the elastic
free energy terms for modulations along the < 111 > and < 110 > directions are very similar
and give rise to decomposition along either direction.[S]

Figure 1. a) (112) lattice image of a Pbi_rEuxTe alloy (x = 0.41) grown on a BaF2 substrate
showing spinodal decomposition along the < 110 > direction with a modulation wavelength
of ~ 21 A and b)-d) (TT2)simulated images of of a Pbj-xEuxTe alloy {x = 0.50).

Calculation of Tc.
In this work, we have used eq. 2 to obtain Tc for Pbi^EuxTe alloys where Vegard's law
doesn't apply but where the dependence of the lattice constant on composition x was ob-
tained from A' — ray diffraction experiments.[10] The lattice constant of Pbi_ rEusTe can be
written as:

/ x -B + y/W+JIx
a{x) = apbTe + ^ (4)

where A = 37.3A" and B — 2.00A" are constants.[10] Letting y = 1 — x in eq. 4 we obtain
for small values of y:

(5)
• • • + -

Using eq. 5 in eq. 2 we obtain Tc = 387A' for our experimental conditions for Pb]_rEuxTe
on BaF2 (x = 0.45). The calculated value of Tc ss 400K is lower than the expected value
(Te > TgT0U.ih - 600K). We believe that the low value of Tc results from the fact that the
value for the constant K in eq. 2 was that for / / / — V semiconductors. To our knowledge,
there is no equivalent value for K for IV — VI semiconductors in the literature. We have also
calculated Tc for Pbi-sEuxTe alloys using eq. 3 and assuming Vegard's law and obtained a
value of Tc = 42K. This value of Tc would indicate that the Pbi-^EujTe alloys are stable
at both the growth temperature and room temperature contrary to our experimental results



(see Fig. 1 and [7,S]). This result indicates that I he contribution to Tc from the high o:«ler
terms in the expansion of a(y) in eq. 5 is very important and should not be ignored.

Using eq. 4 for Pbi_xEurTe (x = 0.45) and using the weighted elastic constants for PbTe
and EuTe we obtain Ts = 3C6K or Tc - Ts = 20K. Even though, the diffraction paiicrns
confirm the presence of strain in Pbj_xEurTe alloy?. [7,S], its effect is too small to supress
decomposition substantially.

It is interesting to note that for / / / - V alloys Stringfellow has calculated values for Tc

and Tc - Tt much larger than what we have for Pbi_xEurTe. The difference in the values for
Tc and T, for III - V alloys and Pbi_rEurTe alloys is due to the differences in the values
of [da/dx), o, T)c and £ / ( l - u) between / / / - V alloys and Pbi_xEurTe alloys. Thus, even
though Tc is large (« S00A') for many / / / - V aJloys[4] TC - T3 is large enough (Ts < 0) to
stabilize the solid solution. This is nc! *be case for Pbi_xEuxTe alloys where Tc - Ts is very
small and the solid solution is not stable A the growth temperature of 600 K.

Stabilization of the solid solution of Pfc>i_xEuxTe alloys.

The lattice mismatch between the Pbi_xEuxTe film and the BaF2 substrate is large (% 4%),
and it is accommodated by the creation of misfit dislocations at the interface between the
film and the substrate. As a result, the strain effect produced by the lattice mismatch can
be ignored. However, when the Pb!_xEurTe alloy is grown on BaFj substrates with a PbTe
buffer layer, it becomes stable as can be seen in Fig. (2). This figure shows a (llO) lattice
image and an electron diffraction pattern taken from the Pbi-^Eu^Te film. We can see (002)
lattice fringes with a spacing of dOo2 "* 3.23A. However, there is no evidence for any long
range periodicity in the lattice image nor does the diffraction pattern show any satellite spots
that would suggest a compositional modulation.

Figure 2. (110) lattice image and electron diffraction pattern of a Pbj^EujTe (x % 0.45)
alloy grown on a buffer layer of PbTe. The schematic diagram shows the growth conditions.

The above calculation for Ts shows that the strain energy due to the compositional fluc-
tuation in the Pbi-jEuxTe film is too small to stabilize the solid solution. Thus, when a
Pbi_rEurTe film is grown on a PbTe buffer layer, it must be the strain between these two
layers what stabilizes the solid solution. The strain results from the accomodation of the
1.3% lattice mismatch that exists between these two layers. Thus, the coherency strain be-
tween the Pbj-xEu^Te alloy and the buffer layer lowers the decomposition temperature and
stabilizes the solid solution.

We have calculated the strain energy between the Pbi_xEuxTe film and the PbTe buffer
layer using two methods. One method was previously reported by Flynn[ll] and the other

hv Mahorv et al .[121. Flvnn described the strain energy resulting from the lattice



(see Fig. 1 and [7,S]). This result indicates that tin- contribution to Tc from the high o:\ier
terms in the expansion of a(y) in eq. 5 is very inipoiiant and should not be ignored.

Using eq. 4 for Pbi_-EuxTe (x =s 0.45) and i:sing ihe weighted elastic constants for PbTc
and EuTe we obtain Ts = 3C6K or Tc - Ts as 20K. Even though, the diffraction patterns
confirm the presence of strain in Pbi_xEuxTe aiK-ys. [l.S], its effect is too small to *;: press
decomposition substantially.

It is interesting to note that for III -V alloys Stringfellow has calculated values for Tc

and Tc -Tt much larger than what we have for Pbi__-Ei]xTe. The difference in the values for
Te and Ts for / / / — V alloys and Pbi_xEuxTe alloys is due to the differences in the values
of (da/dx), a, r)c and E/(\ - u) between III -Y alloys and Pbi_xEuxTe alloys. Thus, even
though Tc is large (as SOOA') for many / / / - V alloys[4] Tc - Ts is large enough (T. < 0) to
stabilize the solid solution. This is not the case for Pbi_rEuxTe alloys where Tc - Ts is very
small and the solid solution is not stable at the growth temperature of 600 K.

Stabilization of the solid solution of Pb!_xEuxTe alloys.

The lattice mismatch between the Pb1_IEuxTe film and the BaF2 substrate is large (as 4c7c),
and it is accommodated by the creation of misfit dislocations at the interface between the
film and the substrate. As a result, the strain effect produced by the lattice mismatch can
be ignored. However, when the Pbi_xEuxTe alloy is grown on BaF2 substrates with a PbTe
buffer la}'er, it becomes stable as can be seen in Fig. (2). This figure shows a (110) lattice
image and an electron diffraction pattern taken from the Pbi_xEuxTe film. We can see (002)
lattice fringes with a spacing of doo2 as 3.23.4. However, there is no evidence for any long
range periodicity in the lattice image nor does the diffraction pattern show any satellite spots
that would suggest a compositional modulation.

— p b l - z E u = T f

X=0.45

Figure 2. (110) lattice image and electron diffraction pattern of a Pbi_xEuxTe (x ss 0.45)
alloy grown on a buffer layer of PbTe. The schematic diagram shows the growth conditions.

The above calculation for T, shows that the strain energy due to the compositional fluc-
tuation in the Pb!_xEuxTe film is too small to stabilize the solid solution. Thus, when a
Pbi_xEuxTe film is grown on a PbTe buffer layer, it must be the strain between these two
layers what stabilizes the solid solution. The strain results from the accomodation of the
1.3% lattice mismatch that exists between these two layers. Thus, the coherency strain be-
tween the Pbi_xEurTe alloy and the buffer layer lowers the decomposition temperature and
stabilizes the solid solution.

We have calculated the strain energy between the Pbi-j-EujTe film and the PbTe buffer
layer using two methods. One method was previously reported by Flynn[ll] and the other

,one by Nahory et al .[12]. Flynn described the strain energy resulting from the lattice



mismatch between the epilayer and the substrate in cubic systems as:[ll]

.2

where t, and cr, are the misfit strains and the stresses in the growth plane, respectively.
Using Flynn's equation,[ll] we obtain Fe = 5.346 x 10~14 (erg/unit cell) for a Pb]_xEuxfe
film grown on a PbTe buffer layer. Thus, the new decomposition temperature is Tse =
Tc — Ts — Fe/k w — 21K where k is Boltzmann's constant. This temperature is much lower
than the growth temperature of 573K, suggesting that in this case the solid solution should be
stable at room temperature. We have also calculated the strain energy due to the mismatch
between the film and the buffer layer following the method used by R.E. Nahory et al.[12]
Using this method, the strain energy per unit cell of epitaxial layer is given by:

= ff(
a~

\ a0

where

a = 1 v
where C is the interfacial shear modulus of the layer, a0 is the lattice constant of the substrate
and V is the unit cell volume of the solid solution. Using this expression for the strain free
energy, we obtain AT ss 210K and Tse » 156K. This value for Tte is lower than both the
growth temperature and room temperature indicating that the Pbx_xEuxTe alloy becomes
stable when a PbTe buffer layer is grown prior to the growth of the Pb^Euj-Te laj-er.

Computer Image Simulation.

In order to obtain more detailed information on the structure at the atomic level we obtained
simulated images for several models of the decomposed phase. The simulated images are
shown in Figs, lb), c) and d) and were obtained using the multi-slice method [13]. These
images correspond to modulations in the composition with a wavelength of w 18A along the
< 1T0 > direction. The images were obtained for the beam direction along the < TT2 >
direction and for the Scherzer focus which was used to obtain the experimental image shown
in Fig. la). The composition profiles for these simulated images are shown in Figs. 3a)-c).
The images were calculated for a thickness of 16.04A, for Figs, lb) and lc) and for 64.16A
for Fig. Id). A comparison of the simulated images with the experimental TEM image
shows that the models that best fit the experimental image are the ones shown in Figs. ] b)
and Id). A more detailed study of the structure of the decomposed phase using computer
image simulation is in progress.
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CONCLUSIONS
Our results show that the effect of the compositional strain on the stabilization of the solid
solution is very small (AT ss 20K). In the case of Pbi_xEuj.Te alloys (x ss 0.5) grown
on BaFj substrates without a PbTe buffer layer, the only strain present is the one due to
the compositional fluctuation. This strain is not large enough to stabilize the solid solution
at the growth temperature of 573A'. However, when a PbTe buffer layer is grown on the
BaF2 substrate prior to the growth of the Pbi_zEuxTe alloy, a coherency strain develops
between the film and the buffer layer. The energy associated with the strain between the
alloy film and the buffer layer is larger than that due to the compositional fluctuaton. As a
result, the effect on the stabilization of the solid solution is larger when there is a buffer layer
(AT as 360A') than when there is no buffer layer (AT » 20/O- The value of AT % 360/^
is large enough to supress decomposition. The calculated value of Tc ss 400K is lower than
the expected value,(> 600K). However, our calculations for Tc and AT, along with our
experimental results, suggest that 600K< Tc < 960K for P b ^ E u ^ T e alloys.
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ABSTRACT

The lanellar transition metal chalcogeno-phosphates (M2P2
S6) fora an

important family of two-dimensional semiconducting materials. They exhibit
highly two-dimensional physical properties and an unusual solid-state
chemistry that makes them of interest for new technologies. The lamellar
structure is formed by stacking layers along a unique crystallographic axis.
Under appropriate conditions, guest molecules can diffuse into the space
between the layers to form intercalation compounds. The process of
Intercalation often creates defects and impurity sites resulting in a dramatic
modification of the chemical and physical properties of the host lattice.

Several experimental methods have been utilized to characterize the
defect structure produced by intercalation: ESR spectroscopy has revealed
the equilibrium structure of intercalated molecules. Photoluminescence
studies have shown a broadening of the conduction band due to the insertion of
defect levels near the band edges. Optically detected magnetic resonance
measurements demonstrated the presence of a strongly coupled donor-acceptor
pair in the intercalated lattice.

INTRODUCTION

A large number of semiconducting materials crystallize in a layered
structure. This is the structure, for example, exhibited by many transition
metal dichalcogenides (MXg), phosphorus trichalcogenides (M2P2X6) and some
group IIIB metal chalcogenldes (MX). The structure consists of sheets of
metal ions (M) bounded above and below by sheets of chalcogen atoms (X). The
XMX unit is held together by the covalent metal-chalcogen bonds. The
macroscopic structure consists of a lamellar arrangement of XMX "sandwiches"
held together by van der Waals interactions between Immediately adjacent
chalcogen atom planes [1,2]. The inter-planar, non-bonded interactions are
relatively weak and it is possible to carry out "intercalation" reactions in
which molecules, atoms or Ions are inserted between the adjacent chalcogen
planes that form the "van der Waals gap" (VWG).

Because intercalated lattices are often heterogeneous and disordered,
their chemical and structural characterization presents a challenging problem
to the experimentalist. Many of the techniques for the study of material
structure (x-ray diffraction, neutron diffraction, magnetic susceptibility)
are sensitive to the average character of the sample, but are of little value
for the study of the disordered or heterogeneous environment of the VWG.
Neither are they suited to the Investigation of dilute lattice defects
produced by intercalation of the lattice or to the study of dynamical
processes associated with defect centers. Spectroscopic techniques such as
infra-red, magnetic resonance, EXAFS [3] and Mossbauer spectroscopy [4.1, have
been particularly useful for the investigation of the chemistry and structure
of the VWG. We have used a variety of spectroscopic techniques for the study
of intercalated MgPgXg lattices.



DISCUSSION

Cation exchange in layered chalcogenide lattices

One of the most intriguing characteristics of the M2P2X6 lattices is
their unique ability (among chalcogenide lattices) to intercalate cations via
a cation exchange mechanism with lattice netal ions [5,6]. The location
within the host lattice, the coordination and the oxidation state of the
intercalated cations are questions of primary interest in the study of the
cation exchange mechanism.

The cation exchange mechanism has been discussed in detail for the M2P2X6
materials [5,6,7], and it has been suggested that the high-spin, dl-positive
transition metal ions which are not stabilized by the crystal field (Cd, Zn
and Mn) are easily displaced from the lattice to compensate the charge of
intercalated ions. Recently, a two step cation exchange procedure has been
described that involves initial insertion of highly mobile hydrated alkali
netal cations into the VWG, followed by exchange of the alkali metal ions with
divalent transition metal cations [7]. We have examined the intercalation of
paramagnetic Mn2+ ions complexed by pyridlne and water into Cd2P2S<$ [8].
When single crystals of Cd2P2Sg were intercalated with Mn2+ in dilute
pyridine/water solution, chemical analysis indicated that Cd2+ ions were
displaced from the lattice according to the following reaction.

pyridine/water
Cd2P2S6 + xMn(py){aq)

2+ < « - » « — > Cd(2-X) [Mn(py)(aq)
2+]x2P2S6 xCd2+

(1)

The isotropic spectrum in figure la consists of the partially resolved
manganese nuclear hyperfine (1*5/2) structure associated with the +1/2 <—>
-1/2 fine structure transition and Is typical of Mn2+ in a disordered
environment. It is a superposition of two spectra: a broad background
spectrum due to Mn(py)n(aq)

2+ (n~l,2) and a six line hyperfine multlplet
spectrum contributed by Mn(aq.)2+. The intensities of these two spectra
indicate the relative amounts of these species present in the inter-lamellar
spaces. The strongly anisotropic structure associated with the 5/2 <—> 3/2
and 3/2<—>l/2 fine structure transitions are absent in figure la.
demonstrating that the spin-axes of the complexed Mn 2 + ions are randomly
oriented within the inter-lamellar space.

I . I ' . . 1

Figure 1 : ESR spectra of Mn2+

in Cd2P2Sg host lattice after
various heat treatment cycles
(details in text).
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When the intercalated crystal was heated to successively higher
temperatures the amount of pyridine remaining in the lattice decreased, and
lines associated with the anisotropic fine structure appeared (figure lb, lc).
The emergence of the anisotropic fine structure is due to long-range,
periodic ordering described by translational site equivalence and accurate
alignment of the Mn 2 + spin axes. As more pyridine is thermally
deintercalated, the ESR spectrum gradually approaches that of the intra-
lamellar (Mn2+)cd center shown in figure Id. The large resonance linewidth
(10-20 Gauss) indicates that the crystalline perfection has been irreversibly
affected by the intercalation process.

After deintercalation, there remains a broad ESR spectrum centered at
approximately g*2 and underlying the spectrum of the ordered intralamellar
Mn2+ ions. The broad spectrum is due to residual, interlamellar, disordered
Ions with low coordination geometry. Computer simulation provides an estimate
of the relative amounts of Mn2+ present in the different lattice
configurations. We conclude that substantial amounts of the Mn2+ that enters
the inter-lamellar space during the pyridine intercalation is transferred to
vacancies-in the intra-lamellar space upon thermal deintercalation of pyridine
and water. These ions are very likely located at the sites vacated by Cd2+

during the intercalation reaction.

Electron transfer reactions in layered chalcogenides

The intercalation chemistry of M2P2X6 lattices with electron donors has
been studied for more than a decade and includes intercalation of metallocenes
[9], pyridine [10], alkyl amines [11] and alkali metal atoms [12]. When atoms
or molecules with lew ionization potentials are intercalated into a M2P2X6
lattice with high electron affinity, direct ionization of the intercalate may
occur with electron uptake by the lattice. The ultimate fate of the
electron within the band structure of the host lattice is uncertain. In some
cases, the donated electrons must be localized since the lattice remains a
semiconductor. The ESR spectra of alkali metal intercalates of some
transition metal dichalcogenides have been shown to arise both from electrons
in the conduction band and from electrons located at the alkali metal [13].
S7Fe Mossbauer spectroscopy of LixFe2P2Se revealed the presence of a reduced
iron site with an oxidation state of zero [14].

Photoluminescence (PL) spectroscopy is valuable for the study of the
electronic band structure and impurity electronic states of semiconductors.
The photoluminescence behavior is associated with the dynamics of localized or
free electrons, holes or triplet excitons and analysis provides fairly
explicit information about the mobility of the charge carriers and the
energetics of donor and acceptor sites. We have examined the low temperature
(4.2 K) photoluminescence spectra and photoexcitation spectra of M2P2Xe with
M*Mg, Zn, Cd, Mn [15]. Band-edge luminescence was detected and the effect of
intercalation on the position of the band edge determined. The PL spectrum of
Cd2P2S6 Is exemplary of our experimental results. At 4 K, it consists of
three bands, each of which may be separately excited by wavelength selective
Irradiation with a tunable dye laser. In figure 2. the excitation spectrum
(unshaded) of each center is shown together with its correlated PL spectrum
(shaded).

The luminescence spectrum of Cd2P2S6(pyridine)0.25 (figure 2d) is shifted
approximately 0.5 eV to lower energy and none of the original host lattice
luminescence bands are present. These spectral changes are accompanied by a
ten-fold increase in luminescence intensity. Intercalation results In a
broadening of the conduction and valence bands so that the band edges extend
into the band gap. This effect may result, in whole or in part, from lattice
disorder that localizes states near the band edges. Because these can
function as donor and acceptor states, they may be expected to strongly
Influence photo-carrier mobility and lifetime. The Increase in the intensity
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Figure 2: Photoexcitation and
photoluminescence spectra of
Cd2PgSg and its pyridlne
intercalation compound (details
in text).
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In this regard, it is useful to describe the intercalation of a layered
lattice (L) containing acceptor sites (A) by donor species (D) in the
following fashion:

D + L{A) > L{D..A)}, or L{D+, e", A), or L{D+. A"} (2)

The acceptors may be either intrinsic (aetal, phosphorus or sulfur orbitals)
or extrinsic (oxygen, halogen and trace Metals are common. The possibilities
represented above include: L{D..A}, an intercalated lattice containing
covalently coupled donor-acceptor pairs. The D...A pair is equivalent to a
charge transfer complex of a type proposed by Acrlvos [16]. The bonding
interaction say be viewed as weakly covalent in which there has been a partial
transfer of shared charge fro* the donor to the acceptor. L{D+, e~. A)
represents the donation of an electron to the band states of the host lattice.
L(D+, A~} is an intercalated lattice containing donor-acceptor pairs in which
an electron has been fully transferred from the donor (ionized donor) to the
acceptor site. This is the situation of greatest Interest and is illustrated
in aore detail below. In each case, the ground state and first excited state
of the D-A pair nay be viewed as connected by a charge-transfer excitation.
Excitation of this transition produces a net transfer of charge between the
Intercalate donor and the lattice acceptor site; relaxation to the ground
state reverses this process. When electronic relaxation proceeds by photon
emission, donor-acceptor recombination photoluminescence is produced.

The ODMR technique has been extremely successful in the study of trapped
exciton and donor-acceptor centers in a variety of semiconductors, Including
some with layered structures (GaSe, InSb, InSe) [17]. The method has not been
applied to the study of donor and acceptor sites introduced by intercalation.
The manner in which the ODMR technique may be employed to unravel the complex
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Figure 3: Energy level diagram for Donor-Acceptor pairs.

character of the donor and acceptor interaction can be described with
reference to figure 3A_. We have illustrated the situation in which the
electronic ground state corresponds to the Ionized donor and reduced acceptor
D+, A" and the excited state to the neutral D°, A0 pair. Relaxation by
radiative recombination of donor-acceptor pairs produces characteristic
recombination photoluminescence that can be studied to identify the donor and
acceptor pairs involved in the process. If we suppose that both the donor and
acceptor states are non-degenerate and have no orbital angular momentum, then
the energy level diagram in an external magnetic field is as illustrated in
figure 3B.

In figure 3B, the donor states have been labeled by the spin quantum
number of the hole and the acceptor states by the spin quantum number of the
donor electron. The recombination luminescence is subject to angular momentum
selection rules in the presence of an external magnetic field. The spin
allowed transitions are shown together with the polarization of the emitted
radiation. The allowed emission occurs from the Mg-0 states to the singlet
ground state. At sufficiently low temperature ( 2°K) the rate of
thermallzation of the spin states is slow compared to the rates of population
and depopulation. As a result, a non-thermal population distribution is
obtained. When the microwave frequency or Zeeman field is tuned to resonance,
the total emission Intensity Increases as triplet-like states are converted
to singlet-like states.

We have obtained preliminary ODMR results from pyrldlne intercalated
crystals of Cd2P2s6- The luminescence spectrum at 2 K, excited by the 4580 A
argon ion laser line, consists predominately of two bands; the 2.41 eV and
2.11 eV bands in figure 1. Figure 4 contains an ODMR spectrum showing both a
donor and acceptor resonance observed when monitoring the 2.41 eV PL band.
This result demonstrates the presence of a strongly coupled donor-acceptor
pair in the intercalated lattice. The magnitude of the g-value requires a
substantial orbital contribution and suggests that the acceptor state is
derived from the valence band of the lattice. The resonance llneshape
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hyperfine1 structure combined with determination of the angular dependence of
the resonance field could lead to detailed characterization of the donor and
acceptor sites involved.
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ABSTRACT

The microstructure of vapor - deposited diamond films was analyzed by
electron diffraction and transmission electron energy - loss spectroscopy.
Diffraction results show regions with large numbers of stacking faults and twins.
Electron energy - loss spectroscopy has been used to measure local electronic
properties which are consistent with previous measurements of natural diamond.
Transmission EELS investigations of the distribution of graphitic carbon at film
surfaces and within the bulk are discussed.

INTRODUCTION

The growth of diamond films by chemical vapor deposition (CVD) is of great
potential commercial importance in areas that include semiconductors and tough
wear resistant coatings.1'2 Microstructural characterization of defects and impurities
in these materials is of central importance in the development of CVD techniques
for improved electronic and structural properties. Electron diffraction and
transmission electron energy - loss spectroscopy (EELS) together provide detailed
information on submicron variations in crystallinity, short range order and dielectric
properties.

EXPERIMENTAL PROCEDURES

The films, on which the present study was carried out, were prepared by
filament assisted CVD3 from a gas mixture of methane (2 vol. percent) and
hydrogen for a total gas pressure of 30 torr. The tungsten filament was operated
at 1800°C (not corrected for filament emissivity) 10 mm above the substrate, which
was positively biased with respect to the filament. The emission current was held
constant at 13 mA / cm2 by adjusting the substrate bias voltage. The silicon
substrate (100) was heated during the growth to 950°C.

Thin polydiamond films were isolated by dissolving the silicon support in a
solution of hydrofluoric and nitric acid at room temperature. Films were mounted
on 3 mm copper slot grids for TEM analysis. The 10 um thick films were than
cryomilled at liquid nitrogen temperature in a Gatan ion mill operated with an
incidence angle of 12° and 5 kV argon ions (top and bottom guns) for
approximately 20 hours in order to achieve penetration. Numerous thin regions



were obtained in the resulting self - supporting fil^s. Surface texture was
observed in underfocused images which is probably due to ion beam effects that
are not expected to affect bulk properties.

TEM analyses were carried out on a Philips EM430 electron microscope
equipped with a Gatan 666 parallel detection EELS system. Experiments were
performed at 100 kV accelerating voltage for the primary electron beam. A liquid
nitrogen cold stage was used to keep the sample at -186 rC to prevent the growth
of amorphous carbon contamination spots. Low energy - loss spectra were
acquired with a collection semiangle of 1.6 mrad, and carbon core excitations were
obtained with a 6.1 mrad collection semiangle.

EXPERIMENTAL RESULTS AND DISCUSSION

A diffraction contrast survey of these particular films showed that they were
largely free of regions with numerous twins and slacking faults. Some areas have
shown extensive stacking faults evidenced by the selected area diffraction pattern
in figure 1. Evidence for twins and stacking faults in high pressure synthetic
diamond4 and vapor deposited diamond5'6 have been reported previously. The
pattern in figure 1 was obtained with the incident beam parallel to the <110>
direction. The streaking is due to extensive {111} type stacking faults or extremely
small (several_ nanometers thickness) twins. The reflection labelled T is the twin
reflection of (1*11). Figure 2 shows an image of the same region from which the
selected area pattern of figure 1 was obtained. This image shows the two families
of {111} type stacking faults which give rise to the streaks in figure 1.

Figure 1. Selected area
diffraction pattern for the
[110] zone axis
showing twin reflections
and streaking due to
stacking faults.



Figure 2. Bright field
TEM image of the same
region from which the
diffraction pattern
in Figure 1 was obtained.

Low Loss EELS

The low energy - loss part of the spectrum contains information on interband
transitions, sunace plasmons and bulk plasmons. This dielectric response
information could thus be used for local band gap measurements and surveys for
localized inhomogeneities in electronic structure. For example, variations in the
EELS due to individual columnar defects have been observed. Figure 3 shows
the low loss spectrum obtained from a thin region of the diamond film with an
energy resolution of 1 eV. Characteristic features at 6 eV (arrow), 23 eV and
34 eV have been observed previously in natural diamond.8'9 The abrupt rise at
6 eV is due to the diamond band edge while the intensity rise above 6 eV has a
strong contribution from Cerenkov radiation.9 The feature at 23 eV has been
attributed to a surface plasmon with possible contributions from diamond interband
transitions. The bulk plasmon position (34 eV) and half width (~14 eV) are also in
agreement with natural diamond studies.

C/7

Figure 3. Low energy loss
spectrum with an expansion
of the band gap region.
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Core Loss Fine Structure

An important issue in the growth of diamond films is the amount of graphitic
bonding that is present. The carbon K shell excitation can be used to probe the
fraction of graphitic character atoms with very high spatial resolution. Figure 4
shows the transmission EELS C K edge obtained at 2 eV energy resolution for a
diamond film. Characteristic fine structure in figure 4 is very similar to that
obtained in previous EELS and x-ray absorption measurements. l11'12 The weak
pre-edge feature near 285 eV is of great importance since this is the energy of the
n* peak that is peculiar to sp2 hybridization in graphite. This feature in diamond
has been attributed to surface states from the results of studies of surface modified
single crystals.12

The presence of a K* peak can be due to graphitized surfaces of the thin
film, small graphitic carbon regions distributed within the bulk of the diamond, or
perhaps defect states in the band gap. In order to determine the nature of this
pre-edge feature, the C-K edge was obtained from eight regions (from widely
separated areas) which had a range of sample thickness, from 0.40 to 1.25 total
inelastic mean free paths.13 For each thickness a power law background was
removed from the edge. The success of this removal was checked by confirming
the constancy of the ratio of the intensity above background of the peaks at
293 eV and 298 eV as a function of thickness. These peaks are less than the
bulk plasmon energy above edge onset, and thus not strongly affected by
increased multiple scattering at the larger thicknesses. The ratio of the intensity at
285 eV to that at 293 eV showed two behaviors: constant at 0.04, or greater than
0.1 for some of the thinnest areas. We interpret this initial investigation as
indicative of the presence of some regions with a significant graphitic or
amorphous surface layer (probably from the early growth stages), while most
regions had an amount of n bond character that is characteristic of the bulk.

Figure 4. Carbon K edge from a
50 nm diameter region in a
CVD grown polycrystalline
diamond film.
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CONCLUSION

Transmission EELS provides a wealth of electronic information which can ba
localized from regions that show particular defect structures. The present results
show energy loss fine structure that is entirely consistent with previous studies of



natural diamond. No dependence of the EELS signal on the extent of local
stacking fault or twin concentrations was observed. Evidence for a bulk
component of the K • bonding pre-edge peak at the carbon K edge has been
observed. Future experiments will include local extended electron energy - loss
spectroscopic (EXELFS) measurements of atomic structure and elastic properties
(e.g. Debye temperature).14
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ABSTRACT

Subsurface damage and surface roughness is determined on
silicon wafers by using thermal wave and lightscattering mea-
surements. A comparison with the dielectric breakdown behaviour
of thin oxides proves the deleterious influence of a rough
Si/SiO2 interface on the breakdown voltage. Subsurface damage
on the other hand lowers the breakdown voltage only in connec-
tion with surface roughness.

INTRODUCTION

With shrinking gate oxide thicknesses in the ULSI techno-
logy the integrity of the Si-surface becomes progressively
important. The average surface topography is in general des-
cribed by a single surface roughness parameter, which gives the
root-mean-square deviations (rms) of the real surface from a
perfect flat surface. In the manufacture of silicon wafers, it
is the final chemo-mechanical polishing, which produces a per-
fect smooth surface with rms-values below 1 A. However, poli-
shing and other manufacturing steps are potential sources for
producing thin layers of damaged silicon in near-to-the-surface
regions, usually termed subsurface damage. Both effects may
negatively influence the electrical behaviour.

The purpose of this paper is to demonstrate that thermal
wave and elastic lightscattering measurements provide powerful
means to determine subsurface damage and surface roughness,
respectively. Both methods combine the advantages to be rapid,
contactless and nondestructive. Detailed descriptions of both
techniques can be found elsewhere e.g. /I,2/; we restrict
ourselves therefore to an only schematic description. For the
integrated circuit industry not primarily the surface topogra-
phy, but the correlation of electric parameters with surface
roughness and subsurface damage is of general concern. This is
particularly relevant in the case of devices with very thin
gate oxides. Therefore the subsurface damage and surface rough-
ness maps are compared with the dielectric breakdown values of
thin oxides, grown on the characterized surface.

EXPERIMENTAL DETAILS

Elastic Lightscattering /!/

Fig. 1 shows schematically the lightscattering system
employed here (Huber Diffraktionstechnik GmbH, Rimsting F.R.G.).
The HeNe laser beam hits the surface under a definite angle 9.
The reflected beam is annihilated in a light trap. A photomul-
tiplier determines the intensity of the diffuse scattered light
undtr » difinitt angl« ft. A calibration of th> system by th«



Total-Integrated-Scattered Intensity allows the conversion of
intensity into rms-roughness values /3/» Variation of the
detector angle fl and/or the incident beam angle 9 enables to
detect different Fourier components of the surface roughness.
Azimuthal 0-scans reveal in addition roughness anisotropies, as
they are observed e.g. after preferential etching and in the
course of an epi process. A x-y translation unit allows to map
the surface roughness (in a fixed ©, 15, 0-configuration) with a
resolution of 10 um. In addition to surface roughness the
method is sensitive to a large number of process induced de-
fects like dust, particles, blooms, microscratches and micro
etch pits.

Thermal Wave Technique /2/

A simplified block diagram of the Thermal Wave (TW) appa-
ratus (Therma-Wave Inc., Fremont CA) is depicted in Fig. 2.
Absorption of light from a 1 MHz-modulated Ar-ion pumplaser
generates thermal and plasma waves within the surface region (
3 um); of the Si-wafer. The pump-induced modulation of the
sample reflectivity is detected by a HeNe probe laser. The
thermal component of the modulated reflectivity signal was
shown to be sensitive to changes in the thermal conductivity of
silicon, caused by disorder or defects in the subsurface region
/k/. The plasma component, on the other hand, monitors the
presence of electronic surface states. In particular, the
considerable differences in the TW-signal after different
chemical cleaning processes were attributed to the latter
effect /5A Because here we are only interested in subsurface
damage, special care was taken to eliminate this cleaning
effect by subjecting all wafers simultaneously to an identical
cleaning process.
In analogy to the lightscattering system a x-y translation
allows to map the TW-signal at sites uniformly distributed over
the wafer surface.

Fig.l: Arrangement of the Fig. 2: Schematic diagram of
lightscattering system the thermal wave system



RESULTS

Fig. 3 puts together the subsurface damage and surface
roughness values as they were determined in thermal wave and
lightscattering experiments after submission of the wafers to
five different surface treatments. Each point represents an
average over the wafer surface of at least four identically
processed wafers. Different number symbols indicate differences
in the dielectric breakdown behaviour. A mapping of the surface
roughness (a), the subsurface damage (b) and the breakdown
values (c) of a representative wafer out of each group is shown
in fig. 4.

100 • 200 —
subsurface damage

thermal wave measurement

-TW[a.u.]

Fig. 3 Surface roughness vs subsurface damage for five groups
of differently processed wafer:
1 prepolishing
2 final polishing

1 - plasma etching
3 - final polishing
2 - plasma etching

3
4
5

Wafers denoted 1, are prepolished. The relatively high light-
scattering value (2500 a.u.) indicates a significant residual
surface roughness (rms= 14 X) due to the incomplete polishing
process. The map (fig. 4) reveals a predominant structure of
the roughness distribution parallel to the flat. No such struc-
ture can be seen in the TW distribution; the relatively low
value (65 TW units) is homogeneously distributed, indicating no
subsurface damage. The dielectric breakdown occurs at a low,
well defined breakdown field (Ebd = 3-9 +/- 0.4 MV/cm).

Final chemo-mechanical polishing 2 produces a homogeneous-
ly smooth surface (4 a.u.) with a rms-roughness below one A.
The low TW-level is apparently preserved until the end of the
polishing cycle. The breakdown distribution is characteristic
for a wafer with a perfect surface: most of the capacitors
break down at a high "intrinsic" breakdown field (10.5 MV/cm).
Few defect-related breakdowns at lower field values show no
correlation to surface roughness or subsurface damage.

Plasma etching (p.e.) causes considerable subsurface
damage; after the p.e. process 3 the TW-value increases, com-
pared to the initial prepolished wafer 1 . Circular structures
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in the TW-map reflect inhomogeneities of the p.e. process and
provide a possibility to separate effects due to different
process steps. In this case surface roughness is not increased
by the p.e. process; the roughness exhibits still streaks
parallel to the flat and is therefore dominated by the residual
polishing roughness. The dielectric breakdown distribution
resembles the distribution of the prepolished wafer.

Subsequent polishing of the p.e. treated wafer 4 smoothes
the surface to the final value (4 a.u.), leaving thereby the
plasma damage as a pure "subsurface problem". Though the poli-
shing process (stock removal: 3000 8) removes part of the
damaged layer indicated by a decrease in the TW-value (120 TW
u.), the TW-map exhibits still the characteristic, circular
structure of the p.e. process. The dielectric breakdown distri-
bution corresponds to the distribution of the final polished
wafer.

It is interesting to note that the results are different,
if the plasma etching is applied to an original smooth, final
polished surface 5 • In this case the surface roughness (200
a.u.jrms = 5 A) is produced by the dry etch process; conse-
quently the TW and light scattering maps exhibit practically
the same structure. Here we observe a clear correlation between
the dielectric breakdown distribution with the surface rough-
ness and subsurface damage distribution. Low breakdown fields
occur in parts of the wafer surface which possesses a relative-
ly high surface roughness. Parts which are only slightly dama-
ged by the plasma still lead to high breakdown values.



CONCLUSIONS

Elastic lightscattering and thermal wave measurements have
been shown to be powerful methods to determine independently
surface roughness and subsurface damage. In particular the
surface maps of the plasma treated, prepolished wafer show
clearly distinguishable features of the surface roughness and
subsurface damage. It is therefore possible to demonstrate
experimentally the individual influence of these two parameters
on the gate oxide integrity in order to obtain a detailed
understanding of the defect related dielectric breakdown.

The experimental results of these five differently proc-
essed wafers correlate undoubtly the premature happening di-
electric breakdown to surface roughness ( 1 and 3 ) i not to
subsurface damage; subsurface damage has only a deleterious
influence, where it is connected with surface roughness 5 •
Polishing of a plasma treated wafer smoothes the surface again
and restores the breakdown distribution of a perfect wafer.
These'support the hypothesis /6/ that low field breakdowns are
provok«d by field enhancement at pointed bumps at the irregular
Si/SiO2 interface. While the surface roughness differences
between the final and prepolished wafer are too large (rots < 1
A and 14 A) to determine a direct proportionality between
breakdown field and surface roughness, the plasma treated,
original smooth surface shows a direct correlation. We suppose
that in this roughness regime (rms 5 A) it should be possible
to give an analytical relationship between surface roughness
and breakdown fields and to define an upper limit for the
surface roughness, at which the deleterious influence comes
into play. More experimental work is underway to support this
hypothesis.
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ABSTRACT

The infrared (IR) absorption technique concurrent with thermal annealing was used to
study the isolated AsGa antisite and an EL2-like defect in thermal neutron irradiated GaAs
samples grown by the liquid-encapsulated Czochralski (LEC) technique. The residual
absorption (unquenchable component) of the IR absorpion spectrum, after EL2 is completely
photoquenched, is interpreted as the photoionization of the isolated Asca antisite. This
interpretation is supported by thermal annealing results at 600 C and by the increase of the
unquenchable component as the irradiation dose is increased. A thermally unstable EL2-like
defect is observed in heavily irradiated GaAs samples after 6 min annealing at 600 C. Thermal
annealing kinetics show that the EL2-like defect is composed of three point defects.

INTRODUCTION

There is a general consensus linking EL2 to the AsGa antisite defect.1 This correlation
is mainly based on stoichiometry studies2^ and on electron paramagnetic resonance (EPR)
measurements.4*5 Indeed, the EL2 EPR spectrum is identical to that of the isolated AsGa
antisite introduced by neutron irradiation6-8, electron irradiation9, and plastic deformation.10

A few theoretical attempts11-15 have been made to identify the EL2 defect. The most exciting
calculations came from two independent groups14-15 who have shown the existence of the
metastability for the isolated Asca antisite when it undergoes a symmetry breaking distortion.
Unfortunately, major problems exist for the latter calculations. These problems can be
summarized as follows; 1) the presence of the Asi defect near the AsGa antisite which is
detected by the ODENDOR measurements16; 2) the site symmetry of EL2 is lower than the T<j
symmetry17'18; 3) neutron irradiation effects demonstrate the complexity of the EL2 defect19;
4) photoquenching and recovery effects are very complex20-21; and finally, 5) the ZPL (1.039
eV) and the broad transition (1.18 eV) in the IR absorption spectrum may not be related.22

In this article, we present experimental results for the neutron irradiation effects on
EL2. The unquenchable component of the IR absorption spectrum is interpreted as the
isolated Asca antisite. We also report the thermal annealing kinetics of the the isolated Asca
antisite and an EL2-like defect observed in heavily irradiated GaAs samples.

EXPERIMENTAL TECHNIQUE

Several samples were cut from LEC GaAs boules obtained from three different
suppliers. The samples were semi-insulating (SI) GaAs prior to neutron irradiation. Infrared
absorption measurements were obtained using a CARY 2300 spectrophotometer. A closed-
cycle refrigerator was used to cool the sample in the dark to 9 K. The monochromatic
spectrophotometer light was weak enough (~5xl0-5 W/cm2) so that a noticeable
photoquenching effect is not induced. Quenching of the EL2 defect was achieved with an
external 100 W quartz-halogen lamp or 1.12 eV monochromatic light with an intensity of 4
mW/cm2. The thermal neutron irradiation was performed at the Texas A & M University
Research Reactor using different fluxes for certain periods of time as shown in Table I.
Impurities introduced by the neutron-transmutation doping (NTD) arc also shown in table I.
Thermal annealing was performed in an inert gas atmosphere.

^



Table I. Characteristics of the GaAs Samples used in the present study. The fast neutron
flux was less than 1.0 % of the thermal neutron flux of 4.3x10i2 nemos'1. Ge and Se are
created by the NTD process. G101 is the control sample.

Sample
number

G101
G102
G103
G1O5
G107

Irradiation time
(xlO3 s)

0.3679
3.679
367.9
3.679

[Ge] [Sc]
(xl015cm-3) (xlO15cm-3)

0.0500
0.5000
50.000
0.5000

0.0769
0.7690
76.900
0.7690

RESULTS AND DISCUSSIONS

The IR absorption spectra of EL2 before and after photoquenching are shown in Fig.
1 for three samples. These spectra are superimposed on a background and residual
absorption. The background absorption is increased as the neutron irradiation doses are
increased and it is considered as being due to the induced radiation damage. The residual
absorption or the unquenchable component (UQC), which remains after a complete
photoquenching of EL2, is observed before neutron irradiation and found to be sample
dependent. Its magnitude depends on the postgrowth annealing. The UQC was not observed
in Ga-rich as-grown p-type GaAs samples. The quenchable component (QC) is obtained by
subtracting the UQC from the ER absorption spectra before photoquenching and it is attributed
to the EL2 defect. The QC obtained from Fig. 1 is plotted in Fig. 2 for three samples. The
UQC is mainly attributed to the photoionization of the isolated Asca antisite. It is clear from
Figs. 1 and 2 that neutron irradiation decreases the EL2 concentration and increases the
isolated As<3a antisite concentration.

Besides the absorption band between 1.04 and 1.27 eV, it is found that a broad peak
around 1.4 eV can be observed when a baseline correction is made for the EL2 IR absorption
spectrum. The 1.4 eV broad peak has received little attention in the literature, even though it
can provide useful information about the EL2 defect. We tested the neutron irradiation effects
on the absorption bands observed between 1.04 - 1.27 cV and 1.3-1.5 eV and found that
these bands are affected dramatically by neutron irradiation. To clarify this effect, we
subtracted the G103 spectrum from the G101 (control sample) spectrum and plotted the results
in the bottom of Fig. 2 [see the dotted curve]. The results show two peaks at -1.24 and
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Fig. 1. The IR absorption
spectra ofEL2 before (solid Lines)
and after (broken lines)
photoquenching at 9 K. The
samples were neutron irradiated in
a flux of 43xlO12 n cm'2 s1 for
(a) 3.679xW3 s, sample G103,
(b) 3.679x102 s, sample G102,
and (c) no irradiation, control
sample G101.
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~1.4 eV. A similar behavior is observed in sample G107. The observation of the two peaks at
1.24 and 1.4 eV indicates the complexity of the EL2 IR absorption spectrum.

The reduction of the EL2 concentration ( the concentration was estimated from
Martin's curve23) due to low thermal neutron irradiation doses was observed in all irradiated
samples. The reduction of the EL2 concentration is mainly due to the partial decomposition of
the EL2 complex. Thermal annealing up to 850 C shows that [EL2] in irradiated samples
remains smaller than [EL2] in the control sample. This indicates that compensation
mechanisms are not the reason for [EL2] reduction as the irradiation dose is increased.

An unidentified defect was observed at 0.65 eV in sample G105 (heavily irradiated)
after it was annealed for 30 min at 400 C. This broad peak is presented in Fig. 3 (dashed
spectrum). It is noted that the 0.65 eV peak has disappeared after annealing the sample at 500
C for 30 min. The thermal annealing behavior of the 0.65 eV peak is similar to that of the U-
band observed by the deep level transient spectroscopy (DLTS) measurements in fast neutron
irradiated GaAs samples.24*26 In addition, the energy level of the U-band (0.55 eV) is in
excellent agreement with the broad peak observed at 0.65 eV (see Fig. 3). Hence, we identify
the 0.65 eV peak with the U-band observed in the DLTS measurements.
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Fig. 3. Thermal annealing of
sample G105 at 400 C (broken
spectrum) and at 500 C (solid
spectrum). The broad peak
observed at 0.65 eV in the broken
spectrum is identified as the U-
band (see Ref. 24). The threshold
at 0.78 eV and the shoulder at 1.0
eV in tlte solid line spectrum were
identified with the two charge
states of the isolated AsGa antisite
(see Ref. 4).
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A threshold at -0.78 eV and a shoulder at -1.0 eV were observed after annealing the
sample (G105) for 30 min at 500 C (see the spectrum presented by the solid line in Fig.3).
The threshold and the shoulder in Fig. 3 arc in excellent agreement with the EPR
measurements of the isolated Asca antisite observed in fast neutron irradiated GaAs samples.4

This observation is in support of the present proposal that the unquenchable component of the
IR absorption spectra is primarily due to the photoionization of the isolated Asca antisite. The
correlation between the unquenchable component and the photoionization of the isolated As

a*
3
at



amisite is also supported by the increase of the unquenchable component as the NTD dose is
increased [see Fig. 1]. As will be discussed below, the annealing kinetics of the
unquenchable component at 600 C also support the above correlation.

Annealing the sample (G105) for 6 min at 600 C reveals more interesting information.
A quenchablc component is now observed in the IR absorption spectrum. The result is plotted
in Fig 4. The defect responsible for the qucnchable component in this figure is identical to the
EL2 defect in two respects. First, it can be quenched with white light or 1.12 eV
monochromatic light at low temperatures. Second, it is thermally recovered at temperatures >
150 K. It is found, however, that the quenchable component of this defect (we will refer to
this defect as DL2 for simplicity) as shown in Fig. 4 is different from the EL2 defect in LEC
SI GaAs in several respects. First, the DL2 concentration is much higher

5-81

Photon Zntttl, *v, (eV)
0 8 10 12 1.4

-080

_ Control Sample, u frown LEC C»Al
— M O (!•

5500 7125 87SO 10375
Wive Number (cm-1)

12000

Fig.4. Comparison between the
IR absorption coefficient of the
DL2 defect in irradiated sample
G105 and the EL2 defect in the
control sample G10L The ZPL
was not observed in the DL2
defect. The DL2 concentration is
larger than the EL2 concentration
by a factor of 23.

than the EL2 concentration. Martin et al.24 observed that the EL2 concentration is increased
by increasing the neutron irradiation dose after annealing the samples for 15 min at 600 C.
We argue that the EL2 defect observed by Martin et al. is not the EL2 defect, but the DL2
defect. Second, the DL2 IR absorption spectrum is different from the EL2 spectrum at lower
energies (see Fig. 4). Third, the DL2 defect does not possess a ZPL at 1.039 eV. We found
that samples irradiated with low doses do not show the ZPL before annealing at 600 C.
However, the ZPL is observed in these samples after annealing them for 15 min at 600 C.
Fourth, the DL2 defect is thermally unstable at 600 C while EL2 is stable up to 1000 C.

Many defects introduced by the neutron irradiation seem to anneal out at temperatures
less than 600 C. This may result in uncompensating the DL2 defect although it is not clear to
us whether DL2 is formed during irradiation or during the thermal annealing between 500 and
600 C. The results of isothermal annealing at 600 C of DL2 in sample G105, the
unquenchable component (the isolated Asca antisite), and EL2 in the control sample (G101)
are shown in Fig. 5. In order to analyze the isothermal annealing results of Fig. 5, we adopted
the chemical reactions of generation (annihilation) of complex defects as described by
Suczawa et al.27 For a point defect, the annealing kinetics equation can be written as

Ai(t) = A exp[-Xi(T) t]

01

vt

(O

(1).

Where A is the initial concentration, Xi(T) is the annealing »-ate, t is the annealing time, and
Ai(t) is the defect concentration at a given annealing time, l i e situation becomes difficult
when the defect consists of two or more point defects. Using Lq. (5) one can find analytical
solutions for a defect consisting of two or three point defects. For a complex of three point
defects, the analytical solution can be written as



A3(t) = ± B X3(T) t) exp(-X3(T) t ) } ] (2).

Where + (-) sign is for the defect generation (annihilation), B is a constant depending on the
initial concentration, X3CD is the same as \\(T), t is the time, and A3O) is the defect
concentration at a given time. For a defect composed of two point defects see Refs. 9,
and 27.
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Fig. 5. Isothermal annealing at
600 Cfor the DL2 defect in sample
G105 (0), the unquenchable
component (photoionization of the
isolated AsGa antisite) in sample
G105 (O), and the EL2 defect in
the control sample G101 (O). The
DL2 data were fitted by Eq. (2)
[solid line] and the data for
photoionization of the isolated Asca
antisite were fitted by Eq. (1)
[dotted dashed line]. There is no
noticeable change of the EL2
concentration in the control sample
G101.

The isothermal annealing data of DL2 in Fig. 5 were found to be fitted by Eq. (2) with
the negative sign (see solid line in Fig. 5). On the other hand, the unquenchable component in
sample G105 was fitted by Eq. (1) [see the dashed dotted curve in Fig. 5]. The latter
observation supports the proposal that the unquenchable component is due to a point defect
which is identified by us as the isolated AsGa antisite. It is also observed that the
unquenchable component is reduced by thermal annealing at 600 C and it approaches the
values found in as grown LEC GaAs.

If the hypothesis of relating the isolated AsGa antisite to the unquenchable component
in the IR absorption spectra (the isolated AsGa antisite undergoes only photoionization) is to be
considered valid, then the ZPL observed at 1.039 eV and the broad peak observed at 1.18 eV
in the EL2 IR absorption spectrum cannot be related to the Asca antisite involved in the EL2
complex. Hence, the absence of the ZPL from the unquenchable component casts doubt on
the interpretation of the ZPL as being the Ai to T2 transition within the Asca antisite of a Tj
symmetry28 and lends support for the ZPL as being a transition within an orthorhombic
complex.29

If EL2 is a complex involving Asca and an X component(s) and if X is to be
identified9-16 as ASJ, then the reduction of EL2 concentration is the result of a decrease in the
ASJ concentration. This process is accompanied by the reduction of the AB signal as well as
the absorption band between 1.3 and 1.5 eV (see Fig. 2). This behavior leads us to propose
that the absorption bands between 1.03 -1.3 cV and 1.3 - 1.5 eV arc charge-transfer
transitions between the AsGa and ASJ point defects. The present results do not rule out any
charge-transfer transitions between Asca and vacancies. Recent theoretical calculations30-31

predict different possibilities of charge-transfer transitions between Asca and ASJ in support
of the present interpretations. It should be emphasized that ASJ was taken as an example to
illustrate the charge-transfer transitions between the constituent components of the EL2
complex. Hence, the present results do not rule out other EL2 complex models. 13,2932,33



CONCLUSIONS

In the present study, we have shown the thermal neutron irradiation effects on the EL2
defect in LEC GaAs. The atomic structure of the EL2 complex is partially decomposed by a
low thermal neutron irradiation dose. The amount of destruction of this complex is increased
by increasing the dose. The EL2 complex is completely eliminated and an EL2 - like
defect (DL2) is generated in heavily irradiated samples/The isothermal annealing of the EL2 -
like defect (DL2) was performed at 600 C. The data fitting indicates that DL2 is a complex
composed of three point defects. The unquenchable component of the IR absorption spectra
was interpreted as being due primarily to the photoionization of the isolated Asca antisite.
This interpretation is supported by the increase of the unquenchable component as the NTD
dose is increased and the thermal annealing kinetics at 600 C. The ZPL does not seem to be
an internal transition within the Asca antisite. In addition, the absorption bands between 1.03
- 1.3 eV and 1.3 - 1.5 eV were interpreted as charge-transfer transitions between the
constituent point defects of the EL2 complex.
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ABSTRACT

A formulation for the entropy of vacancy migration based on the ballistic
model is proposed and applied quantitatively to explain activation entropies
which were previously considered abnormal.

INTRODUCTION

The kinetics of solid state processes that involve vacancy migration
(such as diffusion and defect transformation reactions) often contain activa-
tion entropy terms of abnormal magnitude (i.e., ASa/kB > 5 or ASa/kB < -5,
where kB is Boltzmann's constant) [1]. We propose a physical mechanism
capable of explaining such activation entropies, the proposal is motivated by
the ballistic model (BM) hypothesis [2,3j that an atom hopping into a nearest-
neighbor site is essentially a free particle moving ballistically at the
saddle point configuration. In the spirit of the BM, we assume that the
activation entropy for atomic migration by nearest-neighbor hopping is
translational at the saddle point and vibrational at its initial, equilibrium
state prior to the hop. These contributions to the entropy of migration are
calculated using standard statistical thermodynamic expressions. This
formulation is applied quantitatively to explain activation entropies, which
were previously considered abnormal, experimentally deduced from self-diffu-
sion measurements in Si and Ge and from defect transformation studies in InP.
Further details regarding comparison of theory and experiment may be found in
reference [4].

ENTROPY OF MIGRATION FOR BALLISTIC HOPPING

The physical picture adopted in the BM is as follows. At temperatures
above the Debye temperature, 0O, the thermal vibrations of the atoms surround-
ing a vacancy fluctuate with a characteristic frequency given approximately by
the Debye frequency, v^ = kgflp/h where h is Planck's constant. Periodically
these thermal fluctuations conspire to provide a path for an atom to hop into
the vacancy at a cost of very little potential energy. The venue for this
path is limited by the thermal motion of the surrounding atoms to a period of
order the zone boundary phonon period of the host lattice, which is propor-
tional to the Debye period, vZ1. For an atom to successfully migrate it must
make the hop in a time less than the lifetime of the favorable venue. This
requires a minimum velocity of the hopping atom to be

v - j/Dd (1)

where d is the distance between lattice sites. This velocity corresponds to a
kinetic energy

KE « | mv2 (?)



where m is the mass of the hopping atom. Thus, since the potential energy
that the atom must overcome is assumed to be quite small during this favorable
venue, the enthalpy of migration is given by

\ mv2 = \ m(Fd (3)

where F is a geometric constant equal to 0.9 in the case of a diamond or
zincblende lattice [2J.

In order to calculate the entropy of migration, we extend the BM treat-
ment. At temperatures above the Debye temperature an atom on a normal lattice
site can be modeled as a simple harmonic oscillator vibrating at the Debye
frequency. The entropy associated with this vibrating atom can be calculated
from statistical thermodynamics and is given by [5],

% " 3

where the factor 3 is due to the three degrees of freedom of the oscillating
atom.

According to the BM, during the limited venue that the atomic migration
actually occurs, i.e. when an atom moves through the saddle point configura-
tion, the hopping atom is essentially a free particle moving ballistically.
Thus, for this brief period of time the vibrational modes are replaced by a
translational mode. We can calculate the translational entropy using the
particle in a box approximation [5],

(27remkBT)
3/2

(5)

where e = 2.718 and V is the volume of the box which we take to be the volume
occupied by two nearest-neighbor atoms. The entropy of migration of an atom
hopping into a vacancy is thus given by,

(6)

Therefore, our formulation for the entropy of atomic migration is given by
Eqs. (4)-{6).

ENTROPY OF MIGRATION EXAMPLES

Phosphorous Vacancy Nearest-Neighbor Hopping

Phosphorous vacancy nearest-neighbor hopping (PVNNH) has been identified
[6,7] as one mechanism responsible for interface instabilities in InP metal-
insulator-semiconductor (MIS) devices. The nature of the instability is as
follows. A donor-like phosphorous vacancy is transformed into a multiple
acceptor complex when an In atom hops into a nearest-neighbor phosphorous
vacancy with a concomitant capture of electrons in the channel. In atom
hopping is driven by the Fermi-level position.

A computer simulation [7] of data from variable-temperature bias stress
measurements of InP MIS devices enabled us to identify the rate-limiting step
in the PVNNH defect reaction as



0 -
V + e - (V In ) . (7)
P In P

and required the activation entropy to be ASa/kB - 15.3. Recognize that the
entropy of activation of the rate-limiting reaction given by Eq. (7) involves
both In hopping and ionization so that the activation entropy is given by,

ASa « ASm + AS. (8)

where ASi is the entropy of ionization. We calculate ASi using [8,9]

AS.(T) = ASCV(T)

where ASCV is the entropy of the bandgap (i.e. the entropy of formation of
free electron-hole pairs) and for InP [9] a « 6.63xlO"4 eV/K and 0 - 162K.
ASm is calculated using Eqs. (4)-(6) which results in an activation entropy
ASa(theory)/kg = 8.2 + 6.8 • 15.0. We regard the close agreement between
experiment (15.3) and theory (15.0) as strong support for the importance of
the translational and ionization entropies in determining the total activation
entropy.

The Metastable M Center

The metastable M center [10,11] is an electron-irradiation-induced defect
complex in InP which exhibits two distinct configurations denoted A and B.
There is a reversible transformation between the configurations which exhibits
the following kinetics [10,11] as deduced from Arrhenius plots:

A -» B Stage 1: k = 1018exp[-0.40 eV/kgT] T = 110K (10)

A - B Stage 2: k = 10Hexp[-0.42 eV/kgT] T = 160K (11)

B -> A : k = 107 exp[-0.24 eV/kgT] T = 140K (12)

We have proposed [12] an atomic model for the M center. It is our intent here
to briefly summarize our identification of the rate-limiting state for A •+ B
stage 1 and B -» A, which we propose to involve atomic hopping, and to calcu-
late the activation energies of these two stages. A more detailed account of
these calculations is given in reference [4].

A •+ B Stage 1

This process occurs at a temperature of 110K with a prefactor
Ao(110, expt.) - 10

18. We assume that the rate-limiting step is a process
involving a P hop and emission of a single electron,

'"•" "'")0 t hop ''» + V? + P'" + 6" • U 3 )



For this rate-limiting defect reaction the prefactor can be written as

AQ - vD exp[(ASm + AS.)/kB] . (14)

The calculated prefactor A(110, theory) = 1.2xlO:8 is in excellent agreement
with that found experimentally. Note the very large value of the activation
entropy, ASa/kB * 12.2, and that the translational entropy, St/kB - 8.0, is a
dominant contribution.

B - A

At a temperature of 140K the prefactor of the B - A transformation is
found to be A (140, expt.) * ID7 s . In accordance [11] with Levinson et al
we assume that the reverse reaction occurs in one stage with the capture of
three electrons as well as a P hop,

The prefactor of this process can be written as,

AQ - i/D exp[(ASm - 3AS.)/kB3 (16)

where the negative sign before the ionization entropy arises because of
electron capture and a concomitant hardening of the lattice. This results in
a prefactor Ao(140, theory) * 4.0xl0

8 s"1 in reasonable agreement with that
found experimentally (i.e., 107 s"1). Note that in this case the large
entropy of the three captured electrons dominates, yielding a negative
activation entropy.

Self-Diffusion in Si and Ge

Let us now test our proposal for the entropy of atomic hopping by
applying it to the experimentally deduced prefactors for self-diffusion in Ge
and Si. The prefactor for self-diffusion, D , for Ge over a temperature range
of 766-928C was found to be [13],

DQ(Ge, expt.) = 7.8 cm
2/s . (17)

The prefactor for Si self-diffusion when the self-diffusion data has been fit
to a simple Arrhenius plot, has been reported [14] over a very wide range
(1-9000 cnrs). Demond et al. have shown, however, that the rate of self-
diffusion in Si does not obey [14] a simple Arrhenius law. They have inter-
preted this as due to the superposition of two activated processes. For the
temperature range 830-1200C the dominant process has a prefactor that falls
within the range,

0o (Si, expt.,low T) - 0.2-20 cm
2/s . (18)

for temperatures greater than 1200C the dominant process has a prefactor of
order

D Q (Si, expt.,high T) =* 2000 cm
2/s . (19)



We assume that self-diffusion in Ge and low-temperature self-diffusion in
Si proceeds via neutral monovacancy diffusion. The prefactor for self-
diffusion is given by [15],

Do " | a2 f * Dexp[(AS m + ASf)/kB] (20)

where a is the lattice constant, f is the correlation factor, and ASf is the
entropy of formation of a vacancy. AS is calculated using Eqs. (4)-(6). The
entropies of formation were taken [16,17] to be ASf(Si)/kB * 3.0, ASf(Ge)/kB =
2.6. Using Eq. (20), we find

DQ(Ge, theory) = 11 cm
2/s (21)

DQ(Si, theory, low T) = 24 cm
2/s (22)

which are in reasonable agreement with that found experimentally. Note that
the total activation entropy of the prefactor (i.e. ASa = ASm + ASf) is quite
large for both Ge and Si, AS (Ge, theory)/kB * 8.9 and ASa(Si, theory) « 9.2.

The prefactor for high temperature self-diffusion in Si can be justified
in accordance with our activation entropy formulation if the total activation
entropy used in Eq. (20) is given by

ASa * ASm + AS f + AS. . (23)

Using an average temperature of 1573K and Eq. (9) to evaluate AS, with [8]
a = 4.73xlO"4 eV/K and fi * 636K yields, AS/k B * 5.0. This leads to ASa/kB =
13.9 and a prefactor for high temperature Si self-diffusion

DQ(Si, theory, high T) - 2708 cm
2/s (24)

which is in reasonable agreement with that deduced by Demond et al.
Finally, we note in passing that the kinetics of solid phase epitaxial

recrystallization of amorphous silicon can be understood in terms of the BM.
For example, Brown et al. have reported [18] an activation energy of 1.2 eV
for the ion bombardment-enhanced solid phase recrystallization of amorphous
silicon. This activation energy is virtually identical to the 1.18 eV
migration enthalpy for vacancy nearest-neighbor hopping predicted [2-19] by
the BM. Furthermore, the prefactor reported by Brown et al. appears to be
consistent with the low temperature diffusion prefactor deduced from the BM
(i.e. Eq. (22)); comparing these prefactors, however, is not straightforward
since some mathematical modeling of the solid phase epitaxial growth process
is required. A more complete discussion of the analysis of solid phase
epitaxial kinetic data in terms of the BM will be presented elsewhere.

CONCLUSIONS

We propose the entropy of atomic migration may be calculated from a
difference of the translational and vibrational entropy as calculated using
Eqs. (4)-(6). It is found that a kinetic process involving atomic hopping is
often dominated by the effects of the migrational and ionization entropies.
We have been able to quantitatively account for the prefactors, or equiva-



lently, the activation entropies, of PVNNH in InP MIS devices, transformations
in the metastable M center in InP, and self-diffusion in Si and Ge.
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ABSTRACT

A sufficient degree of electron irradiation induced damage in Si, Ge, InSb, and InAs has allowed the
observation of hopping conductance having a sublinear frequency dependence of s « ws with s < 1.
The dependence of s on both the degree of the induced damage and on temperature is studied and
discussed in terms of the quantum mechanical tunnelling and the correlated barrier hopping
mechanisms.

INTRODUCTION

In doped semiconductors it has been observed [1,2,3] that irradiation-induced defects can
produce localized states at low temperatures. During conduction the charged carriers are presumed to
migrate between localized centers and the ac conductivity exhibits a frequency dependence of the form
s oe ws with S £ 1 . The dominant process accounting for such a conductivity has been ascribed to two
elementary mechanisms, namely quantum-mechanical tunnelling [4] and correlated barrier hopping [5,6].
In the former, the exponent s is temperature independent while in the latter s is predicted to have a
temperature dependence.

It is the purpose of this paper to indicate the circumstances in which the quantum mechanical
tunnelling can be applied as well as the ones in which correlated barrier hopping is applicable.

EXPERIMENTAL PROCEDURE

We have studied the ac conductance in electron irradiated thin slabs of crystalline semiconductors,
Si, Ge, InSb, and InAs. The energy of the electron beam was 1.5-2 MeV. The irradiation temperature
was 10 K in Si and Ge, 80 K in InAs, and 0° in InSb. To create extended defects from the damage caused
by the irradiation, samples of Si and Ge were annealed at temperatures above which tha vacancies or the
interstitials [7,8,9] become mobile and form complex defects.

Measurements of the capacitance C and loss factor D can be related directly to the real part of the
conductivity as has been explained in a previous publication [3], through the relation aac • const x fD for
reasonably low loss. The constant depends on the dielectric constant of the semiconductor and f is the
frequency used. When the barrier capacitance changes with temperature, the bulk resistivity can be
evaluated from the loss /actor (D «coCR) and the dimensions of the sample.

RESULTS AND DISCUSSION

a. Silicon and Germanium

A sufficient degree of damage induced by electron irradiation allows the observation of
conductance obeying Mott's law, s « exp(-b/T1/4). In Si and Ge two different values of b are observed in
two different temperature regimes (Fig. 1a,b). The high values of b vary as ND ' 1 / 4 as expected from Mott's
law, and roughly fulfill Ambegaokafs criterion b4 > 200 U/k [10] for localized states, assuming the binding
energy U is only the Coulomb potential of charged defects. They should be attributed to variable range
hopping. At the low temperature regime the conductivity exhibits a simple activation energy of a few meV
(Fig. 2). These energies are of the order of kT at the observed temperature region; they have been
observed to increase as the concentration of impurity atoms and/or defects increases [3] and should be
associated with the nearest neighbor hopping which begins to dominate over variable range hopping.

In the temperature regions discussed above, the frequency dependence of the conductivity is of
the form s « ws. It has been observed that the exponent s decreases as the concentration of induced
defects increases with progressive irradiation (Fig. 3a,b). In Si and Ge, s remains (Fig. 4) practically
temperature independent in the region of variable range hopping as well as in the region of nearest
neighbor hopping. This is as predicted by the theory of phonon assisted quantum mechanical tunnelling
of carriers between a pair of sites which are localized around the induced defect. In the pair
approximation [4], s is defined as s • 1-4/ln(vAo); for the experimental frequency of 104 Hz and phonon
frequency v - 1013 Hz, s should be close to 0.8 as we have observed for tow damage rates. The low
values of s we have observed for high damage rates would lead to unrealistic phonon frequencies.
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Considering hopping of single carriers [6] between two sites over a barrier rather than tunnelling,
the exponent s is predicted to have a temperature dependence. Its magnitude is determined by the
binding energy E of the carrier to its bcaiized site through the relation p • 1-s » 6 kT/E. For hopping of
single carriers (single polaron hopping), E should be of the order of 1/4 of the energy gap. For the
observed low values of s of 0.6 - 0.4 in samples with high damage rates, the above formula would yield a
binding energy of a few meV at low temperatures. Though such values of binding energy have been
attributed in the past [12] to polaron formation, which is possible in Si and Ge [13,14], we believe that this
is not true in our experiments because the exponent s does not exhibit any temperature dependence in
the regime of variable range hopping or nearest neighbor hopping.

We believe that as the degree of damage is increased, the close pair approximation of Pollak and
Gebalie is not sufficient and that one should consider all possible paths of the carriers between sites that
would lead to a percolation path of carriers through the samples. The percolation theory [15,16] leads to
values of s well below the quoted value of 0.8 of Pollak and Geballe. The values of s are determined by
the factor an$"1/3 is low (0.5,1, or 2 for carrier concentration of 5x1015, 3.7x1014, and 1x1014 cm*3 in Si
and 5 in Ge), and according to the calculation of Butcher [15,16], s < 0.3. This is close to the low values
of s that we have observed here. The physical meaning of the percolation theory is that as the density of
empty sites for carriers to hop increases with progressive irradiation, hopping conductance tends to
become independent of frequency.

As the temperature is raised, excitation in the Ez band is observed (Fig. 5) with the exponent s
being independent. Mycieleski [17] was the first to propose that the energy Eg is due to hopping of
earners over a barrier and he derived the expression that E2 * E1 - (3e2/kors). The term in the parenthesis
is three times the activation energy E3 for nearest neighbor hopping. According to the ionization
energies E1 we observed at higher temperatures and the activation energies for nearest neighbor
hopping, the values of E2 we observed agree fairly well with Mycieleski's theoretical prediction (Table I).
These energies are about 1/4 of the energy gap between the impurity band and the conduction or
valence band as Elliott's theory predicts [6]. However, the activation energy that is deduced from Elliott's
formula is different from the activation energy Eg we observe. This discrepancy is not serious because at
higher temperatures where carriers can hop over larger barriers, the usefulness of the above equation
(according to Elliott [6] diminishes. Thus, the observed decrease of s with increasing temperature might



simply reflect the fact that gradually the conductivity tends to become frequency independent as the
band conduction takes over from conduction in the E2 band. It is worth mentioning that for conduction in
the E2 band the tunnelling parameter a is given by a ' 1 « 4an [11] and as we see from Table I. the
experimental values of s agree with the percolation theory also.
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Table I
Comparison of Theoretical and Experimental Parameters for Si and Ge

Carr. Cone.
(1014crrr3)

Si ND- 10
ND« 3.7
NA» 14.0
NA* 50.0

Ge ND- 2.3 [3]
ND- 0.22(3]

E3
(meV)

4.5
5.2
5.2
8
1.7

E1
(eV)

0.029
0.025
0.032
0.038
0.008

E2(eV)
Obs.

0.011
0.009
0.012
0.012
0.003

Calc.

0.015
0.009
0.016
0.014
0.003

16
11
8
5
5

10

1 S

Theor.[15]

0.6
0.5
0.4
0.3
0.3
0.5

exp.

0.54
0.45
0.4
0.4
0.4
0.6
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Fig. 6. The conductivity of electron
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irradiation as a function of Tv*.

(Fig. 5)
Curve

Carr. Cone.

(X1014cnv3) (eV) (eV)
A
B
C
D
E

(Fig. 6)
Curve

ND-0.038
NQ-1.000
NQ-3.700
NA-1.400
NA-50.00

Carr. Cone.
(X1015cm-3)

0.014
0.012
0.009
0.012
0.012

0.032
0.029
0.025
0.032
0.038

A
B
C,

NQ-2.00
ND-10.0
ND-7.00
ND-7.00

0.10
20.0
0.50
1.00

4.1
2.8
6.1
6.2

b. Ill-v" Compounds

Irradiation also allowed the observation of Mott's law in InSb and InAs (Fig. 6) at helium
temperatures, while a higher activated conductance is observed (Fig. 7). The frequency dependence
was sublinear again with s being temperature dependent in the activated region (Fig. 8) It has been
observed that the magnitude of s decreased with progressive irradiation, as did the activation energies.
This gradual decrease of the activation energies should reflect the band broadening that occurs in
irradiated semiconductors as has been observed by Kalma [18].

The observed activation energies are of the order of 1/4 of the energy gap. The calculated values
of the activation energy from Elliott's formula are similar to those observed. We thus believe that
conduction takes place by hopping of carriers over a barrier in the activated region. Polaron hopping in
InSb has been proposed by Narasimhan [13], but the activation energy deduced from his data (0.49 eV)
is quite unrealistic. It should be pointed out that the observed temperature dependence of s is weaker

' than Elliott's theory predicts. This can be seen from Fig. 8, where both the theoretical change of s for E «
0.055 and 0.07 eV and the experimental values are presented.

The expected values of s at 4.2 K for the activation energy of 0.07 or 0.055 eV are 0.95 and 0.95,
respectively. Thus the observed high values of s in InAs in the region of variable range hopping could
indicate qualitatively that though the main hopping conduction mechanism is the tunnelling process,
since s is temperature independent; some hopping over the barriers may also take place and contribute
to the observed high values of s.
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SOLVING THE STRUCTURE OF INTERFACES BY
HIGH RESOLUTION ELECTRON MICROSCOPY
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ABSTRACT

This paper reviews some of the new advancements made in solving the
structure of planar interfaces in a wide range of materials and interface
types. The main contributions of the HREH technique are the determination
of the atomic positions at the interface, the detection of additional
defects such as dislocations or monoatomic steps and more recently the
chemical composition when crossing the interface. It is concluded that
quantitative results obtained by image processing and pattern recognition
will in the future greatly improve the knowledge of interfacial structures
at an atomic scale.

INTRODUCTION

Numerous observations of interfaces between two similar or dissimilar
materials with high resolution electron microscopy (HREM) have been repor-
ted in the last few years. Host of the results were obtained on semicon-
ductor materials : grain boundaries, silicon-silicide interfaces, multi-
layers, quantum wells, semiconductor-metal interfaces were the configura-
tions on which HREM has given significant contributions (for recent
reviews, see [1] and [2]). However other metallic or composite systems
were recently observed [3]. For instance the product of chemical reactions
at surfaces or metallic interfaces as well as metal oxides have been cha-
racterized (Cu/Au [4] ; MgOAl [5] ; Cu/O [6]). Similarly the interfaces
between a precipitate and the matrix have been observed in few systems
such as Al/Ge [7], Al-Cu-Li alloy [8], superalloys [9]. With the improved
resolution of modern microscopes (down to 0.16 nm) the possibilities have
been greatly extended : more than one zone-axis can be looked at, opening
the way to true 3-D HREM and more compact structures can be studied. Most
of these observations have been treated qualitatively, the interpretation
ranging from a direct read-out of the structure to a visual comparison
with computer simulated images of a small number of atomic models. These
qualitative approaches were sufficient to give some insight into the
overall characteristics of interfaces. One can deduce for instance i) the
periodicities at the interface, ii) the coherency or the loss of coherency
with or without interfacial dislocations iii) the rotation of the material
iv) the presence of steps or facets as small as a monolayer, v) the pre-
sence of additionnal extrinsic defects such as dislocations or impurities
seggregated at the interface. However more subtle details are also acces-
sible although they are more demanding for the technique. For instance the
following items are of remarkable interest : i) determination of the ato-
mic position at the interface particularly when large distortions of the
bonds (or change of the coordination number) are likely to occur. This is
the case for grain boundaries separating two disoriented but similar crys-
tals, of for epitaxial layers at vicinal surfaces, or for interfaces bet-
ween two very different structures - ii) determination of the chemical
composition at the interface or close to it ; this includes the determi-
nation of the stacking sequence when crossing the interface in the case of



compounds - iii) -eas-re-ert of tr.e a~ô r,t •::' •••?s-̂ jal stra-n -':jced by
the interface structure - iv) determination cf tre iuT.ber of structural
variants.

This paper will review sone of these topics concerning the interface
characterization and discuss on several examples the potentialities and
limitations of HREM.

DETERMINATION OF THE PERIODICITY AT THE INTERFACE

When two periodic semi infinite media are present on each side of a
completely general interface they form a quasi periodic interface struc-
ture [10]. This structure can be approached locally by a pattern which is
characteristic of a periodic coincident structure. In specific cases of
orientation relationship and/or interface plane, and/or lattice parameter
ratio the interface is strictly periodic (commensurate case).

Therefore a first step towards a complete crystallographic analysis
of the interface is to describe the periodic or quasiperiodic relaxed
structure. The diffraction techniques are well suited for this purpose
[11] but large areas of homogeneous interfaces are not always available.
Moreover the signal coming strictly from the interface is sometimes diffi-
cult to recognize from double diffraction. As a complement the HREM tech-
nique on end-on interfaces has been successfully applied to the determina-
tion of the interface 2-D unit cell. For instance the structure of a
(112) 1=3 grain boundary in germanium is a c(2x2) supercell of the geome-
trical coincidence lattice [12]. At least two observation axes are neces-
sary because the projection of an end-on surface transforms the 2-D struc-
ture in a 1-D pattern (figure 1).

Fig. 1. HREM of a (112) 2=3 twin observed at 200 keV along a) <011> axis,
defocus - 70 nm, atoms are bright - b) <231> axis, defocus - 55 nm, atoms
are dark. Note the periodicities along the interface (200 kV).

Similarly the periodicity of a Si-Al interface is very nearly commen-
surate with four aluminum planes matched with three silicon planes [13].
On epitaxially grown material a 2-D periodic unit cell of 2.8 x 2.8 nm2

has been measured in (100)(Cd,Hg)Te/(100)GaAs system [14] and of 5x5 nm2

in the (100)ZnTe/(100) GaAs system [15].



It should however be noted that in most of the systems studied so far
and especially on epitaxial layers with very large mismatch or different
structures, the unit cell of the relaxed interface (or its first approxi-
mation) is not yet available and has not been systematically looked for.
For instance the BaF2/(lll) Ge has been described as being incoherent
while the BaF2/(100)InP is coherent [16] on the basis of HREM observa-
tions. This description is clearly insufficient and as the epitaxy is
possible in both systems, there should be an organized periodic or quasi
periodic 2-D medium at the interface. The main difficulty in this case
originates from the atom relaxations along the <011> observation axis and
several other viewing axes are needed in order to provide more quantita-
tive informations on the unit cell.

Very often interfaces between very different materials do exhibit
small but systematic deviations from the exact epitaxial relationship.
This is for instance the case of the silicon sapphire system with approxi-
mate relationship (lOO)Si^(Ol12) A12O3 [17] as well as on the fluoride-Ge
system [18]. These rotations are not fortuitous and are related to the
unit cell of the periodic (or quasi periodic) structure at the interface.
A detailed study in the V5Si3/V,Si system has been performed for instance
by Bonnet et al. [19], showing that these deviations are due to the forma-
tion of a pseudo coincident lattice at the interface. Such an analysis
based on HREM results has to be applied more generally on other systems.

Of special interest, but not yet considered is the case where one (or
eventually two) medium cannot be considered as a semi infinite medium.
Strong deviations from the equilibrium bulk unit cell are possible giving
rise to strained structures. One may distinguish between i) completely
coherent structures inducing a loss of some symmetry elements present in
the bulk, ii) and partially relaxed structures which have generally
ill-defined unit cells. Examples of coherent structures with cubic to
tetragonal transformation are numerous : for instance the Si/Ge multi-
layers [20], the CdTe/HgTe multilayers [21] or CdTe/ZnTe quantum wells
[22] (figure 2).

5nm

CdTe

ZnTe

Fig. 2. A (001)ZnTe/(001)CdTe strained layer superlattice observed along
the [110] axis with a scheme of a) relaxed and b) strained lattices. The
substrate being Cd0 5Zn0 sTe the successive layers are alternately under
tension and under compression (200 kV) (courtesy G. Feuillet).



The -lit cell at the interface is generally given by the substrate
itself when no misfit dislocations have been produced. If partial relaxa-
tion has occured a complete determination of the dislocation density and
their Burgers vector enable to calculate the residual strain and hence the
unit cell in the strained layer. The HREM technique is of great interest
in the case of a relatively high misfit dislocation density for which more
conventional techniques fail. The dislocation distance specially for 2-D
arrays should however not be smaller than 2-5 nm - otherwise the contrast
of the dislocations running perpendicular or inclined to the observation
axis blur the contrast of end-on dislocations.

The strain itself is difficult to deduce directly on the HREM pic-
tures at least for 2-D strained structures. A large relaxation occurs
along the observation axis in a thin foil as prepared for electron
microscopy observation. Therefore, although the coherency could be checked
on HREM, direct lattice measurement and unit cell determination has to be
corrected, to be representative of the original layers [23].

Non-planar interfaces in one dimension or even two dimensions are fre-
quently observed. HREM, applied along 1-D facet edges, is possible and
allows to extract the structure [24]. For 2-D facetting HREM images are
more difficult to interpret in a straighforward manner because of the
superposition problem when projected along one axis. Systems like (010)
PtSi^(lll)Si have been shown to exhibit regular atomic steps in order to
minimize the interfacial energy [25]. Similarly the (100)
(Cd,Hg)Te/(100)GaAs is not flat and seems to exhibit a polypyramidal shape
[26] but has not yet been fully modelized.

DETERMINATION OF THE 2D-SPACE GROUP AT THE INTERFACE

A first step towards the 2-D space group determination is to measure
the relative position between the two materials on each side of the inter-
face. This positioning has a meaning for strictly periodic interfaces and
has been measured at commensurate grain boundaries. For instance at a
<001> (310) 2=5 grain boundary in germanium there is a large translation
along the common <001> axis equal to 1/5 of the 001 distance [27]
(fig. 3). An accuracy of the order of 0.01 nm in measuring this distance
is now possible on HREM images. In the heterophase case, one could also
measure the rigid body translation at least if the interface is periodic.

0.5 n m

Fig. 3. Determination
in a (310) 1-5 grain
The observation axis is

of the rigid body translation along the <001> axis
boundary in germanium. Atoms are white (400 kV).
[130]. (Courtesy J.L. Rouviere).



determination ^s important
formed. Planar view of the

The relative position is net random and its
although this measurement has not yet been per
interface observed with high resolution could give valuable insight into
this problem : the detailed pattern appearing into the moire pattern [26]
is characteristic of the translation and rotation state between the two
crystals. A constant pattern would be the sign of a very close periodic
approximation and a constant relationship at the interface. This property
has not yet been exploited but it ought to be.

A complete 2-D space group determination of a relaxed interface has
only been performed in very few cases. Special grain boundaries such as
(112)1=9 [28], (510) 1-13 or (310) r=5 [29] were completely determined by
a combination of HREM and electron diffraction technique. Facetted struc-
tures with a mirror glide symmetry are often favoured when the grain
boundary plane is vicinal to a low index plane (fig. 4 ) . However special
care should be taken with the HREM technique when looking for symmetry
relations in an image : symmetry elements are very easily affected by
small optical or crystal misalignement and results should always be
checked by diffraction (electrons or X-rays).

.5 nm

Fig. 4. The structure of a (11,3,0) I>65 observed along [001] Defocus
- 42 nm. 400 kV. Atoms are black. Note the long period and the mirror
glide symmetry along the interface (courtesy J.L. Rouviere).

ATOMIC MODELING AND POSITIONING AT THE INTERFACE

At completely coherent interfaces, for which the structure is conti-
nuous when crossing the interface, modeling is simplified. In this case
the measurement of the relative position of the two crystals enables to
build an atomic model. This method has been currently employed for cohe-
rent silicon-si 1icide interface studies [30]. For more general interfaces
atomic positions at the interface are necessary to be determined in order
to characterize the structure. The knowledge of the two crystals on both
sides is insufficient to deduce the interface structure : local rearrange-
ment do generally occur. Very few cases have been already completely
solved and examples are limited to pure tilt grain boundaries. The model
of <001> (310) Z=5 belongs to the Shubnikov layer group pZ\ and the core

structure is described by a zigzag sequence of -[110] and —[110] disloca-
tion cores. Two observation axes were necessary to deduce this structure.
Simulated images from computer relaxed configurations exhibit a complete
agreement with the experimental images (fig. 5). The white (or black) dots
can be completely superimposed within the accuracy of the numerical calcu-
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Fig. 5. Comparison
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and experimental images of a (310)
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more complex configurations including structures having two or more
variants. The most characteristic multiple structure is the <001> (510)
Z«13 in germanium : it has a variant which is asymmetric but has a mirror
glide symmetry, while the other variant is symmetric (fig. 6). In addition

Fig. 6. Two
germanium :
variants coexist in the same
b l a c k ( c c j r t e s y J . L . R o u v i e r e ) .

t,
possible structures of the same interface, a (510) 1*13 in

a) with a mirror glide symmetry &nd b) symmetric. Both
as-grown bicrystal. Germanium. Atoms are



small variations occur from one period to the following which were explai-
ned by side view observations along <150> : the structure is not the same
everywhere along the dislocation cores [31].
The extension of such an analysis to more complicated structures in hete-
rophase systems is not straightforward. There is in general a 2-D relaxa-
tion of the atoms at the interface contrary to the case of pure tilt grain
boundary. Moreover the chemical type of the atoms adjacent to the inter-
face should be previously determined. Special situations could include a
quasi 1-D relaxation. A classic example is the (111) CdTe^(OOl) GuAs
interface which has a very small lattice mismatch along the [112] CdTe
and the [110]GaAs direction (- 0.7 %) and can be considered as being
relaxed only along the perpendicular directions (fig. 7). This example is
a good candidate for further analysis by HREM.

4nm

Fig. 7. (Hl)CdTe/(001)GaAs interface
(200 keV). (Courtesy G. Feuillet).

observed along the <110>GaAs axis

DETERMINATION OF THE CHEMICAL COMPOSITION

An important preliminary remark has to be made : the HREM technique
is not a spectroscopic technique and recognizing atomic species relies on
differentiating atomic structure factors through intensity measurement in
the image. This fact has several consequences :
i) close atomic number species could be difficult to differentiate. How-
ever dynamical interactions between electron and matter is so strong that
even small differences can be enhanced by a careful choice of specimen
thickness and imaging conditions.
ii) the information collected in the HREM mode is always integrated along
the specimen thickness. Therefore at best the chemical composition will be
an average along an atomic column
iii) as the intensity collected in the image plane is generally not
linearly related to the projected potential, linearity with the chemical
composition is also generally lost.
Therefore indirect and a-priori informations on the atomic species present
in. the sample are always necessary.

This determination is generally of great importance in heterophase
systems as well as in grain boundaries. Although numerous HREM observa-
tions of impurity precipitation were performed at grain boundaries, direct
evidence for seggregated impurity monolayer has not yet been obtained.
Preliminary results on sulphur seggregated at grain boundaries in nickel
have been recently reported showing the potentialities of HREM [32].

However it is on semiconductor epitaxial layers that most results
have so far been published. In compound semiconductors the contrast bet-
ween atomic columns of different atomic numbers is very well pronounced



and characteristic for InP, ZnTe, HgTe along <001> and <0S3> axis [33],
The same is true for AlAs or GaAs along <001> [34] or InP and InGaAs along
<OO1> [35]. In <110> InAs [36] or even <110> GaAs the fine details visible
in HREM images at 400 kV. which occur as a result of multiple interactions
can be exploited in order to detect the crystal polarity and hence to spe-
cify where the different atomic species are. However the closer the atomic
numbers are. the less reliable are the results : the image critically
depends on thickness and exact orientation : small asymmetries in the
detailed pattern could arise as well,from slightly misorientated crystal
or optical misalignement. A good agreement between experimental and simu-
lated images over a wide range of defoci and thickness is the best relia-
bility test for a correct interpretation.

The optimum defocus and thickness for chemical differentiation has to
be explored by computer simulation in each specific case. These conditions
themselves are conditionned by the specific questions one has to
address : locating the interface or determining the chemical nature at the
interface itself.

As a first example one may consider an interface with four different
chemical species : (100)InP/(100)GaAs. The interface has two possible
structures with either a In/As stacking (a) or a P/Ga stacking (b).
Simulated images with a <001> observation axis show that both structures
should be recognizable (fig. 8) at a defocus - 65 nm and a thick specimen
(17 nm). The phosphorus atomic columns are marked by a strong white spot
and serve as markers to recognize the gallium atomic column at the
interface. An intensity profile through the phosphorus atomic sites
gives for the two interfaces a transition region which is different for

_- In
As

a)

b )

Fig. 8. Simulated images of the (100)InP/(100)GaAs interface with the two
possible structures, a) In/As stacking and b) P/Ga stacking at the inter-
face (400 kV). Thickness 17.3 nm.

type (a) and (b). It is also important to note that the image is
characterized by three different patterns : two are characteristic of the
bulk layers and one of the interface. The interface pattern is at least
three atomic planes wide, which means that, due to the formation of
Fresnel fringes at the interface, spurious effects appear and no direct



correlation with the composition can be performed. This illustrates how
important the computer simulation is,

As a second example an interface involving only three components
could be considered : this is the case for (100) (Al.Ga)As or
(100)(Cd,Zn)Te system. When observed along <011> the (Al,Ga)As system
exhibits a row of superbright spots at the interface location [37], how-
ever observation along the <001> axis are more fruitful [38], The reason
is that the 200 diffraction spots are sensitive to the chemical composi-
tion and by a careful choice of the optical conditions could be well
transmitted while the 220 spots which are less sensitive could be strongly
attenuated. Computer simulated images on the (100)(Cd,Zn)Te system could
illustrate this behaviour (fig. 9).

-60 - 7 5 n m
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Fig. 9. Simulated images of (100)CdTe/ZnTe interface at 400 kV. Two cases
are considered a) abrupt interface and b) diffused interface : the zinc
content varies from 0 to 100 % with 3 intermediate values 25,50 and 75 %
over 3 atomic planes. Thickness 12.2 nm.

The abrupt interface is very well visible and sharply defined at a defocus
of - 75 nm and a thickness of 12 nm. In such a favorable case interdiffu-
sion of one chemical species (Zn) over 2 to 3 monolayers is easily
detected. The intensity profile, although giving a non linear relationship
with the Zn content is very representative of the chemical gradient when
crossing the interface.

A recent work on the 9'-6' (Al2Cu-Al3Li) interface [8] has also shown
that Al was bonded to Li atoms by a careful comparison of computer and
experimental images.

However chemical mapping could be difficult as it relies on rather
small differences in the image. It is obviously affected by the "noises"
coming from thickness variations, small amorphous layers at surfaces
and/or preparation damage. Therefore several attempts have been made to
enhance the contrast between layers or to quantify the pattern variation.
Processing the image by Fourier filtering has been proposed but generally
suppresses the information which is coming from the interface itself.
Therefore pattern recognition algorithms are more suited. De Jong et al.
[39] have employed a correlation algorithm with a pattern typical of one
layer. Similarly but with a different algorithm Ourmazd et al. [38] were



able to quantify the deviation of the image from an average pattern : a
clever choice of the algorithm could give a signal proportionnal to the
aluminum content in the (Al.Ga) As system. This work clearly shows the
future trends of HREM in studying interfaces. A quantitative analysis of
images taken in carefully selected conditions could give structural as
well as chemical information. Moreover this is the only way to recognize
local deviations from "noise" or artefacts. It should however be noted
that a diffuse interface cannot be recognized from a non diffuse but
stepped interface with a superposition along the observation axis of two
regions having different composition.

ROUGHNESS DETERMINATION AND STEP VISIBILITY

The roughness determination is one of the major goal in semiconductor
layer interfaces studies. However the roughness is an overall parameter
which has to be more precisely characterized. The major sources of
roughness are : steps associated or not with a dislocation, facetting and
chemically diffuse interface. A series of 1-D parallel steps is the
easiest configuration to be observed end-on. In <100> or <110> tilt grain
boundaries the steps oriented along the common axis are easily imaged and
can be characterized completely [40]. The step height is either quantified
in order to maintain the same structure on each side of it, or is associa-
ted to a dislocation. Both types exist in grain boundaries as well as on
interfaces. The roughness increases with the interface energy as observed
on most of the grain boundary configurations.

In heterophase system and different orientation of the two materials,
steps are easily identified. Steps in the (111) CdTe/(001)GaAs are well
visible and are not associated with dislocations [22]. For materials
having the same structure but large average atomic number differences the
detection of monolayer steps is also generally possible [38][41]. Several
methods could be employed :
i) The interface location is detected by a specific pattern which is
looked for. Any translation of this pattern is due to a step. This method
can be computerized and does not require the knowledge of the interface
structure as soon as the interface has an abrupt contrast. The simulated
images on the system (100)InP/GaAs show that the best step visibility is
obtained for a large change in the layer contrast (fig. 10). In this
structure half a monolayer step is possible if both structural variants
could coexist. These simulations show that in principle such a step could
be visible. It should be however noted that along <001> axis of observa-
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Fig. 10. Simulated images of half a monolayer step at a (100) InP/GaAs
interface. (400 kV). Thickness 17.3 nm.



tion, steps are likely to be inclined at 45* and positioning the steps
could be difficult.
ii) Even more fruitful is the recognition of a specific pattern appearing
at the interface itself. This method employed by Nakamura et al. [41] on
the (100) GaAs/AlAs superlattices has permitted to locate monolayer steps
with high accuracy by looking at an array of super bright spots at the
interface. Moreover this array is at the Al-As layer. Two types of steps
were made visible : those parallel to the <011> observation axis and those
perpendicular to it. These latter steps give a doubling of the bright spot
array. This method has shown a clear difference in the step density
between 500*C and 700'C grown superlattices. This procedure can also be
computerized by using an algorithm of pattern recognition looking for the
pattern specific of the interface. However it has to be assumed that the
interface structure is already determined.

CONCLUSION

A number of qualitative observations at interfaces have been made in
the last ten years by HREM. However it is only recently that quantitative
measurements on simple systems were made. These include two types of
determination :
i) In the case of a strictly periodic system the 2-D space group could be
determined by the observation along several different axes. It should be
noted that electrons or X-rays diffraction experiments are often necessary
to complement or to check the HREM results. Meanwhile the relative posi-
tion of the two lattices can be determined with an accuracy of the order
of 10 % of the resolution limit. In addition the relaxation of individual
atoms at the interface could be measured especially in the one dimension-
nal case. Up to now these detailed analyses were limited to grain boundary
interfaces but they should be more widely employed in the future,
ii) For completely coherent structures the HREM technique has been succes-
sfully applied to measure the surface roughness and the step density. In
addition a semiquantitative chemical mapping is now feasible in simple
systems. Further developments would now implies a more systematic use of
the image analysis and pattern recognition algorithms.
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SPHCTROSCOPY OF METAL ADSORBATES ON Till- GaAs(llO) SURFACE
STl.DIF.D WITH THE SCANNING TUNNELING MICROSCOPE
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ABSTRACT

The geometric and electronic structure of metal adsorbatcs on cleaved GaAs(110) sur-
faces is studied with the scanning tunneling microscope. For the metals Sb and Bi, an ordered
monolayer is formed, although in the case of Bi a scries of misfit dislocations appear in the
ovcrlayer. In the case of Au, individual atoms are observed on the surface, forming clusters
at higher metal coverage. Spcctroscopic measurements reveal the presence of a state within
the GaAs band gap. This state is observed near individual metal adsorbatcs (for Au and Sb),
and near the edge of metal terraces (for Sb and Bi). The observed state is responsible for de-
termining the position of the Fermi-lcvcl at the surface.

I. INTRODUCTION

The properties of thin metal films on semiconductor surfaces have been studied for many
years.1 Of particular interest for practical applications is the relationship between the structure
of the film and the ensuing electronic properties. In most previous studies, these two aspects
- structural and electronic - have been studied separately, with techniques such as electron
or ion diffraction yielding structural information, and photoemission or inverse photoemission
providing electronic information. With the development of the scanning tunneling microscope
(STM),2 we have a tool which combines these two types of measurement in a single exper-
iment. Atomic resolution imaging, together with spatially resolved spectroscopy, enables us
to directly observe the spectrum of states (within a few eV on either side of the Fermi-level)
induced by the metal adsorbates, and to determine the origin of the states in terms of the ge-
ometric structure of the surface.

For the case of semiconductor surfaces, a major point of interest is the occurrence of
electronic states within the band gap. Deposition of metal on the semiconductor surfaces may
induce states within the band gap, and these states then determine the position of the Fermi-
level at the surface. For an entire monolayer of metal, or some definite fraction thereof, the
metal sometimes forms a 2-dimcnsional ordered ovcrlayer on the semiconductor. Such or-
dered metal overlayers occur on many semiconductor faces, and in recent years their proper-
tics have been extensively studied. Depending on the details ofthe bonding between the metal
and the semiconductor, the 2-dimcnsional bands of the metal ovcrlaycr may overlap into the
band gap region ofthe semiconductor. In most cases, such bands will themselves have a band
gap in their energy spectrum, and disorder or defects on the surface will induce further states
within this band gap. Thus, to fully determine the complete spectrum of states on a surface,
and thus determine the position of the surface Fcrmi-lcvcl, it is necessary to go beyond the
states of the ordered metal ovcrlaycr.

In this work, we go beyond the case of ordered metal ovcrlaycrs by considering the
properties of (a) isolated metal adsorbatcs on a semiconductor surface, and (b) metal
adsorbatcs which reside near the edge of a metal ovcrlaycr. In both cases, the metal atoms
arc found to produce states within the semiconductor band gap. We study the GaAs(IIO)
surface, covered with the metals Sb. Hi and Au. One monolaycr ofSb is known to form an
ordered ovcrlayer on GaAs(l 10),J f and we find that the Bi monolaycr has a similar structure
with the exception that misfit dislocations occur in the Bi film. For submonolaycr coverage,
the Sb and Bi films form 2-dimcnsional terraces on the surface, separated by regions of clean
GaAs. We find that the spectrum of electronic states near the edge of a terrace is different
than that at the center of a terrace, with a characteristic band gap state observed at the edge



of the terrace*;. Tor Au on CTaA<=( 110). we observe at low coverage individual Au .items on
the surface, and at high coverage these atoms form 3-dimcnsional clusters. Tor the isolated
atoms (or small clusters of atoms) we observe in spectroscopy a band gap stafe which is very
similar to that seen near the terrace edges for Sb and Bi.

STM results for the Sb. Bi. and Au GaAs systems have been previously presented in a
number of works. *-"• The purpose of this paper is to summarize the common elements of these
studies in a single paper, and to present a number of new results on these systems. The or-
ganization of this paper is as follows. In Section If we review the experimental procedures.
In Sections III and IV we introduce the metal overlayer systems by first presenting STM im-
ages for various coverages, and then discussing the spectroscopy of the overlaycrs for com-
plete monolayer metal coverage. The major new results of this work appear in Section V, in
which we present spatially resolved spectroscopy of the ovcrlayers for sub-monolayer cover-
age. In Section VI we compare our results with previous work of metal adsorbatcs on the
GaAs(HO) surface. Our conclusions are presented in Section VII.

II. EXPERIMENTAL DETAILS

The experimental details of this work have all be presented elsewhere,'-10 and are sum-
marized below. The tunneling microscopes used in these studies are contained in ultra-high
vacuum chambers, with base pressures less than 6 x 10" Torr. Tungsten probe-tips were
prepared by electro-chemical etching, and cleaned in situ by electron bombardment.
GaAs(llO) surfaces were prepared by in siiu cleaving. Two groups of/»-type GaAs samples
were investigated. The first group, which we call low-doped, were supplied from the man-
ufacturer with a Zn doping of about I x 10" enr 3 . During experiments with those samples,
charging problems were encountered for isolated adsorbates or clusters on the surface. We
believe that these effects arise from the lack of surface conductivity within the band gap region
(on clean GaAs(UO); no states exist within the band gap to provide a conduction channel11)-
To overcome this problem, we doped our samples to very high Zn concentrations. For this
second group of samples, which we call high-doped, Zn diffusions were performed at 1000 °C
for 4 hours, leading to Zn concentrations12 of about 10* cm-3. Metal depositions were per-
formed using either a filament type evaporator or an effusion cell, with typical deposition rates
of 0.1 ML/min(ML — monolayer = 8.85 x I0l4cnr2)- During deposition the samples were
held at room temperature. The metal coverages were estimated both from the STM images
and using quartz-crystal thickness monitors assuming a sticking coefficient of unity.

STM images were acquired in the conventional constant-current mode, using a current
of 0.1 nA and sample-tip voltages which are specified below. The crystallographic orientation
of all the images presented here are the same, with the CllO] direction directed 45° counter-
clockwise from the horizontal. Small deviations from this direction may be seen in the images
due to thermal and/or piezo-electric drift in the microscope. No drift correction has been
applied to the images, although compensation circuits are used during the image acquisition
to offset the drift. The compensation circuits consist simply of linear voltage ramps, with se-
lectable rales, which arc added to the x,y, and z piczo voltages. By monitoring successive
images, the rates of the ramps arc chosen to offset the drift. L'nlcss otherwise noted, the
grey-scale of all the images presented here corresponds to surface height. The acquisition and
normalization of our spcctroscopic results are described in detail in Rcfs. 7 and 10.

III. SCANNING TlNNIiMNG MICROSCOPE IMAGES

In Fig. 1 we show two SIM images obtained from the GaAs(MO) surface covered with
varying amounts of Sb. Fig. l(a) shows the surface with 0.05 ML Sb coverage. The Sb ap-
pears as small islands, separated by regions of clean GaAs. An ordered island appears in the
lower left corner of the image, with a Ixl unit cell which matches that of the clean GaAs.
The height of the ordered islands above the GaAs surface is typically 2.5 A, corresponding to



FIG. I. (a) 240x240A ! image of 0.05 ML Sb on GaAs(IlO), acquired at a sample
voltage of- 4.7 V. (b) 130 x 130 A2 image of 1 ML Sb, acquired at - 2 V.

1 monolayer of Sb. All around the edge of the Sb islands there exist defects, appearing as the
white circular protrusions in Fig. l(a). As the islands grow in size these defects persist, gen-
erally maintaining their positions at the edge of the Sb terraces. Figure l{b) shows the surface
covered with 1 ML of Sb. The Sb terraces have now grown together to form an ordered lxl
overlayer on the surface. The ovcrlaycr is not perfectly ordered; some regions of bare GaAs
appear as the dark regions in the image and some excess Sb can be seen on top of the
monolaycr. This disorder can be reduced by annealing the films.13

In Fig. 2 we show STM images from Bi covered GaAs. Fig. 2(a) shows an 0.5 ML Bi
layer on the surface. The Bi film forms an lxl ordered monolaycr on the surface, similar to
the Sb overlayer. Fig. 2(b) shows the surface covered with 0.8 ML of Bi. The resolution of
the STM is slightly degraded in this case (presumably due to a blunt probe-tip), so that the
atomic corrugation on the surface is barely visible. I lowevcr, what is clearly seen in Fig. 2{b)
is a scries of dark lines, extending from bottom-right to top-left across the image. The spacing

I K i. 2. <:i) S5 x SO A2 image of 0.5 ML Mi rm (iiiAs(MO), acquired at ,i sample voltage
o f - -> ^ v <h) l~0 x 1"O A3 image ol o.S MI Hi, aajuircd at - 2 V.
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FIG. 3. (a) 200 x 200 A2'image of 0.1 ML Au on GaAs(llO), acquired at a sample
voltage o f - 2.5 V. (b) 140 x M0 A2 image of 2 ML Au, acquired at - 2.5 V.

between these lines is typically 25 A, corresponding to about 6 unit-cell lengths in the L"l 103
direction. These dark lines correspond to depressions in the Bi film, and we associate them
with surface regions where one or more Bi atoms are missing. Thus, these dark lines could
be called "misfit dislocations". As seen in Fig. 2(b), the dislocations form a periodic series of
parallel lines on the surface. Looking back to Fig. 2(a), we see there what appears to be a
single dislocation line extending through the middle of the Bi terrace. The misfit dislocation
probably relieve strain in the overlayer, and their presence is consistent with the 9% larger
metallic radius of Bi compared to Sb.

In Fig. 3 we show STM images of the GaAs surface covered with Au. Fig. 3(a) displays
the surface with an 0.1 ML Au coverage. Small clusters of Au atoms are seen as surface
protrusions, typically 2 A high. Some of the protrusions appear to be localized within a single
surface unit cell, and we associate those features with individual Au atoms.10 Detailed analysis
reveals that the Au atoms reside next to a surface Ga atom.10 At higher coverage the Au at-
oms form 3-dimensional clusters on the surface. The image of Fig. 3(b) was obtained from a
surface covered with 2 ML of Au. Large clusters arc seen on the surface, with typical lateral
extent of about 50 A, and a height of 10 — 15 A. The grey-scale in Fig. 3(b) is computed ac-
cording to a surface directional derivative, corresponding to illumination of the surface from
a point in the upper left corner of the image. With this choice of grey-scale, facets on the
clusters arc clearly visible, and mono-atomic steps on the facet faces can also be seen. We find
that the \cctor normal to these facet faces is parallel to a GaAs C ' " ! I direction.

IV. Tl.NNHI.IXG SPHC1 RA I O R MONOLAYI-R MHTAL COVFRAGK

In this section we review the spcctroscopic properties of the clean GaAs(llO) surface,
and of tiic metal ovcrlaycrs at a coverage of.t complete monolaycr. These results represent
the initial :nnl final «.ysicms Inr ihc sub-monolaycr results presented in the next section.
Tunnclinu <.pcctra for the Sb. Hi nnd An monolaycrs arc shown in Fig. 4. together with a
spectrum for the clean GaAsfl I") surface. In all the spectra, zero sample voltage gives the
position of ilic surface Fcrmi-lcvcl. For the clean GaAs surface, we observe a region of/cro
conductiviiy extending from o V to 1.4 V. We identify this region with the hand gap ofGaAs
(1.43 cV). and we mark the cilgcs of this zero conductivity region by /:",. and l'r, denoting the
valcnec-kmil and conduction-hand extrcma respectively. This spectrum was obtained from



FIG 4. Normalized conductivity
vs voltage, for (a) clean p-iypc
GaAs(llO), and for monolayer
films of (b) Sb, (c) Bi, and (d) Au.
The horizontal lines separating the
spectra give the zero level for the
conductivity.

o i

SAMPLE VOLTAGE (V)

/7-type material, so that the surface Fermi-level is very close to the valcncc-band maximum
(Ey^O V). as seen in Fig. 4(a) (actually, a very small amount of band-bending does occur for
the spectrum of Fig. 4(a), resulting in a quenching of the "dopant-induced" component of the
conductivity14).

In Fig. 4(b) we show a spectrum obtained from a surface covered with 1 ML of Sb. The
spectrum shown in Fig. 4(b) was acquired from a well ordered portion of the film. We observe
a region of zero conductivity, which we associate with a band gap in the energy spectrum of
the surface. The width of this region is nearly the same as for clean GaAs, and within the
accuracy of our spectroscopic measurement (0.1 — 0.2 eV) we find that the edges of the Sb
band gap coincide with those of the GaAs band gap. This close coincidence between band
gaps for Sb,'GaAs and clean GaAs is consistent with the results of photoemission and inverse
photoemission on this surface, as discussed elsewhere.7 Outside of the band gap region we
observe a number of features in the tunneling spectrum, arising from the 2-dimensional bands
oftheSbfilm.7

In Fig. 4(c), we show a tunneling spectrum obtained from a Bi ovcrlayer. In this case the
metal coverage is only 0.8 ML, but the spectrum was obtained from a well-ordered region of
a Bi terrace so that the spectrum is representative of the fully developed monolayer. Again
we find a region of zero conductivity in the spectrum, but the width of the region in this case
is only about 0.7 eV. The edges of this surface-state band gap are denoted by Ej and Ej in
Fig. 4(c). Thus, the 2-dimensional bands of the Bi ovcrlaycr extend into the GaAs band gap.
Photoemission reveals that the top of the filled state band, E, , is located about 0.4 eV above
the valence band maximum of the underlying GaAs.M

In Fig. 4(d) we show a spectrum obtained from a surface covered with 1 ML of Au.
l.'nlikc Sb and Bi, and Au ovcrlaycr is not an ordered 2-dimcnsional film. Rather, the Au at-
oms form small clusters on the surface. The spectrum shown in Fig. 4(d) consists of an average
of T5 spectra collected at different spatial locations on the Au clusters. Spectra from the un-
covered GaAs surface were specifically excluded from the averaging process. The position of
the CaAs band gap, delineated by /:,, and Ec in Fig. 4(d), is taken to be the same as the
measured position at lower coverage.10 We see that the band edges in the Au spectrum arc
not well defined, with considerable tailing occurring from both the valence and the conduction
bands into the band gap region. The conductivity at the Fcrmi-lcvcl (0 V) is nonzero, indi-
cating the formation ofa metallic ovcrlaycr. One ofthc contributions to these hand gap states
of the metal ovcrlaycr is identified in the spatially resolved spectra presented below.



V. M ' \ K! M >l \ I n s r i ( 1 M \ I ( i|< Sl/H-MONOLAYER METAL COVERAGE

o. . ! ^:.idies el the Sb CH.\K s\Mcm ha \c been performed in several stages, with this
system K •: i: isod as .1 test bed" for new experimental methods. In the first stage, we studied
low s!- , ••.,••.;!s:cs i — «».I Ml ) usini: low-doped samples. Effects of band-bending in the
scnik ••: • ; ; \ < r due to J ia rc inc of ihe chistcis were apparent,6 but spcctroscopic evidence of
band ij-;;^ vt.ires associated with the clusters was practically impossible to obtain. We attri-
buted :! -e .!:;!k uliies to ihe lack of a --unable conduction path in which the current through
the band s.vp states could flow. In the second stage of the work, we used higher Sb coverage
(>0.5 MI i in which case the Sh terraces on the surface coalesced, and the edges of the terraces
formed a more or less continuous network over the surface. Band gap states localized at the
edge of the terraces were then directly seen in the spectroscopy.6 Finally, in the third stage of
the work, ue used the highly doped (Ta.As samples. Then, spectroscopy of the band gap states
was obtainable even at low Sb coverage, and those new results are reported here.
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In Tig. 5 we <ho\\ vjMtially resolved ^pet.:ra obtained from a GaA^lIO) surface covered
with 0.05 Ml. of Sb. I he spectra ;irc labelled .1 - d , with the spatial positions at which the
spectra were acquired being shown in the SIM image. In the image, an Sb terrace is seen,
surrounded by an area of clean GaAs. Spectra c and d were acquired on the clean GaAs, and
show a band gap region with width dose to 1.4 cV. Spectra a and /; were acquired near the
edge of the Sb terrace, flic spectra show a large state within the band gap region, with maxi-
mum located near /•",- + 1 cV. This peak i« characteristic of practically all the spectra acquired
from the terrace edge1;, hi some cases, significant changes in the spectrum arc also observed
in the valence band'region.6 but the single peak in the upper part of the band gap is the most
dominant feature in the spectrum.

In Fig. 6 we show more data obtained from the same Sb covered surface as in Fig. 5.
In this case, several small protrusions appear in the lower left corner of the image. The height
of these protrusions is only about 0.5 A. compared with 2.5 A for an Sb terrace, so that we
associate these protrusions with individual Sb adsorbates on the surface. Spectra a and A were
acquired near these acisorbatcs, and c and d were acquired from the clean GaAs surface. The
spectra taken from the clean GaAs display a region of zero conductivity, and in the Sb spectra
we see a large peak within this band gap region. The Sb related spetra from the isolated
adsorbates of Fig. 6 arc very similar to those from the terrace edge seen in Fig. 5. This simi-
larity is consistent with previous indications that the edges of the Sb terraces may themselves
contains regions of individual Sb adsorbatcs (ic one Sb atom per unit cell as opposed to
two).7

In Fig. 7 we show spatially resolved spectra obtained from a Bi covered surface. Spectra
a and b were acquired from regions of the clean GaAs surface, c and d were acquired near the
center of Bi terraces, and e and/were acquired near the edges ofBi terraces. The clean GaAs
spectra display the band gap region of width close to 1.4 eV (although some noise does appear
in those spectra), and the spectra from the center of the Bi terraces display the overlayer gap
of 0.7 eV. At the edge of the terraces the spectra are significantly different from either the
clean GaAs or the center of the terraces, with a large peak appearing near 1.2 V. Relative to
the GaAs gap, this peak is located slightly above the top of the band gap region. Thus, the
energy location of this terrace edge feature is about 0.5 eV higher than the band gap states
seen for Sb, but aside from this shift the nature of the spectrum is quite similar to that seen
for Sb.

2 - 1 0 1 2 - 1 0 1 2 3

SAMTU VOLTAGE M

FIG 7. Normalized conductivity vs voltage, measured on clean GaAs, on a Bi terrace,
and near the edge of a Iti terrace. The spectra were measured at the locations indicated
on the W x '»0 A? image, acquired at - 2.* V. Bi coverage is 0.5 Ml,.



FIG 8. Normalized conductivity vs voltage, measured on clean GaAs and on small Au
clusters. The spectra were measured at the locations indicated on the 100 x 60 A2 image,
acquired at — 2.5 V. Au coverage is 0.25 ML.

In Fig. 8 we show spatially resolved spectra for a surface covered with 0.25 ML of Au.
As discussed above, the Au adsorbates are cither isolated on the surface, or form small clusters
consisting of several Au atoms. Spectra a and b were acquired from Au clusters, and c and d
were acquired from the clean GaAs surface. On the Au clusters we see a band gap state lo-
cated in the upper part of the GaAs band gap. This state is reproducibly observed on prac-
tically all of the small Au clusters or individual adsorbates. Generally, the peak position for
the state is near Hv= I eV , although small shifts to higher energies are sometimes seen (as in
spectrum b). Overall, the spectrum of band gap states seen for the Au adsorbates is quite
similar to that seen for the Sb adsorbates, as well as those seen near the edges of Sb and Bi
terraces.

VI. DISCUSSION

In this section, we discuss the interpretation of our spcctroscopic measurements, and the
connection they may have with the results of other studies. For all of the metals studied here,
we find an electronic state located in the upper part of the band gap, associated with either
isolated adsorbates or terrace edges. From the spectra, it appears that this state originates
from the surface conduction band, being pulled down into the band gap by some interaction
induced by the metal. We have definitively established this conduction band nature of the
band gap states by directly imaging them in real space.10 We find that the band gap states of
the metal adsorbates are composed of a linear combination of Ga dangling bond states, with
the contribution from each bond decaying exponentially with distance from the adsorbate.

The character of the band gap states seen here is analogous to that of donor states within
the bulk of a semiconductor,15 which themselves consist ofa linear combination of conduction
band states. Thus we tentatively identify the band gap states as surface donor states, formed
by a mechanism similar to that of bulk donors in a semiconductor. We propose that the band
gap stales arc formed simply by an electropositive metal ion on the surface producing a donor
state from the surface conduction band, in the same manner that a bulk donor produces a
state from the bulk conduction band. The binding energy of this donor state will be greater
at the surface ili;in in the hulk due to effects such as reduced dielectric screening, increased
effective mass, and two-dimensional localization of the state at the surface.16 We also note
that relaxation of the buckling of the GaAs(l 10) surface may also play a role in formation of
the band gnp states.17 nithouch this mechanism is not a requirement for the existence of the
states.



Photocmission studies of metal adsorbatcs on the CiaAs(110) surface1"" indicate a char-
acteristic donor behavior which is completely consistent with the observations reported here.
At low coverage and low temperature, when clustering is inhibited and isolated adsorbatcs arc
believed to occur on the surface, most metals produce band-bending on y-typc material but
not on n -type material, thereby implying the existence of donor states within the band gap.
Monch has discussed the formation of these states in terms of metal adatoms covalcntJy
bonded to the semiconductor.19 The mechanism we propose for the formation of surface do-
nors is not fundamentally different than that discussed by Monch, but we focus more on the
ionic rather than the covaJcnt nature of the adsorbate bonding to the surface. Defects at the
surface other than the metal adsorbates themselves do not appear to play a significant role in
our results.

VII. CONCLUSIONS

In conclusion, we have performed tunneling spectroscopy on a variety of
metal/GaAs(110) systems, and we find a characterisitic band gap state induced by the metal
adsorbates. This state appears in the upper part of the band gap, and is formed by a linear
combination of conduction-band states. The state exists for individual adsorbates and small
clusters of adsorbates, and is also seen near the edge of large metal terraces. In all of these
cases, the band gap state is the dominant type of disorder related feature in the energy spec-
trum, and thus it determines the position of the Fermi-level at the surface. The significance
of these results to higher metal coverages depends on the details of the bonding and/or the
amount of disorder remaining at the metal/semiconductor interface. For the case of
Au/GaAs(110), some remnant of the band gap state is seen in the spectrum up to 1 ML metal
coverage.10
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STUDY OF THE STRUCTURE AND CHEMISTRY OF POINT, LINE AND
PLANAR IMPERFECTIONS VIA FIELD-ION AND ATOM-PROBE FIELD-ION
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ABSTRACT

We first list, in catalogue form, a number of research subjects which have utilized the field-
ion microscope (FIM) and atom-probe field-ion microscope (APFIM) techniques in their solution.
Then we present the results of a combined transmission electron microscopy (TEM) and APFIM
study of a grain boundary (GB) in a Mo-5.4 at.% Re alloy, which had been annealed in bulk form
for 35 hours at 1273 K to induce Re segregation. A GB with an orientation within =0.4° of S = 9
was studied employing TEM and analyzed in detail using Bollmann's 0-Lattice theory and Frank's
formula. A set of secondary GB dislocations was observed with a spacing of 11.4 nm. The
APFIM measurements - on this same GB - indicate that it has a Re concentration of *9.8 at.%;
this value is 1.75 times greater than the matrix's measured concentration of 5.6±0.9 at.% Re. Thus
this research constitutes direct and quantitative experimental evidence for solute-atom segregation to
a high-angle grain boundary with a relatively high degree of coincidence (*Z = 9) . These results
are consistent with our Monte Carlo simulations of high coincidence twist boundaries and a X = 5
tilt boundary in Pt-1.0 at.% Au alloys which show that solute-atom segregation occurs mainly to
the dislocation cores. The experimental and simulated values of the enhancement factor are
approximately the same.

INTRODUCTION

The field-ion microscope (FIM) allows for the routine observation of individual atoms in
direct lattice space. The FIM is a point-projection microscope and, hence, no lenses are required
for the formation of an image. The entire image is approximately a stereographic projection of the
atoms which reside at the surface of a sharply-pointed tip (*10 to 60 nm in diam). When an FIM is
combined with a time-of-flight mass spectrometer-to form an "atom probe"-it is possible to
determine the mass-to-charge state ratio of individual ions, one at a time. Both instruments were
invented by the late E. W. Miiller [1]. The FIM and the APFIM have been used extensively to
study, for example, precipitation phenomena [2,3], surface diffusion of adatoms [4,5], radiation
damage [6], order-disorder alloys [7] and solute-atom segregation [8 -10].

In this paper we first list, in catalogue form, the applications of the FIM and the APFIM, of
mainly our group, to a number of research topics. And then we discuss in detail a combined
APFIM and classical transmission electron microscope (CTEM) study of Re segregation at a grain
boundary (GB) which is within =0.4° of a 2 = 9 orientation in a Mo-5.4 at.% Re alloy, which had
been annealed in bulk form for 35 hours at 1273 K to induce Re segregation. At 1273 K the solid
solubility of Re in Mo is =27.8 at.% Re. It is shown that the Re concentration at this boundary is
=9.8 at.% which is *1.75 times greater than the measured concentration of 5.6±0.9 at.% Re in the
solid-solution matrix. Thus demonstrating in a direct and quantitative manner that a high-angle
grain boundary with a relatively high degree of coincidence («Z = 9) can exhibit solute-atom
segregation. This result is consistent with our unpublished Monte Carlo simulations of solute-atom
segregation to high coincidence (small Z) twist boundaries and a L = 5 tilt boundary in Pt-1 at.%
Au alloys. This work shows that the solute-atom segregation is mainly to the cores of the
dislocations and that the enhancement factors are in the range -1.5 to 3.5.



A CATALOGUE OF APPLICATIONS OF FIELD-ION AND ATOM-PROBE
FIELD-ION MICROSCOPY

This section lists, in catalogue form, a list of research subjects to which we have applied the
FIM and APFIM techniques. The problems are as follows:

Diffusive properties of self-interstitial atoms (SIAs)
a. Determination of the enthalpy change of migration of SIAs in pure metals, solid-

solution alloys and order-disorder alloys.
b. Measured the pre-exponential factor of the SIA self-diffusion coefficient.
c. Studied the recovery behavior in Stages I, II and III of ion, electron or fast-neutron

irradiated metals, solid-solution alloys or order-disorder alloys.
d. The particular systems are W, W(Re), W(C), Mo, Pt, Pt(Au), Ni Mo or Pt3Co.
e. For details see reference numbers [6,11 - 22].

Volume change of migration of self-interstitial atoms
a. Measured the volume change of migration of SIAs in W, Pt, or Mo in detail.

Experiments were performed on the fully ordered alloys Ni4Mo.
or PuCo but in less detail than for the pure metals.

b. For further details sec reference numbers [6,11,12, 15,21 - 25].

Binding enthalpy of a self-interstitial atom to a solute atom
a. Measured the binding enthalpy of an SIA to a solute atom by determining a

dissociation enthalpy and then calculating the binding enthalpy, as the latter is simply
the dissociation enthalpy minus the enthalpy change of migration. This assumes that
the dissociation requires only a single thermally-activated step. The Pt(Au) system
was studied in great detail and two thermally-activated detrapping stages (IIB and IL )̂
were observed in Stage II.

b. The binary solid-solutions W(Re) and W(C) were also studied but in less detail.
c. For further details see reference numbers [ 11,6,20,21, 22].

Diffusive properties of vacancies
a. Measured ratio of divacancy to monovacancy concentrations for one quench

temperature in pure platinum.
b. From (a) it was possible to determine the Gibbs free energy of binding of a divacancy

for one quench temperature in pure platinum.
c. Measured vacancy concentration in tungsten specimens which had been quenched

from near the melting point
d. The measurements discussed in (a) to (c) are important for the interpretation of the

high-temperature self-diffusion data in terms of point-defect mechanisms.
e. For further details see reference numbers [6,26 - 29].

Diffusive properties of gases in metals
a. Diffusion of ^He or 4Hc in tungsten in the absence of radiation damage.
b. Diffusion of lH in tungsten.
c. For further details see reference numbers [30 - 33].

Range profiles of low-energy implanted gases in metals
a. Range profiles of He or He in tungsten (100 to 1,500 eV singly-charged ions).
b. Range profiles of *H in tungsten.
c. For further details see reference numbers [30 - 33 ].

Point-defect structure of displacement cascades: the primary state of radiation
damage

a. Displacement cascades in ion-irradiated metals [W, Pt, Pt(Au)].
i. Dimensions of displacement cascades (DCs).



ii. Number of vacancies per DC.
iii. Vacancy concentration within individual DCs.
iv. The distribution of first nearest-neighbor vacancy clusters within a DC.
v. The radial distribution function for the vacancies within a DC, out to 9th nearest

neighbor.
b. Effect of projectile mass (Mj) on the vacancy structure of DCs at constant projectile

energy (Ei).
c. Effect of Ej, at constant Mj, on the vacancy structure of DCs.
d. For further details see reference numbers [6, 34 - 45 ].

Distribution of self-interstitial atoms in the primary state of radiation damage
a. The distribution of SIAs was determined in W which had been irradiated at 10 K,

below the Stage I recovery peaks, with 18 keV Au+, 20 keV W + or 30 keV Cr+ ions
along high-index crystallographic directions.

b. From the distribution of SIAs it was possible to place upper limits on the ranges of
focusscd replacement collision sequences in W.

c. For further details see references see reference numbers [34, 38].

Radiation damage profiles-
a. Radiation damage profiles were measured in both W and Pt by determining the

positions of all the vacancies, contained within the DCs, as a function of distance
from the irradiated surfaces.

b. Direct determination of radiation damage profiles in order-disorder alloys. After an
irradiation each specimen was dissected on an atom-by-atom basis and the change in
the Bragg-Williams long-range order parameter was determined, as a function a
of distance from the irradiated surface. This approach was applied in great
detail to Pt3Co, which had been irradiated with 250 to 2,500 eV Ne+ ions, and in less
detail to Ni4Mo.

c. For further details see reference numbers [25,43 - 47].

Sputtering of surfaces
a. The sputtering of a metal surface is the result of the intersection of a DC with the

surface. We compared the vacancy structure of DCs, produced by 30 keV W+, Mo+,
Cr+, Cu+, or Ar+ ions, which were found to have intersected the surface of a W FIM
specimen with those that were found in the bulk of the specimen.

b. For further details see reference numbers [48,49],

Voids in neutron-irradiated metals [Mo, Mo(Ti), Fe(Cu)]
a. Void number density: requires a value of »1022 to 2 3 nr3 to make a determination.
b. Void size distribution: same comment as in (a) is applicable.
c. Direct determination of solute-atom segregation or presence of alloying elements in

voids.
d. For further details see reference numbers [50 - 52].

Radiation-induced precipitation in W(Re) alloys
a. Precipitate number density requires a value of=1022 to 2 3 n r 3 to make a

determination.
- •• b. Precipitate size distribution: same comment as in (a) is applicable.

c. Direct determination of the chemical composition of precipitates.
d. (c) allows one to distinguish between homogeneous or heterogeneous radiation-

induced precipitation.
e. For further details see reference number [53].



Solute-atom segregation to planar interfaces: stacking faults, anti-phase
boundaries or grain boundaries.

a. Determination of the structure of the planar interface by combined CTEM & FIM.
b. Determination of the mean chemical composition of the planar interface.
c. Determination of the spatial distribution of the segregating species at the interface.
d. For further details see reference numbers [10,54 - 57].

SOLUTE-ATOM SEGREGATION AT INTERNAL INTERFACES

The APFIM technique is of great utility in studying the compositions of internal interfaces —
e.g., anti-phase boundaries, stacking faults, grain boundaries (GBs) ~ in solids. The principal
advantages of this technique are: (a) the interface to be analyzed is observed in direct lattice space
with atomic resolution; (b) crystallographic information about the interface can be determined; (c)
the technique for measuring the chemical concentrations is a time-of-flight (TOF) technique and,
therefore, all the elements in the periodic table are detected; (d) the mass of an individual ion is
measured one at a time; (e) the probability for detecting an ion of any mass is nearly 100%; (f) a
mass spectrum of all the ion species is obtained within <«30 |is and, therefore, the pulse repetition
frequency can be reasonably high; (g) the measurement of the concentrations of gaseous species,
e.g., hydrogen, helium, oxygen is straight forward, as the mass resolution (m/Am) required is low
for these light species in a typical matrix ; (h) the correction of the chemical data obtained is only a
geometrical one; (i) the spatial resolution, in depth, for chemical analysis is equal to the interatomic
spacing of the planes along the crystallographic direction in which the specimen is analyzed ~ this
can be less than 0.1 nm; (k) the pulsed field-evaporation technique is used to dissect the interface
on an atom-by-atom basis and in so-doing determine the actual composition of the interface; and (1)
classical transmission electron microscopy (CTEM) can be used to determine the crystal
misorientation and plane of the interface, as well as its dislocation structure, prior to performing an
APFIM analysis on the same specimen.

The disadvantages of the APFIM technique are: (a) it is destructive, as the process of pulsed
field-evaporation ~ which is used to uncover and analyze the interface — removes material from the
specimen; (b) the maximum volume of material which can be analyzed is *10 *2 2 m3 per specimen;
(c) the arcal density of interface (m2/m3) must be extremely high - >109 m2/m3 ~ if one is tofind
an interface in a specimen without jjrejocating it by CTEM; (d) the process of combining the CTEM
and APFIM techniques to locate an interface and then backpolish the specimen so that a specific
interface in a tip is very tedious — however, it does work; (e) since the chemical composition is
determined by determining the mass-to-charge state ratio (m/ne) of ions one at a time the counting
statistics can be a problem for a species which is randomly distributed at a very low concentration
(<!0"4 at.fr.); (0 if the material can not be prepared in the form of a wire then the FIM specimen
must be "hogged" out of a bulk specimen [2]; (g) the specimens can fail mechanically in the
presence of the high electric fields —and their concomitant stress fields— required to perform pulsed
field-evaporation; and (h) the FIM images of solid solution alloys may be irregular [58] and this
makes it difficult to detect the presence of a grain boundary.

Specimen preparation

The general approach we are using to study solute-atom segregation is to draw wire
specimens from alloys, then heat treat them in the bulk form to induce solute-atom segregation, and
finally prepare an FIM specimen by electropolishing, electroetching or ion-beam milling, or a
combination of these processes. The research reported on in this paper was performed on a Mo -
5.4 at.% Re alloy in the form of a wire (»200 urn diam ) which was first rccrystallized at 1,773 K
for one hour. It was then heat treated at 1,273 K for 35 hours to induce solute-atom segregation;



the calculated root-mean squared diffusion distance for this treatment is * 20 nm.
The specific approach used involves electrolytically backpolishing to a GB employing a

versatile system for systematically preparing APFIM specimens for the study of internal interfaces
[59], This system incorporates ac electroetching and dc elcctropolishing in both automated and
manual modes. The ac waveforms available are sine or triangular (0.002 Hz to 2.1 MHz) or square
(10 Hz to 100 kHz) in either the one shot or continuous wave modes. Triggering and gating are
accomplished manually or with a pulse generator. The dc electropolishing mode produces pulses
with widths in the ranee 0.5 us to 500 s. The power supplv provides 0 to ±48 Vac or Vdc at 1 A.

The Mo-5.4 at.9£ Re alloy wire specimen was first efectropolished to a sharply-pointed tip at
=6 to 9 Vdc in an =» 0.013 vol.% solution of sulfuric acid in methanol. The specimen was then
systematically electroetched at frequencies up to 20 kHz at a voltage of =8 Vac in the following
solution: 15 ml distilled water, 2 g potassium sulphite and =0.5 % hydroquinone [60].

The APFIM specimen is examined utilizing a radically modified double-tilt stage [59] for an
Hitachi H-700H 200 kV TEM; this stage is vibrarionless at a magnification of 310,000x. It has a
tilting range of ±30° for the x-tilt and*±27° for the y-tilt; this range is sufficient to allow us to
analyze a GB in some detail. This double-tilt stage and TEM are used to examine APFIM
specimens during the course of a backpolishing treatment to place a GB in a tip. Our approach has
built on the pioneering work of Loberg and Nord^n [60, 61].

Figure 1 shows a backpolishing sequence of a Mo-5.4 at.% Rewire specimen. Note that the
total period of electroetching is "very shon between observations by CTEM, once the GB is close to
the tip. The final electroetching treatment was only 0.05 ms — one period at 20 kHz.

0.55 ms

0ms 0.3ms 0.5 ms

Fig 1: A backpolishing
sequence of a Mo-5.4 at.% Re
specimen. The left hand TEM
micrograph is arbitrarily labeled
zero time. The times in ms be-
low the other micrographs indi-
cate the total time electroetched
with respect to the left-hand
micrograph. Note that as metal
is removed the grain boundary
moves closer to the tip region.
Also note that the linear mag-
nification of the two right hand
micrographs is a factor of two
greater than the magnifications
of the two left hand micro-
graphs.

Chemical analysis of an interface

Figure 2 illustrates the principles of the chemical analysis of an interface; N.B., this figure is
not to scale -- it is highly schematic. A GB is shown intersecting a plane, i.e., a high-index pole;
an atomic step is produced at the points where the GB intersects the surface [Fig. 2(a)]. In Fig.
2(a) the GB is aligned so that the plane of the GB is centered symmetrically within the projection of
the probe hole on the surface of the specimen [ Fig. 2(b)]. And also so that the axis of the cylinder
of alloy chemically analyzed passes through the center of the probe hole [Fig 2(b)]. In the
arrangement just described the mean composition of the cylinder of alloy is determined, as well as
the mean composition of each plane that is perpendicular to the axis of the cylinder. For this case
there is a simple geometric correction to the measured composition of the interface, due to the fact
that the matrix contributes solute atoms as well as the interface [56]. The magnitude of this
correction depends on the projected aiea of the probe hole and the actual solute concentrations of
the interface and the matrix [56]. The diameter of the cylinder analyzed is typically 1 to 5 nm;



smaller diameters can be used but the price is an increase, of course, in the time necessary to collect
the data, otherwise the statistical uncertainty in the mean concentration increases. This geometry is
also useful for obtaining information about the spatial distribution of solute atoms within the plane
of the interface, as a function of depth from the surface of the FIM specimen [56].

Figure 2(c) is an arrangement which is used to obtain information about the width (rj) of the
concentration profile normal to the interface. To perform this experiment the interface is placed as
close as possible to the edge of the probe hole-typically X is only a few tenths of a nm. The
projection of the probe hole on the surface of the specimen is shown in Fig. 2(d).

Figure 3 shows how the Chevron detector "sees" the two situations illustrated in Fig. 2. In
both halves of this figure the concentration profile is projected onto the detector. The concentration
profile obtained in both cases is a so-called integral profile-see Experimental Results section. The
quantity <cs> is the mean concentration of solute in the matrix, <csgb>* is the maximum

Fig. 2: (a) & (b) Schematic diagrams
illustrating the basic ideas involved in
analyzing a grain boundary (GB) by the
atom-probe FIM technique. The GB is
placed at the center of the projection of the
probe hole on the surface of the FIM tip.
And the axis of the APFIM's flight tube
passes through the center of the probe hole
and the plane of the GB. (c) & (d) The
plane of the GB is placed at a distance X
away from the edge of the probe hole; X is
made as small as possible. The diameter of
the cylinder of alloy analyzed is typically ~1
to 3 nm. This drawing is not to scale. The
Chevron detector is =2,200 mm from the
surface of the tip and the image intensifi-
cation system is at a distance of *40 mm.
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Fig. 3: A schematic diagram
showing the relationship
between the solute concentration
profile associated with a grain
boundary and the probe hole.
This is a "bird's eye" view
of what the Chevron detector
"sees". The detector measures
the average value of the concen-
tration profile integrated over the
area of the probe hole, (a) This
is the situation corresponding to
Figs. 2(a) & (b). (b) This is
the situation corresponding to
Figs. 2(c) & (d). The text and
reference [56] explain this
figure in greater detail.



concentration of solute at the interface, TJ is the half-width of the linear distribution measured at the
point where the concentration at the interface becomes equal to <cs>, and D a is the projected
diameter of the probe hole. The arrangement in Fig. 3(a) corresponds to the situation described in
Figs. 2 (a) & (b), while Fig. 3(b) is for the situation in Figs. 2(c) & (d).

It has been shown [56] that the value of <cs§
b>* is given by the approximate

equation1:

(1)

where <CS§^>JJ is the uncorrected mean value of the GB concentration; i.e., the measured value.
In deriving this equation it is assumed that a linear approximation to the concentration profile
normal to the interface gives a reasonable physical description of the situation; this assumption
yields integrals with closed-form solutions and, therefore, a closed-form solution for Eqn. (1). In
reality the concentration profile normal to the interface has a ladder-like character, as the
composition of each plane that is parallel to the interface decreases until the value in a given plane
reaches the concentration value of the matrix -- <cs>. Equation (1) contains two unknown
quantities — the values of <cs§b>* and rj — which can be determined by performing the two
measurements illustrated in Fig. 2; it is assumed that the value of D a can be aetermineeffrom the
FIM images [56]. It is also possible to determine a concentration profile of an interface if the
geometry can be arranged such that the plane of the interface is perpendicular to the axis of the FIM
specimen; for this case the researcher wants to work at as a low magnification as possible in order
to maximize the area of interface which is analyzed, as this geometry implies that one can only
record one measurement of the composition of the interface [10]. An analogous equation has been
derived to determine the compositions of local concentration fluctuations ~ from integral profiles ~
within the plane of the interface [56].

EXPERIMENTAL RESULTS

Transmission electron diffraction analysis of a grain boundary

Figure 4 exhibits a sequence of four electron diffraction patterns which were used to
determine the misorientation of the GB displayed in Fig. 1. The quantities Gl and G2 refer to the
two grains which are contiguous with the GB. The letter B denotes the direction of the incident
electron beam for the different diffraction patterns. Each grain was tilted to two low-index poles —
i.e., the 100 and 113 poles — until the diffracted intensities were symmetric with respect to the 000
spot. Operationally this consisted of first obtaining a diffraction pattern (a) for Gl and then tilting
25.4° so B = [3,1,1] — see diffraction pattern (b). The same basic procedure was repeated for G2
-- see diffraction patterns (c) and (d) - except in this case the direction of tilt was in the opposite
sense; note the different signs of B. The well-known 180° ambiguity was removed by recording
the direction of motion of the Kikuchi lines when tilting from one pole to another. The
misorientation (6) of Gl with respect to G2 is »38.5° clockwise about the *(l/V2)[0,-l, 1] axis
(c); the latter is also the axis of the wire APFIM specimen. This result was verified by analyzing
the FIM images. The GB normal was determined from the trace of the GB, and the orientation of
the trace from a selected area diffraction pattern. From this analysis the GB unit normal (n j) is

(1/3V2[4, - 1 , l ] j with respect to Gl. In summary, the GB plane is «(4.-1.1) and thej
misorientation is 8 * 38.5°c1ockwise about the c * n/vfcWO.-i. 11. direction.

1The exact expression is given in reference [56].



Transmission electron micn>«.cnne and 0«T,office analyses of a grain boundary

Figure 5 exhibits the GB whose interface plane and misorientation we determined. The
projected distance between the dislocations in this image is *11.0 nm and the actual distance is
=11.4 nm.2 For ihe body-centered cubic latrice the measured values of c and 9 are very close --

G1 — B - n c > 0 ] G 2 M l Mini R g 4 . A i e q u c n c e Q f f o u r

selected area diffraction patterns
which were used to determine
the misorientation of the GB dis-
played in Fig. 1; see Fig. 5 for
a blowup of the GB. The quan-
tities Gl and G2 denote the two
grains which are contiguous
with the grain boundary. The
letter B denotes the direction of
of the incident electron beam.
The diagrams below the diffrac-
tion patterns indicate the pro-
cedure.

[011]

t i l t
direction

PROJECTED
WIDTH

11 nm

E

Figure 5: This is the same GB which is
displayed in Fig. 1; i.e., the micrograph
labeled 0.3 ms. Note the presence of the
secondary grain boundary dislocations
(SGBDs) which have a projected separation
of *11 nm. This GB was analyzed
employing the selected area diffraction
patterns exhibited in Fig.4. The APFIM
was also used to chemically analyze
this same GB - see Figs. 6 and 7.

^To make certain that the observed line contrast effects are due to dislocations and that they are not Moir6 fringes,
we changed the diffraction conditions by tilting ihc specimen and noting that the image persisted even though the
projected spacing between the lines changed [63,64]. If one changes the diffraction condiuons then it is expected
that the Moird pattern should change, ;i v for example, shown in Fig. 2 of reference [64].



within =0.4 of the exact 8 value - to the 2 = 9 coincidence site lattice (CSL) orientation; the exact
CSL orientation is 8 = 38.94° for 2 = 9 [62]. This GB is a mixed tilt-twist boundary. Since the
angle between c, and n j is 109.47° it is mainly a tilt boundary with a twist component.

The spacing between the primary grain boundary dislocations (PGBDs) was calculated using
Bollmann's O-Lattice theory3. The central equation of Bollmann's theory [62] is:

X j - d - A " 1 ) ' 1 ^ ; (2)

where the Xj's are 0-Lattice vectors, I is an identity matrix, A is an affine transformation matrix,
and the bj's are the Burgers vectors of the PGBDs. Specifically for our case A is a rotation matrix
R for the 2 = 9 boundary and it is given by4:

R=(V9)
7 4 4
4 8 - 1
4 T 8

(3)

Taking the b;'s to be lattice vectors of the body-centered cubic lattice which are perpendicular to the
tilt axis (l/V2)[0,-l,l] - i.e., the two b's are b j = (a/2)[-l,l,l] and b 2 = (a/2)[l,l,l] -- we
calculated the O-Lattice vectors Xj and X2 in the (110) plane using Eqn. (2). The next step
involves projecting the calculated 0-Latti.ee vectors X. and Xy o n t o ^ e (4,-1 A) plane according to
the equation:

X1. = X + [X.x(nxc)]/ (n-c). (4)
1 i 1

Equation (4) is for the special case where the 0-Lattice vectors are perpendicular to the rotation
vector c. The projections of the 0-Lattice vectors in Eqn. (4) are used to calculate the spacings
between the PGBDs (d and d j in the (4,-1,1) plane from the following equations:

1 **

d = IX1 xX1 l/ IX1 I and d = IX' xX' l/ IX1 I (5)

The value of a is 0.315 nm and this implies for the above bj's that the values of dj and ^ a r c

0.399 and 0.604 nm, respectively, for the PGBDs. It is impossible to observe these spacings
employing a conventional TEM and, therefore, the dislocations in the TEM micrograph in Fig. 5
must be secondary (S) GBDs.

Since this GB is near 2 = 9 the Burgers vectors of the SGBDs are the vectors of the
displacement shift complete (DSC) lattice for 2 = 9; these vectors are b s i= (a/18)[l,7,-l 1], bso =
(a/18)[3, 3,3], and bs3 = (a/18)[-5,l,l] -- [67]. Frank's classic formula [68] for the inverse of the
dislocation spacing (p.) between SGBDs is:

p. = lnx(bS*ixc)l!A6l; (6)

^Bollmann's O-Lattice theory is only valid for symmorphic structures with one atom per primitive unit cell [65].
4This is the rotation matrix for a E = 9 boundary in a primitive cubic lattice ~ the same matrix obtains for the £
= 9 boundary in the body-centered cubic lattice [66],



where p. is the inverse of the SGBD spacing, b j are the reciprocal SGBD Burgers vectors5,
and A9 is the deviation (in radians) from the exact CSL orientation -- i.e., from the E = 9
orientation in this case. From Eqn. (6) the two possible SGBD d^'s are dj = 29.2 nm and d^=
14.6 nm corresponding to bS2 and b s^, respectively. Hence, our experimental observations are
approximately consistent with a SGBD with the SGBD Burgers vector b ^ .

The above analysis of the SGBD spacings constitutes an approximate treatment of the
data. A more detailed analysis is in progress and will be published elsewhere. The principal point
from the present analysis is that the observed dislocations must be SGBDs.

Atom-probe field-ion microscope analysis of the grain boundary

Figure 6 is an integral profile with the GB placed at the periphery of the probe hole (i.e., at
the distance X which is = a few-tenths of a nm), as illustrated in Figs. 2(c) &2(d) & 3(b). This
type of profile represents a plot of the cumulative number of Re atoms, on the ordinate scale,
versus the cumulative number of Mo plus Re atoms, on the absicca scale. The smallest vertical or
horizontal displacement represents one atom. A straight line is drawn from the origin through the
last data point and this slope is taken to be equal to the mean concentration of the solute - Re in this
case. The local fluctuations about this mean represent random solid-state fluctuations which are
due to the size of the sample [56]. For the data presented in Fig. 6 the Re concentration is 5.6 ±
0.9 at.% (the uncertainty is one standard deviation) and this is in good agreement with the nominal
concentration of 5.4 at.% Re. Therefore, the value 5.6 at.% is set equal to <cs>, as this value -
when compared with the nominal Re concentration — indicates that, indeed, the width of
concentration profile must be very narrow. Figure 7 is an integral profile for a portion of the GB
presented in the TEM micrograph exhibited in Fig. 5; the presentation of the data is exactly the
same as in Fig. 6. The mean slope of this integral profile is 7.1 ± 0.8 at.% and this value
represents the quantity <c£bRe>u in Eqn. (1). Thus the uncorrected Re concentration of the GB is
=*1.27 times or 27% greater than the Re concentration of the matrix — this value represents the
minimum enhancement.

80

< 56
S

Re INTEGRAL PROFILE FROM GB
IN A Mo -5 * AT% Re ALLOY

1^08 AT% Re

HO 360 «80 600 720 840 960 1080 1200

CUMULATIVE NUMBER OF Mo PLUS Re ATOMS

Fig. 6: A Re integral profile for
the situation described in Figs.
2(c) & (d) and Fig. 3(b). This is
the case where the GB is placed
just on the periphery of the
probe hole. This specimen had
been rccrystallized for 1 hr at
1773 K and then annealed for
35hrat l273K. The profile
was recorded at a specimen
temperature of 45 K and a pulse
fraction (f) of 0.1; f is the ratio
of the pulse voltage to the steady
state dc voltage on the specimen.

5The reciprocal lattice vectors are defined in the standard manner; i.e., bs*] , etc..



80

< 5C

Re INTEGRAL PROFILE FROM GB
IN A Mo S 4 AT% Re ALLOY

> - 7 1:0 8 AT% Re

"20 2-0 360 <80 600 720 640 960 1080 1200

CUMULATIVE NUMBER OF Mo PLUS Re ATOMS

Fig. 7: The Re integral profile
for the same GB as exhibited in
Fig. 6. This profile was record-
ed with the GB in the center of
the probe hole: sec Figs. 2(a) &
(b) and Fig.3(a). The profile
was recorded at a specimen
temperature of 45 K and
a pulse fraction (f) of 0.1; f is
the ratio of the pulse voltage to
the steady state dc voltage.

The uncorrected concentration of the GB is corrected for the matrix's contribution employing
Eqn. (1). The value of D a was measured from the FIM images and it is equal to 3a (0.9438 nm).
Therefore, the only quantity to be specified in Eqn. (1) is T|. We have taken TI to be equal to
magnitude of the Burgers vector of the PGBDs — aV3/2 -- which, as we have shown using
Bollmann's 0-Lattice theory, are spaced very closely. Thus the GB is taken to be a slab of
thickness 2r| = aV3 with the solute atoms residing in the cores of the PGBDs and with a linear
concentration profile as shown in Fig. 3(b); there may also be solute atoms in the cores of the
SGBDs but they are more widely spaced than the PGBDs and they have smaller Burgers vectors.
This is a reasonable physical assumption, as a Monte Carlo simulation of solute-atom segregation —
employing embedded-atom potentials ~ to a dissociated edge dislocation in a Ni-10 at.% Cu alloy
demonstrates that most of the segregating Cu atoms reside in the cores of the partial dislocations
bounding the stacking fault that separates them and with the maximum solute-atom concentration at
the center of the cores [69]. We have also shown for a Pt-1 at.% Au alloy — employing Monte
Carlo simulations and embedded atom potentials [70] ~ that for twist boundaries the Au atoms
segregate mainly to the cores of the PGBDs; also preliminary simulations of Au atom segregation to
a Z = 5 tilt boundary indicates a similar result [71]. Employing Tj = aV3/2 we obtain a value of
<csgb>* equal to =9.8 at.% Re which implies an enhancement factor of 1.75 with respect to <cs>.
This enhancement factor is similar to the values obtained from the Monte Carlo simulations for high
coincidence (low Z) boundaries [70,71].

SUMMARY AND DISCUSSION

The detailed results presented on a GB in a Mo-5.4 at.% Re alloy demonstrate a number of
important points.

First, they show that it is possible to electrolytically backpolish a specimen - in a highly
controlled manner -- to a specific GB in an APFIM specimen and to also analyze it using classical
TEM techniques. The plane of the GB is «(4,-l,l) and the misorientation is 9 » 38.5° clockwise



about the Cj » (l/V2)[0,-l,l]| direction; the subscript 1 implies that this is the misorientation of
grain 1 (Gl) with respect to G2 about a cj-axis in Gl. This GB has a mixed tilt-twist character
and the measured value of 8 is within =0.4° of the £ = 9 coincidence lattice site (CSL) orientation;
this CSL corresponds to 38.94° rotation about the [0,-1,1] direction. An analysis of the GB based
on Bollmann's O-Lattice theory and Frank's formula demonstrates that the set of parallel
dislocations observed — with a spacing of =11.4 nm — arc secondary grain boundary dislocations
(SGBDs).

Second, the same GB was subsequently analyzed by the APFIM technique and it was
demonstrated that the annealing treatment employed induces segregation of Re to this GB; the heat
treatment consisted of first recrystallizing the specimen, in bulk form, at 1773 K for one hour,
followed by an anneal of 35 hours at 1273 K; the calculated root-mean squared diffusion distance
for the latter anneal is =20 nm. At this temperature the solid solubility of Re in Mo is =27.8 at.%
Re; i.e., the composition is well within a single phase region ~ see Fig. 8. The concentration of Re
at this GB was directly determined to be =9.8 at.% Re. This implies an enhancement factor of 1.75
with respect to the matrix's concentration of 5.6±0.9 at.% Re which was measured with the edge
of the probe hole at a distance of a few-tenths of a nm away from the GB.

Third, the experimental results show that solute-atom segregation can occur to a GB which is
near to a high coincidence orientation ~ 2 = 9 in this case. It is emphasized that the Mo-Re phase
diagram exhibits extensive solid solubility - see Fig. 8 - and yet the GB we studied experienced
an appreciable solute-atom enrichment. And this demonstrates that the structure of the interface
plays a role in determining the enhancement factor for solute segregation.

The correlation of measured GB enhancement factors with the atomic solid solubility [72] ~
i.e., the lower the solid solubility the greater is the enhancement factor - is an interesting one but it
does not explain the effect of GB structure on segregation. Also this correlation [72] is for
segregating species which embrittle the grain boundaries studied; this is necessary as the
enrichment was studied by fracturing the specimens in situ and detecting the segregating species via
Auger electron spectroscopy.

Fourth, our measurements are in qualitative agreement with our unpublished results on Monte
Carlo simulations of solute-atom segregation to high-coincidence (low Z values) twist boundaries
and Z = 5 tilt boundary in a Pt-1.0 at.% Au alloy. The simulations show that the segregating
atoms are highly localized at the dislocation cores and that the enhancement factors are *1.5 to 3.5
for the high coincidence boundaries.

Weight Percent Rhenium
0 10 SO X 40 SO 60 70 K>

o
Mo

30 40 50 «O 70
Atomic Percent Rhenium Re

Fig. 8: The molybdenum -
rhenium phase diagram. The
Mo-5.4 at.% Re alloy we
studied was in a single phase
region for both the rccrystall-
ization treatment (1,773 K)
and the annealing treatment
used to induce Re segregation
(1,273 K).
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STRUCTURAL AND CHEMICAL IMAGING OF SUPERCONDUCTORS
AND SEMICONDUCTORS BY HIGH-RESOLUTION STEM

S. J. PENNYCOOK
Solid State Division, Oak Ridge National Laboratory, P. O. Box 2003, Oak Ridge, TN 37831-6024

ABSTRACT

In this paper a new method for high-resolution imaging of a crystal lattice is presented,
based on high-angle electron scattering in a scanning transmission electron microscope (STEM). An
electron probe of atomic dimensions is scanned over the sample and the electron flux scattered
through large angles measured by an annular detector and used to form an image. The detector
integrates over a large range of angles and therefore replaces the coherent phase contrast of
conventional high resolution TEM with the strong atomic number or Z-contrast characteristic of
high angle Rutherford scattering. These characteristics make the image entirely complementary
to the conventional image, ideal for studying the atomic structure and chemistry of defects and
interfaces. Examples of the high Tc superconductors, epitaxial Ge on Si, and Sii.xGex/Si strained
layer superlattices are shown, and a simple approximate method of image simulation is presented.

INTRODUCTION

In the forty years or so since Scherzer introduced the basic concepts of conventional high
resolution electron microscopy [1] the instruments and techniques have developed continuously to
the currently attainable resolution limits of below 2 A. The conventional method recombines the
diffracted beams emerging from the crystal to reconstruct an image of the specimen with a contrast
determined by the relative phases of the various diffracted beams. Although an extremely
powerful technique, the image contrast depends very strongly on both sample thickness and
objective lens defocus so that image interpretation is often complex, requiring extensive image
simulation. Contrast between structurally similar materials such as the various semiconductors is
often weak, making it difficult to determine interface location and sharpness, and contrast at an
amorphous crystalline interface is confused by the random phase contrast of the amorphous
material.

In such cases these problems can be overcome by a complementary technique for the incoherent
imaging of a crystal lattice. A high angle annular detector in a high resolution STEM integrates
and removes the phase contrast from the image, replacing it with the simple Z-dependent cross
section of high angle elastic scattering, while the lattice is resolved through the use of a fine
incident electron probe. At low resolutions, the high angle detector has been used with considerable
success to image small catalyst particles [2,3], and to directly image dopant distributions in Si [4,5],
whera the incoherent nature of the image allowed the study of dopant segregation and
precipitation effects during the amorphous to crystalline phase transformation [6J. Using a VG
Microscopes' HB501 STEM, equipped with an ultrahigh resolution pole piece, it has been possible
to simultaneously resolve the lattice while retaining the imaging characteristics of high-angle
scattering, thereby achieving a new technique for studying the atomic scale structure and chemistry
of materials which promises to be of great value.

HIGH Tc SUPERCONDUCTORS

These materials are obvious candidates for Z-contrast STEM imaging since the '123' materials
consist of heavy metal layers almost 4 A apart. Initial results from YBa2Cu3C7.x and the rare-
earth substituted ErBa2Cu3O7-x single crystals have been reported previously [7] and are
summarized in Fig. 1. This shows the two materials viewed parallel to the c planes, the darkest
lines in each image corresponding to the Cul planes in the tripled perovskite cell. The three bright
lines between correspond to the three metal containing planes, the intensity of the Y <Z*39) or Er
(Z=68) plane relative to the two adjacent Ba (Z*56) planes correlating directly with their
relative Z. This is shown in the calculated intensity traces below each image. In the absence of
electron channeling effects, the Z-contrast image would be given simply by a convolution of the



probe profile with the projected scattering power of the material. These line traces were obtained
using the screened cross section expression of Flcischmann IS], which better fits experimental
measurements of electron scattering at high angles |5J than those of Doyle and Tumcr (based on the
Born approximation) |9] which are normally employed in electron microscopy, and convoluting with
a Gaussian probe of 2.4 A diameter at I /e intensity. Since this approximation is comparable to the
phase grating approximation of phase contrast imaging, it is somewhat surprising at first sight
that it holds to thicknesses approximately an order of magnitude greater. This point is discussed in
the next section. The sensitivity of the image to objective lens defocus is much smaller than in
phase contrast imaging, since it serves essentially only to focus the probe onto the sample. The
images are remarkably insensitive to defocus, blurring so that the Ba planes dominate the images,
but not showing any contrast reversals. Similarly, the sensitivity to sample thickness is greatly
reduced compared to phase-contrast imaging since the signal is formed from the high-angle electron
scattering integrated through the sample thickness.

I
I

fI
Fig. 1. Z-contrast
STEM images of (a)
YBa2Cu3O7.xand(b)
ErBajCusO^jc taken
parallel to the c layer
planes with calculated
intensity profiles across
the unit cells assuming
no channeling effects
(semiangles a - 6 mrad,
P~ 50-150 mrad).

These imaging characteristics, coupled with the highly localized nature of the image
determined by the physics of high-angle elastic scattering, can be highly advantageous for defect
analysis. Figure 2 shows a planar defect in the YBa2Cu3O7.x single crystal, which is unambiguously
seen to lie between the Ba planes in the structure, and in the upper part of the figure it can be seen to
expand these planes a distance of c/6. The dark contrast indicates atoms higher than Y and so the
likely defect structure immediately suggested by the image is an additional G1O2 layer inserted
between the Ba planes. This structure has been also proposed by conventional phase contrast
imaging [10], using a higher voltage electron microscope and image simulation, and is also the basic
structure of the '248' phase [11].

Figure 3 shows a rather noisy image of a region close to the substrate of an epitaxial
HoBa2Cu3O7.x film deposited by laser ablation onto SrTiC>3 [12J. These films always showed a
narrow region of c l material at the substrate interface which in many cases turned into *1 material
after a few nm or so. Many small regions of the three variants exist at this transition region, which
Is imaged here. From left to right across the image where the substrate interface is vertical off the
figure to the left, we see a l (or b l ) material, then c l material, then a± material again. The first
ten layers of the c l variant farrowed (a)J show contrast similar to that for Y123, not Erl23 as
expected since Ho is the neighboring rare earth to Er. The remaining two unit cells (b)before the
material returns to a l do show the expected contrast. This is clear evidence that although
structurally sharp, the interface with the substrate is chemically diffuse, lighter atoms from the
substrate being incorporated into the 123 structure, substituting for the Ho. This will be checked by
high-resolution x-ray fluorescence when the x-ray detector is operational.



Fig. 2. Planar defect in Y123 identified as a single
interstitial CuO2 layer between the Ba planes.

IMAGE SIMULATION

Fig. 3 Region of epitaxial HoBa2Cu3O7.x
film near SrTiO3 substrate showing Z
contrast inconsistent with HoBa2Cu3C>7-x

at (a) but the expected contrast at (b).

It is clearly desirable to be able to simulate Z-contrast STEM images, including all dynamical
diffraction effects. The image represents the electron intensity at the atom sites weighted by the
Fleischmann cross-sections and integrated through the sample thickness, and could be calculated by
a modification of a standard multi-slice program. Existing STEM image calculations, however,
require one multislice calculation for each point in the image which requires very large amounts of
computer time [13,14].

Experimentally, the angular dependence of the thickness integrated electron intensity at the
atom sites can be assessed simply by observing the selected area diffraction pattern on the high-
angle detector. The resulting channeling effect map of a monatomic lattice such as Si shows a
reasonably uniform high intensity for incident angles 9 < 8 B showing that the electrons are
propagating predominantly along the atomic planes or strings [15]. For the YBa2Cu3O7-x lattice,
the Ba planes will dominate the scattering and again the channeling effect map shows a
reasonably uniform intensity for 8<8B, where now 9 B / 3 is the Bragg angle for the 001 reflection
corresponding to scattering off the tripled perovskite unit cell. For Z-contrast imaging we use these
channeling effects to enhance the contrast, ensuring that the incident semiangle O<8B and, in fact,
the image can be thought of as a spatial channeling effect map weighted by the Fleischmann
scattering factors. For OL>6B we have observed a reverse contrast since most electrons are then
propagating between the heavy atomic planes [16]. These observations suggest that as a first
approach to Z-contrast image simulation we can ignore the angular variation. The high-angle
scattering can be treated as a small contribution to the imaginary part of the crystal potential
i(V'(r) + V ' H A M ) where V (r) is the potential causing the usual absorption effects in dynamical
diffraction and V H A W

 )S a much smaller contribution due to the scattering at high angles. The
intensity at high angles will be given by V H A W I *Wr) 12, as has been done for calculating x-ray
production [17]. Here we assume that the interaction occurs with a delta function at the atomic sites
and simply evaluate W(r)\2 for each atom site and weight by the Fleischmann cross sections.
Then, at a depth z in the crystal, the electron intensity for a small probe incident at a position
Xp,yp is given in the usual Bloch wave formulation as
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where a and b are the unit cell dimensions in the x and y directions and 80 is the objective semiangle.
For Co and Cg independent of angle, the probe function can be separated to give

(2)

where F( A _) denotes the Fourier transform of the probe amplitude in real space. Then the Z-
contrast image IHA is given by a convolution of the probe intensity profile Ip with the thickness
integrated electron flux I evaluated at the n projected atom sites xn, yn and weighted by the
Fleischmann cross sections Offo):

(3)

where

j 8
dz (4)

In the Bloch wave formulation, the thickness integration can be done analytically. Figure 4(a)
shows plots of I(x) across the unit cell of YBa2Cu3O7-x in the c direction, calculated using 31 beams
and a complex lattice potential with V*(r) » .05 V(r) to include electron absorption effects. At a
thickness of 60 A, although channeling effects are significant, the ratio of the flux on the Y planes
to that of the 6a planes is still dose to unity, and this is the reason that channeling effects could be
ignored with good agreement with the experimental image (Fig. 1). Figure 4(b) shows the image
calculated for Gaussian probes of 2.0,2.5, and 3.0 A width at 1/e intensity. By a thickness of 200 A
the flux along the Y plane has significantly reduced, and this plane is not expected to be visible in
the image, but by 500 A the flux has returned and should be detectable again. Figure 5 shows
experimental images at three thicknesses estimated from thickness fringes and annular detector
intensity measurements in nonchanneling orientations, which show the Y plane becoming invisible
at t 3 270 A but returning again at t * 400 A, although the image is rather noisy.

It does, therefore, seem possible to at least qualitatively simulate the Z-contrast images
without the expenditure of vast amounts of computer time. The thickness dependence of the image
is very much less than in phase contrast imaging, and for the ErBa2Cu3C>7.x material calculations
indicate that there is no thickness where the Er plane does not show greater intensity than the
neighboring Ba planes. We therefore appear to be justified in interpreting Fig. 3 as showing
chemical changes in epitaxially deposited films close to the substrate interface.

SEMICONDUCTORS

The theoretical resolution limit of an incoherent imaging mode is given by 0.44 C$
1/4X.3/4- For

the ultrahigh resolution polepiece in our VG Microscopes' HB501 STEM, the spherical aberration
coefficient C$ * 1.3 mm giving at 100 keV a resolution limit of 2.2 A. Profiles obtained from single

uranium atoms supported on a thin carbon film show that this probe size (full width half
maximum) is indeed achieved in practice [16], and suggested that the semiconductor lattices could
be resolved in <110> orientation.



t(A)

60

200

500

1il II
i.

»

Rg. 4. Electron intensity profiles (a) and simulated
image profiles (b) across the unit cell of YBa2Cu3O7.x
including channeling effects but ignoring the angular
dependence.

Fig. 5. Experimental images of
YBa2Cu3O7.x at thicknesses of (a)
4 nm, (b) 27 nm, and (c) 40 ran showing
the Y plane fading and then returning
as predicted in Fig. 4.

Figure 6 shows a thin epitaxial layer of Ge on Si produced by oxidation of Ge-impianted Si
118]. In the conventional phase contrast image (taken on a JEOL 20DCX) the layer is
indistinguishable from the substrate, but in the STEM Z-contrast image it shows with very strong
contrast, while the atomic columns in each lattice are also clearly resolved. The interface can be
located to within a monolayer and is seen to be chemically sharp on the atomic scale. The expected
interface width is D/V, where D is the diffusion coefficient for Ge in Si and V is the velocity of the
interface, denned by the oxidation rate. For 90DlC oxidation using a tracer diffusion coefficient the
predicted interface width is 0.01 A, indicating that an atomically abrupt interface is expected even
if Ge diffusion is significantly enhanced by the oxidation process.

Fig. 6. Comparison of
conventional phase
contrast TEM with Z-
contrast STEM imaging
of Ge epitaxial layer on
Si grown by oxidation
showing atomically
sharp interface.



Figure 7 shews a Z-conirast image of one interface in a multilayer Sii-xGex/Si strained layer
supcrlattice, with \ = 0.??, which was grown by MBE at a subi-traie iemperature of 500'C 119]. Here
the interface is clearly less planar and more chemically diffuse than in the oxidized sample.
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Fig. 7. Z-contrast STEM
image of one inteface in a
Si.6iGe.39/Si strained
layer superlattice grown by
MBE showing chemically
diffuse interface.

CONCLUSIONS

Using a high-resolution STEM and a high-angle annular detector it is possible to
simultaneously resolve a crystal lattice while retaining the strong Z-contrast characteristic of
high-angle electron scattering. The image is complementary to conventional phase contrast
imaging showing less sensitivity to sample thickness and objective lens defocus, which greatly
simplifies image interpretation. A simple approach to image simulation appears promising.
Images showing atomic resolution chemical information have been obtained from both
superconductor and semiconductor materials.
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APPLICATION OF A POSITION SENSITIVE ATOM PROBE TO THE ANALYSIS OF
THE CHEMISTRY AND MORPHOLOGY OF MULTI-QUANTUM WELL INTERFACES.

ALFRED CEREZO, J.ALEX LIDDLE, CHRIS R.M.GROVENOR, ANDREW G. NORMAN
AND GEORGE D.W.SMITH
Department of Metallurgy and Science of Materials, Oxford
University, Parks Road, Oxford, 0X1 3PH, UK.

ABSTRACT

A position sensitive detector has been added to the Oxford
atom probe facility, allowing the microchemistry of field ion
specimens to be analysed with excellent chemical specificity and a
lateral and depth resolution of better than 0.5nm. This paper
presents some recent results obtained with this equipment on the
chemistry and morphology of interfaces in multi-quantum well
samples, illustrating the power of the technique in obtaining very
detailed information on microstructural features with dimensions
less than lnro.

INTRODUCTION

It is important to be able to analyse the microstructure of
low dimensional semiconductor materials in as much detail as
possible because it is believed that features like interface
roughness and chemical diffuseness control for instance the
optoelectronic properties of multi-quantum well samples [1].
The analysis of the chemical abruptness and morphological
smoothness of interfaces in multi-quantum well structures is
extremely difficult because chemical analysis with subnanometer
resolution is required if interfaces between the wells and the
buffer layers are to be investigated in any detail. Conventional
microanalysis techniques like SIMS or analytical transmission
electron microscopy have been used with only limited success to
study interfacial chemistry because the individual layers are
often only 5-10nm thick, and because of ion beam surface
roughening in SIMS and beam spreading effects in TEM samples of
finite thickness.

In Oxford we have for several years been developing the
technique of Pulsed Laser Atom Probe (PLAP) microanalysis for the
study of semiconductor materials. This requires the development
of both special specimen preparation techniques [2] and an
understanding of the laser assisted field evaporation process [3].
In a PLAP experiment ions field evaporated from the sample surface
are identified in a time-of-flight mass spectrometer [4]. The
lateral resolution is defined by an aperture, and is of the order
of 2nm; the depth resolution is better than 0.5nm, and is a result
of the surface specificity of the field evaporation process. We
have been able to obtain chemical analyses from a wide range of
semiconductor materials [3,5], and from oxide layers on
semiconductor surfaces [6] . More recently, we have designed and
constructed a position-sensitive detector which when mounted at
the end of a short time-of-flight mass spectrometer identifies
both the chemical identity of evaporated ions and the position on
the sample surface from which they were evaporated [7,8]. This
unique instrument allows the quantitative identification of
composition variations within an area some 15nm across. This
paper reports results obtained using both PLAP and Position



Sensitive Atom Frcbe (POSAP) microanalysis on field ion samples
prepared from GalnAs/InP multi-quantum well samples grown by
MOCVD.

RESULTS

Figure 1 shows cross sectional transmission electron
micrographs from the two samples we have studied in this work.
One of these, Sample 1, was grown with a quartz wool baffle in the
MOCVD reactor (Figure la), and the other, Sample 2, without
(Figure lb). The interfaces between the GalnAs quantum wells and
the InP buffer layers are clearly much rougher in the first
sample, especially at the top of each well. However, it is
difficult to obtain accurate information on well composition or
chemical abruptness of the interfaces in a TEM experiment.

GROWTH

DIRECTION I 50 nm

FIGURE 1. Cross sectional transmission electron micrographs
illustrating the structure of the multi-quantum well samples
studied in this work. These are [002] dark field images in which
the GalnAs layers appear dark.

Figure 2 shows a typical mass spectrum obtained from POSAP
analysis of GalnAs. The relatively poor mass resolution is
because of the short drift tube in the mass spectrometer, but it
is possible to obtain accurate chemical information on the
composition of both quantum wells and buffer layers, Field ion
specimens have been prepared from multi-quantum well samples by a
combination of mechanical polishing and selective chemical etching
[2],and each specimen contains several wells running across a tip
about lOOnm in end radius. Figure 3 shows maps of gallium and
arsenic concentrations obtained in a POSAP experiment on an area
of a field ion specimen (prepared from the material shown in
Figure la) where a single well about 5nm wide and of nominal
composition Ga47lns3As is running across the centre of the field of



view, with a second well just on the right hand side. This kind
of image is obtained by collecting the ions from an area 15nm
across during evaporation of a thickness of only Inm of the
specimen surface. The gallium and arsenic are clearly localised
in the two wells although there is considerable straggle of both
elements into the InP buffer layers and the interfaces are
morphologically rough as well as chemically diffuse. From POSAP
data of this kind we have been able to measure accurately the
composition of individual quantum wells, and of the barrier layers
as well. In both the samples we have studied there are
significant levels of phosphorus in the quantum wells, and small

1000

FIGURE 2. A POSAP
spectrum
taken from a
GalnAs sample,
showing the
resolution of the
Ga, In and As ions

Mass-to-charge Ratio

amounts of both gallium and arsenic in the InP buffer layers.
Table I gives the compositions of well and buffer layers in these
two samples measured from the POSAP data. We have also been able
to confirm the presence of phosphorus in the quantum well by using
PLAP analysis (which has a much higher mass resolution, and so
gives more accurate composition data), measuring phosphorus
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FIGURE 3. POSAP Grey scale images showing Ga and As composition
distributions across a sample surface containing two GalnAs wells



TABLE I. Compositions of buffer layers and quantum wells obtained
from POSAP data of the kind shown in Figures 3 and 4.

In
P
Ga
As

Sample

Buffer
50±2%
45±2%
1±1%
5±2%

1

well
38±2%
20±2%
12±2%
30±2%

SamDle

Buffer
47±2%
46±2%
3±1%
6±1%

_JL
Well
3 0±2%
8±2%

20±2%
42±2%

concentrations within the range quoted in Table I. In addition,
recent EELS experiments on similar quantum well samples have
identified considerable quantities of phosphorus in nominally pure
GalnAs [9] . Figure 4 shows gallium and arsenic POSAP
distributions in the second sample where the TEM micrographs show
that the quantum wells have much smoother interfaces, Figure lb.
These wells are about 9nm across, and so only one well lies within
the field of view. It is also clear that the interfaces between
the wells and the buffer layers are much less rough than those
shown in Figure 3.

.100 at* As

FIGURE 4. POSAP grey scale images showing Ga and As composition
distributions in a specimen made from sample 2 material.

We can use the same POSAP data to look in more detail at the
chemical abruptness of the well/buffer layer interfaces, and
Figure 5 shows Ga and As profiles across the individual wells in
Figures 3 and 4. The interfaces between well and buffer layer in
sample 1 are seen to be very diffuse, Figure 5a, but in the second
set of wells, sample 2, the interfaces are much sharper, Figures
5b and 5c. It is clear in these samples that the top and bottom
interfaces of the wells are not always of the same chemical
abruptness, and Figures 5b and 5c show expanded Ga and As
composition profiles across the bottom (5b) and top (5c)
interfaces of an individual quantum well in sample 2. The
composition change at the bottom interface is much sharper than at



the top interface, and the gallium content in the sample seems to
decrease before the arsenic. We have seen this kind of chemically
diffuse interface in several analyses taken from specimens of
sample 2.

100

z
o
co
O
c
O
o

75-

50-

25-

1001

TS 75-1
z
o
t 50
CO
O
Q.

O 25
o

100

(0 °

'zg
t 50
too
c

Ga
As

\:A
25 50 75

DISTANCE ACROSS IMAGE (A)

Ga
As

25 50 .75
DISTANCE ACROSS IMAGE (A)

Ga
As

1 •. .-*. .-. .*

25 SJ 75
DISTANCE ACROSS IMAGE (A)

FIGURE 5. Gallium
and arsenic
composition
profiles across
individual quantum
wells in (a)
sample 1, (b) the
bottom and (c) the
top interface of a
well in sample 2.



INSTRUMENTAL DETAILS

The POSAP is capable of detecting one ion per pulse, and is
normally run at a rate of 0.02 ions per pulse to reduce the
probability of multiple ion events. The detector efficiency is
approximately 60%. The reactive area of the detector is 35mm in
diameter, and the flight path is 112mm, giving a mass resolution
(m/Am) of 30. The minimum detectable concentration of a species
depends on the quality of the mass spectrum, but is typically 0.1
atomic% for a data block of 100,000 ions.

CONCLUSIONS

The POSAP technique has been showr to provide very detailed
information on the chemistry of the .'.nterfaces between GalnAs
quantum wells and InP buffer layers We are able to distinguish
between the chemical abruptness and morphological roughness of
individual interfaces because of the excellent lateral and depth
resolution inherent in the technique. The fact that the
evaporated ions are positioned in depth allows us to look at
cross-sectional composition profiles as well as the plan views
shown in Figures 3-5, and take into account any variation in the
position of the interface in depth.
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FIELD ION MICROSCOPY OF QUASICRYSTALS
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Nijenborgh 18, 9747 AG Groningen, The Netherlands

ABSTRACT

A Field Ion Microscope Imaging Atom Probe (FIM-IAP) has been applied to study the atomic
structure of the icosahedral phase of the Al-Mn system. A multiple twinning model for
icosahedral quasicrystals could be disproved, by calculating its FI image, and comparingitwith
experimental images. One of the decorations of the three dimensional Penrose packing
(3DPP) of which FI images were calculated does compare favourably with experimental
images, as far as the relative prominence of the two and fivefold poles, and the interplanar
distances along the twofold directions are concerned. In particular an atomic decoration of
vertices and two sites in the interior of the thick rhombohedron, which is one of the two building
blocks of the 3DPP, turned out to be in agreement with the experimental findings.

INTRODUCTION

The discovery [1] that rapidly quenched samples of several transition-metal aluminium alloys
like Al-Mn produce electron diffraction patterns with 'sharp' spots and icosahedral symmetry
has initiated a flurry of theoretical and experimental observations. For these so-called quasi
crystalline materials a model was constructed which at the same time was aperiodic and
contained perfect orientational order [2]. This model, the so-called Three-Dimensional
Penrose Packing (3 DPP), has a simular diffraction pattern as i-(Al-Mn). Besides the quasi-
crystal model, numerous other models have been proposed to explain the icosahedral phases.
The leading competitors have been multiple twin models [3][4], the large unit cell model and
the icosahedral glass model. Multiple twinning is a common phenomenon in crystal growth in
which wedges of crystallites join together about a center of symmetry to form a cluster. In
general multiple twin clusters are very low energy configurations in which crystals may grow.

Field-Ion Microscopy provides an experimental test to an atomic model of quasi
crystalline materials by viewing the material directly on an atomic scale. However, in order to
draw firm conclusions from FIM observations it turns out to be essential to perform computer
simulations of FIM images both of 3 DPT and multiple twinning models and to compare them
with experimental images.

EXPERIMENTAL FIM RESULTS

The quasi crystalline alloys which have been investigated by means of FIM include: AltMn and
AljMrij. Also, for comparison, a crystalline sample of Al4Mn was imaged in order to investigate
the imaging characteristics of these alloys. The quasi crystalline alloys were produced by melt
spinning. Here we confine ourselves to the results obtained of Al7Mnj. The FI specimens have
been prepared from the thinnest species of melt spun material and were found to be
icosahedral without exception by TEM investigation. In general quasicrystalline Al-Mn alloys
with Mn-contents of 20 at% and more are known to contain decagonal (T-phase) quasicrystals
besides the icosahedral phase. However, thinner flakes form the icosahedral phase at



somewhat higher Mn concentrations. The icosahedral phase forms at faster quenching rates
than the decagonal phase and thinner flakes are quenched more rapidly than thicker parts of
a ribbon. This is likely the reason why in these AI7Mn, no decagonal phase was observed in
TEM. Al7Mnj was imaged at a temperature of about 20 K. first with Ne and later with He image
gas. At 20K, the images were stable, i.e. no field evaporation occurred at «37 V/nm electric
field strength, at a best image voltage (BIV) of 11.0 kV. After pumping out the Ne gas and
admittingHe into the vacuum chamber, the tip voltage had tobe increased to 11.7 kV, to obtain
the BIV (Best Image Voltage) for He at the tip corresponding to a electric field of «45 V/nm.
As soon as the BIFwas reached, concentric ring patterns were observed in the image, and the
tip surface was continuously field evaporating slowly.
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Fig. la (Left) Helium image of an Al7Mn2 icosahedral tip.
Fig. lb (Right) Index Map of observed poles.

In Figure 1 a an ima^s is shown, where it can be seen that twofold and threefold poles are visible
at their icosahedrally related positions. In single images sometimes concentric patterns appear
to be present at other locations as well, but during the course of field evaporation only the
twofold and threefold poles consistently image as ordered regions. The effective tip radius as
determined from the BIV (43±14)nm, it has to be noted however, that the specimen tipform
was not hemispherical, as can be established from the non circular appearance of the poles.
From simple geometrical arguments it can be derived that in the images the magnification
parallel to the long axis of the elliptical (in first approximation) poles is about 1.15 times the
magnification normal to this direction. The measured angles from the twofold to the threefold
pole, assuming an image compression factor of i = 1.65±0.15, are 20.2,21.3 and 20.6 degrees
(±2°), and are in correspondence with the angles in the icosahedron: 20.9° (Fig. lb).



The fivefold poles are located near the edge of the images, but concentric patterns are not
observed at any of the three positions. Although the edges do not image as well as the centre
of the micrograph, prominent poles would certainly have been observed during the evapora-
tion sequence. Also, Melmed and Klein [5] observed less ordering in fivefold directions as
compared to two- and threefold ones.

DISCUSSION

The images of the icosahedral AljMiij alloy appear largely disordered, which is mainly due to
the inferior imaging characteristics of the alloy. Another cause for the apparent disorder in the
icosahedral image is the frozen in phason strain [6,7]. A phason causes a discontinuity in an
atomic plane, (linear phason strains introduce steps between half planes) and the features seen
in the (110000) pole of image (Fig. 1), where brightly imaging edges of atomic planes are
suddenly interrupted, may well be explained by the phason strain which is inherent to rapidly
quenched icosahedral phases. Despite the disorder in the images, the icosahedral symmetry
can be observed in real space from the orientation of the poles in experimental FI micro graphs.
Moreover, this symmetry remains visible during the course of field evaporation. This
observation is in contradiction with calculations of an FI image of a single crystal of Pauling's
model (Fig. 2a).

Fig. 2a Simulation of an FIM image of a crystal in (111) orientation with a
820-atom unit cell [4J. Three {100} poles are visible.

It appears inconceivable, that many crystalline multiple twin pieces could align themselves to
result in the long range icosahedral order showingup in the FI images. Espedally, as the crystal
itself does not form concentric ring patterns except in the < 100 > directions. In a qualitative
sense, all of the images of decorations of the 3DPP (Fig. 2b) do agree with the experiment. They
all do form poles in the directions of the icosahedral symmetry axes. A quantitative comparison
of simulations and experimental images involves the relative prominence of the poles or
alternatively the observed inter-planar distances. The fivefold poles in the images are less
prominent than the twofold ones. This observation excludes most of the possible decorations
leavingdecorations of-vertices and body diagonal sites (I) or-vertices, body diagonal and edge
centres (II) in the Penrose rhombohedra. These two possibilities by measuring directly from
the micrographs the inter-planar distances. This can most easily be done in the twofold pole
region.
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Fig. 2b Simulations of FIM image of an undecorated 3 DPP. The orientation of the
model specimen is tilted 2° with respect to a threefold axis. The projected solid
angle is 2.44 sr. The Moore shell thickness is 0.1 edge length and the tip radius
is 200 edge lengths (=92 ran). The computation of the 3DPP, the analogue of
the 2 D aperiodic tiling studied earlier by Penrose, was performed by the 'cut
and project' method [19].
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Figure 3a (Left) A twofold pole region in an FIM image has been digitized, and the num-
ber of white pixels as a function of depth has been counted, yielding peaks at
the positions of atomic planes.

Figure 3b (Right) The definition of depth as used in Fig. 3a.

The region in an image around a twofold pole has been digitized by means of the video digitizer,
and the number of white pixels in the image is depicted in Fig. 3a as a function of the depth
as indicated in Fig. 3b. A peak in this profile is formed by the intersection of an atomic plane
with the hypothetical spherical tip surface, at the corresponding depth. From this scan, five
inter-planar distances have been measured with an accuracy of ±30% (the magnification has



been determined from the BIV: 0.24 nm, 0.10 nm, 0.08 nm, 0.24 nm, 0.14 nm.

In the 3DPP, the inter-planar distances along a twofold axis turn out to be (r is equal to the
golden mean (1+ V5)/2):

I occupied vertices and body diagonal sites:

0.24 nm, 0.15 nm and 0.092 nm, which can be expressed as:

f 63.43 \

d L_L_> _L f0r n - o . 1 , 2
" x x"

where d is the inter-planar distance, a the edge length (= 0.46 nm) and 63.43° is the
angle between two adjacent edges, or q-vectors.

II occupied vertices, body diagonals and edge centres:

0.12 nm, 0.075 nm, 0.046 nm and 0.023 nm, which can be expressed as:

( 63.43 \
a - c o s l - r - J i

d - - „ — for n « 0 . 1 , 2 , 3

and which are on average more than two times as small as observed experimentally.

Decoration I is the only unique decoration of the 3DPP left, agreeing quantitatively with the
observed images. This decoration yields one atom in the thin and three atoms in the thick
rhombohedron, and additional sites have to be occupied in order to arrive at the correct
density. Apparently not all of the atoms are actually imaged in the FIM.
Although it can be assumed on basis of the evaporation fields of Al and Mn (at 77 K, 19 and
30 V/nm respectively), that Al will preferentially evaporate and Mn will image, this has not
been established so far. Melmed et al. [6], have concluded from Ne images, that both Al and
Mn atoms are imaged in this case. Imaging with He results in continuous evaporation,
presumably resulting in different imaging characteristics. Further clarification of these
characteristics by means of Atom Probe Spectroscopy is required to facilitate the interpreta-
tion of the FIM images.
It has to be noted, that in this study only a finite number of atomic structure models have been
considered, including all of the realistic decorations of the 3DPP (see also [9][10]) with edge
length 0.46 nm, and Pauling's latest model [4]. Various alternative models have been proposed,
one approach is to decompose related crystalline structures into structural elements which
could occur in the 3DPP [11,12]. A second approach is to decorate only a few sites on a
framework with a suitably scaled up rhombohedral edge length by atom clusters, such as
icosahedra or rhombic triacontahedra [13,14].
Not all structural models rely explicitly on the use of the 3DPP. Shechtman and Blech [15], and
Stephens and Goldman [16], model the structure by randomly connecting icosahedral
assemblies of atoms, keeping the orientation fixed.
The mostly favoured icosahedral unit in the recent literature, concerning icosahedral AIMn
is the so-called Mackay icosahedron [17]. This 54 atom cluster consists of a central icosa-
hedron, of which the 12 vertices are occupied, a second twice as large icosahedron surrounding



the inner one, of which the vertices are occupied as well. Furthermore, the centres of the edges
formed by the vertices of the outer icosahedron are occupied with atoms. This unit has been
found in the crystalline a-AlMnSi phase [8], and is conjectured to appear in the icosahedral
phase as well.
The models which have not been considered in this work did not allow the calculation of an
FI image because the exact atomic positions were not defined over large distances (in the order
of the radius of a typical specimen tip i.e. «40 nm).

ACKNOWLEDGEMENTS

This work is part of the research program of the Foundation for Fundamental Research on
Matter (FOM-Utrecht) and has been made possible by financial support from the Netherlands
Organization for Research (NWO-The Hague).

REFERENCES

[ 1] D.S. Shechtman, I. Blech, D. Gratias, J. W. Cahn, Phys. Rev. Lett. 5_3_,1951 (1984).
[ 2] R. Penrose, Bull. Inst. Math, and its Appl. 1Q, 266 (1974).
[ 3] M. J. Carr, J. Appl. Phys. 52,1063 (1986).
[ 4] L. Pauling, Phys. Rev. Lett. 5_g, 365 (1987).
[5] A. J. Melmed, R. Klein, Phys. Rev. Lett. 5_6_, 1478 (1986).
[ 6] J. E. S. Socolar, T. C. Lubensky, P. J. Steinhardt, Phys. Rev. B34.3345 (1986).
[ 7] J. E. S. Socolar, J. Phys. (Paris) £7, C3-217 (1986).
[8] A. J. Melmed, M. J. Kaufman, H. A. Fowler, J. Phys. (Paris), C7-35 (1986).
[ 9] H. B. Elswijk, P. M. Bronsveld, J. Th. M. De Hosson, Phys. Rev. M L 4261 (1988).
[10] H. B. Elswijk, P. M. Bronsveld, J. Th. M. De Hosson, J. de Physique 48_, C6-47 (1987).
[11] C. L Henley, V. Elser, Phil. Mag. Bi2, L59 (1986).
[12] V. Elser, C. L. Henley, Phys. Rev. Lett. 5_5_, 2883 (1985).
[13] P. Guyot, M. Audier, R. Lequette, J. Phys. (Paris), C3-389 (1986).
[14] J. W. Cahn, D. Gratias, J. Phys. (Paris), C3-415 (1986).
[15] D. Shechtman, I. Blech, Met. Trans. 16A 1005 (1985).
[16] P.W. Stephens, A.I. Goldman, Phys. Rev. Lett. 5_& 1168 (1986).
[17] A. L Mackay, Acta Cryst. 22,1106 (1986).
[18] M. Cooper, K. Robinson, Acta Cryst. 20,614 (1966).
[19] V. Elser, Acta Crvst. A42.36 (1986).



MEASUREMENTS OF THE EFFECT OF ANGULAR LATTICE
MISMATCH ON THE ADHESION ENERGY BETWEEN TWO MICA

SURFACES IN WATER

PATRICIA M. McGUIGGAN AND JACOB N. ISRAELACHVILI
Department of Chemical and Nuclear Engineering, and Materials Department,
University of California, Santa Barbara, CA 93106.

ABSTRACT

Results are presented of direct measurements of the adhesion between two
molecularly smooth mica surfaces in water. The results show that the adhesion
forces and surface energies strongly depend upon the angle between the two
surface lattices (angle of crystallographic misorientation). Apart from a
relatively angle-independent "baseline" adhesion, sharp adhesion maxima
(corresponding to minimum energy "cusps") were observed at 0 = 0°, ±60°,
±120°, and 180°. These discrete angles coincide with interplanar orientations of
maximum crystallographic alignment or dense CSL structure. As little as ±1°
away from the energy maxima, the energy decreases by 50%. This is much more
dramatic than has previously been obtained with high energy metallic solids and
suggest that the peak shapes are determined by the interplay of interlayer
(adhesion) forces and intralayer (lattice) forces. For the mica system, the lattice
forces are much stronger than the van der Waals adhesion forces, and thus the
peaks are very sharp. Adsorption of ions onto the mica surfaces decreases the
adhesion as well as the whole longer-range force-law which is also angle-
dependent but to a smaller degree as the distance between the surfaces increases
beyond a few molecular layers.

The consequence of these findings is that the adhesion of grain boundaries
and the equilibrium thicknesses of thin interfacial films and intergranular spaces
are determined not only by the properties of the surfaces and the molecular
structure of the intervening film but also on the relative crystallographic
orientation of the two surfaces.

INTRODUCTION

When two solid surfaces are brought into intimate contact, strong adhesive
bonds usually develop across the interface. The interfacial adhesion is strongly
dependent on the bond strengths, the crystal structure, the surface roughness, the
mechanical properties of the system, and especially on the presence of surface
adsorbates or a thin intervening liquid or solid phase (such as an intergranular
phase). An understanding of these effects is crucial to understanding many
diverse materials phenomena such as grain boundary energetics [1], fracture [2],
crack formation and propagation [3], friction [4], and the processing and
properties of ceramics and composites [5].

In principle, the interfacial energy can be directly determined by first
bringing two surfaces into contact and then measuring the "pull-off force
required to separate them [6]. In the ideal case, two similar molecularly smooth
crystal surfaces will adhere as in the bulk crystal. But for this to occur, the
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throughout the contact zone. Also, there should be perfect matching of the atomic
planes and crystallographic directions. Indeed, in the absence of any lattice
mismatch, the interfacial energy between two identical crystals will be at the
minimum value (i.e. zero, by definition) since they form one defect-free crystal.
Note, however, that this corresponds to maximum adhesion between the two
surfaces.

In real cases, most surfaces are far from smooth and contact occurs only at
the tips of the most pronounced asperities. Due to the decreased contact area, the
measured adhesion will always be less than the maximum theoretical value.
Besides surface roughness, no interface is totally defect-free, and the mismatched
interface is analogous to a grain boundary, which always has a lower adhesion
energy than the perfect crystal.

Grain boundaries are the regions of contact between grains where there is a
misorientation between the two contacting surfaces [7]. This gives rise to an array
of dislocations at grain boundaries ranging from regular and well defined low-
angle grain boundaries to complex defects. For the small angle regime, the
greater the degree of orientational mismatch, the greater is the concentration of
dislocations, and the greater the interfacial energy or the lower the adhesive
energy.

The Coincident Site Lattice (CSL) Model has become one of the standard
models for analysing the structure of a grain boundary [8]. The energy of the
interface can be estimated once the structure is characterized. The atoms of each
surface are generally assumed to interact via a central pairwise potential, with the
lowest interfacial energy between two crystal surfaces occurring at the densest
CSL structures (orientations with maximum lattice matching), that is, when the
surfaces are in perfect alignment and register. For small deviations from 2=1
(maximum coincidence), the energy increases monotonically with increasing
misorientation angle [9]. These orientations are called low-angle grain
boundaries, as opposed to high-angle grain boundaries. In the latter case (of low
coincidence density) the picture is complex as additional DSC lattices may result
which lower the grain-boundary energy [1]. Essential to any quantitative
theoretical treatment of grain boundary energy must be a knowledge of the atomic
structure at the boundary and the interatomic interaction potentials, which
between metal atoms can only be estimated.

Most experimental studies of lattice mismatch have concentrated on the
adhesion between bicrystalline interfaces where the interfacial adhesion is due to
strong bonds [10,11]. The adhesion energy is obtained from measurements of the
contact angle at the three phase boundary of two contacting crystals (thermal
grooving experiments). However, the results only give relative energies, not
absolute values, and the angular resolution is only ±1° [12].

In non-metallic systems, only a limited number of experiments of CSL
misorientations have been reported [12,13,14]. Observations of preferential
orientation of [001] twist boundaries with dense CSL structures in MgO smoke
particle experiments suggest that the CSL model holds for both non-metallic and
metallic systems [13]. However, no direct adhesion vs crystallographic
misorientation angle has been measured for nonmetallic surfaces due to the the
experimental difficulties of obtaining molecularly smooth, clean surfaces.

The above problems can be alleviated through the use of muscovite mica,
which has perfect cleavage along the [001] basal plane to produce thin sheets of
uniform thickness whose surfaces are molecularly smooth and step-free over



large areas (-10 cm2). When a freshly cleaved mica surface is immersed in water,
the K+ ions which are randomly distributed on the surface go into solution,
leaving behind a surface characterized by a nearly perfect hexagonal lattice
(array) of oxygen atoms [15]. The interface formed between two mica surfaces in
contact in water therefore provides an ideal model system for grain boundary
studies: the structure, orientation, and contact area of the mica are known or
easily measurable, and the absolute values of the adhesion forces and interfacial
energies can be directly measured using the technique described below. One
surface can then be rotated in relation to the other to give the adhesion force over
a range of angular orientations.

EXPERIMENTAL TECHNIQUES

The adhesion energy of mica was measured using the a new version of the
Surface Forces Apparatus (Mk III) developed by Israelachvili (Fig. 1). The
earlier versions (SFA Niks I and II) [16,17] have been described extensively in the
literature, and have been used to measure forces between mica and mica-coated
surfaces in liquids and vapors as a function of the surface separation. In general,
forces and surface separation (using an optical interference technique) can be
directly measured to an accuracy of 10"7 N and 0.05 nm, respectively.

Concerning the present series of experiments, we note that the SFA technique
can measure the absolute adhesion or surface energy at extremely small misfit
angles. Most of the other methods employed, e.g. for metals, have measured the
misfit angle to ±1°, which can miss the most relevant data [12]. In addition, with
previous methods, only relative adhesion energies could be measured.

For each experiment two molecularly smooth rectangular mica sheets were
cleaved, cut, silvered, glued (silver sides down) onto the cylindrical surfaces of
two supporting silica disks, and then mounted into the apparatus so that they faced
each other with their relative crystallographic orientation known to within about
±2°. The lower disk is mounted at the end of the spring (F). This spring is
especially designed to minimize shearing due to tilting of the disks when the two
surfaces are pulled away from strong adhesive contact. The upper disk is
mounted to the bottom of the piezoelectric crystal tube mount P. Exact
crystallographic matching is then established visually by rotating the tube mount
until the comers and edges of the rectangles are aligned, just as one would align
two pieces of paper. As mentioned, this method generally allows for rough initial
alignment to within ±2°.

The vertical axis through the center of the piezoelectric crystal mount is held
in one position by a ring which fits snuggly around the circular mount and rigidly
attached to the top of the apparatus. The mount, and thus the upper mica surface,
can be rotated relative to the lower surface about a fixed verticle axis. For precise
rotations, a horizontal arm was attached to the top of the mount, and a micrometer
was used to position the end of the arm, which allowed the angle 9 to be controlled
to better than 0.01°. Because the method uses two crossed cylinders, the surfaces
can be rotated by a maximum of about ±20° from perpendicular alignment of the
cylinders. The results centered about other angles were obtained from different
experiments in which the mica sheets were cut and glued at specific angles (60°,
120°, etc.) off the main axis.
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Fig.1. New Surface Forces Apparatus (Mk III) for measuring the forces
between two molecularly smooth surfaces (S). Mk III is a much improved version
of Mk II, being more stable against thermal drifts, and easier to operate and keep
clean. It employs four distance controls, instead of three as in Mk II. The four
controls are: micrometer (Mi), differential micrometer (M2), differential spring
(D) and piezoelectric tube (P). The mica surfaces are glued to cylindrical support
disks of radius R and positioned in a crossed cylinder geometry (S). The arm for
rotating the upper surface is attached to the top part supporting P. The lower
surface is mounted on a variable-stiffness double-cantilever force-measuring
spring (F) within the main chamber (C2) and is connected to the control chamber
(Ci) via a teflon bellows (B). Full details of Mk III will be given in a forthcoming
publication.



Experimental Procedure

Before the start of an experiment, the apparatus was filled with pure water as
eluted from a Labconco purification unit. After equilibration with atmospheric
COz, the pH of the water was about 5.8. The temperature of the apparatus was
maintained at 22° C.

The surfaces were brought into contact in water by bringing them into close
proximity and then allowing van der Waals forces to pull them into adhesive
contact. The surfaces were left in contact for about 30 seconds, whereupon they
were separated by gradually decreasing the voltage across the piezoelectric
crystal. Because of the force-measuring spring device, when the spring deflection
force exceeds the adhesive force between the surfaces, the surfaces suddenly
separate. The adhesive or "pull-off force is then calculated by multiplying the
(previously calibrated) spring constant by the jump distance as measured using the
optical technique.

The surface energy E per unit area between two flat surfaces can then be
calculated from the measured adhesion force F between the two curved surfaces
of radii Ri and R2 according to the "Derjaguin approximation," [18]

E = F/2TTR where R = V(Ri R2) (1)

where E is related to the solid/liquid interfacial energy ysi by

Yd =E/2 (2)

The two perpendicular radii of curvature, Ri and R2, and hence R were
measured at each angle. This required two measurements, one using a "normal"
prism and the other using a 7 prism unit (similar to a "dove prism") which rotates
the image of the fringes by 90° prior to entering the spectrometer. This prism
could be easily swung in and out of the light beam emerging from the apparatus
before reaching the spectrometer.

RESULTS

Forces between Mica Surfaces in Water and Aqueous Electrolyte Solutions

The forces acting between mica surfaces in water and aqueous electrolyte
solutions have been studied for many years [17-20]. At separations greater than 5
nm, the forces are well described by a screened electrostatic repulsion
characterized by an exponentially decaying force whose decay length depends on
the electrolyte concentration and whose magnitude depends on the surface charge.
At smaller separations, an attractive van der Waals force or repulsive "hydration"
force dominates the interaction, depending on the electrolyte type and
concentration. In dilute solutions, the van der Waals forces normally overcome
and eventually dominate the repulsive electrostatic forces and the surfaces are
pulled into strong adhesive contact. The van der Waals energy for two flat



surfaces interacting across water can be calculated from the "Lifshitz" equation
[18]:

j /m2 (3)

Hydration Force

REPULSION

where H=2xl0~20J is the Hamaker constant for mica interacting across water, and
D is the interfacial contact separation or interplanar separation. D is less than die
interatomic center to center distance and is typically close to 0.2 nm [18]. Note
that the surface energy is related to the measured force via Eq. (1): E = F/2JIR,
and that F/R = -H/6Dl

At higher electrolyte concentra-
tions (e.g. of KC1 or NaCl), the
hydrated cations of K+ or Na+ adsorb
to the mica surfaces giving rise to an
increasingly repulsive monotonic
"hydration" force, which has an os-
cillatory component superimposed on
it. Oscillatory forces are general for
all liquids and arise from the
constraints of packing solvent
molecules within confined spaces such
as between the two solid mica surfaces
[6,17-19]. In water however, the
oscillatory force is superimposed on
the other, monotonic, forces. This is
shown in Fig. 2. The short range
monotonic force is determined by the
salt concentration: in dilute solutions it
is dominated by the van der Waals
attraction (Fig. 2, dashed curve A),
while at progressively higher salt
concentrations, as more hydrated
cations are adsorbed to the surface, the
higher the repulsive hydration force
(Fig. 2, dashed curves B to D). Thus,
in dilute solutions the surfaces come to
rest at the "primary" minimum
(Fig. 2, A) which is defined as the
closest approach of the two mica
surfaces in water. Note mat while the
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Fig. 2 Schematic diagram of the
dominant short-range forces
between mica in aqueous
electrolyte solutions (a=2.5A).

purely monotonic continuum van der Waals interaction potential (as given by the
dashed line in Fig. 2, A) fails to accurately describe the force-distance dependence
at short range, the final adhesion can usually be reasonably accurately estimated
from the "Lifshitz" theory. However, at higher salt concentrations while there is
still adhesive contact in the "primary minimum" (Fig 2, B) there are also stable
minima at finite separations for which the Lifshitz theory no longer applies (note
that these minima occur at discrete distances D corresponding to multiples of the
diameter of the water or solvent molecules a).



Angular Dependence of the Adhesion Energy in Pure Water

The measured adhesion energy, E, as a function of angle, 9, for mica
surfaces interacting across pure water is shown in Figures 3-5. The salt
concentration was sufficiently low that the surfaces jumped in from about 20 A
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Fig. 3 Adhesion energy versus 9 for two Fig.4 Adhesion energy versus 9
mica surfaces in water with centered about 60°.
lattice misorientation centered
about 0°.

straight into primary minimum contact. The sharp peaks at 9=0° and ±120° (Figs
3 & 5) coincide with perfect mica lattice matching as occurs in the uncleaved
crystal. However, the peaks at ±60° and 180° (Figs 3 & 4) occur at dense CSL
structure, but — as a glance at the atomic structure of mica quickly shows — some
small bond relaxation must occur for perfect alignment (matching). As Figures
3-5 show, slight rotations of only ±1° away from these crystallographic
alignments lead to a 50% reduction in the adhesion energy. (As already
mentioned, our measured interfacial adhesion energy is here defined differently
from the conventional interfacial energy. Our maximum adhesion energy
corresponds to a minimum interfacial energy.)

The adhesive peaks appear to be slightly asymmetric, presumably due to the
asymmetry and complexity of the monoclinic mica lattice. Away from the cusps,
there is only slight variation in the data as the orientation is changed. Fig. 5 shows
the adhesion measurements centered around 9=120°. Clearly, away from the



adhesion maximum, there are no indications of any additional peaks along the
nearly constant baseline energy over a range of 35°.
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Fig. 5 Adhesion energy versus 0 centered about 120°.
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Theoretical Considerations of the Adhesion Maxima

The Lifshitz equation [Eq. (3)] can be used to estimate the adhesion energy
for the mica surfaces in water. Using the values given above (H=2xlO-20 J, and a
cut-off distance of D=0.2 nm), an interfacial energy E of 13 mJ/m2 is predicted,
which is close to the values measured at the peaks. Most likely, as the relative
crystallographic orientations of the surfaces move away from perfect
crystallographic alignment, D will increase slightly. From Eq. (3), the consistent
difference between the peak and baseline energies of about 50% suggest that D is
about 0.04 nm larger when the crystal lattices are out of alignment. This
difference was beyond our measuring accuracy of 0.05 nm, and indeed we could
not measure any differences in D around 0=0° and 0=60° at this level of
accuracy.

Turning now lo the standard theoretical treatment of grain boundary
energies in terms of dislocation theory, the surface energy of low-angle dense
CSL grain boundary, E, in a vacuum has been proposed by Read and Shockley [9]
to vary with 0 according to:

= Eo0(A-ln0) J/m2 (4)

where A and Eo are constants which depend on the character of the boundary.
The first term, Eo0A represents the contribution of each dislocation to the total
grain boundary energy. This is directly proportional to the density of dislocations
in the boundary. The second term, Eo01n0 represents the interaction of these



dislocations. For mica, Eq. (4) predicts sharp cusps at 0=0°, ±60°, ±120°, and
ISO0 due to the long range elastic energy of the grain boundary dislocations.
Although there is currently no CSL theory for surfaces interacting across liquids,
Eq. (4) does appear to describe the experimental data near maximum coincidence
quite well, once the maximum energy is subtracted from the baseline energy
(Emax - E = AE). This eneray is plotted as a function of the relative orientation
about G=0° in Fig. 6.

Fig. 6 Relative adhsesion energy (E - Emax) versus 0 for lattice misorientations
centered about 0°. The solid line is the theoretical fit using eqn. [5] with
parameters A=3.1 and EO=182.

The solid line is based on Eq. (4). Similar agreement was also obtained around
9=±60° and ±120° with the parameters in the range 2.7<A<3.6 and 62<EO<182.

Angular Dependence of the Adhesion in the Presence of an Oscillatory Force-law

Throughout the course of a typical experiment, which could last two or more
days, the adhesion values were generally found to fall slightly with time (about
20% over a 2 day period). This is due to the slow leaching out of ions from the
apparatus which adsorb onto the surfaces resulting in a gradual decrease in the
adhesion. However, the shapes of the peaks were found to remained unchanged,
and all the adhesion values reported above were adjusted (normalized to time = 0)
to account for this adsorption.

The adsorption of hydrated ions raises the monotonic component as
illustrated by the dashed lines in Fig. 2, so that stable or metastable minima now
also occur at finite distances, and their angle-dependence can also be studied. We
here report some preliminary results on the effect of crystallographic orientation
on the total oscillatory force curve between mica surfaces in pure water as well as
in 7x10"* M and 2xl0"3 M KC1 solutions. In pure water, the surfaces jump straight
into the primary minimum at D=0, and the effect of the crystallographic



orientation on the adhesion force has been described above. In 7x1 (H M KC1, the
surfaces initially come to rest in the second (metastable) adhesive minimum at
D=3A where the adhesive force is about 25% of that in the primary minimum. If
the surfaces are left in the second minimum for more than a few seconds they
suddenly move in by 3A to D=0, an effect that is accompanied by an immediate
increase in the flattened contact area characteristic of the four-fold increase in the
adhesion in going from X to Y (see Fig. 2, B). Thus, the adhesive force may be
thought of as being "quantized" with the particular minima where the surfaces are
sitting.

In 7xlO4 M KC1, the orientation of the mica was found to effect the depth of
both the primary and second minimum, with a maximum value at 0=0°, but in the
case of the second minum at D=3A the peak-to-baseline difference was only 20%
(compared to 50% in the case of the primary minimum in pure water). As the KC1
concentration was increased to 2xl0*3 M KC1, three distinct adhesive minima
could now be measured, all three of which were now stable and, as expected,
weaker than in the case of pure water or 7xlO-4 M KC1. Further work is in
progress to elucidate the effect of angle on both the mimima and maxima of these
oscillator)' force profiles as a function of electrolyte concentration.

DISCUSSION AND CONCLUSIONS

These results provide the first direct measurements of surface energies as a
function of the crystallographic orientation of nonmetals and show the role of the
surface and liquid structure on the adhesion energies. Although these experiments
were conducted in aqueous solution, the data are in agreement with previous
evidence that the crystallographic orientation affects adhesion and prove the
existence of energy maxima in [001] twist boundaries.

One of the distinguishing features of the adhesion vs angle data for mica
across water are the very narrow peak widths (less than 1°). Other measurements
using metal oxides such as NiO have found that the major cusp extends over about
20° with the existence of other, less energetic, cusps at other angles [12]. Now, the
peak width must be determined by a balance between the interlayer and intralayer
forces or bonds. In the case of mica, the interlayer bonds (due to screened van der
Waals forces) are at least two orders of magnitude weaker than the covalent
intralayer bonds. The rigid mica lattice will therefore not allow relaxation of the
surface atoms until the atoms are very close to perfect register. This is not the
case with metals, in which the interfacial (interlayer) metallic bonds are as strong
as the intrafacial (intralayer) bonds, so that the surface atoms experience much
stronger forces pulling them away from their equilibrium positions even at large
mismatch angles. We may also note that the value of A from Eq. (4) is an order of
magnitude greater for the mica system (A**3) than for typical metallic systems
(A**0.35), again indicating the difference between the lattice and interfacial
forces in these two systems.

Secondly, the heights of the adhesive maxima are generally much higher in
metallic systems than in the mica system. This, too, may be because interfacial
bonds between metallic surfaces are much stronger than the non-specific van der
Waals bonds that hold two mica surfaces together. In addition, our results were
obtained in water, whereas the former were measured in vacuum. Surfaces
interact more strongly across vacuum and generally have much higher adhesion
values. Finally, it is assumed that the mica surfaces always came into primary



contact. Most likely, water molecules fill the vacated surface sites left by the
dissolution of the K+ ions, and thus at least one monolayer of water may separate
the mica surfaces even when they come into "molecular" contact. This would
further act to decrease the adhesion and its sensitivity to any orientational
mismatch.

At present, there is no analysis which has investigated the CSL theory for
mica, although additional maxima are expected around 22° and 38° for a [001]
lattice [13]. These angles correspond to high but not maximum coincidence,
where only a certain fraction of the atoms are in alignment. However, no obvious
deviations were detected at these angles ~ the adhesion peaks occurring only when
both surfaces could lock fully into place. A likely explanation for the absence of
any secondary peaks at other angles is that the highly rigid mica lattice will not
allow for isolated atoms to relax out of their positions by the weak van der Waals
forces. This reasoning is again consistent with the very sharp peaks observed for
the mica-mica system and further suggests that for rigid lattices the next nearest
neighbors to the atoms forming the main surface lattice play little or no role in
determining the adhesion energy.

Although the Read-Shockley equation can be fitted to the results presented
here (see Fig. 6), it is unclear whether it should really apply. In that theory, the
interfacial energy is zero, and deviations away from zero give the energy of the
grain boundary, not the adhesion energy of the interface. In the mica system, the
adhesion energy of the interface is always finite and, because of the highly rigid
surface lattice, there can be no dislocations, i.e. no clear distinction between
patches of perfectly aligned surfaces and patches out of alignment. The
contribution of the interactions between dislocations is thus expected to be
negligible, and the small angle grain boundary energy should depend linearly
will 0. Indeed, the data of Fig. 6 (as well as Figs. 3-5) can just as well be fitted by
a "witch's-hat" function, i.e. by Eqn. (4) without the second term. This matter
will be discussed in more detail in a forthcoming publication. Also, these results
were obtained in water and not vacuum. Thus, it appears that the Read-Shockley
equation may be invalid for this system.

Finally, our initial results suggest that the whole interaction potential is
affected by the crystallographic orientation: it appears that the second minimum
is more adhesive and the force maximum (barrier height) higher at perfect
alignment. These effects are still being investigated.

The surface forces investigated here play a crucial role in many material
properties. For example, many ceramics contain a residual glassy phase at their
grain boundaries. Experimental measurements of the intergranular phase
confirm that a stable and highly uniform 7-12A thick film exists in polycrystalline
ceramics [21]. The forces stabilizing these films are likely to be qualitatively
similar to the water films in the mica experiments reported here, i.e. being
balanced by attractive van der Waals forces and an additional oscillatory force
determined by the structure of the surface and interphase. From our results it
would appear that both the adhesion as well as the repulsive barriers which
prevent the surfaces from approaching closer than a certain distance could be
critically dependent on the alignment of the two lattices. This in turn would
determine the adhesion and molecular structure of the interphase and hence the
property of the material as a whole.

In conclusion, our results highlight the important role of the atomic
"granularity" of surfaces on their short-range forces in liquids, and promise to



provide new insights into a number of diverse processes. For example, apart
from the implications for material properties as discussed above, the results may
also have a bearing on the action of lubricants. In the former case the aim would
be for strong adhesion, and therefore for "good" lattice matching. Conversely, in
the latter case of two surfaces sliding past each other while separated by a thin
layer of lubricant, the aim would be for low adhesion and hence for "bad" lattice
matching.
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Interface Structures in Lateral Seeding Epitaxial Si on SiO 9.
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ABSTRACT

Si/SiO 9 interface structures found in three types of
lateral seeding epitaxy (lateral solid phase epitaxy; LSPE,
epitaxial lateral over growth; ELO, and laser annealing; LA)
were studied with a high resolution transmission electron
microscope. The (001) Si/SiO 9 interface found in the LSPE was
thought to have similar flatness as its initial SiO 9 surface.
In the twin region of the ELO, where the {221}_ plane1 should be
parallel to the substrate, the Si/SiO 9 interface was saw-
toothed with {111 >_ and U 1 0 > T micro-facets. The (001) Si/SiO 9
interface in the LA was flatter than _that in the LSPE and n5
twins were observed. However, the (115 )_Si/SiO_ inte£face was
saw-toothed. In this case, both (111) and (111) twin
boundaries were observed, and {111}-, and {110>_, interfaces were
atomically flat. A reaction between the Si and SiO_ is
expected to occur at their interface, and the appearance of
atomically flat interface or saw-toothed facets with low-index
planes (which may be thought to have low interface energy with
SiO 9) may be possibly attributed to such reaction.

INTRODUCTION

Lateral seeding epitaxy of Si on SiO 2 is one of the most
successful SOI (Si-on-insulator) fabrication techniques[1-63.
SOI structures have a great potential for fabrication of high-
speed and/or high-packing-density devices. Moreover, multi-
layer-stacked SOI can used to good effect with 3-dimensional
integrated circuits[7]. Such SOI structures commonly contain a
new Si/SiO_ interface, SOI/SiO 2, in addition to such previous
interfaces as thermally grown SiO 9/Si, metal/Si, etc. It has
recently been found that MOSFETs (Metal-oxide-semiconductor
field effect transistors) fabricated with extremely thin SOI
(less than 100 nm) showed characteristics greatly improved over
those of bulk-Si[8,9]. With such extremely thin SOI, Si/SiO-
interface conditions are expected to affect device
characteristics much more than those for thicker conventional
SOI. Investigation of Si/SiO. interfaces in SOI fabricated
SIMOX (separation by implanted oxygen) has been also
reported[10,11]. Detailed results of the evaluation of a
Si/SiO, interface fabricated by lateral solid phase epitaxy
(LSPE) has been reported by Kawarada et al [12,13]. However,
there have been almost no reports of detailed observations of
interface structures fabricated by epitaxial lateral overgrowth
(ELO) and zone melting recrystal1ization using a laser beam
(LA: laser annealing).

In this paper, the authors investigate Si/SiO- interface
structures, especially their flatness, using a high resolution
cross-sectional transmission electron microscope (HR-XTEM). We
examine three growth techniques, each of which applied a
different phases of epitaxy (solid, vapor, or liquid) at a



di fferent
orientation

tempera ture.
of substrates

The effects of
are also observed.

the relationship between Si/SiO 9 interface

the crystal 1ine
V,'e also evaluate

flatness and the
generation of twin boundary defects and consider the phenomena
of interface reaction and interface energy. Finally, we
discuss a possible cause of defect generation.

Experimental Procedure

EXPERI MEMS

Figure 1 shows
experimental procedure,
and (ll5) Si-substrates
thermally oxidized at 900°C
2 hours in a flowing dry

ms were patterned
parallel to [110].
performed using

gas system.
and" LS were'carried out
amorphous Si deposition
subsequent annealing

SiO, fi
s tripes
was
SiH9Cl,/HCl/H9

the
(001)
were
for
0,.
i nlo
ELO

a
SPE

after
and
i nat 400°C

a Si-MBE chamber at lo"1 Torr.
SPE samples were furnace
annealed at 600°C for 15 hours
in NL. LA conditions were 16W
laser power, 10 mm/sec scanning
velocity, and scanning
perpendicular to the stripe
direction. SOI crystal quality
and Si/SiO9 interface structures
were evaluated by HR-XTEM
observat ions.

(001) or ( 115)

Si-substrates

Thermal Oxidation (300A)

900°C 2h in dry Oz

1
Patterning

direction

a-S i Deposition ( 5OOOA)

*

SPE

600°C I5h
in N,

LA

16 W, 10 mm/sec

ELO

900° C 30m/n

I

HRTEM Observation
(Cross-section)

RESULTS Fig.l Experimental procedure

The observed results of SPE are shown in Fig.2. The low
magnification image (Fig.2(a)) indicates that a large number of
planar defects, both stacking faults and twin boundaries, were
generated in the SOI film. However, the Si/SiO_ interface was
found to be relatively flat (within 3 or 4 {200} lattice planes
undulation), as shown
The slight roughness
initial roughness on the SiO- surface before amorphous Si
deposition. In ELO, a twin boundary was generated at the
initial stage of lateral growth, as shown in Fig.3(a). Thus,
the planes parallel to the Si/SiO9 interface should be {221}

ST/SiO

in Fig.2(b) with higher magnification,
is thought to have originated in the
the Si0o surface before

However, Fig.3(b) shows the interface to be
In

Tsaw-
toothed, with {111}-, and {110}_ micro-facets. In some cases,
another twin boundary was generated again and the SOI had the
same arrangement in its matrix as the substrate. It's (001)
Si/SiO- interface shown in Fig.4 was atomically flat. Figure
5(a) snows a low magnification image of LA in which a (001) Si
substrate was used as a seed. The seed region is also shown.
In this case, unlike that of LSPE, the shape of the SiO_ was
deformed. The Si/SiO2 interface flatness, however; was
excellent, as shown in Fig.5(b). This interface was flatter
than that in SPE. Thus, it may be thought that the initial
roughness on the SiO2 surface was planarized during LA process.
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DISCUSSION

It is thought that the (001) Si/SiO9 interface in SPE
reflects the initial roughness on the SiO9 Surface. Since the
(001) interface in ELO and LA is atomicalTy flat, it is clear
that the initial roughness must have been planarized by
reaction during the ELO and LA process. In the case of ELO,
some reports describe Si/SiO9 interface reaction and SiO9

decomposition at the growth fr8ntC14], where the interface i§
exposed to the vapor. Such reaction could be explained by
following equationC15],

Si + SiO9 •• 2SiO (1).

In the case of LA, the deformation of the SiO9 shape was
observed even under a relatively low-magnification XTEM image
(Fig.5(a)). It is clear that a reaction between Si and SiO9

has occurred. However, the LA process doesn't include a vapof
phase. Thus, in this case, the possible chemical reaction
might be written as,

Si + SiO9 =*=*: 2SiO (2).

As a result of this reaction, 0 atoms in the SiO9 would change
their sites, and new interface would be constructed. Another
possible mechanism would be elastic deformation of SiO9, where
the local temperature at the growth-front Si/SiO9 Interface
rose to the Si melting temperature (1415°C), which" is higher
than the SiO9 softening temperature.

The saw-toothed interface with micro-facets of the low-
index planes, observed in the ELO {221}_. and LA (lT5)
interfaces, is also thought to be the result of the reaction
described above. The driving force for saw-toothed interface
fabrication is thought to be the difference in interface energy
between the high-index-plane Si/SiO- and the low-index-plane
Si/SiO9. Although a theoretical calculation of interface
energy at the high-index-plane Si/SiO_ was not to be found in
literature, some observation results suggested that low-index
interfaces were more stable than high-index ones [11,16]. Thus
it might be thought that as a result of the interface reaction,
the {221}_. interface in ELO and the (ll5) interface in LA were
changed into saw-toothed ones with low-index facets for
energetically stable interface formation. Similarly, rough
interfaces were planarized to atomically flat ones to reduce
interface energy under reactive conditions. It is expected
that similar interface rearrangement might occur during thermal
oxidation under adequate conditions. Since LSPE fabrication
temperature was relatively low, interface rearrangement could
not occur because of lack for reaction energy. Thus, the
Si/SiO9 interface in LSPE was thought to leave the initial
roughness on SiO_ surface.

In LA using a (lT5) substrate, twin boundary defects were
introduced, while no defects were found in the (001) substrate
case. Such twin boundaries changed saw-toothed interfaces into
flat ones. These phenomena suggest that a possible defect
generation mechanism in LA. That is, a twin boundary, whose
formation energy is relatively low[17J, was generated in order
to reduce the interface energy. This was generated in place of
saw-toothed interface formation, which might need energy
comparable to that of twin boundary generation.
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CHARACTERIZATION OF SI /SIC INTERFACES USING TEM
LATTICE IMAGING AND X-RAY MICR'o DIFFRACTION TECHNIQUES

P. K. ROY AND V. C. KANNAN

AT&T Bell Laboratories. Allentown, PA 1S103

ABSTRACT

This paper discusses two analytical techniques: (i) a high resolution transmission
electron microscopy (TEM) technique of imaging Si (111) planes at Si, SiOj interface, and
(ii) an accurate measurement of the stress in silicon (<7si) just below the interface using
x-ray microdiffraction (XRMD) technique. The combination of these two techniques allows
us to probe Si/SiOo interfaces for various oxides (75-250A) grown by different oxidation
processes.

INTRODUCTION

The oxide (SiOo) quality [l] and the substructural properties of the interface 2] in
the SiOo/Si structure play a dominant role in the success of the new generation of devices.
Growth of high quality SiOo films with good Si/SiO* interfacial characteristics require the
best possible thermal, ambient, and Si substrate surface conditions. In recent years, both
the preoxidation cleaning ;3j and the oxide growth process |4j have evolved considerably.
The evolution of the growth-modified oxidation process [5] is a result of the fine tuning of
the preoxidation step. Furthermore, using the concept of multilayered dielectrics, a
radically new stacked oxide [6] has been synthesized recently with an ultra low defect
density (D0<0.2 cm"2) without any charge trapping problems.

The necessity of new interface probing techniques is becoming almost an absolute
necessity not only to optimize an oxidation process, but to adequately predict the
performance and reliability of these thin oxides (<150A) during device operation. In this
paper, we describe two complementary techniques which can be used to monitor interface
microstructures. One of them is the transmission electron microscopy (TEM) technique by
which the interface microstructure can be elucidated in detail by utilizing phase contrast
microscopy [7], The second interface probing technique involves Si (400) Bragg peak
profiling [8] of the SiO2/Si structure by x-ray micro diffraction (XRMD) [9] to accurately
observe both local strain fields and defect structures of the underlying Si layer in the
vicinity of the interface.

BACKGROUND

A. X-Ray Micro Diffraction Technique

The substructural characterization of (100) oriented Si layer near the vicinity of
Si/SiO2 interface can be done by x-ray diffraction (XRD) peak profiling [8] of the Si (400)
CuK0 peak. Peak profiling involves accurate measurement of the peak position (20) and
the peak broadening (/?). In the absence of any lattice dilatation, the Si (400) peak position
(20) with respect to the unstressed value of 69.1975° (20O) is a direct measure of stress (<rSi)
in the Si-layer. The integral peak width ? (peak area/peak height) is a measure of the
defect state in the Si-layer [8]. The peak broadening is a convolution of the effects of
crystallite size, microstress within crystallites, and imperfections within the irradiated
volume containing the Si-layer near the Si/SiO> interface. Any reduction in $ with respect
to j 0 (unstressed Si (400) value of 0.7000°) is a measure of relative improvement of the Si
substructure. The microdiffractometer is designed to obtain diffraction patterns from
exceedingly small amounts of a phase [9], as well as extremely small areas optionally
selected on a sample. The microdiffractometer employs a novel signal collection method to



detect the entire Debye-ring rather than a small fraction of diffracted signal. The
diffracted intensity, at any localized area within SiO2 Si. is a volume average of the
irradiated volume generated from 30 fim diameter collimated CuKa incident rays with a
penetration depth of approximately S/jm. To enhance signal collection efficiency, the
SiOo/Si sample is generally oscillated ±30° around the axis normal to the sample surface
during diffraction measurements. The microdiffractometer uses finely collimated x-rays.
Therefore, the alignment of x-ray beam, collimator position and centering of the sample
setting jig are very critical [9] in order to carry out diffractometry on a localized area.
Figure 1 schematically shows the geometrical configuration of the sample setting jig
assembly with the X-, Y-, and Z-axis vernier controls.

B. TEM Lattice Imaging Technique

The details of either the theoretical or the practical aspect of lattice imaging in a
TEM can be found in literature [10]; however, a simplified version of the essentials of
imaging theory in phase contrast microscopy is schematically shown in Figure 2. The
electron beam AB passing through the center of atoms acquires a slightly higher potential
energy, whereas, the wave CD acquires little or no increment in potential energy since it
passes through the space between the atoms. Thus, a phase difference develops between
the electron wave passing through the center of the atoms and the waves passing through
the interstices. This phase difference under optimum conditions of objective lens defocus,
called Scherzer defocus, can be converted into amplitude difference and transferred to the
image plane to be photographed. If Vo is the wave function of the primary beam, and the
microstructure is represented by a variation of the potential in the specimen (which we
would like to image) by p0, then the exit wave ^d is simply the Fourier transform of the
sample potential. The image wave 0; is then transferred by the objective lens to the photo
plane as variation of the intensity |V>j|2 in x, y coordinates of the film. The contrast
transfer function (CTF) of the objective depends upon lens parameters, such as: (i) defocus
for maximum phase contrast often optimized at Scherzer defocus = (1.5 X C,)1 '* where X
is the wave length of the electron beam and C, is the spherical aberration coefficient, and
(ii) objective aperture and beam spreading effects. Thus, 0; is the modified function of V\i
by CTF.
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Quantitative interpretation of lattice images requires extreme caution since the
images may exhibit anomalous features and can lead to erroneous conclusions [11].
Computer simulation techniques alone can elaborate the details of the observed
microstructure. Under certain circumstances, however, qualitative information can be
extracted from the lattice images by knowing a few parameters, such as the deviation from
Bragg reflection, the objective defocus and very small image drifts. In this paper, only
qualitative conclusions from the lattice images are drawn.

EXPERIMENTAL

The oxide growth conditions and process sequence are discussed in detail in
References 5 and 6, and are shown in Table I.

TABLE 1

PREOXIDATION CLEANIKO

2O2 (90;C), 10 min.

HF:15H2O (1 min.)

OXIDATION
(900rC. OS:TCA)

POSTOX. ANNEAL
(900 C. N2/Ar 30 min.)

TCA- Trichlorocthant

TEOS-Telraethooiytilan*

CONVENTIONAL

THERMAL OXIDATION

intitu PREOX. PROCESS STEPS
750*C CI" CETTERINQ

(30 min. in O;:TCA)

900 C. STRESS-RELIEF ANNEAL
(30 min., Ar)

OXIDATION

(900:C, O2:TCA)

POSTOX. ANNEAL
(»00:C. N2/Ar 30 min.)

THERMALLY GROWN SiOc

(ISO-900=C. O2:TCA)

LPCVO DEPOSITED SiOj

TEOS DECOMP.

{63S=C, O.2STbfr)

OXIDIZINQ DENSIFICATION

(»50-900'C. O2:N2 OR O2:Ar)

GROWTH-MOOIFIED

OXIDATION

SYNTHESIS OF STACKED

5IO t FILM*

VARIOUS PROCESS SCHEMES FOB THE GROWTH OF THIN SiO2 FILMS
ON (100) Si SUBSTRATES



Ail XRMD measurements were done in a Rigaku High Brilliance Reflection mode
Microdiffractometer [91 using collimated 40 k\'. 50 mA CuKa radiation. The x-ray
generator is a high power (12 kW) copper rotating anode (RA) capable of generating a
stable source of high intensity x-rays. Specimens for TEM were prepared in vertical cross
sections using standard procedures. Direct observation of changes near the Si/SiO;
interface were made from Si (111) lattice images. All TEM images were obtained using a
Philips 400T microscope operated at 120 kV.

RESULTS AND DISCUSSIONS

Figure 3 shows the Si (400), 29 peak profiles for various SiOo/Si structures in which
the SiO2 layer (150A) was grown by different oxidation processes. The calculated value of
<rsi is shown in Table II. The stress in silicon (crsi) near the Si/SiO2 interface was
determined from the Si (400), 29 Bragg peak position from the following relations [12]:

sin0o

1-v I sin0
- 1

Where E = modulus of elasticity, v = Poisson's ratio, e = relative lattice strain, ——— =*

2.26 X 1012 dynes cm"2 for Si and 2&0 = 69.1975 * for Si (400) unstressed crystal.

The peak profile (1) corresponds to conventional thermally grown film which
indicates a (400), 29 peak position of 69.1400" corresponding to a tensile stress in silicon of
1.55 x 109 dynes cm"2, (Table II and Figure 3).

TABLE 2

STRESS DATA F30M Si (400) PEAK PROFILE

NOMINAL THICKNESS/OXIDE PROCESSING

3)

2)

3>

t

150 A

210 A

250 A

150 A

210 A

250 A

125 A

150 A

250 A

STANDARD THERMAL SiO2

GROWTH MODIFIED SiO2

STACKED SiO2

(100) Si UNSTRESSED

Si (400) PE
POSITION, 29°

69.1000

69.1250

69.1400

69.1600

69.1750

69.1820

69.1820

69.1930

69.2050

69.1975

MC PROFILE
WIDTH, j}°

0.7450

0.7360

0.7300

0.7250

0.7220

0.7180

0.7300

0.7250

0.7120

0.7000

STRESS IN Si
10* dynes/cm2

2.720

1.992

1.580

0.900

0.480

0.400

0.440

0.200

-0.440

0

In comparison, the 150A SiC>2 film produced by the growth-modified oxidation process
(profile 2), had a aA of 0.9 X 10fl dynes cm"2 0 of 0.7250°. The dramatic reduction in <rsi
to a near zero stress value was observed with a simultaneous lowering in j3 (0.7250°) for
stacked SiOo/Si interface (profile 3). The improvement in Si (400), 29 peak profiles and
approaching the profile of unstressed <100> Si (profile 4) is a clear cut signature of the
dramatic improvement in the Si oxidation process to generate virtually planer and
stress-free interface.

Figure 4 shows Si (111) lattice images obtained near the SiOo/Si interface from
standard, growth-modified and stacked 150A SiOj films. The Si/SiOj interfaces are

delineated by the parallel lines of Si (ill) planes and the oxide at the top making an angle
of 54.7° between the (111) planes and [110] direction of the interface. The lattice images
were obtained by symmetrically tilting (000) and (111) reflections in dark field. Figure 4A
indicates an interface roughness of approximately 25A with a high density of asperities for
the standard thermal oxide. Furthermore, a large contrast modulation near the interface



in lattice lines suggests local strain fields or stress gradients in silicon. The SX)? Si
interface formed by the growth-modified oxide, shown in Figure 4B, indicates the interface
roughness was minimal and asperities were almost non-existent except for a smoothly
varying interface. A smaller contrast variation and much sharper lattice lines were
observed. The synthesized stacked oxide (see Figure 4C) exhibited no asperities and
contrast modulation due to strain fields, and the lattice lines were the sharpest of the three
cases.

The improvement in the quality of the SiOoSi interface by growth modified
oxidation ;5j is due to the addition of two in situ preoxidation process perturbations built
into a conventional thermal oxidation process schedule during the initial stages of oxide
growth. These perturbations are believed respectively to reduce in process incorporation of
mobile ions and local strain fields in the silicon subsurface.

The superior SiO2/Si interfacial characteristics of the stacked oxide [6] are due to
excellent substructure of the SiO* grown during densification-oxidation anneal in near-
equilibrium conditions which minimizes local strain fields in the underlying Si with a
simultaneous decrease in the interfacial roughness.

M.M HOC MM 70.00*
Si (4001 »EAK POSITION. It IMGHEES)

JCRMD Si (400) PEAK POSITION PROFILE
IN (100) SirSiOj STRUCTURE

FOR VARIOUS GATE OXK>E FILMS

FIGURE 3

SUMMARY

This study describes two complimentary state-of-the-art analytical techniques to
probe and characterize the SiO2/Si interface for thin SiO2 films; namely, XRMD profiling
of Si (400) Bragg Peaks and TEM lattice imaging. The interface characterization in terms
of roughness, the presence of asperities, and local strain fields was carried out for oxides
grown by various processes.
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ABSTRACT

A Transmission Electron Microscopy study of the defect microstructure in Silicon On
Sapphire before and after Rapid Thermal Annealing is presented. The annealed material is shown
to contain a much lower density of twins and threading dislocations. Comparison with the as-
grown microstructure enables possible explanations to be proposed for these observations in terms
of the removal of barriers to the introduction and movement of dislocations in response to misfit
and thermal expansion strains. A regular array of misfit dislocations is observed in the interface of
annealed material. These have non-rational line directions and are consistent with complete misfit
accommodation.

INTRODUCTION

Silicon On Sapphire (SOS) is a heteroepitaxial system of considerable importance for
microelectronic integration, but its use has been previously limited by the high density of
crystalline defects present in as-grown (AG) films. A number of distinct approaches have been
adopted for the reprocessing of SOS to reduce stacking fault and twin contents. These include
Solid Phase Epitaxy and Regrowth (e.g. Amano and Carey 1981) and Double Solid Phase Epitaxy
(e.g. Gupta and Vasudev 1983). The major problems with these methods arise as a direct result of
the ion implantation stage; implantation of Si+ can cause severe substrate damage immediately
below the interface, altering the insulating characteristics of the sapphire and causing autodoping
of the silicon film by aluminium.

Recent work by Pfeiffer et al. [1] has shown that the defect content of SOS can be reduced
by Rapid Thermal Annealing (RTA) The wafer is subjected to a brief thermal pulse in which the
peak film temperature is just below the Si melting point. Dramatic improvements in epilayer
quality were observed, as measured by Rutherford Backscattering Spectroscopy, and cross-
sectional Transmission Electron Microscopy (TEM) revealed a large drop in twin content. The
advantage of the technique is that the short period for which the epilayer experiences the peak
temperature is insufficient for substantial autodoping to occur. It was suggested that the dramatic
reduction in twin content was consistent with solid phase epitaxial regrowth from the epilayer
surface in a manner analogous to grain growth in bulk polycrystals [1].

In the present work, cross-sectional TEM has been used to examine the defect structure of
SOS before and after RTA in order to determine what microstructural changes occur during
annealing. In addition to the removal of planar defects, we show that RTA has a profound effect
upon the dislocation structure of SOS. Comparison with the microstructure of AG material has
enabled us to propose possible mechanisms for the removal of defects during RTA.
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RESULTS AND DISCUSSION

Twins
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The high density of twins and stacking faults in AG films would complicate the analysis of
individual defects in strong-beam imaging conditions using matrix reflections. In view of this,
dark-field imaging using diffraction spots arising from twinned material was employed in order xo
reveal the d;>iribution of planar defects on the (1T1) and (II1) tw inplanes.

A series of such images are presented in Figure 1. Figures la and lb are images obtained
from AG material using 111 type reflections arising from twins on the (111) and (111) planes
respectively. There is a substantially larger number of twins on (111) than on (II1) and this is
consistent with the anisotropy in twin populations which has been demonstrated in previous
studies [3].

Figure 1. Dark-field images from AG material (a and b) and RTA material (c and d).

Figures lc and Id are the equivalent images obtained from RTA malerial. By comparison we
can see that ihe total number of twins is much lower than in AG material and those which are
present extend for a shorter distance into the epilayer. Furthermore. RTA SOS can be seen to
exhibit the same qualitative anisotropy in twin populations. We emphasise that whilst none of the
twins in Figures lc and hi extend more than about 0.1 inn into ihe film, occasional anomalous



twins were present in the RTA material which extended right up to the epilayer surface. Such a
twin can be observed in the region shown in Figures 2c and 2d.

It has been shown that the distinctive twinning microstructure in SOS is not consistent with
deformation twinning mechanisms [4] and is instead correlated to the misorientation of the silicon
with respect to the sapphire as demonstrated in our previous work [5]. In this light the
observations presented here are consistent with twins being removed during RTA by solid phase
epitaxial regrowth [1] as such a mechanism would retain both the anisotropy in twin populations
and twins which extend throughout the epilayer thickness. It is also possible that other
mechanisms are operating. A substantial proportion of the planar defects present are extended
stacking faults as opposed to twins [6]> and pinning is required for their presence in the room
temperature microstructure. A brief high temperature pulse may provide sufficient energy for
unpinning leading to the removal of these faults under the driving force of stacking fault energy.

Threading Dislocations

In order to analyse the dislocation structure in this material it was necessary to employ weak-
beam imaging conditions to resolve individual defects. Figure 2a shows a weak-beam dark field
image from AG material obtained using a (g,6g) diffraction condition for g = I I1 (i.e. s ~ 0.085-
nnr1). In addition to displacement fringes associated with stacking faults and/or twins on the
(111) and (1 IT) planes (such as at A) two types of contrast can be seen which arise from
dislocations. Occasional bright linear features are visible (e.g. at B) which are oriented parallel to
the traces of the (Tl 1) and (111) planes and whose contrast is consistent with partial dislocations
bounding stacking faults on these planes. A large number of curved features are also present (such
as at C) which exhibit oscillating contrast characteristic of threading dislocations. Figure 2b is an
image of the same region obtained using a (g,2g) condition for g = 004 (i.e. s = 0.09 nnr1) such
that"any perfect dislocations with in plane l/2<110> Burgers vectors (i.e. l/2[110] or 1/2[1TO])
will give only residual contrast. The vast majority of threading dislocations which were present in
images obtained using other diffracting conditions are also visible in this micrograph, and we
conclude that the majority of the threading dislocations present have Burgers vectors which are
inclined to the interface. These defects show a marked tendency to exhibit straight segments
parallel to the traces of the (111) and (Tl 1) planes (e.g. at D).

Annealed SOS was found to contain very few threading dislocations with substantial
numbers observed only where large twins remained. Figure 2c and 2d are dark field images,
obtained using the same weak beam conditions as Figures 2a and 2b, from a region where a large
twin was present. Here again the majority of the threading dislocations have Burgers vectors
which are inclined to the interface. Figure 3 is a dark field image, obtained using a (g,3£) weak-
beam condition where g = 2Z0 (i.e. s ~ 0.09 nnr1) , from an area which was almost free of twins
and threading dislocations, . One feature of interest is present at E which exhibits contrast
consistent with arising from a half loop of dislocation line.

There are two main ways in which threading dislocations can be introduced during epitaxial
growth; by an existing misfit dislocation being forced away from the interface at a boundary
between growing islands [7], or by a half-loop with inclined Burgers vector being nucleated at the
epilayer surface and gliding toward the interface [8]. In situations where half-loops are glissile, the
second mechanism would give a misfit segment lying in the interface and two threading segments.
The operation of this mechanism in AG SOS, however, would lead to half loops of dislocation line
in the silicon whose motion would be blocked by a twin if the twinplane did not contain the
Burgers vector. This could occur whenever half loops are introduced after a substantial number of
twins have formed or even during cooling from the growth temperature as differences in thermal
expansion coefficients give an additional misfit of 0.5% [4]. These arguments are consistent with
the observations described above in which the threading dislocations in AG SOS have inclined
Burgers vectors and exhibit straight segments parallel to the traces of {111} planes. During RTA
processing most of the twins are removed and hence the half-loops can glide to the interface, but
this would not explain the removal of the threading segments. Reductions in threading dislocation
density following RTA have been noted in other systems [9] but the mechanism by which this
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•Misfit Dislocations

There has been considerable controversy about the accommodation of misfit in SOS due to
the difficulty of obtaining interpretable images of the interfacial structure. Diffraction contrast
imaging of plan view specimens is complicated by the high density of planar faults which obscure
detail from the interface, and problems arise in High Resolution Electron Microscopy (HREM)
studies of [110] cross-sectional specimens because zone axes in the two materials are not aligned.
Plan-view images of early growth material were obtained by Abrahams et al. [10] showing the
presence of misfit dislocations with in-plane Burgers vectors; this was interpreted in terms of an
orthogonal array of edge dislocations. Subsequent HREM studies, however, presented images
which were interpreted as showing that the interface is incoherent and it was proposed that misfit is
accommodated by mixed mode aluminosilicate bonding [4,11]. More recently, HREM imaging at
the sapphire zone axis has been used to show the presence of occasional dislocations in the
interface of AG material and a near periodic array in RTA SOS [2].

Figure 4. Weak beam image of an array of misfit dislocations in the interface in RTA material.

In the present work, weak beam imaging of cross-sectional specimens with the interface
inclined to the beam direction has been employed in an attempt to resolve this issue. As with plan
view imaging the high density of planar faults in AG material obscures the interfacial strucrure in
this imaging geometry. In RTA material, however, the lower fault density enables interpretablc
images to be obtained. Figure 4 is a weak beam image through the interface using a (g,6g)
condition where g = TIT (i.e. s ~ 0.085 nm-1). The array of fringes which lie parallel to the
intersection of the interface with the foil surface are thickness fringes. Perpendicular to these
fringes, a periodic array of misfit dislocations can be seen with an average spacing of 4 ± 0.5 nm.
The line direction of these defects is ~ 15° away from [110] towards [010].

Figure 5 Schematic diagram of an array
of crystal dislocations which would
completely accommodate the misfit.

[010]

[100]

The misfit in SOS is anisotropic with components of 5.5% parallel to (010] and 12.3%



parallel to [100]. In such a situation an orthogonal network of dislocations can only fully
accommodate the misfit if their Burgers vectors are parallel to the principal strain axes. For

I dislocations with in-plane Burgers vectors the configuration which will be required is shown in
Figure 5. This arrangement will give complete accommodation of the misfit in SOS for b_j = 1/2

[IK)], h2 = 1/2 [110], it = [0.41,0.91,0.00], £2 = [041,0.91,0.00], dj = 2.21nm and d2 =
4.94nm. These arrays have perpendicular spacings of 4.03nm and hence the orientation and
spacing of the array visible in Figure 4 is consistent with being one portion of the network required
for the complete accommodation of misfit in SOS In this light one possible explanation for the
"incoherent" interface proposed previously [4,11] is that dislocations are present but do not lie
parallel to either zone axis. In this situation HREM at either zone axis will lead to images showing
apparently extended dislocation cores If the specimen is sufficiently thick (i.e. greater than =
12.5nm) the dislocation images will overlap and interface will appear to be incoherent.

CONCLUSIONS

A dramatic reduction in twin density is observed in SOS following RTA Those which
remain exhibit a distribution consistent with the model for twin removal proposed by Pfeiffer et al.
[1]. The threading dislocation content is also greatly reduced and those which are present are
concentrated around twins which extend to the silicon surface. In both AG and RTA material the
majority of the threading dislocations have inclined Burgers vectors suggesting that they are
introduced by the glide of half loops whose motion is blocked at twin boundaries. The presence of
small half loops near the interface in RTA material has been used to propose ways in which the
threading segments could be removed. A regular array of misfit dislocations with non-rational line
directions has been observed in RTA material by using weak beam imaging.

ACKNOWLEDGEMENTS

The authors would like to thank D.J. Eaglesham for useful discussions on misfit
accommodation, J.E.A. Maurits for provision of material for this study and K.W. West for
assistance with RTA Processing. One of us (MA) would also like to acknowledge The British
Vacuum Council, The Fellowship of Engineering, The Institute of Metals, and The Institute of
Physics for financial assistance to attend this conference.

REFERENCES

1. L. Pfeiffer, J.M. Phillips, K.E. Luther, K.W. West, J.L. Batstone, F.A. Stevie and J.E.A. Maurits,
Appl.Phys.Utt. 5Q, 466 (1987). ^

2. J.M. Phillips, J.L. Batstone and L. Pfeiffer in Heteroepitaxv on Silicon II, edited by J.C.C. Fan, J~
J.M. Phillips and B.Y. Tsaur (Mater. Res. Soc. Proc. 21, 1987) pp.365-370. >

3. See, for example, R.T. Smith and C.E. Weitzel J. Cryst. Growth 5_8_, 61(1982). C
4. K.C. Paus D.Phil. Thesis, Oxford University (1987).
5. M. Aindow and R.C. Pond, (in preparation).
6. T. Hayashi and S. Kurosawa, J. Cryst. Growth 45, 426 (1978).
7. M.S. Abrahams, L.R.Weisberg, C.J. Buiocchi and J. Blanc, J. Mat. Sci. 4, 223 (1969). '
8. J.W. Matthews, J. Vac. Sci. Technol. 12,126 (1975).
9. H. Heral, A. Rocher, M.N. Charasse, A. Georgakilas, J. Chazelas, J.P. Hirtz, H. Blanck and J. Seijka !'T

in Epitaxy of Semiconductor Layered Structures, edited by R.T. Tung, L.R. Dawson and R.L. ..̂
Gunshor (Mater. Res. Soc. Proc. 102, 1988) pp 51-56. ^

10. M.S. Abrahams, C.J. Buiocchi, J.F. Corboy Jr., and G.W. Cullen, Appl. Phys. Lett. >
28, 275 (1976).

11. F.A. Ponce, Appl. Phys. Lett. 41, 371 (1982).
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ABSTRACT

Experiments are described in which crystals are grown by molecular beam
epitaxy to reveal the character of the forces transmitted through interfaces. Both
long range forces carried by the electron liquid in metals, and short range
interactions associated with atomic size and misfit, are discussed.

INTRODUCTION

It is of course widely recognized that the energetics of interfaces [1] play a
major role in determining the configurations of bulk materials that can be
achieved in practice. Equally, the degree to which interfaces modify materials
properties has been documented, although understanding still lags in many areas.
This is particularly the case for mechanical behavior, which may often be
dominated by interfacial effects.

By modern methods it has become possible to create interfaces of unusual
perfection using techniques of epitaxial growth [2]. Reference is made here to the
assembly of materials lattice plane by lattice plane, either by chemical vapor
deposition or by molecular beam epitaxy. Great progress has taken place over
recent years in the epitaxial growth of elemental and compound semiconductors, of
metals and metaloids, and of salts including alkali halide and fluorite materials.
Much effort has passed into the heteroepitaxial growth of dissimilar materials such
as fluorites and metals on Si, because important technical opportunities are
apparent. In this way, interfaces of rare perfection between unusual materials
combinations are now for the first time becoming available for study.

In this paper the main focus of interest is on metals. Most metals
interdiffuse at high temperature. As epitaxial methods generally permit growth at
relatively low temperatures ~ 3Tm/8 in metals [3] it is usually possible to take
control of the interdiffusion problem, and in this way create interfaces that are
chemically sharp down to interatomic distances, even for metals. A valuable new
opportunity to grow and examine simple, sharp metal interfaces thereby arises. In
addition, sequences of interfaces may be selected to make new phenomena
available for study, or to enhance the detectability of known phenomena. In a
number of cases, metals have been grown with a variety of selected orientations [4],
so that some flexibility in choice of interface orientation has already been achieved
for metals. The examples discussed in the remainder of this paper are selected for
the light they shed on the forces that act through metal interfaces, and their
consequences for the structures that can be achieved by epitaxial methods.



LOXG RANGE FORCES

The most important long range interaction among atoms in metals has an
oscillatory form and is carried by the conduction electrons. Work by Ruderman,
Kittel, Kasua and Yoshida (RKKY) first recognized that interactions among nuclear
spins took this form [5]. Much later came the understanding that the interactions
that determine what crystal structure a particular (simple) metal adopts arise
basically from the same mechanism [6]. In this process each atom scatters
conduction electrons. This causes halos of electron density oscillations ("Friedel
wiggles") to surround the scattering centers much as a diffraction pattern forms
around a dust particle when it scatters light. Because all electron wavelengths
down to the Fermi wavelength 27t/kp are represented, the final oscillatory form
contains kp alone. In fact the interaction takes the form

O(r) ~ cos (1)

in which rj is a constant. These effects are ubiquitous in metals, with density
oscillations in slightly different forms near dislocations, surfaces, impurities and so
on.

The conduction electrons of a perfect metal give rise to a conduction electron
density that is of course translationally invariant. It may be regarded, however, as a
superposition of components due to individual atoms, each with long range
oscillations resembling equ. 1. These give rise to interaction potentials with the
same oscillating form; Fig. 1 shows the behavior for the case of Ga. Theoretical
work has established that these are the main long range forces among atoms in
metals, and that they help to determine what crystal structure the metal adopts [61.

Our present interest in the behavior near interfaces suggests the following
question. Are the electronic forces transmitted through interfaces between
different metals or, alternatively, are they greatly modified? Recent evidence from
multilayer assemblies of epitaxially grown metals has provided an insight into
these phenomena. In what follows we point, for the first time, to an unambiguous
demonstration that the electronic effects can pass with substantial amplitudes
through several successive interfaces.

Fig. 1. The interatomic potential <D(r) for Ga
metal (below). The upper figures show the
atomic locations for the fee structure
(middle) and for the favored Ga structure
(top). Taken from ref. 6.

0.001



bilayer

Nb [110]

- • -SS

j ~ 1000 A repeot N

(85K<T<I78K)

Fig. 2 Structure of a Dy/Y superlattice grown with successive Nb and Y buffer
layers on sapphire. The spiral magnetic structure of Dy, with ferromagnetic basal
planes progressively reorienting, is shown to the right.

As a particular example consider Dy metal. Like Ho and Tb, Dy has a
temperature regime in which the 4f core magnetism is organized into a helical
structure [7] directed along the c axis of the hexagonal lattice (from 85 K to 178 K for
Dy). The magnetic structure comprises ferromagnetic layers, with the orientation
of M in the basal plane changing progressively by rc/3 approximately each two
planes. Figure 2 sketches a superlattice made from Dy and non-magnetic Y, with
the Dy magnetic structure indicated schematically to the right. From theory it is
known that the interactions causing the magnetic structure are mainly the RKKY
oscillations, together with the anisotropic interactions of the non-spherical 4f cores
both with each other and with the lattice. The point of importance here is an
unambiguous demonstration that the RKKY oscillation persist through Y spacer-
layers of the superlattice, and couple the successive Dy layers together. This
requires that oscillations extend through at least two Dy-Y interfaces.

The evidence that the magnetism does propagate through several layers is
shown in Fig. 3. There, the main Bragg peak observed in our neutron scattering
studies of a Dy-Y superlattice [8] has many sidebands. Those close to the main peaks
are due to the extra chemical periodicity introduced by the alternating Dy and Y
blocks. In addition, there are sidebands (arrows) due to the periodicity associated
with the magnetic spiral. A critical point is that the width of these magnetic peaks
is less than the splitting between the chemical sidebands. This provides an entirely
convincing demonstration that magnetic coherence extends through several
periods of the superlattice8- But since the structure is a spiral it follows that
successive Dy layers must all have the same chirality (if they alternated with
random sign the phase would execute a random walk and the magnetic sidebands
would be broad). How can the chirality be transmitted? Figure 4 sketches two
RKKY responses at right angles showing how their different phases, which arise
from chirality in the Dy, lead to a chirality with the same sense in the RKKY
response of the Y layer. The coupling to this chirality in the next Dy layer evidently
causes it to adopt the same sense of spiral. As the chirality is defined only over an
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Fig. 3. Neutron diffraction scans along
(000£) of a [Dyi61 Y2ols9 superlattice for
several different temperatures.8 The
magnetic sidebands (arrows) give the
helical period, which shifts with
temperature, and indicate that the
chiral coherence extends through
several interfaces (see text).
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interval of Dy lattice beyond each interface, the transmission of chirality provides a
quite unambiguous proof that the RKKY process propagates through the interfaces.
Earlier measurements on Gd-Y had revealed a coupling whose sign varied with Y
layer thickness [9], in accordance with Yafet's suggestion [10] that the RKKY
interaction was responsible. However, Gd is ferromagnetic [7], and the absence of
chirality therefore invalidates any attempt to infer so directly for Gd-Y that the
conduction electron response is transmitted through the interfaces from deep
within the magnetic layer.

In this elegant example, the coherence of the conduction electron response is
undoubtedly aided by the fact that Y and Dy (or other trivalent rare earths) have
very similar valence structures. In other cases the interface represents a severe
perturbation at which the density of the electron liquid changes substantially. For
this reason it no longer remains clear that the crystal structure of least energy for
atomic planes near the interface is necessarily that of the bulk metal. In the one
clear investigation of these interesting possibilities we have created and examined a
number of superlattices [11] in which fee Ir alternates with hep Ru. There result
excellent single crystals with well-defined three dimensional reciprocal lattices of

Y Dy

Fig. 4. Spiral magnetism (heavy arrows, right) stimulates two orthogonal RKKY
responses that are out of phase. The chirality is seen to be preserved in the
RKKY response, which transmits the structure to the next magnetic layer.



x-ray reflections. The x-ray results show very clearly that thick Ru and Ir layers
each adopt their bulk crystal structures in the superlattice [12]. For thinner layers a
variety of unusual but still sharp structures occur. In particular, in superlattices
with Ru twice the Ir thickness, the entire structure becomes strongly hep when the
superlattice wavelength is reduced to 18 atomic layers [11]. The role of RKKY
interactions in promoting stacking changes has been discussed in some detail by
Brunisma and Zangwill [13]. As yet the observed structures in Ru/Ir have no
concrete interpretation. An added complication is that the lattices are prepared at a
high growth temperature near 900'C, and it is not clear to what extent the stacking
sequence may change as the structure is cooled to room temperature.

In concluding this brief description of long range force effects in metals we
note that interactions among impurity strain fields also can give substantial effects,
particularly when the mobility is high enough for the system to reach equilibrium
in a suitable experimental time scale. Using Nb/Ta superlattices grown in the
author's group, Miceli and Zabel have studied the coherent interaction of H
impurities both with superlattice boundaries and with each other. Important
effects are observed both in static interaction and critical fluctuations. For details
the reader is referred to the original publications [14],

SHORT RANGE FORCES

Most metal atoms exhibit a fairly well-defined characteristic size which it is
customary to regard as associated with short range repulsive forces. When foreign
atoms grow in registry with the exposed surface plane of a substrate metal, the
epitaxial layer so created is in general strained, owing to any size difference between
the two species. This is the well-known "coherency strain" whose effects in such
bulk phenomena as the nucleation of precipitates have long been recognized [15].
Within this context of atomic registry at interfaces, the short range forces create
interesting phenomena of several distinct types. Four of these are discussed in
what follows.

(a) Relief of coherence

For an epitaxial film of thickness d and fractional misfit strain e, assumed
uniform in the growth plane, the elastic energy varies as e2d. In the direction
perpendicular to the surface (i.e. the growth direction) the strain is determined by
the condition that the stress at the free surface vanishes. The number, and hence
the energy also, of interfacial dislocations required to completely relieve this strain
obviously varies in proportion to 8 and is independent of d. By comparing these
energies it follows that thin epitaxial layers remain stably coherent whereas, for
thicker films, some degree of strain relief is energetically desirable. In strain-layer
superlattices, the layers are thin enough that the assembly of alternating layers has
a lower free energy when coherently strained than when any part of the strain is
relieved by interfacial dislocations. Therefore the coherent configuration is stable
against strain relief, while remaining merely chemically metastable against
configurations in which the two components segregate into separate bulk media.

No systematic studies of the way dislocations relieve coherency strain in
thicker metal epitaxial films are currently available. Following growth, the general
observation is that strain in metal films is largely relieved for d greater than, say,
300 A. More penetrating studies have been made on elemental semiconductors.
Experiments have examined ranges of misfit, thickness and growth temperature.



Theories by Dodson [16] and coworkers, which are in quite good accord with
experiment, suggest that plastic relief of coherency strain occurs during the growth
itself by activated plastic processes. At present, however, little is known about the
origins of the dislocations whose action is supposed to provide the observed stress
relief in the thick films.

(b) Lattice clamping

In most cases the further thermal evolution of strain relief is frozen out
when the material is cooled from the growth temperature to 290 K. The epitaxial
film is then "clamped" to the substrate; its lattice parameter parallel to the interface
subsequently changes in direct proportion to that of the substrate to which it is
clamped. Explicit x-ray investigations of important cases such as GaAs or Si reveal
[17] that this can cause unexpected "inverted" strains, depending on the relative
expansion coefficients of the substrate and the film.

The effect of lattice clamping can be probed by means of experiments that
study shape-dependent transformations of the films. An example is
magnetostriction in magnetic materials, and in particular the large
magnetostrictive shape changes that accompany most ferromagnetic transitions [7],
For Dy and Er lattice clamped to sapphire (through Y and Nb buffer layers) it is
observed that their bulk ferromagnetic transitions are completely suppressed in
thin films [18, 9] owing to the lattice clamping that modifies the magnetoelastic
energy contribution to the bulk ferromagnetic energy.

Two detailed points are worth specific mention. First, these are hexagonal
metals whose magnetoelastic behavior is strongly anisotropic [7], and specifically
differs along the a, b and c principal axes. It follows that lattice clamping generally
gives rise to three distinct phase diagrams for the epitaxial systems, one for each
principal perpendicular orientation of the film axes. This is of potential interest in
the future tailoring of magnetic structures for device purposes. Second, it has been
observed that the magnetic effect of lattice clamping generally weakens with film
thickness and is much less effective for d £ 1 urn [18]. While this may appear
intuitively reasonable it should be recalled that the elastic strain field in a clamped-
film geometry is uniform regardless of film thickness. The only way that
magnetoelastic behavior can be thickness-dependent is if the clamping somehow
becomes less effective in thicker films, so that the elastic clamped solution fails.
The effect appears reversible with magnetic field. It is possible that field-driven
dislocation bowing may, in effect, change the spacing of atomic planes parallel to
the surface, and hence modify the effective magnetoelastic strain that accompanies
magnetization. These effects remain imperfectly understood at the present time.

(c) Induced ordering

Epitaxial strains can induce the growth of metastable compound phases that do
not appear on the equilibrium phase diagram (which shows the concentrations of
phase boundaries against pressure and temperature). The important fact, when
two components are present, is that whatever epitaxial phases grow must all be
strained coherently when the film is thin, because all epitaxial arrangements
remain in registry with the substrate atoms. Ordered arrangements with small and
large atoms alternating then have an energetic advantage over the strained
segregated phases, as indicated on the left in Fig. 5. Model calculations [19J can be
carried out for a harmonic lattice, with large and small species simulated by linearly
coupled core repulsions. It turns out that the coherency energy of the two dilute
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Fig. 5- When forced into epitaxial registry, two systems with large and small atoms
may find an ordered arrangement favorable (bottom left) to avoid the epitaxial
strains indicated in the top left figure. To the right is shown the free energy as a
function of composition x in the bulk and in the epitaxial system, when
disordered (solid lines) and ordered phases (broken lines) can be stabilized by
epitaxial registry.

phases on a substrate having their average spacing may, for certain lattice-
dependent interface orientations, exceed the misfit energy of the disordered alloy.
When this happens, any ordered phase that is energetically favored over the
disordered alloy necessarily become the equilibrium epitaxial phase at sufficiently
low temperatures. The type of model free energies obtained in these calculations
[19] for bulk and epitaxial phases are shown as functions of composition on the
right of Fig. 5. One may expect that, for thin systems, the ordered compound is the
stable state whereas for thicker films it is metastable, just as for the strain layer
systems described above in (a). Whether the stable phase occurs or not in practical
cases may, however, depend also on kinetic factors.

Phases ordered by epitaxial coherence have not yet been discovered for
metals but seem to occur fairly widely for III-V semiconductor compounds such as
GaAlAs2 or Ga2AsSb. Chalcopyrite and Cu-Au arrangements of the doubly
occupied sublattice have both been reported [20]. Detailed theories of the energetics
have been described by Zunger and coworkers [21]. There may be technological
applications in which it is advantageous to prepare these ordered materials, rather
than the disordered alloys, and in this way to increase the mean free paths of
electronic and vibrational excitations. To date, however, the ordered phases have
exhibited coherence length in the surface plane that are limited to ~ 100 A, because
the induced phases nucleate randomly, and in different orientations, with a
consequently limited domain size. What is needed to produce large domains are
substrates that match the unit cell of the metastable compound, so that nucleation
produces the same compound orientation everywhere.

(d) Order-parameter clamping

Metallic compounds that exhibit order-disorder transformations with
increasing temperature have been grown in recent work. This research involves
the O13AU system, which has been grown both on its (111) and (100) surfaces as
high quality single crystals [22]. These have excellent surface flatness and a
structural coherence length £ 103 A. There is no reason to suppose that the many
other systems with order-disorder transformations would be more difficult to grow.
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Fig. 6. Two mechanisms for locking of order parameters to an interface. A
chemical attraction of one species (solid circles) preferentially to the interface
sites is shown to the left. On the right, the in-plane order also locks to that of
the substrate thereby eliminating antiphase domains between different
nucleation centers. The figures are schematic, with relevence to O13AU
(100).

It therefore appears probable that a good deal of effort may be directed to this area in
the future.

The point of particular interest here is that it appears possible for short range
forces to lock the order parameter of these systems to the interfaces. At least two
methods are available. These are shown in Fig. 6. To the left in Fig. 6 the
successive planes of CU3AU grown on the [100] plane are shown schematically to
alternate between pure Cu and equal Cu and Au. One may anticipate that the Au
shows a preference either for planes that neighbor the interface, as shown, or else
avoids the interface. Alternatively, an ordered substrate may be chosen to lock Cu
and Au atoms at particular surface sites, as shown on the right in Fig. 6. By either
method the short range forces cause the ordered system to lock onto the interfacial
structure. Only in the second case can antiphase domains from different
nucleation sites be avoided.

Any such chemical interaction must enhance the ordering at the interfaces.
This enhanced order is expected to penetrate into the film in a way described by the
Ginsberg-Landau theory for inhomogeneous systems. For very thin films (eg three
layers of CU3AU) one may anticipate that these surface forces play a dominant role,
and that the order-disorder transition may therefore be shifted to higher
temperature. These effects offer a future quantitative probe for the strength of the
short ranged forces through interfaces in metallic systems.

SUMMARY

Both long range and short range forces through the interfaces of epitaxially
grown crystals have been discussed. Specific manifestations of both long and short
range forces are identified, and some speculative suggestions made about the
possible harnessing of these forces to create selected structures. This is a young field
in which substantial progress can be anticipated over the next few years.
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CORRELATION BETWEEN THE STRUCTURE, ENERGY, AND LOCAL
ELASTIC PROPERTIES OF GRAIN BOUNDARIES IN METALS

D. WOLF, M. KLUGE, AND J. LUTSKO
Materials Science Division, Argonne National Laboratory, Argonne, IL 60^39

ABSTRACT

The zero-temperature energies and equilibrium volume expansions of
point-defect free asymmetrical grain boundaries (GBs) involving the four
densest planes in fee bicrystals (with some higher-index plane on the other
side of the interface) have been determined using an embedded-atom-method
potential fitted to Au. It is found that the two asymmetrical tilt GB3 at
the endpoints of the related GB energy vs. twist misorientation curves give
rise to pronounced energy cusps. As for symmetrical GBs, a practically
linear relationship between the GB energy and equilibrium volume expansion
is observed. The volume expansion and the destruction of the perfect-
crystal stacking at the GB are shown to cause a pronounced local decrease
in the resistance towards shear parallel to the GB plane.

1. INTRODUCTION

A fundamental characteristic of all interfacial systems is that they
are intrinsically inhomogeneous; i.e., the physical properties in the
interfacial region differ (in some cases significantly) from those of the
bulk perfect crystal. In grain-boundary (GB) materials the inhomogeneity
in the physical properties arises from the structural disorder at the GBs
and the subsequently modified (usually lower) mass density due to the
volume expansion normal to the GBs.

In monatomic metals the lower mass density gives rise to a lower con-
duction electron density localized at the GB. The interaction of atoms in
the GB region with other atoms is therefore strongly anisotropic in that
interactions with atoms on the opposite side of the interface are mediated
by a lower electron density than interactions with atoms on the same side.
In virtually all of the atomistic simulation work on GBs isotropic pair
potentials were employed. In much of this work the volume expansion at the
GB was suppressed in order to avoid the conceptual difficulties arising
from the anisotropic electron density near the interface. However, this
volume expansion and the related optimum translational state parallel to
the interface represent the most pronounced structural features of a GB.
Therefore, conclusions drawn from such constant-volume simulations are
questionable.

With the development in recent years of many-body embedded-atom-method
(EAM) potentials [1,2] these problems associated with the use of pair
potentials can now be avoided, thus enabling much more realistic atomistic
simulations of interfacial systems. In contrast to central-force poten-
tials, in the EAM the local-volume dependence of the binding energy of a
metal is explicitly taken into account via the net electron density
experienced by a given ion. This density arises from the surrounding metal
atoms, and inhomogeneous electron-density distributions associated with
locally inhomogeneous atom configurations are thus accounted for. Con-
ceptually EAM potentials are therefore based on a much better physical
description of metallic bonding than are pair potentials.



Fig. 1. Creation of an asymmetrical twist (or "general" or "random") GB by
a twist rotation of an asymmetrical combination of lattice planes
about the common GB-plane normal. The two asymmetrical tilt con-
figurations (ATGBs) are obtained for 8 = 0° and 1 8 0 % . ^ For some
arbitrary twist angle a general boundary is obtained. n-| = ± ng
yields a symmetrical boundary with the perfect crystal at 9 = 0,
the symmetrical tilt boundary (STGB) at 9 = 1 8 0 % , and sym-
metrical twist boundaries for arbitrary angles 9.

In this article EAM potentials will be employed to investigate two
types of phenomena which are known to be rather sensitive functions of
volume changes at the GB. First we will consider the correlation between
the structure, energy, and volume expansion for GBs in fee metals.
According to Seeger and Schottky[3], GB energy and volume expansion should
be strongly correlated. Second, the elastic anomalies near GBs in metals
will be investigated. Since it is well known that a volume expansion of
typically about 2% between zero temperature and melting causes a decrease
in the elastic constants of most materials by typically about 50J, the
volume change at the GB is expected to have a strong effect on the local
elastic response. This modified elastic behavior is expected to affect the
fracture properties of bicrystals.

2. GEOMETRICAL CHARACTERIZATION OF GRAIN BOUNDARIES

A convenient choice of the five macroscopic parameters needed to
characterize a general GB is the following [4,5]:

(D

Here n,. and n? represent the same interface-plane normal, however, referred
to the principal coordinate systems of semicrystals 1 and 2, respectively
(see Fig. 1(a)). With the GB-plane orientation thus fixed in the two
semicrystals the only remaining degree of freedom (dof) is the one
associated with a relative rotation about the plane normal. This twist
rotation is characterized by the angle 9 (see Fig. 1(b)).

The connection between (1) and the conventional terminology based on
the coincident-site lattice (CSL) description of GBs [6,7] is readily



made. As illustrated in detail in Ref. 5, the tilt rotation axis, nj, and
tilt angle, <i are given by

A A * A A

n_= [n, x nJ / |[n, x n J |, (2)

sin* = |(n1 x n2J|, (3)

and the twist component, characterized by the twist angle 9 and the
rotation axis ii] or iij (depending on the coordinate system chosen), is
apparent in (1). Equation (2) illustrates that the tilt component of a
general GB is completely given by the two sets of lattice planes forming
the interface (see Fig. 1(a)). Since, for a given combination of lattice
planes, the tilt-boundary configuration has the smallest planar unit cell
of all GBs [4,5], the angle 6 = 0 is chosen such that the related GB has no
twist component. The resulting asymmetrical tilt boundary (ATGB) is thus
characterized by 4 macroscopic dof. An arbitrary value of 9 in (1) thus
describes a GB with both tilt and twist components. Such a boundary, with
5 dof, is usually referred to as "general" or "random", although the term
"asymmetrical twist" appears to describe its geometry more aptly. The
asymmetry in the GB plane automatically implies a tilt component of the
boundary (see Eq. (2)); the terra "asymmetrical twist" expresses the fact
that, in addition, the boundary was rotated about the GB-plane normal,
giving it a twist component (see Fig. K b ) ) .

The above analysis illustrates what appears to be a little known fact:
For every pair of asymmetrical tilt boundaries ( 9 = 0 and 8 = i80°/m) there
are infinitely many asymmetrical twist GBs (for arbitrary 9 in ( D ) . A
similar statement is true for symmetrical boundaries [4]: For n^ = ± n2 in
(1) there are infinitely many possibilities to generate twist boundaries
(for arbitrary 9) but there is only one symmetrical tilt boundary (STGB)
configuration on any given lattice plane, namely the twist boundary
obtained for 9 = i80°/m. Here m characterizes the symmetry of a possible
rotation axis in the planar unit cell of the perfect crystal.

3. ENERGY-FREE VOLUME CORRELATION FOR GBs IN FCC METALS

The understanding of the relationship between the structure and energy
of GBs has been a subject of considerable interest during the past two
decades. For the reasons outlined in the Introduction, in most GB simula-
tions employing pair potentials the volume expansion at the GB has been
suppressed (see, for example, Refs. 8-10). This volume expansion can now
be investigated systematically by means of EAM potentials. By its very
definition the excess free volume, 6V, is one-dimensional (i.e., parallel
to the GB-plane normal) since, in the GB plane, the unit-cell dimensions
are fixed by the surrounding bulk regions. SV is thus a volume expansion
per unit area, and is usually given in units of the lattice parameter a .
The zero-temperature lattice statics relaxation method employed to relax
the atom positions while simultaneously determining the optimum translation
perpendicular and parallel to the GB plane was described elsewhere [8,11].

Figures 2(a) and (b) show the GB energy, E G B(e), and the volume
expansion, 6V(9), for asymmetrical twist (i.e., general) GBs sharing the
(221)(001) combination of planes. In these calculations an EAM potential
fitted for Au was employed. According to these results, both the EGB(9)
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Fig. 2. GB energy, E G B (in erg/cm2; left) and volume expansion, 6V (in
units of aQ; right) vs. twist angle, 9, for (221)(001)
asymmetrical twist GBs. For comparison, both an EAM potential
fitted to Au and a Lennard-Jones potential for Cu were employed.
The value of r indicates by how much the planar an it-cell area of
a given GB exceeds the smallest possible area for a given com-
bination of planes (for which r = 1, by definition). The two
ATGBs at the beginning and endpoints of these curves are
characterized by r = 1.

and 6V(9) curves increase sharply for small values of 9 (in accordance with
the Read-Shockley model [12]), level off in the rather broad plateau re-
gion, and decrease sharply as the end point at 9 = 130°/m is approached. A
similar qualitative behavior is found for the (115X111), (114)(O11) and
(557)(113) combinations of lattice planes. These combinations were chosen
because they have one of the four densest lattice planes on one side of the
interface, with some higher-index plane on the other. Such combinations
have frequently been observed in TEM experiments on GBs [13-15] and metal-
ceramic interfaces [16].

The fact that the EGB(9) and «V(9) curves in Figs. 2(a) and (b) have
rather similar shapes suggests the plot of EGB(6V) shown in Fig. 3.
According to these results, a practically linear relationship exists
between the GB energy and volume expansion. The existence of such a corre-
lation was first suggested by Seeger and Schottky [3]; it was also found in
our recent calculations for symmetrical GBs [11].

As discussed in Sec. 2, the two asymmetrical tilt-boundary configura-
tions, obtained for 9 = 0 and 9 = 180°/m, represent the GBs with the
smallest planar unit-cell areas for any given combination of lattice
planes. The subsequent extreme sensitivity of the GB energy towards trans-
lations parallel to the GB Piane is thought to be the main reason for the
appearance of cusps in the EG°(9) and 6V(9) curves at those angles (see
Fig. 2). A similar cusp was found in Ref. 11 at 6 = 1 8 0 % for the sym-
metrical GBs on a given plane (so-called STGB cusp); the angle 9 = 0
represents the ideal crystal in that case with an even deeper cusp. From
the point of view of the related planar unit-cell areas, characterized by
the planar density of CSL sites r, asymmetrical and symmetrical GBs are
thus rather similar. For both the EGB(9) and 6V{e) curves show pronounced
cusps at the angles for which r = 1; minor cusps appear in both cases when
relatively low values of r are approached (such as r = 5 at 9 = 36.87° in
Figs. 2(a) and (b)).
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The fact that the two ATGBs on a given set of lattice planes always
appear to give rise to an energy cusp essentially answers the question as
to why rotating plate-on-a-sphere experiments [17-19] show such a pre-
dominance of tilt boundaries. Although in the total misorientation space
represented by the 5 macroscopic dof in (1) both symmetrical and asym-
metrical tilt boundaries represent an infinitely small subset, nevertheless
these boundaries probably play a very important role in polycrystals
because of their relatively low energy. Following the above discussion and
our recent results for symmetrical GBs [11], this special role appears to
originate from the very special geometry of these defects.

4. LOCAL ELASTIC CONSTANTS NEAR GBs

It has been noted in the Introduction that grain-boundary materials,
by their very nature, are inhomogeneous systems. In addition to the
reduced density in tha grain-boundary region which arises from the local
volume expansion at the interface (see Sec. 3), these inhomogeneities are
particularly noticeable in the elastic properties near interfaces.

Most phenomenological models describing interface-related properties
do not take into account the local variation of the elastic constants near
an interface. As examples we think of (i) segregation models in which the
bulk moduli are used to describe the accommodation of an over- or under-
sized impurity in a GB, and (ii) fracture models based on continuum
elasticity in which bulk, space-independent elastic constants and moduli
are used to describe the elastic response near a crack tip. Atomistic
simulations represent an ideal, and in some cases the only, method to
determine such local properties in highly inhomogeneous systems.

As evidenced by the connection between the thermal expansion of a
material and the related decrease in its elastic constants, elastic
properties are sensitively governed by the distances between atoms. To
illustrate how much the distribution of interatomic distances in a GB
differs from that of a homogeneous (i.e., perfect-crystal) system, Fig. U
shows the slice-by-slice radial distribution functions for the atoms in the
two lattice planes nearest to the (100) 6=43.60° (so-called 129) twist
boundary. Owing to the expansion at the GB the average distance between
the atoms has increased. However, according to Fig. 5 a significant
fraction of atoms is found at distances shorter, up to about 10J, than the
nearest-neighbor distance. The latter are expected to give rise to a
stiffened elastic response; by contrast, those atoms originally separated



Fig. 4.

Au (EAM)

(100) 229
PLANE 2

0.8

Radial distribution functions, r2G(r), for the two {100) planes
nearest to the £29 (001) twist GB whose local elastic constants
are shown in Figs. 5(a) and (b).

by a nearest-neighbor distance but, upon introduction of the GB, removed
further from each other are expected to show a softened elastic response.
On balance, as evidenced by Fig. 5, both the shear modulus, C44, parallel
to the GB plane and Coo, the elastic constant along the GB-plane normal,
decrease. In these zero-temperature local-elastic constant calculations,
expressions derived recently [20] were evaluated using a combined lattice-
statics and lattice-dynamics approach.

The remarkable feature in Fig. 5 is the pronounced decrease of the
shear resistance at the GB, noticeable within the four or five (100) planes
nearest to the GB (see Fig. 5(b)). The other elastic constants also show
anomalies; however, their magnitudes are more similar to those in C?, shown
in Fig. 5(a). We interpret the large loss of shear resistance parallel to
the GB plane in terms of the destruction of the perfect-crystal, ...ABAB...,
stacking of (100) planes at the GB which, together with the subsequent
volume expansion, leads to the large reduction in C•44. In terms of
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Fig. 5. Local elastic constants normalized to their respective bulk values
for the (001) 6=43.60° (so-called £29) symmetrical twist boundary
obtained for an EAM potential fitted to Au. Left: shear elastic
constant, C ^ , for shear parallel to the GB plane. Right:
elastic constant, C33, parallel to the GB-plane normal.



Gleiter's lock-in model for the structure of crystalline interfaces [21],
this large loss of shear resistance indicates an almost coaplete loss of
interlocking of the two halves of the bicrystal at the GB, and a behavior
more similar to a liquid than a solid. Finally, the fact that practically
the same results were obtained by means of the Lennard-Jones potential
suggests that the general features in Figs. 5<a) and (b) are practically
the same for different fee metals.
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ABSTRACT

The energetics of dislocation nucleation mechanisms in strained layers are
calculated: for strains below 1% nucleation of new dislocations at the surface
seems implausible. An experimental TEM study of the first dislocations in low-
mismatch GeSi/Si epilayers suggests that dislocations are appearing through a
completely novel type of dislocation source. 1/6<114> stacking faults which we
observe in unrelaxed films appear to dissociate to emit a glissile dislocation.
This source differs from all previous mechanisms in that it occurs in
"dislocation-free" material, and a single fault can generate two distinct types
of dislocation.

INTRODUCTION

Dislocation nucleation mechanisms have been of interest since plastic
deformation was first explained in terms of dislocation motion. It was
immediately apparent that dislocation densities in good quality single crystals
were not high enough to produce the observed deformation rates. A number
of mechanisms were suggested by which dislocations could be produced by an
applied stress in a region of perfect crystal, the most probable being dislocation
half-loop nucleation at free surfaces. Frank [1] calculated the activation energy
for this process, and demonstrated that it is extremely implausible at the typical
stresses involved in plastic deformation of metals. It became clear that
increases in dislocation density during plastic deformation were arising not
through the nucleation of new defects, but by the action of multiplication
mechanisms (such as the Frank-Read source) on pre-existing dislocations.
Even in very high-quality single crystals, the density of pre-existing dislocations
always appears to provide enough active sites for multiplication to occur.

However, recent studies of relaxation in strained semiconductor layers
have renewed interest in dislocation nucleation phenomena. It seems possible
that highly strained heteroepitaxial layers may contain too low a base



dislocation density for multiplication mechanisms to generate the very high
interfacial dislocation densities required to relax the lattice mismatch strain.
Thus the defect densities in semiconductor epiiayers such as GeSi/Si may be so
low that nucleation is required to produce large deformations. In this paper we
shall identify theoretically a critical region of lattice mismatch, where the strain
is too high to be accommodated by propagation of pre-existing threading
dislocations, but too low to activate energetic processes such as the nucleation
of new dislocation half-loops. We shall then present experimental
observations which are strongly suggestive of the operation of a completely
novel dislocation source in GeSi layers with these values of misfit.

THE CRITICAL THICKNESS AND DISLOCATION NUCLEATION

In lattice mismatched heteroepitaxy we expect to see a thickness at which
a coherently strained growing layer can reduce its energy by introducing misfit
dislocations at the heterointerface and reducing the strain through the rest of
the layer [2]. At this equilibrium critical thickness hc, threading dislocations
will begin to propagate under the epilayer stress [3]; this does not intrinsically
increase the defect density in the epilayer, but multiplication processes (in
particular Frank-Read and Hagen-Strunk [4] sources) may also become active
once dislocations are moving. The equilibrium hc can be calculated with some
accuracy [3], but experimentally it appears to be possible to grow unrelaxed
epiiayers to far greater thicknesses. Metastability is usually attributed to the
difficulty of generating new dislocations: in empirical fits to the observed
dislocation densities, an activation barrier must be assigned to nucleation or
multiplication processes [7,8]. However, there have been very few studies
directed at determining the exact nature of these processes.

At sufficiently low or high strains e, coherency breakdown can proceed by
either propagation or half-loop nucleation respectively. A 0.01% misfit in
Ge^-Si^/Si, for example, would be relaxed completely by an array of 60°
dislocations about 3um apart. A fairly typical density of pre-existing
dislocations is ~105; if these elongate under the epilayer stress to a length of
~300nm, their spacing reaches 3um, and they will completely relax the

mismatch strain. The threshold e for the activation of half-loop nucleation has
been calculated by several authors [1,3,9,10]. The activation barrier Eact diverges

very steeply as e tends to 0 (as shown in Fig.l): we have shown that the exact
form of this curve depends on the value of the dislocation core parameter [10];
under tensile stresses it can also be affected by dislocation dissociation [9].
Estimating 100kBT to be available thermally, and taking a core parameter of
a=4, we obtain a threshold strain for half-loop nucleation of e*4% [10]. Effects
such as large surface steps and local composition fluctuations will probably give
rise to large effective stress concentrations, but are unlikely to lead to half-loop
nucleation much below e*l%. Thus the regime of misfit where metastability



is maximised should be 0.019c<e<l%: while propagation and multiplication are
expected to occur within this regime, there appear to be no plausible
mechanisms for the introduction of new dislocations. We have performed a
detailed series of TEM studies of ^lOftGeSi/Si layers (e=0.4%) very close to hc in
order to observe the very first dislocations to be introduced.
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Fig. 1: Energetics of dislocation half-loop nucleation: critical loop size rC/ and
activation energy Eact for half-loops of critical size, as a function of lattice
mismatch. Calculations for two values of the core parameter a are given. Note
the divergence in Eact at low strains, and the strong dependence on a. About
5eV is available thermally at 550°C.

TEM OBSERVATIONS OF GeSi^/SttOO)

The layers studied were MBE grown at a fixed thickness of 180nm, with
the composition graded across the wafer so as to pass through the composition
whose hc=180nm: TEM observations were made in plan-view on layers very
close to the critical misfit transition (with dislocation content <106 cm-2). The
misfit dislocations were predominantly very long (10-100|im) 60° 1 /2<110>S,

attached to epithreading screw segments. Dislocations which lay entirely
within the electron-transparent region were always observed to be half-loops
(i.e. connected to the surface at both ends) lying on the inclined {111} glide
plane. None of the misfit dislocations were observed to arise from the
propagation of threading dislocations; the base density of pre-existing threading
dislocations thus appears to be « 1 0 5 cm*2.

Close examination of the loops showed that every dislocation observed
was associated with a small, diamond-shaped defect. These "diamond defects"
are typically attached to the threading segment of a half-loop (Fig. 2(a)), or lying
above an intersection between orthogonal dislocations (Fig. 2(b)). Stereo-
microscopy showed the diamond defects to be planar parallelograms lying on
inclined {111} planes with edges parallel to <110>: g.]j analysis demonstrated
them to be stacking fault loops with a/6<114> displacement. A diamond defect
was associated with every dislocation in the material, although the average



density of these stacking faults was far too low for this association to arise
statistically. In the following section, we will consider the possibility that the
diamond defects may be linked to some nucleaiion process.

(a)

(b)

IP*:

Fig. 2 TEM of the first dislocations introduced into 10% GeSi. Dislocations are
usually long l/2<110> half-loops, with 60° misfit segments attached to screw
epithreading segments. Every dislocation observed was associated with a
square stacking fault, which we have called the diamond defect.

THE NUCLEATION MECHANISM AT THE DIAMOND DEFECT

Stacking faults with a 1/6<114> displacement are unusual, but have been
reported previously in Si [12,13,14]. They are generally associated with very
high point defect densities, and they may be linked to interstitial condensation
[14]: the reason for their occurrence in MBE-grown GeSi epilayers is not yet
clear. Their most relevant reported property is their ability to unfault [12],



generating a perfect l/2<110>. dislocation, probably through 1/6[114] + 1/6[I2T]
= 1/2[11O] [13]. One possible way for a diamond defect to act as a source is
therefore an unfaulting followed by propagation of the glissile l/2<110>.
However, examination of diamond defects attached to half-loops clearly
precludes unfaulting (eg. Fig. 2(a)). Alternatively, we have considered
dissociation of the partial bounding the fault via 1/6[114] = 1/2 [Oil] + l/6[l?l].
Although the increase in b2 involved makes this reaction look implausible,
unfaulting [12] probably involves exactly this dissociation as the initial step.
However, instead of the propagation of the partial to unfault the loop, we
propose that in a strained system the glissile segment propagates (pinned to
the stacking fault at both ends). In a manner analogous to the Frank-Read
source, closure of this glissile loop then regenerates the original stacking fault,
as required (See Fig. 3).

[01T] [0111

Fig. 3 Schematic showing the
suggested geometry for emission
of a glissile dislocation from a
"diamond defect", to form a
loop on a different {111} plane

Glissile loop

While this source is in many ways similar to previously-known
mechanisms for dislocation nucleation, it has several unique aspects. First, the
source is a stacking fault rather than a dislocation, so that source action may
occur even in apparently dislocation-free material. Second, the dissociation
described above could alternatively occur by 1/6[114] = l/2[101] + 1/6[2"II]:
surprisingly, source action of the diamond defect could generate 2 distinct
perfect dislocation Burgers vectors, with different glide planes. Thus the
"signature" for operation of this source mechanism is the production of long
sequences of l/2<110> dislocations with different Burgers vectors. Fig. 4 shows
a region which is strongly suggestive of repeated operation: g.b_ analysis of this
region indicates that the succession of dislocations have two different Burgers
vectors. In addition, interfacial dislocation bundles with more than one b_
within a single group are very common in this material, supporting the source
mechanism suggested above. The diamond defects have been observed in
layers with a wide variety of Ge concentrations, although as we have noted
earlier, the nucleation mechanism appears to be different for high-misfit layers
[15], and we have no evidence linking the diamond defects to dislocations for
layers with >30% Ge.

In conclusion, we have shown that dislocation half-loop nucleation is
improbable for misfits below around 1%, and addressed the question of how
coherency begins to break down in GeSi/Si at these levels of misfit. All defects



observed in TE.M are associated with small 1/6 <114> stacking faults. We
suggest that dislocations are emitted by these diamond defects, and propose a
mechanism by which this could occur. The mechanism is consistent with all
the observed features of the microstructure.

Fig. 4 Dislocation emission from the diamond defect: TEM micrograph of a

thick layer showing a sequence of dislocations on a {111} plane, all apparently

propagating outwards from a single diamond defect (arrowed in inset).
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A UHV TEM STUDY OF THE IN SITU GROWTH OF ULTRA-THIN FILMS OF ^
CoSi2 ON Si (100). "~

D. Loretto, J. M. Gibson, and S. M. Yalisove AT&T Bell Laboratories, 600 Mountain Ave.,
Murray Hill. NJ 07974.

ABSTRACT

Ultrathin (<5 nm) films of cobalt have been deposited at room temperature onto
silicon (100) and annealed to form C0S12 in an Ultra High Vacuum (UHV) Transmission
Electron Microscope (TEM). We show that there is a critical thickness of cobalt, -1 nm,
below which CoSi2 is formed directly upon annealing to -400*C and above which C0S12 is
formed via in-situ-CoSi2- The thicker CoSi2 layers which originate from the severely
mismatched intermediate phase show many epitaxial orientations while the thinner C0S12
layers, which form directly, show only three. We relate the suppression of the intermediate
phase, and consequent good epita~y, to the dominance of interface energy in ultra thin films.

INTRODUCTION

In situ UHV TEM is a powerful technique for the study of crystal growth by
molecular beam epitaxy (MBE). UHV TEM has been used previously to study the formation
of NiSi2 on Si(l l l) and Si(100),[1] of CoSi2 on Si(l l l) [ 2 f and of Pd2Si on Si(lll). [3] In
this paper we investigate the growth of C0S12 on Si(lOO).

CoSi2 is a metal with the fee flourite structure and a lattice constant only 1.2%
smaller than silicon at room temperature. The Si/CoSi2 system has many potential
applications, for example in silicon devices based on ballistic t ranspor t^ Epitaxial C0S12
on Si(lOO) with flat and abrupt interfaces can be grown using MBE only if the "template"
technique is used.^ A few monolayers (a template) of either pure Co or Co and Si, are
deposited onto Si(lOO) at room temperature and annealed to approximately 500'C, after
which the layer can be thickened by codeposition at 500'C. This gives C0S12 in three
epitaxial orientations: one perfectly orientated with respect to the substrate and two,
symmetry equivalent, with [110]CoSi2/[001]Si and [001]CoSi2 lying parallel with one of the
two silicon <110> directions which lie in the [001] surface. By careful use of the template
method cither mixed or single orientation layers can be produced. If the template method is
not used and depositions are performed in a poor vacuum textured CoSi2 is formed after
reacting at higher temperature.'^ In our UHV TEM experiments we studied pure cobalt
deposition only.

MBE growth is performed under clean UHV conditions. Studies performed in situ not
only avoid artefacts which may be introduced when samples are exposed to the atmosphere
but also allow crystal growth to be investigated in real time. UHV TEM has two major
advantages over the techniques which are usually employed for in situ measurements of
MBE growth (LEED, RHEED etc.): (1) It has much greater spatial resolution (the ability to
perform high resolution TEM is retained in the modified UHV TEM).I8>9^ It is sensitive to
more than just a few monolayers at the surface, 100 keV electrons being able to probe
several 100 nm of silicon. In this work comparisons were made, wherever possible, with
TEM samples prepared from conventionally grown MBE material.



EXIT Ki MENTAL

Tr-.c instrument used in this study is an e\icr.y.\<'.\ ::;>>J;:icJ JEOL 200CX. The design
of the instrument and the experimental procedures i>t\i ..re iiivcn in detail elsewhere.18' The
microscope is equipped to replicate the conditions t>cJ in the MBE growth of cobalt
silicide. The sample region is differentially pumped ;o t:ive an ambient vacuum of 10"9

Torr. Specimens are cleaned insitu by resistive hea'.inc u> 1200'C and Co is deposited by
them-.;d evaporation from a filament which is in line o\ sight uiih the sample. The amount
of cobalt which was deposited was determined by RBS. performed on the TEM samples
after each experiment. Samples cannot be tilted in the microscope so the beam direction is
constrained by the range of the beam deflectors to lie close to the foil normal. However,
since we are concerned with surface films only a few monolayers thick, this is not a severe
limitation because their scattering distribution is elongated parallel to the beam direction and
is therefore relatively insensitive to tilt. All imaging and diffraction was done at lOOkcV.

RESULTS

Figure (1) shows a transmission electron diffraction (TED) pattern taken from a silicon
sample at room temperature immediately after cleaning by heating to ~1200*C. The beam
direction is close to [001]. The bulk reflections are marked, as are an array of weak
diffraction maxima in intermediate directions, which originate from the top and bottom
surfaces of the specimen. Surface termination gives rise to maxima in the <110> directions.
(Such effects are eliminated from conventional Si TEM samples by surface roughness).^
The <3/2,3/2,0> reflections come from the 2x1/1x2 reconstruction of the silicon (001)
surface11^ (<l/2,l/2,0> reflections are hidden by the background in this figure). The
presence of the 2x1/1x2 indicates that the surface is relatively clean since it is known that a
fraction of a monolayer of Ni, for example, will introduce 2xn (n=6,10) reconstructions.'11^

1 An [001] transmission
election diffraction panem
taken from an (001)
Silicon sample after
cleaning in UHV. Marked
on the figure are: (1) the
bulk reflections 220,-220
and 400, (2) maxima in
the <110> directions
which are due to surface
termination and (3) the
<3/2,3/2,0> reflections
which arise from the
2x1/2x1 reconstruction at
the sample surfaces.

We have found that the behaviour of the deposited layer on annealing depended upon
the amount of cobalt which was initially put down. The results are therefore divided into
two sections: (1) experiments where the initial Cobali thickness was above about 1 nm and
those uhere the thickness was below 1 nm.



Cobalt

Fig. 2 (A) An [001] transmission electron diffraction (TED) pattern taken immediately
following deposition of -2nm of Co. The diffuse ring is consistent with a thin layer
of polycrystalline Co lying on the surface. (B) The same layer after heating to
~350eC. Several rings have appeared in the pattern. These can be indexed as
onhorhombic a-Co2Si (and possibly some cubic CoSi-see text). (C) A dark field
image formed with an apenure placed on the two brightest rings shown in 2(B). (D)
An |001] TED pauern from the same layer as in 3(A)-(C) after hearing to ~500cC.
This pattern can be indexed as highly textured CoSi2.

(1) Figures 2(A>(Dj show a scries of diffraction patterns and an image taken from a
sample where '2 nm of Co was put down. In figure 2(A) a diffuse ring is superimposed on
the Si(00]) TF.D pattern and the surface lermination/surface reconstruction maxima are not
visible. This is because Figure 2(A) was taken from a thicker region than figure 1 (the
Kikuchi li:vs can be seen more cleark i. We would expect the cobalt to remove the 2x1/1x2



from .:e top surface of the sample, hut without TEDs from sufficiently thin samples we
cannot investigate this. Figure 2(B) shows the same rilm after heating to a-Co2Si (there are
so many rings that the presence of cubic CoSi cannot be excluded) The transition to this
structure is explosive. Figure 2(C) shows a dark field image of the film at this stage. The
silicide forms threadlike grains. There is no evidence in the diffraction pattern that growth
occurs along preferred crystallographic directions. Annealing this structure to 500*C
produces a highly textured CoSi2 film. A TED pattern with C0S12 reflections from many
epitaxial orientations is shown in figure 2(D).

Fig. 3 An [001] transmission
electron diffraction pattern
taken after deposition of
-0.5 nm of Co at room
temperature followed by
annealing the sample to
-500*C. The <200>
reflection, which comes
solely from perfectly
epitaxial CoSi2 is
indicated. The four
maxima around the <200>
reflection originate from
the two other epitaxial
orientations of CoSi2.

(2) Figure 3 shows the result of depositing "0.5 nm of Co and annealing to 500#C. It
is obvious that the epitaxy is much better than for the thicker film shown in figure 2. A
TED pattern from the as deposited film is, to a first approximation, indistinguishable from a
TED pattern from a clean silicon sample. This can be attributed to either the thin Co layer
being disordered, so that it scatters over a larger range of angles and is therefore obscured
by the background, or to the Co ordering in the same way as the silicon. Careful absolute
intensity measurements would help us to distinguish these two possibilities.

We can summarise our results by saying that we have established that there is a
critical thickness, "lnm, of Co below which a layer deposited at room temperature will react
to form epitaxial CoSi2 on annealing without going through any intermediate phases. This
supression of mismatched phases is not a new phenomenon, it was first reported by Shulz in
a low energy electron diffraction (LEED) study of CsCl and TlClf12^ and has since been
seen in several systems113'141 including Ni on Si(lOO).111 The explanation lies in the
dominance of interface energy in thin layers: epitaxial CoSi2 is formed in thin films in favor
of mismatched Co2Si because the energy of the interface is lower. In thicker films the
interfacial energy is not such an important factor. The lack of good epitaxy in films where
the initial Co thickness is >lnm explains, at least in part, why Bulle-Lieuwma and co-
workers (6) could not obtain epitaxial CoSi2 from -100 nm Co layers.



CONCLUSIONS

We have shown that the reaction between thin layers of Co and Si(100) precedes
differently from the bulk sequence, Co-G>2Si(CoSi)-CoSi2, for a critical layer thickness of
less than about 1 nm. Below this thickness epitaxial CoSi2 forms directly on heatng. We
relate this to the dominance of interfacial energy in ultra-thin films which supresses severely
mismatched phases.
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ABSTRACT

We have examined a number of MBE-grown (001) silicon thin
films grown on (1012) sapphire substrates using transoission
electron microscopy. We have found that for silicon films less
than 0.55nm thick, microtwins are very much in evidence. For
silicon films greater than 700nm thick, however, dislocations,
rather than microtwins, are the predominant defect. It is our
conjecture that the generation of dislocations, and the
associated disappearance of microtwins in thicker MBE-grown SOS
fi us, is analogous to the generation of misfit dislocations in
silicon-germanium films grown on silicon or germanium sub-
strates by MBE. The persistence of microtwins in CVD-grown
SOS, as opposed to MBE-grown SOS, can be understood in terms of
Dodson and Tsao's formulation of the kinetics of plastic flow
in thin germanium-silicon films.

INTRODUCTION

For germanium-silicon thin films grown upon germanium or
silicon substrates, the onset of plastic flow at a particular
value of film thickness has been attributed to dislocation
generation [1,2]. According to the model of Tsao, Dodson,
and others [3,4], the driving force for plastic deformation in
thin films is the difference between the stress due to lattice
mismatch and the stress required for the formation of extended
kinks in threading dislocations. This difference is defined by
Tsao et al. as the "excess stress" and corresponds to the
deviation from mechanical equilibrium that was formulated
earlier by Matthews and Blake [5]. In their plastic
flow model, Dodson and Tsao regt ., the excess stress as the
driving force in the strain relief of an initially coherent
metastable strained layer [6]. It is our intention to show
that Dodson and Tsao's plastic flow model can be applied to
strain relief in silicon on sapphire (SOS).

EXPERIMENTAL DETAILS

Silicon was grown on sapphire substrates using the NRL
Vacuum Generators V80 MBE/SA System. Each sapphire substrate
was subjected to an annealing treatment at 1415-1450°C in the
ultra high vacuum (UHV) environment of the MBE system. After
the annealing procedure, silicon was deposited on the sapphire
substrate held at 750°C using a rate of 0.05nm per second for
thinner films and O.lnm per second for the thicker films (550nm
or thicker). SOS samples with silicon film thicknesses 6nm,
150nn>, 550nm, 700nm and 4000na were grown using this proce-
dure [7,8]. Material from each of these samples was made into
a cross-sectional transmission electron microscopy (XTEH)



specimen and analyzed in the TEM. For the ).50nm and 550nn
samples, plan-view TEM specimens were also prepared.

RESULTS

For the islands visible in XTEM images of 6nm thick SOS
films, microtwins appear to be the predominant defect.
Microtwins are also very much in evidence in 150nm and 550nm
films. For 700nn and 4C00nm films, however, microtwins are
not visible in XTEM and have been replaced by dislocations
[9]. The elimination of microtwins in thick MBE SOS films
stands in contrast to observations of thick CVD SOS films in
which microtwins occur in significant numbers for even 4000nn
films [10].

Using the TEM-based technique of Twigg and Richmond
[11], we have determined the microtwin differential volume
fraction, dV/dv, as a function of distance from the interface,
for 150nm and 550nm MBE SOS, as well as for 550nm CVD SOS. The
CVD SOS was grown at a measured temperature of 910°C at a rate
of 30nm per second. From these data, shown in Fig.l, it is
clear that the differential volume fraction of microtwins is
less, at every point, for the MBE 150nm and 550na films than
for the 550nm CVD film. It is also apparent that, during the
MBE growth process, dV/dV falls by an order of magnitude as
the silicon film thickness increases from 150nm to 550nm. The
drop in dV/dV continues for thicker films to such an extent
that in 700nm MBE SOS no microtwins are observable in XTEM.

DISCUSSION

Microtwins are sustained by and grow in response to
stresses within the crystal matrix. In a thin film, these
stresses result from misfit strains between the substrate and
the epitaxial layer, and can be relieved by plastic flow. Of
course, the reduction of such stresses leads to the elimination
of the microtwins [12]. In the model of Dodson and Tsao
[13-14], the driving force for plastic flow is the excess
stress. The excess stress can calculated from the biaxial
strain profile e(z) [4], which can be expressed in terms of the
differential volume fraction V'(z). That is [15],

e(z) = V2/12 [ V'(zo) - V(z) ] , (1)

where V'(zo), the maximum value of V'(z), is assumed to relieve
a misfit strain of 4^/12 V'(zo). Because 4^/12 V'(zo) is
approximately 0.5* and the misfit strain associated with a
coherent silicon/sapphire interface is an order of magnitude
larger [16], either defects other than microtwins act to
relieve most of the strain at the interface [17] or the
silicon/sapphire interface is not coherent in the conventional
sense. The possibility that the heteroepitaxial interface in
SOS is not a series of aligned planes separated by defects has
been suggested by Ponce, who conjectured that silicon might be
bonded to sapphire using aluminosilicate bonding configurations
[18].
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Fig.l Plot of microtwin differential volume fraction as a
function of distance from the interface for 0.15uji and 0.55^*
MBE SOS, and 0.55^n CVD SOS.

In Figs.2a and 2b we plot the excess stress (for MBE and
CVD SOS respectively) as a function of the distance of a
single kink in a threading dislocation from the silicon/sap-
phire interface. Because there is clearly a smaller volume
fraction of microtwins in 150nm MBE SOS as compared to 550nm
CVD SOS, the strain profile e(z) is greater in MBE SOS than in
CVD SOS. The excess stress, which increases monotonically with
the strain profile, is greater in the MBE film than in the CVD
film. The strain relief o due to plastic flow can be calculat-
ed from Dodson and Tsao's expression for the rate of strain
relief, d<5/dt, which is a function of growth temperature,
excess stress, and the current value of 6. We calculated the
strain relief, for a silicon thin film of given thickness grown
upon sapphire, by numerically integrating the rate of strain
relief over the growth time for the filn. The results of these
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Fig.2 Plot of the reduced excess stress as a function of
kink position. (a) MBE-grown SOS. (b) CVD-grown SOS. u. is
equal to the shear modulus of silicon.

computations are shown in Fig.3. From this log-log plot of
the strain relief 8 as a function of filis thickness, it
is apparent that the strain relief saturates (with a saturation
value of approximately 0.5*) at less than lun for MBE SOS, and
less than 10urn for CVD SOS. Microtwins would be expected to
collapse owing to the relief of compressive strains that is a
product of dislocation generation. The surface energies
associated with oicrotwin/natrix interfaces favor the contrac-
tion of microtwins; only the Peach-Koehler forces on twinning
partial dislocations prevent nicrotwin collapse, and these
forces only exist while the fil« is under compression.[12]
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Fig.3 Log-log plot of the strain relief £ as a function of
film thickness for MBE and CVD SOS.

CONCLUSIONS

The MBE growth process for SOS, which includes a different
substrate preparation, reduced growth tenperatures, and longer
growth times, compared to the CVD growth process, favors
dislocation nucleation and growth to a greater degree than in
CVD-grown SOS. The strain relief that results from greater
dislocation densities leads, in turn, to the collapse of
microtwins. For CVD-grown SOS, the values of excess stress
are smaller than for MBE-grown SOS, due to a greater volume
fraction of microtwins and the associated greater strain



relief. Because smaller values of excess stress are combined
with a shorter growth tine in CVD SOS, dislocation generation
is retarded and microtwins in the silicon film are preserved.
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EFFECT OF MAGNESIA ON MASS TRANSPORT AT THE SURFACE OF ALUMINA.

S.M.Mukhopadhyay and J.M.Blakely, Department of Materials
Science and Engineering, Cornell University, Ithaca, NY 14S53.

ABSTRACT

The modification of surface mass transport rates due to the presence of a divalent dopant in alumina
has been studied. The composition of the prismatic (1010) surface of sapphire, doped with MgO by
two different techniques, has been monitored with Auger electron spectroscopy. Mass transport at
these doped surfaces has been measured by observing the rate of decay of a periodic surface profile.
Short wavelength patterns were used so that the transport process would be dominated by solid
state diffusion. The analysis assumes an isotropic surface free energy, the implications of which are
discussed. It was found that during annealing in air, both surface and bulk diffusion mechanisms
contribute to ionic mobility. The effect of Mg ions seems to depend on its thermodynamic activity.
When the surface coverage is low, up to about 20%, the effect of the dopant is not significant.
When the surface concentration of Mg increases to that corresponding to spinel (about 33%), the
mass transport rate increases significantly. From these observations, it is implied that a second
phase may be required to markedly enhance the surface mass transport rate of alumina in air. The
results obtained in this study have been critically analyzed and are discussed in light of other data
for mass transport in alumina.

INTRODUCTION

The effect of additives on the physical properties of ionic solids has been studied for many years.
A material of special interest in such studies is magnesium-doped aluminum oxide since magnesia
as an additive is known to dramatically improve the sintered microstructure of alumina [1], Under
most conditions of practical interest, the sintering process in alumina is believed to occur through
solid-state diffusion. Therefore, it is reasonable to expect that an effect of the additive may be to
influence one or more of the diffusivity coefHcents associated with lattice, grain boundary or sur-
face diffusion. Microstructural studies indicate that MgO prevents exaggerated grain growth and
eliminates pores from the solid; there is, however, considerable disagreement about the microscopic
processes that lead to these changes [2,3].

In this paper, we report studies on the effect of magnesium on a kinetic process which can be
modelled in a relatively straightforward way. We have used the surface sine wave decay technique
[4,5] to try to determine the dominant mechanism(s) of mass transport and to investigate the
influence of the dopant.

A surface which is initially sinusoidal will tend to decay to an equilibrium flat surface. The analy-
sis of the decay kinetics was formulated by Muffins [4] and corresponding measurements were first
made by Blakely & Mykura [5], Neglecting viscous flow and vapor transport, the time-dependent
amplitude of a sinusoidal surface of wavelength A is given by:

A{t) = .4oexp[-Jr(r)*] = Aoexp[-(Bw3 + Cw*)t] (1)

where C(T) = Dtftt/kT, B(T) = Drf&^/kT, Dv is the volume diffusion coeflcent, Dt the
surface diffusion coefficent, 7 the surface free energy (taken to be 0.905 J/m2 for alumina [9]), il
the molar volume of the solid and w is the frequency (= 2JT/A)

This formula is based on a macroscopic capillarity approach and strictly applies to a surface whose
properties are independent of crystallographic orientation. It represents the overall transport as-
suming a single diffusing species. For a multicomponent system, the D's are 'effective' transport
coefficents dependent upon those of the individual components [6]. For alumina, the 'effective'
surface or volume diffusivity is given by:
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where Do a n ^ DM are the diffusivhies of the oxygen and aluminum ions respectively. Since the
diffusivity of oxygen inside the bulk is believed to be much .'mailer than that of aluminum, the
effective bulk diffusion coefficcnt in intrinsic alumina is probably controlled by that of oxygen.

EXPERIMENTAL P R O C E D U R E S

For all the experiments. 0.25 mm thick sapphire wafers (of 99.996 % purity) cut parallel to the
(1010) plane were used as the starting material. This surface was chosen because it was found to
be able to sustain a sinusoidal profile without faceting and because segregation studies [7] have
already shown that it is enriched in Mg if annealed in air. Moreover, it is an atomically rough
surface and may therefore represent a random free surface of the solid. The surface composition
of the various samples has been monitored by Auger electron spectroscopy (AES).

A series of surface gratings, each consisting of grooves and spaces of equal width were etched on
the sample using photolithographic techniques at the National Xanofabrication Facility at Cornell
University. Upon annealing, the rectangular cross section of these patterns eventually become
sinusoidal due to the much faster decay of the higher harmonics. Further annealing resulted
in decay of the amplitude of the sinusoid which was measured periodically with an interference
microscope (fig. 1).

s x y x } ^

Initial surface profile Surface after 200 hours ot 1650*C (oir)

Fig.l Interference micrographs showing a sinusoidal surface profile of wavelength 7.5{i before and
after annealing in air for 200 hours at 1650° C.

Two different doping techniques were used in this study:
1. Implantation and annealing:
Pure sapphire was ion implanted with Mg+ ions (200 Kev to a dose of about 1017/cm2) on the side
of the wafer not containing the surface grating and subsequently annealed in air. It has been shown
[8] that in similar specimens, Mg diffuses upon annealing from the implanted region to the opposite
surface. Therefore, the surface containing the grating has a source of magnesium but is free from
the implantation damage and second phase precipitates which were observed on the implanted side
[7]. An undoped pure sapphire sample with grating lines along the same crystallographic direction
as in the implanted sample was used as the control specimen. Both samples were annealed at
1650°C in air with their test surfaces covered by pure sapphire wafers. The wavelengths of the
sinusoids on each sample were 7.5. 10. 12.5 and 15 //. Extensive annealing for several hundred hours



was required for the 15// lines to decay. Tlic decay constant K (equation 1) was thus obtained for
each of these samples as a function of wavelength.
2. Doping by vapor transport:
In this case, pure sapphire wafers were annealed adjacent to hot pressed pellets of ceramic mixture
containing alumina and spinel such that the thermodynamic activity of Mg at each surface at a
given temperature was fixed by that of the sintered pellet. A platinum spacer was used between
the sample and ceramic pellet to avoid direct contact. One sample was annealed next to a spinel-
alumina mixture (S0% A12O3,2OSSMgAl20O» a s o c o n d s a m P l e n c x t t o a h o t P r . e s s o d P e n * of spinel
In this later sample, the surface Mg concentration, measured by AES, was in the region of 33%
and therefore high enough to form a spinel phase. A control undoped sample was annealed next
to another pure sapphire wafer.

All of the annealing was done in air inside 99.S% pure alumina crucibles. The furnace chamber
was lined with high purity alumina insulation and isolated from the lanthanum chromite elements
with 99.S% alumina protection tubes.

RESULTS & DISCUSSION

(i) Ion Implanted Samples:
Figure 2 shows the amplitude of the 7.5 /x and 10 /z sine waves as a function of time at 1650°C.
It can be seen that the decay constant K of the doped sample does not differ from that of the
undoped one in any systematic manner. We therefore conclude that within experimental error,
they decay at the same rate.

100

time (hours)
!50 200 300 350

Fig.2 Plot of In(amplitude) vs time for sinusoidal profiles of wavelengths 7.5 and 10 fi on the (1010)
surface of Al2Oz annealed in air at 1650PC. Slopes of these lines give values of decay constant.
Data are shown for both doped and lightly doped samples

The chemical composition of these surfaces was analy2ed with Auger electron spectroscopy. The
doped sample showed a small Mg(KLL) signal with a peak to peak height of only about 1.5% of
that of the Al(KLL) signal. Assuming that the Mg signal is from the first monolayer only, this 1.5
% signal ratio corresponds to a surface coverage of the order of 10% according to the equations and
parameters discussed in an earlier paper [7]. The undoped sample showed no trace of magnesium.
An interesting feature of these two samples is the correlation between surface Mg and Ca coverages.
The Mg-doped sample showed a very small Ca concentration, whereas the undoped sample which



was devoid of Mg showed a strong Ca signal corresponding to a coverage of about 20% (again
assuming top monolaycr segregation and values of the parameters defined in reference [7]). This
is in agreement with our earlier findings [7] that Mg on the surface keeps it free from Ca.

It can therefore be concluded from this part of the experiment that for the range of wavelengths
used at 1C5O°C in air, magnesium doping at low surface coverages (and the resulting reduction of
calcium from the surface) does not alter the mass transport rate to any significant extent. Since Mg
doping is believed to introduce oxygen vacancies in alumina [9], one should expect an increase in
oxygen diffusivity. However, the association of oxygen vacancies and Mg ions [10] may be effective
in suppressing this effect. Our result differs from an earlier report by Monty et al [11] that MgO
reduces surface mass transport. However, it is obvious from fig.(l) of their paper [11] that the
grating profiles used were not sinusoidal. They also reported severe faceting, probably because
their studies were confined to the basal (0001) plane. We do agree with their proposition that
doping with a small amount of magnesia is not likely to enhance pore mobility in alumina through
an increase in surface diffusion. However, as discussed later in this section, a strong enhancement
may be observed at increased dopant levels, where a new phase may be formed.

The variation of decay constant with wavelength for these two samples is shown in fig(3). The
slope of the ln(K) vs ln(u>) plot is 3.4. Referring to equation (1), this indicates that transport in
these samples arises from both, the surface and bulk diffusion processes. A plot of K/w3 vs w has
been made in fig(4).

7.5

Fig.3 Plot oflog(K) vs. log(u) for
sine waves on (1010) AI2O3 surfaces
annealed at 165CPC in air to deter-
mine the power dependence of K on
u>: A slope of 3.4 indicates that both
surface and lattice diffusion mechanisms
contribute to mass transport.
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o
Fig.4 Same data as in fig.3 plotted as
K/u>3 vs. u: According to equation (1),
the slope of such a plot gives B, the
surface diffusion related quantity and
the intercept at u=0 gives C, the volume
diffusion related term.
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The slope (=B) and intercept (=C) of the line of best fit give approximate estimates for the effec-
tive diffusion coefficents using the parameters listed under equation (1); they are about l.SxlO~JJ

cm2/soc for lattice diffusion and 2xlO"8 cm2/sec for surface diffusion. Comparison of these values
with existing data compiled by Dynys [12] shows that our estimate of the effective surface diffu-
sion coefficient is near the lower end of the range of values reported for other sapphire surfaces
and directions. Our estimate of the bulk diffusion coefficent is well within the range of reported
values for effective lattice self-diffusion. It must be noted however, that the defect chemistry and
transport parameters for sapphire are expected to depend on atmosphere and crystallography.
Therefore, the comparison of data from different experimental conditions is, at best, qualitative.
Our current finding that both surface and lattice diffusion processes make comparable contribu-
tions to the observed mass transport is contrary to earlier reports that surface diffusion is the
dominant mechanism [13,14]. However, these earlier experiments involved annealing in vacuum
or nitrogen. It has been shown that vaporization [15] as well as segregation properties [7] depend
on the partial pressure of oxygen. Therefore, surface stoichiometry and the corresponding mass
transport properties would certainly be expected to depend upon the annealing atmosphere.

(ii) Vapor Doped Samples:
The decay rate of 2.5/x sinusoids at 1500°C for samples doped by vapor transport are as shown
in fig. 5. Estimates of their surface magnesium concentrations (again assuming first monolayer
coverage) are also indicated. The undoped sample should actually have had no magnesium, but
did show some Mg contamination, perhaps from the ceramic pellets covering the other samples.
(Each sample-dopant arrangement had been individually covered in pure alumina crucibles to
prevent cross contamination, but apparently, at such high temperatures some long-range vapor
transport did take place). The sample doped with the alumina-spinel mixture, which has a surface
Mg coverage of about 20% (more than twice that of the 'undoped' sample), exhibits a decay rate
only slightly higher (within the estimated error limit). On the other hand, the sample which was
doped with Mg-Al spinel and whose surface Mg coverage of about 30 - 35 % was high enough
to form spinel, shows an initial decay rate about two orders of magnitude higher. This indicates
qualitatively that the surface kinetics can be significantly increased by the presence of a second
phase. It was, however, not possible to analyze the rate of decay of this sample according to
equation (l) since the formation of spinel was accompanied by marked faceting so that post-anneal
profiles were no longer sinusoidal.

time (hours)
30 45 60 75 90 105 120

~ 7 % Mg coverage (undoped)

~ 2 0 % Mg coverage
(doped with alumina-spinel
mixture)

~ 3 0 % surface Mg coverage
(doped with spinel)

-1.5

Fig. 5 Rate of decay of amplitude of 2.5(i sine waves on (1010) surface with different Mg con-
centrations: Even at a coverage of about 20%, not much change in mass transport is observed.
However, when doped with spinel (MgAltO^), surface coverage is about 30% and decay rate is
strongly enhanced.



Further experiments using electron microscopy to study the'kinetics and nucleation of the second
phase are required for a better understanding of these observations.

SUMMARY AND CONCLUSIONS

Experiments to compare mass transport rates in doped and undoped sapphire are described in this
paper. When the surface coverage of Mg is low (even up to about 207i), the mass transport rates
(in the temperature and wavelength ranges studied) are not significantly altered even though the
surface concentration of Ca is strongly reduced.

Both surface and bulk diffusion processes make significant contributions to mass transport for the
wavelengths and temperatures used. Estimates of the effective self-diffusion coefficents fall within
the range reported from different techniques, environments and crystal orientations.

When surface Mg concentration is large enough for a second phase to form on the surface, the
overall mass transport rate is significantly increased. A better understanding of the second phase
is required for a detailed explanation of the enhancement mechanism.
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ABSTRACT

In this investigation, we report on detailed microstructural characteristics of LPCVD WS12
films deposited on doped/undoped polysilicon and subjected to boron and phosphorus
implantation and implant activation at temperatures up to 1100° C. The polysilicon films were
doped with phosphorus using a POCI3 source to obtain a sheet resistance of ~ 25 Cl/D and the
films were coated with about 300nm of Si rich (Si:W atomic ratio 2.6) LPCVD WSi?. The
microstructures of as-deposited and high temperature annealed polycide films were studied in
detail using TEM. The electrical sheet resistances were measured using four-point probes. The
initial polysilicon doping level, silicide annealing conditions, subsequent implant into die polycide,
and implant activation all had profound effects on the microstructural characteristics of both the
silicide and polysilicon.

INTRODUCTION

The fabrication of conventional high-voltage discreet and integrated devices utilizes heavily
POCI3 doped polysilicon as the gate material to lower the sheet resistance[l]. Phosphorus
redistribution in polysilicon and its segregation at the SiO2/Si gate interface at process
temperatures in excess of 1100°C are the key yield limiting factors in this technology [2]. A low
gate sheet resistance is important in improving the gate switching efficiency and to improve the
device switching speed. In addition, a low gate sheet resistance can enhance device reliability
under high surge currents which can be encountered in power devices and integrated circuts [3,4].

The use of refractory metals and their silicides is desirable because of the low sheet resistance
when deposited on polysilicon, and they also form low resistance ohmic contacts to sources and
drains [5-7]. WS12 deposited by Low Pressure Chemical Vapor Deposition (LPCVD)[8,9] offers
the distinct advantage of being stable at very high processing temperatures in excess of 1100° C.
Annealing above 1000°C is required to lower the sheet resistance of as-deposited \VSi2 films.
These unique features make blanket \VSi2 based technologies attractive in fabricating a class of
power semiconductor devices for high-frequency power switching applications such as power
ASICs .

The silicide deposition and annealing conditions can affect microstructural and electrical
properties of MOS polycides (WSi2/Polysilicon/SiO2/Si). For example, the annealing ambient and
temperature have been shown to have profound effects on the silicide surface morphology, dopant
redistribution in the silicide and polysilicon, and silicide sheet rcsistance[10]. In addition,
polysilicon doping, WSi? deposition and annealing, oxide or nitride etching, implantation and
diffusion of dopants all effect the grain structures of the silicide and polysilicon, the adhesion of
the silicide film to polysilicon, and the electrical conductivity of the silicide[l 1].

In the present investigation, we examine the microstructural and electrical characteristics of
LPCVD WSh films. The \VSi2 films were deposited on doped /undoped polysilicon, subjected to
B and P implantation, and activated at temperatures up to 1100°C. A first order correlation
between the grain structure and sheet resistance of the polycides will be made based on the
experimental results.

EXPERIMENTAL

The silicon substrates used in this study were <100> oriented and ~ 1 x 101 6 cm'^
boron-doped on which 50nm of SiO2 was grown at 1000°C under TCA (TriChloroAcetone)



oxidation conditions. Following the cate oxide formation, 600nm of LPCVD polysilicon was
deposited at 628°C. Samples 1,13,14and 15 were POCI3 - doped at 900cC for 20 min. to obtain
a polysilicon sheet resistance of -25 Q/D. All the wafers were etched in 1% HF for 5 rnin. to
remove any native oxide on the polysilicon. Approximately 300nm of blanket LPCVD WS12 was
subsequently deposited using a cold wall CVD system [8]. The silicide deposition conditions were
chosen to obtain a Si:W atomic ratio of ~2.6. The sheet resistances of as-deposited polycides were
measured to be 26 CUD and 18 CXQ, respectively for LPCVD \VSi2 films deposited on undoped
and POCI3 doped polysilicon. The higher than stoichiometric silicon was necessary to compensate
for high-temperature silicon oxidation and maintain \VSi-> stoichiometry[9,l 1-13].

Samples 1 and 9 were annealed in nitrogen at 1000°C to lower the silicidc sheet resistance. A
separate nitrogen anneal without an oxide cap on the silicide resulted in poor silicidc surface
morphology especially when annealed at temperatures in excess of 1000°C. Samples 14 and 15
were implanted with 110 keV, 1.4 x 101 4 cm'^ boron. Prior to the channel diffusion drive the
silicide was capped with a layer of thermally grown oxide to preserve the silicide surface
morphology and prevent its peeloff[l 1,13]. Thermal oxidation of the silicide was carried out at
950cC for*60 min. in a dry oxygen ambient. Ellipsometric measurements were used to determine
the thermal oxide thickness on the silicide films. The boron implanted samples were annealed at
1100°C for 120 min. in N7 corresponding to die channel diffusion of a power FET[12]. Sample
#15 was implanted with 120keV, 6xl013cm"2 phosphorus (through the thermal oxide) and was
diffused at 900°C in nitrogen for 60 min. corresponding to the source diffusion used in fabricating
the power FETs[12]. All samples were then coated with ~400nm of CVD oxide deposited at
450cC and densified at 800°C for 60 min. The CVD oxide and thermally grown oxide films on the
silicide were plasma etched to delineate the silicide surface for analytical studies.

Sheet resistance measurements of the polycides were performed using four point probes.
Rutherford Backscattering Spectrometry (RBS), Secondary Ion Mass Spectroscopy (SIMS) and
Transmission Electron Microscopy (TEM) were used to study the composition, dopant
distribution, and microstructure of the samples.

RESULTS

a. Sheet Resistance and RBS

The results of the sheet resistance measurements and the RBS measurements of (x in WSi*) are
summarized in Table 1. RgHl *s t n e s^ ieet resistance after 1000°C 60 min. nitrogen anneal, RsH2
is the sheet resistance after W o n diffusion, and R$H3 *s t n e s n e ? t resistance of the polycide after
phosphorus diffusion. After the nitrogen anneal, the polycides with POClj doped polysilicon had
significantly lower sheet resistances. The sheet resistance of the polycide after boron diffusion
was much smaller because of increased activation. After the phosphorus diffusion, the sheet
resistance of the polycide increased significantly. The spread in the sheet resistance in Table 1
corresponds to one standard deviation from the mean value measured across 4 in.-diameter silicon
wafers. The reported value is the average of 20 four-point probe measurements across the wafer.

Sample
#

1

5

9

13

14

15

Poly
Doping

No

No

Yes

Yes

Yes

Yes

MOS structures

<Rm
1.85 ± 0.15

-

1.54 + 0.1

-

-

Boron
Implant

No

No

No

No

Yes

Yes

after critical

to----
1.18 ±0.05

1.18 + 0.05

process steps

Phosphorus
Implant

No

No

No

No

No

Yes

-

-

-

-

-

2.07 ±0.1

WSL
fx?

2.40

2.66

2.28

2.63

2.30

2.24



b. Transmission Electron Microscopy and SIMS

Figures l(a) and l(b) show a TEM cross-section of an MOS stack (WSi2/polysilicon/Si02/Si)
and a~TEM planar image showing the structure of the silicidc from sampled. This specimen~was
not POCI3 doped but saw temperatures up to 800°C during an oxide dcnsification step. The
microstructure of the silicide is polycrystalline with small 10-50nm grains. The inset in Fig. l(b)
is an electron diffraction pattern obtained from the silicide and confirms the polycrystalline nature
of the film. The diffraction pattern can be indexed to the tetragonal form of WSi2 with lattice
parameters of a=3.211, c=7.868. It can be seen from Fig. l(b) that the polysilicon structure is
columnar and contains a very high density of planar defects.

Figs. 2 (a) and 2(b) show a TEM cross-section and a SIMS profile for phosphorus from
sample 13. This specimen is similar to sample 5 except that the polysilicon was POCI3 doped
prior to the WSi? deposition without any further high temperature annealing. The structure of the
silicide is essentially the same as that shown in Fig.la. However, the polysilicon exhibits fewer
planar defects and still retains the columnar structure. It is interesting to examine the SIMS profile
in Fig. 2(b) which shows that the phosphorus from the POCI3 doped polysilicon has also diffused
uniformly into the \VSi2 layer during the silicide deposition and/or deposition of the low
temperature oxide.

The effect of doped and undoped polysilicon on the silicide after annealing was studied. Figs.
3(a) and 3(b) show a TEM cross-section of the MOS stack and a TEM planar image of sample 1.
The polysilicon was not POCI3 doped. However, the sample was annealed at 1000cC in nitrogen
for 60 min. The \VSi2 structure has changed dramatically. The silicide exhibits a bimodal
distribution of grain sizes(10nm and 200nm) and the polysilicon grain structure is more equiaxed
than the two samples shown in Figs. l(a) and 2(a). Twins can be observed in the Si grains but the
high density of planar defects observed in Figs. l(a) and 2(a) are absent.

Figs. 4(a) and 4(b) were obtained from sample 9 . In this specimen the polysilicon was POCI3
doped and the polycide was annealed in nitrogen at 1000°C for 60 min. The silicide structure is
similar to sample 1 exhibiting a bimodal distribution of lOOnm and 200nm grains. The polysilicon
is also very similar in structure to sample 1. The SIMS profile Fig. 5(a) shows a peak in the
phosphorus concentration in the WS12 layer (which was not observed in the unannealed sample
#13).

The final two specimens 14 and 15 (POCI3 doped polysilicon) were implanted through the
silicide with boron and boron plus phosphorus respectively. A thermal oxide was grown on the
boron implanted samples at 950°C in oxygen for 60 min. The boron implant was activated at
1100°C in nitrogen for 120 min. Figs. 6(a) and 6(b) show the cross-sectional and planar images of
the boron implanted and annealed specimen 14 which exhibited the most uniform WSi-> grain
structure of all the samples investigated with the majority of the grains approximately 200nm in
size. The polysilicon structure and the phosphorus distribution shown in Fig. 5(b) is similar to
that observed for sample 9 (Figs. 4(a) and 5 (a)).

The TEM micrographs in Figs.7(a) and (7b) show the effect of the phosphorus implantation
and its activation at 900°C in nitrogen for 60 min. on specimen 15. It is interesting to note that the
silicide grain structure has changed dramatically with these processing steps compared to sample
14 (Fig. 6(a)). The silicide exhibits a variety of grain sizes (typically 40-200nm) and shapes which
was not observed under the other processing conditions. The SIMS profile for sample 15 (Fig.
5(c)) reflects the higher phosphorus content in both the silicide and the polysilicon as a result of
the implant and drive cycles. However, the shape of the profile is very similar to sample 14 (Fig.
5(b)) which was not implanted with phosphorus.

DISCUSSION AND CONCLUSIONS

POCI3 doping the polysilicon prior to silicide deposition did not effect the microstructure of the
silicide as determined by TEM. Phosphorus was found uniformly distributed through the silicide
in POCI3 doped specimens at temperatures of 800°C. The phosphorus may have entered the
silicide during the initial LPCVD reaction with the polysilicon surface and/or phosphorus may
have diffused from the polysilicon into the silicide during the CVD oxide dcnsification. Enhanced
grain boundary diffusion might be expected at this temperature due to the small silicide grain
structure. Annealing the polycide at 1000°C in nitrogen produced dramatic increases in the silicide
and polysilicon grains. Phosphorus was observed to segregate within the silicide at this
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Figure 1. TEM micrographs of sample #5 (a) cross-section (b) plan view with electron
diffraction pattern.

Figure 2. fa) TEM cross-section of sample #13 (b) SIMS profile (phosphorus).
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Figure 4. TEM micrographs of sample #9 (a) cross-section (b) plan view.
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Figures. SIMS profiles for phosphorus (a) sample #9 (b) sample #14 (c) sample #15.
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Figure 6. TEM micrographs of sample #14 (a) cross-section (b) plan view.
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WSi2

Figure 7. TEM micrographs of sample #15 (a) cross-section (b) plan view.

temperarure perhaps redistributed as a result of the large increase in the silicide grain growth. The
POCI3 doped and boron implanted samples thermally oxidized and annealed at 1100°C in nitrogen
exhibited the most uniform silicide structures and proved to be superior to samples annealed in
nitrogen alone at 1100°C [10]. Boron implantation through the silicide and annealing did not alter
the silicide grain structure but did lower the sheet resistance due to increased boron activation.
Boron implantation and annealing followed by phosphorus implantation and annealing changed
the silicide structure dramatically resulting in a wide range of grain sizes and shapes which may
explain the corresponding increase in the sheet resistance.The microstructural changes observed in
these specimens may also be related to adhesion of the films, oxidation, impurity and dopant
distribution.
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ABSTRACT

High spatial resolution characterization of quantum wells has been per-
formed by monochromatic cathodoluminescence imaging and by large angle
convergent beam electron diffraction. The satellite lines to sublattice reflections
which have been interpreted previously in terms of kinematical diffraction
theory are here explored in detail by dynamical diffraction theory.

INTRODUCTION

Cross-sectional transmission electron microscopy (TEM) is widely used to
study imperfections in quantum well structures. These imperfections can take a
variety of forms including relatively coarse features such as oval defects, disloca-
tions, twins and stacking faults and more subtle ones such as interface steps and
alloy clusters. While images obtained in this way have the unique attraction of
direct portrayal of information they also have several disadvantages, including
the very poor statistical significance of the results for relatively widely spaced
defects (spacing -10 }im). Since semiconductor devices based on quantum-well
structures tend to have dimensions of tens or hundreds of micrometers, we have
been exploring techniques for obtaining similar information from larger areas by
plan view electron microscopy. Epitaxial layers are removed from their sub-
strates by chemical etching; in the case of the AlxGai-xAs/GaAs system with x~0.3
a selective etch exists to make the process of specimen preparation particularly
straightforward.

EXPERIMENTAL METHOD AND RESULTS

Two methods have been explored to study the defects by TEM of plan view
samples. One of these involves microscopic cathodoluminescence (CL) spec-
troscopy and imaging. In some cases unique spectral features can be associated
with particular defects such as interfacial dislocations or stacking faults, and these
can be very useful in subsequent nondestructive evaluation of epilayers. These
aspects of the work have been reviewed recently in two articles and will therefore
not be described here [1,2], Fine structure in emission lines from single quantum
wells, grown with interruption after completion of the individual layers, have
been interpreted as coming from wide plateaux of quantum-wells varying by
monolayer thicknesses. By generating monochromatic CL maps in each emission



peak in turn, a series of anticorrelating images have been produced [2,3,4]. This
method acts as an alternative to high resolution electron microscopy of cross-
sectional samples for investigating interface sharpness.

A quite independent approach for evaluating the quality of quantum wells,
their period, barrier widths, regularity, etc., relies on large angle convergent beam
electron diffraction from the same plan view samples used in the CL imaging
experiments [2]. Another contribution to these proceedings [5] concentrates on
the effort to reveal monolayer changes of well-width by electron diffraction. Here
we shall concentrate on the recent progress which has been made in explaining
the experimental results by dynamical diffraction theory. Experimental results
have been published in [6], hereafter referred to as I, which reveal that although
kinematical diffraction theory is quite successful as a first approximation to
interpreting the experiments, nevertheless there are a number of shortcomings to
this approach. The remainder of this paper concentrates on the interpretation of
the electron diffraction results from an InGaAs/InP long period multiple
quantum-well sample prepared by MOCVD. This sample gave experimental
results which were contained in I; it was composed of 30 periods of 95A
Ir1.465Ga.535. As quantum wells with 350A InP barriers. The experiments were
performed for {200} systematic diffraction using a slightly inclined (001) specimen
(Figs. 6 and 8 of I). It was found necessary to take several layers of the reciprocal
lattice into account in obtaining a reasonable match between the calculations and
the experiments. In order to understand these results it may be found helpful to
first concentrate on the dynamical interactions within a given layer, say the zero
layer for convenience, although each layer behaves in a similar fashion. Figure 1
reveals the characteristic form of part of the dispersion surface calculated for such
a layer for the problem in hand. To a reasonable first approximation we may treat
each layer as independent and superimpose a number of surfaces of this sort, each
displaced along the beam direction by a vertical distance dictated by the reciprocal
of the repeat distance of the multiple quantum well system. The magnitude of
this displacement is critical in dictating the diffraction results because the lines of
interest result from intersections between the dispersion surface branches origin-
ating from different layers of the reciprocal lattice. This potentially complicated
situation is simplified by the fact that, except for parallel incidence to the 200

H

Fig. 1. Sketch of the first four branches of the dispersion surface corresponding
to each of two successive layers of the reciprocal lattice of a multiple quantum-
well structure. Their sparing H is proportional to the reciprocal of the quantum
well period.



planes, the excitation remains very close to the portions of the dispersion surface
asymptotic to the dispersion sphere centered on the origin. Figure 2 illustrates

Sphere centered on origin

nth layer
dispersion
surface

Fig. 2. Sketch of the details of the intersection of the dispersion sphere centered
on the origin with successive branches of the nth layer dispersion surface. The
associated diffraction effects occur in the orientations corresponding to the wave
vectors ki, k^ and kj, which each end on the origin.

this schematically and indicates that two essentially distinct situations occur,
labelled A and B in the figure. For intersections such as at A, the lines cannot be
indexed simply. The nth layer dispersion surface at A is the result of strong
hybridization between at least two Bragg reflections, so that neither branch can be
uniquely identified with one particular Bragg reflection. The only reasonable way
of indexing the two parallel lines expected an orientations ki and k2 is as layer-n
branch(l) and branch(2) lines. If one of the reflections involved in the
hybridization is weak according to kinematical theory then it is likely that
intensity will flow from a stronger beam to the weaker one at such orientations
which correspond to Bragg conditions. For intersections such as B, where the
dispersion surface is close to the dispersion sphere centered on a particular
reflection g, then a single line is expected which can be labeled conventionally as
a g Bragg line to a good approximation. The experimental results confirm these
conclusions. Figure 3 illustrates a pair of lines in the 20n reflection which are
layer-2_branch(2) and 202 lines respectively. As branch(2) is the result of
202/402/602 hybridization, it follows that there will be a corresponding bright line
in the same orientation of both the 40n and 60n reflections. This effect can be
observed in Fig. 3c and d. Although the layer 2 branch(l) line is not apparent in
the 20n reflection (it would be at orientation -3.75, 0,0), it does appear in the 40n
reflection (see Fig. 3c). However, the layer 2 dispersion surface has become
asymptotic to a sphere centered on 202* by (-4.8, 0,0) so that the line may be indexed
(see Fig. 3a).

CONCLUSIONS

One of the most important conclusions of this analysis is that not even the
higher order satellites are necessarily free from the effects of strong dynamical
diffraction and that care should be exercised in interpreting the line intensities in
terms of kinematical diffraction. Fortunately the voltage variation and tilting



experiments described in I can be used to explore the existence of departures from
kinematical diffraction conditions.
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Fig. 3. Comparison between the experimental 20n rocking curve (a) and some
results calculated by dynamical diffraction theory (b). In (c) and (d) associated
diffraction effects are revealed by the calculations as occurring in Bragg reflections
strongly coupled by dynamical scattering.
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ABSTRACT

The large angle method of convergent beam electron diffraction
(LACBED) has been used to examine multi-quantum well (MQh*) and single
quantum well (SQW) samples of AlGaAs/GaAs and InP/InGaAs viewed
approximately along the growth direction. The method combines an ijnage of
the specimen with the rocking curve, typically over about 6* for a
selected reflection. LACBED patterns from MQW samples show many orders of
superlattice satellite reflections and can be used to profile compositions
in both periodic and less regular structures. For SQW samples, we can
measure the local quantum well thickness to near-monolayer precision.

In this paper the application of the LACBED method to MQW and SQW
structures is explained. It is shown that dark field images are also
sensitive to the composition profile and can be used to detect spatial
variations in multilayer growth.

INTRODUCTION

In the past 18 months we applied the LACBED method to the study of
strains and composition profiles in a range of epitaxial bicrystals and
multilayers (see refs [1,2] for recent reviews). The principles of the
technique are illustrated in figs 1 and 2. Fig 1 shows schematically the
type of intensity profile expected for a reflection 2 f*°m a thin crystal
with specdjnen normal perpendicular to £. As diffraction angles are small
in electron diffraction, we expect to see the intensity profile mapped out
in the diffraction disc for cj as the incident beam orientation varies (see
figure).

Conventional convergent beam patterns suffer from the disadvantage
that the convergence angle, and thus the rocking angle, is limited by the
need to avoid beam overlap. In the LACBED method [3], the incident beam
is brought to a focus below (or above) the specimen such that focussed
spots due to the straight-through and diffracted beams are spatially
separated in the focal plane of the objective lens. A selected area
aperture can be used to select a single beam, thus avoiding the
overlapping beam problem and enabling the convergence angle to be
increased, in our case to 6°. Moreover, the selected area aperture acts
to significantly reduce inelastic background in the single diffraction
disc, allowing rocking curve detail at large deviation parameters to be
detected.

LACBED patterns also differ from conventional convergent beam
patterns in that an image of the irradiated area maps into the diffraction
disc, the spatial resolution being given by the minimum probe size. This
enables spatial variations in rocking curve detail to be observed and
characterised. In the results described here, LACBED patterns were taken
at 250kV on a Philips EM430 microscope using a 5ym selected area aperture
having an acceptance angle down to 5 x 10" r rad. The illuminated areas
were typically 2pm across with a minimum probe size ** 500A.



Fig 1. The intensity profile
for a reflection g
for a thin film is
mapped out in
convergent beam
diffraction as the
incident beam
direction varies.
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Fig 2. LACKED patterns from a plan view Ale.-Gac.7 As/GaAs multilayer of
period 210A.

LACBED FROM PERIODIC MQWs

Fig 2 shows an example of LACKED dark field patterns in g = 200,220
recorded from an AlGaAs/GaAs superlattioe consisting of alternating layers
of 110A Alo.3Gao.7As and 100A GaAs, the total sample thickness being about
250 0A. The [001] sample normal and growth direction is nearly parallel to
the electron beam such that we expect superlattice satellite reflections
around g = 220, 200 in a direction parallel to [001]. The spacing of
these satellites from the main reflections is given by q =X"'where X
is the superlattice period ie q = 5 x 10"3 A . For the 220
reflection the satellites 3 and -3 are visible superimposed on the normal
thin film subsidiary fringes whose spacing is given for large deviation
parameter s by ts = t"' where t is the sample thickness. A closer
inspection shows that satellites at ±3c[ are also visible, reached at a
smaller rocking angle than for g = 220 since the rocking angle depends on
lc[l. The satellites for g = 200 are more prominent than for g = 220.
Further features shown by dotted lines are also present and arise as a
result of double diffraction frcm systematic row reflections such as 400.

A full explanation of the detail in the rocking curves from
AlGaAs/GaAs superlattioes is given by Vincent et al [4]. If we avoid
small deviation parameters, ie close to the main diffraction contour, and
values of s corresponding to double diffraction routes, the scattered
amplitude A can be calculated using a kinemstical approach. In general
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where F(z) is the structure factor for the hkl reflection/ z is the depth
in the foil and R(z) represents any crystal displacement field eg due to a
defect or a displacement at an interface. For the nearly lattice-matched
systems in this paper s can be regarded as independent of z, but would
vary in a strained layer system for lattice planes inclined to the growth
direction. Assuming R(z) = 0, equation (1) gives the relative amplitude
of superlattice reflections n£ as
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where AF hJtl is the difference in structure factor between the AlGaAs and
GaAs layers and ̂ i is the thickness of one of the layers. The absence of
satellites at 2£ is thus easily explained since Aj> A/2 such that
sin (mrAj/A ) ~ 0 for even values of n. Although AF is/ in this case, the
same for reflections g = 200, 220, the satellites appear stronger in
g = 200 as the main reflection is only weakly excited in GaAs.

Observations on the AlGaAs/GaAs sample in fig 2 have revealed
satellites out to 7c[ clearly visible. The method has also been extended
to lattice-matched InP/InQ.yjGa^.^As super lattices [5]. In this case the
structure factor difference, AF 1, 9.2A for the 200 reflection. This is a
factor ̂ 5 greater than for Alo<3Gac>7 As/GaAs and the result is that many
more satellites (up to 17g) are visible.

LACKED FROM SQWs AND IRREGULAR MQKs

The large number of satellites present in LACBED patterns frcm
AlGaAs/GaAs and InP/InGaAs MQWs suggest that potentially we have useful
information concerning composition profiles and growth irregularities. We
have recently investigated this possibility by analysing LACBED patterns
from irregular M5? structures and SQtf samples. Theoretical analysis of
the results has been carried out simply using equation (1).

Fig 3. 200 dark field LACBED pattern from a 5 quantum well
Alo.3sGao.t5As/GaAs superlattice with Alo.3SGaa-65As cladding
layers (see text).

Fig 3 illustrates a 200 dark field LACBED pattern from a sample of
AlGaAs/GaAs consisting of 5 GaAs layers each of width 55A separated by
175A Al^sGa^sAs, the whole enclosed by cladding layers of Alo.3jGao>ts As
each 1400A thick. The LACBED pattern shows satellites nc[ due
to the multilayer period of 230A with n = 3 appearing very weak isee
equation (2)). The satellites q are, however, split into double peaks and
3 subsidiary fringes appear between the g/s. The LACBED pattern in fig 3
is, in fact, matched in detail by the theoretical simulation also shown,



the 3 subsidiary peaks arirdrg owir.c to the finite number of layers in the
periodic part of the structure and the split £/s arising owing to the
cladding layers.

Results from SQW samples have shown a sinilar detailed match between
theory and experiment. Results for AlGaAs/GaAs have already been reported
[6] and we discuss here some recer.t results obtained for InP/Ino?3Ga0.^7As
samples. Fig 4 shews 200 dark field LACBED patterns from 'a sample
containing nominally 4QA of Inc.r3 Ga^.^As in 2000A InP. The patterns are
from the same area and with the "foil tilted by about 3 to show the
rocking curve over different ranges of deviation parameter. The rocking
curves show fringes whose spacing A S = t-1 where t is the total foil
thickness. However, whereas for a single crystal fringe intensity falls
off monotonically with increasing s, the presence of the In O.S3 Gao.^7As
layer causes the fringes to be strongly modulated in amplitude. Similar
fringe modulations/ but at a greatly reduced amplitude, have been observed
for AlGaAs/GaAs films [6], and arise owing to the appearance of
frequencies given by As = t x~

1 where t is the thickness of each of the 3
layers in the SQW. A simulation for the expected structure in figure 4 is
given, and agrees quite well with experiment.

Our results suggest that the
observed value of s at which the
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well thickness may be measured by the
fringe modulation disappears. This

occurs at s = tz~*, 2t2~
x where t2 is the thickness of the quantum well.

The point at which this occurs is indeed observed in fig 4 and corresponds
to a value of s - 0.027A"1 corresponding to tz = 37A. If we assume that
we can measure the point at which the fringe modulation vanishes to about
10% accuracy, this gives an estimate of t to about 1-2 nonolayers.
Further computations have shown that the amplitude of the modulation is
also sensitive to quantum well thickness and our estimates have suggested
that near monolayer changes in well thickness can also be observed at much
smaller values of s by this method.

s increasing
left to right.
Simulation for
0.0035<s<0.045A

-1

Fig 4. 200 dark field
1000A InP/40A In,.,-3
Top - experimental;

LACBED patterns from a nominal
^As/BOOA InP sample,
bottom - comparison with theory.

DISCUSSION

Our results from the SCW sample in fig 4 suggest that quantum well



thicknesses in plan-viev F-c-rr2es may be rx?£?ured " -ear-nonolayer
accuracy in IACBED patterns*. In fact L^CBED ret. 11 = on periodic
AlGaAs/GaAs MQWs [5] have suggested that irultilayer :*riods can be
measured to about 2A accuracy. The question therefore tribes whether the
LACBED method can be used to detect spatial variations in y®9 or SQW
structures due to film growth. For this purpose the l£C~IT> rethod has two
nfaiii disadvantages :-
(1) Although spatial infornoticn is contained in the pc.ttc-rr.s, variation
at a given value of s is cne-diner.sional ie along a line crs the substrate
parallel to the main diffraction contour.
(2) Spatial resolution depends on the minimum probe size. However, since
the detail of interest in LACBED patterns is very weak, the probe size is
limited by the need to obtain sufficient probe current to give realistic
exposure times for microscope film. In our case, using a W filament
source/ the results in fig 4 were obtained using a probe size £ 50QA to
reduce exposure times to about 10 minutes.
These problems can be avoided in imaging where we iright expect the
intensity fluctuations in LACBED patterns to be seen in dark field images
frcm bent foils. For periodic multilayers it has proved possible to
obtain dark field images in a super lattice reflection and fig 5a shows an
example of an Alo.3Ga,-7 As/GaAs super lattice imaged in g = 200 where
s = |2 | ie the image is in the first super lattice sideband. The image
shows a structure which is extended along one of the <11G> directions in
the growth plane, and which is absent at deviation parameters not
corresponding to super lattice reflections. Tilting experiments have
suggested that variations in the average £ are responsible [5].

b.

Fig 5. Images (a) for an Al0 3Ga As/GaAs multilayer in -• = 400 and
at s * fqj and (b) from a Bent region of the Ir.P/I.'iGaAs SOW
sample illustrated in fig 4 and showing the frinjo- modulation
present at small valuc-s of s d-e to the qua.-.tun -..-• 11 (s increases
left to right, g=20C) .



Recent work in SQW samples has also shown that dark field images from
bent foils show the same rocking curve detail as present in LACBED and an
example of such an ijnage in g = 200 for the InP/Ino>53Gao.v7As SQW
illustrated in fig 4 is shown in fig 5b. It can be seen that fringe
modulations of the type seen in LACBED are also present in the direct
image. The inference is that any changes in the fringe modulation
observed in the direct image are related to the quantum well thickness as
described above. A preliminary analysis suggests well thickness
variations occur over distances of 500-1000A and will be the subject of a
forthcoming publication [7],

It is thus worth asking whether direct imaging of bent foils removes
the need for IACBFD studies. In principle the objective aperture in
imaging should act to remove inelastic background in an analogous manner
to the selected area aperture in LACBED. In practice we have found that
detail in LACBED patterns may be seen at much larger values of s than give
useful information in imaging. The reason for this apparent difference is
not yet entirely clear. However, an important point is that
identification of important features in the rocking curves is needed
before useful imaging can be carried out. Thus a combination of LACBED
and direct imaging is required.

CONCLUSIONS

We have shown that the IACBED technique can give detailed rocking
curves for periodic and less regular semiconductor multilayers seen in
plan-view. Near-monolayer changes in quantum well thicknesses in SQW
samples are, in principle, detectable. A combination of LfiCBED and
direct imaging can reveal growth irregularities in both MQW and
samples.
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ABSTRACT

High resolution cathodoluminescence microscopy (CD under a magnetic field is proposed
and used to study the interface structure of GaAs-AlGaAs single quantum wells. This
principle called, Lorentz-force Carrier-confinement (LC), successfully improves the resolution
by up to a few thousand Angstrom. Periodic light and dark stripe patterns are observed in
LC-CL monochromatic images of the single quantum wells on the intentionally-tilted
substrates. It is shown that the stripes represent stair-like stepped interfaces and that the
observed terraces are extended and the steps are clustered. Based on the results, a new
interface structure model is proposed, that takes the tilting into account.

INTRODUCTION

Recently, it has been demonstrated that cathodoluminescence micros . ' (CL) can
visualize two-dimensional quantum well interface structures,"12I which was no jssible using
other techniques, such as TEM and PL. The depth spatial resolution is as good as one
monolayer. However, one of the problems with CL is its poor lateral spatial resolution.
Minority carrier lateral diffusion limits the resolution, typically to a few um. The principle
used to reduce diffusion, named "Lorentz-force Carrier-confinement (LC)"131, is to place carriers
in cyclotron orbits using a vertical magnetic field. It has been demonstrated that applying a
magnetic field of around 1 Tesla dramatically improves the resolution by up to a few
thousand Angstroms.

The present high resolution LC-CL visualizes detailed interface structures of GaAs-
AlGaAs single quantum wells, grown on (100) substrates with a intentional misorientation of
0.2° by metalorganic vapor phase epitaxy (MOVPE). Light and dark stripes are periodically
observed, which represent terraces and steps. These results show that stair-like stepped
interfaces can be formed in GaAs-AlGaAs heterostructures.

A NEW PRINCIPLE - LORENTZ FORCE CARRIER CONFINEMENT

The spatial resolution of CL is determined by various factors such as radius of an
electron beam, of electron-hole pair generation volume and lateral diffusion length of minority
carriers parallel to the specimen surface. These are typically 20-30 Angstroms, a few hundred
Angstoms and a few microns, respectively. Thus, it is the lateral diffusion of minority
carriers that causes spatial resolution deteriaration, as shown in Fig.l(a). In this study a
magnetic field is applied to block the diffusion. Magnetic field application modifies carrier
diffusion path by the Lorentz force to part of a circuler orbit illustrated in Fig.l(b).
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Figure 1. Schematic representation of the new principle for resolution improvement



The orbit radius IQ can be described as
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where m* is the effective carrier mass, e is
the elemental charge, B is magnetic field
strength and v is carrier velocity. It is clear
that the spatial resolution improves when
the orbit radius is smaller than the minority
carrier diffusion length.

Figure 2 shows a theoretical calculation
of the orbit radius of electrons and heavy
holes in GaAs against magnetic field
strength. Electron velocity 2 X 10* cm/s and
heavy hole velocity 7 X 10s cm/s correspond
to these thermal velocities at 10K, where CL
measurement is performed. It is predicted
that the radius will shrink from minority
carrier diffusion length a few microns to
less than one micron under a magnetic field
strength of 1 Tesla. Figure 3 shows
monochromatic images of the quantum well
under different magnetic field strengths.
Sample structures and characterization
conditions are shown later.
Minority carriers in this sample were electrons, since it was slightly p-type. It is clear that
the spatial resolution markedly improves as magnetic field strength increases, and that the
stripe patterns which represent a stair-like stepped interface can be seen in Fig.3(c).

The extents (widths) of the dark areas (lines) in the images, which correspond to the
spatial resolution, are plotted against magnetic field strength in Fig.2. Magnetic field
dependence agrees well with calculated results. The best fit is obtained when electron
velocity is (6 ± 2) X 105 cm/s, which is in fairly good agreement with the thermal velocity at
10K. These results suggest that the Lorentz-force Carrier-confinement LC actually improves
the spatial resolution of CL under even a weak magnetic field around 1 Tesla. The velocity
difference may be due to various factors, such as increase of electron effective mass due to
conduction band non-parabolicity, and reduction of electron diffusivity due to interface
roughness scattering141.

LC is clearly effective not only for CL, but also for electron-beam-induced-current (EBIC)
and scanning deep level transient spectroscopy (SDLTS).

Figure 2. Theoretical calculation of orbit
radius. Solid line : electrons, broken lines:
heavy holes, dotted line : minority carrier
diffusion length.

a) 0.25 T 1pm b) 0.55T c) 0.8 T

{ Figure 3. CL images of a 16-A wide SQW under different magnetic field strengths.



INTERFACE STRUCTURES

No substrates have ever been realized without tilting, so it is assumed that the surface is
always characterized by stair-like step structures. It has been found that even nominal (100)
GaAs substrates exhibit slight tilting (typically ± 0.2") in commercially available substrates.
Tilting cannot be eliminated during epitaxial growth to uniform thickness, the process in
which the stair-like stepped interfaces are most likely to occur. Tilting-induced terraces and
steps on the substrate should be perpendicular to the tilting direction. To verify the step
structure formation, a systematic study of the effect of substrate tilting on the interface
structures is conducted. First the interface structure dependence on tilting direction is
examined, then the detailed structure is studied.

EFFECTS OF SUBSTRATE TILTING DIRECTION
The tilting angle was confined to 0.2° ± 0.1° to approximate the tilting in commercially

available nominal GaAs substrates. The tilting direction, unspecified for the nominal
substrates, was set toward [001], [Oil] and 1010]. Quantum wells were then grown on these
substrates by MOVPE. The detailed structure of the specimens was : two GaAs single
quantum wells (SQWs) 16 and 28 A wide, three 300-A-thick Alo.5Gao.5As barriers, a 2000-A-
thick GaAs buffer layer and a 50-A-thick GaAs cap layer. Gases used were trimethyl gallium
(TMG), trimethyl aluminum (TMA) and arsine (ASH3). The growth temperature was 650°C, a
typical temperature for electron device applications. The TMG/ASH3 ratio was 100 where
high resistivity GaAs layers were grown in the low pressure MOVPE system (70 Torr). The
growth was performed in one batch to keep growth conditions identical. The CL
measurements were done at around 10 K using a liquid helium flow type specimen holder in
a scanning electron microscope, in which a electromagnetic lens was installed for a vertical
magnetic field application. The beam acceleration voltage was 25 kV. The slit width of the
monochrometer was 1.0 mm corresponding to a wavelength resolution of 1.3 nm.

In CL spectra of the SQWs on these substrates, two peaks, corresponding to the designed
wells 16 and 28 A wide, were observed independent of the tilting direction. The peak
wavelengths were at around 650 and 700 nm and full widths at half maximum (FWHM) were
25 and 10 meV. It was, therfore, found that tilting direction has no significant effect on the
CL spectrum.

Figure 4 shows typical monochromatic images of the SQWs with 16-A-wide well.
Elongated light and dark areas, exhibiting a periodic stripe pattern, can be clearly seen.
The stripes are perpendicular to the tilting direction shown by arrows. Figure 4 thus
represents two-dimensional images of the step structures on the GaAs-AlGaAs interfaces
which are inherited from the substrate surface. The light areas correspond to well areas with
constant width (i.e., terraces) and the dark areas correspond to steps.

a) [001] b) [011] c) [010]

Figure 4. CL images of the 16-A-wide SQWs on tilted substrates. The tilling direction is
indicated by arrows. Note that the width of the dark lines (a few thousand A) is not that of
the step itself but is detemined by the spatial resolution of the CL system.



EXTENDED TERRACES AND CLUSTERED STEPS
It should be noted that the interstep distance (i.e., terrace width) is as narrow as 800A

in the tilted substrates when the tilting angle is as small as 0.2°. However, the period of the
pattern in the tilting direction in Fig. 4 is approximately 6000 A, which is 7 to 8 times larger
than calculated using the tilting angle. This indicates that the terraces are extended on the
interface (hereafter called extended terraces). There is evidence that the observed light and
dark stripes correspond to extended terraces and steps with multiple monolayer height (the
term clustered steps is adopted to designate close bunching of monolayer steps).

The extended terraces on an interface must accompany the clustered steps for a given
tilting angle. The clustered steps terminate monolayer step flow on the extended terraces
during growth. Thus, the clustered steps
should propagate almost perpendicular to the
growthsurface. Accordingly, if the dark
stripes correspond to clustered steps and not
to monolayer steps, the stripe pattern in the
lower SQW should propagate perpendicular
to the upper SQW in the monochromatic
images. Figure 5 shows the correlation
between CL images of the two superimposed
SQWs. The image of the upper (narrower)
well is almost identical to that of the lower
(wider) well. The pattern propagation
together with the large period of the stripes
leads us to conclude that the stair-like
extended terraces with clustered steps are

' developed on the interfaces studied here.
The stair-like extended terraces with
clustered steps have already been confirmed
to be present at the interface of this sample
by cross sectional reflection electron
microscopy.151 The step structure should also
be preserved on the specimen surface. To

: clarify this, glancing observation of the
specimen surface is conducted by a high
resolution scanning electron microscope
(SEM). Figure 6 shows a micrograph of the

' specimen surface. The light bands and dark
lines are clearly observed. The period,
several thousand Angstroms, corresponds to
that of the stripes shown in Fig. 4, although
foreshortening due to by glancing
observation exists. It is thus confirmed that
the extended terraces and clustered steps are
maintained during growth. A schematic
diagram is shown in Fig. 7.

a) Upper well (16A)

0.5

b) Lower well (28A)
Figure 5. CL images of the two
superimposed SQWs

Figure 6. SEM image of the surface structure Figure 7. Interface and surface structure
of the sample shown in Fig. 4(c). of the sample studied.



These results indicate that the substrate tilting, or misorienlation, induces extended
terraces and dusted steps. A new model for the interface structure that takes tilting angle
into account is proposed. In other words, stair-like extended terraces with clustered steps, or
occasionally stair-like terraces with monolayer steps are established on the interfaces. Small
positive and negative islands are probably present on the terraces. In the previous model,161

positive and negative islands are present on an atomistically flat interface. This is only valid
for the structure of the interface between clustered steps. Thus, it can be said that the most
common interface model is an oversimplification.

The following are still to be clarified. Extended structures are observed in MOVPE
specimens but it is not clear if they are also formed in molecular beam epitaxy (MBE)

' specimens. It is not clear why monolayer steps are clustered or what governs such
morphological instability of the growth surface.

DISCUSSION
A brief comment is made on the previous report121 on interface characterization by CL

considering the new model. It was reported that MBE grown GaAs - AlGaAs quantum wells
show CL peaks corresponding to integral multiples of monolayer thickness and CL
monochromatic images at these peaks are complementary. Based on this, the terraces
bordered by one monolayer step are 6 - 7 pm wide on the quantum well interface. The
authors of the report concluded that the light areas were terraces with one monolayer step.
The substrate tilting angle was not described in the paper. If the terraces, with one
monolayer height, were actually 6 - 7 pm wide, the tilting angle would have to be as low as
0.002°, an angle which is almost impossible to obtain. Conversely, if the tilting angle was
0.2° on the substrate, the reported terraces with a lateral extension of 6 -7 pm would have to
be bordered by clustered steps of more than 100 monolayer steps. The presence of such large
terraces is unlikely. Furthermore, the CL system used121 was constructed in a conventional
SEM, in which no magnetic field is applied to specimens. Thus, the spatial resolution of the
CL would be determined by minority carrier diffusion, i. e., a few microns. LC-CL imaging at
0.25 Tesla can not visualize each terrace but shows ambigious light areas as large as one
micron as shown in Fig. 3(a). This suggests that the reported terrace size, several microns
wide, might be overestimated due to poor resolution. It is fair to say that CL images cannot
be interpreted without consideration of spatial resolution.

SUMMARY

A new principle to improve spatial resolution of cathodoluminescence has been proposed
and verified, named Lort.itz-force Carrier-confinement Cathodoluminescence Microscopy (LC -
CL). The present principle LC works for all methods utilizing recombination and collection of
carriers, in which the lateral diffusion of excess carriers dominates the spatial resolution.

The two-dimensional interface structures of MOVPE-grown quantum wells using the
present LC-CL has been studies. It was demonstrated that stair-like stepped interfaces related
to substrate tilting are represented as a stripe pattern. Based on the results, a new interface
structure model has been proposed. The presence of substrate tilting indicates that the
interfaces should be represented as stair-like stepped, and not atomistically flat with positive
and negative islands with a monolayer step. The factors determining terrace extension and
step clustering are still unknown. The stepped interface structure must be taken into
consideration, since no substrates have ever been realized without tilting.

Interface characterization by LC-CL has a great advantage over transmission electron
microscopy and photoluminescence spectroscopy because it allows visualization of detailed
interface structures in two dimensions.
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ABSTRACT

The atomic perfection of interfaces and local impurity distribution are important
parameters in the control of low dimensional semiconductor systems. Over the past few
years photoiuminescence excitation spectroscopy has proved to be of immense value in the
detailed characterisation of such systems. This is especially the case for the GaAs/AJGaAs
material technology in which tunable dye lasers can readily supply the variable wavelength
excitation source needed for such work.

However this form of characterisation is much more difficult for semiconductors with
smaller energy gaps e.g. the ternary InGaAs or many materials in the important antimonide
based system. No readily available dye lasers exist which can be used to resonantly excite
the semiconductor.

We have overcome this difficulty by using Fourier Transform Optics to source the
excitation. We have successfully observed excitation spectra from InGaAs/InP and
InGaAs/GaAs quantum well systems. The multiplex nature and high optical throughput of
the Fcjrier Transform spectrometer yield high quality spectra with short measurement times.

In this paper we review the experimental technique and demonstrate its enormous
potential for 'low* gap semiconductors. We illustrate the technique by describing its
application to various quantum well systems.

INTRODUCTION

Fourier transform optical techniques such as absorption and photoconductivity
spectroscopy have in the past been extensively used in the far infra red (IR) region of the
spectrum for the assessment of semiconductors. Their application to the near IR region
however has only recently been exploited in photoiuminescence spectroscopy (PL) [1].

The use of Fourier transform spectrometers offer a number of advantages over the
more traditional dispersive spectrometer these being as follows:

i) The measurement is wavelength multiplexed;
ii) The natural aperture of the system is a circle;
iii) The effective f number is much smaller.

The first of these features means that the measurement time is short while the other two
combine to give a larger light throughput (or collection efficiency) when compared with a
grating or prism spectrometer. These effects have been quantified by Fellgett [2] and it can
be shown that the theoretical signal to noise ratio (SNR) for a wide spectral range is much
better than the equivalent SNR for dispersive techniques.

PHOTOLUMINESCENCE EXCITATION SPECTROSCOPY

Photoiuminescence excitation spectroscopy (PLE) is a measurement technique which
provides information on optical absorption processes in semiconductors. It is performed by
measuring the intensity or" the luminescence originating from a low energy state as a
function of the excitation energy. Eex> and hence absorption into higher energy states. The
technique essentially measures the complete set of absorption transitions which feed the PL.

While PLE has been used to characterise many different crystal features (see for
example Dean [3]) it has recently become an essential tool for the investigation of !o-*
dimensional structures such as quantum wells [4], since knowledge of the high lying sub
bands is very important in modelling the properties of the well. When measuring PL from
a quantum well structure, where a thin layer of low band gap material is sandwiched



between layers of wider band gap leading to size quantisation effects [5], it is found that
most of the luminescence originates from the lowest confined (or n=l) states. Hence to
observe the higher states ( n > l ) it is necessary to measure the absorption into them by
monitoring the intensity of the n=l state luminescence while varying Ee x .

From this it can be seen that the technique requires an energy filtered detection
system (simply a monochromator with an optical deiccior) and a tunable excitation source
which is normally either:

i) a tunable laser;
or ii) a blackbody source with a monochromator.

Tunable lasers are readily available in the form of dye lasers but these are limited to
energies in excess of 1.4eV and so are useless for narrower band gap systems. In these
cases the second option is commonly used but a problem is now encountered with
obtaining a sufficiently bright source, because of the inefficiency of the monochromator. In
this paper we illustrate a method which negates the need for a tunable source. The
inherent wavelength coding characteristic of FT systems allows the measurement to be made
in an efficient manner.

FOURIER TRANSFORM SPECTROSCOPY

The basic unit of a fourier transform spectrometer is an interferometer and the work
described here utilizes a BIO-RAD FTS 40 spectrometer with a 60* Michelson
interferometer. This employs a beamsplitter with one fixed and one moving mirror. If
monochromatic light is passed through the beamsplitter while the mirror is moved at
constant velocity, then the signal measured on an optical detector will be sinusoidal, due to
interference effects, and have a frequency which is determined by the wavelength of the
light and the velocity of the mirror. In our system (descibed elsewhere [6]) this frequency is
typically in the range of 0.5 to 2.0kHz - a factor which is important when choosing the
optical detector to be used.

The above discussion is easily- extended to a broadband source in that the signal now
measured will be the sum of a number of sinusoids. By sampling the detector output
periodically and then performing a discrete Fourier transform the amplitudes of the
individual sinusoids can be calculated and hence the source spectrum can be deduced.

FT Phototuminesccncc Spcctroscopv

Taking a semiconductor sample and exciting it with a laser will cause luminescence
to be emitted and focussing this into the spectrometer as the light source will therefore
enable the photoluminescence spectrum of the sample to be obtained as is shown in Figure
1 for an epitaxial layer of GaAs at a temperature of 4K.

Figure 1.
Photoluminescence
at 4K from an
epitaxial layer of
GaAs. The wide
spectral coverage in
just a short time
(30 seconds) is
highlighted while
the inset shows that
this is not at the
expense of the
resolution obtained
(in this case being
just lcm"1).

1.0 1.5
EMISSION ENERGY (eV)



The complete spectrum was obtained in just 30 seconds but, as can be seen from
the inset, the resolution (lcm~l or 0.13meV) was sufficient to resolve the band edge
transitions, showing excitoaic recombination and free to bound and donor-acceptor pair
recombination due to the acceptors carbon and zinc. At the same time a sufficiently wide
energy range has been covered to observe deep level luminescence (in this case being the
distinctive lineshape of chromium).

FT Photoluminescence Excitation Spcctroscorv

It is evident that FT techniques become particularly useful when a large spectral
range is of interest. The multiplex nature of the measurement means that information is
obtained on the complete spectral range of the system in a matter of seconds. A further
bonus of the FT spectrometer is the increased efficiency (or light throughput) obtained in
comparison to a monochromator. These are both very useful attributes in the case of PLE
and the technique we have developed utilises them.

The experimental system is illustrated in Figure 2. It can be seen that the FT
spectrometer is used as the excitation source in conjunction with a blackbody radiator (in
our case this is a quartz halogen lamp). The light from the lamp is passed through the
interferometer and is modulated as described above. This modulated light is then focussed
onto the surface of the sample and so creates a modulated luminescence which is collected
from a cleaved edge of the sample and passed through a monochromator tuned to the
required detection energy onto the optical detector. The detector output is then fed back
into the spectrometer system for data processing to produce the final spectrum.

One important feature of this arrangement is the way in which that portion of the
light source which falls within the pass band of the monochromator is excluded from the
detector. If too much of this 'stray1 light gets through then the detector can become
saturated and the luminescence signal will be lost, although letting a small amount through
is in fact desirable as it gives a record of the pass band being used. This is the reason for
measuring the luminescence from the cleaved edge and having the spatial filtering beside the
sample.

FT SPECTROMETER

; • - : : : &

modulation

sompfe

monochromator

detector

control
and
computation

T
FTPLE

spectrum
spatial
filter

pump

Figure 2. The experimental arrangement for FTPLE with an illustration of a
suitable spatial filter for removing scattered source light.



RESULTS

Figure 3 shoves the PL spectrum obtained from a multiple quantum well structure
consisting of twenty In ;Ga 8As quantum wells with GaAs confining layers. The relative
widths of the layers were chosen so as to maintain pseudomorphic growth, in this case the
wells are of 100A and the barriers are 1S00A. In a strained system such as this PLE
becomes particularly important in assessing the manner in which the band structure is
changing because the sampling thinning required for optical transmission measurements may
itself lead to a straining of the sample and so distort the results [7]. The narrow line width
of the PL (full width at half maximum (FWHM) is just 3meV) suggests that the wells are
of high quality with good interfaces.

FTPLE was performed on this sample with the detection window set so as to detect
luminescence from the low energy side of the PL peak (shaded in Figure 3) and the results
are shown in Figure 4. The large signal rising off the scale at an energy of 1.3eV is due
to the scattered light from the source which manages to pass through the spatial filtering
arrangement. This gives the band of energies over which the luminescence is being
measured and corresponds directly to the shaded area in figure 3. Towards higher energies
however the expected step-like absorption spectrum is obtained with excitonic resonances
(labelled a,b and c) at the onset of each step coming to an end at 1.52 eV where
absorption begins to take place into the GaAs cladding layers. The exact nature of the
transitions observed will be reported elsewhere but the results are in good agreement with
those obtained by Marzin[8]. One important feature however is the relatively small Stoke's
shift between the n=l exciton absorption and the n=l PL emission of just 6meV.

UJ

UJ

cc

1.28 1.30 1.32

EMISSION ENERGY
(eV)

Figure 3. Photoluminescence from
an InGaAs/GaAs MQW structure.
The shaded area shows the portion
of the luminescence used
ihe PLE spectrum.

LLJ
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t/1
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Figure 4. Photoluminescence
excitation from the same sample
as in figure 3. Peaks a, b and c
correspond to excitonic absorption
between confined sub bdands
within the wells.

CONCLUSION

We have developd i new technique for phoioluminescence excitation spectroscopy
which is particularly .'ippropriate for low band gap systems. Measurement times and
sensitivities are betser th.in those obtained using the more conventional double monochromator
form of measurement. The rr.easurements performed so far have been limited to the range
of 0.8 to l.TeV (the lo*er limit here is being set by ihe detector and the beam splitter -*e



are using). It is clear ho*e\er that with appropriate choices then the extension to materials
with very small energy gaps is possible.
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HIGH RESOLUTION ELECTRON MICROSCOPY OF INTERNAL
INTERFACES IN PARTIALLY-STABILIZED ZIRCONIA (PSZ)

A. H. HEUER AND R. M. DICKERSON
Case Western Reserve University, Department of Materials Science and
Engineering, Cleveland, Ohio 44106

ABSTRACT

Low solute tetragonal (t) ZrO2 precipitates within a high solute cubic
(c) ZrO2 matrix of a Zr-rlch CaO-MgO-Zr02 alloy were studied via high
resolution electron microscopy (HREM). The precipitates underwent
displacive thin foil transformations to orthorhombic (o) or monoclinic (m)
symmetry during sample preparation or observation In the HREM. Tfie
orthorhombic phase grew in a facetted manner from a relatively equiaxed
nucleus, consuming entire t-ZrO2 variants in multi-variant precipitates.
Monoclinic laths nucleated at t/c or t/t interfaces and rapidly grew across
portions of the parent phase. ~TTie crystallography of these transformations
is discussed.

INTRODUCTION

Precipitate morphologies in crystalline matrices are chosen to minimize
interfacial and shape strain energies.[1,2] Alloys of ZrO, containing
aliovalent solutes, such as MgO, CaO, and Y2O3, are excellent cases in
point. Tetragonal (t) ZrO2 precipitates within cubic (c) grains in
ZrO2-rich alloys (the so-called partially-stabilized zirconias", PSZ's) take
the form of oblate spheroids in Mg-PSZ,[3J relatively-equiaxed
parallelopipeds in Ca-PSZ,[3] and self-accommodating twinned "colonies" in
Y-PSZ.(4] These precipitate shapes can be correlated with the constituent
precipitate/matrix misfits, in particular whether the solute increases or
decreases the lattice parameter of the matrix.[5] Combining solutes to
create intermediate misfits may, and does, produce novel morphologies. One
such example is the tri-variant trigonal bipyramid found in ternary
Y203-Mg0-Zr02 alloys with a Y2O3/WgO ratio of 8/5 and a similar morphology
in the present example in a 8.1 m/o CaO-1.4 m/o MgO-ZrO2 alloy, aged at
1400°C for 20 hours. Elongated two-variant precipitates are also found in
the present alloys.

It is also common knowledge within the ZrO2 community that the
tetragonal precipitates in PSZ's often undergo displacive transformation to
phases with orthorhombic or monoclinic symmetry in the thin foil samples
required for transmission electron microscopy (TEM) study.[6-8] The
monoclinic phase is the stable low temperature, room pressure polymorph of
ZrO2. However, the orthorhombic phase was suggested as being the high
pressure (>3GPa) polymorph of pure ZrO2, the structure of which was
determined by Kudoh and coworkers[9] using conventional x-ray techniques.

The purpose of the present work was to characterize the intervariant
plane within the t-ZrO2 trigonal bipyramid precipitates in Mg0-Ca0-ZrO2
alloys, and to stuBy their coherency with the cubic ZrO2 matrix by HREM.
Additionally, the intervariant and interphase interfaces and lattice
correspondences of precipitates having undergone thin foil transformations
to orthorhombic or monoclinic symmetry were studied with atomic resolution.

EXPERIMENTAL PROCEDURE

Thin foil samples for HREM observation were prepared using standard
techniques for ceramics. Three mm diameter disks were ground to 80 /t/ra
thickness and polished to a 1 m finish. The disks were "dimpled" to a
center thickness of 30 im, after which the samples were Ar ion beam milled
until perforation. Thin foils were sputter coated with a thin layer of



amorphous carbon to eliminate sample charging under the electron beam. The
bulk materials used in this study were manufactured at CKRU using simple
oxide mixing, milling, and sintering techniques. This aspect of the
research is presented elsewhere.[10]

KKEM was performed on a JEOL 4000EX operating at 400KV. Phase
determinations and lattice correspondences were obtained on a laser
diffractometer optical bench using the TEM negative as a diffraction
grating.

RESULTS AND DISCUSSION

Figure 1 is a conventional dark field TEM image of an individual three-
variant bipyramid precipitate. The upper two variants in this particular
precipitate are strongly diffracting (g«(112); orientation neat v>.e <lll>
zone axis) and striated; they have already transformed to o symmetry. The
striations are believed to be due to domains with alternate distortions
(obverse and reverse) of the oxygen sublattice,[6,8,9] which leads to
regions within which an effective doubling of the a lattice parameter has
occurred. This t to o thin foil transformation is very common. Less
transformation is observed in thicker regions of the specimen, but is
present on initial examination, suggesting that the thin foil transformation
may have occurred during ion milling.

HREM analysis of a (101) intervariant plane in a tetragonal precipitate
revealed that the particles are coherent. The interface is detectable only
by a slight (-1°) tilt (Fig. 2); the small tetragonality causes the two unit
cells to be slightly tilted with regard to the otherwise orthogonal basis
vectors of the t-ZrO2 phase. Lattice continuity was also observed across
the matrix-precipitate interface. A detailed study of this boundary was not
attempted because it is curved and appreciable overlap occurs.

Fig. 1: Darkfield (g»(112)) TEM image of a three-variant bipyramid
precipitate viewed near the <lll> zone axis. The upper two
variants have transformed to o-ZrO2.



Fig. 2: HREM image of 2 t-ZrO variants (T and T ) and the intervariant
plane (IVP).

Fig. 3 shows a low magnification HREM image of a two-variant
precipitate. The lower region has transformed to o symmetry and the upper t
variant is in the process of transforming. The growing nucleus of o-ZrO, in
the upper variant presents a good opportunity to determine the t/o Interlace
structure and the lattice correspondence. A schematic tracfng of the
growing and stable t/o interfaces is given in Fig. 4. The orthorhombic
phase is growing in a facetted manner. Steps are observed on the (110)
intervariant plane, both before and after completion of the t to o
transformation in the upper variant; however, Burgers' circuits across the
t/o and o/o interfaces revealed no dislocations. Using the crystallographic
convention of a<c<b consistent with the crystallographic study of the
orthorhombic phase,[9] a lattice correspondence of [001)t//[010]o and
{100} //(100) was obtained, consistent with the correspondence found in
Mg-PSZ.[7] ft is worth noting that 1001] of the orthorhombic phase was
always the closest of the three unit cell vectors to the thin foil normal.

Transformations to m-ZrO, were often observed under the electron beam.
Sometimes, only portions of the individual precipitates were consumed by the
monoclinic product phase. For example, laths of m-ZrO2 are present below
the dashed line in Fig. 5, while o-ZrO2 is present above this boundary in
the precipitate. The original intervariant plane trace is the diagonal line
running from lower left to upper right. In general, m-ZrO2 nucleated at the
intervariant plane or at the matrix-precipitate interface. In this
particular precipitate, growth appears to be from the intervariant plane.
The stepped nature of the o/m interface (arrows in Fig. 5, traced in Fig. 6)
suggests growth outward from that plane via a ledge mechanism. It is clear
that the m-ZrO is consuming the o-Zr02, because the t to o transformation
is often artifactual in "virgin'r thin foils, and the transformation to
m-ZrO2 is usually seen on focussing the electron beam. Both transformations
are presumed to be due to thermomechanical stresses and/or the relaxed
constraint of the thin foil geometry. Once again, Burgers circuit analysis
revealed no extra planes at the interphase boundary.



Fig. 3: HREM micrograph of an originally 2 variant t-ZrO., precipitate.
The lower variant and a portion (upper right) of the upper variant
have transformed to o-ZrO,.

GROWING ORTHO

TETRAGONAL

TTo

ORTHO

Fig. 4: Schematic tracing of the o/t interfaces within the box in Fig. 3
showing facets.



Fig. 5: HREM image of a precipitate that has transformed to both o-Zr02
(upper) and m-ZrO, (lower) and the surrounding matrix. The
original intervariant plane is the diagonal from lower left to
upper right. Facets in the o/m interface are arrowed. Regions
marked "sf" are o-Zr02 with"an effectively doubled lattice
parameter.

Fig. 6: Schematic drawing of Fig. 5 showing crystallographic directions in
both o-ZrO2 and m-ZrO2. Two variants of o-Zi'O and four
orientations of m-ZrO2 are shown and numbered. ("Ol, 02, M1-M4.)



Optical diffractograir.s weie : i"; s i :>? 3 £tc:n esch cf the i:st:r!ct leairos
to determine their phase and orientation, an.i are sunmanred in Figure 6.
The two crthorhcmbic regions have the same orientation relationship as the
previously discussed particle, with the (100) and (0101 ncrrnals in the foil
plane. The regions denoted as sf in Figure 5 contain material with an
effectively doubled a lattice parameter, due to the two possible distortions
of the oxygen sublattice doubling the ar unit cell parameter. Four
monoclinic orientations were observed and are designated Vl through 114 in
the diagram and an enlarged micrograph (Fig. 7). Horirontal lines are
traces of the m-ZrO twin boundaries which seperate regions in which <010>
would be pointing alternately in or out of the foil. Thus, in the present
example, the intermediate lattice parameters of both o-ZrO, and m-ZrO are
through the foil thickness. Also worthy of note is tne fact that for each
horizontal lath, the shear direction (relative to the matrix) is maintained
across the intervariant plane, while the lattice correspondence is not.

Fig. 7: Higher magnification of the boxed region in Fig. 5. a and c refer
to monoclinic basis vectors.

SUMMARY

High resolution electron microscopy has been utilized to study the
morphology of tetragonal precipitates in an 8.1 m/o CaO-1.4 m/o MgO-ZrO
alloy in which two- or three-variant structures form during isothermal
coarsening. The curved matrix-precipitate boundary and the (101)
intervariant plane were coherent. Lattice correspondences for thin foil t
to o and o to m transformations were presented. No dislocations were
observed via Burgers curcuit analysis across the transformation interfaces.
Both t/o and o/m boundaries contained steps, suggesting a ledge-type growth
mechanism. A more complete analysis is in preparation.[11 ]
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ON THE DETERMINATION OF GRAIN BOUNDARY
STRUCTURE USING X-RAY DIFFRACTION
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Technology. Cambridge. MA 02139

ABSTRACT

A review is given of current efforts to determine the structure of
grain boundaries using X-ray diffraction. The general distribution of the
diffracted intensity from the thin boundary region in reciprocal space is
first described, and then some of the special experimental difficulties
with measuring it quantitatively are discussed. These include, weak
scattering and poor signal-to-noise ratio, preparation of sufficiently high
quality bicrystal specimens, the presence of unwanted allowed and forbidden
lattice reflections, double diffraction from the adjoining crystals, and
limitations imposed by the scattering geometry. Various strategies for
determining the boundary structure are then described. These include the
measurement of either relative or absolute structure factors and the
determination of structures based on either structure factor measurements
alone or the combined use of structure factor measurements and computer
modeling. The advantages of measuring absolute structure factors rather
than relative structure factors when only a limited number of structure
factors is measured is demonstrated. This situation may occur because of
the experimental difficulties listed above. Current work, consisting of
studies of absolute and/or relative structure factors of a range of [001]
twist boundary structures in gold, is reviewed. Results obtained by the
authors represent the first cases where good agreement has been obtained
between boundary structures determined by X-ray diffraction and calculation
using a physical model (i.e., the Embedded Atom Model). The large
displacement model derived by Fitzsimmons and Sass for the 25 structure on
the basis of relative structure factors is found to be incorrect. It is
concluded that future progress will depend to a great extent upon the
preparation of improved bicrystal specimens and the measurement of larger
numbers of boundary structure factors.

INTRODUCTION

In recent years [1-9] X-ray diffraction has emerged as an experimental
technique with the potential to reveal the full three-dimensional
structures of grain boundaries. The atoms in the thin boundary region are
generally displaced with respect to the positions they would normally
occupy in the crystals adjoining the boundary. These displacements produce
an extra scattering, and the measurement and analysis of this scattering
over sufficient regions of reciprocal space can then, in principle, reveal
the full 3-D atomistic structure of the boundary region. In practice, as
much of this scattering is measured as is practicable. It is then compared
with the corresponding scattering predicted for various atomistic models of
the boundary structure in a search for consistency. Unfortunately, the
boundary scattering is relatively weak and has a complicated distribution
in reciprocal space. It is therefore difficult to make sufficiently
adequate measurements to ensure reliable structure determinations,
particularly for long period boundaries with large unit cells containing
many atoms.



In the present paper, we first discuss briefly the general form of the
boundary diffraction and then go on to list the special experimental
difficulties which arise in measuring it on a quantitative basis. The
various strategies for deducing the boundary structure from the
experimental diffraction measurements are then described including those
based on the use of the measurements alone and also those based on the
combined use of the measurements and computer modeling. Some current
results are then cited for purposes of illustration. Finally, an agenda
for future diffraction studies is briefly described.

GENERAL FORM OF THE BOUNDARY DIFFRACTION

All of the work to date [1-9] has been focused on boundaries which
have been assumed to be ideally periodic. Boundaries as close to ideally
periodic as possible have been prepared (see below) and studied
experimentally. The results have then been compared with corresponding
calculated results for ideally periodic models. All specimens used
experimentally have had the form shown in Fig. 1 where the boundary is
assumed to possess a 2-D structure corresponding to the ideal periodicity
of the Coincidence Site Lattice (CSL) in the plane of the boundary. The
thicknesses of Crystals 1 and 2 are larger than the thicknesses of the
boundary region in each crystal defined as the regions over which
significant atom displacements are present. Such a specimen can be
regarded as a 2-D "crystal" composed of the unit cells shown in Fig. 1
where a 2 and a 2 define the 2-D periodicity in the boundary plane, and t is
a vector normal to the surface and of magnitude equal to the total specimen
thickness. The diffracted intensity is then expected to fall on a lattice
in reciprocal space, i.e., the "boundary diffraction lattice" (BDL) [8-10],
composed of an array of line elements which, as shown in Fig. 2, run
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FIG. 1. Layered bicrystal contain-
ing grain boundary in its
midplane. Unit cell of
bicrystal shown. Area s^
corresponds to area of 2-D
cell in boundary plane.
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FIG. 2. Boundary Diffraction
Lattice (BDL).



perpendicular to the boundary and project on the boundary plane in a
pattern corresponding to the reciprocal lattice of the 2-D boundary lattice
defined by a: and a2. The unit vectors of the BDL are taken to be a*, and
a* and k. The vector k is parallel to t, and a convenient choice for its
magnitude is the smaller of the spacings of the planes in the reciprocal
lattices of Crystals 1 and 2 which lie parallel to the boundary. A general
vector in this space is then represented by g = Ha^ + Ka2 + Lk.

All reflections from the perfect Crystals 1 and 2 fall on a subset of
the elements of the BDL. The additional scattered intensity due to the
displaced atoms in the boundary region falls more generally on elements of
the BDL in the form of patches (Fig. 2) corresponding to re1rods which are
elongated along L because of the relatively small thickness of the boundary
region. This behavior may be understood simply on the basis of the model
suggested by Brokman and Balluffi [10] who pointed out that the
displacement field of the boundary can be represented by a Fourier
summation of static sinusoidal displacement waves. Each wave produces a
set of satellite reflections around each lattice reflection on elements of
the BDL. The lengths of the relrods on each BDL element are roughly equal
to the reciprocal of the thickness of the boundary displacement field in
the L direction.

EXPERIMENTAL DIFFICULTIES WITH MEASURING THE BOUNDARY DIFFRACTION

Weak Scattering and Poor Signal-to-Noise Ratio

A major experimental problem is the fact that the boundary scattering
is relatively weak and that this can lead to a poor signal-to-noise ratio
problem. For example, for a 25[001] twist boundary in Au, the intensity of
the weaker diffracted beams correspond to about that expected for only 1/25
of a monolayer of Au, or less [9]! The background, as usual, comes from a
wide variety of sources including: Compton Scattering, scattering from air
and other obstacles, thermal diffuse scattering, etc. The thermal diffuse
scattering is particularly bothersome since it tends to peak at the
positions of the lattice peaks [11] which are near regions where many of
the important boundary peaks occur.

The situation can be aided by obtaining better counting statistics
through the use of high intensity X-ray sources such as synchrotrons [6,7]
and rotating anode units [8,9], and reducing the background through the use
of the thinnest possible specimens, and other techniques.

The thin bicrystal specimens, with the geometry shown in Fig. 1, have
generally been prepared by welding epitaxially evaporated single crystal
thin films of predetermined geometry together face-to-face to produce a
specimen containing a grain boundary of the desired geometry [1-9]. The
specimens (of total thicknesses 60 - 150 nm) have then been mounted on thin
polymer films, also of minimum possible thickness. This geometry has the
advantage that a relatively large ratio of boundary volume to specimen
volume is achieved because of the exceptionally small thickness of the
evaporated films. Evacuated beam lines have been used to reduce air
scattering. The thermal diffuse scattering from Crystals 1 and 2 could be
further reduced by cooling with a specimen cryostat, but this technique has
not yet been used.

Preparation of High Quality Bicrvstal Specimens

Great difficulties have been encountered in producing bicrystal
specimens which are sufficiently thin and at the same time sufficiently
perfect and flat to produce nearly ideal diffraction effects [6-9].



Firstly, the evaporated films often contain defects which include a mosaic
substructure inherited from their epitaxial substrates, a relatively high
density of dislocation debris, stacking faults or twins (in low fault or
twin energy materials) and surface steps [9]. When two such films are
welded together, the surface steps become grain boundary dislocations, and
the other defects remain. In addition, the welding is often incomplete,
and small voids remain in the interface. In principle, it should be
possible to eliminate many of the defects by annealing, but this is
impossible on a practical basis since the layered bicrystal specimen
(Fig. 1) is metastable and, upon heating, tends to convert to a useless
columnar structure [12]. As a result a compromise must be achieved, and
the specimens prepared in this way, therefore, generally contain
appreciable densities of the types of defects just described.

It has also been difficult to produce specimens which are sufficiently
flat to avoid significant broadening of the reflections well away from the
L=0 plane. It is easily seen that a bending of the specimen about any axis
lying in the boundary plane will cause a rotational movement of the BDL
which will cause a broadening of the boundary reflections which tends to
increase with distance from the origin of reciprocal space. This effect
therefore increases the difficulty in making reliable diffraction
measurements at large distances. In [9], the bicrystal films were floated
onto Sfim thick polymeric Kapton films which were already stretched (in
drumhead fashion) on a metal ring. The films (and specimens) were then
stretched further until no bending or wrinkling could be detected optically
at various magnifications.

A further problem is encountered in producing bicrystals of "perfect"
geometry in the sense that the crystal misorientation and boundary
inclination are accurately controlled, and the boundary is ideally
periodic. With present techniques, deviations of the order of a few tenths
of a degree in misorientation can be expected. When the ideally periodic
boundary is of short period, these deviations are often accommodated by
secondary grain boundary dislocations [13], and the boundary therefore
consists of patches of the ideal short period boundary separated by a
dislocation grid. The effect of this on the boundary diffraction has been
calculated by Bristowe and Balluffi [14] using an approximate model. The
results indicate that the main diffracted beams from the deviated boundary
generally occur in closely the same directions as they would from the ideal
short period boundary but are split into bundles of closely spaced beams
due to the fact that the BDL elements are closely spaced because of the
long periodicity of the deviated boundary. Fortunately, the effect of this
fine splitting is judged [14] to be relatively small for small deviations
(i.e., a few tenths of a degree, or less).

Presence of Allowed and Forbidden Lattice Reflections on the BDL

As already noted, all lattice reflections from Crystals 1 and 2 fall
on the BDL. Since it generally is not possible to separate cleanly a
boundary reflection from a lattice reflection on an element of the BDL [6],
boundary reflections which fall on these elements cannot be measured.

Problems also arise with respect to normally forbidden lattice
reflections on the BDL. If Crystals 1 or 2 in Fig. 1. contain non-integer
number of unit cells, extra diffracted intensity may appear at locations on
the BDL not associated with normal bulk diffraction [15]. In this
phenomenon, the selection rules normally assumed for bulk crystals are not
obeyed exactly because of incomplete extinctions, and small amounts of
residual scattering appear in the form of "forbidden" reflections. This
extra scattering is relatively weak, but it generally falls on the BDL and
is comparable to that expected from boundaries in many cases. It must
therefore be taken into account as an undesirable complication in grain
boundary scattering measurements. As an example, consider the <001>
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symmetric tilt boundary along {310} illustrated in Fig. 3a, and the
corresponding L=0 plane of the BDL for this boundary shown in Fig. 3b. The
supercell ABCD shown in Crystal 1 of the bicrystal consists of a stack of
10 {310} planes and contains 5 complete unit cells. The structure factor
for this cell, or any integer multiple of this cell, is zero everywhere in
reciprocal space except at the normal FCC lattice reflection positions,
such as those shown in Fig. 3b. However, if extra {310} planar layers are
present which do not fit into integral numbers of ABCD-type supercells, it
is easily shown that a residual intensity appears on the elements of the
BDL in Fig. 3b. For example, if a single extra {310} plane is present, the
residual intensity which appears is that due to a single {310} plane.
Since the periodicity of the boundary is identical to the periodicity of
the {310} plane, the intensity falls on all of the elements of the BDL. If
more than one extra {310} plane is present, the situation becomes more
complicated because of interference between the extra planes, but the basic
result that extra intensities appear on the BDL elements remains. In the
example illustrated in Fig. 3, the crystal periodicity in the boundary
plane is the same as the boundary periodicity. Fortunately, this will not
generally be the case, since the boundary periodicity will be longer than
the crystal periodicity, and the extra residual scattering from the lattice
due to this effect will then lie on a sublattice of the BDL.

It is inevitable that extra layers leading to "forbidden" reflections
of the type just described will be present in the Crystals 1 and 2 making
up actual specimens. For example, measurements in our laboratory from
specimens containing [001] twist boundaries show intensities at the 110,
310, 130. ... forbidden lattice positions due to the presence of extra
(002) layers on the (001) films used to fabricate these specimens. In view
of these results, measurements of boundary diffraction on the BDL at the
positions of normally forbidden lattice reflections must be avoided. This
phenomenon, therefore, acts as a restriction on the number of boundary
reflections which can be measured.

Double Diffraction on the BDL from Crystals Adjoining the Boundary

Since Crystals 1 and 2 are in a CSL misorientation, a special danger
exists that double diffraction from Crystals 1 and 2 may occur which will
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fall on the BDL at a location where a boundary diffraction measurement is
in progress. Since the intensities of such doubly diffracted beams are
generally at least comparable to the intensities of the boundary
reflections, a measurement error can then result. The situation is
illustrated in Fig. 4. The incident beam first falls on Crystal 1 and is
diffracted by the vector kx. This diffracted beam is then incident on
Crystal 2 where it is diffracted by the vector k2 into the same direction
as another beam, diffracted by the boundary. The necessary condition is
then k, = kj + k 2 , where kx and k2 are vectors of the reciprocal
lattices of Crystals 1 and 2, and kfe is a vector which falls on the BDL.
Unfortunately, this condition is automatically satisfied whenever a
diffracted beam in Crystal 1 excites a beam in Crystal 2. It is well known
that the totality of all the possible vector sums (±kj ±k2) defines a 3-D
point lattice which may be described as the DSC-Lattice [16] formed by the
reciprocal lattices of Crystals 1 and 2. This DSC-Lattice, which may be
regarded as the "double-diffraction" lattice (DDL) for the bicrystal, has
been shown by Grimmer [17] to be just the reciprocal lattice of the CSL
formed by Crystals 1 and 2 in real space. Since the BDL is. as we have
seen, a lattice of parallel line elements arranged on a grid corresponding
to the reciprocal lattice of the 2-D CSL cell in the boundary plane, all of
the lattice points of the DDL fall on the BDL. We, therefore, have the
important result that whenever the bicrystal is oriented for double
diffraction, the doubly diffracted beam is automatically in the direction
of a possible grain boundary reflection. However, the lattice points of
the DDL do not cover all of the line elements of the BDL. and. therefore,
double diffraction cannot make a contribution to many of the possible grain
boundary reflections. In addition, the special double diffraction
situation shown in Fig. 4 is not usually satisfied. When it does occur, it
can be readily destroyed by rotating the bicrystal around k, until kj and k2
are no longer excited, and the boundary reflection corresponding to k^ can
then be measured in the absence of double diffraction.

Despite this, double diffraction remains as a special danger in grain
boundary diffraction studies and has been encountered with significant
frequencies in our work [9] and elsewhere [4.6]. Safe procedure requires
that the geometrical possibilities leading to double diffraction be
analyzed and that experimental tests for the presence of double diffraction
involving rotations around k^ be employed.



Limitations Imposed by the Scattering Geometry

The number of grain boundary reflections which can be measured is
generally limited by geometrical constraints. Of course, boundary
reflections in reciprocal space at distances from the origin greater than
the diameter of the Ewald Sphere cannot be measured. Also, a number of
boundary reflections usually cannot be measured in any given experiment
since the incident or diffracted beams associated with these reflections
lie almost parallel to the free surfaces of the specimen. In such cases,
the sources of difficulty are mechanical obstructions due to the specimen
holder or diffractometer and/or problems with uniformly irradiating large
specimen areas which are obliquely exposed to the incident beam.

STRATEGIES FOR DETERMINING THE BOUNDARY STRUCTURE

The general procedure for the determination of boundary structure
generally consists of the following three main steps: (i) measurement of
appropriate integrated intensities by diffractometry; (ii) determination of
boundary structure factors, F^(H.K.L), from the integrated intensities; and
(iii) comparison of the measured values of F^{H.K,L) with corresponding
calculated values for various atomistic models of the boundary in a search
for consistency.

Measurement of Relative and Absolute Structure Factors

A procedure for obtaining relative values of F^CH.K.L) from
measurements of integrated intensities has been described by Fitzsimmons
and Sass [6,7], while a method for determining absolute values has been
described by Taylor, e_t al. [8]. In the former method, appropriate scans
are made through the boundary reflections using 4-circle diffractometry in
order to obtain integrated intensities. The resolution function of the
experimental arrangement is measured (or estimated, when necessary), and
values of |Fb(H,K,L)|2 are then extracted by deconvolution. The values of
|FV(H,K,L) | 2 measured are relative values usually normalized to the value
for a relatively strong boundary reflection.

In the method described by Taylor, et aJL [8], scans are also made
through boundary reflections in order to obtain integrated intensities.
However, the scans are carried out in a lower resolution mode in a manner
which eliminates the need for a determination of the resolution function
and the use of deconvolutions. In addition, integrated intensities of
lattice reflections which are near the boundary reflections in reciprocal
space are measured. Upon taking the ratio between the integrated intensity
for the boundary and that of the nearby lattice reflection, common unknown
factors cancel out, and an expression for [Fb(H,K,L)|

z is obtained in which
all quantities are either known, can be measured, or can be calculated with
acceptable accuracy. This method has the advantage that it yields absolute
structure factors. This latter feature is highly advantageous under many
conditions, as described below. In addition, the relatively low resolution
leads to increased counting rates and allows the use of rotating anode
X-ray sources instead of synchrotron sources. Also, the ratioing procedure
makes any correction to |Fb(H,K,L}|

2 for the Debye-Waller factor less
critical since it is only the ratio of the Debye-Waller factor for the
boundary reflection to that of the lattice reflection which comes into play
[8]. On the other hand, the relatively low resolution of the technique, in
at least its present form [8,9], is disadvantageous in cases where fine
details of the intensity distribution over reciprocal space are desired.



However, this could be improved (at the expense of some of the above
advantages) by introducing higher resolution procedures involving the use
of the resolution function and deconvolution.

Determination of Structures by Means of Structure Factor Measurements Alone

The first step in deducing an atomistic boundary structure solely from
a set of |F^(H,K.L)|2 measurements is to search for boundary diffraction
symmetry elements and any selection rules which may be present. If any can
be established, corresponding symmetry elements in the atomistic structure
can be identified, and the number of atomistic models which must be
explored can be reduced. For example, in the case of [001] twist
boundaries in gold, information of this type has been used [4,6] to show
that the boundary structures possess 4-fold and 2-fold rotation axes
perpendicular to the boundary plane and 2-fold rotation and 2-fold screw
axes in the boundary plane. Their translational states, therefore,
correspond to the "CSL translational state" defined in [18].

The second step involves a search for the structure possessing a set
of |F,(H,K,L)|2 values which best matches the measured set. In principle,
it should be possible to find the correct structure by this procedure
providing that a sufficient number of measured |Ft(H.K.L)|

2 values is
available and a sufficient number of models is tested. However, in
practice, problems may be encountered with such a procedure because of the
experimental difficulties in obtaining large numbers of reliable
measurements (which were discussed previously) and the large number of
models which must be tested.

In order to demonstrate explicitly the problem of not having enough
measurements (and the trends which are involved), we have simulated the
process of determining the structure of a specific boundary when a set of N
structure factors of the boundary containing random errors is available.
We chose, for simplicity, a 25 [001] twist boundary in the FOC structure
possessing the "a structure" described in [4]. In this structure, all of
the significant atomic displacements occur in the first two planes of
Crystals 1 and 2 facing the boundary. This is consistent with the general
expectation that significant displacements should not occur in either
adjoining crystal at distances from the boundary greater than about the
boundary period. The boundary is in the CSL translational state, and, as
shown in [4,6], the boundary structure can then be completely characterized
by four independent parameters corresponding to the x and y displacements
of single atoms in the first and second planes. Our procedure was then as
follows: (1) calculate a set of N exact structure factors for the known
boundary structure: (2) assign random errors to these structure factors up
to a given limit in order to simulate a set N "measured" structure factors;
(3) run through all possible combinations of the four displacement
parameters to find the boundary structure which yielded the closest fit to
the set of N "measured" structure factors (as determined by obtaining a
minimum R-factor [4]); and (4) calculate the degree of fit (again in terms
of an R-factor) between the known actual structure and the N "measured"
structure factors. In addition, this procedure was carried out using both
relative structure factors (normalized to one strong reflection) and
absolute structure factors. In the search for the lowest R-factor
structures, the atoms were moved around on a fine 2-D grid possessing a
spacing which was about 1/11 the size of the maximum atomic displacement in
the boundary.

The results sre shown in Figs. 5 and 6 where the R-factors of the
"best-fit" structures and the actual structure are plotted versus N under
the conditions indicated. It may be seen immediately that, for small N,
structures other than the true structure can be found which have smaller
R-factors than the true structure. Hence, these structures would
unfortunately be Identified as the most likely structures in these
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situations. However, as N increases, the structure with the lowest
R-factor also tends to be the true structure. The true structure therefore
always tends to emerge as the structure with the lowest R-factor when N
becomes sufficiently large and. hence, it can then be correctly identified.
Of considerable importance in the present context is the result that



smaller numbers of measured structure factors are required to resolve
clearly the true structure when absolute structure factors are available
rather than relative values. Finally, a comparison of Figs. 5 and 6 shows
that larger numbers of structure factors are required to resolve the true
structure when measurement errors in the structure factors are larger, as
might have been expected. We note that the statistical aspects of finding
the most likely structure have been described in many places in the volu-
minous crystallography literature,e.g.[19], and will not be discussed here.

Determination of Structures by Means of Combined Structure Factor
Measurements and Computer Modeling

When the boundary possesses a long period and the unit cell consists
of hundreds, or thousands, of atoms, large numbers of structure factor
measurements (as many as thousands) may be required for a reliable
structure determination based only on the measurements. In view of the
experimental difficulties pointed out earlier, it may be impractical to
measure such large numbers. In addition, very large numbers of models
would have to be tested. Under such conditions, physically likely
structures can be calculated first by means of computer simulation using a
model for the atomic interactions such as, for example, the Embedded Atom
Model [20]. Such models can then be tested against the available data in a
search for consistency. In cases where an approximate match is found,
further refinements can be made by perturbing the calculated model to
produce a better fit. This latter step can be expedited by the standard
method [21] of constructing an "electron density difference map" which
represents the difference between the Fourier transform of the measured
structure factors and the Fourier transform of the corresponding calculated
structure factors. The difference map shows explicitly where the
differences in structure are localized, and small perturbations can then be
made in order to smooth out the difference map and achieve a better match
between the model and the data. The result of such a procedure produces a
structure which is consistent with the available diffraction data and is
also closely consistent with the physical model and therefore represents a
reasonable "best solution" of the problem.

SOME CURRENT RESULTS

Essentially all quantitative work to date has concentrated on the
study of the structures of [001] twist boundaries in gold. For the 25
(twist angle 0=36.9°) boundary, Fitzsimmons and Sass (FS) [6] measured 19
relative structure factors in the L=0 plane of the BDL and verified that
the boundary possessed the symmetry elements characteristic of the "CSL
translational state" [18]. They then assumed the 4-plane/4-parameter model
described in the previous section and, by systematically varying the 4
parameters, found a 2-D projected structure which produced a best fit with
the 19 measured structure factors. For the 2=13 (0=22.6°) boundary. (FS)
[7] measured relative structure factors for 50 reflections in the L=0 plane
and also carried out 390 "relrod profile" measurements along nine different
re 1 rods on the BDL. They then again assumed a 4-layer boundary model
which, in this case, possessed 20 independent x.y, and z coordinates which
were necessary to describe the positions of the 8 atoms which were not
related by symmetry. A best-fit 3-D structure of the boundary was then
obtained by systematically varying these 20 parameters.

More recently, Majid, Bristowe and Balluffi (MBB) [9] carried out a
systematic series of absolute structure factor measurements for a series of
[001] twist boundaries in Au which included the 2113 (0=7.6°),



225 (6=16.3e). 213 (0=22.6°). 217 (9=28.1°). and 25 (8=36.9°) boundaries.
The measurements consisted mainly of absolute structure factors measured in
the L=0 plane along with a few measured in the L=l and 4 planes and along
relrods. The number of (H.K.O) absolute structure factors which was
measured for each boundary was as follows: 33(2113); 8(225); 4(213);
4(217); and 14(25). In order to measure absolute structures, it is
necessary to have a precise knowledge of both the grain boundary area and
the quality of the boundary (with respect to defects) which produces the
diffraction. Great care was therefore taken to inspect and characterize
the boundaries which were finally used in the experiments. In general, a
series of 15-20 specimens were prepared for each 2 misorientation. These
specimens were then screened on the diffractometer. and the specimens
yielding the sharpest and most intense grain boundary diffraction peaks
were selected for final use. After the completion of the measurements, the
boundaries in these specimens were examined by transmission electron
microscopy, and the fraction of the interface which was properly welded
(usually ~70%) was determined. Reproducible results for each 2
misorientation were obtained by means of this procedure.

MBB also calculated the structures of this series of boundaries by
computer simulation using molecular statics and the Embedded Atom Model
[20] and tested these structures against the measured diffraction data for
consistency. The results obtained by these studies may be summarized as
follows:

(i) MBB found good agreement (as determined by R-factor analysis)
between the absolute structure factors of the calculated structures and the
measured absolute structure factors for the entire series of boundaries

(ii) MBB found that a 4-plane/4-parameter model of the projected
structure of the 25 boundary which produced a best-fit (as determined by
R-factor analysis) with the 14 absolute structure factors measured for this
boundary was in good agreement with the corresponding structure calculated
by computer simulation using the Embedded Atom Model.

(iii) Good agreement was found by MBB between the structure of the
213 boundary obtained by FS [7], the structure calculated by MBB using the
Embedded Atom Model and the absolute structure factors measured by MBB.

(iv) MBB found that the projected structure obtained by FS [6] for
the 25 boundary possessed absolute structure factors (and atomic
displacements) which were much too large compared with the measured
absolute structure factors of MBB. Some of their results are shown in
Figs. 7 and 8 (see captions for details). Hence, they concluded that the
structure obtained by FS is incorrect.

(v) The structures of the boundaries in the series were found by
MBB to vary systematically as 6 increased. The displacements consisted
mainly of rotations around 0-elements [10] in the boundary, and their
magnitudes decreased monotonically with increasing 9.

These results represent the first cases where good agreement has been
obtained between boundary structures determined by X-ray diffraction and by
calculation using a physical model. The failure of FS to obtain the
correct projected structure of the 25 boundary in spite of the attainment
of a reasonably low R-factor (i.e., R=0.16) must be attributed to the
comparatively small number of relative structure factors which they
measured along with the existence of inevitable measurement error. On the
other hand, the correct structure of this boundary was obtained by MBB on
the basis of a slightly smaller number of measured absolute structure
factors. This seems possible on the basis of the results shown in Figs. 5
and 6 and illustrates the advantage of measuring absolute structure factors
when only a relatively small number is measured. In a similar vein, the
successful determination of the 213 boundary structure by FS must be
attributed to the larger number of relative structure factors measured.



Q

8

7

6

5

' 3

2

I

Oh

o Measured _
+Calculated
• FS

FS-j

0 10 20 30
0(deg)

25

217

113

225

2113

25

213

Calculated:
f present

work

^ Fitzsimmons-
> Sass

J model

0.1 nm

FIG. 7. Measured and Calculated
(Embedded Atom Model) values
of the quantity |F£|2/22

(a measure of the scattering
power per unit area of bound-
ary [9]) plotted as a function
of 9 for the series of [001]
twist boundaries in Au studied
by MBB [9]. Also shown are
values predicted by the models
of FS for the 213(0=22.6°) [7]
and 25(9=35.9°) [6] boundaries.
All values are for the grain
boundary reflection which lies
on the H axis equidistant from
the [200]i and [200]2 lattice
reflections in reciprocal space
[9]. It may be seen that the
FS result for the 25(9=36.9°)
boundary is anomalously large.

FIG. 8. Magnitudes of the
largest displacement
vectors projected onto
the (001) boundary plane
for [001] twist bound-
aries in Au calculated
statically with the
Embedded Atom Model by
MBB [9], and for the FS
models [6,7]. Again,
the FS result for 25 is
anomalously large.

AGENDA FOR FUTURE DIFFRACTION STUDIES

It is clear that every effort must be made in future work to measure a
larger number of structure factors over larger volumes of reciprocal space.
Our results indicate that it is advantageous to measure absolute structure
factors rather than relative ones in all situations except, perhaps, in
cases where large numbers of structure factors are measured.

As we have pointed out, the measurement of larger numbers of structure
factors will be a difficult task experimentally. Progress can be expected



by producing more perfect, flatter bicrystal specimens to produce sharper
reflections and also by reducing the background noise. This could be
accomplished by using improved thin film deposition and welding techniques,
and thinner specimens and lower temperatures for the diffraction
measurements. At present an advanced UHV bicrystal bonding machine is in
existence at the Max Planck Institut fur MetalIforschung at Stuttgart and a
second one is under construction at the Lawrence Livermore Laboratory.
With such a machine, high purity thin films with well-characterized
ultra-clean surfaces could be bonded under controlled conditions. The use
of synchrotron radiation of wavelength ~0.07nm would roughly double the
radius of the Ewald Sphere used to date and would allow the measurement of
additional reflections. Such a beam-line will soon be available, for
example, at NSLS at Brookhaven.
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CALCULATION OF THE STRUCTURE OF Au GRAIN BOUNDARIES USING THE
EMBEDDED ATOM METHOD*

STEPHEN M. FOILES
Theoretical Division, Sandia National Laboratories, Livermore, CA 94551-0969

ABSTRACT

The atomic structure and vibrational mean square displacements of large angle grain
boundaries in Au are calculated and compared with experiment. The calculations use the
Embedded Atom Method in conjunction with energy minimization and Monte Carlo
computer simulation techniques. The computed structures are in good agreement with the
experimental results. For tilt boundaries it is found that asymmetric boundaries can have
energies comparable to symmetric boundaries. The vibrational mean square displacements
of atoms at the boundary are larger than in the bulk by roughly 50%. However, significant
anisotropy and site dependence is present.

INTRODUCTION

There has been a great deal of recent experimental activity to determine the atomic
structure of well-defined grain boundaries using both high resolution electron microscopy
and x-ray diffraction. In this paper, calculations of the atomic structure of grain boundaries
are presented and compared with experiment In addition, the vibrational mean square
displacement amplitudes of the atoms at the boundary are computed. These results will be
compared with the results used in the experimental analysis of the grain boundary
structures.

The energetic information required to compute the structures is obtained via the
semi-empirical Embedded Atom Method developed by Daw and Baskes[l]. This approach
has been applied to a variety of problems including surface structure[2] and
reconstruction^], segregation in alloys[4], point defects[2,5] and bulk and surface
phonons[6,7]. The energy is modeled as a sum of two terms. The first term represents the
binding of the atom to the local electron density which is computed from a superposition of
atomic electron densities. The second term is a sum of pairwise potentials that account for
electrostatic interactions. The computational effort required by this approach is comparable
to that of using pairwise interaction models but the method includes many-body
contributions to the energy. The work here uses the functions determined by Foiles,
Baskes and Daw[2].

Two types of calculations using the EAM will be reported here. The first are energy
minimization calculations which calculate the energy at zero-temperature by adjusting the
atomic positions until a local energy minimum is found. During the minimization, all atoms
are allowed to move freely so that it is possible for one crystal to displace relative to the
other. A difficulty with this procedure is that the minimization algorithm proceeds from the
initial assumed arrangement of the atoms to a local minimum in the potential energy. To
find a global minimum, various initial arrangements of the atoms are considered and the
structure with the lowest energy of those tested is assumed to be the global minimum. The
second type of calculation used is Monte Carlo simulation. This approach samples the
possible arrangements of the atoms in accord with the thermal probability of the
arrangements. These simulations can be used to compute thermal averages. In this paper
the mean square displacements of the atoms is computed in this way. The Monte Carlo
simulations can also be used to anneal the system to determine if there are atomic
structures of the grain boundaries other than those found using energy minimization. The
details of this method have been described in reference [8].



TWIST BOUNDARY

The calculations"performed here are for the 113 [001] twist boundary in Au. This
boundary corresponds to a 22.6° rotation around the [001] axis. The atomic structure of
this boundary has been determined experimentally by Fitzsimmons and Sass[9] using x-
ray diffraction. In the coordinate system used to describe the positions, x and y arc in the
plane of the boundary where x corresponds to a <510> axis in each crystal, y corresponds
to a <150> axis in each crystal. The z coordinate is along the twist axis normal to the
boundary, [001]. The structure of the unrelaxed coincidence site lattice repeats with a
period of V13/2 ao along the x and y directions where ao is the lattice constant. The
calculations employed cells which were 4 times this length is both x and y. The relaxed
structure determined for this boundary retained the coincident site lattice periodicity, and
the lowest energy structure corresponds to the coincident site arrangement of the two
crystals.

In previous work [8], the computed displacements of the atoms from their ideal
positions are compared with the experimental values obtained by Fitzsimmons and Sass
[9] using x-ray diffraction. Overall the agreement is good. The EAM calculations are also
in agreement with the x-ray results of Majid, Bristowe and Balluffi [10]. The typicai
difference between the calculated and experimental positions is about 0.05A which is
comparable to the uncertainty of 0.06A in the experimental results. The largest difference,
0.11 A, is for the coincident atom in the second plane from the boundary. The calculated
position places this atom closer to the boundary than the experimental results. This level of
agreement between the calculated and experimental positions is much better than that
obtained by Bristowe and Sass[ll] in previous calculations using pair interactions. The
positions obtained in those calculations typically differed from the experimental values by
0.2A with differences as large as 0.4A.

The mean square displacements of the atoms near the interface are computed using
Monte Carlo simulations. This information is important because the experimental analysis
of the x-ray diffraction requires an estimate of the Debye-Waller factor for the atoms at the
grain boundary. The Debye-Waller factor is determined by the vibrational mean square
displacements of the atoms. In the experimental analysis by Fitzsimmons and Sass [9],
they assumed that all atoms in the two planes adjacent to the boundary had the same
Debye-Waller factor or equivalently the same vibrational amplitude (which was different
from the bulk amplitude) and that the vibrations were isotropic. The Debye-Waller factor
for the interface was determined from the temperature dependence of the intensity of the
grain boundary reflections by Fitzsimmons, Burkel and Sass[ll]. The accuracy of these
assumptions about the vibrations at the interface can be checked by comparing them with
the results from the computer simulation studies.

The mean square displacements have been evaluated for the various atoms in the
vicinity of the grain boundary. The square displacement, <ux

2>, computed for bulk Au at
300K is 0.009+0.0005 A2. The bulk value obtained by Fitzsimmons, Burkel and Sass [12]
is 0.OO8±O.OOO5 A2. (The quantity u is the displacement of an atom from its average
position.) For motion in the plane of the boundary, the mean square displacement, in units
of <ux2>, is 1.7 to 1.9 for non-coincident atoms in the first plane, 1.4 for the coincident atom
in the first plane and 1.1 to 1.2 for the atoms in the second plane. For motion normal to the
boundary the enhancements are 1.3 for the non-coincident atoms in the first plane and 1.1
for the non-coincident atom in the first plane and the atoms in the second plane. In
addition, the quantity <uxuz> = <uyuz> is about 0.4 for the non-coincident atoms in the
first plane.

These results indicate that the vibrational amplitudes are in fact substantially larger
near the grain boundary. By comparison, the experimentally [12] estimated enhancement of



the square displacements for the atoms contributing to the grain boundary reflections is 1.5.
The overall magnitude of the computed values are in reasonable accord with this result.
The simulation results indicate that the assumption of isotropy of the vibrations is not
correct. The vibrational motion in the plane of the boundary is approximately isotropic since
the computed values of <ux

2> ~ <uy
2> and <uxuy> » 0. However, the vibrational motion

in the plane of the boundary is enhanced more strongly than the motion perpendicular to the
boundary for atoms in the plane adjacent to the boundary. Further, the motion in the plane
of the boundary is correlated with motion normal to the boundary as evidenced by the non-
zero value of <uxuz>. The experimental assumption of a uniform value of the vibrational
enhancement is also not confirmed by the simulation results. The results show that the
enhancement of the vibrational amplitudes occurs primarily in the plane adjacent to the
boundary. The enhancement on the second plane is smaller and the vibrational amplitudes
in the third plane from the boundary are computed to be within a few percent of the bulk
values. Further, the coincident site atoms have different vibrational properies than the
non-coincident atoms.

The above results were computed using the EAM to obtain the energetics. The EAM
contains many-body contributions to the interactions which arc absent in the more
conventional pair potential calculations of defect structure. It is of interest to know to what
extent these results depend on the many-body contributions to the energy. To address
this, the above calculations were repeated assuming an energy given by the sum of pair
potentials. Two different pair potentials were considered. The first is a pair potential
deduced from the EAM energies used above. This effective pair interaction approximates
the full EAM potential energy for atomic configurations close to those of the ideal bulk
system. The procedure for extracting the effective pair interaction from the EAM is
described in reference [13] (see equation (10)). This pair interaction has been used for
liquid metals and was shown to reproduce the pair correlations obtained using the full EAM
energy expressions. The difference between results obtained with this effective pair
interaction and using the full EAM gives an estimate of the importance of the many-body
contributions to the energy on the structure and properties of this grain boundary. The
second pair potential used for comparison is that due to Baskes and Melius [14]. This
empirical pair interaction was determined by fitting to similar data as that used in
determining the EAM interactions. These pair interactions have been used previously to
study defects in metals.

The relaxations computed using the full EAM energy, the effective pair interaction and
the Baskes Melius pair interactions are quite similar The displacements in the plane of the
boundary are almost independent of the interactions used in the calculations. The difference
between the various interactions is reflected in the displacements normal to the boundary.
The EAM produces the smallest expansion of the boundary. The results using the effective
potential derived from the EAM are similar to those of the full EAM except that the atoms
are displaced 0.02 to 0.06 A further from the center of the boundary. This suggests that the
main contribution of the many-body effects for this boundary is to allow for a somewhat
higher overall density at the boundary. The expansion of the boundary region is the largest
for the Baskes-Melius pair interactions which give expansions larger than those obtained
in the experimental analysis. The results obtained with either of these pair interactions,
though, are in better agreement with experiment than the previous pair potential work of
Bristowe and Sass [11]. The pair interactions used here are qualitatively different that
those used in the earlier study. First, the present interactions are longer ranged, including
up to third neighbors, compared to the previous interaction which included only second
neighbors. Also, the general behavior of the interactions are different. The interactions
used here are repulsive at short distances and have an attractive well. The interactions
used in the previous study arc repulsive at short distances, attractive near first neighbor
distances but repulsive again around second neighbor distances.



Fitzsimmons, Burkcl, and Sass [12] postulated that the increase in the vibrational
amplitudes at the boundary was due to a softening in the interatomic interactions near the
boundary. To test this, the Monte Carlo simulations of the vibrational amplitudes were
repeated using the effective pair interaction discussed above for which the interatomic
interactions are the same at the boundary as in the bulk. The results obtained with the
effective pair interaction are very similar to those described above. This shows that the
vibrational amplitudes at the boundary will be enhanced even in the absence of any change
in the interatomic interactions. The enhancement results from the change in the geometry
at the boundary. Further, the similarity of the results for the many-body EAM and the
effective pair interaction shows that the contribution of the environmental dependence of the
interactions to the enhancement of the vibrational amplitudes is small.

TILT BOUNDARIES

Calculations have been performed for 1,5 [001] tilt boundaries in Au. For these
boundaries the two crystals are tilted by 36.9° around an [001] axis. In these calculations,
both symmetric and asymmetric boundaries were considered. In the symmetric boundary,
the grain boundary plane is parallel to {310} planes in each crystal. This symmetric 25
(310)/[001] tilt boundary has been observed experimentally in Au by Cosandey et al. [15]
using high resolution electron microscopy and it has been studied theoretically by Vitek, et
al. [16] for the case of Cu.

The lowest energy structure found for the symmetric boundary is shown in Figure la.
In this figure the view is along the [001] tilt axis and the grain boundary is vertical. The
two different symbols indicate atoms at different positions along the viewing axis, [001].
This structure agrees with that seen in the electron microscopy work of Cosandey et al.
[15]. It is also consistent with the structure obtained for this boundary by Vitek, etal. [16].
The grain boundary energy for this structure is computed to be 630 ergs/cm2. This energy is

Figure 1. Atomic Structure of £5 [001] tilt boundaries in Au. The symmetric (310)
boundary is in (a) and the asymmetric (100)/(430) boundary is in (b). The different
symbols represent position normal to the plane ([001] tilt axis) of the figure in the order 0,
+ for figure (a) and in the order x,o,+, and 0 for figure (b). In figure (b), some atoms are not
in the bulk (001) planes and so the indication of the position along [001] via the symbols is
only approximate.



about 100 ergs/cm2 lower than that for the next best structure found for this boundary. In
the electron microscopy measurements [15], the expansion of the boundary was computed
by measuring the distance for 8 (310) interplanar spacings across the boundary. The
experimental value is 1.6±0.1 a© where ao is the bulk lattice constant. The value obtained
in the simulations is 1.5 ao. For comparison, 8 interplanar spacing corresponds to 1.26 ao in
the perfect lattice. However, the central plane of the boundary structure has twice as many
atoms as a (310) plane in the perfect lattice. Therefore, the distance in the perfect lattice
that contains the same number of atoms is 1.42ao. Thus the above interplanar spacing
corresponds to a net expansion normal to the boundary. This net expansion is 0.08 ao from
the calculations or O.18±O.l ao as deduced from the experiment.

In the experimental observation of the symmetric tilt boundary, an asymmetric
boundary was frequently observed. This structure differs from the above by a 18.4° rotation
of the boundary plane around the [001] tilt axis; the relative orientation of the two crystals
is unchanged. In this boundary the crystal planes parallel to the boundary are (430) and
(100). The structure and energetics of this boundary have also been studied. The CSL
structure that results from simply placing a (100) surface against a (430) surface has an
energy of 670 ergs/cm2. A structure with lower intcrfacial energy was found by annealing
the boundary using Monte Carlo simulations at a temperature of 500 K. The energy of this
structure is 630 ergs/cm2, i.e. essentially the same as that of the symmetric grain boundary.
This similarity in the energies is consistent with the presence of both boundaries in the
experimental sample. The detailed structure of this boundary is shown in Figure lb. In the
figure, the symbols indicate the position along the [001] tilt axis. Note that the repeat
distance along the [001] direction has doubled compared to the value in the bulk lattices.
This is similar to what was found in calculations of the symmetric £5 (210)/[001] tilt
boundary studied earlier [17]. The net expansion of this boundary is computed to be 0.05
ao compared to the thickness of a region at bulk density containing the same number of
atoms.

The vibrational mean square displacements of the atoms have also been computed for
both the symmetric and (430)/(100) tilt boundaries. The results for the symmetric tilt
boundary are presented in Figure 2. The values plotted there are the increase in the mean
square displacement of each atomic site in the three directions, i.e. <ux

2>/<ux
2>bulkt etc,

plotted versus the position of the atomic site normal to the boundary. (The z coordinate is
normal to the boundary and the x coordinate is along the [001] tilt axis.) There are various
observations concerning these results. First, in most cases the mean square
displacements are larger at the grain boundary than in the bulk just as in the case of the
twist boundary. Further, the general magnitude of the increase is similar, being in the range
of 1.5 to 2 in most cases. The enhancement is also seen to be localized to the boundary;
they extend about 3 A from the center of the boundary. As with the twist boundary, there
are significant asymmetries and differences between sites in these results. The mean
square displacement in the various directions can vary by a factor of 2 for a given atom. In
addition, the vibrational amplitudes normal to the boundary of the two inequivalent atoms in
the central plane differ by almost a factor of three.

The vibrational amplitudes have also been computed for the (430)/(100) boundary.
The results are qualitatively similar to those for the symmetric boundary. The extent of the
enhancements is about 3 A, and there is substantial anisotropy and site dependence in the
results. The overall magnitude of the vibrations was somewhat larger, though.

In addition to the (430)/(100) boundary, the energy of several other orientations of the
boundary plane were computed. All of the boundaries studied are related by rotation of the
boundary plane around the [001] tilt axis. For these structures, only the simple CSL
structures obtained by joining and then relaxing two ideal surfaces were considered; no
annealing of these stucture was tried. Because the CSL structure may not be the global
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Figure 2. Mean square displacement relative to the bulk value, i.e. <ux
2>/<ux

2>bulk. etc.,
for atoms near the symmetric S5 (310)/[001] tilt boundary plotted versus the position
normal to the boundary. The symbol • is for motion normal to the boundary, x is for motion
along the [001] tilt axis and + is for motion in the plane of the boundary normal to the tilt
axis.

minimum energy configuration, the resulting energies must be considered to be only upper
bounds on the grain boundary energies. The interesting feature of these calculations is that
several of the boundaries ((710)/(110), (810)/(740), (11 3 0)/(790), (13 1 0)/(ll 7 0), (17 1
0)/(13 11 0), (19 3 0)/(17 9 0)) had energies in the range of 660 to 670 ergs/cm2. This
indicates that there may be several asymmetric boundaries which have low energies.

SUMMARY

The atomic structure of large angle twist and tilt boundaries in Au have been
computed. The results are in good agreement with the available experimental results. For
the tilt boundaries, the energies of asymmetric [001] tilt boundaries were computed to be
comparable to that for the symmetric boundary. The vibrational mean square displacements
of the atoms near the boundary are shown to be larger than in the bulk. Further, this
enhancement is found to be anisotropic and dependent on the specific atomic site.
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ATOM-PROBE FIELD-ION MICROSCOPY OF GRAIN BOUNDARY SEGREGATION
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ABSTRACT

Grain boundary analysis with the help of atom-probe field-ion microscopy (AP-
FIM) needs an aimed tip-preparation technique unless the grain size of the material is
very small. With the help of a dedicated FIM-tipholder for the TEM the distance grain
boundary-apex is determined and reduced by a controlled backpolishing method to make
the grain boundary accessible to APFIM analysis. Tilt angle and tilt axis of the grain
boundary were determined analyzing the Kikuchi diagrams of the two grains. In nickel
1 at% carbon some atoms image "brighter" than others. With the help of the drop of
the detector current it can be shown that these atoms are carbon. With the help of this
feature the distribution of the carbon atoms in the matrix can directly be determined in
the FIM. A segregation of carbon at grain boundaries was detected with the atomprobe.

INTRODUCTION

In metallic materials grain boundaries affect a variety of physical, chemical and
mechanical properties. They have a large influence on the strength of the materials, re-
crystallization behaviour and all types of embrittlement [1]. A loss of ductility often occurs
when segregation to grain boundaries takes place. Much experimental and theoretical work
has been performed to study the relation between the atomistic structure of grain bound-
aries and their properties [e.g. 2], In the present study we tried to use the capabilities of
the field ion microscope and those of the atom probe to clarify the segregation behaviour
of carbon in nickel.

SPECIMEN PREPARATION

Nickel wires (99.99 at% Ni, diameter 0.5 mm) were carburized in a gas flow furnace
in a C2H2 atmosphere at 1500 K. By resistivity measurements at 1500 K, the integral
carbon content was determined to be 1.15 at% C. During the subsequent furnace cooling
a segregation of carbon atoms to grain boundaries is expected. A detailed description of
this kind of treatment is given by Grabke {31. Normal electropolishing was been performed
to make tips for field-ion microscopy (10% perchloric acid in ethylene glycol monobutyl
ether, 20 VDC).

LOCALIZATION AND CHARACTERISATION OF THE GRAIN BOUNDARY

When the grain size of the material is smaller than 150 to 200 nm, no aimed
tip preparation technique is necessary to analyse a grain boundary with the APFIM-
technique. In our material the average grain size is on the order of 10 to 50 microns. So
we have to apply other methods to localize a grain boundary far away from the apex of
the tip and have to perform a controlled backpolishing procedure to reduce the distance
between apex of the tip and grain boundary till it is suitable for APFIM experiments.
A modified double tilt holder of a transmission electron microscope (Phillips EM 400) is
used to visualize the position of the grain boundary in the electron microscope. A more
detailed description of the specimen holder and this techniques is given in reference [4].
Once the grain boundary is localized a controlled backpolishing procedure is performed
using a generator which supplies rectangular pulses of variable width and frequency. The
amount of material which is electropolished is more or less constant for equal pulse length
and height. Consequently the reduction of the distance grain boundary - tip depends
mainly on the cone angle of the tip. Sometimes problems occur when a surfacel&yer of
either solvent or contamination due to a bad vacuum in the electron microscope inhibits the
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Fig. 1 — Sequence of a controlled backpolishing procedure to make the grain
boundary accessible to APFIM experiments. (20 VDC] a —• b: 15
pulses of 20 msec; b —• c: 15 pulses of 20 msec; c -+ d: 2 pulses of 20
msec; d —• e: 5 pulse of 20 msec, e —• f: 1 pulse of 20 msec, f -+ g: 1
pulse of 5 msec, g —» h: 1 pulse of 2 msec.

electropolishing procedure. Therefore it is indispensible to perform more or less continuous
observations of the polishing procedure. Fig. 1 shows such a polishing sequence. Similar
experiments have been berformed by Karlsson et al. [5].

Depending on the type of the grain boundary selective etching may occur, which is
another means of identifying grain boundaries in regions which are not transparent to the
electron beam. From the groove angle one can also determine the grain boundary energy
[6]. An example of a tip where selective grain boundary etching occurred is shown in fig.
2. The selective grain boundary etching can be circumvented using an electrolyte with a
lower content of perchloric acid.

In the diffraction mode, Kikuchi lines are visible up to a thickness of the specimen
of about 500 nm. The advantage of the wires we are normally using is that a Kikuchi
diagram is almost always available, because the thickness at the edge of the specimen is
small enough to produce these lines; one only has to choose a small enough spot size with
a fully focused beam. An instantaneous change of the Kikuchi line diagram, which can
even be seen at low intensities, is always related to the occurrence of a boundary.



Fig. 2 - SE-micrograph of a Ni 1 at% C wire showing selective grain boundary
etching.
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Fig. 3 — Kikuchi diagrams of the grains far from the apex (a) and close to the
apex (b) (camera length 400mm).

Kikuchi diagrams in front of and behind a grain boundary are shown in fig. 3.
Analyzing these diagrams with the help of a computer programm [7] one can very precisely
determine the orientation relationship of the two grains, i.e., the tilt axis (<331>) and the
tilt angle 27 °). This information is important for the interpretation of the segregation
behaviour, which depends on the relation between the two grains.

Comparing this orientation relationship with those ••:" the coincidence site orienta-
tions of Warrington and Bufalini [8] one can see that this particular grain boundary is a
random one [9].



I V - FIELD-ION MICROSCOPY AND ATOM PROBING

FIM and AP experiments have been carried out after a controlled backpolishing
procedure. Fig. 4a shows the (110) pole of a field ion micrograph of a Ni 1 ai% C
alloy. The more '"brightly" imaging atoms have been identified with the help of a selected
area AP experiment to be single carbon atoms. With this information one gets an idea
of the carbon distribution already from the FI micrographs. Care must be taken using
this information as adsorbates on the tip generally look the same. This problem can be
eliminated using a high pulse voltage (>17% of the dc voltage) and a high pulse repetition
rate to prevent gas atoms from adsorbeing on the tip. A controlled hydrogen promotion
is used to smoothen the surface of the tip. A more detailed description of this technique
is given in reference [10]. The tip in Fig. 4b is the same as that of Fig. lh but after a
smoothening procedure. Even small grooves due to the selective grain boundary etching
can be eliminated with this technique.
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Fig. 4 - Field ion micrograph of a Ni-1 at% C alloy showing "brightly" imaging
carbon atoms (a). TE micrograph of the same tip shown in Fig. 4h
after hydrogren promotion (b).

A field evaporation sequence of a tip containing a grain boundary is shown in fig. 5.
By reducing the dc voltage of the tip it is possible to improve the contrast of the brightly
imaging carbon atoms. Surprisingly these atoms are mostly localized in the grain which
appear during field evaporation. The thickness of this ring is about 8 nm Within the grain
boundary itself (dark line) only a small number of C-atoms can be recorded. The fact that
the grain boundary is nearly a circle shows that it is almost perpendicular to the tip. In
Fig. 5e the upper grain is completely field evaporated. The carbon atoms in the lower
grain close to the just field evaporated grain are clearly visible. The micrograph of Fig. 5f
was taken after a field evaporation of additional 15 nm. No carbon enrichment is visible
any more.

A concentration profile across the grain boundary is shown in Fig. 6. For every
datapoint a selected area analysis has been performed comprising about 300 atoms. The
concentration profile shows as well as the field ion micrographs the asymmetry of the carbon
distribution. This asymmetry due to diffusion induced grain boundary motion (DIGM)
during carburization which leads to asymmetric concentration profiles. Parthasarathy
and Shewmon have also found for Ni-C the occurence of DIGM [11]. The occurance of
symmetrical distributions of the cabon atoms relative to the grainboundary has been
reported in ref. [4j.



Field evaporation sequence of tip containing a grain boundary (imas?::..H;
gas: neon, 9.1 kV, 7- ~/j~° :nbar Ne, 45 K). (more details see text)
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Fig. 6 — Concentration profile across the grain boundary shown in Fig. 5.
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SUMMARY

Among the two basic poly-para-xylylene (PPX) crystal habits corresponding to the well known
alpha and beta polymorphs, various forms of crystal/crystal associations have been observed and
explained in term of three-dimensional structures. High resolution imaging and electron
diffraction experiments of lamellar crystals grown from a 0.01% wt solution in 1-
methylnaphthalene using the self seeding technique show strong evidence for a three-
dimensional "roof-like" model for the alpha/alpha twinned crystals. This model is based on the
presence of tilted chains in the alpha lamellar crystals. Furthermore, observation of various
forms of alpha/alpha, alpha/beta and beta/beta lamellar crystals allows a generalization of this
model and a more fundamental explanation for their origin: crystal coalescence during growth in
solution.

INTRODUCTION

Polymers are known to crystallize into a basic microstructural unit; the lamella, comprised of
folded macromolecules as was first suggested by Storks [1] in 1938. A typical lamella grown
from solution extends over few microns, has a constant thickness of about 10 to 20 nm and is
approximately flat [2], This morphology favors the use of a very powerful tool in material
science, high resolution electron microscopy (HREM) for the study of the crystal structure and
its defects. Crystals are also usually in Bragg position as they lie flat on a thin carbon support.
Radiation damage, which leads to a progressive destruction of the crystal under irradiation, can
be minimized by using low dose techniques so that detailed information can be obtained from
the crystal at a molecular level [3].

Small deviations from planarity have been observed in few cases [4] and furthermore,
polyethylene (PE) is known to exhibit nonplanar morphologies such as pyramidal or ridged
lamellae [5,6]. In a recent paper [7], we demonstrated how three-dimensional structures can also
be generated by twinning of flat single crystal lamellae of PPX. The phenomenon arises from the
presence of tilted chain stems inside the lamella and involves c axis invariant twinning, also
called {hkO} twinning [8]. A "roof-like" model for the twinned crystals was deduced from
electron microscopy experiments using HREM and electron diffraction techniques.

The present work reinforces previous conclusions with the use of image analysis on HREM data
and gives new observations on other forms of three-dimensional PPX crystals. In view of these
results, a more general mechanism is proposed for the creation of three-dimensional crystals
based on crystal coalescence in solution.

EXPERIMENTAL

Poly-para-xylylene (Parylene N, Union Carbide, Mw=500,000) is crystallized from a 0.01%
weight solution in 1-methylnaphthalenc at a temperature of 218 C for 6 hours after a preliminary
self-seeding [9]. Prior to deposition onto thin carbon coated (<IO nm) 400 mesh copper grids for
electron microscopy, the suspension is slightly ultrasonicated in order to separate crystal
aggregates. As reported in previous studies [10], a mixture of two polymorphs, the alpha and
beta forms, is obtained. The alpha unit cell is monoclinic [11] (space group C2/m) with
parameters: a=0.592 nm; b= 1.064 nm; c=0.655 nm (chain axis) and b= 134.7 deg. The beta unit
cell is hexagonal with parameters: a=2.05 nm and c=0.658 nm and was obtained from a



combined HREM/X-ray diffraction investigation [12]. Crystals arc small (less than a micron)
and their thickness, as measured from shadowed samples, is 15 nm for beta crystals and 12 nm
for alpha crystals. More especially for the alpha form, many twinned crystals arc obtained, and
the advantage of their small dimension is that the whole of the twin boundary can be imaged at
high magnification.

Transmission electron microscopy was performed at 200 kV on a JEOL 2000FX electron
microscope equipped with a Gatan image intensifier system connected to a video monitor and a
tape recorder. A built-in minimum dose system (MDS) permits high resolution under low dose
conditions. A detailed account of HREM operation conditions will be given elsewhere [13].
Images were taken at a magnification of 85,000 at a defocus close to the Scherzer defocus (90
nm). The overall precision in defocus selection is ±30 nm. The average optical density on the
film (Kodak SO 163) is 0.5.

Micrograph areas of interest, such as twin boundaries, were selected on a laser bench. Because of
the relatively small magnification (85,000) used for imaging, lattice spacings such as 0.39 nm
((110) planes of the alpha polymorph) correspond to only 17 urn on the film. Therefore a second
enlarged negative was produced in order to digitize the film with the limited microdensitometer
sampling rate of 25 Jim. Two parameters are important for a correct acquisition of all the
periodic information above a given minimum spacing dm: the sampling rate and the sampling
aperture dimension. The first one should be smaller than dm/2 (Nyquist rate) in order to avoid
aliasing [14] and was taken here as dm/3. The aperture should be taken as small as possible in
order to avoid damping of the smallest spacings but is usually taken equal to the sampling rate
for signal to noise ratio (SAT) requirements [15].

Large areas of about 1000x1000 pixels with 256 gray levels on a density scale of 0-2 were
digitized. Selection of a smaller area, more suitable for processing, was done from a video
graphics terminal, centering on the area of interest, i.e. the (or part of) twin boundary. Images of
typical size 256x256 pixels were processed with Semper VI software on a micro VAX computer.
A detailed account of the different processing techniques to use depending on the image
configuration will be given elsewhere [13]. For a PPX twin boundary, we found Fourier filtration
inappropriate because of extensive lattice bleeding over poorly defined areas. Good results were
obtained by truncating the Fourier transform (FT) of the image beyond a treshold value (found
from amplitude maps) and reconstructing by inverse FT.

RESULTS AND DISCUSSION

1. Alpha twins

Twinned forms of the alpha crystals can be separated into two distinct modes referred as ata and
cub. Figure 1 shows, in diffraction contrast, typical crystals of the two modes (lb.c), together
with an untwinned alpha crystal (la) for comparison. Electron diffraction patterns from the
twinned crystals give the amount of rotation for the two lattices: 48 deg for ata and 106 deg for
cub. From crystallographic data, these values are consistent with, respectively, {110} and (130)
twinning planes. From dark field observations, the twin boundary seems to be straight. In bright
field such as figures lb&c, a particular contrast is observed at the position of the twinning plane
(arrowed).

Figure 2a shows a high resolution image obtained at the twin boundary of an ata crystal, near the
crystal edge. The corresponding optical diffractogram (inset) shows the presence of two sets of
spots indexed as 020 together with one set of spots corresponding to (110) planes from the twin
boundary and another fainter set of 110 spots coming from symmetry related (110) planes from
one of the twin component.The 020 lattice fringes (spacing 0.53 nm) are easily seen on the
image but 110 fringes (spacing 0.39 nm) do not appear clearly. In order to increase the signal to
noise ratio (S/N), a reconstructed image was produced by using Fourier truncation: all pixels
amplitudes of the Fourier transform which are below a given treshold value are set to zero. The
treshold value is found experimentally by considering the amplitude map around FT peaks. The
reconstructed image is then obtained by inverse FT. The result is given by figure 2b. It shows a
clear contrast enhancement of the 110 fringes consequent to noise removal.
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Figure 1: Bright-field images in diffraction contrast of a) an alpha crystal, b) and c) the ata and
octb twinned crystals, respectively. All images are at the same magnification. Twin boundaries
are arrowed.

Figure 2: HREM digitized image of an octa twin boundary before (left) and after (right)
computer enhancement by truncation in Fourier space. Inset show corresponding power spectra.

The observation of 110 fringes at the twin boundary is important since, because chains are tilted
by 25 deg. with respect to an axis normal to the lamella, (110) planes are not expected to be in
Bragg position. This is however explained by a three-dimensional roof-like model in which the
two lamellar twin components are tilted in space so that chains remains parallel at the twin
boundary. The model was extended to the atb twins and confirmed by diffraction experiments
[7]. On deposition on a flat carbon surface, the roof-like structure collapses, leaving a distorted
zone which sometimes can be imaged by HREM.

2. Beta (wins

Although twinned forms of the alpha crystals represent more than 20% of the observed crystal
population, beta twinned crystals are seen in much smaller numbers (about 1% of the crystal
population). Two kind of twins are observed among beta crystals. The first kind, from \shich an



example is given in figure 3a, is particular in a se:>e :!ut both matrix and twin have lhe same
orientation. Such crystals show evidence for co.;!i>t.e:ve in solution during growth. Similar
twins have been previously observed in polyethylene ar.d referred to as "Siamese twins" [6]. The
second class of beta twins displays an irregular twin boundary. It can be seen from dark field
images such as figure 3b that the twin boundary is not planar. Indeed, the rotation angle between
the Two components (close to 20 deg) is not compatible with a simple, high density, twinning
plane. Such a boundary is suspected to contain arrays of dislocations in order to compensate the
lattice misfit at the boundary.

1 jjm

Figure 3: Typical forms of beta twins a) Siamese twins (bright field) and b) irregular twin
boundary (arrowed, dark field).

3. Alpha/Alpha coalesced crystals
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Figure 4: The cctO mode: a) bright field showing Moire fringes b) shadowed sample and c)
model representing the three-dimensional lamellae arrangement.



Similar to one of the modes observed among beta twinned crystals, particular modes of alpha
twinning have been observed which involve Two unrotated components. Crystals usually appear
in bright field as Siamese twins joined by one 020 side. More interesting are crystals of the type
shown in figure 4. Such crystals define what we will call the atO twinning mode although the
term twinning might not be fully appropriate in view of previous comments. Figure 4a shews
two interconnected lamellae partially overlapping with one side on top and the other on the
bottom as evidenced on similar crystal which has been shadowed (figure 4b). Moire fringes show
that overlapping lamellae are slightly rotated. The amount of rotation, (f=dhkl'T-, where L is the
Moire spacing related to the (hkl) set of planes) is 2.5 deg. on one side and 1 deg. on the other
side. The two sets of fringes observed involve (201) and (020) planes.

The cctQ mode can be understood by considering the schematic in figure 4b. Similar to the cub
roof-like crystals, the octO twin is modelled as two lamellar crystals tilted in space because of
their opposite chain tilt directions. This structure is suggested to form in solution by early
coalescence of two alpha crystals. Further growth leads to overlapping of the lamellae. This
structure will collapse after deposition on a flat carbon support, inducing distortion at the
boundary and a small rotation of the overlapping lamellae as is observed. This model is
supported by the fact that the connecting zone (the "twin boundary") is very short, as direct
geometrical "consequence of the limited joint of tilted lamellae. Assuming a relative tilt angle of
about 50 deg. (twice the chain tilt inside each lamella) and a crystal thickness of 12 nm, the
boundary contact should be about 30 nm along a direction normal to the chain axis. This is in
good agreement with the experimental values directly measured in figures 4a&b: about 25 nm.

4. Alpha/Beta coalesced crystals

Crystal/crystal associations have been observed in the form of alpha/beta coalesced crystals
(figure 5). ot/p modes correspond to an alpha lamella connected at either one side or to a corner
of the hexagonally shaped beta crystals. Crystal orientation is such that the 020 side of the alpha
lamella is parallel to one 11.0 beta facet. Evidence for a three-dimensional shape is given by the
small boundary dimensions and the presence of tilted chains in the alpha lamellae. As for the atO
boundary, the a/{3 boundary is limited because of geometrical restrictions forced by the inclined
chains. The calculated joint length of about 70 nm is however slightly larger than the observed
values from figures 5a&b. This may be due the misfit of lateral chain spacing: 0.42 nm and 0.44
nm for, respectively, the alpha and beta crystals.

0.5

Figure 5: alpha/beta coalesced crystals imaged in diffraction contrast (a) and shadowed (b)

Two mechanisms can be proposed to explain the formation of a/p crystals: 1) The nucleation of
an alpha crystal at the edge of a beta crystal and 2) The coalescence of an alpha and a beta
crystal at a late stage of growth.



The first mechanism might be promoted through self-seeding: because the beta form is stable at
a higher temperature than the alpha form, only beta seeds might be left for the beginning of the
crystallisation. On the other hand, alpha crystals have all the same shape which means, according
to the self-seeding principle [9], that their nucleus was present in solution before crystallization
started. Also if an alpha crystal nucleates at the edge of a beta crystal, it is expected to grow at
the same rate in opposite directions which was obviously not the case in figure 5. The second
mechanism is therefore favored, and also supported by other evidence of coalescence (i.e. beta
Siameses).

CONCLUSION

The basic lamellar shape of both alpha and beta PPX crystals is approximately flat. We have
shown that various forms of crystal associations involving both beta and alpha PPX polymorphs
can be interpreted as three-dimensional structures. Such shape transformations bring up new
ideas about the organisation of polymer lamellae in three dimensions. In a recent work we
suggested a mechanism for the creation of three-dimensional lamellae structures in polymer
single crystals with tilted chains. The mechanism was based on "c axis invariant twinning". Our
present results now suggest a more general mechanism which includes the previous one: the
occurence of nonplanar structures by coalescence of two crystals in solution, at least one of
which has inclined chains. Our evidence strongly suggest that twinned crystals can arise from the
coalescence at an early stage of crystal growth of two very small crystals having two different
orientations.

This work was supported by AFOSR grant 88 001.
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SLIP PATTERNS AND SLIP MODES UNDER KNOO? INDENTATIONS ON (001) GaAs

C-D QIN AND S.G. ROBERTS
Department of Metallurgy and Science of Materials, University of Oxford,
Parks Road, Oxford, 0X1 3PH, United Kingdom

ABSTRACT

Slip patterns around <110> Knoop indentations on {001} GaAs were
investigated by cross-sectioning, etching and TEM. The roles of As(g) and
Ga(g) perfect and partial dislocations in different parts of the "plastic
zone" were investigated. A dislocation free zone was found under
indentations.

INTRODUCTION
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Fig. 1 (a) the identification of Ga and As faces and dislocation
slip planes, (b) dislocation distribution and dislocation types
around an indentation on the (001) face, assuming the dislocation
extra half planes are inside the indentation centre.

Dislocation properties

There are two types of edge-character dislocations in diamond cubic
III-V (AB) compounds [1] defined in terms of the different terminating atoms
on the {111} glide planes (fig. la). The mobility of A(g) type dislocations
(with a core of group III atoms in the assumed glide mode) is generally very
different from the mobility of B(g) type dislocations (with a core of group
V atoms). The absolute and relative mobilities of A(g), screw and B(g)
dislocations strongly depend on doping, but the B(g) type is faster in most
cases, at least in undoped and n-doped GaAs and InSb [2], [3].

Indentation studies

Regular dislocation patterns around indentations are referred to as
"rosettes". Arrangements of {111} As(g) and Ga(g) rosette dislocations are
shown in fig. lb. The study of rosette dislocations can lead to better
understanding of indentation mechanisms and dislocation properties [e.g. 4].

The study of hardness anisotropy using Knoop indentations is a common
method for the determination of operative slip systems in single crystals
[5]. However, numerous criticisms have been made of the models (reviewed by
Warren [6]). To eliminate some of the inadequacies of the previous models,
Roberts and Warren [7] developed a punch model for Knoop indentation. This
model successfully explained the hardness anisotropy on the {001} face of
GaAs and other III-V sphalerite single crystals in terms of the different



types of dislocations active in sifierenf regions of t'ii r.:tr.ly structured
indentation "plastic zone".

In order to evaluate this model and to understand better dislocation
behaviour near indentations, a study was niade «>f t*i-» detail?] distribution
of dislocations near Knoop indentations on < 00J > surfaces.

EXPERIMENTAL

The material used was n-type GaAs, with a doping level of
In this material, As(g) dislocations are typically "100 times more mobile
than Ga(g) dislocations in the temperature range 20-400nC {21. Crystals with
{001} faces were polished using fine diamond powder cloths down to 1/4
micron, finishing with "Syton" (Monsanto type 2360).

Specimens were indented at 20 or 400°C on the (001) faces using a
Matsuzawa MHT1 microhardness tester. The Knoop long axis was aligned along
either [110] or [110] (referred to as [TlO] or [110] indentations). The
specimens were etched in molten KOH at 360°C for about 1-2 minutes for the
investigation of "rosette" patterns.

{111} faces were sectioned and etched, to observe the depth
distribution of dislocations, and so as to identify the dislocation types
[6], The'polarity of the crystals was determined by use of an HNO3 etch [8j.
As-faces were then etched with IHF/3HNO3/6H2O plus a few grains of AgN(>3
[9]; Ga-faces were etched with 1HF/3H2O/6H2O2 [10].

For transmission electron microscope (TEM) studies, specimens with
large arrays of indentations separated by 100 microns were made. Specimens
were back-polished and ion-thinned to perforation. Some specimens were first
top thinned by about three microns to remove the highly-deformed "plastic
zone", so as to study plastic flow directly under the indentations.
Specimens were examined using a Philips CM12 TEM operating at 120kv.

RESULTS FROM OPTICAL MICROSCOPY

Fig. 2 (a), (b) unetchid 300g indentations made at 400°C.
(a) a [110] indentation, (b) a [110] indentation.
(c), (d) etched lOOg indentations made at 400°C.
(c) a (TlO] indentation, (d) a [110] indentation.



In figs. 2a,b, slip lines can be seen, .v. unefv..<.-.: specimens, parallel
to the long axes of indentations in both orientations. :.*ever, slip lines
(labelled "R") normal to the long axis of indentations rsn only be seen near
the [110] indentation. Figs. 2c,d show similar indentations after etching.
As in figs. 2a.b, the [TlO] indentation shows slip both parallel and
perpendicular to the indentation long axes, whereas r ";e I 110] indentation
exhibits slip only on planes whose traces are parallel TO the indentation
long axis.

Fig. 3. 300g indentations made at 400 C. (a) As-(lll) sectioning
of a {TlOj indentation, (b) Ga-(lll) sectioning of a [110]
indentation.

Fig. 3 shows cross-sections through indentations. For [TlO]
indentations, large numbers of dislocations can be seen on the divergent
<111> slip planes (fig. 3a); these correspond to As(g) dislocations. There
are also some dislocations on converging planes (Ga(g) type). For [110]
indentations, very little slip is evident on diverging slip planes <Ga(g)
dislocations); also the sub-indentation "plastic zones" are much smaller
(fig. 3b) than those under [110] indentations.

RESULTS FROM TEM INVESTIGATION

Rosette dislocations

o

*

•1

Fig. 4 Bright field (BF) TEM of a lOg [TlU] indentation made at
room temperature, (a) g*220: the rosette stacking faults are in
contrast. (b) g«220: the perfect prismatic r.j^-tte dislocation
loops, out of contrast in (a), are visible.



Rosette dislocations lying along [llOj could not be found around 1110]
indentations made at 20°C or at 40Q°C (similar to the slip line pattern
observations). However, long rosette dislocations lying along the [110]
direction could be found around [1*10] indentations made at 20 C and at
400°C. Fig. 4 shows an example. Two types of rosette dislocations were
found. One type consists of partial dislocations bounding stacking faults
(fig. 4a), with the Burgers vectors of the parent dislocations inclined to
the surface. Using the dark field technique of [11] the stacking faults were
determined to be extrinsic faults. The other type consists of perfect
prismatic dislocation half loops (fig. 4b) with Burgers vector parallel to
the surface.

Dislocations under indenters and dislocation free zones (DFZ)

On convergent planes, dissociated As(g) and Ga(g) dislocations were
found under [110] and [TlO] indentations respectively (for indentations
made at both 20°C and at 400°C); there were also a few Ga(g) isolated
partials-.. Fig. 5 shows an example of the dislocations on convergent planes.
On the .divergent planes, many perfect As(g) dislocations were found around
[TlO] indentations but no Ga(g) dislocations were found around {110}
indentations.

Fig. 5. BF TEM of a lOg [110] indentation made at 400°C. The
indentation centre is at the lower right hand corner of each
micrograph, (a) gs22~0: As(g) partial dislocations on convergent
planes are associated with stacking faults, (b) g*220: "leading"
partials are in contrast; "trailing" partials cannot be seen.

Fig. 6. BF TEH of the dislocation free zone under a lOg [110]
indentation made at room temperature.



A dislocation-free zone was found under the centres of indentations of
both <110> orientations in specimens indented both at room temperature and
at 400°C. These zones were bounded by regions of very high dislocation
density, (see fig. 6).

DISCUSSION

Dislocation slip modes

The asymmetry of the "rosette" dislocation slip shows the mobility
difference between As(g) and Ga(g) dislocations. Because of the low mobility
of Ga(g) dislocations, the number of rosette dislocations lying along the
[lTO] direction is negligible.

Prismatic loops of perfect dislocations cannot produce any slip traces
on the surface because the Burgers vectors of these dislocations are
parallel to the surface. Slip lines must be formed by dislocations with
Burgers vectors inclined to surfaces. Thus, the slip lines observed in
fig. 2 must have been formed by the dislocations which were found by TEM to
be widely dissociated (e.g. fig. 5).

Dislocation dissociation should not depend on the type of dislocations.
Stacking faults bounded by both As(g) and Ga(g) partial dislocations were
found in this study. This is contrary to the results of Androussi et al.
[12] who proposed that only Ga(g) dislocations dissociate, because of the
low mobility of the 30 Ga(g) partials.

Dislocation dissociation in this case may be explained in terms of the
stress field around the indentations. It is expected that if leading and
trailing partial dislocations experience different applied stresses, the
dissociation will be different from the equilibrium value. For a dislocation
with total Burgers vector inclined to the <001> surface, the Burgers vector
of one of the partial dislocations is approximately perpendicular to the
likely principal stress directions. This partial dislocation is under much
less stress from the indentation stress field than the other, and though
this partial would be "leading" if an intrinsic stacking fault were formed
[13], a reversal of the order is actually found because of the high stress
on the "trailing" partials. Therefore, these dislocations dissociate to form
extrinsic stacking faults.

Rosette stacking faults from Ga(g) dislocations are not formed, because
of the low mobility of Ga(g) dislocations. On convergent slip planes close
to and under the indentation centre, where the stresses are very high, there
are some dissociated Ga(g) dislocations.

Since the dislocations lying along the [110] direction with Burgers
vectors parallel to the surface consist of two partials with their Burgers
vectors at similar angles to the assumed primary stress directions, the
stress difference between them is not great. Any dissociation of these
dislocations was too narrow to be seen in this study.

Hardness and indentation plastic flow

Based on the present work, the hardness anisotropy on {001} faces in
n-type GaAs is, as previously proposed [7], mostly due to the differences
in work hardening rates for dislocation slip on convergent and divergent
slip planes. As seen in fig. 3, the plastic zone is bigger where As(g)
dislocations are on divergent planes (i.e. for [TlO] indentations, the
softer <110> orientation) than those where As(g) dislocations are on
convergent planes (i.e. for [110] indentations, the harder <110>
orientation). Other influences may be:

1) effects due to rosette asymmetry: the more dislocations produced the
lower the hardness (tends to increase the anisotropy from the workhardening
effect).



2) dislocation-free zone effects: the origin of the dislocation-free
zone is possibly due to the presence of a zone with only small resolved
shear stresses directly under the indenter. The DFZ acts like a "core"
incapable of deformation under the indenter, i.e. the DFZ itself will cause
measured hardness to be higher. If the DFZs for the two <J10> directions are
of different sizes, this could lead to some additional hardness anisotropy.

SUMMARY

1) Most of the dislocations are As(g) dislocations; the relative number
of Ga(g) dislocations is negligible.
2) Asymmetry in the lengths of dislocation rosettes is due to the large
mobility difference between the two types of dislocation.
(3) Two types of rosette dislocations were identified: (a) with b_
parallel to the {001} surface; (b) with b_ inclined to the {001}
surfaces.
4) The large dislocation dissociation giving extrinsic stacking faults
on convergent slip planes is due to the difference in stresses on the
two bounding partial dislocations.
5) Hardness anisotropy in this case is due to a combination of several
effects, (a) anisotropy in work hardening [7] (the main effect), (b)
difference in rosette slip lengths, (c) possibly, different sizes of
dislocation free zones.
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DIFFRACTION FROM ZEOLITES CONTAINING PLANAR FAULTS
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Exxon Research and Engineering Company, Route 22 East, Annandale, NJ 08801

ABSTRACT

Methods suitable for measuring the extent of planar faulting in the
framework structures of zeolites are considered. A simple method is outlined for
simulating diffracted intensities from crystals containing coherent planar
defects. The algorithm employed efficiently exploits the self-similar properties
of extended faulting patterns. The simplicity of this recursion method makes it
suitable for complex crystal structures such as those of zeolites, and its utility is
illustrated by a study of faulting in zeolite beta. Powder diffraction pattern
simulations, which are in excellent agreement with observed data, indicate a
fault probability in the chiral zeolite beta stacking sequence of a * 0.56.

INTRODUCTION

The structures of tectosilicates are constructed from SiO4 tetrahedra that
are exclusively corner-linked through shared apical oxygen atoms. The
tetrahedron is a versatile building unit, having, as degrees of freedom, torsional
rotations about the Si-O bonds, and some flexibility in the Si-O-Si bond angle.
SiO4 tetrahedra can, therefore, be combined into a variety of different structure
types, from silicate glasses to the various polymorphs of SiO2 itself, to the more
open porosils and clathrasils. Zeolites share the SiO4 tetrahedron as a building
block, but (by conventional definition) contain aluminum in part replacement
for silicon on the tetrahedral sites. Zeolites further encompass, as a class, only the
more open of structures, those that show reversible sorption capacity for water,
and frequently for larger molecular species. Some 65 zeolite framework
topologies have been observed to date [1], and the number continues to rise
steadily. These various framework topologies can be categorized into families
that share common structural building units somewhat larger than individual
tetrahedra. In several instances, distinct zeolite structure types differ only in the
manner in which successive sheets are interlinked along a given direction,
providing possibilities for intergrowths. In practice, planar faulting is relatively
common, although varies markedly in degree from one system to another.

For example, zeolite CSZ-1 adopts essentially the cubic structure of
faujasite [1], but grows as platelets near the centers of which isolated twin planes
occur [2j. At these central faults the cubic stacking along [111] (where successive
layers are related by inversion operations, 0 is locally interrupted by a hexagonal
stacking sequence (where adjacent layers are related by a mirror operation, m),
suggesting an intrinsic bias towards this stacking mode during the first stages of
crystallization. The related zeolite ZSM-20 comprises faulted block intergrowths
of both cubic and hexagonal modes of stacking, and represents a particular
window in the general phase diagram defined by the relative extent to which i
and m operations occur in faujasite-related structures [3]. Zeolite beta [4-6]
represents an extreme example where planar faulting occurs to a near random
extent in essentially all syntheses reported to date.

From a modelling standpoint, consideration of possible modes of planar
faulting can enable new framework topologies to be derived. Planar faults can



also have a profound effect on the macroscopic properties, ranging from gross
pore blockage to subtle changes in the sorption behavior. Stacking disorder can
greatly complicate attempts at structure determinations, or even phase
definitions. We have therefore been interested in developing means of
quantifying the extent and implications of stacking disorder in zeolites. We
overview this effort here and illustrate the application of a simple new model for
calculating diffracted intensities from faulted crystals. This model was developed
originally to assist in elucidating the structure of zeolite beta, but it is equally
applicable to other crystal systems containing coherent planar defects.

METHODS FOR ESTIMATING FAULT DENSITIES IN ZEOLITES

Sorption. catalysis and nuclear magnetic resonance (NMR)

It is generally difficult to associate the sorption capacity of a zeolite sample
directly with a degree of stacking disorder. Many other factors can be
responsible for changes in sorption capacity, such as the presence of impurities,
simple channel blockage, or subtle framework distortions. Cracking and
hydrocracking probe reactions can be used as indicators of the character of the
internal pore space [7], although again with some difficulty of interpretation.

Zeolite 2^Si chemical shifts are sensitive to the framework geometry in the
vicinity of the 29Si nucleus. Where significant changes in this local geometry
accompany faulting, 29Si NMR data could provide a quantitative measure of the
numbers of silicon nuclei in the various environments. In cases such as zeolite
beta, however, the local geometries about the silicon nuclei are apparently little
affected by the occurrence of twin faults [5,8] (see Figure 1 below).

NMR measurements of non-framework components may be more
generally applicable. The chemical shift of 13C in a tetramethylammonium
cation (TMA) occluded within a zeolite during synthesis, or of 129Xe in atomic
xenon introduced by sorption or during synthesis, is sensitive to the size of the
cage within which it is housed. Where planar faulting generates cages of
differing dimensions within which these species are occluded (or into which
they can be introduced), the NMR data can provide a measure of the degree and
character of the faulting. The degree of intergrowth between the AABAAB
stacking sequence of planar 6-rings in offretite [1] and the AABAAC sequence of
erionite [1] in synthetic offretite samples containing TMA has, for example, been
studied [9]. Gross changes in cage dimensions may, however, not accompany ^
faulting. For example, !^9Xe NMR measurements on zeolite beta [10] could be
interpreted in terms of a single supercage geometry. , :

Transmission electron microscopy.

Even under moderate resolution conditions, planar faults are often
directly observable by transmission electron microscopy. Analyses of faulting
probabilities in zeolites, by counting the number of intact and faulted planes in
such images, have been reported for zeolite beta [4,5], CSZ-1 [2], ZSM-5 [11] and
ZSM-20 [3]. Visual scans of a large number of images can become tedious,
however, although developments in image analysis algorithms may permit a
direct computer controlled interrogation of images from faulted systems. In
cases where only a small number of faults occur, for example in CSZ-1 [2], in
which even a low degree of faulting can affect the extended structure, high
resolution electron microscopy can be crucial for structural characterization.



Figure 1. Stereo views of the chiral stacking of the (achiral) building
units of zeolite beta. The spheres represent tetrahedrally coordinated
Si (or Al) atoms. The bridging oxygens are not shown. The solid bonds
delineate the building unit, the shaded bonds the inter-layer
connections, a) Right-handed stacking, b) Left-handed stacking.

Direct measurements of planar faulting in zeolites via lattice imaging has
limitations. Firstly, zeolites are beam sensitive, degrading rapidly under high
resolution irradiation conditions. Secondly, in many cases, due either to a
prismatic morphology or to preferred cleavage planes, it can be difficult to
obtain crystallites in the correct orientation to observe the faults. Thirdly, there
is an intrinsic difficulty in sampling a statistically reliable number of crystallites.

Diffraction.

Planar faulting in a material is manifested directly in diffraction data.
Sharp superlattice reflections occur when faulting is recurrent. Interpretation of
their positions and intensities yields, in a conventional way, a quantitative
atomic-level description of the associated superstructure. Disordered, non-
recurrent faulting gives rise to diffuse diffracted intensity as streaks in single
crystal diffraction patterns, or as broadened peaks in powder diffraction profiles
(see figure 3 below). Traditionally, the effects of stacking disorder on diffracted
intensity for simple systems (for a review, see [12]) have been calculated using
formalisms introduced by Hendricks and Teller [13], and Warren [14] in which
stacking disorder is treated explicitly in terms of layer-layer correlations.



Although effective, these approaches, even with modern enhancements [15]
prove troublesome to apply to complex systems such as zeolites.

We have therefore developed a new method of computing the effects of
planar stacking disorder on kinematically diffracted intensities that exploits the
recursive properties of faulting in crystals [16]. The recursion arises because a
large (assumed infinite) number of layers occurs in a typical crystallite, and, for
the calculation, the initial choice of origin is arbitrary. Although similar to the
approach employed by Cowley [17], this method proves simpler to apply in
practice, particularly for more complicated structures such as those of zeolites.
The various layer types present in the faulted structure are described in terms of
their scattering factors. Their various contributions to the diffraction profile are
computed based on the interlayer transition probabilities and stacking vectors.
The algorithms have been coded in FORTRAN [16]. The input data file contains
the atom coordinates for each layer type, and the matrix of stacking vectors and
probabilities. The program treats either X-rays, neutrons or electrons as the
source of radiation, and the calculated (kinematical) diffracted intensities can be
computed as line traces in reciprocal space, or as a powder-averaged plot of
intensity against Bragg angle. The utility of this program is illustrated here by
sample calculations for zeolite beta.

Figure 2. [010] projection
(tetragonal unit cell) of a faulted
zeolite beta framework. The [100]
projection is similar, but with a
c/4 relative vertical shift of the
large 12-ring channels. Viewed
down [010], stacking vectors of
the type c/4±a/3, (which occur at
the arrowed planes, within the
plane of the page), are discernible.
These vectors alternate with
stacking vectors of the type
c/4±b/3 (occurring at the dotted
planes, out of the page), which
cannot be differentiated in this
projection. The converse holds for
the [100] projection.

SIMULATION OF DIFFRACTION DATA FROM ZEOLITE BETA

Stacking disorder in the zeolite beta structure arises from competition
between right- and left-handed modes of stacking of the basic building unit (i.e.,
between 4i and 43 screw operations along the unique axis - Figure 1). The
enantiomorphic structures with unfaulted chiral stacking sequences are
tetragonal, P4i22 (or P4322) with a = 12.5A and c = 26.6A [4-6]. In projection
down the tetragonal [010] axis, the layer stacking in zeolite beta involves a ±a/3
shift every other layer. The ±b/3 shifts midway are not detectable in this



projection (see Figure 2). The structure type generated by recurrent left- then
right-handed stacking is monoclinic C2/c with a = 17.6A, b = 17.8A, c = 14.4A
and /?* 114.5° [5,6]. Each unit cell contains 64 Si/Al atoms and 128 oxygen atoms.
To fully describe the faulting, eight distinct non-chiral layer types were input,
each with a 'memory' of whether or not it had been part of a left- or right-
handed sequence before each stacking decision. In this way both laevo and dextro
forms could be simulated as well as the various intermediates.
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Figure 3. Calculated powder neutron diffraction patterns for the
P4i22 polymorph of zeolite beta, a) Recursion algorithm with fault
probabilities set at 1%. b) Conventional powder pattern simulation
program for unfaulted crystals [18].
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Figure 4. a) Simulated powder X-ray diffraction pattern for zeolite
beta, b) Measured powder X-ray diffraction pattern from a typical
zeolite beta sample. The best fit occurs for a = b = 12.44A, c = 26.41 A
and for a probability of a reversal in handedness of stacking a = 0.56.



The neutron powder diffraction pattern calculated using the new
recursion algorithm (with near-zero fault probabilities) is compared with that
computed for the perfect P4]22 end member using a conventional powder
pattern simulation program [18] in Figure 3. The powder X-ray diffraction (PXD)
pattern calculated using distance least-squares optimized atomic coordinates [5]
and a probability of a reversal in handedness of stacking of a = 0.56 compares
well with typical observed patterns (Figure 4). Although the present code does
not include a direct means of adjusting the structural parameters so as to
minimize the difference between observed and calculated patterns, the unit cell
constants, zero point, and value of a were optimized using a Simplex method.
The complexity of the zeolite beta structure, and the limited degree of definition
in the powder X-ray diffraction pattern (Figure 4b) prevents similar
optimization of the individual atomic coordinates at this stage. The optimized
faulting probability agrees with estimates deduced from lattice images, and
from quantitative interpretations of line traces from electron diffraction
patterns.

CONCLUSION

Several other zeolites are prone to planar faulting and application of the
present methods to the ZSM-5 - ZSM-11, and offretite - erionite systems are in
progress. The implementation of the recursion algorithm for modelling
diffraction data from faulted systems should be applicable straightforwardly to a
range of other materials subject to planar stacking disorder.
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ABSTRACT

A GaAs/AlxGaj.xAs multiple quantum well structure was examined using low
temperature (35K) cathodoluminescence in a transmission electron microscope. In this
sample, stacking faults were found to occur in two different forms. The intensity of the
dominant n=l(e-hh) luminescence was observed to decrease in the immediate vicinity of
either form. In addition, stacking faults gave rise to several new emission features on the
low energy side of the main peak. We discuss differences in cathodoluminescence spectra
obtained from the two stacking fault configurations and present evidence to suggest that
these features may be due to extrinsic luminescence from impurities associated with the
stacking faults.

INTRODUCTION

In recent years considerable effort has been devoted to the growth of III-V
semiconductors, allowing novel electronic and optoelectronic devices to be developed.
Growth techniques such as molecular beam epitaxy (MBE) have advanced to the point
where multilayer structures can be grown with near monolayer precision from a wide
range of different semiconductors. The GaAs/AlxGaj.xAs system in particular is of
interest for the fabrication of devices such as high electron mobility transistors and
multiple quantum well lasers. Although various studies* "3 have shown that extended
defects such as dislocations, stacking faults or oval defects can have detrimental effects
on the electronic properties of such a device, the optical properties of such defects have
not been as thoroughly investigated.

In the current work stacking faults in GaAs/AlxGai_xAs quantum well structures
were examined. Previous studies of stacking faults have used techniques such as the
electron beam induced current or cathodoluminescence (CL) modes of the scanning
electron microscope (SEM). However, CL in a transmission electron microscope (TEM)
has two significant advantages over these methods. Firstly, improved spatial resolution
can be obtained in CL images (< 1 nm)4 and secondly defects can be readily located and
characterised.

EXPERIMENTAL

The sample examined in this study was a nominally undoped GaAs/AJxGai_xAs
multiple quantum well (MQW) structure grown on an (001) substrate by molecular beam
epitaxy. In total, fifty 10 nm wide GaAs wells separated by 11 nm wide Alo.3Gao.7As
barriers were grown. To prepare plan view specimens for examination by TEM, a
combination of mechanical grinding and chemical etching was used to remove the
substrate and part of the epilayer from a small circular region. The resultant electron
transparent region was typically 0.5 mm in radius and a uniform 0.5 mm thick.

CL experiments were performed using a system fitted to a modified Philips EM400
TEM. This system can operate in several modes, allowing acquisition of CL spectra,
integrated CL images or monochromatic CL images and has been described extensively



elsewhere K A liquid helium cooled specimen stage was used to cool specimens to
nominally 35K. All the CL results presented here were obtained at this temperature.

Defect characterisation was performed subsequent to CL experiments using a
Philips EM430 TEM.

RESULTS

. - • 7

Preliminary TEM investigations revealed a stacking fault density of tiic order
cm"-. Faults were observed in two different configurations. Firstly in the familiar
arrangement- where four faults on different {111} planes make up the four sides of a
pyramid with the base at the growth surface and the apex at the substrate interface. In
this geometry, adjacent faults have opposite intrinsic-extrinsic character. The second
configuration is similar to the first except that one fault bends from one {111} plane to
another, such that it becomes parallel to the fault with the same character. As the fault
bends through an obtuse angle the fault changes character in the process-, from intrinsic
to extrinsic or vice versa. Figures la and lb show bright field (BF) TEM micrographs of
the two different fault arrangements. Part of the substrate side of the epilayer was
removed during TEM specimen preparation so that only the part of each defect closest to
the growth surface can be seen. A number of defects were characterised and their
orientations correlated with the crystal polarity, as determined by the method of Tafto and
Spence^. In all cases the pyramidal defects were found to have formed such that the
extrinsic faults intersected the growth surface parallel to the [110] direction rather than
the orthogonal, nonequivalent [lTO] direction. The ' doubled back' defects were always
formed via an extrinsic fault changing plane, to give an intrinsic-extrinsic fault pair which
intersected the growth surface parallel to the [110] direction.

In the pyramidal arrangement, intrinsic stacking faults did not show the expected^
TEM contrast. In Figure lc, a BF TEM micrograph taken with g=[220], the intrinsic faults
would normally be expected to be completely invisible. However, spindle shaped regions
of bright contrast, centred on the intersection of the intrinsic faults with the growth
surface, can clearly be seen.
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Figure I. Bright field TEM micrographs of typical stacking faults.
a) Pyramidal configuration.
b) Doubled back configuration.
c) Pyramidal configuration, imaged with the intrinsic faults invisible.
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Figure 2 shows a typical CL spectrum acquired from an unfaulted region of crystal.
The dominant peak is ascribed to an n=l (e-hh) transition and the high energy shoulder to
an n=l (e-lh) transition. When a CL spectra was acquired with the electron beam
illuminating a pyramidal defect, the energies of these two features were not affected but
their intensity decreased. In addition, two weak peaks, labelled A and B, appeared on the
low energy side of the main peak. Figures 3 shows three monochromatic CL images
acquired at the energies of the n-l(e-hh) emission and at the energies of peaks A and B.
The intensity of the n=l(e-hh) emission decreases primarily in the vicinity of the intrinsic
faults while peak A emanates from the same region. The emission of peak B appears to
be less localised to the fault planes, although the image shows some elongation towards
the extrinsic faults. The image acquired at the energy of the n=l(e-lh) emission was
essentially identical to the n=l(e-hh) image and is not included here. The images are

Figure 3. Monochromatic CL images
acquired at the energies of a) the n=l(e-hh)
luminescence b) peak A c) peak B.



proximity of the n=l(c-hh) peak.
Figure 4a shows a CL spectrum acquired with the electron beam illuminating a

doubled back stacking fault. A relatively strong peak (C) can iv seen roughly 20 meV
below the n=l(e-hh) peak. Increasing the intensity of the exciting ek-ctivn beam shifted
this peak to slightly higher energy. Figures 4b and 4c show monochromatic images of the
fault acquired at the energies of the n=l(e-hh) emission and peak C respectively. These
images clearly show that the intensity of the n=l(e-hh) emission decreases in the region
of the defect while peak C arises only from this region. It is worth noting that the energy
of peak C was approximately the same as that of a very weak feature sometimes
observed in unfaulted crystal.

1.16 1.18 1.50 1.E2 1.51

Energy eV
1.56 1.56

Figure 4. A CL spectrum acquired from a
doubled back stacking fault (a) and two
monochromatic CL images acquired at the
energy of b) the n=l (e-hh) emission and c)
the energy of peak C.

DISCUSSION

Stacking fault pyramids in GaAs/Al x Gai_ x As MQW structures have been

examined previously4. Using TEM to study pyramids in cross-section, the epilayer
growth rate was found to have been lower around some of the faults, although the intrinsic
or extrinsic character of the faults was not determined. This result is consistent wiih the
current work where unusual TEM contrast was observed at intrinsic faults. Similar
reductions in growth rate have also been observed for oval defects where impuriiies were
known to have been present5. This strongly suggests that impurities may be present in
the vicinity of, or segregated at, the stacking faults investigated in this study. If so then



the new luminescence features observed around stacking faults may also be due to
impurities. This view is supported by the fact that two of the three new peaks shifted to
slightly higher energy under increased excitation. Such a shift is not conclusive but is
indicative of an n=l(e-a) transition. Assuming that impurities are present it is interesting
that new emission from the doubled back faults occurred at the same energy as the weak
emission sometimes observed from unfaulted crystal. This suggests that both peaks
might be due to the same impurity. As carbon is the dominant background impurity in
most MBE systems then it is possible that this feature is due to an n=l(e-a) transition
with the acceptor being carbon. Aside from this tentative suggestion no impurity could be
identified, mainly because the energy of impurity transitions in quantum well structures
depends not only on the atomic species present and the type of transition but also on the
quantum well width and the position of the impurity within the well. The geometry of the
stacking faults shows that in all cases they were nucleated at the substrate interface and
so suggests microscopic substrate contamination as a source of impurities. Alternatively,
faults may may be simply scavenging impurities from the surrounding crystal. However, if
this were happening then an area around the fault would be expected to be depleted of
impurities and therefore show stronger n=l(e-hh) emission, an effect which was not
observed.

Stacking faults in both the pyramidal and folded back configurations significantly
reduced the intensity of the n=l(e-hh) luminescence. For the pyramidal defects this may
be due in part to reduced epilayer thickness over the intrinsic faults but in the doubled
back defects must be due to competing radiative or non-radiative recombination routes.
In figures 3c and 4d the positions of the stacking fault planes can just be discerned as faint
dark lines. This suggests non-radiative recombination occurring on or very close to the
stacking faults, with radiative recombination occurring due to a cloud of impurities around
the faults. However, no evidence was found found for enhanced radiative or non-radiative
recombination around the partial dislocations formed at the intersections of the stacking
faults. This contrasts sharply with many previous studies of simple epilayer structures,
where electron beam induced conductivity has clearly shown such recombination. This
difference may occur because the gettering action of the GaAs/AlxGaj.xAs interfaces
incorporates so much impurity into the material that effects due to the partial dislocations
cannot be detected. This view is supported by CL results from a higher quality MQW

structure, grown with a buffer layer prior to the QW layers**, and for which the effect of
the stacking faults on luminescence was reduced and the partial dislocations showed the
expected dark contrast in monochromatic CL images formed using the n-l(e-hh)
luminescence.

Monochromatic CL images of pyramidal defects clearly showed that the
luminescence was effected far more by the intrinsic faults than the extrinsic faults. If the
nature of any impurities present were determined solely by the fault character then the
doubled back defects would be expected to give very similar results to the pyramids.
However marked differences were observed, possibly because of interactions between
the parallel intrinsic and extrinsic faults in the folded back arrangement.

The orthogonal [110] and [110] directions are non-equivalent in GaAs so that
many properties show differing behaviour along the two directions. For example, misfit
dislocation arrays? and oval defects^ are known to preferentially orient along one of the
two directions. Thus it is not surprising that stacking faults are always observed in only
one orientation. However, it is not clear what mechanism causes some pyramidal faults to
double back on themselves while others do not. Previous workers^ have suggested that
this may be due to lattice mismatch between epitaxial layers or stresses generated by
misgrowth.

In conclusion, low temperature TEM CL was used to investigate stacking faults in
a GaAs/AlxGai_xAs MQW structure. The faults were observed in two different
configurations but in both cases the intensity of the excitonic n=l(c-hh) emission was
found to decrease in the vicinity of stacking faults. Several emission features were
detected at lower energies than the n=l(e-hh) emission and were interpreted as being



due to the presence of impurities associated with the stacking faults. Different features
were identified for each of the two different fault arrangements.
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TRANSMISSION ELECTRON MICROSCOPIC STUDY OF PRECIPITATES IN FE-DOPED InP
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ABSTRACT

The nature and distribution of precipitates in Fe-doped InP crystals
grown by metaiorganic vapor phase epitaxy at 650°C are studied by
transmission electron microscopy. The precipitates are spherical in shape,
4-20 nm in diameter, and uniformly distributed in the crystals. They are
coherent FeP precipitates with certain orientation relationship to the InP.
The precipitates are observed in crystals with Fe-doping gas flow rates of
more than 20 ml/min. Their density increases from 8 x lO1^ to 1 x 10' cm-
3, as the gas flow rate increases from 20-100 ml/min, while the size is
almost constant. In crystals doped with less than 5 ml/min, precipitates
are not observed. Crystals grown with a gas flow rate of 5 ml/min contain
a Fe-cohcentration of about 10'' cm"3 which is the solubility limit of Fe in
InP at &50°C. From these results, it is strongly suggested that when the
doped Fe' concentration exceeds the solubility limit, excess Fe atoms tend to
condense in the matrix forming FeP precipitates.

INTRODUCTION

Semi-insulating InP is an important material for opto-electronic and
high speed devices. Until now, much effort has been devoted to study the
Fe-doping in epitaxial InP layers for achieving high resistivity[l-6]. We
have previously reported that resistivities of 109 ohm»cm are successfully
obtained- for Fe-doped InP grown by metalorganic vapor phase
epitaxy(M0VPE)[7], However, iron-phosphorous precipitates are often formed
in the crystal during growth. In bulk Fe-doped InP crystals, needle- or
plate-shaped precipitates have been found by Rumsby et al.[8] and Miyazawa
et al.[9]. From X-ray diffraction analysis, the precipitates were
identified as orthorhombic FePo. However, Smith et al.flO] have found the
FeP phase in addition to the TeP^ phase. Regarding MOVPE-grown Fe-doped
InP crystals, Nakahara et al.[11] have undertaken a detailed investigation
of the precipitates by electron diffraction analysis and energy dispersive
X-ray spectroscopy and concluded that they are composed or FeP. However,
little is known about the nature and distribution of the precipitates, and
their generation mechanism.

In this paper, more detailed characteristics of the precipitates and
the relationship between the Fe-doping gas flow r»* 9nd precipitate density
are studied by transmission electron microscopy(".

EXPERIMENTAL
InP crysta ls are grown on (OOl)InP substrates at 650°C by atmospheric

pressure MOVPE. PH3 and TMIn are used as reac tan ts . The V / I I I p a r t i a l
pressure r a t i o i s kepA atJ>0. The e l e c t r o n concent ra t ion of non-doped
layers is about 2 x lO^cirT1*. Vapor of ferrocineCFefCgHgJo) is used as the
Fe-doping gas and i t s f low rate is varied in the range 0-100 ml/min(detai ls
of the growth procedure are reported elsewhere[6]. Specimens for TEM are
prepared by chemica l e t c h i n g w i t h Br2(0.5- lZ)/CHo0H f o r p lan-v iew
observat ion or by ion th inn ing f o r c ross -sec t i on observat ion. TEM
observat ions are ca r r i ed out in an Akashi EM-002B u l t r a - h i g h r e s o l u t i o n
electron microscope(Va=200 kV) equipped wi th EDAX-9000 EDX system.

RESULTS AND DISCUSSION

F i r s t of a l l , a Fe-doped InP layer grown w i t h the maximum gas f low
rate(100 ml /min) were examined. As p rev ious ly reported by Nakahara



Fig. 1. (a) A t y p i c a l p lan-v iew b r i g h t - f i e l d TEM image i l l u s t r a t i n g Fe-
precipi tates in sample no. l( the gas f low rate is 100 ml/min) af ter chemical
etching, (b) A typ ica l plan-view weak-beam dark - f i e ld TEM image i l l u s t r a t i n g
precipi tates(the same area as shown in Fig. l (a)).
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Fig. 2. A ser ies of p lan-view b r i g h t - f i e l d TEM images i l l u s t r a t i n g
precipi tates taken under many beam d i f f r a c t i o n cond i t i on ( [001 ]-zone ax is
condition). Note the moire fr inges in three d i f f e ren t orientat ions.

et a l . [11] , a large number of c i rcu la r prec ip i ta tes are observed in a dark
f i e l d image, p a r t i c u l a r l y in the area close to the edge of the t h i n
specimen. They may be expected to stay on the sur face of the specimen
after etching since they are thought not to be dissolved by the e t chan t [ l l ] .
However, i n the region s l i g h t l y away from the edge of the specimen, the
dens i ty of p r e c i p i t a t e s i s found to be near ly constant as shown in Fig. 1.
Figs. l (a) and l(b) are a b r i gh t - f i e l d and a weak-beam dark- f ie ld TEM images
of precipi tates taken under the 220 and the 660 re f lec t ions with posi t ive s.
From these images, one can d i f fe ren t ia te between precip i tates buried in the
matr ix and those l y i n g on the sur face in the f o l l o w i n g manner: i )
p r e c i p i t a t e s e x h i b i t i n g p a r a l l e l moire f r i nges w i t h constant spacing are
buried in the matr ix(we c a l l these Type-A prec ip i ta tes) ; i i ) precioi tates
which do not e x h i b i t moire f r i nges are l y i n g on the sur f ace(Type-B). In
the l a t t e r s i tua t ion , the probabi l i ty of d i rec t double re f lec t ion between
p r e c i p i t a t e and mat r ix i s considered to be much lower as a r e s u l t of
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Fig. 3. A plan-view high resolution electron micrograph i l l us t ra t ing the
nearly coherent precipitates taken under nearly zone-axis condition. Two
sets of 200-latt ice fringes can be seen. A small fraction of l a t t i ce -
distortion is appearing at the precipitate-matrix interface(see arrows).
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Fig. 4. (a) An EDX spectrum obtained from the ma t r i x area. (b) An EDX
spectrum obtained from the precipitate-area(probe diameter is nearly 2 nm).

possib le oxide presence and the smal l contact area between the two
materials. Type-B precip i tates are generally out of contrast in the weak-
beam image since there is no st ra in f i e l d associated wi th them. However,
they occas iona l l y do e x h i b i t b r i g h t cont ras t presumably as a r e s u l t of
st icking force between the precip i tate and the matr ix at the surface. In
order to confirm th is , br ight f i e l d images under many beam conditions were
obtained.

Typical images of Type-A precipi tates obtained from the same specimen
are i l l u s t r a t e d i n F i g . 2. I t shou ld be no ted t h a t a l l o f these



prec ip i ta tes exh ib i t three kinds of moire f r inges wi th d i f f e r e n t
orientations and periodicities. Therefore, there is a certain orientation
relationship between the precipitates and the matrix crystal . Although
nano-probe electron d i f f rac t ion experiments(2-5 nm probe diameter) were
performed on the precipitates, the exact orientation of the precipitates
could not be determined due to double ref lect ion of electrons at the
precipitate-matrix interface. Figure 3 is a plan-view high resolution
electron micrograph of a precipitate. The precipitates also exhibits moire
fringes similar to those shown in Fig. 2. Lattice fringes corresponding to
dQQo for InP can be seen. Slight misalignments of l a t t i ce fringes are
occasionally found at the precipitate-matrix interface(see arrows). This
result suggests that there is l i t t l e strain f ield at the interface, which is
consistent with the fact that the lat t ice parameter of InP is very close to
that of FeP. Thus, the precipitates are coherent. Although precipitates
were determined to be FeP by e lec t ron d i f f r a c t i o n analys is [11J,
compositional analysis using energy dispersive X-ray spectroscopy(EDX) were
carried out on them. Figs. 4(a) and 4(b) are typical EDX spectra obtained
from the matrix and the precipitates using an electron probe 2 nm in
diameter. Fe is clearly detected within the precipitate(see Fig. 4(b)).

Cross-section TEM observations were performed on Fe-doped InP crystals
grown with the maximum gas flow rate; the resulting images are shown in Fig.
5. High magnification images of three different areas denoted by a, b, and
c are shown in inserts a1, b\ and c \ respectively. Precipitates are
again observed as circular images indicating that they are spherical-shaped
part ic les. I t is also noted that the precipitates are uniformly
distributed in the crystal. Since the interface between the epi-layer and
the substrate is not clearly observed(a broken line in Fig. 5 is assumed to
be close to the real interface by considering the thickness of the epi-layer
determined from an SEM image of a cleaved and stain-etched cross-section of
the homo-junction), i t seems that there is no preferential segregation of
Fe-atoms at the interface. Moreover, precipitates attached to the surface
were not found at a l l .

The dependence of the Fe-doping gas flow rate on the density and
diameter of precipitates was also studied. Figures 6(a)-6(d) show plan-
view bright f ield TEM images of precipitates in Fe-doped InP crystals grown
wi th gas f low rates of 100, 30, 20, and 5 ml /min, respect ive ly .
Precipitates are observed in crystals grown with gas flow rate higher than
20 ml/min. Their density increases as the gas flow rate increases.
However, their diameter is almost constant. Precipitates are not observed
in crystals grown with gas flow rates lower than 5 ml/min. these results
are summarized in Table 1. From SIMS measurements, the to ta l Fe
concentration in sample 4(gas flow rate is 5ml/min) in Table 1 is
determined to be approximately 1 x 10' ' cm"3 which is the solubil i ty l imi t
of Fe in InP at 65OdC.

Based on the results described above, three generation mechanisms of
FeP precipitates can be derived as follows:

i ) FeP part icles are f i r s t formed in the gas phase, then they are
deposited onto the growth surface and are buried in the growing InP crystal.
i i ) FeP precipitates are formed d i rec t l y on the growth surface through

migration and segregation of Fe-atoms, and strong reaction between Fe-atoms
and P-atoms.
i i i ) In the growing InP layer, when the doped Fe-concentration exceeds the
so lub i l i t y l i m i t , supersaturated Fe-atoms tend to segregate at some
nucleation center via rapid d i f fus ion, and FeP precipitate star t to grow.
When the diameter of precipitates reaches a c r i t i c a l value, they can not
grow any more by the strain f ield accumulated around them.

Models i ) and i i ) are very unl ikely to take place since no FeP
par t i c l es are found on the surface of as-grown InP layer, and no
precipitates are observed in crystals grown with gas flow rate lower than
5ml/min. At present, model i i i ) is the most possible from the evidences as
follows: (a) precipitates are generated when the doped Fe-concentration
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Fig. 5. A c ross -sec t ion b r i g h t - f i e l d TEM image from Fe-doped InP c r y s t a l s
taken under g=220, s>0. Inser ts denoted by (a1), (b1), and (c1) correspond
to high magnification images of the areas denoted by (a), (b), and (c).

Fig. 6. Typical b r i gh t - f i e l d "EM images of FeP-precipitates in Fe-doped InP
crystals grown under d i f fe rent gas flow rates, obtained by g»220, s>0.
(a) 100 ml/min; (b) 30 ml/mir; fc) 20 ml/min; (d) 5 ml/min.



Table 1. Dependence of Fe-doping gas flow rate on the density and diameter
of precipitates.

Sample Gas-flow Thickness of Density of Diameter of precipitate
no. rate(ml/min) epi-layer(um) precipitates (nm): ave.(max/min)

(cnT3) —
1 100 3.0 1 x 10]J 8.3(3.8/11.2)
2 30 2.0 3 x 10]3 5.8(4.1/11.6)
3 20 2.5 8 x 10\l 12.9(5.8/18.6)
4 5 4.0 < 5 x 10™
5 1 3.0 < 5 x 10™
6 0.5 3.0 < 5 x 10™
7 CL2 310 < 5 x IP10 -

exceeds the solubility limit; (b) precipitates are uniformly distributed in
the crystal and their diameter is almost constant; (c) precipitates are
spherical shaped and coherent.

CONCLUSIONS

Fe-doped InP crystals grown by MOVPE are studied by TEM and the
following results are obtained:
(1) Precipitatesare spherical shaped, 4-20 nm in diameter, and are
uniformly distributed in the crystal.
(2) Precipitates are coherent FeP particles with a certain orientation
relationship to InP.
(3) The density of precipitates increases as the gas flow rate increases
from 20 to 100 ml/min.
(4) In crystals grown with a gas flow rate lower than 5 ml/min, in which the
Fe-concentration is below the solubility l imit, no precipitates are found at'
a l l .
(5) No preferential precipitation of Fe-atoms occurs at the interface
between the epi-layer and the substrate.

On the basis of these results, a model for the generation mechanism
"of the precipitates is proposed.

ACKNOWLEDGMENT
The authors express t h e i r g r a t i t u d e t o T. M isug i , 0. O tsuk i , and T.

Sakurai f o r t h e i r encouragement t h r o u g h o u t t h i s work and v a l u a b l e
suggestions. They also thank H. Yamada for preparation of TEM specimen.

REFERENCES
I .J . A. Long, V. G. Riggs, and W. D. Johnston J r . , J . Crys ta l Growth 69,

10 (1984). —
2. K. Tanaka, K. Nakai, 0. Aok i , H. Sugawara, K. Wakao, and S. Yamakoshi,

J . Appl. Phys. 61, 4698 (1987).
3. M. Kondo, M. Sugawara, A. Yamaguchi, T. Tanahashi, S. Isozumi , and K.

Nakaj ima, Ext. Abst. o f the 18th Conf. on So l . S t a t . Dev. and Mat. Tokvo
pp 627 (1986). y

4. P. Speier, G. Schemmel, and W. Kuebart, Electron. Le t t . 22, 1216 (1986).
5. H. Huang and B. W. Wessels, J . Appl. Phys. 60, 4342 (1986).
6. Y. Kato, K. Kasahara, S. Sugou, T. Yanase, and N. Henmi, Ext. Abst. o f

the 19th Conf. on So l . S ta t . Dev. and Mat. Tokyo pp 95 (1987).
7.K. Nakai , 0. Ueda, T. Odagawa, T. Takanohashi, and S. Yamakoshi, I ns t .

Phys. Conf. Ser. £ 1 , 199 (1987).
8. D. Rumsby, R. M. Ware, and M. Whitaker, J . Crystal Growth 54, 32 (1981).
9. S. Miyazawa and H. Koizumi, J . Electrochem. Soc. 1_29f 2335 (1982).

10.N. A. Smi th , I . R. H a r r i s , B. Cockayne, and W. R. MacEwan, J . Crys ta l
Growth 68. 517 (1984).

U.S. Nakahara, S. N. G. Chu, J. A. Long, V. G. Riggs, and W. D. Johnston
J r . , J . Crystal Growth 72, 693 (1985).
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ABSTRACT

Interfacial reactions between Ti-Ta alloy films and
single crystal Si have been studied by Auger electron
spectroscopy, transmission electron microscopy and X-ray
diffraction. It has been found that only binary compounds,
silicides of each of the metals, and not any ternary
compounds, are formed. The reaction products at the early
stages of the reaction are TasSi3, TaSi2 and the metastable
(C49 structure) TiSi2. The final stage of the reaction
consists of a uniform intermixing of the disilicides, TiSia
and TaSi2. Alloying causes a shift in the temperature of
silicide formation to intermediate values between those for
pure Ti and Ta (500 and 700°C, respectively), and this value
increases with Ta content in the alloy film.

I. INTRODUCTION

Alloy films consisting of two codeposited metals have
become attractive in advanced contact metallurgy of Si devices
due to their potential to control and limit the interaction of
the metallization with the Si substrate!1-3]. In particular,
alloy films consisting of a near-noble metal (Ni,Pd,Pt) and a
refractory metal (W,V,Cr) have drawn attention because phase
separation after annealing is observed; the near-noble metal
segregates to the Si substrate interface, forming a shallow
contact, while the refractory component is rejected to the
outer region of the contact. This phenomenon has been
explained in terms of differences in the mechanisms of
silicide formation for the two groups of metals[4,51.

However, very limited work has been published on the
reaction between Si and alloys consisting of two refractory
metals[6-8]. In the present work Ti and Ta have been chosen
as the two refractory metals, since they and their silicides
are currently used in metallization structures of integrated
circuits.

II. EXPERIMENTAL PROCEDURES

n-type Si (100) with resistivity of -10-/V.cm were used as
substrates. The Si wafers were chemically cleaned by dipping
into 3:1 (H2O:HF) solution for 1 min. The films, 500A thick, "5
were codeposited at room temperature using two electron guns.
The Ti content, x, in the deposited TixTa10o-« alloys was x=0, !?
20,50,80,100. *



Annealing was carried out in an evacuated quartz tube
(P = 5xlO-7" torr) in the temperature range of 450 to 800 "C for
periods in the range of 0.5 to 38 hours.

The in-depth distribution of the elements following heat-
treatnent was determined by Auger Electron Spectroscopy (AES)
combined with Ar + ion sputtering. Phase identification and
nicrostructural analysis were carried out by transmission
electron nicroscopy (TEM) and by X-ray diffraction.

III. RESULTS

a) Ta/Si
A TEM micrograph of the as-deposited Ta film (fig.l)

reveals the netastable tetragonal structure of 3-Ta rather
than the equilibrium BCC structure. This is not surprising
since it is well established that the process of deposition
from the vapor phase is not an equilibrium one, and the
condensation can "freeze" higher temperature structures!9]. An
interfacial reaction is first detected, by AES, following
700°C, 30 rain, anneal. The reaction is completed after 800°C,
30 min. anneal. A micrograph characteristic of the reaction
stage, e.g. following 750°C 30 min. anneal, reveals the
formation of TaSi3. Our results show that Ta behaves
according to the general scheme of the refractory netals
forming directly its end product, the disilicide[10].

Fig.l: Schematic description and TEM micrographs of
interfacial reaction for Ta/Si.

b) TiiOTaao£Si
TEM analysis of the as deposited state (fig.2) shows that

most of the film is composed of a solution of two BCC phases,
or-Ta and 8-Ti. Some tetragonal 8-Ta can also be identified.
After 500 °C 30 min. anneal more (J-Ta is noted to transform to
the cr-Ta structure. The interfacial reaction with Si is first
noted following annealing at 600*C for 30 min. and it appears
to be not completely uniform in depth (see fig.2). AES

7



profiles show a penetration of oxygen (probably fron the
furnace) up to the reaction front. It should be noted that
the onset of the reaction for the Ta alloy is at a lower
temperature than for the Ta/Si system (600cC vs. 700°C,
respectively). At this temperature <600°C) the reflections of
TaSi3 and Ta5Si3 are recorded; however, since the interplanar
spacings for the metastable (C-49 structure) phase of TiSi2
are very close to those of these phases, its existence cannot
be ruled out. Following 650 'C, 30 min. anneal the reacted
region appears uniform in composition, and after 700 *C all the
free Ti and Ta have been reacted.

Schematic description and TEM micrographs of
interfacial reaction for Ti20Ta«0/Si.

Fig.2:

TEM analysis of the as deposited state (fig.3) indicates
that most of the film consists of tetragonal fJ-Ta and
hexagonal o-Ti grains. However, a solid solution of &-Ti with
o-Ta, which is the dominant phase for the Ta rich alloy
(sect.IIIb), is also identified. The existence of these
phases is confirmed by X-ray diffraction.

AES analysis shows that the reaction with the substrate
starts somewhere between 550*C and 600*C. Similarly to the
case of Ti2OTa«or at the early stages the reaction is
nonplanar, and only at higher temperatures it becomes uniform.
The reaction is completed at 650*C-700*C (fig.3). At 700#C
very fine grains of TaSi3, TasSi3 and the metastable phase of
TiSi2 are formed. Similarly to the case of Ti2oTaso/Si it is
impossible to resolve the different phases due to the
existence of very close interplanar spacings. The formation
of all these phases is confirmed by X-ray diffraction.

V
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Fig.3: Schematic description and TEM micrographs of
interfacial reaction for TisoTaSo/Si.

The TEM micrograph of the as deposited sta
consists of tetragonal S-Ta and hexagonal n-Ti pha
sane phases are identified by X-ray diffraction,
facial reaction with Si is first noted at 550°C, ear
for the above mentioned alloy compositions, and is
already at 600°C (fig.4). The reaction seems to p
quite a uniform planar mode. The phases identi
550°C 30 min. anneal are TiSi, TaSi2 and Ta5S
following 600°C, 30 min. anneal, the stable C54 st
TiSi2, TiSir TaSia and TasSi3 are identified as
phases.

te (fig.4)
ses. The
The inter-
lier than
completed
rocsed in
fied after
i3r while
ructure of
the nain

Fig.4: Schematic description and TEM micrographs of
interfacial reaction for Ti«oTa2O/Si. r
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e) Ti^Sj.
The as deposited Ti filn has its expected hexagonal

structure. Interfacial reaction between Ti and Si starts at
500*C and is completed following 700"C anneal for 30 nin. tsee
fig.5). The phases identified after SOO'C 30 nin. anneal are
TiSi and TiSi2 in its netastable C49 structure, while
following heat treatment at 700*C, the equilibrium C54
structure of TiSi2 is the major phase that is found. This
complex sequence of phase formation for the Ti/Si system
confirms earlier reportsC11,12].

Ti

TiSi

Si

•TiSi2

(IOO)

.«• " .r . . .'•'.

Fig.5: Schematic description and TEM micrographs of
interfacial reaction for Ti/Si.

IV. DISCUSSION AND CONCLUSIONS

The interfacial reaction between codeposited TixTaiOo-x
alloy films with different compositions (x=0,20,50,80,100) and
single crystal Si have been studied by X-ray diffraction, TEM
and AES.

The as-deposited state is characterized by the
observation that addition of small amounts of Ti to Ta
stabilizes the equilibrium BCC structure of Ta. However, as
the Ti content in the alloy increases, the metastable phase of
Ta is produced.

The alloys start to react with Si forming both Ti and Ta
silicides at intermediate temperatures between those for pure
Ti (500*C) and pure Ta (700*C); these values decrease for
isochronal anneals with the Ti content. The earlier
silicidation of Ta may be attributed to one of the following:.
1) Ti present at the interface reduces the Si native oxide
yielding more an intimate contact between Ta and Si than when
Ta is deposited on Si; or: 2) the early penetration of Si to
the alloy to form Ti silicides promotes also the onset of
silicidation of Ta. The somewhat delay in silicidation of Ti
due to alloying may be attributed to a stabilizing effect of
the alloy which "arrests" Ti.
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In spite of the changes in the kinetics of the
interfacial reactions due to alloying, the reaction products
are only binary silicides and no ternaries are observed. For
all alloy compositions and annealing conditions beside the
expected silicides of the two metals we observe also the
formation of Ta5Si3, a phase that is not found when pure Ta is
deposited on Si. This is not surprising since MsSi3 compounds
of refractory netals are sometimes obtained when other atoms
such as C or 0 impurities or even other metal atoms are
present in the reaction front[13]. Another effect of the
alloying is that the TiSi2 with C49 structure is stabilized up
to higher temperatures. And finally, it should be noted that,
due to the fact that the interaction is governed by Si
outdiffusion, no spatial in-depth phase separation is
observed, and both the Ti and Ta silicides are rather
intermixed, unlike the above mentioned case for the near
noble-refractorv metal allovs.

ACKNOWLEDGMENT
This work was supported by the U.S. Army through its

European" Research Office in London.

REFERENCES
1) K.N'. Tu, J.Vac.Sci.Technol . JJ?, 766 (1981).
2) K.N. Tu, Preparation and Properties of Thin Films, Vol.24

of Treatise on Materials Science and Technology, edited by
K.N. Tu and R. Rosenberg (Academic Press, New York, 1982)
Chap.7.

3) M. Eizenberg, in VLSI Science and Technology 1984, edited
by K.E. Bean and G.A. Rozgonyi (Electrochemical Society,
Pennington, 1984), p.348.

4) M. Eizenberg, K.N. Tu, J. Appl. Phys. .53, 1577 (1982).
5) A. Appelbaum, M. Eizenberg and R. Brener, J. Appl. Phys.

25, 914 (1984).
6) S.E. Babcock and K.N. Tu, J. Appl. Phys. !53_, 6898 (1982).
7) A. Appelbaum, M. Eizenberg, J. Appl. Phys. j56» 234 (1984).
8) C D . Capio, D.S. Williams, S.P. Murarka, J. Appl. Phys.

62, 1257 (1987).
9) K.L. Chopra, Thin Film Phenomena (McGraw-Hill, New York,

1969) .
10) A. Christou and H.M. Day, J. Elect. Mater. .5, 1 (1976).
11) R. Beyers, R. Sinclair, in Thin Films-Interfaces and

Phenomena edited by R.J. Nemanich, P.S. Ho, and S.S Lau,
(Mater. Res. Soc. Proc. 4_3, Pittsburg PA, 1986)), p.43.

12) G.G.Bentini, R. Nipoti, and A. Armigliate, J. Appl. Phys.
52, 270 (1985).

13) M. Eizenberg, S.P. Murarka and P.A. Heimann, J. Appl.
Phys. 51, 3195 (1983).

<r



DISLOCATION GENERATION MECHANISMS AND LAYER GROWTH IN InP
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ABSTRACT

By studying InP epitaxies it has been found that optimum growth conditions
are not achieved under low growth rate regimes, which, on the contrary, yield a
defect density nearly as high as under high growth rate conditions, due to the
creation of a very high density of point defects from which dislocation loops
originate. Such loops are generated not only at the substrate-epilayer interface
but also throughout the layer and depend on the supersaturation of the feeding
phases. Under conditions yielding high dislocation density both layer and hillock
growth mainly occur by spiral growth.

INTRODUCTION

Vapor phase techniques (MOCVD, VPE, MBE) are now the current way for
preparing III-V semiconductor epilayers for electronic applications due to their
great homogeneity yield. The defect content of the layers grown by these
techniques, however, is still an open problem, except for MBE. Epilayer defects
can be both crystallographic and morphological. The latter ones have been found
to be associated with or originate from the crystallographic defects [e.g. 1-3].

In order to optimize the quality of the layers to be used in single or multiple
structures based on InP substrates and ternary or quaternary epitaxial layers, we >
studied the dislocation generation mechanisms in Hydride-VPE InP (001) *
homoepitaxies as a function of growth conditions. By changing only the feeding o
phase flow rates and keeping constant any other experimental parameters, we M"
were able to study the influence of the thermodynamic conditions only on the 3
generation of crystallographic defects and their influence on the layer growth. 3
Special emphasis will be given to the low growth rate regime because it yielded
unexpected high defect density. Morphological defects (hillocks) and their
electrical and luminescent recombination activity have already been dealt with in
previous papers [3,4]. J?

EXPERIMENTAL

93
ID

The undoped InP layers were grown on p-type (001) InP substrates doped to ^
5-10*8 c m - 3 by the Hydride VPE method. The layers were p-type with free carrier m
concentration in the 5-10*5 . 5.1016 c m - 3 range. The substrates were always
prepared in the same way for every growth run, i. e., chemically etched in t -

H2SO4:H2O2:H2O and then in-situ etched inside the reactor at 600 °C in flowing HC1,
InCl and PH3 obtaining mirror-like surfaces. The temperature of the source,
mixing and deposition zones was 850, 900 and 600 °C, respectively. All samples ">
investigated were grown under constant experimental conditions, except for the
PH3 flow rate which was varied between 0.5 and 8 cm^/min. The HC1 was kept °"



constant at 2 cm^/min for every growth run. Further details arc given in [3]. The
layers have been characterized by optical microscopy for thickness
measurements on etched cleaved samples, SEM, SEM-EBIC. and High Voltage
Electron Microscopy (JEOL HVEM: 1 MeV). Both plan-view and cross-sectional

i specimens were investigated by HVEM. Plan-view specimens were prepared by
chemical thinning from the substrate side using hot acqua regia, whereas cross-
sectional specimens were prepared by Ar+ ion milling of bonded facc-to-face
strips cleaved from the epitaxial samples [5,6].

RESULTS AND DISCUSSION

Fig. 1 shows the growth rate (curve A), hillock density (curve B), and
dislocation density (curve C) as a function of the PH3 flow rate ([PH3]). Dislocation
density and hillock densities were measured by TEM and SEM, respectively. Fig. 2
is a SEM image of typical hillocks. Slacking fault density, not reported here, was
determined by TEM and varied between ~ 1-10^ and 5-10^ cm*2 showing the same
behavior as the dislocation density as a function of the PH3 flow rate.
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Fig. 1. Growth rate (A), hillock density (B), and dislocation
density (C) as a function of the PH3 flow rate.

From Fig. 1 it can be seen that the dependence of defect density on the PH3
flow rate can be divided into three regimes (I, II and III in Fig. 1) according to the
values of the growth rate. It will be shown that different defect generation
mechanisms as well as different layer growth mechanisms occur in these three
regimes. They are discussed now separately.
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1) Low flow rate regime

It corresponds lo growth conditions of PH3 flow rate <, ~ 2 cm^/min (region I
. in Fig. 1) yielding a very small growth rate which decreases as [PH3 ] decreases.
" Fig. 3 is a TEM image of typical defects in a plan-view specimen grown under [PH3]

= 0.5 cm-Vmin. It shows a partly faulicd 1/3 [111] Frank loop of vacancy type (A), a
perfect 1/2 [Oil] dislocation loop of interstitial type (B), a stacking fault (C) due to
extreme dissociation of dislocations, and a dislocation dipole (D) of interstitial type.
Analysis showed that dipole D ends at the layer surface. It has originated from a
dislocation loop, such as B, located inside the cpilaycr and which grew faster than
the epilaycr. As soon as such loop touched the surface it could grow with the layer,
without the need of point defect absorption thus yielding a dipole.

t •- Fig. 2. SEM image of
typical hillocks. Left: E3IC
image, right: SE image. Bar
is 100 \m.

Fig. 3. Typical defects
in a sample grown under
regime I of Fig. 1. See
text. Bar is 1 urn. g - [220].

O

Examples of dipoles originating at the substratc-epilayer interface are given
in Fig. 4 that shows TEM images of cross-sectional specimens prepared from a
sample grown under [PH3 ] = 0.5 cm^/min. These dipoles should have formed by
the same mechanism as dipole D in Fig. 3. No defect can be seen in the substrate
and the interface looks very good. Generation of defects either by propagation
from defects in the substrate or because of interface roughness can, therefore, be
ruled out as fundamental mechanisms.

The Frank loops and the dislocation dipoles (Figs. 3-4) evidence that under
this [PH3] regime crystal defects are generated by complex point defect
condensation mechanisms involving both vacancies and interstitials. In
particular. Fig. 3 shows that these condensation mechanisms and the generation
of crystal defects occur not only at the substrate-layer interface but also
throughout ihe layer, i. c. depend on the flow rates.
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Fig. 4. Images of cross-sectional samples grown under regime I
in Fig. 1, showing: a) dislocation dipoles in the layer; bar i s 1
Hm, g - [220] . b) The interface l ine between layer and substrate ;
bar i s 1 fim, g =• [400] .

From our observations it is not possible to establish which kind of point
defects, inierstitials or vacancies, formed first. Phosphorus interstitials, Pj , are
unlikely to be incorporated in the growing layer because of the very high vapor
pressure of phosphorus. Moreover, the atoms of the group V element arc expected
to have a very low sticking coefficient if they are supplied in an amount smaller
than the stoichiomelric ratio, as has been reported for MBE [e. g. 7]. Pj due to
Frenkel disorder should not affect the creation of microloops or dipoles to a
significant extent because the density of these crystal defects increased with
decreasing [PH3 ] (Fig. 1) whereas the concentration of Frenkel pairs depends
only on the layer temperature which was held constant for every growth run.

Of the three remaining elementary point defects (Inj , Vp , Vjn), indium
interstitials, Inj, and phosphorus vacancies, Vp, are very likely to be incorporated
in the layer. The former ones because interstitial loops and dipoles have been
observed and Pj have already been ruled out. Vp is more likely to be incorporated
than Vjn owing to the higher vapor pressure of P and its associated difficulty to
stick to the surface [7] and to the undersaturation of Vj n in this regime. Moreover,
point defect-related crystal defects increased as the PH3 flow rate decreased
whereas the HC1 flow rate was constant.

The high density of interstitial loops and dipoles seem to indicate that there
are a lot of interstitials available under the growth conditions of regime I. Thus,
let us assume that In interstitials are the first to form. As InP has the zincblende
structure the formation of interstitial loops and dipoles implies a supply of both In
and P inierstitials. Inj being supplied by the feeding vapor phase, the required P
atoms can be spontaneously generated at the dislocation core provided Vp are
released into the phosphorus sublattice according to the Petroff and Kimcrling
model [8]. The generation of vacancy type loops should proceed according to the
same model [8] starting from the phosphorus vacancies supplied by the feeding
phase and those generated in the former process (creation of interstitial loops).

All these loops should be the main source of dislocation generation, thus
explaining the very high dislocation density observed (Fig. 1). Stacking faults can
originate either from loops, by dissociation of dislocations or also at the interface.

Due to their high density the dislocations can be fairly immobile being thus
able to produce spiral growth according to the Burton-Cabrera-Frank mechanism
[9] as the great majority of them are perfect with Burgers vector 1/2 [Oil] inclined
to the surface. In this regime, therefore, layer growth might be due mainly to
spiral growth, whereas 2-D layer by layer growth should not be very effective
because of the very low PH3 flow rate, i. e. low overall supersaturation [3].
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2) High flow rale rceime

It corresponds to PH3 flow rates > ~ 5 cm^/min yielding growth rates > ~ 9
. nm/h (region III in Fig. 1). Dislocation density increases from - 5-10^ to 5-107 cm* 2
" as the PH 3 flow rate increases from - 5 to 8 cm^/min. Under these growth

conditions dislocations seem to be generated mainly by glide mechanisms.
Dislocation loops, due to point defect condensation mechanisms, have not been
observed. A great fraction of stacking faults were bounded by Shockley partials
(Fig. 5), again confirming glide mechanisms and also the existence of
considerable stresses during growth. Several stresses might operate. First of all
thermal stress over the square shaped sample ir the cylindrical reactor. The great
difference in chemical potentials between the vapor and the solid (substrate)
phases, Ajlv s , over a very small distance Ax, on the order of 1 or 2 atomic layers,

can give rise to a quite high chemical stress proportional to A|lv ,s /Ax. Misfit
stresses due to doping differences between the substrate and the layer can also be
considered even if their contribution to the total stress is expected to be small in
our case.

Fig. 5. Stacking faults due
to dissociation of dislocations
in a sample of regime I I I . Bar
is 1 jun. g » [220] .

n
o

The very sharp increase of the growth rale as the [PH3] increases is due
mainly to the increasing density of the dislocations which can produce spiral
growth [9] as in regime I, even if 2-D layer growth is now operating as well. In
this regime, however, when the hillock density is very high ([PH3] ~ 8 cm"3/min)
considerable layer growth is also due to hillock overlapping [3] that produces an
additional increase of the average measured thickness of the cpilayers.

Hillock growth is still due to the high dislocation density. It has been found
[10], in fact, that hillocks form by the interaction between dislocations and
stacking faults, either in open or closed configuration, which 3Ct as barriers to
the movement of the dislocations, thus concentrating a high density of
dislocations. At the stacking fault sites, therefore, enhanced spiral growth [9]
occurs and hillocks can grow. Hillocks do not form at stacking faults which do not
interact with dislocations [10]. Fig. 1 actually shows that the increase of hillock
density occurs when the dislocation density increases as well. Reduction of hillock
density, therefore, can be achieved by using growth conditions able to reduce
dislocation density rather than stacking fault density thus reducing the
probability of interaction and accumulation of dislocations at stacking faults.
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3) Intermediate flow rate regime

It corresponds to - 2 < [PH3] < 5 cm^/min and to very slow growth rate
increase (region II in Fig. 1). Dislocation density reaches a minimum of about
5-10)6 cm*2 which is nearly constant in this [PH3] range. Also hillock density goes

through a minimum of ~ 10^ cm"2. Dislocations have been found to be generated
by glide mechanisms, as for the high flow rate regime, whereas stacking faults
seem to have originated at the interface to the substrate. In this regime point
defect supersaturation and stresses are, therefore, at a minimum and high quality
layers are obtained, i. e. optimum growth conditions are achieved.

In this regime layer growth is due only to 2-D layer-by-layer growth, spiral
growth being negligible because of the low dislocation density. Spiral growth is
effective only for hillock growth according to the mechanisms suggested in [10].

CONCLUSIONS

The density of crystal and morphological defects in VPE InP epitaxies was
found to strongly 'depend on the supersaturation conditions of the feeding phases.
Under low [PH3K many dislocations originate from dislocation loops generated
throughout the layer by condensation of point defects in supersaturation. Under
high [PH3], dislocations are generated only by stresses and glide mechanisms.
These two extreme growth conditions yield high dislocation density and layer
growth is mainly due to spiral growth. Also hillock growth occurs by spiral
growth due to the capture of dislocations at stacking faults [10]. Intermediate [PH3]
yield better layers with much smaller defect density.
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INFLUENCE OF THE SURFACE DEPLETION LAYER ON THE PHOTOETCHING RATE
AT GROWTH STRIATIONS IN LEC GaAs.

C. FRIGERI*. J. L. WEYHER °. and L. ZANOTTI*
*) CNR-MASPEC Institute, via Chiavari 18/A, 43100 Parma , Italy
°) Catholic University, RIM, Tocrnooiveld, 6525 ED Nijmcgcn, The Netherlands

ABSTRACT

Quantitative energy-dependent EBIC measurements have been used to
calibrate the photoetching rate in HF-CrO3 aqueous solutions (DSL method: Diluted
Sirtl-like etching with the use of Light) as a function of dopant concentration in
LEC grown n-type GaAs samples containing growth striations. The relative DSL
etching rate depends on the width of the surface depletion region associated with
the semiconductor-etching solution interface, i. e. greater etch rates correspond
to smaller dopant concentrations. These results are in agreement with the
electrochemical model of GaAs etching in the DSL etching system.

INTRODUCTION

Due to their importance for the semiconductor science and technology
growth (dopant) striations have attracted a lot of attention [e. g. 1] and several
methods have been devised for their study. Among these methods wet chemical
etching is most frequently used because of its simplicity and good resolution.
Undoubtedly this resolution is strongly dependent on the sensitivity of the
etchant, defined as the minimun etch depth required for clear visualization of the
defects. In the case of III-V compounds, particularly GaAs, the so-called DSL
etching system [2,3] shows a very sensitive defect revealing action. Recently it
has been demonstrated that when light is used an etch depth below 0.5 nm is
sufficient (shallow photoetching) to visualize clearly growth inhomogeneities in
n-type and semi-insulating GaAs [4]. Some predictions about the photoetching
behavior of an n/n+ nixed) system have also been made on the basis of both
experimental observations and DSL etching theory [3]. This paper is concerned c
with the calibration of DSL photoetching on n-type GaAs, containing well s*
developed growth striations, by means of quantitative EBIC (Electron Beam n
Induced Current) measurements in a scanning electron microscope. After such u*
calibration the quantitative determination of dopant concentration from DSL etch a
depth measurements is possible. 3

EXPERIMENTAL "

DSL and EBIC investigations were carried out on samples cut from LEC (Liquid 2.
Encapsulated Czochralski) grown n-type GaAs ingots. Sample no. 1 was Si-In co- <n
doped with a carrier density and mobility of about 4-10*? cm'3 and 2600 cm 2 /Vscc , H"
respectively, and <100> oriented. Sample no. 2 was Si doped with a carrier density
and mobility of about 2 - 1 0 1 7 cm" 3 and 3600 cm2/V-scc, respectively, and <111>
oriented. After dipping in a HCI-H2O solution both samples were photoetched for >o
3 0 s e c in a D J . J S I / 5 s o l u t i o n , i . e . a 1:1 a q u e o u s s o l u t i o n o f t h e b a s i c HF-CK>3 <{§
mixture which contains 1 vol. part of HF (48 wt. %) and 5 vol. parts of CrO3 (33 wt.
% aqueous solution). During etching, the samples were illuminated by a large •-
beam halogen lamp with an output power of about 320 mW/cm2. Surface features
after photoetching were examined by means of interference contrast microscopy, o
scanning electron microscopy, and step profiling. **

For EBIC measurements very low resistivity ohmic contacts were obtained on o
the back surfaces by evaporating an Aug.88 " ^ c 0 . 1 2 a"°y an<* annealing the



samples at 430 CC for 5 min. Schoitky barriers on the photoetched surfaces in the
same regions already investigated by optical microscopy were obtained by
evaporating gold at room temperature using suitable masks. All diodes had an
ideality factor £ 1.05 as measured by current-voltage characteristics. Capacitancc-
voltage (C-V) measurements were employed to assess the quality of the diodes (e.g.
the barrier height which was (0.95 ± 0.05) eV for all diodes) as well as to evaluate
the average dopant concentration in the diode areas.

Encrgy-dependet EBIC was used to quantitatively evaluate the local dopant
concentration at growth striations with a spatial resolution of about 8 (im [5]. By
this method [5] it is possible to determine the width w of the space charge region
associated with the EBIC Schoitky barrier for each region investigated by the
electron beam by fitting experimental and theoretical EBIC efficiencies. The local
dopant concentration N is then calculated by the formula [5,6]

N = 2 6 V 0 / q w 2 ( 1 )

where V o is the built-in potential of the barrier, e the dielectric constant of the
semiconductor, and q the electron charge; the assumption is made that the
acceptor density is- negligible with respect to N [5]. By this method it is also
possible to determine locally the minority carrier diffusion length [7,8]. The error
in the EBIC results is about 10 %.

RESULTS

Interference contrast optical microscopy and EBIC images, respectively, of
sample no. 1 after DSL photoetching are shown in Figs. la)-b). The average dopant
density in the diode area was 4.5*10*7 cm"3 as measured by C-V characteristics.
Fig. lc) is the etch depth profile across striations along line p-p' in Fig. la).
Dopant concentration values N obtained by EBIC measurements at points 1 to 6 in
Fig. lb) are plotted in Fig. Id). The measured minority carrier diffusion length was
in the 0.56 - 0.65 urn range, i.e., it was constant within experimental error. As EBIC
measurements can be performed only at discrete points [5], positions 1 to 6 were
chosen in such a way as to be representative of the bright and dark bands c
corresponding to the regions (striations) investigated by the step profiler. The ?
interpolation line between points 1 to 6 in Fig. Id) has been plotted with the help °
of EBIC line scans such as the one shown in next Fig. 2b). EBIC line scans, »"
however, give only an approximate indication of N because they are recorded at a a
fixed beam energy and show the total EBIC current that depends on both the §
diffusion length L and the space charge region width w [5,7]. To determine N, on a

the contrary, the relative contribution of both L and w to the EBIC current must be
separated and EBIC efficiency must be measured as a function of the beam energy P
[5]. This accounts for the small differences between the plot in Fig. Id) and the ^
continuous step profile in Fig. lc). Both EBIC and step profiler measurements H-
carried out in nearby positions across the same striations gave reproducible *§
results within ±10%. £

The relationship between the relative etch depth E and the dopant
concentration N for sample no. 1 is shown in Fig. le). The plot has been obtained
by taking the least etched region of the whole area investigated by both the step
profiler and EBIC as the reference etch depth level from which the etch depth of "g
the other regions was measured in the graph of Fig. lc). ^

Fig. 2 shows similar results for sample no. 2. The average dopant density in
the diode area was 1.5-10^ cm"3 as measured from C-V plots. The measurement N>
procedures used were the same as for sample no. 1. The diffusion length in the 5
regions investigated varied between 0.65 and 0.87 |im, where the slightly smaller
values have been obtained in the high dopant concentration regions. •*
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Fig. 1 - Sample no. 1. a) and b)
Interference contrast, after DSL
etching, and EBIC images,
respectively; bar is 100 juti. c) Etch
depth <E) profile along line p-p1 of
Fig la) from p to p ' . d) Dopant
concentration (N) plot from E3IC
measurements at points 1 to 6 in
Fig. lb); x is the distance from the
left-hand side of the EBIC picture.
e) Plot of the relative etch depth E
vs N.

3

DISCUSSION

From Figs, le) and 2e) it is possible lo establish the quantitative relationship
between the relative etch depth E and the doping level N for a mixed n/n+ GaAs
system, i. e.

N = No exp (- p E ). ( 2 )



N o depends on the reference etch depth chosen and its value is 6.4 1 0 1 7 cm"3 and
5.2-10 1 7 cm' 3 for sample no. 1 and no. 2, respectively, whereas P is 8.4-l(H nm*1

and 1.1-10"- nm"1 for sample no. 1 and no. 2, respectively. Since (3 is nearly the
same for the two samples, i. e., ii is nearly constant over about one decade of
dopant density, the relationship (2) is expected to hold also for other doping levels
and, thus, be a law for the determination of dopant density from eleh depth
measurements.

Figs. 1 and 2 show that in both samples the etch grooves, which indicate
increased etch rates, correspond to regions with lower dopant concentration. The
reported results can be interpreted with reference to the electrochemical model of
GaAs etching in HF-CrC>3 solutions [3,9,10].
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Fig. 2 - Sample no. 2. a) and b)
Interference contrast, after DSL
etching, and EBIC images,
respectively; bar is 100 urn. c) Etch
depth (E) profile along line p-p1 of
Fig. 2a) from p to p 1. d) Dopant
concentration (N) plot from EBIC
measurements at points 1 to 5 in
Fig. 2b); x is the distance from the
left-hand side of the EBIC picture.
e) Plot of the relative etch depth E
vs N.
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Fig . 3 . Sketch of DSL etching mechanism.

As a consequence of the contact with the etching solution, upward band
bending in n-type GaAs occurs and a depletion layer is formed at the surface of
the sample [9,11]. See Fig. 3. This surface depletion layer is depleted of majority
carriers since the surface electron concentration n s is given by [9]

n s = exp ( - qVsc / kT)

where n 0 is the equilibrium bulk electron concentration and V s c is the band
bending potential. Hole losses at the surface by recombination with the majority
carriers, which is assumed [6,9] to take place at a rate r proportional to ( n s p s ), ps

being the surface hole concentration, are thus negligible. Because of band
bending and associated electric field, therefore, holes are held at the surface and
rupture of the Ga-As surface bonds can occur via a mechanism of oxidative
dissolution at a rate of one GaAs molecule every six holes [3,9]. When no
illumination is used, holes are injected into the valence band of n-GaAs only from
the oxidizing agent in solution [10] and the etching rates are very small [3,4]. A
great increase of the etching velocity is obtained by illuminating the sample
during etching. This is due to the fact that under illumination additional
generation of electron-hole pairs by light occurs just beneath the surface, mainly
within the surface depletion layer. The process is very effective [3,4]. These
photogenerated carriers are immediately separated by the strong electric field in
the depiction layer and do not recombine. By assuming V s c ~ 0.6 V [10], the

average electric field 4 = V s c / w s c [12] is on the order of - 10^ V/cm for surface
depletion layer widths w s c typical of the investigated samples (-0.03-0.12 nm); w s c

is calculated from cq. (1) by replacing w by w s c and V o by V s c . The transit (or
drift) time t of a photogenerated carrier in the surface depletion layer is given by
t = w s c / ( |i ^ ), where |X is the mobility of the carrier, and consequently, is on

the order of some tenths of picosec for holes assuming | l p = |Xn/20 [8,13]. This drift

time is thus much smaller than the minority carrier lifetime X = t2 /D ( ~ 0.3 - 0.7
nsec) where L is the diffusion length and D the minority carrier diffusion
coefficient. All holes created by light within the surface depletion layer are
therefore able to reach the surface. Holes which are generated by light in the
neutral semiconductor below the surface depletion layer are by far less likely to
dissolve GaAs at the surface because they easily rccombinc cither directly with
the majority carriers at a rate r, or at deep levels. The etching rate, thus, depends
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strongly on the number of holes that can be supplied to the surface from the
surface depletion region. As narrower surface depletion layers are associated with
the more highly doped regions (see eq. (1)), the latter ones are expected to be
etched with lower rates than the less doped regions because fewer holes arc
available at the surface for the dissolution of GaAs.

For sample no. 2, the smaller etching rates in the more doped (n+) regions
with respect to the less doped ones could also be due to the reduction of the hole
diffusion length in the n+ regions, as measured by EBIC (see Results section). This
reduction, however, should weakly affect the etching rate since the diffusion
length measured by EBIC is a bulk one, whereas etching processes occur at the
free semiconductor surface where surface recombination can be the most
important factor limiting the number of holes available for the dissolution of
GaAs. Moreover, light absorption in the sample takes place exponentially as
photons penetrate deep into the material so that considerably fewer holes can be
generated in the neutral bulk semiconductor than in the surface depletion layer.
On the other hand, for sample no. 1 the etch rate differences between the n and n+

regions are still quite high and dependent on N according to eq. (2) despite the
fact that the diffusion length is nearly constant for all the investigated regions.

CONCLUSIONS

The DSL etching rate on LEC n-type GaAs was found to depend on the surface
depletion layer associated with the band bending at the interface between GaAs
and the aqueous HF-CrO3 c l ch'ng solution. Lower etch rates occur at regions of
higher dopant concentration. The dependence of the relative etch depth on
dopant concentration is exponential over one decade of dopant concentration (0.6
- 6.4-1017 cm"3 ).
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PRECIPITATION OF COPPER AND PALLADIUM AT THE S1O2/SILICON

INTERFACE
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ABSTRACT

The influence of Cu or Pd contamination on the integrity
of thin SiO2 layers was studied on (100) and (111) Si sub-
strates. Wafers were contaminated intentionally on their back-
sides and indiffusion of the impurities was carried out at
1200°C or 900°C by rapid thermal annealing. Both, electrical
tests and cross-sectional transmission electron microscopy were
applied to investigate the failure mechanisms of the oxide. Cu-
rich silicide particles as well as Pd-Si precipitates were ob-
served at . the SiO2 interface. They result in cracking and ben-
ding of .the oxide film or reducing the oxide thickness. These
oxide failures could be explained by a precipitation process
which is associated with the emission of Si self-interstitials.

INTRODUCTION

A poor quality of the thin silicon dioxide films reduces
the yield of integrated circuits. One of the factors which can
lead to dielectric breakdown is the precipitation of metal si-
licides at the SiO2/Si interface [1,2,3]. Investigations of in-
tentionally metal contaminated Si wafers can provide a basic
understanding of the precipitation induced oxide failure mecha-
nisms. In this study, (100) and (111) Si wafers were contamina-
ted from the wafer backside by indiffusion of Cu or Pd after
gate oxidation or after gate oxidation and poly-Si deposition.

The dielectric quality of the oxides which were not cove-
red by a poly-Si layer was determined by using a pinhole
detector [4]. Oxides covered with a patterned poly-Si layer
were analyzed by a voltage ramp test. Morphological and struc- a
tural information of the precipitates was attained by cross-
sectional transmission electron microscopy (TEM) which allows o
to view the SiO2/Si interface in projection. $

EXPERIMENTAL

As starting material B-doped 5 ftcm (100)CZ, and 8 Qcm
(lll)CZ 4 inch silicon wafers 525 urn in thickness were used.
The oxide thicknesses were 20 run and 30 nm on (100) and (111) M
Si wafers respectively. On some wafers the oxides were coated
with a 300 nm thick P-doped poly-Si layer which was then pat-
terned to form capacitors. To obtain a homogeneous contaminati-
on a piece of Cu or Pd wire was scrapped over a large area of
the wafer backside. The impurities were dissolved and indiffu-
sed through the wafer to the front surface by rapid thermal an-
nealing (RTA). Precipitation took place during cooling down to
room temperature. For RTA a Heatpuls 610 system was used provi-
ding heating rates of a few hundred K/s and cooling rates of
50 to 100 K/s. Due to the high diffusivities of these metals a
homogeneous solute concentration can be reached throughout the
total wafer thickness in the contaminated area. The Cu and Pd



contamination level can be controlled by selecting the indiffu-
sion temperature and time. The Cu concentrations will be in the
range of 1017-1018 cm"3 for the indiffusion parameter sets
900°C/6Cs and 1200°C/30s. For the solubility of Pd in Si, how-
ever, no values are available.

A pinhole detector [4] was applied to estimate the break-
down fields of those oxides which were not covered by a poly-Si
layer. In this apparatus the wafer is immersed into an organic
electrolyte and is contacted with its backside to the anode. At
a certain applied voltage a current will flow through the oxide
and the solution. Then a stream of hydrogen bubbles appears at
the location of the oxide defect. For the TEM studies cross-
sections were prepared in [Oil],[013], [001] and [112] orienta-
tions. A JEOL 200CX microscope equipped with a high resolution
side entry goniometer (point resolution 0.28 run) was used.

DIELECTRIC BREAKDOWN

The Cu contaminated wafers ((100) or (111), RTA at 1200°C)
with only an oxide layer on top exhibit essentially the same
reduced breakdown strength of 2-3 MV/cm. Voltage ramp tests
showed the number of oxide defects to decrease drastically. On-
ly if very large capacitors were tested (16 mm2) a reduction of
the oxide quality was observed. Figure 1 shows the contaminated
area of the wafer with bright contrast due to spotlight illumi-
nation after defect etching. A black and white frame is super-
imposed on this image indicating the area in which capacitors
failed due to a reduced breakdown strength (0-3 MV/cm).

Pd contaminated wafers exhibited a slightly higher break-

Fig.1. 3right Cu contaminated
areas coincide with framed area
where capacitors have failed.

Fig.2. Extrusion of Cu preci-
pitates from (100) Si wafers.
RTA: a)1200°C/30s,b)900°C/60s
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Fig.3. Cu-Si particles at
(111) Si/SiO2 interface.
RTA: 1200°C/30s.

Si

Fig.4. Cu-Si precipitates at (100)
Si/SiO2 interface reducing the
oxide thickness. RTA: 1200°C/30s.



down field (4 MV/cm) in the pinhole detector. An influence of
the wafer orientation could not be detected for both Cu and Pd
contamination.

TEM OBSERVATIONS

Cu contamination

Figure 2a shows a cross-section of a (100) wafer without a
poly-Si layer heat treated at 1200°C. The majority of the par-
ticles observed at the wafer surface lifted off the oxide layer
completely. At the lower indiffusion temperature of 900°C disk-
shaped particles precipitated at the SiO2/Si interface and bent
the oxide layer (Fig. 2b). It should be noticed that in this
case the oxide thickness above the precipitate remains con-
stant. In some other cases a reduced oxide thickness was ob-
served [3]. For (111) wafers, however, the situation differs
after the. 1200°C annealing. Figure 3 shows some precipitates
penetrating only 1 run into the oxide layer. Moreover, in all
the Cu .contaminated samples the well known Cu colonies
(e.g.[5,6,7,8] and Refs. cited therein) were observed. They are
planar configurations of small precipitates with a size of
5-20 nm lying on the various {110} planes and are bounded by
extrinsic edge-type dislocation loops with Burgers vectors of
a/2<110>. They extend into the bulk down to a depth of 1 urn.

In (100) Si wafers with a poly-Si layer on top of the oxi-
de (RTA at 1200°C) several precipitates were observed reducing
the oxide thickness up to 20% (Fig. 4). Figure 5 shows the pre-
cipitates in another area of the same specimen in more detail.
Although the oxide thinning is small the precipitates can be
seen slightly protruding the silicon surface. The white dashed
line marks the original SiO2/Si interface before the contamina-
tion. Above this line there are several small Si areas between
the precipitates which are perfectly oriented with respect to
the Si substrate (see arrows). Obviously mass transport of Si
atoms must have occured during the precipitation process. When
these samples are annealed at 900°C only small Cu colonies are
observed (Figs.6a,b) which do not penetrate the oxide film. The
precipitates are clearly visible in the bright-field image of
Fig. 6a for which no diffracted beam is strongly excited. The
unusal large precipitate has an extension of about 150 nm. The
bright-field image in Fig. 6b shows another Cu colony viewed
along the [001] pole. The precipitates reveal crossed Moire
fringes perpendicular to the two sets of {220} reflections in
the [001] zone axis. They are frequently observed [5,6,7] and
indicate that the Cu-Si phase has two sets of perpendicular

o
ro

Fig.5. Cu-Si precipitates at (100) Si/SiO2 interface. Dashed
line delineates the interface prior to contamination. Arrows
mark Si areas produced by diffusion of Si atoms across this
line. RTA: 1200°C/30s.
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Fig.6. Cu colonies at (100) Si/
SiO2 interface. RTA: 900°C/60s.

Fig.7. Cu-Si particle slightly
elongated along a {111} plane.

lattice planes with spacings of 0.2 nm.

Composition and structure of Cu precipitates

Recently the Cu precipitates were investigated by x-ray
microanalysis in a scanning TEM [3]. A composition of CU5OS140
was found for those particles which were completely extruded
from the Si substrate (e.g. Fig. 2a). We assumed that the con-
tribution of the silicon matrix to the X-ray signal of these
particles was small. Many of the Cu precipitates appear slight-
ly elongated along one set of the {111} planes when viewed in
<110> projection (Fig. 7). The pattern of this lattice image
does not reveal the correct lattice spacings of the Cu-Si phase
but is an interference pattern produced by the superposition of
the matrix and the precipitate lattice. The [011]gi multibeam
image in Fig. 8a shows a Cu-Si precipitate at the SiO2/Si
interface in a thin specimen area. In the silicide two sets of
fringes both with spacings of 0.2 nm cross at an angle of 60°.
They are both not parallel to any of the Si lattice planes. Fi-
gure 8b shows another [011]si multibeam image of a precipitate
which is partly embedded in the Si substrate and gives rise to
Moire fringes with a spacing of 3.6 nm perpendicular to the
(022)si planes. These fringes correspond to a lattice spacing
of 0.202 nm in the precipitate. The Si lattice fringes extend
over the_precipitate and misfit dislocations can be seen along
the (111)si fringes. Comparing Figs. 8a and b we conclude

Fig.8. [011]si multi beam images of Cu-Si precipitates:
a) exhibiting two sets of lattice fringes with 0.2 nm spacing.
b) Precipitate embedded in the matrix showing Moire fringes and
misfit dislocations (arrows).
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that the precipitates have different orientations with respect
to the Si matrix.

Several precipitate zone axes were observed by selected
area diffraction indicating that the Cu-Si phase structure is
non cubic. Details will be reported elsewhere.

Pd contamination

To maximize the impact of the solute concentration on the
quality of the oxides the high indiffusion temperature of
1200°C resulting in high Pd concentrations was used for the
investigations. The [Oil]si multibeam image in Fig. 9 is repre-
sentative for the precipitation behavior on (100) wafers with
and without a poly-Si layer. The Pd precipitates penetrate ap-
proximately 2 nm into the oxide. On (111) wafers without the
poly-Si layer precipitates extending 8 nm into the oxide were
observed.- .In addition, all wafers contained Pd colonies which
lay on (ill) planes and were bounded by extrinsic edge-type
dislocation loops with Burgers vectors a/2<110> [5,6]. The size
of the particles is in the range of 7-50 nm. Our diffraction
data of the precipitates obtained so far are not compatible
with Pd2Si as assumed in Refs. [5,6].

DISCUSSION AND CONCLUSION

The measured silicide composition of CugqSi^ proves that
the phase is metal rich but the actual Cu silicide might still
contain more copper since we cannot totally exclude a matrix
effect in the X-ray microanalysis measurement [3]. Thus the si-
licide composition might be CU3Si which is the only phase in
equilibrium with Si at room temperature [9] . Our electron
diffraction data also suggest that the structure is non-cubic
and, therefore, the assumed bcc-CuSi [8] or sphalerite-type
structure [7] do not hold true. However, we cannot yet confirm
the orthorombic structure of the n."-Cu3Si phase proposed by
Solberg [10]. The observation of extrinsic dislocation loops
around the precipitate colonies indicates a decrease of the Si .
concentration in the precipitate with respect to bulk Si which o
goes along with the emission of Si self-interstitials. 0

The various phenomena of oxide failure mechanisms caused <
by Cu contamination can be explained as follows. At the high *
indiffusion temperature of 1200°C for some silicide particles
the generation of Si self-interstitials can be circumvented by
a complete extrusion of the precipitate from the (100) silicon
wafer (Fig. 2a), thereby breaking the thin oxide film. This
provides conduction paths between the substrate and a later de-
posited conducting layer (e.g. poly-Si). When the annealing **
temperature is low (900°C) precipitation takes place at the Si
surface with the particle slightly extruding of the substrate

Fig.9. Pd-Si particle at (100) Si/SiO2 interface (1200°C/60s).



and thus bending the oxide layer. A poly-Si layer on top of the
wafer ensures that the oxide film is not cracked or bent. During
the precipitation at the SiO2/Si interface after 1200°C annea-
ling, Si atoms are emitted and grow epitaxially on the (100) Si
surface between the silicide particles (see Fig. 5). The preci-
pitates form a hump on the originally flat SiO2/Si interface
which reduces the oxide thickness (Figs. 4 and 5). A similar
phenomenon is known to occur with SiP precipitates at the
Si/phosphorous-silicate-glas interface [11]. At lower indiffu-
sion temperature (900°C) only Cu colonies are present which do
not penetrate the oxide film (Figs. 6a,b).

In contrast to the (100) wafers the oxide layer on (111)
wafers seems to remain unaffected by the Cu contamination. Even
at the high indiffusion temperature of 1200°C and on wafers
without poly-Si film the precipitate penetration into the oxide
is very small. This might either be due to the fact that the
silicide particles are slightly elongated along a {111} plane
(as found in <110> projections) which is in this case the Si
wafer surface or that the oxide film was thicker on the (111)
wafers by a factor 1.5. Despite the differences in precipita-
tion morphology at the (100) and (111) SiO2/Si interfaces, the
breakdown field of 2-3 MV/cm was the same for all wafers. It
might be useful to check the (111) wafer surface by scanning
electron microscopy whether a low number of precipitates which
bulges or cracks the oxide was responsible for the low break-
down field in the pinhole detector.

Palladium shows much less pronounced morphological effects
on the SiO2/Si interface than Cu. The particles also precipita-
te at the SiO2/Si interface and the penetration into the oxide
was found to be larger on the (111) than on the (100) wafer.
The composition and the structure of the Pd silicida has not
yet been determined but the presence of extrinsic dislocation
loops and the slight extrusion of the precipitates indicate a
volume expansion caused by the particles similar to that in the
Cu case.
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ABSTRACT

Asymmetric reflections in which the beam paths are skew with respect to the sample
surface have been used to characterize thin heteroepitaxial layers by double axis X-ray
diffractometry. By utilizing reflections with Bragg cones which are partially embedded in
the sample surface it is possible to tune to grazing the angles of incidence or emergence.
Enhanced layer to substrate peak intensity ratio and narrower layer peak widths can be
obtained. The technique is demonstrated using skew angle reflections 333, 133 and 044
from a 400A.GaInAsP layer on an InP substrate.

INTRODUCTION

Double Crystal X-ray Diffraction is now widely used for the non-destructive
characterization of heteroepitaxial structures. It involves double reflection of X-rays from
reference and sample crystals, the latter being rotated about an axis normal to the plane of
incidence and contained in the diffraction plane. The resulting plot of scattered intensity
against angle is known as the rocking curve. For thick layers, the lattice parameter
mismatch between layer and substrate can be determined from the angular separation of
their diffraction peaks. For thin layers, simulated rocking curves must be used to determine
the mismatch [1]. Refinement of a model structure by comparison of theory with
experiment results in determination of mismatch, layer thickness, and an indication of
sample curvature and perfection [2,3].

Most workers use the symmetric 004 reflection with (001) oriented specimens [4,5] and
for layer thickness above 1000A this is satisfactory, although no information on interface
coherency is obtained in this reflection. As layers get progressively thinner not only is the
integrated intensity reduced but the layer peaks become broader. It is thus particularly
difficult to obtain an accurate measure of mismatch for layers less than lOOOA thick. Use of
an asymmetric geometry such as the 044 or 224 reflection, in which the incoming beam
makes a glancing angle with the sample surface gives both a narrower layer peak and
enhanced intensity from the layer [6]. III-V layers of less than 200A thickness have been
characterized in this geometry [7,8] and with the triple crystal arrangement surface
roughness on the Angstrom scale can be measured [9]. However, for some materials,
suitable glancing angles are not available and for the study of layers a few ten of Angstroms
thick it is necessary to reduce even further the glancing angle. A technique to achieve this,
known as Skew Asymmetrical Rocking Curve Analysis (SARCA), was first proposed by
Lyons and Halliwell [10]. In this paper we report the realization of the SARCA technique
and examine its potential.

THEORY

SARCA is a geometrical technique based on the rotation of a sample about its
reflection plane normal so that the Bragg condition is always satisfied. Any reflection has
associated with it a range of angles with respect to the sample surface that satisfy the Bragg
condition for a particular wavelength. This range of angles is known as the Bragg cone. The
general experimental case is for the incident and emergent beams to lie in a plane normal



to the sample surface. This is shown in Fig. l(a) to correspond to the angles of incidence
$+ 4>and$ - <j>, where $ is the Bragg angle and <p is the angle the reflecting plane makes
with the sample surface.

Fig 1 (a) Bragg cone for unembedded reflection (b) embedded reflection

In this case 6 > <*> and the possible range for the angle of incidence varies from ($-<p) to
(8 + <p) continuously. The 044 reflection with 1.54A radiation for an InP (001) surface
corresponds to this case, shown in Fig l(a). For reflections such as 333 and 133 8< 4> and
the Bragg cone is embedded within the sample (001) surface (Fig. l(b)). If the sample is
rotated about the reflecting plane normal there exists a range oi beam paths that result in a
reflection. In fact, it is possible to tune the angle of incidence right down to the angle of
total reflection by rotation of the sample.

It is straightforward to show that the angle of incidence, i , of the X-ray beam with
respect to the sample surface in terms of the rotation angle, (3, is given by

sini = sinOcos(p - sin4>cos8cos(3 (1)

and it follows that the rotation angle for which the angle of incidence is zero, /?o» is given by

tan$
( 2 )

In order to exploit this technique effectively it is necessary to understand how the peak
separations, peak widths and relative peak heights change as the sample is rotated. As the
angle of incidence decreases the peak width increases proportionally to the square root of
the ratio of the direction cosines of the emerging and incident beams. If the emerging beam
makes a glancing angle with the surface for instance, extremely narrow peaks can result
even from very thin layers. The relative peak heights are also a function of the direction
cosines. As the glancing angle becomes smaller the layer peak increases in magnitude
compared to the substrate peak [6].

The peak separation is a geometrical effect and it is necessary to consider both the
substrate and layer Bragg cones. A tetragonally distorted epitaxial layer which has a slightly
different lattice parameter to the substrate has a Bragg angle of (0-d0) and an angle of the
reflecting planes to the sample surface of (<p+d<f>). It can be shown that the substrate-layer
peak separation, di, is given by



di = cos~1{(cos8co$j3 - sindtandtp -+• co$Qsin(3tanp)ci 4- sin0$in{$ — d$)/cosd<j>}

(3)

where
sin($ - d6)sind<j> ±

0 {cos7{6 - d6)cos7d<t> - sm2(fl - dS)siti2d<j>}tan23

(4)

with positive root for 0 < /? <90° and negative for 90° < 0 < 180°. The peaks become
closer together as the sample is rotated from glancing incidence to glancing exit. For closely
matched layer and substrate this reduction offsets the gain in sensitivity obtained by the
layer peak narrowing. As seen below, it can be difficult to separate layer and substrate
peaks in this geometry.

RESULTS

The experiments were carried out at Durham University using a Bede Model 150
double crystal X-ray diffractometer. CuK a radiation was used throughout. The sample
crystal was a single quantum well structure of GalnAsP with a band gap of 1.3/mi grown by
MOCVD at British Telecom Research Laboratories by P. Spurdens. The sample was first
mounted on a wedge of angle equal to that between the reflecting planes and the sample
surface. The wedge was then mounted on a rotary stage so that the reflecting plane normal
was parallel to the axis of rotation. Data was taken for the 044, 333 and 133 reflections for
a range of rotation angles.

Figure 2 shows the experimental and theoretical rocking curves for the glancing
incidence case ((3 = 0°) in the 044 reflection. A good match is obtained with a layer
thickness of 400A and lattice parameter mismatch of -550ppm. The layer to substrate peak
intensity ratio is 14% which is the highest that can be attained for a layer of this thickness
using the standard, non-skew, asymmetric geometry.
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Fig.2 Double crystal rocking curve of 400A quantum well of GalnAsP on (001) InP. 044
reflection. Dotted line, experiment; solid line, simulation including 110A layer mismatched

-1200 ppm at interface.



Rocking curves for the 333 reflection are shown in figure 3a-d with angles of incidence
1.6°, 2.4°, 23.2° and 48° respectively; figure 3d being the case for glancing exit. The layer
peak is greatly enhanced for an incident angle of 1.6" and the layer to substrate peak ratio
is 53% which is almost a factor of four better than the corresponding 044 reflection.

Intensity

1000

800 -

100 200 300 400 500 100 200 300 (00 S00
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Fig 3. Series of 333 reflections with different skew angles. Incidence angle (a) 1.6° (b) 2.4°
(c) 23.2° (d) 48^

Rotation angle (a) 52.2° (b) 54° (c) 90° (d) 126°.

It should be noted however, that the total reflected intensity decreases as the incident
beam angle decreases since finite sized specimens intercept successively smaller fractions
of the incident beam. Figure 4 shows experimental data which illustrates the balance
between substrate reflectivity and layer to substrate peak ratio for the 133 reflection which
is representative of all the other reflections. Nevertheless, Figure 3a shows that a
reasonable rocking curve may be recorded in a few minutes even for very small glancing
angles.
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Fig 4. (a) Substrate intensity versus specimen rotation angle (b) Ratio of layer to substrate
intensity versus rotation angle

The match between the experimental values of peak separation and those generated
from equation (3) is excellent, and figure 5 illustrates the comparison for the 044 and 333
reflections. It is interesting to note that the 333 plot is almost linear. This is because it is in
effect the middle section of the 044 curve since the Bragg cone is embedded and only a
limited range of rotation angles result in a reflection
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Fig 5. Substrate to layer peak separation versus rotation angle (a) 044 reflection (b) 333
reflection. Solid line theoretical; points experimental

SARCA has the potential to become an extremely powerful technique in the
characterization of very thin layers. If a layer to substrate ratio of 53% can be obtained
from a layer of 400A then layers of thickness of the order of tens of Angstroms should be
straightforward to characterize. This is an improvement by easily a factor of four on
techniques presently used.
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ABSTRACT

The structural perfection and defects of Ag films deposited by molecular beam epitaxy
(MBE) on Si(l 11) and Si(OOl) substrates have been analyzed by x-ray diffraction, Rutherford
Backscattering (RBS)/channeling and electron microscopy. In spite of the large lattice mismatch
(-25 %) between Ag and Si, relatively high-quality Ag single crystal films (6-10 % surface
minimum yield) were grown on both Si(l 11) and Si(001) substrates. The primary defects
contained in the Ag/Si(l 11) were double-positioning twins. The quantity of twinning depends
on the film thickness and the substrate condition. For both Ag/Si(l 11) and Ag/Si(001) epitaxial
systems, a high density defect region was contained in the Ag film within -1000 A of the
interface. Ag films grown on misoriented Si(l 11) substrates (4° off normal) were misoriented
by 0.5° towards the surface normal. Possible explanations of these defect formations associated
with the large lattice mismatch are presented.

I. INTRODUCTION

Recently there has been considerable interest in studying the epitaxial growth of very large
lattice mismatch (~25 %) systems such as Al or Ag on Si substrates [1-4]. For systems of large
lattice mismatch, epitaxy may be interpreted as a result of coincidence or matching between lattices
of films and lattices of their substrates [5-8]. Both Ag(l 11)/Si(l 11) and Ag(001)/Si(001) systems
have four film lattice planes matched to three Si lattice planes with only 0.33 % effective difference
in mismatch. Previous studies on the initial growth mode and structure of the Ag/Si(l 11) system
using various surface analysis techniques have shown that Ag grows on the Si(l 11) surface in the
Stranski-Krastanov growth mode with thtfSX/T R 30° structure[9]. Recent transmission electron
microscopy (TEM) result shows twinned Ag(l 11) formed on Si(l 11) with a four to three lattice
plane matching[3]. However few studies are available for the Ag/Si(001) system and previous
results showed that either Ag(OOl) or Ag(l 11) islands were epitaxialy formed on Si(001)
substrates[10,l 1]. So far there is no available information on the defect formation for this large
lattice mismatch system. In this paper, we report the experimental results of the structural
perfection and defect analysis of the epitaxial Ag/Si system.

II. EXPERIMENT

The Ag films were grown on clean Si(l 11) and Si(001) substrates in a ultra-high vacuum
system (base pressure -10"10 Torr) by the MBE technique previously describedfl]. For studying
surface tilt effect two kinds of Si(l 11) substrates were used -flat Si(l 11) substrates and
misoriented Si(l 11) substrates. The misorientcd Si surfaces were tilted ~4° from the (111) plane
towards either the [112] or the [IT2] direction. The x-ray diffraction and RBS/ channeling
techniques were used to determine the misorientation angles. The Si surface was cleaned by using
a low temperature thermal cleaning technique developed by A. Ishizaka and Y. Shiraki [12]. After
heating the Si substrate at ~1100 °C for 5 min. in order to remove the native oxide layer, the
substrate was cooled down to the growth temperature of 350~400 °C. The cvaporant (99.999 %
purity Ag) was heated in a tantalum crucible at -1200 °C and the deposition pressure was 108 -
10"7 Torr which provided a deposition rate of 5 A/sec. Films with thickness ranging from -600 to
-4000 A were prepared under the same deposition condition using different orientation substrates.
The Ag/Si samples were analyzed by using non-destructive methods such as x-ray diffraction, a



few MeV He+ RBS/channeling and scanning electron microscopy(SEM). The plan-view TEM
samples were finally prepared by mechanical polishing and ion thinning with 5-keV Ar+ ions.

III. RESULTS AND DISCUSSION

A 4-circle single cr>'stal x-ray diffractometer was used to investigate the structure of the Ag
films. Pole figures were obtained by using the Schulz reflection method and the measured major
poles are shown in Fig. 1. For Ag/Si(l 11) system, Ag(l 11) planes were grown parallel to Si(l 11)
surface with two azimuthal directions as shown in Fig. l(a) and the details are discussed later. For
Ag/Si(001) system.the observed epitaxial relationship was Ag(001)//Si(001); Ag[01 l]//Si[011] as
shown in Fig. l(b). The x-ray diffraction results showed that two types of epitaxy existed for the
Ag/Si(l 11): by convention those are denoted_as A and B, with A corresponding to the epitaxial
orientation Ag(l 11 )//Si(l 11); AgfOll]// Si[0U] and B corresponding to the orientation
Ag(l 11 )//Si(l 11); Ag[0lT]//Si[011]. From a geometrical point of view, these two orientations
have a twinning relationship, i.e. typc-B structure is rotated 180° around the Si[l 11] axis from
type-A structure. Recently this twinning was also observed with a high resolution TEM
analysis[3]. This twinning was confirmed to be the double-positioning twin structure by TEM as
shown in Fig. 2 and the details will be published elsewhere[13].

The relative ratio of the x-ray intensity of type-B and of type-A structure depends on the film
thickness and the substrate orientation. As shown in Table 1, type-A epitaxial grains were
dominant and the quantity of type-B epitaxial grains was reduced with an increasing film thickness.
This thickness dependence of the twinning quantity may be explained as follows. Due to the
symmetry of the 3-fold Si(l 11) and 6-fold Ag(l 11) plane, double-positioning twinning may be
formed from the first Ag layer with different stacking sequences. Recent impact- collision ion-
scattering spectrometry (ICISS) study of the Si(l 11)-$X/3)R 30° Ag structure shows that type A
and type B arrangements of the Si and Ag atoms coexist on the surface, where the type-B structure
is rotated 180° about the Si[l 11] axis from the typc-A structure! 14]. With the assumption of a 60
% type-A and a 40 % type-B mixture, Porter et al. can explain the ICISS polar-angle scan data.
This assumption is in qualitative agreement with our results. By assuming a linear thickness
dependence of twin quantity obtained in the x-ray data, we extrapolated the data to the interface and
found -65 % type-A for Ag films on the flat Si(l 11) substrates. The preferential type-A formation
can be associated with the different Ag-Si interaction potentials at the interface due to different
nucleation sites associated with type-A or type-B domains. When considering atomic structures of
a few top layers of the 3-fold symmetry Si(l 11) surface, the vertical position of the Si atoms
associated with type-A nucleation sites is different from that of the Si atoms associated with type-
B nucleation sites.

During the coalescence stage type-A and type-B islands are touching to form a double-
positioning twin boundary (DPB). The incoherent DPB has a high interface energy and the
boundary can be migrated out through the atomic diffusion process! 15]. The mobility of DPB
depends on the island size and the thermal activation energy of moving the DPB. The -350 °C
deposition temperature could enhance a reduction of type-B grains. After annealing the samples at
500 °C for 30 min. the reflection lines due to type-B grains thoroughly disappeared in the x-ray
data even though the size of grains were a few urn wide (as seen from SEM) and -1000 A thick.
This indicates the DPB of Ag/Si can be easily migrated out at 500 °C.

Table. 1. X-ray intensity ratio of the twinning (type-B / type-A) for Ag/Si(l 11) films.

SUBSTRATE

THICKNESS

RATIO(B/A)

FLAT SUBSTRATE

-900 A

-42 %

-2500 A

-25 %

MISORIENTED SUBSTRATE

-600A

-20 %

-4000 A

-15 %



Fig. 2. Plan-view TEM micrograph of
the Ag/Si(lll). The arrow marks
indicate double-positioning twin
boundaries.
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As shown in the Table 1 ,ihe quantity of typc-B grains was further reduced in the films
formed on the vicinal surface as compared with the films grown on the flat Si(l 11) surface.
This high density step surface may provide a preferential nucleation sites for type-A epitaxial
structure, but the mechanism is not clear so far.

The crystalline quality of the Ag/Si samples were analyzed using He+ ion channeling with
incident enerey E = 0.8 - 3.0 McV. Channeling measurements were made along the Si[l 11] axis
and the Si[00l] axis for Ag/Si(l 11) and Ag/Si(001), respectively. The scattering angle of the solid
state detector was 165° or 102° grazing exit angle for thin films to improve the depth resolution.
Fig. 3 shows the measured random and aligned spectra. The surface minimum yield (Xmin) was
-10 % for -2500 A Ag/Si(l 11) and -6 % for -3000 A Ag/Si(001). These values indicate
relatively high quality Ag epitaxial films were grown despite the large lattice mismatch between Ag
and Si. For both Ag/Si(l 11) and Ag/Si (001) epitaxial systems, a large interface peak occurs
within Ag -1000 A region from the interface. Fig. 4 shows the measured Xmin in Ag films with
different thickness. The sharp change in Xmin as a function of thickness occurs at approximately
1000 A, which corresponds to the interface peak of -3000 A thick films. The interface peak is
probably due to direct scattering of defects with -1016 scattering centers per cm2. The Ag film,
exhibit no strain as detected by ion channeling. The nature of this defect is not yet identified but
the most probable candidate is interstitial point defect through the analysis of energy dependence
channeling. The high-density defect formation near the interface may be expected from the
antiphase domain formation[16]. The probability of the antiphase domain formation is very high
due to 4 : 3 lattice matching registry.

Fig. 5 shows the angular scan of normalized yield along the Si[l 11] axis in the Si(l 10) plane.
As shown in the Fig. 5(a), for the Ag on the flat Si(l 11) surface, minima of the [111] axial
channeling dips of Ag and Si located at the same angular position. This indicates Ag(l 11) plane
was grown parallel to Si(lll) plane. For the Ag on the misoriented Si surface tilted -4° from the
(111) plane towards either the [1l3] or the [112] direction, the minimum yield of Ag shifted from
the Si minimum yield by 0.5°,as seen in Fig. 5(b). The Ag[l 11] direction was found to be
between the surface normal direction and the Si[l 11] direction. The angle between Ag[l 11] and
Si[ 111] was 0.5°. This misorientational growth is associated with the configration of steps and the
lattice mismatch. A study of the misorientational growth mechanism is under way.

0.0
1000 2000 3000 4000 5000

THICKNESS (A)

j Fig. 4. Minimum channeling yield of Ag as a function of Ag film thickness for Ag/Si(l 11).
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IV. SUMMARY

Although the Ag/Si system has a large lattice mismatch (-25 %), high quality epitaxial Ag films
were grown on the clean Si(l 11) and Si(001) substrates by MBE. Double-positioning twins were
formed in the Ag/Si(l 11) system. The quantity of twinning depends on the film thickness and the
substrate condition. Defects of the epitaxial films were largely confined near the interface. The
misoriented substrate (-4° off normal) resulted in 0.5° misorientational growth of Ag films towards
the surface normal and reduced the relative twinning quantity in the films.
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THE ROLE OF OXYGEN IN SPINEL INTERPHASE FORMATION DURING
Ni/Al2O3 DIFFUSION BONDING

K. P. TRUMBLE AND M. RUHLE
Materials Department, University of California, Santa Barbara, CA, 93106

ABSTRACT

Controlled oxygen diffusion bonding experiments have shown that the formation of nickel
aluminate spinel by solid state reaction between metallic Ni and a-Al2O3 requires a certain
oxygen activity, which is less than that of the Ni-NiO equilibrium. Under high vacuum
bonding conditions the source of the oxygen required for spinel interphase formation was found
to be oxygen initially dissolved in solution in the Ni. Equilibrium thermodynamic calculations
confirmed the threshold oxygen activity dependence of spinel formation at the Ni/Al2O3
interface, indicating ~200 at. ppm oxygen is required in Ni before spinel can form at typical
bonding temperatures. The predicted spinel layer thickness based on the calculated reaction
equilibrium agrees extremely well with the measured thickness, further supporting the analysis.

INTRODUCTION

Nickel aluminate spinel (NiAl2O4) interphase or reaction layers have been found to form at
the interface between metallic Ni anda-Al2O3 in numerous diffusion bonding studies [1-4].
Although phenomenologically established, the underlying reaction process by which spinel
formation occurs at the NVAI2O3 interface is not well understood. Previous investigators [4-6]
have proposed that the reaction must proceed through a NiO intermediate; that is, the Ni is
somehow first oxidized to NiO which then reacts with the AI2O3 in the well known spinel
formation reaction between NiO and AI2O3. There is some experimental evidence suggesting
oxygen may play a role in spinel formation at the N1/AI2O3 interface [7-9] but an oxygen activity
dependence of spinel formation has not been clearly established or expressed in quantitative
terms. The present study focuses specifically on the role of oxygen in spinel formation at the
Ni/Al2O3 interface through a combined approach of controlled oxygen diffusion bonding
experiments and equilibrium thermodynamic calculations.

EXPERIMENTAL •

p>
09

Controlled oxvgen diffusion bonding n

A single crystal a-Al2O3 disk ( 30 mm dia. x 1 mm, {0001} parallel to broad faces) was °,
sandwiched between two polycrystalline 99.97 % Ni plates ( 1 mm thick) and the assemblage os
was high vacuum diffusion bonded between two sintered alumina blocks. The bonding
conditions were 1390°C (0.96Tm) / < 1 x 10"3 P a / 2 h / 4 MPa. Prior to bonding, one of the
Ni plates was hydrogen degassed, removing essentially all oxygen from solution, and the other
was charged with -670 at. ppm oxygen by equilibration with NiO powder. Both pretreatments
were conducted at 1100°C for 24 h. At the bonding temperature the oxygen-containing Ni plate
was not saturated with oxygen because the solubility of oxygen in Ni increases by more than a
factor of 2 from the pretreatment to the bonding temperature [10].



Microstnictural characterization

tilting this specimen slightly and viewing through the transparent AI2O3 onto the interface
between the oxygen-containing Ni and AI2O3 a light blue coloration, characteristic of nickel
aluminate spinel, was observed over most of the interface. Viewing similarly onto the oxygen-
free Ni/Al2O3 interface, no such coloration was observed.

Alumina block

Oxygen-free Ni
AI2O3 single crystal
Oxygen-containing Ni

Alumina block

Fig. 1 Optical micrograph of polished and etched axial cross section of the bonded specimen
showing the specimen configuration and the smaller grain size of the oxygen-
containing Ni plate (bottom).

Scanning electron microscopy revealed a reaction layer approximately 1.5 |im thick at the
oxygen-containing Ni/Al2O3 interface (Fig. 2A). No reaction layer was resolvable by SEM at
the oxygen-free N1/AI2O3 interface (Fig. 2B).

Cross sections for transmission electron microscopy were prepared by diamond sawing,
ultrasonic disk cutting, dimpling and ion milling ( 5 kV argon ). The interface containing the
reaction layer invariably fractured during the early stages of TEM specimen preparation. SEM
of the fracture surfaces indicated the fracture path was predominantly between the reaction layer
and the Ni. By intentionally removing the Ni, and backthinning and ion milling from the AI2O3
side only, the reaction layer could be analyzed in plan view in the TEM. The reaction layer was
identified as nickel aluminate spinel by electron diffraction and energy dispersive x-ray
spectroscopy in the TEM, consistent with the results of an earlier TEM study [11]. The
oxygen-free Ni/Al2O3 interface was sufficiently strong to permit TEM cross section preparation.
High magnification imaging ( Fig. 3 ) confirmed the absence of any reaction layer at this
interface. n

Experimental summary

The experimental results suggest Ni and AI2O3 are not inherently capable of reacting to form
nickel aluminate spinel. Instead, a threshold oxygen activity is required, the source of which
under high vacuum bonding conditions is oxygen initially dissolved in solution in the Ni and
not the bonding atmosphere. Furthermore, the fact that the oxygen-containing Ni was not
saturated with oxygen at the bonding temperature indicates the threshold oxygen activity for
spinel formation is less than that of the Ni-NiO equilibrium, thus obviating a NiO intermediate.
Equilibrium thermodynamic calculations were conducted in order to gain further insight into the
spinel formation process.
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Fig. 2 SEM of (A) the oxygen-containing N1/AI2O3 interface showing the presence of a
1.5 \im thick reaction layer and (B) the oxygen-free Ni/AbO3 interface indicating
the absence of any reaction layer.
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Fig. 3 High magnification bright field TF.M of ilie oxygen-free Ni/Al;O^ i: •e:f;ice confirming
the absence of any spinel reaction !;syer.



THERM0DYNAM1C CALCULATIONS

As shown in the N1O-AI2O3 phase diagram ( Fig. 4 ) nickel aluminate is actually
nonstoichiomctric, with considerable solubility for AI2O3 but not NiO. Therefore, it is more
properly represented by the formula NiOO+xJA^C^, where x varies from zero giving XiAl2O4
to, for example, 0.38 at 1390°C [12]. Very thin spinel layers formed in the presence of excess
AI2O3, as in the diffusion bonding experiment, should be of the A^C^-sarurated composition.
Combined with the experimental result that the reactant oxygen is dissolved in solution in the
Ni, the overall reaction is :

Ni(s) + (Q)Ni(s) + (1+X)A12O3 = NiO(l+x)Al203 (1)

where (QJ^v denotes oxygen dissolved in solid Ni and the product spinel is A^C^-saturated.
Several determinations of the standard free energy of spinel formation involving gaseous

oxygen were available in the literature:

Ni(s) + l/2O2(g) + (1+X)A12O3 = NiO(l+x)Al203 (2)

The particular value selected for analysis [13] is applicable between 900°C and 1400°C:

AG2° = -242,090 + 74.4T (J/mole) (3)

Adding to equation (3) the free energy of solution of oxygen in solid Ni [10],

= l/2O2(g) (4)

AG4° = 182,000 - 70.2T (J/mole) (5)

mole %

Fig. 4 NiO-Al2O3 phase diagram (after Reference 12) showing the extended solubility
range of A12O3 in NiAl2O4-

a

•s
7)
n

c\



which is conveniently referenced to a 1 at.% standard state, results in reaction (1) and its
standard free energy:

AG{
m = -60,090 + 4.2T (J/mole) (6)

At equilibrium the standard free energy of reaction can be expressed in terms of an equilibrium
constant, which for reaction (1) is simply the activity of oxygen :

* = RT In (7)

Equating (6) and (7) yields the equilibrium oxygen activity for spinel formation as a function of
temperature:

= cxp(-7230/T + 0.53) (at. % ) (8)

Equation (8) is plotted in Fig. 5. Confirming the experimental results, it indicates that below
a threshold oxygen activity oxygen-containing Ni is in equilibrium with AI2O3, whereas above
the threshold the spinel becomes stable. Furthermore, at the temperature of the bonding
experiment the calculated threshold oxygen activity for spinel formation is 220 at. ppm,
quantitatively consistent with the experimental result that the threshold is less than 670 at. ppm
oxygen.

1600

1500 H

^ 1400 H

g 1300-

§ 1200-

I 1100 H
H

1000 H
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Ni(Q) + AI2O3

NiO(1+x)AI203

100 200

at. ppm (O)Ni
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p

"o

o
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Fig. 5 Plot of Equation (8) showing the calculated threshold oxygen activity dependence of
spinel formation at the Ni/A^Oj interface.



SPINEL LAYER THICKNESS

One feature of the threshold oxygen activity dependence (Fig. 5 ) is that if the Ni contains
more than the threshold activity of oxygen then spinel formation should occur, consuming the
excess oxygen, until the threshold level is reached. Thus, the maximum possible spinel layer
thickness can be predicted for a given initial oxygen content. For the conditions of the diffusion
bonding experiment the readable oxygen content was 670 - 220 = 450 at. ppm. A mass
balance yields a predicted spinel layer thickness of 1.7 p.m. This is in excellent agreement
with the measured thickness of 1.5 urn (Fig. 2A ), further supporting the calculated reaction
equilibrium. A calculation of diffusion out of a slab at constant surface activity [10,14]
indicates more than 94% of the readable oxygen was indeed kinetically capable of reaching the
interface at the bonding temperature.

SUMMARY

Nickel aluminate spinel formation at the NVAI2O3 interface requires a threshold oxygen
activity, the source of which during high vacuum diffusion bonding is oxygen that is initially
dissolved in'solution in the Ni. Both the experimental results and the thermodynamic
calculations showed that the threshold is less than that of the Ni-NiO equilibrium, indicating that
a NiO intermediate is not thermodynamically necessary for the reaction to proceed. The
thermodynamic calculations suggest that at typical bonding temperatures ~200 at. ppm oxygen
is required in Ni before spinel formation can occur at the Ni/A^O^ interface. With appropriate
control of oxygen activity during bonding it should now be possible to produce i
interfaces with or without spinel reaction layers as desired.
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HIGH RESOLUTION ELECTRON MICROSCOPY OF AN
ALUMINA/COPPER INTERFACE
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Dept. of Materials Science and Engineering, Case Western Reserve University
Cleveland, OHIO 44106, USA

ABSTRACT
Particles of a cubic AI2O3 phase in an internally oxidized CuAl alloy were imaged

by HREM. These particles are triangular platelets which lie on {i l l} planes of the
copper matrix and have a diameter of about 100 nm. They grow by migration of ledges.
The platelets are always twinned parallel to their triangular base. At the AI2O3 /Cu
interface, the lattice of the AI2O3 lies either parallel or in twin orientation relationship
to the fee Cu lattice. The interface is always parallel to {i l l} planes of the AI2O3 . The
lattice parameter of the AI2O3 is 10% larger than twice the lattice parameter of Cu.
However, HREM micrographs and weak beam micrographs of the AI2O3 /Cu interface
do not show localized misfit dislocations. HREM image simulations of model structures
yielded evidence that the AI2O3 particles have a highly disordered spinel type structure.
The simulations also indicate that a partly occupied layer of oxygen atoms terminates
the AI2O3 at the interface with Cu.

INTRODUCTION
The atomic structure of metal/ceramic interfaces is of growing interest in the field

of composite materials. An important aspect for the engineering of metal/ceramic com-
posites for example is the correlation between the atomic structure of a metal/ceramic
interface and its adhesion strength. The present lack of experimental data about the
atomic structures of metal/ceramic interfaces motivated this HREM (high resolution
electron microscopy) study of a technically important AI2O3 /Cu interface.

An ideal method to manufacture clean metal/ceramic interfaces is by internal ox-
idation of metallic alloys [ll. This method automatically produces the energetically
and kinetically most favorable crystallographic orientation relationships between the
adjacent phases and their interface. Several authors [2-4] have investigated internally
oxidized CuAl alloys by CTEM (conventional transmission electron microscopy). Ashby
and Smith [5] for example observed triangular particles of a cubic alumina phase (often
called 7-AI2O3 ) with a diameter of about 100 nm. These particles precipitated within
the Cu grains. They had unique orientation relationships with the Cu matrix and pla-
nar facets. The subject of this paper is the investigation of this type of intragranular
AI2O3 particles in Cu by means of HREM.

The investigated material is the metal/ceramic composite "GLIDCOP AL-60"
(SCM Metal Products, Inc., Cleveland, Ohio). It is made by internal oxidation of a
Cu-0.6wt%Al powder, which is subsequently compacted. The final product contains
2.7vol% AI2O3 in a Cu matrix of « 1/zm grain size. Ion beam thinning produced
thin foils of Glidcop Al-60. These were investigated with a JEOL4000EX operating at
400 kV. Complimentary multislice image simulations were carried out with the software
package "SHRLF [6].

MORPHOLOGY OF THE CUBIC ALUMINA PHASE
The intragranular AI2O3 particles in GLIDCOP AL-60 are triangular platelets

parallel to the {111} planes of the Cu matrix. Fig.l shows a CTEM micrograph along
the (111) zone of a Cu grain. Alumina platelets on Cu-{lll} planes normal to the
incident beam produce triangular Moire contrasts. The platelets are about 100nm in
diameter, with their edges parallel to {110} directions of Cu. The Moires as well as the
particle shape have a 3-fold symmetry along the (111) foil normal of Cu. This implies
unique orientation relationships between the two cubic phases. Electron micrographs
along the (110) zone of Cu have shown that the thickness of the platelets is 10 to 50 nm.



Fig.l: CTEM micrograph in (111)
direction of the Cu matrix.
Triangular AI2O3 platelets
produce Moire contrasts with a
3-fold symmetry.

Fig.2 is a HREM micrograph showing an alumina platelet edge on. The foil normal
is a (110) direction of the Cu matrix. The platelet has an overall extension of w 100 nm
parallel to {i l l} planes of Cu and a thickness of « 15nm. The lattice image and
selected area electron diffraction patterns reveal a cubic (spinel type) structure with a
lattice constant of (0.797 ± 0.004) nm.

The AI2O3 platelet in fig.2 consists of two grains which are separated by a twin
boundary. This twin boundary lies parallel to the triangular platelet base and thus does
not break the 3-fold symmetry around the normal of the platelet base. In fig.2, the twin
boundary lies vertically and is viewed edge on. The lattice image of the platelet also
shows some other planar defects (stacking faults and microtwins) on {ill} planes. The
major fraction of these planar defects again are parallel to the platelet base.

THE ALUMINA/COPPER INTERFACE

The AI2O3 /Cu interface lies always parallel to {111} planes of the alumina. At
the same time it is parallel to the {111} planes of the Cu matrix, except for the small
facets of the twin grain (see fig.2 and 3). These facets are parallel to {511} planes of
Cu.

Fig.2 shows two different orientation relationships between the cubic AI2O3 phase
and the Cu matrix at their interface. On the left hand side, the cubic AI2O3 lattice
and the adjacent fee Cu lattice are parallel. In this case the {400} planes of AI2O3
(dominant fringes in the lattice image) are parallel to the {200} planes in Cu. The right
half of the AI2O3 platelet is a twin of the left part and, consequently, also has a twin
orientation relationship with the Cu lattice.

The alumina/copper interface in fig.2 is atomic ally flat over distances of « 100 nm.
At the tip of the platelet image, however, ledges are present in the interface. Fig.3
shows this region. The ledges indicate a plate growth mechanism by ledge migration.
The step heights observed here correspond to half the {i l l} spacing of the AI2O3 lattice.
A dilatation of the Cu lattice image and an extended strain field contrast is observed
above the ledges.

The HREM investigation of several other alumina particles has shown that the
morphology of the particle in fig.2 and 3 is characteristic for the cubic AI2O3 phase in
GLIDCOP AL-60.

The lattice parameter of the cubic AI2O3 phase (0.797 nm) is 10% larger than twice
the lattice parameter of Cu (0.362 nm). Assuming complete edge type dislocations in
Cu with w{110) Burgers vectors, a dislocation network with a spacing of 2.6 nm could
accommodate the lattke mismatch. The lattice image of the AI2O3 /Cu interface in
fig.2, however, does not show any localized misfit dislocations. In order to check for
the possibility of misfit dislocations which are not parallel to the (110) direction of the
incident electron beam in fig.2, weak beam dark field images of AI2O3/CU interfaces
were recorded in plan view under various diffraction conditions. These weak beam
images do not show misfit dislocations either [7j.

It is possible that misfit dislocations are smeared out to a significant extent with
their cores overlapping. As a result the HREM images of the interface look apparently
incoherent.



Fig.2: HREM lattice image along the (110) direction of the copper matrix,
showing a section of a triangular AI2O3 platelet edge on. The 400-fringes of
the spinel lattice are dominant in the AI2O3 lattice image. The left part of
the platelet is in cube-on-cube orientation relationship with the copper matrix,
wheras the right half is in twin orientation relationship.

Fig.3: Growth ledges in the
alumina/copper interface. The
step height corresponds to half
a { i l l } spacing of the alumina.
Alumina and copper are in twin
orientation relationship
here. The small facet is paral-
lel to a {511} plane of the Cu
matrix.

ATOMIC STRUCTURE OF THE ALUMINA/COPPER INTERFACE

A correct interpretation of the experimental lattice image on atomic scale requires
comparison with image simulations of model structures. For this purpose, the defocus
in the experimental image and the local crystal thickness must be determined. The
optical diffractogram of the thin amorphous edge of the Cu crystal in fig.2 exhibits a
continuous transfer of spacings down to < 0.2 nm. For the electron optical parameters
of the JEOL 4000 EX, this result implies that the defocus is close to the "optimum"
underfocus \.2\fCs^ = 50 nm. Multislice image simulations are most accurate for very
thin crystals. In the experimental image in fig.2, a suitably thin region lies close to
the amorphous edge of the foil on the top left hand side of the platelet. The contrast
reversal in the neighboring Cu matrix indicates a crystal thickness of «s 5nm in the
region of interest.

Before considering models for (he AI2O3/C11 interface, the structure of the ruhic
AI2O3 needs further clarification. The atomic positions of 7J-AI2O3 (cubic) reported
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Fig.4: Two rigid-lattice models for the alumina/copper interface. The plots
show the electrostatic potential in (110) projection. Model A assumes an
oxygen-terminated alumina crystal, whereas in model B the the alumina is
terminated by Al atoms in octahedral interstices.

in [8] served as starting point for image simulations. J/-A12O3 has a lattice parameter
of 0.791 nm, which agrees well with the lattice parameter (0.797 ± 0.004) nm of the
cubic alumina phase in GLIDCOP AL-60 (determined from selected area diffraction
patterns).

r/-Al2O3 has a spinel type structure (space group Fd3m) [8]. In normal spinel
with the stoichiometry AB2O4 , the oxygen atoms form an fee sublattice and the A
and B occupy tetrahedral (a) and octahedral (d) interstices in this oxygen sub-lattice,
respectively. The symbols (a) and (d) refer to the Wyckoff notation used in [9]. As
AI2O3 does not match the spinel stoichiometry, a fraction of the (a) or (d) intersices
must remain vacant in a spinel type AI2O3 . In n-Al2O3 , the Al-atoms moreover
occupy a minor fraction of the tetrahedral (f) and the octahedral (c) interstices, which
do not belong to the spinel structure.

Image simulations of various hypothetical spinel type AI2O3 structures have shown
a high sensitivity of the HREM image for the distribution of the Al-atoms on the different
types of interstices [7]. A highly disordered variation of 77-AI2O3 yielded the best match
with the experimental image. In this structure, the Al atoms occupy the tetrahedral (a)
and (f) interstices with an equal probability of 14%. Likewise, Al occupies the octahedral
(c) and (d) sites with an equal probability of 41%. This variation of n-Al2C>3 will be
called rj'-Al2O3 in the following.

The interpretation of the AI2O3 lattice image with the help of image simulations
allows to determine the relative position of the crystal lattices at the interface. The
intercrystalline spacing between n' -AI2O3 and Cu was determined with an accuracy of
±0.05 nm. The following section will investigate the atomic population of the interfacial
region.

Two different models for the "cube-on-cube" AI2O3 /Cu interface are shown in
fig.4 by their projected electrostatic potential. The projection direction is the same as
in the HREM image in fig.2, i.e. a common {110} of the adjacent crystals. Dark spots
in fig.4 represent regions of high electrostatic potential. The dark spots in the lower half
indicate the positions of the Cu atoms. In the n'-Al2O3 on top of the Cu, the larger
spots are O-atoms and the smaller spots are Al-atoms in octahedral interstices. The
tetrahedral interstices are not sufficiently occupied (14%) to show up in the projected
potential with a strong contrast (they do, however, affect the image simulation).

The two models in fig.4 assume rigid lattices and do not account for any relaxation
of atomic positions in the vicinity of the interface. In model A, a layer of oxygen atoms
terminates the n'-Al2O3 crystal. The interatomic distance between Cu-sites and O-sites



Fig.5: Comparison between the experimental lattice image of a cube on cube
section of the alumina/copper interface with the simulation models A and B.

the atomic positions, however, seems to contradict the precise {111} orientation of the
interfacial plane and the simple orientation relationships between AI2O3 and Cu. At
present there is no satisfactory explanation for these conflicting observations. A sim-
ilar situation, however, has recently been reported in a HREM study of the CdO/Ag
interface [11].
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CHEMICAL ANALYSIS OF TERNARY SEMICONDUCTORS BY CRITICAL VOLTAGE MEASUREMENTS

PAUL SPELLWARD AND DAVID CHERNS
H.H.Wills Physics Laboratory, University of Bristol, Bristol BSS 1TL, U.K.

ABSTRACT.

Critical voltage phenemona seen in electron diffraction can be used to
determine the local composition of ternary semiconductors to a few per cent.
Applications to (CdHg)Te and (AlGa)As are reported. Composition sensitive
images can be obtained in various ways; techniques are discussed and results
are presented.

INTRODUCTION.

Ternary and quaternary semiconductors are increasing in importance,
particularly in epitaxial systems for device applications. In characterising
these materials by transmission electron microscopy (TEM), it is important
to be able to determine local compositions with good precision and high
spatial resolution. Inhomogeneities due to poor control of growth,
interdiffusion of layers, graded regions, alloy clustering and spinodal
decompostion are all areas in which such measurements are valuable.

Various micro- or nano- analytical techniques exist; of particular
usefulness and interest are methods based on electron diffraction.
Diffraction methods may use focussed probes, defocussed probes or parallel
illumination and can yield sensitivity equal to energy dispersive X-ray
microanalysis (EDX) or electron energy loss spectrocopy (EELS), often with
shorter acquisition times. Spatial resolution in focussed-probe diffraction
may be superior than in EDX or EELS since only elastically-scattered
electrons contribute to the diffraction. In parallel illumination
diffraction contrast techniques, spatial resolution 1s related to the size
of the objective aperture used.

Determination of composition by study of structure factor contrast, for
example in (002) dark field images, has been Investigated by a number of
workers [1], [2], [3]. Relating the observed intensity to compostion is non-
trivial and inelastic scattering can not be ignored. Diffraction contrast
studies of wedged samples have been prominent recently [4], [5], [6]. The
composition of a layer can be determined to 10X in (AlGa)As. Determination
of composition profiles across Interfaces has been achieved with high
spatial resolution using the study of Fresnel finges [7] and high-angle
annular dark field imaging in a STEM [8].

Our work at Bristol has concentrated on the exploitation of the
sensitivity of various critical voltages and related phenemona to the
composition of a ternary material. Studies have also been made of other
diffraction methods, including the use of higher order Laue zone (HOLZ)
lines. The thickness Independence of these methods 1s an important
advantage. The range of II-VI and III-V ternaries is extensive and no
technique is useful for all materials. We have sought effects which are
measurable within the operating range of our Philips EM430 (maximum voltage
3OOkV).

CRITICAL VOLTAGE TECHNIQUES.

The contact of two branches of the high energy electron dispersion
surface at some critical voltage may be revealed by features in electron
diffraction patterns. Measurements of critical voltages can be used to give
information about various features of crystals, including structure factors,
1on1cities, composition and the presence of long or short range order. A
simple description of the physics involved in these effects has been given



by Steeds [9J. The simplest case, and the first studied, is the systematic
row critical voltage, [10]. Its a:olicability is limited and generally
requires a high voV'age microscope and there has been no application to
zincblende structure materials at medium voltages. Recently zone axis
critical voltages and other critical voltages have been studied, [11], [12].

Measurements of [111] zone axis critical voltage in (CdHg)Te.

The projected crystal potential at major zone axes for the heavier II-
VI and III-V semiconductors may be sufficiently strong to allow critical
voltages to occur within range of the medium voltage TEMs. As the incident
electron energy is increased, relativistic effects increase the strength of
the potential, causing electron states to change from nearly-free to bound,
with associated effects on diffraction patterns. At the [111] zone axis, a
sensitive method of determining the critical voltage is to study the
reversal of asymmetric contrast in (220) dark field convergent beam electron
diffraction (CBED) discs. Figure 1 shows a series of CBED patterns near to
the [111] zone axis critical voltage. Measurement to one or two kV is
possible.

Figure 1. CBED at [111] close to the critical
voltage (about 274kV in this case)
Note the contrast reversal between
the arrowed features.

Figure 2. Variation of the
critical voltage
of (CdHg)Te

The structure consists of equivalent strings and the strength of the
projected potential depends on mean atomic number and hence composition. The
variation of the [111] zone axis critical voltage with compostion can be
used to characterise cadmium mercury telluride, an important material for
Infra-red applications. Study of samples of known composition allowed a
calibration line to be established over the range of interest, see fig. 2.
Samples were studied at 90K to improve the quality of diffraction.
Measurements on cadmium-rich material may be made at room temperature.
Calculated values of the critical voltage were obtained using many-beam
dynamical theory [13] and showed a similar trend. Compositions can be
determined to a few per cent and the technique has been valuable in
assessing growth inhomogeneties and layer interdiffusion.

Non-systematic effects near [111] zone axis REPRODUCED FROM BEST i
AVAILABLE COPY -,

Degeneracy between branches of the dispersion surface can occur at
orientations close to zone axes, at which a few reflections are more
strongly excited than the rest. Such situations may be considered to a first
approximation as few-beam situations. Much insight can be gained from this
approach, though a full many-beam treatment is needed to reproduce
experiment. Close to [111], in the diamond or zincblende structure, a four-



beam situation can be realised by tilting to the Bragg condition for 422.
Below the critical voltage a pair of degeneracies occur on the 422 symmetry
line, observable as points of extinction in the 422 Kikuchi line or in the
convergent beam disc. As the voltage is increased the degeneracies move
together, coalescing at the centre of the disc at the critical voltage.
Above the critical voltage, the extinction disappears, [143* [9]. F1g.3a
shows the diffraction patterns obtained around the critical voltage.

$200'
CD

2I
1OOkV 107kV 117kV !27kV

•=150

137kV 147kV 157kV 167kV

QsAs 02 04
* ir.AL G

Fig. 3a. 422 dark field patterns near the critical
voltage, 157kV in this case (GaAs).

Fig. 3b. Variation
in (GaAl)As.

As in the zone axis case, the critical voltage depends on string
strength and hence composition. We have established that this effect is of
use for the lighter II-VI and III-V materials, see table 1. In particular,
in the important case of (AlGa)As, the compostion is measurable to a few
percent. We have studied material of known composition in the region of
interest (direct band-gap), see figure 3b. Dynamical calculations performed
show similar trends [14]. The spatial resolution and ease of use of this
method might be improved by taking a single pattern at a reference voltage,
below the critical voltage for all compositions, and noting the positions of
the degeneracies, in order to infer the composition.

Table 1. Measured and calculated 422 non-systematic critical voltages.

Material Temperature/K Experimental/kV Calculated/kV

GaAs
ZnS
ZnSe
GaP
GaP
InP
InAs
Si

295
90
90

295
90
90
90

295

157±2
255±5
206±3
205±5
279±1
80±10
<50

~300

135
255
204
205
280
90
70

293

The technique has been applied to the study of GaAs/(AlGa)As and
ZnS/ZnSe/Zn(SSe) samples. Applications to other light alloys are
anticipated.

Other Critical Voltages.

We are seeking composition-sensitive effects suitable for the medium
weight alloys such as InAs, GaSb and ZnTe. Application of two critical
voltage measurements at or near different axes, together with other
Information may allow composition determination in the quaternary InGaAsP.
The [100] and [110] zone axes and others on the (002) contour are



particularly useful for work on cress sectional samples so that spatial
resolution 1s not lost due to tilted interfaces. Critical voltaoe studies on
plan view multilayers may give infermation on mean compof. it ion or mean
period to complement studies by other diffraction inethods, M'Jj.

OTHER DIFFRACTION EFFECTS.

The study of HOLZ lines can lead to a determination of composition, in
alloys which exhibit a significant change of lattice parameter with
composition, the measurement of lattice parameter by matching patterns of
HOLZ deficiency lines in the bright field disc with simulations can lead to
a composition determination, provided the material is strain-free. For all
but the very lightest compounds and weakest zone axes, dynamical effects
must be considered [16]. The microscope operating voltage must also be
calibrated. We are studying various zone axes in (CdHgjfe to pursue
composition determination by this method.

Study of HOLZ excess lines at [100] zone axis can give an idea of
composition in (GaAl)As [5], but has been shown to be of little use in
(CdHg)Te [13], and not quantifiable in InGaAsP [17].

DEFOCUSSED PROBE TECHNIQUES.

In principle the sensitivity of diffraction features to the critical
voltage should have a parallel in imaging when the sample is suitably
oriented. As alternatives to focussed probe, point by point, composition
measurements, we have studied composition sensitive difraction contrast.
This can be seen most easily in images of bent foils, Tanaka patterns or in
convergent beam images. The aim is to see contrast arising from a
composition difference between two regions of sample and to quantify it.
Figure 4 shows schematically what we might expect to see for a HgTe/CdTe
boundary and (22~0) diffraction contrast at about 260kV and at 90K.

For slightly bent samples and parallel illumination it is sometimes
possible to tilt such that the composition-sensitive diffraction features
are present on the sample illuminated area. This "real space
crystallography" or "bend contour microscopy" was used before the
availability of convergent beam diffraction, [18]. Figure 5 shows the 422
dark field contrast 1n an experiment of this sort. The spatial resolution 1s
determined by the size of the objective aperture used and the angular
resolution by any non-parallelism of the beam. The technique is useful with
homogeneous samples, but when a specific region, for example near to an
interface, is to be studied it is not usually applicable unless sample
bending is very fortuitious.

HgTe I CdTe
above CV below CV

F1g. 4 see text for details. Fig. 5 422 bend contour.



In the large angle CBED (Tanaka) technique [19], sharp diffraction
information coexists with a "shadow" image of the sample which is not in
focus. Spatial resolution is jjverned by the probe size, which can be a few
nanometres. The "magnification" of the "image" can be varied with respect to
the diffraction by changing the height of the sample or by (interdependent)
adjustment of the second condenser and objective lens currents. The
technique was first developed to give a large angular field of view; however
since the field of view required in the current study is only the size of
the disc in conventinal CBED, a small condenser aperture can be used,
further reducing the probe size. For reasonably flat specimens, useful
information can be gained from bright or dark field patterns. Figure 6 shows
422 dark field patterns taken from a GaAs/(GaAl)As/GaAs structure. The
higher critical voltage for the barrier layer can be seen.

GaAs

(AlGa)As

Fig.6 Tanaka patterns from a GaAs/(GaAl)As/GaAs structure.

GaAs

Fig 7. a) Many-beam Tanaka pattern b) CBED away from crossover

Many-beam Tanaka patterns have a limited field of view and are similar
to CBED patterns away from crossover in which the diffraction focus has been
correctly adjusted. The shadow image again has the spatial resolution of the
probe size, while the diffraction is sharp. In the zone axis case use can be
made of the fact that each {2?0} contour comes from a different area of
sample, allowing twelve simultaneous comparisons of composition [13]. Figure
7a shows a many beam Tanaka pattern and figure 7b an away from crossover
CBED pattern from a (CdHg)Te layer.

Convergent beam imaging (CBIM) [20] provides good spatial resolution,
limited only by the objective aperture, and reduced angular resolution
compared to CBED. It has been used to measure local strains by exploiting
HOLZ lines superposed on the image; the angular resolution depends on the
probe size and convergence. We have exploited instead the zero layer
diffraction contrast; the loss of angular resolution is insignificant for
the coarse features involved. This technique 1s particularly useful with
flat specimens. A probe is first placed near the region of interest and the
specimen tilted to bring the composition sensitive features Into the CBED
discs. The probe 1s then defocussed and an objective aperture inserted
around the bright field or relevant dark field disc. Figure 8 shows an 422
dark field image from a flat sample of silicon. Figure 9 shows bright field
and 220 dark field images from a (CdHg)Te layer. Figure 10 shows an
(AlGa)As/GaAs multilayer imaged at the critical voltage of GaAs.



Fig.8 (422) dark field CBIM. Fig.9 a)Bright field CBIM at [111] zone axis
b)(220) dark field CBIM.

Fig.10 CBIM from GaAs/(AlGa)As multilayer. s
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ARSENIC DIFFUSION AND PRECIPITATION AT AsSG/Si INTERFACE

YOSHITAKA TSUNASHIMA, TAKAKO KASHIO, HIDEICHI KAWAGUCHI, SHINJI
ONGA AND KIKUO YAMABE
TOSHIBA Co., ULSI Research Center, l.Komukai Toshiba-cho, Saiwai-
ku,Kawasaki 210, Japan

ABSTRACT

In
occurs
barrier
the model

As d i f f u s i o n process from AsSG films, As precipitation
at the AsSG/Si interface and functions as a diffusion
for A s . This precipitation phenomenon is explained by
based on the supersaturation of AsSG films.

INTRODUCTION

The future scaling of ULSI requires three-dimensional
structures in s u b - m i c r o n d e v i c e s . The impurity doping will be one
of the key t e c h n o l o g y to realize the three-dimensional structure.
With the c o n v e n t i o n a l ion i m p l a n t a t i o n , great differences in
doping impurity c o n c e n t r a t i o n and junction depth occur between
vertical and horizontal surfaces. A c c o r d i n g l y , solid phase
diffusion from LPCVD arsenic doped SiOo (AsSG; A r s e n o s i l i c a t e
Glass) films is one of the most promising technology for this
application [1 ] .

Arsenic d i f f u s i o n from AsSG films has been studied for
planer doping p r o c e s s e s at about one de c a d e previously [ 2 ] - [ 8 ] ,
To adopt this t e c h n o l o g y for current U L S I s , e s p e c i a l l y for
impurity doping to the three dimensional s t r u c t u r e , more precise
control of doping c o n c e n t r a t i o n and profile than the previous
processes must be required.

In this paper, the diffusion behavior of arsenic (As) from
AsSG to silicon ( S i ) substrate are in v e s t i g a t e d . As precipitation
occurs at AsSG/Si interface and it become a barrier for the
diffusion of A s . To explain the p r e c i p i t a t i o n phenomenon, the
model based on the pre c i p i t a t i o n of excessive As in
supersaturated AsSG film was proposed and was confirmed
e x p e r i m e n t a l l y .
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im, and-jts As c o n c e n t r a t i o n was varied
1.4x10 atoms/cm . Then the diffusion

EXPERIMENTAL

AsSG films were prepared on (100) p-type 9-11 ohm-cm Si
wafers by a low pre s s u r e CVD techn i q u e using simultaneous thermal
decomposion of TEOS (Tetra-E_thOxy-Si 1 a n e ) and TEOA (Tri-£thOxy-
A r s i n e ) in a sta n d a r d horizontal reactor. The typical film
thickness of^AsSG was 100 nm,
from 1.3x10 a t o m s / c m tc
annealing p r o c e s s e s were carried out in a nitrogen
temperature range of 950-1100C (typically at 1 0 0 0 C ) .

The d i f f u s i o n experiments of implanted As in thermally grown
S i O 2 were p e r f o r m e d to show that the As precipitation is an
intrinsic phenomenon of A s - S i - 0 system. To confirm the
precipitation model which we proposed, the diffusion experiments
using p o l y - c r y s t a l l i n e Si/AsSG/Si s u b s t r a t e structure were also
carried out.

The As d i s t r i b u t i o n s are analyzed with SIMS (Secondary Ion
Mass S p e c t r o m e t r y ) . In addition to SIMS, RBS (Rutherford

ambient at



Backscattering Spectrometry) was also used to confirm the SIMS
data of the interface.

The chemical states of As in SiO^ were investigated by XPS
(X-ray induced Photoelectron Spectroscopy) measurements.

RESULTS AND DISCUSSION

As precipitation at AsSG/Si interface

F i g . 1 . shows the As typical diffusion profiles of AsSG/Si
structure for the different As concentration films after
isothermal ly anneali ng at 1000C in N 9 . I n i t i a ^ A s concentratioi
of as deposited AsSG films are fa) 2 x 1 0 ^ u and (b) 1x10^'
atoms/cm r e s p e c t i v e l y . Comparing the diffusion profiles of (a)
and ( b ) , it can be noted that the di f f e r e n c e of initial
concentration of AsSG films results in greatly different
d i s t r i b u t i o n s of As in both AsSG and silicon region. For the case
of low co n c e n t r a t i o n films ( a ) . As atoms d i f f u s e from AsSG to Si
substrate g r a d u a l l y . Thus As concentrations are decreasing in the
AsSG film and increasing in the Si nearby the AsSG/Si interface
with increasing a nnealing time.

On the contrary, for the case of high concentration films
( b ) , As atoms not only diffuse into Si su b s t r a t e but also start
to accumulate in AsSG at the interface within an early stage of
the annealing p r o c e s s . Once the accumulation layer has been
formed at the int e r f a c e , the supply of As into Si was suppressed.
Then the As co n c e n t r a t i o n in Si nearby the interface is
decreasing with increasing annealing time.

From the di f f u s i o n p r o f i l e s , the
accumulation region must be different
region. To inv e s t i g a t e the chemical

chemical state of As in the
from that of the bulk film

states of As in AsSG, an XPS

Co : Co: ixlO21 Atoms/cm3

: AsSG Si substrottAsSG ! si substrate
( a )

1OOO*C,N2

(b)
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Fig.l Isothermal diffusion profiles of
Initial fi In^concentration is (a)
and (b) 1x10 atoms/cm respectively.

As iPnAsSG/Si ^structure.
2x10 atoms/cm 0
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Fig.2 XPS As 3d peak spectra of
AsSG films. Each spectrum
corresponds to (a) as deposited
film, (b) the bulk region,
(c) the interface region of
after annealing film.

analysis was performed,
high concentration AsSG
(a), the binding energy
to the energy of As trioxides. Thus it
deposited films. As atoms almost occupy
with three 0 atoms in the SiO^ network
annealed at 1000C in N~ for 4 hours, no
at the peak in the bulk region (b). On

Fig.2. shows XPS As 3d peak spectra of
film. In the case of as-deposited film
of the peak is 45.1eV, which is close

suggests that in the as-
the Si site and are bound
Then the film had been

change could be observed
the other hand, in the

region nearby the interface (c), the main peak
41.2eV and also a weak peak is remaining at 45.
41.2eV peak corresponds to the chemical state of
at the interface and the weak one corresponds to

is shifted to
leV. The strong
accumulated As
that of As inthe remaininp matrix of AsSG. The binding energy of the main peak,

41.2eV, is the same as that of metal As. Thus it suggests that
the chemical state of accumulated As is a metal 1ic-1ike and
probably As atoms are bound with Si atoms in the form of silicon-
arsenide.

The direct observation of the interface was carried out to
identify the As accumulated region. The sample had been
annealed at 1000C in N-for 4 hours to accumulate As at the
interface, and AsSG had been etched off by a buffered HF solution
to expose the interface. Plenty of bright spots could be seen
on the surface, which correspond to the precipitates insoluble in
HF solution. Considering this observation with the SIMS and XPS
results, it can be said that these precipitates correspond to the
accumulated As at the interface.

To confirm that the As precipitation at the interface is
not only the phenomenon of LPCVD-AsSG but also the intrinsic
phenomenon of As-Si-0 system, the diffusion experiments with
implanted As in thermally grown SiOo were performed. The As
profiles in SiO* of as implanted and after annealed samples are
shown in Fig.3. The implantation energy was chosen to adjust the
projected ra9Qe of As to the SiC^/Si interface. The implanted
dose are 1x10 3 (a) and 5xlO 1 5 atoms/cm 2 (b) respectively. After
annealing, the profile is monotonous in low dose sample (a), and
has a hump nearby the interface in high dose one (b). In
addition, on the AsSG etched-off Si surfaces of these annealed
samples, the As precipitation is observed only for the high dose
one. Therefore it is identified that the As precipitation at the
interface is an intrinsic phenomenon of As-Si-0 system and it's
occurrence depends upon the concentration of As in AsSG (SiO ?)
films. Besides, the hump of high dose sample is noticeable in tne
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region above 2x10 a t o m s / c m at this a n n e a l i n g c o n d i t i o n . And
this value is very c l o s e l y to the mi n i m u m c o n c e n t r a t i o n of AsSG
film that As p r e c i p i t a t i o n begins to oc c u r at the interface.

The s u p e r s a t u r a t i o n model for As p r e c i p i t a t i o n

We propose the new model to exp l a i n the As precipitation
p h e n o m e n o n at the As S G / S i i n t e r f a c e . In this new model, we
con s i d e r that the As s o l u b i l i t y in AsSG is not so high as the
value g e n e r a l l y r e g a r d e d as that of the glas s phase. The As
sol u b i l i t y in AsSG had not b e e n ^ r e p o r t e d so far. Thus we estimate
this value at 2x10 a t o m s / c m for 100 0 C . And the film higher
than this c o n c e n t r a t i o n . As had been a l r e a d y s u p e r s a t u r a t e d in
AsSG at the d e p o s i t i o n step. During the fol l o w i n g annealing step,
e x c e s s i v e As in the s u p e r s a t u r a t e d m a t r i x phase precipitate at
the nucleation sites on the A s S G / S i i n t e r f a c e . Based on this
m o d e l , it may be st r a n g e that the p r e c i p i t a t i o n is limited to the
int e r f a c e . This fact, h o w e v e r , can be e x p l a i n e d as resu l t i n g
from the absence of the n u c l e a t i o n sites in the bulk region. The
recent work of Ce l l e r et a l . [ 9 ] is an example of the
pre c i p i t a t i o n in the bulk r e g i o n . In the case of high-dose
implanted As in SiO-, they h a v e o b s e r v e d the formation of
spherical As in c l u s i o n s in the bulk

su g g e s t s that if the
exi s t in the bulk

This resu1t
implanted damages
o c c u r s not only in the i n t e r f a c e
T h e r e f o r e the p r e c i p i t a t i o n is not
int e r f a c e .

Once the uniform p r e c i p i t a t i o n
i n t e r f a c e ,
AsSG film

region a f t e r the annealing,
n u c l e a t i o n sites such as

regio n , the As precipitation
but also in the bulk region,
a p a r t i c u l a r phenomenon of the

interf a c e
become a
stru c t u r e ,

layer has been formed at the
it bec o m e a p e r f e c t d i f f u s i o n b a r r i e r for A s . If the

is s u r r o u n d e d with Si, the p r e c i p i t a t i o n layer at the
prevents the o u t - d i f f u s i o n of A s , and this
simple c l o s e d system for As di f f u s i o n .
only two fl u x e s may be taken into account

structure
In this

to get the



diffusion profiles, they are the diffusion flux in AsSG; Fl and
precipitation flux from AsSG to the precipitation layer at the
interface; F2. These fluxes can be described as follows

) (1).

F2=k(C-C e) (2)

where D. sfi: the As diffusivity in AsSG, k: the reaction rate
constant of As precipitation, C : the initial As concentration of
AsSG, C : the As concentration of AsSG equilibrate with
precipitation layer ( As solubility of AsSG ) .

To get the diffusion profiles, we must solve the diffusion
equation

3C/dt=dF/dx (3)

subject to the boundary conditions

t=0; C=C , x»0;
x»X; - D ° OC/ax)-k(C-C )
x—X; -DjJ|gOC/»x)-k(C-Cj)

The solution is

;/n8 exp(-^D A t SGt/X
2)c O S&n(x/X) (4)

whe r e 8n is the val u e which s a t i s f i e d

cot&n - 8 n (k/D A s S G)X

From the e x p e r i m e n t s , we in p u t t h e fol l o w i n g values

C - 1 x l O 2 l c m 3 06=2x102° cm3

D° . 4 4 x 1 0 ~ 1 6 c m 2 / s e c 2x10-^011.D A s S G *"*xlU cm /seCf k =2xlO" 1 0 cm/sec

The c a l c u l a t e d results of i s o t h e r m a l a n n e a l i n g at 1000C are
shown in F i g . 4 ( a ) . T o pay a t t e n t i o n to the interface, the As
c o n c e n t r a t i o n in AsS G is d e c r e a s i n g q u i c k l y at first.and g e t t i n g
c l o s e r to the As s o l u b i l i t y w i t h i n c r e a s i n g a n n e a l i n g t i m e . And
the sys t e m has al r e a d y been in an e q u i l i b r i u m state at the 64
hours a n n e a l i n g and never c h a n g e d w i t h f u r t h e r a n n e a l i n g . , I f the
As s o l u b i l i t y of AsSG is not set up at 2x10 cm , the
c o n c e n t r a t i o n p i n n i n g at this v a l u e c a n n o t be obtained and the As
c o n c e n t r a t i o n at the interface is still d e c r e a s i n g even at 64
hours a n n e a l i n g .

To c o n f i r m t h e c a l c u l a t i o n s o f the model , isothermal
d i f f u s i o n e x p e r i m e n t s of the p o l y - c r y s t a l l i n e Si / AsSG / Si
su b s t r a t e , are ca r r i e d out. F i g . 4 ( b ) s h o w s overall d i f f u s i o n
p r o f i l e s o f this s t r u c t u r e . It is c l e a r l y s h o w n that As has been
a l r e a d y a c c u m u l a t e d at both i n t e r f a c e s within 1 hour
a n n e a l i n g . W i t h i n 16 hours a n n e a l i n g , t h e p r o f i l e s in AsSG agree
well with t h o s e of the c a l c u l a t i o n r e s u l t s d e s c r i b e d a b o v e . To
focus a t t e n t i o n to Interface I the A s c o n c e n t r a t i o n in AsS G is
first d e c r e a s i n g , then pinning at a b o u t 2 x 1 0 atoms/cm , the
value w h i c h we es t i m a t e d for A s s o l u b i l i t y . Also in Si, As
co n c e n t r a t i o n is d e c r e a s i n g with i n c r e a s i n g a n n e a l i n g time, thus
the p r e c i p i t a t i o n layer functions as a d i f f u s i o n barrier for A s .
This r e s u l t s are c o n s i s t e n t with the c a l c u l a t i o n results based on
the s u p e r s a t u r a t i o n m o d e l .
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On the contrary, at the Interface H, the pinning of the As
concentration cannot be observed in AsSG region. And in the poly-
Si region, the concentration is not decreasing even at long time
annealing. Thus the precipitation at Interface fl is not a uniform
layer to act as the perfect diffusion barrier. And it will be
caused by the fast diffusion through the poly-Si grain boundary
or the interface roughness. Therefore the results of Interface fl
will not hinder the confirmation of the model.

CONCLUSION

The diffusion behaviors of As from AsSG to Si substrate was-
investigated, and showedthat As precipitation occurs at AsSG/Si
interface and functions as a diffusion barrier for As. A model
based on the precipitation of excessive As in the supersaturated
matrix phase was proposed to explain this precipitation
phenomenon and was confirmed experirantally.
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MOLECULAR HYDROGEN ADSORPTION ONTO THE S i ( l l l ) 7 x 7 SURFACE

S. H. WOLFF*, S. WAGNER*, D. LORETTO** AND J. M. GIBSON**
*Dcpt. of Electrical Engineering, Princeton University, Princeton, NJ 08544

**AT&T Bell Laboratories, 600 Mountain Avenue, Murray Hill, NJ 07974

ABSTRACT

We have studied the adsorption of molecular hydrogen onto the S i ( l l l ) 7 x 7 surface
using UHV TEM at temperatures between room temperature and 780'C. We demonstrated
that molecular hydrogen at 4 x 10"6 Torr dissociatively chemisorbed onto the S i ( l l l )
surface at elevated temperatures and the stable hydrogenated S i ( l l l ) surface is shown to be
a strong function of temperature.

Introduction

The adsorption of atomic and molecular hydrogen onto the Si(l l l) surface has been well
studied at room temperature^1"1^ but little information exists for elevated temperatures.
Furthermore, all but one of the studies^16' was conducted before the 7x7 structure was
solved by UHV TEM,1175 and the structure of the stable hydrogenated Si(lll) surface is still
unresolved. A number of studies also show that hydrogen plays an important role in the
chemical vapor deposition (CVD) of silicon^18'19' but the surface physics-chemistry
underlying CVD is not well understood. Gossman^20' has shown that surface structure
affects epitaxial growth and the effect of hydrogen on Si surface reconstructions at elevated
temperatures should therefore influence CVD processes.

Experiment

We have studied the adsorption of molecular hydrogen onto the Si(lll) 7x7 surface using
UHV TEM at temperatures between room temperature and 780'C. The microscope is a
modified JEOL 200CX described elsewhere*2^ where the specimen sits in an ultra high
vacuum chamber inside the microscope. All data were taken at 100 kcV where the data is
quantifiable: the diffraction of 100 keV electrons from monolayers is simply interpretable
with kinematical scattering theory as demonstrated by Takayanagi et alJ171 All samples were
lOQ-cm p-type Si(l l l) wafers with a chemically etched hole in the center. The specimens
were cleaned and thinned at 1200"C, to produce a thin (<2000A) 1 \im2 area. All hot
filament gauges inside the vacuum chamber were turned off during the experiments. The
pressure of molecular hydrogen (99.9995%) was monitored by a residual gas analyzer far
from the sample and not in line of sight. The sample was heated by direct passage of
current and the temperature calculated from the current and voltage (calibrated with a
pyrometer). Diffraction patterns were recorded by direct exposure of the electron beam onto
a photographic plate using the linear portion of the photographic emulsion. Negatives were
digitized using a linear photodiodc array connected to an AT&T PC. Background
subtraction was employed in peak intensity measurements.

Experiments at various pressures and exposure times were conducted and we present
data here for an exposure of 4x10~6 Torr of molecular hydrogen for ten minutes, 2400L. A
diffraction pattern was taken prior to exposure to confirm the 7x7 structure and then the
beam was turned off and the hydrogen was admitted to the chamber. A second pattern was
taken after the ten minute exposure. The beam was turned back on for the second picture
only after the chamber had been re-evacuated to a pressure <lx!0~8 Torr.



F i g . 1 T r a n s m i s s i o n e l e c t r o n d i f f r a c t i o n p a t t e r n o f c l e a n S i ( l l l ) 7 x 7 s u r f a c e at 1 0 0 k e V .

Results

The diffraction pattern for S i ( l l l ) with a clean 7x7 surface is shown in Figure 1. The
digitized intensities for the [1, 1/7], [1, 2/7], and [1, 3/7] (diffracted from the 7x7 surface)
spots are normalized to the [1,0] (bulk index 1/3 422) surface termination'22' spots. Then
the intensities after hydrogen exposure were normalized to the pre-exposure spot intensities
to show clearly the structural effect of molecular hydrogen, Figure 2. The error calculated
from the standard deviation of symmetry related spots is less than ] \ % and is attributed to
variation in sample thickness, orientational variation and to error in the measurement of
diffraction intensities. We are currently solving for the exact surface structures usi:^ a
least-squares method similar to the one employed by Robinson et a!.' ' However, for this
paper we are limited to a qualitative comparison of our diffraction patterns with pre!im::::.ry
computer modelling shown in figure 3. Figure 3b shows the 7x7 surface diffraction p:s:v,.-rn
with adatoms hut without the Si-Si dimers and figure 3e shows the surface with Si-Si diners
but wi ;h" i i i adan>:y,s.
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We find very little change in the 7x7 structure after 10 minutes of H2 exposure at room
temperature but significant structural change at temperatures above 400*C. The
hydrogenated structures resemble those seen by earlier LEED studies of the adsorption of
atomic hydrogen'11*15' and can only be modeled by atomic hydrogen chemically bonded to
the silicon surface. We have done adsorption versus time experiments with the beam on and
off and have found that the beam has no significant affect for the time that the beam is on,
=1 minute in these experiments. There are no heated filaments or surfaces in line of sight
with the sample or near the sample and the only other possible dissociation sights would be
the tantalum and molybdenum used to hold the sample. Both metal surfaces should be
covered in oxide and for the temperatures of this study RT-800*C any hydrogen dissociated
on the surface would still only leave the surface as H2.'23' Rutherford Backscattering
showed no detectable metal impurities on the surface and if it was a surface contamination
effect, from carbon or metals for instance, we would expect to see more of a sample to
sample variation than we have observed. We therefore conclude that molecular hydrogen is
interacting directly with the Si surface at elevated temperatures. We arc currently
conducting a low energy electron diffraction (LEED) experiment in another system to
confirm our results.



The hydrogenated structure in the 400-500'C range shows a big intensity drop in the
[1, 3/7] diffraction spot which suggests a hydrogen dimer interaction (see Fig. 3b).
However, the [0, 3/7] spots are still visible which would suggest that there is also an adatom
effect (see Fig. 3e). Therefore, we do not think the hydrogenated structure in this
temperature regime can be modeled by a simple Dimer Stacking Fault or Adatom Stacking
Fault model although the (Dimer Adatom Stacking Fault) DAS superstructure still appears to
be intact. We plan to continue detailed modeling with the exact atomic coordinates1241 to
solve for the structure.

In the 600-700*C range the hydrogenated structure shows a decrease in the intensity of
all the fractional order spots. This suggests that the hydrogen is randomly disrupting the
7x7 surface or that the stable surface structure at this temperature is a lx l . Since it is
known that hydrogen desorbs from a Si surface into vacuum in this temperature range1251 we
could be seeing a nonselective etching reaction or the desorption temperature could be
significantly higher at the pressure of 4xl0~6x of H2 and hydrogen could still be bound to
the surface. We are currently conducting an ultraviolet photoemission spectroscopy (UPS)
study in another chamber to resolve this question.

The structure at 780"C appears unmodified by the hydrogen suggesting that either the
hydrogen is not chemically interacting with the 7 x 7 or it is etching the surface without
disrupting the structure. The question of etching can be resolved by diffraction contrast
imaging in-situ. We also plan to investigate the hydrogen interaction for temperatures above
the 1 x 1 to 7 x 7 transition temperature.

Summary

Molecular hydrogen appears to dissociatively chemisorb onto the Si(lll) 7x7 surface at
elevated temperature. The structure of the stable hydrogenated surface changes with
temperature. In addition to the effect on the surface reconstruction the existence of a
transition temperature where hydrogen is no longer bonded to the surface but rather might
be etching the silicon should have significance in understanding CVD processes.

Special thanks to Mike McDonald and Frank Unterwald for their technical assistance
and to Don Bahnck for his specimen preparation. S. H. Wolff acknowledges support from
an Upton Fellowship. The work at Princeton University is supported by the Electric Power
Research Institute under contract No. RP2824-2.
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RBS/CHANNELING AND TEM ANALYSIS
OF THIN SANDWICHED EPI-LAYERS OF GERMANIUM ON SILICON.
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ABSTRACT

Si/Ge/Si (100) structures consisting of a thin epitaxial layer of Ge
(1-64 monolayers) on Si and covered with a 5 nm overlayer of epitaxial Si were
grown by MBE. The layers were analyzed by Rutherford backscattering(RBS)-
channeling and transmission electron microscopy (TEM). For structures
containing 4 or 8 monolayers of Ge, the channeling <110> angular scans showed
unusual features that could be due to imperfect steering of the ion beam in
the thin Si overlayer. Cross sectional TEM showed that the Ge epitaxy was
good for these Ge thicknesses, but that for an average Ge coverage of 16
monolayers, Ge hillocks up to 90 monolayers thick occurred.

INTRODUCTION

Strained layer superlattices (SLS's) consist of alternating thin layers
of materials in which the lattice parameter mismatch is accommodated by
elastic strain. SLS's have attracted considerable interest in recent years
because of their unique, tailorable optical and electric properties [1,2].
Although layered structures consisting of compound semiconductors have been
studied most [3,4], the Ge-Si system is of special interest because of the
possibility of creating a direct band gap material [2,5,6]. New optical
transitions have been reported for multilayer structures consisting of
alternating layers of 1, 2, 4, or 6 monolayers of Ge and Si [6].

An essential contribution to the development of optoelectronic devices
based on this concept is the understanding of the strain in such multilayers
of Ge and Si, including the maximum strain achievable for a single layer and
for multilayers, before misfit dislocations are generated [7,8]. The elastic
strain and critical thickness of such layers have been studied by ion
channeling, x-ray analysis and electron microscopy [8-10]. By the ion
channeling method, strain in single layers can be studied with or without a
protecting overlayer.

In the present work, thin layers of Ge were deposited on Si by MBE, and
sandwiched by an overlayer of Si. The structures were examined by
RBS/channeling and by TEM.

EXPERIMENTAL PROCEDURE

Single epitaxial Ge films of 1-64 monolayers thickness were grown [11,12]
by molecular beam epitaxy (MBE) on a (100) Si substrate (-10 Qcm p-type); an
overlayer of 5 nm of Si was then deposited under the same conditions. A
Vacuum Generators V80 system at a base pressure of 5x10" mbar (5xl0~'Pa) was
used. Two growth conditions were compared: 0.05 nm s at 430*C and 0.02 nm
s"1 at 470'C.

Cross sectional transmission electron microscopy (XTEM) using a Philips
EM430 at 300 kV was employed to evaluate the film uniformity and defect
distribution. Rutherford Backscattering (RBS)/channeling was used to
determine the lattice strain and crystal quality of the epilayers. For
channeling measurements, 2 MeV He* ions obtained from the UNC 2.5 MV Van de



Graaff accelerator were backscattered from the samples mounted on a
computerized two-axis goniometer, and the energy analysis was done via
standard pulse height analysis with surface barrier detectors. Angular scans
through <100> and <110> axial channels, and inclined {110} planar channels
were recorded. The quality of epitaxy was determined by the normalized yield
for <100> or <110> alignment, and the lattice strain in the Ge layer, caused
by the 4.182 lattice parameter mismatch between Ge and Si, was studied by
comparison of the angular scan data from Si and Ge layers for the non-normal
incidence conditions, namely <110> and {110} scans.

RESULTS

Angular scans through a <110> axis, taken along a {100} plane, are shown
in Fig. 1 for three sandwiched Si/Ce/Si structures grown at 470*C at a rate of
0.02 nra/s. Data are shown for 4, 8, and 16 monolayers of Ge, each with an
overlayer of -5 run of Si. Backscattering yields for the Ge layers are
compared with yields obtained from the Si substrate near the Ge/Si
interface. For clarity, only one set of Si RBS yields is shown; the others
were similar.

<IIO> SCAN ALONG {lOo}
o Si

x 4MLGe
• SMLGe
A l6MLGe

-1.6 -1.2 -0.8 -0.4 O 0.4 O.8 1.2
ANGLE FROM <IIO> ALIGNMENT

1.6 2.0

Fig. 1 Angular scans through a <110> axial channel, taken along a {100} plane
at room temperature, using 2 MeV He+ ions. Normalized RBS yields from
Si atoms and from Ge sandwiched layers of 4, 8, and 16 aonolayers
are shown.



The low aligned normalized yields xc from Ce atoms for the 4 and 8 ML
cases indicated relatively good epitaxial layers. The <100> yields before the
angular scans were X(je * °«07 a n d 0.05 for the 4 and 8 ML samples,
respectively, which were somewhat greater than the silicon (substrate) yields
Xgj * 0.03, indicating some imperfections in the Ge epitaxy. The <110> yields
for the 4 and 8 ML samples were Xge * 0.11 and 0.05 compared with Xgj * °«

02

for the substrate Si layers. The larger <110> Ge yield for the 4 ML Ce layer
could indicate more strain in this sample than in the 8 ML sample, perhaps
because the film was not uniform in thickness, or because significant mixing
of Ge and Si occurred in the 8 ML film. In contrast, the Ge aligned yield for
the 16 ML case was =0.43 for both <100> and <110> channels, indicating poor
epitaxy. For all three samples, elastic strain in the Ge epilayer was shown
by the difference in the angles for <110> alignment observed for Ge and Si
atoms.

The <110> angular scans for the 4 ML sample showed considerable asymmetry
in the yield for the shoulder region (at 0.6 to 1.8s from <110> alignment),
and very broad shoulders. (For similar samples, but having an overlayer of
about 20nm, Feldman et al [5] observed considerably greater asymmetry, and
much narrower shoulders.) The Ge alignment was displaced a small amount,
0.07s, compared with that for the Si substrate. For the 8 ML Ge sample, the
asymmetry in yield for the shoulder region of the <110> angular scan was more
pronounced than that observed for the 4 ML sample, and the shift in alignment
was also greater, 0.17s.

As Feldman et al [5] have discussed, both the asymmetry and shift in
alignment can be understood qualitatively by the strain in the Ge layers
caused by the 4.22 mismatch in lattice spacing between Ge and Si. The ion
beam becomes partially channeled within the Si overlayer, and thus interacts
asymmetrically with the Ge atoms, which are displaced into the channeled beam,
as illustrated in Fig. 2. For a beam directed near the channel wall of the Si

STRAINED Si/Ge/Si

<IOO>

o o
) O I

Si OVERLAYER

Ge LAYER

Si SUBSTRATE

v

Fig. 2 Schematic drawing of a Si/Ge/Si strained sandwich structure,
illustrating the displacement, of Ge atoms into <110> channels.



on the high angle side (left side of Pig. 1), Che Ge atoms project into the
bean path, giving an enhanced backscattering yield. On the other hand, a beam
directed near the Si channel wall on the low angle side is shielded from the
Ce atoms, giving a lower yield. For thinner layers of Ge, the average
displacement of the Ge atoms into the channel is smaller than for thicker Ge
layers. Thus the asymmetry is weaker for the 4 ML case than for the 8 ML
case. However, for the thicker Ge layers, some steering occurs which tends to
decrease the shoulder yields. In our experiments, the thin Si overlayer
produced rather poor steering of the beam before it reached the Ge layer,
resulting in a much lower asymmetry compared with Feldman et al's results
[5]. These effects have been discussed in detail for the InGaAs/GaAs system
by Stevens et al [13], and we are simulating them by Monte Carlo analysis.

The shift in <110> alignment for Ge and Si yields is due to steering
effects within the Ge layers. For the 8 ML Ge case, the shift was larger than
for the 4 ML Ge sample because of the greater path length available for
channeling within the Ge layer.

{110} planar channeling data for the 4, 8, and 16 ML Ge samples are shown
in Fig. 3. Here also the Si scan is shown only for the 8 ML sample. The
asymmetry in Ge yields near the channel edges is much less pronounced than for
the <110> axial scan. The shifts in alignment for the 4 ML and 8 ML Ge cases
were somewhat smaller than observed for the axial data. The shifts were O.0S1
and 0.096*. From these data, it is also clear that the epitaxy of the 4 and 8
ML Ge layers was good, but the 16 ML Ge showed poor epitaxy.
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Fig. 3 Angular scan through a {110} planar channel at room temperature,
using 2 MeV He+ ions. Normalized RBS yields from Si atoms and from
Ge sandwiched layers of 4, 8, and 16 monolayers are shown.



A detailed understanding of these data awaits Monte Carlo simulations;
preliminary results indicate that the unusual channeling features are caused
partly by incomplete channeling in the thin Si overlayer, and partly by Si/Ce
mixing in the Ce layer. Raman scattering results [14] have shown that
considerable Si/Ce bonding occurred in the 8 ML Ge layer.

An XTEM image of the 8 ML Ge sample is shown in Fig. 4 (top plate). The
Ge layer was quite uniform and the 5 nm Si overlayer is clearly visible. The
atomic planes through these two layers and the Si substrate are seen to be
continuous, demonstrating the good epitaxy. No dislocations or twins were
observed.

An XTEM photograph of the 16 ML sample is shown in Fig. 4 (bottom
plate). Here, a pronounced irregularity in the Ge film thickness is
apparent. Hillocks of Ge up co 90 ML thick are seen; in other atomic
resolution micrographs, the Ge is seen to be epitaxial but heavily faulted.

Samples grown at a faster speed, 0.05nm/s, and at a lower temperature,
430 °C, showed good epitaxy and uniform Ge layers. Raman scattering data
indicated that there was less Ge/Si mixing in layers grown at lower
temperatures.

surface

Ge

Ge

Fig. 4 Cross sectional TEM micrographs of the 8 ML Ge sample (top),
and the 16 ML Ge sample (bottom) of Figs. 1 and 3.



CONCLUSIONS

The present results have shown that good epitaxial single layers of up to
8 ML of Ce were grown by MBE on a Si substrate, with thin overlayers of Si.
For relatively low growth rates and high growth temperatures, Ce clustering
was observed for Ge thicknesses greater than 8 ML. Some unusual features of
the channeling <110> angular scans were most likely due to only a partial
steering of the ion beam through the thin Si overlayer. There were also
indications of Si/Ce mixing in the Ge layers.

The authors are grateful to D.J. Lockwood and L.C. Feldman for useful
discussions.
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ELECTROCHEMICAL BEHAVIOUR OF LAMELLAR INTERFACES

IN CoO - ZrO2(CaO) ALIGNED EUTECTIC STRUCTURES

SUBMITTED TO CHEMICAL REDUCTION
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INTRODUCTION'

In a previous study we have examined the reduction of nickel

oxide into nickel in NiO-ZrO2{CaO) aligned lamellar eutectic

structures [1-2]. From the data which vrere obtained, we developed

a model accounting for the fast reduction of nickel oxide ; in

particular it was shown that reduction takes place through the

action of an electrochemical local cell, involving fast transport

of oxygen to the sample surface through the cubic zirconia phase

[2).

The purpose of the work reported here was to study the

reduction of cobalt oxide in a CoO-Zr02(CaO) lamellar eutectic

and to examine the kinetics of the reduction process in the light

of the electrochemical cell model previously mentioned.

EXPERIMENTAL

Aligned oxide-oxide eutectic structures were grown in the

system CoO-Zr02(CaO) by directional solidification in an image-

furnace. Growth experiments were carried out under argon in order

to avoid formation of C03O4 . Details on the technique are given

elsewhere [3-4 ] .

Best results in terms of phase alignment and absence of

primary phase were obtained for a starting composition of 73.5

molX CoO - 22.5 molX ZrO2 and 4 roolX CaO, the last two oxides

being chosen in proportions corresponding to a ZrO2 - 15 molX CaO

stabilized cubic zirconia, noted hereafter ZrO2(c).



ii.e lesultin:: aligned eutectic composites are made of

alternate plates of CoO and ZrO2(c) parallel to the growth

direction with thicknesses approximating 1 um for each phase

(Fig. i J. The volume fraction of CoO is about 0.61. Electron

probe incToanalysis indicated a solubility of 9 mol% CoO in

ZrOz(c ) and no solubility of ZrO2 in CoO.

Fig. 1 - Longitudinal section

of CoO-Zr02(CaO) lamellar

eutectic directionally

solidified at 1.5 cm.h"1.

Microfragments of the directionally solidified samples ori-

ented along growth direction were studied by X-ray diffraction

methods (rotating crystal, Veissenberg and Buerger precession) to

determine preferred growth direction and orientation relation-

ships between phases.

After determining sample orientation, optical and scanning

electron microscopy were used to specify the interface plane

along a procedure already used [5]. Growth directions are mainly

[231] for cobalt oxide and 1013] for calcia - stabilized zirconia

and orientation relationships are [110] CoO // [001] ZrO2(CaO)

and (111) CoO // (100) ZrO2(CaO). The interface planes are (111)

for CoO and (100) for ZrO2(CaO) [6].

Paralleiepiped - shaped samples elongated in the solidifi-

cation direction and single cristalline CoO were submitted to a

chemical reduction treatment at 1O75*C under C0/CO2 mixtures

{Pco2 / Pco = 3.9) c o r r e s p o n d i n g to P02 = 2 . 3 1 0 - 1 2 atm. for

reaction times ranging from 1 to 3 hours, i.e, in conditions

where CoO should be partially reduced to cobalt.



:i :

\:.e ; eacted samples was analyzed by

•- •- i 10:1 microscopy.

in r ; _.

ori?'; .•: si

m a i n t ••>!::•

. . • -; :-.ict .i: •-• resulting from reduction is presented

. . •. v. iii.h it Ceii; £•? teen that the aligned nature of the

•;•:'...:ic structure and the cohesion between plates are

Fig. 2 - Optical observation of

the reduction front in the

longitudinal direction of an

eutectic CoO-ZrO2(CaO) showing

in the upper part of the picture

the oxide-oxide eutectic and

below, the Co-Zr02(CaO)

composite.

REPRODUCED FROM BEST
AVAILABLE COPY

The r.ioi uhoioay of the partially reduced specimens is very

simi 1 ;r tu :\iixi observed in the NiO-ZrO2 {CaO > system. One can see

that it-.!-:' : i • :i the longitudinal direction has created a rather

regular .Hrr.»y of cracks parallel to the lamellae with a spacing

of ah-: ii- >0 u-ii. These c rucks provide accurately the 42% reduction

in volume a'rs-oci.ited with the transformation of CoO to Co.

The- .-!.:.ip.:- of the reduction front (interface Co/CoO) is

I in F \ A . :i. One can see the presence of cobalt forks in the

CoO uf.as~ •• t }.-:• CoO/ZrO.-(CaO) interface. Such forks are about 30

pm :'-!.;• i-.!\-.r 3 I.CJI rc-dnct icn at 1O75"C, and correspond to

angles bet.'.;:. the Co/CuO nnd Co0/ZrO2 interfaces, of about 2'.



Fig. 3 - Scanning electron

micrograph observation of a

Co/CoO interface showing long

forks in an aligned

Co-Zr02(CaO) eutectic.

REDUCTION KINETICS

The chemical reduction of CoO in CoO-Zr02{CaO) lamellar

eutectic is much faster than that observed in the same conditions

for single crystalline CoO. In the case of single crystals, the

oxide surface is covered by a cobalt layer which slows down

further reduction.

Fig. 4 shows the reduction scheme and the notation used for

the formulation of the kinetics equations for an internal reduc-

tion process of CoO to Co in a lamellar eutectic CoO-Zr02(CaO)

composite partially reduced under a CO2/CO mixture.

GAS P H A S E

Fig. 4 - Schematic diagram of a

cross-section of the Co/CoO

interface in a lamellar eutectic

CoO-Zr02(CaO) partially reduced

at high temperature under a

CO2/CO mixture.

Similar to our previous investigation of the reduction of

NiO in the NiO-ZrO2(CaO) eutectic, it appears that diffusion of

atomic oxygen to the external surface takes place through zirco-

nia, while electrons reach the reduction front in the interior of

the sample through the nickel phase.



The equations describing the three interfacial reactions

may be written as follows :

- at the composite/gas interface :

CO(g) + O2"(ZrO2) ^CO2(g) + 2e-(Co) + Vo(ZrOz)

- at the internal CoO/Co interface :

CoO •» Co + 0

- at the internal Co/Zr02 interface :

O(Co) + Vo(Zr02) + 2e-{Co) »-O2-

If the reduction kinetics, at steady-state, are controlled

by the conduction of oxygen ions through the ZrO2 plate to the

surface and if the lateral diffusion of atomic oxygen (in the

direction XJ to reach the Co/Zr02 interface is negligible, the

thickness of the cobalt product layer can be calculated, using

the analysis of the reduction process mentioned above for the

NiO-ZrO2(CaO) eutectic [2]. A steady state solution can be found

with the internal reduction front advancing according to a

parabolic rate law Y2 = kt where Y is the longitudinal reduction

depth (Fig. 4) and k the parabolic rate constant given by :

k = 6 a Vcoo/2F2A [AG°coo - AG°co2 + flG°co - RT In Pco2/Pco] [1]

where a is the electrical conductivity of the CaO-doped ZrO2

phase, 8 and & are the half-thicknesses of the CoO and ZrO2

plates, Vcoo is the molar volume of CoO, and F = 96490 C.

Taking a = 0.05 ohm"1.cm"1, 6/A = 0.64, Vcoo = 11.64 cm3

and AG°coo = -139262 J.mol"1, AG°co2 = -395168 J.mol-i and

flG°co = -228984 J.mol"1, we have calculated the depth of the CoO

reduction at 1075'C. For Pco2/Pco = 3.9 one gets :

Y2 (cm2) = 2.08 10-' (cm2.s-M . t Is) [2J

Experimental data expressing the variation of Y as a func-

tion of time are presented fig. 5, together with the graph corre-

sponding to equation [2]. The very good agreement between our



experimental data and those calculated through our model for the

reduction of CoO into Co in CoO-Zr02(CaO) aligned eutectics seems

to confirm the validity of the electrochemical process already

used to describe the reduction of NiO in the NiO-ZrO2(CaO)

eutectic.

Y . m
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1

# CoO-ZrO,(CiO)

A. CoO single crystal

. •

Jk
1 i
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Fig. 5 - Comparison of experimental results and calculated

values, corresponding to the predictions based on our

electrochemical model, for the depth of Co in the longitudinal

direction for CoO-Zr02(CaO) eutectic exposed to CO2/CO gazeous

mixtures at 1075*C (P02 = 2.3 10"12 atm.).
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