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Abstract
Ion irradiation initiates several processes that can alter the composi-

tion of the target. This presentation provides an overview of our current
understanding of these kinetic processes, which include implantation,
sputtering, displacement mixing, radiation-enhanced diffusion, and radia-
tion-induced segregation. The latter two effects can alter the target
composition to depths that are substantially greater than the projected ion
range.
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Introduction

Ion implantation is unsurpassed in its ability to produce a wide vari-
ety of alloys in a controlled, and therefore reproducible, manner (1-3).
Because ions deposit energy at high densities over extremely short times,
ion implantation circumvents many constraints imposed on more conventional
alloying techniques by low solid-state diffusivities and solubilities, and
thus can be used to generate highly nonequilibrium alloy concentrations.
On the other hand, implantation conditions can also be adjusted to enhance
diffusionel processes, and thus create equilibrium states that would other-
wise require unacceptably long aging times. This flexibility, coupled with
the knowledge that near-surface composition and microstructure often play
critical roles in determining the usefulness of materials for technological
applications, has generated considerable interest in using ion beams to
modify materials.

Although early semiconductor applications utilized relatively low
implanted doses (10 cm"2), it became clear early that much higher
doses (10 cm ) were required to substantially alter most of the
physical and chemical properties of interest in metals (4-5). It was also
clear that alloyed layers for metal applications should in general be
significantly thicker than those typically employed in semiconductor
applications. The need to produce thicker alloyed layers with
substantially higher alloying concentrations for metals applications has
led in recent years to "he development of two new ion-beam techniques for
modifying surfaces, namely ion-beam mixing (6) and ion-beam-assisted
deposition (7). Ion-beam mixing exploits the extensive mass transport that
occurs during ion bombardment to mix a pre-deposited surface layer with an
underlying substrate, thereby achieving higher alloying concentrations at
substantially lower ion doses. In ion-beam-assisted deposition, an ion
beam impacts a sample surface onto which material is simultaneously being
deposited by, for example, thermal evaporation or physical sputtering. In
this manner, the ion penetration depth imposes no fundamental limitation on
the total thickness of the modified layer generated during ion-assisted
deposition. Ion-beam mixing and ion-assisted deposition have therefore
greatly expanded the range of potential applications of ion-beam surface
modification.

As the ion energy is dissipated, several processes are initiated that
modify both the composition and microstructure of the target material.
Because substantially higher doses are typically employed, these secondary
processes assume increased significance for metals applications. Hence
these processes must be understood, and in fact even exploited, if the full
benefits of ion implantation are to be realized.

This paper provides a brief overview of our current understanding of
these defect production and migration processes, which include implanta-
tion, sputtering, displacement mixing, radiation-enhanced diffusion, and
radiation-induced segregation. These secondary processes can be orders of
magnitude more efficient than direct implantation at modifying the micro-
structure, and therefore the properties, of ion-bombarded materials. Two of
them can also alter the target composition to depths that are substantially
greater than the projected ion range (8). Because the relative contri-
butions of the individual kinetic processes can vary by orders of magni-
tude, p. rich variety of ion-beam modified microstructures can be generated
by adjusting various experimental parameters such as the irradiation
temperature and initial near-surface composition, as well as the mass,
energy and current-density of the impinging ions.



Implantation and Defect Production

The mechanisms by which metal targets absorb the energy of the
impinging ion-beam are discussed in this section. Typical energies used
for the implantation of metals vary between approximately 50 and 500 keV;
interest is however increasing in going to higher and higher (several MeV)
energies. The injected ions lose energy rapidly (<10 s) during
collisions with the electrons and nuclei of the target, producing
implantation depths on the order of tens to several hundreds of
Angstroms. Very light ions and high energies can produce ranges as large
as many micrometers.

Energy loss processes have been investigated for many years, and the
depth distribution of implanted ions can generally be calculated to an
accuracy of better than 10% for low (<10 cm" ) doses and low tempera-
tures. New calculational approaches are available for treating mutilayer
and nonplanar targets (9,10); however the accuracy of such calculations is
generally less than for more homogeneous targets. Useful overviews of the
ion stopping process, including simple formulas and tables that provide
fairly good estimates of the ion range and straggling for a wide range of
ion species and energies, can be found in Refs. 11 and 12. For a mono-
energetic implant at low temperatures and doses, the statistics of the
collisional processes produce a depth distribution that is very close to
Gaussian, and therefore that can be characterized quite accurately by two
moments, the projected range, Rp, and the straggling, ARp. Of course
implants at different energies can be utilized to generate a more uniform
implanted layer.

Ion implantation is, at first glance, a highly noneguilibrium alloying
process. As mentioned above, doses on the order of 10 cm are
required to alter most properties of interest in metals. Implantation to
these levels typically transfers 100's to 1000's of eVs of energy to each
atom in the implanted range, producing large numbers of point defects and
extensive mass transport. As a result, atoms are physically displaced from
their lattice sites many times during a typical implantation. Since the
defect production and subsequent recovery processes determine the final
distribution of alloying components, understanding these processes provides
one key for predicting property changes that result from ion-bombardment.

Collisions between the injected ions and target atoms produce both
isolated Frenkel defects (vacancy-interstitial pairs) and energetic dis-
placement cascades (large numbers of displaced atoms in close proximity to
each other). The cross section for producing displacements generally peaks
at relatively low energies, placing the defect production peak at a slight-
ly shallower depth than the peak of the implanted profile. For many years,
calculations of the number of times an atom was displaced from its lattice
site, i.e. the number of displacements per atom (dpa), have been used to
normalize the effects of defect production due to ions with different
masses and energies. It has however become very clear that whether defects
are produced predominantly as isolated Frenkel pairs, or within energetic
displacement cascades, is a key factor in determining the efficiencies of
the different mass transport processes, and hence, the final distribution
of alloying components and phases in the implanted layer (8,11). The
fraction of isolated defects relative to that produced by cascades can be
inferred from the calculated distribution of energies transferred from the
incoming ion to target atoms, i.e. the spectrum of primary recoil energies.
For understanding the defect production and migration processes, the
function of primary interest is the primary-recoil spectrum weighted by the



total number of Frenkel defects produced by each recoiling atom (13). Such
information, although relatively straightforward to calculate using
standard computer codes, has far too often been neglected in studies that
address the effects of ion implantation on microstructures and proper-
ties. More detailed discussions of the weighted recoil spectra can be
found in Refs. 13 and 14.

Qualitatively, defect production as a function of primary recoil energy
occurs as follows. In most metals, the minimum energy required to produce
a stable Frenkel pair is between 15 and 30 eV. As primary recoil events
increase in energy from tens to hundreds of eV, defect production changes
from the introduction of isolated Frenkel pairs to the generation of
several defects in close proximity to each other. Cascade regions of high
defect densities can be clearly distinguished in computer simulation
studies for primary recoil energies greater that ~1 keV, an energy which
produces an average of about ten vacancy-interstitial pairs in a volume
~3 nm in diameter. For energies > 10 keV, subcascades begin to develop.
Weighted-average, primary-recoil spectra can therefore be used to estimate
the relative contributions from displacement cascades or isolated Frenkel
pairs to experimentally observed changes (15).

At elevated temperatures, typically a few to several hundred degrees
above room temperature, the isolated defects and their small clusters are
free to migrate, leading to additional mass transport. However, the
fraction of such freely-migrating defects is reduced drastically by
enhanced annihilation due to the close proximity of large numbers of
defects produced in energetic displacement cascades. The high energy
densities generated within displacement cascades have important additional
consequences. For example, one of the most significant findings over the
past few years is that much of the nonequilibrium alloy distributions
initially generated via atomic displacements are quickly lost, even at very
low ambient temperatures, as a result of intracascade recovery processes
resulting from the high local energy deposition.

To see this, we first look at the time development of the energy
deposition and dissipation resulting from a relatively energetic inter-
action between an ion and target nucleus. Although current calculations
are limited to pure materials and recoil energies < 5 keV, computer
simulations using molecular dynamics provide the most detailed guide to
what happens during the brief lifetime of a cascade. In Fig. 1, the
results of a molecular-dynamics simulation study by Guinan and Kinney (17)
of a 600 eV ( ) and a 2.5 keV ( ) cascade in W are shown. The number
of displaced atoms is plotted as a function of elapsed time since the
initial collision. The simulations reveal that the initial kinetic energy
of the primary knock-on atom is distributed via target atom collisions in a
few tenths of a picosecond, creating a cascade region containing a very
high density of mostly unstable defects. During this "collisional" phase
the average kinetic energy of the atoms within the cascade greatly exceeds
their average potential energy. In a subsequent time of about one pico-
second, many of the defects are eliminated by spontaneous recombination of
nearby vacancy and interstitial defects. At the end of this second "relax-
ational" phase, the average potential and kinetic energies of the atoms are
approximately equal. In the final cooling (or "thermal-spike") phase,
lasting several ps, some recombination of migrating defects occurs and the
excess kinetic energy dissipates into the surrounding lattice. The calcula-
tions assume an initial target temperature of absolute zero. Clearly the
final cooling phase will last for longer times at higher host-lattice
temperatures.



Other simulations have shown that a Maxwell-Boltzman (thermal-like)
distribution of energies is achieved at times as short as 1 ps (18), and
that the radial distribution function for atom positions looks "liquid-
like" immediately following the collisional phase (19,20). Unfortunately,
analysis of experimental resuLts to obtain detailed information on indivi-
dual cascades is complicated by three factors, the extremely short cascade
lifetime, the very small cascade volume, and the fact that a broad spectrum
of recoil energies is typically produced during ion bombardment. As
discussed further in Section 4, however, considerable evidence has been
amassed in recent years that strongly supports the intracascade recovery
process outlined here. That is, highly nonequilibrium effects are
generated early in the nascent cascade by the collisional processes, but
much of this is lost as a result of atomic motion during the subsequent
relaxational and cooling phases.

Sputtering

In addition to the direct implantation effect, the composition of the
target can also be changed by sputtering. Some of the atoms that are
displaced from sites in the outermost surface layers receive sufficient
energy to be permanently ejected, or sputtered, from the target. In many
alloys, the components are sputtered in proportions that are initially
different from their bulk composition, resulting in a net compositional
change of the target. For most ion-substrate combinations of interest
here, the sputter yield, i.e. the ratio of sputtered to implanted atoms,
exceeds unity, sometimes by as much as a factor of 100. Because the number
of sputtered atoms generally exceeds the number of implanted ions, the
sputter-induced compositional change can exceed that due to implantation.

An extensive tabulation of sputtering yields of pure materials has been
compiled by Anderson and Bay (21); sputtering of muticomponent alloys has
been reviewed by Betz and Wehner (22). Conservation af matter requires
that after long times, the concentration of the atoms sputtered from the
surface must equal the bulk composition. Initially, however, these compo-
sitions can differ, which produces an altered, near-surface layer. Such
changes are referred to generically as "preferential sputtering" , although
more precise definitions of preferential sputtering have been formulated
(23,24).

In general, since the sputtered atoms are initiated directly by colli-
sional events, the sputtering yield from elemental targets is essentially
independent of temperature until very near melting, and no dose-rate
dependence is observed. The average range of displaced atoms in a solid is
small; therefore, sputtered atoms come predominantly from the top few atom
layers. However, displacement mixing can spread these changes to approxi-
mately the depth, Rp, and as discussed in more detail later in this paper,
radiation-enhanced diffusion and radiation-induced segregation can extend
the sputter-induced compositional changes to substantially greater depths.

Another important consequence of sputtering is that it limits the
maximum atom fraction that can be implanted to approximately the inverse of
the sputter yield. Hence it is frequently not possible by direct
implantation to achieve the large concentrations necessary for altering the
properties of metals. Grabowski et al. (25) have calculated the effects of
sputtering on implanted concentration profiles using several simplifying
assumptions and a model first developed by Schulz and Wittmaack (26). They
assume that the implanted species occupies no volume, that the sputter
yield and projected range remain constant, and that no displacement mixing



or diffusional processes occur. The calculated evolution of the implanted
profile with increasing dose is shown in Fig. 2 for the somewhat typical
condition that R = /2ARp. Here, F£on is the atomic fraction of implanted
ions, S is the sputter yield, and w is the thickness in units of Rp that
has been removed by sputtering. A steady-state condition is achieved when
the partial sputtering yield of the implanted species reaches unity, which
requires removal of a thickness of approximately 3 Rp.

These same authors have expanded the model to investigate, to first
order, the functional dependence of the retained dose on the angle of
incidence. This is an important consideration in dealing with ion-beam
modification of components with complex shapes (27). In particular,
grazing incidence enhances sputtering while reducing Rp, and thus can
greatly reduce the retained dose. From comparison with experiment,
Grabowski et al. (25) conclude that near steady-state, net implanted
concentrations follow quite closely a (cos 6) dependence, where 8 is
the angle between the surface normal and the beam direction. The retained
dose falls off more gradually with increasing 9 at lower doses.

Methods that delay the approach to steady-state can be used to circum-
vent the limit on retained dose that is imposed by sputtering. As
mentioned above, the vast majority (>95%) of sputtered atoms originate in
the outermost one or two atomic layers. By adjusting the composition of
the very surface layers, sputtering of the implanted element can be
reduced. One method is to form a thin "contaminant" layer, say an oxide
coating or a hydrocarbon deposit directly on the implanted surface. In
fact, the formation of a tenacious oxide layer has been invoked by Potter
et al. (28) to account for the much larger than expected concentrations
(> 75%) of Al they have found after high dose implantation into Ni speci-
mens. Gibbsian adsorption, i.e. the thermodynamically driven formation of
a segregated surface monolayer of a minor alloying element, should allow a
similar enhancement in the retained dose to be achieved (29). Of course
slightly elevated implantation temperatures, which would allow replenish-
ment of the segregated element from deeper depths, could be expected to
enhance this beneficial consequence of Gibbsian segregation even further.

Displacement Mixing

The random displacement of lattice atoms during irradiation also tends
to homogenize any concentration gradients that exist initially in the
target, e.g. surface oxides or intentionally deposited surface layers.
Considerable experimental and theoretical effort has been expended over the
past several years to obtain information about the fundamental processes by
which ions "mix' layers of various elements (30). This effort has been
motivated by the recognition that no other process is as efficient as
ion-beam mixing for introducing large, nonequilibrium concentrations of
alloying elements into a wide variety of hosts under carefully controlled
conditions. Further motivation arises from the fact that ion-beam mixing
is the fundamental process in ion-assisted deposition. Note that by using
a predeposited surface layer, ion-beam mixing also can circumvent the
sputter-imposed limitation on maximum retained dose.

Three contributions to the ion-beam mixing process have been identi-
fied: recoil implantation, collisional mixing, and mass transport during
the cascade cooling phase (also called "thermal-spike diffusion"). Recoil
implantation refers to relatively large inward displacements of primary
recoil atoms that receive substantial (> several keV) energy transfers.
Although clearly identified in certain selected experiments, typical recoil



implantation rates are low because of the small number of high-energy
recoils that are generated. Collisional mixing refers to the isotropic
transport of atoms arising from secondary and higher order recoil events
(typical energies > 25 eV). Because of the much greater number of atoms
involved, collisional mixing is generally significantly larger than recoil
implantation. Several experiments (30) have clearly demonstrated that mass
transport during the cascade cooling phase (typical energies of 1-2 eV), is
normally dominant in metallic systems.

Since mixing during the cooling phase is strongly influenced by thermo-
dynamic driving forces, it can add or subtract from the more random mixing
induced by high-energy recoils earlier in the nascent cascade. An example
of this can be seen in Fig. 3, taken from the work of Averback et al. (31)
Here, Rutherford backscattering spectra taken before (solid line) and after
(individual data points) ion-beam mixing of two different bilayer speci-
mens, Cu-Mo and Cu-Nb, are plotted. Since Cu is the underlying material in
both cases, mixing of the layers changes the slope at both the leading edge
of the copper signal, as well as at the trailing edge of the signal from
the second element. Nb and Mo have nearly the same atomic masses, densi-
ties and melting points, making the collisional aspects in the two layers
very similar. Although there is virtually no mutual solubility of either
Nb or Mo with Cu, Cu-Mo has a significantly larger positive heat of mixing
than does Cu-Nb. This difference in thermodynamic properties clearly
manifests itself even in the very low temperature (6 K) results, where
mixing is significant in Cu-Nb, but much less is seen in Cu-Mo. We also
see from Fig. 3 that the amount of mixing at room temperature in both
specimens is reduced from the value at 6 K. This shows that the additional
mobility that occurs during the longer cooling phase at higher temperature
removes even more of the mixing generated by the ballistic and collisional
processes. Hence for alloy systems that have positive heats of mixing,
lower irradiation temperatures lead to more efficient intermixing. For
negative heats of mixing, higher temperatures will be more efficient.

A linear dependence of the mixing efficiency on the heat of mixing was
demonstrated by Cheng et al. (32) Recent measurements by Ding et al. (33)
have confirmed that a similar dependence holds for the mixing of amorphous
layers. Their results for the squares of the interdiffusion distances
measured for the mixing of Au/Zr, Fe/Zr, and Ni/Zr bilayers at temperatures
of 300 and 525 K during 1-MeV Kr irradiation are displayed in Fig. 4. The
calculated heats of mixing are -0.76, -0.50 and -0.10 eV for Au/Zr, Ni/Zr
and Fe/Zr, respectively; all three systems form amorphous mixed layers
under these conditions. As in the earlier study by Cheng et al. (32), a
linear dependence is in fact observed. In agreement with the relative
values for the calculated heats of mixing, the mixing is greatest in Au/Zr,
significantly less in Ni/Zr, and the least in Fe/Zr. Note that the slope
is greater at the higher mixing temperature, demonstrating that the
influence of the heat of mixing on the mixing efficiency is stronger when
the cascade cooling phase is of longer duration. Note that since the
Darken term, which corrects for the thermodynamic driving force on
diffusion in a chemical gradient, has a T dependence, this stronger
dependence at higher temperatures is the opposite of that expected if the
ambient specimen temperature were activating the interdiffusion.

In crystalline Zr the diffusion coefficient of Ni in the absence of
irradiation is about the same as the diffusivity of Fe, but about five
orders of magnitude larger than that of Au. In amorphous NicnZrcn, the
diffusivity of Ni is about three orders of magnitude greater than that of
Au, and about ten times greater than that of Fe. Hence no correlation of



the mixing results in Fig. 4 with the existing thermal interdiffusion data
is apparent, even at the higher temperatures.

In general, three temperature regimes of ion-beam mixing have been
clearly identified: low-temperatures, where only a weak dependence of
mixing rates on irradiation temperature is found; intermediate tempera-
tures, typically beginning near or slightly above room temperature, where
mixing rates become more strongly dependent upon temperature; and
high-temperatures, typically above about 0.6 of the absolute melting
temperature, where the additional mass transport induced by irradiation is
substantially less than the rate of thermally induced interdiffusion, and
therefore where irradiation-induced mixing becomes insignificant relative
to thermal processes.

The first observation of a substantial change in the efficiency of
ion-beam mixing as a function of temperature was by Matteson et al. (34),
who measured the interdiffusion in Nb/Si bilayer specimens during irradi-
ation with 275 keV Si ions (Fig. 5). The sharp increase in mixing
efficiency that occurs above ~200°C appears, at least on the basis of the
limited data, to exhibit Arrhenius behavior. Ion-beam mixing in poly-
crystalline films of many different materials has subsequently been shown
to exhibit a similar temperature dependence. The two regimes of apparent
Arrhenius behavior have become known as "Q-Curve" behavior, and the vast
majority of authors have attributed the increase in mixing in the higher
temperature regime to an increase in diffusion due to irradiation-induced,
freely-migrating defects (34,35).

Clealy, the intermixing in the upper Arrhenius regime (Fig. 4) is
"enhanced" by irradiation, and also "enhanced" relative to that at lower
temperatures. However, it has been pointed out elsewhere (36) that this
enhancement differs significantly from that seen in recent measurements of
the contributions from freely-migrating defects to diffusion in large-
grained and single-crystal specimens. In particular, the onset temperature
where freely migrating defects contribute is significantly higher than
where the break occurs in the Q-curve. Hence the higher temperature
portion of the Q-curve cannot be attribted to true radiation-enhanced
diffusion. Identifying the correct mechanism for the mixing enhancement
seen in the higher temperature portion of the Q-curve has important
technological implications, since freely-migrating defects can be expected
to promote the development of equilibrium surface layers, while alternate
mechanisms may lead to more nonequilibrium phases.

Radiation-Enhanced Diffusion and Radiation-Induced Segregation

Two additional mechanisms that affect the near-surface composition can
occur at temperatures where the defects produced by irradiation are free to
migrate long distances. Single point defects and their small clusters
typically become mobile near or even below room temperature. However,
because large defect clusters serve as effective recombination/trapping
sites, long-range migration will occur only for significantly higher
temperatures, at which the larger clusters become thermally unstable. One
consequence of long-range defect migration will be to enhance diffusion
processes. This radiation-enhanced diffusion (RED) (37) will accelerate
the approach to equilibrium in targets with non-equilibrium alloy distri-
butions, and can induce the thickness of the modified layer to extend well
beyond the ion implantation depth.



A second consequence of long-range defect migration actually drives the
material away from equilibrium. During irradiation at elevated tempera-
tures, the nonuniform production of mobile defects in the irradiated layer,
as well as annihilation of defects at spatially discrete sinks such as the
external surface or grain boundaries, generate persistent defect fluxes.
Migrating vacancies create a flux of atoms in the direction opposite to the
defect flux, while interstitials produce an atom flux in the same direction
as the defects are moving. The disproportionate fractions of alloying
elements that are generally transported by these defect fluxes cause
certain elements to be swept into, and others out of, local regions that
experience a net influx or outflow of defects, generating nonequilibrium
concentration gradients. This radiation-induced segregation (RIS) (8) can
be very efficient at redistributing solute atoms, since a large number of
defects is produced for each ion that is implanted. Frequently, RIS is
sufficient to induce precipitation in normally stable, undersaturated
solid-solution alloys, or to drastically alter the morphology and distri-
bution of phases in multicomponent alloys. RIS can also produce nonequili-
brium distributions of alloying components to depths that are orders of
magnitude greater than the implanted range (38).

Examples of RIS in a solid-solution Ni-6 at.% Si alloy irradiated with
several MeV Ni ions are shown in Fig. 6; the micrographs are taken from the
work of Robrock and Okamoto (39). At these energies, the defect generation
rate does not vary strongly with depth over the first few hundred nano-
meters of the target. Furthermore it is well established that the silicon
in Ni-Si binary alloys is preferentially transported in the same direction
as the defect fluxes.

For shallow depths, the external surface serves as the dominant sink.
The preferential transport of silicon by the defect fluxes causes the
silicon concentration at the surface to exceed the solubility limit of
about 10 at.Z, and a coating of Ni-jSi (y1) forms. During further
irradiation, additional silicon is transported from the specimen interior
and the y1 coating grows. The net transport of silicon to the surface
creates a subsurface layer that is depleted in silicon. The effectiveness
of the surface sink decreases with increasing depth; internal sinks compete
with the surface for defects and, consequently, solute. Coatings of y1

therefore also appear on pre-existing sinks such as grain boundaries in the
interior of the specimen. Additional sinks, such as voids and dislocation
loops, are produced in the interiors of grains by the irradiation itself,
and these also drain silicon from the matrix and become coated with y1.
Because of RIS of solute to sinks, the initially homogeneous, solid-
solution alloy decomposes (unmixes) into a two-phase material; y1 coats all
defect sinks, and the sink-free regions are depleted of silicon.

An analogous spatial redistribution occurs when solute atoms are
preferentially transported away from sinks. In this case, solute enrich-
ment occurs at some distance from the sink; that i3, where the solute-
depleted regions formed in the Ni-Si example. Since the volume of material
that becomes enriched in solute is large, the net increase in the local
solute concentration is generally small in such cases. So decomposition of
a solid-solution alloy into two phases is expected for preferential trans-
port of solute away from sinks only when the matrix composition is close to
the solubility limit.

Nonuniformities in the generation of defects also provide driving
forces for RIS. Particularly steep gradients in defect production can
occur on both sides of the peak damage region. The resultant effect in the



case where solute is preferentially transported in the same direction as
the defect fluxes is shown in Fig. 7, which contains a dark-field micro-
graph taken with a NinSi superlattice reflection of a cross-sectional
specimen of Ni-12.7 at.% Si after irradiation with 250-keV protons at 773 K
(40). Visible in the micrograph are (a) a continuous coating of NioSi
formed on the surface because of radiation-induced segregation, (b) a
subsurface layer depleted in silicon, and (c) a peak damage region highly
depleted of silicon. Analogous effects occur in the peak damage region
when solutes segregate in the direction opposite to the defer.L fluxes, as
has been shown by Marwick et al. (41).

RED and RIS have been investigated extensively with regard to potential
degradation of materials in fission and fusion reactor environments (8).
There is, however, considerably less work that relates directly to their
beneficial application in materials modification. One major reason for
this lack of attention is easily identified. The irradiation conditions
that produce large numbers of freely-migrating defects, and hence large RED
and RIS effects, are elevated temperatures, low dose-rates, and low recoil
energies. These conditions are not typical for ion-beam modification,
which primarily employs high doses, short times, and relatively uncon-
trolled temperatures. Based on the fact that very unusual microstructures
can be generated by in particular, RIS, potential applications of these
defect migration processes would appear to constitute a relatively
untapped, but potentially promising, research area.

We will close this section with an example of obvious relevance to
ion-beam materials modification, namely how very thick modified layers can
result from these elevated temperature effects (38). Auger electron
spectroscopy (AES) and ion sputtering at room temperature were used to
depth-profile subsurface changes produced in a Cu-40 at.% Ni specimen by
5 keV Ar bombardment at elevated temperatures. After bombardment at 600°C
for two hours, nickel enrichment extending several ym's into the specimen
was observed. Measurements of the additional nickel found at various
depths after two hours of bombardment at 500 and 600°C are shown in Fig. 8.
Here, the difference between the nickel concentration measured after the
indicated sputtering time and that measured after sputtering deep into the
bulk alloy is plotted on a logarithmic scale as a function of sputtering
time at room temperature at a rate calculated to be -0.55 nm»s .

The projected range of 5 keV Ar in the alloy is < 3 nm; the first data
point in Fig. 8 was obtained at a depth of ~6 nm. Hence, all the nickel
enrichment seen in Fig. 8 occurs at depths greater than the ion range,
where only the two defect-flux driven processes, i.e. RED and RIS can alter
the composition. Indeed, the results in Fig. 8 indicate two different
regions of nickel enrichment extending well beneath the implanted layer.
The first region exhibits a relatively steep drop in nickel enrichment
(from -15 at.% to 6 at.% Ni) over depths extending from about 6 to ~50 nm,
while the second region manifests itself as a considerably shallower
concentration gradient extending several ym's into the specimen.

Sever.I effects combine to produce the nickel-enriched region that
extends over the penetration range of the argon ions. At the elevated
temperatures employed here, diffusion enhanced by the presence of
radiation-induced defects extends this nickel enrichment beyond the ion
penetration depth. Hence, the primary mechanism responsible for the steep
region (Region I) is RED. This situation has been treated by Ho (42), and
subsequently by several other authors (43).



Region II has been shown to arise from RIS (44). This conclusion is
based upon previous studies of radiation-induced segregation in Cu-Ni
alloys. High energy ions, which create defect fluxes from deep (~1 pra) in
the specimen toward the irradiated surface produce a nickel enriched near-
surface layer at elevated temperature which has been observed using Auger
electron spectroscopy and Rutherford backscattering. That is, nickel is
known to be preferentially transported in the same direction as the defect
fluxes. During low-energy ion bombardment, the high production rate of
point defects in a thin surface layer combined with the high mobilities of
both the vacancy and interstitial defects generates significant defect
fluxes which penetrate deep into the specimen interior. Preferential
transport of nickel by these defect fluxes produces a region of nickel
enrichment which extends well beyond the depths to which RED processes can
compete with the rate of surface recession. A similar effect has been
observed by Gudladt et al. (45) in Cu-Be marker experiments. Hence, the
existence of large and persistent defect fluxes at intermediate tempera-
tures provides a means for modifying pm-thick layers during low-energy ion
bombardment.

Summary

Depending on the irradiation conditions, any of five effects, implanta-
tion, sputtering, ion-beam mixing, radiation-enhanced diffusion, or
radiation-induced segregation can play a dominant role in determining the
microstructure of the implanted substrate. More frequently, two or more
effects will play major roles. Since many of the physical parameters
related to the effectiveness of each process are unknown, only qualitative
estimates of the final alloying distributions can currently be made. How-
ever, the large number of kinetic processes that occur during ion bombard-
ment, coupled with the fact that the magnitude of individual processes can
be controlled by adjusting, for example, the specimen temperature and
geometry, or the ion energy and implantation rate, expands even further the
variety of microstructural modifications that can be achieved using
ion-beams.
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Figure Captions

Figure 1 - Time development of Frenkel pair concentrations calculated for
cascades of different energies: 600 eV ( ) and 2.5 keV ( ).

Figure 2 - Development of the implanted ion distribution with increasing
dose for Rp = /2ARp.

Figure 3 - Rutherford backscattering spectra taken before (solid line) and
after (individual data points) ion-beam mixing of Cu/Mo (top) and Cu/Nb
bilayers with 750 keV Kr ions at 6 (left) and 295 (right) K. The post-
irradiation spectra have been shifted to the left to account for
sputtering.

Figure 4 - Relationship between the heat of mixing calculated using
Miedema's model and the amount of mixing in Au/Zr, Fe/Zr and Ni/Zr bilayers
measured after irradiation to the same calculated dpa at 325 and at 525 K.

Figure 5 - Arrhenius plot of the quantity of Si ion-beam mixed with Nb for
a dose of 1.2x10 Si ions/cm at several different temperatures. The
quantity of Si that can be interdiffused without irradiation in the same
time interval is indicated by the line marked thermal.

Figure 6 - Formation of y^NioSi on defect sinks in a solid-solution Ni-Si
alloy because of radiation-induced segregation. The dark-field micrographs,
from the work of K.-H. Robrock and P. R. Okamoto, show (a) the antiphase
domain structure in a contiguous surface coating; (b) toroidal Y'~
precipitates on interstitial loops; and (c) a grain boundary coated with y1.

Figure 7 - Dark-field micrograph of a cross-sectional specimen of Ni—12.7
at.2 Si after bombardment with 250-keV protons at 773 K. Radiation-induced
segregation of the undersize silicon atoms has produced a surface coating
of the NioSi phase and a peak damage region that is highly depleted of
silicon.

Figure 8 - Experimental measurements of subsurface nickel enrichment
produced in a Cu-40 at.% Ni alloy by irradiating with 5 kV Ar ions at a
rate of 1.2x10 ions/cm «s for two hours.
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