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ABSTRACT

Cast duplex stainless steels, composed of dual phases of austenite and

ferrite, are used extensively in the nuclear, oil, and chemical industries

because of their superior strength, resistance to stress corrosion cracking,

weldability, and soundness of casting. However, duplex stainless steels are

susceptible to thermal aging embrittlement when exposed to service tempera-

tures in the range of 300 to 500°C. Understanding of the embrittlenient

mechanism of duplex stainless steels has been hampered for many years because

of the difficulty of characterizing the microstructures of the aged materials,

which contain several fine-scale (<5 nm) precipitate phases that form

simultaneously. This paper presents results of complementary characterization

of aged duplex stainless steels by advanced metallographic techniques,

including transmission and high-voltage electron microscopies; small-angle

neutron scattering; and atom-probe field ion microscopy. On the basis of the

characterization, the mechanisms of aging erabrittlenient have been shown to be

associated with the precipitation of Ni- and Si-rich G phase and Cr-rich a1 in

the ferrite, and ^23cb carbides on the austenite-ferrite phase boundaries.

*Work supported by the Office of Nuclear Regulatory Research, U. S. Nuclear
Regulatory Commission.



-1-

INTRODUCTION

A duplex stainless steel is a duplex alloy composed of two phases of

stainless steel, a steel containing at least the 12 wt % Cr required to make a

steel "stainless." The most common stainless steel phases are face-centered

cubic austenite (y) and body-centered cubic ferrite (a), although austenite-

martensite and ferrite-martensite duplex stainless steels can be also

produced. Cast stainless steels, composed of austenite and ferrite phase, are

used extensively in nuclear, oil, and chemical industries because of several

superior properties, i.e. , higher strength, better weldability, superior

resistance to stress corrosion cracking, and soundness of casting (i.e.,

resistance to hot cracking). In nuclear reactors, for example, cast stainless

steels are used for primary cooling pipes, valves, and pump casings which are

all vital for a safe operation of the reactors. The superior properties of

the cast duplex stainless steels are primarily due to the presence of the

ferrite phase in the duplex structure. On the other hand, however, various

carbide phases, intermetallic compounds such as signa and chi phases, and the

chromium-rich bcc phase (a') can precipitate in the ferrite phase during

service at elevated temperatures and lead to substantial degradation in

mechanical properties. It has long been known that ferritic stainless steels

are susceptible to severe embrittlement when exposed to temperatures in the

range of 300 to 500°C owing to the precipitation of the a' phase. The

potential for significant embrittlement of case duplex stainless steels has

been confirmed by recent studies on cast materials that were aged at

temperatures between 300 and 450°C for times up to 70,000 h (~8 yr). 4 7

Thermal aging of cast duplex stainless steels at these temperatures causes an

increase in hardness and tensile strength, and a decrease in ductility,

Charpy-impact strength, and J^Q fracture toughness of the material. The room-
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temperature impact energy, for example, can be reduced by as much as 80-90%

after aging for ~8 yr at temperatures as low as 300-400°C. Because of the

embrittlement phemonenon, long-term performance and microstructural evolution

of the cast duplex stainless steels have been investigated vigorously in

nuclear industry in recent years for the designed operating conditions of

nuclear reactors, namely, up to ~40 yr at 280-330°C.8~11

However, the exact mechanisms of the long-term aging embrittlement at

these low temperatures are not well understood at present time. Part of the

difficulty encountered in elucidating the embrittlement mechanisms is

attributed to the difficulty of characterizing the microstructural evolution

of the aged materials in which several different phases of very fine scale

8 10 12appear to precipitate simultaneously. » » Until recently, embrittlenient of

the aged duplex stainless steel was attributed simply to Cr-rich a1

precipitation, a mechanism similar to the "475°C embrittlement" of the

ferrltic stainless steels, However, despite the commonly accepted belief,

earlier investigations by transmission electron microscopy (TEM) failed to

identify the a1 precipitation for the lower aging temperatures (i.e., ^400°C)

although mottled images of very fine scale (<3 nm) have been observed by weak-

Q

beam technique in reactor- and laboratory-aged specimens. Imaging and

extraction of the a' precipitates from specimens aged at higher temperatures

(*-450°C) appear relatively facilitated since a distinct phase boundary is

expected to form between the ferrite matrix and a1 which precipitated by

nucleation and growth at the higher temperatures. However, for the lower

temperatures, a spinodal decomposition of the ferrite rather than a'

precipitation by nucleation and growth is predicted to occur although exact

temperatures for the spinodal boundary are not known for the ferrite phase in

the cast duplex stainless steels. For duplex stainless steels, the low-
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temperature spinodal decomposition and the subsequent precipitation of the a1

phase by nucleation and growth that is possible during a long-term aging have

been not well characterized yet. Since the Fe and Cr segregation during the

spinodal decomposition is expected to occur on a very fine scale, atom-probe

field on microscopy (APFIM) appears to be a suitable technique for the

microstructural characterization.

In addition to the spinodal decomposition, it has been reported that the

structure of the aged duplex stainless steels is further complicated by a

number of other deleterious phases that precipitate simultaneously, i.e., Ni-

and Si-rich fee phase M O nm in size, >10>12 unidentified phase which

precipitates on dislocations in ferrite, and carbides on the austenite-

ferrite phase boundries. A review of available information on these phases

shows that a large variation in the precipitation kinetics among different

heats is common even though the ferrite contents and nominal chemical

compositions are comparable. Similarly, a large variation in mechanical

properties is also common for similar aging conditions. Thus, it seems

important to identify critical factors in heat treatment or chemical

compositions that influence the kinetics of the precipitation. In the present

work, microstructural characterization in a complementary manner by a

combination of advanced metallographic techniques of the APFIM, small-angle

neutron scattering (SANS), and TEM appeared suitable for the purpose. The

objective of this study is twofold, i.e, to identify the embrittleraent

mechanisms and to provide a better understanding on the kinetics of the

microstructural evolution.
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DEGRADATION OF MECHANICAL PROPERTIES

The effects of the long-term aging on the mechanical properties have been

reported elsewhere.** A number of laboratory and commercial heats of cast

duplex stainless steels have been aged at 280-450°C to produce specimens for

mechanical tests. Also an actual component from a commercial boiling water

reactor (KRB reactor) in Gundremingen in West Germany has been obtained after

a nominal service of ~12 yr. Chemical compositions of the test heats are

listed in Table I. Charpy-impact tests have been conducted at temperatures

between -196 and 300°C on the thermally aged specimens and on the KRB reactor

pump cover material. Tensile and J-R curve tests have been also conducted on

several commercial heats, and the results were correlated with the impact

properties. Since a detailed report of the mechanical properties was not

intended in this paper, only a brief summary of the aging embrittlement will

be described here. An example of the effect of the thermal aging on the

impact energy is shown in Fig. 2 for a heat containing ~38% ferrite in the

duplex structure. Also shown in the figure are the results obtained from the

reactor-aged component after a nominal service of ~12 yr. For all grades of

cast stainless steels, the extent of aging degradation increases with an

increase in ferrite content.

Most investigators characterize the degree of embrittlement in terms of

Charpy-inpact in notched toughness tests. The current "best estimates"of the

degree of embrittlement at reactor operating temperatures, i.e., 280 to 330°C,

are obtained from Arrenius extrapolations of laboratory data obtained at

higher temperatures. The aging time to reach a given degree of embritt lenient

at different temperatures is determined from

p
t = 10 exp 673
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where Q is the activation energy, R the gas constant, T the absolute

temperature, and P the aging parameter which represents the degree of aging

reached after 10 h at 400°C. The activation energy for the process of

embrittlement has been described as a function of the chemical composition of

the cast material. Thus,

Q (kcal/mole) = -43.64 + 4.76 (Z Si) + 2.65 (% Cr) + 3.44 (% Mo). (2)

The activation energy for the process of embrittlement ranges between 15 and

25 kcal/raole for the CF-3, CF-8, and CF-8M grades of cast stainless steels.

The results of the J-R curve tests show that the thermal aging decreases

the Jj£ as well as the tearing modules of the cast material. The reduction in

fracture toughness is similar to the reduction in Charpy-impact energy. The

^IC va^-ues an£* normalized Charpy V-Notch impact energies obtained at room

temperature for the various aged materials are plotted in Fig.2. Also shown

in the figure are the results from the studies by Landerman and Bamford and

Slama et al. Fig. 2 indicates that for Charpy-impact energies of <30 J/cm

(an extensively aged material), the JIC values could be <100 kJ/m
2.

SEM examination of the fracture surface morphologies of the aged and

fractured cast steel specimens shows that the ferrite phase failed by

cleavage. Examples of the SEM fractographs are shown in Fig. 3 in which the

fracture surface of the laboratory- and reactor-aged specimens of Fig. 1 are

visible. In contrast to ferrite5 the austenite phase failed in ductile manner

for all aging conditions. For heats containing high carbon contents, the SEM

fractographs indicated a seperation of weakened auste^ite ferrite phase

boundaries, e.g., Fig.3(B).
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MICROSTRUCTURAL CHARACTERIZATION

TEM

Thin-foil specimens for TEM examination were jet-thinned in an

electrolytic solution of 19% ethanol, 27% butyl cellosolve, 17% perchloric

acid, and 37% water. During the jet-polishing, the solution was maintained at

-20 to -30°C. TEM examination was conducted in JEOL 100CX-II scanning

transmission electron microscope or in an AEI-EM7 high-voltage electron

microscope, which were operated at 0.1 and 1 MeV, respectively. The camera

lengths of the microscopes were calibrated independently. Reflections from

the matrix were used as standards to find an exact camera length for each

diffraction pattern.

APFIM

Analysis by APFIM technique were conducted using the FIM 100 atom probe

of the Oxford University, England.^ Base pressures of the probe were

typically 5 x lO"** mbar. Images were obtained using neon gas at ~100 K.

Mass spectra were obtained at -208 or -173°C, using voltage pulses, with a

pulse-to-standing voltage ratio of 15%.

SANS

The-small angle neutron scattering experiments were conducted with the

30-meter instrument at the National Center for Small Angle Scattering at Oak

Ridge National Laboratory. Details of the measurements have been reported

elsewhere. A monochromatic neutron beam of 0.475-nm wavelength impinged on

the aged specimens and the intensity of the scattered neutrons was measured by

a detector as a function of the scattering angle. Distance between the dector

and specimen was 2.0-18.9 m which allowed a range of the scattering vector (Q)

between 0.0028 to 0.21 inverse Angstrom. The scattering vector is defined as
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Q = r~ sin 9,

where A is the wavelength of the neutron and 9 is the scattering angle.

Because of the 2-m limit in the dector-specimen distance, a lower limit of the

size of detectable precipitates is expected. Information on the size and

distribution of the scattering centers (i.e., precipitates) can be obtained

from the well-known Guinier approximation for spherical inhomogenities:

(3)

where dE/dJl * the scattering cross section,

fp = volume fraction of precipitates,

Vp = average volume of a precipitate,

Ap = difference in the scattering length density between

the precipitate and the matrix, and

RQ - average radius of the precipitate.

This analysis is valid for region RQ * 2. The size of the scattering center

can thus be obtained from a linear slope of the plot of logarithm of the

scattering intensity versus the square of the scattering vector plot.

RESULTS AND DISCUSSION

Preliminary characterization of the ferrite phase of the aged specimens

by TEM indicated two types of general precipitates for all the aging

temperatures between 280 and 450°C, i.e., an fee phase with a lattice

constants of ~1.13 nm and a size of 3-10 nm and an unidentified phase that

precipitates characteristically on dislocations. The anticipated
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precipitation of the Cr-rich a1 phase could not be detected unambiguously from

TEM examination. Besides the first two types of precipitates, TEM examination

also revealed M23C6 carbide precipitates for high-carbon CF-8 grade materials

on the anstenite-ferrite phase boundaries. Systematic analysis following the

preliminary examination showed that the first two types of precipitates (i.e.,

the fee phase and the unidentified dislocation precipitates) belong to an

identical phase which is Ni- and Si-rich G phase. In the following sections,

complementary results obtained from the TEM, APFIM, and SANS examinations will

be analyzed and discussed for each of the three types of precipitates

identified, i.e., G phase, a1, and the M23C6 carbides.

G Phase - Identification and Morphology

For specimens long-term aged at 400-450°C, dense spherical precipitates

3-10 nm in size could be observed readily by TEM in the ferrite phase.

Figure 4 shows characteristic morphology and selected-area diffraction (SAD)

patterns of the precipitates that were observed in a heat 280 specimen after

aging at 400°C for 66,650 h. The dark-field image was produced from a (333)

reflection of the fee phase. Both the bright- and dark-field images show that

the most populous precipitate size is 5-6 nm. A diameter range from ~3 to

10 nm can be observed in Fig. 4(B), with several precipitates on the disloca-

tion as large as ~15 nm. The diffraction patterns are similar to those of the

^23^6 Pnase» b u t with a slightly larger lattice parameter of —1.13 nm. The

precipitate also had a cube-on-cube orientation relative to the bec ferrite

matrix, which would be unusual for the ^23cb Pnase« (400) reflections of the

fee phase were characteristically weak or absent in the diffraction patterns

[Fig.4(C)], whereas the (333) reflections were relatively strong. Energy-

dispersive x-ray analysis showed an enrichment of Ni and Si in the

precipitates. From these results, the precipitates were identified as the
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G phase, which has been observed in an Fe-12Cr-4Ni alloy after aging at •

450°C15 and in commercial EM-12 (9Cr-2Mo), HT-9 (12Cr-lMo), and AISI 416

(13Cr) ferritic steels after irradiation at <425°C.16 Probably the present

G phase composition is a modification of the Ni^Si phase, with the metallic

elements Cr, Fe, Mn, and Mo substituting part of the Ni atoms and nometallic

elements such as C substituting part of Si. The exact composition may be

different from material to material and heat to heat.

For materials aged less extensively (e.g., 10,000 h at 400°C), volume

fractions of the G-phase precipitates were not large enough to produce a

distinct cross-grid pattern in SAD. The precipitates were observed in these

materials primarily in association wir.h dislocations. The precipitate

reflections in the SAD pattern were weak, diffuse, and sometimes streaked,

owing to a low volume fraction and small particle size. In typical SAD

patterns, only extremely weak precipitate reflections with a d-spacing of

0.218 nm were detected. Figure 5 shows an example of the SAD pattern as well

as bright- and dark-field images of the precipitates which decorate ferrite

dislocations. The micrographs were obtained from the same heat as that of

Fig. 4, but aged less extensively, i.e., 10,000 h at 400°C. Orientations of

the ferrite phase of Figs. 4(C) and 5(A) are identical, i.e., (011) zone.

A comparison of the two pattern shows that the weak reflection denoted by the

arrow in Fig. 5(A) is indeed the relatively strong (333)G reflection of the

G phase in Fig. 4(C). The angle between the (333)G and the (0ll)ai or the

(054)G, is ~35.4
C. Other precipitate reflections in the print are too weak to

be visible. Similar SAD patterns containing the (333)G reflections of the

G phase and dark-field images were also observed in specimens after aging at

300°C for 70,000 h. Thus, the unidentified phase that was observed previously

in association vrith dislocations is indeed the early-stage G phase which
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precipitates heterogen&ously on the dislocations. It seems that the

dislocations act as preferential nucleation sites for the G-phase

precipitation for 280-400°C aging conditions. The irradiation-induced

precipitation of the G phase reported by Gelles and Thomas indicates that

the undersize solute Si tends to interact preferentially with irradiation-

induced detects. In this respect, Si interation with another type of defect,

i.e., dislocations, under thermally aging conditions appears quite possible.

G Phase-Precipitation Kinetics

Characteristics of the G-phase precipitation in the heat 280 material

(Figs. 4 and 5) after aging at 300°C for 70,000 h were similar to Fig. 5,

namely, a heterogeneons precipitation on or near the dislocations

[Fig. 6(A)]. However, for the same aging condition of 300°C and 70,000 hs

heat 278 specimens showed a significant amount of G phase in the ferrite

matrix away from as well as on dislocations [Fig. 6(B)], and the precipitates

on the dislocations were a few times longer than those away from the

dislocations (i.e., ~7 vs ~3.5 nm), a situation similar to Fig. 4. This

indicates that the kinetics of the G-phase precipitation was significantly

faster for heat 278 than for heat 280 for the 300°C aging temperature.

Relative kinetics for the 400°C aging deduced from TEM examination were

similar, i.e., heat 278 significantly faster.than heat 280. A guantitative

comparison of the precipitate densities for the two heats for 400°C - 10,000 h

aging has been conducted through SANS experiments (see below), and the results

also confirmed the TEM observation. Similar results for 400°C - 10,000 h

aging were also observed for heat 60 and 51, of which chemical and ferrite

contents are comparable except the carbon level [Ref. 11(C)]. For the high-

carbon (CF-8 grade) heat 60 specimens, G-phase precipitation was significantly

more extensive than for the low-carbon (CF-3 grade) heat 51. These
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observations on the relative kinetics of the G-phase precipitation show that a

small difference either in chemical composition or in heat treatment results

in a significant difference in the precipitation kinetics.

For the aging temperature of 450°C, precipitation of the G phase as well

as the M23C6 carbides was more extensive than at 400°C. Figure 7 shows

bright-field images and an SAD pattern of an austenite-ferrite boundary of a

heat 60 specimen aged at 450cC for 3000 h. The figure also shows dark-field

images of the G phase and M23C5 carbides in which the size and distribution of

the two phases are more clearly visible. In addition to the phase boundary

carbides, smaller spherical carbides ~60 nm in diameter are also observed in

the ferrite matrix in Figs. 7(C) and (D).

The G-phase precipitates revealed in the dark-field image of Figs. 7(E)

and (F) are -10 to 20 nm in size, several times larger than those formed at

400°C. Also visible in the figures are relatively large G-phase precipitates

which apparently formed on the preferential nucleation sites near the phase

boundary ^23^b carbides. A systematic comparison of a number of dark-field

images obtained with the carbide and G-phase reflections also showed that the

G-phase precipitation is preferentially associated with the spherical in-

ferrite carbides as well. This is illustgrated in Figs. 7(E) and (F), in

which rfelatively denser G-phase prcipitates are observed near the in-ferrite

carbide positions (denoted by circles). The above observations on the

relative distribution of carbides and G phase indicate a role of carbon atoms

or carbide nuclei on G-phase precipitation. Carbon has been reported as a

constituent of the G phase from atom-probe field ion microscopy analyses by

Bentley et al.; they also reported Mo, Ni, and Si contents. Therefore,

local clusters of carbon would be expected to promote the G-phase

precipitation. The indication of carbon promoting the G-phase precipitation
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spatial distance of the mottled image was extremely fine, i.e., 1-2 nm. The

extremely fine morphology was difficult to resolve on the microscope.

Negatives taken under a weak beam condition revealed the mottled images best

when examined on a lighted table with a magnifying glass.

Apparently, the mottled images were produced as a result of nonuniform

oxidation during jet-thinning in the ferrite grain over an extremely small

distances of a nonuniform distribution of Fe and Cr. It is not clear whether

the Fe- or Cr- enriched region is oxidized preferentially. However, it has

been reported previously that thin layers of C^O-j are formed on the Cr-rich

1 ft
region, creating the mettled morphology. When the Fe and Cr concentrations

are uniform, no mottled oxide layers will be formed, e.g., the austenite grain

of Fig. 9. To confirm the premise that the mottled morphologies were produced

as a result of the spinodal decomposition, several specimens aged under

different conditions were chosen for analysis by APFIM and the results were

compared with TEM observations. Local chemical compositions over a very fine

scale can be determined by the APFIM technique, which is ideally suited for

analysis of the spinodal decomposition of Fe and Cr in the ferrite phase. The

APFIM profiles for Cr, Ni, and Fe shown in Fig. 9(C) were obtained for the KRB

reactor pump material, i.e., the ferrite phase of Fig. 9(B). A similar pair

of APFIM profiles and a ferrite phase TEM micrograph are shown in Fig. 10 for

a heat 280 specimen that was aged at 300°C for 70,000 h.

It can be noticed, from Fig. 10 for example, that a Cr-rich region shows

a relative depletion of Fe and Ni, and vice versa. This one-to-one

correspondence between the Cr enrichment and the Fe and Ni depletion shows

that the elemental fluctuations are not random, but occur as a result of a

spinodal decomposition similar to that of the binary Fe-Cr ferritic alloy.

The size of the black oxide dots measured from the TEM image of Fig. 10(B) is
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~2 nm. This is in good agreement with the thickness of the Cr-depleted •

region, which is estimated from Fig. 10(A) to be ~1.5-2 nm. Likewise, from

Fig. 1C(B), the distance between the black oxide dots is estimated to be

~5-6 nm. This is also consistent with the separation of the Cr-rich regions

in Fig. 10(A). Thus, it seems that the Fe and Cr profiles obtained by APFIM

and the mottled images obtained by TEM are consistent with the interpretation

that the black oxide dots are associated with the local segregatgion of Fe and

Cr by spinodal decomposition.

In contrast to the Cr segregation profiles of the specimens aged at

~300°C, the Cr profile developed during the 400°C aging [Fig. 10(C)] appears

to show more regular spacings between the Cr-depleted regions. It also shows

a more extensive segregation of Fe and Cr. The maximum Cr level detected by

the APFIM in Figs. 11-15 is only ~50 at. %. This is in contrast to ~78 at. %

that has been reported for Fe-32 at. % alloy. For a given aging temperature,

the maximum Cr level also appears to be insensitive to the aging time. This

indicates that the decomposition and growth of the a' phase are very slow in

the temperature range of the present investigation.

a' - Nucleation and Growth During Extended Aging

As in the case of binary Fe-Cr alloys, the Fe and Cr segregation,

produced from the initial decomposition, is expected to develop gradually into

a network of regions of increasing Cr concentration and larger

interprecipitate distance over an extended period of aging. The minor Cr

fluctuations in the short-term aged specimen are gradually incorporated into

nearby Cr-ric.h regions, resulting in a' phase of larger size and higher Cr

content. Apparently, this process is very slow at temperatures of reactor

operation.

Behavior of the ot' phase during extended aging at temperatures ^400°C is
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not well understood at present. For a given composition, at relatively higher

temperatures which are outside the spinodal range but within the miscibility

gap, the precipitation of a1 can be only via nucleation and growth. At lower

temperatures inside the spinodal range, s.,inodal decomposition is possible as

an alternative to the nucleation and growth process. However, at a later

stage during an extended aging, growth of a' is possible out of the structure

of the initial spinodal decomposition. During the extended aging, a situation

can occur in which the time-temperature-transformation curves for nucleation

and growth and for spinodal decomposition in the ferrite phase overlap.

For most of the specimens examined, only spinodal decomposition was

evident for aging temperatures ^400°C. However, for some long-term aged

specimens, relatively large platelike o1 precipitates were observed which

apparently formed by nucleation and growth. This finding was made during a

comparative microstructural study of heats 280 and 280N. As reported by

Trautwein and Gysel, heat 280N was the production heat, annealed at 1010°C

for 12 h and water quenched. Heat 280 was subsquently annealed once more at

1050°C for 4 h. Despite the nominally identical chemical composition and

ferrite content, subsequent room-temperature impact tests showed that heat

280N embrittled approximately 10 times faster than heat 280. Figure 11 shows

typical bright- and dark-field morphologies of the ferrite phase of a heat

280N specimen aged at 350°C for 56,000 h. Room-temperature impact (DVM)

energy for the specimen was very low, i.e., 15 to 22 J. Selected-area

diffraction patterns did not show any reflections which were not compatible

with those of ferrite or a1. With a ferrite reflection, the dark-field images

of the plate-like precipitates were slightly brighter than the ferrite

matrix. These dark-field experiments therefore indicate that the precipitates

are a Cr-rich a' phase which exhibits the same bcc structure and a lattice
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spacing nearly identical to that of the ferrite. a1 precipitates similar in

size and morphology to those of Fig. 11 have been reported by Langneborg for

an Fe-30% Cr binary alloy after aging at 550°cJ8 Blackburn and Nutting19

also reported platelike a1 (of somewhat different morphology) for an Fe-21% Cr

alloy after 475°C aging. Trace analysis of the plate-shape a1 also showed

that the habit plane of the plate was {100)a. This is also in agreement with

the observations of Lagneborg and Blackburn and Nutting.

For a similar aging condition, i.e., 350°C and 70,000 h, the large plate-

like o' precipitates were not observed for heat 280. However, when heat 280

specimens were aged at 400°C for 70,000 h, some of the large a' precipitates

were observed in limited regions, as shown in Fig. 12. However, the

morphology of the large a1 precipitates was somewhat different from those of

1 Q
heat 280N. The morphology was similar to those reported by Blackburn et al.

for an Fe-21% Cr alloy. A high density of G phase is also visible in the heat

280 specimen aged at 400°C for 70,000 h. G-phase precipitation in specimens

from heats 280 and 280N was minimal after aging at 350° for 70,000 and

56,000 h, respectively.

The precipitation of the larger platelike a1 is apparently deleterious

for the toughness of the material. Furthermore, the more rapid precipitation

of the large platelike ct' in heat 280N (than in heat 280) could result in the

faster embrittlement of heat 280N (than heat 280). However, the mechanism

that leads to a faster precipitation of the large platelike a1 in heat 280N or

why they are not formed in heat 278 after a similar aging is not understood at

present.

Carbide Precipitates

For high-carbon CF-8 or CF-8M grade materials, 1̂ 23̂ 6 carbides were

observed in the aged specimens. For the low-carbon CF-3 grade material, no
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carbide was observed. Figure 13 shows typical morphologies of the carbides

which were identified by TEM and optical microscopy. For aging temperatures

~400°C, only the phase-boundary carbides such as those in Fig. 13 were

observed. However, for 450°C aging, as shown in Fig. 7, small precipitates of

spherical carbides were also observed in the ferrite grain in addition co the

phase-boundary carbides. The phase-boundary carbides formed at 450°C were

more rugged and extensive than those in Fig. 13 [Ref. 11(C)]. Apparently,

some of the phase-boundary carbides were formed during the production heat

treatment and quenching since some amounts of carbides were observed even in

unaged specimens.

In contrast to the CF-8 grade material, the M23C6 carbides do not

precipitate at the austenite-ferrite phase boundary, but a short distance away

in an austenite matrix as shown in Fig. 3(A). Also shown in the dark-field

image of Fig. 8(B) are spherical carbides 5-10 nm in size which precipitated

in the austenite nearby the large carbide of Fig. 8(A). The fine spherical

carbides were difficult to resolve under a bright-field imaging condition.

The phase-boundary carbides of the CF-8 grade specimens apparently

weakened the boundary, which caused a condition conducive for a phase boundary

separation under certain loading conditions. Evidences of the phase boundary

failure have been reported for impact-test specimens in Refs. 11(A) and (C).

Evidently, carbon is a major culprit in promoting the aging embrittlenient of

the cast duplex stainless steel either through the carbide precipitation or

through catalyzing the G-phase precipitation. It is also possible that a

material with a significant phase boundary precipitation of carbides is

conducive for a stress corrosion cracking, since the boundary region nearby

the carbides would be depleted of Cr atoms. Preferential chemical attack of

such Cr-depleted regions during the jet-thinning process of a TEM specimen is
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shown in Fig. 9(A).

Characterization by SANS

Specimen from the laboratory-aged heats 278 and 280 have been selected

and analyzed with the SANS technique to provide quantitative information on

the size and distribution of precipitates. Details of the analysis have been

reported elsewhere.* The results of the SANS analysis were then compared

with the results of TEM analysis described above for the two heats. The

neutron scattering characteristics of the two heats are shown in Figs. 14

through 16 for aging at 400°C for 10,000 and 70,000 h. The scattering

characteristics shown in Fig. 14(A) for the two heats are similar except that

the intensity is higher for the heat 280 specimen which had a ferrite content

~2.5 times higher than the heat 278 specimen (i.e., 38 vs 15%). When the two

curves were normalized with respect to the ferrite content, the scattering

characteristics were, in fact, identical as shown in the intensity vs

scattering vector plot of Fig. 14(B). This means that the scattering centers

are precipitates contained in the ferrite phase, not in the austenite phase.

In Fig. 15, similar intensity vs scattering vector curves are shown for heat

278 specimens aged at 400°C for 70,000 and 10,000 h. The results of Fig. 15

indicate that the effect of aging time is to increase the size as well as

number density of the scattering center. A similar effect of aging time for

the heat 280 specimens is shown in Fig. 16. In contrast to heat 278, aging

for 10,000 h at 400°C did not produce an appreciable number of any scattering

centers for heat 280.

From the intensity vs scattering vector profiles such as those of

Fig. 15, it is possible to derive size distributions of the precipitates

through use of the Guinier approximation, Eq. (3). The resultant size

distributions for the heat 278 specimens aged at 400°C are shown in Fig. 17.
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The diameter in the figure corresponds to two times the Guinier radius.

Figure 17 shows that the size of the precipitates increases from~1.6 nm for

10,000 h of aging to ~5.5 nm for 70,000 h of aging. This shows an Ostwald

ripening of the precipitates. The size distribution of the scattering centers

for the heat 280 was virtually identical to heat 280, except for 400°C -

10,000 h aging in which the density of the scattering centers was negligible

[see Figs. 14(B) and 16 also].

To identify the nature of the scattering centers, the results were

compared with the TEM observations. The TEM image corresponding to the SANS

results of the upper curve of Fig. 16 and the right-hand curve of Fig. 17 has

been shown in Fig. 4. A comparison of Figs. 17 and 4 shows that the SANS size

distribution is nearly identical to the G-phase distribution i.e., a size

range of 3-10 nm with the most populous size of 5-6 nm and an exception of a

few precipitates on the dislocations as large as ~15 nm. Apparently, the

relatively smaller number of the large precipitates on the dislocations could

not be detected by SANS because of a low volume fraction. Likewise, the

negligible intensity shown in Fig. 16 for the 400°C - 10,000 h aging of the

heat 280 specimen is consistant with the TEM microstructure of Fig. 5 in which

the G-phase density in the ferrite phase is negligible except the decoration

of dislocations. Relative intensities for the 400°C - 10,000 h aging for the

two heats (lower curves of Figs. 15 and 16) are also consistent with the TEM

observation on the relative kinetics of the G-phase precipitation, i.e., a

faster precipitation for a higher carbon content. Thus, the above comparisons

of the SANS and TEM results appear to show that the scattering centers

depicted in Figs. 14-17 are indeed the G-phase precipitates.

The spinodal decomposition of the ferrite phase has been observed for all

specimens aged at 400°C for ^3000 h. Therefore, Fe and Cr segregation is
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expected in specimens for heats 278 and 280 aged at 400°C for 10,000 h. Thus,

the difference in the scattering characteristics shown in the lower curves of

Figs. 15 and 16 cannot be explained on the basis of trie spinodal decomposition

or the Cr-rich a' precipitation. Likewise, the nearly identical scattering

curves [Figs.. 14(B) and 17] for the 400°C - 70,000 h aging do not indicate a

presence or a peak corresponding to the. size of the Cr-rich region, i.e.,

~2 nm [see Fig. 10(C)]. For the present SANS experiments, the minimum

distance between the specimen and detector was ~2 m. This would limit the

maximum angle of detection of the scattered neutrons, and hence, the a'

precipitates of very fine size that would scatter neutrons in larger angles

(i.e., larger scattering vector) may not have been detected.

Toughness Recovery by 550"C Annealing

The KRB boiling-water reactor pump cover material which had been obtained

after ~12 yr of nominal service was annealed at 550°C for 1 h to determine the

extent of toughness recovery by high-temperature annealing. Room-temperature

Charpy-impact energies obtained before and after annealing at 550°C were ~110

and 220 J/cin , respectively. Microstructural changes associated with the

550°C annealing were characterized and shown in Fig. 18. In the as-aged

preannealing microstructure shown in Fig. 9(B), mottled a' images of spinodal

decomposition and a negligible number of dislocations are the characteristic

features. This is consistent with the cleavage fracture of the ferrite phase

[Fig. 43(B)]. However, the mottled images were not visible after the 550°C

annealing and subsequent impact testing [Fig. 18(A)], indicating that the a'

dissolved. Instead, a relatively high density of dislocations are visible,

indicating an easy dislocation motion in the ferrite free of the a' phase.

The o-phase density in the ferrite before the 550°C annealing was not

insignificant and was largely unaffected by the annealing. Some dissolution
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of the M23C5 carbides occurred as shown from a comparison of the ausenite-

ferrite morphologies before (Fig. 13) and after [Fig. 18(B)J the 550° anneal.

The microstructural characteristics of the G-phase precipitates during

the 550cC annealing have also been investigated in-situ in the high-voltage

electron microscope. In Fig. 19, brighc-field images of a region of ferrite

containing a large number of G-phase precipitates in a heat 280 specimen (aged

at 400°C for 66,650 h) are shown before and after a 550°C - 1 h annealing.

The dense G-phase precipitates did not dissolve after the annealing. The

in-situ observation is consistent with the results for the f.RB reactor pump

material. The microstructural evolution indicates that any toughness

degradation associated with the G-phase precipitation will net be restored by

the 55O°C - 1 h annealing. However, the effect of the dissolution of the a1

phase may be sufficient to restore an adequate toughness. In summary, the

550°C annealing experiments appear to confirm that the roughness degradation

of the aged cast stainless steels is primarily due to the o' formation by

spinodal decomposition, and when the a1 dissolves, the material toughness is

virtually restored.

CONCLUSIONS

Advance metallographic techniques of TEM, APFIM, and SANS can be used

effectively to characterize the complex metallurgical processes that are

common for many superalloys. When the techniques are employed in a comple-

mentary manner, most effective characterization can be achieved. This has

been demonstrated in the present study in which the microstructural evolutions

of aged duplex stainless steels have been characterized to elucidate the

mechanism and kinetics of the long-term aging embrittlement of
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the materials for temperatures ^450°C. Based on the study, the following

conclusions can be made:

1. Three metallurgical processes that contribute to the aging

embrittlement of the material have been identified, i.e., Cr-

rich o' and Ni- and Si-rich G-phase precipitation in the

ferrite phase and MoiCt carbide precipitation on the austenite-

ferrite phase boundary.

2. Primary embrittlement mechanism of the aged cast stainless

steels is the formation of the Cr-rich a'. For aging

temperatgures ^400°C, a' is formed initally by spinodal

decomposition of the ferrite matrix to produce Fe and Cr

segregation on a very fine scale ^3 nm. For long-term aging,

platelike a' precipitates a few orders of magnitude larger are

formed subsequently out of the initial structure of spinodal

decomposition. The kinetics of this process, however, are not

well understood at this time. The embrittling effects of the

Fe and Cr segregation by the spinodal decomposition can be

mitigated by annealing the material at 550°C for 1 h. The

toughness is virtually restored by the annealing.

3. Carbon and Mo atoms accelerate the precipitation of the

G phase. For short-term aging, the G-phase precipitates

preferentially on dislocations, followed by a homogeneous

precipitation in the ferrite matrix, and subsequently an

Ostwald ripening takes place for a long-term aging. For high

carbon CF-8 and Mo-containing CF-8M grades of steels, relative

embrittling effects of the a' and G phase are not well

understood for extensive aging conditions.
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4. For high-carbon materials of CF-8 grade, phase boundary

weakening as a result of the M23C5 precipitation on the

austenite-ferrite boundary seperation and stress-corrosion

cracking of long-term aged materials are possible for certain

situations.

5. Lower levels of Mo, Si, C, and probably N in the cast duplex

stainless steels, as well as a smaller ferrite content, will be

benefical for a better resistance to the thermal-aging

embrittlement.
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TABLE I. Chemical Compositions of Cast Duplex Stainless Steels
Used for Studies of Aging Embrittlement

Heat No. Grade Mn
Composition (wt %)

Si Mo Cr Ni N
Ferrite

Content (%)

280Na

280b

278

286

60

51

KRB
Reactor0

Pump

CF-8

CF-8

CF-8

CF-8

CF-8

CF-3

CF-8

0.28 1.00 0.13 20.20 8.27 0.008 0.019 0.027 0.038

0.28 1.00 0.13 20.20 8.27 0.008 0.019 0.027 0.038

0.50 1.37 0.25 21.60 8.00 0.015 0.006 0.029 0.028

CF-8M 0.40 1.33 2.44 20.20 9.13 0.044 0.015 0.063 0.072

0.71 1.01 0.26 21.02 8.07 - - 0.050 0.070

0.66 1.06 0.28 20.36 8.69

0.31 1.17 0.17 21.99 8.03

0.050 0.020

0.038 0.062

38

38

15

22

21

18

34

^Production heat, solution annealed at 1010°C for 12 h and water quenched.
Heat 280N heat treated additionally, i.e., solution annealed at 1050°C for 4 h and water quenched.

CA boiling-water reactor in Gundremingen, West Germany. The pump cover was obtained for tests
after -12 h of service.



Fig. 1. Effect of Thermal Aging on the Room-Temperature Impact Energy of CF-8

Grade Cast Duplex Stainless Steels Containing 34-38% Ferrite. See

text for definition of the aging parameter P.

Fig. 2. Correlation between J-J_Q and Impact Energy Observed for Aged Cast

Stainless Steels.

Fig. 3. Fracture Surface Morphologies of the Room-Temperature Impact Test

Specimens of the Heat 280 Aged at 300°C for 8 yr (A) and the KRB

Reactor Pump Cover after 12 yr of Service (B).

Fig. 4. TEM Images and Diffraction Patterns Showing the G Phase Size and

Distribution in a Heat 280 Speciman after Aging at 400°C for

66,650 h; (A) Bright- and (B) Dark-field Images; (C) (110) and (D)

(133) Zone SAD Patterns Containing the G-Phase Reflections.

Subscripts <x and G in diffraction patterns denote, respectively,

ferrite and G phase.

Fig. 5. SAD Pattern (A) Bright-field (B), and Dark-field (B) Images Obtained

from the Ferrite Phase of Heat 280 Specimen Aged at 400°C for

10,000 h Showing Small Amounts of the G-phase Precipitates on

Dislocations.

Fig. 6. Distributions of G-Phase Precipitates in Ferrite of CF-8 Stainless

Steel after Aging at 300°C for 70,000 h; (A) Heat 280, Bright-field,

and (B) Heat 278, Bright- and Dark-Field Images.



Fig. 7. TEM Microstructures of Precipitates Formed in Heat 60 Specimen after

Aging at 450°C for 3000 h. (A) Bright-field image of austenite-

ferrite boundary; (B) selected-area diffraction pattern of (A)

showing reflections of M2gC£ carbide and G phase; (C) lower

magnification of (A); (D) dark-field image of the M23C^ carbide;

(E) and (F) dark-field images of the G-phase precipitates obtained

with (422)Q and (42"2)Q reflections, respectively. Note spherical

carbides precipitated in ferrite and marked by circles in (C)-(F).

Subscripts a, G, and M in (B) denote, respectively, ferrite, G phase,

and M23C5 carbide.

Fig. 8. TEM Microstructures of Heat 286 (CF-8M Grade) after Aging at 400°C

for 10,000 h. (A) Bright-field image showing a profuse precipitation

of G phase in the ferrite grain at left and ^23^b carbides in the

austenite grain at right; dark-field image of the G phase (B), and

carbide (C); (D) selected area diffraction pattern of (C) showing

(Ill)v//(333)M r . Subscripts y and M in (D) denote austenite and
Y M23^6

Fig. 9. Mottled Morphologies Observed in the Ferrite Phase after Aging at

400°C for 10,000 h in Heat 60 (A), and KRB Reactor Pump Cover (B),

Indicating a Spinodal Decomposition of the Ferrite. APFIM profiles

of Cr, Ni and Fe for (B) are shown in (C). Note the phase boundary

carbides and the austenite phase in (A) which is free of the mottled

morphology.



Fig. 10. Cr, Ni and Fe Profiles (A) in the Ferrite Phase of a Heat 280

Specimen Determined by APFIM after Aging at 300°C for 70,000 h;

Bright-field Image (B) Showing a Very Fine-Scale Mottled Morphology

Produced as a Result of the Fe and Cr Segregation; and Cr-profile

(C) of the Same Heat after Aging at 400°C for 70,000 h.

Fig. 11. TEM Microstructures of Large Platelike a Precipitates Observed in

Heat 280N after Aging at 350*C for 56,000 h; (A) Bright-field and

(B) Dark-field Images Obtained from (110)a. The bright-field image

was obtained under a two-beam condition.

Fig. 12. Bright-field (A) and Dark-field (B) Images of Ferrite of a Heat 280

Specimen after Aging at 400°C for 70,000 h, Showing Some of the

Large Platelike a' Precipitates and a High Density of G Phase.

Fig. 13. Bright-field (A) and Dark-field (B) Images, SAD Pattern (C), and an

Optical Micrograph (D) of fr^C^ Phase Boundary Precipitates Observed

in the Reactor Pump Cover Material.

Fig. 14. Intensity vs Scattering Vector from SANS Analysis of Heats 278 and

280 Containing Different Ferrite Contents Aged at 400°C for

70,000 h. (B) shows normalized intensity of (A) with respect to the

ferrite content.

Fig. 15. Comparison of the Intensity vs Scattering Vector from SANS Analysis

of a Heat 278 Specimen after Aging at 400°C for 70,000 and 10,000 h.



Fig. 16. Ccmpa'.ison of the Intensity vs Scattering Vector from SANS Analysis

of Heat 280 after Aging at 400°C for 70,000 and 10,000 h.

Fig. 17. Size Distributions of the Precipitates in the Ferrite Phase of Heats

278 and 280 after Aging at 400°C for 10,000 and 70,000 h. The

results were obtained from Guinier transformation of Figs. 15 and

16.

Fig. 18. Microstructural Evolution of the KRB Pump Cover after Annealing at

550°C for 1 h Showing the Absence of the Mottled Images in Ferrite

in (A) and Dark-field Morphology of the Phase Boundary Carbides in

(B). Note the mottled images and dislocation densities in ferrite

before [Fig. 9(B)] and after (A) the anneal.

Fig. 19. Comparison of G-Phase Densities before (A) and after (B) a 55O°C -

1 h In-situ Annealing in HVEM of a Heat 280 Specimen That was Aged

at 400°C in 66,650 h. The G-Phase precipitates are largely

unaffected by the anneal.
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