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THE EFFECTS OF MICROSTRUCTURE ON THE TEMPER EMBRITTLEMENT
SUSCEPTIBILITY OF A 2 x / 4Cr IMo FORGING

G Gage, B C Edwards and J A Hudson
Metallurgy Division. AERE Harwell. UK

ABSTRACT

This paper describes the results of a detailed metallurgical
assessment of the microstructural stability and temper embrittlement
susceptibility of a 255mm thick 2 x / 4C r IMo steel forging which was
manufactured by a process typical of that used for the tube plates of steam
generator units.

Ageing effects were studied over the temperature range 450-575°C
for times up to 20.000h. Grain boundary compositional changes were
monitored using Auger Electron Spectroscopy (AES) and microstructural
changes determined by both transmission electron microscopy and X-ray
analysis. Brittle intergranular failure was produced In the lower shelf energy
regime and AES analysis showed that this was associated with the grain
boundary segregation of phosphorus. This segregation was shown to exhibit
equilibrium characteristics and was consistent with that of phosphorus
segregation in a- i ron. implying no significant alloy-impurity interaction. The
shift in the ductile-to-brittle transition temperature was not uniquely a function
of the grain boundary segregation but was shown to be dependent upon both
the level of grain boundary solute segregation and the type of precipitate
particles present. Heat treatment conditions which promoted the formation of
M6C precipitates were particularly deleterious to toughness.
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1. Introduction

A generic problem in ferritic steels is the reduction in the cohesive
strength of the grain boundaries as a result of the segregation of certain
metalloid impurities of Groups IVB and VB of the Periodic Table. This
segregation has been shown to nave a profound effect on the mechanical
properties of the material over a wide range of conditions. Two distinct
cracking regimes can be Identified* ^ dependent upon whether the solute
atoms are mobile at the cracking temperature. The first in fracture at a
constant segregation level, which refers to low temperature fracture following
a prior segregation during a thermal treatment at higher temperature(s).
This failure mode is characterised by brittle intergranular fracture at low
temperature, as in classical temper embrittlement* 2 ~ 4 ) . Secondly, there is
fracture at constant chemical potential, which is associated with solute
segregation to grain boundaries and the crack tip regions during the
cracking process itself. An example of this mode of failure is stress relief
cracking* 5 ) which is the subject of an accompanying paper in these
proceedings*6^. In addition, the grain boundary solute segregation can
exacerbate the environmental cracking susceptibility.

The most extensively studied of these phenomena is reversible
temper embrittlement which refers to the decrease in notch toughness which
occurs when low alloy steels are heated in or cooled through a critical
temperature region, typically 300-600°C. The embrittlement is manifested by
an increase in the ductile brittle transition temperature and a change in the
brittle fracture mode from transgranular cleavage to intergranular. Recent
studies* 4 - 7 # a ) have established that mlcrostructure and in particular the nature
of the second phase particles play an important role in determining the
degree of solute segregation and embrittlement. This effect has been explained
by changes in the activity of alloy and impurity atoms by their partitioning to
the second phase particles, thus influencing the alloy-impurity interactions*9) in
the matrix and grain boundaries. An alternative explanat ion'1 0* is due to site
competition between carbon and impurity atoms at the grain boundary.

The carbide precipitation sequences in 2 1 /4Cr 1 Mo steel are
complex* -11 • x 2^ with up to five different carbides existing simultaneously and
changes in this carbide population have been shown to influence the degree
of embrittlement. Temper embrittlement of 2 x / 4Cr IMo steel has been the
subject of a large number of empirical investigations and has been reviewed
periodically* a 3 • * 4 * but only recently have in-depth studies been made
(a , 12) j h j S p a p e r presents the results of a detailed metallurgical assessment
of the temper embrittlement behaviour of a 255m thick 2 1 /4Cr IMo forging
which was fabricated using processes typical of those used for the tube plates
of steam generator units. The embrittlement response was determined in both
the as-fabricated state, after the slow cooling (23°C h"1) from the
intermediate temper of 690°C, and also after ageing within the temperature
range 45Q-575°C for times up to 20,000h.
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2. Experimental Procedure

2. 1 Material/heat treatment

A quenched and tempered 2 1 /4Cr IMo steel tube plate forging.
255mm thick, was prepared using an electric arc vacuum degassed steel
making route. Details of the chemical composition, size and heat treatment
schedule are given in Table 1.

The mechanical properties of the forging were evaluated as a
function of through thickness position and no significant vatiations were
noted. Details of the room temperature tensile and hardness properties are
presented in Table 2. together with Charpy impact data. Optical
metallography showed a uniform tempered bainitic microstructure throughout
the thickness, with a grain size °O10/Am.

Temper embrittlement studies were concentrated in 3 locations of
the forging, namely at surface (S) , quarter thickness ( X /4T) and mid
thickness positions ( 1 / 2 T ) . Samples were extracted from these locations for
subsequent thermal ageing at 450°C. 475°C. 500°C. 525°C. 550°C and
575°C for ageing times up to 20.000h.

2. 2 Index of embrittlement

Due to the limited amount of material available for the embrittlement
studies, miniature 3-point bend samples*7^ (Figure 1) were used to determine
the ductile-brittle transition temperature (DBTT). A limited number of full size
Charpy impact transition curves were determined for selected ageing conditions
to allow a comparison of the two techniques. Such a comparison is shown in
Table 2 where it can be seen that the DBTT obtained by the slow strain rate
3-point bend procedure is significantly lower than that from the impact tests.
However, a linear relationship between the shifts in the DBTT produced on
ageing (ADBTT) was observed, as shown in Figure 2. with a larger DBTT
produced In the Charpy tests. Using this relationship it was possible to
produce a calibration of the 3-point ba>nd data in terms of an "Estimated
equivalent Charpy DBTT".

2.3 Auger Electron Spectroscopv (AES)

Impact samples were fractured in-situ at ~196°C under ultra high
vacuum (<10~^torr) in a Vacuum Generators MA 500 high resolution Auger
Spectrometer. The chemical composition of the first few atomic layers of
selected positions on the fracture surface was determined using AES. Spectra
were recorded in the dN(E)/dE mode at a modulation of 6V peak-to- peak, a
primary energy of lOkV. a specimen current of 1/AA and a constant retard
ratio of 4. To a first approximation the amplitude of an Auger peak in the
dN(E) /dE spectrum is proportional to the atomic concentration of the element
giving rise to that peak. In the present study at least 15 separate
intergranular facets were analysed per sample and the values quoted are the
average values determined. The results are expressed in terms of a peak
height ratio of the element relative to the 703eV Fe peak height.
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2. 4 Transmission Electron Microscopy

The microstructure of the material was monitored as a function of
ageing treatment using transmission electron microscopy of carbon extraction
replicas. The replicas were prepared using standard procedures and examined
in a Philips 400 STEM. Carbide precipitates were identified using convergent
beam electron diffraction and energy dispersive X- ray analysis.

2. 5 X-ray diffraction

The varl" _n in the types of carbide precipitates present in the
material, as a fu <ion of ageing treatment, was also evaluated using a bulk
carbide extraction ilowed by X-ray analysis. The matrix was dissolved in 10%
hydrochloric acid . nethanol at a constant current density of 4mA cm" **.
The residue of s<. ond phas6 particles was allowed to collect at the bottom of
the extraction ves ,ai and subsequently separated from solution by centrifuglng
on termination of the dissolution. Once separated the residue was washed
repeatedly with rnethanol to remove any contamination from the supernate
before drying at 150°C.

The residue was subsequently spread on a germarfcMm crystal and
analysed in a powder diffractomete.r using a CuKa primary X-ray beam.

3. Results

3. 1 Index of embrlttiement

The embrittlement response of the S. 1 /4T and X/2T positions of
the forging as a function of ageing time at 525°C is shown in Figure 3.
Similar characteristics were exhibited by the three locations, with the initial
differences in the as-received DBTT values being removed on ageing. A
gradual increase in DBTT was noted up to 10.000h followed by a sharp
increase. This latter increase was concomitant with a decrease in hardness.

An assessment of the percentage of intergranular fracture and the
grain boundary composition gave similar values at the three locations and the
remainder of this paper will concentrate on the behaviour of the surface
region. Some intergranular failure was exhibited in the as-fabricated
condition indicative of temper embrittlement occurring during the slow cool
from 690°C.

The embrittlement characteristics of the surface region as a function
of ageing time and temperature are shown in Figure 4. For all the treatments
studied, increases in the DBTT were noted but the response varied markedly
with ageing temperature. For example, at 450°C the DBTT increased up to
5000h. but with no further increase up to 20.000h. No change in hardness
was noted and this embrittlement is considered characteristic of equilibriurn-
type behaviour. In contrast, at 575°C. a decrease in DBTT was observed
after 1000h concomitant with matrix softening while ageing at 475-525°C.
produced large increases in the DBTT concomitant with matrix softening. It
should be noted that apparent equilibrium characteristics were observed at
550 °C but with significant matrix softening suggesting a balance was achieved
between two competing processes. In order to investigate the metallurgical
nature of these changes in behaviour, detailed AES electron microscopy and
X-ray studies were conducted.
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3. 2 Auaer Electron Spectroscoov

In all the conditions studied the embrittlement was associated with a
substantial degree of intergranular fracture in the lower shelf energy regime,
thus allowing the grain boundary composition to be determined using AES.

A typical AES spectra obtained from a grain boundary facet is shown
in Figure 5. For all the heat treatment conditions studied, grain boundary
segregation of P was determined, together with enhanced levels of Mo. Cr
and C compared to equivalent spectra taken from transgranular cleavage
regions. The presence of these latter elements was attributed to the
precipitation of Mo. Cr rich carbides at the grain boundary. Argon ion
bombardment showed that the phosphorus was confined to within the first few
atomic layers of the fracture surface. No other residual elements were
detected at the grain boundary. The grain boundary phosphorus
concentrations were found to be sensitive to electron beam damage and care
was taken to limit the beam currents («1/iA) and primary energy (lOKeV)
with a minimum operating vacuum of 4xlO~10torr. Unless these conditions
were adhered to the analysis produced anomalous low concentration values
for phosphorus at the grain boundary.

Ageing at 450°C produced an increase in the DBTT. together with
corresponding increases in the percentage of intergranular fracture and the
degree of grain boundary phosphorus concentration, as shown in Figure 6.
After 5000h of ageing all three parameters showed no further increase,
indicative of an equilibrium type process. No change in hardness was noted
on ageing up to 20.000h.

In contrast, thermal ageing of the forging at 525°C and 575°C
produced completely different characteristics. with the DBTT and the
porcentage of intergranular fracture showing no correlation with the variation
in the grain boundary phosphorus content, as illustrated in Figures 7 and 8
respectively. Ageing at 525°C produced a large increase in the DBTT after
20.000h. which was associated with a decrease in hardness but with no
corresponding increase in grain boundary phosphorus content or percentage
of intergranular fracture. At 575°C (Figure 8) an Initial increase in DBTT
was noted with a slight increase in P content; however, for longer ageing
times no increase in P content was noted and a fall In DBTT was produced
concomitant with a reduction in hardness.

A detailed analysis*12) of the grain boundary segregation of
phosphorus as a function of ageing time and temperature showed that the
behaviour was characteristic of equilibrium segregation, with the equilibrium
phosphorus content increasing with decreasing ageing temperature. The
variation of the DBTT with the grain boundary concentration is shown in Figure
9. For ageing at the lower temperatures (450°C. 475°C) an increase in P
concentration from that in the as-received forging (<*5at%) produced a
corresponding increase in DBTT until the equilibrium concentration of P was
attained. Further ageing at 475°C produced a further increase in DBTT with
no corresponding change in the grain boundary concentration. Similar effects
were observed on ageing at 500-575°C as shown by the vertical dashed lines
In Figure 9. A lower bound for the data was observed and the Intersection of
the vertical lines with this curv& represents the equilibrium grain boundary
concentration at the different temperatures.
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The above results demonstrate that the DBTT is not simply a function
of the degree of grain boundary concentration and were analysed assuming
that the phosphorus segregation contribution to the DBTT was represented by
the lower bound curve of Figure 9. The changes in DBTT were evaluated as
a function of two components: component A which was,; related to the grain
boundary segregation of impurities and component B which was due to other
changes occurring on ageing. Assuming that the change in DBTT is a simple
additive function of the two components the relative contributions for ageing at
450°C. 525°C and 575°C are as shown In Figures 10(a) - (c ) respectively. At
450°C the DBTT was solely a function of the level of the grain boundary
phosphorus concentration, for the ageing times studied. However, at the
higher temperatures the second component increases with ageing time and
becomes the dominant factor. The decrease In this component on ageing at
575°C Is probably associated with the concomitant matrix softening.

The temperature dependence of these effects suggests that
Component B Is associated with microstructural changes and these were
evaluated by conducting a detailed rnlcrostructural assessment as a function of
ageing time using transmission electron microscopy and X-ray diffraction.

3.3 Microstructural studies

Examination of carbon extraction replicas by transmission electron
microscopy showed a ferrlte-carbide microstructure with little evidence
remaining of the original bainitic lath-like structure. No specific features of
the carbides with respect to their distribution or orientation within the matrix
was apparent. Energy dispersive X-ray analysis coupled with electron beam
microdiffractlon showed three distinct types of carbide, viz. M2C. M7C-3 and
MgC. Examples of the EDX spectra are shown in Figure 11. It was shown
that the EDX spectra for a given type of percipltato particle varied within well
defined limits and thus it was possible to identify carbides solely by their EDX
spectra, thus allowing a rapid evaluation of the type and distribution of
particles to be made. The carbides were all globular in morphology and
Increased In size in the order M2C M7C3 and M6C. The MgC psaclpitates in
the as-received and initial ageing conditions were present at very low number
densities and were primarily at the prior austenite grain boundaries.

X-ray diffraction analysis of the residue from the electrolytic
dissolution identified the presence of the same three carbides. The variation
of carbide types as a function of ageing time is shown in Figure 12. No
significant change in the carbide types present was noted on ageing at
450°C. but ageing at higher temperatures produced an increase In the
percentage of MgC precipitates. The MgC formation was particularly
pronounced at 550°C-575°C and this transformation appeared to be
concomitant with a decrease in the percentage of M2C.

The relationship between the microstructural contribution to the
ADBTT and the percentage of M6C Is shown In Figure 13. A linear
relationship was ooserved for ageing temperatures <550°C but a departure
from this was noted at long ageing times at 550°C and 575°C where
significant matrix softening was also occurring.
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3. 4 Reversibility of embrittlement

The reversible nature of the temper embrittlement was examined by
heat treating embrittled samples at temperatures within the a field but above
the embrittling temperature regime. A heat treatment of "Ih at 650°C was
chosen, followed by a water quench to prevent any re-embrittlement
ccurring during cooling. Charpy impact transition curves of the as-received,
embrittled (20.000h at 475°C, 525°C) and de-embrittled conditions are shown
in Figures 14(a) and (b) respectively. Ageing at both temperatures produced
intergranular failure in the lower shelf regime, an increase in the DBTT and a
reduction in the upper shelf energy, with a greater degradation in properties
produced on ageing at 525°C. The de-embrlttlement treatment restored both
the DBTT and upper shelf energy to their original values and eliminated
Intergranular fracture, illustrating the reversible nature of the embrittlement.
although irreversible microstructural changes have occurred. These observations
imply that the component of embrittlement due to microstructural change is a
function of the grain boundary segregation of phosphorus. Similarly, the
recovery of the upper shelf energy implies that grain boundary solute
segregation is influencing the ductile failure mode.

4. Summary and Discussion

The tube plate forging was found to have a fully bainitic
microstructure throughout its 255mm thickness and uniform mechanical
properties were obtained. It has been shown*'x 5 ~ 1 7 * tha t such a
microstructure Is necessary to obtain optimum strength and toughness.
This microstructure is determined by the cooling rate from the austenitisation
temperature, slower cooling rates promoting the formation of ferrite with an
associated degradation in mechanical properties. Some ferrite formation is
expected in certain casts of 2 x / 4Cr IMo steel on water quenching section
thicknesses >300mm( l B • 1 9 ) . A great deal of attention has recently been
focused on increasing the hardenability of 2 x / 4Cr IMo and it has been
shown that the additions of Mn and N ( l 7 ) . B and Ti and B ( 2 o ) c a n produce
fully bainitic microstructures in thicknesses up to 500mm. The effects of
these alloying elements on the subsequent temper embrittlement response
needs careful evaluation.

An examination of the lower shelf failure mode in the as fabricated
condition showed the presence of brittle intergranular failure, indicative of the
material being In a temper embrittled condition. Auger electron spectroscopy
studies showed that the intergranular fracture was concomitant with the
Intergranular segregation of phosphorus. This segregation was produced
during the slow cool of 23°Ch~ ^ from the 690°C intermediate temper, and it
is important to emphasise that this segregation was obtained in a material
with an extremely low bulk level of phosphorus. 46i5ppm. This
embrittlement would clearly have been enhanced if a slower cooling rate had
been used or if the steel contained a higher phosphorus content. In
limiting the degree of embrittlement careful consideration should be given
to the cooling rate from the tempering temperature and the bulk level of
phosphorus. However, the cooling rate control may be of limited value if
the steel is to be used subsequently at elevated temperatures where further
segregation may occur.
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Subsequent thermal ageing at 450-575°C produced increases in the
DBTT. the percentage of intergranular failure and the phosphorus grain
boundary segregation. Phosphorus was the only element identified by AES as
being segregated at the boundary and argon ion bombardment showed that
this segregation was confined to within the first few atomic layers of the grain
boundary. A detailed analysis* 1 4 ) o f the grain boundary segregation behaviour
howed it to be consistent with equilibrium-type behaviour and similar to that
observed In pure i r o n * 1 0 * . No significant alloy-Impurity interactions, for
example Cr-P. Mo-P. were revealed by the analysis.

Once the equilibrium level of phosphorus segregation had been
attained at a given ageing temperature (>450°C), the DBTT was found to
continue to increase with no further change in grain boundary phosphorus
level. This observation has been reported in several previous
s t u d i e s * 8 ' 2 1 Jof 2 x / 4 C r IMo steel but no adequate explanation has been
advanced. From the present results two principal factors controlling the shift
in embrittlement (ADBTT) are proposed, namely phosphorus segregation and
microstructural changes.

An increase in the ageing temperature was found to result in an
increase In the contribution from the microstructural change and a decrease
in the level of grain boundary phosphorus segregation. At 450°C. no
microstructurai contribution was noted for times up to 20.000h. the
embrittlement determined solely by the degree of phosphorus segregation. At
higher temperatures the microstructural component became dominant. At
575°C an overageing in the embrittlement was noted due to matrix
softening, again due to microstructural changes.

A detailed microstructural analysis showed that a progressive
increase in MgC precipitates was produced on thermal ageing at 475-575°C
with M6C forming at the expense of M2C. This transformation results in a
reduction in the Mo and Cr in solid solution but no significant change in the
grain boundary phosphorus concentration was noted. These results suggest
that there is no significant increase in P activity when Mo and Cr are
removed from solution.

A good correlation was noted between the embrittlement contribution
due to microstructural changes and the volume fraction of MgC precipitates.
Results from the de-embrittlement studies indicate that the embrittlement is
not due to the presence of MgC per se. but the combination of MgC plus
grain boundary phosphorus segregation. It is postulated that P segregation
at the matrix - MgC interface produces a large reduction in the cohesive
strength which initiates brittle intergranular failure.

As mentioned earlier, it is extremely difficult to avoid P segregation
during the cooling of large steel components and hence the need is
to minimise the formation of MgC and restrict/eliminate elements which
promote its formation. An analysis ' 1 2 ) o f the kinetics of MgC was made for
the present steel and it was concluded that MgC precipitation should not
occur at operating temperatures of <400°C for times up to 25 years. At
these low temperatures the embrittlement response was controlled solely by
the equilibrium segregation of phosphorus.

462



The effect of Si on the temper embrittlement of 2* /4Cr IMo steel
has been the subject of several previous studies^a# 2 1 # 2 2^ which have shown
that Si enhances the degree of embrittlement. Si was not found to influence
the level of P segregation or be segregated at the boundary. These
observations arr* consistent with the mechanism proposed in this paper as Si
has been shown to promote the formation of MgC^ 1 2 * . A similar effect would
be predicted for other alloying elements which enhance MgC formation. The
above observations support the recent trend of reducing the Si content in
2 x / 4Cr IMo steel.

The present study has highlighted the complexities of temper
embrittlement in commercial steels. In order to understand and control the
embrittlernent it is essential that the mechanical properties are related to grain
boundary compositional changes and changes In the microstructure.

5. Conclusions

i) A fully bainitic microstructure was produced through the 255mm
thickness of the forging and uniform mechanical properties were obtained.

ii) Slow cooling (23°Ch~1C) of the forging from the intermediate
tempering temperature (690°C) promoted brittle Intergranular failure in the
lower shelf regime which was shown to be associated with the grain
boundary segregation of phosphorus. This segregation/embrittlement was
produced in a steel containing low bulk levels of phosphorus. 46±5ppm.

iii) Subsequent thermal ageing at 450-575°C resulted in further
embrittlement as shown by increases in the DBTT. the grain boundary
phosphorus concentration and the percentage of intergranular failure.

iv) The grain boundary segregation of phosphorus exhibited equilibrium
characteristics which were in good agreement with the behaviour of
phosphorus in pure iron. No evidence of any alloy-impurity interaction was
revealed by the analysis.

v) Once the equilibrium grain boundary concentration was obtained at a given
temperature, the DBTT was found to continue to increase with no further
change in the phosphorus concentration. This increase in DBTT was shown to
be associated with the formation of M6C which produces a reduction In the
Mo content in solid solution. This transformation produced no significant
change in the P concentration at the grain boundary implying Mo-P
Interactions in solid solution.

vl) A synerglstic effect of the P segregation and M6C precipitation was
noted, suggesting that the P segregation dramatically lowers the cohesive
strength of the MgC interface. The presence of MgC precipitates produced
no significant effect on the mechanical properties in the de-embrittled
condition.

vii) In order to reduce the embrittlement susceptibility, heat treatments
and alloy contents which promote MgC formation should be avoided. A
reduction in the bulk Si content Is beneficial in suppressing MgC formation.
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Table 1

c
11

p
004

O
004

Chemical

Cr
2.31

S
.009

Ni
. 16

Composition

Mo
1. 13

Sn
.006

Cu
.08

of Tube

Mn
. 56

Sb
<.01

V
< on

Plate (wt%)

Si
.26

As
<. 01

W
< 01

AI
<.01

N
.008

Ti
<. 01

Nb Co

Steel Process:

Product Size:

Heat Treatment:

Electric Arc Vacuum Degassed

1000 x 1000 x 255mm forged plate

Heat at 20°C h" 1 to 960°C hold for 6h water quench

Heat at 25°C h" 1 to 690°C hold for 12h. cool at
23°C h"1
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Table 2

Mechanical Properties of As Fabricated 2 1 /4Cr IMo Forging

Location

Surface

Quarter
Thickness
( 1 / 4T )

Mid
Thickness
( 1/2l)

Hardness
(VHN)

192

194

195

Room Temperature Tensile Properties

. 2% Proof Stress
(MPa)

476

480

478

U. T. S.
(MPa)

595

598

595

Elongation
(%)

25

24

23

R. of A.
(%)

77

75

75

Charpy
Props

Upper
Shelf
Energy

(J)

170

150

160
1

mpact

DBTT
(°C>

- 2 0

- 2 0

- 2 0

Slow strain
rate 3pt
bend

(°C)

-72. 5

-62 . 5

- 6 0



L.
15 15
U B5

DETAIL OF GROOVE
SCALE 20.1

DIMENSIONS IN MM

Figure 1 Geometry of the miniature 3 point bend sample used to
determine the ductile to brittle transition temperatures.

20 40 60

ADBTT C O -Charpy Impact

Figure 2 Comparison of the shifts in the ductile to brittle transition
temperature (ADBTT) produced on ageing, measured using the
slow strain rate 3 point bend technique and Charpy impact
testing.
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Figure 3 The variation of the ductile to brittle transition temperature and
hardness of the surface, quarter thickness and mid thickness
forging positions as a function of ageing time at 525°C.
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Figure 4 The variation in the DBTT and hardness of the surface region
as a function of ageing time at temperatures 450°C-575°C.
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BOB
Eloclron Enorgy eV

I

Figure 5 AES spectrum obtained from an Intergranular facet showing a
high segregated level of phosphorus.

-30r

1000 5000
Ageing Time(h)

10000 20000

Figure 6 The variation in OBTT. P concentration and hardness of the
surface region as a function of ageing time at 450°C.
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Figure 9 The variation in DBTT with grain boundary phosphorus
concentration. Note that at a given ageing temperature the DBTT
initially increases with phosphorus concentration and then
continues to increase • with no further change in grain boundary
concentration. The solid line represents the equilibrium grain
boundary phosphorus concentration.

472



-40

-50

m -60
o

-70

450 °C

r-V 1000 5000
Ageing Time (h)

10000 20000

-20

-30

-40

-50

-60

-70

525 °C

j
1000 5000

Ageing Time (h)
10000 20000

-50

-60
m
a

-70

575 °C

1000 5000
Ageing Time (h)

10000 20000

Figure 10 Contributions to the DBTT from grain boundary phosphorus
concentration (A) and microstructural effects (B) for thermal
ageing at (a) 450°C. (b) 525°C and (c) 575°C. Note the
decrease s.i the contribution from phosphorus segregation with
Increasing ageing temperature and the absence of any
microstructural contribution aT 450°C.

473



M-.C
SSSÖ«?

M7C3

Mo Cr Fe

CrFe

MiC

Si Mo Cr Fe

Figure 11 Typical energy dispersive X-ray spectra of the carbides observed
In the present study.

474



ui

c

01
X)

O
O

0-5

0 4

0-3

0-2

0-1

0

0-6

0-5

0-4

0-3

0-2

0-1

0

0-5

0-4

0-3

0-2

0-1

0

_ M 7 C 3

- M2C

M6C

X
A
0

+
a
V
O

As-
450
475
500
525
550
575

Received
°C
°C
°C
°C
°C
°C

1000

Ageing Time (h)

5000 10000 20000

Figure 12 The variation in carbide types as a function of ageing time at
450-575°C. as determined by X-ray analysis.

50

4 0

m
a

- 30

i 20

E
LU

10

0-2 0 3
M 6 C R e l a t i v e I n t e n s i t y l c / Z I c

0A 0-5

Figure 13 The variation in the microstructural contribution to the shift in
DBTT as a function of the bulk M6C concentration.

475



175

150

125

100

c
UJ
- 75
O

a.
E

50

25

°200

As-Received
De-Embrittled
Embrittled

-100

As-Received (AR)

A R * 20.000 h 475°C WQ

AR + 20.000h475°C WQ
+ 1h 6508C WQ

100 200

Testing Temperature (°C)

(a)

175

150

125

>. 100

c

O
Q.
E

75

50

25

As-Received
De-Embrittled

Embrittled

x As-Received (AR)
a AR -»20.000h 525 °C WQ
• AR+ 20.000*1 525°C WQ

• 1h 650°C WQ

-200 -100 0 100

Testing Temperature (°C)
200

(b)

Figure 14 Charpy impact transition curves of the as-received condition
after thermal ageing for 20.000!i at (a) 475°C and (b) 525°C
and after subsequently "de-embrittling" the material by a Ih
temper at 650°C.

4 7 6



230-2

STRESS RELIEF CRACKING STUDIES OF 2 V A Cr 1 Mo STEEL

C A Hippsley and B C Edwards
Metallurgy Division. AERE Harwell. UK

ABSTRACT

The stress rolief cracking susceptibility of coarse grained heat-
affected-zone microstructures of 2 1 / * Cr IMo steel has been assessed using
a recently developed constant displacement stress relief cracking test
procedure. Two types of test are described: the "relaxation test" which
simulates conditions of stress, strain and temperature during the post weld
heat treatment cycle, and the "load shedding" test which characterises crack
growth behaviour in terms of the stress intensity parameter at constant
temperatures in the stress relief therms! cycle. Particular attention has been
directed at characterising the micromechanisms of cracking and the role of
residual impurities. Two distinct types of stress relief cracking were identified:
failure at high temperatures. >875K. was characterised by intergranular
ductile microvoid coalescence, whereas at lower temperatures. 725K-875K.
a low ductility intergranular failure was produced with the cracking promoted
by solute segregation to the grain boundaries and the crack tip region. An
increase in the heating rate during the post weld heat treatment was shown to
be beneficial to cracking resistance.

The application of the laboratory test data to the prediction of
stress relief cracking of actual weldments is considered, using two alternative
methods.
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1. Introduction

The welding of large steel components, such as pressure vessels
and steam generator units, produces high residual stresses in the as-welded
state which are typically of the same order as the material yield strength.
These residual stresses may subsequently increase the probability offailure and
the rate of crack propagation by fatigue. creep and stress corrosion
mechanisms during service life. A post weld heat treatment (PWHT) is
therefore usually employed to reduce the residual stresses by thermally
activated flow. This treatment has the dual beneficial effect of reducing the
net service stress experienced and decreasing the hardness of the weld,
thereby increasing the fracture toughness. However, the PWHT may also
induce intergranular cracking of the coarse grained heat affected zone (HAZ)
or the weld metal itself, resulting either In immediate failure of the
component or the creation of crack nuclei for crack propagation during
service life. This form of embrittlement is known as stress relief cracking
(SRC) or reheat cracking.

Considerations of power plant Integrity and the high costs of
component replacement have motivated extensive research investigations into
the effects of various alloy paramaters on the susceptibility of low alloy
ferritic steels to stress relief cracking. This work has resulted in several
different methods of assessment and empirical equations have been derived
relating bulk alloy composition to SRC indices ( 1 ~" 4 ) . However, the wide
range of assessment methods used and the complexity of SRC has precluded
any general correlation between the equations and hence their application
has been limited.

In contrast, comparatively little research effort has been directed at
understanding the micromechanisms of SRC, although a more detailed
understanding of these may enable a more critical use to be made of the
data available. It is with this objective that the current work was initiated,
with the aims of (I) developing a realistic SRC test procedure and
(II) identifying the role played by residual trace Impurities on the SRC
susceptibility of 21 /4Cr IMo steels.

2. Material and Heat-affected-zone Simulations

The stress relief cracking behaviour of four 2 x /4Cr IMo steel
alloys has been investigated. The alloys were chosen to provide a range of
residual impurity contents in laboratory melts. and comparison with a
commercial purity melt. Full bulk chemical analyses are given in Table 1.
and the alloys will be referenced as follows:

Alloy A - controlled purity
Alloy B - doped with 540ppm phosphorus
Alloy C - doped with 500ppm tin
Alloy D - commercial purity

laboratory melts

All alloys were initially In the quenched-and- tempered state.
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Both weld-metal and coarse-grained heat-affected-zone (HAZ)
microstructures are susceptible to stress-relief cracking in 2*/4 Cr 1 Mo steel
weldments*5 • 6 ) . but this current investigation concentrated on characterising
the cracking behaviour of the coarse grained HAZ.

It was considered important to simulate accurately the thermal cycle
experienced by the HAZ. An R. F. induction heating rig was therefore
constructed to impose such a rapid high-temperature thermal cycle on a
limited volume of material surrounding the notch region in the single-edge
notched (SEN) testpieces which were used for all the stress relief cracking
assessments (Figure 1). The thermal cycle employed was that measured by
Myers ( 7 ) in the HAZ of a multipass MMA butt weld in 1 /2Cr 1 /2Mo X / *V
steelm and is shown in Figure 2(a) .

Measurement of the resultant simulated HAZ grain sizes indicated
that the extent of grain growth was similar in all four alloys and comparable
with that reported for the coarse-grained HAZ in 2 x /4Cr IMo steel
weldments ( 8 ) . 90 ± 20/im. Electron microscope examination of the
simulated HAZ^s)shared a mixed upper and lower bainite microstructure.
while microhurdness values of «350 VPH correlated with those expected
in a real weldment.

3. Stress-relaxation Testing and Assessment of Crack Growth
Behaviour at elevated temperature

Two types of mechanical test have been developed to examine the
cracking phenomena which may occur under the conditions of stress and
temperature experienced during post-weld heat treatment*10 • 1 x< 1 2 ) . The first
("stress-relaxation test") attempts to closely simulate these conditions enabling
a study of the possible fracture mechanisms and cracking susceptibilities over
the range of temperatures experienced during an actual post-weld heat
treatment to be made. The second type of test is designed to assess
cracking behaviour as a function of stress-intensity at a constant temperature
once the temperature ranges in which cracking occurs have been identified.

The welding process in thick section restrained joints produces
multiaxial residual stresses of yield-stress order in magni tude'1 3* . During
post weld heat treatment. these stresses relax under conditions of
approximately constant total strain. Thermally activated plastic flow allows the
elastic residual strain to be extensively replaced by plastic strain so that on
cooling the remaining residual stress has fallen to <10% of its original
value * .

The stress-relaxation test simulates the initial residual stresses in the
HAZ material by loading suitably heat-treated SEN testpieces in four-point bend
using a servo-hydraulic testing machine. Specimens are then heated slowly
(lO.-Kh"'') to a "hold" temperature of 975K (Figure 2(b)) under hydraulic ram
displacement control, with a feedback command related to the specimen
temperature, maintaining a constant testpiece bonding radius ( i .e . constant
total strain). Relaxation of stress within the testpiece is reflected by the
resultant decrease in applied load.
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The initiation and growth of cracks, usually from the notch region,
may be monitored in two ways: crack initiation produces a discontinuity in the
otherwise continuous increase in the rate of load relaxation with temperature,
and hence may be detected by inspection of the load versus
temperature t r a c e s * : o ) . A more accurate and reliable method has recently
been developed which is based on the "potential-drop" crack length
measurement technique*1 1^. The potential drop arising from a flow of
constant DC current through the specimen is monitored across the crack
(notch) plane and. as a reference, along the specimen shank distant from
the crack. By repeated switching of the DC current, compensation can be
made for both thermal e .m. f .s at the potential-drop monitoring connections
and the increase in specimen resistance due to heating alone.

The operations described above were achieved in the original test
apparatus using analogue devices*1 0*. Subsequently, a microprocessor- based
version has been constructed in which servo-hydraulic machine control
(compensation for specimen expansion), crack growth monitoring (current
switching) and all data acquisition are computer driven. Information
Immediately available from the tast includes load relaxation as a function of
temperature and crack length as a\ function of temperature (during the
"heating" period) or time (during the "hold" period - Figure 2 ( b ) ) . From this
data may be derived the final severity of cracking as a function of load ( i . e .
a measure of initial "residual stress") and applied stress intensity during crack
growth. Some examples are presented in Figures 3, 4. 5 and 6 from tests
performed on the 2 1 /4Cr IMo steel alloys A, B, C and D.

The second type of test is described in detail in reference (12).
It provides a means of characterising crack growth at a given temperature
using the stress-intensity parameter. This approach has been justified by
consideration of the very limited plasticity associated with the dominant
mechanism of stress-relief cracking, which operates at lower temperatures
during the "heating period. " A "load-shedding" technique, similar to that
used In the determination of fatigue cracking thresholds*1 5*, is employed to
derive a relationship between crack growth rate and stress-intensity. An
example of the behaviour observed at various temperatures for the tin-doped
alloy C is shown in Figure 7.

4. Fractoqraphic. Mlcrostructural and Mlcrochemical Analysis

The relaxation test and crack-growth assessment were complemented
by a range of microanalytical studies. The most useful information was
obtained by interrupting crack growth during a test and analysing features of
the crack-tip region.

Examination of the crack-tip fractography in specimens interrupted
at various temperatures enabled the micromechanisms of stress-relief cracking
to be related to their operative temperature ranges. Two mechanisms were
distinguished:

I) Low-ductlllty intergranular fracture (operative between 725K and
375K) . e .g . Figure 8 ( a ) . ( b ) .

ii) Intergranular microvold coalescence (operative between 875K and
975K) . e.g Figure 8 (c ) . ( d ) .
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An association between both fracture mechanisms and small
precipitates was demonstrated, and it was therefore necessary to determine
the development of precipitate microstructure as a function of temperature
during the stress-relief thermal cycle( 9 ) (Figure 2 ( b ) ) . Carbon extraction
replicas were taken from sections of the HAZ material at various stages of
heat treatment. The precipitates extracted could then be Identified In the
transmission electron microscope (TEM) by a combination of energy-
dispersive X-ray analysis (EDX) and microdiffraction techniques. Some
examples of the precipitate morphologies observed are shown in Figures 9 and
10. while Figure 11 summarises the development of carbide precipitation as a
function of temperature. The precipitation behaviour of all four 21 /4Cr IMo
steel alloys was found to be similar.

Both mechanisms of stress-relief cracking were observed to Involve
grain-boundary decoheslon. The possible intergranular segregation of
embrittling Impurity elements, which may reduce grain-boundary cohesive
strength ( e . g . phosphorus, t in, antimony, arsenic and sulphur), during
post-weld heat treatment was therefore of significant interest.

Grain-boundary segregation was evaluated using Auger electron
spectroscopy (AES) in two stages. Specimens of each alloy were first heat
treated In the absence of stress to various temperatures in the stress-relief
thermal cycle. They were then fractured within the AES high-vacuum system
and the surface chemistry of any intergranular facets thus exposed was
analysed. This procedure gave an indication of the thermally induced
"background" segregation by equilibrium and carbide rejection mechanisms
above^ 1 6 ) . A typical AES differential spectrum showing the segregation of
phosphorus In the doped alloy B is presented in Figure 12(a).

Preliminary experiments suggested that the Intense stress field
present at the sharp stress-relief crack tip may affect solute segregation
behaviour. This possibility was investigated by cooling testpieces rapidly from
the temperature range of crack growth, thus "freezing-in" crack tip solute
distributions. The high temperature cracks were then exposed within the high-
vacuum AES system by impact fracture, and a line-profile of AES analyses
performed to encompass the crack-tip region. Figure 12(b) illustrates the
surface chemistry of such a region in the P-doped alloy B. Clearly, there is
a large Increase in the concentration of sulphur present at the crack tip when
compared to that on an unstressed grain-boundary after the same heat
treatment (Figure 12(a)) .

5. Summary of Experimental Results

5. 1 Mlcromechanisms of stress-relief cracking

5.1.1 Low-ductility interqranular fracture

Low-ductility intergranular fracture operates within the temperature
range 725K-875K, although the precise temperature of crack initiation varies
with applied stress intensity and alloy composition, consistently decreasing
with rising stress-intensity. Fractographic analysis reveals relatively smooth
grain-bounaary facets (Figure 8 ( a ) , ( b ) ) . but although apparently brittle in
nature, crack growth by this mechanism is many orders of magnitude slower
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than that observed for truly brittle intergranular fracture at temperatures below
the material's ductile-brittle transition.

High-resolution SEM of this mode of failure in another type of steel
(HY80) has shown that the crack path tends to follow grain-boundary
carbide/matrix Interfaces*17^. The cavities thus formed do not coalesce, but
are joined by featureless intergranular regions. The temperature range over
which low-ductility intergranular fracture operates is also coincident with that
in which the density of grain-boundary carbides rises rapidly*9) (Figure 13).
Intergranular carbide precipitation is therefore considered to play an important
role, perhaps encouraging crack nucleation by blocking dislocation pile-ups
and rejecting embrittling impurities into the surrounding grain-boundary in a
similar manner to that envisaged during "one-step temper embrittlement. "

Examination of the four 21/*Cr IMo steel alloys has demonstrated
that low-ductility intergranular fracture requires a critical bulk concentration of
embrittling residual impurities. This mode of failure was exhibited by alloys
B, C and D. but was completely eliminated in the controlled-purity alloy
A * l x ) . AES examination of the phosphorus doped and commercial alloys B
and D showed that a "background" segregation of the embrittling agent
phosphorus to grain-boundaries took place during the stress-relief thermal
cycle within the temperature range of low-ductility intergranular
f rac ture* 1 0 ) . This was initially held to be responsible for the relatively brittle
fracture mode. However, neither tin nor phosphorus were observed to
segregate by thermal activation alone in the tin-doped alloy C, which also
exhibited this mode of failure, and K was conjectured*1 x* that crack-tip stress
may induce the local segregation or otherwise inactive embrittling solutes.

The underlying "temper-embrittlement" produced in alloys B and D by
phosphorus segregation in the absence of stress enabled AES line profiles to
be acquired at the crack tip region from intergranular facets straddling the
oxidised high-temperature (stress-relief) and uncontaminated low- temperature
(impact in AES system) crack faces. An example is given in Figure 14 (Alloy
D at 600°C) which clearly demonstrates an enrichment of sulphur at the crack
tip over that on grain-boundaries in the specimen bulk.
Conversely, phosphorus levels at the crack tip were found if anything to be
lower than those distant from stress intensification. Similar observations were
made for the phosphorus-doped alloy. B. The lack of sufficiently embrittled
grain-boundaries to provide intergranular fracture at low temperature in the
tin-doped alloy, C. prevented any meaningful line-profile analysis. Hence no
conclusion can be drawn regarding the stress-induced segregation of tin at
present.

In summary, crack propagation by the low ductility intergranular
fracture mechanism is thought to occur in the following stages:

i) The stress-intensifying notch or crack induces a localised region
of plastic deformation in which dislocations "pile-up" behind
obstructing grain and grain-boundary carbides.

ii) The local "stress-induced" segregation of impurity elements such as
sulphur reduces grain-boundary and carbide interface cohesive
strength sufficiently to enable intergranular microcracks to
nucleate.
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iii) The main crack then propagates out of the rogion of local
enrichment and arrests until further local segregation to the new
crack tip takes place to complete the cycle.

5.1.2 Intergranular mlcrovold coalescence

This mode of stress-relief cracking operates at temperatures greater
than °<875K and produces heavily cavitated intergranular facets (Figure
8 ( c ) . ( d ) ) . The cavities have been found to nucleate on a dispersion of
small («O^ö/ im diameter) manganese sulphide particles which precipitate
near grain-boundaries during the heat-affected-zone thermal cycle^ 9^ (Figure
10). Cane and Middleton£ I 8 ^ have found that manganese-sulphide particles
are also associated with cavities formed during creep rupture of 2 x /4Cr IMo
steel, and these two mechanisms of high-temperature fracture therefore
appear to be very similar.

Intergranular mlcrovoid coalescence is the only mode of stress-
relief cracking exhibited by the controlled purity alloy. A. Figure 5 shows
that cracking by this mechanism is far less severe than that resulting from
low-ductility intergranular fracture. dominant in alloys B, C and D.
Fractographic observations indicate that intergranular microvoid coalescence is
inhibited by phosphorus segregation, but is encouraged by tin which has
been observed to segregate to the "free-surface" cavity wal ls*1 9 .

5. 2 Effect of alloy composition

The variation in cracking propensity with alloy composition may be
considered with reference to Figure 5 and Table 1. Two features of Figure
5 are immediately apparent:

i) the anomalously low susceptibility of alloy A:

ii) the very high susceptibility of alloy D when compared to the doped
alloys B and C.

The major differences in composition between alloys A-D lie in their residual
impurity content, and it is suggested that these solutes control the wide
range of behaviour observed. Although it is possible to rationalise this
behaviour to some extent, the action of impurities is complex as described in
section 5 . 1 . and the temptation to over-simplify should be avoided.

It is clear however that, as is apparent from several other
I n v e s t i g a t i o n s ^ ' 2 0 ' 2 1 ^ , the propensity of each alloy to stress-relief cracking
generally increases with impurity. The sharp contrast between the controlled
purity alloy A and alloys B. C and D of commercial or lower purity results
from the elimination of the deleterious low-ductility intergranular fracture
mechanism (see section 5 .1 .1 ) . However, the variation in propensity to low
ductility intergranular fracture between alloys B.C and D is less easily
explained.

Consideration of alloys B and C indicates that sufficient quantities of
phosphorus or tin will induce low-ductility intergranular fracture, and that
phosphorus is more deleterious (per weight percent) than tin. The
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commercial alloy D contains both phosphorus and tin, although in smaller
concentrations, together with antimony and arsenic. It has been suggested
that the very combination of such embrittling elements is intrinsically
deleterious through their action in extending the operative temperature range
of fracture^* ** . However. In view of the role of sulphur In embrittlement by
stress-induced segregation, the relatively high concentration of this element
in alloy D is likely to be a more significant factor in Its high cracking
susceptibility.

Sulphur, however, cannot be solely responsible for low-ductility
intergranular fracture since It Is present in similar concentrations in both
alloys B and C and Alloy A (immune to this mode). Hence it appears that
the "background" segregation of elements such as phosphorus, and the
stress-induced segregation of sulphur, and perhaps tin. act synergistically
to enable slow, brittle Intergranular crack propagation at elevated
temperatures.

5.3 Effect of heating rate

The rate of heating employed during post-weld heat treatment of
thick-section weldments is usually restricted to 50-lOOKh"1 in order to avoid
undue thermal stress. However, there are instances in which this restriction
may be relaxed, enabling the "hold" temperature to be approached at 10 or
10^ Kh"1 . This has particular application to local stress relief of v/elds using
R. F. heating. The dominant mechanism of stress-relief cracking In commercial
21 /4Cr IMo steel has been shown to involve low- ductility intergranular
fracture which propagates at relatively low velocities (10~^- l O ^ m s ^ - F i g u r e
7) and requires the diffusion of embrittling impurities to grain boundaries - a
time and temperature dependent process. It was therefore suggested that a
higher rate of heating might significantly decrease the time available for
segregation and crack growth, consequently reducing the overall severity of
reheat cracking.

A second set of relaxation tests was therefore performed on
the commercial alloy D at a heating rate of 103Kh - 1 in order to make a
comparison with results already obtained at 1 0 ^ K h ~ ^ 2 2 ) . Figure 15
summarises the final severity of cracking as a function of initial load for both
heating rates, and demonstrates that a noticeable, but relatively small,
decrease in the propensity to cracking occurred at the higher rate. The
crack initiation behaviour and micromechanism of fracture were not affected
by heating rate.

Two competing factors were found to control the effect of heating
rate on the final extent of cracking observed:

i)

ii)

the time available for crack growth;

the time available for stress relaxation.
p O ._ "I

Both were reduced by increasing the heating rate from 10^ - 10 Kh
However, while factor (i) above would produce a reduction in final crack
lengths, factor (ii) enabled levels of stress, and hence stress-intensity at
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crack tips, to be maintained at higher temperatures. Reference to Figure 7
shows that this encourages greater crack growth rates. The counteracting
Influences of these two factors resulted in a slight decrease in the final extent
of cracking on increasing the heating rate from 10^ - lO^Kh""1.

6. Application of Laboratory Test Results to Welded Structures

Two methods by which the likely extent of reheat cracking in
actual weidment may be predicted from laboratory data have been
proposed^12 2 a ' . T h e first gives a reasonable estimation of the likelihood of
extensive cracking ( i .e . extending through the immediately continuous coarse-
grained HAZ region) and is based on relaxation test results. Tha second
method is mors quantitative, and employs the crack growth rate vt,. stress-
intensity relationships derived using the "load-shedding" technique. Both
methods depend on the accurate laooratory simulation of fracture condition»
and mechanisms in actual weldments. That the relaxation tost and load-
shedding test described in section 3 provide such simulation has been
demonstrated by comparisons between stress-relief cracking in laboratory
and actuai weidment specimens. These are described in detail in references
(17) and (23).

It has been shown that the iow-ductlllty Intetgranular fracture mode?
O) stress-relief cracking can be characterised by the stress-intensity
parameter. Crack growth rates are controlled by material dependent
parameters anü tha applied stress-Intensity. The stress-intensity associated
with a given defect in a loaded structure depends on the defect siza and the
applied stress. In tne case of SEN testpieces, an "effective" stress- intensity
may be associated witn the notch tip. This transforms to a "trup" stress-
intensity as soon as a sharp intorgranular crack initiates. In tho course oi e
relaxation test, the crack growth rate observed at a given temperature is
controlled by Ihe level to which the applied load has fallen through strrast.
relaxation. Hence, the resultant data describing final crack severity as v
function of initial applied load (e .g . Figure 5) contains information concerning
both tho intrinsic material cracking characteristics and its relaxation
behaviour.

The first approach to the prediction of reheat cracking assumes that
the relaxation of stress by thermally activated flow and by crack propagation
in actual weldments is accurately simulated by the SEN testpiece during the
relaxation t esP 2 3 ^ . Furthermore, the variation in stress-intensity as a crack
propagates across a SEN tastpioce and as the specimen relaxes must also
be taken as representative of the weldmenl situation. Final crack severity
data (e .g . Figure 5) may then be related to the likely initial level of stress-
intensity at defects in a vvelciment under the influence of residual stress.

Clearly these assumptions are crude, and this method can only b&
used to assess the likelihood of gross cracking. For example, a critical
load level of ~10kN may be estimated for alloy D in Figure 5 above which
cracks propagate across >90% of the specimen cross-section. From this
value a critical stress-intensity of «22.5MN m 3 / z can be derived. If this
is exceeded in the coarse-grained heat-affected zone material of a weidment
prior to post-weld heat treatment, significant cracking may be expected.
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This type of approach has recently been successfully employed to rationalise
stress-relief cracking observed close to a weld-toe reinforcement in a
weldment of AS08 class 2 pressure-vessel steel*2 3* .

The second method of prediction uses the crack-growth rate
(da/dt) vs. stress-intensity (K) data derived from "load-shedding* tests to
provide a more quantitative assessment: Figure 7 shows that an exponential
relationship. I. e.:

da/dt = a exp(/8K) (1)

describes crack growth behaviour at constant temperature, ("a" and "ß" are
material and temperature dependent parameters). Stress relaxation Is
calculated from creep stress-rate data of the form:

log{de/dt> = A + B log (a) - C/T (2)

where de/dt = strain rate, a - stress. T = temperature, and A. B and C
are material dependent constants.

The "heating" period of post-weld heat treatment is split into small
temperature/time increments (AT and At) where heating rate = AT/At.
Assuming an initial defect size, the applied stress intensity is determined at
the beginning of each increment from the previous stress and crack length
values and an analytical relationship or. for more complex structures, finite
element analysis. The increments of crack growth and stress-relaxation over
At are then calculated from equations (1> and ( 2 ) . and form the starting
conditions for the next step. This cycle is repeated until the "hold"
temperature is reached, and although the analysis described here uses only
the dominant mechanism of low-ductlllty Intergranular fracture, provision can
be made for translation to crack-growth by the Intergranuiar mlcrovold
coalescence mechanism as the temperature surpasses °"875K.

The validity of this approach has boon established through Its
application to the prediction of stress-relaxation and stress relief cracking In
SEN testpieces. References (12) and (13) describe the method In detail, and
demonstrate that all the major features of stress-relief cracking In the 2x/ACr
IMo steel alloys A-D can be predicted. For example. Figure 16 shows the
final cracking severity predicted for alloy D heated at 102 and lQ^Kh"1.
Comparison with experimantal results given In Figure 15 Indicates a good
correlation between predicted and measured behaviour.

It should be remembered that both methods of prediction described
concern crack growth In the coarse-grained heat-affected-zone material alone.
The translation of predictions to actual weldments must take Into account the
extent of continuous coarse grained HAZ regions and their relationship to
stress-intensifying weldment geometry or defects. This is discussed in more
detail in roforence (12) .
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Summary v

1. The stress-relief cracking behaviour in the coarse grained HAZ
microstructure of a range of ?1 /«Cr IMo steel alloys has been reviewed.
Two types of laboratory assessment test were described: the "relaxation
test," which simulates conditions of stress, strain and temperature during
post weld heat treatment, and the "load shedding" test, which characterises
crack growth behaviour in terms of the stress-intensity parameter at constant
temperatures in the stress-relief thermal cycle.

2. The two mechanisms of stress-relief cracking were described i .e.

low-ductility intergranular fracture (725K-875K) ,
Intergranular microvoid coalescence O875K).

An account of current understanding regarding the operation of these two
modes of cracking was given, with special reference to the influence of
precipitate microstructure and grain-boundary segregation. In particular,
recent direct evidence of "stress-induced" solute segregation to crack tips at
elevated temperature was presented.

3. An increase in heating rate during post-weld heat treatment was
shown to be slightly beneficial to cracking resistance. The major
factors governing this effect were discussed.

4. Finally, the application of laboratory test data to the prediction of
stress-relief cracking in actual weldments was considered, using two
alternative methods. The first method uses data from the relaxation test and
provides a relatively simple means of estimating the likelihood of extensive
HAZ cracking. The second method is more complex, requiring crack growth
rates/stress-intensity data from the load-shedding test and creep strain-rate
data, but is capable of semi-quantltatlve predictions.
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Alloy Cr Mo Mn Si Ni Cu V W Nb As Sb

A

B

C

D

"pure"

P-doped

Sn-doped

commercial

2.

2.

2.

2.

25

25

23

12

0.97

1.02

1.03

0.95

0.

0.

0.

0.

55

57

57

53

0

0

0

0

.025

.02

.03

.17

0.

0.

0.

0.

02

03

01

20

0

0

0

0

.015

„015

.02

.15

<0

<0

<0

<0

.01

.01

.01

.01

<0.01

<0.01

<0.01

<0.02

<0

<0

<0

<0

.01

.01

.01

.01

<0.01

<0.01

<0.02

<0.02

<0

<0

<0

<n

.01

.001

.001

.005

Alloy Sn P S . Ti Zr Bi Co Al C N O

* A "pure" <0.01 0.007 0.006 <0.01 <0.01 0.02 0.09 <0.002
o

B P-doped 0.007 0.054 0.006 <0.01 <0.01 0.02 0.12 0.005

C Sn-doped 0.05 0.007 0.005 <0.01 <0.01 0.02 0.10 0.001 0.015

D commercial 0.010 0.015 0.021 <0.01 <0.01 <0.01 <0.01 <0.01 0.13 0.006

Table 1 Bulk Chemical Analyses of Alloys A-D (in wt%)
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Figure 3 Load relaxation behaviour in alloy D for a range of initial
loads. Discontinuities in the'rate of load relaxation
indicating crack initiation are denoted by "O". (11)
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Figure 4 Crack growth behaviour determined by the potential drop
technique for a sample of alloy D relaxed from an initial load
of 8kN. (11)
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Load at 650K

Figure 5 The final severity of cracking observed in alloys A~D expressea
as the percentage of specimen cross-sectional area cracked
vs. load measured at 650K. (11)
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Figure 6 The variation of stress-intensity factor during stress-relief
cracking in a sample of alloy D relaxed from 8kN (11) .
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Figure 7 The dependence of crack growth rate on applied stress-intensity
in alloy C over a range of temperatures (12).
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(a) 100 (im

^J^K^ •«*£***

(b) 10 [im

Figure 8 (a ) . ( b ) Examples of the low-ductility intergranular fracture
appearance exhibited by alloys B. C and D.
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Figure 8 (c) . (d) Examples of the intergranular microvoid coalescence
fracture appearance exhibited by all four alloys.
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Figure 9 TEM micrographs of extraction replicas taken from alloy D heated
to 975K showing M3C and M2C carbide morphologies within grains
((a) M3C. (c) M2C) and at grain-boundaries
((b) M3C. (d) M 2C) (9 ) .
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( b ) 1 i in

1 uni

Figure 10 TEM micrographs of grain-boundary regions in HAZ simulated
material showing association of small MnS particles, identified
by X-ray analysis.
(a) EDS x-ray analysis of particles arrowed in micrographs
(b) - extraction replica, and ( c ) . ( d ) - thin foils.
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Figure 11 Summary of carbide development In grains and grain-boundary
regions during stress-relief heat treatment (9 ) .
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Figure 13 Grain-boundary carbide density (a) v. temperature during
stress-relief heat treatment. (9)
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Figure 14 AES line profile analysis of stress-relief crack tip surface
chemistry showing enrichment of sulphur as the oxidised
high-temperature facet region (high probe position numbers)
is aproached from the "clean" low-temperature crack
extension (low probe position numbers). (24)
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Figure 12 (a) Differential AES spectrum taken from an intergranular
facet in a sample of alloy B. heated in the absence of stress
to 748K.
(b) Differential AES spectrum taken from the intergranular
stress-relief crack tip region in a sample of alloy B
interrupted during crack growth at 748K. (24)
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Figure 15 Experimental measurements of final cracking severity as a
function of load measured at 650K for heating rates of
1 0 2 K h - 1 and K ^ K h " 1 ( 2 2 ) .
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Figure 16 Predictions of final cracking severity as a function of load
measured at 650K for heating rates of 10^Kh~^ and
103Kh~1 from theoretical analysis of stress-rel ief cracking
In SEN testpieces (22).
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COMPARISON OF LOW-CYCLE FATIGUE
DATA OF 2J%CrMo STEELS

1 2 3
S J Sanderson ,H J Breuer , P Petrequin ,

and H C D Nieuwland4

1 UKAEA, Risley, England
2 Interatom, Germany
3 CEA, Saclay, France
4 Neratoom, Holland

ABSTRACT

Data files have been produced on international strain-controlled
fatigue information available for 2|%CrMo steels; data assessment from these
files is treated in three categories viz: annealed and isothermally annealed
2|%Crl%Mo steel; normalised and tempered and quenched and tempered 2l%Cr]"Mo
steel; and 2£%CrMo variants. The available data have been considered gen-
erally in terms of total strain range vs. cycles to failure (Nf), tensile
stress at Nf/2 vs. cycles to failure and time to failure vs. cycles to fail-
ure. Where possible the continuous cycling data have been statistically
analysed in terms of the elastic and plastic strain components and cycles
to failure to yield best-fit equations over defined temperature (T) regimes
viz: T <_ 427OC, 427°C < ] ± 550°C and 550°C < T < 600°C. The behaviour of
the steels within the various classifications is cTiscussed.

1. INTRODUCTION

The purpose of this paper is to present an analysis of available strain-
controlled low-cycle fatigue data relevant to 2£%CrMo steels in the various
heat treated forms permitted by national and international specifications.
It is important to determine the fatigue behaviour as clearly as possible
since these steels are of interest in the design of European fast reactor
steam generators whose performance may need to be assessed in terms of
fatigue and/or creep-fatigue. A particular objective is to establish the
effect of heat treatment on fatigue properties since the generic steel can be
used in the annealed, isothermally annealed, normalised and tempered (N+T) or
quenched and tempered (Q+T) conditions with the probability of additional
stress relief heat treatments imposed during component fabrication.

The national and international specifications are general in respect
of steel-making practice and allow use of electric arc, open hearth or basic
oxygen processes to give a fully-killed product. Steel-making practice is
not always available as background information to the compilation of strain-
controlled fatigue data; however, where the process is known it is invariably
by the electric arc route. The limited extent of data available for
elevated temperature strain-controlled fatigue of 2|%CrMo steels precludes a
valid subdivision on the basis of cast-to-cast, product form or secondary
heat treatment, consequently three major classifications have been defined
using compositional and primary heat treatment criteria as annealed and
isothermally annealed 2i%Crl%Mo steel; N+T and Q+T 2|%Crl%Mo steel; and N+T
and Q+T 2j^Crl%Mo steels containing Nb or V. Where possible these
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classifications have been further subdivided for analytical purposes into
three temperature (T) categories viz: T < 427°C, 427°C < T < 550°C and 550°C
< T <_ 600bC.

For design purposes the major interest is centred on fatigue data
presented in terms of total strain range vs. cycles to failure (Nf). Con-
sequently these continuous cycling data are analysed in the paper with ref-
erence to the appropriate graphical representations in terms of the defined
compositional and temperature range classifications. Examples from the data
compilation covering tensile stress at Nf/2, and time to failure information
are also presented in graphical form to substantiate more general observa-
tions on trends for these properties.

2. DATA SOURCES AND SELECTION CRITERIA

The data compilation addresses information available froi.i smooth
specimen, fully reversed uniaxial strain-controlled fatigue and creep-fatigue
tests on wrought steel generally to a maximum number of cycles to failure of
^ 10^ over an isothermal test temperature range from ambient to 600°C. Inter-
national data taken from published sources were only compiled if available in
tabular form ie: discrete numerical values of strain rate (or frequency),
total strain range, plastic strain range at Nf/2 and number of cycles to
failure for continuous cycling fatigue were taken as minimum data require-
ments. The majority of the information relsces to tests conducted in air and
consequently the effect of environment on fatigue is not examined in this
paper.

Data using these selection criteria have been identified from the USA
(1 to 9 ) , Italy (10), Japan (11,12), Germany (13), Holland (14), France (15)
and the UK (16). The data are available for 2£%Crl%Mo steel as annealed and
isothermally annealed (1 to 9); N+T (8,9,10,15); Q+T (8,13); N+T plus stress
relieved (11,12,16); and Q+T plus stress relieved (13,16). Data for Q+T Nb-
stabilised 2J%Crl%Mo steel are found in (13,14); Q+T plus stress relieved Nb-
stabilised 2i%Crl%Mo steel in (13) and N+T 2J%Crl%Moi%V steel in (9).

3. DATA ANALYSIS

The continuous cycling fatigue data for each heat treatment and
compositional category have been analysed where possible over the tempera-
ture ranges T < 4270c, 4270 < j <_ 550°C and 5500 < T <_ 600°C. The tempera-
ture regimes ITmited by 427OC have been defined for compatibility with US
analyses on the annealed variant of 2|%Crl%Mo steel (17). The highest
temperature range has been included for completeness although it is
recognised that this range may not be relevant to anticipated service con-
ditions. Analytical subdivision of the data on the basis of strain rate
within each temperature regime has not been attempted on the relatively
sparse population whose strain rate deviates significantly from the majority
range of 10~3 to 4 x 10-3/s; all the analysed data relate to strain rates
£ 4 x 10"3/s. Best-fit equations between total strain range (Aey) and cycles
to failure have been derived from a Basquin/Coffin-Manson analysis of all
valid data'within a given heat treatment, compositional and test temperature
category, resolving the total strain range into its elastic (Ae^) and plastic
(Aep) components:
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and AeT = ANf" + BN^

where A, =, B, g are constants. This analytical approach retains a physical
significance which multi-parameter forms would not necessarily possess.

3.1 Annealed and Isothermally Annealed 2|%Crl%Mo Steel

Subjective examination of inter-laboratory data (1 to 9) shows the
strain-controlled fatigue behaviour to be insensitive to cast-to-cast com-
positional, melt route, product form and heat treatment differences ( ie :
whether annealed or isothermally annealed). Consequently the continuous
cycling information has been treated as a single data f i l e to yield the
following best - f i t equations for the respective temperature classifications
as:

AeT (%) = 0.587Nf~
0-068 + 30.536Nf"°

l454 T <_ 427°C, 125 data sets

AeT (35) = 0.498Nf"
0>066 + 26.076Nf"

0"463 427° < T < 550°C, 137 data sets

AeT (35) = 0.518Nf"
0-078 + 24.993Nf"

0'475 550° < T <_ 600°C, 46 data sets

These analyses cover the fu l l cyclic range of the available data (to ^ 7 x
10° cycles). The best- f i t curves derived from these equations are superim-
posed on the data points in Figs 1 to 3 (solid lines) and show deviations
from the data base at high strain ranges as a consequence of the weighting
influence of data included from the high-cycle regime beyond 105 cycles. I f
the analysis is repeated excluding data with Nf > 105 cycles, then the
following equations are obtained:

AeT (35) = 0.712N f"
0-092 + 71.909N f"

0*556 T <_ 427°C, 101 data sets

AeT (35) = 0.513N f"
0*071 + 47.341N f"

0*541 427° < T < 550°C, 124 data sets

AeT (35) = 0.702N f"
0 '117 + 51.363N f"

0 '568 550° < T <_ 600°C, 43 data sets

which bias the curves towards the high strain data points; the sensit ivi ty to
data selection is indicated by the plots of these equations in Figs 1 to 3
(broken l ines).

Additionally, Figs 1 and 2 contain published curves derived from
annealed 2|%Crl%Mo steel (17) claimed to be valid over a cyclic range 10^ <_
Nf _< 108 where the tests are ini t iated and stress-stabilised under strain
control thereafter cycling to fai lure under load control at increased
frequency. The given equations are:

= 0.576N f~
0'051 + 123N f"

0*637 T <_ 427°C

= 0.721N f"
0>079 + 211.5N f"

0*731 T = 538°C

Although these equations are of similar form to the true Basquin/Coffin-
Manson type, their derivation is somewhat different in that the values of
the best- f i t constants were obtained by a visual graphical method; they are
not based on a least squares regression and are not necessarily related to
the plastic and elastic strain range vs. l i f e relationships (17). I t follows
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that these derived equations suppress the sensit ivi ty to data selection
evident from the present numerical analysis.

Unification of the continuous cycling results is obtained by plott ing
time to fai lure vs. cycles to fai lure where the time tc fai lure data are
found to be in approximately inverse monotonic proportion to the strain rate
- the majority of the data is available at a continuous cycling strain rate
of 4 x 10~3/s, the inverse proportional relationship wivh strain r?.l$ giving
a curve displacement 2 orders of magnitude towards longer times to Failure
when the strain rate is decreased to 4 x ICT^/s as i l lustrated in Fig 4 for
T <_ 427°C data from Refs 1 to 4. The comparative base-lines given on this
plot of time to fai lure vs. cycles to fai lure are derived from the present
best- f i t curve analysis at the appropriate temperature range.

The effect of testing temperature manifests i tr .el f with respect \;o the
tensile stress (or total stress range) sustained at Nf/2 where» in aeneral,
the higher the test temperature, the lower the stress range. However, this
trend tends to be confused over the temperature ranne '.< 3I6°-48?GC cue to
the phenomenon of dynamic strain ageing which occur.- under theso particular
heat treatment conditions. This effect is also shown m the conventional
tensile properties of the annealed steels where the 0.2V; PS ana UFS >ass
through a maximum at a temperature of ^ 37l°C.

3.2 Normalised and Tempered and Quanched_and_Tempered 1i%Cr)V\'\o Stee!_

These data are available from rv?fs 8-13, 15, 16 .*.n forging, plate,
pipe and bar products; some of the materials were <pvan additions I ctress
re l ie f heat treatments prior to testing. Generally -'•- data ihow rtüücej
continuous cycling fatigue properties in terms of total strain rcnge vs.
cycles to failure with respect to the oest- f i t curves for material in the
annealed ana isothermally annealed conditions« but with the capacity to
support higher tensile stress (o* ct^"ss range) ?t ?> g~ven N,.

Overall, the AEJ VS. Nf fatigue data do not a~n?ar to be sensitive to
cast and product form differences or heat treatmsm route between fi-i-1, Q+T
or either route with additional stress re l ie f heat treatment. This let ter
point is particularly well i l lustrated by the Japanese date (11), which
apply an extensive heat treatment, shown by previous experience to result in
signif icant embrittlement of 2,y/,CrMo steel (the so-aiTied ht Step-Cool(13) ).
The unified data for these heat p«ranent variants snow i i r ü e difference
in terms of time to fai lure vs. Nf at a given strain rate in common with the
AEJ VS. Nf data. Again there appears to be a simnlt- invorse mcnOuOnic pro-
portionality with strain rate for the time to fai lure vs. Nf presentations,
a decrease in strain rate by one or two orders of magnitude increasing tne
time to fai lure by approximately "Wie same factor at a given Nf as i l lustrated
in Fig 5.

The tensile stress at Nf/2 for a given Nf decreases with increase in
test temperature without concomitant dynamic strain ageing noted for the
annealed and isothermally annealed steel classif icat ion. This trend is
i l lustrated in Fig 6 for data in (15) where the broken curves represent the
predicted behaviour derived from the relevant Basquin analyses elast ical ly
converted to stress with real is t ic values of E-moduli (calculated as 190,
171 and 169 GN/mm2 at room temperature, 500° and 550°C, respectively).

Inspection of the remaining data shows that the applied additional
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heat treatments maintain the ambient tensile properties within the relevant
ISO requirements (19), consequently these data are considered as a single
f i l e for analytical purposes. Further application of the ISO tensile
requirements (275N/mm2 min 0.2% PS, 490-640N/mm2 UTS at room temperature)
allows discrimination of the high strength levels of the Q+T data noted in
Ref 8. Enforcing these restrictions and grouping the data in their respec-
t ive temperature categories yields analysis as

AeT (%) = 0.702N f"
0-066 + 52.418Nf~

0'566 T £ 427°C, 45 data sets

AeT (%) = 0.524N f"
0"055 + 160.751Nf~

0-779 427° < T ^ 550°C, 144 data sets

AeT (%) = 0.343N f-°'029 + 69.497N f~
0'664 550° < T <_ 600°C, 34 data sets

Figures 7-9 show the best- f i t curves superimposed on the data points together
with the best- f i t curves relating to annealed 2J%Crl%Mo steel in the same
temperature categories derived by the same analytical route. In general, the
figures show the N+T and Q+T 2J%Crl%Mo steel to possess the lower cyclic
endurance (displaced by a maximum factor of ^ 3 from the best- f i t lines for
the annealed steel) in the low-cycle regime but with the indicated trend r
that these re la t iv i t ies are reversed for the high cycle region beyond ^ 10
cycles. Further inspection shows that the curves are well behaved and follow
anticipated trends with temperature except for the best- f i t curve for N+T
and Q+T material at T <_ 427°C which is seen to converge with the higher temp-
erature curves at lower cycles and must be accepted as an analytical con-
sequence of restricted data.

3.3 2£%CrMo Variants

A sparse data base is available for 2i%Crl°/MoV steel in the N+T con-
dit ion (9); this heat treatment results in a substantially stronger material
than plain 2|%Crl%Mo steel similarly heat treated as reflected in both the
monotonic tensile and tensile stress at Nf/2 vs. Nf data. The information
presented in (9) for N+T 2i%Crl%Mo|%V and 2i%CrUMo steels indicates that
the continuous cycling high strain fatigue results are comparable for both
steels in terms of Aej vs. Nf and time to fai lure vs. Nf and are, sur-
pr isingly, only s l ight ly displaced from the US data base-line for the softer
annealed and isothermally annealed material. Analysis of the data yields

AET {%) = 0.398N f"
0 '006 + 532.583Nf"

0-91 T = 593°C, 8 data sets

and the best- f i t curve is shown with the data points in Fig 10.

Data covering Q+T Nb-stabilised 2|%CrlWo steel (14), are also shown
in Fig 10 for comparison with the curve generated from the equation given in
(20) for the Nb-stabilised variant as:

AeT (%) = 0.4N f-° '0 4 1 + 78.9N f-°-654 T = 538°C

The figure also contains the superimposed best - f i t curve derived from N+T
and Q+T plain 2|%Crl%Mo steel which is seen to l ie close to the best- f i t
l ine and revised data points generated for the Nb-stabilised variant (14,20).
Thus, although i t is recognised that the tenuous data do not allow confident
conclusions to be reached, nevertheless the indication is that ij-rT Nb-
stabilised 2£%Crl%Mo steel possesses similar strain-controlled fatigue
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behaviour to its plain N+T and Q+T steel counterpart and therefore shows the
same relativities to the annealed 2£%Cr1%Mo steel fatigue behaviour as does
the plain N+T and Q+T steel category.

4. SUMMARY DISCUSSION

A compilation of the available national and international data on
elevated temperature low-cycle strain-controlled fatigue for 2J%CrMo steel
has been made and, where possible, the continuous cycling data have been
statistically analysed on the basis of strain range and cycles to failure to
yield best-fit equations for defined compositional, heat treatment and test
temperature categories given in the text.

The principal indication from the analysis is that the fatigue prop-
erties are influenced by the strength level of the material; this in turn is
a function of heat treatment route such that annealed or isothermally
annealed 2|%Crl%Mo steel possesses superior low-cycle fatigue properties by
a maximum factor of ̂  3 on cycles to failure in comparison with the higher
strength N+T, Q+T and Nb-stabilised versions. Valid data relevant to the
Nb-stabilised variant are sparse but it would appear that this information
falls in the same population as its plain N+T and Q+T counterpart; the room
temperature tensile properties for both these compositional categories
satisfy the ISO minimum requirements for the latter classification, but the
annealed steel possesses an ambient proof stress below this criterion. The
available information, although relatively sparse, suggests that under high-
cycle fatigue conditions (beyond ̂  105 cycles) the higher proof stress steels
are likely to exhibit superior endurance to the annealed variant.

Overall, the high strain continuous cycling fatigue data indicate
insensitivity to cast-to-cast and product form differences in a particular
heat treatment, compositional or test temperature category. Furthermore, the
effect of secondary heat treatments simulating fabricational stress relief is
not marked in terms of total strain range or time to failure vs. cycles to
failure, but manifests itself as a reduction in tensile stress (or stress
range) at Nf/2 sustainable by the material. Increasing the test temperature
results in a progressive decrease in continuous cycling fatigue endurance
and sustainable stress range although the latter trend is confused for
annealed or isothermally annealed 2|%Crl%Mo steel over the temperature range
where dynamic strain ageing occurs.

5. CONCLUSIONS

i ) For 2£%Crl%Mo steels in similarly heat treated conditions and of similar
strength level , cast-to-cast and product form variations are insignif icant
with respect to low-cycle fatigue properties.

i i ) The low-cycle fatigue data base for N+T and Q+T 2|%Crl%Mo steel super-
imposes that of the Nb-stabilised variant although i t must be recognied that
there are only restricted data applicable to the lat ter steel. Tensile prop-
erties for both classifications meet the ISO requirements for N+T and Q+T
2J%Crl%Mo steel (275N/mm2min 0.2% PS and 490-640N/mm2 UTS at room tempera-
ture) whereas this minimum proof stress criterion is not met for the
annealed variant.

i i i ) N+T or Q+T 2J%Crl%Mo steel possesses poorer low-cycle fatigue prop-
erties than annealed or isothermally annealed material (as does the Nb-
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stabilised variant), displaced by a maximum factor of ^ 3 on cycles to fail-
ure from the comparable best-fit lines for the annealed steel.

iv) Available information for N+T and Q+T 2|%Crl%Mo and Nb-stabilised
steel suggests that under high-cycle fatigue conditions the relativities in
fatigue properties with respect to the annealed variant may be reversed ie:
higher proof stress material is likely to exhibit the better fatigue prop-
erties in excess of ^ 105 cycles.

v) Test temperature influences the fatigue behaviour in that its increase
results in a progressive decrease in continuous cycling fatigue endurance
and reduction of the tensile stress at Nf/2 that the steel is able to sustain.
This latter trend is confused for annealed or isothermally annealed 2|%Crl%Mo
steel over the temperature range where the dynamic strain ageing phenomenon
occurs (* 316°-482°C).

vi) Secondary heat treatments simulating fabricational stress relief appear
to have little influence in terms of total strain range or time to failure
vs. cycles to failure data within their respective classifications. As
expected, the tensile stress (or stress range) at Nf/2 sustainable by the
material is reduced by additional softening heat treatments.

vii) Where available, presentation of data in terms of time to failure vs.
cycles to failure demonstrates an approximate inverse relationship between
time to failure and strain rate at a given Nf under continuous cycling con-
ditions. This approximate relationship appears to hold for strain rates in
the range ^ 4 x 10-3 to 10"5/s ie: within the data envelope.
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1 X 2M STEEL PERFORMANCE IN THE BOR - 60 STEAM GENERATOR

V N Golovanov, V K Shamouzdin, V I Kondratiev, F N Kryukov

Yu V Chernobrovkin, T M Bulanova, V F Bai.

(USSR)

ABSTRACT

Presented are the results from 1 x 2M steel characteristics studies.

This steel was used as the material for the BOR- 60 steam generator that

has been estimated that the basic criteria for this steel strength are

its decarburisation in sodium and corrosion resistance in steam and

water under thermo - cyclic stresses.

Based on the analysis of damage in steam and water the conclusion has

been drawn about both the successful application of 1 x 2M steel as the

steam generator material when its temperature is up to 470 c and the

essentially longer life - service as compared to 18000h.
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THE IMPACT AND HOT TENSILE PROPERTIES OF 9CrlMo STEEL

IN VARIOUS HEAT TREATMENT CONDITIONS

by

R S Fidler# and C J Middleton*

SUMMARY

The impact and elevated temperature tensile properties of 9CrlMo
in several heat treatment conditions have been studied to test the tolerance
of the steel to departures from the material specification for AGR or
fast reactor applications.

The properties were found not to be sensitive to grain size or to
the presence of grain boundary delta ferrite (<5%) which can arise in
weld heat affected zones. Prior creep resulted in some loss of tensile
strength but no loss of ductility was measured even though secondary prec-
ipitation had begun to develop under the conditions of the prior creep
test.

The dominant variable governing both tensile and impact properties
was the state of temper and an empirical relationship was found between
the tensile properties and hardness: the latter also being predictable
by a Holloman-Jaffe form of expression. However, the Charpy impact prop-
erties of specimens aged near the service temperature (at 550°C) were
severely reduced by a mode of prior austenite grain boundary embrittlement
manifested as severe intercrystalline failure. The embrittlement is of
a type consistent with decohesion ar.lsing simply from equilibrium segrega-
tion (ie temper embrittlement). While the latter appears to make a
significant contribution, interface decohesion is believed also to depend
on concentration changes associated with carbide growth.

#Technology Planning and Research Division
Central Electricity Generating Board
Marchwood Engineering Laboratories
Marchwood
Southampton
Hampshire S04 4ZB
England

^Technology Planning and Research Division
Central Electricity Generating Board
Central Electricity Research Laboratories
Kelvin Avenue
Leatherhead
Surrey KT22 7SE
England
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1, INTRODUCTION

Mechanical property studies of 9CrlMo in the normalized and
tempered condition have been encouraging in that, iu contrast to other
steels in widespread use in CEGB plant, the properties of 9CrlMo have
been found to be remarkably tolerant to variations in heat treatment
(Fidler, 1976, 1981). Such results promote the idea that normalized
and tempered 9CrlMo should be used more widely, especially in
applications in which problems have been encountered with other
steels.

At present, normalized and tempered 9UrlMo finds its sole
major application as a boiler tube material in AGR. In additiou, it
is the reference steam geuerator tube material iu CDFR. For the
latter design, exemplified by the replacement tube bundles for PFR, no
under-sodiura welds have been permitted, so ensuring that the entire
boundary separating the sodium and steam phases is in the reference
normalized and tempered condition. The design philosophy which leads
to this approach admits that welds are inherently unreliable and
account for a high proportion of boiler failures in conventional plant.
The importance which must be placed upon the integrity of fast reactor
steam generator tubing to prevent sodium water reactions and all their
ensuing difficulties justifies the con-servative design approach-

However, more widespread use of 9CrlMo in any future design
of fast reactor could require that welds in this material were
acceptable and reliable. Also, while the current brazed thermal sleeve
attachments of the PFR replacement tube bundles maintain the integrity
of the 9CrlMo tubing as it emerges from the steam generators, similar
considerations about the reliability may be relevant to material in the
braze UAZ.

In view of the apparent tolerance of 9CrlMo to heat treatment
variations, the present work set out to determine the response of the
steel to extreme heat treatment conditions, especially those which
would occur in welded structures. Tensile and Charpy tests on
specimens given heat treatments to provide a coarse grain size, with
and without grain boundary delta ferrite have been carried out. The
tensile results were, in part, reported previously (Fidler and Gooch,
1976) and the work has now been extended to determine the effect of
tempering on tensile and impact properties.

2. MATERIAL AND HEAT TREATMENT

The material used iu these experiments was in the form of
14 mm diameter hot rolled bar having the composition shown in Table 1.
The bar was machined into tensile specimen blanks or directly into
Charpy specimens, having the standard dimensions 10 x 10 x 50 mm. Heat
treatment was carried out in vacuum to produce a broad range of micro-
structural conditions.

Specimens were heat treated to produce both coarse and fine
grained uiicrostructures as used in the earlier experiments (Fidler and
Gooch, 1976). The raicrostructures could be modified by a high
temperature heat treatment to produce grain boundary films of delta
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ferrite as has been observed in weld heat affected zones (Fidler and
Gooch, 1976). From these initial raicrostructures, the effects of
tempering time and temperature on the 500°C tensile properties were
studied using specimens with a 25 mm gauge length and 6.4 ram gauge
diameter.

Charpy tests were first carried out on specimens given a
standard normalizing heat treatment of 1 h at 1000°C followed by one of
three alternative tempers. From the results of previous work (Fidler,
1977) the states of temper were chosen to aive peak hardness (i- h,
550°C), a full temper (2h, 750°C) and an intermediate state (̂- h,
650°C). The latter was chosen to represent a minimum tempering heat
treatment consistent with the avoidance of stress corrosion crackin6 in
boiler tubes. In the belief that the properties associated with the
intermediate tempers would be the most sensitive to uiicrostructure,
while remaining reasonable in terms of a practical material, this
tempering treatment was also used for specimens heat treated to give
variations in grain size and delta ferrite content. Finally, coarse
grained material in the intermediate state of temper was aoed for 4000
hrs at 550°C to determine any effect of low temperature precipitation
on impact properties.

Details of all the heat treatments and a summary of the
objectives of these tests are given in Table 2. All tensile tests were
carried out on specimens with a 25 mm gauge length and 6.4 mm dia. at a
strain rate of 10~5 s"1 and a temperature of 500°C Charpy tests were
performed at five temperatures in the range -80 to 150°C to give
ductile/brittle transition curves for each of the heat treatment
variants studied.

The fractured Charpy specimens were subsequently examined by
Field Emission Scanning Electron Microscopy and by hi6h resolution
Auger Spectroscopy to determine the proportion and characteristics of
intercrystalline fracture.

Several creep specimens were also used to provide the
material for miniature tensile specimens (12 inm gauge lenoth x 2.5 mm
dia.) for testing after creep. The previous histories of these
specimens are listed in Table 3. These specimens were tested at a
tensile strain rate of 2.6 x 10"1* s~* at the same temperature (with one
exception) as those at which the specimens had been creep tested.

3. RESULTS

3.1 Effects on Tensile Properties

3.1.1 Tempering

The effect of tempering for times between 0 to 100 h at 500°C
are shown in Fig. 1. The UTS and 0.2% PS were little chanoed for times
up to 10 h after which they began to fall and converge. Conversely the
ductility increased from approximately 16% to 21%.

Similar trends were observed as tempering increased with
temperature for the 0.5 h holds between 500cC and 800°C, as shown in
Fig. 2 for both fine and coarse grained material; the latter also when
it contained grain boundary delta ferrite. It .nay be seen that for
each of the tensile properties, plateaus were reached at temperatures
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above 65O°C. This signifies that taraperinb treatments corresponding to
more than 0.5 h at 675°C were sufficient to stabilize the tensile
properties. In less tempered material, the coarse grained variant was
somewhat weaker than the fine grained variant, but this effect was lost
as tempering increases.

After testing, hardnesses were measured in the specimen
shoulders aud in Fig. 3 they are compared with the results of earlier
tempering experiments (Fidler, 1977). Although the tensile specimens
were all tempered for 0.5 h, for those tempered at 500°C it was
necessary to take into account the continuation of tempering during the
tensile test. This results in a shift of these data points to longer
times in Fig. 3. After this adjustment, there is good agreement of the
measured hardnesses with previous results. After tempering at 600°C
and 650°C, the hardnesses in the tensile specimens were somewhat
greater than previously found. It is possible that this results from
some further precipitation at 500°C during the tensile test.

The UTS and 0.2% proof stress could be correlated with the
post test hardness of the fine and coarse ^rained variant as shown in
Fig. 4(a) and (b). The strength is thus empirically related to the
hardness by the expression:

A n °UTS = 4.927 + 0.0048 H y ... (1)

and Jin an „ = -1.285 + 1.333 An H ... (2)
U. Z V

The coefficients of determination of these equations are r^ = 0.994 and
r̂  = 0.995 respectively and represent the curves of best fit of the
linear, exponential, logarithmic and power law alternatives.

It was found previously (Fidler, 1977) that the hardness of
9CrlMo could be reasonably predicted from the tempering time and
temperature expressed as a Holloman-Jaffe parameter,

P = T(17.45 + log1Q t) x 1O~
3 ... (3)

This has been calculated for the tempering treatments studied here and
plotted against the UTS in Fig- 5 which shows a smooth transition from
the high strengths achieved in untempered material to the strength
expected in tempered 9CrlMo.

After tempering above 650°C, it appears that proof stress is
more sensitive to tempering conditions than the UTS. However, the
discrepancy may either be a geometric effect in these non-standard
specimens or it may result from the shorter (0.5 h) tempering times
used in these experiments. In either case, the increased streugth was
not accompanied by any loss of ductility.

3.1.2 Heat affected zone microstructures

In Fig. 6, the results of tests on specimens given heat
affected zone simulating heat treatments are very similar to those for
N + T 9CrlHo- Despite having been subjected to a wide range of heat
treatments designed to put the microstrueture into the extreme states
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which occur in weld heat affected zones, the tensile properties of the
material were little changed for a given tempering heat treatment. The
similar response suggests that neither grain size nor the presence of
grain boundary delta ferrite significantly alters the tensile
properties from those of the parent material. The possible exception
to this behaviour was the material which had been given the initial
'weld simulating' heat treatment of 10 s at 1325°C and slow cooled to
produce a fine grain structure delineated by grain boundary delta-
ferrite. In this case, the material appears to have tempered somewhat
faster so that the strengths fall more rapidly with subsequent
tempering. Over the range of temperinfa heat treatments studied, there
was an expected trend towards greater ductility as the tempering
parameters (time-temperature) increased (Fig. 6(b)).

3.1.3 Prior creep

The results of tensile tests on miniature specimens machined
from previously crept specimens are compared in Fig. 7(a) with tue
tensile properties of uncrept material. Tests were carried out on both
N + T and N + T with 20% cold worked materials. As expected, the cold
worked material had significantly higher strength, which was retained
in creep at 500°C At 500°0 also, the N + T material showed very
similar strengths to the uncrept material if the specimens had been
taken to fracture. This was not so after creep at 55O°C which reduced
the strength by about 10% after only 142 h. A similar reduction in UTS
was evident in specimeus which had been crept to appreciable strains
(up to 5.7%) at 500°C but not fractured. The elongations of crept
specimens were in all cases high (>24%) and appeared to increase with
time and temperature in creep as shown in Fig. 7(b).

3.2 Effects on Charpy Impact Properties

3.2.1 Tempering

The effects of tempering on the ductile to brittle transition
curve are shown in Fig. 8, the data from which are summarized in Table
4(a). Curve A for the fully tempered material shows acceptable impact
properties with the ductile to brittle transition occurring below
ambient temperatures (-1°C) aud with an upper shelf energy of 198 J.
At the opposite extreme (Curve C), material tempered for 0.5 h at 550°C
remains brittle well above 100°C and the upper shelf is not apparent at
temperatures <150°C. The intermediate temper of 0.5 h at 650°C
(Curve 13) is very much closer to the fully tempered material perhaps
suggesting that such a teiuperiufa treatment could be adequate to achieve
many of the required objectives of tempering. This is not so, however,
as demonstrated by the effect of subsequent aoeinö (Sectiou 3.2.4).

3.2.2 Grain size

Starting from the assumption that material subjected to the
650°C tempering treatment would be susceptible to embrittling effects,
specimens were heat treated to provide coarse and fine grain sizes
before tempering. Comparison of curves li and D in Fiö. 9 shows that
material normalized at 1225°C to give a grain size of ~200 urn has
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souewhat inferior impact properties than the standard materials with a
30 (xiu ̂ rain size after normalizing at 1000°C. The data, summarized in
Table 4(b), shows that the ductile to brittle transition temperature
described in terms of the 70 J FATT was increased by 48°C. The upper
shelf energy was reduced from 198 to 169 J.

3.2.3 Delta ferrite

Curves D and 2 in Fig. 9 show that there is negligible
difference between the ductile-brittle impact transition curves if
small amounts of delta ferrite are introduced onto the grain boundaries
of coarse grained material. Note however, that the amount of delta
ferrite which occurs in,this material is small (<5%) in the chosen heat
treatment condition.

The impact transition curve (Curve F) of fine grained (30 um)
material containing delta ferrite is intermediate between those of the
fine grained material without delta ferrite (Curve ß) and the coarse
ürained material with or without delta ferrite (Curves D and L). At
low impact temperatures, the delta ferrite increases the tendency to
brittle fracture wliile at hiüh temperatures, the grain size appears to
be the dominant factor.

3.2.4 A

riaving identified the coarse grained tempered material as
being the most sensitive to further changes, material in this condition
was aged for 4000 h at 550°C. In Fig. 9, it can be seen that
variations ia the austeuitizino temperature have comparatively little
effect. Therefore, in Fi^s. 8 and 9 it is possible to compare curves B
and G to find that the Charpy impact transition behaviour was
considerably altered by the ageing heat treatment. The 70 J FATT
increased by 57°C and the upper shelf was not reached at temperatures
up to 150°C. This behaviour is therefore very similar to that of
material in the peak hardness condition (Curve C in Fio. 8). in spite
of being tempered.

A similar effect of ageing was observed in the fully
tempered, fine graiaed material, as shown by Curves A and H in Fig. 8.
In this case the 70 J FATT had been increased from -1 to 48°C and the
upper shelf enerüy had been reduced to 150 J.

3.3 Fractographic Examination of Charpy Specimens

3.3.1 Effect of Tempering

After austenitizing at 1000°C (1 h), impact failures in the
unteiapered (̂- h, 550°C) and intermediate (650°C) tempered states
were entirely by cleavage, down to and including the lowest test
temperature (-85°O). In the fully tempered condition, fracture was
also 100% cleavage at all test temperatures except -b5°C. Fracture at
this temperature resulted in ~ 2 % iatercrystalline failure ia botti
Charpy and Auger specimens.

Iu the 1 h, 1225°C; 1- h 650oU condition, 5 to 10/=
intercrystalliue fracture was evident at -85°C and -50°C but at hiöher
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temperature failure was again 100% cleavage. The tendency for grain
boundary euibrittlement thus increases with higher austenitizing or
tempering temperatures, the latter effect being despite the reduction
in FATT and the increased upper shelf energy.

3.3.2 Effect of Ageing

In both the hard (1 h, 1225°C; £• h, 650°C) and soft (1 h,
1000; 2 h, 750°C) conditions the effect of ageing for 4 kh at 550°C was
similar; i.e. 60 to 80% intercrystalline failure (ICF) up to 25°C and
50°C in the hard and soft conditions respectively. The percentage ICF
fell to ~ 10% at 70 and 100°C respectively and above these temperatures
failure was 100% ductile.

3.3.3 Fracture Mode

Intercrystalline fracture facets as shown in Fig. 10,
exhibited the same characteristics in all specimens, i.e. the same
embrittlement mode appeared to be operating in each case. Variations
in austenitizing, tempering and ageing parameters changed only the
proportion of intercrystalline failure.

Decohesion occurred either along the prior austenite grain
boundary planes (Fig. 11) or alon0 the raarteusite lath interface in the
boundary region (Fi&. 12) thus revealing the inartensite lath
morpholoay. In either case, the fracture surface appeared sufficiently
smooth to suggest interface separation. However, the more significant
feature shown in Fio. 11 and 12, was the obvious decohesion at the
carbide/matrix interface which appeared to have affected almost the
entire population of boundary M^o^g carbides.

Analysis of the intercrystalline fracture facets by hijjh
resolution Auger scanning electron spectroscopy revealed traces of
S, P and N (H x< 5%) in specimens aged for 4 kh at 55O°C

4. DISCUSSION

Tempering 9CrlMo after transformation from a wide range of
austenitizing temperatures results in tensile properties which are
suprisingly similar even though microstructurally there are quite large
differences. These range from fine grained tempered martensite,
through coarse grained tempered martensite, to fine and coarse grained
tempered martensite with grain boundary delta ferrite films. Tempering
any of these microstructural variants led to the same effects being
observed; in general, after tempering above 65O°C, the tensile
properties levelled off to values closely approximating the median
behaviour for N + T material.

Prior creep also produced no effect on tensile properties to
indicate the occurrence of any deleterious eiabrittling phenomena. It

* „ _ Au^er Peak Height of Element
*" " Auger Peak Height of Iron
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has been shown (Williams, Fidler and Askins, 1980) that secondary
precipitation occurs within the timescale of the prior creep tests but
there is no evidence either from this work, or froui the elongations
observed after long term creep tests, that this mechanism leads to high
temperature embrittlemeat.

The similarities in mechanical behaviour of the heat
treatment variants studied here reflect the general tolerance of

9CrlMo to a wide range of heat treatment conditions. This tolerance
results from the fact that full hardenability of the steel is easily
obtained by normalizing above 950°C. The increased stability of
austenite in steels containing >6% Cr delays the onset of
transformation to ferrite and carbides on cooling for sufficiently long
that for all but large sections cooled from the austenite range, the
microstructure is highly reproducible 100% martensite. Traces of delta
ferrite remaining from high temperature (>1250°C) heat treatments are
not significant in their effect on short term mechanical properties.
Thus, the reproducible hardenability of 9CrlMo, the correlation between
the time-temperature conditions and the hardness during tempering
(equation (3), Fidler, 1977) and the well-known correlation which
levels off quickly between tensile properties and hardness, also shown
in this work (equations (1), (2)), all contribute to the conclusion
that the tensile properties of 9CrlMo are tolerant to quite wide
variations in heat treatment around the specification for N and T
material.

The levelling of tensile properties during tempering suggests
that most of the effect has been achieved after 0.5 h at 65U°C. It is
tempting to think that the properties of a weld and its HAZ could be
adequately restored by a minimum heat treatment such as this. Rapid
stress relaxation (Fidler, 1979) and softening which occur in this
steel would limit the PWliT requirement to one which met the minimum
conditions for substantially eliminating stress corrosion cracking
susceptibility. This may not be the case, however, since subsequent
ageing for 4000 h at 550°C was found to reduce the impact properties
significantly, an effect also observed by Wall and Edwards (1982).

The embrittlement mode responsible for IGF during impact
tests appears at first sight to be a manifestation of classical temper
embrittleraent. However, high resolution scanning electron microscopy
has revealed microstructural characteristics which indicate that the
controlling process is not simply equilibrium segregation onto the
prior austenite grain boundaries. The most significant observation is
the large area fraction of boundary exposed by interface decohesion of
the boundary carbides, which after tempering lie in the size range
0.05 um to 0.3 am. Fractographically it is not clear whether prior
austenite grain boundary interface decohesion contributes significantly
to ICF; i.e. whether there is a contribution from equilibrium
boundary segreöation. This might be expected for samples which were
aged in the temperature range for phosphorus segregation, but the
identical fracture mode was found, albeit to a lesser extent, after
both 1 h, 1225°C; | h, 650°C and 1 h, 1000°C; 2 h, 750°C heat
treatments when the boundaries should be relatively free of P, Sn and
Sb. The implication is that loss of carbide interface cohesion is at
least as significant a factor in the embrittleraent process as loss of
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prior austenite boundary cohesion arising froia equilibriuu se6re0atiou.
This interpretation is also suggested by the observations of Wall tit
al. (1983) who found an increase in the boundary concentrations of P
and N as a function of ageing time at 500°C, together with increases in
the Cr and Mo contents which correlated directly with the occurrence of
intergranular fracture in both impact and t.ensile tests after ageiu6.
The rate of F removal by ion bombardment was however very slow
indicating a significant concentration to a depth of many tens of
monolayers, in contrast to the superficial layers found in temper
eiubrittlemeut.

The simultaneous occurrence of carbide growth and boundary
decohesion after tempering at 65O°C and 750°C when tVie boundaries
should be relatively free of segregant suggests either unusually slow
desegregation or a significant role of carbide growth in the
embrittlement process. Carbide interface segregation has long been
postulated as contributing to temper eiabrittlement (Rellick and
McMahon, 1974). Clearly, af temperatures outside the equilibrium
segregation range, the degree of carbide interface segregation will be
determined by competition between carbide growth, segregation and
diffusion into the matrix. In the present study, the important
boundary carbides are probably M^oCg of typical composition Fe 30, Cr
65, tlo 5 determined by STch analysis (Askins, private comiounication) .
Phosphorus was not detected in the precipitate, a level >5% probably
being necessary positively to identify its presence. Interface
segregation of a non-equilibrium type can however be postulated as a
consequence of the recognized Uo-P interaction; variations of the Mo
concentration during growth of boundary M23Cg particles would result in
a stronö diffusive flux of P across the interface and non-equilibrium,
interface concentrations.

In contrast to its behaviour during impact, N + T 9CrlHo is
generally very resistant to other forms of embrittleiaent at typical
application temperatures. The tensile properties at 500°«J after
prolonged durations of creep show no sign of eubrittlemeut.
Furthermore, it requires over 10 000 hours under load at 55O°C before
significant creep cavitation occurs even in uutempered material
(Fidler, 1979). Similarly, in the absence of complex stressing
situations, tempered 9Crli-io rarely (if ever) shows any indication of
creep embrittlement even though the mechanism suggested by Wall et al.
(1983) should cause the same problems for 9Crlho after creep as it does
in lower alloy steels where temper embrittleraent is a problem.

Parallel programmes on temper embrittleraent in steels with
varying Cr contents followed by Auger studies can be sugoested to
elucidate the embrittling mechanism. High resolution scanning Auger
electron spectroscopy should readily identify any interface seöre£ation
processes, either in the carbides or in cavities on the fractured
boundaries. Meanwhile, it is the authors' view that the teiaper
embrittleraent of 9CrlMo should not detract from its high temperature
application in steam generators. Plant designers and operators should,
however, be aware of the limitation on impact properties and consider
this in the appropriate circumstances e.5. thermal shock on start-up.
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5. CONCLUSIONS

1. The hot tensile properties of 9CrlMo can be correlated with
hardness and the time-temperature conditions during teraperino.
Empirical relationships have been obtained as follows:

Jin a U T S = 4.927 + 0.0048 H y

and In an ., = -1.285 + 1.333 JUi H
0.2 v

2. The hot tensile properties of 9CrlMo are not sensitive to
excessive orain size or the presence of grain boundary delta ferrite as
might be found in weld llAZs. The material thus exhibits tolerance to
the wide rauöe of thermal histories and corresponding microstructures
found in components fabricated by welding.

3. Prior creep at 55OCC or after long periods at 500cC causes a
reduction in tensile strength (measured at the same temperatures) by as
much as 10% in the present result. Secondary precipitation within the
tiraescale of the prior creep tests (10,000 h at 550°C and ~30,000 h at
500°C) had no effect on the hot tensile properties or ductility.

4. High resolution SEM has identified a mode of prior austenite
grain boundary embrittlement, manifested by severe intercrystalline
failure during Charpy impact testing. The euibrittleraent is of a type
inconsistent with decohesion arising simply from equilibrium
segregation (i.e. temper erabrittleraent)• While the latter appears to
make a significant contribution, interface decohesion is believed to
depend more on concentration changes associated with carbide growth.

5. Grain size and the presence of grain boundary delta ferrite
have minor effects on the impact properties and no deleterious effects
of embrittleraent have been observed on the high temperature tensile or
creep properties. Design or operatiuü precautions may however be
necessary to avoid cracking under thermal shock conditions, especially
on start-up.
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TABLE 1: COMPOSITION OF 9CrlMo (WT % ) :

c
0.12

Si

0.69

HEAT

P

0.022

S

0.008

Mn

0.48

Cr

8.6

TABLE 2

TREATMENT OF TENSILE SPECIMENS:

Mo

1.04

Heat Treatment

1. 1 h at 1000°C A.C.
J h - 100 h at 500°C

2. 1 h at 1000°C. A.C.
i h at 500 - 800°C

3. 1 h at 1225°C A.C.
| h at 500 - 800°C

4. 10 s at 1325°C S.C.
i h at 500° - 800°C

5. 1 h at 1225°C A.C.
10 s at 1325°C S.C.
1 h at 500 - 800°C.

GS
ym

30

30

^200

50

^200

Variables of Interest

Tempering time at 500 C
(hardness)

Tempering temperature
(hardness)

Tempering temperature (hardness) -
coarse grained material

The presence of grain boundary 6 ferrite
and tempering - fine grained material

The presence of grain boundary 6 ferrite
and tempering - coarse grained material

HEAT TREATMENT OF CHARPY SPECIMENS:

1.

2.

3.

4.

5.

6.

7.

8.

Heat Treatment

1

J

r-l 
-•«

r-l 
CM

1
1

h
h

h
h

h
h

h
h

10 £

1 h
1 h
10 £

1 h

at
at

at
at

at
at

at
at

; at
at

1000°C
550°C

1000°C
65O°C

1000°C
75O°C

1225°C
65O°C

: >1325C

65O°C

A.

A.

A.

A.

>C

at 1225°C A.
; at >1325°C
at 65O°C

1 h at
i h at
4000 h

r-l 
CM

h
h

at
at

4000 h

1225°C
65O°C
at 550

1000°C
75OQC
at 550

A.

°C

A.

°C

C.

c.

c.

c.

S.C.

c.
S.C.

c.

c.

Condition and Variables of Interest

Peak hardness

Intermediate temper

'Standard' tempered condition

Tempering

Coarse grained with intermediate temper.

Fine grained with grain boundary 6 ferrite.
Intermediate temper.

Coarse grained with grain boundary 6 ferrite.
Intermediate temper.

Coarse grained (without 6 ferrite).
Intermediate temper and then aged near
operating temperature.

'Standard' temper, followed by ageing.
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• TABLE 3

PRIOP HISTORY OF TENSILE SPECIMENS OBTAINED FROM CREEP SPECIMENS

en
u

Heat Treatment

jiloumalized

1 h at 1000°C A.C. ^

Tempered

2 h at 75O°C

Normalized

i h at 950

Tempered'
ii h at 75O°C

Äs above + 20% J
cold work {

Spec.

1

u

5

6

7

9

10

14

SI

CW2

CW3

Creep Test

Temperature
°C

550

550

550

500

500

500

500

500

500

525

500

Stress
N/mra2

185

232

131

232

347

368

293

230

185

230

Duration
h

2161

141

9584

49098

711

70

2741

10122

10039

9997

Strain
%

26

28

0.95

5.7

26

>14

35

1.1

1.3

2.2

Fractured (F) or
Not Fractured(NF)

F

F

NF

NF

F

F

F

NF

NF

NF



(a)

Code

A

B

C

(b)

Code

D

E

THE CHARPY

Effect of Tempering.

Heat Treatment

1 h at 1000°C A.C.
2 h at 750°C

1 h at 1000°C A.C.
£ h at 650°C

1 h at 1000°C A.C.
i h at 55O°C

TABLE 4

IMPACT PROPERTIES OF

Material State

Standard Temper

Intermediate
Temper

Peak Hardness
Condition

Effect of Grain Size and Delta Ferrite.

Material State

Coarse Grained

Coarse Grained with

9CrlMo.

70 J
FATT,°C

-1

30

139

70 J
FATT,oc

intermediate Temper 47

n ii 44

Upper Shelf
Energy. J

198

191

>80

Upper Shelf
Energy, J

169

173
g.b.Delta Ferrite

F Fine Grained with ••
g.b. Delta Ferrite

(c) Effect of Ageing 4000 h at 55O°C.

Material State Before Ageing

Code

G Coarse Grained Intermediate Temper

H Fine Grained 'Standard' Temper

46 180

70J
FATT,°C

104

48

Upper Shelf
Energy, J

>150

150
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Fig. 10 Iatercrystalline fracture facets resulting from lower shelf
Charpy Impact failure in specimen G (1 h. 1225°C; £• h.
650°C; 4 kh. 550°C).

(a) SEM x 100 and (b) x50Ü
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Fig. 11 Prior austenite grain boundary decohesion occurring along the
boundary plaue and M93C5 carbide interfaces duriuö lower
shelf Charpy Impact failure in specimen H (1 h. 1000°C,; 2 h.
750°C; 4 kh. 550°C)

(a) SEM x 10 K (b) SEM x 20 K
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Fig. 12 Specimen H as in Fig. 11 showing detail of austenite boundary
decohesion at an adjacent facet occurring priuarily alon^ the
bainite lath interface in the boundary region.

(a) SEM x 20 K (b) SEM x 40 K showing detail of
M„_C^ interface decohesion
Z b

Ol
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THERMAL AGEING STUDIES OF 9%Cr l%Mo STEEL

M Wall. B C Edwards and J A Hudson
Metallurgy Division. AERE Harwell. Dldcot, Oxon. UK

ABSTRACT

The effects of thermal ageing on the tensile and impact properties
of a commercial 9%Cr l%Mo steel, in a quenched and tempered condition,
have been studied. The corresponding grain boundary compositional changes
were monitored using Auger Electron Spectroscopy (AES) and microstructural
changes monitored using transmission electron microscopy.

Ageing at 500°-550°C produced a degradation in the impact
properties which was characterised by a progressive increase in the ductile
to brittle transition temperature, a decrease in the upper shelf energy and
the promotion of intergranular fracture in both upper and lower shelf energy
regimes. Partial Intergranular fracture was observed throughout the upper
shelf to temperatures of +400°C. AES showed that the degradation in
properties was associated with the grain boundary segregation of trace
impurities and a bimodal distribution of segregation was determined.
Complementary transmission electron microscopy studies showed significant
microstructural changes were occurring during thermal ageing and In
particular the formation of Laves phase was noted at the lath and grain
boundaries.

The degradation observed in impact properties was not necessarily
reflected in room temperature tensile tests, which were sensitive to grain
boundary segregation effects only over a narrow ageing regime. This
behaviour was explained in terms of fine scale matrix precipitation followed by
particle coarsening.

1 . Introduction

In recent years 9%Cr l%Mo steel in the normalised and tempered
(N+T) condition has become a favoured tubing material for fast reactor
steam generators and is the leading candidate material for use in the UK's
commercial demonstration reactor (CDFR) . where it would allow a substantial
reduction on section thickness compared with the use of 2 x /4Cr IMo steel.

9%Cr l%Mo steels in the N+T condition display many attractive
.features ideal for use in fast reactor steam generators, including:

i) good waterside corrosion resistance;
ii) a low carburisation/decarburisatlon activity in sodium:
ill) a high resistance to stress relief cracking;
iv) a relatively high proof stress and ductility;
v) good creep rupture strength with the fatigue strength not

significantly affected by creep.
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The UK nuclear specification for 9%Cr 1%Mo steel tube conforms to
the International Standards Organisation (ISO) specification T538 (N+T) issued
for tubing. The compositional and heat treatment requirements of the ISO
specification are rather wide and a more restricted specification has been
used in the UK. An extensive amount of information is now available on the
tensile, stress rupture and creep properties of N+T 9%Cr l%Mo steels in the
as-manufactured state. which are required for various design code
requirements. However, several studies have identified microstructural changes
at high temperatures. Indicating that a change in mechanical properties may
occur during exposure to high temperatures during in-service operation.

The influence of fabrication procedures ( e . g . welding, post weld
heat treatment) on the mechanical properties of 9%Cr l%Mo steels has not
been systematically studied, but the limited information available suggests that
the degradation of the mechanical properties should be investigated with
respect to the long term in-service Integrity of components. In this paper, the
effects of thermal ageing on the properties of a commercial 9%Cr 1%Mo steel
in a quenched and tempered (Q+T) condition are reported. It is considered
that this Q+T microstructure is representative of certain regions of the heat
affected zone (HAZ) of fusion welds produced in the N+T tubing. 9%Cr l%Mo
is an air hardening steel with martenslte formed on cooling; hence with the
exception of a larger grain size, the Q+T microstructure should be similar to
that of the N+T tubing. One possible difference is the possibility of
autotemperlng during the normalising treatment, but this effect should be
eliminated by subsequent tempering at 750°C.

In addition to thermal ageing producing microstructural changes, the
temperatures experienced in steam generators (300-550°C) are those which
may produce segregation of trace impurities to the grain boundaries, with the
resultant promotion of intergranular embrittlement. The degradation of the
mechanical properties by grain boundary solute segregation is a generic
problem in ferritic steels and has been shown to influence both low
temperature and high temperature fracture processes* ^ and exacerbate
environmental cracking phenomena. Examples include tempered martensito
embrittlement* 2# 3^ and reversible temper embrittlement* *•• 3 • * • 5 ) at low
temperatures, creep embrittlement* 6 ~ a ) and stress relief cracking*9- 1 0 < l l } a t
high temperatures, and an enhanced susceptibility to environmental cracking
processes, including stress corrosion cracking* l2' L 3* hydrogen assisted
c r a c k i n g * 1 4 ' 1 S ) and liquid metal embrit t lement*1 6 ' . These effects of solute
segregation on the mechanical properties of 9%Cr 1%Mo steels are the subject
of current research programmes in the UK.

2. Experimental Procedure

2. 1 Materials and Heat Treatment

A commercial 9%Cr l%Mo steel manufactured by Sandvik (HT7)
was used in this investigation. The composition of the steel, presented in
Table 1, conforms to the ISO specifications. The material was received in
the form of a 15mm diameter bar which was subsequently hot rolled at
925 °C to a thickness of 3mm, from which specimens were machined.
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Samples were austenitised by ramping to 1100°C at 50°C h~^.
holding at 1100°C for l h and water quenching. This heat treatment produced
a fully martensitlc structure free from delta ferrite. with a uniform grain size
of «100/Lim. A controlled heating rate was employed to ensure that a uniform
grain size was reproducibly obtained. A tempering treatment of 1h at 750°C.
consistent with that used commercially, was then given, followed by thermal
ageing treatments of up 10.000h at 500°C or 550°C. All heat treatments were
conducted in silica tubes under a vacuum of <10~4torr followed by water
quenching.

2. 2 Mechanical Testing

Subsidiary Charpy test pieces (55mm x 2.5mm) were machined
with the specimen length parallel to the rolling direction. These specimens
conformed to British Standard 131: Part 2 (1972) and were chosen so as to
be representative of the material in service, which is widely used in the form
of thin walled tubing. The impact properties were determined over a wide
range of testing temperatures and a detailed fractographic examination of the
resultant fracture surfaces was made using a Philips PSEM 500 scanning
electron microscope.

Tensile specimens (13mm gauge length. 2.3mm diameter) were
machined from the broken Charpy specimens and subsequently tested at room
temperature under displacement control at a strain rate of l O ^ s " 1 .
Hardness measurements were made at room temperature using a 30kg load.

2. 3 Auger Electron Spectroscopy

Small Impact samples of 3mm diameter were machined from the
broken Charpy test pieces and subsequently fractured in situ under ultra-high
vacuum (<10~'^torr) In a VG MA500 high resolution Auger spectrometer. The
chemical composition of the first few monolayers of the fracture surface was
determined using AES. Spectra were recorded in the dN(E)/dE mode at a
modulation of 6V peak to peak, a primary energy of 10kV. a specimen
current of 2/iA and a constant retard ratio of 4. It is now well established
that to a first approximation the? amplitude of an Auger peak in the dN(E)/dE
spectrum is proportional to the atomic concentration of the element giving rise
to that p e a k ' 1 7 ' . A seml-quantltative analysis of the fracture surface was thus
obtained using sensitivity factors obtained from standard tables.

The chemical composition profile as a function of distance from
the fracture surface was obtained by successive argon ion bombardments and
AES analysis. An ion beam voltage of 4kV was employed at an Ar pressure
of 2 x 10~6torr producing a beam current of «0.3 /xA over an area of
25mm : 2 ßA min/cm** corresponds to the removal of approximately one
monolayer from the surface.

2.4 Transmission Electron Microscopy

Carbide extraction ropllcas were used to study the precipitate
distribution, with the precipitates identified by a range of techniques including
micro-diffraction, energy-dispersive X-Ray Analysis (EDX) and electron energy
loss spectroscopy (EELS) in a Philips EM400T transmission electron
microscope with STEM atachnent.
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The standard microprobe mode on the EM400T was used. The
electron beam was focused down onto the particle to be analysed and micro-
diffraction patterns were recorded at several low index zone axis at a selected
camera length accurately calibrated to within 1-2%. A detailed comparison of
micro-diffraction and X-ray data from each of the particle types indicated that
individual particles could be characterised by their X-ray spectra alone. This
allowed a rapid evaluation of the numbers of each precipitate type at different
microstructural sites.

3. Results

3. 1 Impact Testing

The influence of thermal ageing at 500°C and 550°C on the Charpy
Impact properties, for times up to TO.OOOh Is shown in Figures l (a ) and
Kb) respectively. At both temperatures ageing produced an Increase In the
ductile brittle transition temperature (OBTT) together with a reduction in the
upper shelf energy. At 500°C a progressive decrease in upper shelf energy
was noted, falling to a level of 10J after 10.000h. which is 1/3 of the value
obtained after the intermediate temper. In contrast, a rapid decrease in upper'
shelf energy, to «19J was noted after 1000h at 550°C. but with very little
further change occurring up to 10,000h. No significant variations in hardness
values were noted with ageing time.

The influence of sample size on the Impact data was investigated by
testing full size Charpy specimens which were subjected to the same
austenltlsatlon, tempering and ageing treatments. The same trends in the
DBTT and upper shelf energy were noted. However, the DBTT was
approximately 80°C higher in the case of the full size samples and a lower
reduction in the upper shelf energy was recorded. (173J to 108J after 5000h
at 550°C).

3.2 Fractographv

3.2.1 Lower shelf failure mode

Following the 750°C Intermediate temper the impact samples were
observed to exhibit approximately 100% transgranular cleavage failure in the
lower shelf regime. After ageing at both 500° and 550°C a transition
occurred to a mixed mode intergranular/transgranular cleavage failure, with a
progressive Increase in the relative amount of intergranular failure with ageing
time. After 5000h at 550°C the failure was predominantly intergranular,
changing from 100% intergranular within 2mm of the notch root to fully
cleavage near final failure. The intergranular facets were fully brittle for all
the ageing treatments: there was no evidence of ductility on any of the
facets. SEM micrographs typical of the fracture surfaces are shown in
Figure 2.

548



3.2.2 Upper shelf failure mode

Impact testing of samples after the 750°C intermediate tempering
treatment produced a fully ductile fibrous mode in the upper shelf regime.
However, on thermal ageing at 500°C and 550°C a change to a mixed
transgranular ductile/intergranular failure was observed which was concomitant
with the decrease in upper shelf energy. Differences were noted in the
nature of the intergranular failure produced by thermal ageing at 500°C and
550°C.

Samples aged at 500°C for <5000h were characterised by "smooth"
intergranular facets in the upper shelf energy regime which were uniformly
distributed throughout the fracture surface as shown In Figures 3(a) and
(b) . No significant difference was observed in the percentage of
intergranular failure over the testing temperature range 20-400°C. On some
facets small areas of ductile voids were present (Figure 3 ( b ) ) . but in
general the facets were smooth with very little associated plasticity detected
on viewing in the SEM to magnifications of X20.000. On ageing for lO.OOOh
at 500°C a higher percentage of intergranular failure was produced in the
upper shelf regime, with ductile voids present on most of the facets.

The samples aged at 550°C exhibited an Increased concentration of
intergranular facets in the region of high triaxiality below the notch, as shown
in Figure 4(a) . This behaviour was characteristic of all the testing
temperatures studied in the upper shelf energy regime. Further away from the
notch a mixed intergranular/transgranular ductile fracture was produced with
the facets less well defined than those on the 500°C aged samples. (Figure
4 (b ) ) . For ageing times <5000h the intergranular facets observed in the
upper shelf regime were "smooth" with no associated plasticity. However, on
ageing for 10.000h at 550°C some ductile voids were observed.

In summary, the decrease observed In the upper shelf region
produced by thermal ageing was accompanied by the production of
intergranular fracture throughout the upper shelf regime.

3.3 Auoer Electron Spectroscooy

3.3.1 Lower shelf fracture

The composition of the intergranular facets produced by testing In
the lower shelf regime were determined by the in situ fracture of AES impact
samples at -100°C. in the Auger spectrometer. The variation in grain
boundary chemistry as a function of ageing time at 500°C and 550°C Is
shown in Tables 2 and 3 respectively. At short ageing times the grain
boundaries are characterised by the segregation of P and N with enhanced
levels of Cr and Mo. The enhancement of these latter elements is considered
to be due to the presence of Cr. Mo rich carbides at the grain boundaries.
For the purposes of discussion in this paper facets displaying this segregation
pattern will be defined as Type A.

At longer ageing times (>5000h at 500°C. >1000h at 550°C). a
change to a bimodal pattern of segregation was observed with the facets
displaying S. Sn. Sb and Cu segregation in addition to P and N. We refer to
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these facets as Type B and typical AES spectra for the two patterns of
segregation are shown in Figure 5. Argon ion bombardment showed that these
segregants. with the exception of P. were confined to within the first few
atomic layers of the grain boundary. In contrast the P segregation extended to
greater depths, suggesting that it is not only present as a local segregated
monolayer but also may be incorporated into precipitates at the grain
boundary. The Type B facets become increasingly dominant with ageing time,
particularly at 500°C. For example, after 10.000h at 500°C 56% of the
intergranular facets exhibited Type B segregation.

3.3.2 Upper shelf fracture

AES samples aged for 10.000h, at 500°C and 550°C were impact
fractured at +100°C in the Auger spectrometer in an attempt to establish
which type(s) of facet were responsible for the promotion of Intergranular
failure in the upper shelf regime.

A mixed ductile/intergranular failure was produced in the 500°C
aged specimen with ductile voids present In some areas of the facets. AES
analysis showed that all the facets present on the sample were of type B.
namely S. P. Sn. Sb and Cu rich.

The sample aged for 10.000h at 550°C proved more difficult to
fracture in the AES spectrometer, possibly due to the testing temperature
being close to the DBTT. AES analysis showed that both types of segregated
facet were present, but the percentage of type B facets was much higher
than in the lower shelf regime. The type A facets were all concentrated near
the notch root and were smooth with no ductile voids. The type B facets were
more clearly defined and displayed regions of voids. A comparison of the
segregation behaviour in the upper and lower shelf regimes Is given in Table
4. The results demonstrate that the S. P. Sn. Sb. Cu rich facets are clearly
more potent in promoting failure in the upper shelf regime. This segregation
may be the major factor responsible for the decrease in upper shelf energy.
It is important to note that the commercial Sandvlk steel studied has low bulk
levels of the deleterious trace impurities responsible for Type B segregation
behaviour: S 60ppm; Sn <50ppm; Sb <50ppm. Cu 300ppm and P 180ppm.

3.4 Mlcrostructural Stability

A detailed comparison of the microdlffraction and EDX data from the
precipitates present on the carbide extraction replicas showed that the
chemical composition of the precipitates varied within well defined limits
allowing the different precipitate types to be rapidly identified on the basis of
their EDX spectra. Typical microdiffractlon patterns obtained from the three
main precipitate types observed in the present study are shown in Figure 6.
The corresponding EDX spectra are presented in Figure 7.

The tempered martensitic structure produced by the lh at 750°C
intermediate temper Is characterised by the presence of fv^Cg precipitates at
the grain and lath boundaries, with acicular M2X needles aligned within the
matrix, as shown in Figure 8(a) . It has been shown, using energy dispersive
X-ray analysis (EDX). that these acicular Iv^X precipitates contain Cr and a
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small amount of V. In addition, electron energy loss spectroscopy (EELS) has
shown that the precipitates contain N but no C. thus identifying the
precipitates as C^N . An EELS spectrum from a C^N needle is shown in
Figure 9. The f v^Cg precipitates at both grain and lath boundaries were
shown to contain Cr and Fe (EDX peak height ratio 5:2) and a small amount
of Mo.

On thermal ageing at 500°C/550°C. three significant changes occur
In the precipitate distribution/composition. Similar changes occur at the two
temperatures but with the kinetics slower at 500°C. Firstly, the hexagonal
Laves phase (type Fe2Mo) nucleates and grows at the interface of the Cr2N
needles. as shown In Figure 8(b) . After 5000 h at 550°C. the
transformation to Laves is almost complete (Figure 8 (c ) ) . The changes In
the chemical composition as Laves phase nucleates and grows on a Cr2N
needle is shown in Figure 10 with transformation occurring to different
degrees along the length of the needles. The EOX spectra show an
increase in the Fe and Mo peaks and the appearance of a Si peak as the
Laves phase nucleates and grows. The regions adjacent to the C^N
needles are likely to be depleted in Cr and hence this would favour the
nucleation of the Fe. Mo rich Laves phase (Figure 10(E)) . The nucleation
of Laves phase is aided by the similar hexagonal crystal structure of the
two precipitates.

Secondly, the nucleation and growth of Laves phase also occurs
adjacent to the ' v ^ C g precipitates at the grain and lath boundaries. The
Laves phase may form a substantial percentage of the precipitate phases
present, as Illustrated In Figure 11 which shows electron micrographs of
carbon extraction replicas from both grain boundary and matrix regions, in a
sample aged 500 Oh at 550°C. In Figure 11 (a ) , large amounts of Laves
phase are present surrounding the dark faceted M23Cg particles at the grain
boundary. The Laves phase in th's micrograph is translucent and very
heavily twinned. The precipitate distribution in the matrix is shown In Figure
1Kb ) . In some cases Laves phase was observed to form an almost
continuous film around the Mg3Cg precipitates. Several of the Laves phase
particles are cracked, suggesting that this phase has a lower fracture stress
than M23Cg.

The third change noted on thermal ageing at both 500°C and
550 °C is the nucleation and growth of small precipitates adjacent to the
M23C6 at the grain boundaries and in the matrix near the Laves phase.
These precipitates were shown to coarsen with time and contain Cu and S.
Fine vanadium rich precipitates, particles of Laves phase and M23C6 were
also observed within the matrix. One possibility is that the Cu. S rich
precipitates are artefacts produced by the extraction replica technique
employed. However, it should be noted that a coarsening of these precipitates
was observed on ageing and Cu and S have also been observed at the grain
boundary facets using AES.

3.5 Tensile Properties

Results - of the room temperature tensile tests on specimens
machined from the broken Charpy test pieces are presented in Table 5.
From the limited number of tests conducted there was evidence of a trend
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for a decrease In 0.2% proof stress and an Increase in the UTS and a
corresponding increase in work hardening rate as a function of ageing time.
However, ageing was shown to have a profound effect on the non- uniform
elongation characteristics I.e. the properties after the onset of necking which
represents strain levels from the UTS to the final failure.

Ageing for <1000h at 500°C showed no significant change in the
mechanical properties from those obtained after the intermediate tempering
treatment, with failure occurring after 16% plastic strain. However, ageing
for 5000h at 500°C produced a marked decrease in ductility, true failure
stress and reduction of area (Table 5, Figure 12). An interesting feature
observed on ageing at 550°C is the presence of a ductility trough after
1000h ageing, with a reversion to the original mechanical properties after
5000h ageing: this is shown in Figure 13. It can be seen that the loss in
ductility can be attributed almost entirely to the non-uniform elongation
characteristics.

An examination of the tensile fracture surfaces in the SEM showed
that after the intermediate tempering treatment at 750°C, the failure was fully
ductile and occurred after extensive necking. A similar failure mode was
observed for ageing times <1000h at 500°C. On ageing for 5000h at 500°C a
mixed intergranuiar/ductlle + brittle Intergranular failure was observed, as
shown in Figure 14, indicating that the onset of brittle intergranular cracking
contributes to the observed decreases in ductility and fracture stress. The
recovery in ductility noted on ageing for 5000h at 550°C corresponded to a
fully ductile fracture with no evidence of any intergranular cracking. A
correlation can be found between the extent of intergranular failure and the
reduction in ductility parameters. These observations indicate that the reduction
in ductility is controlled by an embrittlement reaction centred at the grain
boundaries.

4. Summary and Discussion

4. 1 Impact Properties

The Impact properties of the Q+T commercial 9%Cr l%Mo steel
showed a marked degradation after relatively short ageing times at
500°C-550°C, as manifested by the increase in the DBTT and the decrease
in the upper shelf energy. The present study has shown that this degradation
In properties is associated with the promotion of intergranular failure produced
by the grain boundary segregation of trace impurities together with concomitant
changes in the microstructure. A similar degradation In upper shelf properties
on ageing has recently been demonstrated In normalised and tempered
material.

The grain boundary segregation observed In the 9Cr IMo steel
differs from the conventional behaviour established from studies on lower alloy
steels in several fundamental and important respects. Firstly. the
observation of brittle Intergranular fracture in the upper shelf regime (to
temperatures up to 400°C) has not, to the authors' knowledge, been
previously reported in the extensive literature pertaining to temper
embrittlement. These observations are indicative of a severe embrittling
reaction occurring at the grain boundaries and the significance of this effect

552



on fracture mechanics properties and environmental cracking processes is the
subject of current research programmes. A degradation in upper shelf
energy has also been recently reported in 12Cr IMo V steels^ l a ) o n ageing
within the range 500-500°C. This reduction in toughness or thermal ageing
may be a generic effect In the higher chromium ferrltic steels.

Secondly. an analysis of the grain boundary segregation
characteristics showed a bimodai pattern of segregation developing on
ageing. In the initial stages of ageing segregation was characterised by
Type A facets which were rich in P and N. On further ageing a
progressive Increase in Type B facets was noted which were rich in S. Sn
and Sb. in addition to P and N. This bimodai segregation behaviour has
not been reported in the lower alloy steels and a different embrittlement
response was produced by the two types of facet on impact testing. A
marked increase in the percentage of Intergranular failure was noted in the
upper shelf regime due to the occurrence of Type B segregation and these
facets became increasingly predominant at long ageing times. Typo A facets
were also observed in the upper shelf region and in the AES samples these
were mainly concentrated in the regions of high triaxlality In the vicinity of
the notch. Type A facets were characterised by a smooth brittle
topography, whereas Type B facets displayed an increased propensity for
small ductile voiding on the facets with increasing ageing time. In the lower
shelf regime both types of facet were observed at long ageing times and
were characterised by a smooth brittle topography.

The microstructural studies showed that significant changes were
occurring during ageing and In particular Laves phase was forming at grain
and lath boundaries. This phase may have a major effect in promoting the
observed embrittlement by reducing the strength of the matrix/carbide or
grain boundary interface. The effect of Laves phase on the mechanical
properties and segregation behaviour is the subject of a current research
programme.

4 .2 Tensile Properties

An important observation of the present room temperature tensile
tests was the presence of a ductility trough on ageing at 550°C. At the
trough a mixed ductile and brittle intergranular fracture was found, with the
failure mode reverting to fully ductile at longer ageing times. Complementary
AES measurements showed that intergranular failure was associated with grain
boundary segregation of solute atoms and that no concomitant desegregation
of solute atoms occurred for ageing times corresponding to treatments away
from the ductility trough. These observations indicate that recovery of ductility
is a consequence of microstructural changes and not of any desegregation of
Impurities.

It should be noted that the grain boundary embrittlement is only
detected over a narrow range of tempering times in the tensile tests with the
tensile properties reverting to those of the as-tempered material. This
Indicates that the tensiie properties are only sensitive to grain boundary
segregation over a narrow temperature range dependent upon microstructure.
and degradation of Impact properties is not necessarily reflected in tensile
property data. A tentative mechanism for this effect Is shown schematically
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In Figure 15. The carbide structure equillbriates during the intermediate
temper at 750°C: on subsequently ageing at 550°C the matrix is
supersaturated with carbon and a finer scale carbide precipitation may occur.
The increased matrix strengthening produced by the precipitation concentrates
the stresses at the grain boundary and this, together with concomitant grain
boundary segregation, may promote grain boundary failure. The recovery in
ductility with unchanged segregation at long ageing times can be attributed to
a reduction in the strengthening effect by the coarsening of these precipitates.

5. Conclusions

(I) A marked degradation in the Impact mechanical properties of a
quenched and tempered commercial 9%Cr 1%Mo steel was noted
on ageing at 500 and 550°C. The degradation in properties
was characterised by an increase in the ductile brittle transition
temperature, a decrease in the upper shelf fracture energy and
the promotion of intergranular fracture in both upper and lower
shelf energy regimes. The embrittlement was consistent with
both microstructural changes and grain boundary solute
segregation occurring during the ageing treatment.

(II) The DBTT showed a gradual increase on ageing at 500. 550°C.
The change in DBTT occurred without any change in hardness
value but with an increase in the percentage of brittle inter-
granular failure in the lower shelf regime. AES analysis showed
that the intergranular failure was associated with two distinct
types of grain boundary segregation. In the initial stages of
ageing, facets were identified which were characterised by the
segregation of P and N (Type A) . At longer ageing times a
second type of segregation pattern was observed with facets
containing S. Sb and Sn segregation in addition to P and N
(Type B).

ill) A marked decrease In the upper shelf energy was accompanied
by a change in upper shelf fracture mode from fully ductile after
the Intermediate tempering treatment to a mixed ductile/inter-
granular failure after ageing. The intergranular failure was found
to persist to temperatures as high as 400°C. AES analysis showed
that the Type B facets were predominant In promoting inter-
granular failure in the upper shelf regime at longer ageing times.
Type A facets were also noted but these were mainly confined to
the region of triaxiaiity ahead of the notch. An increasing
percentage of small ductile voids were noted on the Type B facets
with increasing ageing time.

(iv) Transmission electron microscopy studies showed the
transformation of Cr2N to Laves phase on thermal ageing at
500-550°C, together with nucleatlon and growth of Laves phase
(Fe2Mo) at lath and grain boundaries. The formation of this
phase may have a significant effect on the fracture mlcro-
mechanlsms and is the subject of current studies.
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(v) A ductility trough in the room temperature tensile properties was
noted as a function of ageing time at 550°C. Samples
corresponding to the lowest ductilities exhibited a mixed ductile/
brittle intergranular fracture mode. The recovery of ductility to
its initial value was shown to be due to microstructural changes
and not due to desegregation of the solute atoms from the grain
boundaries.

(vi) The observed decrease in the upper shelf energy of 9%Cr l%Mo
steel as a function of ageing time, has also been shown in recent
studies on normalised and tempered material and similar behaviour
has been reported for a 12Cr IMo V steel. This may be a
generic problem in the higher chromium ferrltic steels.
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ppm

Cr
Mo

Mn

Si

Ni

Cu

V

Co

W

Al

Nb

Ti

C

9.02
1.04

0„45

0.74

0o25

0.03

0.09

0.03

0.02

<0.01

<0.01

<0„01

0.10

P
S

Sn

Sb

As

180
60

<50

<50

<50

TABLE 1

Chemical composition of the Sandvik

HT7 9Cr IMo steel used in the embrittlement studies
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Heat Treatment

As tempered

500°C/1000h

500°C/5000h

i

500°C/lOOCDh

% of each

facet type

-

-

62

38

45

56

Intergranular

facet: type

A

A

A

B

A

B

Mean grain boundary composition (atomic 7.)

Fe

5.0

73.0

58.5

52.2

61.3

51.9

Cr

13.1

9.8

12.9

11.1

18.5

12.7

Mo

2.2

2.7

4.4

4.2

5.3

3.4

P

1.7

2.1

3.8

2.3

4.2

1.7

Si

3.6

3.5

3.0

2.5

2.7

1.5

S

-

-

-

7.8

-

5.8

Sn

-

-

1.3

-

1.8

Sb

-

-

-

2.0

-

2.9

N

0.8

-

0.9

2.9

0.6

3.7

Ni

-

-

-

2.0

-

2.9

Cu

-

-

-

2.0

-

2.4

Mu.

-

-

-

3.4

—

4.5

C

11.5

7.0

13.6

5. 1

5.4

2.7

0

2. 1

1.9

2.9

1.1

2.0

2.1

Table 2 Changes in the grain boundary composition of Sandvik HT7 9Cr IMo steel ageing-at 5ÖÖ°C: determined by AES:
(fractured at -100°C).
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05

o

Ageing Treatment

As tempered

550°C/l000h

550°C/5000h

550°C/t0000h

% of each

facet type

-

-

-

68

32

Facet type

A

A

A

A

B

Mean grain boundary composition (atomic %)

Fe

65.0

58.8

54.7

59.6

53.2

Cr

13.1

15.4

16.6

19.2

12.5

Mo

2.2

5.3

5.1

4.1

4.1

P

1.7

4.7

4.7

4.2

1.4

Si

3.6

2.6

3.8

2.1

1.4

S

-

-

-

-

5.6

Sn

-

-

-

-

3.2

Sb

-

-

-

-

3.8

N

0.8

2.4

2.3

2.6

3.7

Ni

-

2.1

Cu

- '•

-

-

-

2.3

Mn

-

-

-

-

3.4

C

1K5

8.7

10.1

5.3

2.7

0

2.1

2.0

2.6

2.9

Table 3 Changes in the grain boundary composition of Sandvik HT7 9Cr IMo steel on ageing at 550 C: determined by AES:
(fractured at -100°C).



Fracture

temp.

-100°C
(lower
shelf)

+100°C
(upper
shelf)

Ageing

treatment

500°C/10000h

550°C/10000h

500°C/lOO00h

550°C/10000h

No. of facets

analysed

9

85

27

22

Percentage of each
type of facet

A

45

68

41*

B

55

32

100

59

A P> Si rich
B S, Sn, Sb rich

*concentrated near the notch root

Table 4 Difference in the pattern of segregation in Sandvik HT7 9Cr
IMo steel of fractured intergranular facets in the upper
(+12O°C) and lower shelf (-100°C).
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Table 5. Variation in Tensile Properties for Sandvik HT7 9Cr IMo Steel with Ageing Treatment

co

Heat treatment

1100°C/lh

750°C/lh

1100°C/lh

750°C/lh

500°C/1000h

1100°C/lh

750°C/lh

500°C/5000h

1100°C/lh

750°C/lh

550°C/1000h

1100°C/lh

750°C/lh

550°C/5000h

-2
Nominal Stress (MNm )
0.2% 1% UTS

607 678 737

595 646 740

601 669 742

597 661 736

580 661 752

True
Failure
Stress
(MNm~2)

1490

1430

890

745

1330

Plastic Strain E ] p l (%)

Failure

15.3

16.0

8.2

7.5

14.6

UTS

5.7

6.0

4.4

4.6

5.5

1

UTS - Failure

9.6

10.0

3.8

2.9

9.1

Reduction in Area

69

71

33

23

61



(a)

A3 SondviU HT7 9Cr IMo 11OO°C/1h WQ 750°C/1hWQ aged at 500°C

1/^ size charpy

30 -

—o—— As tempered
• » • Aged 500°cn000h WQ

r > _ Aged 500°C/5600h WQ
— * — A g t d 500°C/10000h WQ

tempered

10

-200 0 .100

Test temperature (°C)

200 • 300

••I

(b)

3 0 -

20 -

c
LU

10 -

-200

A3 SandviU HT7 9 Cr 1 Mo 1100°CMh WQ 750°C/1hWQ aged at 550°C
1/t size charpy

As tempered

s q s a h — - "

As tempered

Aged 550°C/1000h WQ

Aged 550°C/5000h WQ

• Aged 550°C/5600h WQ
•*•—Aged 55O°C/10000h WQ

-100 0 .100

Temperature (°C)

• 200 •300

Figure 1 Impact transition curves (1/4 size Charpy) for Sandvik HT7 9Cr 1Mo steel.

The specimens have been aged for up to 10000h at 500°c or 550°c following

an initial temper of 1h at 750°c . (a) Aged at 500°c. (b) Aged at 550°c.
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a>

Figure 2 Scanning electron micrographs showing the effect of ageing on the lower shelf

failure mode (1/4 size Charpy) in Sandvik HT7 9Cr 1Mo steel (a) As tempered

(b) Aged 5600h at 550 c .



0>
01

Figure 3 Scanning electron micrographs showing the upper shelf fracture mode

(1/4 size Charpy). in Sandvik HT7 9Cr 1Mo steel after ageing for 5600h at

500°c. Fractured at 375 c. (a) Fracture surface (b) Typical intergranular facet.



0)

b

100um 500um

Figure 4 Scanning electron micrographs showing the upper shelf fracture

mode (1/4 size Charpy) in Sandvik HT7 9Cr 1Mo steel after

ageing for 5600h 5000h at 550 c . (a)Notch root-Fractured at

375 c. (b) specimen centre-Fractured at 89°c.



(a)

(b)

I J^*vA^-^^V/^^^v^«V«A»

Electron Energy (eV)

2 0Q Fe B OH

Electron Energy (eV)

Figure 5 Typical AES spectra showing the two patterns of segregation observed at

the grain boundaries of Sandvik HT7 9Cr 1Mo steel on ageing at 500'c

and 550 c. (a) Type A - P rich, (b) Type B — S.Sn.Sb.P rich.
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Figure 6 Typical low index microdiffracfion patterns from the three major precipitate
types found in Sandvik HT7 9Cr 1Mo steeL
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Figure 7 Characteristic EDX spectra for the three major precipitate types found in
Sandvik HT7 9Cr 1Mo steel.
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^

} A M 2 3 C 6

B Cr 2 N

C Laves Phase

(Fe2Mo)

F i g u r e 8 T r a n s m i s s i o n e l e c t r o n m i c r o g r a p h s of c a r b o n e x t r a c t i o n r e p l i c a s
f r o m S a n d v i k H T 7 9 C r 1 Mo s t e e l . T h e f i g u r e s s h o w t h e n u c l e a t i o n
of L a v e s p h a s e a t t h e i n t e r f a c e of the Cr 2 N n e e d l e s d u r i n g a g e i n g .

( a ) As tempered - c o u r s e n i n g of the Cr 2 N n e e d l e s .

(b ) Aged 5 0 0 0 h at 5 0 0 c - nucleation of L a v e s phase on the C r j N

needles

( c ) Aged 5000h at 5 5 0 c - growth of Laves phase on the Cr 2 N need les .
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Zero loss •
peak

Cr2N

No carbon

-Gain
change

390 570
Energy loss.eV

Figure 9 Electron Energy Loss (EELS) spectra obtained from
an..M2X needle in Sandvik HT7 9Cr 1Mo steel. The
spectra shows the presence of nitrogen and absence
of carbon.
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Cr2N

Figure 10 Transmission electron micrograph of the matrix precipitation in Sandvik HT7 9Cr 1Mo

steel aged at 550 c. Changes in the EDX spectra as Laves phase ( F e , M o ) nucleates

and grows at the interface of the Cr2N needles .
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Grain Boundary

0.2 fim

; I

Ä o.2\itn

B- LAVES ( F e 2 M o )

Figure 11 Transmission electron micrographs showing the growth of Laves phase (Fe2Mo)

adjacent to the grain boundary and lath boundary M23C6 precipitates on a carbon

extraction repBca taken from a sample of Sandvik HT7 9Cr 1Mo steel aged for

5000h at 550°c. The dark facetted particles are M23C6-The Laves phase (identified

B) is translucent. heaviy twinned and shows areas of cracking.

(a) grain boundary region (b) Matrix region. .
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Figure 12 Variation in the fracture stress .and failure strains observed In room
temperature tensile tests on Sandvik HT7 9Cr 1Mo steel aged for up
to 5O00h at 500°c following an Intermediate temper of 1h at 750cc
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Figure 13 Variation in the fracture stress and failure strains observed in room
temperature tensile tests on Sandvik HT7 9Cr 1Mo steel aged for up
to 5000h at 550°c following an intermediate temper of 1h at 750°c
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Figure 15 Schematic i l lus t ra t ion of the ef fect of microstructural
changes occuring during ageing at 550 c on the
embrittlement process.

(1) Carbide structure equil ibrates at 750 c during the

intermediate tempering treatment.

(2) Cooled to 550 c - supersaturated with carbon. A
finer scale secondary precipi tat ion may occur.
Increased matrix strengthening result ing from this
precipitat ion concentrates stresses at the grain

boundaries promoting intergranular fai lure.

5 7 7



270-2

Some Aspects of the Creep and Fracture Properties of

Intercritically Annealed 9CrlMo

by

J.N. Soo

Technology Planning & Research Division

Central Electricity Generating Board
Central Electricity Research Laboratories

Materials Branch
Kelvin Avenue, Leatherhead, Surrey KT22 7SE

England

ABSTRACT

The region of the 9CrlMo heat affected zone where the
peak welding temperature is below that for complete cn-y

transformation (An) forms a fine grained (<ASTM 12) ferritic
structure, the intercritically annealed zone (ICAZ). Under certain
stress and temperature regimes this zone has a lower creep strength
than the unaffected parent metal with a fracture mode similar to that
in alloys which cavitate during 'superplastic' deformation. Furnace
heating was successful in simulating the fine grained microstructure
uniformly in testpieces. The simulated microstructure had a stress
dependence of 2 for the minimum creep rate which was consistent with
a predominantly grain boundary sliding deformation mechanism, and a
cavitation failure mode similar to that in weld intercritically annealed
heat affected zones.
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1. INTRODUCTION

The thermal cycle accompanying welding produces complex
microstructural changes in the heat-affected zone (HAZ) of ferritic
steels. Most weld simulation studies have concentrated on the region
of the HAZ immediately adjacent to the fusion line where a number of
metallurgical changes combine to produce a low ductility microstructure
in low alloy steels. Little attention has been paid to the region of
the HAZ between the fine grained fully re-austenitized region and unaffected
parent metal, where the peak temperature during welding is below the A3
temperature for a ->- y transformation. This intercritically annealed zone
(ICAZ) has been identified as the site for long term failure in low alloy
ferritic weldments in situations where system stresses are thought to be
significant (Schuller, 1975). Creep failure of a number of uniaxial cross-
welded 9CrlMo boiler tube transition welds has been observed to occur in a
fine grained ICAZ, suggesting that the long term performance of 9CrlMo
welded components may be determined by the properties of this zone. An
examination has therefore been carried out of short and long term creep
tested 9CrlMo welded tubes. This was complemented by a study of the creep
properties of simulated ICAZ microstructures, using a cast of 9CrlMo whose
properties in the normalized and tempered condition have been well
characterized (Fidler, 1977).

2. EXPERIMENTAL

The welded tubes examined were two pass TIG welded 9CrlMo-316 and
9CrlMo-Alloy 600 transition welds. The tube sizes were 28 mm 0D x 3 mm
wall thick for the 9CrlMo-Alloy 600 transition weld made with 9CrlMo
from cast B, and 38 mm 0D x 4 mm wall thick for the 9CrlMo-316 transition
weld made with 9CrlMo from cast A. The compositions of the 9CrlMo tubes
and the cast used for simulating the ICAZ are given in Table 1. The test
conditions of the butt welds are summarized in Table 2. Specimens 1 to 3
were full size tubes, internally pressurized and end loaded, while specimen
4 was a full size weld, loaded uniaxially.

Creep testpieces (6.4 mm diameter, 50 mm gauge length) which were
subjected to ICA microstructure simulation treatments were first normalized
at 1000°C for 1 hour, followed by a 30 minute temper at 700°C. They were
then placed in a furnace preheated to 900°C and held at 900°C for 1 minute
before cooling in air. This procedure involved a 4 minute heating period
between the time when the testpiece was first placed in the furnace and the
time when 900°C was attained. Testpieces were subsequently tempered for
30 minutes at 700°C to simulate a stress-relieving treatment. Creep tests
were carried out between 500 and 600°C to measure the stress dependence of
the minimum creep rate. Three or four testpieces were tested at each of
the temperatures (600, 550 and 500°C) and subjected to one or two stress
increments of less than 20% during the steady state stage. Creep rates were
measured over 1000-4000 hour periods with strain increments between 0.1 and
0.2%. In addition to these tests some Bridgman notched specimens were
tested to examine the failure mode of the simulated microstructure. These
testpieces had a throat radius/circular notch radius = 1.46) and were loaded
to give steady state axial and von Mises stress of 90 and63.6MPa.
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3. RESULTS

3.1 Metallography of 9CrlMo HAZ

Fig. 1 shows the variation in grain size and microhardness
across the HAZ formed in a 9Cr-9Cr butt weld plate, 4 mm thick. The
microhardness peaked in the fine grain re-austenitized region,
decreasing continuously to the unaffected parent metal hardness. The
intercritical zone had a higher hardness than the 9CrlMo parent metal.
The grain sizes of the re-austenitized region were those of the prior
austenite grains. These grain boundaries could not be readily identified
in the ICAZ, where the lath ferrite morphology had been replaced by
equiaxed grains of ferrite with a mean linear intercept grain size of
2-5 pm, ASTM 12-13. These fine grains were more readily resolved by
examining polished and etched welds in the scanning electron microscope,
Plate 1. The regular array of interlath carbides associated with the
normalized and tempered structure had been replaced by a random inter-
granular and intragranular dispersion. The ICAZ in the butt welded
tubes had a similar structure but a slightly larger grain size, ASTM
11-12, a reflection of the longer welding time (3 to 4 minutes)
compared with the welded plate. The simulated microstructure obtained
by furnace heating is compared with the ICA microstructure formed in
the butt welded tube in Plate 2. The heat treatment used for the testpieces
gave a structure closely resembling that formed during welding, with a
grain size of <v5 urn.

3.2 Creep Tested Welds

The rupture strength of uniaxially stressed cross-weld
specimens, both part wall and full-size tube-totube welds is shown in
Fig. 2(a) and 2(b). All the data represent fractures in the ICAZ.
The part wall specimens from cast A, had rupture strengths below the
equivalent -20% band of the ISO mean for the normalized and tempered
condition, although the full size welds had significantly longer lives.
The part wall specimens from cast B had rupture strengths above the ISO
mean. These results indicate there was a cast-to-cast variation and
specimen size effect on the rupture strength of ICA microstructures.
The ductility decreased with decreasing test temperature and hence increasing
test time. Fig. 3. This was reflected in the decreasing extent of shear
lip formation on the fracture surfaces which were macroscopically flat.
The difference in the fracture appearance of full size welds tested uniaxially
when failure occurred in the ICAZ and when failure occurred in the unaffected
parent is striking, Plate 3. The effect of stressing mode on the failure
of the butt weld was demonstrated by comparing the failure of internally
pressurised welds with uniaxially stressed welds, at a mean diameter hoop
stress of 90 MPa, The internally pressurised welds fail by longitudinal
bulging and splitting in the parent 9CrlMo, while the uniaxially stressed
welds failed in the ICAZ.
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Longitudinal sections through the fractures revealed
extensive voiding in the ICAZ. The void geometry was uncharacteristic
of normal creep failures resembling neither the intergranular cavitation
nor the elongated ellipses whose growth is associated with 'plastic'
deformation. Instead the void shapes resembled single or multiple
equiaxed grains, even in the vicinity of the fracture face, (Plate 4).
There was little tendency for grain elongation and void elongation was
confined to the shear lip region. Further behind the fracture face
where the voids were smaller, their intergranular nature became apparent,
but it was not possible to identify initiation sites.

Examination of long term creep tested end loaded internally
pressurized tube welds from cast B afforded further examples of voiding
in the ICAZ under conditions which are summarised in Table 2. All
three internally pressurized testpieces had cracked in the weld metal
or at the 9CrlMo weld interface. Longitudinal and transverse sections
through the ICAZ of all three testpieces showed voiding in the ICAZ.
There was no preferential site for nucleation between inner and outer surfaces
of ehe tube. A striking feature of the voids was that they were randomly
and inhomogenously dispersed, singly or in clusters, and resembled single
or multiple equiaxed grains (Plate 5). Intergranular voids smaller than
the grain edge were occasionally seen, but the absence of chains of small
voids on a single boundary was noticeable. The area density of voids
was 150 to 200 times smaller than in the fractured uniaxial cross weld
specimens. The uniaxial testpiece at 88 MPa had extensometers fixed over
an 18 mm gauge length which included the ICAZ which was about 2 mm wide and
a strain of 0.18% was measured. Assuming all this strain originated in the
ICAZ an upper limit to the strain would be about 9 x 0.18% = 1.6%. This
testpiece also showed voiding in the ICAZ.

To compare the fracture behaviour of the thermally simulated
testpieces with that observed in the welded tubes, doubly notched
Bridgman testpieces were tested. The ductility of the ruptured notches
were lower at 580 than at 600 C in keeping with the other ductility data
while the rupture times were less than the ISO mean. Parametric extrapolation
of Fidler's data from the same cast of 9CrlMo in the normalized and tempered
state predicted that the failure time of the normalized and tempered material
if tested under conditions used for the Bridgman specimen would occur above
the ISO mean. Longitudinal sections through the fractured notches showed
voids having the same morphological characteristics as the cross weld
fractures (Plate 6). The unfailed notches had lower strains with void
densities about 100 times smaller than the failed notches. Multiple voids
and transverse linking of voids were absent. It was concluded that the
heat treatment used to simulate the ICAZ in the testpieces was successful in
producing the fine grain size and creep failure mode in real welds, while the
rupture strength of the simulated ICAZ microstructure was lower than the
normalized and tempered parent metal in keeping with the cross weld data.
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3.3 Creep Rate Measurements of Thermally Simulated Microstructures

The fine grain size of the ICAZ coupled with the creep void
morphology suggested similarities between the observed creep deformation
and 'superplastic' deformation in fine grained alloys. In this process,
deformation occurs by sequential grain boundary sliding and diffusive
or dislocation accommodation, the grains switching positions and rotating
in the process so that grains remain equiaxed. The mechanism is characterized
by a high value for the strain rate dependence on flow stress, m, which is the
inverse of the stress index n for minimum creep rate. Theoretical models
(Ball and Hutchinson, 1969; Ashby and Verrall, 1975) predict a stress index
of 2 and an activation energy equal to that for grain boundary diffusion.
A stress dependence of 2 would be significantly lower than the lowest measured
value of 5 for normalized and tempered 9CrlMo (Fidler, 1977) and implies
strongly divergent creep rates at low stresses, between the normalized and
tempered and intercritically annealed conditions.

The creep curves of testpieces exhibited a primary stage after
initial loading and after each subsequent load increment. In the cases where
the stress was decreased following a period of steady creep, there was an
anelastic shrinkage and a period of zero creep before the new steady state
creep rate was established. A stress dependence of two was measured at
all three temperatures investigated (Fig. 4). The increase in stress
dependence at stresses above 60 MPa at 600°C and 150 MPa at 500°C is
analogous to the onset of Stage III deformation in superplasticity studies.

The creep strains over which creep rates were measured were
small, so that it was possible that anelastic strain could have been a
significant contribution. This was checked by measuring the anelastic
recovery in a testpiece which had accumulated 0.39% strain in 4435
hours at 55O°C. Anelastic recovery was essentially complete after 28 hours,
Fig. 5, when 0,029% strain had been recovered i.e. less than 10% of the
measured strain was anelastic.

4. DISCUSSION
Sl'n'cg the ICAZ microstructure is microgramed a iron alloyed

with chromium, with a dispersion of second phase particles the possible
creep mechanisms by which this microstructure might deform may be deduced
from a deformation map of normalized grain size (grain size/Burgers
vector) against stress (stress/modulus) for a iron at 550 C (Ruano and
Sherby, 1982) (Fig. 6). From the observed grain size and modulus, the
most likely deformation mechanism to be operating in the stress regime
investigated is grain boundary sliding. This conclusion remains valid
for the temperature range 500 to 600°C because the position of the boundary
between the grain boundary sliding regime and slip regime is relatively
insensitive to temperature. Deformation by grain boundary sliding and
superplastic deformation are often used as synonymous terms, although the
physical manifestation of superplasticity i.e. high neck free strains, will
depend on whether and when cavitation damage occurs during the deformation.
The phenomenon, of superplastic deformation and fracture has been extensively
researched in many alloy systems over the past two decades and the current
status of the subject has been recently reviewed (Arieli and Mukherjee, 1982;
Stowell, 1983). It is generally accepted that a fine grain size (i.e. <10 ym)
is a necessary pre'-requisite for grain boundary sliding to be the dominant
deformation mechanism, although the question of the rate controlling and
accommodation mechanism remains contentious (Gifkins, 1978, Geckinli, 1983).
The absence of significant grain elongation in the observed fractures is a
characteristic of superplasticity, the retention of grain shape being
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achieved by grain rotation and grain switching events ßkshby and Verrall,
1973). The phenomenological description of superplastic deformation
(Arieli and Mukherjee 1982) expresses the strain rate as a function of
stress, grain size and temperature in the form:

E kT
(1)

where D is the grain boundary diffusion coefficient

G is the shear modulus

b is the Burgers vector

A is a constant

The stress dependence of 2 for the strain rate predicted by the various
models was found to characterize thf creep behaviour of the simulated
microstructure between 500 and 600°C confirming the deformation map
prediction that grain boundary sliding was the dominant mechanism.

The inverse grain size dependence of the strain rate, predicted
by equation (1) indicates the strain rate will be sensitive to heat input
and the initial structural condition of the parent metal. The simulation
heat treatment used was somewhat fortuitous in reproducing the grain size
observed in one of the welds and it is likely that with a more realistic
temperature profile (utilising a HF induction heating method), a slightly
different microstructure would result. This would affect not only the
grain size but also the structure factor term A. For example the degree of
perfection of the high angle boundaries and the size and dispersion of the
second phase particles on them will depend on the time-temperature profile
and influence the A term. Compositional variations may also influence the
strain rate through the structure factor (Arieli and Mukherjee 1982). It
was noted that the two casts of 9CrMo gave widely different creep rupture
properties, implying possibly similar wide differences in creep rate.

It is well established that cavitation can occur during
superplastic deformation and its occurrence lowers ductility. Cavity
nucleation occurs at sliding interphase boundaries and at intergranular
second phase particles. The strain at which cavities can be observed
or measured volumetrically varies greatly between alloy systems. Thus
micron sized voids in a 60-40 brass containing iron rich intergranular
particles were reported to be optically visible at 3% strain, with the
implication that stable submicron sized voids formed at lower strains
(Sagat and Taplin, 1976). By comparison threshold strains of 40 to 50%
were required in a commercial aluminium alloy before cavitation could be
detected (Bampton and Raj, 1982). This variation in nucleation strain is
understandable in terms of the ability of the second phases to accommodate
the stresses generated by sliding interfaces, and the variation in interfacial
energy which determines the minimum stable void size. The 30,000 h crept
testpieces in which optically visible voids were present had strains in the
ICAZ which were inferred to be of the order of 2%. This implies a low
nucleation threshold for cavitation.
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Cavitational damage morphologies in the cross weld testpieces
and the Bridgman notched testpieces with simulated microstructures were
very similar to those found in cavitating superplastic alloys. Although
damage accumulation was not studied systematically in this work, from
application of strain and diffusion growth models it was concluded that
optically visible voids grew by strain accommodation rather than by vacancy
absorption. This is in agreement with the conclusion for other alloy
systems (Stowell, 1983). It should be noted that diffusion controlled
cavity growth models assume a uniform array of voids on a uniformly stressed
boundary. Howevei in the ICA 9CrlMo, as in many other systems, the void
spacing was several grain diameters, and this would tend to invalidate the
strict application of these models.

Although the 1CAZ has a lower creep rupture strength than the parent
material when tested in uniaxial tension, it is supported by the stronger
adjacent materials when tested as a circumferential zone in an internally
butt welded tube. Thus the weakness of the zone will be manifested only
when the elements of the HAZ are stressed in series, but not when in parallel.

6. CONCLUSIONS

1. The region of the 9CrlMo heat-affected zone in butt welded
tubes and plates between the re-austenitized grains and the unaffected
parent metal the. intercritically annealed zone ICAZ consists of equiaxed
2 to 5 pin diameter grains of ferrite x-'ith intergranular and intragranular
chromium carbide.

2. Cross-weld uniaxial testpieces tested under temperature
accelerated conditions (560 to 640 C) failed in the ICAZ by the growth
of voids but without significant changes in grain shape. The void
morphologies were similar to those in alloys which cavitate during
'superplastic' deformation.

3. Transition welds with 9CrlMo as the ferritic, developed
micron sized equiaxed shaped voids in the ICAZ after being tested by
internal pressure and end load for 30,000 hours at 500 and 55O°C. Voids
initiated intergranularly with no preferential position for nucleation
between inner and outer Lube surfaces. The initiation strains were
assessed to be less than 2%. The growth of optically visible voids was
attributed to strain accommodation rather than diffusion.

4. Furnace heating at 900°C successfully simulated the fine grained
microstructure of the ICAZ. The stress dependence of the minimum creep
rate between 500 and 600°C and within a stress range 30 to 140 MPa was 2,
a value which was consistent with that found in alloys where grain boundary
sliding was the dominant mechanism during superplastic deformat.

5. The creep rates of the normalized and tempered and intercritically
annealed microstructurcs diverged at low stresses, such that an unconstrained
ICAZ will creep one to two orders of magnitude faster than the parent metal
at operational stresses and temperatures.
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mulated

st A

st B

Cr

8.

8.

8.

6

7

8

Mo

1.04

1.26

0.95

0

0

0

.10

.12

.11

0

0

0

Si

.69

.36

.41

Mn

0.48

0.55

0.45

0

0

0

S

.008

.010

.004

0

0

0

P

.022

.010

.020

Ni

0.22

0.20

na

Cu

<0.05

na

na

Table 1: Composition of Material used in Simulations

and Cross Weld Testpieces

na not available

Table 2: Long Term Tested Butt Welds between

9CrlMo and Alloy 600

Specimen

1

2

3

4*

Axial
Stress
MPa

165

150

88

88

Hoop
Stress
MPa

103

94

550

-

Temperature
5C

520

520

550

525

Duration
Hours

31,460

31,243

31,708

30,846

ISO Mean
Hours

105

>105

96 x 103

>105

Table 3: Bridgman Double Notched Testpieces

Specimen

1

2

Temperature
°C

600

580

Max. Principal
Stress
MPa

90

90

Von Mises
Stress
MPa

63.6

63.6

Failure
Time
h

2322

7120

%RA
Failed U.F.

69 15.5

46 15.0
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Plate l(a): S.E.M of intercritical zone in butt welded plate

Plate l(b): As for l(a), showing possible untransformed tempered
raartensite
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Plate 2(a): Intercritical zone in butt welded tube

Plate 2(b): Thermally simulated microstructiire after 1 minute
900°C + 30 min 700°C
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25mm

Plate 3: Fracture appearance of creep failure in 1CAZ (left)
and normalised and tempered condition (right)
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Plate 4: Cavitation in cross weld testpiecc after 3,900 hours at
600°C, 60 HPa
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Plate 5: Void clustering in ICAZ of testpiece I after 31,460 h
at 500°C, 165 MPa axial stress
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Plate 6: Immediately behind fracture in 580 C
Bridgman notched testpiece
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280-2

SOME ELEVATED TEMPERATURE TENSILE AND STRAIN-CONTROLLED FATIGUE
PROPERTIES FOR A 9%Crl%Mo STEEL HEAT TREATED TO

SIMULATE THICK SECTION MATERIAL

S J Sanderson and S Jacques

United Kingdom Atomic Energy Authority, Risley Nuclear Power
Development Laboratories, Risley, Warrington, England.

ABSTRACT

Current interest has been expressed in the usage of thick section 9%Cr
l%Mo steel, particularly for UK Commercial Demonstration Fast Reactor (CDFR)
steam generator tubeplates. This paper presents the results of some prel-
iminary mechanical property test work on a single cast of the steel, heat
treated to simulate heavy ruling sections encompassing thicknesses likely
to be met in the CDFR context. The microstructures of the simulated thick
section material were found to remain predominantly as tempered martensite
even at the slowest transformation cooling rates used (50°C/h). The effect
of microstructure is reflected in the elevated temperature proof stress,
tensile strength and strain-controlled fatigue endurance which were found
to be comparable with the properties established for thin section normal-
ised and tempered 9%Crl%Mo steel. These results are extremely encouraging
and, taken in conjunction with the results from other simulation work on
this material, further demonstrate the potential of thick section 9%Crl%Mo
steel.

1. INTRODUCTION

Preliminary stress analysis for the CDFR (1981) design has shown that
the properties expected of 9%Crl%Mo steel can be used to advantage over
those afforded by 2J%Crl%Mo steel in the heavy section tubeplate and closure
head components of the steam generator unit (SGU). Since the steam tube
material has been defined as 9%Crl%Mo steel(1), the SGUs now present a
single major structural material concept with components ranging in section
thickness from a few millimetres for the steam tube, to several hundred
millimetres for the tubeplate.

Although the mechanical properties of wrought normalised and tempered
9%Crl%Mo steel have been reliably established for sizes below ca 31mm dia(2,
3), little, if any, data or experience are available on this steel at sec-
tions beyond ca 155mm(4). It has therefore been appropriate to mount prel-
iminary tensile property and microstructurai studies using available bar
stock material heat treated to simulate the thermal history expected for
the CDFR SGU tubeplates. These preliminary studies have been fully
reported(5) and found to be sufficiently encouraging to provide confidence
for the development of the material in thick section. A programme for this
development is intended, and further simulation work on heat treated bar
stock is being undertaken in the interim before actual forging material
becomes available in order to provide comparative data, particularly for
fatigue and creep-fatigue testing modes. The present paper gives metallo-
graphic, tensile and continuous cycling strain-controlled fatigue data from
this interim work programme.
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2. EXPERIMENTAL DETAIL

The material used throughout this work was taken from a single cast of
9%Crl%Mo steel accessible as 31mm dia bar stock for which previously
reported elevated temperature tensile and strain-controlled fatigue data
are available in the as-received normalised and tempered condition(3). The
chemical composition and as-received heat treatment for this material are
indicated in Table 1.

The as-received bar was cut to the specimen lengths and heat treated
to simulate thermal histories which may occur in heavy section components.
These heat treatments are also detailed in Table 1 where it can be seen
that two transformation cooling rates have been used, namely 100 and 50°C/h,
intended to approximate to air-cooled bar sections at 500 and 1000mm res-
pectively, according to published indicative continuous cooling transforma-
tion data available for 9%Cr1%Mo steel(6). All heat treatments were
performed in a furnace equipped with solid-state linear-programmable temp-
erature control; thermocouples attached directly to the specimen blanks
enabled the temperature to be independently monitored and control was
found to be within +_ 5°C. After the required heat treatments, the blanks
were machined to the final specimen geometries (9mm dia, 5.65/A gauge
length tensile specimens; 7 Am:, dia, 12.7mm gauge length fatigue specimens)
thereby removing the decarburised/oxidised surface layer formed as a con-
sequence of the heat treatment atmosphere (air). The specimens were
finish-machined using cutting depths less than 0.06mm per revolution with
soluble oil coolant in order to preserve the microstructural condition and
arrive at a final surface finish of better than 20 CLA (ie: an average
surface roughness of better than 0.5ym).

The tensile tests were performed in accordance with BS18 or BS3688 at
room and elevated temperature respectively to give the 0.2% proof stress,
ultimate tensile strength, % elongation and reduction of area at failure.
Vickers indentation hardnesses were taken to BS427 at room temperature
from undeformed specimen heads using a 30Kg load and basic metallography
conducted on prepared sections to reveal the bulk microstructures. The
strain-controlled fatigue tests were performed using a single, dedicated
servo-hydraulic testing frame. Particular attention has been given to
specimen axiality in the testing machine both during setting-up and through-
out the tests; axiality was better than +_ 25ym. Fully-reversed axial strain
controlled push-pull fatigue tests were conducted in air at a temperature
of 525 + 2°C using a triangular strain waveform at a fixed strain rate of
6.67 xTO-4/s, each test being started in a tension-going ramp. The data
were analysed for each continuous cycling test to give the number of cycles
to failure (Nf); the measured total strain range; the plastic strain range
at ca Nf/2; the stress range at Nf/2; and the maximum stress range
encountered during the test.

3. RESULTS

3.1 Metallographie, Hardness and Tensile Properties

The microstructures for the steel in the as-received and simulated
thick section heat treated conditions are all similar and, in both the as-
received normalised and tempered condition and the simulative thick section
material using 100°C/h as the transformation cooling rate, are wholly
tempered martensite with average bulk hardnesses recorded as 213 and 207VPN,
respectively. For simulative thick section heat treatments using 50°C/h
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as the transformation cooling rate, the microstructural survey indicated
an occasional presence of pro-eutectoid ferrite (totalling probably not
more than 2 Vol-%) in addition to the tempered martensite matrix; the bulk
hardness was recorded as 208 VPN.

The observed similarities in microstructure and hardness for the
various heat treatments studied indicate that large differences in the
elevated temperature properties are unlikely, and this proved to be the
case as can be seen from the tensile properties recorded in Figs 1 and 2.
The data given here allow direct comparison between average and 95% con-
fidence limit values for thin section normalised and tempered 9%Crl%Mo
steel derived from a number of different casts(7), actual values for the
steel used in the as-received normalised and tempered condition and values
obtained from the two simulative thick section heat treatments. These
latter heat treatments are seen to give a maximum reduction in 0.2% PS
with respect to the available as-received values of ca 15%, with a corres-
ponding maximum reduction in UTS of ca 10%; the strength values do not
fall below the lower bounds derived for thin section normalised and temp-
ered material. Comparative failure ductility values are illustrated in
Figs 3 and 4 showing a more marked sensitivity to the simulative thick
section heat treatments in that the slowest transformation cooling rate
appears to be the least ductile although, with the exception of one
marginally low R of A value, the ductilities fall within the established
95% confidence limits for thin section normalised and tempered material.

3.2 Strain-Controlled Fatigue Behaviour

Analysed results from the strain-controlled fatigue tests are given
in Table 2 and consideration of the stresses sustained at particular total
strain ranges shows the softening trend between the as-received and simu-
lated thick section heat treatment conditions which was expected from the
monotonic proof and tensile strength behaviour noted previously. When the
stresses generated throughout the fatigue tests were analysed in terms of
the normalised cycles to failure (N/Nf), t!.e stress response for each heat
treatment category was found to be one of cyclic softening up to ca 0.1N/
Nf, a plateau stress level then being established to ca 0.85N/Nf with,
thereafter, a fairly sharp stress decrease accompanying failure. Low
power optical examination of all the fatigue fracture surfaces revealed a
topography typical of the transgranular fatigue crack propagation mode and
this mode was confirmed on metallographically prepared sections of fractured
specimens both for principal and secondary fatigue cracks.

The tabulated results are plotted in logarithmic terms of total strain
range vs. cycles to failure in Fig 5, the data exhibiting the expected
smooth trend of increasing endurance with decreasing applied strain (and
consequently stress) range. Figure 5 also carries data previously gen-
erated from the same cast of steel in the as-received normalised and temp-
ered condition with the superimposed average line for continuous cycling
strain-controlled fatigue at temperatures not exceeding 525°C(7); it can be
seen that all the present data lie above, but close to, the average line.
Whilst the data differences are not dramatic in terms of fatigue scatter,
representing at most an increase in endurance for material in the as-
received condition by a factor of two, they could result from differences
in experimentation viz: indirect shoulder extensometry for the earlier
data compared with direct gauge length extensometry in the present case.
Nevertheless, the important point to note in the comparison is that the
data representing continuous cycling strain-controlled fatigue of simu-
lated thick section heat treated material do not transgress the assessed
average curve for this property.
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4. DISCUSSION

The constitution, transformation and tempering behaviour of the 9%Cr
l%Mo class of steel are well understood(5,8,9) and only the outline
principles will be discussed here. The constitution is determined by the
relative content of ferrite- and austenite-stabiusing elements which may
be expressed in terms of a net chromium equivalent. One such expression
with composition in wt-% is given(lO) as

Net Cr Equivalent = (35 Cr) + 6{% Si) + 4(% Mo) + 1.5(% W) + 6(% V)

+ 5(% Nb) + 12(% Al soluble) + 8(% Ti) - 40(% C)

- 2(% Mn) - 4(35 Ni) - Z(% Co) - 30(35 N) - (35 Cu)

and illustrates the potent effect of Si, Mo and C in fixing the stable phase
fields for plain 9%CrMo steels. Note that although N also has a large
coefficient, its absolute concentration level is usually an order of mag-
nitude lower than C, therefore resulting in only a small effect.

When plain 9%Crl%Mo steels are cooled from the single austenite phase
field, the consequent continuous cooling transformation diagram exhibits a
wide range of cooling rates which enable transformation of the austenite •
to martensite(6). Cooling rates slower than a critical value will result
in the appearance of pro-eutectoid ferrite in the microstructure, the
critical value depending on the net chromium equivalent so that the higher
the chromium equivalent, the faster the cooling rate before ferrite forma-
tion. The particular effect of silicon has been identified in previous
work(5) such that steels with 0.58 or 0.85% silicon content could be cooled
in equivalent sections up to ca 1100 and 500mm dia respectively, without
forming pro-eutectoid ferrite. It will be noted that the silicon content
in the present steel is 0.66% and therefore would be expected to yield an
equivalent critical cooling rate for sections intermediate between the
previous sizes e-rd this appears to be the case with the presence of small
amounts of pro-eutectoid ferrite for the slowest transformation cooling
rate used (50°C/h). The austenite-transformed microstructures for 9%Crl%Mo
steel to large equivalent ruling sections are thus seen to remain pre-
dominantly martensitic. This behaviour contrasts with that of 2J%Crl%Mo
steel, a structural material widely used in the power industry, which shows
a greater sensitivity to cooling rate and hence section size(ll). Thus a
simplified comparison of as-transformed microstructures and hardnesses for
these two steels presented as a function of approximate equivalent section
size takes the appearance of Fig 6; the ability of 9%Crl%Mo steel to main-
tain its as-transformed hardness (ie strength) is apparent.

The similarity in microstructure for the various heat treatments of
9%Crl%Mo steel used in the present work is maintained on subsequent temp-
ering when a complex series of microstructural changes occur, principally
the precipitation of alloy carbides from the metastable matrix and a
reduction and redistribution of the dislocation component tending towards
microstructural stability. The detail of these processes has been des-
cribed for 9%Crl%Mo steel(9) and it is sufficient here to note that the
similar post-temper microstructures for the simulated thick section heat
treated material give comparable elevated temperature tensile and strain-
controlled fatigue properties. Closer comparison of the microstructures
between the as-received and simulated thick section conditions reveals a
tendency towards coarsening in the latter, both in terms of prior austenite
grain size and carbide precipitate, as a consequence of the extended
austenitising and tempering conditions. This increase in coarseness is
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responsible for the comparative softening noted previously for the simu-
lative heat treatments with respect to the as-received condition and may
be a contributory factor in the decrease of fracture ductility associated
with the slowest transformation cooling rate, although strain-controlled
fatigue is less sensitive to these relatively slight microstructural
differences.

In general, previous investigations^,12) using heat treatments to
simulate thick section behaviour for 9%Crl%Mo steel support the present
findings in respect of the material's tolerance to a wide range of trans-
formation cooling rates. However, the results obtained from this type of
approach should be viewed as indicative only, since other material aspects
are not addressed which may be expected in actual thick section components.
Thus microsegregation will be influenced by working route and would be
expected to differ between product forms. Similarly, chromium equivalent,
soak time and cooling rate from the austenitising temperature will influ-
ence grain size and pro-eutectoid ferrite formation in a heavy forging
such that its surface would experience a longer solution treatment with
more rapid effective quench than would be the case at its centre. Further-
more, it should also be recognised that the inter-relationships between
cooling rate and section thicknesses used for simulative work are approx-
imate and not absolute. It is believed, however, that a transformation
cooling rate of 5O°C/h will encompass the heaviest 9%Crl%Mo steel section
contemplated for CDFR and will be used for further simulative work to
generate creep-fatigue data in the interim before actual development
programme forging material becomes available.

5. CONCLUSIONS

This paper has presented some elevated temperature tensile and strain-
controlled fatigue data obtained from a particular cast of 9%Crl%Mo steel
heat treated to simulate thick section material. The principal conclusions
are:-

(i) Microstructures remained predominantly as tempered martensite even
for the slowest transformation cooling rate used (50°C/h).

(ii) The simulative thick section heat treatments produced a decrease in
0.2% PS with respect to the as-received normalised and tempered
thin section values of ca 15% with corresponding maximum reduction
in UTS of ca 10%.

(iii)Strength values (both 0.2% PS and UTS) do not fall below the lower
bounds derived for thin section normalised and tempered material.

(iv) The stress response under fatigue conditions for each heat treatment
category was observed to be one of cyclic softening up to ca 0.1N/Nf,
a plateau level then being established to ca 0.85N/Nf with, there-
after, a fairly, sharp decrease accompanying failure.

(v) Fatigue failure proceeded by transgranular crack propagation in all
cases.

(vi) The strain-controlled fatigue data at 525°C in terms of total
strain range and cycles to failure all fall close to (but with
slightly higher endurance) the average line for thin section
normalised and tempered material.
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(vii) The basic physical metallurgy of the steel is well understood
and used to rationalise the observed mechanical behaviour.

(viii) Overall, these results are extremely encouraging and, taken in
conjunction with the results from other simulation work on this
class of material, further demonstrate the potential of thick
section 9%Crl%Mo steel.
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TABLE 1 : 9%Crl%Mo STEEL DETAILS

(Bar Stock, 31mm dia)

(i) Chemical Composition

Element

Wt-%

C

0.10

Si

0.66

Mn

0.50

P

0.013

S

0.008

Cr

8.85

Mo

0.95

Ni

0.21

Al

0.009

Cu

0.15

Sn

0.02

Co

0.022

(ii) As-Received Heat Treatment

Normalised after £h at 950°C, tempered |h at 75O°C.

(iii) Simulative Thick Section Heat Treatments

Heating Rate to
Austenitising
Temperature

(1) 30°C/h

(2) 30°C/h

Austenitise

16h at 980°C

16h at 980°C

Cooling
Rate to
Ambient

100°C/h

50°C/h

Heating Rate
to Tempering
Temperature

30°C/h

30°C/h

Temper

2h at
770°C

2h at
770°C

Cooling
Rate to
Ambient

100°C/h

100°C/h

(1) Simulative of ca 500mm section.

(2) Simulative of ca 1000mm section.
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TABLE 2 : CONTINUOUS CYCLING STRAIN-CONTROLLED FATIGUE TEST DATA

Test Temperature
Environment
Strain Rate
Strain Waveform
Definition of Failure

525°C
Air
6.67 x 10"Vs
Triangular, fully reversed
Complete rupture

Specimen
Identity

Measured Total
Strain Range

Plastic Strain
Range at Nf/2

Stress Range
N/mm2

Max Nf/2

(1) As-Received, Normalised and Tempered (RNL Code 35)

1.0

0.72

0.51

0.42

0.4

0.2

0.14

+352
-307

+322
-327

+310
-265

+292
-286

+295
-257

+253
-288

+246
-246

+240
-252

Cycles to
Failure
Nf

2108

3550

8239

20760

(2) Simulative Thick Section Heat Treatment with Transformation Cooling
Rate at 100°C/h

FV3

FV6

FV5

FV4

1.0

0.72

0.51

0.4

0.4

0.21

0.12

+337
-352

+327
-335

+297
-274

+276
-279

+283
-290

+278
-281

+249
-235

+228
-241

1861

3522

11394

65440

(3) Simulative Thick Section Heat Treatment with Transformation Cooling

Rate at 50°C/h

1.01

0.71

0.52

0.42

0.7

0.42

0.23

0.14

+341
-315

+306
-325

+289
-308

+267
-288

+285
-258

+258
-277

+232
-256

+230
-250

1620

3360

12720

13730

-•60 Ö
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290-3
EFFECTS OF SODIUM ENVIRONMENT ON THE MECHANICAL PROPERTIES

OF Fe-2 l /4Cr- lMo STEEL

0. K. Chopra
Materials Science and Technology Division

Argonne National Laboratory, Argonne, Illinois 60439, U.S.A.

ABSTRACT

Mechanical property data on isothermally annealed, thermally aged, and
sodium-exposed Fe-2 l/4Cr-lMo steel are analyzed to evaluate the influence of
the sodium environment as well as the effects of the microstructural and
compositional changes that occur in the steel during long-term exposure to
sodium. Correlations are developed to predict the environmental effects on
t e n s i l e , creep, fa t igue, and creep-fatigue propert ies of Fe-2 l/4Cr-lMo steel
in sodium. The resu l t s indicate tha t at temperatures <823 K (550°C), degrada-
tion of mechanical propert ies is essen t ia l ly due to thermal aging. Loss of
carbon from the steel reduces both the t ens i l e and creep-rupture s t rength, but
has l i t t l e or no effect on the fatigue proper t i es . The cyclic propert ies of
Fe-2 ,l/4Cr-lMo steel in sodium are superior to those in a i r . The creep-
fatigue behavior in sodium i s s igni f icant ly different from tha t in an a i r
environment. The creep-fatigue data are analyzed using the in te rac t ive damage
rate equations to predict the time-dependent fatigue behavior of isothermally
annealed Fe-2 l/4Cr-lMo steel in sodium.

INTRODUCTION

Low-alloy Fe-2 l/4Cr-lMo f e r r i t i c steel i s commonly used in the
construction of sodium-heated steam evaporator and superheater units for
liquid-metal fas t breeder r eac to r s . A major concern for such application i s
the suscep t ib i l i t y of the steel to decarburization when exposed to high-
temperature flowing sodium.1"^ Carbon is known to migrate in l iquid sodium
heat - t ranspor t systems as a r e su l t of carbon ac t iv i ty gradients produced by
both temperature and compositional differences. The Fe-2 l/4Cr-lMo steel
decarburizes because of i t s inherently high carbon ac t iv i ty and large carbon
diffusion coef f ic ien t . The loss of carbon from the material may lead to
s igni f icant reduction in elevated-temperature mechanical s t rength . Further-
more, l iquid sodium can influence the surface-active propert ies of the
material depending on the purity of the environment, i . e . , the chemical
ac t iv i t y of oxygen, nitrogen, carbon, e t c . in the sodium. The chemical
ac t iv i ty of oxygen in l iquid sodium i s much lower than tha t in other t e s t
environments, such as a i r and steam. Therefore, oxidation of the material
will not influence mechanical propert ies in l iquid sodium.

The objective of th i s paper i s to es tabl i sh quant i ta t ive ly the effects of
the low-oxygen environment and decarburization during long-term sodium
exposure on the mechanical propert ies of isothermally annealed Fe-2 l/4Cr-lMo
s t e e l . Data obtained on annealed, thermally aged, and sodium-exposed material
are analyzed to evaluate the environmental effects on t e n s i l e , creep, fa t igue ,
and creep-fatigue p roper t i e s .
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Tensile and Creep Properties

The long-term effects of sodium exposure on the tensile and creep prop-
erties of Fe-2 l/4Cr-lMo steel have been investigated by testing sodium-
exposed material in an inert or air environment. When exposed to high-
temperature sodium, the Fe-2 l/4Cr-lMo steel undergoes decarburization, as
well as compositional and microstructural changes due to thermal aging. Data
on the tensile and creep properties of sodium-exposed Fe-2 l/4Cr-lMo steel
indicate that loss of carbon and thermal aging can independently reduce
mechanical strength.5"11 Consequently, the effects of thermal aging per se- on
tensile and creep properties have to be evaluated to assess the influence of
carbon loss. Sodium exposure of Fe-2 l/4Cr-!Mo steel leads to carbon concen-
tration profiles rather than uniform distribution of carbon in the material.
For components with intermediate section thicknesses, e.g., pipe, the decrease
in strength is proportional to the depth of the decarburized layer. Maximum
reduction in strength wi l l occur in thin-walled components, namely, super-
heater and evaporator tubing. Ideally, the long-term effects of sodium should
be established from data on material in which the decarburized layer extends
to specific depths, which were established under known conditions of time,
temperature, and sodium purity. Such an approach, however, is complex and
impractical. The current assessment of the change in mechanical strength of
Fe-2 l/4Cr-lMo steel due to decarburization in sodium is primarily based on
data obtained from steels that were decarburized to different average carbon
concentrations. Often the results from steels with low in i t i a l bulk carbon
contents are included in the analysis to supplement the data from decarburized
material.

Figure 1 shows the influence of carbon loss on the ultimate and yield
strength of decarburized Fe-2 l/4Cr-lMo steel. The reduction in tensile
strength is expressed as the ratio of the actual tensile strength of the
specimens and the strength predicted for material after thermal aging for
identical time and temperature. Tensile data were obtained at 783 K (510°C)
on isothermally annealed material that was given a postweld heat treatment
(PWHT). Sodium exposure was carried out in both static and flowing sodium at
temperatures between 797 and 1000 K (524 and 727°C). The maximum temperature
of 1000 K was selected to accelerate the kinetics of carbon transfer and
achieve low concentrations of carbon in the material. The minimum temperature
of 797 K was selected to match the maximum design temperature for the
intermediate heat transfer loop in the Clinch River Breeder Reactor (CRBR).
Sodium exposures ranged from 1.8 Ms (500 h) at 1000 K to 82.8 Ms (23,000 h) at
797 K. Thermal aging was carried out in an inert environment for time and
temperature conditions identical to those for the sodium-exposed material.
The data were normalized in terms of a time-temperature parameter to predict
the reduction in tensile strength due to thermal aging. The results indicate
that a carbon loss of ~0.04 wt % during the design l i f e of superheater tubing
(~3 mm thick) would result in an ~5% reduction in ultimate strength and an ~3%
reduction in yield strength. The reduction in tensile strength due to thermal
aging is significantly greater than that from decarburization.

Creep rupture data at temperatures between 755 and 866 K (482 and 593°C)
indicate that the influence of thermal aging is predominant at temperatures
<773 K, whereas decarburization has a substantial effect at higher tempera-
tures.6»9 At 866 K, the thermal aging processes are relatively fast and occur
during the test; consequently, differences in the creep rupture'behavior for
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thermally aged and isothermally annealed material are not significant.
However, the steel undergoes significant decarburization when exposed to
sodium at 866 K. The loss of carbon and the associated changes in carbide •
morphology result in degradation of the creep rupture strength. At lower
temperatures, the kinetics of the decarburization and thermal aging processes
are slow; consequently, the difference between the rupture strength for
annealed and thermally aged or sodium-exposed steel is primarily due to
thermal aging.

The reduction in creep rupture strength due to decarburization can be
assessed from data on steels with low initial carbon contents.12 The
predicted reduction in rupture strength due to carbon loss in a sodium
environment is shown in Fig. 2. The creep rupture strength ratio (corrected
for thermal aging effects) for material that was decarburized in sodium to
different bulk carbon contents is also plotted in Fig. 2 and shows a good
agreement with the predicted curve. The analysis indicates that the reduction
in creep rupture strength for Fe-2 l/4Cr-lMo steel superheater tubing during a
service life at 783 K will be -12%.

Fatigue and Creep-Fatigue Properties

In contrast to the tensile and creep properties, where the variation in
mechanical strength is primarily due to decarburization/carburization or
thermal aging rather than the sodium environment per se, the fatigue behavior
of Fe-2 l/4Cr-lMo steel in sodium is superior to that in a i r . 1 2» 1 3 Failure
under fatigue straining occurs by initiation of a crack at the free surface
and transgranular propagation of the crack to complete fracture. Environ-
mental effects, such as corrosion or oxidation, may affect both the crack
initiation and propagation processes. Metallographic evaluation of the
fracture surface and the liquid/alloy interface in the gauge region of the
specimens tested in sodium indicates that environmental effects are virtually
absent in a low-oxygen sodium environment. Specimens are absolutely free of
oxides or any other corrosion product. On the other hand, fatigue tests
conducted in air at high temperatures show substantial oxidation, which
influences the cyclic deformation behavior of the material and reduces the
fatigue life relative to that in sodium.

The fatigue strain-life relationships for Fe-2 l/4Cr-lMcT steel in the
isothermally annealed and the thermally aged or sodium-exposed conditions are
shown in Figs. 3 and 4, respectively. The results show that at temperatures
between 755 and 866 K, the fatigue life in sodium is a factor of 2 to 8
greater than in air; the difference is larger at 866 K. The fatigue life of
thermally aged and sodium-exposed material is 30-50% lower than that of the
isothermally annealed steel. The decrease in fatigue life for the sodium-
exposed steel is primarily due to thermal aging and the loss of carbon has
l i t t l e or no effect on fatigue l i fe . For example, the fatigue life of sodium-
exposed specimens containing 0.07-0.11 wt % carbon is identical with that of
the thermally aged specimens with 0.12 wt % carbon.

Fatigue data in sodium also show that the plastic strain-life behavior of
Fe-2 l/4Cr-lMo steel is independent of temperature and strain rate. The total
strain-life relationship shows a slight variation with temperature and strain
rate because of the difference in the cyclic stress-strain response. The
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strain-life behavior for isothermally annealed steel tested in sodium at 811 K
at different strain rates is shown in Fig. 5. This behavior is different from
that observed in an air environment. In air, the fatigue life of Fe-2 l/4Cr-
lMo steel decreases with a decrease in strain rate or an increase in tempera-
ture. The difference between the results in sodium and air environments can
be attributed to oxidation of the material in air.
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The creep-fatigue behavior of Fe-2 l/4Cr-lMo steel, determined from slow-
fast, fast-slow, and tensile-hold-time tests in sodium, is shown in Fig. 6.
The results reveal that the fast-slow strain sequence has no effect on the
fatigue l i fe , whereas the fatigue life for the slow-fast or tensile-hold-time
tests is lower than that for the constant strain rate tests . Furthermore, the
decrease in fatigue life for slow-fast tests is strongly dependent on the test
temperature. For example, the fatigue life is a factor of ~4 lower for slow-
fast versus constant strain rate tests at 866 K and a factor of ~2 lower at
811 K; at 755 K, the strain rate sequence has l i t t l e effect on fatigue l i fe .
These results indicate that in a sodium environment, a tensile-hold period
(which is similar to a slow-fast strain sequence) leads to a reduction in
fatigue l i fe , whereas a compressive-hold period (which is similar to a fast-
slow strain sequence) has l i t t l e or no effect. This behavior is quite
different from creep-fatigue results obtained in air; e.g., at strain ranges
of <1% a compressive hold period is found to be more damaging than a tensile-
hold period.

Metallographic examination of specimens tested in sodium with a slow-fast
strain sequence or a tensile-hold period revealed surface grain boundary
cracks, several secondary propagating cracks, and grain boundary cavities i?i
the bulk.1^'1^ The fracture surface shows no fatigue striations and resembles
that observed for creep tests . Bulk cavitation or surface grain boundary
cracks are not observed for all the constant strain rate or fast-slow tes ts .
In this regard, i t is interesting to note that the slow-fast strain sequence
( i . e . , tensile t^ ~4 x 10"b s"1 and compressive £^ ~4 x 10"-3 s"1) leads to
creep damage and reduction in fatigue l i fe , whereas the slow-slow test at a
constant strain rate of ~4 x 10"b s"1 has no effect on fatigue l i fe . These
results indicate that internal bulk damage in low-alloy Fe-2 l/4Cr-lMo steel
occurs only during tensile creep conditions. For symmetrical hold periods or

6 1 9



Si 10.0

5.0

3.0
CO

a:

DC

i
<
UJ
CO

ce
z
<r
or

o

1.0

5.0

3.0

1.0

0.5

0.3

i i i 11 I I I I M i l l I I I I I —

482°C

593°C

F/S S/F TEMP. CO
A • 482 AGED 18.0 Ms AT 755 K
• Q 538 EXPOSED 10.8 Ms AT

811 KIN No
® 593 EXPOSED 14.4 Ms AT '

866KINNQ

FAST STRAIN RATE-4X10

SLOW STRAIN RATE-4XIÖ1

i i i i i i ii] i i i i i

10.0

5.0-

3.0

1.0 -

.0.5

0.3

»

1.0

0.5

0.3

O.I

10' 10 10

CYCLES TO FAILURE, N f

10 I06

Fig. 6. Total and Plastic Strain Range vs Cycles to Failure for
Thermally Aged and Sodium-exposed Fe-2 l/4Cr-lMo Steel
Tested in Sodium Using a Sawtooth Waveform.

slow-slow tests, the cavities that form during the tensile half of the fatigue
cycle either anneal out during the compressive cycle or do not grow to
sufficient size to cause bulk damage.

Environmental effects are absent in a low-oxygen sodium environment and
the fatigue data represent the true creep-fatigue behavior of Fe-2 l/4Cr-lMo
steel. Fatigue results obtained in an air environment should correctly be
termed creep-fatigue-environment interaction. Depending on the time,
temperature, and test conditions, oxidation effects may completely dominate
fatigue l i f e such that the creep-fatigue interaction is negligible.

Several analytical methods have been proposed for predicting the creep-
fatigue or time-dependent fatigue behavior of materials. The Linear Damage
Rule considers fatigue and creep damage to be independent of each other.
Fatigue damage is expressed as a cycle fraction and is determined from the
continuous-cycle fatigue data, whereas creep damage is expressed as a time
fraction and is obtained from the stress rupture data. However, the Linear
Damage Rule assumes equal damage for tensile and compressive stresses.
Therefore, i t predicts equal fatigue l i f e for slow-fast and fast-slow tests at
a given strain rate and strain range. The Modified Frequency Separation
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method expresses the tension-going and compression-going halves of the fatigue
cycle by two average frequencies. This method predicts the reduction in l i f e
due to tensile-hold or slow-fast tests to be equal to the increase in l i f e due
to fast-slow tests compared to symmetric cycling fatigue.

In view of the limitations of the above-mentioned l i f e prediction
methods, the fatigue apd creep-fatigue data in sodium were analyzed using the
Damage Rate Approach. The method considers an interaction between the
fatigue crack and cavity growth. I t assumes that either the cavities spon-
taneously anneal out under compressive stress or the crack does not interact
with the cavities when they are below a cr i t ica l size. For different
waveshapes, the fatigue l i f e , N*, is related to the plastic strain range, Aep,
and plastic strain rate, £p. Tnus, for symmetric cycling,

(1)

and

A = (T + C)/[2An(a f/a0)]. (la)

where m, k, T, and C are material parameters and a^ and a0 are the final and
in i t i a l crack size, respectively. For a fast-slow strain sequence, cavities
are not in i t iated in the material and the fatigue l i f e is given by

M -Nf -
m *

k-1 k-1

.1 + C/l 1 + T/CJ

-1

(2)

where £f and £g a r e the fast tensile and slow compressive plastic strain
rates, respectively. In the absence of strain rate effects, Eq. (2) reduces
to Eq. (1), i .e . , i t predicts identical lives for fast-slow and constant
strain rate tests. When strain rate effects are excluded, the fatigue l i f e
for slow-fast tests ( i . e . , slow tensile plastic rate, £s, followed by fast
compressive plastic strain rate, of) is given by

Nf - - 1 + 2BAg(m+ l)Ae~(m+1)L
1/2

'(BAg), (3)

where Aa is the parameter that describes the interaction between the fatigue
crack and cavities, L = 1/2A,
creep rupture data.

and kc is a material constant obtained from
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For continuous-cycle fatigue data in sodium, the strain rate exponent
k = 1. The material parameters A and m were obtained from the continuous-
cycle data and the parameter Ag from the slow-fast data. Since the environ-
ment has l i t t l e or no effect on the bulk properties, the creep exponent kc was
determined from the creep rupture data in air . The various parameters of the
Damage Rate equations for the creep-fatigue behavior of Fe-2 l/4Cr-lMo steel
in sodium are given in Table I .

TABLE I . Material Parameters for Evaluation of the Creep-
Fatigue Behavior of Fe-2 l/4Cr-lMo Steel in a
Sodium Environment at 755, 811, and 866 K by
the Damage Rate Approach

Parameter

A

m

k

Aq:

kC

, 755 K

811 K

866 K

Isothermally
Annealed
Material

1.50

1.0

1.0

0.11

0.72

5.88

0.7

Aged or Sodium-exposed
Material

2.06

1.0

1.0

0.11
0.72

5.88

0.7

The parameters obtained from the slow-fast and constant strain rate tests
were used to predict the fatigue l i f e for tensile-hold-time tests. The
fatigue l i f e for tests with a hold period is given by

Nf = [-1 + {1 + (2D/DT)}1/2]/D, (4a)

where

DT = nTTT Aep { 4 b )

and
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Ae and t are the plastic strain range and strain rate during the tension-going
cycle (subscript p-|), compression-going cycle (subscript P2), and hold period
(subscript p). Figure 7 shows the predicted strain-life relationships for
constant-hold periods up to 360 ks (100 h). The stress relaxation behavior
for constant-strain hold-time tests in air was used in computing these strain-
l i fe curves. The results show that the creep-fatigue interaction is strongly
dependent on temperature. Fatigue l i fe is reduced by a factor of ~10 for a
360-ks tensile-hold time at 866 K, and only by a factor of ~2 for a similar
tensile-hold period at 755 K. At all temperatures, the reduction in l i fe for
compressive-hold periods is minimal.
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SUMMARY

Mechanical property data on isothermal ly annealed, thermal ly aged, and
sodium-exposed Fe-2 l /4Cr- lMo steel have been analyzed to p red ic t the long-
term e f fec ts of a high-temperature sodium environment. Both thermal aging and
decarbur izat ion of the steel in sodium resu l t in degradation of the mechanical
proper t ies r e l a t i v e to those of the isothermal ly annealed s t e e l . At tempera-
tures <823 K (55O°C), degradation i s essen t i a l l y due to thermal aging. Loss
of carbon from Fe-2 l /4Cr-!Mo steel reduces both the t ens i l e and creep-rupture
s t reng th , but has l i t t l e or no e f f e c t on the fa t igue p roper t ies . Based on .the
k ine t i c s of decarbur izat ion of isothermal ly annealed Fe-2 l /4Cr- lMo steel i n
sodium at 783 K (510°C), the to ta l carbon loss from superheater tubing during
the service l i f e t i m e i s expected to be ~0.04 wt %. A carbon loss of 0.04 wt %
would r e s u l t i n an ~5% loss of t e n s i l e strength and an ~12% loss of creep
strength.

Fatigue data on Fe-2 l/4Cr-!Mo steel in sodium indicate that the environ-
ment i tse l f has no deleterious effects. In a sodium environment of controlled
purity, the cyclic properties of Fe-2 l/4Cr-!Mo steel are superior to those in
ai r . The plastic s t ra in- l i fe relationship in sodium is independent of
temperature and strain rate. A compressive-hold period has no effect on
fatigue l i f e in sodium whereas a tensile-hold period reduces fatigue l i f e .
The reduction in fatigue l i f e is greater at higher temperatures. Specimens
tested with a slow-fast strain sequence or tensile-hold period show bulk
cavitation. Metallographic observations indicate that cavity damage, which
occurs during tensile straining, can anneal out during identical compressive
straining. The creep-fatigue data were analyzed using interactive damage rate
equations to predict the time-dependent fatigue behavior of isothermally
annealed Fe-2 l/4Cr-lMo steel in sodium.
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THE INFLUENCE OF FLOWING SODIUM ON CREEP RUPTURE

PROPERTIES OF TYPE 316 AND 9CrlMo STEELS

by

C A P Horton# and R S Fidler*

SUMMARY

Creep rupture tests in flowing sodium are underway in the CEGB sodium
loop facility at MEL. The loop, constructed in Type 316 stainless steel,
provides eight test points in parallel, each fed with flowing sodium of
the same controlled purity and at temperatures up to 625°C. Specimen strain
is continuously monitored throughout each test.

Results of a test series on Type 316 and 9CrlMo steels in their
"standard" states, ie solution treated and normalised and tempered
respectively, have shown no deleterious effects of sodium on the creep
rupture behaviours. Surface cracking, which occurs during in-air tests
on Type 316 steel, was less extensive in the sodium tests and was associated
with slight increases in rupture elongations. With 9CrlMo steel there
was no surface cracking and no significant differences between in-sodium
and in-air behaviours.

Technology, Planning and Research Division,
Central Electricity Generating Board,

^Central Electricity Research Laboratories
Kelvin Avenue
Leatherhead
Surrey KT22 7SE
England

*Marchwood Engineering Laboratories,
Marchwood
Southampton
Hants S04 4ZB
England
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1.INTRODUCTION

Creep tests have been carried out in flowing sodium using a specially
designed facility at the Marchwood Engineering Laboratories of the CEGB.
The sodium facility, shown schematically in Figs. 1 & 2, is fabricated
completely in Type 316 steel and provides eight creep test stations fed in
parallel with flowing sodium at individually controlled temperatures up to
625 C. Each test station can be isolated for specimen changes and
individual specimen extensions are continuously recorded. Each test was
continued to rupture.

The test materials chosen were the two major candidate materials for
the fast breeder reactor, Type 316 and 9CrlMo steels. They were tested in
their 'standard' states, ie. solution treated and normalised and tempered
respectively.

The behaviours observed in sodium were compared with in-air tests
conducted on duplicate specimens under the same temperature and stress
conditions.

Detailed microstructural examinations were performed after rupture
with particular emphasis on a comparison between the rupture processes in
sodium and in air.

2.MATERIALS AND TEST CONDITIONS

Table 1 shows the test conditions used for the Type 316 and 9CrlMo
steels in 'standard' heat treatment states. It will be noted that only one
test condition was used for the Type 316 steel and one for the 9CrlMo
steel.. However, for each condition and environment (air or sodium) there
were three specimens, each with a different gauge diameter. This was an
attempt to provide different weightings to any effect of environment via
the surfaces of the specimens; the surface to volume ratio being greatest
in the specimen with the smallest gauge diameter. The gauge lengths of the
specimens were also varied in order to maintain a constant value for the
length to diameter ratio (L/d), Table 1.

The sodium loop contained 750kg of circulating sodium and this was
origingally supplied as 'reactor grade sodium'. During testing about 10%
of the sodium flow circulated via a by-pass cold trap which was maintained
at temperatures between 155 C and 175 C. According to Noden (1972), this
corresponds to an oxygen level less than or equal to about 7ppm.

The sodium in the 'mother loop' was maintained at 425 C. A heat
exchanger and trim heater on each test point heated the sodium to the
desired test temperate .. The sodium flow was constrained around each
specimen to give a mean sodium velocity of about 5 m/sec past the specimen
surface.

3.CREEP AND RUPTURE BEHAVOIURS OBSERVED

Table 1. includes the creep and rupture results'obtained and uses the
following symbols:-
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t = Tine to rupture in hours.

Et = Total engineering strain to rupture (%), including loading
strain, as measured on the specimen after test.

E = The last recorded engineering creep strain (%) prior to rupture.

R/A = The reduction in cross section area (%) of the test gauge at the
point of rupture.

Ns = The number of surface cracks per mm in a distance of 10mm from
the rupture surface.This was measured on a longitudinal
section through each specimen.

Nb = The number of grain boundary cracks per mm intersected by a 10mm
line drawn, from the rupture surface, along the centre of the
longitudinal section through the specimen.

The creep curves obtained for each test are shown in figs. 3 and 4. In
each case the in-sodium curve is compared with the in-air curve obtained
from the specimen with the same gauge diameter.

Overall the creep curves show good agreement between the in-sodium and
in-air tests during the first 2/3 of each test period. Some differences
have developed during the final 1/3 of each test period, a regime which may
also be related to tertiary creep. (These regimes, where the creep rate
increased more rapidly, will be described as 'tertiary creep' in the rest
of this document).In addition, a small complication resulted from the
extension of the bellows at the top of the creep pots used for the in-
sodium tests, Fig. 2. This led to a slight reduction in the effective
applied load as each specimen extended during test. The magnitude of this
effect is calculated in the appendix where it is shown that in the worst
case the load was reduced by 7.6% at rupture strain.

Although there is a degree of scatter in the results listed in table
1, the following observations can be made:-

For Type 316 steel, there was a tendency for the total elongations at
failure (E ) and the last recorded creep strains (E ) to be greater in
sodium than in air. On the other hand, there were no significant
differences in times to rupture or reduction in area values (R/A) between
the in-sodium and in-air specimens. Nor were there any clear trends with
gauge diameter, although for both the in-sodium and in-air tests the
specimens with the smallest gauge diameter (2.5mm) exhibited the least
strain to fracture.

For the 9CrlMo steel, there viere no significant differences between the in
sodium and in-air results.

4.STRUCTURAL

Examples of surface cracks visible on the Type 316 ruptured specimens
after in-sodium and in-air tests are shown in fig. 5. The cracks on the in-

629



air specimen are clearly more extensive.

Optical microscopy of sections through the specimens revealed that the
surface cracks in the sodium specimens were associated with grain
boundaries, fig.6(a). This was also true of many of the cracks in the air
specimens but, in addition, these had become oxidised. The oxidation had
progresed into the grains adjacent to the grain boundary crack, fig. 6(b).
The profile of this oxidation had become irregular in some cases and,
consequently, the associated cacks were not always confined to grain
boundary paths, Fig. 7(b). The boundary penetrations were rarely completely
bridged by oxide. There was generally a crack path to the penetration tip.

Measurements of the intensity of surface cracking were achieved by
optical examination of the longitudinal sections through the ruptured
specimens. The surface cracks extending more than 15um into the specimens
were counted over 10mm distances from each fracture face and individual
crack depths were measured.The results of the measurements are shown in the
form of histograms in fig.8 and as crack densities (Ns) in Table 1. Clearly
the in-air specimens contained deeper surface cracks than the in-sodium
specimens.

Grain boundary cracking was not restricted to specimen surfaces, some
boundary decohesion having occurred in the bulk of the specimens, fig.7.
However, relatively more of the boundaries intersecting the specimen
surfaces had cracked. This comparison was made for each specimen by
additionally counting the grain boundary cracks intersected by a line drawn
along the centre of the longitudinal section. For each specimen the number
of boundaries intersected per mm is shown in brackets under Nb in Table 1.
These densities are significantly less than the densities of surface
cracks, Table 1, and, as expected, show no difference between sodium and
air specimens. This defficiency of bulk cracking compared with surface
cracking is even more marked if only those cracks extending beneath the
line by 15um or more are counted to give a true comparison with the surface
measurements. The results are shown under Nb (without brackets) in Table 1.

Scanning electron microscopy revealed that the rupture surfaces
contained some grain boundary facets, fig.9. These were apparently randomly
distributed ouer the rupture surface and were not noticeably different in
appearence on the in-sodium and in-air specimens. However, it should be
noted that the scanning micrographs do not easily provide quantified
information.

The 9CrlMo specimens exhibited intensive necking prior to rupture,
fig. 10(a), and the rupture surfaces were fully dimpled, fig. 10(b),
depicting a ductile rupture process. There was no difference in appearence
between the rupture surfaces of the in-sodium and in-air specimens.

5.DISCUSSION

The tests of creep and rupture behaviours in flowing sodium have
indicated no effect of sodium on 9CrlMo steel and a small, beneficial
effect on Type 316 steel when compared with in-air behaviours. With Type
316 steel the only property significantly influenced was elongation to
rupture, which was slightly greater in sodium. This was accompanied by less
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severe cracking of grain boundaries at the surface of the specimens in
sodium.

For the Type 316 steel tested in sodium or in air there were
relatively more grain boundaries cracked at the specimen surfaces than in
the body of the specimens. This suggests that environmentally assisted
surface crack initiation and/or growth occurred in both sodium and air, and
this was more intense in air under the test conditions used. The kinetics
of the process may be different in sodium than in air and, consequently, it
would be necessary to measure the influence of the variables such as
temperature, stress, sodium purity, etc. before extending the comparison to
other conditions.

In air, the fact that the cracks were rarely filled with continuous
oxide indicates that the oxide forming at the crack tips continued to
rupture as the cracks grew. In the sodium tests there was no measurable
thickness of oxide at the surfaces of the sectioned specimens, so that
there was little or no oxide film separating the sodium from the crack tip.

The less severe surface grain boundary cracking of Type 316 steel
tested in sodium, compared with in-air tests, supports the slightly greater
rupture elongations measured in sodium, Table 1, if the surface cracks were
significant in the rupture process. The more severe surface grain boundary
cracking in air would then clearly lead to lower elongations at rupture. A
corresponding reduction in (R/A) values might also be expected and it is
not clear why this was not observed, Table 1.

The importance of surface cracking in rupture would also be expected
to result in lower elongations for specimens with smaller diameters, ie.
larger surface to volume ratios. This was the case for the Type 316
specimens with the smallest gauge diameter, Table 1, although this may have
been fortuitous in view of the overall scatter obtained in the results.

The tertiary behaviours did not follow a consistant pattern and this
may be related to a degree of uncertainty in the time of the onset of the
instability responsible for rupture, eg. crack growth in the Type 316 steel
and ductile necking in the 9CrlMo steel. The situation was complicated by
the bellows effect which would have become significant in reducing creep
rates during tertiary creep in the sodium tests (see appendix). In addition
the more intense surface cracking in air may have accelerated tertiary
creep in the Type 316 specimens. It is difficult to separate these effects
on tertiary behaviour and so no conclusions can be made about in-sodium
versus in-air tertiary behaviours, other than the differences in
elongations to rupture.

6.CONCLUSIONS

The main observations made in the comparison between in-sodium and in-
air creep to rupture ware:-

(i) The creep behaviours prior to tertiary creep were not
significantly influenced by sodium.

(ii) There were differences in the tertiary regimes of the creep
curves, Figs. 6 & 7, although there was no consistant difference in time of
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tertiary between the in-sodium and in-air tests.

(iii) The only positive identification of an effect of sodium was that
surface cracking on the Type 316 specimens was less extensive in sodium
than in air. This was accompanied by slightly greater extensions to rupture
in sodium in all three comparisons.

(iv) Surface cracking was not observed on the 9CrlMo steel and there
were no significant differences between in-sodium and in-air behaviours.
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APPENDIX 1

THE INFLUENCE OF THE BELLOWS ON THE EFECTIVE
SPECIMEN LOAD FOR THE IN-SOuIU14 TESTS

The bellows at the top of each creep pot on the sodium loop was
attached, via an adjustable seal, to the upper pull rod so that it could
move without upsetting the integrity of the sodium circuit during
test,Fig.2. The bellows was usually set to exert zero force at the start of
each test and so during specimen extension the corresponding bellows
movement reduced the load on the pull rod by a small amount related to the
specimen extension.

The spring constant of the bellows was 7 N/mm and this was used to
calculate the reduction in load immediately prior to rupture in each test,
ie. at the point of maximum extension. In addition, the load reduction was
calculated for the extension corresponding to a point prior to tertiary
creep in the tests ie. at 10% strain fot Type 316 steel and 5% for the
9CrlMo steel, Figs. 3 and 4. In each case the percentage reduction in creep
rate resulting from the reduced load was calculated assuming a power
dependence of creep rate on stress where the stress exponent was 6.5 for
Type 316 steel (Horton, private commumication) and 10.8 for 9CrlMo steel
(Fidler, 1976). The results are shown below:-

PRIOR TO RUPTURE

SPECIMEN

N43R
N55
N56R

9CM1R
9CM2
9CM3R

:0R TO TERTIARY

APPLIED
LOAD

5471
1929
835

7241
2552
1105

CREEP

% RUPTURE
STRAIN

50
70
38

23
28
22

% LOAD
REDUCTION

3.2
7.6
6.4

1.2
2.5
2.9

% REDUCTION IN
CREEP RATE

20
40
35

12
24
27

N43R
N55
N56R

9CM1R
9CM2
9CM3R

10
10
10

5
5
5

% LOAD
REDUCTION

0.64
1.09
1.68

0.25
0.44
0.67

% REDUCTION IN
CREEP RATE

4
7
10

3
5
7
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TABLE j_

IN-AIR ANu IN-SOuIUM TESTS ON TYPE 316 ANU 9CrlMo STEELS IN 'STANuARu' STATES

Specimen Material State Gauge Gauge L/d Env. Temp. Stress t, R/A Ns
No. uiam. Length

(mm) (mm) (°C) (N/mm2) (h) (%) (%) (%) (/mm)

Nb

(/mm)

CO

N43R
N55
N56R

B43
B55
B56

9CM1R
9CM2
9CM3R

9CM52
•9C2A
9C3A

316
ii

ii

ii

II

II

9CrlMo
II

II

II

II

II

ST
II

II

II

it

II

N+T
II

II

II

ti

II

6.4
•3.8
2.5

6.4
3.8
2.5

6.4
3.8
2.5

6.4
3.8
2.5

50
30
18

50
30
21

52
32
21

52
30
19

7.8
7.9
7.2

7.8
7.9
8.4

8.1
8.4
8.4

8.1
7.9
7.6

Na
II

It

Air
II

II

Na
IT

II

Air
11

ir

625
II

II

n

II

it

525
II

II

II

it

II

170
it

II

n

II

II

225
"
II

II

II

it

2654
2108
3490

2180
2150
2766

3026
2506
2204

3523
1980
1862

64
79
56

52
42
35

31
35
25

34
33
27

51
75
51

62
52
49

90
90
91

89
90
87

50
70
38

38
40
24

23
28
22

26
24
22

2.8
2.4
1.6

5.3
4.2
8.5

0
0
0

0
0
0

(0.9) 0.5
(1.2) 0.2
(0.7) 0.3

(0.9) 0.2
(1.3) 0.5
(0.8) 0.4

0
0
0

0
0
0

ST = lh @ 1050 C + Air Cool
N+T = lh @ 1000°C + 2h @ 750°C
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Normalised and tempered material tested at 525 C & 225N/mm .
638



IN-SODIUM

• - •

IN-AIR

! I \ !

FIG.5 Surface cracks on ruptured Type 316 specimens.
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(a) In-sodium

(b) In-air

FIG.6 Surface grain boundary cracks observed on longitudinal

sections through Type 316 specimens.
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(a) In-sodium N)

(b) In-air ('S-5" 6 .

FIG.7 Surface and bulk grain boundary cracks observed on

longitudinal sections through Type 316 specimens.
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FIG.9 Rupture surfaces of Type 316 specimens.
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1

(a) Intensive necking

Äftli

(b) Dimpled rupture surface.

FIG.10 Ductile rupture of 9CrlMo steel.
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310 - 3

INFLUENCE OF SODIUM ON THE CREEP-RUPTURE BEHAVIOUR OF
STEEL X 6 CRNI 18 11 (TYPE 304 SS) AT 8 23 K

H. Huthmann / INTERATOM, Bergisch Gladbach, FRG
H.U. Borgstedt / Nuclear Research Center, Karlsruhe, FRG

ABSTRACT

Uniaxial creep-rupture tests were performed on the base
material and on welded joints of X 6 CrNi 18 11 material
(similar to Type 304 ss) at 823 K (550 °C) in air and in
the non-isothermal sodium loops at INTERATOM and KfK.

The results for the base material and welded joints show
that the sodium environment reduces the time to rupture,
which is essentially caused by a reduced ductility within
the region of tertiary creep. Minimum creep rate and time
to onset of tertiary creep are not influenced by the sodium
environment.

Fractographic observations show a more brittle behaviour
of the specimens tested in sodium with deeper intergranular
cracks starting from the surface of the specimen.

In the welded joints the cracks leading to fracture
develop in the heat affected zone of the base material.
The weld metal itself does not represent a weak point
as regards sodium influence.
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Introduction

Important LMFBR components operate in a temperature range,

where the knowledge of the time-dependent properties is

necessary for design purposes. Current design rules for

elevated temperatures are based on material properties data,

which have been obtained in air tests.

During exposure to a flowing sodium environment at elevated

temperatures the structural materials are subjected to com-

positional and microstructural changes, which could alter the

mechanical behaviour as compared to that in air.

Within a joint programme , uniaxial creep-ruture tests on steel

type AISI 304 ss were performed at 823 K in the aniso-

thermal sodium loops at the Nuclear Research Center in

Karlsruhe (KfK) and INTERATOM resp.

This paper presents the creep-rupture results for the base-

material X6 Cr Ni 1811 (DIN 1.4948) , which correspond to

the specification of type AISI 304 ss, and the creep-rupture

behaviour of welded joints of X6 Cr Ni 1811 steel.

The sodium conditions are characterized by upstream positions

at 873 K (550 °C) in non-isothermal loops with temperature

gradients of 170 K. To obtain a valid comparison of the

mechanical properties in air and in the sodium environment,

parallel tests are performed in air at 823 K on the same

heats of the materials.
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2 Experimental Conditions

2.1 Materials and Test Facilities

All creep-rupture tests were performed on cylindrical

specimens with a gauge length of 20 mm and a diameter of 4 mm.

The specimen geometry is shown in Fig. 1. All specimens

were produced by INTERATOM to eliminate manufacturing

differences.

The characteristic data of the applied materials are listed

in Table 1. The specimens for the welded joints were taken

from the middle of two 20 mm thick plates, which were welded

together using the WIG-technique (see Fig. 2). The chemical

composition of the filler material is also given in Table 1.

The uniaxial creep-rupture tests were conducted in conventional

creep machines under constant load, which are connected to

the sodium loops at INTERATOM and KfK. The design of the

applied test facilities is presented in Fig. 3. In both

facilities the strains are continuously measured outside the

test cell at the loading bars. The temperatures are controlled

by thermocouples, which are immersed into the sodium close

to the specimen.

2.2 Sodium Loops

In order to provide the representative sodium conditions of

an LMFBR, the tests were performed in non-isothermal, pumped

sodium loops, providing well-characterized sodium conditions

as summarized in Table. 2
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Both loops represent a "figure of 8"-system with parallel

test facilities in upstream-positions at 550 °C. Flow dia-

grams and more details about the loops used are given in

/ 1 / (KfK-loop: KP1) and / 2 / (INTERATOM-loop: Z-LCF).

The last part of the test carried out by INTERATOM was

performed after enlargement of the ZLCF-loop. This enlarged

Z-LCF-loop is descriped in / 3 /.

In the loops the oxygen content was controlled by cold traps

and measured by plugging-meters and electrochemical oxygen

meters. The oxygen saturation temperatures were varied

from < 120 °C to 175 °C corresponding to <1 ppm to 6 ppm oxygen

in sodium. The carbon contents of monitor foils (Type 304 ss)

exposed to sodium inside the test positions revealed carburizing

conditions in the loop at INTERATOM but decarburizing condi-

tions in the KP1-loop at KfK.
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3 Experimental Results

3.1 Results for X6 Cr Ni 1811 - Base Material at 823 K (550 °C)

The results of the uniaxial constant-load creep-rupture tests

performed on heat No. 325 of the X6 Cr Ni 18 11 base material

at 550 °C in the sodium loop at INTERATOM are presented in

Figures 4 to 7 together with the results of parallel tests

performed in air on the same heat.

A comparison of the calculated regression lines in Fig. 4

indicates a small reduction in time to rupture for the tests

in sodium, but the onset of tertiary creep and the minimum

creep rates, as shown in Figures 5 and 6, are not influ-

enced by the sodium environment. The deviations of the results,

measured in the test with 199 MPa are attributed to the normal

scatter. Further, Fig. 7 shows that the creep strains (total

elongation to rupture less the initial loading strain) are

reduced by the sodium environment.

These results are confirmed by the examination of the second

heat of X6 Cr Ni 1811. A comparison of the creep curves,

measured at 199 MPa with heat No. 402 in air and sodium,

is given in Fig. 8, indicating a reduced time to rupture

caused by a reduced ductility in the tertiary region of the

creep curve. The creep curves are, however, identical up to

6200 hours, and there is no difference in the minimum creep

rates.

All results obtained with this heat No. 402 are given in Fig. 9

comparing the time to rupture tß, time to onset of tertiary creep
an<^ m i n i m u m creep rates t measured in both media.
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3.2 Results for X6 Cr Ni 1811 Welded Joints at 823 K (550 °C)

The results of the uniaxial creep-rupture tests performed

at 550 °C on welded joints of the material X6 Cr Ni 1811

(heat No. 206) in sodium in the KPi-loop at KfK and in air are

presented in Figures 10 to 12. The welded joints show a

reduced time to rupture (Fig. 10); but no influence is exerted

by the sodium environment on the minimum creep rate

(Fig. 12) and the time to onset of tertiary creep (Fig. 11).

Even a comparison of the time-elongation curves, given in a

first publication of these results / 4 /, reveals no sodium

influence. But the total creep'strain (Fig. 13) measured

in sodium is lower than that measured in air.

3.3 Metallographic Results

The creep-rupture specimens were examined using both optical

and scanning electron microscopy.

With reference to the base material, a ,comparision of the

optical micrographs shows deeper intergranular cracks

starting from the surface for the specimens tested in sodium

than for the air-specimens (see e. g. Fig. 14). This result

is confirmed by the scanning electron micrographs of the

surfaces of the gauge lengths of those specimens tested in

air and sodium as shown in Fig. 15. The specimen exposed to

sodium exhibits many deep intergranular cracks distributed

all over the gauge length, whereas the specimen exposed

to air only exhibits large cracks with grain boundary

separation in a small region near the fracture.

The specimens produced from welded joints reveal a further

difference caused by the environment. The air-specimens

develop a crack within the weld, but in the sodium-specimens,

the crack leading to fracture occurs in the heat affected

zone of the welded joints.
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Discussion of the Results

The results presented on the creep-rupture behaviour of

the base material and welded joints in air and liquid sodium

environment show that there is no influence of sodium

up to the region of tertiary creep. The time of tertiary

creep is reduced by a reduced ductility of the material in

the region of tertiary creep.

Assuming that the first macroscopic cracks occur with the

onset of tertiary creep, these cracks may grow faster in a

sodium environment than in air. The reduced tertiary creep

and the fractographic observations might be explained in

this way.

On the other hand, in the course of creep crack growth (CCG)

tests in the same loop at INTERATOM no higher crack propagation

was measured in sodium than in air / 5 /. But compact-ten-

sion (CT-) specimens in the as-received condition were used

in these creep crack growth tests. Concerning the stress

distribution of a CT-specimen comparatively high stresses,

similar to those in the cylindrical specimens used for creep-

rupture tests, only appear in the CT-specimen in a very

small region at the crack tip. This means that in the

specimens the crack propagates in a material without prede-

formation by creep-loading and without remarkable amounts

of creep voids.

But, following the assumptions of Fidler / 6 / these voids

are a necessary pre-condition for an enhanced crack propa-

gation in a sodium environment. This assumption has to be

confirmed by CCG-tests in sodium on material predeformed by

creep.
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In an earlier paper, differences in creep-rupture be-

haviour of X6 CrNi 1811 base material observed in the >

sodium loops at KfK and INTERATOM had been reportet

111. The base material tested in the KP1-loop at KfK

revealed a much more pronounced sodium effect, which '

had been attributed to impurities of heavy metals (Pb, i
i

Sn and Zn). But this reasoning has to be called in

question on the basic of the results obtained in a !,

new loop at KfK with high purity sodium / 8 /, which

reveal a sodium effect comparable to that in the KP1-

loop. The reasons for the differences observed are

therefore still under discussion.

One difference between the sodium loop at KfK and that at

INTERATOM is to be found in the carbon activity showing

decarburization in the KfK-loops and carburization in the

loop at INTERATOM.

With respect to the work of Charnock and Marshall / 9 /, no

carburization occurs in deep cracks even in a high-carbon-

activity sodium. Subsequently, the carburizing conditions,

as present in the sodium loop at INTERATOM, should not alter

the crack growth behaviour. On the other hand, sodium decar-

burization has been shown to accelerate creep rates and to

affect creep ductilities / 10 / of Type 304 ss. But these

decarburizing conditions appear in a temperature region

above 700 °C. Extensive post-test examinations are under

way to reveal differences in the microstructure of specimens

tested in the two loops under carburizing or decarburizing

conditions respectively.
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With the reference to the welded joints, the effect that

in the sodium tests the cracks leading to fracture

occurred in the heat affected zone should be regarded.

Possible reasons for the appearance of the first cracks

in the HAZ might either be a special sensitivity of the

HAZ to crack initiation in sodium and/or a concentration

of stresses in the transition region from the weld material

to the base material. This question will be checked by

further creep-rupture tests in sodium on specimens with

a simulated HAZ over the total gauge length. In addition

the creep-rupture results on welded joints obtained at

KfK in the KP1-loop will be veryfied by tests in the

sodium loop at INTERATOM .
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Conclusions

Uniaxial creep-rupture tests were performed on the base

material and on welded joints of X6 CrNi 1811 material

(similar to Type 304 ss) at 823 K (550 °C) in air and in

the non-isothermal sodium loops at INTERATOM and-KfK.

The results for the base material and welded joints show

that the sodium environment reduces the time to rupture,

which is essentially caused by a reduced ductility within

the region of tertiary creep. Minimum creep rate and time

to onset of tertiary creep are not influenced by the

sodium environment.

Fractographic observations show a more brittle behaviour

of the specimens tested in sodium with deeper intergranular

cracks starting from the surface of the specimen.

In the welded joints the cracks leading to fracture

develop in the heat affected zone of the base material.

The weld metal itself does not represent a weak point

as regards sodium influence.

Further investigations are necessary to clarify the reasons

for the different creep-rupture behaviour of the X6 Cr Ni 1811

base material measured in the sodium loops of INTERATOM and

KfK.
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Table 1: Characterization of Test Material

Type:

Heat No:

Product form:

Heat treatment:

X 6 CrNi 18 11 (DIN 1.4948), similar Type 304 ss)

227766 (INTERATOM-No. 325) ; 294771 (INTERATOM-No. 402)

plate 40 mm thick ; plate 20 mm thick

sol. annealed

Mechanical Properties

sol. annealed

231861 (INTERATOM No. 206)

plate 20 mm thick

sol. annealed

Heat No. Temp. °C 0.2 Y.S./MPa U.T.S/MPa Elong./%

a
en

325

402

206

20
550

20
550

25
550

264
138

258
132

202
102

593
407

604
406

566
388

51
33

70
41

69
44

Chemical Composition (wt-%)

Heat No. Si Mn Cr

73
65

79
76

75
68

Mo

< .01

.03

.04

Ni

10.

10.

11.

89

72

15

B

.0034

.0028
_

N

.058

.034

.041

Grain
(ASTM

3.5

5.5

4

size

112)

325

402

206

Filler

metal '

.0506 .37 1.37 .010 .005 18.55

.0600 .47 1.67 .015 .004 17.82

.055 .44 1.82 .023 .012 17.78

.0420 .67 1.38 .020 .010 19.03 10.42

Used for production of welded joints of 206 base material



Table 2 Sodium Conditions

Condition/Parameter

Test temperature (°C)

Test position

AT in the loop (°C)

Na velocity (m/s) at
creep specimen

Oxygen saturation ̂

temperature J

Carbon activity

Nitron activity

INTERATOM

550

at T
max

170

4.3

< 120 °C PL

125 °C PL,

slight
carburizing

slight

denitriding

KfK (KP1-loop)

550

a t Tmax

170

3.0

140 °C

-145 °C CT

slight
decarburizing

slight

denitriding

PL: Plugging temperature, CT: Cold trap temperature
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UKAEA STRESS RUPTURE RESULTS FROH TESTS PERFORMED IN SODIUM

By

D S Wood, D H C Prince and J Wynn

(Risley Nuclear Laboratories UKAEA)

1. INTRODUCTION

The UKAEA is involved in stress rupture tests in sodium of 9ZCrl%Mo steel and

Type 316 steel. Initially, tests to about 5000h were performed in some small two-

point loops at Risley Nuclear Laboratories (RNL). As an interim measure tests to

8000h were carried out on 9%Crl%Mo steel at Babcock Power Ltd, Renfrew (BP). More

recently, some four-point loops were constructed at RNL together with some static

sodium facilities. These new facilities which have now been operational for 1-2

years provide eight dynamic sodium and six static sodium test points for stress rupture

tests. The results presented in this document relate to tests performed on these

various facilities.

Materials and Specimen Details

All tests were carried out on specimens of 5mm diameter and 38mm parallel length;

elongation values subsequently quoted relate to the change in the parallel length at

fracture. Tests have been performed on three casts of 9%Crl%Mo steel and two casts of

Type 316 steel; the chemical compositions of the steels tested are given in Table 1.

2. TEST CONDITIONS AND RESULTS

All tests were performed in nominally pure sodium with O2 5-10ppm and C < lppm.

Most tests were performed in dynamic sodium but some were done in static sodium. In

the dynamic sodium tests the velocity of the sodium over the surface of the parallel

length of the specimen was generally about 3m/sec.

Most tests on 9%Crl%Mo steel have been performed at a temperature of 525 C on

the steel in the normalised and tempered (N+T) condition. One series of tests has

however been carried out on 15-20% cold worked material at 525 C and another series is

in progress on one cast at 475°C. The results obtained are given in Figs 1 and 2,

and the ductility information is summarised in Table 2.

In the case of Type 316 steel tests have been carried out on one cast in dynamic •

sodium at 575 and 625 C and on a second cast in static sodium at 550 C. The results

obtained are summarised in Fig 3 and Table 2.

3. DISCUSSION

In relation to 9ZCrlXMo steel, Figs 1 and 2 show that the results from tests id

sodium are very similar to those in air. There is a slight tendency for the tests in
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sodium to give lower lives than those in air, but in no case is the difference > 10%

on stress and in general the differences are within 5%. The ductility values given

in Table 2 again show no significant differences between air and sodium, although

there is a tendency for the values obtained in sodium to be slightly higher than the

values obtained in air. It should be noted in Fig 1 that the two tests on N+T

material at 525 C which have now reached almost 10,000h duration have accrued strains

of 5.3 and 6.0%; the aim of the programme is to provide 20,000h data, and it may be

that these particular tests will eventually reach lives of approximately such a

duration. Two new tests are planned at 475°C (stress probably 135N/mm ) which it is

hoped will eventually run to 20,000h.

In the case of Type 316 steel (Fig 3), as with 9%Crl%Mo steel, there appears to be

no significant effect of the sodium on the strength. The sodium results are generally

within 5% on stress of the air data. It should b*e noted however that the two tests

in progress in dynamic sodium at 625 C have reached strains of 10.3 and 27% in almost

10,000h and it seems that at least one of these will fail in the near future; this would

represent a strength reduction of about 10%. The ductility values on Type 316

summarised in Table 2, in relative terms are similar to the 9%Crl%Mo steel situation,

with the ductility in sodium being similar to or slightly greater than that in air.

It should be noted that in using the various facilities, some of the hardware

has been changed from one rig to another, and in particular the types of thermocouple

used have been changed. It is likely that these thermocouple variations (some were

Cr-Al and others Pt-Pt/Rh) could lead to small differences in the absolute temperature

which might account for some of the observed differences in material behaviour; this

aspect is being further examined. It should also be noted that the temperature

variations over the specimen gauge length are likely to be more uniform in sodium than

in air, and this-could lead to a slightly higher ductility.

The eventual aim is to provide duplicate 20,000h data on one cast of Type 316

steel at 575° and 625°C, and on one cast of 9%Crl%Mo steel at 475° and 525°C. The

results presented in this document go some way to meeting this objective.

4. CONCLUSIONS

Stress rupture tests of up to 15000h in static sodium and 10,000h in dynamic

sodium have been performed on N+T 9%Crl%Mo steel and on Type 316 steel. Small

differences in strength, generally < 5% have been observed relative to air data.

Differences of this magnitude could be due to absolute temperature uncertainties

related to thermocouple response; this aspect is being investigated. Sodium does not

appear to be deleterious to the stress rupture ductility, and may be slightly beneficial.
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Steel

9%Crl%Mo

n

Type 316
steel

Batch No

35(2)

45

86

33

58

TABLE

Chemical Compositions

C

0.10

0.10

0.09

0.04

0.04

Si

0.66

0.62

0.69

0.48

0.65

Mn

0.50

0.47

0.51

1.57

1.64

1

of £

Chemica!

N

0

0

12

11

i

.21

.21

.8

.3

Jteels Tested

. Composition

Ci

8.

8

9

17

17

85

9

36

6

2

Mo

0.95

0.99

0.99

2.57

2.7

(wt %)

S

0.008

0.006

0.011

0.026

0.008

0

0

0

0

0

P

.013

.018

.023

.032

.027

B

—

-

-

lppm

5ppm

(1) N+T : Normalised and tempered.

(2) This cast also tested after 15-20% cold work.
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TABLE 2

Summary of Stress Rupture Ductility Values Obtained

From Tests in Sodium

Steel

9%Crl%Mo

Type 316
Steel
(Solution
Treated)

Ref No

35
(N+T)

35
(cold
worked)

45
(N+T)

86
(N+T)

33

58

Temp
(°C)

525

475

525

525

525

625

575

550

Environment

Air
Na

Air
Na

Air
Na

Air
Na

Air
Na

Air
Na

Air
Na

Air
Na

Elongation
(%)

20-49
28-52

11-34
20-23

28-46
26-38

14-32
22-29

19-37
30-39

20-42+
22-50

22-42
39-50

7-17
9-21

Reduction of
Area (%)

80-90
79-88

80-88
78-83

44-47
63-75

81-91
85-89

81-91
86-89

32-69
61-69

41-64
48-61

17-28
16-28

One value at 15%, one value at 66%.
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CORROSION OF MATERIALS IN SODIUM IN BOR - 60 REACTOR CORE

M.P. Agapoba, A.M. Anikinov, V.N. Golovanov.
(USSR)

ABSTRACT

Results of experimental investigations have been

presented concerning steels and iron-chromium-nickel alloys

behaviour in the BOR - 60 primary circuit and in the experimental

sodium rig. Experimental technique for corrosion testing of the

steels and alloys in the BOR - 60 core has been described in

detail. A general corrosion of different materials was investigated

for testing temperatures up to 600°C, during 4000hrs of exposure

in the sodium of the primary circuit of the BOR - 60 reactor

at fluences 2 - 5 x 1O22 n/cm2 (E>0.1MeV)

After the comparison of results of testing the iron-

chromium-nickel alloy in the sodium rig and in the reactor core

it was shown that neutron irradiation increases the corrosion

rate, which was measured on the change of the mass of specimens.

For mechanical properties of materials tested in the reactor

corrosion effects do not add significantly to the effects of

irradiation.
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330 - 3

LOW AND HIGH CYCLE FATIGUE BEHAVIOUR OF STEEL
X 6 CRNI 18 11 (TYPE 304 SS) IN AIR AND
FLOWING SODIUM

H. Huthmann, G. Jenner
INTERATOM, Bergisch Gladbach 1, FRG

ABSTRACT

Strain controlled LCF-tests were performed on
X 6 CrNi 18 11 steel (Type 304 ss) in air and flowing
sodium in a non-isothermal sodium loop.

The results measured at 550 °C in an upstream position of
the sodium loop show an increase in fatigue life in the
strain range from about 1.5 % to 0.4 % for the base ma-
terial in the as-received condition while the welded joints
remain unaffected by the environment.

The LCF-behaviour of base material specimens tested at
500 °C in a downstream position after a prior pre-exposure
to sodium (4058 h, 500 °C) is also improved in comparison
to parallel specimens tested in air with comparable thermal
aging.

Load controlled HCF-tests performed on X 6 CrNi 18 11 steel
at 550 °C show a significant increase in fatigue life in
the low cycle region (Nf < 10

6 cycles) and a higher endurance
limit for the base material in sodium but no influence of
the environment is indicated for the welded joints.

683



Introduction

In order to examine the possible effects of a sodium en-

vironment on the fatigue behaviour of the SHR 300 structural

material X 6 CrNi 1811. low cycle fatigue (LCF-) and

high cycle fatigue (HCF-) tests were performed in air

and in flowing sodium.

The low cycle fatigue data are used to evaluate the tran-

sient effects resulting from reactor start-ups and shut-

downs. The high cycle fatigue data in sodium are needed for

some structural components, being exposed to the mixing of

"hot" and "cold" sodium at a frequency of the order of one

cycle per second. This effect called "thermal striping"

could initiate cracks due to the resulting stresses on the

surface of the materials.

This paper presents the results of LCF- and HCF-tests

at 823 K (550 °C) on the base material and welded joints

of the X6 CrNi 18 11 steel in the as-received condition.

In addition/ first low cycle fatigue results obtained

at 773 K (500 °C) in a downstream position of the sodium

loop with sodium pre-exposed specimens are given.
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2 Experimental Details

2.1 Materials and Specimens

The experiments were performed using two heats (INTERATOM-

No. 325 and 402) of the structural material X6 CrNi 18 11

(similar to Type AISI 304 ss) which are characterized in

Table 1 of a second paper / 1 /. The welded joints were

produced by manual electron welding of two 20 mm thick

plates of the heat No. 402. The position of the welded

joint was in the middle of the gauge length of the specimens.

Hourglass type specimens with a minimum gauge diameter of

8.8 mm and a gauge length of 21 mm were used for the

LCF- and HCF-tests. These specimens were welded into

bellows as shown in Fig. 1 for the in-sodium tests. The

shrouds inside the bellows permit a sodium velocity of

2.5 m/s within the gauge length of the specimens, and

the free space between shrouds and bellows was used for

the exposure of monitor foils in order to determine the

carbon and nitrogen activities of the sodium.

For the tests in sodium the specimens were pre-exposed for

500 h at 550 °C in flowing sodium to remove the chromium-

oxide layers from the surfaces of the specimens and to

initiate the selective corrosion processes. Correspondingly,

the specimens for the in-air tests were thermally aged in

argon at 550 °C for 500 h.

One set of LCF-specimens was pre-exposed to flowing sodium

at 500 °C for 4058 h in a downstream position of the sodium

loop and a parallel set of specimens was pre-exposed to

argon at 500 °C for the same period of time.
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2.2 Sodium Loop

In order to gain representative test results fox: the

corrosive conditions of an LMFBR system,it is necessary

to perform the fatigue tests in a non-isothermal sodium loop.

Fig. 2 presents a schematic diagram of the sodium facility

at INTERATOM, which consists of one loop for mechanical te.st-

ing in sodium (Z-LCF-Loop) and one loop for pre-exposure in

sodium (Pre-Corrosion-Loop). Both loops are of the "figure-

of-eight" type with electro-magnetic pumps, heat exchangers,

main heaters and air-coolers and they are connected to one

common purification loop with a cold trap, plugging-meter,

oxygen-meter and sampling device. The test positions of

the Z-LCF-Loop and the Pre-Corrosion-Loop can either be oper-

ated in an upstream-condition at 550 °C or in a downstream-

condition at 500 °C. These conditions are achieved by addition-

al heaters or coolers in the test sections heating up or

cooling down the sodium coming from the main circuit with a

temperature of 520 °C.

The lowest, temperature in the loops is 380 °C, thus pro-

viding a temperature gradient of 170 °C for the upstream con-

dition and of 120 °C for the downstream position respectively.

The oxygen content of the sodium is controlled by a cold

trap and determined by a plugging-meter and an oxygen-

meter. During most of the fatigue tests, the plugging

temperature was = 130 °C corresponding to oxygen levels

lower than 2 ppm. Only some LCF-tests (as indicated in

Fig. 3) were performed at a plugging temperature of 175 °C,

corresponding to 6 ppm oxygen.
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The carbon and nitrogen contents were controlled by

monitor foils of Type AISI 304 ss in the test positions.

Starting from an initial carbon content of 460 ppm,the

foils reached significantly higher values during the ex-

posure to sodium. This exhibits carburizing conditions

for the used test material. With respect to the nitrogen

content, the analyses of the foils reveal slightly de-

nitriding conditions for the test material.

2.3 Test Equipment and Procedures

The fatigue tests were performed with two servo-hydraulic

MTS-machines integrated in the Z-LCF-Loop. The equipment

has already been described in detail / 2 /.

The LCF-tests were conducted in the axial strain-control

mode at strain rates of 3 . 10 s and 3 . 1 0 s

with a fully reversed triangular wave form and zero mean

strain. The strain was measured by axial extensometers

outside the furnace attached to the collars of the em-

bellowed fatigue specimens by measuring rods (for details

see / 2 / ) . The load was controlled by a load cell located

between the rigid rod and the cross-head of the fatigue

machine.

During the HCF-tests the fatigue machine was operated in the

push-pull mode with a sinusoidal load wave form at a frequency

of 20 Hz under load controlled conditions. All the testing

was performed at a zero mean load.
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3 Test Results and Discussion

3.1 LCF-Tests

The results of the LCF-tests performed on the X6 CrNi'18 11

steel (heat No. 325) at 550 °C in flowing sodium and in

air for comparison purposes are given in Fig. 3. These

results were obtained with the base material in the as-

received condition with a short-term pre-exposure of 500 h

in sodium or in air respectively.

These results have already been presented in a previous

paper / 2 /. The results from air-tests performed at INTER-
—3 —1ATOM with £ = 3 . 1 0 s are in a good agreement with results

of TNO / 3 / from the same heat.

A comparison between sodium and air shows that, in a strain

range from about 0.4 to 1.5 %, the fatigue lifetime in sodium

is higher than in air, whereas at higher and lower strain

ranges there are no differences in the lifetime. The in-

sodium tests presented in Fig. 4 also show that the differ-

ent plugging temperatures of < 120 °C and 175 °C do

not change the fatigue lifetime.

The low cycle fatigue tests in sodium with a strain rate of

3 . 10~ s~ exhibit a lower lifetime than the tests with the

higher strain rate in sodium. But at 0.6 % strain range, the

lifetime in sodium with the lower strain rate is nearly the

same as that in air with the higher strain rate.

At 1.0 % strain range, the parallel specimen tested in air

with this low strain rate had a lower lifetime than the

specimen tested in sodium. This gives an indication that the

beneficial sodium effect observed at the higher strain rate

occurs at this low strain rate, too.
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As shown in / 2 / these higher number of cycles to failure

in sodium are due to a later initiation of cracks.

The LCF results of the welded joints of the X6 CrNi 18 11

steel are shown in Fig. 4. Since the welded joints were

produced from the second heat (No. 402) of the material some

further tests were performed on the base material of this

heat in air.

These tests performed in air and sodium show the normal

reduction in number of cycles to failure expected for the

welded joints in comparison to the base material / 4 /.

With respect to the influence of the environment, no signi-

ficant difference occurs and the number of cycles to failure

reached at strain ranges of 1 % and 0.6 % may be put into

one scatter band.

The results of the LCF-tests, performed in air and flowing

sodium at 500 °C with the pre-exposed specimens are shown

in Fig. 5. Two of the in-sodium tests had to be interrupted

because of leakages in the connections of the sodium pipes.

But up to these interruptions/ more cycles were reached with-

out failure in both tests in sodium than in the comparable

tests in air at the same strain ranges.

A comparison of the results shows that the specimens tested

in sodium after pre-exposure in sodium reach more cycles

to failure than the specimens tested in air after pre-

exposure in argon. The curves for the measured maximum

tensile stresses given in Fig. 6 indicate an earlier

initiation of cracks for the specimens tested in air.
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In contrast to these results LCF-tests performed by ANL

/ 5 / indicated that, at 550 °C, the fatigue life of sodium-

exposed specimens (5111 h, 550 °C, carburizing sodium) was

significantly smaller than that of the aged (5111 h) mate-

rial . But this reduced fatigue life was due *J the severe

carburization which occurred during sodium pre-exposure

at ANL.

On the other hand, moderate carburizing conditions lengthen

the fatigue life of Type 304 ss. This was shown by LCF-

tests in static sodium after pre-exposure in dynamic

sodium for 4000 h at 500 °C by TNO / 3 /. These results of

TNO are in agreement with the results performed in flowing

sodium at INTERATOM. Further post-test examinations will

reveal the degree of carburization occurring in our

own test.

3.2 HCF-Tests

The results of the HCF-tests performed at 550 °C on the

X6 CrNi 18 11 base material are presented in Fig. 7. The

in-air tests performed on cylindrical specimens show an

endurance limit of about 175 MPa for this heat. These re-

sults are confirmed by two tests in air with hourglass

specimens. The tests in odium performed with hourglass

specimens reveal a highei. endurance limit of about 195 MPa

and, in the low cycle range (< 10 cycles), a greater fatigue

life in sodium than in air.

With respect to the influence of the environment, similar

results (small increase in endurance limit and an increased

fatigue life in the low cycle range for the sodium tests)

were measured for Type 304 ss in the sodium loop at Westing-

house / 6 /.
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Further HCF-tests were performed on welded joints of the

X6 CrNi 18 11 steel at 550 °C. The tests reaching about
g

0.5 . 10 cycles (see Fig. 8) do not show an endurance

limit either in the sodium tests or in the in-air tests.

With respect to the influence of the environment, the two

tests in air do not indicate a sodium effect.

Conclusions

Strain controlled LCF-tests were performed on X6 CrNi 18 11

steel (Type 304 ss) in air and flowing sodium in a non-

isothermal sodium loop.

The results measured at 550 °C in an upstream position of the

sodium loop show an increase in fatigue life in the strain

range from about 1.5 % to 0.4 % for the base material in the

as-received condition while the welded joints remain un-

affected by the environment.

The LCF-behaviour of base material specimens tested at

500 °C in a downstream position after a prior pre-exposure

to sodium (4058 h, 500 °C) is also improved in comparison

to parallel specimens tested in air with comparable

thermal aging.

The observed increase in fatigue life is due to later

initiation of cracks in the sodium environment.

Load controlled HCF-tests performed on X6 CrNi 18 11 steel

at 550 °C show a significant increase in fatigue life in

the low cycle region (Nf < 10 cycles) and a higher endurance

limit for the base material in sodium but no influence of

the environment is indicated for the welded joints.
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CREEP/FATIGUE BEHAVIOUR OF TYPE 316 STEEL IN SODIUM

by

D W Wood and A B Baldwin

United Kingdom Atomic Energy Authority
Risley Nuclear Power Development Laboratories

Risley, Warrington, England

SUMMARY

Continuous cycling fatigue tests at a temperature of 625°C and strain

ranges of 0.5 to 1.5% gave endurances in high purity sodium up to five times

greater than in air. Creep/fatigue tests of up to 2000h duration at strain

ranges of about 1% and temperatures of 550 and 625 C showed endurances

similar to those from air tests. It is concluded that the design of

components to be operated in high purity sodium can be based on air fatigue and

creep/fatigue data.

701



1. INTRODUCTION

In sodium cooled fast reactors, periodic trips and other fault situations may result in creep/fatigue
damage of primary circuit components operating at temperatures in the creep range (about 550 to 600°C).
The allowable cyclic strains and/or number of cycles will be based on creep/fatigue data from testa per-
formed in air at temperatures in the range 550-625°C.(1-2> It is important to know, however, w i t h e r
the endurance under creep/fatigue conditions is likely to be influenced by the sodium environment.
Although the effect of sodium on the strain controlled continuous cycling endurance of austenitic steel
is well established13-"' few data have been published relating to the creep/fatigue behaviour of Type
316 steel in sodium.171 This paper reports and comments on creep/fatigue tests performed on Type 316
steel at Risley Nuclear Laboratories (RNL) in high purity sodium.

2. MATERIAL

All test were performed on specimens taken from solution treated 35 mm diameter bar (RNL
reference material 58) with the following chemical composition (wt %): C 0*040, Si 0-65, Mn 1 -64,
Ni 11-3, Cr 17-2, Mo 2-7, S 0-008, P 0-027, B 4 ppm and N 0-061. Its room temperature tensile
properties were: 0 -2% PS 290 N/mm2, UTS 585 N/mm2, elongation (on 5-6 \/A) 62% and reduction
of area 77%. The average grain diameter was 0-060 mm and some ferritic stringers were present in
the austenite which was generally free from carbide particles.

3. TESTING DETAILS

All specimens tested in sodium had a parallel gauge length of 12-7 mm a gauge diameter of
7-4 mm and a surface finish of better than 0-5 urn. These dimensions are identical to those of 'stan-
dard' specimens used for tests in air to generate baseline data. The shoulders of the specimens used
for the tests in sodium were longer however in order to accommodate a bellows arrangement which
encapsulated the gauge length region; these are designated 'long' specimens.

Most tests were performed in high purity dynamic sodium containing nominally 5-10 ppm oxygen
and 1 ppm carbon. The sodium was passed over the specimen surface at a velocity of about 3 m/sec;'121

this velocity is necessary to simulate the corrosion behaviour of plant components;(13) for the same reason
the tests were performed in the hot leg of a figure of eight loop with a temperature difference between
the hot leg and the cold leg of about 100°C. Some tests were performed in static sodium and in these
cases the capsule was filled with high purity sodium and then sealed off prior to testing.

Push-pull low cycle fatigue tests were performed using a 50 kN servo-hydraulic fatigue machine.
The deformation was controlled from extensometers attached to the shoulders of the specimen. In the
case of the 'standard' specimens, calibration had previously been performed in which gauge length strain
to shoulder movement was correlated;111 hence the tests were performed under nominally constant strain
range conditions. For the 'long' specimens, the same calibrations were employed but a small correction
factor was applied to account for the increased elastic strain contribution due to the different shoulder
length.

Tests were performed at temperatures of 550 and 625°C, generally controlled to within ±2°C.
Air tests were first carried out on the 'long' specimens to demonstrate that they gave similar endurances
to the 'standard' specimens. Continuous cycling tests were then made in both dynamic and static sodium
at a temperature of 625°C at a strain rate of 4 x 10^/min using a triangular wave shape; strain ranges
were selected to give failures between 102 and 105 cycles. Tests were subsequently performed in dynamic
sodium at both 625° and 550°C in which a hold time of Vi h, 2 h or 5 h was introduced into each strain
cycle at maximum tensile strain. Test durations extended up to about 2000 h.

A variety of fatigue and creep/fatigue tests have been performed in air at RNL; ( l i l4 ) relevant results
are included in this report to allow an assessment to be made of the effect of the sodium environment
on the endurance.

4. RESULTS

The endurances obtained at 625°C under continuous cycling conditions are given in Table 1 and
Fig. 1. Figure 1 indicates that specimen type has little effect on the endurance in air and it is therefore
concluded that results from 'standard' air specimens can be directly compared with those from 'long'
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sodium specimens. Furthermore, this figure shows that under the strain rate, strain range and temperature
conditions investigated the endurance in sodium is superior to that in air; additionally, the endurance
appears to be unaffected by whether the sodium is dynamic or static.

The creep/fatigue results obtained in sodium at 625°C are given in Table 2 and compared with
similar air data in Fig. 2. The continuous cycling curves from Fig. 1 have been superimposed on this
Figure. Whereas sodium was beneficial to the continuous cycling endurance, under the test condition
employed the creep/fatigue endurance is virtually unaffected by the environment. All the endurances
fall on or below the continuous cycling curve for air. In relation to the relevant continuous cycling curve
hold times in air reduce the endurance by a factor of between 1 and 3, whereas in sodium the introduc-
tion of a hold time reduces the endurance by a factor of between 5 and 20.

The creep/fatigue results obtained in sodium at 550°C are given in Table 2 and compared with
similar air data and also continuous cycling results from tests performed in air in Fig. 3. As at 625°C,
the creep/fatigue endurance appears to be unaffected by the environment; no continuous cycling results
are available from sodium tests at 550°C, but relative to the continuous cycling curve obtained from
tests in air, the introduction of a hold time is seen to reduce the endurance by a factor of between 2
and 8. The scatter-band obtained from the creep/fatigue tests at 625°C has been included in Fig. 3.
This scatter band virtually encompasses the 550°C creep/fatigue results; thus under the conditions in-
vestigated the creep/fatigue endurance is unaffected by environment or by temperature.

5. DISCUSSION

The present investigation has shown that under continuous cycling conditions, the endurance
in sodium is up to five times greater than it is in air (Fig. 1). These results are consistent with other workers
observations in sodium on Type 316 steel'5-81 and also on Type 304 steel;'6'•9-10) sometimes the dif-
ference in endurance between the two environments has been found to be small, '" but in no case beyond
about 500 cycles has the endurance in high purity sodium been found to be lower than in air. Thus in
design assessments, use of the continuous cycling fatigue curves derived from air tests for the evalua-
tion of components operating in high purity sodium should be safe and could be conservative.

The difference in endurance observed in continuous cycling is attributed to differences in the oxida-
tion behaviour. In earlier work at RNL, high purity helium was also found to improve the continuous cycl-
ing endurance of Type 316 steel at 625°C for the same reason.(15) At strain ranges employed in the
present series of tests (0-5/1 -5%), tests in air show that the endurance is likely to be dominated by
the crack growth behaviour with crack initiation occurring very early in the fatigue life.1161 The improved
endurance in sodium could be due to differences in crack initiation response or differences in cyclic crack
growth rate. Tests performed on austenitic steels in high purity sodium'17-181 show cyclic crack growth
rates typically five times lower than under similar conditions in air. Since this factor is similar to the in-
creased endurance observed in the present tests, it is likely that the improved endurance is due to the
decrease in the cyclic crack growth rate in sodium. The mechanism for the reduced crack growth rate
is not well understood. In the earlier RNL wo.-k115' it was postulated that the endurance in a low oxygen
system was increased because the newly created crack face at the tip of the crack remained unoxidised
during the tensile part of the cycle and partially rewelded during compression. On the other hand, it has
been suggested1181 that the crack growth arises from two sources one being mechanical and the other
due to oxygen penetration at the crack tip; obviously in high purity low oxygen sodium there will be vir-
tually no contribution from the second source and hence the growth rate will be lower.

Turning to the creep/fatigue tests, Figs 2 and 3 show that when a hold time of 1/1 h to 5 h is
introduced into the fatigue cycle, the endurance at 550 and 625°C is unaffected by the environment.
A similar conclusion was drawn from RNL creep/fatigue tests at 625°C in helium'15' and in bending in
static sodium.'31 Workers at Interatom made a similar observation on Type 304 steel in dynamic sodium
at 550oC,(11) and the same conclusion was reached by other workers involving very short hold times
in sodium.'7-101

At present the microstructural observations are inadequate to unambiguously explain the
creep/fatigue behaviour in sodium. It is not known whether the introduction of a hold period influences
the crack initiation behaviour in sodium. In terms of crack growth, from tests in air it has been postulated
and supported by metallographic findings that at strain ranges of about 1 % the crack first grows in a
transcrystalline manner at a rate per cycle similar to that observed under continuous cycling. The
creep/fatigue cycle introduces cavity damage in the grain boundaries however and eventually the crack
growth rate accelerates significantly as a result of the crack deviating into the grain boundaries weakened
by cavities.'191 This last process can substantially reduce the endurance, and would be expected to arise
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irrespective of whether the environment is air or sodium. Since the total creep/fatigue endurance is t
unaffected by the environment, it seems that the transcrystalline stage of cracking must also be unaffected
by the sodium; this would be possible if the hold time in tension is sufficiently long for the newly created
surface to suffer sufficient oxidation in sodium to prevent re-welding during compression.

i
At low strain ranges relevant to design CMD • 5%) it has been suggested that creep/fatigue damage '

may be caused by the initiation and growth of cavities from within the material,1201 similar to that found
in creep rupture; in this case, the life is unlikely to be influenced by the nature of the environment.

From observations of the creep/fatigue behaviour in sodium at strain ranges around 1 % and a
consideration of the likely damage mechanism at lower strain ranges, it is most unlikely that high purity
sodium will be detrimental to the creep/fatigue endurance. The design of components to be operated ;
in sodium can therefore be based on the creep/fatigue behaviour in air.

6. CONCLUSIONS

1. Creep/fatigue tests of up to 2000 h duration have been performed in high purity dynamic sodium I
at temperatures of 550 and 625°C and strain ranges around 1 % . The results obtained at both !
temperatures give endurances similar to those observed in air. j

2. From the above observation and a consideration of the damage mechanisms, it is concluded that j
the design of components to be operated in high purity sodium can be based on the creep/fatigue j
behaviour in air. ;

3. Under continuous cycling conditions at strain ranges of 0*5 to 1 -5% and a temperature of 625CC, J
the endurance in high purity sodium is up to five times greater than in air. Thus the use of con- j
tinuous cycling design curves derived from tests in air for the evaluation of components operating ,
in sodium may be conservative. I
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Environment

Air

Dynamic
sodium

Static
sodium

TABLE 1

Continuous cycling results at 625°C*

Total strain
range °7o

1-08
0-97
0-59
0-52

1-08
0-52

1-51
1-08
0-86
0-76

Plastic strain
range %

0-57
0-50
0-19
0-16

0-48
0-18

0-97
0-50
0-38
0-33

Cycles to
failure (N{)

1089
1330

12700
29630

3330
1-14 x 10s

602
1813

10100
16000

Stress range

1st cycle

414
385
363
338

338

427
376
373
403

N/mm2

At N{/2

635
613
486
460

615
455

726
618
565
560

•All 'long' specimens

Temp

625

Total strain
range °Io

1-08
1-08
1-08
1-08
0-80
0-80

1-08
1-08
1-08
0-80
0-85

TABLE

Creep/fatigue

Plastic strain
range %

0-75
0-76
0-69
0-80
0-47
0-53

_
0-60
0-60
0-32
0-38

Hold
time (h)

Vi
2
2
5
'/:
2

'A
Vi
2
Vi
Vi

2

! results*

Cycles to
failure (h)

<Nf)
1

718
466
455
368

1283
791

325
488
209

1350
910

Stress

1 st cycle

396
460
385
382
359
376

385
_

370
373

range N/mm2

Stress
At Nj/2 relaxn.

569
570
-

536
496
500

722
696
675
612
617

at N f/2

76
91
-
90
50
66

28
_
36
14
42

550

*AII tests in dynamic sodium
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FATIGUE AND CREEP CRACK GROWTH BEHAVIOUR OF STEEL
X 6 CRNI 18 11 (TYPE 304 SS) IN AIR AND
FLOWING SODIUM

H. Huthmann, 0. Gossmann
INTERATOM, Bergisch Gladbach 1, FRG

ABSTRACT

Safety analysis and operation support of LMFBRs
require knowledge of the crack growth properties of reactor
structural materials in air and ambient environment at
elevated temperatures.

Therefore, in this work the fatigue and creep crack growth
behaviour of the steel X 6 CrNi 18 11 in air and flowing
sodium at 8 23 K is presented. The fatigue crack growth
tests have been performed on the base material and the
creep crack growth tests on base material and welded
joints, too.

The sodium conditions are characterized by an upstream
position in a non-isothermal loop with a temperature gradient
of 170 K. The comparison of crack growth rates in air and
sodium measured on the same heat and the same specimen
geometry (CT-specimen) reveal no influence of environment.
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Introduction

The objectives of fracture mechanics safety analyses for

LMFBRs are

to prove that a sudden rupture of an LMFBR coolant boundary

cannot occur

and to guarantee the integrity of a coolant boundary also

in the case of initial flaws.

These objectives require the knowledge of the crack growth

behaviour of reactor structural materials in air and in the

ambient environment at elevated temperatures. Under service

conditions, initial cracks may grow due to fatigue, creep and/or

combined loading. Therefore the required data include the

crack growth behaviour under cyclic, static and combined

loadings.

This paper presents the fatigue and creep crack growth behaviour

of the SNR 300 structural material X 6 CrNi 18 11 (similar to

AISI 304 ss) in air and flowing sodium at 823 K. The fatigue

crack growth (FCG) tests were performed on the base material

and the creep crack growth (CCG) tests on the base material

and the welded joints, too.
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2 Experimental Conditions and Procedures

2.1 Test Material and Specimen Conditions

In this investigation two heats of the steel X 6 CrNi 18 11

were used in the as-received condition. The characteristic

data of these heats, such as chemical composition, heat

treatment and tensile properties are given in Table 1.

The fatigue and creep crack growth tests were performed

on compact-tensile (CT-) specimens, with a thickness of

12.5 mm (see Fig. 1). The rolling direction was parallel

to the chevron-notch (T-L-orientation).

The welded joints were produced by manual electron welding

of two 20 mm thick plates. The chemical composition of

the filler material is also given in Tab. 1. In the welded

•joint specimens the crack grew into the weld metal.

All specimens were precracked in fatigue at load levels

lower than the load levels employed in the tests. The

starting crack length a was in the range of 0.47 = a/w = 0.5,

2.2 Sodium Loop

The in-sodium tests were performed in an anisothermal

sodium loop with the following sodium conditions:

Test temperature and highest temperature in the loop:

550 °C,

Gradient of temperature in the loop: 170 °C,

Sodium flow through the test cell: 22 cm3 . s~ in the

CCG-tests and 50 cm3 . s in the FCG-tests.

713



The oxygen content was controlled by a cold trap, and

the plugging temperature was 125 °C to 130 °C corresponding

to oxygen levels lower than 2 ppm. The carbon content was

controlled by monitor foils of AISI 304 in the test positions,

indicating slightly carburizing conditions. A more detailed

description of the applied sodium loop is given in a second

paper / 1 /.

2.3 FCG-Tests

The specimens were fatigue tested in servohydraulic,

computer-controlled MTS test machines using load as the

control parameter. Sinusoidal loading wave forms were

employed, and the stress ratio (R = F . / F ) was

0.05 for all tests. The cyclic frequency was 5 Hz and

0.5 Hz in the air tests and 0.5 Hz in the sodium tests.

In the air tests, crack lengths were determined by using

the dc-potential drop method / 2 /. By means of a parallel

measurement of the load line displacement (V,,) in air, a

calibration curve was determined for the compliance of the

CT-specimens including the bolts and clevises (see Fig. 2).

By measuring the compliance of the complete, embellowed CT-

specimens during the running FCG-tests in sodium, the com-

puter calculated the actual crack lengths.

2.4 CCG-Tests

The pre-fatigued specimens were tested under constant

load in creep test machines. Fig. 3 shows the facility

used for the CCG-tests which were performed in flowing sodium.

During the in-air tests crack length was measured using

the potential drop technique / 2 /. In addition the load

line displacement (V,,) was measured in order to permit
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the application of the energy rate integral C* / 3, 4 /

and to obtain a calibration curve for the parallel investiga-

tions of crack growth in sodium. Using this calibration

curve, which describes the crack length a versus V,,/F (load

line displacement divided by the force), the crack length

in the sodium tests was determined from the measured load

line displacement during the test. Only a very small amount

of load line displacement occurs in the CCG-tests performed

on the welded joints. It was therefore impossible to deter-

mine the calibration curve a versus V i ] / F ' I n these tests

the crack length for the in-sodium tests was determined on

completion of the tests by optically evaluating the starting

crack length aQ and the crack growth Aa. Assuming a linear

dependency between the crack length a and the measured

load line displacement V-j,, the crack length was calcul-

ated as a function of time.

Applied Fracture Mechanics Concepts

The FCG-tests were evaluated according to the stress in-

tensity factor AK, which was based on the actual crack

length determined during the test using the equation

with the load amplitude AF = F m a x - Fmin, the thickness

B and the width w of the specimens, and the geometry factor

/ 5 /

Y (§) = 29.6 - 185.5 (|)+655.7(|)2-1017.0(|)3

+ 638.9(|)4 (2)

An earlier paper / 6 / pointed out that, for the used

material and specimen thickness, this evaluation based on

the linear-elastic fracture mechanic concept can be used

up to a crack length a/w % 0.62.
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In the case of the CCG-tests, the stress intensity factor

KQ (Q: questionable) is calculated according to the equation

KQ =

with the applied load F and geometry factor Y (—), given in
W

equation (2).

A second concept is based on the net section stress of the

uncracked ligament. For the CT-specimen the net section

stress,

"net " BT^Sr / 1 + 3 £ f

is a crack tip stress calculated from the combined tension

and bending stresses / 3 /. The parameters given are explained

in equation (1) and (3). Neither of the concepts, KQ and

0 , , describes time and temperature-dependent processes,

but nevertheless they describe the CCG-behaviour in some

cases quite well. An advanced concept, including time de-

pendence is given with the energy rate integral C*. After

Koterazawa and Mori / 6, 7 /, it can be calculated for CT-

specimens from the parameters F, B, w and a (explained

above) and the load point displacement V,, using

C* = ? F . i^ii (5)
c B (w-a) * dt ' K '

These three concepts were employed for the CCG-tests

performed in air and in flowing sodium. A more detailed

assessment of these concepts is given in / 8 /.

716



4 Experimental Results

4.1 FCG-Behaviour

Figure 4 gives the results of 10 FCG-tests performed in air

on the as-received material X 6 CrNi 18 11 with an R-ratio

of 0.05 and a frequency of 5 Hz at 823 K (550 °C). A re-

latively small scatter band is drawn from these tests.

Fig. 5 presents two results of FCG-tests in air with the

lower frequency of 0.5 Hz. The results of the in-sodium

tests performed at 823 K with R = 0.05 at 0.5 Hz are shown

in Fig. 6.

4.2 CCG-Behaviour

The results of the CCG-tests performed in air and flowing

sodium at 823 K (550 °C) with the base material X 6 CrNi 18 11

evaluated with the different fracture mechanics para-

meters' a ., K and C* are shown in Figures 7, 8 and 9. It
TIG u> \2

was possible to plot additional results from different

authors for AISI 304 ss for the concepts of 0 n e t and

C*. The following Figures 10, 11 and 12 show the results

of the CCG-tests performed on the welded joints at 823 K

in air and in sodium, evaluated after o net, KQ and C*.

Comparable tests on welded joints of Type 304 steel have

not been found in literature.
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5 Discussion of the Results

5.1 FCG-Behaviour in Air and Sodium

The fatigue crack growth rates measured on X 6 CrNi 18 11

steel in air.are in fairly good agreement with the results

known from literature for AISI 304 ss. This is illustrated

by a comparison of the scatter bands in Fig. 5. The literature

data were taken from the investigations of James / 9, 10 /.

The results of two tests performed in air at 823 K (550 °C)

with a frequency of 0.5 Hz (R = 0.05) are plotted in Fig. 5,

too. A comparison with the scatter band measured for the

tests with 5 Hz does not show any differences. This is in

agreement with the results of James / 9 /, who also did not

find differences in crack growth rates between 0.67 Hz and

6.7 Hz.

The comparison of the sodium tests performed at the lower

frequency of 0.5 Hz with the scatter band of the air tests,

as shown in Fig. 6, reveals no significant differences due

to the environment. There might possibly be a slower crack

growth rate in sodium than in air in the range of higher

loads (i. e. 15 to 20 Mpa . m 1 ' 2 ) , but this effect is not

very pronounced.

A comparison with the literature data measured by James

/ 11 / for Type 304 stainless steel at 811 K (538 °C) in

liquid sodium is given in Fig. 13. Since two different stress

ratios are used in the tests performed by James/ the evaluation

in this figure is effected using the "effective stress" in-

tensity factor

Keff = Kmax l 1 " R l
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where R = K m i n/K m a x and m = 0.5 for 811 K (538 °C) as given

by James / 11 /. The measurements of James show lower

crack growth rates in low oxygen sodium than in air. Although

the oxygen level was comparatively low in the sodium of this

investigation, our own results do not reveal lower crack

growth rates in sodium.

A possible explanation might be found in the work of

Marshall / 12 / who, in the course of FCG-tests on

AISI 316 ss, discovered that the degree of influence of

a sodium environment greatly depends on the carburizing

conditions of the sodium. Marshall observed that, at

600 °C/ fatigue crack growth rates in strongly carburizing

or decarburizing sodium are significantly higher than those

observed in sodium with neutral carbon activity and are

even above the rates measured in air.

Consequently, our own results in sodium, which show similar

crack growth rates in sodium and in air, might be explained

by the slightly carburizing conditions of the sodium in-

volved, as shown by the chemical analysis of the monitor

foils. Further metallurgical work is underway to confirm

this assumption.

5.2 CCG-Behaviour in Air and Sodium

In the past decade a considerable amount of effort has been

directed towards finding an appropriate parameter for crack

growth under creep conditions. However, not a single com-

pletely successful parameter has emerged. With respect to

the fracture behaviour, the stress intensity factor des-

cribes creep-brittle behaviour quite well, while the

net section stress correlates better with creep-ductile

fracture / 12 /. The C*-concept has been applied with vary-

ing success in the field of quasi-brittle behaviour. For
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example, Saxena / 13 / found C* a promising parameter for

characterizing the creep crack growth behaviour of Type 304

material in the temperature range of 538 °C to 705 °C

measured with CT-specimens.

In this investigation the measured CCG-rates da/dt are

independently evaluated using the parameters a . , K and

C* as given in Figs. 7, 8 and 9 for the base material

X 6 CrNi 18 11.

The pronounced temperature dependence of the crack growth

rates can be seen by comparing the results gained at

550 °C and 7 00 °C respectively. A comparison with the

results obtained in flowing sodium does not indicate any

influence of the sodium environment on crack growth rates
_g

in the range of lower crack growth rates (= 10 m/s, see

Fig. 7 and 8). In the range of higher da/dt-values the

evaluation according to a . and K_ (Fig. 7 and 8) in-

dicates a slower crack growth rate in sodium than in air,

but this is not confirmed by the C* evaluation in Fig. 9

which shows that the sodium actually does not exert any

influence of sodium on the crack growth rates in the

total range covered by the measurements.

The comparison with in-air data from literature for Type 304 ss

is shown in Fig. 7 and Fig. 9. In the a evaluation^the

crack growth rates measured on the X 6 CrNi 18 11 material

fall in the lower range of crack growth rates in the

scatter band measured by Koterazawa and Mori 111 but the

crack growth rates of the German steel deviate in the

direction of slower crack growth rates in the range ex-
-9ceeding 10 m/s.
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Tue difference is not confirmed by the evaluation after

the energy rate integral C* in Fig. 9, where the experimen-

tal data of Koterazawa and Mori 111, Musicco et al. / 14 /

and Saxena / 13 / are plotted together with our own results

gained in air and sodium. The results again clearly show no

influence of liquid sodium on the crack growth behaviour

when compared to air. Further there is excellent agree-

ment between the results from AISI 304 ss and the German

steel X 6 CrNi 18 11 after the C* evaluation.

When correlated to a . and 'K,_ the results of the creep
net Q

crack growth rates of the welded joints given in Figs. 10,

11 and 12 do not exhibit any difference in crack growth

rate in comparison to the base material. Furthermore the

sodium environment does not exert any influence.

But in the correlation to C* (Fig. 12) it appears that

the crack growth rates of the weld materials are somewhat

higher than those of the base material. Furhtermore the

sodium environment seems to reduce the crack growth rates

of the weld material. In the CCG-tests on the weld material

the measured load line displacement V., and the displace-

ment rate dV,,/dt are lower than in the tests with the base

material. Following equation (5), the calculated value of

C* is equally lower for a given crack growth rate da/dt.

Keeping in mind this reduced plasticity for the CT-specimens

of welded joints, it is obvious that a C*-evaluation of

CCG-tests on base material and welded joints cannot give

comparable results.
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Metallurgical Investigations

With reference to the FCG-tests metallurgical investigations

will be carried out to reveal differences (for example car-

burization) at the crack tip of the specimens tested in air

and liquid sodium. It is expected that these examinations

will show why the FCG-rates in sodium are not lower than in_

air as was measured by James / 11 /.

The comparison of the fracture surfaces of CT-specimens

from CCG-tests in air and liquid sodium is given in Fig. 14.

Both figures show the transition region of the transgranular

prefatigue crack to the intergranular creep crack growth.

The heavily oxidized crack surface of the specimen tested

in air shows a "blunting"-line due to plastic deformation

before the intergranular creep crack starts to grow. In

contrast, the specimen exposed to sodium shows no oxide

scales, exhibits more brittle behaviour and only small

microcracks indicating crack branching are to be seen in the

region where a stretched zone should exist. In the region of

the propagating creep crack, the grain facets are clearly

visible in this specimen.

A specimen exposed to sodium was used for this comparison

which was tested under the low constant load of 4.08 kN.

Further examinations of fracture surfaces have shown that

the specimens tested in sodium under higher loads reveal

a small amount of plastic deformation at the crack tip,

too. In spite of these differences in the appearance of

the fracture surfaces, there is no influence of the en-

vironment on the creep crack growth rates.
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Conclusions

Fatigue and creep crack growth rates were measured for

the unstabilized austenitic stainless steel X 6 CrNi 18 11

(similar to AISI 304 ss) in flowing sodium and in air at 550

The results obtained for the two loading conditions do not

exhibit differences in the crack growth rates due to the

environment.

The FCG-rates measured in air are in good agreement

with the results obtained by James / 9 / for AISI 304 ss,

but the FCG-rates measured in sodium are higher than those

measured by James / 11 / in sodium and in a vacuum.

The creep crack growth rates were correlated in terms

of different concepts, i. e. the net section stress

a ., the stress intensity factor KQ and the energy rate

integral C*.

Based on the net section stress the resistance of the

X 6 CrNi 18 11 to creep crack growth propagation seems

slightly superior to that of AISI 304 ss, but correlated

with C* AISI 304 ss and X6 CrNi 18 11 steel are in very

good agreement.

As regards the welded joints tested under constant load

the same crack growth rates as those for the base material

are determined with the concepts of 0 n e t and KQ. The C*-

evaluation shows higher crack growth rates for the weld

material. This might be caused by the reduced plasticity

of the specimens produced from welded joints.

Examination of the fracture surfaces of specimens from

CCG-tests reveals a more brittle morphology but the crack

growth rates are not influenced by the environment.
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Table 1:

Type:

Heat No:

Product form:

Heat treatment:

Characterization of Test Material

X 6 CrNi 18 11 (DIN 1.4948), similar Type 304 ss)

227766 (INTERATOM-NO. 325) 294771 (INTERATOM-No. 402)

plate 40 mm thick plate 20 mm thick

sol. annealed sol. annealed

Mechanical Properties

Heat No. Temp. °C 0.2 V.S./MPa U.T.S/MPa Elong./% R.A./4

325

402

20
550

20
550

264
138

258
132

593
407

604
406

51
33

70
41

73
65

79
76

Chemical Composition (wt-%)

Heat NO. C Si Mn P Cr Mo

.01

.03

.03

Ni

10

10

10

.89

.72

• >

B

.0034

.0028

N

.058

.034

Grain

(ASTM

3.5

5.5

size

112)

325 .0506

402 .0600

Filler

metal*) .0045

.37 1.37 .010 .005 18.55 < .01 10.89

.47 1.67 .015 .004 17.82

.21 1.16 .013 .007 19.15

Used for production of welded joints of 402 base material
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Fig. 2 CT-specimen with clevises encapsuled in a bellow

for FCG-tests in flowing sodium
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Fig. 3 Facility for CCG-tests in flowing sodium
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Low-Cycle Fatigue Properties of SUS304 Stainless Steel

in High-Temperature Sodium

M. Hirano, R.Komine, K.Kitao, I.Nihei and A.Yoshitoshi

Sodium Technology and Materials Section
FBR Systems and Components Division

Power Reactor and Nuclear Fuel Development Coporation '

ABSTRACT

Low-cycle fatigue tests in sodium and in air Have been performed to investigate
the influence of a high-temperature sodium environment on the strain-controlled
fatigue behavior for SUS304 stainless steel. The oxygen concentration in sodium
was 2.4 ppm at the cold trap temperature of 145°C. Tests in both environments
were conducted at 450°C, 550°C and 650°C at a constant strain rate of lxlO"3/sec
with a fully-reversed triangular waveform and a zero mean strain.

The results obtained are summarized as follows.
(1) The fatigue life of SUS304 stainless steel in sodium at 450°C, 550°C and

650°C was greater than those in air at the same temperature except at higher
strain range ( > 0.8% ) at 650°C, and this difference had a tendency to
increase as the total strain range decreases. At the higher total strain
range at 650°C, there was no marked difference between both environments.

(2) As the temperature increased, the fatigue life in sodium and in air
decreased, and the Nf sodium / Nf air ratio also decreased.

(3) Microscopic examination of specimens tested in sodium and in air at 450°C,
550°C and 650°C revealed no difference in the microstructure, but few surface
cracks were observed on specimens tested in sodium than in those tested in
air.

(4) Fractography of specimens tested in air at 450°C, 550°C and 650°C revealed
well-defined striations. But, in sodium, striations on specimens tested at
450°C and 550°C showed obscure configuration and it was difficult to find
out, whereas, at 650°C in sodium intergranular fracture was observed.

(5) The specimens tested in sodium had a longer fatigue life than those tested
in air because the latter are subjected to considerable oxidation, while
the former are free of such chemical action. Accordingly, it is concluded
that crack initiation and propagation are more likly to occur in air than
in sodium.

1. Introduction

It is planned to use SUS304 stainless steel for the structural material for the
Prototype Fast Breeder Reactor " MONJU ". As it is subjected to various stresses
during the extended hours ( 30 years ) at high temperature, it should be assured
the integrity of the material at the end of its service life. A large amount of
data on material strength is demanded. In comparison with data on materials in
air", data on materials in sodium are extremly limited, and it is therefor
important to collect data on materials in sodium. From this point of view, low-
cycle fatigue tests on SUS304 stainless steel were conducted in sodium at
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temperatures of 450°C, 550°C and 650°C in the flowing sodium. •
The present paper describes the results of investigations in the fatigue life,

cyclic stress, metallography and fracture surface. And further, data obt/ained in
sodium is compared with those in air tested at the same temperatures. ;

2. Experimental Procedure i

2.1. Material and Test specimen
The material used is the SUS3O4 stainless steel plate ( heat No.48139 ) with

a thickness of 40mm used under the research program in sodium of the PNC. Tables
1 and 2 show the chemical composition and mechanical properties, respectively.
Figure 4 shows a fatigue test specimen and calibration test specimen. The

fatigue test specimen is with 10mm in diameter and 30mm in gauge lei/gth at the
parallel portion. The surface of the parallel portion was axially pprished by an
emery paper on the test specimen and finished by No.400 emery paper« The
calibration specimen is 10mm length instead of 30mm length at the/parallel
portion of the fatigue test specimen and used for the calibration,of displacement
measured by the in-sodium fatigue testing machine. /

The exposure test specimen with the dimensions of 20mm x 20mm ,x 10mm was used
to obtain the carbon concentration profile on the surface of the1 specimen.

2.2. Test Facility •'
The fatigue tests in sodium were conducted by using the Corrosion Fatigue

Testing Facility ( CF loop ). CF loop consists of two fatigue testing machines
and two sodium loops. Fig.2 shows the external appearance of/the fatigue testing
machine. Each testing machine is a closed loop servohydraulfc uniaxial fatigue
testing machine with a capacity of 10 tons. Fig.3 shows the' testing machine
mounted on the test vessel of the loop. The structure of this testing machine
is differently made from the usual uniaxial type testing machine considering
that it would be used under such a special atmosphere as.high temperature sodium.
The testing machine has the actuator and load cell at the upper part, and the
push-pull rod and test specimen at the lower part. The cross head is arranged at
the upper part. By this cross head, the testing machine is fixed on the loop
supporting stand. /
The extensometer is a linear variabl differential transformer ( LVDT ) for

accuracy of ±10jjmm. It is attached to the outside and upper part of the test
vessel as shown in Fig.3, because it is impossible to place it near the test
specimen in high temperature sodium, so that the extensometer is to measure the
relative displacement of the push-pull rod to the outer shell. Fatigue testing
loop (CF-11 and CF-12 ) are the daughter loop of the Material Testing Loop 2.
Fig.4 shows the flow sheet of the CF loop. The temperature on the surface of the
test specimen in sodium is controlled at the test temperature +2°C by means of
the primary and secondary heaters, and trased heater wrapped the test vessel.
The sodium flow rate is maintained 2 1/min in constant.

2.3. Fatigue Testing Method
In the fatigue test in sodium, the test specimen is attached to the testing

machine at the outside of the test vessel, and then the testing machine is
inserted into the test vessel by means of a testing machine carrier. Subseqently,
the test specimen and the test vessel are preheated to a given temperature,
followed by charging the vessel with sodium at the same temperature from the the
sodium tank. The temperature of test specimen in sodium is raised to the test
temperature, while the sodium is circulated by an electromagnetic pump of the'
mother loop. During this period up to the commencement of the test, the testing
machine is in the load-controlled mode ( the set-up value is zero) to avoid the
load by heat expantion and the dead load of the testing machine itself being
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applied on the test specimen.
Impurity level within sodium was controlled with the use of a cold trap of the

mother loop. The cold trap was continuously used to purify the sodium throughout
the test period, with its lowest temperature kept at 145°C The plugging meter
was used to obtain estimates of impurity level and the fatigue test was not
started till the plugging temperature became constant.
Table 3 shows the low-cycle fatigue testing conditions in sodium and in air.

The controlled mode used is the axial constant strain control, with a fully
reversed triangular waveform, a constant strain rate of 1x10"^ and zero mean
strain. The test temperatures are 450°C, 550°C and 650°C.
Displacement measured with an in-sodium fatigue testing machine includes

displacement of push-pull rod and a shoulder part of test specimen owing to the
structural limitation of the testing machine in sodium. In order to separate the
displacement of the parallel part of the test specimen only from the measured
displacement, the strain calibration test was conducted with use of fatigue test
specimen and calibration specimen.

3. Test Results

3.1. Cyclic Stress-Strain Behavior
The cyclic hardening behavior at 450°C, 550°C and 650°C in sodium and in air

was shown Fig. 5 to 10. From these figures,
(1) The cyclic hardening behavior is dependent on temperature and strain

range .
(2) At 650°C, the stress range shows a rapid initial increase (initial

cyclic hardening ) and it reaches steady stage. Then, in the higher strain
range, test specimen failured after slightly softening. In the lower strain
range, the stress range of steady state is maintained to specimen failure.

(3) At 450°C and 550°C, the initial cyclic hardening and steady stage are
observed . Especialy, the secondary cyclic hardening is observed in the
lower strain range. The hardening is observed more markedly in sodium
than in air.

3.2. Fatigue Life
Figures 11 through 13 show the relationships between the strain range and the

number of cycles to failure of the SUS304 stainless steel at 450°C, 550°C and
650°C in sodium and in air. The solid and dashed line in each figure are obtained
from the best fit curve in Eq. (1).

= cpNf-
kP + ceNf

ke (1)

The fatigue life of SUS304 stainless steel in sodium at 450°C, 550°C and 650°C
is greater than that in air except the higher strain range ( > 0.8 % ) at 650°C.
Especially, this trend prevails more remarkably as the total strain range decreases.
As the temperature is higher, the fatigue life in both environments is smaller and
the Nf sodium / Nf air ratio decreases as shown in Fig.14.

3.3. Microstructure and Fracture Surfaces
Figure 15 shows the cross-sectional microstructural observations of the specimen

after fatigue tests at 450°C, 550°C and 650°C. From this figure, it is shown that
(1) There is no difference in microstructure between in sodium and in air.
(2) While many surface cracks were observed on the specimens tested in air, a

few surface cracks were founded on those tested in sodium.
(3) These surface cracks were observed propagation at grain-boundary at 450°C
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to 650°C in air, and at 550°C ( at higher strain range ) and 450°C in sodium.
But, at 550°C (at lower strain range ) and 650°C in sodium, the crack
propagation mode were predominantly intergranular. It was observed that
these intergranular cracks on the specimen surface exchange to the
transgranular inward the specimen.

This trend of crack propagation behavior is clearly observed from the electron
microscopic fractographs. For example, Fig.15 shows the electron microscopic
fractographs of the specimen after fatigue tests at 650°C in sodium. The fracture
surface on the specimen tested in air shows predominantly striation pattern as
shown in Fig.16 a to d. On the other hand, intergranular facet was observed in
the vicinity of the specimen surface tested in sodium at 650°C and at the lower
strain range at 550°C as shown in Fig.16 e and f, and transgranular propagation
inside the specimen. The region of the intergranular facet is greater as the
strain range decreases at 650°C in sodium.

3.5. Results of Chemical Analysis
Figures 17 through 18 present the results of chemical analyses of exposed

specimen in sodium at 650°C. Figure 17 shows a profile of carbon content on the
specimen surface exposed in sodium. In comparison with as-received material, the
exposed specimen has a higher content of carbon on the specimen surface and is
carburized. Within several micrometers from the exposed surface, a considerable
reduction of chromium and nickel is seen.

4. Discussion of Results

4.1. Cyclic Stress-Strain Behavior
The secondary cyclic hardening was remarkably observed on the specimen tested

in sodium at 450°C and 550°C. On the other hand, in the fatigue tests in air,
this tendency was not observed because the test specimens were fractured before
occuring this behavior. Husslage, et al.l1) and Huthmann et al.vO report that
this secondary cyclic hardening occured at the low strain range.

The reason of the secondary cyclic hardening is not clearly understood. Husslage,
et al. reported that the secondary cyclic hardening was observed on as-received and
4000h exposed materials at 510°C following in-sodium fatigue tests at 550°C, but
was not observed on 4000h exposed material at 600°C following in-sodium tests at
550°C. We also found that the secondary cyclic hardening was restrained for 10000h
thermal aging material following fatigue tests at 500°C and 550°C in sodium^.
As dissolved carbon and nitrongen precipitated oneself into the carbide and nitride
in the matrix as the results of thermal aging, it is thought that the secondary
cyclic hardening could be caused by the interaction between mobile dislocation
and disolved carbon, nitrogen, or by the induced precipitation of those elements
to mobile dislocation. But, it is not evident why this hardening is markedly
observed at low strain range.

4.2. Effects of Sodium Environment on the Fatigue Life
The fatigue life in sodium is greater than that in air except the smaller life

at 650°C, and this trend is remarkable at lower strain range. It could be
considered as follows.

(1) The oxidation arised intensely on test specimen in air more than in sodium,
so the effect of oxidation on crack initiation and propagation severely
appeared in air.

(2) Figure 19 shows the relation between the number of cracks observed on
fatigue specimen surface and the fatigue life. From Fig.19, it is found that
the smaller the fatigue life is, the much the number of cracks are, and that
the number of cracks is fewer in sodium at smaller life than in air. This
results suggest that crack initiation could take place in air more easily



than in sodium. On the other hand, it could not be distinguished at greater
life between in air and in sodium. It is considered that as the crack
initiation control the fatigue life at greater life, total number of cracks
observed is few.

(3) The striation observed in-sodium tests was obscure, and similar to that
in vacuum for crack propagation rate test(^). This shows that the crack
propagation rate in sodium could be slower than in air.

Considering the environment and the creep fatigue effect on fatigue life,
following equation could be introduced by linear damage rule.

U/Nflair = (1/Nf)vacuum
 + (1/Nf)oxidation

 + (1/Nf)creep — in air

(1/Nf)sodium = (1/Nf)vaCuum
 + (1/Nf)sodium effect

 +(1/Nf)creep
— in sodium

Where (1/Nf) v a c c u m : pure fatigue damage per cycle
(1/Nf)creep : creep damage per cycle
U/NfJoxidation : oxidation effect per cycle
U/N)sodium effect : sodium effect per cycle

As (l/Nf)S0dium effect < (
1/Nf)oxidation

 was recognized by (1/N f) s o d i u m <
(l/Nf)ai-r, it could be explained that the variation of fatigue life at 450°C
between in sodium and in air was mainly dependent on oxidation effect, because
creep damage was nebligibly small, and that, at 650°C, increased creep damage
effect decreased relatively the environment effect. And creep fatigue effect
ratio per cycle, i.e., creep damage for fatigue life, was larger in sodium than
in air.
In this tests, intergranular facet were observed, at 650°C and for lower strain

range at 550°C in sodium. Husslage, et al. also observed intergranular facet only
in sodium tests, but not in air and in vacuum. They concluded that the sodium
effect caused the intergranular cracking. However, at high temperature fatigue,
it should be considered that intergranular cracking might be produced also by
creep fatigue effect. Above discussion suggests that also cracking was prcmoted
at 650°C in sodium more than in air. On the other hand, Yamaguchi, et al.w)
presented that those cracking was observed at higher strain range more than at
lower strain range. Their tendency for strain range is contrary to this results.
As it was anticipated that the sodium effect ratio per cycle became relatively
large at lower strain range, the tendency of intergranular cracking on strain
range in sodium should be studied further.

Finaly, Fig.20 shows the comparison between the fatigue life in sodium and fatigue
curves at 800°F, 1000°F and 1200°F from ASME Code Case N-47. In Fig.20, mean fatigue
curves were calculated using design curves, by 20 times for fatigue life, two times
for strain range. From Fig.20, it is recognized that the fatigue life at lower
strain range in sodium, which is important to design, are equal to or larger than
calculated mean values. Therefor, the design fatigue curves based upon in-air
tests could assure the margine to fatigue failure of components used in sodium.

5. Conclusion

In order to study the effects of sodium on the low-cycle fatigue properties of
SUS304 stainless steel, fatigue tests have been conducted with the oxygen content
of 2.4ppm ( cold trap temperature of 145°C ) in sodium at 450°C, 550°C and 650°C.
For comparison, fatigue tests in air have been conducted at the same temperatures.
The specimens were tested in a constant strain control mode using triangular
waveform with a strain rate of lxlO~3/sec
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The results obtained are summarized as follows.
(1) The fatigue life of SUS304 stainless steel in sodium at 450°C, 550°C and

650°C was greater than those in air at the same temperature except at higher
strain range ( > 0.8% ) at 650°C, and this difference has a tendency to
increase as the total strain range decreases. At the higher total strain
range at 650°C, there was no marked difference between both environments.

(2) As the temperature increased, the fatigue life in sodium and in air decreased,
and the Nfsodium/Nfair ratio also decreased.

(3) It was observed that the initiation and propagation of surface cracks oh
specimens tested in sodium at 450°C and 55O°C were predominantly transgranular.
Whereas, the mode of crack initiation and propagation were mainly intergranular
in sodium at 650°C.

(4) Microscopic examination of specimens tested in sodium and air at 450°C, 550°C
and 650°C revealed no difference in the microstructure, but few surface cracks
were observed on specimens tested in sodium than in those tested in air.

(5) Fractography of specimens tested in air at 450°C, 550°C and 650°C revealed
well-defined striations. But, in sodium, striations on specimens tested at
450°C and 550°C showed obscure configuration and it was difficult to find out,
whereas, at 650°C in sodium intergranular fracture was observed.

(6) The specimens tested in sodium have a greater fatigue life than those tested
in air because the latter are subjected to considerable oxidation, while the
former are free of such chemical action. Accordingly, it is concluded that
crack initiation and propagation are more likly to occur in air than in sodium.

(7) It was shown that the cycles to failure on SUS304 stainless steel at 450°C,
550°C and 650°C are greater than that of allowable cycles of the ASME N-47
fatigue design curve, and the design curve is conservative in sodium at 450°C
to 650°C on SUS304 stainless steel.
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Table 1 Chemical composition of SUS 304 stainless steel

Analysis

Product

Check

Content wt Z

C

0.072

0.070

SI

0.51

0.50

Mn
0.95

0.91

P

0.029

0.025

S

0.007

0.007

Nl

9.09

9.13

Cr

18.56

18.24

Co

0.20

0.20

Analysis

Product

Check

Content wt Z

Sn

0.002

0.003

Nb

0.004

0.03

T i

0.001

0.02

Cu

0.04

0.05

0

0.0092

0.0101

B

0.0003

0.002

N

0.015

0.017

As

0.002

0.002

Table 2 Tensile properties, Hardeness and Grain size

o£ SUS 304 stainless steel

Grain

Size

ASTM

N o . 4

Brlenel l

Hardness

(HB)

139 ~

141

Temp.

(*C)

R.T.

450

550

650

0.2Z yield

Strength

(kg/mn2)

21.2

12.0

12.35

10.4

Tensile

Tens.

Strength

(kg/mm2*

62.7

42.9

38.5

28.3

properties

Elong. afcet

Fracture

(Z)

71.4

47.3

45.4

57.3

Percent

deduction

In area

78.0

74.7

73.2

30.7

Elastic

Modulus

(kg/nna )

2.0 x 104

Heat Treatnmt : Annealed, 1050*C x 80min.. water quenched

M30.P = 1.5 M3O.P- 1.5

Fatigue specimen (Type A)

M30.P=l.5 M30.P= 1.5

Calibration specimen (Type B)

Fig. 1 Details of fatigue specimen and calibration

specimens (Type A and Type B)
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CD

Na outlet

Fig. 2 Facility for fatigue testing in sodium

Extensometer ILVDT)

Push-pull rod

Guide roller

Test Vessel

Test specimen

Thermocouple

No Inlet

Fig. 3 Schematic of test vessel and fatigue testing
machine in sodium.



Mother Loop
CF-11 CF-12

VT

CVN505

-oo -
-CSJ-
_c3b-

^
:—c
TV
VT
ET
ST
CT
P I

Valve (Manual slop valve).
Vfalve (Remote stop volve)

.Valve (Control valve)
"Eleclro-mogrwtlc (lew meter
Electro-magnetic Pump
Immersion heoler (sheath type)

.Test vessel
'Vapour trop
Etponsion lank
Sloroge tank
Cold trop
Plugging meter

Fig. 4 Flow shost of the corrosion fatigue testing loop

Table 3 Testing conditions ln air and sodium

lyyc U4 luauiug

Control

Loading waveform

Strain rate

Strain range

Frequency

Temperature

Sodium flow rate

Cold trap
temperature

In sodium

"nlaxlal push-pull

Constant strain
control

Triangular waveform

lxlO'^/sec '

O.4-V-2.18 X '

1.CH3.75 cpm

45O°C, 55O'C, 650°C

2 t/rain

145°C

In air

Uniaxial push-pull

Constant strain
control

Triangular waveform

1x10 -v/sec

0.35^2.12

1,(H4.3 cpm

450°C, 550°C, 65O*C
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(a) 6 5 0 °c in a i r

( A E T = 1.08 % , Nf= 980

(b) 6 5 0 -C in sodium

( A G T = 1.75% , Nf =281 )

F i g 15 M i c r o s c o p i c o b s e r v a t i o n of s p e c i m e n a l t e r f a t i g u e t e s t

a t 650°C i n a i r (a) . a n d i n s o d i u m (b ) , r e s p e c t i v e l y

( • I t r . i . k o i l j l n , 65O'C « l r

CO)
(b) Crack origin, 65O*C «Ir I fri'm llie Hpvclncn turface, (d) 4""" fro« the xpvclaen aurfac«,

(*) Crack origin, 6S0*C (f) Crack origin, biu'C sodiun

Electron nlcroscoptc fractographa of' * fracture surface for

and lodlun (ScT - 0.62Z, N{ - SWS) at bSO'C Arlou Indicate
crack propagation direction.
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The Effect of Neutron Irradiation on Tensile Properties of
SUS304 Stainless Steel at Elevated Temperature

T. Nakazawa
M. Ebata
S. Yuhara
Power Reactor and Nuclear Fuel
Development Corporation/ Japan

Abstract

It is well known that mechanical properties of materials
change under the influence of neutron irradiation. Since the
reactor vessel and in-reactor structural materials of Fast
Breeder Reactor are also subject to neutron irradiation at
elevated temperature, to clarify their behaviors under neutron
irradiation is one of the essential factors for evaluation of
the safety of FBR. Then, it becomes important to perform the
post-irradiation test on the domestic structural materials
SUS304 (equivalent to type AISI 304 stainless steel)
quantitatively, in order to evaluate the irradiation
environmental e.ffect and to reflect the results in the design
standards.

From the above standpoint, the post-irradiation tests such
as tensile, creep, fatigue and creep-fatigue tests have been
conducted in PNC (Power Reactor and Nuclear Fuel Development
Corporation). In this paper, herein, are described the SUS304
post-irradiation tensite test, results.

The main results obtained are as follows;
*0.2% proof strength and ultimate tensile strength of
SUS304 increase with the neutron fluence. However,
they scarcely change until lxlCr'n/cnr (E>0 .lMeV) .
*Elongation and reduc:ion of area of SUS304 decrease with
the neutron fluence, but they do noc largely change
until lxlO2ln/cmz (E>0.lMeV)
*Decrease in elongation of SUS304 caused by neutron
irradiation corresponds with increase in 0.2% proof
strength caused by neutron irradiation.
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1. Introduction

It is well known that mechanical properties of

materials change under the influence of neutron

irradiation. Since the reactor vessel and in-reactor

structural materials of fast breeder reactor are also

subject to neutron irradiation at elevated temperature,

to clarify their behaviors under neutron irradiation is

one of the essential factors for evaluation of the

integrity of FBR. Then, it becomes important to perform

the post-irradiation test on the domestic structural

materials SUS304 (equivalent to type AISI Type 304

stainless steel) for these reactor components

quantitatively, in order to evaluate the irradiation

environmental effect and to reflect the results in the

design standards.

From the above standpoint, the post-irradiation

tests such as tensile, creep and fatigue tests have been

conducted in PNC (Power Reactor and Nuclear Fuel Develop-

ment Corporation). In this paper, herein, are described

the effect of neutron irradiation on tensile properties

of SUS304 stainless steel at elevated temperature.

2. Test method

2.1 Test materials

Test materials used are ten charges of domestic

SUS304 stainless steel (equivalent to AISI Type 304

stainless steel) plate and two charges of SUS304

stainless steel forging. In Table 1 are shown chemical
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compositions and plate thicknesses of the tested

materials. For the tests, two types of tensile test

specimen, i.e. diameter 4 mm and 6 mm respectively,

were used (Fig. 1). In both cases, the gauge length is

five times the specimen diameter. The sampling

positions of test specimens are the middle of the

materials for plate thickness 19 mm ^ 26 mm, and 1/4 t

(t: plate thickness) for plate thickness 40 mm

^ 60 mm. Each test specimen was taken along the

rolling (forging) direction. According to the previous

test results on shape/size effect of test specimens ,

there was no difference in tensile properties between

the test specimen of diameter 4 mm and of diameter 6 mm

when the gauge lengths were same at five times the

specimen diameter.

2.2 Procedures of Irradiation Test

Irradiations were conducted with JMTR (Japan

Material Testing Reactor), experimental fast reactor

Joyo (Japan) and prototype fast reactor Phenix

(France). Fig. 2 shows the outline of irradiation

capsules used. Type (a) capsule was used for

irradiation test in JMTR, which is double-walled

structure. In the inner tube is contained high-purity

Nak as heat medium to keep the irradiation temperature

constant. The irradiation temperature was controlled

by controlling the pressure of mixture gas (He + N

introduced into the gap between the outer and the inner

tube, thereby changing its heat transfer coefficient.

The irradiation temperature was measured by

thermocouples attached to the irradiation capsule, and

the neutron fluence was measured by flux monitor. Type

(b) capsule was for irradiation in Joyo. Sodium as

liquid coolant flows through the capsule, so the

control of the irradiation temperature is impossible.

The irradiation temperature was measured by SiC.
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Incidentally, upon attainment of power level

100 MW, Joyo is to be operated for "irradiation bed".

The structural materials irradiation rig (SMIR) which

is designed to be able to control the irradiation

temperature, is now being constructed. Its schematic

diagram is shown in Fig. 3. With SMIR, the temperature

control in the range of 400°C to 610°C is to be

enabled. The upper core structure irradiation rig

(UPR) for irradiation of structural materials is also

under construction, which is designed to get the

irradiation conditions at high temperature {^ 530°C) in

low neutron fluence (̂  15 x 1018 n/cm2 - $th, 5 x 1016

^ 1 x 1018 n/cm2 - E j> 0.1 MeV) (Fig. 4).

2.3 Tensile Test Method

An Instron type tensile testing machine of

capacity 10 tons was used for the tests at room

temperature, and a same type testing machine of

capacity 5 tons for the ones at elevated temperature.

The method of Tensile tests complied with JIS G 0567

and Z 2241; that is, the speed of loading approximately

0.2%/min up to 0.2% offset yield strength and beyond

this level approximately 7.5%/min. In the tensile test

at elevated temperature, test specimens were heated to

a prescribed temperature and hold at this temperature

for about 30 min before loading. The value of fracture

elongation was obtained by joining two fracture ends

and then measuring the distance of punched marks. The

value of uniform elongation was then obtained for

convenience by substracting the elongation occurred

after the ultimate tensile strength, derived from the

stress-strain curve, form the fracture elongation. The

value of reduction of area was obtained by measuring

minimum diameters at two points in 90° rotation using

photographs of the specimen after fracture.
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Results and Discussions

In Fig. 5 to Fig. 9 are indicated the effects of

neutron irradiation (E > 0.1 MeV) on tensile properties

of SUS304 stainless steels at 550°C, i.e. 0.2% offset

yield strength, ultimate tensile strength, uniform

elongation, fracture elongation and reduction of area.

The solid lines in the figures were obtained by the

least squares method.

It is seen from Fig. 5 to Fig. 9 that the tensile

properties are affected by neutron irradiation beyond

fluence of approximately 1 x 1021 n/cm2 (E > 0.1 MeV).

That is, the 0.2% offset yield strength increased and

the elongation and reduction of area decreased. Within

this experiment, at test temperatures 400°C ^ 550°C the

ultimate tensile strength was little influenced by

neutron irradiation.

Fig. 10 shows the effect of test temperatures on

tensile properties. To represent the properties,

fracture elongation was adopted. This is because the

fracture elongation is liable to be influenced by

irradiation. In Fig. 10, the axis of ordinate is the

reduction ratio of the fracture elongation by

irradiation (the ratio of fracture elongation when

irradiated and when unirradiated at prescribed test

temperature) .

It is seen from Fig. 10 that the reduction ratio

does not change significantly at room temperature and

400°C. Beyond 400°C, however, the decrease of fracture

elongation by neutron irradiation is considerable with

increase of the test temperature. This tendency is in
2)

agreement with that reported by Moen et al. above

approximately 480°C. They conclude from above mentioned

tendency that at elevated temperature above 480°C the

agglomeration of helium at the grain boundaries is

predominant as the deformation process. Fig. 10 might

imply that the agglomeration of helium is concerned with

deformation process even at temperature below 480°C. In
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this respect, detailed investigations should be

performed in the future in various aspects.

In Fig. 11 is indicated the effect of carbon

contents on ultimate tensile strength. Ultimate tensile

strength of the unirradiated specimens, of course,

increases with carbon content. This tendency is also

the same in the irradiation conditions. The effects of

carbon contents on 0.2% offset yield strength and

fracture elongation were also investigated within the

range of carbon shown in Table 1. As the results, the

extent of the effects of carbon contents upon tensile

properties was not changed at all under irradiation

conditions. Accordingly, as represented by the carbon

contents, even if chemical compositions of SUS304

stainless steel are varied somewhat in the ranges of

Table 1, it is concluded that the effects of such

fluctuation upon the tensile properties are little

changed by neutron irradiation. In the aspect of helium

embrittlement, effect of boron contents will be more

problem. However, this boron dependency was not

observed definitely in this experiment.

In Fig. 12 is shown the relationship between

fracture elongation and 0.2% offset yield strength at

550°C. Yield strength of irradiated materials is higher

than the one of the unirradiated and fracture elongation

is smaller in the irradiated materials. In both the

unirradiated and the irradiated materials, there is a

tendency for fracture elongation to decrease with

increase of 0.2% offset yield strength; that is, there

is correlation between these two properties. In the

figure are also shown the results of linear regression

for the unirradiated, and for the irradiated materials

below or beyond 1 x 1021 n/cm2 (E > 0.1 MeV) . It is

seen that the tendency for fracture elongation to

decrease with increase of 0.2% offset yield strength is

more remarkable in the irradiated materials, compared

with the case of the unirradiated ones. This tendency

was observed between the uniform elongation and the 0.2%
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offset yield strength. The decrease of ductility with

0.2% offset yield strength is generally ascribed that

the increase of yield strength results in hindering work

hardening, as the results there occurs necking in early

stages . The increase of the yield strength by the

neutron irradiation will be due to displacement effect,

which then accelerates the tendency of increasing yield

strength. Consequently, it will be considered that the

tendency for fracture elongation to . decrease with

increasing yield strength, observed even in the

unirradiated materials, is accelerated by the

displacement effect and at the same time the

agglomeration of helium at the grain boundaries by

neutron irradiation further accelerates this tendency to

decrease the fracture elongation.

In Fig. 13 is shown the relation between ultimate

tensile strength and fracture elongation at temperature

550°C; there is no correlation between these two

properties.

4. Conclusion

The effect of neutron irradiation on tensile

properties at elevated temperature for domestic SUS304

stainless steels (base matals) has been investigated.

The results obtained are as follows;

(1) The tensile properties were affected by neutron

irradiation beyond fluence of approximately 1 x

10 2 1 n/cm2 (E > 0.1 MeV) . That is, 0.2% offset

yield strength increased and elongation and

reduction of area decreased. Within this

experiments, at test temperatures 400°C ^ 550°C,

ultimate tensile strength was little influenced by

neutron irradiation.

(2) At room temperature and 400°C, there was no change

of reduction ratio in fracture elongation by

neutron irradiation. Beyond 400°C, however, the
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extent of the decrease in fracture elongation by

neutron irradiation increased with test

temperature. In view of the tendency, the

agglomeration of helium at grain boundaries appears

to be concerned with the deformation process at

elevated temperature.

(3) The extent of the effects of carbon contents on •

tensile properties was not changed at all under

irradiation conditions.

(4) In both the unirradiated and the irradiated

materials there was correlation between 0.2% proof

strength and fracture elongation. The increase in

yield strength by neutron irradiation is possibly

due to displacement effect. Consequently, the

decrease in fracture elongation with increase of

yield strength are considered to result from the

agglomeration of helium at grain boundaries

embrittlement, besides the displacement effect.
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Table I Chemical Compositions of SUS304 Materials Used
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ABSTRACT

In a liquid metal fast breeder reactor large components such as dia

grid, core shielding and reactor vessel must endure the total plant

life, since they cannot be replaced economically. These permanent near

core structures are exposed to low total neutron fluences up to

1025 n.m~2 in the temperature range of about 650 K to 850 K.

The loading patterns of the components vary from static creep loads

to high cycle fatigue under normal conditions and high rate tensile

and creep deformations in emergency conditions.

For the SNR 300 the licensing authorities require the determination

of the lower boundaries of post-irradiccion mechanical properties for

DIN 1.4948 parent metal and welded joints. It has been established

that with decreasing strain rate the post-irradiation tensile ductility

decreases. A transition strain rate has been observed, above which

there is no effect of irradiation on ductility. The transition strain

rate increases with increasing temperature. Coarse grained heats show

lower ultimate tensile strength above 800 K than fine grained heats.

There is no significant effect of irradiation on load controlled high

cycle fatigue with frequencies of 1 Hz or higher. In low cycle fatigue

numbers of cycles to failure decrease with decreasing frequency. In-

creasing the test temperature reduces the number of cycles to failure

even more. The frequency effect is most evident at 823 K. Parent metal

has a better fatigue resistance than welded joints in unirradiated

and irradiated condition. Creep strength is reduced by irradiation due

to loss of ductility. It is shown that with increasing grain size the

rupture strength decreases. The ductility of welded joints after irra-

diation is low, in some cases as low as 0.5% creep strain.

After irradiation tensile, creep and fatigue fracture surfaces show

many more intergranular features than in the equivalent unirradiated

condition. The promotion of intergranular fracture by irradiation and

the consequent degradation of low strain rate mechanical properties is

explained by the presence of helium on grain boundaries. Several mea-

sures to increase the helium content threshold can be taken, such as

grain refinement, homogeneous boron distribution and promotion of helium

bubble initiation. In cases where helium embrittlement is encountered

life- reduction factors on unirradiated material properties must be ap-

plied.
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1. INTRODUCTION

For the safety analyses of the permanent primary components of the

SNR 300, a loop type liquid metal fast breeder jointly built by the

German-Dutch-Belgian consortium SBK in Kalkar, post-irradiation mecha-

nical properties are required [l]. Most near core structures, such as

dia grid, core shielding and reactor vessel are made of DIN 1.4948,

similar to AISI type 304 stainless steel. Quite a lot of post-irradia-

tion data of 304 in the relevant temperature range are available. Most

data are obtained after exposure to total neutron fluences over

102G n.m~2, whereas near core structures remain usually below 5 * 102lt

n.m~2 at the end of life. In literature the data on irradiated full

welded joints are limited.

The licensing authorities therefore considered the determination of

mechanical properties of both welded joints and parent metal in the

lower neutron fluence range essential. The programme, originally set

up in 1973 contains measurements of properties relevant to both normal

and emergency conditions. Thermal loading ability is investigated by

strain controlled low cycle fatigue, thermal striping by load controlled

high cycle fatigue. Static loading ability is checked by constant load

creep tests.

The capability for energy absorption of primary structures by a hypo-

thetical core disruptive accident is verified by constant rate tensile

tests. Also tensile tests are performed on material, which has been

exposed to fatigue or creep prior to tensile testing. The work on

fracture mechanics and toughness will be reported elsewhere.

Most of the work reported here has been presented at many different

occasions since the last IWGFR-meeting in 1977. This paper gives a

review of the main results on low dose irradiation effects obtained

since then. After an explanation of the problem, material and test

procedures, the dynamic high and low cycle fatigue results will be

summarized. Then from the static properties the tensile, creep and

creep rupture data will be reviewed. The main effect of prior creep

and fatigue on tensile data will be summarized. In the last section

an explanation for the observed phenomena will be given on the basis

of optic and electronmicroscopic work. The difference between service

conditions and post-irradiation test results will be discussed.
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2. THE SERVICE ENVIRONMENT

2.1. Mechanical loads and temperature

The operating temperatures near the SNR 300 core lie in the range

from 650 K (inlet) to 825 K (outlet), which is similar to present

designs such as Super Phenix [2] and CDFR [3]. The instrumentation

support temperature might rise locally to 870 K.

During normal operation the maximum static loads in the reactor

vessel are about 15 MPa and they might rise locally to 40 MPa. The

instrumentation support is subjected to a maximum stress of about

40 MPa. The grid plate supporting the core is stressed locally to

90 MPa but its temperature, 650 K, is out of the creep range.

Thermal cyclic stresses produce maximum cyclic strains of about 0.2%.

The number of cyclic reversals due to thermal striping effects at the

end of life might amount to 109 cycles.

In the hypothetical core disruptive accident the tensile strain rates

will probably not exceed 1 s"1, but temperatures in excess of 960 K

may occur.

2.2. Irradiation in service

Apart from the instrumentation support the effect of fast neutron

fluence on permanent core structures may be disregarded, because it

is far below 1 dpa. Parts of the dia grid are exposed to a maximum

of 10 dpa, which cannot be neglected.

Most of the near core components are exposed to thermal neutron flu-

ences in the range from 1023 to 7 * 1021* n.m~2. This means that from

the 10Boron isotope in the steel 5% to 95% has transmuted to helium.

The reactor vessel itself is so large that the top and bottom virtual-

ly show no boron burnup at all.
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3 . MECHANICAL TESTING

3.1. Material

The product forms, used for the SNR components are given in Table 1.

The plates A, B and K have been welded and their joints have been in-

vestigated under the code names D, E and L. Their chemical compo-

sitions are given in Table 2. It is clear that the heats have been

produced within narrow tolerances, with the exception of forging C,

which shows a large grain diameter.

Most of the work was performed on plate K and its weldment L. They

serve as a reference heat and reference weldment. The weldme.nt L as

tested contains the root weld, Fig. 1, whereas weldments D and E

contain intermediate weld beads.

3.2. Irradiations

All test specimens were irradiated in the HFR-Petten in high tempera-

ture rigs filled with sodium. The temperature in the rigs is controlled

by adjusting the gas mixture in a gap between the rig and its outer

containment. Further adjustment is accomplished by moving the rig

axially in the core relative to the flux peak [4], The irradiation

temperature is monitored with three K-type thermocouples for each

specimen. The thermal neutron fluence is determined with monitors

using the 59Co(n,Y)60Co reaction. The fast fluence is determined with

monitors using the 58Ni(n,p)58Fe reaction. The duration of the irra-

diation of rigs was chosen in accordance with the required maximum

fluence.

3.3. Mechanical testing

Tensile testing was performed on a servo-hydraulic machine using

a Woods metal device to obtain accurate alignment of the specimens.

The high temperature furnace showed a maximum gradient of 2.5 K and a

stability of 2 K. Stress strain curves are recorded on paper for the

lower strain rates. Testing rates are in the range from 3 * lO~7s-1

to 6 s"1.
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High rate testing requires a memory oscilloscope. Test temperatures

are in the range from room temperature to 1023 K. Most tests are

performed in accordance with ASTM Standard E-8.

All HCF-tests were performed under load control on a servo-hydraulic

machine using a sine wave. The total stress range varied from 150 MPa

to 200 MPa. The LCF-tests are performed under strain control using

a triangular wave form. Tne total strain ranges are in the interval

from 0.4% to 2%. Testing temperatures are in the range from room tem-

perature to 1023 K. Strain rates in this case vary from 10~6s~1 to

3 * 10~3s~1. For fatigue testing the thread ended hour-glass type is

used. The radius of the hour glass is large: 100 mm, making it almost

a cylindrical type. The specimens have ridges for strain gauge attach-

ment, Fig. 2. Surface roughness lies between 0.1 and 0.2 um after abra-

sive polishing.

Creep testing is carried out on shielded dead weight machines with

lever levelling devices and furnaces with three independently controlled

zones. Test stresses are in the range of 90 MPa to 300 MPa. Test tempe-

ratures are in the range from 723 K to 873 K. Creep testing is performed

in accordance with ASTM Standard E-139.
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in gage length.

Intermediate weld
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Fig. 1. Location of Che weld beads in the weldment with respect to

the gage length of tens i le , creep and fatigue specimens.

Fig. 2. Dimensions of the low cycle fatigue specimen in mm.
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4. DYNAMIC PROPERTIES

4.1. High cycle fatigue

In Fig. 3 the cyclic stress range has been plotted versus the number

of cycles to failure of heat K in unirradiated condition and irradiated

to a thermal fluence of about 2 * lO24 n.m~2 [5]. From the figure it

appears that there exists a fatigue limit of about 162 MPa and 152 MPa

for irradiated and unirradiated material respectively. The endurance

limit occurs at about 7 * 101* cycles at 823 K. These data are in rea-

sonably good agreement with data presented by Chow [6] for unirradiated

solution annealed Type 304 stainless steel. From our data it can be

concluded that low dose irradiation has little effect on the HCF-pro-

perties.

Comparisons of numbers of striations on fracture surfaces, Fig. 4, and

number of cycles to failure have shown that usually more than 80% of

high cycle fatigue life is consumed by initiation. Factors affecting

the duration of the initiation determine the fatigue life. Such factors

are:

- surface finish

- defects, especially in weldments

- residual stresses.

The HCF-data in the laboratory are produced by very smooth specimens.

Where welded joints are tested, care is taken to ensure that they are

sound. The relevance of such laboratory data for the high cycle fatigue

resistance of large components has therefore its limitations. Surface

finish, defects and residual stresses of structures weighing many Mg's

is, for economic production reasons, such that the presence of initia-

tion cracks must be postulated. Fatigue crack growth data and fracture

toughness values are thus essential for the design analyses.

4.2. Low cycle fatigue

Fig. 5 shows transmission electron micrographs of DIN 1.4948 in four

conditions, in the irradiated condition and three conditions after

irradiation to 5 * 102tf n.m~2 at a temperature of 323 K, 623 K and

723 K respectively. It is clear that at 723 K the displacement damage,
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in the form of loop type and "black-dot" damage, does not appear. At that

temperature this damage is instable and dissolves immediately.

As a result low cycle fatigue tests on material irradiated below 723 K

show a large amount of cyclic softening. At 823 K and higher test tem-

peratures the cyclic hardening of unirradiated and irradiated material

is quite comparable [7]. Also the number of cycles to failure, N,., is

hardly affected by irradiation up to 950 K. At 1023 K the reduction

factor due to irradiation Nc . /N,. . rapidly rises, Fig. 6.
f-unirr. f-irr. ' J ' e

These observations are valid for a strain rate of 3 * 10~3s~1.

Decreasing the strain rate at a given temperature and strain range re-

sults in a further decrease in the number of cycles of the irradiated

condition and the unirradiated condition, Fig. 7. The unirradiated ma-

terial fractures more intergranularly with decreasing strain rate. In

the irradiated condition the fracture surfaces at the lower strain

rates are completely intergranular. The Eckel [8] relationship douz

not account for a change in fracture mode. The predictive value of this

relationship is therefore limited. In unirradiated and irradiated mate-

rial about 20% of low cycle fatigue life is required for initiatiovi of

fatigue cracks. At the strain rates below 10~I+s~3 thj initiation occur;

earlier in life due to intergranular cracking.

In Fig. 8 the number of cycles to failure at 823 K of parent metal and

welded joints can be compared on the basis of total strain range. The

welded joints show about half the number of cycles to failure [9] of

parent metal. Cracks are initiated both on the outer surface of the

specimens and in the interior of the weld metal. Usually a small gas

cavity or fusion defect serves as starter crack. The fatigue fracture

propagates in the weld metal. Striation patterns are non existent or

highly irregular. In the wold metal a considerable amount of cold work

prior to testing has been observed by transmission electron microscopy.

This is one of the main reasons that in welded joints cyclic hardening

is hardly observed.
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5. STATIC PROPERTIES

5.1. Tensile properties

The main irradiation effect on tensile properties is a decrease in

ductility with decreasing strain rate and increasing temperature.

The data are summarized in Fig. 9 for an irradiation condition with

0.3 appm He. Saturation helium contents cause a shift of the trend

lines with about 10% to lower elongations [10]. The yield stress is

not affected by irradiation when irradiation and test temperature are

over 723 K. For the lower strain rates the ultimate tensile strength

is reduced, because of early fracture due to low ductility. In Fig.

10 this is illustrated with the tensile curves of the different con-

ditions of parent metal.

The ductility decreases after irradiation. The post-irradiation trans-

granular fracture character changes with decreasing strain rate into

intergranular fracture. In Fig. 11 the elongations measured in post-

irradiation tensile tests are plotted versus the percentage of the

fracture surfaces with an intergranular character. A systematic tran-

sition from completely ductile fractures for elongations over 40% to

fully intergranular fractures for ductilities below 20% is evident.

Welded joints show ductilities half those of parent metal in both

unirradiated and irradiated condition [11]. Weldments fracture in ti

weld metal except at strain rates below 10~5s~1. The fracture then

occurs in the heat affected zone. The trend for parent metal that the

transition strain rate above which no embrittlement is observed in-

creases with increasing temperature, is also observed for weldments.

Most of the tensile results described so far were obtained for parent

metal heat K and welded joint L. The decrease in post-irradiation duc-

tility with increasing temperature has been observed for all plates

and forgings [12]. For the three different weldments this trend was

not observed. It was observed that the ultimate tensile strength is

a function of the sum of carbon and nitrogen content divided by the

square root of the grain size, Fig. 12, in both unirradiated and irra-

diated condition at 823 K and 873 K. This observation is in accordance

with the data of Sikka [13] on unirradiated AISI Type 304.
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5.2. Creep and creep rupture

Four plates, two types of forgings and three welded joints -»re sub-

jected to post-irradiation creep exposure. All heat;» of parent û ?""1

show a decrease in creep strength due to loss of ductility. The re-

duction in creep strength is decreasing with increasing Larson Miller

parameter, which is exemplified in Fig. 13 for heat C. The heat-to-

heat variation in creep strength in unirradiated condition is equal

to that in irradiated condition. The variation expressed as standard

deviation of the mean creep strength is about 15%. The variation in

creep strength of parent metal can be correlated also with the sum of

carbon and nitrogen content divided by the square root of the grain

diameter.

The creep ductility is reduced, because of the irradiation promoted

intergranular cracking. The creep deformation pattern (until rupture)

is hardly affected by irradiation. For example the secondary strain

rate in reference and irradiated conditions are similar, Fig. 14.

The creep strengths of welded joints are considerably lower than

that of the plate they are connecting. Irradiation affects the welded

joints' ductility somewhat, but creep strength is hardly reduced.

Therefore post-irradiation creep strength of parent metal and welded

joints nearly coincide, Fig. 15. The ductility and reduction area

of welded joints is very limited after irradiation.

Since tensile strength and creep strength can be correlated to the

same structural parameter, they can be correlated directly with a

reasonable correlation factor. In this way the 10.000 hours creep

strength could be correlated to the ultimate tensile strength of the

particular heats of 823 K and 873 K.
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6. INTERACTIVE TESTING

6.1. Sequential creep-fatigue

The number of cycles to failure is decreasing with increasing prior

creep exposure [14]. In parent metal intergranular fracture occurs,

which increases the fatigue crack growth and thus reduces the fatigue

life. The root weld beads also show creep damage especially internal-

ly. In this case the number of cycles to failure is reduced by irra-

diation too.

Prior fatigue exposure improves the creep properties considerably due

to cyclic hardening. When macro fatigue cracks grow the creep proper-

ties rapidly deteriorate. After irradiation the creep extensions are

reduced with the same factor as in a single test.

6.2. The effect of fatigue and creep on tensile properties

Fatigue damage introduced prior to tensile testing shows its hardening

effect in the increase of the yield stress [10], The tensile elongation

is affected when the coalescence of micro fatigue cracks is in its final

stage or in the stage of macro crack growth, Fig. 16. For high rate ten-

sile testing the irradiation effect is limited. For low rate testing a

clear irradiation effect is shown, which has to be attributed to early

intergranular fracture assisted by the presence of helium on grain boun-

daries after irradiation.

In the case of creep damage prior to high rate tensile testing it has

been observed that the unirradiated and irradiated condition show simi-

lar behaviour with respect to tensile strength and ductility, Fig. 17.

This statement is valid for both parent metal and welded joints. The

ductility and ultimate tensile strength decrease gradually. Only after

80% of creep life has elapsed the strength and ductility rapidly de-

crease.
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tensile ductility at 823 K in unirradiated and irradiated con-

dition.
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7. DISCUSSION

7.S. Helium embrittlement

Several authors ([15],[16],[17]) have reported threshold helium con-

tents for tensile and creep embrittlement of stainless steel near half

the melting temperature in the range of 10"^ to 10~^ atomic ppm. The

heats of steel used for the present investigation contain at least 1

appm helium, which amply exceeds the threshold value. The helium from

the thermal 10B(n,a)7Li reaction will be the agent that weakens the

grain boundary strength, subsequently promoting intergranular fracture.

Most of the mechanisms explaining the effectiveness of helium, are

based on the theory of stress determined grain boundary bubble growth

([18], [19]) and coalescence. The ductility can be correlated with helium

content and strain rate to an acceptable level of accuracy. The theory

shows that lower strain rates reduce ductility due to the constraints

of the vrcancy sources. The bubble sizes at fracture predicted by theory,

however, have not been observed in specimens tested at even the lowest

rate. A wedge type crack model [15] does not entirely fit to the data,

but the trend of the data is such that the hypothesis that helium pro-

motes grain boundary cracking by reducing the surface energy is strongly

supported.

The results and theories do not provide complete remedies for helium em-

brittlement in austenitic stainless steel, but several measures can be

taken to increase the threshold helium content to a value only limited by

technical and economic feasibility. First of all the grain size of the

material should be as fine as possible. This may sound easy to achieve

for plate, but in the cases of heavy forgings and heat affected zones

this requirement is hard to fulfil. High boron contents should be avoided,

but even more effective is the control of its distribution. Rapid cooling

rates and small additions of for example Ti prevent boron segregation on

grain boundaries. Finally it is beneficial to promote helium bubble ini-

tiation, thereby preventing its growth to a fow large embrittling bubbles.

For coarse grained components containing boron, helium embrittlement seems

unavoidable in austenitic stainless steel. For the low rate loading ranges,
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be it static or dynamic, creep and cyclic life reduction factors

will have to be applied in design codes and guidelines. Also the

designer must be aware that in permanent core structures low duc-

tilities have to be anticipated after the threshold helium level

has been exceeded. For welded joints subjected to creep loads frac-

ture strains as low as 0.5% have been observed.

7.2. Service environment and testing condition

Static loads in the creep range will under normal conditions not be

above 40 MPa. The lowest test loads were about 90 MPa at the highest

service temperature 873 K. This higher creep temperature allows, with

the use of for example the Larson Miller parameter, extrapolation to

lower stress figures, but uncertainties still remain. Post-irradiation

creep test results of 10.000 hrs are available and compared to plant

life the extrapolation uncertainties are relatively large. Therefore

now post-irradiation creep tests are undertaken with expected maximum

time to rupture of 50.000 hrs.

The cyclic loading patterns in service are hard to predict and not

easy to obtain during operation. Still this is considered of great

importance. The use of constant amplitude and strain rate data might

give an oversimplification of reality which might not always lead to

conservatism. As stated in section 4.1 on high cycle fatigue,, the re-

levance for plant operation of data obtained on highly polished spe-

cimens is limited. The reliability in this area is better served with

data on defect specimens, though it is not an easy task to specify a

useful standard defect. At present a considerable part of the dynamic

testing is devoted to cyclic crack growth and toughness testing, but

also low rate cycle fatigue and fatigue frequency effects are inves-

tigated more thoroughly.

It is clear that the feared high rate deformations in the hypotheti-

cal core disruptive accident do not pose a serious problem in irra-

diated austenitic steel. On the contrary, results and physical con-

siderations on helium assisted crack growth suggest that high rate

loading is less harmful for permanent near core structures ductility

than low rate loading.
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In the HFR the irradiation transmutation product helium is generated

orders of magnitude faster than in LMFBR service. It is expected

that this difference in generation rate is not of importance for the

extent of helium embrittlement. The expected fluences are based on

shielding calculations with a limited accuracy. The absence of a he-

lium generation rate effect and the eventual bias of shielding calcu-

lations and therefore amounts of helium will have to be checked with

the results from post-irradiation tests of specimens taken from the

surveillance rigs of the SNR 300.

8. CONCLUSION

Low dose irradiation effects in permanent core structures of LMFBR1s

are limited to helium embrittlement mainly. The embrittlement is to

be encountered in both static and dynamic low rate mechanical loading.

Several measures to increase the helium content threshold can be taken

such as grain refinement, homogeneous boron distribution and promo-

tion of helium bubble initiation. In cases where helium embrittle-

ment is encountered life reduction factors on unirradiated material

properties must be applied. Additional work has to be performed in

the very low rate static and dynamic material properties in order to

validate extrapolations. The high rate deformations to be expected

in a hypothetical core disruptive accident are not influenced by low

dose irraditions. Parent metal mechanical properties are superior

compared to the welded joints. Especially the low welded joint duc-

tility has to be considered.
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Table 1

Product form, identification, thickness, grain size and ferrite con-

tent of six heats of DIN 1.4948 parent metal and three types of welded

joints.

Product
form

Plate

Forging

Welded
joint

Identification

B

F

K

C

H

D

E

L

Thickness
[mm]

50

40

40

20

500

120

50

40

20

Grain
diameter
[ym]

60

90

40

100

300

60

-

Ferrite
number
[%]

A
 A

 A
 

A

—
 

. 
1

< !

< !

4-6

5

3-0

Table 2

Chemical composition of the six heats of parent metal and the weld

metal in the three welded joints in weight percentages.

Parent

metal

Weld

metal

Heat

A

B

F

K

C

H

D

E

L

C

0.051

0.056

0.059

0.053

0.055

0.055

0.038

0.060

Cr

18.5

18.3

18.7

17.8

17.4

17.9

18.9

18.6

18.8

Ni

10.7

10.2

11.0

10.6

11.2

10.9

10.6

10.2

10.9

Mn

1.96

1.29

1.38

1 .82

1.57

1.58

1.40

1.24

1.30

Mo

0.037

0.01

0.01

0.065

0.04

0.057

0.088

0.02

0.01

P

0.024

0.006

0.020

0.014

0.010

0.017

0.023

0.013

0.011

s

0.006

0.013

0.026

0.031

0.018

0.016

0.011

0.014

Si N

0.73

0.48

0.50

0.44

0.44

0.41

0.59

0.46

0.58

0.059

0.073

0.047

0.041

0.035

0.041

0.044

0.052

B

0.0002

0.0003

0.0002

0.0014

0.0006

0.0038

0.0002

0.0002
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INFLUENCE OF MEDIUM DOSE NEUTRON IRRADIATION (g 1022 NCM~2)

ON DESIGN PROPERTIES FOR ELASTIC ANALYSIS OF X 6 CRNI 18 11

FOR PERMANENT STRUCTURES OF SNR 300

H. Breitling,

INTERATOM, D-5060 Bergisch Gladbach 1, FRG %

ABSTRACT 'sfi

Irradiation experiments on X 6 CrNi 18 11 - the structural material

of Type 304 ss for SNR 300 - have shown that under conditions

representative of the reactor vessel and inner components like

grid plate, shield vessel and instrumentation plate, irradiation

embrittlement will occur. The embrittlement is most pronounced

at low strain rate loading.

The influence of irradiation on the material data used for elastic

analysis in the design of SNR 300 structural components is des-

cribed- The irradiation factors introduced in designing against

low cycle fatigue and long-time loading are derived. The assump-

tion has been made that the irradiation effects for SNR 300

components correlate with the amount of helium formed (high

temperature embrittlenient) and the total neutron fluence for

SNR 300 components. The factors do not apply for the higher irra-

diated core components.



Introduction

The permanent structures for SNB 300 - the DeBeNe prototype

sodium-cooled fast braader reactor - such as reactor vessel,

grid plate, shield vessel and instrumentation plate are made

of X6 Cr Ni 1811, which is similar to AISI 304. These com-

ponents will be exposed to neutron irradiation during the

lifetime of the reactor (s. figure 1), reaching maximum
22 —2

fluencc levels of R- 10 ncm / E >0.1 MeV /.

Irradiation experimants have shown that under those condi-

tions 116 Cr Ni 18 11 is susceptible to helium embrittlement

/ 1 - 5 /. Tne embrittlement is most pronounced at low

strain rate loading and high temperatures- In the design

of SNR 300, the irradiation effects observer! have to hr~.

properly accounted for.

In this paper the influence of irradiation on the material

data usetl for elastic analysis will be reviewed. The proce-

dure used Eor deriving irradiation factors in designing

against, low cycia fatigue and long-time loading will

be described.

The irradiation factors should only be applied for permanent

structures of SNR 300, for which ductility after irradiation

is still high enough to justify the use of the same design

rules as for unirradiated material. The factors are not valid

for core components.
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Materials Properties Needed for Elastic Analysis Calculations

The materials properties that are to be considered in elastic

analysis are

physical properties (specific heat capacity, thermal

expansion, thermal conductivity, elastic modulusf Poisson

number \i)

1 % creep strain limit and creep rupture strength

yield strength R o ~ and ultimate tensile strength R
J p 0 . 2 Itl

allowable number of cycles in fatigue loading including

hold times

In the following the influence of irradiation on these

properties will be reviewed.

The influence of irradiation on the materials properties

considered in inelastic analysis calculations is not

covered in this paper and has been dealt with separately.
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3 Results Available from Irradiation Experiments

A great number of irradiation experiments have been carried

out on X6 Cr Ni 1811. Irradiations were performed in the

High Flux Reactor (KFR) near Petten, The Netherlands, mostly

at temperatures of 550 and 600 °C and neutron fluences between

1019 ncm"2 and 3 >: 1021 ncrrf2 / E 0.1 MeV /.

There were also some irradiations at fluence levels as low

as 10 ° ncm *" / Ej-0.1 MeV /. Postirradiation testing included

among others, creep tests, tensile tests at different strain

rates and fatigue tests with hold times. The tests have been

carried out in the hot cells at the nuclear centers in Petten.

The Netherlands / ECN / and Karlsruhe, West Germany / xfK /.

The derivation of irradiation factors is based on the

results obtained in these experiments, which have already been

reported elsewhere / 1 ~" 5 /. Therefore in the following only

a short summary of the main results will be given.

3.1 Creep and Creep Rupture

A total of six heats of parent metal and three types of

welded joints have been creep tested up to 10 h after

irradiation / 1f2 /. The influence of irradiation can be

summarized as follows / see fig. 2 and 3 / :

- Creep rupture strength is reduced by irradiation due

to a decrease in ductility

The creep strains, at fracture are significantly reduced

Differently from the behavior in the unirradiated condition

where the creep rupture strength of welded joints

is lower than that of base material, post irradiation

creep rupture strength is the same for both conditions,

implying a reduced irradiation sensitivity of welds.
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It seems that the reduction in creep rupture strength

is decreasing with increasing Larson-Miller parameter

Irradiation induced reduction of creep rupture strength

is observed already at very low neutron fluence levels

/ fig. 3 /

The 1 % creep strain limit values are only slightly

affected by irradiation. However, welded joints may

creep fracture at strains less than 1 %.

3.2 Tensile Properties R_ n ~ and R.
m

The main irradiation effect is the reduction of tensile

ductility. The strength values are hardly affected / 2, 3 /.

whereas the yield stress is increased by irradiation, the

ultimate tensile strength can be either slightly decreased

or increased.

3.3 Number of Cycles to Fracture in Fatigue Loading

The design curve used for elastic analysis includes the

influence of low strain rates and hold times. This has to

be taken into account when evaluating irradiation effects.

Whereas for pure cyclic loading no influence of irradiation

on the number of cycles to fracture is observed, a signifi-

cant reduction of Nf occurs with increasing length of hold

time / 4 /. At long hold times the reduction is almost

one order of magnitude (see fig. 4).
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. „ /

Evaluation of Results with Respect to Properties Considered

in Elastic Analysis Calculations

The irradiation embrittlement observed for X 6 CrNi 18 11 is

attributed to the formation of helium from the nuclear reaction

B 10 (n, a) Li 7 and to a lesser extent at high fluence levels

from the reaction Ni 58 (n, y) Ni 59 (n, a) Fe 56. Since these

reactions are mainly caused by thermal and epithermal neutrons,

it is reasonable to define irradiation factors not - as usually

done - as a function of fast neutron fluence, but as a function

of the amount of helium formed, i. e. a parameter that

correlates with the helium concentration.

r

Calculations of helium production for the permanent structures

of SNR 300 using 26 energy groups for the neutron flux have

shox>;n that the total neutron flux correlates fairly well

with the helium formation rate, It was therefore decided

to define irradiation factors as a function of total neutron

fluence in SMR 300. The correlation with the results of the

HFR-irradiation experiments has been carried out on the

basis of equal helium concentrations.

4 ''! Physical Properties

No experimental data after irradiation are available for

X 6 CrNi 18 ': 1. However, a literature survey has shown that

at the neutron fiuence levels of interest, no irradiation

effects are to be expected. Therefore,for the physical

properties no irradiation influence is considered.

4 .2 Creep an<5 Creep Rupture

Based on the experimental results described in Chapter 3.1f

irradiation factors f . = cn , irr./o,, , unirr. on creep

rupture strength have been derived and are shown in fig. 5.
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The creep rupture strength values of the unirradiated material

have to be multiplied by these factors. Up to a total fluence

of 1017 ncm"2 the factor is 1; between 1017 and 5 x 1022 ncm"2

it decreases linearly from 1 to 0.7. The values given are
?3 — 2

limited to fluence levels below 10 ncm . Although the ex-

perimental results have indicated that the reduction of creep

rupture strength due to irradiation decreases with increasing

time and temperature, the irradiation factors have been

assumed to be time and temperature independent. This was

done in order to be conservative and make the method easy to

use.

The factors in fig. 5 are valid for temperatures above 500 °C;

for temperatures below 450 °C the factor is 1 independently

of the neutron fluence and for temperatures between 450 and

500 °C they have to be interpolated linearly.

In the irradiated condition no difference is made in the

creep rupture strength values that are u.sect in design for

weldments and base material.

For the 1 % creep strain limits no irradiation influence is

taken into account for both base material and welclmenbs.

4.3 Yield strength, R - ~ 3nd Ultimate Tensile strength R

For these parameters no irradiation influence is considered.

For R 0 0 this is conservative, whereas for R the irradiation

induced changes are negligible.
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4.4 Allowable Number of Cycles in Fatigue Loading

Fig, 6 shows the dependence of the proposed irradiation

factor fN = KD i r r/N D u n i r r from the total neutron

fluence. The values determined from the results of the

irradiation experiments at two different fluence levels

and extrapolated to long hold times have been plotted, too.

Since no data were available for low neutron fluences and

temperatures other than 550 °C the temperature dependency

of the irradiation factor as well as the threshold neutron

fluence - below which the irradiation factor is 1 - have

been assumed to be the same as for creep rupture (s. Chapter

4,2) .

5 Summary

Irradiation experiments on K 6 CrNi 13 11 - the structural

material of type 304 ss for SNR 300 - have shown that under

conditions representative of the reactor vessel and inner

components like grid plate, shield vessel and instrumentation

plate, irradiation embrittlement will occur. The embrittlement

is most pronounced at low strain rate loading.

The influence of irradiation on the material data used for

elastic analysis in the design of SNR 300 structural com-

ponents is described. The irradiation factors introduced

in designing against low cycle fatigue and long-time

loading are derived. The assumption has been made that

the irradiation effects for SNR-300 components correlate

with the amount of helium formed (high temperature

embrittlement) and the total neutron fluence for SNR 300

components. The factors do not apply for the higher

irradiated core components.
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EFFECT OF SMALL AMOUNTS OF HELIUM ON

TIME DEPENDENT PROPERTIES OF Dill 1.4948

B van der Schaaf

ENC, Petten, Holland

ABSTRACT

In a liquid metal fast breeder reactor permanent near core structures

such as instrumentation support, shields and reactor vessel are exposed

to low total neutron fluences up to 10?5 n.m~2 at temperatures in the

creep range. The neutron spectrum is thermalized by the coolant, sodium,

to such an extent, that in the end of life condition the 10boron iso-

tope has substantially transmuted into helium and lithium. The amount

of helium depends on the location of the component with respect to the

neutron source: the core. For the design and safety analysis it is

essential to determine the effect of helium on the time dependent

properties.

In the present investigation the amount of helium has been varied in

the range from 2 * 10~3 appm to 20 appm for one heat of DIN 1.4948 by

carrying out irradiations in the core of the HFR at 823 K and varying

the irradiation time. The creep strength and rupture ductility decrease

with increasing helium content.

The grain size of the same heat has been varied from 100 um to 230 urn.

With increasing grain size the creep strength is decreasing in both

unirradiated and irradiated condition. Several models to explain the

observed behaviour are discussed. The implications of helium on coarse

grained heat affected zones of welded structures are given.
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1. INTRODUCTION

Permanent structures near the core of a liquid metal fast breeder,

such as reactor vessel, shield and diagrid are subjected to creep

loads. These components are also exposed to neutrons. The neutron

fluences at the end of life are low compared to the fluences in fuel

cladding. The neutron spectrum outside the core is rather thermal com-

pared to the core spectrum. Due to these service conditions the per-

manent structures show little displacement damage. The helium content

from boron burnup at the end of life is considerable due to the ther-

mal part of the neutron spectrum. Boron is a tramp element always to

be found in commercial austenitic alloys. AISI Type 304, 316 and 321

stainless steel and their weldments are usually applied for the non-

replaceable components. Reactor vessel, shield and diagrid cannot

economically be replaced. Their integrity is not only determining safe

operation, but also controlling the operational plant life.

It has been determined on the basis of irradiations of plate and weld-

ments at room temperature and limited subsequent tensile and creep

testing ([1],[2],[3]) that very small amounts of helium reduce the

creep ductility. The present work was aimed at the verification of

these results by irradiating AISI Type 304 stainless steel to very

small thermal fluences (thus very low helium contents) at the test

temperature: 823 K. This temperature level is a common LMFBR-outlet

temperature. For each irradiation condition several creep tests were

performed in order to check on a stress effect. Additionally the effect

of grain size on creep properties of one heat was investigated. The

results are given and their explanation and consequences for design

and weldments are discussed.
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2. EXPERIMENTAL PROCEDURE

2.1. Material

The material investigated is a heat of DIN 1.4948 plate, which is

similar to AISI Type 304. The chemical composition is given in Table 1.

The material for the very low fluence high temperature irradiations was

in the solution annealed condition with a grain diameter of 100 ym.

Table 1.

Chemical composition of the DIN 1.4948 plate in weight percentages.

c
0.053

Cr

17.8

Ni

10.6

Mn

1.82

Mo

0.065

P

0.014

S

0.031

Si

0.44

N

0.041

B*

0.0014

*segregated on grain boundaries

The larger grain sizes were obtained by annealing during short times

at temperatures in excess of 1400 K, resulting in mean grain diameters

of 130 ym, 185 ym and 230 um.

All test specimens have been made from blocks oriented perpendicular

to the rolling direction in accordance with ASTM and DIN standards,

Fig. 1.

2.2. Irradiations

Irradiations were performed in the HFR-Petten, The Netherlands, with

high temperature irradiation rigs. For irradiations lasting 24 hours

or more the well proven TRIO and NAST designs were utilized [4]. For

the lower fluence irradiations the NAST-rig was modified. In order to

heat the rig in a time short compared to the total irradiation time the

rig is shortened so it can be axially displaced in the core of the

HFR. In a modified NAST-rig, called MONA, the specimens are submerged

in sodium. The gap between inner and outer containment is filled with

a fixed gas -mixture, since there is no time for adjusting it. The re-

quired temperature is obtained rapidly by placing the rig in the HFR

at 40 MW power and adjusted by moving the rig axially in the core to

find the right y-heating for the fixed gas mixture. Heating from room

temperature to 823 K could be achieved in less than 100 s.
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In all rigs each specimen temperature is recorded with at least two

Type K thermocouples. The temperatures were within 20 K limits from

the nominal temperature of 823 K for more than 90% of the in-core

time. The thermal neutron fluence is determined with monitors using

the 59Co(n,Y)e0Co reaction. The fast neutron fluence is determined

with monitors using the 58Ni(n,p)58Fe reaction. The helium content

is calculated with the thermal fluence for the 10B(n,a)7Li reaction.

Fluences, and helium contents for five irradiation conditions are

given in Table 2. For the highest fluence irradiation the helium

contribution from the 58Ni double reaction [5] has also been taken

into account. For the lower fluences this contribution is negligible.

Table 2.

Measured neutron fluences and calculated helium contents of five irra-

diations at 823 K.

Irradiation

A

B

C

D

E

Fast
(E

fluence (n.m 2)
> 0.1

0.4 *

3 *

100 *

2.4 *

60 *

MeV)

1021

1021

1021

lO24

102"

Thermal

0.3

2

60

1

20

fluence (n.m 2)

* 1021

* 1021

* 1021

* 102I+

* l o 2 4

Helium content
appm

0.002

0.01

0.3

5

20

2.3. Testing

Creep testing was performed according to ASTM standard E 139-79 on 30 kN

creep machines, shielded in 178 mm lead. The machines are standard equip-

ment with lever leveling devices and 500 mm long furnaces with three in-

dependently controlled zones. Dual extensometers of ASTM class B-2 are

attached at the gage length of the specimens, Fig. 1. Creep strain and

temperature data are processed with a main frame computer.

The metallographic analyses includes optical, scanning- and transmission

electron microscopy.
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3. RESULTS

3.1. Effects of helium content

In Fig. 2 the dependence of rupture time on creep stress is shown for

five irradiation conditions characterized by helium content and for the un-

irradiated condition. It can be concluded that even for helium contents

of 2 * 10~3 appm the reduction of creep strength is considerable. At

a helium content of about 5.0 appm the reduction in creep strength shows

its maximum. The reduction in creep strength is brought about by the

decrease in creep ductility with increasing helium content. This is

shown in Fig. 3. The fracture surfaces of irradiated steel are com-

pletely intergranular in character, except for the highest creep

stresses. Transmission electron microscopy only revealed helium bub-

bles in steel with a calculated helium content of about 20 appm. In

none of the specimens irradiation induced damage has been observed.

Considering the irradiation temperature, 823 K, and the relatively low

displacement figure, for four heats below 0.5 dpa, the absence of dis-

placement damage could be expected.

3.2. Effects of grain size

In Fig. 4 and 5 the creep stresses have been plotted versus the rup-

ture times of plates with four different grain sizes in unirradiated

and irradiated condition respectively. In both conditions the creep

strength is decreasing with increasing grain size. After irradiation

the differences are smaller and the creep strength reduction is de-

creasing with increasing rupture time. The mean creep extensions in the

unirradiated condition are about 14% for grain sizes of 100, 130 and

185 um. The only material vith a grain size of 230 um has a mean creep

extension of about 6%. In irradiated condition all four conditions

show creep extensions of about 3%, Fig. 6.

The fracture surfaces of both irradiated and unirradiated specimens

are intergranular in character. For rupture times over 300 hours more

than 80% of the surface is intergranular. Transmission electron mi-

croscopy revealed few helium bubbles. On grain boundaries also very

few voids have been observed. These observations hold for both the

unstrained heads and the gage length.
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4. DISCUSSION

In Fig. 7 the normalized creep extensions of specimens tested at 823 K

and previously irradiated to respectively 325 K and 823 K can be com-

pared on the basis of calculated helium content. The difference is not

significant. The helium embrittlement threshold for this heat of DIN

1.4948 is about 10"1* appm helium. The similarity of the creep behaviour

after "cold" and "hot" irradiations indicates that the location of he-

lium on grain boundaries is not affected by the irradiation temperature.

This statement cannot be supported by the observation of the helium in

the form of bubbles. For helium contents below 4 appm, bubbles have only

been observed in very low densities less than 1019 m~3. Bubbles diameters

are in the range from 50 to 150 A. On grain boundaries much larger bub-

bles would be expected on the basis of the growth theory, which gives

the influence of the applied creep stress on the bubble diameter con-

trolled by vacancy adsorption [6]. Williams et al. [7] have studied

the effect of helium content in the range from 7 appm to 200 appm. They

observed higher bubble densities, but the void diameters were much smal-

ler than would be expected with the growth theory. In the present inves-

tigation helium bubbles have been observed, Fig. 8, in specimens con-

taining 20 appm helium, but here also the diameters are not in agre3-

ment with the theory. It is therefore likely that thin layers of helium

on grain boundaries are very effective in reducing the grain boundary

strength. Since there is no irradiation hardening the creep deformation

behaviour in unirradiated and irradiated condition is similar. In the

irradiation condition, however, unstable intergranular crack growth

occurs at lower creep deformations, down to 1.5% with more than 1 appm

helium, than in the unirradiated condition. Correlations of the effec-

tive surface energy with helium content [3] support the idea about the

role of helium in reducing surface energy in AISI Type 316 steel. The

trend of this correlation also indicates the adverse effect of large

grain diameters. For welded structures the effect of grain size is high-

ly relevant. Near root weld beads in the heat affected zone grain dia-

meter of 5 times the original grain diameter have been observed. Near

filler beads the grain diameter has increased less. In a band several

grain diameters wide along the fusion line grain diameters of two to

three times the orignal diameter have been observed. Potentially this is

a weak zone in an irradiated welded joint, because of the higher sensiti-

vity of coarse grained structures for helium embrittlement.
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5. CONCLUSION

Very small amounts of the transmutation product helium enhance inter-

granular creep crack growth. The threshold helium content for em-

brittlement at 823 K is about 10""1* appm. Increasing grain size aggra-

vates the helium embrittlement. The helium bubble distributions and

dimensions predicted by the growth theory have not been revealed by

transmission electron microscopy. It is more likely that very thin

helium layers on grain boundaries are effective in reducing the sur-

face energy.
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Fig. 1. The creep specimen; dimensions in mm.
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Fig. 2. The creep stress versus time to rupture for five irra-

diation conditions designated by He content and the

unirradiated condition.
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The effect of boron on the development of helium

induced creep embrittlement in type 316 stainless steel

by P. Marshall (BNL), P. Rose (BNL)
B. v.d. Schaaf (ECN)

400-3

Experimental work conducted by v.d. Schaaf and Marshall (1983) demonstrates
that the beneficial role of intentional boron additions (which significantly
enhance the unirradiated creep properties of type 316 steel) can be responsible
for embrittlement under thermal irradiation. Grain size, boron level and
extent of grain boundary boron segregation are metallurgical factors which exert
a strong influence on the initiation and extent of helium embrittlement.

Although a simple model based on the growth of unstable grain boundary
helium bubbles predicts the reduction in creep properties, electron microscopy'
studies at ECN and BNL have revealed only isolated examples of helium bubbles in
irradiated steels, consequently a failure model based on the growth of wedge
cracks is discussed.

Problems associated with the determination of boron level and its segregation
are discussed and examples are given of uniform and non uniform boron
distributions in austenitic and ferritic steels in an attempt to highlight possible
methods of developing irradiation resistance.

Implications for the design of permanent reactor structures are briefly
discussed.

i,

J

Reference

B. v.d. Schaaf and P. Marshall, Dimensional Stability and Mechanical Behaviour
of Irradiated Metals and Alloys, BKES, London, 1983, Paper No. 27.
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FRACTURE MECHANICS BEHAVIOR OF NEUTRON

IRRADIATED ALLOY A-286

W. J. Mi l ls and L. A. James
Westinghouse Hanford Company

Richland, Washington 99352, USA

ABSTRACT

j

The effect of fast-neutron irradiation on the fatigue-crack
propagation and fracture toughness behavior of Alloy A-286 was
characterized using fracture mechanics techniques. The
fracture toughness was found to decrease continuously with
increasing irradiation damage at both 24°C and 427°C. In the
unirradiated and low fluence conditions, specimens displayed
appreciable plasticity prior to fracture, and equivalent
Kja values were determined from Jjc fracture toughness results.
At high irradiation exposure levels, specimens exhibited a
brittle KIa fracture mode. The 427°C fracture toughness fell
from 129 MPaJin in the unirradiated condition to 35 MPaJrn at
an exposure of 16.2 dpa (total fluence of 5.2 x 102Z n/cm2).
Room temperature fracture toughness values were consistently
40 to 60 percent higher than the 427°C values. Electron
fractography revealed that the reduction in fracture resist-
ance was attributed to a fracture mechanism transition from
ductile microvoid coalescence to channel fracture.

Fatigue-crack propagation tests were conducted at 427°C on
specimens irradiated at 2.4 dpa and 16.2 dpa. Crack growth
rates at the lower exposure level were comparable to those in
unirradiated material, while those at the higher exposure were
slightly higher than in unirradiated material.
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I . INTRODUCTION

J- '

Al loy A-286 (AISI 660) is a heat-resistant Fe-Ni-O superalloy strengthened by

precipi tat ion of y' phase (N i 3 [A l ,T i ] ) . This material i s used in a few special

reactor structural appl ications, such as a bol t ing material in the FFTF upper internal

structure and an out let nozzle l iner in the CRBR reactor vessel. These part icular

components are exposed to re la t i ve ly low levels of neutron i r rad ia t ion . Knowledge

of the fracture mechanics properties ( i . e . , fracture toughness and fatigue-crack

propagation behavior) of th is material before and after i r rad ia t ion would support

such applications. Fracture toughness tests on the unirradiated material typ ica l ly

exhibi t e las t ic -p las t ic behavior, wi th J , values ranging from 75 to 133 kJ/m2. " '

Fast-neutron i r rad ia t ion at intermediate temperatures is l i ke l y to resul t in appreci-

able degradation in fracture resistance due to substantial displacement-type

i r rad ia t ion damage ( i . e . , dislocation loops and networks, voids and precip i tates) .

This type of damage frequently produces s igni f icant reductions in d u c t i l i t y , but

quanti tat ive measures of the corresponding changes in fracture resistance are typ ica l ly

not available. This study was undertaken to determine the effect of i r rad ia t ion

on the fracture toughness and fatigue-crack propagation (FCP) behavior of Alloy

A-286 using both l inear-e last ic and e las t ic -p las t ic concepts as applicable. The

fracture surface appearance was also characterized by electron fractographic exami-

nation to evaluate operative fracture mechanisms at various neutron exposure levels.

8 3 2



I I . MATERIAL AND EXPERIMENTAL PROCEDURE

The test material, obtained from a hot rol led 1.27-cm str ip of Alloy A-286

Carpenter Steel heat K-58139-2 (electric-arc-melted, consumable-electrode-remelted),

was given a standard precipitation heat treatment: solution annealed at 982°C

for .30 minutes, water quenched and aged at 718°C for 16 hours. In this condition

the alloy displays an austenitic matrix that is strengthened by precipitation

of y'> Ni3(Al,Ti) . The typical microstructure, shown in Figure la , reveals

many randomly oriented carbide particles coupled with stringers aligned in the

ro l l ing direction. These inclusions were ident i f ied by wavelength dispersive

x-ray analysis as titanium-rich MC-type carbides. Higher magnification (Figure 1b)

also reveals smaller unidentified precipitates distributed uniformly throughout

the matrix.

The chemical analysis and mechanical properties for this material are l is ted

in Tables 1 and 2, respectively, and the mechanical properties are plotted in

Figure 2. The unirradiated strength levels are seen to be independent of tempera-

ture, but a 40 percent decrease in duc t i l i t y was observed at 427°C. Neutron

exposures of 2.4 and 7.8 displacements per atom (dpa), corresponding to total

fluences of 7.7 x 1021 and 2.5 x 1022 n/cm2, caused significant i rradiat ion

embrittlement; the yield strength was increased by 35 percent and the irradiated

uniform and total elongations were degraded by a factor of approximately 2.

In a previous study, ' i r radiat ion to 2.4 x 1021 n/cm2 was found to produce

no embrittlement for the same heat of material studied herein. Therefore, the

threshold level for i rradiat ion damage in Alloy A-286 is between 1 and 2.4 dpa

(total fluences of 2.4 and 7.7 x 1021 n/cm2).

In this study, irradiations were performed in the Experimental Breeder Reactor-11

(EBR-II) position 7A4, in subassemblies X-267A, X-267B and X-268. The subassemblies

contained "weeper" canisters that allowed reactor ambient sodium to circulate

around test coupons. Specimens were irradiated at temperatures ranging from

400 to 427°C to total neutron exposures of 2.4 to 16.2 dpa, as calculated using

the cross section of Doran and Graves. ' A summary of neutron irradiat ion

conditions [ total fluence, fast fluence (E > 0.1 MeV), and dpa] is given in

Table 3.
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FIGURE 1. Typical microstructure of Alloy A-286 i l lus t ra t ing:

(a) large, randomly oriented carbide particles and stringers
aligned in the ro l l ing direction, and

(b) higher magnification of a stringer.
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TABLE 1

CHEMICAL COMPOSITION OF ALLOY A-286 (PERCENT BY WEIGHT)

Mn Si P S Cr Ni Mo Cu V Ti AI B Fe

0.04 1.27 0.53 0.015 0.002 14.04 25.80 1.30 0.08 0.26 2.17 0.19 0.004 Bal

TABLE 2
CO

S SUMMARY OF TENSILE PROPERTIES FOR ALLOY A-286

Temp

24

427

427

427

Tota l
Fluence
(n/cm2)

0

0

7.7 x 102 1

2.4 x 1022

Fast Fluence,
E > 0.1 MeV

(n/cm*)

0

0

5.6 x 1021

1.3 x 1022

Neutron
Exposure

(dpa)

0

0

2.4

7.8

Yield
Strength

(MPa)

769

730

987

976

Ultimate
Strength

(MPa)

10E>8

999

1093

1073

Uniform
Elongation

19

11

4

5

Total
Elongation

22

15

8

6

Number
of Tests

1

3

2

1
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TABLE 3

IRRADIATION EFFECTS ON THE FRACTURE TOUGHNESS OF ALLOY A-286

CO
co

Temp
, °C

24

24

24

24

427

427

427

427

427

427

Total
Fluence
(n/cm2)

0

2.5 x 1 0 "

2.5 x 1 0 "

5.2 x 1 0 "

7.7 x 102 1

2.5 x 1 0 "

2.5 x 1 0 "

Fast Fluence,
E > 0.1 MeV

(n/cm2)

0

1.3 x 1 0 "

1.3 x 1 0 "

3.7 x 1 0 "

0

5.6 x 1021

1.3 x 1 0 "

1.3 x 1 0 "

5.2 x 1 0 " 3.7 x 1 0 "

5.2 x 1 0 " 3.7 x 1 0 "

Neutron
Exposure

(dpa)

0

7.8

7.8

16.2

0

2.4

7.8

7.8

16-2

16.2

J I c
(kJ/m2)

146

88

42

180

129

90

31

16

3

(MPavfn) JT (MPa>/fn)

74

77

57

45

49

34

37

\a y s
(mm)

14.4

15.4

8.7

5.4

6.3

3.0

3.6

10.3

10.3

9.6

10.5

9.8

10.5

10.5

Pmax

1.07

1.03

1.00

1.00

1.04

1.00

1.00

lc
(mm) Pmin (MParfii)

57

45

49

34

37



Fracture toughn<j$'.: tes'.s were performed at 24 and 427°C on deeply precracked r

(;j/W > 0.6) compart, specimens wUI. s width, W, of 29.3 mm and a thickness, B, !•;

of 12.7 mm. Specimens were tested on an electrohydraulic closed loop machine p?;

i n s t r o k e c o n t r o l a t a s t r o k e r a t e o f 0 .25 mm/minute. Disp lacements were measured ]'•:

along the load line by a high-temperature LVDT displacement monitoring technique.' ' jy

During each test , the load-line displacement was recorded continuously on an '(]

X-Y recorder as a function of load. '{•

In thr; u n i r r a d i a t e d and low neutron exposure (2 .4 dpa) c o n d i t i o n s , e l a s t i c - '•

p l a s t i c 0^concep ts were usec to charac te r i ze l.if? d u c t i l e f r a c t u r e toughness ^

behavior. Values of J , were (iattrinine'J by the mul t ip le-spec imen R-curve technique

i n accordance w i t h A.STl-1 S p e c i f i c a t i o n £813-81 v' ' Deeply cracked compact specimens

were loaded to var ious displacements producing d i f f e r e n t amounts o f crack ex tens ion ,

aa, and then unloaded. A f te r un loading, each specimen was heat t i n t e d t o d i s co l o r

the crack growth r s< ; im nrd subsequently broken open so t h a t the amount o f crack

extension coulct ho. r 'Srsurerl. The v?li i f i o f J l o r each specimen was determined

froii i the load versus load- ' ! 1 no ui.spi icr-rnont curve by the f o l l o w i n g equa t ion .

T - ?A M + ?) rr-
" " ESb ( r + ^ y L '

where: A = are?; uncer' loaj versus load-'ine displacement curve

b ~ unbroken "Iitjarr.enc size

a = [(2a/uj* •» 2.[i.ü/c} t z ? • w.a/b -•• i)

a = crack KTurtl*

Single-specimen unloading-compliance J ^ tosts were also performed at 427°C.

Periodically during tiiese tests, specimens were unloaded approximately 10 percent

of the maximum load to measure chances in comoliance. The analog load-displacemen'..

signal was d ig i t ized, fed into a ir.inicomputer, and stored on a magnetic tape

for future retr ieval and analysis. At each unloading, the value of J was calculated

by £ciuation [ I ] , ur.vl trie unlrjajiirj t,or.".p'fwuia: was computed from a least-squares

regression line h t ted through the lower half of the unloading curve. The instan-

taneous crack length and corresponding crack extension was then determined by

the following modification of the Saxena-Hudak equation:



„ _ . /

a/W = 0.9796 - 3.1350 U - 4.4477 U2 + 16.0749 U3 [2]

where: U =

E = elastic modulus
C = load-line compliance

Equation 2 takes into account the difference in compliance-crack length calibration
at the notch surface, where load-line displacements are frequently monitored,
and at the outside surfaces, used in high temperature displacement measurements.

(8 9}This difference is caused by the influence of the pin-loaded holes. ' ' Compliance
values at the two positions were determined as functions of a/W by f ini te element

• techniques in Reference 10. The difference in compliance values was incorporated
,. • into the Saxena-Hudak equation^ ' to establish the compliance-crack length
:'• relationship given in Equation 2. Experimental compliance results for Alloy

A-286 and other materials at 427 and 538°C were found to be in agreement with
the modified Saxena-Hudak equation.

Single- and multiple-specimen R curves were constructed by plotting values of
J as a function of Aa; J* was then taken to be the value of J where a least-

• ;. squares regression line through the crack extension data points intersected
l.'i the stretch zone line:

J = 2of(Aa) [3]

where: of = flow strength = j"i(o +

The ASTM specimen size criteria for valid J j c determination:^ '

B, b > 15 ^ - [4]

and

8 3 9



B, B > 25 'lc
[5]

were met for a l l specimens.

Values of the tearing modulus, T, ware computed from the fol lowing equation:^ ' t-
T - — — £-

~ da o^
[6]

where dJ/da i s the R-curva slope. The va l id i t y c r i t e r i on proposed by Hutchinson

and Paris^ ' for J-control led crack growth in a f u l l y yielded specimen

) • '

b dO
J dT [7]

was met.

At the high i r rad ia t ion exposures, b r i t t l e fracture occurred in the l inear -e las t ic

regime; hence» the Kv test procedures outl ined in ASTM Specification E399-8P '

were used. The c r i t i c a l load (PQ)> obtained by the 5 percent secant of fset

technique, and the average crack length., obtained from the 1/4-, 1/2- and 3/4-

thickness posit ions, were- used to compute the condit ional fracture toughness [

using the standard K--solution given in Reference 14:

KQ = f(a/W) [8]

wltere: f (a/W) « 2/U2* aWnr- ' (0.886 + 4.64 a/W - 13.32 a2/W
a/W)3/ '-

+ 14.72 a3/W3 - 5.6 a V
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The specimen size requirement to assure valid plane strain K, fracture toughness

determination

a, W-a, B I 2.5 (V°ys)2 [9]

was satisfied at the higher neutron exposures (7.8 and 16.2 dpa at 427°C and 16.2

dpa at 24°C -- see Table 3). The KIc specimens were precracked to an a/W ratio

greater than 0.6, which is higher than recommended ratio given in ASTM E399-81.

This difference is not expected to affect the results since the minimum specimen

dimension, W-a, generally satisfied Equation [9] and catastrophic fracture consistently

occurred prior to the 2 percent increment of effective crack extension allowed

at KQ. The one exception, the 7.8 dpa room temperature results, will be discussed

later.

'f"

FCP tests were conducted on the same size of compact specimens, except that the

width dimension was 7.62 mm. The specimens were cyclicly loaded in a servo-hydraulic

test machine operating in load control. Elevated temperatures were achieved by

use of an ait*-circulating furnace. Crack lengths on the irradiated specimens were

measured periodically by use of a special high-resolution closed-circuit television

system. An optical traveling microscope was used to measure crack lengths in the

unirradiated specimens. The "secant method -.(15) was used to calculate FCP rates ,
and the stress intensity factor range (AK) was calculated using the standard formula^ '

(identical to Equation [8] with AK and AP substituted in place of Kn and Pn, respec-

tively). In general, the test methods and data analysis procedures of ASTM E647-81v '

were followed throughout the FCP testing.

The fracture surface appearance of unirradiated specimens was characterized by

direct fractographic examination on an SEM operated at an accelerating potential

of 25 kV. To examine the fracture morphology of irradiated specimens, gold-coated

cellulose-acetate replicas were prepared and studied.
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III. RESULTS AND DISCUSSION

The unirradiated fracture toughness behavior for Alloy A-286 at 24 and 427°C i s

summarized in Figure 3. The J j c values d i f fer s l ight ly from those reported in

Reference 1 because the tension component correction in Equation [1] was not made

or ig ina l ly , and additional data have been included in the current R-curve regressions.

At 427°C, the Jr and tearing modulus (Table 3) decreased by almost a factor of

two relat ive to room temperature values. This reduction is consistent with the

loss in duc t i l i t y (Table 2) observed at the higher temperature.

Neutron i r radiat ion was found to cause a continuous degradation in fracture resist -

ance, as indicated in Figure 4. In the unirradiated condition, typical load-

displacement curves exhibited extensive plastic deformation, whereas the low

exposure (2.4 dpa) load-displacement records showed only l imited p las t ic i ty and

a lower maximum load. With higher neutron exposures, specimens fa i led in the

l inear-elast ic regime at progressively lower loads.

Comparison of the 427°C unirradiated and low fluence R curves is made in Figure 5

with multiple-specimen and single-specimen results displayed on the l e f t and r igh t ,

respectively. Both test methods y ie ld comparable fracture toughness responses.

Irradiation to 2.4 dpa was found to cause a two-fold reduction in J j c and a f i ve -

fold reduction in tearing modulus. The large degradation in tearing resistance

is due to a 70 percent reduction in the R-curve slope coupled with a 20 percent

increase in flow strength.

The irradiated Or value determined by the multiple-specimen technique (39 kJ/m2)

is not technically valid according to the ASTM test procedure because only three

data points were available to construct the R curve; ASTM recommends that a minimum

of four points be used. The unloading-compliance results met a l l ASTM c r i t e r i a ;

hence, the J j c value of 42 kJ/m2 is considered valid and is reported in Table 3.

Both test methods y ie ld the same tearing modulus, T = 3.

At the higher neutron exposures, the degradation in fracture toughness behavior

continued with K. values ranging from 45 to 49 MPav¥ at 7.8 dpa and 34 to 37 MPa*fiT

at 16.2 dpa. In Figure 6, these toughnesses are compared with equivalent plane

strain fracture toughness values (K-,A computed from the unirradiated and 2.4 dpa
\ uC/

J , values using the following equation:

,-y
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where v represents Poisson's rat io. The plane strain fracture toughness is seen

to decrease continuously with increasing irradiation damage although the degrada-

tion rate fa l ls off at the highest exposures. At 16.2 dpa, the Kr value is

reduced by 70 percent relative to the unirradiated equivalent toughness.

The room temperature fracture toughness results are listed in Table 3 and plotted

in Figure 6. The material irradiated to 16.2 dpa fractured in the linear-elastic

mode and had a KIc of 57 MPavfii". Under intermediate exposure conditions (7.8 dpa),

the increase in fracture resistance invalidated the Kr results since the specimen

dimensions no longer met the size criterion given in Equation [9] . Furthermore,

the values of PQ for these two tests were equal to P5, the intersection of the

5 percent offset secant with the load-displacement record, which means that 2 percent-

effective crack extension was allowed Kg. The large i n i t i a l a/W could then result

in a sl.ight overestimation of KQ. Since subsize specimens with long i n i t i a l crack

lengths tend to cause nonconservative toughness values, the intermediate exposure

fracture toughnesses are reported as KQ rather than KT . The unirradiated equivalent

K, fracture toughness was computed using Equation [10].

The room temperature fracture toughness decreases continuously with increasing

irradiation exposure, paralleling the 427°C results. The 24°C values were approxi-

mately 40 to 60 percent higher than elevated temperature results, indicating an

overall increase in fracture resistance with decreasing temperature in both the

unirradiated and irradiated condition.

The severe degradation in fracture resistance with increasing irradiation damage

demonstrates that b r i t t le fracture would be an important design consideration for

highly irradiated Alloy A-286 ( i . e . , for exposures greater than 5 dpa). Crit ical

flaw sizes for design stresses equal to half the unirradiated yield strength are

on the order of 5 to 10 mm at 427°C and 10 to 20 mm at 24°C. For exposures less

than 2 dpa, the higher toughness levels result in an order of magnitude increase

in cr i t i ca l flaw sizes, such that b r i t t le fracture would no longer be a primary

concern.
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Examination of the unirradiated and irradiated fracture surface morphologies re-

vealed that the operative fracture mechanisms were dependent on irradiation exposure.

The unirradiated fracture appearance, detailed in Reference 1, consisted of a combi-

nation of microvoid coalescence and elongated tear ridges or troughs, as shown

in i igure 7. The tear ridges (see upper le f t corner of Figure 7) formed around

failed stringers that were aligned in the rol l ing direction. These troughs propagated

ahead of the advancing crack front, and they caused a reduction in fracture resistance

of the surrounding matrix. ' The microvoid coalescence mechanism involved a duplex

morphology with large primary dimples surrounded by many smaller ones. Early rupture

of the large carbide inclusions init iated the primary dimples, but before they

could coalesce, many smaller dimples, or void sheets,' ' ' were nucleated in

the remaining highly strained ligaments. The spacing of the small dimples indicates

that they were nucleated by the small, unidentified precipitates shown in Figure lb.

The deep, well-defined dimples and tear ridges indicate that their formation involved

extensive homogeneous plastic deformation. This is further evidenced by the inter-

woven patterns observed on the dimple and tear ridge walls. Such deformation

markings are indicative of features found on materials strained well into the plastic

regime.

In the irradiated condition, the fracture mechanisms were markedly different. The
2.4 dpa fracture surface, shown in Figure 8a, exhibited a few shallow, i l l-defined
dimples surrounded by a rather faceted morphology. With higher neutron exposures,

the fracture surface took on a highly faceted, crystallographic appearance (Figure
(19 20)8b) reminiscent of channel fracture.^ ' ' No evidence of the elongated tear

ridges was observed in any irradiated specimen, which indicates that the stringers

do not influence the postirradiation fracture behavior.

Channel fracture has been observed in neutron-irradiation Type 304 stainless steel
at 371°C^19'20^ and in unirradiated Inconel X-750 at 649 and 704°C.^21'22^ This
fracture mechanism results when al l dislocation activi ty is channeled through narrow
deformation zones. The severe dislocation channeling ultimately in i t iates localized
separation along these planar slip bands. In the Type 304 stainless steel, lead
dislocations sweep out the fine defects generated by the irradiation displacement
damage, creating defect-free channels that are substantially weaker than the surround-
ing matrix. All subsequent dislocation act ivi ty is then channeled through these
localized planar regions, and eventually shear cracks nucleate and propagate along
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FIGURE 7. -Typical fractograph for unirradiated Alloy A-286.
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FIGURE 8. Typical fractographs for irradiated Alloy A-286.

(a) 2.4 dpa

(b) 16.2 dpa
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weakened channels. In a l l l ikelihood, this heterogeneous deformation model also

results in the channel fracture observed in highly irradiated Alloy A-286. Stereo

fractography provided additional support for the proposed channel fracture mechanism

because the individual facets were found to be steeply inclined relative to the

overall crack plane, a condition that is indicative of shear fracture.

At a neutron exposure of 2.4 dpa, a fracture mechanism transition from ductile

microvoid coalescence to channel fracture occurred as evidenced by the i l l -defined

dimples and facets. The lower irradiation dose results in fewer latt ice defects

and a lower strength matrix. Straining s t i l l produces defect-free channels, but

they are only sl ightly weaker than the surrounding regions, so that limited matrix

dislocation mechanisms remain active. As a result, shallow microvoids are init iated

but their growth is stunted by the restricted homogeneous sl ip capabilities.

The severe reduction in fracture toughness with neutron irradiation is attributed

to the extensive planar sl ip and the concomitant channel fracture mechanism. As

the channel fracture becomes better defined with increasing exposure, the fracture

resistance continues to drop but at a decreasing rate. This suggests that a satura-

tion in toughness degradation occurs when crisp channel fracture dominates the

fracture surface. Irradiation embrittlement in Type 304 stainless steel was, in

fact, found to saturate at fluences above 3 x 1022 n/cm2 where the channel fracture
(19}mechanism was dominant. ' Therefore, irradiation exposures above 16 dpa are

not expected to reduce the Kjc response for Alloy A-286 below 30 to 35 MPa/frf.

Results for FCP tests conducted at 427°C are shown in Figure 9. Two specimens

were tested in the unirradiated condition, and one specimen each irradiated to

total fluences of 7.5 x 1021 n/cm2 (2.4 dpa) and 5.2 x 1022 n/cm2 (16.2 dpa). The

specimen irradiated to the lower exposure (Specimen 663) exhibits FCP rates that

are essentially equivalent to those observed in the unirradiated specimens. On

the other hand, the higher exposure specimen (Specimen 672) exhibited crack growth

rates that are somewhat higher than those observed in the unirradiated specimens.

This trend is especially apparent at the higher values of AK as the value of Kmax

approaches the fracture toughness Kj . In fact, Specimen 672 fractured abruptly

during fatigue cycling at a IT „ level of about 33 MPa^. This is in very good

agreement with the values of Kj = 34-37 MPavfif shown in Table 3.
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IV. CONCLUSIONS

The fracture properties of Alloy A-286 irradiated to 2.4, 7.8 and 16.2 dpa

(7.7 x 1021, 2.5 x 1022 and 5.2 x 1022 n/cm2, respectively) were characterized

at 24 and 427°C using fracture mechanics techniques. The results of this study

are summarized below:

1. The elevated temperature fracture resistance was found to decrease continuously

with increasing irradiat ion damage. In the unirradiated and low neutron exposure

conditions, the material fai led in an elastic-plastic mode, and the equivalent

KJc determined from the J j fracture toughness, was reduced from 129 to 90

MPavfif due to irradiat ion to 2.4 dpa. Br i t t le fracture occurred at higher

exposures, and Kjc values continued to f a l l to approximately 35 MPa#at 16.2

dpa.

2. The room temperature fracture toughness also decreased with increasing

irradiat ion, paralleling the 427°C results. However, the KJc or KIc toughness

values at 24°C were consistently 40 to 60 percent higher than the 427°C values.

3. In the unirradiated condition, the fracture surface exhibited well-defined

microvoid coalescence and elongated tear ridges. These morphologies indicate

that extensive homogeneous plastic deformation accompanied the tearing process,

accounting for the superior fracture resistance.

4. The severe toughness degradation at a neutron exposure of 16.2 dpa was associated

with a channel fracture mechanism. In the highly irradiated material, a l l

dislocation act iv i ty was localized in planar sl ip bands, and cracking eventually

in i t ia ted and propagated along these channels. The extensive planar sl ip and

accompanying channel fracture resulted in the poor fracture resistance displayed

after intense irradiat ion damage.

5. At 2.4 dpa, a fracture mechanism transit ion from ductile dimple rupture to

channel fracture occurred. Both homogeneous and heterogeneous dislocation

mechanisms were active in this regime, which accounts for the modest 30 percent

reduction in fracture toughness observed at this neutron exposure.
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6. Irradiation to 2.4 dpa produced l i t t l e or no influence upon the fatigue-crack

growth behavior of this alloy. However, irradiation to 16.2 dpa produced a

moderate increase in FCP rates relative to those in unirradiated material.

This trend was more pronounced at the higher levels of AK as the material

fracture toughness was approached.
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EFFECTS OF LOW DOSE FAST NEUTRON IRRADIATION ON THE FRACTURE

TOUGHNESS OF TYPE 316 STAINLESS STEEL AND WELD METAL

by C Picker, A L Stott and H Cocks
(Risley Nuclear Power Development Laboratories, UKAEA)

SUMMARY

This paper describes the results of fracture toughness tests on Type
316 steel and weld metal irradiated in the core of a thermal reactor to
damage doses in the range 0.4 to 4 dpa (N/2). The results show that the
superior toughness of Type 316 steel over the weld metal is retained for
doses up to 4 dpa (N/2) and that no significant degradation in initiation
fracture toughness occurs for damage doses up to 2 dpa (N/2). Appreciable
degradation of initiation fracture toughness occurs for both materials at 4
dpa (N/2) but the most serious effect is the very low tearing resistance
produced in Type 316 weld metal at this damage dose.
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1. INTRODUCTION

Type 316 stainless steel is the main candidate material for the primary
circuit in the Commercial Demonstration Fast Reactor (CDFR), and the fabri-
cation of components will involve the use of welded joints in this material
using 17Cr-8..x-2Mo filler. Certain core peripheral components vill be sub-
jected to a significant fast neutron fluence which may cause embrittlement
by atomic displacement damage and helium production within the material.
Because most of these core peripheral items cannot be considered to be
removeable, it is important from flawed-structure design, inspection and
integrity assessment considerations that the effect of fast neutron damage
on the fracture toughness of wrought Type 316 steel and weld metal should be
evaluated.

A programme of tests is in progress to determine the effects of
relatively low dose neutron fluences on the fracture toughness of Type 316
steel and weld metal. The principal irradiation exposure relevant to the
core support structure at the sodium cold pool temperature has been made in
a single experiment in he breeder reflector of the Prototype Fast Reactor
(PFR), and has included a range of material conditions and specimen sizes
(10 to 50mm) at damage doses up to 0.6 displacements per atom (dpa).
Although the neutron spectrum in this experiment was similar to that which
will be experienced by the CDFR core peripheral items, the sodium inlet
temperature in PFR (400°C to 420°C) is rather higher than that proposed for
CDFR ( 370°C). Because of the limitations of this experiment a comple-
mentary study of the effects of irradiation temperature and damage dose on
the initiation toughness of Type 316 steel and weld metal has been made
using a series of irradiations in the core of thermal materials test
reactors (MTRs).

This paper describes the results of the fracture toughness tests
completed on materials irradiated in hollow fuel elements of thermal MTRs to
damage doses in the range 0.4 to 4.0 dpa (N/2). At the present time the
corresponding tensile specimens have not been tested and the findings must
therefore be regarded as interim in nature since a complete picture of
behaviour cannot be obtained without a knowledge of the changes in strength
and ductility brought about by irradiation and elevated temperature
exposure.

2. TEST PROGRAMME

The scope of the test programme of MTR irradiations is outlined in
Table 1. The basic programme is based on wrought Type 316 steel and Manual
Metallic Arc (MMA) weld metal in the dimensionally stabilised (2 hr at 65O°C
and slow cooled) condition, irradiated at 370°C to doses from 0.2 to 4 dpa
(N/2). Other material conditions and the effect of irradiation temperature
in the range 370°C to 470°C have been studied only at the 0.4 dpa (N/2) dose
level. One Type 316 steel (PI) and one weld metal (Wl) of the compositions
shown in Table 2, have been used throughout the programme. The weld metal
was in the form of 51mm thick 60° V-preparation and 30° K-preparation welds
deposited from the same electrode batch.
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3. EXPERIMENTAL DETAILS

Six Charpy sized (10mm x 10mm x 55mm) single edge notched three point
bend (SENB 3) specimens, fatigue precracked to the requirements of DD19(1)
to a surface crack length of 35% of the spcimen width (W), were irradiated
with four corresponding V-notch Charpy impact and two Hounsfield '13'
tensile spcimens in hollow fuel element positions in thermal MTRs. During
irradiation the specimens were contained in graphite barrels (Fig 1);
the specimen temperature was controlled by a combination of gamma self-
heating, electrical heaters and helium gas-blanket flow-rate, and the fast
and thermal neutron fluxes were monitored by Ni or Fe and Co monitors. The
conditions for the specimen irradiations are given in Table 3.

Combined initiation J-integral and crack opening displacement (COD)
tests were carried out using the interrupted multi—specimen technique(2) on
a 100 kN static capacity shielded universal testing machine.

In-cell specimen heating to the test temperature of 370°C was achieved
by infra-red radiant lamps on each side of the specimen; these lamps were
hinged to provide access for setting-up and dismantling the test piece. The
output of the infra-red lamps was controlled from the specimen thermocouple
by a conventional temperature controller to achieve an accuracy of ±2°C.
The thermocouples were contained in hollow pins used to secure the clip
gauge knife edges to the specimens; because the pins were several milli-
metres from the notch line it was necessary to produce a temperature cali-
bration on non-active spcimens.

On reaching the test temperature of 370°C the temperature was held for
20 to 25 minutes to allow temperature gradients within the test jig to
stabilise to minimise spurious displacements during the test. During each
test the crack mouth opening (Vg) was monitored with a blown-air-cooled clip
gauge mounted between the saddle-piece knife edges and plots of load (P)
and Vg were autographically recorded as a function of the machine ram
displacement

Following testing, the specimens were heat-tinted for 25 minutes at
450°C in a small electrical resistance furnace and were broken open at
ambient temprature on the test facility. The initial crack length (a),
stretch zone width (SZ) and the true slow crack growth (&a) were measured at
9 evenly-spaced positions across the specimen thickness, inluding the two
surfaces, by placing the specimen on the test machine ram and moving the
specimen in front of a TV camera using manual ram displacement control. An
electronic grid on the TV monitor screen was used to provide parallax-free
reference points for measurement and the ram movement was displayed
using a dial-gauge mounted directly on the ram.

Two series of non-irradiated control tests were also made at 370°C to
permit distinction to be made between any changes caused by the elevated
temperature exposure and those caused by the fast neu Iron damage. These
tests comprised baseline tests for each material condition, and thermal
controls for each irradiation/material condition. The thermal control
specimens were exposed, under low pressure argon in quartz glass capsules,
to the same temperature/time combination as the relevant irradiation
condition prior to testing; the thermal ageing control conditions for the
completed irradiation test series are given in Table 4.



For each test the J-integral was evaluated from the area under the
load/displacement plot up to the point of off-loading (corrected for inden-
tation and load train compliance) using the formula proposed by Sumpter and
Turner(3) to account for the short crack length used:

J = ne Ue + np Up ....(1)
B (W-a)

Where Ue, Up represent respectively the elastic and plastic areas under
the load/displacement plot in energy units,

ne, np represent geometrical correction factors (for a bend
specimen np = 2, ne is a function of crack length (a)).

B = specimen thickness
W = specimen thickness
a = average crack 3ength (averaged over the seven inner

measurement stations).

It should be noted that the specimen geometry (corresponding to the
subsidiary geometry of BS5762: 1979(4)) used throughout the programme,
violates the ASTM E813-81 Jj c test procedure(5) in a number of ways: The
nominal crack depth a/w = 0.4 is outside the required range 0.5^ a/w^ 0.75;
the difference between individual crack length measurements and the average
crack length is greater than 7% and, particularly for the Charpy-sized
specimen, the thickness (B) and ligament (W-a) are often smaller than the
requirements:

B, (W-a) > 25 Jlc/af

and B, (W-a) > 15 J/af

o ö
where a*, the flow stress = y + u

2

4. RESULTS

To convey an idea of the scatter possible in the data from each test,
the thermal control and irradiated specimen results have been compared,
where possible, with the scatter band for the baseline materials, for which
a much larger number of spcimens are generally available. The J/Aa scatter
band for 2h 650°C heat treated Type 316 steel (PI) at 370°C, including
results from 10mm, 20mm and 0 to 50% sidegrooved 50mm specimens, are shown
in Fig 2; similar results at 370°C for Type 316 weld metal Wl, using 10mm
and 20mm spcimens, are given in Fig 3. In both cases the data has been
plotted as a function of true fibrous crack growth Aa (excluding the
contribution from the stretch zone) averaged over the inner seven
measurement stations as in BS5762: 1979(4). The initiation J integral (Ji)
is therefore represented by the intersection of the resistance data with the
ordinate, which gives a Ji value of about 100 kJ/m2 for the Type 316 steel
and about 40 kJ/m2 for the MMA weld metal.

Figs 4 and 5 show the results of tests at 370°C on Type 316 steel PI
irradiated to 0.4 dpa (N/2) and 4 dpa (N/2) at 370°C respctively; also
shown are the results from the corresponding thermal controls and the
scatter band from the corresponding baseline material tests. The test
results at 370°C for 2h 650°C heat treated Type 316 weld metal Wl,



irradiated to nominal damage doses of 0.4, 2 and 4 dpa (N/2) at 370°C are
shown in Figs 6 to 8 with the baseline material data band and thermal
control test data. Test data at 370°C, following irradiation to 0.4 dpa
(N/2) at 370°C are also available for Type 316 weld metal Wl in both the
as-welded and the 1050°C heat treated conditions. These data, with the
appropriate baseline and thermal control results, are shown in Figs 9 and 10
respectively. The test results at 370°C for 2h 650°C heat treated weld metal
Wl irradiated to a nominal damage dose of 0.4 dpa (N/2) at 420°C are shown
with the baseline material data band and thermal control data in Fig 11.

A comparison of the test results from Type 316 steel PI irradiated to
nominal damage doses of 0.4 and 4 dpa (N/2) is made in Fig 12 and a similar
comparison for 2h 650°C heat treated Type 316 weld metal Wl is made in Fig
13.

5. DISCUSSION

The results from the thermal control tests on the 2h 650°C heat treated
Type 316 steel and weld metals lie generally within the scatter band for the
baseline tests, with a isolated results lying just above the upper boundary
line of the scatter band. In the case of the as-deposited weld metal the
thermal control results appear to differ from the baseline test data,
however, comparison with the scatter band for the 2h 650°C heat treated weld
metal suggests that the thermal control results from the as-welded material
are probably not inconsistent with the scatter band to be expected for as-
deposited weld metal. For the case of 2h 1050°C heat treated weld metal
there is good agreement between the baseline and thermal control test data.
The indications are, therefore, that thermal exposures of up to 13000h at
370°C or 1340h at 420°C do not have a significant effect on the fracture
toughness of Type 316 steel or weld metal.

For the Type 316 steel and weld metal heat treated for 2h at 650°C the
effect on fracture toughness of fast neutron irradiation to a damage dose of
0.4 dpa (N/2) at 370°C to 420°C appears to be small, but in all three cases
(Figs 4, 6 and 11) there appears to be a tendency for the slope of the
resistance line to be slightly reduced and the initiation toughness slightly
increased relative to the baseline data. At higher damage doses the
resistance curve slope is further reduced (eg Figs 12 and 13) but the
initiation toughness is also reduced under these conditions. The net effect
is to give a lower initiation toughness with a very low tearing resistance
especially for Type 316 weld metal after a 4 dpa (N/2) damage dose.

In the absence of relevant tensile data it is possible only to con-
jecture why a dose of 0.4 dpa (N/2) causes an apparent small increase in
fracture toughness. It seems likely that this damage level somewhat reduces
the ductility and work hardening capacity of the material causing a marginal
fall in tearing resistance and affecting the ability of the material to
withstand crack tip strain. The initiation COD (6i) , which is a measure of
critical crack tip strain, does not show an equivalent increase relative to
the baseline data, the J integral is however, dependent on both COD (6 ) and
the yield stress (oy) in the relationship:

J « ay 6
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An increase in ay due to irradiation strengthening would therefore be
reflected by an increase in initiation J (Ji) unless 6i was correspondingly
reduced.

On the basis of this scenario the overall behaviour of the J-integral
parameter following irradiation will therefore be controlled by the relative
amounts of irradiation strengthening and irradiation embrittlement produced.
For the lower doses (0.4 dpa (N/2)) the contribution from strengthening
seems to dominate, causing a slight increase in Ji, while the concomitant
decrease in work hardening capacity reduces the resistance curve slope. At
higher levels of damage, the embrittlement contribution dominates and Ji is
reduced for both Type 316 steel and weld metal while the work hardening
capacity becomes small, reducing the tearing resistance to a low level.
Again the COD data measured from the test records supports this view as <Si
is reduced proportionately more than Ji as the damage dose is increased.

The significance of the findings in relation to the assessment of
flawed structures is that the initiation toughness for both Type 316 steel
and weld metal will not be affected significantly by damage doses up to 2
dpa (N/2). Beyond 2 dpa (N/2) a significant fall in toughness occurs for
both materials, but, because of the inferior toughness of Type 316 weld
metal in the unirradiated state, the toughness of this material would remain
the controlling factor in the failure of a flawed weldment.

While acknowledging the fall in toughness of Type 316 steel and weld
metal following fast neutron irradiation to 4 dpa (N/2), it is useful to
note the change in initiation toughness when expressed as the linear elastic
parameter Ki from the equation:

Ki =

Where E is the Young's Modulus
v is the Poisson's ratio

For the unirradiated Type 316 steel at 370°C the irradiation toughness Ji of
100 kJ/m2 is equivalent to a Ki of 140 MPa^m while after a 4 dpa (N/2)
damage dose the Ji of 80 kJ/m2 is equivalent to 125 MPa'm (on the basis that
the Youngs Modulus of 1.71 x 10 N/mm2 for Type 316 steel at 370°C is not
changed by5 this level of irradiation). Similarly for Type 316 weld metal
(E=l.35x10 N/mm2 at 370°C), irradiation to 4 dpa (N/2) causes Ji to fall
from an unirradiated value of 40 kJ/m2 to 25 kJ/m2 at 4 dpa (N/2)
(equivalent to a change from 75 MPa/m to 60 MPa/m expressed as Ki).
Expressed as a linear elastic initiation toughness Ki therefore irradiation
to 4 dpa (N/2) causes only an 11% fall in toughness for Type 316 steel and a
20% fall in toughness for Type 316 weld metal.

More seriously, the very low level of tearing resistance for Type 316
weld metal irradiated to 4 dpa (N/2) means that no credit can be taken for
an increase in toughness with crack growth for this material. A flawed
structure assessment made on the basis of initiation toughness would there-
fore not contain an intrinsic safety margin from the increase in toughness
accompanying crack growth.
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6. CONCLUSIONS

1. Irradiation of Type 316 steel and weld metal to a damage dose of 0.4
dpa (N/2) at 370°C to 420°C has only a marginal effect on the toughness
behavior at 370°C; any change produced is in the form of a slightly
increased initiation toughness Ji (or Ki) accompanied by a slight fall in
tearing resistance.

2. No marked change in the initiation toughness Ji (or Ki) of Type 316
weld metal at 370°C is observed for irradiations producing up to 2 dpa
(N/2) damage dose at 370uC.

3. Irradiation to 4 dpa (N/2) at 370°C causes a fall of 11% and 20%
respectively in the initiation fracture toughness (Ki) of Type 316
steel and weld metal at 370°C giving values of 125 and 60 MPa/m
respectively after irradiation.

4. The tearing resistance of Type 316 weld metal at 370°C is reduced to a
low level by a 4 dpa (N/2) damage dose, consequently no increase in
toughness with crack growth could reasonably be assumed for safety
assessessment or stability studies on Type 316 weld metal in this
condition.

5. The toughness of Type 316 steel irradiated at 370°C to damage doses up
to 4 dpa (N/2) and tested at 370°C remains markedly superior (by a
factor of ̂ 2) to that of similarly irradiated Type 316 weld metal.

6. The fracture behaviour of irradiated Type 316 steel and weld metal is
inferred to be a function of the relative degrees of irradiation
strengthening and irradiation embrittlement produced; confirmation of
this behaviour awaits the completion of tests on tensile test pieces
irradiated at the same time.
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TABLE 1

PROGRAMME FOR THERMAL MTR IRRADIATIONS USING B=W=10mm SENB3 SPECIMENS

Targest Dose
(dpa (N/2))

0.2

0.4

(TEST TEMPERATURE 370°C THROUGHOUT)

Nominal Irradiation Temperature

370°C 420°C 470°C

PI (ST+A)
Wl (A)

PI (ST only, ST+A)* PI (ST+A) PI (ST+A)
Wl(as welded*,A*,B,C*) Wl (A) Wl (A)

PI (ST only, ST+A)
Wl (A)*

PI (ST+A*)
Wl (A)*

PI denotes Type 316 steel (see Table 2)

Wl denotes Type 316 weld metal (see Table 2)

Heat Treatment Key

ST denotes solution heat treatment

A denotes 2hr at 650°C (l20°C/hr cooling rate)
B denotes 2hr at 850°C ( 50°C/hr cooling rate)
C denotes 2hr at 1050°C ( 50°C/hr cooling rate)

* denotes tests completed and reported in this paper.

Material Key
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TABLE 2

MATERIAL DETAILS

Material Material Thickness Composition (wt %)

Identi- (mm) C Mn Si Cr Ni Mn S P B N
cation

PI Type 316 steel 51 0.054 1.8 0.'56 16.5 10.8 2.3 0.023 0.033 0.028 0.043
Heat No 13678

Wl 17-8-2 weld metal 51 0.068 2.09 0.35 18.0 9.5 1.73 0.014 0.023 ^0.005
105/1



TABLE 3
SPECIAL IRRADITION CONDITIONS

Material

Nominal
Damage
Dose
(dpa(N/2))

Fast
Neutron
Fluence
(E>lMeV)

Total
Fluence

Estimated
Irradiation Irradiation Damage
Time Temperature Dose
(hr) (°C) (dpa(N/2))

Type 316 steel PI
St + 2hr 650°C

Type 316 steel PI
ST + 2hr 650°C

Type 316 weld Wl PWHT
2hr 650°C

0.4

4.0

0.4

3.1xlO20 8.4xlO20

2x10
21

6.0x10
21

2.6xlO20 7.5xlO20

1150

11300

1160

370

370

370

0.41

3.5

0.35

es
a
a

Type 316 weld Wl
As welded

Type 316 weld Wl
PWHT 2hr 1050°C

0.6

2.0

4.0

0.4

^ 5.4xlO20 '

1.2xlO21

^ 2xlO21

3.6xlO20

^ 1.5xlO21

, 3.5xlO21

6.1xlO21

8.3xlO20

~ 1730

5400

11300

1160

370

370

370

370

^ 0.7

1.7

3.7

0.50

Q.a 3.6xl920 8.1xlO20 1160 370 0.48

Type 316 weld Wl 0.4 3.5xlO20 8.2xlO20 1360 420 0.54



TABLE 4

Thermal Control Ageing Conditions

Material
Exposure
Temperature

(°C)

370

370

370

370

370

370

370

420

Exposure
Time

(hr)

1340

13000

1340

6050

13000

1340

1340

1340

Type 316 Steel PI (ST + 2hr 650°C)

ij " II n it it II

Type 316 Weld Wl (PWHT 2hr 650°C)

Type 316 Weld Wl (As welded)

Type 316 Weld Wl (PWHT 2hr 1050°C)

Type 316 Weld Wl (PWHT 2hr 650°C)
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ABSTRACT

The objective of this research is the FM assessment of neutron damage

to AISI 316 H steel commonly used in LMFBR's permanent primary circuit

components.

The material FM characteristics studied are the crack-initiation tough-

ness and the crack-resistance curves. The AISI 316 H stainless steel

has been considered in the base condition, the welded deposit and the

HAZ material. The specimens tested are 3PB bars. The results presented

cover theO, O.ldpaand 0.3dpa fluences at 350°C and 550°C.The crack-growth-

resistance curves were obtained following the dimensional analysis

approach together with the deformation theory of plasticity concepts.

This method, using key curves has effectively shown trends in the

above-mentioned fracture mechanics characteristics of the irradiated

AISI 316 H steel. The results obtained so far indicate generally low

degradation at both temperatures between the non-irradiated and the

irradiated base material, one note-worthy exception being the significant

lowering at 550°C and 0.1 dpa of dJ/da by about 35% and of JIc by about

50% with respect to these parameters values in the other conditions of

fluences and temperatures. As far as the weld material is concerned, it

exhibits significantly lower initiation toughness and tearing moduli in

the pre and post irradiation conditions with respect to the base material

but those FM parameters values are practically unaltered at both temper-

atures and all fluence levels. The HAZ material was studied too and it

was found that all J values corresponding to various crack advances fell

within the base material results at 35O°C as upper bound and the welded

material at 550°C as lower bound at corresponding fluence levels.
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INTRODUCTION

The subject research concerns a vast irradiation programme of the

stainless steel material that is used extensively in LMFBR's ir-

removeable primary circuit components. The scope of this work is

the evaluation of the degradation of the stainless steel FM proper-

ties, when the material is subjected to conditions inherent to LMFBR

reactor operation as far as irradiation fluences, temperature levels

and Na environment are concerned.

The obtained experimental results constitute the basic data needed

for life-expectancy evaluation of LMFBR reactor structures.

21
A previous project "ITRA", /I/ had tackled the higher 2dpa (4.10

2
N/cm E>0.1Mev) fluence problems on AISI 304 and AISI 316 stainless

steel at 20°C and 400°C. In this case, the most striking result

has been the drastic reduction of toughness in terms of COD and

J at initiation of the irradiated welded specimens at 400°C. It

must be pointed out that when the work was carried out interest

focused on the determination of maximum critical crack sizes based

on the very conservative COD or alternatevelyofJ design curves using

the experimental values of J and initiation (COD). These integrity
Ic

procedures did not consider the flaw-tolerant ductile behaviour

of the stainless steel and to study the characteristic stable crack

extension with rising loads behaviour of the stainless steel, the

determination of crack-growth resistance curves is required as

well as J values. To this end, a new irradiation programme cover-
Ic

ing the 0.1 dpa, 0.3, 1 dpa and 2 dpa fast fluences (E>0.1MeV)

has been programmed. The material considered is an AISI 316H stain-

less steel. So far, the results obtained in the frame of this re-

search correspond to the nought, 0.1 dpa and 0.3 dpa irradiation.

The AISI 316 H stainless steel has been considered in the base con-

dition, the welded deposit and the heat affected zone material.
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Tests are conducted at 350°C and 550°C on plane-sided 3PB specimens.

Due to space requirements in the irradiation capsules the 3PB bars

are relatively small sized and this in turn limits the study of

the tearing resistance up to a maximum amount of about 700 [im of

growth if J-controlled crack growth conditions have to be maintained.

Various routes were examined aiming to determine the J parameter

at incipient crack growth and under stable tearing. Candidate methods

were the potential drop direct current technique and a dimensional

analysis with deformation theory of plasticity concepts. Reasonably

correct crack growth predictions were obtained using the latter

approach and this method was used to compute the J-resistance curves.

Both methods were shown to yield coherent J values within a reason-
Ic

able margin.

MATERIALS AND SPECIMENS PREPARATION

3PB bars were cut from a fully annealed ASTM A240 type 316H stainless

steel plate. The specimens are of the L-S type. The welded and HAZ

specimens are machined from butt-welded strips taken from the plate.

No annealing of this MIG-welded assemblage was done. In addition,

a roundabout equal quality of tensile test specimens were machined.

The geometry of the FM specimens and of the tensile specimens appear

in Fig. 1. The nominal crack length a to width W was set at 0.55
o

for all specimens. The chemical composition of the steel is listed

in Table 1. The mechanical properties of the non-irradiated steel

appear in Table 2 . Three to seven specimens were loaded per case,

the longitudinal axis of the specimens being parallel to the

rolling direction.
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PRECRACKING

A method whereby the displacement cycle (20Hz sinusoidal wave) is

kept constant has been used. The system utilises an electronic device

that controls the load amplitude P = P -P . whereP . was set at
max min m m

O.5kN. In order that F would remain within the limits set by
max

the British Standard Institutions in their DD19 : 1972 document,

the maximum allowable fatigue stress intensity at the crack tip

0.5
K is limited to a 0.63 a B value where B is the thickness of
f y

the specimen and a is taken as the average of the yield and the

ultimate tensile stress.

K for the base material with a 405MPa a value equals 31.25MPa

f y
vm set the maximum alowable fatigue s.i.f. for all materials.
Following this method, it can be seen in Fig. 2, that the DD 19

a
criteria is satisfied from — =0.48 onward.

w

IRRADIATION

The irradiation was performed in the high flux reactor HFR of the

JRC Petten (Netherlands) Establishment. The neutron spectrum in

the irradiated positions is given in Fig. 3. Concerning the 0.1

dpa nominal fast fluence, the neutron metrology has indicated a

noticeably higher, by about 50%, effective fluence for the weld

material. See also Table 3. The variation in fluence is about

+ 20% in a series of four specimens. The axial variation in temper-

ature of the Na contained in the HFR capsules was at the most 50°C.

The heat generation did not exceed 2.5 W/g corresponding to a temper-

ature gradient of about 30°C between centre and surface of the

specimens.
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TEST MATRIX

The test results available for analysis are given in Table 3. The

26 and 78 days permanency in Na autoclaves correspond respectively

to the duration of the 0.1 dpa and of the 0.3 dpa irradiation in

HFR.

PROCEDURE

Testing rigs

The hot cell installation included a 50 kN Instron machine equipped

with an electric furnace for tests in air at 350 and 550°C. The

temperature at which tests were run in the hot cell, correspond

to the temperature the specimens sustained during irradiation. The

cross-head velocity varied from 0.5 to 2.5 mm/minute. The load-load

point displacement measurements were carried out some distance away

from the oven containing the test specimen. By calibrating the load

line displacements of uncracked specimens as well as the local

deformations in various bearing points, the data recorded on magnetic

tape correspond to the load-load displacement of the cracked specimen.

As far as the data acquisition is concerned, the servo-hydraulic

machine is directly connected to a HP 1000 data acquisition system

that records in digital form the applied force, two displacements,

the average of which corresponds to the load-point displacement

and two potentiometric signals indicating crack growth initiation.

The system picks up the signals at 2000 equi-spaced time intervals

and has demonstrated the possibility of complete elimination of

50 Hz electric noise. The non-irradiated specimens have been tested

in a similar rig, using a 60 kN Schenck machine and an on-line data

acquisition system.
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Detection of initiation of stable crack growth

The DC potential drop method has been chosen for its aplicability

in adverse conditions of high temperature (up to 550°C) and remote

control operation possibilities needed for the irradiated materials

testing.

A DC 40A stabilized current source is introduced at the end faces

of the 3PB specimens. The PD is measured between two points located

near the crack tip on diagonally opposite sides of the specimens.

Two couples of pick-up points are installed (see Fig. 4). The speci-

mens are insulated from the testing machine. During the monotonic

leading of a precracked specimen, the potential drop versus load

point displacement is recorded. In these diagrams it is possible

to distinguish an initial part where the behaviour is random, a

second zone where the diagram assumes the form of a straight line

and a third curved zone. The transition between the second and the

third zone corresponds to the initiation of stable crack growth.

The accuracy of the initiation point measurement depends on the

sharpness of this transition. The PDdc technique generally enabled

to identify such a transition (see also Table 4).

Measurement of initial and final crack length

Up to incipient crack growth, the initial ligament is b = W -a
o o

where a is the initial crack length. The initial fatigue crack
o

size and the final crack extension was defined using the nine points

average after crack marking by heat tinting at 550°C for some mi-

nutes. The specimen halves were separated after each test by fatigue

cracking and sawing of the remaining ligament. Crack extension measure-

ments were inclusive of the stretch zone. The measurements were

made using a Zeiss microscope with a sixfold magnification factor.
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More refined crack extension measurements were carried out by taking

photographies of the cracked zones of the specimens using a magni-

fication factor of twenty. Subsequently, the photographies have

been analysed on a TEKTRONIK 4956 digital table having a resolution

of 0.1 mm. Thousand couples of coordinates have been introduced

for both the fatigued and the final crack fronts. From those data,

the crack advances are then computed. In this specific research

where the initial crack fronts were practically straight and the

extended fronts were very regular, both methods yielded, within

very narrow limits, identical results, so only the nine points average

procedure was systematically carried on.

CRACK EXTENSION CALCULATION

From dimensional analysis applied to the case of pure bending of

a small remaining ligament it has been shown /2/ that the relation-

ship between angular displacement 3 and bending moment per unit
c

thickness M is

e = f (̂ ö) (i)
c b^

where b is the remaining ligament size. The function f depends only

on the material monotonies stress-strain properties. It can be observed

that the only significant geometrical parameter entering the form (1)
b

is the ligament size; i.e. the ratio — is not relevant in the case

of pure bending. By virtue of the deformation theory definition /3/

dp (2)

where A is the load point displacement through which P works. In

the case of bending (2) equates to
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/•» .as
dM where b=W-a (3)

0
and W is the width of the three point specimen.

From (3) and (1) the following expression for J (referred to as

J ) is derived /4/

c / b
"0 a

Inverting the form (l) leads to

a

da (4)

or M = b 2 F (6 ) (6)
c

where F(0 ) is referred to as the material "key curve",
c

Since F (9 ) is a material characteristic it is evident that it
c

may be experimentally derived from tests run on bending specimens

having a very small ligement, thereby providing information on F (0 )
c

for high 6 value that can be reached before crack growth occurs,
c

In our case the problem was addressed in the following manner :

For convenience the key curve is referred to as curve C.
2

Then formula (6) is tantamount to P = b C (7)

2
Consider a curve C where the values of P/b are plotted at the cor-

o
responding 0 value and where

c

b = W-a is the initial ligament size then :
o o

P = b 2 C (8)
o

The C curve is illustrated in Fig. 5. The C and C'curves appear in

Fig. 6 (8) is known from experimental results. In this research a

maximum of four tests per case characterized by temperature, aging

period in Na and fluence, were available. The final ligament length

b is known from heat-tinting measurements. If one plots the four
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p
(at the most) ~^y values corresponding to the final 6 value in

the normalized T~ versus & diagram (C curve) of the greater
bo c

(9 ) final case then it has been checked that those points, that
c

belong to the C curve by definition, line up in a most satisfactory

manner on a tangent to the C curve. In other words, the C or F (G )
c

function is adequately represented by a straight line, a curved part

and a straight line tangent to the curved part. See Fig. 6. The

subscript 4 were arbitrarily chosen for the greatest (9 ) case.

It is straightforward for the data acquisition system to define the

tangent, in any tests to the C curves that passes through an imposed
p

final —~5 point. With this procedure the single specimen method (allowingb f
one J-R curve per specimen) is applied as follows :

From (7) and (8) follows the current ligament size

Indeed b=b V — (9)

and the total crack advances is simply

Aa = b ( l - \ ^ (10)
o • C

r f~c' J~d ~~\
and in an interval i , i+1 we have a. - a.=fc> \n;i) . ~\(~) . (H)

l+l l ° |_' C i ' C i+ll
corresponding to an increment da in formula (4).

The J value is then computed i.e. according to formula (4).

RESULTS

J-resistance curves for the B and W material.

All results appear in Fig. 7 to 18. It appears that the permanency in

Na between 26 days and 78 days does not influence in a relevant way

the results of the non-irradiated material.
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J values for the B and W material

c

Considering the J value at initiation obtained through the PDdc

technique, it has been found that at Aa = 0 offset on the J-re-

sistance curves, the values of J compare well with the PDdc ones

for the weld material or overestimates them slightly. Some offset

must be introduced as shown in Table 4 in the case of the base

material in order to match the PDdc derived values.

Test results of HAZ material

From the results concerning the B and the W material it can be

checked the the widely spread HAZ results lie practically within

the base material at 350°C results and the weld material at 550°C

for the unirradiated and for the irradiated case. Typical results

appear on Fig. 19.

These are not unexpected results considering that in the case of

the HAZ material, the crack front actually "cuts" through all three

materials, B, W and HAZ, in some random way due to the fact that

the HAZ is in fact extremely narrow and the B-W interface is some-

what warped. On the basis of these observations it has been decided

to exclude the HAZ material from future irradiation tests.
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CONCLUSIONS

In the case of the relatively small 3PB specimens studied, for

which the J-controlled crack growth is about 700 /im, it was shown

how a dimensional analysis enabled to derive J-resistance curves

for materials having distinctly different load-displacements diagrams

such as the base and the weld material. In fact the crack extensions

A a inferred using this procedure on the test covering the longest

crack advance, are corroborated by the heat-tinting values of A a

found in three (at the most) accompanying tests. The method should

thus be suitable when a small number of 3PB specimens are available

as is obviously the case in irradiation studies. Future work will

benefit from a recently /5/ introduced new formulation of the J

integral, referred to as J , that allows to analyze crack growth

up to 30% of the ligament under bending loads. The results presented

here, covering crack growths of about 7%, are in no significant

way different if the analysis follows either the J or the J route.
D M

The importance of increased out-of-plane constraint will be tackled

on 20% side-growed specimens that were submitted to a 0.3 dpa nominal

fluence. As far as the J values are concerned they correlate reason-
Ic

ably well with the PD defined ones when taken on the J-resistance

curve at some A a offset value of about 100 ^m for all base material

tests and at nought offset for the welded material. Recently and

following difficulties encountered when applying the ASTM E-813

standard test for the J measure of toughness, particularly with
Ic

respect to the definition of the stretch zone width in high toughness
material such as the AISI 316H steel, another definition of J is

Ic
evolving. General consensus is now encountered concerning a defect
assessment procedure to determine J whereby J would be defined

Ic Ic
on the crack-growth resistance curves at some offset A a. In this
work, the J defined from the dimensional analysis or using the

Ic
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PDdc technique convey the idea that such a procedure is valid, even

dJ
in the case of the weld material since the relatively low — value

da

found for this material will lead to a reasonably small overesti-

mation of J at roundabout 100 urn of A a with respect to the tabu-
Ic '

lated values. It appears from Table 4 that there is less spread

in the results derived from dimensional analysis than in the PDdc

results indicating an overall better reproducibility of the procedure.

To fully endorse this analysis as applied to 3PB specimens, tests

on differently sized ligaments should be carried out. As such, the

method has effectively shown trends in fracture toughness character-

istics of AISI 316H steel, a major objective in this work. Even results

where the specimen has exceeded its J integral capacity are considered

useful. Since no crack tunneling problems have been encountered,

it has not been imperative to use side-grooved specimens, though the 0.3

dpa fluence tests will be repeated on 20% side-grooved specimens of

identical overall configuration as those used up to now. An interest-

ing result, so far, is the decrease in J and dJ/da values encountered
c

in the 0.1 dpa irradiation at 550°C for the base material, with respect

to the values at the nought and 0.3 dpa fluence level, at the same

temperature. Finally, it may be observed that the width of 20 mm

of the L-S type specimen is relevant to the wall thickness of some

of the LMFBR's primary circuit components such as the pressure vessel

wall.
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Table 1 - Chemical composition of the investigated steel in c/c

Base material

C

0.056

Co

0.06

Si

0.34

Ti

< 0.005

Weld material

C

0.051

Co

0.06

Si

0.43

Ti

< 0.005

Mn

1.61

Nb

< 0.005

Mn

2.25

Nb

^ 0.005

P

<0.02

Cu
"0.22

P

^ 0.02

Cu

0.17

S

0.009

B
0.00097

S

0.09

B

0.00088

Cr

15.2

V

0.087

Cr

16.0

V

0.08

Ni

12.1

N
0.082

Ni

8.9

N

0.082

Mo
2.44

Mo

136

Table 2 - Mechanical properties of the non-irradiated steel

Material

Base
Base
Base
Weld
Weld

Temperature
°C

20
350
550
350
550

Yield strength
MPa

240a

133
105
300
250

Ultimate tensile
strength MPa

57Oa

483
440
445
382

Uniform elongation
percent

65 a

36
35
16
14

a Result obtained in one test on a 0 4 mm tensile specimen, gauge length was 20 mm.
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Table 3 - Test matrix

Material and
number of specimens

B-4
B-3
B-2
B-4
B-4
B-3
B-4
B-4
W-4
W-4
W-3
W-4
W-4
W-4
W-4
W-4
HAZ-4
HAZ-4
HAZ-2
HAZ-4
HAZ-4
HAZ-4
HAZ-4
HAZ-4

Temperature
°C

350
350
550
550
350
550
350
550
350
350
550
550
350
550
350
550
350
350
550
550
350
550
350
550

Fast fluence
inin. and max.

dpa
0 xlO"1

0
0
0

8.4- 10.5
7.6 - 9.9
19-29
24-33

0
0
0
0

14.6- 18.7
13.0- 17.9
19.0-27.0
21.0-28.0

0
0
0
0

10.3- 12.9
11.1 - 13.1
34.0-48.0
34.0-38.0

Aging in Na
days

26
78
26
78
26
26
78
78
26
78
26
78
26
26
78
78
26
78
26
78
26
26
78
78
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Table 4 - (J> )DA ' r o m dimensional analysis versus Jr from PDdc techniquelc u*- 'c

Material
and
number of

specimens

B-7
B-6
B-4
B-3
B-4
B-4
W-8
W-7
W-4
W-4
W-4
W-4

Temp.
°C

350
550
350
550
350
550
350
550
350
550
350
550

Fast fk'-nce
dpa
minimum and

maximum

0 x 10'1

d
8.4- 10.5
7.6- 10.9
19-29
24 - 33

0
0

14.6- 18.7
13.0- 17.9
19.0- 27.0
21.0- 28.0

(JIC>PD

kJ/m2

230-280
170-250
240-300
100- 140
210-300
240-2S0
38-62
30-50
41-52
43-45
44-75
20- 54

(JIcbA

kJ/m2

230 - 280a

180-240a

260 - 300a

100- 130
25O-280a

23O-28O3

38 - 62 '
45-55
44-55
54-58
40-60
44-52

Aa offset

Mm

80
80

120
50

120
150

0
0
0
0
0
0

a The J-integral capacity [3] of 139 kJ/m2 for the Base material at 35O°C and of
123 kJ/m2 for the Base material at 55O°C is exceeded in these cases.

8 9 6



Three Point Bend Specimen
6

10

m

25° 10(2x)
Tensile Specimen

2.5

All Dimensions in mm

M.1-.1

FIG. 1 - Dimensions of 3PB and Tensile Specimens
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FIG. 5 - Normalized Moment - Angular Displacement Record of Test
Corresponding to the Major Crack Extension
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THE FRACTURE TOUGHNESS OF TYPE 316 STEEL AND
WELD METAL

C Picker

Risley Nuclear Laboratories, UKAEA, Risley

SUMMARY

This paper describes the results of fracture toughness tests on Type 316
steel and Manual Metal Arc (MMA) weld metal over a range of temperatures from
20°C to 550°C, and includes the effects on toughness of specimen size, post
weld heat treatment and thermal ageing. The conclusions reached are that
Type 316 steel possesses a superior toughness to the weld metal in the as-
welded or stress relieved conditions but the toughness of the steel is
degraded to a level similar to that of the weld metal following thermal ageing
at temperatures over 600°C. Relatively short term thermal ageing in the temp-
erature range 370°C to 450 C does not appear to affect the toughness of
either Type 316 steel or weld metal.

1. INTRODUCTION

To provide data for the assessment of flawed structures within the
primary circuit of the Commercial Demonstration Fast Reactor (CDFR), fracture
toughness tests have been made on the materials of interest - Type 316 stain-
less steel - and the weld metal of 17Cr-8Ni-2Mo composition expected to be
used with it. Because acceptable flaw size calculations can be heavily
influenced by the high (up to yield stress) residual stresses possible in as-
welded structures, much of the work completed has concentrated on materials in
the dimensionally stabilised (2h 650°C) or stress relieved (2h 850°C) con-
ditions. Present indications suggest that, in practice, the spread of plas-
ticity at the tip of the flaw may be sufficient to mechanically relieve the
local residual stresses so they are not additive to the applied stresses.
Accordingly greater emphasis is now being placed on the measurement of frac-
ture toughness of solution treated wrought plate and as-welded weld metal.

The potentially embriH'ing effects of prolonged thermal exposure at
both sodium pool temperatures (< 400°C) and core outlet temperatures (500/
600°C) and of fast neutron irradiation for core peripheral itmes are also
under investigation. This paper reports fracture toughness data on wrought
Type 316 steel and 17-8-2 Manual Metal Arc (MMA) weld metal from both base-
line and thermal ageing test programmes; the effects of fast neutron irradia-
tion on fracture toughness are reported in a separate paper(l).

2. EXPERIMENTAL TECHNIQUES

Although some tests have been made at room temDerature usinq
compact specimens, the majority of fracture toughness tests on Type 316 steel
and weld metal have been made in air by the interrupted multi-specimen
technique(2), using square-section single-edge-notched 3-point bend (SENB 3)
specimens, usually with a surface crack length (a) of 35% of the specimen
width (W). Fatigue precracking which was formerly to DD19(3) has more
recently adhered to the requirements of BS5762:1979(4) and where possible
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E813-81(5). During each test the load (P) and clip gauge displacement were
autographically recorded as a function of the crosshead displacement (A) to
permit both 0 integral and crack opening displacement parameters to be
evaluated. The crosshead displacement rates employed were in the range
0.04 to 0.08mm/s. Following the test the specimens were heat tinted for
25 mins at 450°C or 10 mins at 500°C and broken open for crack length meas-
urements. The initial crack length (a) stretch zone width (SZ) and true
(fibrous) slow crack growth (Aa) were measured at 9 evenly spaced positions
across the specimen thickness, including the two surfaces but unlike E813-81(5)
were averaged over the 7 inner positions only. For each test using the SENB3/
specimen type, the J-integral was evaluated from the area under the load/load
point displacement plot up to the point of unloading (corrected for inden-
tation and load train compliance) using the equation given by Sumpter and
Turner(6) for crack lengths less than 50% of the specimen width:-

i - neUe + npUp
0 B(W-a)

where Ue and Up are respectively the elastic and plastic components of the
area under the load/load point deflection curve

B is the specimen thickness

ne and np are geometry dependent constants (np = 2 for the SENB geometry)

and the crack length (a) was averaged over the seven inner measurement positions.

The tests on SENB specimens differ from the ASTM procedure(5) in a number
of ways. Apart from the shorter crack length/specimen width ratio (a/W), the
difference between individual crack length measurements and the average crack length
is usually greater.than the 7% maximum as required by E813-81(5"), although in
most instances they satisfy the requirements of the UK COD standard(4). "Also,
particularly for Charpy sized specimens (B = W = 10mm), and the thickness
B and ligament (W-a) are frequently smaller than the ASTM(5) specimen size
requirements:

B, W-a, > 25 JIc/af

and B, W-a, > 15 J/af

where the flow stress a f is the mean of proof and ultimate stresses. Direct
measurement of the true fibrous crack growth (Aa) permits the initiation J-
integral (Ji) to be obtained from the extrapolation to Aa = 0 of a multi-
specimen J/true ha resistance line. All test data for Aa values between 0
and that corresponding to the achievement of maximum load are included in the
resistance line and the 0.15 and 1.5mm exclusion lines of the ASTM proced-
ure^) are not used. Where it is difficult to distinguish between true
fibrous crack growth and crack blunting, use is made of a blunting line which,
for stainless steels, is of the form:-

0 = 4a. Aa s z

where Aa<-Z is the crack growth including stretch zone.

This experimentally determined value is consistent with the findings of Mills(7)
and Balladon et al(8).
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3. TEST RESULTS

Extensive tests have been made on a 51mm thick plate of wrought Type
316 steel(PI) of composition given in Table 1 and on three 17Cr-8Ni-2Mo
weld metals (Wl, W8 and W23) of the compositions given in Table 1 in the form
of 51mm thick, restrained single 60° V or 30° K preparations using the same
main electrode batch.

3.1 Baseline Materials Tests

Wrought Type 316 steel PI in a 2h 650°C heat treated condition has been
tested at temperatures of 20°C, 250°C, 370°C and 550°C using SENB3 specimens
of B = W = 10, 20 and 50mm, in all cases with a crack depth (a)/specimen
width (W) ratio of *» 0.4. In addition B = W = 50mm specimens of a/W = 0.5, with
side-grooving depths of 12.5%, 25% and 50% have also been tested at 37O°C. The
results of these tests, which include re-analysis of tests by Chipperfield(9)
are given in Figs 1 to 4. Comparison of Figs 1 to 4 shows that the initia-
tion toughness decreases significantly from 20°C to 250 C but that from 250 C
to 550°C there is little change in initiation toughness. The initiation J
(Ji) and equivalent Ki values calculated from Krj = EJi/(l-v2) are listed in
Table 2 and the corresponding tensile and Charpy impact data in Table 3. A
marked fall in toughness between 20°C and 370°C also occurs for Type 316 weld
metal (Fig 5); the respective Ji and equivalent Ki values are again listed
in Table 2 and the tensile and Charpy impact data in Table 3.

The bulk of testing on weld metal has been at 370 C; a re-analysis of
the tests made by Chipperfield(9),in Fig 6,shows the effect of post weld heat
treatments on the toughness of Type 316 weld metal HI. Post weld heat treat-
ments of 2h at 65O°C or 850 C have no significant effect on the toughness
relative to the as-welded state, however a solution treatment of 2h at 1050 C
appreciably increases the toughness which approaches that of Type 316 steel.
The initiation J and equivalent Ki values are again listed in Table 2 and
the tensile/Charpy data in Table 3. The results of a ranqe of tests at 370 C
on weld metals Wl, W8 and W23.heat treated for 2h at 850°C,using 10mm and
20mm specimens of a/W = 0.4 and side-grooved and unside-grooved 50mm speci-
mens of a/W =0.5 are shown in Fig 7. A comparison of Figs 3 and 7 shows
that the initiation toughness (Ji) of 17-8-2 weld metal (40 to 50kJm~2) at
least a factor of 2 lower than for wrought Type 316 steel (Ji - 100 kJm"2);
the resistance curves, however, become very similar beyond about 1mm of
crack growth.

The J/Aa relationship does not appear to be influenced significantly by
the specimen size. The results indicate that provided the crack growth is
less than about 8% of the remaining ligament then there is good agreement
in J/Aa behaviour between different sizes of specimen even with differences
in crack length and side-grooving. However, because the J/Aa relationship is
not linear (eg Figs 2, 3 and 7) the initiation toughness may appear to be
specimen size dependent. For example, the 10mm specimen test results are in
effect confined to the steep (low crack growth) region of the J/Aa relation-
ship; the use of a linear regression line for the 10mm specimen data will
therefore tend to give a higher slope (dJ/da) and lower initiation value (Ji)
than for larger specimens which also sample the higher crack growth region
of the relationship.
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3.2 Effects of Thermal Ageing

A number of tests have been made using B = W = 10mm SENB 3 specimens
of a/W = 0.4 to study the effect of thermal ageing on Type 316 steel and
weld metal. The thermal ageing was carried out on machined specimens,
following precracking, by encapsulating the specimens in silica tubes filled
with low pressure argon. These tests have examined two exposure temperature
ranges: > 550 C and 370° to 450 C to give an accelerated representation of
core outlet temperatures (̂  540°C) and the sodium cold pool temperature
(̂  370°C) of the core support structure. A more extensive programme is in
progress to study the effects on fracture toughness of long term thermal
ageing in both high and low temperature ranges. Ageing times to over 40,000h
at 400°C, 450°C, 55O°C and 600UC are to be studied and the materials are,in
general,in the form of un-machined blocks. As-welded weld metals representa-
tive of the extremes of 6 ferrite content possible within the specification
for the 17-8-2 material will be included in the low temperature range to
examine any tendency for embrittlement due to thr formation of a' phase.

3.2.1 High temperature ageing (> 550°C)

Two ageing conditions have been examined in the higher temperature
range: 9000h at 650 C and 30,000h at 625 C with specimens being tested at
550 C in both cases. For the higher temperature ageing, three material
conditions were studied, Type 316 steel (Pi) and weld (Wl) heated treated
for 2h 650°C and Type 316 weld (Wl) heat treated for 2h 850OC. For the
30s000h 625°C ageing treatment, only 2h 650°C heat treated Type 316 steel and
2h 850°C heat treated weld (W1A) were examined. The effect of these high
temperature ageing treatments on the toughness of Type 316 steel at 550°C is
shown in Fig 8. Both 9,O0Oh/65O°C and 30,000h/625°C ageing treatments
adversely affect the toughness of Type 316 steel with the initiation tough-
ness (Ji) falling from 87 kJ/m2 unaged to 39 kJ/m2 following ageing (see
Table 2). Figure 9 shows the equivalent effect on weld metal; neither ageing
treatment had a significant effect on the toughness of weld metal at 550°C
although it should be noted that the scatter band for the unaged material
W1/W1A was quite wide. The tensile and Charpy impact data for the aged
materials are given in Table 3.

3.2.2 Low temperature ageing (370°C to 450°C)

A number of toughness tests at 37O°C have been completed on Type 316
steel and weld metaj aged for relatively short times in the temperature
range 370 C to 450~C. Figures 10 and 11 respectively, show the effect of
ageing for 13,000h at 370 C and 1000h at 450 C on the toughness of Type 316
steel PI in the 2h 650 C heat treated condition; neither ageing treatment
causes a significant change in the fracture toughness. A similar pattern
of behaviour is also observed for Type 316 weld metal in the 2h 650°C heat
treated condition. Figures 12 and 13 show the effect of ageing for 13,000h
at 370°C and 1340h at 420°C respectively on the toughness of weld metal;
again very little difference between the aged and unaged materials is
evident.

4. DISCUSSION

The majority of specimens used do not meet the requirements of the
ASTM E813-81(5) procedure for determining the in i t ia t ion J integral
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toughness Jjg. In particular the B = W = 10mm specimens are outside the
validity limits for specimen size, crack length and crack front curvature
but for a common crack growth range they show virtually identical behaviour
to larger side-grooved specimens which meet the requirements of E813-81(5)
(Figs 3 and 7). These results justify the extensive use of 10mm specimens
to study aspects of the fracture toughness of Type 316 steel and weld metal,
although for a small number of data points per condition subtle changes in
toughness may be masked by scatter in the data.

The marked change in fracture toughness of Type 316 steel between room
temperature and 250°C with little change between 250°C and 550°C, and the
similar change for weld metal between 20°C and 370 C is consistent with the
tensile properties (Table 3). The strength (particularly UTS),work hardening
capacity and ductility fall markedly between 20°C and 250°C. The change in
ductility will be reflected in a corresponding change in the crack tip'
ductility represented by the crack opening displacement <5; the J integral
will additionally be dependent on the yield stress in the relationship:-

where a is the yield stress.

Although a 2h 650°C or 2h 850°C post weld heat treatment reduces the strength
of Type 316 weld metal, the ductility and work hardening capacity are some-
what increased by these treatments; the net effect is to leave the toughness
effectively unchanged. A solution heat treatment for 2h at 1050°C however
very much increases the ductility (particularly elongation) and also increases
the work hardening capacity,by reducing the yield stress,without greatly
affecting the UTS. In this instance the increase in ductility and work
hardening capacity is sufficient to substantially increase the initiation
fracture toughness and tearinq resistance. Ageing Type 316 steel at 625°C or
650°C increases the yield strength while \/ery much reducing the ductility
and work hardening capacity of the material; the effect is to very markedly
reduce the fracture toughness of the aged materials relative to the unaged
condition. Fractographic examination of the 9000h/650°C aged steel has shown
that fine ductile microvoids are formed around the M23C6 carbide precipitates
formed during the ageing treatment. Neither the tensile nor the toughness
properties of Type 316 weld metal are appreciably affected by hfgh tempera-
ture ageing.

Although tensile and Charpy properties are not yet available for the
low temperature thermal ageing conditions it seems likely that the diffusion
controlled precipitation mechanisms will occur too slowly to cause any
appreciable change in properties in the relatively short timescale of the
thermal ageing treatments. In addition the 6-ferrite content of the Type
316 weld metal following a 2h 650°C heat treatment is quite low so that
embrittlement by the formation of a1 phase, 3.5 to 6.53», may not be noticeable.A
more extensive examination of as-welded material containing up to 9% 6-
ferrite should reveal any embrittlement problems arising from this mechanism.

5. CONCLUSIONS

1) For crack growth of not greater than 8% of the remaining ligament
the J/Aa relationship for a material is not affected by the specimen size,
despite wide deviations from the requirements considered necessary for J-
controlled growth.
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2) The initiation toughness (Ji) of Type 316 weld metal is over a factor
2 lower, or as Ki about 405£ lower, than that of Type 316 steel at the same
temperature.

3) The fracture toughness of both Type 316 steel and weld metal falls
appreciably from 20°C to 250/370°C.

4) The initiation toughness (Ji) of Type 316 weld metal is unaffected
by 2 hour post weld heat treatments at 650 C or 850 C but is increased by
over 10% and Ki by over 45% by a 2h 1050°C heat treatment; the toughness of
2h 1050°C heat treated weld metal approaches that of wrought steel.

5) High temperature (625°C or 650°C) thermal ageing reduces the toughness
of Type 316 steel to a level similar to weld metal, an effect caused by
carbide precipitation. The same ageing treatment does not significantly
affect the toughness of Type 316 weld metal.

6) Low temperature thermal ageing (370°C to 450°C) for relatively short
times does not significantly affect the toughness of either Type 316 steel
or 2h 650°C PWHT weld metal.
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TABLE 1. MATERIAL DETAILS

Material
Identn.

P

Wl

W1A

W8

W23

Material

Wrought Type 316 steel
Heat No 13678.

17-8-2 MMA Weld 105/1

17-8-2 MMA Weld 105/1/2

17-8-2 MMA Weld 540/1

17-8-2 MIA Weld 738/
40/41

Thick-
ness

(mm)

51

51

51

51

51

Weld
Prep-

aration

60° V

30° K

60° V

60° V

Composition wt.%

C

0.054

0.068

0.073

0.064

0.068

Mn

1.8

2.09

1.9

2.00

1.94

Si

0.56

0.35

0.43

0.27

0.33

Cr

16.5

18.0

18.1

17.9

17.8

Ni

10.8

9.5

9.8

9.5

9.5

Mo

2.3

1.73

1.70

1.62

1.68

S

0.023

0.014

0.013

o.on

0.014

P

0.033

0.023

N/A

0.023

0.022

B

0.0028

< .005

0.0003

< .005

< .005

N

0.043

N/A

0.048

N/A

N/A

<D
to
ro N/A indicates analysis not available.



TABLE 2. THE TOUGHNESS PROPERTIES OF THE TYPE 316 STEEL AND WELD METALS STUDIED

<D
ro
CO

Mate r i a l

PI

PI

PI

PI

PI

PI

Wl & WIA

Wl

Wl

Wl

Wl + W8 + W23

Wl
Wl
Wl
WIA

ST
I I

II

I I

I I

ST
ST

As

As
?h
2h

2h

2h

2h
2h
2h
2h

Heat Treatment

+ 2h 650°C
u

II

II

+ 2h 650°C + 9000h 6 5 0 \
+ 2h 650°C + 30,000h 625°C,

welded

welded )

850°C )

1050°C

850°C

650°C + 9000h 6509C
850°C + 9000h 650°C
850°C + 30,000h 625°C 1

'. Test
• Temp

r

20

250

370

550

550

550

20

370

370

370

370

550

b50

Specimen
Size B, W

(mm)

10,20,50

10,20,50

10,20,50

10,20,50

10

10

10

10

10

10

10,20,50

10

10

Initiation
J Inteqral
Ji (kJ/m2)

290*

83*

108*

94*

87

39

85

47

41

70

42*

25

31

Resistance
Curve Slope

dJ/da
(M/mm^)

"v 200*

341*

205*

172*

200

204

359

155

202

428

229*

313

202

Tearing
Modulus

T

~ 494

1080

640
808

939

480

224

131

170-400

2160

454

526

460

Approx
Young's

Modulus E
(N/mm2)

1.98 x 105

1.81 x 105

1.71 x 105

1.59 x 105

1.59 x 105

1.59 x 105

Equivalent
Fracture

Toughness
Ki

(MPa/m)+

240

128

142

128-

123

83

1.58 x 105 ! 121

1.35 x 105

1.35 x 105

1.71 x 105

1.35 X 105

1.26 x 1O5

1.26 x 105

84

78

115

79

59

66

values from linear regression line through data points up to 0.4mm crack growth
+Ki = (E Ji/l-v2)0'5

ST denoted solution treatment.



TABLE 3. TENSILE V NOTCH AND CHARPY IMPACT DATA FOR THE MATERIALS STUDIED

CO

ro

Material

I
i

PI
PI

! pl

PI
PI
PI

W1/W1A
Wl
Wl
Wl
Wl

Wl
Wl
Wl
W1A

Heat Treatment

2h 650°C
ii ii

n n

n H

2h 650°C + 9000H 650°C

2h 650°C + 30,000h 625°C

As welded
II n

2h 650°C

2h 850°C

2h 1050°C

2h 650°C

2h 650°C + 9000h 650°C

2h 850°C + 9000h 650°C

2h 850°C + 30,000h 625°C

Temp
(°C)

20

250

370

550

550

550

20
370

370

370

370

550
550

550

550

0.5% PS
(N/mm2)

283

239

234

184
250

269

482

399

286

261

184

276

250

226

230

UTS
(N/mmz)

628

504

487
472
479

481

662

485

431

423

449
375

395

377
390

Total
Elongation

(%)

71

44

44
45
23

30

38

16

22

22

35

20

22

20

23

Uniform
Elongation

(*)

60

38

27
37

16

26

28

12

16

16
24
14

16

15

19

Reduction of
Area %

68

52

57
50

32

36

53

31

35

43
44
48

38

45

51

V Notch
Charpy Impact

Energy
(J)

120

89
80

81

46

45

-

71

69

87
125
-

50

69

39
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Fig
o

2 Fracture toughness of Type 316 steel P1 at 250 C
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Fig 3 Fracture toughness of Type 316 steel P1 at 370°C
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Fig 4 Fracture toughness of Type 316 steel P1 at 550°C
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Fig 5

300r

Comparison of fracture toughness of as-deposited Type 316 weld metal
at 20°C and 370°C; 10mm specimens.
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Fig 6
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Effect of post weld heat treatment on the fracture toughness of Type 316 weld
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Fig 7 Fracture toughness of Type 316 weld metal PWHT 2hr 850 C.
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Fig 8

300r

Effect of high temperature ageing on the fracture toughness of Type 316 steel P1
at 550°C, (10mm specimens)
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Fig 9 The effect of high temperature ageing on the fracture toughness of Type 316
" weld metal at 550°C, (10mm specimens)
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Fig 10 The e f f e c t of ageing for 13000 hrs at 370 C on the f rac tu re toughness of

Type 316 s tee l P1 at 370°C. (10mm specimens).

300

200

(kJ/m2 )

100

0

X

Test beyond maximum load

ST. + 2hr 650°C only.

" +Aged 13000 hr 370°C

O p e n p o i n t d e n o t e s c r a c k f r o n t i n v a l i d b y r u l e s o f B S 5 7 6 2 : 1 9 7 9
(4)

0 0-2 0-4 0-6
True crack growth Aa

0-8 1-0
(mm)



CD
CO
cn

Fig 11 The ef fect of ageing for 1000 hrs at 450 C on the f rac ture toughness of

Type 316 steel P1 at 370°C (10 mm specimens )
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Fig 12 The effect of ageing for 13000 hrs at 370 C on the fracture toughness of

Type 316 weld metal at 370°C.
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Fig 13 The ef fect of ageing for 1340 hrs at 420 C on the f racture toughness of

Type 316 weld metal at 370 C.
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MECHANICAL PROPERTIES AT HIGH RATES OF STRAIN OF AUS-
TENITIC STAINLESS STEELS IN VIRGIN AND DAMAGED CONDITIONS.
RESULTS AND TESTING PROGRAMME FOR CONTAINMENT OF
EXTREME DYNAMIC LOADING CONDITIONS.

C. Albertini, M. Montagnani
Commission of the European Communities
Joint Research Centre - Ispra Establishment
21020 Ispra (Va) - Italy

1. Introduction

Nuclear power plants pre normally designed for extreme loads which
are identified as fellows:
. seismic, with one or two earthquake levels;
. extreme wind;
. flooding;
. loss of coolant accident;
. high energy pipe break.
The extreme loads considered on a national or plant specific basis are
identified as follows:
. tornado, including tornado missiles;
. airplane crash;
. internal and external blast wave;
. plant missiles due to failure of high energy systems .
FBR plants are designed for HCDA.
The direct impact of extreme load design on the overall cost of the nu-
clear power plants has been estimated in the order of 20 to 30% / l / .
These high costs are due to overdesign to ensure conservation in the
face of uncertain safety coefficients, as underlined at the International
Seminar mentioned in / l / and at the 7th SMIRT Conference /2/'.
Lack of knowledge exists in the field of calculating the real loading his-
tories on the structures, built up by wave propagation phenomena due
to the extreme loads mentioned above. Lack of knowledge also exists
about the material response under dynamic loading conditions. In
fact, the outer containment structures, mainly of the reinforced or
prestressed concrete and the inner containment steel structures are
submitted to very high loads provoking phenomena of both local type
(local deformations at very high strain rate, local fragmentation)
and the global type (global deformations, phenomena of instability of
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the whole structure). Therefore, both the steel and reinforced concrete
structures, subjected to extreme dynamic loads, must be calculated
knowing the real loading histories and the constitutive equations of
the materials in end-of-life conditions with respect to the damaging
processes to which the structures are submitted, under multiaxial
states of stress, and over strain rates ranging up to lO^s-l, at the
working temperatures.
The results of a test programme of dynamic tensile tests performed
on small specimen (7 mm^ cross section) of some austenitic stainless
steels used for fast breeder reactor structures, are reported here.
The results obtained on AISI 31 6H at temperatures up to 550°C and
at strain rates up to l(Ps~l (JRC reference material) were used for
the calibration of the constitutive equation proposed by Perzyna / 3 / .
From the discussion of these results it will appear that another impor-
tant point which must be considered is the size of the components,
which could require the use of "near-real size " specimens in order to
take into account the effects of increasing thickness, of a distribution
of defects similar to that of the real structure, of the mis-match of
material properties created by -welding, and of macro defects which
could appear near nozzles. For this purpose a special apparatus has
been constructed for dynamic tests with large loads up to 5 MN.
The current and future testing programmes presented in this paper
will examine the existing yield criteria, flow rules, failure theories
and allow the calibration of constitutive equations capable of des-
cribing the dynamic mechanical response of the materials./The high
load apparatus could also play an important role for the reconstruc-
tion of real loading histories.J Therefore this research programme
tries to produce consistent knowledge in fields of major importance
from the economic and safety points of view, as mentioned at the
beginning.

2. Materials, experimental procedures and results of the small-
specimen testing programme

The materials tested under uniaxial loading conditions are the following:
. AISI 321 in virgin conditions;
. AISI 31 6L. virgin, welded, welded + heat -affected zone, thermally

aged, irradiated to a fluence of 0.7- 1022n/cm2 (E > 0.1 MeV);
. AISI 304L virgin, welded, welded + heat-affected zone, thermally

aged, irradiated to the same fluence;
. AISI 31 6H virgin, welded, welded + heat-affected zone;
. AISI 31 6H virgin (JRC reference material);
. DIN 4981 virgin.
The chemical composition and manufacturing process of the steels are
given in Table 1. The dynamic uniaxial tensile tests have been per-
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formed at temperatures ranging from ambient temperature to 950 C,
placing the main efforts at the temperatures of 400 and 550°C -which
are the working temperatures of fast breeder reactor structures.
Special apparatus has been developed /4/ based on the Hopkinson's
bar technique, permitting tests at strain rates up to 10 s on short
specimens having an active length of 5 mm and 3 mm diameter as
required by the Hopkinson's bar principle / 5 / , which attains the ho-
mogeneous stress distribution in the specimen by successive reflec-
tions of the elastoplastic waves travelling through the specimen itself. .
At room temperature the flow curves of all the virgin and damaged
materials mentioned before show dynamic hardening behaviour where
flow stress at a given strain increases and both uniform elongation
and fracture elongation decrease with increasing strain rate, as can
be seen in Figs. 1 -4 for AISI 31 6L and in Fig. 5 for AISI 31 6H (JRC
reference material).
The results on some virgin austenitic stainless steels tested at the
working temperatures (400-550°C) of fast breeder reactor structures,
show that the effects of high strain rate on the mechanical properties
vary strongly when passing from one material to the other. In fact,
from a marked dynamic hardening behaviour and reduction of ducti-
lity (AISI 31 6H at 400°C, Fig. 6), one passes to moderate dynamic
hardening (AISI 31 6H JRC reference material at 400°C and 550°C,
Figs. 7 and 8), to practically no strain rate sensitivity (AISI 304L at
400 and 550°C, AISI 31 6L at 550°C), to dynamic softening (DIN 4981
at 490°C, Fig. 9) where the flow stress at a given strain decreases
with increasing strain rate.
At the same test temperatures ( 400 and 550°C) Steichen /6, l/ re-
ports a very moderate dynamic hardening and no changes of ductility
of virgin AISI 304 and AISI 316, while Isozaki's results /8, 9/ show
a noticeable dynamic softening and no practical changes of ductility
for the virgin SUS 304 and SUS 316 stainless steels. Considering the
results obtained at temperatures of 400 and 550°C on austenitic
stainless steels damaged by welding / i o / , thermal aging / l l , 12/,
irradiation /11,12/, one observes a pronounced dynamic softening and
reduction of ductility as shown in Figs. 3, 4 and 10 for AISI 31 6L and
in Figs. 11, 12, 13, 14, 15 for AISI 304L.
Dynamic softening and no practical changes of ductility are reported
by Isozaki /8, 9/ for the welded SUS 304 and SUS 31 6, tested at 400
and 550°C. Steichen / l 3/ tested at 525°C AISI 304 irradiated to a
fluence of 0.75- 1022n/cm2 (E> 0.1 MeV), at strain rates up to 100 s"1,
test and irradiation conditions being very near to those realized by
us on our AISI 304L; flow stress was practically insensitive to strain
rate while fracture and uniform elongation substantially increase -with
strain rate.
As referred to by Steichen /if and Campbell / l 4 / , this softening
behaviour is probably due to interactions between diffused interstitial
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carbon and nitrogen atoms with dislocations. This softening which
probably starts immediately after the elastic deformation before
necking begins (see Fig. 9), is accentuated by the increasing
strain rate and seems to be also influenced by the grain size /I 5/.

Resuming, the dynamic response of virgin austenitic stainless steels
at temperatures of 400 and 550°C is not univocal passing from a sub-
stantial dynamic hardening behaviour to a dynamic softening beha-
viour, probably due to residual microstructural differences caused
by the transformation processes. More homogeneous is the dynamic
response of the same austenitic stainless steels damaged by welding,
thermal aging and irradiation. The damaged materials, tested at
JRC at 400 and 550°C, show a dynamic softening behaviour and re-
duction of ductility which indicate that the microdefects induced by
the different damaging processes govern in the same way the dynamic
response of these damaged materials.
Similar results have been found by us and by Steichen /l/ regarding
the large increase in strength and ductility of the austenitic stainless
steels AISI 304 and AISI 316 tested at temperatures from 750 to
950°C with increasing strain rate. Similar results have also been
found by us and by Steichen and Isozaki, regarding a substantial dy-
namic hardening and a reduction of ductility of austenitic stainless
steels AISI 304 and AISI 316 tested at room temperature.

In view of the fact that the hypothetic accident produces a multiaxial
state of stress in the structures, enhancing the differences in dyna-
mic mechanical properties between virgin and damaged materials
shown by the uniaxial test programme, some dynamic biaxial testing
apparatus have been developed / l 6/. These devices, acting on small
cruciform specimens having a cross section up to 20 mm^, at strain
rates up to l(Ps~l, also make it possible to give an experimental
answer to the following fundamental questions: How may the results
be transferred to dynamic biaxial loading conditions? Are the current
yield and fracture criteria sufficient for this, particularly for da-
maged materials? (Sex Salim's /17/ work outlining the discrepancies
between the vonMises and Tresca criteria and his experimental re-
sults obtained in 2D). In fact, the yield criteria, up to now, have
proved to be efficient under static conditions, for very small defor-
mations, and for isotropic materials.

3. Calibration of the constitutive laws

The essential characteristics of the constitutive laws of Bodner and
Perzyna have been studied and summarised by Albertini et al./18/.
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Their fields of application and the fundamentals of the main functions
making up their constitutive equations have been described. It should
be remembered that Perzyna / 3 / has presented a
theory of viscoplasticity in which the elastic-viscoplastic formula-
tion seems to be the most promising for time-dependent modelling
of structural materials when strain rates of 10 s or higher may
be found, as in accident conditions.
For isotropic work hardening materials Perzyna proposed the fol-
lowing equation, for a given temperature:

•p =
Ü

where:
2

(1)

'ef.

if

K and 7
*

Symbol:

is the plastic strain rate tensor

is the deviatoric stress tensor

is the second invariant of plastic strain rate tensor

is the second invariant of the deviatoric stress tensor

is called the static value of strain rate measure and is the
value such that for a test under combined stress condi-
tions with I2 < l | n 0 r a t e sensitivity effect is observed

are material functions of e
is a material function ,
is a control function
have to be determined by a best fit to the experimental data.

K.
Equation (l) may also be written in the form

J2 =
Is

22
Equation (Z) of course applies in uniaxial geometry in the form

a = KU+'cF1 [ J - „ ( - f - - 1)] }

(2)

(3)

It is worth noting that the 7 and K parameters, denoting viscosity
coefficient and a strain dependent parameter, respectively, may
also depend on temperature and on imperfections (notches, welding,
radiation, creep, fatigue). The possibility of introducing temperature
and defects into constitutive equations is of great interest for long
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term high-temperature ageing materials since this allows one to
consider actual operating conditions and safety coefficients in the
end-of-life condition when significant material damage can be ex-
pected. .

As far as calibration of eq. (3) of Perzyna is concerned, the experi-
mental data o= a(e) for different strain rates are to be transformed
into the more suitable form: o = <?(ep) for c= constant. Moreover,
the values of true stress and true strain ô  = at(et) should be considered
instead of the experimental values o= a (e) related to engineering stress
and strains. Conversion formulas used from engineering to true values
are:

e = fin (1 + e) a = (1 + e) a (4)

From the experimental diagrams regarding AISI 31 6H (JRC reference
material) we have observed that up to values of e of 20% there is no
necking effect, and thus the two preceding expressions can be consi-
dered to be valid. This has been verified by observation with a fast
camera.
The static value es of strain rate (i. e. the strain rate value such that
foreP<Ses no rate sensitivity effect is observed, see eq. (3)) was
assumed:

es= 10-3 s">.

Equation (3) assuming as a first approximation, for the "P"1 and ip func-
tions an exponential form based on the trend of the experimental curves,
which can be observed in the three-dimensional diagrams of Figs. 16
and 17, becomes:

A least squares technique was used in order to discover the material
functions from the experimental data of tables 2 to 6, applying a
Levenberg-Marquardt routine. The least squares technique gives the
curves shown in Figs. 18, 19 and 20 regarding AISI 31 6H at 20°, 400°
and 550°C and in Figs. 21 and 22 regarding AISI 31 6L at 20° and 400°C.
Fixing initially the value of the coefficient n on the basis of preceding
experiments with similar materials, one then calculates the para-
meters T and K for some values of e (see Tables 2, 3, 4, 5, 6) and thus
one rechecks whether the coefficient n first chosen produces a curve
fitting the experimental data. On the basis of this comparison the
selected n is confirmed or rejected and if it is found to be incorrect,
one can tentatively assume another one, repeating the cycle until a
satisfactory result is obtained. Finally, all three parameters, n, 7
and K are then optimized on the basis of the experimental results.
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The dependence of K and 7 on the strain is described for K by a linear
law and for 7 by an exponential law as shown in Table 7 which also
reports the confidence levels reached. The o = a(eP ) curves for
e = constant are thus calculated using the appropriate values n, K
and 7 given by the relationships reported in Table 7 and are compared
with those determined from the best fitting of the experimental data
as shown in Figs. 18 to 22. The ° = a (e) curves for e = constant are
also calculated and compared with the experimental data as shown in
Tables 2 to 6 and in Figs. 2 3 to 25. The results of this systematic
comparison can be summarised in the statement that the calculated
curves fit the experimental data with an average scatter ^3.5%, cal-
culated from Tables 2 to 6.

The links between °, e , e for materials used and for a chosen tem-
perature are uniquely determined by such relationships. A successive
stage in the research could be that of establishing the law of depen-
dence of K and 7 on the temperature T, as well as on e , thus pro-
ducing constitutive diagrams which are functions of o, e, e and T.
As shown in the three-dimensional diagrams of Figs. 16 and 17, the
regular spatial surface representing the a= a(T,e ) relationship is
of the same type for e = 3.7% and 10%. The dependence of K and 7 on
temperature T, as well as on e , would therefore be represented by
simple mathematical functions. One could thus introduce the depen-
dence of K and 7 on the concentration of defects for defective materials.
Using the calibrated Perzyna formulation, given a strain rate history
e(t), the corresponding o,e values can be calculated and implemented
in current calculation codes.

The regularity of the experimental curves o = a (e) for e= constant
and the curves o- a(e) for e= constant at all temperatures, as well
as the regularity of the surfaces of Figs. 16 and 17, representing
the function a=o(e, T) for e= constant, suggests that the formulation
of Perzyna calibrated on these experimental data could become an
equation of state for the ranges of temperature, strain rate and stress
states investigated, as proposed by A. M. Eleiche /19/ for titanium.
If this is confirmed, one would have available a tool which could be
applied to the analysis of the effects of monotonic and tensile dynamic
loads from accidental causes on virgin or slightly damaged materials.
To check this hypothesis and to check its limitations, it is first ne-
cessary to carry out the same tests at several temperatures so as
to determine the surface a- a (e, T) with more accuracy. In addition,
it is necessary to check the effects of the strain history and of the
strain rate history. For this purpose a strain rate jump experiment
has been designed to bridge the gap between the lowest (lO"^s"^) and
the highest (lO^s"!) strain rates of the range investigated by us up to
now, at several temperatures. This experiment can be performed by
coupling the special Hopkinson bar constructed by us with a low-speed
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tensometer, and inserting the high strain rate at various levels of
deformation attained at low speed. If the relations a= a(e, e ) at the
various temperatures determined with this test are equal to a good
approximation to those determined with the two tests separately with
low and high strain rates, this will confirm that the Perzyna formu-
lation has the character of an equation of state. If not, it will de-
termine its limitations.
Regarding the constitutive law proposed by Bodner and Partom /2 0/,
which has not yet been applied, a calibration procedure has been
proposed in / l 8 / .

4. Indications for the development of design criteria for containment
structures by testing large specimens

The results obtained from the screening test programme on small spe-
cimens indicate that when stainless steels such as AISI 316 and AISI
304 are used to construct structures subjected to impulsive loadings,
such as sudden increases of pressure in the vessel during accident,
the designer must take into account that:
. at room temperature, the static tensile test values will give a con-

servative estimation of the dynamic strength of the material;
. at 400 and 550°C, the static tensile values are not conservative and

reduction of ductility must also be taken into account, leading to
the necessity of determining reducing factors on the maximum
allowable stress and strain used for statically loaded structures.

The engineering tests performed on small-scale specimens and the
physical characterization of microstructure and defects should permit
the identification of the fundamental mechanisms which govern the
deformation and the failure process of the reactor's materials. Never-
theless, the large engineering reactor structures, although composed
of elementary parts of the material investigated following the proce-
dure mentioned above, have their own peculiar behaviour which is
mainly determined by:
i) the influence of the large geometrical size on the deformation

mechanism during plastic flow;
ii) the presence of notches due to construction techniques;
iii) the presence of defects due to creep, thermal aging, low cycle

fatigue, irradiation;
iv) the presence of welding, with its residual stresses, stress con-

centrations due to the different mechanical properties of base ma-
terial, heat-affected zone and weld material, and its own statis-
tical distribution of inclusions and microcracks.

When developing guidelines for a test programme to determine the
maximum allowable stress and strain for dynamically loaded large
structures, one should remember that both the causes of the peculiar
behaviour of the structures already mentioned, and the effects of high
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strain rate, reported above, degrade the material properties, Fur-
thermore, the problem of directly testi1' j complex structures is often
aggravated by the fact that the complexity of the loading state creates
uncertainty as to the true stresses and, therefore, the true strength
of the structure, in particular when the structures deform in a
plastic domain. The interpretation of such tests
demands the use of codes, which must be implemented by data on
material behaviour in a complex state of stress.
Many researchers, therefore, have begun investigations on large
structures but in a simpler and well-known stress state compared to
the real structure. Hayhurst of the University of Leicester (creep),
Miller and Brown of the University of Sheffield (fatigue) and Drijver
and van Maaren of Rijn-Schelde/Verolme (fatigue) are testing large
specimens, with and without defects, under one-, two- and three-
dimensional loading conditions in order to obtain information useful
for the study of more complex structures of similar size. These
tests are performed at low strain rate (frequency lower than 1 Hz).
At MPA-Stuttgart monoaxial tests at high strain rate are performed
on important structures. Therefore, the dynamic strength and the de-
formation capability of the reactor's containment structures should
be checked on large specimens of near-real size, loaded in a well-
known stress state, in order to:

i) reproduce the same stress field in which the plastic flow of the
material takes place in the structures, considering also size
effects on flow conditions;

ii) have a statistical distribution of defects representative of the real
one, including defects created by thermal aging, creep, fatigue,
welding;

iii) test real weld joints with their residual stresses and stress con-
centrations owing to the different mechanical properties of base
material, heat-affected zone and weld material. The weld joints
must be loaded longitudinally and transversally and possibly bi-
axially with respect to the joint axis. In fact, longitudinal loading
imposes equal deformation to virgin, heat-affected zone and weld
material, giving rise to cracks in that material with the lowest
ductility. Transversal loading starts deformation in that material
that has the lowest elastic limit;

iv) investigate the effects of notches having near-real sizes.

In order to perform these investigations, our laboratory, on the basis
of the experience gained by the laboratories mentioned, has developed
a dynamic biaxial device with a maximum load of 5 MN and a 40 ms
pulse duration, capable of performing tests on large specimens with
cross sections of up to 5000 mm^. The apparatus has been constructed
at JRC-Ispra in a version adapted to preliminary monoaxial testing.

tf

y--
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5. Characteristics of the high-load apparatus

The apparatus consists, in its complete version, of four arms of
100 m length (EUR patent Appl. No. 79301353.3), where four steel
ropes, pre-stressed by means of hydraulic pistons, store the ener-
gy needed for the dynamic deformation of the specimen (Fig. 26).
The technique has already been adopted in the laboratory for the
testing of small specimens (Pat. Spec. 1-473-863) and is a modifica-
tion of the split Hopkinson bar system. The compression loads pro-
duced by tensioning the ropes are closed and transmitted to ground
by means of a reinforced concrete structure (Fig. 27), connected to
the ground every 8 m by reinforced concrete beams, 16 m long,
80 x 200 cm cross section (Fig. 28).
The specimen is loaded by exploding the anchoring bolts simulta-
neously by means of electric detonators synchronized within 1-2 /us.
A cruciform'biaxial steel specimen is proposed in Fig. 29-

Measuring the essential test parameters is done with strain
gauges (forces, strains) with non-contacting displacement
transducers (elongations) and later on with advanced
optical methods (displacement fields). Once the speci-
men is deformed to rupture, hydraulic pistons brake the rope, pre-
venting it from passing to compression with consequent deformation
and rupture. The apparatus is now built and its performance is being
checked.

I'

6. Current and future test programmes

The work to determine the dynamic mechanical properties of mate-
rials has been focused on:
i) giving an experimental foundation to the formulation of dynamic

constitutive equations for uniaxial and multiaxial loading condi-
tions, also allowing their calibration and successive verification
under particular deformation and loading conditions;

ii) verifying whether the current yield and fracture criteria are
sufficient to transfer the uniaxial results to dynamic biaxial
loading conditions, especially for damaged materials or those
containing artificial defects;

iii) investigating (by means of the high-load apparatus) how the re-
sults obtained for small specimens (up to 20 mm^ cross section)
can be transferred to large structures of materials damaged by
working conditions, developing and checking design criteria (e.g.
safety coefficients, maximum allowable strain) for extreme dy-
namic loading conditions.
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The actions envisaged can be summarized as follows:

a) Uniaxial tests on small specimens of virgin austenitic stainless
steels used for containment vessels and subassemblies such as
AISI 316 20% cold work coming from a hexcan of a subassembly
(see c)) in collaboration with CEA, AISI 304, AISI 316, AISI 321,
at strain rates ranging between 10"4 and lO^s"!, ambient and
working temperatures (350-650°C), in support of national projects
and the JRC's own activities.

b) Development and calibration of constitutive equations for the
same steels, specimens, size, strain rates and temperatures as
mentioned under a), in uniaxial and biaxial loading conditions, under
particular deformation and loading histories such as repeated loading
and unloading, reversed reloading, rapid changing strain rate and
stepwise changing strain rate.

c) Uniaxial tensile tests on damaged steels combining the effects of
the various possible damages, such as irradiation, welding, thermal
aging, creep, thermal and mechanical fatigue, at the same strain
rates and temperatures as those mentioned under a).

d) Uniaxial tests on large specimens (up to 5000 mm^ cross section),
investigating the effects of increasing thickness, of real-size weld
joints, of a distribution of creep and fatigue defects approaching reality
and of artificial discontinuities simulating the real situation. This
work will be extended to biaxial loading conditions, once the high-
load device is completed. The test programme planned on the high-
load apparatus in the monoaxial version, is the following:
. material AISI 316, test temperatures 20, 400, 550°C, strain rates

up to 100 s"1;
. specimens of base material with increasing cross section from

750 to 5000 mm2;
. specimens with weld joint and cross section increasing from 750

to 5000 mm2;
. specimens previously submitted to creep damage, of increasing

cross sections (size depending on available creep equipment);
• specimens previously submitted to low cycle fatigue and cross

sections increasing from 750 to 5000 mm2;
. dynamic fracture mechanics tests: surface cracks, through-cracks;
. tests on large specimens of plane and reinforced concrete.
The pre -damaging of the materials will be realized in collaboration
•with national laboratories having the specialized equipments.

e) Preparation of the programme for the determination of dynamic
mechanical properties of plane, reinforced and pre-stressed concrete.
Contacts with national experts are underway.
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f) This research programme has been outlined for nuclear reactor
safety and is mainly directed towards fast breeder reactors. How-
ever, the techniques developed can find application in other nuclear
fields and engineering programmes, such as for example water and
fusion reactors, waste fuel transport, uhip building, off-shore struc-
tures and off-shore reservoirs for liquefied natural gas.
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Malen al

AISI 316L
AISI 3O4L
AISI 321
DIN 4981
AISI 3I6H
AISI3I6H
J.RC. REF.
MATERIAL

Fabrication
process

Hot rolled plate solution treated
Hot rotted bar annealed
Hot rotted ptate annealed
Cold worked sheet
Hot colled plate
Mill-annealed
plate. 50 mm thick

Chemical con-.posinon
(wt. %}

Cr

16 0
189
167
16 5
17.47
16 9

Ni

13 3
92

10 25
16 5
1164
12.4

Mn

182
188
184
125
1.31
1 A5

Mo

2.74
0 27

.
18
263
2 45

Nb

<O0l
<00l

-

_

C

0 03
0 02
0 07
01
004
0 05

Si

0 4
<0 1

0 25
0 45
C3I
0 35

S

0 007
0004
0 01

0 020
0008

• P Ti

<005
< 0 05

0032 0 38

0 023 •
0020 -

t , = 0 2%

TABLE 1

CHEMICAL COMPOSITION AND FABRICATION PROCESS

u = 3 6896 t, " J 47% t, = 7.23% Ci = I 96% Ci = 10 64%

o(MP«) o(MP>) o(MPa) o (MPa) o (MFl) o (MPl) o (MPa) o (MPa)
(•"') Eip. Calc. Exp. Cilc. Exp Calc. Exp. Cak. Eip. CaJc. Exp Cak. Exp Calc. Exp Calc.

0 004 122 14« 1S7 162

0 083 146 153 170 168

3 5 158 167 182 181

100 176 192 217 207

650 220 217 223 232

178 180 211 210 238 242

197 185 231 215 260 247

203 199 236 228 266 259

230 . 223 261 253 290 283

247 230 266 277 303 305

265 273 290 304 312 334

289 278 314 308 338 338

293 290 :i? 318 340 347

326 311 346 338 369 365

326 332 353 357 369 383

TABLE 4

AISI 31« H «I 550°C

COMPARISON OF CALCULATED WITH EXPERIMENTAL VALUES

CD

to

(«•')

0.004

0082

aas
4.5

45

4«0

750

ti = 0 2%

o(MPa)

Exp.

267

306

357

371

368

430

471

Cak:.

318

333

350

366

397

445

436

ti == 1 *

. o(MPa)
Exp.

318

359

398

421

426

479

519

Calc

335

350

367

383

415

464

475

C | = 2%

o(MPa)

E.p.

347

393

428

434

436

516

549

Qüc.

358

373

391

408

440

490

502

3 7%

o(MPa)
Exp.

388

430

470

494

493

>47

574

Calc.

398

413

432

449

482

534

543

«i = 5.5%'

o(MP>)
Exp.

422

466

504

527

530

383

605

C*lc.

438

453

472

490

524

576

588

t . = 7.2%

a (MPa)

Exp.

453

302

535

365

567

611

635

Cilc

477

493

511

529

364

616

628

Ci = 9%

a (MPa)

Exp

484

529

563

593

605

638

659

Calc.

518

533

552

570

604

657

669

C| = 10 7%

a (MPa)

Exp.

512

557

595

624

631

672

683

Calc.

555

572

590

608

642

693

705

TABLE 2
AISI 316 H at 20°C

COMPARISON OF CALCULATED WITH EXPERIMENTAL VALUES

= 0.2% £2 = 3.7% = 5.5% t« = 7.2% c5 = 14% e, = 20.3%

o (MPa) o (MPa) o (MPn) o (MPa) a (MPa) o (MPa)

(s ) Exp. Calc. Exp. Calc. Exp. Calc. Exp. Calc. Exp. Calc. Exp. Calc.

0.004 278 351 420 419 490 455 550 486 613 615 713 734

15 428 432 539 504 603 540 645 574 705 704 786 819

44 435 459 599 533 664 570 702 604 769 734 850 845

420 461 546 634 625 714 664 746 699 833 829 913 940

TABLE 5
AISI 316 L at 20°C

COMPARISON OF CALCULATED WITH EXPERIMENTAL VALUES

I

(.-')

0004

35

30

600

1000

ti = 02%

o(MPa)
Exp.

153

191

185

240

253

Calc.

163

1S9

212

251

252

C i

a

Exp

184

-219

235

284

294

= 1%

<MP»)
Calc

181

205

229

268

279

ti = 2%

o(MPai
Exp.

209

235

257

292

316

Calc.

.200

224

249

288

299

£< = 3.7%

a (MPl)
Exp.

243

267

284

326

345

Calc.

233

257

281

320

331

£> = 5.5%

• (MPa)

Exp.

275

299

316

353

374

Calc.

267

291

314

351

362

t« = 7.2%

o(MPa)

Exp

304

334

345

379

396

Calc.

300

322

344

380

390

CT =• 9 %

o (MPa)

Exp

329

357

375

407

4M

Calc

333

354

375

409

418

ti = 10 7%

. o (MPa)

Exp

354

378

402

434

441

Calc.

365

385

404

436

445

TABLE 3

AISI 316 H at 400°C

COMPARISON OF CALCULATED WITH EXPERIMENTAL VALUES

E e, = 0.2% £, = 3.7% c, = 5.5% E. = 7.2% Es = 9% E» = 10.7%

o (MPa) o (MPa) o (MPa) o (MPa) o (MPa) o (MPa)

($"') Exp. Calc. Exp. Calc. Exp. Calc. Exp. Calc. Exp. Calc. Exp. Calc.

0.003 206 242 342 316 360 355 398 391 412 428 449 464

45 272 296 395 368 414 403 454 436 457 471 486 503

70 298 303 411 375 437 409 473 442 472.6 476 511 508

470 Ml 342 426 4M 449 444 482 474 485 506 520 536

TABLE 6

AISI 316 L at 400°C

COMPARISON OF CALCULATED WITH EXPERIMENTAL VALUES



A1SI 316 H 20°C

n = 7
o-\

К (c? ) = 290 + 2267 • EÇ (MPa)

V (r.Ç ) = 3,676 • 1O5 • exp (33,47 • e? )

AISI 316 H 400°C

n = 5,5

К (cÇ ) = 155+ 1916- E? (MPa)

y (E? ) = 1,198 • 10s • exp (52,84 • E? )

AISI 316 H 55O°C

n = 5,5

К (E? ) = 138,5 + 1799 • £? (MPa)

Y(E? ) = 2,144- 105- exp (63,52- EÇ )

A1SI 316 L 20°C

n = 5

К (EÇ ) = 335 + 1902 • eÇ (MPa)

y (EÇ ) = 6,175 • 104 • exp (17,42 • EÇ )

A1SI 316 L4OO°C

n = 5

K ( E ? ) = 232+ 2138 •£?

Y(EÇ ) = 3,174- 10'- exp (47,88

Correlation Coeff. r2 = 0,99

(s'1) r2 = 0,99

Correlation Coeff. r2 = 0,99

(s"1) r2 = 0,96

Correlation Coeff. r2 = 0,99

(s"1) r2 = 0,84

Correlation Coeff. r2 = 0,99

(s"1) r2 = 0,96

(MPa) Correlation Coeff. r2 = 0,97

(s"') r2 = 0,93

TABLE 7
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- 5

INTERRELATIONSHIP BETWEEN MATERIAL STRENGTH AND

COMPONENT DESIGN UNDER ELEVATED TEMPERATURE FOR FBR

Y. Nakagawa Senior Engineer

Advanced Reactor and

Nuclear Fuel Cycle Dept.

Hitachi Works; Hitachi, Ltd.

Abstract

Structural design under elevated temperature for fast breeder reactor
plant is very troublesome compared to tnat of for lower temperature. This
difficulty can be mainly discussed from two different stand points. One is
design and design code, another is material strength.
Components in FBR are operated under creep regime and time dependent
creep behavior should be evaluated properly. This means the number and
combinations of design code and material strength are significantly large
and makes these systems very complicated.
Material selection is, in no words, not a easy job. This should be done by
not only material development but also component design stand point.
With valuable experience of construction and research on FBR, a lot of
information on component design and material behavior are available. And
it is a time to choose the "best material" from the entire stand points of
component construction.
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1. Introduction
Structural design under elevated temperature for fast breeder
reactor plant is very troublesome compared to that of for lower
temperature. This difficulty can be mainly discussed from two
different stand points. One is design and design code, another is
material strength.
Components in FBR are operated under creep regime and time
dependent creep behavior should be evaluated properly. This means
the number and combinations of design code and material strength
are significantly large and makes these systems very complicated.
Material selection is, in no words, not a easy job. This should be done
by not only material development but also component design stand
point.
Described in this paper our stand, point for material selection for
future plant components.

2. What is a "Good Material" ?
What is a definition of "Good Material" for FBR components ? If you
can give a simple distinctive answer, material selection for newly
designed plant seems easy.
ASME Boiler and Pressure Vessel Code Case N-47 gives us creep
rupture time of several materials. You can easily find allowable
creep rupture time for 316SS is larger than that of for 3045S by about
one figure. From this point, 316SS seems to be better than 3O4SS.
In FBR components, most creep damage is counted during relaxation
by residual stress caused by abrupt thermal transient. It can be
expected relaxation rate or strain rate will play an important role in
FBR creep damage.
If you take this point into account, no significant differences can be
found between these two materials. Assuming they have equal
characteristic in creep, which is a better material ?
This is only a typical example to say material selection for FBR is
not so simple work.

3. How to evaluate creep damage ?
Paragraph T-1433 of ASME Boiler and Pressure Vessel Code Case N-
47 shows us creep damage evaluation methods.
In one case, 1.25Sy/K' should be compared to creep rupture curve and

creep damage ( JÜ can be calculated. Examples of the calculation
Jo Td

are shown in Table-1.
However, as stated in the previous chapter, dominant creep damage
in FBR components is suffered through relaxation.
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To know creep damage during relaxation, relaxation calculation was
carried out with initial stress 1.25Sy at 500°C and 550°C
Relaxation curves are shown in Fig. 1. Creep damage is tabulated in
Table-2.
Compare this table with Table-1. What we see by these calculations
is the reverse relation of creep damage of 304S5 and 316S5. Only at
500°C, 1CT hr's damage of 304SS is slightly larger than that of 316SS.
Creep damage is one of most characteristic features in FBR struc-
tural-design and important stand point for material selection.
This comparison indicates material which is "stronger" in creep is not
always better than the other and necessity of study of design
standard for material selection.

4. Creep damage and material Constant
You can easily estimate the creep damage in the case it depends on
only creep rupture time.
When you take into account the effects of relaxation, this is not so
simple.
Here we have studied the effect of strain rate onto creep damage.
Three cases of strain rate are compared in Fig. 2 and Table-3.
Case 1 is original 3045S as described in previous chapter. As for
cases 2 and 3, five times and one fifth of strain rate of original 3O4SS
are assumed.
Fig. 2 shows the difference of relaxation behavior. We can see the
slower strain rate, the lesser relaxation.
Comparison of creep damage is on Table-3 and significant differences
can be found.
This means, from the view point of creep damage, the higher strain
rate is desirable and material development work should take this
point take into account.

5. Effects of yield point on buckling behavior
Plastic buckling behavior is one of typical example where yield point
plays an important role.
The analytical buckling behavior of straight tube of heat exchanger
say two things. First, allowable maximum thermal load has direct
relation with yield point as expected.
Second one is a significant difference between the results by analysis
and experiment event though the analyses were carried out by using
average material constants.
Generally speaking, it is well known the yield point of the tube is
significantly higher than that of the plate or forging. Thus, in some
cases it is very effective to have separate material strength standard
for these material types of fabrication.
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What we see in this study is an importance of type of material
fabrication when we discuss "material".

6. Choice of material from view points of component design
Structural designs of FBR components have close connection with
material strength standard as stated in previous chapter.
At the stage of early FBR plant construction, generally speaking,
material selection • was performed without sufficient corelation of
design and mterial research and development.
Main purposes of research and developments of such FBR materials
are concentrated on material improvements and data accumulation.
However, it is a time that material selection have to be carried out
from its early stage with intensitive evaluations of component design.

7. Parameters of Material Selection
We have a lot of parameters for material selection. In this chapter
are described major parameters for FBR components material selec-
tion.

7.1 Strength under Elevated Temperature
They say we have not small area where structure does not satisfy the
design code on an elastic basis. To complete structural design under
elevated temperature easily is a major concern of FBR component
designers.
Among them creep-fatigue damage is the most difficult area.
Improvements of creep-fatigue strength of materials area being
waited by a lot of designers.
Here, care should be taken by material people that materials which
have stronger creep strength do not always have advantages when
evaluated by a certain design code as stated in chapter 3.
Strain rates, yield points and other material constants should be
taken into account at the same time.
Material people as well as designers has to study the points of design
code and component design and should propose FBR component design
code from the stand point of material developments.

7.2 Environmental Effects
Liquid sodium, nitrogen and argon gases and water/steam are repre-
sentative environments in FBR components.
A lot of troubles experienced in FBR seem to be caused by environ-
mental effects.
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For thin wall heat transfer tubes in heat exchanger, curbulization and
decurbulization, corrosions, frettihgs and etc. .are main concerns.
Self-welding, embrittlement under elevated temperature can not be
neglected.
Potential of stress corrosion cracking, for-.steam generator has to be
sufficiently checked before the final determination of the material.

7.3 Productivity of Different Type of Material
Generally, the research work on a certain material begins in most
cases with plate in middle size thickness because of easy material
handling in tests.
However; the points we have to pay an attention are that we need
different types of materials from thin tubes to very thick forgings.
The characteristics of these types of materials differ from type to
type.
And in some cases, for example, we can not get thick forgings with
satisfactory specifications.

7A Fabrication
A stage of component fabrication is important point which material
people be apt to miss the discussions.
Assume, you have two materials of austenitic steel and ferritic steel
as candidates.
There is a significant difference in component fabrication from both
materials. That is heat treatment.
If you use .austenitic steel, you don't need stress relief heat treat-
ment.
When your selection.is ferritic steel, you have to perform pre and
post weld heat treatment.
This does not seem so important as far as you are thinking in
laboratory.
However, in shops or sites yes or no of heat treatment will affect the
advantage of both materials.
Necessary cleanness and care for material handling are other points
of discussion. These points have to be taken into account for
material selection.

7.5 Cost
Recently, construction cost of nuclear plants has been required to
reduce because of energy status in the world. FBR is not an
exemption.
Material has close connection with plant cost.
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If advantageous material is applied to only components like inter-
mediate heat exchanger or steam generator, the effect on cost is not
significant.
However if it is used for main components including piping system
the effect will be quite large.

8. Material Selection for Demonstration Plant
We have already determined materials for Monju. Our current
efforts of research and developments on material selection are for
the demonstration plant even though the work for improvement of
Monju material is continuing.
From the view points of material selection, a steam generator is a
major concern.
Materials of almost all primary circuit are austenitic stainless steels,
however, we see different material selections of steam generators in
different FBR countries.
Some of these materials have been already used for plants and some
others are only planned.
They are austenitic stainless steels, 2K»Cr-Mo, 9Cr-lMo, 9Cr-2Mo,
12Cr-lMo and alloy 800, etc.
Table-4 shows the tube materials for steam generators of world FBR
plants.
For future plants, only candidate materials which author could study
are described.
This table imply relatively wide range material selection for steam
generator compared to those of primary circuits components which
are austenific stainless steels, in general.
What are the reasons of these selections ?
The first one is the difficulty of structural design of steam generator
under elevated temperature. In some cases the design does not
always satisfy code requirements on an elastic basis.
Troubles of steam generators seem to be the most cases of FBR
troubles under plant operations.
These facts imply that material selection of steam generators is the
most troublesome work in FBR.

9. Method for Material Selection
Under these circumstances, what is a method for material selection ?
With valuable experiences of construction and research on FBR, a lot
of information on component design and material behavior are
available.
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And it is a time to choose the "best material" from entire stand
points of component construction.
Fig. 3 shows a typical example of flow diagram for material
selection.
The flow diagram is not always the same in accordance with the
environmental condition, however, to make an appropriate flow for
this job and proceed the plan by necessary time are the most
important.
We believe this is the best case to progress the real material
selection job.
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Table-1 Creep Damage (I)*1

n based on par. T-1433 (g)(2), ASME C.C N-47.

"•2 Duration of creep is 2.1 x 105 hr.

material

304SS

316SS

temperature
(°C)

500

550

500

550

sy
(kg/mm2)

11.1

10.8

11.8

11.4

1.2 Sy/k1

(kg/mm2)

15.4

15.0

16.4

15.S

Td
(hr)

2.0xl05

l.lxio"

1.2xlO6

4.0x10^

*2De z

1.1

19.1

0.18

5.3

Table-2 Creep Damage (2)*1

material

3O4SS

316SS

temperature

500

550

500

550

ixloV

0.011

0.027

0.008

0.052

Dc
i

2.1xlO5

0.060

0.087

0.096

0.26

*1 Calculated along relaxation curve initial stress 1.25 Sy.

Table - 3 Creep Damage
(effect of strain rate)

*1

*2
Strain rate

1/5

1

5

Dc

ixlO4 hr

0.169

0.027

0.003

2.1xl05hr !

0.904

0.087

0.006

*1 at 550°C 304SS

*2 normalized by reference value

9 7 0



Table 4 SG Tube Mctcrial of World FBR Plants

Country

USA

France

UK

West '

Germany

USSR

Plant

CRBRP

Phenix

Super Phenix 1

Super Phenix 2

PFR

CFR

SNR 300

SNR-2

BN350

BN600

Output

(MWe)

300

251

1,200

270

1,300

312

1,000

150

600

Temp, of

Main Steam (°C)

483

510

515

516
m

490

500

500

435

505

Tube Material

Evaporator Super Heater

2^ Cr • 1 Mo

(Ann)

2 T O • IMo 3Z1SS4

i\cr - IMo-Nb4

Alloy 800

9Cr2MoNb • V • Mn

or Alloy 800

2xCr-lMo-Nb4
316SS

9Cr•IMo

Z4 Cr • IMo-Nb-Ni

24cr-lMo-Nb-Ni or4

12Cr-lMo or Alloy 800

2|crlMo

2^Cr-lMo Austenitic

stainless

* For future plants, candidate material studied by the author
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10

E

5^

316SS, SOOoc

304SS, 500°C

316SS, 55O°C

304SS, 550°C

101 10' 10" 10'

Time (h)

Fig. 1 Relaxiation Curve of 304SS and316SS

10' 10'

10' 10 10'101

Time (h)

Flg. I Relaxation Curve (304SS. 550°C)

(effect of strain rate)

Strain rate (1/5 of the reference)

Strain rate (Reference)

Strain rate (5 times of the reference)

10' 10'
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Material Strength

Basic Data of

Material Strength

Preliminary Material

Strength Standard

Preliminary Component

Design and Material Screening

Material test for
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Design Code
Material
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(Stress Relief)
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Stress Corrosion

Tube, Plate

Forging
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Reliability
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Fig. 3 Flow Diagram for Material Selection

(Typical Example)
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for Stress Rupture Data Extrapolation
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Abstract

The common feature of stress rupture lines in the usual log a/log tp -
2 2

plot is that their curvature is always d log a/d(logtf) < 0. Hence a

linear extrapolation from these graphs leads to non conservative es :i-

mates. In the present investigation it is shown that stress ruptu .

functions F(a,tf) can be derived which are more suitable for life time

extrapolations as the usual one mentioned above. Best results were ob-

tained with a function of the type t. ̂  sinh go. Besides of a better

extrapolation the functions examined allow a better understanding about

the nature of the life time determining mechanisms. The new method is

applied to stress rupture data of SS AISI 304.
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1. Introduction

Usually stress rupture lines (SRL) are obtained by plotting the

logarithm of the life time t vers. the logarithm of the engineer-

ing stress o. tf is (strongly) dependent of the temperature T, hence

a particular SRL corresponds to each temperature. In the case that

the SRL is a straight line the extrapolation e.g. from small to large

t ..-values does not impose any problem. In reality however the SRL's

are in general curved lines with a curvature

K 5 d2log a/d(log t f )
2 < 0.

Therefore a linear extrapolation leads to non conservative estimates

(i.e. toolarge t^-values are predicted) as schematically shown in

Fig. 1. Evidently the problem of the extrapolation is solved by

"linearizing" the SRL.

One of a frequently applied "extrapolation method" is the procedure of

Larson and Miller (see e.g. [1],[2]. A survey of the older literature

of this methods is given in Table-1 which is taken from Grounes work

[1]). However the idea of this procedure is to rationalize the tempera-

ture dependency of the life time by means of a "master curve" plotting

log a vers. M where M = log t,--0.43 Qf/RT. The Larson-Miller-parameter

M is a function of T and t,. 0_ is the apparent activation energy for

failure which usually is considered as being a real constant. In reality

however Qf is usually dependent on T as well as on a. Consequently as

one can realize the "master SRL" in the log O vers. M plot is general-

ly a curved line. Hence this procedure does not solve the aspired problem

of the ^-extrapolation. It was the objective of the present investiga-

tion to look for F(a,tf)-functions appropriate for extrapolation.

2. Theory

2.l_ General_Procedure

For a given material the life time tf is a function of the applied

stress a and temperature T. Phenomenologically the stress dependency
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of t (which primarily is of interest) is obtained from the combina

tion of two empirical facts.

The strain rate in secondary creep can be described as the product

of two functions, namely

(1)

where each of the factors is a function of only one of the variables.

The index ^ refers to structural influences upon e , like grain

structure, phase composition etc. These are assumed as independent

of the variables o,T and the time t.

m
An empirical relationship exists between the minimum creep rate e

(= E at the beginning of the secondary creep stage) and t
5 X

(E tf) = const * f(a) (2)

(Monkman-Grant relationship [3]).

Differentiating Eq. (2) for T=const., we have

(de It ) = C-dt./t ) (3)
m m ip f f i|i

Inserting into Eq. (3) for t (a) and integrating one obtains tf(a) .
m \i)

In the following, for simplicity, the index ip will be dropped. Y

2.2 e (a)-Function
_m

From extensive investigations performed in the past it is known that

depending on the stress range different E (a) - functions have to be
s

used to describe the steady state creep behaviour at high" temperatures

(T ̂ 0.4 T,, where T„ is the absolute melting temperature). In the

present investigation the following approaches are considered:
nl

approach 1: e . = A(T)o (4)
HI) 1

approach 2: e = A(T)a(n2-1)sinh 3 a (5)

n3
approach 3: E . = A(T)(sinh ß„o) (6)

where $• is of the form
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P. = a./kT, i=2.3 (7)

a. has the dimension of volume and k is the Boltzmann constant. In

a first approximation a. is assumed independent of a and T (For a

more detailed analysis see [A]).

2.3 The tf(a)-functions

Inserting the Eqs. (4), (5) and (6) into Eq. (3) one obtains the

corresponding t- .(o)-functions listed in Table 2. tf is the
r,i r ,o

life time corresponding to the stress a . n . n„, n„ are constants

independent of a and T.

2^4 The_slo2es_of_the_SRLs

Defining the slopes a. as

a. = dlog a/dlog t .(a) < 0 (8)

l r, i

from the tf .(o)-functions listed in Table 2. a.-values are derived

which are listed in Table 3. From Table 2 it is evident that from

approach 1 the tf(a)-function is derived which commonly is used for

stress rupture data representation.According to the above because

the slope a = -1/n. = const., the SRLs in a log a vers. log tf plot

should be straight lines. As can be realized from Fig. 2 and Fig. 3

this is not the case e.g. for stress rupture data obtained from

SS AISI 304. These SRLs are curved lines and it is

da/dlog tf = d
2log a/d(log t f )

2 < 0 (9)

From Fig. 2 and 3 it follows further that a decreases with increas-

ing temperature. The a- and T-depending of a can be realized from

Fig. 4. The results listed in Table 3 lead to the following con-

clusions:
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a ) In disagreement with observations a is independent of

a and T. Hence approach 1 is inappropriate.

b ) In agreement with observations the approaches 2 and 3

resp. obey the condition given by Eq.(9) and for T„ > T

it follows that (see Fig. 4)

a2,3(T2> < «Z.s'V

c ) For a -> 0 a. turns out to be independent of stress. In

conclusion the functions t „ and t^ „ give a better

description of stress rupture data than t,

2^5_ The activation energy

The activation energy Q of thermally activated mechanisms is

equal to the difference in the heat content of a system in the

saddle point and the equilibrium state resp. The energy Q for

the change of the system is delivered by (thermal) lattice vibrations.

Denoting with Q the energy barrier between the states considered

and denoting with Q the energy contribution from forces acting

during the activation event - which in the present case are

mechanical forces - according to the first law of thermodynamics

one obtains

Q = Q + Qxo H x

where

0 (a) = stress x area x displacement

is stress dependent and hence

Q(o) = Q o " Q^o) • (11)

Because lim 0 = 0 it is from Eq. (11) Q^ . = Q.(aO).
a-*-o TB 0,i l

The temperature dependence of the life time can be expressed
in the form (see e.g. [2])
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log tf/tf = -Q /kT ( 1 - T Q / T ) , for o=const. (12)

where Qf is the apparent activation energy for failure. tf is

the life time at 0 ,T .According to Eq. (12) Q is determined from

Qf = -kT
2(d log tf(T)/dT)0 (13)

In Fig. 5 tf(T)-curves are shown from which Q -values were calcula-

ted - In Fig. 6 these are plotted vers. o. Therefrom it is evident

that for AISI 304 Qf is dependent of temperature and stress resp.

Remembering that ß.(T)=a./kT) and inserting the respective t .(T)
1 1 r) i

functions from table 2 into Eq. (13) one obtains with regard to

Eq. (11) the Q . functions summarized in Table 4.
£ 1

Both the approaches 2 and 3 lead for higher stresses to a stress

dependency Qf(a) where Q decreases linearly with

increasing stress a. From the experimental results shown in

Fig. 6 we can realize that O_(CJ) has two linear branches. To

each of the branches a particular Q -value (for low 0 (L) =

485 kj/mol and high stresses Q (H) = 570 kj/mol are correlated.

The Q (L) values corresponding to different temperatures differ

by less than 5 pet. and the Q (H) values by less than 10 pet.

Therefrom the following conclusions must be drawn: a) that at

least to physically different mechanisms contribute to failure.

b) The Qf(o) values are dependent of temperature. This perhaps

is due to differences in the metallurgical state of the material

when tested at different temperatures, c) in the higher stress region

he linear decrease of o with Increasing stress is in accordance with

calculations.
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3. The evaluation of stress rupture data

3.1 The determination of the ß.-values

The original data are: the engineering stress a and the

corresponding life time tf. A double logarithmic plot of these

values gives curved SELs. Therefrom the slopes a as func-

tion of 0 and T are derived. According to the results of calcu-

lations shown in Table 3 the expressions for the ct_ .-values

contain the stress a, the n.-value and ß..

For the high stress region it is

,(H) = a2/kT = U-(n2+l/a) } /a

and

3(H) = a3/kT = (T^

where a is the experimental value which»as mentioned above»are

derived from the log a/log t.-diagrams. For the low stress region

it is

02(L)

and

33(L) = I/o - {3(l/on3+l) } 1 / 2

The ß.-values contain an adjustable n.-value. The determination of

n. can be done in the following way. We denote with

r. = t, .it.
l f,i f

the ratio of the calculated life time (see Table 2) to the experi-

mental value t . The t. . value is calculated by means of ß. which

contains the adjustable parameter n.. By iteration the n.-value is

adjusted to give V. fy 1. This can be achieved at least e.g. for the

low stress region. The choice of the appropriate tf .function occurs
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by comparing the corresponding r. (o) functions. The t . function
i t ,1

for which the condition

r.(a) < 1 = const. £ f(o) r>

is "better" obeyed is the more appropriate one. Examples of appli-

cations are shown in Table 5 to Table 11. The n.-values listed at

the table heading are the "best-fit" values for the entire stress
i-

range. k

3^2 Comgarison_with_exgerimental_data ;

t-

The original experimental data used for the present analysis are r
c

plotted in Fig. 2 and Fig. 3 resp. Therefrom the data are derived

which are listed in the Table 5 to Table 11. The data stem from

stress rupture tests conducted on two heats of SS AISI 304 (solu-

tion annealed).

In Fig. 7 and 8 resp. the T. (0) functions are shown. Whereas for

T = 550°C better results are obtained with appraoch 3, for T = 65O°C

approach 2 is the better one. As became evident from a more exten-

sive analysis [4] principally both the approaches 2 and 3 resp.

(but not approach 1) can be used for the "linearization" of SRLs.

Which of the approaches is the more appropriate one has to be decided

according to the circumstances.

4. Discussion

Because the curvature K of the SRLs is always K < 0, a rather general

reason seems to be responsible for this behaviour.

According to the rate theory the resultant reaction rate of a system

of two individual processes depends on their mutual inter-

action . For instance if two deformation processes 1,2 with the

respective strain rates e., e„ are active during plastic flow (see

e.g. [5],[6]) the resultant strain rate e for independent, simultaneous-

ly running processes is
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e = e1 + e2 (14)

and for sequentionally dependent processes it is

e = E e9/(e.+e,) . (15)

In the first case the faster mechanism determines the resultant

rate whereas the slower process is rate determining for sequential

dependent mechanisms. A high temperature failure model was proposed >

independently by Beereand Speight [7] and by Edward and Ashby [8], \

which in the following will be explained by means of Fig. 9. This

shows a grain boundary which is normal to the tensile axis. Cavities ,

have formed in the course of creep with a mean radius R and a mean

center-to-center distance 2L. The cavities - as known from experi-

ments - grow under the action of the normal stress 0. Thereby the

load bearing cross section is steadily decreased. At a critical
2

damage value A = (R/L) the material will fail. Principally
\Zi. C IT

the growth of voids can be governed by motion of dislocations as

well as by stress assisted diffusion of atoms from the void surface

into the grain boundary.

For a given stress 0 the diffusion path X decreases with decreasing

temperature. At low temperatures T = 0.4 TM (TM is the absolute

melting temperature) X = R. In this case the voids can grown only

by the help of dislocations.

With increasing temperature (T > 0.4 T,,) the diffusional zone extends

until the neighbouring zones will touch. In the case that R < X < L

the deposition of the atoms from the void along the grain boundary

(GB) is non uniform. Evidently the shift of the grains 1 -and 2 along

the tensile axis is larger within the diffusional zone A than in

the zone B (see Fig. 10). Consequently the GB becomes distorted .The

stress field of the distortion will finally stop the diffusion and the

growth of the voids will seize. These can again start to grow after

the distortion has been eliminated. The latter can be achieved by

plastic deformation of the adjoining grains 1,2 by means of a dislo-

cation mechanism. Hence the growth of voids and consequently the life

time t will be governed by two sequentially dependent processes:
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by diffusion and dislocation creep. The slowest one will determine the

damaee rate A and hence will be responsible for the life time.

Both the mechanism considered cause a plastic deformation of the

material. Denoting the respective strain rates E ,L the resultant

strain rate e is then given by Eq. (15). How this is related to

the SRL? Transforming the log a vers. log tf diagram by means of

the Monkman-Grant relationship Eq. (2) into a log 0 vers. log l/e
2 2 m

diagram the SRLs (for which d log o/d(log tf) < 0) appear in the

log e vers. log 0 diagram as a curved line schematically shown in

Fig. 11. This curve (as discussed in detail elsewhere [6]) describes

the stress dependency of the minimum strain rate e for the case that

two sequentially dependent processes (with e and e „) are operative
in j 1 m y £•

during plastic flow. The straight lines describe the stress dependency

of e of the individual processes i.e.
nl n2

E , ̂  0 and E _ 'v» o
m, 1 m,2

where n. > n„. According to Eq. (15) the resultant strain rate e

at high stresses is governed by the process 2 and at low stresses

by the process 1. The upper curve in Fig. 11 results for simultane-

ously running independent processes. Transforming this line into

the log 0 vers. log t diagram the curvature of the corresponding

SRL is opposite to the experimentally observed ones.

From the stress dependency of Q f for AISI 304 shown in Fig. 6 it

is reasonable to preclude that the process associated with the high

stress branch of the Qf(a) diagram is a dislocation mechanism. At a

given medium temperature with increasing stress the strain rate re-

sulting from dislocation mechanisms will dominate the strain rate

associated e.g. with diffusional flow. Hence with regard to Fig. 11

the dislocation mechanism corresponds to the process 1. Consequent-

ly at higher stresses the process 2 is the slower running one and

according to Eq. (15) this will govern the life time. At lower

stresses the situation will be reversed.
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At very__high stresses (X = R) as well as at very__low_stresses, (X = L) the

mechanisms become mutually independent. Consequently in this case the

faster mechanism will govern the life time.

Summary

In the paper a new approach for long time extrapolation of stress rup-

ture data is presented. The main results which first have been applied

on SS AISI 304 can be summarized as follows:

i) For long time extrapolation the analytical description of stress

rupture lines (SRL) by usual log a vs. log tf diagrams is inappro-

priate.

ii) There are other stress rupture functions F(a,tf) which are more

suitable for life time extrapolations. Good results were obtained

with a function of the type t (a) *\« sinh3o".

iii) The data analysis by means of this function offers an understanding

of the nature of the life time determining mechanisms. The analysis

of the stress rupture data from SS AISI 304 has shown, that in

general at least two sequentially dependent mechanisms govern the

life time.
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Table 1

log o. =K. - (i/n)M

M=log t -0,434 QL/RT

Case
no.
3
4 (a)

P.
P .

4(6) P .

4(c)
4(<0

P.
P.

P(T, v)ss-

8(a) -aT
8(6) -a/T
8(e) a-bT

-Tina
9 (a)
9(6)

10(a)
10(6)
10(c)

10(c) -

11(6)
12(n)
12(6)
12(c)

13(6)
14(a)
14(6)
14 (c)
16(a)
16(6)
lG(c)

—a in 9 — b
P(9)
P(9)
—a In 9
—a In cr

. . In 9
oQ(o') + 6cr
[(1 - ac)/R(9)
- h i R(9)

In a + 9/<rt(T)
In a + [<r/cro(r)l>
7' In 9 - P(U)
-R(T) In 9

T In 9 "
-Tina- R(l.)
R(9) • S(T)

Surviy of litorature on

r Q(T, 9) £ c\/R
Qi.9) *
n - a c.sp (6 + cT)

aT' - r In [sinh

(T1 - aT)/R<9)
T[(T - a)/6(c - In <r)J]'
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An Analytical Method on Evaluation of Creep-Fatigue Life
with Long-time Strain Hold

Y-Wada, I.Nihei, and A.Yoshitoshi

Sodium Technology and Materials Section
Systems and Component Division
Oarai Engineering Center
Power Reactor and Nuclear Fuel Development Corporation

rrABSTRA

Evaluation of creep-fatigue life with long-time strain hold is very

important problem for structural design of FBR. But, these creep-fatigue

tests are very difficult because of test tachnigues and costs. Therefore,

the life prediction for long time must be based on analytical approach by

which the extrapolation to the range of longer hold time effect can

be evaluated and justified.

In this paper, an analytical method is proposed, and which is based

on generalized relaxation analysis, creep damage analysis, total damage

evaluation per cycle and the diagram of creep-fatigue interaction effect.

By this method, it is expected that the prediction is simplified and the

evaluation is conservative.
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1. Introduction
Development of evaluative methods on creep-fatigue life with strain

hold-time is'very important problem for design on class 1 components of
FBR, but mechanical tests on these properties are very expensive and dif-
ficult for long-time operations of test machines. Therefore, it takes
long term to prepare sufficient data-base (maximum 10 hr. of strain hold-
time) for structural design, and furthermore designes require the extra-
polation methods to long time (more than 1Q.2 hr. of strain hold-time)
based on the above data-base.
Creep-rupture data for more than 10^ hr. are easily prepared by long

time tests, and these tests have been already examined*). While,
creep-fatigue tests for more than 10^ hr. must be impossible by present
test technique (including costs of test machines and operators').
As the results, the extrapolation of less than 1 order (3x10^ to 3xlO5

hr.) is required on creep-rupture data, but designers need that of more
than 2 order (3xlO3 to 3xlO5 hr.) on creep-fatigue data.
On evaluative method on creep-fatigue life the following problems are

basic but important for designers.
(1) criteria of creep-fatigue failure.
(2) mechanical properties necessary for analysis and evaluation.
(3) application of conventional methods and test data.
(4) simple procedure and conservative (but not too conservative)

evaluation. , »
In this paper, a simplified and conservative (we expect) method on

prediction of creep-fatigue life, which is based on linear damage rule,
is proposed. Main problem of this method is calculation of creep-
damage among stress relaxation.

2. Analytical Approach for Life Prediction

2.1. Assumptions
This procedure for the prediction of creep-fatigue life holded maximum

strain is based on the following assumptions,
(1) Cyclic behavior at steady cycling (defined as about half num-

ber of cycles to failure) is repeated at each cycle (see Fig. 1).
(2) Initial value of stress relaxtion among hold time is determined

by cyclic stress-strain relation on triangular continuous cycling
(without hold time).

(3) Stress relaxation behavior can be evaluated approximately by
creep strain-time relation and hardening law.

(4) Fatigue damage is calculated by strain controlled continuous
cycling fatigue life including strain rate effect.

(5) Creep damage is calculated only among maximum tensile strain
hold.

(6) Fundermental environment is only in air, and when designers
want to include other environmental effects, additional life-
reduction factors can be evaluated separately.

2.2 Curverfitting methods on stress relaxation
For curve-fitting of stress relaxation, selection of regressive equations is

important, especially at the case of extrapolation to the range of long time.
While a number of equations on creep strain-time relation have been already
proposed by creep test results and/or creep theories, conventional theories
on relaxation are usually based on not independent relaxation theories but

1O1O



creep theories . For example, Conway»s equation^), which was used in
generation of design fatigue curves (for elastic analysis) of ASME
Code Case H-47, also derives from simplif ied creep equation and hardening
law.

Any extrapolation to long range by easy curve-f i t t ing to relaxation data
of short time should not be applied.

Fig. 2 shows typical relaxation test result after n.onotoric strain loading
on 304 stainless steel and calculated behavior by creep strain-time relation
and strain hardening law. By this f igure, the assumption (3) (presented in
section 2.1) is supported, and i t is expected that the extrapolation by this
method is able to be applied because the curve-f i t t ing doesn»t depend on relax-
ation test data.

Cyclic relaxation behavior at creep-fatigue tests with strain hold time,
which is shown in Fig. 3, is different from monotonic relaxation behavior
(shown in Fig. 2) because of the following effects on histories of cyclic
plastic and creep strain.

(1) In i t ia l stress depends on temperature, strain-rate of both of
loading and unloading, strain range and so on.

(2) Creep strain hardening, which effects on relaxation analysis,
depends on histories of inelastic strain and recoveries among
strain hold.

The accurate (quantitative) and generalized description of these complex
properties by restricted data is not r e a l i s t i c Therefore, simplified and
conservative descriptions, which should be proposed reasonablly, must be
required.

I f i n i t i a l stress is determined by cyclic stress-strain relation on contin-
uous cycling (presented in the assumption (2) of section 2.1.) , i t is expected
that stresses by relaxation analysis are higher than test results (see Fig. 4)
except the case of occasion when dynamic strain aging occurs.

2.3 Required Mechanical Properties
Mechanical properties, which are required to anaysis on creep-fatigue l i f e ,

are as follows.
(1) Cyclic stress-strain relat ion,

/, (T, £,A£p) (1)

and best fit curve on low cycle fatigue life,

Nf -h (T,£,A%) (2)

There data can be generated by continuous cycling low cycle fatigue
test

(2) Creep ruptvrs curve,

t r =/3 (T.Ö) (3)

and creep strain-time relation,

£c = / 4 (T.tf.t) (4)

These data can be generated by creep and rupture tests.
(3) Criteria on creep-fatigue failure,
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Df + Dc = D (5)

These data can be generated by creep-fatigue interaction test.
Mechanical properties, which are required to verification of analized

results, are as follows.
(1) Monotonie and cyclic relaxation behavior,

These data can be prepared by behavior tests (need not failure) on
strain hold.

(2) Creep-fatigue life with strain hold,

nf =£>(T,£,AEt>tH) (7)

These data can be prepared by creep-fatigue tests with strain hold,
but as mensioned above maximum value of hold time tu are limited
by 10* to 10^ hr. Therefore, it is impossible to verify analized
results on strain hold of long time by test data.

2.4 Detailed Procedure of Analytical Approach
By the assumptions (mentioned in section 2.1), method of relaxation

analysis (mentioned in section 2.2), and data on mechanical properties
(mentioned in section 2.3), the prediction of creep-fatigue life with
strain hold can be performed.
Detailed procedure of analytical approach is as follows,

(1) calculation of initial stress of relaxation by eq.(l)
(2) analysis of stress relaxation by both of eq.(4) and strain hardening

1 aw rtHdf
(3) calculation of creep damage dg(= I —li) per cycle by the results

of the above step (2) and eq.(3)JO zr
(4) calculation of fatigue damage df(=l/Nf) per cycle by eq.(2)
(5) calculation of total damage dt(=dp+dc) per cycle,

and
(5) prediction of failure life nf (nf.d^=D) by eq.(5).

3 Results of analysis on 304 stainless steel.
As typical structural material of class 1 component of FBR, 304 stainless

steel is selected in this paper.
Type of equation (eq.(4)) on creep strain-time relation which is very

sensitive for analysis, is as follows. This type has been already recommended
by Blackburn3).

where, parameters t\, £-2» i"l and x"i depend on temperature and stress.
Type of equation (eq.(3)) on creep-rupture curve is based on the following

quadratic polynomuial using time-temperature parameter by Larson-Miller^).

(T+273.15)(log10tr+C)=A0+A1loglcp+A2(log100)
2

where parameters C,An,,A].,and A2 are constants determined by regression
analysis.
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Type of equation (eq.(l)) on cyclic stress-strain relation is as follov/s.
This type has been already recommended by Ludwik^).

where, A Ö J s twice of proportional limit Ö L which is determined by static
tensile test, andA£pis plastic strain range at about half of Nf. Parameters
K and m depend on temperature, but do not depend on strain rate because data
for anaysis are insufficient, and availed data are restricted to only 0.1 %/sec
of strain rate.

Type of equation (eq.(2)) on low cycle fatigue life is polynominal based on
general regression analysis using the following equation,

Nf ) =
where, R=logio(£/100) and S=logig(^%'100).
Limit of sum of damage fraction is same as ASME Code Case N-47 (for in-

elastic analysis).
Fig. 5(a)-(c) show the results on analized creep-fatigue life at 3 temperature

levels, 450, 550, and 650 °C.
From comparision of these results to best fit curve derived by design fatigue

curve in ASME Code Case N-47 (for elastic analysis), it is expected that
this approach is reasonable. *

Design fatigue curves for elastic analysis in Code Case were generated by
creep-fatigue data with only tensile strain hold at 1200°F and engineering
judgement for extrapolation to lower strain range, lower temperature and
longer hold time^). Therefore, this analytical approach are refined and
generalized rather than Code Case. Creep-fatigue life at any temperature,
strain range and hold time can be analyzed, even if these conditions would
be veried, by calculation of creep damage per cycle.

Because thermal softening of initial stress by strain hold is not considered,
this method is conservative, especially at the case of long-time (see Fig. 6,
in which plotted data are test ^ ) 7 ) 1 3 ) )

4. Conclusion
We proposed an simplified method on creep-fatigue life prediction with strain

hold by an analytical approach. This method is based on liner damage rule and
procedure of creep damage among strain hold time.

Creep damage under stress relaxation is calculated by cyclic stress-strain
relation, creep strain-time relation and strain hardening law. These mechanical
properties must be prepared by sufficient test data. We concluded that this
method is generalized rather than that of ASME Code Case N-47 and reasonable
and conservative (but not too conservative) life prediction is expected.
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ON THE EVALUATION METHOD OF CREEP AND FATIGUE I-
STRENGTH FOR FBR WELDED JOINTS \

i)
Tadayoshi Endo, Toshio Sakon
Strength of Materials Research Laboratory
Takasago Technical Institute,
Mitsubishi Heavy Industries Ltd. " ^
2-1-1, Shinhama Araicho, Takasago, Hyogo, Japan %*<

i

ABSTRACT ;

In fast breeder reactor, more detail design at elevated temperature is h
required than in conventional fossile fuel power plants. One of the most /
important experiences in conventional power plants is creep and low cycle
fatigue cracking of welded joints of high temperature use. Therefore, more
carefull requirements will be necessary for welded joint properties for
fast breeder reactor. It is necessary to develop more reliable welded
joints considering the detailed requirements for breeder reactor use.

The authors report some problems experienced in conventional plants,
and then discuss the mechanism of fracture of welded joint specimens in
laboratory testing. Elevated temperature properties required for more
reliable welded joints is also discussed.
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1. Introduction

Various experimental studies have been conducted heretofore, on
structural materials at elevated temperatures, relating to development of
fast breeder reactor. In contrast, those on mechanical properties of
welded joints and their evaluation were quite limited. Cracking of welded
joints has often been reported in various fossile power plants operating
for long periods.
In fast reactor, therefore, it is required to pay attention to welded
joints used for long time in 'creep' range, and to perform further exten-
sive experimental works on their evaluation.

Cracking of welded joints which is roughly divided into two phenomena
of creep and low cycle fatigue (thermal fatigue), is always affected by
many factors, and constitutes one of the most difficult phenomena.

In this report, the authers present some examples of crackinq, and
wish to discuss the failure mechanism of welded joint speciments found in
laboratory testing and point out several items to be considered in design-
ing components.

2. Problems on welded joints at elevated temperature

Reports have heretofore been made on several experiences on crackinq
of welded joints in operating fossile power plants. [Ref. (1), (2), (3)]
Factors affecting such cracking are so multiple, and are quite complicated.
Two examples are being introduced; Fig. 1 shows creep cracking found in
welded part of nozzle attachment after 5xlO 4 hours operation, and Fig. 2
is an example of creep cracking in welded part of austenitic stainless
steel of pressurized piping after 2.5X1011 hours operation.

Cracking around welded joints always shows the following features,
which are not confined to the above examples but are quite general:
(1) Non-ductile intergranular cracking with creep voiding in grain

boundary.
(2) Cracking observed around toe of welded joints.
While, many factors shown in Table 1 cause such cracking, one of the most
important will be the creep rupture ductility, because crackings are always
non-ductile as shown above.
This will be important when we consider the evaluation of welded joint to
be used in fast breeder reactor.

3. Failure mechanism of welded joint specimens tested at elevated
temperature

Many kinds of laboratory tests have been performed to evaluate the
strength of welded joints. But it is attended with much difficulty to
compare test data obtained individually, because of the difference in shape
of the specimens or their locations taken from welded pieces.

It is quite important to understand in detail the mechanism or cri-
teria of. failures in specimens, when we compare and unify the test results.

3.1 Low cycle fatigue phenomena of welded joint specimens

Low cycle fatigue test under constant strain, is usually done bo-
using specimens as shown in Fig. 3. In this case, there are three dif-
ferent materials in the gauge length (GL), viz base metal, welded metal,
and heat affected zone (HAZ).
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Fatigue life of the specimens will be determined by combined effects
of the following two; cyclic stress-strain properties, and fatigue strength
of each point which consists welded joint. Two examples are shown in Fig.
3. Case A is an instance of welding stainless to stainless. In this case,
cyclic stress-strain curves of weld metal and that of base metal are
similar, and as the results, fatigue life is determined by the life of
welded metal. Case B is that of a welded joint of Cr-Mo steel, and in this
case strain will be concentrated at HAZ. So, the fatigue life will be
determined by the life of HAZ. Fig. 4 is the comparison of cyclic stress-
strain curves of various weld and base metals. It is easy to know the
location of strain concentration by comparing these stress-strain curves.

Fig. 5 shows an example of fatigue strength of 2.25Cr-Mo steel welded
joint. Fatigue life of the joint show lower value than that of the base
metal when expressed in average strain in gauge length, but when the con-
centrated strain in the base metal only is considered in expressing the
strain range, its life will be equal to or higher than that of base metal
itself. Fig. 6 shows the method of estimating fatigue lives by obtaining
strain distribution in the specimen analytically. The results obtained by
such method are shown in Fig. 7. Predicted lives give fair agreement with
the experimental results. The fact that is shown in Figs. 5 and 7, indi-
cates that fatigue life of the welded joint could be determined by cycling
of local strain and the fatigue strength of a specific location.

3.2 Creep rupture phenomena of welded joint specimens

Creep rupture specimen shown in Fig. 8, is commonly used. Creep
rupture phenomena are much more complex than that of low cycle fatigue,
because of the time dependant properties of base metal, weld metal and
HAS.

First of a l l , discussion should be made on the fai lure cr i ter ia of
welded jo in ts . Fig. 8 shows two kinds of fai lure c r i te r ia ; stress-based
criterion and strain-based cr i ter ion. Stress-based l i f e estimation is simply
done by bi-element (or tri-element) model, while strain-based l i f e es t i -
mation is analytically done by FEM as shown in Fig. 8.

Acquisition of test data such as rupture time and stress by sinple
specimens is not sufficient to establish better fai lure c r i te r ia . For the
purpose, i t is indispensable to get various properties of each part of
welded jo int such as base metal; weld metal and HAZ.

Figs. 9 to 11 show examples of steady creep rates, rupture lives and
the onset time of tert iary creep of various materials constituting welded
jo in t .

Heat affected zone of Cr-Mo steel is always in a narrow region; con-
sequently, the properties of HAZ should be obtained by specimens bearing
simulated heat history during welding. I t is important to check whether
the given heat history is adequate or not. Figs. 12 to 14 show examples
of creep rupture test data of welded jo in ts . Creep rupture l i f e of
2.25Cr-Mo welded jo in t shows the same value with that of HAZ. (Fig.12)
Fracture location of 304-304 weld and 321-347 weld is changeable according
to rupture time (Fig. 13 and 14); in shorter rupture time or at higher
stress levels, fracture occurs in welded metal. On the other hand, in
longer rupture l i f e , rupture occurs in base metal or HAZ.

In Figs. 13 and 14 are shown results of analytical prediction of
rupture l i f e obtained for 304-304 weld and 321-347 weld.

I f ter t iary creep in i t ia t ion l i f e ( t3 ) and creep' strain at t 3 are
taken as c r i t i ca l values of fa i lu re , the predicted l i f e shown in Fig. 8
holds good.
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This reveals that local creep strain and creep properties (creep
rupture ductility, rupture stress) at a specific location are the key to
determine creep crack initiation.

4. On the high temperature^design of welded parts

As mentioned above,'elevated temperature testing of welded joints
without any idea of taking specimens, determining its shape and so on
should be reconsidered, because the life of welded joint may vary according
to those conditions.

In previous section, it has been shown with several examples that
failure life or failure location can be predicted by knowing various pro-
perties of each parts constituting welded joints. It can be said that
testing of welded joints a,t elevated temperatures has the meaning of cer-
tifying such analytical prediction.

Such an analytical prediction method enables us to compare the test
data obtained from different specimens and to relate laboratory test data
to actual structures. Therefore, the following data will be required in
each part of welded joint to know the state of stress and strain:

•cyclico-e curves including cyclic softening and hardening
•yield stresses (static, dynamic)
• iso-chronous o-z curves
-thermal expansion coefficients

At the same time, the following data are also required on each part of
joint to determine fracture:

•creep rupture ductility (? e3)
•creep crack initiation life (? t3)
•low cycle fatigue crack initiation life

Fig.15 is a schematic figure to explan creep crack initiation
criteria relating to Fig.l. Peak and secondary stresses have relaxed in
early stage of operation, and then after 't' hours, stress distribution
in the figure will be obtained. In this case, stress-based failure
criterion is as follows;

On the other hand, strain-based failure criterion is as follows;

n £c(t)
DC2 = er(t)[ore3(t)]

- There are not sufficient data to show which criterion is more adequate;
however, the authors consider strain-based one will be better. Because

I the value of ef(t) increases gradually dependent upon time, even
if load change should occur. Moreover, the value of e3(t) may be close to

[. such critical strain as will cause creep cracking or voiding as shown in
Fig. 1.

: On the other hand, Dei has no clear meaning in relation to cracking.
: Therefore, to determine experimentally such critical creep strain er(t)
r is important. Creep strain at the onset of tartiary creep [e3(t)] must be
: the most adequate index as critical strain.
; If a simple exprimental method is to be used to determine critical
\ strain of base metal, Fig. 16 is such an example. Fig. 17 is the limit
\ strain determined by such method and shows the comparison with the one
> obtained analytically.
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We need time-consuming experiments to determine experimentally the
limit strain for more complicated models. Therefore, if we need to extrap
olate the limit strain to 105 or longer hours, analytical method will be
the only feasible one for it. Problems of cyclic creep or creep fatigue
interaction are much more comprex subjects, and so far we are yet to
determine how best to evaluate. However, it can be said that the most
important requirement for respective materials constituting welded joints
is the creep ductility after long time use. Systematic experimental work
should be continued to determine on such requirement.

5. Concluding remarks

The authers have discussed with only limited data the evaluation
method of welded joint, which is one of the most important items of mate-
rial researches for FBR. There are so far not systematic work in this
field. Therefore, further efforts must be rendered to aquire basic data
on materials constituting welded joints.

j
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Table 1 Factors affecting to failure of
welded joints

K
en

Typical metallurgical factors

o

O

o

o

O

Base metal, weld metal combination

Properties of H.A.Z.

Time and temperature dependent

Welding conditions

metallurgical changes

Chemical composition of base metal, weld metal

Typical mechanical factors

o

o

o

o

Structural discontinuity around

secondary stress

Stress concentration around toe

State of stress and strain

multi-axiality. constraint, cyclic

Mechamical properties and their

dependency

Creep rate, yield stress.

Cyclic tj - £ properties

Creep rupture ductility

etc.

welded joint affecting to

of weld metal

stress (strain) etc

time and temperature

14-Cr-l-M
4 . 2

• • • : . - ;

Creep voids at grain
boundary

Fig.l An example of creep cracking of Cr-Mo
steel weld
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Fig.2 An example of creep cracking of austenitic stainless steel
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Fig.3 State of stress and strain in welded jo in t specimens for
low eye' r i t ig i ie .
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Abstract

A phenomenological cavitation model is presented by means of which the l i f e

time as well as the creep curve equations can be calculated for cavitating

materials subjected to time variable tensile loads. The model precludes

the proportionality between the damage A and the damage rate A resp. Both

are connected by the l i f e time function T. The lat ter is derived from

static stress rupture tests and contains the loading conditions. From this

model the l i f e fraction rule (LFR) is derived.

The model is used to calculate the creep curves of cavitating materials

subjected at high temperatures to non stationary tensile loading conditions.

In the present paper the following loading procedures are considered: creep

at constant load F and true stress s; creep at linear load increase

(F = const) and creep at constant load amplitude cycling (CLAC). For these

loading procedures the creep equations for cavitating and non cavitating

specimens are derived. Under comparable conditions the creep rate of cavi-

tating materials are higher than for non-cavitating ones.
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1. Introduction

In designing structures which at high temperatures (T >• 0.4 T , where T
is the absolute melting temperature) are to be subjected to varying loads
and temperatures two main problems appear. One has to know the life time
of the material creeping under non-stationary loading conditions and more-
over an analytical description of the plastic deformation is required as
well. The f i rs t problem has been treated in the past. For a review of the
older literature the reader is refered to the paper of TAIRA / I / and to
the paper of one of the authors / 4 / . The present investigation is concerned
with the second task, i .e . with the analytical description of the creep
behaviour of structures under varying loads.

It is well known that the process of high temperature creep (HTC) of
materials is accompanied by the formation and growth of microscopic cavities
on the grain boundaries. These reduce the load bearing capability of the ma-
terial and therefore cavitation is considered as a damaging mechanism. The
role cavitation damage plays in failure of materials subjected to HCT has
been extensively examined in the past / 5 / . The objective of the present in-
vestigation was to study the influence of cavitation upon creep behaviour
of materials subjected to non-stationary loading procedures. The influence
of loss off load bearing capability due to cavitation is properly taken in-
to account by a damage model which in the past has been used for life time
prediction /2,3,4/ .

Using a phenomenological approach we shall not enter into the atomistic
description of cavitation. The only essential idea within the scope of
the present paper is that during HTC, damage is continuously accumulated
which evidently will influence the creep behaviour of the material and
finally will lead to failure. I t is the objective of this paper to des-
cribe by means of phenomenology the HT plastic tensile deformation and
rupture of materials subjected to time variable loading conditions.

1.1 The Damage Model

The model rests on several experimental facts (see e.g. / 5 / ) : Cavitation
occurs predominantly in grain boundaries (GB). The nucleation of cavities
usually is accomplished in the early creep stage. Hence during most of
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the life of the material the increase in HTC damage occurs by growth of ca-
vities. A density decrease of the material is associated with HTC cavi-
tation which accelerates at the end of material's life approaching at
failure a finite value. We define the value of A atomistically as the
area fraction of cavities on the GB

A = NA TT R 2 - (R /L ) 2 (1) .

where R is the instantaneous mean radius of spherical cavities, 2L is the
instantaneous mean center to center distance of the cavities and NA is the
number of cavities per unit area of GB.

The present model assumes /6/, HI that the change in damage dA is propor-
tional to:

i) the damage A itself
ii) the time interval dt during which the material is subjected to an

instantaneous applied stress a. and to an instantaneous temperature T.
J J

iii) the reciprocal of the instantaneous life time value tf(a., T.).

The boundary condition requires thai the life time values t ~ are uniquely
determined by the instantaneous applied stress o and temperature T /6/.
Hence the basic model equation is

dA = [A/t^OjJj)]^ dt, (2)

where ty s t ays for the l i f e time s e n s i t i v e s t r u c t u r e parameters . For s t a t i o -
nary loading condi t ions i . e . a . , T . = c o n s t . , independent of t ime , t f ( a . , T . )

J J ' J J

i s the l i f e time value t . .. For non-s t a t iona ry loading i . e . 0 . and/or T.
T , 1 J J

are functions of time, the life time value tf . transforms into the so-
called life time function t(t), for which it holds

T = const. = tf ., for stationary loading

a,T = const, t f(t))

and

T = x( t ) , for non-stationary loading.

Hence one obtains from the above

din Ak = (dthk)r (3)
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where the index k referes to the particular loading procedure.

As will be shown later in the present case the true stress (together with
the damage A) is strain rate determining. Thus the stresses we are dealing
with an true stresses and therefore the loading type: stationary/non sta-
tionary, will be characterized by the time dependency of the true stress s.
The life time function x(t) is derived from the equations for the static
stress rupture lines, which usually have the form

tf(o) = tfj0(o0/o) !f (4a)

and
tf(T) = tfj0exp[-P(l-T0/T)]o, (4b)

where o is the engineering stress. Inserting into these equations the par-
ticular loading conditions i.e. a = s(t) and T = T(t), resp., one obtains
the life time functions

Tk[s(t)]T = tfjO(ao/sk(t))
n (5a)

and
tk[T(t)]s = tfjOexp[-P(l-To/Tk(t))]. (5b)

s is the true stress, the constants a , T , t- are reference values linked
by the equation of the stress rupture line the slope of which (in the usual stress
rupture plot) is -1/n. Integrating Eq. (3) for stationary loading conditions
one obtains

:: t=t =tf .
lnA /k = 1/t, . / r>1 dt = w = 1 (6)

0 Tjl t=o
where A is the damage at t=o and A is the damage at failure.

In the present model h is considered as the damage value after cavity
0 ::

nucleation is accomplished and A is the critical damage which immediately
leads to (ductile) failure. We shall assume at the beginning of loading
fort=o it is A=A . There is experimental evidence /8/ that in tertiary
creep the cavities in the neck rapidly change their shape by tearing. The
damage structure becomes unstable. The duration of tertiary (enhanced)
creep is usually of the order of 10 times the life time t f ., where the
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latter is defined as the time for loss off macroscopic coherence. The
present model assumes, that the critical damage A* is already achieved
at a time t* £ tf i which roughly should coincide with the end of the se-
condary creep stage. Because the difference between tx and t, . is unsig-

x '
nificant, in the following we put t = tf ..

• J i

It follows from the model equation Eq. (3) that independently of the
loading type the damage varies in the range

1 < A/A^ 2.72

i .e . less than by a factor of 3.

Except at failure generally the damage wi l l be different for different

loading procedures. The loading procedure with the largest damage value A

at given time is considered as the most damaging one. The present investi-

gation is confined to loading conditions for which the damage A either in -

creases in time (tensile loading) or i t remains unchanged (unloaded specimen).

Accordingly, in the present model the damage rate is submitted to the con-

dit ion Ä ̂  0. A negative damage rate would be indicative for recovery

(healing out) of damage, which e.g. may occur at compressional loading.

This restr ict ion is necessary because the l i f e time function contains

stress rupture data from tensile_ creep tests. Evidently the violation

of the above condition results in a non-isostructural transition (see below)

and therefore the above condition can be involved into the structure para-

meter.

For a discrete multi-step loading procedure Eq. (6) gives

x
k=l. (7)

t . - t . -, is the loading period of the i-th loading step and t . . the l i fe
1 1 " 1 T , 1

time value corresponding to the loading conditions in the i - th step.

tR = t * - t . _, is the unknown remaining l i f e time.

Evidently the ratios ( t . - t . ,)/tf . are the l i f e fractions consumpted

during the individual loading periods. The above equation says that at

failure the sum of the l i f e fractions is equal to one. Eq. (7) is known

as the l i f e fraction rule (LFR) and was f i r s t used for l i f e time predic-

tion by Robinson / 9 / .
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An increase of the number of discrete loading steps within a given load

interval wi l l f inal ly result in a continuous non-stationary loading pro-

cedure. Accordingly the l i f e time values t f . in Eq. (7) become continuous

functions of time.

To avoid a misleading interpretation of the LFR, the terminus "rule" does

not express the fact that Eq. (7) is true in the mathematical sense ( i t is

identically obeyed). I t means that using this equation for l i f e time pre-

dictions, the val idi ty of Eq. (7) is not necessarily assured, i .e . the

calculated l i f e times t,. w i l l not necessarily agree with the experimentally

determined value t * (exp). Are these values equal the LFR is said to be

obeyed.

From the mathematical point of view the val idi ty of Eq. (7) does not depend

on the sequence of the terms. However, from the physical point of view this

is expected to be the case only i f the individual l i f e time contributions

(terms) are al l mutually independent. Obviously the mutual independency

of the l i f e fractions is one of the boundary conditions for the val idity

of the LFR. As can be realized the violation of any of the boundary con-

ditions wi l l lead to a non-isostructural transition / 7 / . In practice i t

w i l l be d i f f i cu l t to discern between the val idi ty of particular boundary

conditions. Therefore we denote the boundary conditions by one structure

parameter ip.

Concluding the above: the "physical" LFR is expressed by

t*
ff (lMo(t)J(t)]) dt = 1 (8)
o v

The index i|/ means, that the LFR is valid only for isostructural transitions,

1.2 The General Procedure

The detrimental continuous reduction of the load bearing capability due to

cavitation is basic for the present task. In this part of the paper we

shall investigate how cavitation wi l l influence high temperature creep

behaviour. Cavitation damage enters a strain rate equation
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through the effective stress

°e,k = FkV=

The index k refers to the particular loading procedure. <)> is defined by

* k = * g j k ( . l - A k ) . (11)

The ratio

Sk = «V+g.k

is the true stress and <j> . is the cross section of the non-cavitating
g>K

specimen. The lat ter for given loading conditions is derived from the

tensile test equation /10/

F/F = E/E(l-Y+m)+mE/E (13)

This correlates the tensile load F with the immediate specimen's length E.

The dotted quantities are the corresponding time derivatives. The quanti-

ties Y>m a*'e material parameters for which

and

= 1/s (3s/3e)6

m = (9log s/ a log e)e <_ 1.

e = In E/E is the true strain.

Y is the work hardening coefficient, which in HTC we assume to be zero.

A.(t) is obtained from the damage model (Eq. (3)). The combination of

Ak(t) with the Eqs. (10), (11), (12), (13) gives f ina l ly the constitu-

tive equation
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The index <k indicates that the strain rate r relates to cavitating materials.
For convenience in the following the index T will be dropped.

2. The Strain Equation for Non-Cavitating Specimens

2.1 Creep at Constant Load F

Solving Hart's /10/ tensile test equation (Eq. (13)) for the secondary creep
stage i t is in terms of the engineering strain

eF = ( l -ne(o) t )" 1 / n - l , for F,Y = 0 (15)

where m = 1/n

e = In (1+e), e is the true strain and strain rate resp. e(o) is the strain
rate at the beginning of the secondary creep stage (in experiments identi-
cal with the minimum creep rate). For the strain rate one obtains from
Eq.(15)

eF = e(o) ( l - n e ( o ) t p i r P 1 " " (16)

where 1 - ne(o)t > 0

Thus a limiting time t exists for which

t c r = l/ne(o) (17)

Combining the Eqs. (15), (16), and (17) i t is

eF = ( l -x)" 1 / n - 1 (18)

where x = t / t . (19)

The uncavitated cross section is

1 / n

where <f> = $ c(x=0).o g,r
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2.2 Creep at Constant True Stress s

From Eq. (13) it follows

e s = e(o) + e(o)t

Putting e(o)=0 and expressing the above equation in terms of the engineering

strain it is with respect to Eqs. (17) and (18)

es = exp(x/n)-l (21)

and therefrom

<t>n *=0n exp(-x/n) . (22)

2.3 Creep at Linearly Increasing Load

For the loading procedure considered i.e.

F(t) = FQ + Ft, F = const., f f(t)

HART'S tensile test equation /10/ has to be solved for F = const. + f(t).

This was done by ARYA /ll/ and it is

E/EQ = l + e f = [F

For Y = o Eq. (23) reduces to

[(l+Ft/FQ)
n+1 -l])" 1 / n - 1 , for F* ,Y = 0 (24)

The index F indicates the loading type considered (i.e. F = const.).
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Inserting into Eq. (24) the relationship

£(o) = l /n t c r , (19)

one obtains f inal ly

mil 1 /tr» • •

-1 , for F,y=o (25)

ft

where ß = F n E(O)/F

The load bearing cross section of the non-cavitating specimen is

Inserting Eq. (25) into the above equation we have

»(x) = 0n U-ß/(n+l) [(l+x/ß)
n+1 - l]} 1 / n (26)

2.4 Creep at Constant Load Amplitude Cycling (CLAC)

To describe tensional cyclic creep the author introduced the concept of

the equivalent stress /III. This is defined as a stationary stress S in

a static creep experiment for which

e is the strain rate averaged over a loading cycle (see Fig. 1), e is the
strain rate in the corresponding static creep experiment conducted at the
stationary equivalent stress S and s (t) is the cycling stress. The above

c c

definit ion equation fro S is based on the equality between the sbrain

rates for both the creep test considered. Recently this procedure was suc-

cessfully applied to cyclic creep experiments conducted on Zircaloy-4 /13/ .

For saw tooth cycling i t is /12/

S c = s^(a) (27)

w i t h H =
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where a = av/aja (29)

oM,o is the maximum and minimum stress amplitude resp. and a =1. To two

n values the graph of H(a) is shown in Fig. 2. For high temperature secondary

creep we preclude the val idi ty of a (commonly accepted) strain rate/stress

equation in the form e=B(T)s , where B(T) is a function of temperature only.

With respect to the definit ion equation for the equivalent stress the above

equation is rewritten as

lcF

where ScF(e) is the strain dependent equivalent stress. Combining Eqs. (30)

and (27) i t is f inal ly

ecF = B(T) [sMH(a)]n = f(e,a)

Because a_is practically independent of strain /14/, the strain dependence

of E r is determined by the strain dependence of sM for which is

sM = oM(o)(l+ecF) (31)

Combining this with the above equation we obtain

ecF =B(T)Hn n

c F c F C i f ) (32)

with e(o) = B(T)an(o) = e(o) where a^{o) is the maximum stress amplitude

at the beginning of the secondary creep stage. Solving Eq. (32) for ecF i t

is with respect of the Eqs. (17) and (19)

ecF = (1 - x H n r 1 / n - 1 (33)
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3. Cavitating Specimens

3.1 Life Time- and the Damage Functions

The life time function for creep at F=const. is according to Eq. (5a)
Tp = t f O(°o/Sp(t))n where with respect to Eq. (18)

sF(t) = a o [ o

Combining the above equations i t is

TF = t* nU-x)» f° r F = const. (34)
1 T ) 0

The life time function for creep at s = const, is

Ts = V.o - tf,s' for s = const<' (35)

where tf is the life time value in a stress rupture test conducted at
T j S

s = const.

For creep at linearly increasing load one obtains for sF =(F +Ft)/jö F by
inserting Eq. (26) together with x = t / t and ß = F n e(o)/F

s^(x) = ao(l+x/ß) {l-3/(m+l) [(l+x/3)n+1 - l ] } ' 1 / n (36)

and inserting Eq. (36) into Eq. (5a) i t is

TF(X) = t f>o{l-3/(n+l) [(l+x/3)n+1]}/(l+x/3)n . (37)

The life time function for creep at CLAC is derived by means of the equi-
valent stress (Eq. (27)). It is in combination with Eqs. (31) and (33)

Inserting the life time functions x^ into Eq. (3) and integrating one ob-

tains the damage functions A. ( t ) . These are
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AF/Ao = (1-x)"1, for F = const. (39)

AS/AQ = exp x, for s = const. (40)

A /̂AQ = U-ß/(m+l) [(l+x/ß)n+1 - I ]}" 1 , for V = o (41)

AcF/Ao= (i-xH11)"1, for CLAC

According to Eq. (6) at failure the damage attains the critical value A',* for
which independently of the loading procedure i t is

Ak/Ao = A" /Ao = ZJZ ( 4 3 )

At fai lure Eq. (40) gives A" /A = exp x" = 2.72, where

X3 = < / t c r = 1 (44)

» * ft*

t" is the time at which A = A" This time as alsready mentioned approximately
equals to the corresponding life time tf . Thus i t follows from Eq. (44)
that

From Eq. (39) one obtains Ap/A = (1-Xp)~ = 2.72, where

Xp = t p / t c r - t f f F / t c r = 0.63 (46)

From the Eqs. (45) and (46) i t follows that

t f > F = 0.63 t f j S . (47)

Recently this result has been confirmed by experiments /15/ . As demonstrated
by Bocek and Hoffmann /15/ the above relationship follows from the LFR and
is model independent. In Fig. 3 the damage functions for the loading pro-
cedures considered can be compared. Therefrom i t is evident that under
comparable conditions creep at F = const. (=0^ ) is the most damaging
loading procedure.
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3.2 The Volume Change During Creep at F = 0

Cavitation necessarily leads to a density decrease during creep. The volume

change AV of thfe specimen with a length E and an uncavitated cross section

fa - at given time t is
9>K

AV/VQ = (V(t)-V0)/V0 = Vd(t)/VQ (48)

where for uniform strain fa FE=0 E =V=const.j£f(t), V. is the volume of the

voids in GBs. As shown by Bofcek and Hoffmann/15/ i t is V, C/Vrt=4Tr/3(pq/z)A^/2.
o / p Q»r 0 r

Di f fe renc ing t h i s equat ion i t i s AV, P /V = 6 [ (A C /A ) - 1 ] . I n s e r t i n g f o r
Q j r O r 0

Ap(x) from Eq. (39) one obtains

-Ap/p0 u AVdjF/V0 = 6 [ ( l - x ) " 3 / 2 - l ] (49)

where 1 < x = t / t . c < 0.63. The term -Ap/p is the relative change in
— T,I- — 2/2 °

density. The factor 5 = 4irpqA ' /3z contains the geometrical factors p,q

characterizing the "cavitation structure". z=g/Lowhere g is the mean grain

diameter and 2L is the mean center-to-center distance between the voids.

For x « 1 i t is approximately AV./V ^x^t. In Fig. 4a comparison is shown

between calculations (Eq. 49) and experimental results. The latter were

obtained from density measurements on crept materials (see /15/) .

3.3 The Load Bearing Cross Section for Cavitating Specimens

Inserting the respective quantities into Eq. (11) i t is

l -A o / ( l - x ) ] , for F,Y=0

j60[l-A0exp(x)]exp(-x/n), for s,Y=0

(1-AO/AF)], for F,Y=0

(60(l-xH
n)1/n[l-A0/(l-xH

n)]s for CLAC
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3.4 The Strain Equation for Cavitating Materials

For HTC we preclude the val idi ty of a power-low strain rate/stress equation.

Hence combining the Eqs. (10) (11) (12) and (13) with e, .=B(T)a . n one

obtains after inserting the respective quantities

-n *
nF = [1-A exp(neF)] exp(neF), for F,y=0

ns = [1-AQ exp ne s ] "n , for s,Y=0

n 1/n - nnc = (1+x/ß) [A?- (1-A /At)] ,for F,Y=0
r r 0 r

ncF= [1-A exp(necF)]"nHnexp(necF), fo r CLAC

where n. = e./e(o) and A^ = (l+ej.)~n .

4. Discussion

In the following the characteristic behaviour of materials subjected to

different loading conditions which have been considered in this investi-

gation w i l l be compared.

4.1 The Normalized Time Variable and the Strain Equations for Non

Cavitating Specimens.

In Table 1 the ranges of the normalized time variable x for different

loading types are l is ted. The x'k* value (the index k denotes the loading

procedure) is the ratio of the l i f e time t f k of the material subjected

to toe particular loading procedure to the l i f e time t f .

The l i f e times t f k are determined from the cr i t ica l damage value A* for
which the value of the integral in Eq. (6) w = 1 ( l i f e fraction rule).

Table 2 contains the strain equations ek(x) for non cavitating specimens.

They contain besides the material parameter n, the particular loading

conditions (expressed by the parameters a,3 and H resp.).
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4.2 The Damage Functions and the Load Bearing Cross Sections b

In Table 3 the l i f e time functions are l i s ted by means of which the damaqe

functions are calculated from Eq. (3) . T and x are constants. The other

loading procedures considered lead to time dependent x funct ions. The

corresponding damage functions are l i s ted in Table 4. Several graphs of

these functions are shown in Fig. 3. From the xj* values in the A. (x) dia-

grams the l i f e times t f . for the part icular loading procedures can be

immediately determined. Fig. 3 is the graph of the l i f e f ract ion rule

(see Eq. ( 6 ) ) .

The decrease in load bearing cross section during creep is visualized in

Fig. 5. As demonstrated in / 1 5 / , the c r i t i c a l value (6* is independent upon

the loading procedure and depends upon the i n i t i a l damage value A . For

A = o i t is (5 i t is tf = 6 (where t is the uncavitated cross sect ion). A l -

though the ra t io Hi = 1-A is usually close to one,because (1-A) enters the

HT creep rate of a cavi tat ing material as 1/(1-A)n the damaqe A has a d is t inc t

influence upon the creep rate.

4.3 The Creep Curve Equations for Cavitating Specimens and the Volume

Change During Creep

In the Inn. vers. e. diagram none of the creep curve l i s ted in Table 5 is

a s t ra ight l i n e . For A = 0 s t ra ight l ines resul t for creep at F = const.,

s = const. , as well as for creep at CLAC respectively.

In Fig. 6 the time dependency of the volume change i n creep for d i f ferent

loading procedures is shown. As expected, according to the respective

damage functions the fastest change i n damage occurs for creep at F = const. ,

the slowest rate w i l l reveal specimens crept at CLAC. The c r i t i c a l value

AV /V is independent of the loading procedure, the value i t s e l f depends

on the grain and damage structure (parameters see Eq. (49)) .
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Summary '
1-X'

The objective of th is study was to investigate by means of a phenomenological i

model the influence of creep cavi tat ion upon the creep behaviour of materials sf;

subjected to s ta t i c as well as to time variable tensi le loads. The damage i,-,

model assumes that the damage rate A is proportional to the damage A i t s e l f $

and both are connected through the l i f e time function T. The lat ter is derived \'2

from usual (stat ic) stress rupture tests and contains the loading conditions. </r4

Microscopically A is defined as the area fraction of spherical voids in a grain

boundary. The nucleation of the cavities is supposed to be accomplished in the • ,

early creep stage. The change in damage - from an i n i t i a l f in i te value A -

occurs solely by the growth of the cavities. According to the model the material

fai ls after a cr i t ica l damage value IV

independent of the loading procedure.

fai ls after a cr i t ica l damage value A* is attained. The ratio A*/A = 2.72 is

From this A-model the l i f e fraction rule (LFR) is derived. The val idi ty of

the LFR requires that the l i f e time change associated with time variable

stresses (or temperatures) occurs by iso-structural transitions.

The cavitation damage influences the creep behaviour through an effective /

stress a = s / ( l -A) , where s is the true stress. Both s and A are functions

of the loading conditions, a enters a constitutive equation e = e[a (A(t))] :/

r

from which the equation of the creep curve for cavitating specimens are

obtained.

The model is applied to creep for different loading conditions. Between the

l i f e time value t,. F obtained in creep at F = const., and the l i f e time

value t f obtained in creep at s = const, the relationship holds

t.p r/t,. = 0.63, what is experimentally confirmed. Due to cavitation, under ,'
T , r T ,S

comparable conditions, the creep rate of a cavitating specimen is higher

as that of an uncavitating specimen. As a consequence of cavitation the :

creep curves in constant stress creep are curved lines. The volume change

during creep calculated from the A-model is in good agreement with experi- •

ments. :
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Table 1

The Range of xhe Normalized Tima x

LOADING TYPE

»• = const.

5 = const.

F = const.

CLAC xJF = 0.63

xk

*F =

x* =

vV -
r

0

1

t

.63

> X F

T,F
;,. < 1
f ,s

0 1 x < 4 ; x = t/tf >s " [f
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Table 2

Creep Equations for Non Cavi ta t ing Speciinens

LOADING TYPE STRAIN EQUATION (engineering s t r a i n )

F = cons t . 1 + eF = ( l - x ) " 1 / n

s = cons t . 1 + e s = exp (x/n)

F = const- 1 + e£ = U-B/ (n+ l ) [ ( l + x / ß ) n + 1 - l j ) " 1 / n

CLAC 1 + e c F = ( 1 - x H n ) " 1 / n

a = c o / t f > s S

P " F / t f ,s f
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Tabig 3

The Life Time Functions

LOADING TYPE LIFE TIME FUNCTION

t = const.

s = const,

F = const.

T F

TC = t f = const. £ f ( t )

CLAC TcF = * f 9o
 (1~xH> '

X = 1 1 ,L/l-f,s

,s

H = i
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Table 4

Damage F u n c t i o n s

LOADING TYPE DAMAGE FUNCTION

F = const.

s = const, A../A = exp x

F = const. A /̂AQ = (Hj/(n+l)

CLAC A c F /A 0 = (1-xH0 1 ) "1

a = W ,s
3 = ,s ^

1 / n
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Table 5

Creep Equations for Cavitatinq Specimens

LOADING TYPE EQUATION (true strain)

-nF = const. lip = [1-AQ exp(nep) ~}~ exp(neF)

s = const. _ ng = [1-AQ exp -n

n/n+1
F = const, np = {(n+l)/3 [l~exp(-nep)] + 1}

°{exp(-ep) [1-AO exp(ne^) ] }'

nk = sk /e(o)

a = o o / t f s S S

«

r a

-n

CLAC n c F = [1-AQ e x p ( n e c j r ) j " n H n e x p ( n e c F )
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Fig 1 The "averaged" creep curve for cyclic creep (see text)
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Japanese R & D programme on the Crack Propagation

Properties for the FBR Structural Safety Analysis

Masaki Kitagawa*, Kunio Okabayashi**

and Yuhsaku Wada**

1. Introduction

During last ten years in Japan, a cooperative research

work between the PNC and the nuclear fabricators on the

FBR materials had produced an extensive amount of high

temperature material strength data, which had been reflected

in the Japanese FBR design standard. Last few years, the

studies on the fracture mechanics approach to the demonstra-

tion of the structural integrity has been increased. The

low cycle fatigue crack propagation study at FBR temperatures

were also started.

This report first briefly describes the fracture

mechanics approach for the demonstration of structural

integrity of the loop type FBR, and secondly describes

the R & D program on the high temperature low cycle crack

growth behavior and its preliminary experimental results.

* Ishikawajima-Harima Heavy Industries Co., Ltd. Tokyo Japan

** Power Reactor and Nuclear Fuel Development Corporation,

Tokyo and Ibaraki, Japan
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2. Fracture mechanics approach to the demonstration of

the structural integrity

Analyzing the conceivable fracture modes of loop type

structures under the FBR's operating conditions, the most

likely mode of the LOPI was determined to be the fatigue

failure of the piping, especially of the cold leg piping

of the PHTS-

The demonstration of the piping integrity was done

on three steps as is shown in Fig. 1. First step is the

demonstration of the piping integrity throughout its life

time such that even a small leakage of coolant is unlikely

even if the existence of a certain defect was conservatively

postulated. Second step is the demonstration of leak-

before-break (LBB) characteristics of the through-wall

fatigue crack which is postulated to be caused by the number

of stress cycles beyond design cycles. Third step is to

support the 1st conclusion by evaluating the fracture proba-

bility of the cold leg piping elbow.

The main tool for the demonstration is the computer

program FRAMSAP5 which was developed for the evaluation

of the fatigue crack growth from the initial semi-elliptical

surface flaw based on the fracture mechanics approach.

The probability of failure was calculated by the Monte

Carlo method using the computer program PROFRAM which was

developed by combining the FRAMSAP5 and a random number generator.
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The principal conclusions of the first two steps are:

(1) The fatigue crack growth from the conservatively

postulated initial defect is 0.3mm in depth and 0.1mm

in length, and is judged to be insignificant.

(2) Even if the number of cycles beyond the design duty

cycles were applied, the crack length at the penetration

was found to be less than 180mm (~0.3D). On the other

hand, a critical crack length for unstable crack

propagation of the concerned pipe size under the FBR

operative pressure, 9kgf/cm , is several times larger

than the pipe diameter. Therefore, the LBB was assured.

(3) The crack opening at the crack penetration was estimated

to be less than 1mm. Therefore, the leak path area

Dt/4, that is used in LWR analysis, is judged to be

conservative enough.

In analyzing the failure probability, some input data

were represented by distributed functions, and others were

represented by the maximum values. The depth and the length

of the initial flaws, the pipe wall thickness, pipe radius,

yield strength, and crack propagation, behavior were considered

to distribute around mean values. The distribution function

of each value was determined on the base of the actual

data. Crack growth experiment shows that completely reversed

bending stress produces the crack on the smooth side of
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the plate before main crack penetrate the plate thickness.

The crack from the precrack meets the this smooth side

crack and results in the penetration. The depth of the

main crack at the penetration depends on the type and

magnitude of loading. In this analysis, the ratio of crack

depth to thickness at the postulated penetration (Equivalent £
i
T

through crack ratio) was considered to be a distributed j

function around the mean value of about 0.9. I

The initial flaw densities and loading cycles were -

set to conservative values for each of base metal and

J
weldment.

(4) Monte Carlo analysis under the above mentioned ;conditions resulted in the failure probability of
_ g

about 10 /elbow/30 years, which is considered to

be small enough to assure the integrity of the piping.

3. R & D programme for creep-fatigue crack propagation

The most critical components in the loop type EBR

is the cold leg of the down-comer piping. Therefore, the

above analysis was performed on the elbow of the inlet

down-comer pipe. In order to extend the above analysis

to the higher temperature components, such as the hot-

leg, the creep-fatigue crack propagation analysis is

needed.
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An R & D program on the creep-fatigue crack growth

is under progress in Japanese FBR program last few years.

The purpose of the program are:

(1) Determination of the standard testing method of the

creep-fatigue crack growth.

(2) Selection of the fracture-mechanics parameter which

can uniquely represent the creep-fatigue crack growth

behavior and whose application to the actual components

is practical and eacy.

(3) Collection of da/dN (or da/at) data for FBR components.

As a first step of the programme, preliminary low

cycle fatigue crack growth experiments were performed on

type 304 stainless steel in Air at 550°C using 3 types

of specimens under load and strain control. The test conditions

were shown in Table 1.

The test results were evaluated using the following

F-M parameters (shown in Table 2 ) ;

(1) stress intensity factor AK, K m a x

(2) strain intensity factor AKe=EAe/Tfä

(3) crack opening displacement A<J>

(4) J-integral (1) AJ=l -' + ^

(5) J-integral (2) AJ'= t ü* ; ^

E 2Bb

K) 2 + _UJ_
E 2Bb

U : hysteresis energy of P-S

U' : hysteresis energy of P-<J)
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6 : displacement between gage length

Bb : net section area

An example of the correlation between da/dN data and

AJ' is shown in Fig. 2. The comparison of the F-M parameter

was made in terms of the

(1) Correlation between da/dN and the F-M parameter

for various test conditions

(2) Continuity of the relation to the high cycle fatigue

crack growth data reported by L. James for same

steel

(3) Easiness of the experimental data collection

(4) Practicability of the application of the parameter

to the actual components

The results of the comparison were summarized in Table 3.

From the view point of da/dN-EMP correlation and the

continuity to the high cycle fatigue data, AJ appears to

be best of four. In order to corelate the wide range of

da/dN with a single parameter AJ, the crack opening distance

at the center of center-notched specimen should be measured.

The effect of hold time was examined under the

experimental conditions ranging 0 % 1.0 hr strain hold

times at 550°C. However, the results were not enough to

evaluate the relative appropriateness of parameters for

representation of the creep-fatigue crack growth behavior.
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The general applicability of the AJ to the surface

crack under bending stress is not realized yet. Furthermore,

the development of the simplified method for the application

of AJ parameter to the actual components is needed.

Closing remarks

The present state of fracture mechanics approach to

the demonstration of the structural integrity of Japanese

FBR was briefly outlined. To extend analysis to the higher

temperature components, the research program was started

on the development of an evaluation method of creep-fatigue

crack growth. During next few years, a set of crack growth

data under creep-fatigue conditions will be accumulated.
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Analysis of Material., Design,
Fabrication, Test and Inspection

Failure Mode Analysis

[Assumption of Initial Flaw Size

Fatigue of Elbow

^Evaluation of the Fatigue Crack
Growth under Design Duty Cycles
^Include Probability Analysis)

Confirmation of the
structural integrity

Evaluation of Fatigue Crack GröwtTT
under Conditions beyond Design
Duty Cycles
Crack Shape at the Time of Leak
Detection
Critical Length against fracture

Confirmation of LBB
Conservative Estimate
of Leak Path Area

Fig. 1 Flow of the demonstration procedures of the
structural integrity of the piping
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Table 1 Experimental Evaluation of
Fracture Mechanics Parameters

(1st Step)

(1) Test Specimen Shapes:

(2) Control Mode

(3) Test Environment

Loading Pattern

i- d»

Tube:

Plate:

10

5t

10t

X

X

12 OD,

20w

40w

2t

Strain Control

Load Control

550°C, in Air

Continuous Cycling Pattern

(few with strain hold time ((KL.Oh))

40

30

_SLio_

A-

_. 1

Test Specimens
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Cd

+->

o
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i62

SUS304, 55O°C, 2cpm

Control

Load

Strain

Aog or Ae

35kqf/mnr
iiOkqf/mm2

BOkgf/mni2

0.4 %
1.2 %

Small
Speci.

—
o
a

©

B

Large
Speci.

—
T

•^:(l.59~4.70)x10

I 1st Year Data

538 °C, 0.4"40cpm
R: 0.05

after.L.A. Jomes

1—i—i i •

IO 10' 10

J-integral (2)

Fig. 2 Corelation between da/dN and J-integral (2)
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Table 2 Evaluated F-M Parameter "

stress intensity factor : AK, «max.

Strain intensity factor : = EAE/TTCF

Crack opening displacement:

o j-integral

J-integral modified by A* : AJ' = - ^ p + ^

U$ = U x
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Table 3 Comparison of F-M Parameter

o
N

Parameters

AK' Kmax

e/icF

AJ

da/dN-P
Corelation

Good

No Good at
a/w > 0.3
under e-control

Good

Good

Continuity to
HCF

No Good

Good

Good

Experiment

Easy

Relatively

Easy

Possible

Possible

Applicability to the Components

Applicable

Applicable

Difficult because inelastic

analysis is required

Difficult because inelastic

analysis is required
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1X2M STEEL PERFORMANCE DT THE BOR-60 STEAM GEETERATOR

Yu.V.Chernobrovkin, T.M.Bulanova, V.F.Bai

State Committee for Utilization of Atomic Energy in the USSR

Lenin Research Institute of Atomic Reactors

Dimitrovgrad, Ulyanovsk Region, U.S.S.R.

SUMMARY

The results from studies of 1x2M steel characteristics are

presented. This steel was used as the material for the BOR-60

steam generator that had been in operation under the steam ge-

nerating mode for 18000 hs (35000 hs in sodium). It was reveal-

ed that the pit corrosion depth on the water/steam side evapora-

tive tube surfaces was about 0.25 /^m and less and the total

corrosion rate 'jas less than 0.06 mm/y. The mechanical proper-

ties of the material were essentially similar both in the eva-

porator and superheater and met all the requirements imposed on.

Based on the analysis of data on the dec arb oni z at ion depth in

sodium and on the corrosion damage in water and steam it was

concluded that 1X2M steel can be successfully used as the steam

generator material at the operating temperatures up to 470°C

and had sufficiently longer service-life as compared to 18000 hs.

k
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1. INTRODUCTION

One of the basic problems at a sodium-cooled fast reactor

power plant is the creation of the able-bodied steam generator.

The steam generator material and design should provide high per-

formance and reliability in its operation. The steam generator ^

material is under severe conditions ; on the one hand it is de- j

leteriously affected by sodiun being decarbonizing medium, on ':<

the other hand it suffers from water/steam corrosion attack ;

under cyclic and long static load. Besides, the mechanical pro-

perties of the material for a steam generator should feature

thermal stability.

At the fast reactor power plant BOR-60 operating in the

USSR 1X2M steel was used as the basic structural material for ';

the steam generator. The results from the steel behaviour stu -

dies and tests in the steam generator are of great practical in-

terest.

The main object of these studies is estimation of the cor-

rosion behaviour and mechanical properties of 1X2M steel used '-

as the structural material for the BOR-60 steam generator which

has been in operation under steam generating mode for 18000 hs.

2. THE DESIGN OF THE BOR-60 STEAM GENERATOR AND

THE MODE Off ITS OPERATION

The BOR-60 steam generator consists of two coil heat ex -

changers one of which serves as an evaporator, the other as a su-

perheater. The evaporator contains 60 zigzag tubes of 16 mm in dia-

meter and 2.5 mm wall thick located inside the vessel between

two tube-sheets into which the tube ends are welded. Sodium wash-

es the outer tube surfaces. Water runs inside the tubes in oppo- ; ,

site direction. The superheater has similar design and flow sheet. ^

The differences lie in number of tubes (90) and in their shorter !

lengths. The separator designed for removal of the moisture out ' ,

of steam arising in the evaporator is installed between the ;

latter and superheater. The steel performance depends to a large *;

extent on the 3team generator operating parameters ( Table I ), i

water conditions and secondary sodium purity. The steam con- ::
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T a b l e I

Steam Generator Operating Conditions

o

P a r a m e t e r s

Superheated steam pressure,

Pa (x105)

Feed water temperature,°C

Evaporator steam outlet

temperature, °C

Superheater sodium inlet

temperature, °C

Superheated steam tempe-

rature , ° C

Sodium temperature , °C :

superheater outlet :

evaporator outlet :

Period of operation under

steam generating conditions,

h

Steam output, T/h

60.8

180

275

355

355

289

104

12

P a r a

70.5

180

286

380

379

367
285

421

15

84.3

198

298

415

415

390

297

462

17

m e t

84.3

192

298

441

441

411
311

4772

20.5

• e r

88.2

188

302

450

449

416

305

2042

22

V a

88.2

188

302

430

427

398

295

5648

30

1 u e

88.2

204

302

450

448

417
307

389

34

s

86.2

201

300

472

470

430
316

1144

38

86.2

202

300

4o5

463

427
308

2756

40

88.2

160

302

485

474

441

293

70

48



densate from the thermal electric station, subjected to 100 %-

treatment in the ion-exchange filters was used as feed water

for initial filling the BOR-60 steam-water circuit. The second-

ary circuit purity was checked by the content of the main ele-

ments, hydrogen and oxygen which can affect deleteriously the

steam generator steel corrosion behaviour and mechanical pro-

perties.

During operation the carbon and oxygen mass-contents in

sodium ranged, respectively, (from 0.98 to 1.2)»10" and

(from 2.3 to 4.25)*10~6 %•

Sodium maximum temperature didn't exceed 480°C, the steam

generator being in operation for the longest period at sodium

temperature of 450°C.

After 18000-hour operation the steam generator was dismantl-

ed and sodium was removed. From straight and bended tube sec -

tions of both evaporator and superheater some tube pieces were

cut out within the interval of 1.5 i to perform the material

investigations.

Chemical composition and mechanical properties of the steam

generator steel in the initial state are demonstrated in

tables II and III.

3. MATERIAL INVESTIGATION METHODS

Metallographic studies of the steam generator steel were

carried out on the microscope at 100-200x magnification. The

3 % HNO, solution in ethyl alcohol" was used as an etchant.

Changes in the tube steel outer side (sodium) chemical com-

position and inner side (steam-water) corrosion product content

were estimated by the x-ray microprobe. The electrone microprobe

diameter was no greater than 2yum.

The thickness of the inner-side corrosion product layer

and the steel pit depths were measured to an accuracy of 0.01 mm.

The difference in the device readings when measuring the tube

wall thickness before and after the corrosion product removal

was taken as the final measurement result.

The steam/water-side steel and corrosion product phase



o

T a b l e II

1X2M Steel Chemical Composition

c

0.1

Mn

0.57

Si

0.32 0.

Mass

S

008

Content

P

0.012

of Main Elements

Cr

2.18

Ni

0.05

, %

Ti

0.02

Mo

0.69

Cu

0.05

Fe

the
rest

Mechanical Properties of 1X2M Steel in

the Initial State

T a b l e III

test
temperature,°C

20

450

ultimate tensile
strength, C^ , MPa

440

250

0.2% yield
strength» (j 0.2 »M^a

r

280

210

relative r.
elongation, 0 , %

33

—



compositions were determined by the electron diffraction method.

The carbide phases were selectively predeposited by the electro-

chemical dissolution and their amount and element composition

determined.

The mechanical tests were performed on the annular samples

of 3 mm height at temperatures from 2 to 500°C and deformation

rate of 1 mm/min.

4. INVESTIGATION RESULTS

4.1 1X2M Steel Corrosion in Water and Steam

Two types" of water/steam-side corrosion are observed in

steam generators just the same as in the conventional vessels ;

the uniform metal Oxydation in steam and water which peculiari-

ties are sufficiently investigated and pit-formation which ori-

gin is not adequately known.

While investigating the steam generator steel it was found

that the overall and pit corrosion were to a greater extent cha-

racteristic for the evaporator tubing. The quantitative measure-

ments of the corrosion product layer thickness (Fig.1) showed

that its maximum value was observed at the steam/water outflow

from the evaporator. The fission product phase composition was

not uniform across the width. The denser layer adjacent to the

metal contained mostly Pê Ô ,, and the outer, porous one consist-

ed of Pe20,.

This corrosion product layer thickness changed essentially

along the steam generator tube bundle (Fig.2). Its maximum was

observed at the distance of 1/3 of the superheater length from

the steam inlet. Availability of such a zone is believed to be

associated with the wet steam release out of the evaporator and

with its complete evaporation at that place. The same as in the

evaporator the corrosion products contained both the outer po-

rous layer predominantly consisted of &—Fe^O*, FeOOH oxides and

the dense layer adjacent to metal- of Fe^CL and '^-FepO,.

The corrosion product laminated structure is distinctly

seen on the metallographic pictures of samples made from the

water/steam side (Fig.3). This fact enables one to suppose that



the porous corrosion products are of aggrading nature. With

such aggrading deposits on the steam generator inner tube sur-

faces it is rather difficult to determine the thickness of the '_

local corrosion product layer by metallography. The dimensions

of this layer can be estimated with the help of the electrone [.

probe by the absence of the elements that form the part of the

deposits. Calcium and copper can be used as such indicators»

Figs.4 and 5 demonstrate the distribution of the main components ',-

of the steel corrosion products and deposits on the radius of \

the steam generator tubing at various levels most suffered from

corrosion. By comparing the radial profiles of ferrum, calcium »'

and copper concentrations we obtained the thickness of the oxide [

zone equal to about 0.1 mm.

Pit corrosion is considered to present the most serious

hazard to the steel from the point of view of its local failur- r

es. This depends to a large extent on water chemistry conditions

at an operating steam generator, on its operating and preserva- j

tion parameters. According to the mechanism of their formation [

the pits may be of two types. I,

The first one is associated with building-up the deposits

in the form of copper salts and alkali. The deposits produce

the local destruction of the protective oxide film and the for- /

mation of a new one resulted from water and ferrum reaction. If

the amount of reagents initiating the process is sufficiently

large then the film destruction and its further growth will be

rather prolonged.

The second type of the heat exchange tubing pit-corrosion

is induced by periodic destruction of the protective film due

to cyclic thermal loads onto the inner tube walls. These loads

arise from alternate wetting of the surface with steam and water

having different heat transfer coefficients. Temperature drops

typical to a zone of poor heat exchange are also observed in the \

superheaters if moisture injection occurs. Figs. 6 and 7 show ;

the distribution of pits along the evaporator and superheater (

tube bundles. It is evident that the deepest (up to 0.25 mm) and \

numerous pits are observed at the steam/water flow outlet from

the evaporator. Two types of pits observed on the evaporator tub-



ing are indicated in Pig.8.

A distinctive feature of pits of the second type is the ca-

pability to cease their growth as reaching a certain size. Such

a behaviour of pits was revealed during intermediate examina -

tions of the evaporator steel in 4000 hs ji] and then in 18000 hs,

the number of pits being found to increase without their essen-

tial deeping (0.1-0.2 mm).

Distribution of the main steel components, ferrum, chromi-

um and copper, within the pit cavity is shown in Pig.9» It is

obvious that chromium is concentrated in the zone where the ini-

tial destructed steel oxide film formed. Chromium is located

here as a narrow band which width doesn't exceed 15 jUm. When

reaching a certain size and,hence, certain chromium concentra-

tion in the band the pit's surface is probably repassivated and

its further growth ceased.

4.2. Decarbonization of Steel in Sodium

Pig. 10 presents the 1X2M steel microstructure us viewed

from sodium side in various superheater sections. The decrease

in the amount of the carbide inclusions in the outer tube layers

of the hottest superheater sections is quite evident.

A maximum depth for 1X2M steel decarbonization after 18000-

hour operation doesn't exceed 600 jum (Pig.11). Temperature rise

along the superheater length stimulates the decarbonization pro-

cess (Pig.12). It is seen from this figure that with similar

technological conditions the decarbonization depth of the steam

generator steel in 18000 hs of operation at 500°C may reach

110-120 jjm.

4.3, 1X2M Steel Mechanical Properties

1X2M steel mechanical characteristics have been determined

on annular samples for an evaporator (Pig,1) and superheater

(Pig.2). No marked changes in strength properties of the steel

were observed along the whole tube length. The strength charac-

teristics of the steel is also slightly different from the ini-

tial values (Table II). Some difference in plasticity is attri-

8
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tmted to that in the test methods used. When determining the

initial characteristics of the steel the tube cuts were tested

under uniaxial tension and after the operation the steel was

tested using the annular samples. The observed stability in the

steel strength properties indicates to the fact that the sodium-

induced decarbonization and total and pit corrosion in water

and steam have negligible effect on the steel mechanical charac-

teristics.

It should be noted that the effect of the above factors was

not observed both at the room temperature and at 450°C tests

(Figs. 1 and 2).As the annular sample tests showed (Pig.13) the

manner of the mechanical property changes with temperature is

not practically different from standard temperature relations

observed during 1X2M steel investigation. The stability in

the mechanical properties is also retained within the tempera-

ture range of 250-450°C.

From the point of view of the steel mechanical property

changes due to long thermal aging it is of importance to estimate

changes in the amount and composition of the carbide phases in

the steel with time.

The results from measurements of the carbide phase amount

and composition in 1X2M steel after its testing under various

experimental conditions are given in Table IV. Its amount in a

sample cut out of the evaporator tube after 4000-hour operation

was found to be less. According to the preliminary estimation

the phase content in the initial state was 0.6 %. Changes in the

phase element composition resulted from various duration of tests

testify to thermal aging accompaning by Me2*Cg, Me^C, carbide

and MoFe2 intermetallide phase precipitations which amount being

negligible.

5. THE RESULT DISCUSSION

5.1. 1X2M Steel Corrosion in Water and Steam

The results of the BOR-60 steam generator investigation

have shown that 1X2M steal features high corrosion resistance.

The steel corrosion rate in the heavy loaded sections of the



T a b l e IV

1X2M Steel Phase Content and Composition

oO O

Steel test conditions

temperature, °C

370 - 400

370

time, h

18000

4000

Phase

mass-content,

mass %

1.3+-0.1

1.1+0.1

Phase

composition

Me23C6

MoJep -traces

E?6

Phase element content, %

C

11

Fe

26

21

Mo

26

20

Cr

18

20

Cu

1

1

Mn

1

1



steam generator is less than 0.05 mrn/y. By extrapolating the re-

sults to the steam generator service life of 20 years one can

find that with tube wall thickness of 2.5-5 mm the steam genera-

tor high performance doesn't give rise to any doubt. The inves-

tigation results also revealed that the value for the pit corro-

sion is quite commensurable with that for a maximum defect depth

tolerated by the steam generator tube production technology (no

more than 5 % of the tube wall thickness).

Optimum conditions for conservation, operation and water

chemistry are the factors providing a minimum pit corrosion.

5.2. 1X2M Steel Decarboni'7;ation in Sodium

One of the main factors responsible for the steam generator

life duration and its operating temperature is the extent of

1X2M steel sodium decarbonization. The results from investiga - .

tions of the BOR-60 steam generator steel show that decarboniza-

tion doesn*t affect its mechanical properties . Changes in the

steel mechanical characteristics according to decarbonization

have been already studied [2,3] • It has been stated that the

steel yield strength and ultimate tensile decreases to 10-15 %

steel yield strength and ultimate tensile strength decreases to

10-1% with carbon content down to 70% of initial. Softening of the

ing the tube wall thickness. With the 2.5 mm-thick tube wall de-

carbonization depth, for example, of 0.03 mm the changes in the

steel mechanical peoperties may be neglected in the steel

strength calculations [3]. Accordingly, the BOR-60 steam genera-

tor steel decarbonization depth as low as 0.3 mm °an "be reached

with at least five-fold increase in the operation time relative

to that achieved, the botal operation time amounting to about

180000 hs.

6. CONCLUSIONS

Investigations of 1X2M steel used as the material for the

BOR-60 steam generator which has been in operation during

35000 hs (18000 of them under the steam generating mode) has

shown :

11
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Only fair corrosion of the steel at steam and sodium

sides. The total corrosion of the steel in water and

steam is less than 0.06 mm per a year. A maximum depth

of pits on the evaporator tubing doesn't exceed 0.25 mm

and a maximum sodium-decarburized layer is 0.06 mm thick.

No sound effect of water/steam- and sodium-induced corro-

sion on the short-term mechanical characteristics of the

steam generator steel. An average value for ultimate tensile

t h ^ , at 20 % is 400 Pa and that for yield strength

, is 30QMPa.

Sufficient reliability of 1X2M steel as the material fora

sodium-cooled fast reactor steam generator at operating

temperatures between 450 and 470°C.
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a

Fig.3 Metallographic image of a typical tube
section (non-etched grind) : a - from
the evaporator, in the region of steam
outletj b - from the superheater, in

the region oS the accomplished evapora-
tion
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a

Fig.8 Typical pits in the evaporator formed with.

the destruction of the protective oxide film

as a result of (a) - thermal stresses, (b) -

local chemical reaction with deposits: (x200)



Fig.9 Distribution of Fe, Cr, Cu along a pit cross-section : a - pit me

tallography ; b - area scanning ; c - line scanning (xlOO)



a

Fig,10 Steel decarbonization in

various steam generator

regions (x200)

a - in the region of sodi-
um outlet,

b - in the centre of the su-
perheater,

c - m the region of sodium
inlet
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