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ABSTRACT: Model calculations of radiation-induced segregation in ternary alloys
have been performed, using a simple theory. The theoretical model describes the
coupling between the fluxes of radiation-induced defects and alloying elements in an
alloy A-B-C by partitioning the defect fluxes into those occurring via A-, B-, and
C-atoms, and the atom fluxes into those taking place via vacancies and interstitials.
The defect and atom fluxes can be expressed in terms of concentrations and
concentration gradients of all the species present. With reasonable simplifications,
the radiation-induced segregation problem can be cast into a system of four coupled
partial-differential equations, which can be solved numerically for appropriate
initial and boundary conditions. Model calculations have been performed for ternary
solid solutions intended to be representative of Fe~Cr-Ni and Ifi-Al-Si alloys under
various irradiation conditions. The dependence of segregation on both the alloy
properties and the irradiation variables, e.g., temperature and displacement rate,
was calculated. The sample calculations are in good qualitative agreement with the
general trends of radiation-induced segregation observed experimentally.

KEY WORDS: radiation effects, radiation-induced segregation, radiation-induced
precipitation, phase instability, ternary allo3rs, computer modeling.

Radiation-induced segregation is now recognized as an important nor.equilibrium

phenomenon that can affect many physical and mechanical properties of alloys under

irradiation. In recent years, numerous experimental [1-8] and theoretical [5,9-19]

investigations of this phenomenon have been reported for relatively simple binary

alloys. The number of studies of radiation-induced segregation in ternary alloys

and other complex systems is, however, rather limited; some experimental
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measurements have been made {1,13,20-23}, but no theoretical work has been

undertaken so far. Nevertheless, the effects of radiation-induced segregation on

phase stability in. irradiated complex alloys have recently been the subject of

considerable interest for various investigations and reviews (4,24-35j.

Technologically, stainless steels have been chosen as the reference cladding

and structural materials.in fast-breeder reactor systems. Radiation-induced void

swelling in these materials can give rise to dimensional and mechanical instability

of reactor core components, and presents thus a serious technical problem. Void

growth in irradiated alloys is a complex process that is sensitive to a large number

of metallurgical and irradiation variables [24-30], such as thermomechanical

treatment, irradiation temperature, damage rate, and perhaps most importantly, alloy

composition. Unfortunately, during irradiation the alloy composition is dynamically

altered by the radiation-induced segregation phenomenon, which leads to an

instability of alloy phases. The associated compositional changes in matrix and

precipitate phases, in turn, make the void swelling process in complex alloys more

difficult to understand and control.

The present work has been directed towards a basic understanding of radiation-

induced segregation and precipitation in ternary alloys. The model used here is

based on the recently-developed theory of radiation-induced segregation in

concentrated binary alloys [J5]; it is basically a phenomenologicnl model in which

an attempt has been made to minimize the number of physical parameters by utilizing

reasonable approximations based on several simple, mechanistic concepts. The intent

of the model calculations presented in the present paper was to explore the

conditions that give rise to trends and patterns in radiation-induced compositional

changes observed experimentally.

THE PHENOMENOLOGICAL MODEL

Framework

We consider a ternary alloy whose components A, B and C are present at

concentrations C^, Cg and C^ (in number of atoms per unit volume). During energetic

irradiation, point defects - vacancies and int.erstitials - are created in a random

fashion. The local concentrations of vacancies, Cv, find of interstitials, Cj,



change with time according to the kinetic equations:

3C

_ J 1 . -y.jv + K- R (la)

and

3C
-— » -y.j± + K - R (lb)

where V«J and V«J. are the divergencies of the vacancy and interstitial fluxes at

defect sinks, and K and R are the local total rates of production and mutual

recombination of point defects per unit volume.

Since the migration of vacancies and interstitials is necessarily associated

with the movement of atoms, the defect fluxes can be partitioned into those

occurring via A-, B-, and C-atoms in the alloy, i.e.,

Ji = 4 + 4 + Ji (2a)

and

J = / + JB + JC (2b)
V V V V x '

Here, and subsequently, the subscripts indicate the species of flux considered and

the superscripts stand for the complementary species via which the flux occurs. The

partial interstitial tiuxes JV, JV and J. are in the same directions as the

coiTesponding atom fluxes J., Jj, and J :

A = JA* 4 = 4 and Ji *" JC » (3a)

whereas the partial vacancy fluxes J , Jr and J arc in directions opposite to the

atom fluxes J,. J.. and J,,:
A i> L.



I Thus, eqs. (2) can also be written as

and

Jv = -(JI + JB

Equations (4) express the coupling between defect and atom fluxes, e.g., a total

flux of interstitials necessitates a combined flux of A-, B- and C-atoms of the same

magnitude and in the sama direction across any fixed lattice plane, and similarly, a

flux of vacancies induces a flux of alloying atoms equal in size, but opposite in

direction. In general, the partitioning of the interstitial and vacancy fluxes via

A-, B- and C-atoms is not in the same proportion as the atom fractions in the alloy,

e.g., interstitials may migrate preferentially via A-atorns, and vacancies may

preferentially exchange with B— or C- atoms. This preferential coupling between the

defect and atom fluxes is the physical origin of radiation-induced segregation.

The evolution of the alloy composition in time and space can be described by

the conservation equations:

(5a)

(5b)

(5c)

where Ĵ , Jg and JQ are the total fluxes of the alloying elements, which can be

partitioned into partial fluxes occurring via vacancies and interstitials,

JA - .£ + JA (6a)

- 4 + JB <6b>

acA
at

acB

at
and

8CC

at

-V

-V

' J B

•Jc



and

Jc » Jg + Jp (6c)

If all the fluxes in eqs. (2) and (6) are defined, the phenomenological equations

describing defect buildup and segregation can be formulated, based on the system of

general equations (1) and (5).

Flux Equations and Diffusion Coefficients

The defect and atom fluxes arise from forces due to chemical potential

gradients. However, for simpliticity, we will express the fluxes in terms of the

concentration gradients of the different species, instead of using the relationship

between fluxes and forces. The partial atom fluxes (and the corresponding partial

fluxes of interstitials and vacancies) can be written as

Jk (= J i ) = "DkaVCk " DiVCi ( 7 a )

Jk ( = ~Jl} = -E£oVClc
 + Dv?Cv (7b)

whei-e k = A, B or C, a is the thermod3'naraic factor which relates the concentration

gradient to the chemical potential gradient of atoms, and Dj\ DY, D. and D^ are the

partial diffusion coefficients of atoms k via interstitials (or interstitialcies)

and via vacancies, and of interstitials and vacancies via k atoms, respectively.

The partial diffusion coefficients have the form

and Dk - d ^ (8)

Here, j = i or v, NJ = fiC; and Nj. = flC^ are the atomic fractions of defects and of

k—atoms, respectively, J2 is the average atomic volume in the alloy, and dj,j are the

diffusivity coefficients for conjugate atom-defect pairs k j:

where, A^ is the jump distance, Z^ the coordination number, nnd v, . the effective



jump or exchange frequency (including preferential association) of the pair. The

reader is referred to ref. 115] for more details on the diffusivity coefficients

d̂ ... For alloy systems in which some alloying elements strongly interact with self-

interstitials forming bound atom-interstitial complexes, the nonrandom occupation of

interstitial by A-, B-, and C-atoms (i.e. preferential atom-defect association) is

taken into account in the diffusivity coefficients dj^ by factors that represent the

fractions of A-, B-, and C-interstitials:

C.exP(HJ;./k T)^ ! V 2

whore k is the Boltzmann constant, T the absolute temperature, and H, . the k-

atom/iiiterstitial binding energy.

With the aid of the partial diffusion coefficients, we can define the total

diffusion coefficients for interstitials and vacancies:

and for various atoms:

D, = d, .K. + d, N
k k i x k v v (lie)

Prom eqs. ('<), (6), (7), (8), and (11) v?e can now determine the defect and atom

fluxes with respect to a coordinate system fixed on the crystal lattice:

- D.VC. (12a)

Jv = d C v ) n C v a V C A + <dBv D
V

V C v

( 1 2 c >



JB - -

and

( 1 2 d )

( 1 2 c )

Here, the small parturbations arising from the presence of point defects are

neglected, so that C A + C B + C c = JT
1 and VCC - ~(VCA + VC B). Of the five flux

equations, eqs. (12a-e), only four are independent because the defect and atom

fluxes across a marker plane must balance:

JA + JB JC " Ji ~ J v

General Kinetic Equations

Substituting the defect and atom fluxes given by eqs. (12) in eqs. (1) and (5)

we obtain the following system of four coupled partial differential equations

•ac,

3t

Hi
3t

^ A

and

3CD

DvVCv J + K " R (14a)

- dCi ) 0 Ci o T CA

(14d)

describing the evolution of defect and atom distributions in time and space. Note

that tlie equation for C-atoms is not needed because it is not independent.

Equations (14) can only be solved numerically, using a suitable technique in

• conjunction with appropriate initial and boundary conditions.

CALCULATIOKAL PROCEDURE

Numerical solutions of eqs. (14) were obtained for a thin alloy foil under

uniform irradiation with energetic electrons or fast, neutrons, with the aid of the



i . GEAR package of subroutines [36]. The foil of thickness 2L = 2 urn was assumed to be
r

free of internal sinks so that segregation could occur only to the surfaces. The

calculations were performed for only half of the foil because of the symmetry of the

problem. The initial conditions were the thermodynamic equilibrium of the alloy.

Conditions at the boundary were defined as follows. At the foil center (x = L ) , all

concentration gradients were set equal to zero. At the foil surface (x = 0), the

concentrations of interstitials and vacancies were fixed at their thermal

equilibrium values,

N^t.O) = exp(-H^/kBT)exp(S^/kB) (15)

and

N (t,O) = exp(-H /kfiT)exp(S /k ) (16)

where H^ and Ilv, and S^ and S^ are the effective formation enthalpies and entronies

of interstitials and vacancies in the allo}', respectively. The surface atom

concentrations C^C^O) was determined by the conservation of the numbers of atoms in

the specimen

Ck(t,x)dx = C°L (k « A,B) (17)

as long as the solubility limit is not exceeded. Here, C° is the initially uniform

concentration of the element k.

For alloys in which radiation-induced precipitation occurs, e.g., in Ni-Al-Si

solid solutions where the Nio(Al,Si) phase forms at the surface, the following

scheme has been used for determining the boundary condition at x = 0 after the

solubility limit is reached. A simple linear relation between the concentratj.ons of

the solutes A and B at the solubility limit is assumed

+ C* - C£ (18)

where the total solute concentration, C , at the. solubility limit is taken to be

independent of composition. In addition, the ratio of A and B incorporated into the



precipitate is assumed to be equal to that currently calculated at the solid

solution side of the precipitate-matrix interface, x « 0,

CA/CB " <CA/CB>calc.

The values of the solute concentrations at the interface are readjusted after each

time step to conform to eq. (18) by setting

C (t,0) = -r— C* (20)

and

We have assumed in this scheme that the precipitate-matrix interface is stationary

in order to keep the computational procedure simple.

Model calculations have been performed for ternary solid solutions intended to

be representative of Fe-Cr-Ni and Ni-Al-Si alloys. Some results obtained are

discussed in the following sections.

. SEGREGATION IN Fe-Cr-Ni ALLOYS

We consider first a model Fe-18 at*%Cr-8 at.%Ni solid solution, representative

of an austenitic 304 stainless steel. The important material parameters used in the

calculations are given in Table 1. Self-diffusion measurements in austenitic Fe-Cr-

• Ni alloys have indicated that the activation enthalpies for diffusion of the major

constituents are quite close to each other [37]. For this reason, we assumed that

vacancies migrate via the alloying elements with a migration energy of 1.3 eV, which

is the same as the energy for vacancy migration in pure Fe [38]. However, front the

different values of Do measured experimentally [37], we estimated the pre-

exponential attempt-frequency factors for Ni and Cr atoms: v° = 1.5 x 10 /s

and v° = 8 x 10 /s, assuming that v° = 5 x 10 /s. The interstitials Xv'ere

assumed to migrate with variable degree of preferential association with, and

mobilities via, Ni atoms; their migration energy was varied fro::>. !*«•_• = 0.15 to 1.0

eV, and the corresponding Ni-interstitial binding energy from 0 to 1.5 eV. Zero



Table 1. Parameters used in the calculations of segregation in Fe-Cr-Ni alloys

Parameters Notations Valuer; Source of values

Attempt frequency for
vacancies via Fe atoms

Attempt frequency for
vacancies via Cr atoms

Attempt frequency for
vacancies via Ni atoms

Attempt frequency for
interstitials

Migration energy of vacancy
via Fe atoms

Fe-v

vCr-v

v°
Fe-i,Cr-i,Ni-i

Fe-v

Migration energy of vacancy H
via Cr atoms

Migration energy of vacancy
via Ni atoms

Migration energy of inter-
stitial via Fe atoms

Migration energy of inter-
stitial via Cr atoms

Migration energy of inter-
stitial via Ni atoms

Ni—interstitial binding
energy

Cr-v

uTtl

Ni-v

U
"Fe-i

K'Cr-i

"Ni-i

II
Ni-i

Effective vacancy formation H
energy in the alloys

Effective interstitial for-
mation energy in the
alloys

Formation entropy of
vacancy

Formation entropy of
interstitial

H

5 x 1013/s

8 x 1013/s

1.5 x 1013/s

5 x 1012/s

1.3 eV

1.3 eV

1.3 eV

0.3 eV

0.3 eV

0 . 15-1

0-1.

1.

4.

9

0

.5

eV

eV

.0 eV

eV

5 kB

assumed

[40]

[40J

assumed

138]

assumed

assumed

[39]

assumed

variable parameter

variable parameter

[41]

assumed

assumed

assumed

Defect-production rate K 10 >10~3 clpa/s assumed



binding energy between interstitials and Fe and Cr atoms was assumed. The migration

energy of interstitials via Cr atoms was taken to be the same as that via Fe

atoms, R™ . >= Up . = 0.3 eV [39]. It was also assumed that the FCC structure of
or—x re—x

the austenitic alloy of the base composition is stable over the entire temperature

range considered, 300-1000°C.

Spatial redistribution of the three alloy constituents in the near-surface

region of an alloy under irradiation at Ko ~ 10~
3 dpa/s is shĉ .'n in Fig. 1 as a

function of temperature at steady state. No preferential associetion of defects

with Fe, Cr, or Ni atoms is assumed. Segregation of the alloying elements results

from the difference in dNi_v, d^r_v, dFe_v, caused only by the inequality of the

preexponential jump-frequency factors. There is no effect of interstitial fluxes

for the cases shown in Fig. 1 because all the partial diffusion coefficients of

interstitials via the three alloying elements are equal. Enrichment of Ni, and

depletion of Cr and Fe near the surface are apparent. This is expected because d^_

v is much smaller than both d(jr_v and dFe_v, i.e. preferential transport of Cr and

Fe atoms away from the surface b}' vacancies is dominant. Segregation is maximum at

~ 700°C. The segregation trends calculated here are consistent with recent

; experimental measurements by Sethi and Okamoto [22].

If a preferential association is assumed to exist, between interstitials and Ni

atoms, which are undersized in the Fe matrix, segregation is wore severe. For

example, concentration profiles calculated as a function of temperature at steady

state and of time at 700°C are illustrated in Fig. 2 for the case where

interstitials are preferentially bound to Ni-atoms, forming Ni-interstitial

complexes with energies of binding and migration of 0.9 eV and 0.6 eV,

respectivelj7. Ni enrichment is stronger than that shown in Fig. 1; at 700°C, where

segregation reaches an extremum, the calculated steady-state concentration of Ni at

the alloy surface is nearly 100 at. %. As seen in fig. 2b, enrichment or depletion

of the constituent elements commences quickly and is severe near the surface. As

the time increases, the concentration gradient becomes less steep, and the alloy

composition is redistributed in a larger and larger region below the surface,

approaching steady state by - Jo'* s (or ~ 10 dpa) at 700°C.

The amount of segregation, characterized by the surface concentration, goes
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Fig. 1 - Steady-state concentration profiles of the alloying elements in a

Fe-18Cr-8Ni alloy under irradiation at various temperatures. Ko = 10" dpa/s,
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through ari extremum as a function of temperature, as shown in Fig. 3 for different

defect migration parameters. Segregation is small when vacancy fluxes are the only

driving forces (curve 1); it becomes very strong when the effect of interstitial

fluxes is included* Severe segregation occurs over a Kide range of temperature,

200-1000°C, if the interstitials migrate faster via Ni atoms without preferential

association with them (curve 2). However, with increasingly preferential

association of interstitials with Ni atoms (i.e., increasing Ni~interstitial binding

energy) and simultaneously decreased Ni-interstitial mobility, segregation becomes

less effective at low temperatures, presumably as a consequence of the increase in

the vacancy-interstitial recombination rate; the temperature range for segregation

is narrower (curves 3-5) and severe segregation persists at high temperatures. In

the case where interstitials are strongly trapped by Ni atoms (e.g., HM. . =1.5

e.V)» segregation is significant only between ~ 500 and 900°C (cu>:ve 5). In all

cases, the segregation patterns o£ Cr and 1;\\ are complementary to those of Ni..
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3 dpa/s, H ^ ^ -- 0.9 eV, I^i-i = 0.6 eV, H^r_± « l§e_± = 0.3 eV.

The temperature dependence of segregation was also calculated as a function of

defect-production rate. The normalized concentrations (Cjj/CjJ) of the alloying

elements at the surface and at the foil center are plotted in Figs, 4 and 5,

respectively, versus temperature for Ko = 10 and 10 dpa/s, and for two extreme

cases: vacancy—£1UK effect only (open circles), and effects of both vacancy flux

and Ni-interstitial flux resulting from a large Ni.-interstitial binding energy

(solid points). As in the case of binary alloys, the temperature range in which

significant segregation occurs shifts toward lower temperatures for a lower defect-

production rate. This dose-rate dependence can be understood qualitatively in the

same way as discussed in several previous papers on binary alloys [9-12], i.e., at

lower dose rates, similar segregation patterns develop at corresponding lower
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temperrtures.

Radiation-induced segregation effectively shifts the composition of local

regions of the sample into different parts of the composition-space of the

lnulticoEiponent phase diagram. Thus, we can predict the temperature range in which

radiation-induced phase transformations may occur in austenitic Fe-Cr-Ki alloys on

the basis of Figs. 4 and 5. At the surface, the Ni concentration increases sharply

at the expense of a strong depletion of Cr and Fe over a wide range cf temperature

(Fig. 4), whereas in regions far from the surface, the concentrations of Cr and Fe.

are higher than their initial alloy values while Ni is largely depleted (Fig. 5).

Thus, during irradiation, the alloy composition near sinks, such as dislocations,

voids, and grain boundaries, moves deeper into the austenite (y) field, whereas the

matrix composition far from sinks shifts towards the ferrite-austenite (a + y)

field. As a result, the stability of the y-aus1:enite phase around sinks is enhanced
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by irradiation, while the tendency for an austenite-to-ferrite transformation is

increased in the matrix. With the defect parameters used for calculating the curves

shown in Fig. 5, destabilization of the austenitc phase in the matrix may occur at

temperatures between 6OO-9OO°C under ion-bombardment or HVEM-irradiation conditions;

and between 500-800°C during fast-neutron irradiation.

A quantitative comparison between these theoretical predictions and

experimental measurements cannot be made, because only crude estimates are available

for a number of virtually unknown physical quantities, such as jump frequencies, and

defect formation, binding and migration energies. However, qualitatively, the

predicted temperature dependence of the y-phaee destabilization seems to be in

agreement with experimental observations. For example, radiation-induced y -> a

transformation has been observed in several autenitic steels [25-28,42,43). In a

study of neutron-irradiated 304L (Fe-18Cr~9Ni) and 316 (Fe-16Cr-13Ni) stainless

steels, Porter and Wood [25,26] found that the transformation rate was very high at

500 and 550°C, respectively, and no transformation could be detected in materials

irradiated at 400°C, despite the fact that: y-stability decreases with decreasing

temperature. A similar temperature dependence was reported by Keefer et al. [42,43]

for proton-irradiated stainless steels: y •»• a transformation was more pronounced at

500°C than at 400°C in a 321 (Fe-17Cr~9Ni) steel, ar.d much faster at 600°C than at

500°C in 316 alloys. Similarly, Masey et al. [27], and Boothby and Williams [28]

have established the presence of a ECC phase after ion irradiation of Fe-12Cr--15Ni

and Fe~12Cr-13Ni austenitic steels in the temperature range 525-625°C.

SEGREGATION IN Ni-Al-Si ALLOYS

Some experimental measurements of radiation-induced segregation and

precipitation in Ni-Al-Si alloys have been reported recently [23], and model

calculations were performed on this alloy system for comparisons. The basic

material parameters used are listed in Table 2. Essentially, since Ni is the host

solvent, the majority of the physical parameters employed here are the same as those

chosen for previous studies of segregation in binary Hi—based alloys [12-18].

Interstitials were assumed to strongly interact with Si atoms, with a binding energy

in the range 0.9-2.5 eV, fort-ling Si-interstitial complexes, which migrate with



Table 2. Parameters used in the calculations of segregation in Ni-Al-Si alloys

Parameters Notations Values Source of values

Attempt frequency for v;
vacancies via Ni atoms

Attempt frequency for
vacancies via Al atoms

Attempt frequency for
vacancies via Si atoms

Attempt frequency for
interstitials

Migration energy of vacancy
via Ni atoms

Ni-v

VAl-v

v°

HNi-v

Migration energy of vacancy Ti
via Al atoms

Migration energy of vacancy H
.via Si atoms

Migration energy of inter- R
stitial via Ni ator"?

Migration energy of inter-
stitial via Al atoms

Migration energy of inter- 11'
stitial via Si atoms

Si interstitial binding H
energy

Effective formation energy H
of vacancy in the alloys

Effective formation energy of H
interstitial in the alloys

Al-v

Si-v

,m
Ni-i

,,m
Al-i

Formation entropy of vacancy S

Formation entropy of inter-
stitial

Si-i

b
Si-i

f
v

f
i

f
v
f

5 x 1013/s

5 x 10l3/s

5 x 1013/s

5 x 1012/s

1.2 eV

1.1-1.3 eV

1.2 eV

0.1-0.15 eV

0.15 eV

0.6-1.2 eV

0.9-2.5 eV

1.7 eV

4.0 eV

0

[44]

assumed

assumed

assumed

145]

variable parameter

assumed

variable pararaeter

variable parameter

variable parameter

[47]

assumed

assumed

assumed

Defect-production rate K dpa/s assumed



energies between 0.6-1.2 eV. The lower limits of binding and migration energies

corv-spond to the values for binding calculated by Gupta [48] and for migration (or

possibly for dissociation) measured by Ok̂ -roto and Robrock [49] for dilute Ni-Si

alloys, respectively, whereas the upper limits are fixed so that Si-interstitial

complexes tfgrate with the same migration energy as the vacancies. The motion

energy of interstitials- was taken to be 0.]5 via Al atoms, and was varied between

0.10-0.15 eV via Ni atoms, in order to simulate the preferential motion of

interstitials via Ni. To explore the effects of either slower or faster exchange of

vacancies with oversized Al atoms, the migration energy of vacancies via Al atoms

was varied between 1.1-1.3 eV, whereas that via Ni and Si atoins was fixed at 1.2 eV.

Figure 6 shows the spatial redistribution of the constituent elements in a

Ni-4 at.%Al-/i at.%Si alloy irradiated at 600°C to different doses indicated on the

curves. The concentration profiles were calculated for various combinations of

defect migration parameters representing: preferential Si-interstitial association

only (Fig. 6a), preferential Si-interstitial association plus faster interstitial

migration via Ni atoms (Figs;. 6b and e), preferential Si-interstitial association

plus faster migration of interstitials via Ni and vacancies via-Al atoms (Fig. 6c),

and preferential Si-interstitlal association plus faster interstitial migration via

Ni atens and slower vacancy migration via Al atoms (Fig. 6d). A comparison of Figs.

6a-d indicates that the segregation trends are dominated by the preferential

coupling between the interstitial and Si-atora fluxes. Depletion of Al atoms near

the surface is more or less severe, depending on whether vacancies migrate faster

(Fig. 6c) or slower (Fig. 6d) via Al atoms. With a Si-interstitial binding energy

sufficiently large and the migration energy of Si-interstitials equal to that of

vacancies, segregation is slow and small at T < 600°C (Fig. 6e). However, at higher

temperatures, segregation becomes quite severe. The trends are similar to those

shown in Fig. 3.

Radiation-induced precipitation of the Ni^AljSJ.) phase on the alloy surface

was taken into account in the modal calculations for the Ni-Al-Si system.

Precipitation of the Y'"P'lase is assumed to occur whenever the sura of Al and Si

concentrations at the surface exceeds a solubility limit of 10 at. %. Precipitation

occurs already at low doses, < 0-1 dpa, at temperatures between 300 and 900°C.
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Figure 7 shows the temperature dependence of the concentrations of Al and Si at the

precipitate-matrix interface, calculated for various doses. The concentration of Si

at the interface and, hence, in the precipitate phase, is predicted to be higher and

that of Al to be lower than those at a precipitate interface at thermal

equilibrium. The Si concentration shows a maximum between «• 400-600°C for the

physical parameters used.

Radiation-induced segregation of the solutes Al and Si was also calculated for

conditions close to those used in experiments carried out by Zaluzec [23], namely

irradiation of Ni-6Al-6Si saturated solid solutions at Kg = 10 dpa/s to a total

dose of 3 dps. The theoretical profiles of Si and Al are presented in Fig. 8a for

600°C. Here, the solute concentrations are normalized to the Ni-solvent-

concentration for comparison with the profiles measured experimentally by means of

the energy-dispersive x-ray technique (Fig. fib). With the defect parameters

employed, namely H . .. = 0.9 eV, H . = 0.6 eV, and II . .=0.1 eV, surface

precipitation is found to be significant; at 3 dpa, the y' film is calculated to be

~ 98 nm thick. At the precipitate-inatrix interface, Si is enriched, whereas Al and

Ni are depleted. Depletion of Al extends over a distance of - 150 nm below the

interface. Since Si. atons are strongly preferentially transported towards the

interface to form the precipitate phase, there exists a steep Si concentration

gradient close to the interface, followed by a wide region of severe Si depletion.

Experimentally, Haluzec [23] observed y'-precipitate layers on the surface and on

grain boundaries after a 3-MeV Ki+ bombardment to 3 dpa at 625°C. The y'-layer at

grain boundaries was ~ 75 nm thick (Fig. 8b), in good accord with the calculated

surface- film thickness. Si depletion was found experimentally near the

precipitate. However, within the precision of jrbe measurements, the Al/Ni ratio

seemed to be spatially independent throughout the precipitate layer and the

matrix. This is not reproduced in the model calculations. It should be pointed out

that we did not find any set of physically reasonable parameters that lead to a

profound Si redistribution without significant modifications of the Al concentration

profile near the interface.
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CONCLUSION

We have developed a theoretical model of radiation-induced segregation in

concentrated ternary alloy systems, which is based on the concept of preferential

migration of defects via atoms of the constituent elements and preferential defect-

atom association. The raodel yields a set of four partial differential equations

describing the production and annihilation cf defects, and the diffusion of the

diverse defect and atom species. These coupled equations can be integrated

numerically for given initial and boundary conditions. Model calculations were

performed for ternary solid solutions intended to ba representative of Fe-Cr-Ni and

Ni—Al-Si alloys under various irradiation conditions. In general, the results .



y

i obtained are in good qualitative agreement with experimental observations. However,
t.

the predictive power of the model is rather limited, because many of the physical
*

parameters required for these calculations are still virtually unknown for the alloy

systems of interest.
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