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Abstract

Solutes can significantly increase the rate of strain hard-

ening; as a consequence, the saturation stress, at which

strain hardening tends to cease for a given temperature and

strain rate, is increased more than che yield stress; this

is the major effect of solutes on strength at elevated

temperatures, especially in the regime where dynamic strain-

aging occurs. It is shown that local solute mobility can

affect both the rate of dynamic recovery and the disloc-

ation/dislocation interaction strength. The latter effect

leads to multiplicative solution strengthening. It is

explained by a new model based on repeated dislocation

unlocking, in a high-temperature limit, which also ration-

alizes the stress dependence of static and dynamic strain-

aging, and may help explain the "plateau" of the yield

stress at elevated temperature0.



1. INTRODUCTION

Neither solution hardening nor strain hardening occupy a prominent place,

in roost discussions of high-temperature strength. This article is an attempt

to show that they are, in fact, important phenomena, particularly in the many

Instances when they reinforce each other. In the regime of dynamic strain-

agins, both the importance of solutes and their effect on strain hardening

have been realized for a long time; but we shall demonstrate that this syn-

ergism holds much more generally.

When "strength" is discussed at elevated temperatures, the concern is not

so much with yield as with the flow stress at large strains (for applications

to forming processes) or (for structural applications) with the "creep

strength". Both relate to a regime of the stress strain curve in which the

rate of strain hardening is low, approaching steady-state flow. However, the

stress level at which this steady-state limit is reached is itself a property

of strain hardening; it is controlled by a dynamic balance between hardening

and (dynamic) recovery mechanisms (Sec.2). Thus, any metallurgical change

that affects strain hardening affects the elevated-temperature strength.

The principal effect of solution hardening that is usually considered is

an additive friction stress [1-3] (Sec.3). Such a friction stress adds to the

steady-state stress just as it adds to the yield stress. Inasmuch as this

friction stress decreases rapidly with temperature, however, it should not

affect the high-temperature strength very much: even though the yield stress

usually reaches a "plateau" at elevated temperatures, it is small compared to

the stress increment due to strain-hardening.

When solutes are mobile, they appear not only to decrease the mobility of

mobile dislocations (thus increasing the friction stress), but also to slow

down the rate of rearrangement of stored dislocations (thus decreasing dynamic
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recovery and increasing strain hardening) 14-6) (Sec.4). The latter effect

can, in addition, be caused by a decrease in the stacking-fault energy due to

the solute addition [1] (Sec.5). For both reasons, the flow stress at large

strains can be significantly increased by solution hardening, even when the

yield stress is not.

Finally, there are a number of cases in which the effect of solutes on

strain hardening appears to be multiplicative: the rate of strain hardening

and the flow stress, throughout the stress strain curve, are multiplied by the

same, concentration-dependent factor (Sec. & ) . In mechanistic terms, this

observation may be expressed as an increase in the effectiveness of forest

hardening by the solutes [7].

A unifying mechanism is proposed that relates multiplicative solution

hardening to recent observations in static and dynamic strain-aging [8,9]. It

is based on a dislocation unlocking model, which has baen successful in ex-

plaining many aspects of low-temperature solution hardening [10,11]. The new

feature is the high-temperature limit. It arises because the length of the

activation bulge, which increases with temperature, cannot exceed the forest

dislocation spacing: from that point on, the solutes effectively increase the

dislocation/forest interaction strength (Sec. 7).

In summary, strain hardening can be severely influenced by solute ele-

ments in two distinct ways: one relates to a change in the evolution of the

substructure, the other to the effectiveness of a given structure. Both lead

to significant effects on the near-steady-state strength at elevated temp-

eratures. Procedures are proposed for separating the different effects ex-

perimentally (Sec.8).

In this article, we shall not discuss effects at either very small or

very large strains: yield drops and Luders front propagation were recently
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dealt with by the author[12], and effects of solutes on the tensile strength

after wire drawing or rolling have also been recently discussed in the liter-

ature [2,13,14). In the mechanistic discussions, we will ignore potential

effects of small precipitates or ordered regions in nominal "solid solution";

these have also been amply discussed [5,2,6].

2. STRAIN HARDENING AND BIGH-TEMPERATURE STRENGTH

Figure 1 shows a set of stress strain curves as a function of temperature

that is typical at least for pure fee materials, both as polycrystals and as

single crystals in multiple-slip orientations [15-18], A noteworthy feature

of these curves is that they coincide for small strains. This observation,

together with more detailed considerations, have led Mecking and Kecks[18] to

identify an initial "athennal hardening" component 0^ of the strain-hardening

rate 0 = do/de (much as a "Stage II" of hardening had been identified pre-

viously in single crystals[19]). The remaining component is then defined as

the rate of dynamic recovery, 0r:

0 = 9h - er(o,T,l) (1)

As is indicated in eq.(l), all the dependence on stress, temperature, and

strain rate is associated with the dynamic-recovery term. (A slight stress

dependence of 0^ is not ruled out, but is assumed negligible with respect to

that of 0r.) In fact, the athermal hardening rate is insensitive even to

material, being, in tension, of the order of 1/50 of Young's modulus.

The strain-hardening rate decreases continuously; in fact it decreases

rapidly enough that, by one extrapolation method or another, a limit may be

defined where it would vanish[20,17,21]. We shall here not be concerned witv

whether this steady-state limit is actually reached[22]: we will use it merely

as a semi-quantitativo indication of the flow stress when strain hardening is
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low. This "saturation stress" and its dependence on temperature and strain

rate f.hen follow from a solution of eq.(l) for 9 - 0 .

Figure 2 illustrates the temperature dependence of the saturation stress

for aluminum polycrystals, as determined from a (short) extrapolation of the

curves in Fig. 1 [17J. The saturation stress decreases roughly exponentially

with temperature (the plot of its logarithm being roughly linear in temp-

erature) and does so much more strongly than the yield stress. Despite this

rapid decrease, the absolute value of the saturation stress is still signi-

ficant at two-thirds of the melting temperature (the last point in Fig. 2): It

is still about six times the yield stress.

The point that will be made for solution hardened alloys is that the

steady-state stress vs temperature line is more significantly influenced by

solute additions than the yield stress line; thus, the "strength", especially

as it relates to elevated-temperature applications, can be more efficiently

increased through an effect on strain hardening than on the friction stress.

3. ADDITIVE SOLUTION HARDENING

The flow stress of solid solutions is usually described by an expression

of the form [1-3]

a = af + od (2)

Here, Of indicates a "friction stress" due to the interaction of solutes with

mobile dislocations; it is strongly temperature and rate dependent. The

second term, o^, is due to dislocation/dislocation interactions and generally

of the form

0d = M a u b Jp (3)

The yield stresses were evaluated from the same data that were partially
reported in [15].
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where M is the Taylor factor converting crystallographically resolved shear

stresses (glide resistances) into the relevant stress component in the macro-

scopic coordinates, u is the shear modulus, b the magnitude of the Burgers

vector, and p the dislocation density; a is a proportionality factor a little

less than 1, which is also meant to reflect the slight temperature and strain-

rate dependence of dislocation cutting [18].

Equation (2) neglects other contributions to the flow stress that may, in

certain applications, be significant; e.g., due to the grain size. We shall

assume here, however, that none of these other processes produces significant

strain hardening. (For this reason, we must specifically exclude second-phase

particles.) Then, we can write (from eqs. 2 and 3)

The important physical process that controls strain hardening is the rate of

dislocation accumulation with the glide increment dy = M de; its two com-

ponents, statistical storage and dynamic recovery, give rise to the two com-

ponents of 0 (eq. 1).

The essence of eqs.(2) and (4) is that the classical solute friction

stress does not contribute to strain hardening: the stress strain curves

should merely be shifted upward. Figures 3 to 5 show the best cases I could

find that approximately obey this rule; all relate to deformation at low

temperature (77 K) and to rather small strains [23-25] .

T.n these cases, if the behavior can be properly extrapolated to large

strains, the steady-state stress would be augmented by exactly the same amount

as the yield stress. At elevated temperatures, this would be proportionately

ve-r-y little. In the following, we will discuss cases where solutes are

Any influence of a strain dependence of the mobile dislocation density (or
of the vacancy concentration) on of in eq. (2) have been neglecced.
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observed to influence strain hardening as well as the yield stress. This is

possible, according to eq.(A), if solutes can affect either the rate of dis-

location accumulation d/pVdy or the proportionality constant a. Both effects

will be shown to exist. (In addition, of course, there is the trivial effect

of solutes on the shear modulus and the Burgers vector.)

4. DYNAMIC STRAIN-AGING AND DYNAMIC RECOVERY

Figure 6 shows the case of an especially strong influence of solute con-

centration on stress strain behavior in Ni-C [9]. Note, however, that the

curves diverge much more strongly at large strains than at small. In first

approximation one can say that the predominant effect of solutes is here to

decrease 0 r <

These stress strain curves were taken in the regime where jerky flow (the

Portevin-LeChatelier effect) is observed. It appears, then, that dynamic

strain-aging affects not only the mobility of the mobile dislocations (and

thus the character of flow), but also the ease of rearrangement of the pre-

viously stored dislocations (and thus dynamic recovery) [4,5]. Further

evidence for this interpretation is that the rate sensitivity of strain

hardening is negative in the dynamic-recovery regime, not only the rate

sensitivity of the flow stress (Fig. 6 ) .

It has, in fact, long been known that the "hump" in flow stress vs temp-

erature diagrams in the dynamic strain-aging regime is more pronounced for the

ultimate tensile strength than for the yield strength; e.g., in Fe-N [26] and

Type 316 Stainless Steel [27]. Figures 7 and 8 show this feature for Hadfield

steel [28] and for INCONEL 600 [29]. (In the latter, the extrapolated

This phenomenon was not seen (at temperatures up to 550 K) in the other fee
interstitial alloy, Th-C (Fig. 5) [25].
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saturation stress is plotted rather than the UTS.)

Figure 9 shows more particularly how-strain hardening in this alloy

depends on temperature [29]. In the dynamic strain-aging regime, there is a

long plateau of constant strain-hardening rate (at a level of about half of

the atheraial hardening rate 0n typical of pure materials). It is almost in-

dependent of temperature in this range. Note, however, that eventually some

dynamic recovery process does come in: the hardening rate decreases rather

rapidly to zero (much before necking begins).

An interesting observation can be made on Fig. 9 that has some gener-

ality: the phenomenon of an extended linear hardening stage occurs even at

200 K, far below the dynamic strain-aging regime for this alloy. Similarly,

Fig. 10 shows how the influence of P on strain hardening in Fe is pronounced

(and similar) in both the region of jerky flow and at lower temperatures [30] .

We are led to conclude either that phenomena akin to dynamic strain-aging

occur far beyond the temperature range where jerky flow is observed[29,11] and

exert their influence on dynamic recovery over this wider range; or that an

influence of solutes on dynamic recovery is more general than by way of

dynamic strain aging (or, most probably, both).

5. THE STACKING-FADLT ENERGY

A similar inhibiting effect of solute elements on dynamic recovery has

been found in single crystals deforming in single slip, and has been inter-

preted as due to a lowering of the stacking-fault energy (SFE) [1]. The

classical example of a strong change in SFE with concentration is Ni-Co.

Results on single crystals of this alloy are shown in Fig. II [31], where the

effect of solution hardening on easy glide (stage I work hardening) should be

ignored for our purposes. It is evident that the stage II work-hardening rate
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is not significantly affected by the additions of Co to Ni, but that the be-

ginning of stage III is delayed — the more so the higher the solute con-

centration.

It is possible that some of the observations reported in the last

section, concerning an influence of solute additions on large-strain behavior,

are also due to a lowering of the stacking-fault energy, although this does

not seem likely, at least for Ni-C. Conversely, some contribution of strain-

aging phenomena to the case of Ni-Co cannot be ruled out and is, in fact,

probable in view of results on the strain-rate sensitivity [32].

6. MDLTIPLICATIVE SOLUTION HARDENING

There are some sets of stress strain curves for solution hardened alloys

iat appear to diverge monotonically, right from the beginning. Figure 12

shows such a series for Al-Mg alloys at 78 K; the behavior is qualitatively

similar at temperatures up to about 500 K [4]. Alloys of Cu-Zn [24,33,13],

Cu-Al[34], and Al-Mg-Mn[35,36] exhibit similar behavior, as well as Fe-C, at

least in some observations [37], and single crystals of Nb-W [38] and Nb-Mo

[39]. In some cases, dynamic strain-aging is observed in the same regime, in

many not; at least one may say that the phenomenon occurs over a much wider

range of temperatures than jerky flow (as in Al-Mg, Fig. 12).

Figure 13 shows new results on Ni-Mo alloys[40]. It was found that a

replot with a concentration dependent scale factor on the stress axis brings

all of these curves into coincidence, so that these data (as well as similar

curves taken T » 452 K) can be described empirically by the relation

a = [1 + k(c)]-od (5)

This behavior is distinctly different from a divergence of the curves in the

dynamic-recovery regime only. On the other hand, Fig. 14 demonstrates, for
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the 3% alloy, that the dependence of strain hardening on temperature still

follows the scheme outlined in Sec. 2: coincidence at small strains,

divergence in the dynamic-recovery regime.

The difference between the effects discussed in the previous two sections

and this one can be discussed with reference to eq. (3). While iii the previous

cases, we postulated a solute effect on a part ("Qj.) of the net rate of dis-

location storage d/p/dy , it would seem that, in the present alloys, one of

the other factors must be responsible that are constant throughout the strain

range. The dependence of the shear modulus and the lattice constant on con-

centration are much too weak for the magnitude of k observed. The only re-

maining possibility for the principal cause of the strengthening is a. It re-

flects the strength of dislocation/forest interactions. Schmidt and Miller

[7] have recently made a similar proposal.

7. A UNIFYING MECHANISM

The empirical equation (5) has some similarity to relations observed

recently in static and dynamic strain-aging experiments. We shall first

summarize these results, and then relate them to effects outside the dynamic-

strain-aging regime and, in fact, outside the regime of solute bulk-mobility.

A simple mechanism will then be qualitatively outlined that may underlie all

these phenomena.

7.1 Strain Aging

The term "strain" aging relates to the appearance, upon aging at (or

above) the current deformation temperature, of a yield point that depends in

its magnitude on the strain level achieved before aging. It has recently been

postulated, and in some cases experimentally verified over a significant

regime, that the yield drop Aoa is linearly related to the stress reached in
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the previous straining [8,9]; viz., essentially proportional to ad:

Aaa - k'(c)-ad (6)

Equation (6) has the same form as the concentration dependent stress increment

in eq. (5) .

7.2 Dyoaaic Straln-aglng

Dynamic strain-aging is currently considered to be due to the same

process as static strain-aging, occurring during the normal waiting time of

dislocations in their generally jerky progress through the slip plane

[42,29,41]. Since this waiting time is inversely proportional to the imposed

strain rate, the aging process makes a negative contribution to the strain-

rate sensitivity of the flow stress: slower strain rates allow more aging and

therefore more hardening.

It was found by Mulford [29,32] that this negative contribution to the

strain-rate sensitivity is again proportional to a^, at least in some Ni

alloys and Al-Mg, at not too high strains:

T " -
k"<c>-«d (7)

This is in agreement with the observation, on the same alloys [8,9], of static

aging according to eq. (6). The critical strain for the beginning of jerky

flow is then interpreted as that at which the total strain-rate sensitivity

becomes negative [12,41]. Note, however, that a negative contribution to the

rate sensitivity, which is evidence of dynamic strain-aging, may not be

sufficient to offset other, positive contributions; then, jerky flow does not

occur. The Ni-Mo alloys quoted above are a case in point, and so is Ni-Co[32]

— and In both these cases, the initial negative contribution-is proportional

to od.

We conclude that the proportionality to the flow stress, which Is ob-

served for the stress Increments In strain-hardening (eq. 5), static strain-
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aging (eq. 6), and dynamic struin-aging (eq. 7), may be a common feature

associated with solute mobility, whether or not this causes jerky flow. It

can be observed at lower temperatures than jerky flow.

7.3 The Low-tenperature Yield Strength

There have long been difficulties with explanations of the yield strength

based on the concept of solute atoms acting as discrete obstacles r43,44].

Principally, the observed rate and temperature dependence ar« much too low *:or

this mechanism to hold [45]. In terms of dislocation activation, the activ-

ation length inferred from measurements of the apparent activation area [42]

is large compared to the solute spacing along the dislocation [45] and, most

importantly, is not proportional to it [11]. These problems are pronounced in

the regime of the "plateau" in the yield stress vs temperature diagram (which

often occurs at quite moderate temperatures), but were also shown to be sub-

stantial at lower temperatures.

On the other hand, a description of solution nardening in terms of the

formulas proposed by Suzuki [10] is much more successful. The essence of the

underlying mechanism (whether or not the details of this particular theory

apply) is that the solutes behave as if they were continuously, not discrete-

ly, distributed along the dislocation. In combination with an assumption of

some ability of the solutes to redistribute themselves within the dislocation

core (perpendicular to the dislocation [46]), this leads to a model in which

the dislocation "digs its own trough" while waiting at "hard lines" and must

continuously free itself from each new trough [11].

Thermal activation from such a trough occurs by the formation of a bulge

in the dislocation line (Fig. 15), whose length l^ is inversely proportional

to the stress [42] (or, more exactly, the stress in excess of a d ) . This

length is generally much larger than the solute spacing, and gets larger as
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the temperatura is raised. T M s can give an almost plateau-like effect: the

unlocking stress becomes inversely proportional to temperature at high temp-

eratures — unless another effect intervenes.

7.4 The Hlgh-cewperature Limit of the Oalocking Stress

If the activation length in unlocking gets longer and longer as the temp-

erature is raised, there eventually comes a point when the length of the bulge

would begin to exceed the forest-dislocation spacing fcj. This cannot happen,

and it is at this point that the unlocking stress becomes proportional to a^'

the strength of the forest junction is augmented by the force to form the

bulge. Instead of eqs. (2) and (3), we then have

0 = [a(T,e) + B(c,T,e)J • M u b /p = od«(l + B/cO (8)

Note that the term proportional to B has taken the place of o^: no further

additive friction stress is needed.

The quantity £5 in eq. (8) is the angle at which the activation bulge

meets the dislocation (Fig. 15). It car. be derived when the profile of the

line-tension trough is known, and depends on temperature and strain rate [42).

Equation (8) could form the basis of a unified description of all the

phenomena discussed above: it is formally similar, and the mechanism of re-

peated locking and unlocking seems especially attractive in the elevated-

temperature regime. Much quantitative work needs to be done to ascertain the

viability of this proposal.

8. CONCLUSIONS

We have discussed three distinct effects of solute additions to the flow

stress, and their relation to the flow stress; contribution from strain hard-

ening, 0^: an additive friction stress (oj); a multiplicative "repeated-

unlocking" stress (interpreted as an additive effect on the dislocation/
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dislocation interaction strength a ) ; and a decrease in the rate of dynamic

recovery (9_). We find that the first, which is the most discussed, may be

strictly absent in the high-temperature limit, but is certainly negligible at

all but the smallest of strains. On the other hand, the second, a multi-

plicative solution strengthening, which is the least discussed, is probably

the most general contribution over the widest range of elevated temperatures.

In the dynamic strain-aging regime, the effect on dynamic recovery becomes

dominant.

While the effects were here discussed for cases where one or the other of

them predominates, they will, in most cases, act in concert. For example, a

re-examination of the figures presented in the section on dynamic strain-aging

and dynamic recovery will show some evidence of the proportional effect acting

also. Howaver, when this is taken into account, a significant additional

effect on dynamic recovery remains.

In general (but neglecting Of), the flow stress of solution hardened

alloys may then be written, instead of as eq. (2), as

a - u(T,c).ac(c,T,£)-/JL de (9)

where a c is used for [a+S] in eq. (8). The integrand represents the (net)

rate of disi cation storage (aq. 4 ) , and may be expressed, by way of general-

izing eq. (1), as

We cannot envisage any possible influence of solutes on the flr.it term on the

right-hand side, which represents statistical dislocation storage. The effect

on tlie rate of dynamic recovery may be due in part to a decrease in the

Note that Schmidt and Miller [7] combine what we would call "dynamic
recovery" with hardening (which they assume parabolic in strain) and separate
out "recovery" (occurring simultaneously with straining); they expect solutes
to influence both of their terras.
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stacking-fault energy, but is mcst significantly influenced by dynamic strain-

aging. Thus, it is particularly important in an intermediate, eJevated temp-

erature regime.

The flow stress in the steady-state limit follows from setting the right-

hand side of eq.(10) to zero. The result is of thd form

o s = u(T1c).<Sc(c,T,£)-F(T,£,c) (11)

It looks very much like eq.(9), except that the strain-dependent integral has

been replaced by a constant F, depending only on T, £, and c. The latter

effect is, again, due to the influence of solutes on dynamic recovery and is

potentially the most important, at elevated temperatures. It is not possible,

in principle, to separate the effects on ac and F when only deformation at (or

near) steady state is studied.

To distinguish flow stress effects from evolution effects of solute

additions, one must study the strain-hardening behavior. First, one analyze

stress strain curves according to eqs= (9) and (10), manipulating a c in eq.

(10) to produce coincidence for different concentrations at small strains and

low temperatures; any remaining difference to be interpreted as due to 0 r.

Second, die may undertake microscopic structure investigations on alloys of

different concentrations : over the strain range in which no 0r-effect is

detected, the relevant substructural features should be independent of concen-

tration at the same strain, even though the stresses themselves may be signi-

ficantly different. Finally, one should vary the thermomechanical history:

effects on ctc depend only on the current values of the external and structural

variables, whereas the integral depends on the entire strain path [7].

The multiplicative flow stress effect is new, having been discussed only

once, in somewhat different form, by Schmidt and Miller [7]. An explanation

is offered that relates it to other solute effects currently under discussion.
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The model is based on the concept that "moving" dislocations must contin-

ually free themselves from continuous line-tension troughs (rather than from

discrete solute atoms). These troughs get deeper as solutes diffuse to the

momentarily waiting dislocation (but they exist even at very low temperatures

[11)). The stacking-fault ribbon may play a role in the establishment of an

effective "trough"[10]. The process of unlocking occurs hy the formation of a

bulge whose length is inversely proportional to the stress. At low stresses,

i.e. high temperatures, the bulge length equals the forest dislocation

spacing, which it cannot exceed. From this point on, the solute/dislocation

interaction has the effect of merely ralslag the effective strength of the

dislocation/dislocation interaction. For this reason, all solute effects are

now proportional, as the dislocation density increases, to the strain-harden-

ing contribution to the flow stress, a^z the static strain-aging stress peak;

the decrease in the strain-rate sensitivity; and the flow stress increment

itself.

The proposed mechanism is as yet of a rather qualitative nature; it

suggests a number of experiments to quantitatively ascertain the various

correlations.
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Fig. 1. Nominal t ens i le s t r e s s s t r a i n curves for aluminum (99.99%,

grain size d = 0.2 mm). After Kocks et a l . [15] .
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Fig. 2. Yield stress and true saturation stress, divided by shear modulus,

as a function of temperature. Data from Fig. 1.
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Fig. 4. Tensile stress strain curves for copper-nickel and copper-gold alloys

of two concentrations. After den Otter and van den Beukel [24].
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The higher strain rate (dashed) produces the lower atr»ln hardening.

Indicating an Influence of dynamic straln-aglng on dynamic recovery.
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Fig. 7. Yield stress and tensile strength as a function of temperature for

Hadfield steel, showing the pronounced influence of dynamic strain

aging on the UTS. After Dastur and Leslie [28].
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Fig. 10. True tensile stress strain curves for iron-phosphorus alloys tested (a)

below and (b) within the jerky-flow regime. The approximate P-content

is given in wt.%. After Spitzig [30].
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They diverge mor i ton ica l ly . New re su l t s [40] .
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Fig. 14. True compressive stress strain curves for one Ni-Mo alloy at three

temperatures. They coincide at low strains, but diverge in the

dynamic-recovery regime. New results [40].



Fig. 15. Locked dislocation segment with activated bulge (dashed). Its

curvature is determined by the stress, the angle f$ by the line tension

difference.


