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The Study of Intergranular Embrlttlement in Fe-12Mn Alloys 

Hyung Jal Lee 

ABSTRACT 

A high resolution scanning Auger microscopic study has been performed to 

investigate the chemical source of the intergranular fracture surfaces of Fe-12Mn 

steels in the as-austenitized condition. The fracture mode below the ductile- brittle 

transition temperature was found to be intergranular whenever the alloy was quenched 

from the austenite field, irrespective of the austenitizing time and temperature. High 

resolution chemical analyses of the intergranular fracture surface failed to reveal any 

consistent segregation of P, S, As, O, or N. The occasional appearance of S or 0 on 

the fracture surface was found to be due to a low density precipitation of MnS and 

MnOz along the prior austenite boundaries. An AES study with Ar* ion-sputiering 

showed no evidence of manganese enrichment along the prior austenite boundaries, 

but a slight segregation of carbon which does not appear to be implicated in the ten

dency toward .ergranular fracture. 

The addition of 0.002 weight percent boron with a 1000°C/1 hr/WQ treatment 

yielded a high Charpy impact energy at liquid nitrogen temperature, preventing the 

intergranular fracture. The high resolution AES studies of the boron added alloy 

showed that the presence of approximately 3 atomic percent boron on the prior 

austenite grain boLndaries is most effective in increasing the grain boundary cohesive 

strength in an Fe-12Mn alloy Tra;e additions of Mg, Zr. or V, which are believed to 

be beneficial to the grain boundaries, had negligible effects on the intergranular 



embrittlement. 

A 450*C temper of the boron-modified alloys was found to cause tempered mar-

tensite embrittlement, leading to intergranular fracture. The embrittling treatment of 

the Fe-12Mn alloys with and without boron additions raised the ductile-brittle transi

tion by 150°C. This tempered martensite embrittlement was found to be due to the 

Mn enrichment of the fracture surface to approximately 32 atomic percent Mn in the 

boron-modified alloy and 38 atomic percent Mn in the unmodified alloy. The Mn-

enriched region along the prior austenile grain boundaries upon further tempering is 

believed to cause nucleation of austenite and to change the chemistry of the inter-

granular fracture surfaces. 
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INTRODUCTION 

A number of investigations have been made to study the mechanical properties of 

ferritic steels at very low temperatures. Excellent cryogenic strength and toughness 

have been achieved in ferritic steel by the addition of nickel (1-4) and proper heat 

treatment (5-7). With the hope that manganese could be successfully substituted for 

the comparatively expensive nickel addition, research on the low temperature mechani

cal properties of Fe-Mn alloys has been undertaken in several laboratories (8). 

Studies (9-17) of Ni-free cryogenic ferritic steels have been conducted over the 

composition range i-12% Mn because of the microstructural and chemical similarities 

between Mn and Ni as Fe alloying elements. Appropriate thermal and thermo-

mechanical treatments have led to excellent cryogenic strength and toughness in these 

Fe-Mn alloys. The characteristic phase transformation (14,18) in Fe-Mn alloys with 

more than 10% Mn is of particular interest since these alloys form a metastable phase, 

hep «-martensite, as one of the transformation products, whereas Fe-Mn alloys with 

less than 10% Mn do not form different phases from those of the Fe-Ni alloys of less 

than 28% Ni. With the presence of the hexagonal «-martensite, Fe-Mn alloys with 

composition over 8-12% Mn are of interest because they show the highest strength in 

the as-austenitized condition. As the Mn content is increased from 8 to 12%, the yield 

strength increases while the ductile-brittle transition temperature (DBTT) decreases 

slightly. Despite the low DBTT of the Fe-12 Mn alloy in the as-austenitized condition, 

below the DBTT this alloy fractures in a catastrophically intergranular mode while the 

Fe-8Mn alloy displays a transgranular cleavage fracture mode. 

In earlier work (12-13) fundamental research into the embrittlement sources in 

Fe-12Mn alloy was conducted. The suppression of the low temperature intergranular 

embrittlement was successfully accomplished by a cold work plus temper, a controlled 

rolling treatment, or by adding a beneficial alloying element, specifically a trace addition 

of boron (19). These results suggested thai the origin of intergranular embritilement in 



the Fe-12Mn steel in the as-austenitized condition is not due' to the segregation of 

metalloid impurities or the formation of a deleterious second phase along the prior 

austenite grain boundaries, but is rather due to its inherent microstructures. However, 

this earlier conclusion (12-15,18) induced a significant argument about the sources of 

intergranular embrittlement because of the relatively low resolution of Auger electron 

spectroscopy. 

Many high strength steels with small amounts of metalloid impurities have been 

known to be very susceptible to temper embrittlement (20-32) over the temperature 

range of 550-650°C, or tempered martensitt embrittlement (33-38) around 300°C. 

Subsequently, tempered martensite embrittlement was found to have a transgranulai 

cleavage fracture mode (39-40). In most cases, the intergranular brittleness due to 

tempering was attributed to austenite grain boundary carbide formation and metalloid 

impurities such as P, S, As, Sn or Sb segregation, which decrease the cohesive strength 

between the two phases. On the other hand, the transformation of unstable retained 

austenite to the carbides along the lath boundaries is believed to cause brittleness 

appearing as a transgranular cleavage mode. 

The current research was designed to clarify the nature and source of intergranu

lar embrittlement in Fe-12Mn in the as-austenitized condition by employing high reso

lution scanning Auger microscopy (SAM) and to investigate tempered martensite 

embrittlement in these alloys. Brittleness always develops along the same fracture path, 

i.e., intergranular fracture along the prior austenite grain boundaries. Special emphasis 

was placed on the investigation of changes in chemical composition on the intergranular 

fracture facets. 

Further research on boron additions an austenitizing treatment were carried out to 

achieve better mechanical properties at low temperature. Improvements in the cohesive 

strength of the prior austenite grain boundaries of the Fe-12Mn alloy resulted in the 

suppression of the brittle intergranular failure below the ductile-brittle transition tern-
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perature. Several alloying elements in addition to boron, which were believed to be 

beneficial to the grain boundaries, were added in the hope of changing the fracture 

mode from intergranular to transgranular. Tempered martensite embrittlement of the 

Fe-12Mn alloys with trace addition of beneficial alloying elements was also studied. 



V 
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II. EXPERIMENTAL PROCEDURE 

A. Material Preparation and Heat Treatment. 

Alloys of nominal compositions Fe-12Mn were induction melted in an argon gas 

atmosphere. To study the effect of boron addition on the grain boundaries, minor addi

tions of boron (ranging from 10 ppm to 100 ppm) and Ti (approximately 0.2%) were 

made. Special care was taken in the alloy preparation to reduce the effects of impuri

ties. Each ingot was cast from a separate batch into J copper chill mold. The average 

weight of an ingot was 9 kg. The chemical composition of alloys is shown in Table I. 

TABLE I 

Chemical Composition of the Alloy Ingots in Wt. Pet. 

Chemical Compos itions 

Mn Ti C O A P N B Fe 

12.0 

11.7 

0.000 

0.14 

0.003 

0.002 

0.004 

0.001 

0.006 

0.006 

0.008 

0.006 

0.005 

0.001 

0.00 

0.002* 

Bal. 

Bal. 

" Other chemical composition of alloys with boron ranging from 10 ppm to 1000 ppm is 

not available. 

Mechanical test specimens were cut from plates and pre-machined to oversized 

dimensions before heat treatment. The as-austenitized specimens were sealed in stain

less steel bags filled with argon and treated from 850°C to 1200°C and water quenched. 

Holding time at 1100°C ranged from 1 hour to 100 hours. The specimens for studying 

tempered martensite embrittlement were treated at temperatures ranging from 250°C ;o 
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6S0*C in 50*C increments for up to 200 hours. The specimens were usually water 

quenched after e».h heat treatment. All of these heat treated oversized specimens were 

finally machined under flood cooling to the proper dimensions of standard mechanical 

property test specimens. 

B. Mechanical Testing 

1. Hardness test. 

Specimens tested for the hardness of the alloy were usually cut from broken 

Charpy impact test specimens. The hardness was measured on a Wilson Rockwell hard

ness tester. The Rockwell C scale was used for most of the specimens. At least five 

indentations were made and the readings averaged for each specimen. The standard 

deviation of the test was always within ±0.3 for Re scale. 

2. Chirpy impact test. The Charpy impact test specimens were machined to ASTM 

standard size shown in Figure 1. Notches of 45° were machined perpendicular to the 

roiling direction of the plate. The impact tests were carried out as described in ASTM 

E23. Vai ;ous temperatures were obtained by a proper mixture of liquid nitrogen, iso-

pentane, and Corning 710 oil. At least two Charpy V-notched specimens were tested at 

each testing temperature. 

C. Measurements of Transformation Temperature and Phases. 

1. Transformation temperature. 

A Theta Dilatronic IIIR ditatometer was employed for measuring transformation 

temperatures. Specimens prepared from bulk material were machined to the 

specifications given in Figure 2. Each specimen was heated to 1100'C with a pro

grammed linear heating rate of 440"C/min and quenched by a jet stream of He gas with 

a quenching rate of approximately 70*C/sec. Transformation temp-ratures were deter

mined by points deviating from linearity on dilation and temperature vs. time curves. 
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2. Phase. 

X-ray diffraction analysis was carried out on specimens usually cut from broken 

Charpy specimens along the longitudinal direction. Specimen surfaces were carefully 

ground up to emery paper 600 grade and chemically polished in a solution of 100 ml 

H;Oi + 3 ml HF for IS minutes in order to remove any strain-induced transformation 

phases from previous mechanical tests A CuKa radiatior. in a Picker x-ray 

diffractometer was used. The volume percent of each phase was calculated by compar

ing average integrated intensities of (200)^ (200)yand (101), peaks. The calculation is 

described in Schanfein's work (18). 

D. Microscopy. 

1. Scanning electron microscopy (SEM). 

The fractographs of the broken Charpy specimens were obtained with an AMR 

1000 scanning electron microscope operated at 20 kV. An energy dispersive analysis of 

x-rays (EDAX) combined with the SEM was employed to quantitatively analyze the 

chemical compositions of precipitates on the fracture surfaces. 

2. Optical microscopy. 

Specimens for optical microscopy were cut from the broken Charpy bars along a 

longitudinal direction. After mounting in fColdmoum. they were ground on successive 

emery papers up to 600 grade. A final polishing was carried out on a l̂ i diamond lap

ping wheel. The specimens were etched with either a 2% Nital or a picral (I gm picric 

acid dissolved in 100 ml ethyl alcohol and 5 ml HCI) solutions. The microstruclures 

were examined with a Carl Zeiss metallograph. 

3. Transmission electron microscopy (TEM). 

Specimens for transmission electron microscopy studies were sliced to about 12 

mils thickness from the broken charpy specimen. They were then chemically thinned 



8 

to about S mils in a solution of 100 ml H202 and 4 ml HF, spark cut into 3 mm discs 

and sanded down to about 2 mils thickness. Final thinning was carried out by a twin jet 

electro-polishing apparatus operated at room temperature using a solution of 75 gr 

CrOy, 400 ml CHjCOOH, and 21 ml HiO. The optimum thinning condition was found 

at 30 mA and SO V. The thinned specimens were examined in a JEM 7A or a Philips 

EM 301 operated at 100 kV. 

4. Scanning transmission electron microscopy (STEM). 

The grain boundary segregation was studied with a Philips 400 scanning transmis

sion electron microscope operated at !00 !<V. Thin foils for the STEM analysis were 

prepared using the same method as described for TEM. Chemical analysis of grain 

boundaries were carried out with an EDAX unit attached to the STEM. 

E. Auger Electron Spectroscopy (AES). 

Specimens for Auger electron spectroscopic studies were cut from ihr bulk plates 

and machined to oversized dimensions before heat treatment. The specimens were 

sealed and heat treated in stainless steel bags filled with argon gas. Following heat 

treatment, the specimens were machined to the shape and dimension'! illustrated in Fig

ure 3. In order to prevent any severe contamination of their surfaces, each specimen 

was dried following successive distilled water and ethyl alcohol rinses. They were then 

stored in a dessicator until being tested. 

The Auger electron spectroscopic studies were carried out with a PHI model 590 

scanning Auger microscope (SAM) combined with a sca-.ming electron microcope and 

an Ar* ion-sputtering gun. At least two specimens were put into the reaction chamber 

equipped with an in-situ fracturing and cooling stage shown in Figure 4. The tempera

ture of the specimen inside the reaction chamber was controlled by liquid nitrogen 

flowing through the fracture stage, monitored by a thermocouple. Each specimen was 

cooled to liquid nitrogen temperature within 30 minutes. The specimens to be frac-
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tured were subjected to a Sx lO" 1 0 - I JCIO - 9 Torr vacuum attained by employing a 

differential ion pump, a Ti sublimation pump, and a liquid nitrogen cold trap. The 

specimens were always impact-fractured by hammer to reveal its fresh fracture surface. 

After fracture, the specimen was positioned in front of the SAM cylindrical mirror 

analyzer (CMA). The time required for the first Auger electron spectrum usually took 

no more than S minutes. The primary electron energy and peak-to-peak modulation 

used were 2 kV or 5 kV and 3 eV or 6 eV, respectively, depending on the energy scan

ning range. The primary electron beam size ranging 2 / » ~ O . 3 M in diameter was regu

lated according to the places needed to be analyzed. In order to obtain a typical spec

trum from a grain boundary, at least 10 points on an intergranular cleavage surface 

were analyzed with 0.3% energy resolution, monitored by the attached scanning elec

tron microscope. The time constant per point and the sweep rate were 0.03 

second/point and 0.5 eV/sec, respectively. For automatic data acquisition, a multiple-

technique analytical computer system (MACS) provided with the PHI model 590 SAM 

was employed with the parameters: time/point (T/P) — 50 msec, peak-to-peak modula

tion (Mod) - 6 eV, and volt/step (V/S) - 1 eV. Most of AES chemical analyses 

were carried out by this programmed MACS. 

Following the AES analysis on the fresh fracture surface, the surface was sput

tered by an Ar* ion gun at normal incidence. In most cases, a primary ion beam vol

tage of 3 kV was used. In order to derive the sputtering rate for a Fe-12Mn alloys, the 

same sputtering conditions were maintained as those for ~a2Oi epitaxy thin film refer

ence. It is expected from other works (52) that the sputtering rates for Fe-12 Mn 

alloys were approximately 100 A/min at 3 kV and 50 A/min at 1 kV, 

respectively, which does not differ from those for the Ta2Os reference by less than a 

factor of 2. The sputtered regions were always re-analyzed to compare the difference 

between the surface before and after sputtering. 
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Whenever it was necessary to determine the degree of contamination on the fresh 

and sputtered surfaces, the chemical analysis of the residual gas inside the reaction 

chamber was performed with a residual gas detector 3M Model 710 secondary ion mass 

spectrometer (SIMS). The relative chemical composition of the residual gas and the 

pressure inside the AES analysis chamber were recorded during AES analysis. 
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III. EXPERIMENTAL RESULTS 

A. Intergranulir Embrittlemtnt of Fe-12Mn Steel In the As-Austenitized Condition. 

1. Austcnltizlni treatment. 

Previous research (14,15) has shown that the Fe-12Mn steel in the as-austenitized 

condition fails in a strikingly brittle intergranular fracture mode below the DBTT. The 

austenitizing treatment was performed at 1I00T for 2 hours which was followed by 

water quenching. The ductile-brittle transition occurred sharply at room temperature in 

the Charpy impact test as shown in Figure S. The decrease in the Charpy impact 

energy value on lowering temperature is correlated with the change in the fracture 

mode from a ductile dimple rupture mode (transgranular) to catastrophic intergranular 

fracture mode, as shown in Figure 6. Brittle intergranular fracture always occurred 

along the prior austenite grain boundaries, whose dimension was approximately \70fim. 

To investigate the effect of austenitizin; temperature on the fracture mode, the 

austenitizing treatments were conducted either (1) at temperatures ranging from 

850°Cto 1200°C for 2 hrs, or (2) from 2 hrs to 100 hrs at HOOT, all of which were 

followed by water quenching. Two hour heat treatments were sufficient to obtain both 

the fully recrystallized austenite phase and to form a consistent microstructure. Table 

II shows that the prior austenite grain size of the Fe-12Mn steel changed from lS>im to 

ISGfim. The hardness and Charpy impact energy value a iiquiu ni'uugsn icmperaiuic 

(LNT) were nearly independent of austenitizing temperature as shown in Figure 7. 

The fracture mode below the DBTT was 100% intergranular cleavsge irrespective of the 

prior austenite grain size. Figure 8 displays four different fractographs of very flat, 

smooth intergranular fracture facets along prior austenite grain boundaries after austeni

tizing treatments at 8S0*C, 1000°C, 1100°C, and 1200°C, respectively. The change in 

holding time at 1100'C from 2 hrs up to 100 hrs affects neither the fracture mode nor 

the prior austenite grain size. The grain boundary microstructures are similar for all 

heat treatments, but the grain boundary chemistry will be discussed in a later section. 

file:///70fim
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TABLE II 

Changes in the Prior Austenlte Grain Size and Fracture 

Mode with Respect to Austenitlzing Temperature 

Heat Treatment Grain Size (pm) Fracture Mode 

850'C/Ihrs/WQ - 1 5 Intergranular 

900*C/2hrs/WQ - 3 0 Intergranular 

1000°C/2hrs/WQ - 8 5 Intergranular 

1100"C/2hrs/WQ -170 intergranular 

1200"C/2hrs/WQ -250 Intergranular 

2. High resolution AES analysis of intergranular cleavage surface. 

Chemical analyses of the intergranular cleavage surfaces of different grain sized 

specimens were obtained using a high resolution scanning Auger microscope with a 

Ipm electron beam size, a 3 eV peak-to-peak modulation, a 2 kV primary electron vol

tage, and 0.3% energy resolution. A typical Auger electron spectrum obtained from the 

in-situ fracture surfaces of an Fe-12Mn steel in the as-austenitized condition is shown 

in Figure 9, together with the corresponding SEM fractograph. The surface-sensitive 

AES technique (41-45) was applied to detect any segregation within a monolayer of the 

surface o.i the prior austenite grain boundaries, the fracture path of this alloy. High 

resolution AES analysis shows that in addition to the Fe and Mn Auger -'ectron peaks, 

there is a small carbon peak at 272 eV. Taking the sensitivity from 10X to 40X, it is 

clear that there are no other significant peaks such as P at 120 eV and S at 150 eV. 

Those Auger electron peaks are also consistently present in the specimens austenitized 

at different temperatures. Auger electron spectra obtained from the specimens which 
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were austenilized at I100°C for either 40 hrs or 100 hrs show very similar chemistries 

except for the appearance of a small nitrogen Auger electron peak at 379 eV, as shown 

in Figure 10. On occasion, a high intensity S or 0 peak was observed in the Auger 

electron spectra from an intergranular cleavage surface. First, a determination of the 

source of the S or O peak was carried out by a SEM fractographic study. As shown in 

Figure 11, high magnification SEM analysis revealed the presence of small precipitates 

along the cleavage surfaces. Precipitate size ranged from O.S to 5 urn in diameter. On 

the average, five such precipitates were found to be associated with eat: - ravage sur

face. These precipitates were not easily distinguishable during lower magnification SEM 

examination. Chemical analysis of these precipitates using EDAX, shown in Figure 11, 

revealed that these precipitates are of two types. The first is MnS, the other is an oxide 

or carbide precipitate of Mn which cannot be positively identified due to the limitations 

of the EDAX system. Second, a high partial resolution AES analysis was conducted 

over the fracture surface. In most cases a medium electron beam size (1-2 fj.m) was 

used for the AES study. With a smaller electron beam size (0.3 jim), chemical ana

lyses of the precipitates and holes on the intergranular cleavage facets were carefully 

performed. Upon examining the fractograph in Figure 12, one interpretation could be 

that there possibly exist four different chemistries. The chemistry detected is depen

ds 'it on the location of the point of analysis. From the Auger electron spectrum of Fig

ure 12-a, this precipitate was identified as MnS which is in agreement with the EDAX 

result' -igure 12-b reveals that this precipitate is a Mn oxide (possibly Mr>02) whose 

surface was decorated by the segregation of S. The hole in the SEM fractograph of Fig

ure 12-c was analyzed by Auger electron spectroscopy. Analysts of the spectrum shows 

:at small amounts of S, C, and N segregated along the interface between the precipi

tate and the prior austenite grain boundary. These segregations may reduce the inter

face energy so that the precipitate was easily separated from the matrix. An Auger 

electron spectrum identical to that produced by holes in the fracture surface was 
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obtained from the flat fracture surface shown in Figure 12-d. 

3. C, N, ar Mn on the prior austenite grain boundaries. 

As shown in the previous section, a small carbon or nitrogen peak in the Auger 

electron spectra (Figures 9 and 10) was always detected on fresh intergranular cleavage 

facets. It is believed that the grain boundary properties are influenced by the presence 

of carbon or nitrogen, which are assumed to have segregated to the prior austenite 

grain boundaries during austenitizing. To this extent a careful investigation into the 

source and effect of these elements was carefully performed. 

After AES analysis of the in-situ fractured surface, an Ar* ion-sputtering tech

nique, which is described elsewhere (46-51) was employed. The use of this ion-

sputtering technique, combined with AES analysis, is very effective in studying the sur

face chemistry in two ways. First, it is possible that two different surface chemistries 

may be obtained before and after sputtering. Thus, AES analyses on the sputtered sur

face, as well as the unsputtered surface, may give evidence of some differences in the 

chemistry between the grain boundary and the matrix. Second, by comparing the 

peak-to-peak amplitude of definite elements by sputtering layer by layer, a depth profile 

of certain elements from the grain boundary to the inside matrix can be easily obtained 

within sub-layer sensitivity. This is possible because the AES analysis has a high depth 

resolution, on the order of one monolayer. Examination of this depth profile can tell 

how the concentration changes with respect to depth. 

Figure 13 shows two different Auger electron spectra of the specimen austenitized 

at 1100'C for 2 hrs Figure 13a was obtained from an intergranuiar fracture surface 

produced at LNT and thus indicates the prior austenite grain boundary chemistry. 

However, sputtering with Ar* ions for two minutes brought about a slightly different 

Auger electron spectrum of Figure 13b. The significant difference between the two 

spectra can be recognized as the existence of a carbon peak at 2?2 eV. An unsputtered 

surface has a small amount of carbon and a sputtered one does not. The small Auger 
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electron peak at 21S eV can be identified as an argon peak from Ar* ions implantation. 

The occurrence of carbon segregation in (he specimen austenitized at 1100°C was partly 

proved by Figure 13. Employing higher sensitivity, it is easily recognized (hat carbon 

can be sputtered away from the grain boundaries , as shown in Figure 14. 

An attempt to identify the status of carbon from the AES spectra was made by 

comparing carbon Auger electron peak shapes and peak energy shifts (42,52). As 

shown in Figure 15, (he partial AES spectrum, produced by using higher sensitivity, 

furnishes more precise carbon peak shape and emrgy information. The comparison of 

carbon Auger peak shapes and energies between atomic carbon and a carbide is so dis

tinct (hat the carbon peak in Figure 15 is believed to be one of carbides. However, 

despite this possibility, the existence of a continuous carbide film along the prior 

austenite grain boundaries in the specimens austenitized at 1100oC or even 1200°C is 

rejected. This theory could be confirmed by carbon depth profile analysis. 

An AES analysis combined with an Ar* ion-sputtering technique (52) provides a 

concentration depth profile near the surface with less than a monolayer depth resolu

tion. Determination between segregation and thin film (continuous second phase) 

phenomena was successfully accomplished by this depth profile analysis. The sputtering 

profile shown in Figure 16a depicts how carbon concentration changed with depth. The 

carbon depth profile indicates (hat carbon atoms are equilibrium-segregated to the prior 

austenite grain boundaries rather than as a thin carbide film. It was observed that the 

depth of carbon segregation is about 30 angstrom along the grain boundaries. 

Small amounts of nitrogen were detected on the intergranular fracture surface in 

the specimens austenitized at 1100°C for 100 hrs. A small nitrogen Auger electron peak 

slowly appeared in the spectra when the specimens were austenitized at I100°C for 

more than 40 hrs. The peak height of nitrogen is similar to that of carbon and it disap

peared simultaneously with (he carbon peak after 3 minutes of Ar* ion-sputtering. It is 

concluded from Figures 16b and 17 that nitrogen had also segregated to the prior 
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austenite grain boundaries. 

Possible manganese segregation-was investigated by the Ar* ion sputtering tech

nique. Manganese has four different major Auger electron transition peaks which are 

the KLL Auger transition peak at 40 eV, and the LMM peaks at 542 eV, 589 eV, and 

636 eV, respectively. Since the strongest Mn Auger electron peak at S89 eV is very 

close to the strong Fe Auger peak at S98 eV, the strongest Mn peak at S42 eV was used 

to obtain the Mn depth profile. As shown in Figure 16a, the Mn concentration along 

the grain boundaries was not changed at all and thus, no Mn enrichment region exists 

along the prior austenite grain boundaries to affect the grain boundary properties. How

ever, the grain boundary composition is presumably another important factor concerned 

with the intergranular embrittlement which will be discussed later. 

Intergranular surface chemical composition was. calculated from the Auger peak-

to-peak amplitudes on the AES spectra of the specimen fractured in an ultra high 

vacuum (6*10~'°Torr). The atomic percent Cx of clement x is approximated by 

r i s * . 
• S„d„ 

where /„ is the peak-to-peak Auger amplitude, Sx is the relative sensitivity beiwc»« ele

ment x and the standard, and dx is the scale factor which is LxEm x l p s . The scale fac

tor dx in this equation is constant if the lock-in amplifier sensitivity, Lx, modulation, 

£„ ,„ and the primary beam current, lp,„ settings used to obtain the test spectrum are 

the same for all peaks and cancel out. The relative sensitivity, 5„ is obtained from the 

'Handbook of Auger Electron Spectroscopy" (53), and is described in detail. Table III 

shows the chemical compositions of grain boundaries and matrix obtained by sputtering 

in two different austenitized specimens. The reported composition is the average of at 

least 5 analyses. The chemical composition difference between the grain boundaries 

and the matrix is approximately 0.4 atomic percent carbon and 0.5 atomic percent nitro

gen. 
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TABLE III 

Chemical Composition of Grain Boundaries and the Matrix Obtained by AES Analyses 

Specimen Chemical Composition Specimen 

Mn C N Fe 

Grain Boundary 
1100°C/2hrs/WQ 

Matrix* 

12.5 0.4 - Bal. 

12.6 - - Bal. 

Grain Boundary 
IlOCC/IOOhrs/WQ 

Matrix* 

12.4 04 0.5 Bal. 

12.4 - - Bal. 

* The chemical composition of the matrix was obtained from the Ar* ions sputtered 

surface. 

Despite an austenitizing treatment, the amount of carbon or nitrogen on the grain 

boundaries is consistent when the in-situ fractured surfaces was analyzed in UHV 

within a certain length of analyzing time. A significant build-up of carbon and oxygen 

peaks which occurred 30 minutes after fracturing, presumably is due to the decomposi

tion of carbon monoxide (CO) (54) on the fresh surface. Surface adsorption of C and 

O, assumed to happen in UHV, was analyzed by the residual gas detector as shown in 

Figure 18. The adsorption of C or 0 in UHV is beyond the present research; however, 

most of the Auger data before 30 minutes are available for calculating the surface com

position. 

4. Mlcrostructure. 

Previous works (9-14,55-57) showed that an Fe-12 Mn alloy has three different 

crystal structures which are fee austenite, bec a martensite, and hep c martensite. The 
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transformation temperatures measured by dilatometry are shown in Table IV. The vari

ous transformation temperatures of Fe-l2Mn steel are slightly different from those of 

Fe-l2Mn-0.2Ti because of the Ti addition. The appearance of the three different 

phases in Fe-12Mn alloy represent very unique submicrostructures. Figure 19 shows 

typical optical micrographs of specimens austenitized for 2 hrs at 900° and 1100°C, 

respectively. These micrographs show straight well-aligned martensite structures with 

different sized martensite packets. An attempt to reveal grain boundary etching (58,59) 

due to impurity segregation as performed on other steels was not successful. 

TABLE IV. 

Transformation Temperature CO of Fe-12Mn Alloy 

Nominal Composition Temperature (°C) Nominal Composition 

<•*« */, Asa' ^ / o ' Msa M/a-

Fe-12Mn-0.2Ti* 

Fe-12Mn 

Fe-l2Mn-0.2Ti-0.002B 

240 350 

230 340 

340 390 

570 670 

560 670 

600 680 

260 120 

270 130 

230 150 

' From Hwang's data. 

In Figure 20, a transmission electron micrograph shows the microstructure of a 

region along the prior austenite grain boundary. The phases present in the microstruc

ture are a- and c-martensite. An Fe-12Mn steel in the as-austenitized condition has 

blocky martensite structures which were often bound by thin t-martensite. No 

apparent second phases were found along the grain boundary. The distribution of the 

http://Fe-l2Mn-0.2Ti-0.002B
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t-martensite was also studied. A dark field transmission electron micrograph shown in 

Figure 21 displays no indication of a continuous film of <- mar tensile along the boun

dary. 

B. Effect of Alloying Elements 

5. Addition of alloying elements. 

The present high resolution SAM studies, together with the previous results, 

strongly suggested that the intergranular fracture in Fe-12Mn was not caused by the 

formation of a deleterious phase on or irruinritv cpffr*»onfinn to the prin' flirsri»n: - ' -

boundaries. Hwang and Morris (19) also suggested :hat if the preference for inter

granular fracture in Fe-12Mn is an inherent bias due to the relative difficulty of 

transgranular cleavage, then an appropriate approach to toughen the alloy, e.g., to 

change its fracture mode from intergranuiar to transgranular, would be to add a chemi

cal species which segregates to the prior austenite boundaries and increase their relative 

cjhesion. An addition of boron was successful in suppressing the intergranular embrit-

tlement and improving the cryogenic mechanical properties. However, the effect of 

boron segregation on the impact toughness during austeninzation was not fully investi

gated and the effect of the additions of other alloying elements on the intergranular 

brittleness is unconfirmed. 

Figure 22 shows the Charpy impact ene/gy vs. boron contents (ppm) in an Fe-

12Mn alley, austenitized at 1000°C for 1 hour. Regardless of austenitizing treatment, 

the maximum impact value was obtained in the specimen with 20 ppm boron. This 20 

ppm boron is the optimized content in evaluating the Charpy value even though an 

addition of boron ranging from 10 ppm to 1000 ppm changes its fracture mode. This 

result agrees with Hwang and Morris' work (19). Their autoradiography studies to 

reveal the segregation 0.' boron to grair. boundaries in the specimens austenitized at 

1000T were very successful, but not successful enough to quantitatively establish the 
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amount of boron segregation. 

As shown in Figure 23, austenitization at 1000'C for 1 hour followed by water 

quenching gives maximum Chirpy impact energy value at LNT. If two major factors 

are considered to affect Charpy values, they are prior austenite grain size and the 

degree of boron segregation to the grain boundaries. Prior austenite grain size dramati

cally increases at temperatures higher than 1000'C, as shown in Figure 24. Careful 

examination of fractotraphs in Figure 25, shows that the specimen austenitized at 

850*C for I hour displays 100% intergranular fracture and the fraction of intergranular 

fracture slowly decreases as heat treatment temperature goes up, yielding totally 

transgranular fracture in the specimen heat treated at 1000'C. The build-up of boron 

segregation to the *rain boundaries was monitored by SAM study. An AES spectrum 

of Figure 26 shows the existence of boron on the grain boundaries. The amount of 

boron segregation was calculated to be approximately 0.7 atomic percent by using the 

previously described method. The specimens austenitized at higher temperatures have 

more boron segregation .o the grain boundaries as shown in Figure 27. Unfortunately, 

the amount of boron segregated to the austenite boundaries at 1000°C was not accu

rately obtained from this experiment. Since most of the segregation of metalloid 

impurities are reported to occur during an austenitizing treatment (60,61), intergranular 

fracture was intentionally induced by short time tempering (10 minutes) at 650*C fol

lowed by austenitizing at 1000'C for I hour and the amount of boron on the grain 

boundaries was calculated to be approximately 2.9 atomic percent. This result will be 

discussed later. It should, however, be noted that austenitizing at 1000'C for I hour is 

the optimum condition for grain size effect and boron segregation. An attempt to find 

out other alloying elements which are also beneficial to increasing grain boundary cohe

sion was performed. Small amounts of Mg, Nb, or Zr are reported to segregate easily 

to the grain boundaries of Ni-base alio;'.' or high strength alloys (62,63). As for these 

alloying elements effect on the austenitization treatment, an addition of 0.1-0.5% Mg, 
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1% V, or 0.1% Zr did not segregate to the austenite boundaries and thus, are not 

assumed to affect the intergranular embrittlement. AES spectra obtained from the 

mtergranular fracture surface of the specimen are almost the same as that from the 

specimen without addition of Mg, V, or Zr 

6. Effect of segregation of boron on the grain boundaries. 

As the austenitizing temperature for the I-'e-12Mn with 20 ppm of boron was 

raised from 850° to lOOO'C, the fraction of intergranular fracture mode was dramati

cally reduced as shown in Figure 25. Coincidental^, the change in the fracture mode 

was well-matched with the increase in the amount of boron segregated to the grain 

boundaries. The transformation temperature of the specimen with the addition of 

boron, measured by dilatometry, is shown in Table IV. Transformations for 

t—y and a'—y in the specimen with boron occurred at slightly 

higher temperatures than in the specimens without boron and the y—a 

transformation on cooling was obtained at a lower temperature. However, phases in the 

as-ausienitized condition are fairly well preserved. Figure 28 provides TEM microstruc-

tures of the specimen with boron, which shows typical blocky type martensite. This 

microstructure was not affected by austenitizing temperature and time. As reported by 

Hwang and Morris (19), an addition of boron in Fe*12Mn acts as a 'grain boundary 

glue' and consequently prevents catastrophic intergranular failure along the prior 

austenite boundaries. The 'gluing effect' of boron largely depends on the grain boun

dary boron concentration. The fractograph of Figure 29a shews that the specimen 

austenitized at 850°C has a completely intergranular cleavage surface which was 

analyzed to have less than 1 atomic percent boron. It is, however, noted that the frac

ture surface is not flat and smooth, but was plastically deformed. This phenomenon is 

more clearly seen in the specimen austenitized at a higher temperature. Figure 29b 

displays less intergranular fracture and more ductility around the boundaries because 

more boron segregation to the grain boundaries. Optimum boron content on the grain 
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boundaries (which was calculated to be about 3 atomic percent boron) develops fully 

transgranular fracture in the specimen austenitized at more than 1000°C, as shown in 

Figure 30a. It is also noteworthy that transgranular fracture in this specimen is rather 

unique, not like dimple ruptured fracture. High magnification SEM fractograph of Fig

ure 30b clearly shows that failure occurred transgranularly with negligible plastic defor

mation. 

C. Effect of Tempering in Fe-lZMn Alloys. 

In the previous sections, the investigation of intergranular embrittlement of an 

Fe-12Mn steel in the as-austenitized condition was investigated by high resolution SAM 

and the effect of a boron addition of the intergranular embrittlement were described. 

However, the boron-added Fe-l2Mn alloy which was tempered at 4S0°C after austeni-

tiling treatment undergoes intergranular failure similar to that observed in an Fe-12Mn 

alloy without boron additions in the as-austenitized condition. In this section, the 

results of tempered manensite embrittlement in the Fe-12Mn alloy with and without 

the addition of boron are described. 

1. Tempered martensite embrirtiement. 

The variation of Charpy impact toughness (CVN) at LNT with tempering tem

perature for the boron modified Fe-l2Mn alloy is shown in Figure 31. Tempering at a 

higher temperature of 450*C results in a large decrease in Charpy impact energy. The 

display of a 'toughness trough' around this temperature is the so-called tempered mar

tensite embrittlement (TME). The variation of fracture mode with tempering tempera

ture is shown in Figure 32. Specimens tempered at 2S0°C failed by a typical 

transgranular fracture mode (Figures 32a and b) which is identical to the fracture mode 

in the as-austenitized specimen. As the tempering temperature was raised to 4S0°C, 

the fracture mode changed from almost transgranular to 100% intergranular cleavage 

(Figures 3lc-f). Further tempering temperature increases result in a reversion to 
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transgranular fracture (Figures 32g-j). Examination of fractographs within this temper

ing temperature nnge leads to two significant results; one is that the specimen tem

pered in the embriitlement range always failed by intergranular cleavage along the prior 

austenite grain boundaries and (he other is that the change in the fraction of the inter

granular fracture mode is always coincidental with the change in Charpy impact energy 

values. 

The ductile-brittle transition curves shown in Figure 33 represent the DBTT of 

the specimens in the as-austenitized and tempered (450°C) conditions, respectively. 

The embrittling treatment results in an increase or the transition temperature by 150°C. 

This increase in the transition temperature in the specimen tempered at 450°C after 

1000°C austenitizing is accompanied by an appearance of a 100% intergranular fracture 

mode below the DBTT instead of a 100% transgranular fracture mode in the specimen 

in the as-austenitized condition. Since an Fe-12Mn steel without the boron addition 

always failed by intergranular cleavage below the transition temperature, the TME 

phenomenon of this alloy demonstrates an extension of the upper limit for observing 

intergranular fracture mode to a higher temperature by 150°C when the alloy was tem

pered at 400°C after austenitizing a: 1000°C. This phenomenon is also illustrated in the 

ductile-brittle transition curves shown in Figure 34. 

Since Hwang (14) pointed out some significant change of the grain boundary 

chemistry in the embrittled treated specimen, this present investigation toward tem

pered martensite emhriltlement also concentrated on the AES study of the intergranular 

cleavage surface when the specimen became brittle. Due to its high sensitivity 'o sur

face chemistry and a need for one or two layers dimension detectability in studying the 

grain boundary structure, an AES technique could be applied only when the grain 

boundaries are exposed, as in the case of intergranular fracture surfaces. Before inves

tigating the chemical source of the intergrauular embrittlement in the boron modified 

specimen tempered at 450°C, extensive AES studies of the specimen without boron 
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addition were performed due to their similarities. The reasons for starting with an Fe-

12Mn alloy without boron are that this alloy always displays intergranuiar failure and 

tendency toward intergranuiar embrittlemenl by tempering, and is similar to the boron-

added alloy. Some investigators (64) reported an application of AES technique in 

studying grain boundary chemistry by intentionally inducing intergranuiar fracture by 

means of hydrogen charging into the specimen, even though the specimen failed by 

transgranular cleavage or ductile rupture before charging treatment. The present 

research avoided this method for its complexity of explaining the embrittlement 

phenomenon. 

Two typical AES spectra obtained from the as-quenched (or quenched and tem

pered at 250°C/1 hr/WQ) and the embrittled Fe-l2Mn steel are shown in Figure 35. 

The most significant differences found between these two spectra were in the Mn 

Auger peaks. The relative intensity of the Mn peaks in the embrittled specimen is 

higher than that found in the other heat treated specimens by a factor of 3. Except for 

the Mn Auger peaks, no other significant Auger peaks such as P, S, As or Sb appear. 

Figure 36 represents the chemistry of the intergranuiar fracture surface of the boron-

modified Fe-12Mn alloy which was austenitized and tempered at 450°C for I hour. It is 

impossible to measure the change of the grain boundary chemistry during tempering 

with these specimens. However, this typical AES spectrum obtained from the embrit

tled boron-modified Fe-12Mn alloy can be summarized by the existence of the boron 

Auger peak at 179 eV, two Ti peaks, relatively strong Mn peaks and three major Fe 

^eafcs. It is plausible that the embrittled specimens without and with boron addition 

display higher Mn concentration on the intergranuiar fracture surfaces. 

2. Intergranular fracture surface chemistry. 

Tempering in the two-phase region has been extensively documented in many 

alloys (65-68), resulting in desirable cryogenic mechanical properties due to its effective 

grain refining through the two-phase decomposition. Tempering of Fe-12Mn alloys was 
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initiated for this purpose. The definition for "grain boundary during tempering" in Fe-

12Mn steels will be « prior austenite grain boundary in the martensite matrix because 

this boundary is a crystallographically high angle boundary and preserved during the 

two-phase decomposition. It should also be noted that a prior austenite grain boundary 

is believed to be the right unit for most chemical segregation, effective interruption of 

dislocation motion, and preferred sites for austenite nucleation. 

The variation in grain boundary chemistry during tempering would be rather 

important if intergranular cleavage or Charpy impact energy is strongly dependent on 

chemistry of the grain boundary. An AES study of the intergranular cleavage surface 

obtained in an Fe-12Mn alloy was conducted for examining the varying chemistry on 

the prior austenite grain boundary, especially the Mn concentration. The variation of 

the Mn content during tempering was determined with the peak height ratio (PHR) of 

the Mn Auger peak at 542 eV and the Fe peak at 703 eV. This ratio of Mn 5 4 2 and 

Fem demonstrates a very definite variation in intergranular fracture surface chemistry 

during tempering. It is, however, difficult to determine chemical composition directly 

from this PHR. Figure 37 shows the variation in Mn concentration on the intergranu

lar cleavage surfaces during tempering. As revealed by the curve, the PHR of Mn and 

Fe Auger peaks remains constant until the tempering temperature was raised above 

300°C and then the PHR achieves a maximum value, approximately 38%, at 400°C. At 

higher temperatures, the PHR decreases to a slightly higher level than the primary 

PHR, which is about 13%. The variation of the PHR of Mn and Fe, on isothermal 

treatment, is shown in Figure 38. The PHR curve shows an abrupt increase with hold

ing time until 1 hour, after which grain boundary Mn enrichment is maximized. After 

1 hour, the PHR gradually decreases to 28% on 280 hours treatment. 

The chemistry of intergranular fracture surface of the boron-modified Fe-12Mn 

alloy during heat treatment was regarded as rather difficult to analyze due to its ten

dency for transgranular fracture. However, the embrittling treatment on this alloy 
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reveals an intergranular fracture surface. To monitor the change of fracture surface 

chemistry of the boron-added steel, an isothermal treatment at 4S0°C was conducted. 

Figure 39 shows the variation of Charpy impact energy of the specimen fractured at 

LNT with holding time up to 200 hours. The increase of holding time accompanied a 

gradual increase in Charpy impact value. Hardness remains relatively constant 

throughout the treatment. The upper curve of Figure 39 illustrates a decrease of inter-

granular fracture mode with holding time. This is also clearly seen in fractographs of 

Figure 40. The variation in intergranular fracture surface chemistry of the boron-

modified Fe-12Mn alloy during isothermal treatment was successfully investigated by an 

AES study of the intergranular fracture surface exposed after fracturing. AES spectra 

obtained from the specimen which was isothermally heat treated for 1 hour, 10 hours, 

and 40 hours are shown in Figures 36, 41, and 42, respectively. Careful examination of 

these spectra is expected to show possible changes in Mn and B contents on the inter

granular fracture surface. As illustrated in Figure 43, there are two significant curves 

which show the changes in the Mn and B contents. The upper curve in Figure 43 

represents the change of PHR of Mn and Fe, which shows that Mn concentration on 

the intergranular fracture surface abruptly increase during treatment until 1 hour and 

slowly decreases to about 18% of PHR. This curve of te boron-modified alloy follows 

the same trend as that of an Fe-12Mn without the boron addition. The lower one 

shows the nearly consistent PHR of B and Fe during isothermal treatment. Ti was 

excluded due to its consistency throughout the heat treatments. 

The Mn enriched region as well as C or B segregation, along the prior austenite 

grain boundaries was confirmed by the Ar* ion-sputtering technique, which was 

described in an earlier section. The sputtering profile obtained by this technique not 

only gives evidence of enrichment within one monolayer, but also makes it possible to 

calculate the thickness of the enriched region in angstrom. The sputtering profiles in 

Figure 44 show the changes in Mn and C contents with sputtering depth in the speci-
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mens which were tempered at 250*C for 1 hour and 400*C for 1 hour, respectively, 

after austenilizing. The Mn concentration in the embrittled specimen dramatically 

decreases to that of the bulk composition after 0.2 minutes sputtering and C concentra

tion follows the same trend as described in the previous section. The boron-modified 

Fe-12Mn alloy austenitized and tempered at 450°C for 1 hour shows the same charac

teristics of the sputtering profile of Mn contents as that of an identically treated Fe-

12Mn steel without boron, as illustrated in Figure 45. The only difference between the 

two specimens is recognized as the existence of boron instead of carbon in the boron-

added alloy. 

In order to investigate the segregation of Mn in Fe-12Mn alloys with and without 

boron additions by comparing the same embrittling phenomena, AES studies combined 

with Ar* ion-sputtering of the embrittled specimens on the isothermal heat treatment 

were performed. The Mn sputtering profiles obtained by Fe-12Mn without boron were 

shown in Figures 46-49. An Fe-12Mn alloy on the isothermal treatment at 400°C after 

austenirizing shows the variation of the Mn-enriched region on the intergranular frac

ture surfaces. The Mn-enriched region gradually increases as holding time progresses, 

while the Mn concentration abruptly increases until 1 hour and gradually decreases. 

The boron-modified alloy also shows the same characteristics of sputtering profiles as 

the alloy without boron, which is illustrated in Figures 45, 50, and 51. These sputtering 

profiles indicate that Mn segregated to the grain boundaries during tempering either at 

400°C or 450°C for 1 hour and the chemistry of intergranular fracture surface was 

changed due to its microstructural change along the prior austenite boundaries. Figures 

52 and 53 show the variation of the Mn-enriched region with the holding time on the 

intergranular fracture surfaces in the specimens with and without boron additions, 

respectively. Calculations of the enriched region were performed, based on the method 

described earlier, the trend is the same for both alloys except for the existence of boron 

segregation. These phenomena will be discussed later in relation to microstructural 
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changes on the grain boundaries. 

Figure 54 displays the TEM micrograph of the prior austenite grain boundary in 

the embrittled (400°C/lhr) Fe-I2Mn steel and the EDAX analysis on the grain boun

dary. The scanning transmission electron analytical microscopic (STEM) technique 

always shows an advantage in quantitative analysis with the microstructure. Since the 

Mn-enriched region from this embrittling phenomenon is far less than the STEM reso

lution capability (40 A minimum spot size), the EDAX study of the austenite boundary 

shows only that the grain boundary has quantitatively more Mn than the matrix by a 

factor of two. This STEM analysis, however, agrees well with the formation of the Mn-

enriched region studied by an AES analysis. 

3. Microstructure. 

Microstructural changes on the prior austenite grain boundaries during tempering 

were examined because the chemistry of intergranular fracture surface was found to 

vary significantly with tempering after austenitizing. The optical microstructures of the 

tempered Fe-12Mn without boron addition are shown in Figure 54. Tempering up to 

450°C for 1 hour did not affect the optical microstructures even though Mn segregated 

to and formed an enriched region along the boundaries during this heat treatment, as 

shown in Figure 55a and 55b. Figure 55c clearly shows the prior austenite grain boun

daries which, upon close examination, show the presence of a newly nucleated phase. 

The optical micrograph of Figure 5Sd shows that this new phase formed from auster.ite 

nuclealion growing rapidly along the prior austenite boundaries to a recognizable size. 

These microstructures obtained after tempering and quenching are fresh martensite 

(denoted by the lighter phase) and tempered martensite (dark phase). 

As described earlier, an Fe-12Mn alloy without boron failed intergranularly below 

the DBTT and thus, the fracture surface reveals the intergranular cleavage facet along 

the prior austenite boundaries. The fractographs shown in Figure 56 represent the 

microstructural change on the austenite boundaries. The fractographs of Figure 56a 
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and 56b which were obtained from the specimens tempered at 2S0°C and 400°C, 

respectively, show no change in grain boundary mic'ostruclure during tempering. The 

intergranular fracture surfaces remained rather flat and smooth until tempering tem

perature was raised above 400*C. Figure 56c shows that the specimen tempered at 

550°C has relatively irregular boundaries which are different from the specimen tem

pered at lower temperatures. A higher temperature of 650°C brought more irregular 

intergranular fracture surfaces, as illustrated in Figure 56d. By comparing these fracto-

graphs with optical microstructures, it was noticed that the specimen always failed along 

the prior austenite boundaries and that the irregularity on the fractured surface is 

almost equal to the size of newly nucleated austenite phases which were shown in the 

optical micrographs. This irregularity on the grain boundaries is closely associated with 

austenite nucleation and growth during tempering. The microstructure change on the 

isothermal treatment was illustrated in the fractographs of Figure 57 and optical micro

graphs of Figure 58. Optical microstructures as well as fractographs clearly show the 

change from a flat and smooth surface to an irregular surface as hold time at 400°C 

increases. 

The irregularities on the intergranular fracture surfaces (Fig. 56) can be explained 

by two possibilities, which are illustrated by the TEM micrographs. Firstly, the prior 

austenite grain boundaries were changed from the typical straight, flat boundaries to 

irregular boundaries by the intrusion of second phases between a-martensite phases. A 

TEM micrograph of the intrusion of second phases between a-martensite phases of the 

embrittled (400°C/1 hr) specimen shown in Figure 60a displays the unaffected and 

preserved boundaries while a long tempered (400°C/200 hrs) specimen displays 

different boundaries as shown in Figure 60 b. The TEM micrograph in Figure 60b 

reveals that the phases between the blocky a-martensite structures grew and intruded 

the previous straight boundaries. This intrusion of either retained austenite or «-

martensite into the boundaries turned out to be the irregularity of the intergranular 
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cleavage facets which were revealed after fracturing. Secondly, the preferential austen-

ite nucleation along the boundaries formed after Mn enrichment, made the boundary 

irregular. A TEM micrograph of the long-tempered specimen shown in Figure 61a 

displays the microstructures along the austenite boundaries. From the schematic 

diagram of 61b, it can be clearly seen that the prior austenite boundaries have small 

new austenite grains (transformed to fresh martensite) and after fracturing, the fracture 

surface shows the observed irregularity. These TEM micrographs are well matched 

with the fractographs of Figures 56 and 57. 

The boron-modified Fe-12Mn alloy presumably shows a similar trend, but due to 

its transgranular fracture during tempering except for the embrittling treatment around 

450°C, there can be no comparison of fractographs to show the changes in grain boun

dary microstructures. Isothermal treatment at 450°C, however, shows a rather definite 

grain boundary microstructural change with time revealing the intergranular fracture 

surface. As holding time increases, the fraction of intergranular fracture (Fig. 39) gets 

smaller and grain boundaries gradually change from the flat, smooth surface to a rather 

irregular one as shown in Figure 59, hence, the grain boundary irregularity of the 

boron-modified Fe-12Mn alloy which was shown in the fractographs presumably has 

two sources; one is from the austenite nucleation and growth and the other from the 

boron 
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IV. DISCUSSION 

A. Intel? rinular Embrittlement of Fe-12Mn in the As-Austenitized Condition. 

1. The source of intergnnular brittleness: chemistry. 

Intergranular fracture due to crack propagation along prior austenite grain boun

daries in Fe-12Mn alloy in the as-austenitized condition was well documented by 

Hwang and Morris (14-16,19). It was assumed that the typical s< vrces of intergranular 

fracture are the segregation of metalloid impurities to the austenite boundaries (20-32) 

and the formation of a deleterious second phase on the boundaries (39,40,60). The 

previous conclusion that the intergranular brittleness in Fe-12Mn arises from neither of 

these causes, but is from its inherent microstructure (14), lead to a further investiga

tion concerning possible chemical sources on the grain boundaries. Since an attempt to 

reveal the second phase along the boundaries never succeeded, the effect of a deleteri

ous second phase on intergranular embrittlement was excluded and thus, most of these 

studies were focused on individual chemical species found by employing high resolution 

SAM. 

M»u> ...vei,.Bauv,.J (29,69-71), attempted to relate the existence and extent of 

impurity segregation to decreasing cohesive strength of the interphase boundaries as a 

consequence of especially P or S segregation. The impurity segregation which could 

affect the boundary failure should present a suitable amount of impurities on the boun

daries. Detection of the existence and the amount of chemical species on ths inter

granular fracture surface varies with the sensitivity of the Auger spectrometer, involv

ing spatial and spectroscopic resolution. A primary interest lies in the detection of P 

segregation on the boundaries, since chemical composition of the buik material (Table 

I> shows a very small amount of P. High resolution SAM studies using high sensitivity 

nevertheless never show a reasonable amount of P (more than 0.1 atomic percent) on 

the intergranular fracture surface. Segregation of S is thought to be one of the sources 

of the tempered martensite embrittlement of high purity steel (37,38). Occasionally a 
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relative large S Auger peak was detected, but this S peak came not from the segregation 

of S but from sulfide precipitates on the boundaries (Figures 11 and 12). 

The effect of oxygen on intergranular fracture has been extensively investigated in 

many alloys, especially with high temperature mechanical tests (72-76). Grain boun

dary diffusion of oxygen in addition to oxidation is assumed to accelerate this oxygen-

induced intergranular embrittlement. However, detection of oxygen is considered to be 

the most difficult AES analysis, even in the ultra high vacuum, due to the fast build-up 

of oxygen contamination on the fracture surface. However, like the S Auger peak, the 

source of the G Auger peak results not from segregation, but from oxide precipitates 

{MnOj} on the grain boundaries. The minor second phase which is not continuous 

along the grain boundaries may affect the grain boundary properties, but the observed 

precipitates on the fracture surface facet are very rare in number and the denuded grain 

boundary facets show little plasticity. However, due to the sulfur segregation on the 

precipitate surface, it is recognizable that those precipitates were easily differentiated 

from the matrix (Figures 12 and 13). 

The roles of C and N in alloy design are important issue. It is reported that C or 

N not only enhances the strength (77,78) of most steel alloys, but also affects their 

fracture modes (34,79-82). The N Auger peak appeared on the fn-cture surface in the 

specimen austenitized at 1100°C for more than 40 hours. Since the intergranular frac

ture appeared the absence of N peak shown in Figure 9, nitrogen is assumed not to be 

the source of the intergranular embrittlement. As reported by McMahon (82), increas

ing the carbon content showed the beneficial effect of suppressing the intergranular 

intergranular fracture. Carbide formation, however, promoted to intergranular fracture 

(33,34), but attempts to show active carbon contents on the prior austenite grain boun

daries to influence the cohesive strength of the boundaries were unsuccessful. The 

present AES study represents ne carbon contents on the intergranular fracture surface 

in Table III. The chemical analysis was very carefully conducted, usually within 5 
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minutes after being fractured before the C can build up under an ultra-high vacuui . If 

the impurity segregation on the prior austenite boundaries is considered when the alloy 

undergoes inlergranular fracture, according to other cases (10-32,70), about 0.4 atomic 

percent carbon which segregated during austenitizing is believed to be insufficient to 

affect the fracture mode. Also, the boron-modified alloy, which was subjected to an 

embrittling treatment, shows intergranular fracture in the absence of carbon. The roles 

of carbon and nitrogen, however, remain unsolved and require further investigation. 

2. The source of intergranular brittleness: microstruciure. 

The cause of the intergranular brittleness of Fe-12Mn in the as-austenitized con

dition does not appear to be due to segregation of deleterious species. Nor is brittle

ness caused by a microstructural disturbance such as the formation of a precipitate or a 

second phase on the prior austenite grain boundaries. From the results obtained by 

high resolution AES and TEM studies, it seems more plausible to detect the source of 

the intergranular weakness in the inherent resistance of the internal microstruciure to 

the transgranular cleavage mode. 

The previous work by Hwang and Morris (16,19) detailed the characteristic 

microstructure of Fe-12Mn steel in the as-austenitized condition. Typically in the Fe-

12Mn alloy, a competing transformation of the present austenite to the hexagonal <-

martensite phases intrudes during the y—a transformation. The intrusion of the t-

martensite phases results in a substantial change in the substructure of the alloy with a 

unique, blocky type, dislocated a-martensite divided by regions which contain t-

martensite, as shown in Figure 20. This rather irregular substructure formed on cool

ing Fe-12Mn after austenitizing furnishes the alloy with a high resistance to transgranu

lar cleavage fracture. Consequently, when the alloy undergoes brittle fracture, the frac

ture path is preferentially intergranular rather than transgranular. On the other hand, 

the Fe-8Mn alloy forms a lath martensite structure on cooling which resembles that of 

a typical Fe-Ni steel of intermediate nickel content (83). As in the Fe-Ni steels, the 
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substructure of Fe-8Mn consists of well-aligned lath martensite and provides preferable 

cleavage fracture through packets of adjacent laths (14). The comparison between two 

substructures of Fe-12Mn and Fe-8Mn alloy offers a straight forward explanation of the 

difference between the intergranular failure of Fe-l2Mn and the transgranular cleavage 

fracture of Fe-8Mn tested below its DBTT 

The mechanism of fracture in an Fe-UMn is also illustrated by the schematic 

diagram, as shown in Figure 62. Ductile-to-brittle transition behavior is well described 

by the yield strength (<r y), the fracture stress for transgranular cleavage (cr fc) and the 

fracture stress for intergranular cracking (o- fgb). The fracture stresses are assumed 

relatively insensitive to temperature. The ductile-to-brittle transition is then associated 

with a change in the fracture mode from ductile rupture to brittle fracture when the 

Weld strength rises above the lower of the two critical fracture stresses. While the 

inherent strength of the grain boundaries (a- fgb) for both alloys was assumed compar

able, the transgranular cleavage fracture stress (<r fc) in Fe-12Mn is assumed higher 

than that in Fe-8Mn due to their submicrostructures. As a consequence, the Fe-12Mn 

alloy with its inherent microstructure always failed intergranularly because a fgb < cr 

fc. However, the effect of grain boundary chemistry on a fgb is uncertain and will be 

discussed later. 

B. Effect of Boron Segregation 

1. Segregation of baron. 

The basic approach to segregation behavior was first described by Langmuir (84) 

by using saturated type of solid/gas adsorption. His assumptions of fixed saturation 

level and no adsorbate interactions were inadequate. A more satisfactory derivation was 

proposed for grain boundary segregation by McLean (85), who provides a relatively 

desirable equation which minimizes of the free energy (by using vacant lattice sites and 

grain boundary adsorption energy). His model was criticized, modified and extended to 
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represent the ternary regular solution model of Guttmann (86). While McLean's 

model, in general, shows that segregation rises as the solute content rises and the tem

perature falls, the equation developed by Guttmann involves the interaction coefficients 

which are more important in evaluating the amount of segregation. 

The equilibrium segregation of impurities such as P, S, and Sb was widely studied 

in order to explain the consequences of tempered embrittlement and tempered marten-

site embrittlement of steel alloys because of the availability of surface sensitive instru

ments. These embrittling phenomena involved two different heat treatments which 

might control impurity segregation to the prior austenite grain boundaries; austenitizing 

and tempering treatment. Most segregations to the austenite grain boundaries (which 

might be sufficient to affect the grain boundary cohesive strength) are believed to 

proceed during austenitizing. However, due to easy access to monitoring the change of 

grain boundary chemistry from embrittling treatment (tempering after austenitizing), 

studies of equilibrium segregation of impurities during tempering were widely per

formed. The segregation of boron in the boron-modified Fe-12Mn alloy is mainly res

tricted to austenitization due to its simple treatment. The austenite grains in an Fe-

!2Mn also have crystallographically high angle boundaries and thus provide most 

preferable vacant sites for impurity segregation during austenitizing treatment (87-89). 

The boron-added Fe-12Mn alloy austenitized at 850° for I hour showed the 100% 

intergranular fracture and made it possible to determine the boron contents on the 

boundaries at this temperature. The boron contents from austenitizing treatment at 

higher than WOT obtained by an AES study of the austenitized (100071 hr/WQ) and 

tempered (650°/10 min/WQ) specimen because this treated specimen showed the 100% 

intergranular fracture mode and the change of boron contents by short tempering (10 

min) is believed not to be significant from low diiTusivity of boron at 650°C and most 

of the B segregation sccurred during austenitizing. The relative boron contents were 

also confirmed by the autoradiography works (19,90). As shown in Table V, the boron 
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content on the prior austenite boundaries increases as the austenitizing temperature is 

raised. This result is contrary to other work on equilibrium segregation (91). How

ever, the increase of austenitizing temperature causes the grain size to increase from 

ISn at 850*C to approximately 85/t at 1000°C. This increase in grain size could affect 

the boron content on the boundaries because the grain boundary area would decrease 

along with the fixed boron contents in the matrix. It is also assumed that the kinetics 

of boron diffusion at different temperatures played a practical role in affecting segrega

tion. As a consequence, the optimized boron content (3 atomic percent), segregated to 

the prior austenite grain boundaries from the austenitizing treatment (100071 hr), 

could carry its most beneficial effect on the grain boundary cohesive strength. 

TABLE V 

Heat Treatment Mn B Fe 

Grain boundary 
850"C, 1 hr 

Matrix 

12.7 1.1 Bal. 

12.6 - Bal. 

Grain boundary 
900°C, 1 hr 

Matrix 

12.S 1.8 Bal. 

12.8 - Bal 

Grain boundary 
lOOO'C, 1 hr' 

Matrix 

(29.0) 2.9 Bal. 

12.7 - Bal 

Grain boundary 
lOOO'C, lhrand450°C, 1 hr 

Matrix 

28.4 2.9 Bal. 

12.7 - Bal. 

Grain boundary 
450*C, 40 hrs 

Matrix 

17.1 2.4 Bal. 

12.6 - Ba). 

* The specimen was embrittled at 650°C/I0 min after austenitizing treatment 

(1000'C/lhr/WQ). 
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2. The beneflcial effect of boron s«frelation. 

A microaddition of boron in medium carbon steel was found to improve its ductil

ity as well as impact toughness at low temperature. Pyatakava and his coworkers (92-

95) concluded that boron segregation may lead to t uniform microstructure to relieve 

local stresses from an uneven distribution of carbon and/or carbide precipitates. Other 

works (96-98) showed that boron appears to be exceptionally beneficial in that it segre

gates to austenite grain boundaries and improves creep-rupture life and ductility. These 

effects were attributed to the formation of more stable boron-precipitates or retardation 

of oxygen diffusion along the grain boundaries. However, none of these works pro

posed the improvement of the cohesion of the grain boundaries by boron segregation. 

Previous work by Hwang and Morris (19) implies that the segregation of boron may be 

attributed to the increase of the net change in surface energy per unit area of fresh frac

ture surface by reducing the grain boundary tension due to grain boundary surfactant, 

and this increase causes the suppression of DBTT. In this study, a more quantitative 

approach to investigate the effect of boron on surface tension was not carried out due 

to its intrinsic complexity. 

TEM microstructures (Fig. 27) show the typical blocky a-martensite in the 

austenitized (lOOO'/l hr/WQ) specimen. This boron-modified specimen displays no 

TEM microstructural difference from an Fe-12Mn without boron addition. Further

more, the increase in austenitizing temperature from 850*0 tc \000°C did not affect its 

TEM microstructure. However, if we compare the fractographs of two different speci

mens with and without boron additions (Figure 8 and Figure 29, respectively), there 

appear to be significantly different in the intergranular Tract z surfaces in that the 

boron-added alloy displays more plastic deformation along the boundary than does the 

alloy without boron. This plastic deformation develops more significantly when the 

boron alloy was austenitized at a higher temperature (Figure 29). Since the boron con

tent on the boundary is believed to be the only factor (Table V), the increase in boron 
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content along the boundary enhances the resistance to a fracture path along ihe prior 

austenite grain boundaries and a totally transgranular fracture mode (Figure 30) is 

presumably due to the increase of grain boundary cohesive strength by optimized segre

gation of boron to the boundary. This 'gluing effect' of boron appears speculative and 

needs further investigation. 

C. Effect of Tempering. 

1. Tempered martensite embrlttlement. 

Embrittlement in ferritic Fe-Mn al loys were reported by several workers (11,99). 

In this study the tempered martensite embrittlement in Fe-l2Mn alloys with and 

without boron addition could be described as raising the DBTT by lSO'C. This DBTT 

increase would be the main consequence of the formation of a Mn-enriched region 

along the prior austenite grain boundaries as shown in the present observations. The 

possibility of Mn enrichment on the austenite boundaries during tempering could be 

predicted to be due to the following reason: the tempering effects in IVMn alloys are 

assumed to provide more vacant sites along the high angle grain boundaries in the 

highly dislocated m&rtensite structure during tempering. The dislocation interaction 

along the high angle boundaries during tempering is rather speculative, but, in most 

cases, the dislocation density in matrix during tempering greatly decreases (100) and 

presumably the decrease in dislocation density results in more vacant sites for man

ganese segregation to the austenite boundaries during tempering. Sines Mn segregation 

to the austenite boundaries requires both sufficient vacant sites along the boundaries 

and a low free energy of segregation, the following two factors could explain this segre

gation phenomenon which is assumed to cause the DBTT increase: 1.) more vacant 

sites on the boundaries provided during tempering or 2.) the low vapor pressure of Mn. 

This segregation phenomenon could be easily confirmed by the following indirect evi

dence: As holding time at 400°C increases in Fe-12Mn steel, the amount of Mn segre-
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gation abruptly increases and the Mn-enriched region was obtainable by a submicro 

scale diffusional process, as shown in Figure 37. However, the growth of the Mn-

enriched region does not continue after 1 hour of tempering, reaching a 20A thickness. 

This is because the diffusion of the substitutional Mn atoms must be limited to short 

distances at the relatively low temperature of 400*C. 

Tempered martensite embrittlement was widely investigated in many rnartensitic 

steels. The embrittlement causes a deterioration of toughness and the embrittling sites 

have been delineated to be either transgranular or intergranular. Thomas (39) and 

Ritchie, et al. (40) proposed the model which shows that thermally unstable retained 

austenites along the lath boundaries transform to carbide during low temperature 

tempering resulting in a transgranular fracture mode, while McMahon (60) and Banerji, 

et al. (37,38) showed that impurity segregation and carbide formation are the cause of 

the intergranular brittleness. The present experimental evidence follows neither of 

these embrittling models. From the experimental observations, it appears that there is 

no impurity segregation or carbide formation either along the prior austenite boundaries 

or the lath boundaries. 

From the present observations, it was deducted that the segregation of Mn in 

these alloys is directly responsible for the TME. It is rather difficult to investigate the 

effect of Mn segregation on the embrittlement by any mechanical tests because the 

enriched regions are of submic n dimensions as described in Figures 52 and S3. How

ever, two possible explanations can be drawn from the investigation. First, a hypotheti-

cally brittle interface forms between two thin layers of Mn-enriched and Mn-depleted 

regions. Depth profiles shown in Figures 44 and 46 display two different regions along 

the austenite grain boundaries. As the Mn-depleted region slowly disappeared as the 

holding time increased (Figures 49-50), the fraction of intergranular fracture decreased 

and finally settled to less than 5% (Figure 38). Second, the segregation of Mn causes 

inhomogeneity of solute atoms along the boundaries and may induce solution- harden-
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ing along the boundaries as similarly described in other works (99,100). These 

solution-hardened regions provide ai. -asy fracture path along the austenite boundaries. 

As described earlier, the preference of fracture mode below the DBTT was made 

by the comparison between the fracture stress for transgrariular cleavage (cr fc) and the 

fracture stress for intergranular crackings (cr fgb) as shown in Figure 62. The yield 

strength (<r y) and the transgranular cleavage fracture stress (cr fc) are assumed insen

sitive to the grain boundary chemistry. On the other hand, the intergranular cleavage 

fracture stress (cr fgb) is not sensitive to temperature, but is increasing or decreasing 

depending on the grain boundary chemistry. Consequently, the Fe-12Mn without 

boron always display intergranular fracture because the cr fc due to the formation of the 

enriched region, otherwise the a fgb is kept lower than the cr fc due to the effect boron 

segregation. 

2. Grain boundary chemistry and microstructure. 

The chemical composition of the grain boundary has been regarded as one of the 

most important subjects when the alloy becomes embrittled, especially in an intergranu

lar fracture mode. Much research work (2° 64,101,102) have been done on the deter

mination of grain boundary chemistry to interpret the intergranular embrittlement by 

using surface-sensitive instruments or scanning transmission electron microscopic stu

dies. In most cases, solute enrichment at grain boundaries was restricted to the more 

common impurities in iron such as P, S, N, Sn and Sb. These solute atoms were found 

to be at grain boundary concentrations more than 10 2 times the bulk concentrations, 

which are at least several hundred ppm. 

However, segregations of boron and manganese to the austenite boundaries in the 

Fe-Mn alloy during tempering are rather peculiar. Boron, in particular, strongly segre

gates to the austenite boundaries with the highest concentrations during austenitizing. 

The tempering treatment after austenitizing did not affect the amount of boron segrega

tion (Figure 43). The boron concentrations on the boundaries remain nearly constant 
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even after long isothermal heat treatment at 450*C. The boron enrichment ratio 

between the boundary and the matrix was obtained with difficulty because the boron 

content in the matrix could not easily be detected (actual bulk content is 20 ppm). The 

enrichment ratio, however, is presumably higher than any reported ratios (104,105). 

Manganese, as reported earlier, had not formed the enriched region along the 

austenite boundaries after austenitizing. The tempering treatment around 400°C pro

motes the manganese segregation to the boundaries. The Mn enrichment on the inter-

granular fracture surfaces suddenly reached its peak concentration at the embrittling 

temperature and slowly decreased as the tempering temperature or the tempering time 

increared (Figure 37). As shown in Figure 37, the Mn enrichment ratio in an Fe-12Mn 

boron-free alloy is approximately on the order of 3, while the boron-modified Fe-12Mn 

alloy has a slightly lower enrichment ratio. This is due to the amount of previous 

boron segregation. As demonstrated earlier (Figures 60 and 61), the chemistry of 

intergranular fracture surfaces studied by AES could not apply to the chemistry of the 

prior austenite grain boundaries because the change of grain boundary structures affects 

the fracture path along the boundaries and, thus, most of the AES analyses showed the 

chemistry of intergranular fracture surface, not exactly of the prior austenite grain 

boundaries. There is always competition between chemical species for grain boundary 

sites in many steels due to their different segregation free energies. In the present 

study, boron did not hinder manganese segregation to the austenite boundaries during 

tempering. The tendency of Mn enrichment during tempering in Fe-12Mn alloys with 

and without boron additions is identical. 

The response cf intergranular fracture surface chemistry to tempering treatment 

in the boron-added alloy is well described by the changes in the peak height ratios 

(PHR) for Mn/Fe and B/Fe (Figure 43). Thermodynamically, the PHR at grain boun

daries will either increase or equilibrate with that of the matrix. However, the PHR, 

Mn/Fe decreases as the tempering time increases. This phenomenon may be explained 
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by the fractographs (Figure 56) and grain boundary microstructures (Figure S3). Mn 

segregation to the boundaries reaches approximately 32 atomic percent Mn after 1 hour 

tempering at 450°C. Longer tempering time provides for either the intrusion of < 

phase into the boundaries or the nucleation of new austenite on the highly Mn-

concentrated region (Figures 60 and 61). Other results on Ni-steel (106) had shown 

that newly nucleated austenite appears not only on the prior austenite boundaries but 

also along the lath boundaries during two-phase tempering because both boundaries 

furnished equal opportunity for nucleation from the highly dislocated martensite. The 

predominant austenite nucleation on the prior austenite boundaries can be easily 

confirmed by the optical micrographs of the tempered (650°C/1 hr) Fe-12Mn steel 

(Figure 55). The PHR change with respect to tempering temperature is virtually identi

cal to the PHR change with respect to isothermal treatment time. Furthermore, the 

intergranular fracture surfaces from the fractographs of Figure 57 are also similar. As 

the PHR, Mn/Fe decreases, the irregularity along the prior austenite boundaries 

becomes more apparent, which suggests that nucleated austenite grain growth is occur

ring. This austenite grain growth along the prior austenite boundaries affects not only 

the change of PHR, Mn/Fe on the fracture surface, but also the fracture mode in the 

boron-modified steel. The intergranular fracture mode in the boron-modified Fe-12Mn 

steel after tempering at ,450°C for 1 hour is caused by the Mn-enriched region (3 times 

higher than the matrix) along the boundaries. The Mn-enrichment ratio decreases dur

ing isothermal treatment through a change in the grain boundary structure from austen

ite grain growth,. The Mn-enriched region has a very slow composition gradient from 

the intergranular fracture surface (Figure 49). The fracture mode then reverts to 

transgranular as in the as-quenched specimen. This conclusion is based on the similar

ity of the Mn enrichment ratios on the intergranular fracture surface of the Fe-I2Mn 

alloy with and without boron additions. 
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V. CONCLUSIONS 

The main results from the present research may be summarized as follows: 

A. Intergranular Embrittlement of an Fe-lZMn In the As-Austenitiied Condition. 

1. The alloys fractured below (he DBTT have an intergranular fracture mode, 

irrespective of grain size over the range of 15—250(1 m. 

2. High resolution AES analyses on the intergranular fracture surface revealed no 

consistent impurity segregation such as P, S, Sb, As or 0 , but did show a slight 

segregation of c.-rbon. Some nitrogen, together with carbon, were found in the 

further austenu^-d (1100°C/100 hrs/WQ) specimen. 

3. An occasional presence of S or 0 Auger peak on the intergranular fracture surface 

was associated with MnS or Mn02 precipitates along the prior austenite boun

daries. 

4. AT* ion sputtering on the fracture surface showed equilibrium segregation of car

bon with approximately 30A depth to the boundaries, but not any Mn enrichment 

at the grain boundaries. 

5. The intergranular brittleness of an Fe-12Mn alloy in the as-austenitized condition 

is not due to chemical changes on the prior austenite boundaries but is rather due 

to the microstructural effect on the preferential fracture path along the grain 

boundaries. 

B. Effect of Alloying Elements on Intergranular Embrittlement. 

1. A 20 ppm boron addition with 1000°C/1 hr/WQ heat treatment yielded the 

highest Charpy V-notch impact energy at LNT and changed the fracture mode 

from imergranular to transgranular. 

2. The AES studies on the grain boundaries in the boron-modified alloy showed that 

the increase in concentration of boron segregation from 0.7 atomic percent to 
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about 3 atomic percent to the prior austenite boundaries results in the highest 

'gluing effect' of boron. 

3. Trace additions of Mg, Zr, or V in an Fe-12Mn steel hardly segregated to the 

grain boundaries during the austenitizing treatment and, thus, had negligible 

effects on the intergranular embritttement. 

C. Effect of Tempering in Fe-12Mn Alloys. 

1. A 400° or 450*C tempering for 1 hour of the Fe-12Mn alloys without and with 

boron addition raised the ductile-brittle transition by 150°C. The tempered mar-

tensite embrittlement in Fe-12Mn alloys was found to be mainly due to a Mn-

enriched region along the prior austenite boundaries. 

2. The high resolution AES studies combined with Ar+ ion-sputtering showed that 

the Mn-enriched region of the embrittled specimens was approximately 32 atomic 

percent Mn with boron addition and 38 atomic percent Mn without, with a 20A 

thickness. 

3. The change in Mn-enrichment on the intergranular fracture surfaces of the 

boron-modified Fe-12Mn alloy is directly associated with the change in the frac

ture mode as well as the CVN values. 

4. After Mn enrichment further tempering causes preferential austenite nucleation 

along the prior austenite boundaries, affects the grain boundary microstructures, 

and changes the chemistry of intergranular fracture surfaces. 
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FIGURE CAPTIONS 

1 Standard Chirpy impact test specimen. 

2 Dilatometry specimen for measuring phase transformation temperature. 

3 Single notched AES specimen for fracturing. 

4 Schematic diagram of the ultra high vacuum reaction chamber with in-siru fractur

ing and cooling stage for AES study. 

5 Ductile-brittle transition in austenitized (1100*C/2hr/WQ) Fe-12Mn. 

6 SEM fractographs uken from Charpy specimens tested (a) above the DBTT and 

(b) below the DBTT. 

7 Changes of structures and properties on austenitizing for 2 hours (a) grain size 

(b) hardness at room temperature (c) Charpy impact energy at LNT. 

8 SEM fractographs of Fe-12Mn steel tested below the DBTT after austenitizing at 

850°C/2hrs, 1000°C/2hr5, llOO°C/2hrs, and 1200°C/2hrs, respectively. 

9 AES spectrum obtained from intergranular fracture surface of the specimen 

austenitized at 1100°C/2hrs/WQ) and SEM fractograph. 

10 AE.S spectra obtained from intergranular fracture surfaces of the specimen austen

itized .it 1100'C for 2 hours and 100 hours, respectively. 

11 SEM-ED AX analyses of particles on the intergranular fracture surface. 

12 SEM-AES analyses of (a) sulfide particle, (b) manganese particle, (c) crater made 

by a particle which was separated from the grain boundary, and (d) intergranular 

fracture sjrface. 

13 AES spectra obtained from (a) the sputtered surface and (b) the sputtered surface 

of'an austenilized (H00*C/2hrs/WQ) specimen. 
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14 Partial AES spectra of (a) the unsputlered surface and (b) the sputtered surface 

showing the disappearance of carbon peak. 

15 Partial AES spectrum obtained from the intergranular fracture surface with higher 

sensitivity. 

16 Depth profiles obtained from the intergranular fracture surfaces of the specimens 

austenitized at UOO'C (a) for 2 hours and (b) For 100 hours, respectively. 

17 AES spectra obtained from (a) the unsputtered surface and (b) the sputtered sur

face of an austenitized UlOO'C/tOOhrs/WQ) specimen. 

18 Residual gas analysis of inside reaction chamber at ultra-high vacuum. 

19 Optical micrographs of Fe-l2Mn specimens austenitized at (a) 850°C and (b) at 

UOO'C. 

20 TEM micrograph of Fe-12Mn specimen austenitized at 1100°C for 2 hours. 

21 TEM micrograph of Fe-12Mn specimen, (a) bright field image and (b) dark field 

image. 

22 Changes of Charpy impact energy at LNT as a function of boron contents. 

23 Changes of Charpy impact energy of an Fe-12Mn with 20 ppm B at LNT on 

austenitizing treatment. 

24 Fractographs showing the different austenite grain sizes on austenitizing treat

ment 

25 SEM fractographs showing the fracture modes on 1 hour austenitizing treatment 

at (a) 850*C. (b) 900"C. (c) 950°C, and (d) lOOO'C. 

26 AES spectrum obtained from the austenitized (850*C/lhr/WQ) specimen with 

boron additions. 

27 AES spectrum obtained from the austenitized (900*C/thr/WQ) specimen with 

boron additions. 

28 TEM micrograph of the boron-modified Fe-12Mn alloy austenitized at 1100'C for 

1 hour followed by water quenching. 
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29 SEM fractographs showing the fracture surface of austenitizing treatment at (a) 

850*C and (b) 900*C. 

30 SEM fractographs showing (he transgranular fracture mode obtained from the 

austenilized OOO'C/lhr/WQ) specimen. 

31 Changes in Charpy impact energy at 77*K as a function of tempering temperature. 

32 SEM fractographs showing the fracture modes on tempering treatment at (a) and 

(b) 2J0'C, (c) and (d) 350'C, (e) a and (f) 450°C, (g) and (h) 550°C, and (i) 

and (j) 650*C. 

33 Shift of ductile-brittle transition temperature by tempered martensite embrittle-

ment in a boron-modified Fe-12Mn. 

34 Shift of ductile-brittle transition by tempered martensite embrittlement in an Fe-

12Mn without boron additions. 

35 AES spectra obtained from the tempered specimen at (a) 250°C and (b) 400°C. 

36 AES spectrum obtained from the boron-added Fe-12Mn tempered at 450°C for 1 

hour. 

37 Changes in peak height ratio of Mn$42 and Fe10} Auger peaks as a function of 

tempering temperature. 

38 Changes in peak height ratio of Mni42 and Fem Auger peaks as a holding time at 

400°C. 

39 Changes of structures and properties on tempering (a) fraction (%) of imergranu-

lar fracture mode, (b) hardness at room temperature, (c) Charpy impact energy at 

LNT. 

40 SEM fractographs showing the fracture modes on isothermal treatment at 450°C 

for (a) 1 hour, (b) 2 hours, (c) 80 hours, and (d) 200 hours. 
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41 AES spectrum obtained from the tempered (450"C/lhr/WQ) specimen. 

42 AES spectrum obtained from the tempered (450*C/'*.srs/WQ) specimen. 

43 Changes in peak height ratio of Mn/Fe and B/Fe Auger peaks as a function of 

holding time at 4S0*C. 

44 Depth profiles obtained from an Fe-12Mn on tempering treatment at 250°C and 

400'C. 

45 Depth profile obtained from the tempered (450"C/lhr/WQ) Fe-12Mn with the 

boron additions. 

46 Depth profile obtained from the tempered (400*C/10min/WQ) Fe-12Mn. 

47 Depth profile obtained from the tempered (400,'C/lhr/WQ) Fe-12Mn. 

48 Depth profile obtained from the tempered '<iO°C/48hrs/WQ) Fe-12Mn. 

49 Depth profile obtained from the tempered (400°C/290hrs/WQ) Fe-12Mn. 

50 Depth profile obtained from the tempered (450*C/10hrs/WQ) Fe-12Mn with the 

boron additions. 

51 Depth profile obtained from the tempered (450°C/20hrs/WQ) Fe-12Mn with the 

boron additions. 

52 Changes in Mn-enriched depth as a function of holding time at 400°C in an Fe-

12Mn alloy. 

53 Changes in Mn-enriched depth as a function of holding time at 450°C in the 

boron-modified Fe-12Mn alloy. 

54 TEM-EDAX analyses of grain boundary and matrix in Fe-l2Mn alloy tempered at 

400'C for 1 hour. 

55 Optical micrographs of Fe-12Mn specimens on tempering treatment at (a) 250'C, 

(b) 400'C, (c) 550'C, and (d) 650'C. 
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56 SEM fractographs of Fe-12Mn specimens showing the fracture surfaces on 

tempering treatment at (a) 250*C, (b) 400*0, (c) 550*C, and 650'C. 

57 SEM fractographs of Fe-12Mn specimens showing the fracture surfaces on isoth

ermal treatment at 400*C for (a) 1 hour, (b) 3 hours, (c) 6 hours, (d) 12 hours, 

(e) 24 hours, and (f) 48 hours. 

58 Optical micrographs of Fe-l2Mn specimens on isothermal treatment at 400°C for 

(a) 1 hour, (b) 3 hours, (c) 6 hours, (d) 12 hours, (e) 24 hours, and (f) 48 

Hours. 

59 SEM fractographs of the boron-modified Fe-12Mn specimens showing the fracture 

surfaces on isothermal treatment at 450°C for (a) 1 hour, (b) 20 hours, (c) 80 

hours, and (d) 200 hours. 

60 TEM micrographs of Fe-12Mn specimens tempered at 400"C for (a) 1 hour and 

(b) 200 hours. 

61 TEM micrograph of Fe-12Mn specimen tempered at 400°C for 200 hours and 

schematic diagram showing the newly nucleated austenite grains along the prior 

austenite grain boundaries. 

62 Schematic diagram showing the fracture mode below the DBTT in an Fe-12Mn 

alloy. 
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