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1. INTRODUCTION

The specialists' meeting on "High Temperature Metallic Materials

for Application in Gas Cooled Reactors" was held in Vienna Inter-

national Centre, Austria, May 4 - 6 , 1981.

The meeting was promoted by the International Atomic Energy Agency

[IAEA] on the recommendation of the International Working Group on

Gas Cooled Reactors and hosted by the Austrian Research Centre

Seibersdorf.

The meeting was attended by 36 participants of Austria, Belgium,

France, Federal Republic of Germany, Japan, Poland, Switzerland,

United Kingdom, United States of America, Union of Soviet Socialist

Republics and the International Atomic Energy Agency.

The purpose of the meeting was to provide a forum for exchange of tech-

nical information on primary and secondary circuit materials in

gas-cooled power reactors in order to achieve a comprehensive view

of the present status and of directions for future application and

development. The meeting was opened by Mr. Laue, who welcomed the

participants on behalf of the International Atomic Energy Agency

and by Mr. Koss on behalf of the host Austrian Research Centre

Seibersdorf.

The meeting was held in five sessions on:

I: Overview of Programmes

II: Microstructural Studies

III: Corrosion

IV: Mechanical Properties

V: Interaction of Materials Properties and Design.
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Papers were presented by the participants on behalf of their

countries. The presentations were followed by open discussions

in the general area covered by the papers.

A round table discussion was held on the interaction of

materials properties and design at the end of the meeting.

Summaries of the sessions will be published by the International

Atomic Energy Agency as Specialists' Meeting report IWGGCR/4.
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2. OPENING REMARKS

2.1 H.-J. Laue

Director of the Division of Nuclear Power, IAEA, Vienna

Gentlemen,

on behalf of the International Atomic Energy Agency I have the

pleasure in welcoming you to this Specialists' Meeting on

"High Temperature Metallic Materials for Application in Gas-

cooled Reactors". The meeting is being held within the framework

of the programme of the International Working Group on Gas-cooled

Reactors.

Over the past decade the International Atomic Energy Agency has

organized a number of meetings on the technology of gas-cooled

reactors. It was decided to formalize the information exchange

role of the Agencx in this field by the formation of an Inter-

national Working Group on Gas-cooled Reactors which held two

meetings at Agency Headquarters till today. At the last meeting,

4 - 5 December 1979 the members of the Working Group made plans

for its activities in 1980 and 1981 including a recommendation

that this Specialists' Meeting CSM) be held on "High Temperature

Metallic Materials for Application in Gas-cooled Reactors".

This Specialists' Meeting is the 6th one within the framework of

this Working Group and I am gratified to note that it has collec-

ted more than 30 participants from ten countries.

The availability of suitable metallic materials for reactor

components operating at highest temperatures within primary and

secondary circuits is of particular interest for gas-cooled

reactors. For electricity generation high temperatures are

extremely important for achieving high overall plant efficiencies
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and they are of critic-'jl importance for the feasibility of high

temperature process heat systems. However, high temperatures can

have deleterious effects on the structural stability of metallic

component materials and in addition, corrosion can be caused by

impurities in the coolant.

Use of conventional alloys which may be suitable for these conditions

is limited to only a few available materials. Extensive investigations

have been made to study the behaviour of conventional metallic materials

in various environments and to develop and test new alloys. This Special-

ists' Meeting gives the opportunity to compare and discuss available

test facilities and results of material programmes of your countries.

Speaking of discussions I would liKe to say that while the papers them-

selves are important, the primary purpose of these Specialists' Meetings

is to provide the opportunity to discuss international experience and

to promote international cooperation.

The Agency recognizes the importance of the subject of this meeting and

would like to receive your suggestions as to what Kind of activites in

your field would be beneficial for consideration by the International

Working Group on Gas-cooled Reactors in the future.

And now I would like to thank the Austrian Research Centre Seibersdorf

for hasting this meeting, and to introduce to you the Chairman of this

meeting, Mr. Koss.

- Mr. Koss is the Technical Director of the Austrian Research Centre

Seibersdorf. He was formerly the Director of the Institute for

Metallurgy in the Research Centre.

Knowing very well that a Technical Director of a Research Centre has to

be very busy, the Agency directs its sincere thanks for his willingness

to accept the chairmanship for this meeting.
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Similar thanks are directed to the Co-chairman of this meeting,

Mr. Darnel.

- Mr. Gerne1 is from the Institute for Metallurgy and a well-

known expert in the field of metallic materials.

and the Scientific Secretary, Mr. Kupitz.

- Mr. Kupitz is from the Agency and has organized this meeting

in close cooperation with the Chairman and the Co-chairman.

Before giving the floor to the Chairman I wish you fruitful dis-

cussions and a successful meeting.

2.2 P. Koss

Technical Director of the Austrian Research Centre Seibersdorf

Lenaugasse 10, A-1082 WIEN

Gentlemen,

I would like to welcome you to this specialists' meeting in Vienna,

the list of participants shows, that a number of countries is

interested in the subject of this meeting.

The Austrian Research Centre Seibersdorf acts as host for this

meeting, the overwhelming response and the number of participants

was beyond the capacity of our meeting room at our Vienna head-

quarter. We are therefore very much obliged to the conference

service of the IAEA for supplying this most suitable conference

room and would like to thank you indeed.

Clearly, structural materials are of vital importance for gas

cooled reactors especially when operating temperatures of some

components are pushed very high in order to optimise conditions

for heat conversion processes. The need for concepts which

guarantee up to 30 years service time for crucial components

had considerable impact on research and development work in

metallurgy and design.
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Austria never had a programme with the intention to build an

own reactor line. Nevertheless the Federal Republic Austria was

member of the OECD Dragon Project from the very beginning in

1959 and Austrian steel manufacturers and engineering companies

contributed to the construction of the Dragon reactor experiment.

The relevant Austrian industry is still very interested in develop-

ment of high temperature materials and design of heat exchangers

for high temperature application and, as our collaboration with the

German PNP project shows, is willing to contribute with its Know-

how.

In preparing the agenda we thought it a good idea to start off with

a session of overview papers in order to recall the various programmes

going on in member countries of the working group. The meeting will

proceed with contributions to microstructural studies dealing mainly

with influence of high temperatures on the microstructure of metallic

materials. The session on corrosion will cover interaction of metals

with the environment and in Session IV mechanical properties under

simulated service conditions will be discussed. Last not least the

session on interaction of materials properties and design will deal

with the very important implications of materials properties on design

and vice versa and hopefully will end with a stimulating round table

discussion on this subject.

I have to apologize for not being able to attend the whole meeting.

I therefore nominated 0. Demel as co-chairman. He will take over when

I am not able to attend.

Let me finish my opening remarks welcoming you again in Vienna and

wishing you a successful meeting and enjoyable days in Austria's

capital. May I invite you all on behalf of the Austrian Research

Centre Seibersdorf to a Viennese "Heurigenabend" tomorrow night at

8 o'clock in Grinzing. I am looking forward to meeting you there in

a relaxed atmosphere again.
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3. CONTRIBUTIONS
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ADVANCED GAS COOLED REACTOR MATERIALS
DEVELOPMENT PROGRAM: OVERVIEW

by
D.H. Baldwin,(1) O.F. Kimball,(2) and R.G. Frank(2)

ABSTRACT
An overview of the Advanced Gas Cooled

Reactor Materials Evaluation and Development
Program being conducted for the U.S. Department
of Energy by the General Electric Company is
presented. The program scope, including the test
program, the candidate materials being evaluated,
and the test facilities is discussed with particular
emphasis on the technical description of the test
equipment and simulated HTGR helium purifi-
cation, analysis and distribution systems. Design
details for the multispecimen creep, single speci-
men creep-rupture, fatigue and the aging/corrosion
test equipment and the recirculating and "once-
through" controlled purity helium supply systems
are discussed.

INTRODUCTION
High Temperature Gas Cooled Reactor (HTGR)

Nuclear Process Heat (NPH) and Electric Power
Systems are being developed in the United States to
provide an expanded energy capability and to facili-
tate conservation of or substitution for scarce
energy resources. The use of HTGR's will require
a knowledge of the long term properties of reactor
primary coolant containment materials and of the
materials used in constructing related hardware at
temperatures approaching 950°C and higher.
Because of the very high temperatures required for
HTGR applications, the need is evident for materi-
als testing in the proper helium environment in the
temperature range from 750°-1050°C on those
alloys which might serve as materials of construc-
tion for heat exchangers, ducting, thermal barrier
components, and other high temperature structural
components. The Advanced Gas Cooled Reactor
Materials Evaluation and Development Program,
being conducted by the General Electric Company
(GE) for the United States Department of Energy
(DOE), is part of a larger effort in the United
States designed to obtain this information.

The major objectives of the DOE/GE materials
program are to evaluate candidate metallic materials
and coatings for application in HTGR systems in
terms of the effect of the primary coolant and ther-
mal exposure on:

1) corrosion resistance in HTGR helium
2) structural stability
3) mechanical properties

Another objective of the program is to select and
recommend materials for future test facilities and
more extensive qualification programs.

The present lack of an accurate measure of
materials capabilities under the high temperature
helium environments expected in the primary cir-
cuit of HTGR systems is a factor which is limiting
the development of nuclear process heat plants.
This program is intended to provide such initial
information. The materials data base being gen-
erated by this program together with the data from
other programs in the U.S. and the international
community as a whole will permit the selection of
materials of construction and should provide a reli-
able level of design data for the construction of
hardware leading to the successful development of
HTGR systems.

TEST PROGRAM
Thirty-four alloys, coating systems, and preoxi-

dized materials and 11 weldments are being studied
in the screening phase. From the results of the
screening studies and other progrrms in the United
States and Europe, eight alloys and coating systems
were selected and are being studied in a more
intensive phase of the program. The specific
materials being evaluated are listed in Table 1; the
chemical compositions of these materials are given
elsewhere.(1)

At least one candidate alloy was selected from
each of the alloy types of importance for HTGR
applications: wrought Fe base (austenitic), cast Fe
base (austenitic), wrought Ni base (austenitic), cast
Ni base (austenitic), cast Ni base superalloy (pre-
cipitation hardened), wrought Ni base (precipitation
hardened), wrought Fe base (oxide dispersion
strengthened), wrought Ni base (oxide dispersion
strengthened) and wrought Mo base. Only cobalt-
base alloys were excluded, due to potential prob-
lems that could be caused by the spread of radioac-
tive 60Co throughout the primary circuit.

Of the alloys listed, four will be tested with pro-
_tective coatings in addition to the uncoated condi-

(1) Material and Process Laboratory. Large Steam Turbine-Generator Division

'2) Energy Systems Programs Department

"l
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Table l

TYPES OF MATERIALS BEING TESTED AND EVALUATED FOR HTGR
STRUCTURAL APPLICATIONS IN THE DOE/GE ADVANCED GAS

COOLED REACTOR MATERIALS EVALUATION
AND DEVELOPMENT PROGRAM

Wrought Alloys

Iron-Base Austcnitic

Alloy BOOH'."''61

Incoloy 802UJ

Incoloy 807(a'
Incoioy DSU)

HD-556UJ

Nickel-Base Austenitic

Hastelloy xj«"»}
Inconel 617 ( a ) (A>
Inconel 618

Cemrifugally
Casi Alloys

Iron-Base Austeniuc

Manaurite 900
Manaume 36XS
HK-40(fl)

IN-519(fl)

Nickel-Base Austenitic

Mo-Re 2(fl)

Superalloys-Gamma
Prime Strengthened

Nickel-Base Cast

MM-0011
MM-OOll(DS)
Rene 80
Rene !00(A)_
Alloy 713LC(A)

In-738
NX-188
M-21

Nickel-Base Wrought
Udimet 720

Oxide Dispersion Molybo:num
StrengthenedAlloys Base

Iron Base TZM

MA-956 (a) (4)

Nickel-Base

YD-Ni
MA-754(A)

YD-NiCrAl

Surface Treaiments

Coalings

Alummide

Inconel 617
Alloy 713LC<A)

Pt-Alummide
Al!oy 800H

Disilicide
TZM
Preoxidation

Rene 80
M-21
Alloy 713LC/Alumimdf

(a) Including Weldments,
(b) Selected for More Intensive Investigation.

tion. The four alloy/coating systems are: Alloy
80UH/Pt-aluminide; Inconel 617/aluminide, Alloy
713LC/Codep B (aluminide); and TZM/W-3 (disili-
cide). Alloys being evaluated in the preoxidized
condition include: Rene 80, M-21, and Alloy
713LC/Codep B (aluminide).

Materials in the screening program are being
evaluated primarily on the basis of their structural
stability (corrosion resistance and bulk stability)
under stressed (in multispecimen creep tests) and
unstressed conditions in controlled purity helium at
temperatures of 750°-1050°C for times to 10,000
hours. In addition, the materials in the more inten-
sive study program are being tested under creep-
rupture (single specimen) conditions at tempera-
tures of 750°-1050°C for times to 15,000 hours and
low and high cycle fatigue conditions at tempera-
tures of 750°-950°C at 103 to 107 cycles in con-
trolled purity helium. In both phases of the pro-
gram, post-exposure tensile and impact data are
being obtained at room temperature on samples
exposed in the unstressed condition for times to
10,000 hours. In the intensive phase of the pro-
gram, some elevated temperature post-exposure
tensile (400° to 1050°C) and impact (550°C) test-

ing will be conducted. One of the objectives of the
intensive phase of the program is to begin obtaining
some of the data required for "Code Approval" of
the selected materials.

It is expected that the DOE/GE program
described wil! make a major contribution to the
data-base required for proper materials selection
and for component design and licensing needs for
HTGR components. It also is expected that this
program would make a significant contribution to
an International Materials Program which is needed
to obtain the large amount of materials data re-
quired in support of advanced HTGR systems.

TEST FACILITIES
The testing of the candidate materials in the

DOE/GE program is being conducted in the High
Temperature Reactor Materials Testing Laboratory
(HTRMTL) in Schenectady, NY. The DOE/GE
HTRMTL is dedicated solely to the evaluation of
r-iteriaJs for application in HTGR systems and has
been in operation for 24 months. The facility con-
sists of the testing and exposure equipment, two
recirculating systems and one "once-through" sys-
tem for production, control, analysis, and distribu-
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tion of controlled purity helium to the testing and
exposure equipment, and various auxiliary equip-
ment. A photograph of the laboratory is shown in
Figure 1.

Testing Equipment
The testing and exposure equipment consists of

single specimen creep and stress-rupture test
stands, multi-specimen (stringer) creep test stands,
fatigue test stands, a unstressed specimen
aging/corrosion test stands. These test stands have
a combined capacity of 1500-1800 test specimens.
With the exception of the fatigue retorts, the test
environment for this equipment is provided to the
test retorts by either one of two recirculating con-
trolled purity helium systems. The test environ-
ments for the fatigue units will be provided by a
once-thiuugh, gas mixing system. The details of
the test equipment are summarized in Table 2.
MULTISPECIMEN CREEP

The laboratory is equipped with six multi-
specimen creep (MSC) test stands. Each vertical
retort accommodates six top-anchored, bottom-
loaded stringers of up to 14 coupled specimens
(total test capacity, 504 specimens). Two standard
specimen geometries (6.4 and 9.6 mm diameter
gage specimens; L/D > 5) may be included in each
independently loaded stringer. Thus, from six to
12 test stresses may be'achieved at the desired test
temperature per retort. Loads are applied by a dou-
ble lever arm (10:1 overall) to the lower load bars.
The lower load bars are provided with four Viton
0-rings where they penetrate the bottom flange of
the retort. Maximum load capacity is 13.3kN per
load train.

Cresp deformation is monitored by periodically
(at 1000-hr intervals, typically) removing the test
specimens and remeasuring the length between
shoulder reference grooves. These are mechani-
cally engaged in a specially built device able to opti-
cally measure the groove spacing to ±1.3 p.m..
Length changes are monitored at diametrically
opposed points around the specimen periphery and
averaged.

Test temperature is maintained over a 100 cm
length by a five-zone, 10 kw, electric split furnace.
Each zone is independently controlled based on a
Type K (Inconel sheathed) thermocouple. A sec-
ond thermocouple in each zone is connected to an
independent over-temperature protection system.

Retorts are 10-cm ID Inconel 601 for use at
750° and 850°C or 99.8% Alumina for use at 950°C
and 1050°C (currently an Inconel 601 retort is in
use at 950°C). A helium flow of 10 //minute is
maintained through the retorts. Removable end

caps are sealed with Viton 0-rings and are water
cooled. An overhead crane allows installation of
the pre-assembled specimen array from above the
test stand.

Calibration of the loading system is performed
by installing miniature load cells in each stringer,
then establishing empirically the actual weight re-
quired on the weight pans to give the desired test
load at the load cell. This approach is followed
simultaneously for all six load trains and therefore
includes all effects of load frame distortion as well
as effects of the seal friction on the lower load bars.
In addition, the load is corrected for the effect of
the internal gas pressure. This correction is
significant at the highest test temperature, where
test loads of as little as 22N are required.

THERMAL STABILITY/CORROSION
Eight vertical retort furnaces are provided for

the exposure of unstressed specimens to the simu-
lated HTGR helium for various times at the four
principal program test temperatures of 750°, 850°,
950° and 1050°C. Six stands are equipped with
99.8% Alumina tubes, and two with Inconel 601
tubes, each eight-cm ID by 165-cm long. Stainless
steel end fittings are secured by clamps to the
ceramic tubes, and conventioned Viton 0-rings are
used to provide sealing for atmosphere control.
Each end fitting is water-cooled to protect the
0-rings.

The top retort end fitting includes an 0-ring
sealed removable cap which may be lifted by an
overhead crane. Suspended from this cap, by a
universal joint for lexibility, is the specimen sup-
port, consisting of an alumina tube, 1.9-cm OD by
152 cm long. This tube is coaxial with the retort
tube and is cross-drilled at 4.6-cm intervals to
accept a total of 21 6.4-mm OD pins. Test speci-
mens are suspended from these pins by hangers
fabricated from 0.9 mm diameter Inconel 601 wire.
Retort capacity depends greatly on the particular
mix of specimens, ranging from as few as 24 when
only large specimens such as fatigue specimens are
involved, to approximately 200 when the compara-
tively small corrosion specimens make up the load.

The retort is heated by a five-zone, 10 kw, elec-
tric tube furnace. Uniform temperature inside the
retort is attained over a length of 104 cm under a
helium flow of 10 l /min from bottom to top. The
retort is equipped with two Type K (Inconel
sheathed) thermocouple probes for each zone. One
probe is connected to a digital computer-based con-
trol system and the other to an independent
analog-based system providing protection against
over-temperature excursions. These probes are
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Table 2

GE HIGH TEMPERATURE REACTOR MATERIALS TESTING LABORATORY

Multi-Specimen Creep Test Stands

Number
Type
Load Method
Load Capacity

Number of Specimens per Load Train
Number of Specimens per Retort
Retort Material
Retort Size
Type of Furnace

Deformation Measurement Method

Temperature Measurement and Control

Helium Flow

6 Independent Load Trains (stringers)
Double Lever Arm (10/1)
1360 kg (3,000 pounds), each

Load Train
Up to 14
Up to 84
2 Inconel 601, 4 99.8% Alumina
10-cm ID
S-Zone Electric Furnaca, 914 mm

(36-inch) Hot Zone
Length Change After Removal

of Specimen from Retort
6 Grounded Sheathed Chromel-alumel

Type K Thermocouples
10 (/min

Unstressed Specimen Aging/Corrosion Test Stands

Number
Retort Material
Retort Size
Type of Specimen'Support
Maximum Retort Load
Type of Furnace

Temperature Measurement and Control

Helium Flow

699.8% Alumina, 2 Inconel 601
8-cm ID
99.8% Alumina
136-200 Specimens
5-Zone Electric, 1016 mm

(40-inch) Hot Zone
6 Grounded, Sheathed Chromel-alumel

Type K Thermocouples
10 f/rain

Single Specimen Creep and Stress-Rupture Test Stands

Number
Type

Load Method
Load Capacity
Deformation Measurement Method

Retort Materials
Retort Size

Type of Furnace
Temperature Measurement and Control

Helium Row

Fatigue Testing Equipment

Number
Type
Load and Rate Capabilities

Low Cycle Fatigue
High Cycle Fatigue

Closed Loop Control
Low Cycle Fatigue

High Cycle Fatigue
Heating Method
Environmental Test Chamber. Material
Volume

45 Creep-Rupture
Single Load Tram with 3-Position

Extensometer (0°, 90°, 180°)
Single Lever Arm (10/1, 3/1)
5455 kg (12.000 pounds)
2 Rod and Tube Extensometers with

Linear Variable Differential Transformers
22 Inconel 601, 23 Alumina (99.8%)
6-cm ID

3-Zone Electric, 102 mm (4-inch) Hot Zone
3 Grounded, Sheathed Chromel-alumel
Type K Thermocouples
2 t /min

Closed Loop, Electro-hydraulic

9988 kg (22,000 pounds), 20 CPM
4994 kg (11,000 pounds), 30 CPS

Strain Controlled with Axial
Extensometer

Load Controlled
Induction (450 kHz)
Type 304 Stainless Steel
90 (
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wired to the axial ceramic tube and pass through
Viton-sealed packing glands in the removable top
cap.
SINGLE SPECIMEN CREEP-RUPTURE_

The laboratory is equipped with a total of 45
single specimen creep-rupture test stands. Each
test frame includes a fixed lower load bar and an
upper load bar attached to a single lever arm at the
top of the machine. Each arm has two sets of knife
edges and may be used as either a 10:1 or 3:1 nom-
inal lever arm. Load train components are
designed for a maximum load of 53.4 kN.

The retort tubes consist of Inconei 601 for the
750° and 850°C test stands and 99.8% Alumina for
the 950° and 1050°C test stands. The Inconei
retorts are welded to austenitic stainless steel end
flanges, top and bottom, which are grooved to
accept specially molded Viton sealing gaskets. The
ceramic retorts are sealed to the austenitic stainless
steel end fittings with conventional Viton 0-rings,
two at each end. The top cap of each retort con-
tains a fitting designed to accept five standard cup
seals around the moveable upper load bar and
Viton compression glands for thermocouples.

A similar sealing method (molded Viton gasket)
is used to attach a tubular extension to the bottom
of the retort to accommodate the extensometer
assembly. This chamber is water-cooled and is of
sufficient diameter to house the LVDT's used to
determine specimen elongation. A vacuum valve is
brazed to a port in the extensometer chamber wall
and serves as an evacuation port for the entire re-
tort.

A third gasketed joint at the bottom of the ex-
tensometer chamber seals the bottom end-cap to
close the retort system. This cap contains electrical
feed-throughs for the LVDT leads and a bellows at-
tached to a collar which is clamped to the lower
load bar during retort assembly. This collar is
sealed to the load bar by Viton 0-rings. Although
the lower load bar is nominally stationary with
respect to the retort during a creep test, the flexibil-
ity of the bellows prevents specimen bending at the
time of test assembly.

The test specimen employed includes a 6.4 mm
diameter gage section with an L/D > 5. Ends are
threaded to mate with internally threaded load bar
couplings. Shoulders of the specimen include a
machined 90° groove as reference for measuring
creep elongation. Split' Inconei crossheads are
clamped to the specimen shoulders. Each cross-
head contains an insert which is machined to pro-
vide a 100° wedge to engage the 90° groove. The
upper crosshead is equipped with two Inconei rods

parallel to the specimen axis and in the azimuthal
position of 0° and 180°. These rods are welded to
the crosshead.

The lower crosshead anchors two Inconei tubes
coaxially with the rods. Rods and tubes extend
downward approximately 33 cm into the exten-
someter chamber. There a split collar allows an
LVDT housing to be attached to each tube OD with
the LVDT core plunger held against the rod tip by
a weak spring. Specimen elongation thus moves
the LVDT components relative to one another by
an equal amount, assuming all components of the
extensometer are maintained at the same tempera-
ture during the course of a test.

A major problem was encountered with the ex-
tensometers described above. It has been found
that the exposure of metallic materials to the simu-
lated HTGR primary coolant environment results in
dimensional changes of these materials. Also, it
has been postulated that these dimensional changes
are due to carburization (carbon gradient), the ex-
tent of which is dependent on both the oxidation
potential and carbon activity of the controlled purity
helium. Because of this there is concern that the
use of Inconei extensometer rods will produce a
fictitious component of specimen elongation, espe-
cially in view of the differences in healed length,
section size, and surface to volume ratios of the ex-
tensometer rods and tubes.

At this time, the most probable resolution to
this problem seems to be a material change for the
rods and tubes from Inconei to Alumina, which
should be dimensionally stable in the simulated
HTGR helium. Prototype extensometers with this
materials change are currently in test, with promis-
ing results to date.

The LVDT's are calibrated against the measur-
ing device developed for multi-specimen creep
specimen measurements. Each extensometer is
equipped with two LVDT's, on the 0° and 180° az-
imuths. The strains thus determined are subse-
quently averaged to obtain the average creep strain
vs. time.

The LVDT output signals are recorded automat-
ically every hour in hardcopy form by a data logger.
Although, at present, selected readings are manu-
ally converted to strain data, a future phase of the
program calls for completion of the laboratory auto-
mation equipment and by an appropriate link to a
central computer, the LVDT output signals will be
automatically processed into strain vs. time data. A
printer already in place will then give hardcopy
printouts of either graphical or tabular data for any
test in progress.

An electro-mechanical load weight elevator is
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employed to rapidly apply full load without shock
when a creep test is started. A load cell on the
elevator platform is connected to the X-axis of an
X, Y, Y2 chart recorder. One LVDT output is con-
nected to each Y-axis. This set-up records elonga-
tion vs. load during the application of full load,
which occurs within a time span of a few seconds.
The data obtained is converted to stress vs. strain
and allows both the elastic modulus and the cor-
rection for plastic strain during loading to be deter-
mined.
FATIGUE

Two electrohydraulic fatigue test stands
currently are available to the program. One fatigue
stand is devoted to high cycle fatigue (HCF) tests
under load control and the other fatigue stand is
devoted to low cycle fatigue (LCF) tests under
strain control.

The HCF stand is powered by a 22.7 l ' /min
hydraulic pump and is capable of a maximum load
of 44.5 kN. It is equipped with a load cell of the
same capacity. A maximum stroke length of 15 cm
is available. For the load ranges employed in the
current program, 30 Hz will be adopted as the pro-
gram standard.

The LCF stand is powered by a 11.4 f /min
pump and is capable of developing and measuring
forces of up to 89 kN. A gas cooled strain gage
extensometer whose gage length is 12.7 mm is
employed. The frequency will not be constant and
will vary inversely with the strain range involved.
The strain rate, however, will be held constant at
0.004 sec-I for all LCF tests.

Each stand is equipped with a Lepel 5 kw induc-
tion heating system. Thermocouples attached to
specimen shoulders and Leeds & Northrup
Electromax III temperature controllers provide the
power level signals to the 450 kHz induction heat-
ing power supplies. Induction coils are of water-
cooled copper, empirically shaped to provide uni-
form gage section temperatures and to accommo-
date the extensometer legs (in LCF tests). Prelim-
inary testing established a correlation between gage
and shoulder temperatures.

TENSILE
Tensile tests are performed by a computer con-

trolled electro-hydraulic system of 245 kN load
capacity. Clip-on strain gage extensometers are
placed at 180° relative to one another on the speci-
men gage section. Their outputs are electrically
averaged so that no bending deformation is
included in the reported strain. The computer con-
trols crosshead motion such that a constant strain
rate of 5xlO-5sec~ l is maintained until the yield

point has been determined, then speeds up the
machine to a crosshead displacement rate of
6.4 mm/min until fracture occurs The computer
also collects and stores loa- "..;idn data and
processes it to obtain offset yield and ultimate ten-
sile strengths.

IMPACT
Charpy V-notch impact tests are performed on

an instrumented machine of 358J capacity. The tup
instrumentation provides a calibrated load signal
which is displayed on a single sweep oscilloscope as
a function of time. The load-time curve is
integrated to give impact energy, and this value also
is displayed on the oscilloscope. Both traces are
simultaneously recorded photographically. The
resultant load and energy vs. time (or specimen
deflection) can usually be interpreted in terms of
initiation and propagation components.

TEMPERATURE CONTROL
All 59 test stand furnaces in the HTRMTL are

controlled by a central digital microcomputer. Sys-
tem inputs are primarily temperatures, via one ther-
mocouple from each of the 205 furnace zones. The
control loop for each furnace zone can be tuned to
the individual furnace thermal characteristics; the
operator inserts values for gain (proportional
bandwidth), rate, and reset. The system provides
for programmable ramp rates (up to 5 linear seg-
ments of up to 520 minutes each), a necessity
when heating ceramic retorts. The current practice
is to limit heating rates of ceramic retorts to
140°C/hour.

Other useful features of the temperature control
system include sensed cold junction temperatures
and automatic compensation, provisions for includ-
ing specific thermocouple calibrations, and adjust-
able high/low temperature alarms. In the event of
an alarm condition, the system activates a local
audible alarm (and a remote alarm during off-
hours) and provides a hardcopy record of the time
the alarm condition was attained, the duration of
the incident, and the time that the condition was
corrected. A software expansion is planned which
will also record temperature vs. time for any out-
of-limits thermocouples. In addition, all the 14
large retorts (multispecimen creep and
aging/corrosion) were fitted with additional thermo-
couples (one for each zone), each with its own ana-
log controller. These units not only override the
digital microcomputer system when a fault therein
attempts to overheat a zone, but also can take over
total control while the fault is repaired, avoiding
costly shutdown delays.
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Controlled Purity Helium Systems
The HTRMTL is equipped to provide on a con-

tinuous basis, helium containing controlled levels
of H,, H,0, CO. CO-,, CH,!, and" N,. Two recircu-
lating systems serve the six multi-specimen creep,
eight aging/corrosion, and 45 single specimen creep
test stands. The two fatigue test stands are served
by a once-through controlled purity helium system.
The selection of the test gai. chemistry and the
different helium supply systems will be described
separately.

TEST GAS CHEMISTR Y
Early in the program it was de< ;ded that it would

be desirable to test all ailoys ü controlled purity
helium of one composition, so that comparisons
between different types of nvierials would be
meaningful. Since the gas compositions for helium
turbine systems and process heat systems with an
intermediate heat exchanger (IHX) are expected to
be similar, the composition chosen would be within
the expected range for such systems.

Based on the work of Graham, Everett, et al.(2>

plus independent assessments of primary system
gas chemistries, it was decided that the assumption
of similarity of gas chemistries for helium turbine
systems and process heat systems containing inter-
mediate heat exchangers was valid. As Graham
and Everett propose, the major differences probably
will be in hydrogen levels (higher in the helium
turbine system because of the large amount of heat
transfer surface in the pre-cooler, corrosion inside
the pre-cooler tubes will liberate H2 which can
diffuse through the tubes into the primary coolant)
and in CH4 (higher in the helium turbine system
because of higher Hi, which reacts with graphite in
the core to form CH4, and due to breakdown of oil
leakage from oil lubricated turbine bearings).

It was decided that the helium chemistry levels
proposed by Graham and Everett, as reported in
Table 3, were valid for H2, H,0, CO, and N2, as a
first assumption. However, their "predicted" water
level (0.5 microatmospheres (/xatm)) was so low
that it would be quite difficult to attain and certainly
could not be measured with any known practical,
reasonable cost equipment. Therefore, H: and H20
were increased by a factor of about three and the
hydrogen level was set at 400 /uatm.

The H2/H20 ratio was chosen as 200:1, as a rea-
sonable compromise between the ratio of 200:1 to
400:1 proposed by Graham and Everett'2' and the
considerably lower ratio of about 20:1 proposed by
General Atomic Co.U) Thus, the proposed water
level is 2 /Li atm.

The CO level in an~HTGR~, for steady state con-
ditions, is set primarily by reaction of the H-,0 with
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Table 5

HELIUM IMPURITY LEVELS PROPOSED
AND USED FOR MATERIALS PROPERTIES TESTS

Imournv

H,

H,O

CO

CO,

CH.

N,

graphite. The react.on rate is a function of the pri-
mary coolant densi.y, its Qow rate, the H20 level in
the primary coolctn the type of graphite and the
graphite temperature (and probably other vari-
ables). A reasonable value of percent of H20 react-
ing widi graphite iu form CO and H; for a large
HTGR system is 9^-95%. Thus, to retain 2 /latm
H20 in the primary coolant, steady state H20
ingress must be sufficient to produce 20 to 40 /xatm
CO (upon reaction of the H20 with graphite).
Since the higher value would be expected to lead to
more carburization and therefore is probably the
"worst condition" case, the CO level was chosen as
40 ^.atm.

The correct C02 level is extremely difficult to
determine since for most previously operated reac-
tor systems, under most operating conditions, the
C02 level was below the detection limits for the
monitoring equipment used. There is evidence to
suggest that the C02 level is close to that predicted
by the H20 shift reaction:

CO + H20 ~ C02 -f H2

Since the equilibrium constant for this reaction in
the temperature range of interest (700°-1100°C) is
nearly unity (i.e., AG= o), the C02 level calculated
is about 0.2 fj.aim.

Previous work suggests that the H2/CH4 ratio
should be between 10:1, for low temperatures
(_700°-800°C, Reference (2)) and 100:1 at high
temperatures (900°-1000°C, see Reference (4) ) .
From these ratios, CH4 levels of 4 10 40 ^atm
would be predicted. The value of 20 ,uatm CH.«
was chosen as a reasonable compromise.

The nominal inpurity levels for the initial
screening phase of the DOE/GE Advanced Gas
Cooled Reactor Materials Evaluation and Develop-
ment Program are 400/2/40/0.2/20/< 20 in
microatmospheres of H2/H :0/CO/C02/CH4/N2.
The expected Normal Operating Range and Max-
imum Allowable Ranges for the loop (and therefore
for the retort inlets) are shown in Table -1. The
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Table 4

GAS COMPOSITION CONTROL REQUIREMENTS

Level or Range Allowable Pressure Ratio Ranee

Gas

H,

H:0

CO

CO;

CH,

N,

0;

Nominal

400

2.0

40

0.2

20

6

(Equilibrium
Oxygen)

Max. Allowable
Ranee. Loop

300-500

1.0-J.O

30-50

0.05-0.40

10-30

1-20

(a)

Normal Operating
Range. Loop

400= 75

2.0=1.0

40=10

0.2=0.15

20=5

6=4

•

Max. Allowable
Range, Retort

Outlet

300-500

0.5-5.0

20-60

0.030-.50

5-50

1-20

(a)

Pressure
Ratio

pc<ypco:

PCOPH/PH..O

PVPco,

PCH/P'H,

PH,PH:O

-

Max. Allowaole
Pressure

Ratio Range

10-1000

10-5000

N.D.

0.002-0.10

10-1000

N.D.

-

(a) Below the level detectable by the loop gas Chromatograph, —.1 /iatm.

N.D. - Not Determined.

maximum allowable range was set to maintain the
pressure ratio ranges within the limits given in the
last column of Table 4. These are set to keep the
oxidation potential, for example, within the range
necessary for oxidation of chromium without oxida-
tion of iron. When any gas composition reaches
the limit of the normal operating range corrective
actions must be taken to assure that control within
the maximum allowable range is maintained. Also
shown is the maximum allowable range, steady
state, for trie retort outlets. This range was set by
the desire to keep depletion effects, which can be
controlled to some extent by changing retort flow
rates, within reasonable limits (as determined by
equilibrium thermodynamic considerations).

The nominal impurity levels used for the
screening phase of the DOE/GE program are com-
pared to the nominal values used for the Federal
Republic of Germany PNP (Prototypanlage Nuklear
Prozosswärme - Prototype Nuclear Process Heat)
materials testing program and to the nominal values
of the High Temperature Materials Program/
General Atomic Co. (HTMP/GAC) Phase IV tests.
The similarities between these environments have
been shown by comparison of oxygen potential and
carbon activities for each test gas chemistry calcu-
lated by various methods for possible gas-gas reac-
tions.

RECIRCULATING HELIUM SYSTEMS
Figure 2 is a schematic diagram showing the

essential components of one of two identical closed
loop recirculating systems; Table 5 summarizes the
details of the_recircuiating systems. Basically,
impurity levels are controlled by maintaining a
dynamic balance between the rate at which each
impurity is being removed, by reaction with test
specimens and by the purification system, and the
rate at which each impurity is being added and/ or
produced in the retorts.

Pumping
The helium is circulated by three pumps. These

are the flexible metal bellows type and contain
stainless steel reed valves. Each pump has two bel-
lows, each of approximately 7.5-cm diameter,
driven by an eccentric through a stroke of approxi-
mately 1 cm, and operates at 60 Hz. The two bel-
lows are connected in series to produce a total pres-
sure increase of 172 kPa at approximately
100 (/min. Pump manifolding is 1.3-cm OD
austenitic stainless steel tubing with all welded
joints. A sintered metal filter and shut-off valve are
included in each pump iniet line, and a check valve
and shut-off valve are included in each exhaust
line. The pump is rigidly mounted to a 372w elec-
tric motor; this entire unit is on rubber-filled vibra-
tion dampers. Flexible bellows connect each pump
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Table 5

GE HIGH TEMPERATURE REACTOR MATERIALS TESTING LABORATORY
CONTROLLED PURITY HELIUM PRODUCTION,

CONTROL. AND DISTRIBUTION FACILITY

Production. Purification, and Gas Analysis Subsystem

Number of Subsystems 2

Production

Helium Fiil System

Gas
Supply Method

Purification Method

Impurity Gas Addition

Gas

Supply Method

Purification

Basic Method

Purification Rate Control

Purification Trains

Train 1 N-, and CH4 Removal

Train 2 Spare

Train 3 H:0 Removal
Train 4 C0; Removal
Train 5 CO and H-, Removal

Train 6 0-, Removal

Train 7 Spare

Helium + 200 ppmv H-,
Manifold (4 cylinders) with Flow

Meter and Pressure Regulator
Ridox at 175 °C followed by molecular

seive

H2, CO, CH4, from Small Cylinders
of High Purity Gas; C02 from 1% C02 + He
mixture; H-,0 from Loop Helium
Passed over Hydrated Oxalic Acid.

Steady (low) Flow via One Micrometenng
Valve

High (transient) Flow via a Second
Micrometering Valve Controlled by
Solenoid Valve (H-,0 only)

Parallel Loop Connected Across the

Circulating Pumps; Six Parallel "Legs"
in the Purification Loop, each with
a Purification Canister or Canisters.

By Flow Rate Control System on Each "Leg;"

Steady (low) Flow via Microvalve; High
(transient) Flow via Flowmeter Valve

Activated Charcoal Canister, Liquid N;

Cooled
Activated Charcoal Canister. Liquid N3

Cooled
Magnesium Perchlorate Canister
Sodium Hydroxide Canister
Copper Oxide at 150 °C. followed by

Sodium Hydroxide and Magnesium
Perchlorate, Each in Separate Canisters

Copper at 500 °C, Followed by Sodium
Hydroxide and Magnesium Perchlorate,
Each in Separate Canisters

Molecular Sieve Canister
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Flow Rate

Gas Analysis

Gas Chromatograph

Type

Make and Model
Analysis Time
Sensitivity

Dew Point Meter

Type
Make and Model
Threshold Sensitivity

Dew Point Meter

Type
Make and Model
Threshold Sensitivity

Oxygen Probe

Type
Make and Model
Threshold Sensitivity
Response Time

Distribution Subsystem

Number of Main Loops

Test Stands That Could Be
Supplied with "Helium" by
Each Loop

"Helium" Flow Rates
Main Loop
Multi-specimen Creep Retorts
Unstressed Exposure Retorts
Single Specimen Creep

"Helium" Pressure
Discharge Side of Pumps
Inlet Side of Pumps
Maximum System Pressure
Retort Pressure

Pumping System
Pumps
Flow Rate

Inlet and Discharge Receiver
Tanks

Table 5

(Continued)

>0 to Liters/Min./Train

Two Column. One Helium Ionization
Detector per Column

Antek Model 320 D
10 Minutes per Gas Sample
CO, CO,, CH4, N2, 0: <Q.\ ppm
H2 — 2 ppm

Differential Capacitor, 2 Probes
Shaw Instruments. Model SH2
0.2 ppm

Chilled Mirror
EG&G Model 440
0.7 ppm

Doped Zirconia Electrochemical Cell
Applied Electrochemistry Model S-3A
10~2: ppm
0.1 Second

2 (1 PPA Subsystem per Loop)

6 Multi-specimen Creep, 8 Unstressed
Exposure, 30 Single Specimen Creep

Up to 300 Liters/Min.
Up to 15 Liters/Min.
Up to 15 Liters/Min.
Up to 3 Liters/Min.

140-200 kPa
20-35 kPa
275 kPa
100 kPa (nominal)

4 Metal Bellows Type, 0.37 kw each
100 Liters/Min.. Each Pump, at

170 kPa Discharge. 35 kPa Inlet

33 Liters Each

10
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Test Retorts
Distribution System

Subloops

Components of Each Sub-loop

Components at Each Test Stand
(for each retort)

Table 5

(Continued)

1 for Each Multi-specimen Creep Stand
1 for Each Two Unstressed Exposure Stands
1 for Each Five Creep/Rupture Stands

Back Pressure Regulator, Retort by-pass.
Manual and Automatic Valves, Isolation
Evacuation and Purge Valves

Flow Meter for Each Retort;
Valvmg for Loop Helium, Conditioning
Gas, or Purge Gas; Valving for Loop
Return, Dump, and Gas Analysis.

assembly to the rigid piping of the rest of the
system.

Each pump outlet also is provided with a pres-
sure sensitive switch and a conventional pressure
gage. If the pump exhaust pressure falls below a
preset level, a back-up pump is automatically start-
ed and an alarm is triggered.

Purification
A small fraction, usually on the order of

101 /min, of the system helium is passed through
the purification systems for removal of impurities.
Removal is accomplished by the following means:

Oxygen is removed by reaction with H-, to form
H;0 and with CO to form CO;. These reactions are
catalyzed by passing the helium through a bed of
copper turnings maintained at 500°C. Immediately
downstream, any reaction products are removed by
sequential passage at room temperature through
beds of sodium hydroxide, to remove CO,, and
finally through magnesium perchlorate to remove
H20. The purified helium is returned to the low
pressure storage tank and mixed with the excess
supply helium, the combined exhaust from all
operating test retorts, and the various helium
streams from the other purification units.

Hydrogen and Carbon Monoxide are removed
from the helium by reduction of copper oxide.
This reactant is in the form of a very thin film of
copper deposited on a porous ceramic substrate and
then oxidized. Again, products of reaction of the
reduction of copper oxide are C0: and H:0.
Accordingly, canisters of sodium hydroxide and
magnesium perchlorate are placed immediately
downstream of the copper oxide reactor, which is
maintained at 175°C, to remove the C0: and H;0.

Moisture is removed by magnesium perchlorate,
as mentioned above. An additional purification

path is provided containing only a canister of mag-
nesium perchlorate so that H^O removal rate may
be controlled independently from the gas flow rates
through the 0, and Hi/CO removal paths described
above.

Methane and Nitrogen are removed by passing
the helium stream through a bed of activated char-
coal refrigerated by immersion in liquid nitrogen at
atmospheric pressure. This highly efficient
"getter" removes all the other impurity species
under consideration as well.

Throughout the purification apparatus, each can-
ister is equipped with shutoff valves and a
flowmeter. Getters which must be periodically
renewed, replaced, or regenerated are duplicated
and plumbed such that the system need not be shut
down totally in the event any one purification unit
becomes saturated, exhausted, or otherwise
ineffective.

Certain getters are "regenerable" in situ, such as
the copper oxide,, which is eventually reduced to
metallic copper by its intended function. This can-
ister is then isolated from the helium system and
opened to a gentle flow of air to reoxidize the
copper. Evacuation ports on the canister inlet and
outlet are used for this purpose. When such a re-
generation is complete, one valve is closed and the
other serves as an evacuation port. After the can-
ister is refilled with helium, it is pressurized and
completely leak checked before being restored to
service. This basic approach also is applied to the
charcoal traps. The absorption type getters (sodium
hydroxide and magnesium perchlorate) are in re-
movable canisters which are simply removed, emp-
tied, cleaned, and refilled with fresh aosorbent at
periodic intervals.
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There is considerable synergism within the vari-
ous purification units. That is. increasing the flow
through the copper oxide bed to lower the loop H2

level inevitably lowers the CO level and the C02

and H-,0 levels as well. In fact, only the single
magnesium perchlorate canister loop is immune
from these interactions. Accordingly, the system is
normally controlled by establishing (empirically)
low flow rates through the various purification un-
its, then adjusting addition rates which are individu-
ally controllable for each impurity species.

Impurity Additions
Hydrogen, CH4, C0:, and CO are added to the

helium by micro-metering valves. These valves are
of the type designed for bleeding gases into vacuum
chambers at a rate established by the position of a
pin relative to a polymeric sliding seal. The pin
contains a longitudinal, tapered groove and there-
fore a variable orifice is presented as the pin is
moved relative to the seal. Pin position is estab-
lished by a micrometer screw. For HTRMTL use,
pins with groove tapers of 0-178 ^.m and 0-51 /u.m
are employed. Also, because of the low concentra-
tion, it has been found advantageous to dilute CO;
to a 1% mixture with helium.

Two sets of four valves are employed with
appropriate auxiliary valving for switching from one
set to the other. In use, a stream of approximately •
100 cc/min of helium passes through the low-
pressure side of each metering valve body and car-
ries the metered impurities into the low pressure
receiver of the helium system. The impurities are
then gradually mixed into the total helium volume.
As mentioned above, a state of dynamic equilib-
rium is maintained wherein the rate of removal of a
single species (the sum of the consumption rates by
retorts, test specimens, and the various purification
elements) is countered by adjusting the micro-
metering valve admitting that same impurity.

It has been found that with two exceptions, the
dynamic balance is easily maintained with adjust-
ments necessary perhaps once or twice oer week to
each metering valve. Much more frequent adjust-
ments are needed when either: a) a new retort
with significant areas of fresh sample surface is first
placed on test; or b) when a number of tests are
simultaneously being ramped back to test tempera-
ture following a system shutdown. Under these cir-
cumstances, it is sometimes necessary to make
metering valve adjustments as often as every
15 minutes to keep each constituent within desired
limits.

Water vapor is added to the system in a slightly
different manner. Moisture is "senerated" by the

release of H:O molecules from hydrated oxalic acid.
The moisture injector consists of a bed of hydrated
oxalic acid through which a small flow (approxi-
mately 30 cc/mm) of helium is passed. The can-
ister containing the oxalic acid is immersed in a
temperature regulated bath held at 25°C.

Gas Analysis
A gas Chromatograph (GO is the principal

analytical instrument, and it is augmented by more
sensitive instruments for H20 and 0:. A study of
Figure 2 shows that a 16 port scan valve is used to
select a gas sample for the GC. The sample points
in the system are the common line supplying all the
retorts and the individual exhausts from the various
retorts to determine the extent of depletion of the
impurity gas species. A key feature of this scan
valve is that it is designed to allow gas flow to be
maintained at ail times in each sample line. This is
especially important where very low moisture levels
are involved.

The same sample line selected by the scan valve
also feeds an oxygen analyzer and hygrometer for
02 and H20 level evaluation. In addition, separate
02 and H20 sensors are devoted to continuous
monitoring of the supply line conditions. Each of
these devices is equipped with relays and are used
to trigger alarms or automatic protective devices.

Gas Chromatographs — Antek helium ionization
gas chromatographs are used in the HTRMTL. The
tritium foiled detectors have been modified by G E
to attain the requisite degree of leak tightness.
Each instrument contains two columns operated at
100°C; a molecular seive column which separates
H2, 02, N-,, CH4, and CO in that order, and a
Porapak T column which separates C02.

Detector output is analyzed by a Hewlett-
Packard data processing system and reported as
constituent concentration in /i- atm @ 2 atm abso-
lute pressure, the standard HTRMTL retort condi-
tion. The scan valve is equipped with a digital
sequence programmer which can be set to inject
samples from desired lines at intervals up to
90 minutes in duration. This device also triggers
the data processing system. Immediately following
a sample injection, the programmer advances the
scan valve to the next sample line to be analyzed.
This, then, maximizes the purge times for the
length of sample line between the scan valve and
the GC injection valve. It has been determined
that approximately 15 minutes purging time is ade-
quate for analyses of all impurities except H20, for
which purge times of hours or days are required,
depending on such variables as the magnitude of
the H;0 concentration in the sample line just

12
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opened, whether it is wetter or dryer than the last
sample line analyzed, the helium flow rate, etc.
Finally, it also has been found that gas analyses
should not be made more often than every
10 minutes with the GC. This is the time required
for a very diffuse H-,0 peak to be eluted from the
Porapak T column.

Calibration of the GC is checked on a weekly
basis by analyzing three or more samples drawn
from a bottle of pre-mixed gas containing helium
with H2, Ar, N2, CH4, CO, and C0: in approxi-
mately the same concentrations as desired in the
test gas. Oxygen is not included because U.S. gas
suppliers are not permitted to sell H2/02 mixtures.
Argon is included deliberately as i'.s elution time is
nearly identical to that of 02, so the data processing
system can be programmed to look for a peak at
the Ar retention time and report it as 02 for alarm-
ing purposes. The impurity gas concentrations of
each bottle of this "calibration" gas are determined
by exponential dilution flask experiments whenever
a new bottle is placed in service.

Hygrometers — The two hygrometers identified
in Figure 2 are Shaw capacitance type sensors. Due
to questions with regard to performance of these
probes, an EG&G dewpoint hygrometer has been
installed immediately downstream of the supply line
monitoring the Shaw instrument.

Attempts to verify the vendor's calibrations of
the Shaw probes by measuring either a pre-mixed
moisture "standard" or helium in the HTRMTL
recirculating system with both the Shaw probes and
the EG&G have not been successful. Since the
latter instrument is direct reading in that it senses a
moisture Cor frost) film on a chilled surface, it is
regarded as the more reliable instrument.

Since the Shaw sensors do respond to H20 level
changes, but do not agree with their calibration
curves, it is felt that the problem is primarily one
of calibration technique. To provide a satisfactory
method, a separate hygrometer calibration facility
has been designed and is under construction. This
device will generate low H20 level gases by meter-
ing gravimetrically measured quantities of H20 into
a steady stream of carefully pre-dried helium. The
Shaw probes, or other hygrometer, will be able to
be calibrated at H20 levels as low as 0.1 ppm by
this device. It has been designed to operate for
extended periods so that adequate time will be
available for establishment of the required
adsorption/desorption state of dynamic equilibrium
in the entire system between point of H20 addition
and the probe being calibrated.

Ox\<gen Analyzers — The two 0; analyzers indi-

cated in Figure 2 are of the heated zirconia electro-
lyte cell type. This ceramic element, maintained at
750CC, contains the low 02 helium inside a tubular
element and air, used as a reference gas, on the
outside. Under these conditions, the sample gas at-
tains thermodynamic equilibrium and there is an
emf developed across the zirconia proportional to
the difference in 0; partial pressure between the
sample (helium test gas; and the reference eas
(air).

There are three problems with the 0: analyzers.
These are: a) real leakage of air into the sample due
to inadequate ceramic-metal seals: b) virtual leak-
age of 0, into the sample via ionic conduction
through the ceramic; and c) a true equilibrium 02

potential possibly less than the instrument can indi-
cate. That is, the device (or any other zircoma-
based device) is responsive to gas samples with as
low as 10~24 atm 02 partial pressure, whereas the
true thermodynamic equilibrium value for the par-
ticular concentrations of impurities in the
HTRMTL simulated reactor coolant can be as low
as 10~34 atm. Thus the instrument never indicates
the actual 02 potential. Nevertheless, it serves a
valuable function in that it does respond quickly to
changes in 02 (or H20) below those detectable by
the gas Chromatograph, and is by nature a continu-
ous reading device. Thus, the 02 analyzers are
used for alarming purposes to indicate when there
may be a leakage problem developing in the helium
system. The supply line monitoring probe also is
used to switch the retort supply to pre-mixed, bot-
tled gas in the event of increasing 0, in the recircu-
lating system. The pre-mixed gas contains helium
with 200 ppmv of H-,, is passed through Ridox to
convert any oxygen to H20, and is vented after pas-
sage through the test retorts.

The reserve of "back-up" gas is sufficient to
supply the retorts for up to 40 hours. This allows
time to assess the nature of the problem which led
to the triggering of the back-up supply gas and to
either effect repairs or shut down tests in an orderly
manner.

Back-up gas also is automatically admitted to the
retort supply line in the event that the pressure in
that line falls below 1.0 atm. Finally, provisions are
included for the system operator to manually ac-
tivate the back-up supply at any time. It is conceiv-
able, for example, that some gas constituent could,
through operator error or equipment malfunction,
exceed allowable limits and not activate either of
the automatic modes of system switchover to
back-up.
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All of the above functions (pumping,
purification, impurity addition, and gas analysis.) are
housed in or near a single control console for each
recirculating system. Figure 3. A graphic display
panel shows the entire gas flow path in simplified
schematic form, and includes the key flowmeters,
pressure gages, and operating valves for the system.

Distribution
The main helium supply line from each console

circulates around the entire test stand area in the
HTRMTL and returns to the pumping station (see
Figure 2). Loop No. 1 supplies all six multi-
specimen creep stands, all eight thermal
stability/corrosion stands, and the first 30 of the 45
single specimen creep stands. Loop No. 2 follows
the same path except that it serves the last 30 sin-
gle specimen creep stands. The piping is arranged
such that the first 15 single specimen creep stands
are served by Loop No. 1, the second 15 can be
connected to either loop, and the last 15 are served
only by Loop No. 2. This arrangement provides for
excellent flexibility in the event two test gas chem-
istries are in use in the HTRMTL.

Distribution sub-loops are tapped off the main
loops at appropriate points. Each sub-loop includes
a line from the supply loop leading to a shut-off
valve. Upstream of this valve, the required
number of taps are included, one for each retort.
The downstream side of the valve begins the return
line which collects all retort exhausts and carries
them back to the control console. Also, down-
stream of the shut-off valve is a back-pressure
regulator (BPR) which is set to maintain the retort
pressure @ 103.5 kPa above atmospheric pressure.
Each retort exhaust line is tapped into the return
line between the shut-off valve and the BPR.
Every retort supply tap-off and exhaust tap-in also
is equipped with a shut-off valve. At the times
when none of the test retorts served by that partic-
ular sub-loop is active, the shut-off valve separating
supply from return is opened slightly so that the
sub-loop does not stagnate.

Each recirculating loop distribution system con-
tains six sub-loops which serve the multi-specimen
creep stands individually, four sub-loops which
serve the aging/corrosion stands in pairs, and six
sub-loops serving five single specimen creep stands
each.

Every test stand site has an identical array of
helium system valves, in order to minimize chances
of operator errors. The main helium supply and re-
turn valves were mentioned above. In addition, a
second helium supply line is run to each retort.
This system makes purge gas (helium with

200 ppmv H:, purified by passage through Ridox at
175°C and a molecular seive) available at the retort.
This system is isolated from the retort inlet line by
a shut-off valve. The final valve on the retor'. inlet
is a valved utility port, where any desired gas can
be fed into that retort. These ports are capped
when not in use. again to minimize chances of er-
ror. Each retort inlet line is equipped with a
flowmeter, flow regulating valve, and a pressure
gage.

The standardized retort outlet valving includes
the main helium return system valve, a sense line
flow regulating valve which taps off approximately
300 cc/min of retort exhaust and carries it directly
to the 16 port scan valve in the gas analysis section
of the control console, and, finally, a valved utility
exhaust port which is used primarily for retort
start-up purposes, but can also be connected to a
vent line leading to an outdoor exhaust point.

Retort S tart-Up
In operation of a large recirculating system, any

systematic perturbation is a high-risk event due to
the heavy investment in time and specimens.
Thus, the addition of a new retort load of spec-
imen(s) to the loop is a critical operation, and con-
siderable precautions are taken to assure its success.

After a test stand retort is assembled, the first
step of the start-up procedure is to leak check the
entire retort and its connections to the helium dis-
tribution system sub-loop. This is usually done by
connecting a helium mass-spectrometer leak detec-
tor (minimum sensitivity 2xlO~ 8 sec/sec) to the
retort evacuation port and then locally flooding all
joints, seals, connections, etc. with helium. Any
leak detected by this method is repaired before
proceeding.

A major exception to this leak checking pro-
cedure must be made for the single specimen creep
stands. It was found necessary to orient all five cup
seals around the upper load bar such that they are
activated by internal retort pressure exceeding
ambient pressure. With the seals so oriented, they
rarely prove to be leak tight when the retort is
evacuated. Since the mass-spectrometer demands a
good vacuum, this leak detection method cannot be
used. Instead, the retort is pressurized with purge
gas and a "sniffer" is attached to the leak detector.
The sniffer is simply a controlled leak at the end of
a long, flexible extension of the leak detector's
vacuum system. When this leak is in the immedi-
ate vicinity of a retort leak, the helium is detected
by the mass spectrometer. The sensitivity of this
leak detection technique relies heavily on operator
patience and skill. Prior to each leak checking ses-
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sion. the operator verifies mass spectrometer sensi-
t ivi ty by sniffing the output of a 2x 10~8 sec/sec
calibrated helium leak.

Included in these leak checking operations is the
temporary line connecting the retort utility exhaust
port to a portable gas analysis system. This device
contains a gas Chromatograph (Carle Model III) , a
Shaw hygrometer probe and the appropriate valves,
flowmeters, and pressure gages, as well as a bottle
of carrier gas for the GC.

With leak checking operations completed satis-
factorily, the retort is filled with purge gas, evacu-
ated and refilled with purge gas and finally evacu-
ated and refilled again with purge gas. At the con-
clusion of the last backfill the retort is pressurized
to normal test pressure of 2 atm, absolute, and a
flow of 250 cc/min is established through the retort
and gas analysis system. The retort effluent is
analyzed, and is acceptable if:

a) H2 and N; levels agree with the known
analysis of the purge gas,

b) there is no O: detected, and
c) The HiO level is no more than 5 ppm.
When these conditions are fulfilled, the heat-up

procedure is initiated. This is a linear ramp to test
temperature at a rate of 140°C/hour. Retort
effluent is analysed at regular intervals (hourly),
and no action is required unless:

a) HiO in the effluent exceeds 20 ppm
b) CO exceeds 10 ppm
c) COi exceeds 0.4 ppm
d) N2 exceeds the purge gas N: content by

more than 5 ppm
e) 0: is detected.
It is usual to observe bake-out of some or all of

these constituents (except 0;) during heat-up. Oc-
casionally the above limits may be exceeded, and
the operator may either interrupt the heat-up with a
temporary hold, increase the purge gas flow rate, or
both. These actions handle most problems, which
seem to be simply the result of more outgassing
than normal. If these actions are inadequate, a
more serious problem is indicated and the start-up
is aborted.

Test loads, in the case of creep-rupture tests,
are applied and again the effluent is analyzed to ver-
ify that leak tightness of the retort was not disrupt-
ed. If there is still no problem, the retort is ready
for tie-in to the mam loop.

The purge gas flow is discontinued, and the
sense line regulating valve is opened, along with
the main helium supply valve. This establishes a
tew hundred cc/min of loop gas flow through the
retort and to the gas analysis section of the control
console. If no problems are detected with Ihe

retort effluent, the helium return valve is opened
and retort flow is increased to l f /min. The
operator's responsibility is now to compensate for
any change produced in the main loop gas chemis-
try and to increase the flow rate through the retort
as quickly as possible to its design value (2 t ' /min
for single specimen creep and l O t ' / m m for the
larger multi-specimen creep and aging/corrosion
retorts). This process is usually accomplished
within two hours.

Several general observations can be made with
respect to gas chemistry changes occurring in the
test retorts. First. CO and C0: will usually be
strongly depleted when a retort of new specimens is
started. However, during the- first few hundred
hours, the rate of consumption of CO will gradually
decay and will generally not be detectable after ap-
proximately 1,000 hours. However, the consump-
tion of CO; will continue unabated. The second
very noticeable effect is the decomposition of CH4

to release H; and carbon. This effect is readily
detected at 950° or 1050°C and generally not at
750° and 850°C. Under normal operating condi-
tions this decomposition is a major source of H: in
the loop. When 950° or 1050°C test retorts "are
opened for inspection, there is visible evidence of
the carbon which deposits on specimens and retort
components alike.
ONCE-THROUGH HELIUM SYSTEM

The fatigue test facility is separate from the
main HTRMTL. A separate gas supply facility was
designed and constructed to supply the same levels
of the same impurities as is maintained in the recir-
culating loops. The fatigue system, however, is
non-recirculating; the test retort exhaust is discard-
ed, and this scheme simplifies the apparatus consid-
erably.

Bottled helium (2'/2 (/min) is first purified by
passage through an activated charcoal trap refrig-
erated by liquid N3. Downstream of this trap, a mi-
crometenng valve bleeds in 200 ppmv of H2. This
mixture is passed through a bed of copper turnings
maintained at 500°C. serving as a catalyst to react
any residual 0; in the helium with the Hi. Subse-
quently, three more micrometenng valves add
20 ppmv of CO. 10 ppmv of CH4, and 0.1 ppmv of
C0:. Finally, a portion of the flow is passed
through a bed of hydrated oxalic acid and back into
the mainstream at a rate empirically determined to
give 1.0 ppmv H:0. A back pressure regulator
maintains a gage pressure of 172 kPa in the
purification and impurity addition section of this
system.

Downstream, a Kenics Static Mixer is employed
to assure uniform dispersion of the constituents in
the helium matrix. (There is no violent asitation
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of the gas m this system as there is in the pumps of
the recirculating systems.) The gas is then split
into three streams: 1 (/mm is sent to each of the
90 I' test chambers, and 500 cc/min is sent to the
gas analysis station. Instrumentation is identical to
that previously described, and need not be dis-
cussed further.

Inside the retort, the gas is piped to a loosely
fitted fused quartz split canister of approximately
0.5 / volume surrounding the test specimen, induc-
tion coil, and extensometer arms (for LCF tests).
Most of the helium leaks out of this canister into
the cold volume surrounding the canister. The ob-
ject of this arrangement is to ensure that the test
specimen itself is always immersed in fresh helium
of known composition.

There are two exhausts from each retort. One
is from the canister itself so that a sample of
"freshly spent" gas may be analyzed. This is the
analog of the retort exhaust sample lines described
for the recirculating systems. The second is from
the outer chamber wall. This gas may also be sent
to the gas analysis station if desired. Both these
lines contain BPR's which are set to maintain a
gage pressure of 103 kPa in the test retort. Down-
stream of the analysis instrumentation, all helium is
passed through an oil-sealed bubble as a precaution
against backstreammg of air.

OPERA TING EXPERIENCE

Gas Chemistry Control
The actual performance of recirculating Loop

No. 1 in the HTRMTL is shown in the following
tabulation. Here, concentrations are expressed as
partial pressures of the total absolute retort pressure
of 2.0 atm. The data cover a three month period,
November 1980 through January 1981:

Gas Composition.

Constituent:

Target:

Limits. High
Low

Performance.
Avg
High
Low

H,

400

500
300

409
467
320

H,0

2

4
1

2-3
..
..

CO

40

50
30

402
48.5
340

CO,

020

040
005

0 198
0270
0 140

CH.

20

30
10

198
254
1 5 2

S.D
(% of mean)

3 i: 1 92 :os

6

10

5 68
108

1.50

57! 278

TEST FACILITIES STATUS
Currently, Loop No. 1 has been in operation

approximately 9.000 hours. All six multi-specimeu
creep and eight aging/corrosion stands are in use,
and.the first 30 single specimen creep stands are in

use. Loop No. 2 is being commissioned to operate
the last 15 single specimen creep stands: it will be
operated at the same gas chemistry as Loop No 1.
The fatigue test facility has been set up and the gas
supply system has been commissioned and is ready
for testing to be initiated.
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Development and Testing of Alloys for Primary Circuit Structures

of a VHTR

Tatsuo Kondo

Materials Engineering Laboratory

Japan Atomic Energy Research Institute

Abstract

An overview is given about the research activity and the results of the development
works made on the alloys for the primary circuit structures to be operated at very high
(800 to 1000°C) temperatures. Special precautions were needed to develop a methodology
of properly testing materials under simulated coolant conditions. In order to insure the
well-defined test conditions design and construction of the test apparatus were made
with essentially inert component structures, and the volume flow rate of the test
environment at the hot sections were determined based on the total consumption of the
reactant impurities by surface reactions. The studies on the behaviours of commercially
available alloys had yielded technical bases to develop alloys of either modified or
entirely new specifications, which were specific to fit the expected service environments.
Some critical aspects on the current test techniques, alloy selection and interpretation
of test results are given, and the problems and possible means of their mitigation are
suggested. The topics involved are; corrosion and carburization, evaporation, creep and
fatigue, radio-activity generation by corrosion, microstructural stability and age-emb-
rittlement and the effects of thermal neutron irradiation on the mechanical properties
at elevated temperatures



1. Introduction
Industrial demand on energy supply in the form of direct heating had stimulated the

development of nuclear energy conversion technology potential for obtaining heat output of
very high temperatures. Modern iron and steel making, for instance, has strong incentives
for the closed system, direct cycle operations as well as alternative choices of its energy
sources, for which use of nuclear process heatfng could be one of the attractive means.
For such purposes providing a technical basis of the structural design and the rel iable
materials has' been a most important prerequisite among many others. Because of the levels of the
temperature and the safety aspects, the tasks to be accomplished have been loaded with
numbers of hard technical barriers and have been naturally a most critical path to the
establishment of the system's feasibili ty. The activities generated were in both for the
reactor primary and the heat utilization systems at the JAERI and MITI/ERANS Programs
respectively.

The metal research for VKTR application init iated its essential activity in 1971 with basic
exploratory works on f inding critical problems to adopt existing alloys to very h igh tem-

perature helium-cooled reactor systems. Basic developmental workes on the methodology of testing
materials in the simulated service environment were promoted in the subsequent few years. In
1973 a parallel large scale R -t- D program by ERANS was founded by the Agency of Industrial
Science and Technology (AIST) of MITI, for direct steelmaking using h igh temperature reducing
gas. In the latter program, the material part was assigned to develop a feas ibi l i ty of supply-
ing alloy tubes with the creep strength at least 1 kg/mm2 in the service environment at 1000°C.
A s impli f ied summary descriptions of both programs made by the author is given in Table 1.
Those programs have been orovided with the activities of manufacturing, fabrication, testing
and evaluation. In the phase of qualification tests inc lud ing corros ion,creep and fatigue prop-
erties some standardized test environments were designated in each program. In addition to
those items common to both, JAERI has been conducted a series of works on the effect of neutron
irradiation on the mechanical properties, whi le ERANS has promoted a paral le l p lan of developing
1.5 MW model intermediate heat exchanger in which materials were tested in the form of tube com-
ponents. ERANS also included the metal evaluation program for the reducing gas heaters.

The JAERI progranr ' had developed a modified alloy Hastelloy XR for possible near-term
requirements, and have been performing a comprehensive qual i f ica t ion tests on several heats of
materials for which various cooperative programs with other research and industrial organiza-
tions have been coordinated. The ERANS program had completed the or ig inal ly planned tasks and
selected tv.o alloys for each of the hel ium-to-hel ium heat exchanger and the reducing gas heat-
ers.

Some candidate alloys have achieved the assigned targets in their strength extrapolat-

ed from the 20,000 hour test results. This paper presents an overview on the JAERI ' s

* MITI : Ministry of International Trade and Industry
ERANS: Enginnering Research Association of Nuclear Steelmaking
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program as the primary subject, being accompanied with a brief reference to the results of
(2)ERANS program1 '.

2. Methodology of testing and interpretation

2-1 Test apparatus and procedures
As the temperature range of interest was very high, ie. 800 to 1000 °C, special care had to

be exercised to keep the test conditions at the specified levels in various phases of testings.
One of the most important fundamental requirements was to keep the chemical conditions of the
test environment under close control in all the test using helium with injected impurities. Any
reactive structural components in the hot sections of the apparatus could have reacted with the
impurities in helium, causing undesired alteration of the environmental chemistry at the loca-
tion of specimens.

All the test sections for corrosion, creep and fatigue tests were, therefore, made of inert
materials as 'shown in Fig. r ' and Fig.2 for corrosion and creep respectively. In the quartz
cells for exposing metals to helium under either isothermal or cyclic heating conditions, all
the corrosion products were recovered so that nearly complete material-balance measurement was
made possible. For the creep and fatigue testers, molybdenum metal was employed as chucking and
loading components at hot section, which was essentially inert in the simulated HTR helium. De-
velopment of the interference grid type strain meter^ ' shown in Fig.2 was also helpful to such
a purpose.

The recirculating systems for supplying helium were equipped with a cryogenic purification
and with controlled impurity injection systems either of gas mixing or water-graphite reactor
types.

The rate of helium supply to each test has been considered as among the most important. It
has been determined by a criterion that the expected instantaneous consumption of any gas con-
stituent should fall in less than 10 % of its supply, or that no detectable change of the im-
purity contents occurs at the outlets of test sections. The criterion means that the gas supply
rate has been determind by taking into account the total reactive area of the specimens and the
test temperature for a given material. The supply rate, for example, to Hastelloy X specimens
at 1000°C is 100 mi per square cm of reactive surfaces as a minimum.

Table 2 shows some of the representative test environments that have been employed in the
Japanese programs.

Other efforts in designinq and constructing of equipments specific to the VHTR program was
also made for irradiation capsules and stress-aging facility.

2-2 Test techniques and evaluation
The evaluation of the corrosion resistance of alloys has many technical barriers in giving

a reliable basis for the predictability to long time performances. Besides the measurement of
the changes based on the total material balance described above, a method^ ' has been establish-
ed in which the depth of chromium-depleted layer beneath oxide layer was measured by EPMA and

used as a semi-quantitative measure of the protective function of the surface oxide film.
Possible release of loose corrosion products either by oxide film spallation or evaporation

and condensation processes was considered as a potential problem for the radioactivity trans-
port and accumulation. A technique^ ' was developed on this respect to recover all the loose
products and to analyse ty the neutron-activation method.
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Another characteristic methodological aspect developed is in consideration^ ' on the
geometry of creep specimens in terms of the ratio of the surface area and the volume or cross
sectional area of the specimen. The former determines the amount of the surface reactions while
the latter corresponds to the load bearing capacity. Figure 3 shows a typical size effect spe-
cific to the corrosive environment in regard of the absence of it in the high vacuum. All such
tests with the simulated environment should logically have such an aspect, since some physical
reasoning of the environment-enhanced property change, if any, must be established. In fact,
the ratio of the surface area to the wall thickness is an important parameter for the efficiency
of the heat exchanger tubes.

The standard specimen diameter in both JAERI and ERANS programs has been 6 mm, while the
alternatives have been taken in the range, 3 to 8 mm.

3. Development of alloys

Hastelloy XRr Conventional Hastelloy alloy X was modified with respect to its minor element
contents and a few other quality control standards. The compositional specifications are shown
in Table 3. The material is manufactured as an Al-free alloy with optimized Mn and Si, and with
reduced Co contents. The improvements so achieved are primarily on the increased compatibity in
HTR helium due to formation of stable and adherent surface film consisting of the layers of
MnCr2Cv on the outer side and Cr203 inside.

(2\
ERANS Superalloys: Through extensive^ ' qualification tests the characterization of the candi-
date alloys have been made with special emphasis placed on the creep-rupture strength both in
air and HTR helium. Most candidate alloys listed in Table 4 showed attractive features either
in its fabricability, corrosion resistance or creep strength. The results of evaluation will be
mentioned later.
Other experimental alloys:

Fundamental works have been made in JAERI to enhance certain specific properties of Ni- or
Fe-base alloys more generically. Those involve improvement of resistance to oxidation, carbu-
rization and/or neutron irradiation embrittlement specific to the HTR system.

4. Results of R and D works and critical problems.

4-1 Topics in JAERI Program on Hastelloy X and XR.
A series of comprehensive qualification tests have been conducted on several heats of

Hastelloy X and -XR by JAERI, the contracted industrial companies and ERANS. The followinqs
cover the findings obtained by the works done at JAERI;

(a) Corrosion and the related material transport.
Heatelloy X showed resistance better than most other commercial alloys, but suffered from

some extent of intergranular attack and internal oxidation. The modified alloy XR does not show
appreciable susceptibility to such a type of attack and formed continuous oxide film up to 1000 °C
in most helium environments including those shown in Table 2. The kinetics of Cr-depletion was

/g\
parabolically dependent on time*1 ', which was confirmed up to 6000 hours at temperatures max-
imam 1000 °C. The rate constants obtained for representative heats are shown in Fig.4. The
obtained enhanced resistance of Hastelloy XR was known to be due mainly to the double layer for-
mation described previously. There was a systematic relationship between the Mn content of
the alloy and the oxidation resistance as illustrated in Fig.5^9'. The similar approach has
been made to optimize the contents of Sv ' and Al^ 'in establishing the final specification.
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The effectiveness of the protection with Mn-Cr spinel oxide in Hastelloy XR was confirmed
to last for rather long durations.

(12)The results of the neutron activation analysisv ' of the surface oxide films shown in Fig.
6 have provided an answer partly to the suspicion that the known high vapor pressure of Mn may
cause its rapid loss through evaporation. The spinel oxide is considered to be fairly stable.
The increased accuracy of the corrosion measurements made it possible to evaluate the extent
of material loss via evaporation process^ '. Figure 7 shows typical results on the effect of
temperature and alloy composition in which weight change due to carbon transfer was also taken
into account. Evaporation loss becomes considerable level at temperatures above 950 °C. The
higher Mn content in Hastelloy XR is reflected to somewhat increased Mn evaporation but more
important loss of Cr seems to be protected with the sacrifice of Mn from the spinel layer up to
1000 °C.

Effect of mechanical finishing that the materials might encounter in the assembling stage
was tested"-'. Comparatively light abrasions such as the ordinary grinder finishing were
seen to be either free of harm or even benefitial to corrosion resistance, while strong cold
work such as shot-flaot finishing showed disruptive effect as illustrated in Fig.8.

The amount of Co incorporated in the loose corrosion products released by exposure under
severe temperature cycles was found^ ' to be strongly'dependent on some minor element contents
as shown in Fig.9. The appreciable amount of Co found in the oxide powder from the commercial
heat of Hastelloy X was due mainly to its content of Al, which caused incorporation of metal
particles through enhancing intergranular attack. The release rate was dramatically supressed
by improving the corrosion resistance of the alloy.

The problem of carburization has been recognized to be of more importance among the autho-
iti£S. The author agrees to such aspect. This subject, however, seems to need some careful
approach and objective fact-finding before getting into a definitive discussion due to the rea-
son described later.

(b) Creep and creep rupture properties.
Contrary to the standardized creep tests, in which any environmental effects are purposely

avoided, the tests in the simulated service environment must be designed to reflect or even ex-
aggerate the effect of environment. As illustrated earlier in Fig.3, the influence of the spec-
imen geometry was attributed almost entirely to the effect of environment. More well-defined
tests^ ' were conducted to confirm this aspect. The results as illustrated in Fig.10 demon-
strate more consistently the stated influence on the steady state creep rate. The same was true
for the time to rupture. The exact mechanism of the acceleration in the smaller diameter spec-
imens are not know yet. The analytical linear summation modeP ' of the parallel loading on
Cr-depleted and the central intact zones in a single specimen did not lead to a reasonable
interpretation.

Though creep and creep-rupture tests on some heats of Hastenoy XR are in progress. As
(181illustrated in Fig.11 the alloys with improved corrosion resistance generally have shown

stable resistance at lower stress levels where test duration is prolonged. The observed trend
simply interpreted as the results of retarded degradation in the better protected material as
can be seen in the comparison of the structural changes in creep tested specimens shown in Fig.
12(19).

(c) Fatigue and cyclic crack growth.
Works on fatigue have been conducted mainly on the subject on crack growth under creep-

fatigue interacting range. Preliminary foundation^ ' on the methodology of the fracture-

-4-



mechanical analyses have led to conclude that either of the stress intensity factor range Ak,

the J integral range, AJ or the modified J-integral, j was reasonably applicable to the system-
atic description of the results depending on the test conditions employed as shown in Table 5.
The mode of cracking was classified in two, based on the apparent fractographic features.

The effect of the HTR helium environment has been the present concern. In the comparative
(21)analyses1 ' of the results obtained in air and the helium environments, no essentialy difference

was noted at 750 °C when the stress ratio was zero, while with R = 0.5 and 1 the trend of in-
creased crack opening displacement (COD) became apparent in helium. At higher temperatures
such as 900 °C, the trend became more apparent for all stress ratios employed. A typical
crack growth rate analysis for both environments is illustrated in Fig.13, in whicn the trend
of enhanced crack growth rate in helium is seen as decreasing j at 900 °C.

Strain-controlled fatigue tests in HTR helium are underway at temperatures up to 900 °C.
(d) Microstructural stability and age-embrittlement.
Like many other Ni-base heat resistant alloys, Hastelloy X and XR show a tendency of loos-

ing room temperature ductility and toughness after prolonged heating at intermediate tempera-
tures. The main cause of the behavior is believed to be related with the morphology of carbides

(29)
formed on grain boundaries. Either thermal cycling^ ' across the carbide precipitation temper-

f 23}atures or application of tensile stresses^ ' has been found to cause somewhat increased loss of
(24)ductility. Figure 14* ' illustrates one of the most pessimistic cases. Detailed analysis of

the fracture surfaces using Auaer spectroscopy is in progress in which the roles of carbide for-
(25)mation and the effect of minor elements in the alloy are investigated* '. Table 6 illustrates

the preliminary results of the analysis.
(e) Neutron irradiation effects.
Metals to be used in sheathing of the neutron absorbing material needs to have reasonable

resistance to the irradiation-induced embrittlement. Figure 15 illustrates a typical example

in creep*"^. The tests were made to estimate the life of the in-core component of the

in-pile loop, OGL-1.

Some structural components to be used, if any, at the regions where less but substantial

thermal neutron irradiation is expected, may also need a critical survey on their integrity

during long service duration.

The major mechanism of the embrittlent expected is the grain boundary cracking due to heli-

um generated through nuclear transmutations by thermal neutrons, I OB(n-<x)7Li [for fluence up

to about 1020 n/cm2] andsaNi (n.Y)S9Ni(n.a)ssFe [for fluence above about 1020 n/cm2]. The thresh-

old fluence to cause appreciable ductility loss has been known to be dependent on the deforma-

tion temperature. The results shown in Fig.16 were obtaind in the post irradiation tensile
(27)tests* ' on Hastelloy X with rather low boron content (3.4 ppm) plotted as a function of thermal

neutron fluence. Very low threshold fluence as well as the severe loss of ductility at higher

fluences are the cases for very high temperature applications. Dependence of such embrittlement

on the Ni content of alloys has been demonstrated, and several alternative candidates have been
128)selected from Fe-base alloys* .

(21
4-2 Qualification of the new alloys in the ERANS Program* '.

Through qualification testing of the candidate alloys ERANS Program has selected the alloys

113 MA and KSN for intermediate heat exchangers and 113 M and R4286 for reducing gas heaters{Table 7)

The R and D items that have been referred to for the evaluation were as the followings;

(1) Creep and rupture properties in air, HTR helium and reducing gas, (2) resistance to high

temperature corrosion, (3) resistance to hydrogen permeation, (4) weldability, (5) high
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temperature short time tensile properties,(6) high temperature fatigue resistance,(7) response
to creep-fatigue interactions, (8) formability (9) resistance to carburization (10) thermal
conductivity (11) applicability of surface treatment and (12) high temperature shock resistance.

The prime target property of the creep rupture strength achieved, particularly in the heli-
um environments, by the selected candidates is considered to be the highest of the known alloys
that are readily formable to the heat exchanger tubes on mass-production basis. As representa-
tive examples the creep-rupture test results of the best appreciated alloy, 113 MA, are compiled

in Fig.17^.
The knowledge and art accumulated in the ERANS program will be extended and utilized in the

VHTR development program as well as in the direct steel-making technology in general.

5. Discussion on the basic methodology

As the major parts of R and D activities on the high temperature structural material may
lie in the material qualification tests using the simulated HTR environments, more positive
standardization of the test methodology is believed to be one of the most important prerequisites
to the establishment of technical basis.

In addition to the arguement concerning reasoning of the nominal compositions and their
thermodynamic considerations, a more primitive but important question must be set as "have

those tests been done with insured local chemistry of the test environment?" As stated earli-
er, keeping the tests sections nearly in inert conditions is required, and for that purpose,
most containment or holders must be properly arranged if the test temperatures are at
800 °C.

Tests under very close control of the impurity composition at the inlet and outlet of the
(291test sections, which were made of quartz only, gave the following results^ '. The analysis of

the specimens after exposure showed a trend of carburization at lower temperatures and decarbuza-
tion at higher temperatures as illustrated in Fig.18. The trend was nearly common to the two
different types of gases used. The similar observation had also been made by other workers^ 'on

Inconel 617 tested in ERANS No.2 and PNP helium environments by using inert test sections.
if

The decarburization observed in the tests of the Japanese programs at 1000°C are now inter-

preted as beinq due not to the peculiarity in the gas specification. Strong carburization that
may occur in the simulated helium environments can be due to the specifid gas composition in some

cases, but, at the same time, experimenters are suggested to exercise a careful checking of their

actual test conditions about the ratio of the reactant supply to the total surface reactions

occurring at the hot zones of the test system. Any exessive expenditure of oome impurity con-

stituent may cause reactions entirely different from what were expected from the nominal con-

ditions in the case of helium. The trend of porous oxide formation and carburization under re-

tarded supply of reactant can be reproduced by an artificial crevice. Figure 19 was drawn from

a systematic study^ ' on the effect of crevice geometry on the oxidation and carburization of

alloys in simulated HTR environment. Under the inner crevice condition where oxidizing imouri-

ties' were depleted and only carbon-bearing species with hydrogen remains, strong carburization

and metal evaporation had occured via the porous oxide.

We should know, at any rate, the most reasonable gas composition that may be within the

actual VHTR. From material's integrity point of view, there certainly will be some ranges of

impurity compositions where the existing engineering alloys may hardly stand for long time ser-

vice. The system designer should purposely avoid the possibility of having such system, and for
which the material reserch must supply working informations.

* Note; Decarburization has been consistently observed by several workers in some given
combinations of material-environment-temperature. Arguement on this aubject should
be clearly classified in at least two major categories; ie. (i) consistency of the
nominal environment chemistry and the resultant material behaviour and (ii) optimizing
impurity specifications to simulate the actual service environment. The present
discussion deals with the category (i). The arguement on (ii) may need to be made
on the basis of predictability of the long term performance by acclerated tests.



6. Summary

Based on the interim stage results on the R and D of high temperature materials development
in Japan, a state of art was presented on both the first generation materials for the near-term

plans, and on the highly potentialized new superalloys developed for the subsequent heat-

utilization stages. In the concluding discussion, the necessity of establishing a reasonable

common methodology basis was pointed out on conducting tests in well-defined environment con-

ditions.
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Table 1 Outlines of metal R&D programs at JAERI
and ERANS.

PRIME OBJECTS

MATERIALS

RESEARCH SITES

JAERI (I97T-)

1. modification of current
materials.

2. exploratory works on
adoptability of alloys to
HTR systems.

3. qualification tests for
structual design data base
for Experimental VHTR.

Hastelloy X and XR,

Experimental "H-base alloys
for structual uses,

Experimental Fe-based alloys
for core uses.

JAERI-Tokal Research Estab-
lishment.

ERANS (1973-1980)

1. development of new super-
alloys with targetted
properties.

2. qualification tests for
property assurance and alloy
selection for IHX and
reducing gas heater.

5 candidates of 1973 proposal,

6 candidates of 1975 proposal,

Inconel 617 and Hastelloy XR.

National Research Institute
of Metals, Tsukuba-branch.

and
Laboratories in Industrial
Participant Companies.

Table 2 Impurity specification of test environments
established in different organizations.

(uatm)
• — — -Jjngur i ti es

Spec. — -^__
JAERI - type B
ERANS - number 2
German PNP

H2

200

300

500

H20

1

3

<2

CO

100

100

20

co2

2
1
1

CH,

5
4

20

N2

<5

<5

5 ~ 7

Table 3 Guecification of Hastelloy X and Hastelloy XR,
tne alloy modified for HTR applications.

( W f )

AMS standard
for Hastelloy X

Recommended XR
for HTR appl ication

Max.
Mm.

Target

Max.

Examole of an optimum case

C

0.15

0.05

O.U/

0.15

0.07

Mn

1.00

-

X).6

1.30

1.30

Si

1.00

-

0.3/0.5

0.50

0.40

0

0.040

-
LAP

0.040

0.002

S

0.030

-

LAP

0.030

0.005

Cr

23.00

20.50

*

23.00

23.00

Co

2.50

0.5

LAP

1.00

0.02

Mo

10.00

8.00

*•

10.00

10.00

W

1 00

0.20

*

1.00

1.00

Fe

20.00

17 00

*

20.00

20.00

3

0.010

-
»»

0.010

0.010

til
bal .

-

bal .

bal.

bal.

Al
.

-

LAP

0.10

0.03

Ti

-

-

LAP

0.03

0.01

key: Lowest as possible, -: No Designation «• Same as Hastelloy X **: For uses at vicinity of core
B<0.1 ppm.



Table 4 Chemical compositions of superalloys
developed by ERANS for VHTR applications.

( wtS )

Alloy

NSC-1

SZ

KSN

SSS113MA

RS-513

MA-X7

R4286

C

0.06

0.03

0.02

0.02

0.20

0.08

0.05

Ni

bal.

bal.

bal.

bal.

30

bal.

bal.

Cr

18.0

27.0

16.0

23.0

20.0

20.0

18.0

Mo

0.50

5.5

-

-

3.0

-

4.0

W

15.0

S. 5

26.0

18.0

1.0

20.0

6.0

Mb

-

-

0.4

-

1.0

-

-

Others
-

-

-

-

-

-

10.0Co,2.0Al ,2.5Ti

Table 5 Classification of the modes of cracking
observed in fatigue tests of Hastelloy X
in air under constant da/dt (3.7Kg/mnr-sec)
and varied stress ratio.

Table 6

Fracture mode and carbide morphology in
fracture surfaces of Hastelloy X observed
aftsr tensile and Charpy impact tests after
aging.

>̂

750°C

900°C

0

F
da/dN-AK
da/dN-AJ

F-»C

-»da/dt-j

0.5

F
da/dN-AJ

C

da/dt-J

0.7

F-»C
-»da/dt-J

C

da/dt-J

1

C
da/dt-J

C

da/dt-J

Temperature of Nose
t n TTO Curves

Precipitates

Fracture
Surface

Type of
Failure

(Precipitates
Morphology)

Major
Constituents

(Detected)

900-1000°C

M6C

Intergranular
(Blocky)

Transgranular
(Wldmannstätten)

Mo

750-850°C

M23C6 ' M6C'

Intergranular
(Nodular)

Cr , Mo

key: F: fatigue type cracking
C: creep type cracking
R: stress ratio
a: crack length
t: time
N: number of cycle
K: stress intensity factor
J: J-integral
j: modified J-integral
T: temperature

Table 7 Creep-rupture strength of selected ERANS
superalloys and Inconel 617 extrapolated
to 50,000 hr at 1000°C.

(Kgf/mm2)

^̂ —̂ __
in Air

in
Helium

Lars on -Mi Her
method

Extrapolation
method

Extrapolation
method

KSN

1.37

1.28

1.13

113MA

1.33

1.11

1.20

R4286

1.32

1.27

0.97

Inconel
617

1.02

0.88

-
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X

20-

15

10

1000°C

H-X
(1.01Co,0.60Mn,0.42Al)

H-XR
(0.008Co,0.65Mn,

O.OZAT

H - X R
(0.04Co,0.88Mn,

E
03

CO
CO

. . 6,mn<j JAERI-B Helium
, , 3mm <£

H-XR(Heat-0)Tube
900°C

1000 2000 3000 4000 5000

ACCUMULATED TIME OF EXPOSURE , hr

Fig. 9
Influence of minor element contents in alloys
on the incorporation of Co in loose corrosion
products formed in JAERI-8 helium.
Determination was made by neutron activation
analysis.

u- a- !„•' p

STEADY STATE CREEP RATE. % hr1

Fig. 10

Influence of the specimen diameter on the
secondary creep rate in JAERI-8 helium.

. Bar

COoo

CO

800°C
,

«* I-* ••* % "
T "

at- B ) • ^

— H-XR(Heat-O) X
JAERI-B Helium X

• - - - H -X (Hea t -A )
Upper bound in air "~*

'0

Fig. 11

50 100 000 10(10 5000 10000

TIME TO RUPTURE, Hr

FXRtHeat-O) „i/̂ - -v^3U"£ä

Fig. 12

JAERI-B Helium
o = 5 kg /mm2

Trend of creep-rupture of Hastelloy XR
in JAERI-8 helium. Effect of modification
in corrosion resistance is appearing in
long-term performances.

Cross-sectional views of the near-surface
regions of two alloys after creep tests
in JAERI-8 helium.
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TIME TO RUPTURE , hr

Fig. 17 Creep rupture test results of alloy 113MA,
one of the best performed candidate mate-
rials in the ERANS developmental superalloys.
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Interaction of the alloys and carbon-bearing
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of temperature.

10 15 20
CREVICE PENETRATION , cm

Z5

Fig. 19 Typical variations in the trends of oxida-
tion and carburization occuring within
a narrow crevice exposed to flowing JAERI-8
helium.
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Th. Honsau

Ministerium für Wirtschaft, Mittelstand und, Verkehr (H'.vTiV)

des Landes Hordrhein-V/estfalen, Germany

* \ -

1. Introduction

The state North-Rhine/Westphalia is the center of
energy in the Federal Republic of Germany, which disposes
of great domestic resources of lignite and hard coal. It
is this state government's long-term objective to save

the futural supply of energy, based on these domestic
resources, and to become more independent of imports of

energy. It is aspired to supply in future such economical
sectors, which are until now absolutely dependent on
imported oil and gas, with synthetic mineral oil products
or.synthetic natural gas, both based on coal.

Therefore the Minister for economics, snail business and
transport (M'.7MV) promotes in the so called "Technology
Programme Energy" new technologies of gasification and
liquefaction of coal. Since also the coal resources of
Germany are limited, the state Government of North-Rhine/
Westphalia is high interested in the High Temperature Gas
Cooled Reactor-Technology, because this type of reactor
is not only suitable for power generation, but has in
addition the potential to use it for generation of process
heat at that high temperature level, which is nescary for
gasification of lignite and hard coal. It is expected, that
this method - gasification of coal with nuclear process heat

-2-



compared with the autothernal methods. The stats ^cverhrnenb,
*

represented by Mv.TlY ar.c1 trie Federal government, represented

cy the federal 'linisrer for llesnarch and Technolo";/ - 5rI?T,

are sponsoring; together the erection of the first de:r.oriStrn.tio

plant THTR-300, which is, 3-5 knov/n, a pebble-bed reacbor for

power operation, and the development-project "Prototype

Ilsnt for generation of liuclsar i-'rocess heat (PHP)".

2. Organisation of HTH-Develo-^nent

The erection of the demonstration plant TKTit is sponsored

in comaon; tria tasks within the pro.ject nuclear process heat

are distributed between Federation anc stiabe.

The partial subjects are promoted and carried out in the

responsibility of the respectively competent sponsor, but

on the basis of mutual agreement and in a organization which

is described later.

HTR-Development '
(Planning. R &D)

BMFT

PNP

MWMV

PNP

Planning

of Total System

/

Fuel» Graphite

R & D

Hydrating Coal

Gasif ication

( H K V )

Steam Gasif icat ion

of Coal

( W K V )

Reactor Safety

Direct Program R&D

Nuclear Heat System
IMWS)

R & D

Fuel« Graphite

Additiona' R&D

Metallic • Ceramic

Materials

R&D

Helium Loop

( K V K )

RS.D for Components

of Primary He-Loop

-3-



_ **i —•

The Federal Minister of Research and Technology is
responsible for: Planning of the total plant-system,
development of fuel elements and graphite, the gasification
technologies, such as hydrogenating gasification of coal,
especially lignite, .and the steangasification of hare, coal,
finally the items in the reactor safety programme.

The state of North-Rhine///estphalia has undertaken to
promote the r Si d of the nuclear heat system, including
the primary components for a process-heat-reactor,
additional r & d in subsections of fuel elements and
graphite, the metallic and ceramic materials programme
and the helium test loop for testing of components, such
as helium-helium intermediate heat exchanger, steam

reformer, hot gas ducts and hot gas valves.

The cooperation between promoters and the concerned industrial
firms and the nuclear research center is organized as the

following figure shows.
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Specialists of. the particular subjects cooperate ir. the

working groups and discuss in periodical meetings the

present problems and experimental details.

The tasks, which are-discussed in the working groups, are

supervised and coordinated by a r i d-association consisting

of one manager of each partner and a coordination staff,

advised by a Consulting Committee.

Representatives of the sponsors MWMV and Bri?T are invited

to the meetings of the working groups, the r & d-coznmittee

of the association and the consulting committee.

3. Metallic Materials

The realization of the projected Prototype Plant for Nuclear

Process Heat requires large efforts during the next 5-7 years,

In the development programme the metallic materials testing

and developing programme represents one critical path:

without availability of suitable high temperature alloys

no prototype plant is able to be built.

The components of the primary circuit are integrated in

a concrete vessel and are working in a helium-gas atmosphere

leaving the reactor-core with a temperature of about 950 C.

In one loop, the gasification with steam, a helium-helium

intermediabe heat exchanger is necessary, in the other loop

for hydrogasification of lignite the steamreformer is heated

directly. The requirements to the materials are dependent on

the reactor conditions, some of them are now mentioned.
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The geometrie of He-He-exchanger tubes is characterized

of thin walls and a diameter of about 25 mm, the one of

the steam reformer is more than 1-10 ram in diameter and

15 nun wall thickness.

* J _

The helium-gas pressure will be about''40 bar, but will -

not differ very much in the several gas loops, the primary

stresses in the heat exchanging components will be near

5 N/mnr under normal conditions, and. the temperatures are

950° C in the IHX and 900° C in the walls of the steam-

reformer.

Small impurities in the cooling gas helium are responsible

to a corrosion influence on the metal, which may lead to

important effects on mechanic properties.

Also the composition of the process-gas has an influence

of corrosion on the materials.

The objectives of the high-temperature metallic materials

programme are - based on commercial alloys - finding out

qualified data of the chemical, physical and mechanical

behaviour and. properties of the high temperature superalloys

and developing these alloys.

The programme will be carried out in three partial programmes

- basic programme

- screening programme

- alloy development programme.

All participants of the metallic material programme are shown

in the following table:

-S-



Participants of the metallic material program

MWMV

GHT

MFI

TEW

HTMP

EG

/BBC

Fl

EW

IR

-

R5W/UKW

DECHEMA

MPI

ÖSGAE

H U K E M / M A H

-

K FA

ÖSGAE

GA.GE.ORN'L

JAERI

You find all partners of the HTF-Froject: nuclear research,

center, coal companies and the reacbor engeneering companies,

and in addition steel making companies, universities and

other research, institutions.

In the basic -programme commercially available alloys on

a iron and nickel base came into consideration and, in

order to qualify the alloys, specific investigations have

been done.

The alloys have been qualified according to the following
criteria:
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- manufacturability

- mechanical characteristics

- deformability

- vreldability ! -

- high, temperature corrosion behaviour

Nearly parallel to this programme, a screening programme
y\adL beeing started. A lot of commercial or slightly sodifie
alloys (about 4-0) are besing tested to

- corrosion behaviour
in air, FNF-helium and process-gas-atmosphere
at temperatures up to 1000° C (Oxidation,
Carburisation)

- structure stability
fracture strain, crack propagation

- creep rupture strength
time yield limit, creep rupture, creep resistanc

- fatigue behaviour
low cycle fatigue, high cycle fatigue

t

The objectives of the alloy develo-oing pro-ramme are furthei
development or modification of commercial alloys by optimizi
of their chemical composition or their metallurgical treatise
The aims are to get a better corrosion resistance of the
alloys in FNF-heliun. and the process-gas-atmosphere, but
with a tensile strength as high as the best commercial allo;;
Hastelloy X and Inconel 61?.

-3-



'./e hope that for example insignifant variations of alloy
components or using other elements, ;tfhich ars able to
generate dense protectin3 surface layers lead to a "better

corrosion behaviour.

! -.

Subsequently it is aspired to increase'' the tensile properties
of alloys which, have a good corrosion resistance.

Additional activities are necessary in this programme to
qualify alloys for use in reactor components, for instance:

- Tests and developments of the irradiation resistance of
control rod materials, which are very close to the reactor
core and therefore are in the influence of high neutron flux.

- As known, the most high temperature materials are containing

Cobalt. Investigations and calculations were done, it is
expected, that it is possible to reduce the neutron flux in
the place of components up to an undangerous limit.

- Studies of wear and selfwelding are to be done.

- with regard to the licence procedure methods of
nondestructive testing of materials have to be developed.

- In addition to the above mentioned protection layers in order
to get better corrosion behaviour protection layers are

/
. necessary to reduce the permeation of Hydrogen or Tritium

through the xvalls of the heat exchanging components.

The performence of all tasks in the metallic materials programm
is distributed on all participants: each of thgvn. has activities
in parts of his interest or'Special possibilities, for example:

-9-



The coal companies investigate the behaviour in the
proce.3s-£;aG-ntmo£phere , the reactor engineering companies
c?nc the nuclear research center take part; in the examination
of properties of materials in the primary circuit atmosphere ,
the ?!TI-helium; the steel moving companies carry out the
superalloy developing programme, HG3£G and KAN are developing
the protection surface layers to reduce permeation.

At the end I want to summarize our impression of the
up to know achieved results of the high temperature materials
programme :

Under the requirements of the construction heat exchanging
components are able to be built with well known alloys
for a lifetime of about 50COO hours, that is, in a prototype

plant the heat exchanging components shall be changed after

5- 7 years .

From the results of developing programme and of some
examinations of commercial alloys we hope, that in a few-
years also alloys are available which have a lifetime of
13 years or more.
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CURRENT STATUS OF STUDIES OF MATERIALS,
FOR THE HTGR AT GENERAL ATOMIC COMPANY'

by

D. I. Roberts

General Atomic Company
San Diego, California, U.S .A.

ABSTRACT

Materials programs currently under way at General Atomic Company (GA)
provide data needed to support the design of the process steam cogeneration
high-temperature gas-cooled reactor (HTGR) (average core outlet temperature
7̂00°C) and the higher-temperature versions of the HTGR (average core_out-
let temperature 850°-950°C). The studies focus upon resolving materials
issues associated with primary coolant components, particularly those that
operate at the highest temperature, such as the thermal barrier and heat
exchangers. The GA program is complementary to HTGR materials programs at
General Electric Company and Oak Ridge National Laboratory and includes work
on ceramic and metallic materials. The work on metals comprises determin-
ation of fatigue and creep-fatigue of Alloy 800H and Inconel 617, thermal
aging behavior of these alloys and the cast-nickel-base superalloys, fric-
tion wear and fretting behavior of metals and coatings, welding behavior,
and properties of welds in several high-temperature alloys. A large effort
is directed at studying the effects of HTGR helium on the properties and
-behavior of a wide variety of alloys. This includes evaluation of the
effects of carburization and investigation of means of controlling or
mitigating carburization using coatings, cladding, environmental modifica-
.tions, or new alloys. The status of these programs is reviewed and future
./directions highlighted.

INTRODUCTION

Construction of high-temperature-gas-cooled reactors (HTGRs) in the
U.S. has been confined to date to steam cycle versions (HTGR-SC) for elec-
tric power generation. The Peach Bottom 40-MW(e) prototype HTGR provided
1.38 x 10^ MW(e)h of electrical power to the grid of the Philadelphia
Electric Company during the 7 years between reactor startup in January 1967

Work supported in part by Department of Energy Contract DE-AT03-76ET35301



and plant decommissioning in October 1974. The Fort St. Vrain 330-MW(e)
demonstration HTGR commenced power generation in December 1976 and, to
date, has generated over 2 x 10^ MW(e)h of electricity for the Public
Service Company of Colorado.

Since the early 1970s, there has been an increasing interest in the
U.S., Germany, and Japan in also utilizing the potential of these reactor
systems in other configurations in which the system's high primary coolant
temperature capability can either be employed to obtain additional economic
benefits from increased efficiency or be applied to chemical processes.
Interest in the U.S. has centered upon a version of the HTGR which features
a gas turbine in the primary loop (HTGR-GT) and versions in which the reac-
tor is used to generate high-temperature process heat (HTGR-PH) or moderate-
tempera/ture steam (HTGR-PS/C) for chemical process and synfuel applications.
Table 1 lists the various reactor systems.

All versions of the HTGR designed by General Atomic Company (GA) are
of generally similar configuration, featuring a multicavity prestressed
concrete reactor pressure vessel (PCRV) which houses the components of the
primary coolant system. Figure 1 shows a typical layout of a steam-
generating version of the plant, and Fig. 2 presents a schematic flow
diagram. In the process heat version of the HTGR, an intermediate heat
exchanger is used in place of the primary loop steam generator. In the
gas turbine version, the turbine may be located either directly in the pri-
mary coolant loop or external to the primary loop, in a secondary loop.
Table 2 lists some of the principal candidate materials for the higher-
temperature components in these systems.

The broad range of materials and temperatures used in the alternate
versions of this system has created a number of materials challenges, which
are reflected in the programs currently under way at the laboratories par-
ticipating in the U.S. HTGR program. This paper presents a brief summary
of the status of some of the materials studies under way at GA.

PROGRAM OVERVIEW

The materials program at GA is characterized by the following features:

1. The program is exclusively aimed at finding solutions to the
issues associated with the materials for the components of the
primary circuit. (However, some of these issues may also be
reported in secondary or tertiary circuit applications.) Table 2
lists some of the candidate materials.

2. The major emphasis of the program is on solving the issues
associated with the highest-temperature components. As a result,
considerable importance is placed on determining the influence of
the primary coolant environment on materials behavior.

3. The program is strongly influenced by ASME Boiler and Pressure
Vessel Code requirements, particularly those in Code Case N47.
Thus, stress is placed on the development of fatigue, creep, and



creep-fatigue relationships and other mechanical property
characteristics required for finite element design and analysis
at high temperatures.

Table 3 gives the major issues being addressed in the program. It
can be seen from Table 3 that a significant fraction of the GA effort
focuses on ceramic materials. However, since the emphasis of this con-
ference is on metallic materials, this paper highlights key work on
metals only.

HTGR HELIUM EFFECTS

One of the unique features of the HTGR is its use of high-pressure
helium for primary cooling. There are, of course, practical limits to the
purity obtainable in the primary coolant helium, and operating experience
has shown that trace impurities will always be present. Corrosion of the
construction materials by the primary coolant gas depends upon the nature
of these impurities in the gas and the levels at which they are present.

Experience and analyses over the last 20 yr indicate that the key
features of the impurities influencing the properties of the materials are
the oxidizing and carbonizing potentials of the gas. A range of possible
environments that may occur in one or more versions of the HTGR has been
identified. Reference 1 describes work performed at GA in various environ-
ments, and Table 4 shows the impurity levels that may be expected in the
primary coolant of four versions of the HTGR. These environments span a
range of conditions such that carburization, decarburization, and oxidation
behavior can be expected as a function of material, gas chemistry, and
temperature.

Approximate thermodynaraic maps of the regimes that may occur in these
environments if the presence of methane is ignored have been derived, and
an example is shown in Fig. 3 (Ref. 2). Experimental evidence indicates
that these maps describe behavior in simulated HTGR helium moderately well
at lower temperatures (below ̂ 750°C), where the methane present in the gas
seems to have little influence on behavior. The maps are less valid at
higher temperatures, where the growing instability of the methane present
in the primary coolant gas becomes a more important carburization factor.
These maps suggest that decarburization of low-alloy steels such as 2-1/4Cr -
1Mo -night be expected in some gas mixtures, and indeed, experimental
evidence has shown this to be so (Fig. 4).

In high-alloy materials containing larger amounts of chromium, marked
carburization is observed at higher temperatures in some of these environ-
ments. Figure 5 shows the carburization depths predicted as a function of
temperature in various alloys after exposure to relatively carburizing sim-
ulated HTGR helium. The wrought high-temperature alloys containing chromium
can carburize rapidly in HTGR helium at temperatures above 'WOO0 to 800°C.
The cast-nickel-base superalloys, on the other hand, exhibit much greater
resistance to carbon uptake.



As indicated in Ref. 1 , it is well known that carburization rates
in wrought, high-temperature alloys are strongly influenced by the precise
nature and amount of impurity gases in the test environment. In particular,
oxygen potential is a key factor. However, the influence of all environ-
mental variables on carburization rate is not well understood; as a result,
a program is under way at GA in which all key impurity species are varied
in a systematic and parametric fashion. This program, which is a joint
U.S./Federal Republic of Germany (FRG) activity, has already yielded several
interesting results (Ref. 3). Figure 6 shows an example of one of the more
surprising results of a series of tests in which methane was parametrically
varied. Inconel 617 exposed at 900°C to environments containing 1 and 5 Pa
CH, showed significant carburization. However, the same alloy exposed to
10 Pa CH, exhibited no carburization and a thin, adherent oxide film con-
taining aluminum. The exact cause of this phenomenon is not fully under-
stood; however, the results do suggest that benign regimes may exist within
the permissible range of primary coolant impurities.

EFFECT OF HELIUM ON CREEP AND RUPTURE

It is essential for the design of high-temperature equipment to have
accurate knowledge of the creep and rupture behavior of candidate materials
and the influence of the environment on these behaviors. Generation of
such data has long been an important part of the GA program, and two major
programs have been conducted. One involved a collaborative U.S./FRG/Dragon/
High-Temperature Materials Program/Central Institute for Industrial Research
(CIIR) program initiated in 1975 in which GA-supplied materials were exposed
in the CIIR KTGR-helium loops, with and without creep stress, to helium
which approximated the expected chemistry of an HTGR-GT or HTGR-PH. After
exposure for up to 35,000 h, the specimens were returned to GA, where
detailed diagnostic evaluations were performed. The most recent specimens
from this program, which is now complete, are still undergoing study. How-
ever, analyses of earlier specimens (Ref. 4) revealed the following:

1. In general, the presence of creep stress did not appear to
accelerate environmental interactions.

2. Creep rates in helium were generally similar to those of
companion specimens in air.

3. The data provided some of the earliest evidence of severe
carburization.

Other programs have been performed at GA. These involved creep-
rupture testing in helium more representative of an HTGR-SC plant (Ref. 5)
and, more recently, creep rupture in helium more typical of that expected
in an HTGR-GT/PH. The results of the tests in HTGR-SC helium revealed the
following:

1. In general, the rupture strength of material tested in helium
was within the scatter band for material tested in air (Fig. 7) .
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2. Comparison of individual air and helium creep curves from the
same heat of material indicated that rupture life was generally
shorter in helium (Fig. 8).

3. Specimen size (diameter) had a significant influence on material
life in the helium environment (Fig. 9).

4. Mild carburization was observed in specimens tested in helium
at the highest temperatures.

Work is currently under way to examine the influence of helium more
typical of that expected in the HTGR-GT/PH on alloys such as Alloy 800H,
Hastelloy X, Incoloy 713LC, etc. The effect of precarburization on the
creep behavior of these materials under such conditions is also being
evaluated.

FATIGUE AND CREEP-FATIGUE

The work on fatigue and creep-fatigue is being performed mainly on
Alloy 800H and Inconel 617. Table 5 shows the principal variables under
study. The tests normally employ parallel-section (as opposed to hourglass)
specimens with axial extensometers. This permits accurate testing at the
small strain ranges which are relevant to the design of reactor components.

An important aspect of this work is determination of the influence of
the environment on fatigue and creep-fatigue properties. Figure 10 shows
typical results which illustrate the influence of air, HTGR helium, and
vacuum on the continuous cycling fatigue behavior of Alloy 800H at 650°C.
As expected, cyclic lifetime is improved in vacuum and in HTGR helium com-
pared with air. This is also observed at other temperatures and with
other alloys.

This benign influence of HTGR helium is not surprising in view of the
relatively short duration of fatigue tests of this type. The data do not,
however, model the possible influence of long-time exposure in helium on
properties. Hence, testing is currently under way to evaluate the fatigue
behavior of Alloy 800H and Inconel 617 after precarburization to simulate
the possible effect of long-time exposure to primary coolant helium.

The GA program is also concerned with characterizing the interaction
of creep and fatigue in Alloy 800H and Inconel 617. The nature of this
work and its design significance are reviewed in Ref. 6.

FRACTURE TOUGHNESS

One expected influence of carburization on the properties of alloys
is that it reduces toughness. To determine the limits of these effects
and develop data with which a designer may assess component integrity, a
fracture toughness characterization program is being performed at GA. The
emphasis of this program is on determining the influence of carburization
on ductility and toughness. To perform such evaluations, it is necessary
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to precarburize material using accelerated procedures. Such procedures
have been developed for Alloy 800H, Inconel 617, and Hastelloy X. The
properties of each material with and without carburization were compared.
Figure 11 shows typical data on the tensile ductility of Hastelloy X at
room temperature as a function of the extent of specimen cross sections
carburized. There is a severely embrittling effect of carburization in
this class of alloy.

THERMAL AGING

Materials used at elevated temperatures are, of course, subjected to
changes of properties, including embrittlement, as a result of thermal
exposure. Evaluation of this behavior is an important complement to the
fracture toughness program, and much work has been performed in this area
at GA over the past 10 yr. The major focus of the effort has been on the
wrought, high-temperature alloys such as Inconel 625, Alloy 800H, Hastelloy
X, Inconel 617, and Hastelloy S. Aging is performed at temperatures in the
range 538° to 900°C and aging times of up to 30,000 h.

Early data from Inconel 625 (Ref. 8) and Hastelloy S showed that these
materials exhibited unacceptable thermal embrittlement, and both were
dropped from further study some years ago. Work continues on the other
alloys, with embrittlement being measured by tensile and impact tests
(including, more recently, instrumented impact tests). Figure 12 shows
the typical results obtained. The residual Charpy impact toughness of
Alloy 800H, Inconel 617, and Hastelloy X after aging for various times at
649°C can be seen, and the comparatively poor toughness of Hastelloy X is
illustrated. This poor toughness is a current concern as regards the
suitability of this alloy for certain types of uses in the HTGR.

CARBURIZATION PROTECTION COATINGS

The potentially deleterious effects of carburization on wrought alloy
candidate materials for the higher-temperature reactor systems have prompted
a search for protective coatings. Table 6 lists the coatings and cladding
being studied at GA.

The preformed oxides offer the potential for a simple means of
protection against carfaurization, and preliminary results are very encourag-
ing. For example, it has been shown (Ref. 9) that preoxidation of Hastelloy
X in air at 900°C for 10 h produces an oxide coating that is effective in
protecting against carfaurization in HTGR helium. This is illustrated in
Fig. 13, which shows the cross-sectional appearance of Hastelloy X exposed
at 900°C for 3000 h with and without a preoxidized coating.

Diffused coating methods, such as aluminizing, offer another
potentially attractive solution, and exposures in HTGR helium show that
such coatings can provide effective protection. However, a difficulty
that has been observed with these coatings (Ref. 10) is the tendency during
long-time exposure for formation of pores at the coating-substrate inter-
face (Fig. 14). These pores are believed to be Kirkendall voids, and their



formation and development can ultimately lead to coating separation.
Avoidance of such pore formation is a key goal of current research.

FRICTION AND WEAR

The need to protect sliding and faying surfaces exposed to hot
HTGR helium from wear and self-welding is well known, and much research
has been performed at GA on this issue. In recent years (Refs. 1 1 , 12),
emphasis has been focused on resolution of four main problems:

1. Spallation of coatings due to long-term exposure to HTGR helium.

2. Stick-slip (chattering) behavior of couples at slow sliding rates.

3. Fretting wear of heat exchanger tubes.

4. Qualification of coatings for use at temperatures above ̂ 800°C.

Coating spallation data are fairly well developed, and it is clear,
as illustrated in Fig. 15, that spallation tendencies can be controlled
through the use of thermodynamically stable compounds such as Cr23C6 (as
opposed to Cr3C2) applied by high-energy deposition processes such as the
D-gun method.

Data on the influence of sliding velocity on friction and wear
behavior indicate that it is an important experimental parameter (Fig. 16).
In particular, in some cases, slower sliding rates produce significantly
higher friction coefficients, and in certain circumstances, can encourage
chattering, which is an important design consideration since it is a source
of fatigue loading.

Work is currently being done on fretting behavior and qualification
of coatings for very-high-temperature applications. At present, coatings
based on stabilized Zr02 appear very promising for use at temperatures up
to 950°C.

SURFACE EVAPORATION

Evaporation is another surface phenonemon of potential importance
in very-high-temperature reactor systems. It can be particularly signifi-
cant in circumstances where metal components are subjected to relatively
high temperatures and very high helium flow velocities. Such circumstances
occur in the blading of an HTGR-GT turbomachine.

To assess the effect of evaporation, tests have been carried out at
GA in which both wrought and cast high-temperature alloy specimens were
subjected to hot (850° to 1000°C), very-high-velocity (200 to 400 m/s)
simulated HTGR helium. The results obtained to date indicate that cast-
nickel-base alloys like IN 100 exhibit excellent evaporation resistance.
However, wrought alloys like Incoloy 617, Hastelloy X, and Alloy 800H
exhibit significant chromium evanoration.



WELD PROPERTIES

It becomes increasingly difficult to find weld filler metals that
exhibit the creep and rupture strength properties of wrought base metal
as temperatures increase. Moreover, weld metals typically exhibit poorer
rupture ductility than their wrought counterparts. This is a particularly
important issue for heat exchangers used in HTGRs since welds play a key
role in these components, and detailed mechanical property data are
required for design analysis.

Tests are under way at GA to characterize the strength and ductility
properties of. weld metals used to join Inconel 617, Hastelloy X, and Alloy
800H. These tests involve all-weld metal and cross-weld tests, and the
major effort is focused on determination of creep and rupture strength.

Another issue of particular importance is the reliability of
dissimilar metal weldments such as the 2-1/4Cr - 1Mo and high-alloy
material (e.g., Alloy 800H) weld present in HTGR-SC steam generators.
Recent worldwide experience with this type of weldment at high temperatures
in fissil-fired boilers has shown that they are subject to premature fail-
ure owing to cracking of the 2-1/4Cr - 1Mo along the weld fusion line.
The factors responsible for failure are not yet fully understood, and
research into this area is currently under way at GA.

ALLOY DEVELOPMENT

Development of the ultimate potential of the HTGR by use of its very-
high-temperature capability requires heat exchangers that will reliably
operate at temperatures up to 950° to 1000°C. Economic considerations
generally indicate that heat exchangers such as the intermediate heat
exchanger must have a configuration that uses wrought alloys. The HTGR
studies performed to date indicate that most currently available wrought
alloys have insufficient strength and carburization resistance to be
effective at these high temperatures. Accordingly, an alloy development
program has been initiated at GA in conjunction with the Special Metals
Division of Allegheny Ludlam. Several experimental alloys have been devel-
oped, and preliminary mechanical property and corrosion tests have been
performed. The results obtained are very promising with respect to strength
and carburization resistance. Longer-term tests on these alloys are being
performed, and if they continue to be encouraging, larger material lots
will be made up for more detailed testing.

CURRENT STATUS AND FUTURE DIRECTION

The foregoing has provided a very brief summary of the relatively
large amount of materials work being accomplished at GA. This review is
by no means comprehensive or complete. However, the GA program, together
with programs of the other participants in the U.S. HTGR program, provides
a substantial base of technology in support of all HTGR options.
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The materials data base for the HTGR-SC/PS/C with core outlet
temperatures around 700°C is sufficient to permit selection of most major
materials of construction. The primary materials work that remains to be
done for this plant option is that required to respond to more recently
developed ASME Code and other regulatory agency requirements and those
required to support design changes which optimize plant economics.

For the HTGR-GT and HTGR-PH with a core outlet temperature of 850°C,
a more substantial amount of materials data is required. In particular,
acceptable materials coating systems must be identified to ensure the life
of intermediate heat exchanger structures; cast-nickel-base alloy thermal
barrier cover plates must be developed; wear protection coatings must be
qualified; and materials suitable for ducting blades and vanes in the
turbomachinery. must be developed and qualified.

The data available for the higher-temperature (950°C) HTGR applica-
tions suggest that there are no commercially available alloys suitable for
certain key components such as the intermediate heat exchanger. Therefore,
a very large materials effort is required; moreover, a significant fraction
of that effort should be devoted to the development of new materials better
suited to very-high-temperature service.
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TABLE 1
HTGR SYSTEMS

Reactor Type Designation

Maximum
Primary
Coolant

Temperature
Remarks

Steam cycle, electricity
generation

Process steam/
cogeneration

Gas curbine

Process heat

HTGR-SC

HTGR-PS/C

HTGR-GT

HTGR-PH

700 to 750

700

850

850 to 950

Fore St. Vrain and
Peach Bottom of
this cype

May be direct or
indirect cycle

Indirect cycle
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TABLE 2
MAJOR METALLIC MATERIALS USED IN HIGHER-TEMPERATURE COMPONENTS OF HTGRs

System

IITCR-aC or
PS/C

HTC.R-PH (a50°C)

HTCR-GT

HTCK-PII (930°C)

Rocacing
Machinery

Circulacors:
Martensitic
scainless
steels

Circulacors:

Martensitic
scainless
steels

Turbomachine

blades and
vanes: IN
100; duccing:
Hascelloy X,
Inconel 61 7,
or casc-
nickel-base
alloys

Circulacors:
Martensitic
stainless
sceels

Candidate Macerial

Heat Exchangers

Sceam generators: 2-1 /4Cr -
IMo and Alloy 800H

Incennediace heat exchanger:

Alloy 300H, Hascelloy X,
Inconel b17 coated to pre-
vent helium-side corrosion

Precooler: low-alloy steel;
recuperator: 2-1 /4Cr - 1Mo
or stainless steel

Intermediate heat exchanger
naterial needs development

Thermal Barrier U'

•letal cover plates: low-
alloy steel, 300 series
scainless steel, or
üastelloy X, depending on
temperature

300 series stainless steel.
Hastelloy X, or cast-
nickel-base alloys such as
Incoloy 713LC or HI 100.
ODS alloys used as seal
sheets

300 series stainless steel.

Hastelloy X, or cast-
nickel-base alloys such as
Incoloy 713LC or IN 100.
ODS alloys used as seal
sheets

Hottest regions use ceramic
cover places (e.g., carbon-

carbon); 300 series stain-
less steel, Hastelloy X, or
cast-nickel-base alloys
such as Incoloy 713LC or IN
100 used at Intermediate
temperatures. ODS alloys
used as seal sheets

Reactor Internals

Core restraints:
Inconel 718, Alloy
aoOH, and Hastel-
loy X

Core rescriants:
Inconel 718, Alloy
300H, or Hastel-
loy X plus cast-
nickel-base alloys
and ceramics

Core restraints:
Inconel 718, Alloy
800H, or Hascel-
loy X plus casc-
nickel-base alloys
and ceramics

Core rescraincs:
Inconel 718, Alloy
300H, or tiascel-
loy X plus cast-
nickel-base alloys
and ceramics

u) Solid ceramic and ceramic fiber materials comprise significant amounts of the thermal barrier.

TABLE 3
ISSUES BEING ADDRESSED IN MATERIALS PROGRAM

Metals Coatings Ceramics

HTGR helium effects

Creep and creep-rupture

Fatigue

Creep-fatigue

Fracture toughness

Thermal aging/microscructure - propercy

relationships

Surface evaporacion

Weld properties and joint development

Creep buckling

Cast superalloy cover plate development

Alloy development

Wear and fretting

resistance

Carfaurization
resistance

Solid ceramic properties

Property variations on large monoliths
Modulus of rupture
Scress fatigue
Dynamic fatigue
HTGR helium effects
Residual stress

Fibrous insulation

Retention of resilience

Effects of H?0 soaking
Structural staoilicy

Carbon-carbon composites

Properties
Fatigue behavior
HTGR helium effects
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TABLE 4
TYPICAL IMPURITY LEVELS EXPECTED IN PRIMARY COOLANT

OF GAS-COOLED REACTORS (Pa)

Impurity

H2°

H2

CO

CH,

co2

N2

0,

HTGR-SC
and PS/C

1

20

1

2

<0.1

1.5 '

<«0.1

HTGR-GT
and HTGR-PH

0.05

50

5

5

<0.1

1.5

<«0.1

TABLE 5
VARIABLES UNDER STUDY IN FATIGUE AND CREEP-FATIGUE PROGRAM

Materials

Temperature range

Test conditions

Environmental effects

Alloy 800H, Inconel 617

538° to 850°C

Continuous cycling

Hold time (creep-fatigue) tests with
holds in tension, compression, or
both

Tests in air and HTGR helium

Tests on precarburized material

TABLE 6
CARBURIZATION-RESISTANT COATINGS UNDER STUDY

Aluminized coatings

Al

Al + Cr

AI T Pt

Al + Rti

M-Cr-Al-Y coatings

H = Fe or Mi.

Preformed oxide coatings

In air

In controlled environments

Claddings

Fe-Cr-Al-:io-Hf

Fe-Cr-Al-Y

Udimet 720

Inco clad 671/800H
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ACCESS TO
COOLING WATER PIT.

PRESSURE RELIEF
VALVE PIT

CONTROL ROD
DRIVE AND
REFUELING
PENETRATIONS

AUXILIARY
CIRCULATOR

FEEDWATER
ACCESSSHAFT

MAIN HELIUM
CIRCULATOR

CORE AUXILIARY
HEAT EXCHANGER-

Fig. 1. HTGR nuclear steam supply system

JZL

ELECTRIC DRIVEN
HEUUM CIRCULATOR

FEEDWATEH
HEATERS CONDENSATE

PUMP

Fig. 2. Schematic flow diagram

J3
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3000 h at 900°C (1652°F) in control led-impurity helium containing 50 Pa 112, 5 Pa CO, 5 Pa CH/,,
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1.INTRODUCTION

The microstructures of so called high temperature allays, which have
Q

been developed for service temperatures up to 8QO C, are not

necessarily stable at higher temperatures. The mobility of alloying

elements is very high in FeCrNi alloys at 950 C Cll e.g. iron,

chromium or nicKel can diffuse up to 0.1 mm distance in one year,

which is about a grain diameter. Interstitials like carbon or nitrogen

show.a four orders of magnitude higher diffusivity than the alloying

elements [2]. In addition,the carbon solubility in this type of alloy

is reported to be very low [3] . Therefore the alloys are supersaturated

with carbon after heattreatment above 1100 C and waterquenching although

the absolute carbon content is very low. At service temperatures around

800 °C the solubility of carbon is still about one order of magnitude

lower than at heattreatment temperature. This will lead, together with

the high mobility of elements, to precipitation of carbides even after

short times and will cause microstructural changes [4].

The worK presented here was performed in order to investigate the in-

fluence of temperature on structural stability of the alloys and to

establish a correlation between structural changes and changes of

mechanical properties.

Table 1
Specified range of compositions (wt.%)

XIONiCrAlTi 3220

W.Nr. 1.4876

Typ 800

Typ 800 H

Typ 802

C
0,04
0.10
0.05
0.10
0.20
0.50

Si
max.

1.0
max.

1.0
max.
0,75

Mn
max.

1.5
max.

1.5
max.

1.5

P
max.
0.030
max.
0.030

S
max.
0.020
max.
0.015
max.
0.015

Cr
19,0
23.0
19.0
23.0
19.0
23.0

Ni
30.0
35.0
29.0
35.0
30.0
35.0

Cu
max.
0.75
max.
0.75
max.
0.75

AI
0.15
0.60
0.15
0.60

Ti
0.15
0.60
0.15
0.60

AI*Ti
max

1.0
0.5
1.2

Composition of investigated casts (wt.%)

Typ 800

Typ 800 H

Typ 802

C

0.041

0.078

033

Si

0.54

0.55

032

Mn

0,78

0,81

054

P

0,016

0,018

0.014

S

0,010

0.007

0.00/,

Cr

20.1

20.5

19.1

Ni

30.9

31.2

325

Cu

0.03

0,02

0.03

AI

0.42

0,20

036

Ti

0.32

031

0,63



2. EXPERIMENTS

Table 1 shows the specified range of composition for the alloys

investigated and the actual compositions of the three casts used.

The three alloy types contain less than 0,015 wt.% N and differ

basically in their carbon content. Socalled alloy type 800 con-

tains 0.041 wt.% carbon in our case, which is at the lower limit

of the specified range. Alloys of this type are widely used as

corrosion and heat resistant material mainly in the petrochemical

industry as reformer tubes or in heat exchanger systems. The car-

bon content of alloy type 800H is at the upper limit of specifi-

cations for alloy 800 and in our case 0.078 wt.%. The higher car-

bon content improves mechanical properties generally, especially

creep properties. Type 802, the third alloy investigated, contains

about 10 times the carbon of type 800 alloys, in our case 0.33 wt.%.

This alloy is produced for its improved creep strength at high

temperatures and is mainly used in petrochemical plants at high

temperatures as e.g. in ethylene furnaces [5, 6].

The flow chart in Fig. 1 shows the sequence of experiments in our

programmes. Specimens of the three alloys were heattreated as usual

and annealed under argon to avoid surface reactions. Annealing

temperatures were 800, 900 and 1000 C for times up to 900 hours.

Microstructures of the specimens were investigated after annealing

using metallography, scanning and transmission electron microscopy

C9]. Mechanical properties were examined in tensile tests and in

impact tests [10].



3. MECHANICAL PRDPERTIES

Fig. 2, 3 and 4 show results of tensile tests and impact tests carried

cut at room temperature. The 0.2 % yield strength, the plastic strain

to failure and the impact strength respectively are plotted over a

logarithmic time scale for annealing times. The value for as delivered

material is plotted on a separate line marKed with 0.

Annealing resulted in the three different alloys in an increase of

strength for times up to 100 hours with subsequent decrease of strength

for longer times. At 1000 C a steady decrease of the 0.2 % yield

strength was observed. Ductility and toughness were reduced already

after B hours annealing at all temperatures, with one exception. The

absorbed energy measured with an impact test was higher in alloy 800

after 900 hours annealing at 1000 C than in the as delivered con-

dition.



4. fllCRDSTRUCTURE

In order to investigate the microstructural changes caused by

annealing, optical microscopy, scanning and transmission micro-

scopy was used on metallographic sections.

Fig. 5 shows micrographs of the as delivered materials taken

from mechanically polished sections, which were etched with V2A

[7] for carbides. Microstructures of type 800 and BOOH were simi-

lar, type 802 contained a significantly higher amount of carbides

than the other two alloys. The large cubic particles are Known as

titanium carbonitrides and occured in all alloys. In addition to

titanium carbides, alloy 802 contained large blocK shaped inclusions

which turned out to be chromium carbides. Fig. 6 shows electron

microprobe line scans across two carbides for chromium and titanium,

It can be clearly seen that one of the three particles crossed by

the scan was a chromium carbide whereas the other two were titanium

carbides.

A comparison of optical micrographs of alloy 8QOH and alloy 802 after

annealing at 1000 C far 6 hours and 900 hours shows that the density

of carbides increased rapidly (Fig. 7). In 800H mainly precipitates

along grainboundaries were found after 6 hours which grew with further

annealing. After 900 hours block shaped carbides existed along grain-

boundaries and more or less homogeneously distributed in the grains.

In alloy 802 with its high carbon content a significantly higher

amount of carbides was formed as expected. The density of carbides

was so high after short annealing times that the etching techniques

reached their limits with respect to resolution. After longer annea-

ling times Qstwald ripening was observed which led to dense precipi-

tation of large carbides alon^ grainboundaries and in the grains.

In order to gain resolution electropolished specimens were investi-

gated using scanning electron microscopy. Fig. 8 shows an example of



scanning electron micrographs of an elactropolished (20 %

sulphuric acid in methanol Co]] microsection of alloy SOD as

delivered. Two different imaging modes were used to produce the

micrographs. For Fig. fla the so called compo-contrast created by

bacKscattered electrons demonstrates compositional variations.

Apart from a contrast arising from differences in orientation

which also occurred in secondary electron images, black particles

were visible, which were Ti (CM). In Fig. 8b a usual secondary

electron image of the same section area as in 8a is given for

comparison. For examination of smaller particles transmission

electron microscopy was used as e.g. in the case of type 800

material.

Fig. 9 and 10 give an overview of the structures developed in

alloy 800 at 800 and 1000 C. Carbon extraction replica show in

transmission electron microscopy different densities of precipi-

tates. After 6 hours annealing at 800 C grainboundaries appeared

decorated with carbides and small precipitates were observed in

the grains. After 25 hours, growing of the small particles was ob-

vious, which proceeded and after 900 hours coagulation along gliding
o

planes ad twin boundaries was visible. At 1000 C this procedure

seemed to be accelerated, although further "clearing" of the grains

was observed at longer times which resulted in more or less negli-

gible amounts of carbides in the grains and decoration of grain-

boundaries, where in contrast to the other alloys a great amount

of Ti-carbides were formed (Fig. 11] due to the higher Ti : CC + N]-

ratio (in at.% > 1]. The inserted impact test diagram shows corre-

sponding increase of absorbed energy for this case after 900 hours

annealing (C].

Precipitation of carbides could be observed using scanning electron

microscopy as the carbon content of the alloy was higher (i.e.

type 800H] and thus precipitation of carbides coarser. Fig. 12 and 13



show micrographs of electropolished sections after annealing at

800 and 900 C. The inserted diagrams show the corresponding

yield strength at room temperature. After 8 hours at 800 C deco-

ration of grainboundaries with fine particles and beginning pre-

cipitation of carbides in gliding planes was observed. This pro-

cess proceeds and after 25 hours annealing precipitates were

clearly grown and after 900 hours carbide plates in twin boundaries

and large particles along grainboundaries were developed. Again at

1000 C this process seems to be already over and what was mainly

left was a decoration of grainboundaries only. The yield strength

showed clearly that these large particles did not contribute to the

strength of the material.

Similar results were found in type 802. Micrographs show that: the

described effect was more extensive as the carbon content was about

five times higher than in the type 800H material.

Transmission and scanning electron microscopy revealed the precipi-

tation mode in the discussed alloys. Fig. 14 shows micrographs of

thinned foiles of alloy 600H. Dislocations, piled up at grainboundaries

were found in the as delivered material. Small carbide plateletts

were precipitated at these dislocation pile-ups after 25 hours heat

treatment. Further growing and Qstwald ripening led to the formation

of large plates surrounded by more or less precipitation free zones

after 900 hours annealing. M—C- carbides precipitated also at primary

chromium or titanium carbides. Fig. 16 shows this effect on primary

carbides of different size in a thin foil transmission micrograph,

an electropolished section and a deep etched section.



SUMMARY

Results of tensile tests and impact tests after exposure were

correlated with microstructural changes in the allays of type

800, 8QOH and 802 which were due to annealing at 800 to 1000 C.

The 0.2 % yield strength at room temperature increased generally

after annealing at 800 and 900 C for up to 100 hours, which was

explained by precipitation of small M_„C„ carbides. A decrease
zJ b

of the values with longer annealing times was due to Ostwald

ripening of precipitated carbides. At 1000 C precipitates were

large particles already after 6 hours annealing.

In contrast to alloy 800, alloy 800H and 802 contained excessive

carbon with respect to titanium and thus these allays showed in

the as delivered heat treated state already chromium carbides in

addition to titanium carbides. Annealing of these alloys at high

temperatures led to excessive precipitation of M_0C0 carbides23 6
preferentially at dislocation pile-ups and primary carbides, which

explained the high increase of yield strength in carbon rich alloy

802. As the precipitates tended to coagulate and to grow, this

effect was partly lost after larger annealing or at higher tempera-

tures. In all alloys incoherent Ti (.CN) precipitates were found.
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Type 800, 800H, 802

forging
solution treatment
water-quenched

annealing

temperatures 800, 900, 1000 °C

times: 0, 6, 25, 100, 400, 900 h

microstructure

metallography
scanning electron microscopy
transmission electromicroscopy

mechanical properties

tensile test
notched bar impact test

Fig. 1: Flow chart of experiments
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etching the samples, an X-ray lAH-e-̂ aethod- was used to determine

the growth direction of the crystals/at the surface perpendicuf

lar to growth direction/.

Creep and stress rupture properties were determined on speci-

mens of 4 mm diams machined from the single crystals ]Ji-Cr5-

TI9-Mo6-A14-B and tested in 1248K at 200 MPa.The mean results

are given in Table I. The micro structures examined after unidi-

rectional solidification and creep tests "by using optical and

also scanning micro scop with replica method.

Alloy

Ni-Cr5-Ti9-
Mo6-A14-B

-

FTi-Cr14-W6-
TCo3-Ti2-
A12

Rate of
growth
.mm/h_

30

30

. 60

120

120

gravity
casting

Rupture
life
-Ji__

84,

84

62,5

76'-

111

34
58

I 16

Structure

"bicrystal

single
crystal
-«-

-"_
_n_

policrystal

"base alloys after

unidirectional so-

lidificatio.

Re suit s_and_discussim

The obtained single crystals have an orientation approximated

to /123^/fig. 1/,independent to the rate of solidification.

4-24-1-1 J_12-30-21

Orientations

of examined

crystals.
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shape and size. Beside the coarsening of V" precipitation there

are another unprofitable process in the microstructure unidire-

ctionally solidified alloys.This is tendency/ to formation other

phases /fig.2a/.Micropro"be studies showed that in their compo-

sition there are 78%

of titanium and 6% of

carbon.The shape, of the-

se compoundes,formed in

the interdendritic and

in matrix places»points

out that they are pre-

cipitated from the melt

before the end of soli-

dification.

The morphology of V"

compared with the micro-

structure obtained after

creep testing showed,

that there is relation

between rupture life and

size of V" in the matrix.

The increase of creep

properties is due to the

coarsening of ̂ phase.

The fine ft particles ga-

ve longer rupture lifes

7111 hs at approximately

0,5ytm in diameter to 84 hs at 1*2 urn -fiĝ -T.Th'e 'ezisteaeo-'of

other phases in the alloy has less important meaning.The compari—

Pig.3.Morphology of particles
in the matrix of polycrystal,
grown at 120mra/h.Replica C-Cr

Pig.4.The particles of in the
M-Cr5-Ti9-Mo6-A14-B single
crystal grown at 30 mm/h.
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II. Interstitial diffusion modified by trapping .

Eydrogon trapping is a common name for a broad class of

effects due to the attractive interaction between structural

defects and hydrogen atoms diluted in crystal lattice .

Because of this interaction hydrogen not only can be stored

in lattice interstitials but it can also be cap-cured in some

extra positions genarally called traps. In such a case

the total concentration of hydrogen in a given volume V is:

Gtot = clat + ctrap

The flow of mass -?=• into this volume is given by

the integral :

Because of a very scarce distribution of available traps

in comparison with the density of lattice interstitials

"the direct jumps of solute hydrogen atoms from one trap

to another are not taken into account. It is assumed that

only the gradient of lattice concentration <^C a / 3 2

is the driving force of hydrogen transport. Therefore

the current of diffusing hydrogen regerdless the trapping

can be expressed by the sirale formula of the first ?ick%s

law:
-)c,lat

J = - D *£_ / 3 /
Dz

where D is the diffusion coefficient.
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these elements caa cause tue grain boundaries in sample 3

to be less capable of trapping diatomic hydrogen clusters

than in sample I . She results presented are an evidence

of different hydrogen transport properties of tv;o grades

of Incoloy alloy in conditions as delivered. The investi-

gations v/ill be continued aiming to reveal the structural

properties responsibile for "Che .neenanism of hydrogen trap-

ping. Let the suggestion of application of measurements

of hydrogen transport for evaluation of structural proper-

ties be the closing remark of the present paper.
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STATUS OF EXAMINATION OF HIGH TEMPERATURE REACTOR HEAT EXCHANGER MATERIALS

IN RESPECT TO HYDROGEN AND TRITIUM PERMEATION

R.Hecker, D.Stöver, H.P.Buchkremer, J.Schaefer
Institut für Reaktorentwicklung
Kernforschungsanlage Julien GmbH

5170 Julien, Postfach 1913, Federal Republic of Germany

ABSTRACT

In the frame of the German PNP-Reactor Project, different steels are
investigated with respect to their long term-behaviour under the conditions
prevailing in such a system. Because of the fact, that allmost all processes
forseen for being applied in such a future HTR-work with Hydrogen on the
"secondary side", we check also the permeation of Hydrogen through different
materials which could serve as "heat exchanger materials" in such an HTR.
The presence of Hydrogen permeated through the heat exchanger walls into
the primary circuit could cause unwanted corrosion effects with the graphite
structure of the pebble bed core, if not removed continuously by an effective
gas purification plant. To get data for the lay-out of such a gas prification
facility is therefore one of the aims of our present studies, as well as the
attempt to learn more about the hindrance of Hydrogen permeation by oxic1.
layers grown by corrosion effects on the secondary side of our heat exchanger.
It is well known that such oxidfilms can reduce hydrogen flow by sometimes
more than a factor of 100. Therefore one of our aims is of course to study
the conditions under which effective scales are produced during the process.

On the other hand Tritium is produced and released to the coolant - allthough
in relativ small amounts - in the core of the reactor during operation.
Typical pressures of Tritium observed e.g. in the AVR at Jülich are in the
range of 10~8 - 1O~9 bar.
This Tritium can now go to the opposit direction, and permeate to the
generated "process gas" which is distributed to the consumer. So it could
make a contribution to a radiologic burden of the environment, therefore
the process gas is only permitted to obtain 10 pCi/gr of process gas,
according to German safety regulations. Again we are interested in the
function of a good barrier.
Numerous tests have been performed in our institute with different materials
to study the Hydrogen permeation and the inhibitiv action of oxid scales in
the temperature range between 500 - 1OOO C. Hydrogen/steam mixtures were
applied to the material with concentration ratios and pressure ranges
typical for "process heat" applications. Permeation reduction factors in the
order of 40OO and more have been obtained under optimum conditions by
"in situ" grown oxide scales. Results are presented which give the oberved
influences of the different parameters, also on stability of the scales
against thermoshocks.
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a pressure dependence has been tried with some success (Röhrig, 1975;
Strehlow, 1974).
Herewith also the assumption of linear pressure dependence of solubility
was made, which unfortunately is in disagreement with seme newer findings
in the literature (Bell, 198O; Elleman e.g. 1978) reported a square root
dependence for solubility of Hydrogen in polycrystalline A12O3.
Figure 4 summarizes some of our measuring results concerning pressure
dependence of permeation flux at 8OO C annealing temperature. The measured
permeation flux is plotted over Hydrogen upstream pressure in a double
logarithmic scale. Samples A (dotted lines) were oxidized at 65O C
scaling temperature, sample B at 8OO C. The bare metal permeation develops
proportional to p .After oxidation sample A exhibits a permeation flux
proportional to pu°57. One of these samples had been preoxidi/ed before
starting the test run, but the net effect of this pretreatment was not
succesful as its measured permeation flux gives higher values than the
other sample A. Sample B in a first run gives a pu'G^-dependence, whereas
after some cycling of annealing temperature exhibited the lowest curve in
Pig. 4 with a pure p^behaviour above ca. 5 bar of Hydrogen pressure.
This linear pressure dependence was measured at 90O C as well and Tritium
permeation was found to behave quite similar. As this linear pressure
dependence is coupled with high activation energies (look Fig. 2) we suppose
in this case a strong influence of the oxide surface properties as being rate
controlling.

Influence of a Sample Pretreatment and the Type of Alloy

The retention capability of an oxide scaled alloy, can be measured if we
, _. . ,. _ ,bare , _ox , "Lbare . ,
derine an impeding factor: J /J where J means the steady
state permeation flux of the bare metal sample and J means the corresponding
permeation flux after oxidation of this sample.

TABLE 2 IMPEDING FACTORS OF VARIOUS UROUGHT AND CAST ALLOYS

SCALING TEMPERATURE

PREAfiNEALED IN Ho AT
950 °C

KROUGT ALLOYS

INCOLOY 800
INCOLOY 800 H
1NCOLOY 802
INCOLOY 807
IN 586
HASTELLOY X

CAST ALLOYS
IN 519
IN 538
IN 643
HK 40
,'IANAURITE 36X

650°C 800°C

NO YES HO

150 100

15 290
5 480 590

80/130

10/45 55 90
90

50
10/35
130

YES

1180
1000/1590
1270

115/115

100/1200
175/450

65/180

900°C

NO YES

1000

2100/3800

"50 970
510
840
470
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111

25.4 f 25.4 tun

Figure 13. Microstructure of Ni-20Cr-8Al after expo-
sure to impure helium for 1000 hrs at
750 °C as polished.

Figure 15. Microstructure of Ni-20Cr-8Al-2Ti after
exposure to impure helium for 1000 hrs at
750 "C as polished.

(a) (a)

(b) (c) (b) (c)

Figure 14. Microprobe analysis of surface of Ni-20Cr-
8A1 after 1000 hrs at 750 °C exposure,
(a) Back scattered image (b) Cr distribu-
tion (c) Al distribution -.

Figure 16. Microprobe analysis of surface of Ni-20Cr-
8A1-2T1 after 1000 hrs at 750 °C exposure,
(a) Back scattered image (b) Cr distribu-
tion (c) Al distribution .

11
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Carburization is believed to have a greater effect on material performance.
However, current understanding of these gas-metal interactions, particu-
larly their mechanistic and kinetic aspects, is still limited. Extensive
work is required to fully understand the corrosion behavior and how these
corrosive environments affect the long-term mechanical behavior of candi-
date HTGR materials before reliable criteria for material performance
under these special conditions can be established.

The HTGR can be used for electricity production through steam-
generating or direct-cycle gas-turbine systems and for process heat appli-
cations. The levels of helium coolant impurities are expected to be dif-
ferent for the different systems adopted for the HTGR. One of the major
differences lies in the oxygen potential (or oxygen partial pressure) of
the environment. In the case of a steam-cycle system where continuous
ingü.'.ss of low levels of water and steam into the primary coolant is pos-
sib'f., the environment is expected to have a relatively high oxygen poten-
tial (i.e., low ratios of H2 to ̂0). On the other hand, it is anticipated
that the helium coolant in direct-cycle gas-turbine or process heat systems
will be much "drier" (i.e., high ratios of H2 to HoO) owing to the lack
of potential sources of continuous water and steam ingress. This paper
reports the results obtained from corrosion tests in helium environments
that are characteristic of both steam-cycle and gas-turbine/process heat
systems and offers some insights on the mechanistic and kinetic aspects
of the corrosion with particular emphasis on carburization in these high-
temperature gaseous environments.

A *
The alloys investigated were Incoloy 800H, Inconel 617, and

v Hastelloy' ' X. These alloys are being considered as candidate materials
for the construction of many high-temperature structural components of
HTGRs.

2. MATERIALS AND EXPERIMENTS

Corrosion tests were conducted in four different helium environments
designated herein as A, B, C, and D. Concentrations of the gaseous impuri-
ties in each environment are shown in Table 1. Each test environment was
generated by first purifying high-purity nuclear-grade helium and then
adding controlled quantities of H~, CH-, CO, C00, and H00 to the purified
t -t . £ . < + £ . £ •helium.

Tests for Environments A, B, and C were performed in once-through
corrosion test systems (Refs. 1, 2) in which the gas mixture for each envi-
ronment was passed through a retort containing the alloy specimens and then
exhausted to atmosphere. Specimens were exposed in Environment D in a
closed-cycle recirculating loop at the Central Institute for Industrial
Research (CIIR) in Oslo, Norway (Ref. 6).

A
Incoloy and Inconel are registered trademarks of the International

Nickel Company, Inc.
AA
Hastelloy is a registered trademark of Cabot Corporation.
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(3) The coatings operated by different mechanisms. The CVD silica

coating provided an impermeable diffusion barrier. The sol-gel

ceria coating was incorporated within the oxide scale formed on

the steel and modified its properties beneficially.
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)n the other hand the formation of a brittle Mo2C-layer (micro-

ardness 2000 HV) can produce an extremely notch-sensitive surface

dth accelerated crack initiation at certain operational stress levels,

'osenwasser et. al. observed severe embrittlement of Mo-TZM after

00°C exposure in controlled impure helium ( 4 ) . Tensile test

pecimens failed with nil ductility at about 60 % of their as-received

iltimate strength. In our own experiments after 36.000 hrs creep

esting Mo-TZM covered with the carbide layer also showed a

eduction of plastic strain to failure of about 2,4 % in room

emperature tensile test.As demonstrated in Fig. 9 no widespread

rack formation at the gauge length of this specimen was found,

ndicating the fact that immediate fracture failure must have occured

ifter first crack initiation at some critical strain,

lowever removing the carbide layer mechanically from another

pecimen with approximately 18.500 hrs exposure the room temperature

luctility was restored to about 28 % elongation. Otherwise from 500°C

ensile tests with a 35.000 hrs creep tested specimen it became

:vident that initiated cracks were stopped at the metal-carbide

nterface. It is concluded therefore that under operational conditions

10 critical effects on the blades have to be anticipated with exception

if start-up and shutdown procedures. Thus Mo-TZM is one of the

nost promising material to meet the high primary stresses expected

'or uncooled helium turbine blades.

1.3 Creep rupture behavior of IN 617 and Nim 86

Within the scope of this HHT Materials Development Program emphasis

sras also on both candidate hot duct materials Inconel 617 and

Jimonic 86. Fig. 10 shows the results of creep rupture testing in air

ind simulated helium for times up to more than 10.000 hrs. Compared
2

o the normal operating conditions of about 20 N/mm primary

stresses and an anticipated service life of 350.000 hrs at 850°C the

'avoured position of Inconel 617 with respect to long-term creep

-upture strength is well demonstrated.

...6
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CRACK INITIATION AND GROWTH IN INCONEL 625 AS RECEIVED

AND AFTER AGEING AT HIGH TEMPERATURE IN HHT HELIUM

G. Ullrich , B. Panic and W. Stumpp

\ ' Swiss Federal Institute for Reactor Research,

Wiirenlingen, Switzerland

Sulzer Brothers,

Winterthur, Switzerland

WUrenlingen/Winterthur, April 24, 1981
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Finally the aim of this work is to find out a correlation between such

diagrams from the compact tension specimens of different radii with

those obtained with LCF and/or HCF methods with smooth and notched

specimens as far as a crack initiation is concerned.

The work described in this paper has been
performed ao part of the deve lopment program for a
Nuclear Power Stat ion w i t h a H i g h Temperature Reac to r
and High Power H e l i u m Turb ine carried out in
col laborat ion wi th the fo l lowing f i rna :

BBC AC BROWN BOVERI (BBC-CrO
B R O W N , BOVERI 4 CIE AC. ( B B C - 0 )
B O N N A R D 4 CARDEL S.A. ( M C )
SWISS FEDERAL INSTITUTE FOR REACTOR R E S E A R C H ( E I R )
SULZER BROS. AG (CS)
GESELLSCHAFT FUER H O C H T E M P E R A T U R R E A K T O R - T E C H N I K
HOCHTEHPERATUR-REAKTORBAU GmbH ( H R B )
KERNFORSCHUNCSAHLAGE JUELICH GmbH ( K F A )
N U K L E A R - C H E H I E U N D M E T A L L U R G I E GmbH ( N U K E M )
SCHWEIZERISCHE A L U M I N I U M A G ( A L E S A )
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Specimen 1 TCT(ASTM)

P1B

S2.5

W-50

, r- 0.10

Ha-20 —

o10

Fig. 4

Thickness B = 14 and 7 mm.

Machined from plates with B = 15 mm.
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X1Q NiCrAITi 32 20

Type 800, 800H, 802

forging
solution treatment
water-quenched

annealing

temperatures 800, 900, 1000 °C

times: 0, 6, 25, 100, 400, 900 h

microstructure

metallography
scanning electron microscopy
transmission electromicroscopy

mechanical properties

tensile test
notched bar impact test

Fig. 1: Flow chart of experiments
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Fig. 2: 0,2 % yield strength at room temperature
against exposure time in hours at
800, 900 and 1000 °C
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Fig. 5: Optical micrographs of the
as delivered alloys
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Fig. B: X-ray analysis of primary carbides
showing intensities of the Cr-Ka and
Ti-Ka lines along the indicated
tracing line

Fig. 8: As delivered electropolished section of
type 800H
a) CGMPO contrast b) SEI contrast

10 ym
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Fig. 7: Optical micrographs of alloy
type 800H and 802 after
annealing at 1000 C for
6 and 900 hours
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as delivered 25 hours 900 hours
Fig. 14: Precipitation of carbides at dislocation pile-ups at 900 C

observed in thin films by TEM.

TEM thin foil, SEU electropolished, SEM deep etched
Fig. 15: Precipitation of carbides at primary carbides in

alloy 802



MORPHOLOGY OP r'-PRECIPITATES IS SINGLE CRYSTALS OF NICKELr
ALLOYS AT CREEP TEMPERATURES

J.Giownia and B.Mikuarowski

The Academy of Mining and Metallurgy, Cracow »Poland

The nickel-base alloys are used at" high creep-temperatures con-

ditions /1053* 13T3K/ for-such castings- like- e.g-,-"blades,rotors

and other parts of enginesvFoir these- conoTitions- structures and

compositions of the alloys' should- not" change during the long

time of working.

The metallic materials with similar application divides into

two groups:high strengthened superalloys ana alloys based on

the elements with high melting point/Cr,Ta,Nb,Mo and W/.Accor-

ding to the mechanism" o± strengthening there are distinguish

following types of the alloys |1,5l:

-solid-solution hard erred:,

-precipitation hardening,

-strengthening due ta s"econd—phase particles.

The discussed alloys belong to tue second: group of materials and

their strengthening effect is achieved by the precipitation of

v*- particles.The experimentally determined strength of alloys
^ i i
depends upon such factors asrvolume fraction of V" ,radius of F ,

decreasing of ripening rate ̂  in higner temperatures than 0,6T ,
^^formation of \i , «A and Lav-es pnases,control carbides and compo-

nent thickness to grain size ratio£l"|.The if particles precipita-
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te coherently with the a&st-eTiite-uiatrix.TEhe composition of aus-

tenite includes mostly ¥i, Co, Cr-,Mo,¥,Y and r^-Al,Ti,Fb,Ta so

that these particles were- identified- as /Ki,Cr,Mo,Co/,/Al,Ti,Y/

(2+4-1 .The nickel-base alloys hare- thus complex composition and

are carefully controlled by at least 10+-15 essential elements

through -melting practice-.According to the temperature capabili-

ty of castings a compositron-al balance is necessary to achieve

all needed properties;tiiartr arerfflaxinnznr creep- strength,oxidation

resistance,hot-corrosion resistsnce-,nricrostrurctTrral stability

in service/because the- f-ormation- of- brittle pn-ases may weaken

or embrittle the alloy/ anxir economical processing .The main pur-

pose in high-temp«rature applications- resolves itself into ma-

ximum temperature capability -witiKnrc decreasing otner elementa-

ry properties«

The strengthening of ~preciprta-frioit- nar3en:ed: nickel-base super-

alloy a is obtained by formation' and s-fca-Dilrzration in high tem-

peratures coherent particles of r [j5l.These precipitation- in-

creases in flow stre-ss- between-raonr-ancr ViOOK -temperatures and

it also possesses inherent ductility.Aoove 0,6TM the dependence

flow stress-tempffature is effected- by strain rate,with the chan-

ge moving to higher -temperatures -as- tne strain rata is increa-

sed.The strength decreasing is-a cosequence of aisorctering about

^ by vacancy diffusion.The strppressicntr of sucn a diffusion pro-

cess is impossible ta accomplisn by cnanges in ff morphology or

by processing means."The location: of tne- strength drop is not af-

fected by changes of r-morpnol-ogyjV],processing as results on

thermomechanical trea-tnh=nts£9l or controlled solidification |j

The exact temperature "ar wnich the peak flow stress is re-

ached is a function -o± tne r composition Bll.Tne temperature

dependence of flow stress for single phase Y*1 alloy increases
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with increasing strain "rate «According- ta JJJ2.1 a'c' a slrrain rate of

0,03 /̂min the peak flow stress is 1071 MPa . - " at 8801 "but at

3 96/min-1176 MPa af 1019K.

On thermal exposure above 0,6 T~ the" y" particles coarse at a

significant rate. With increasing in size takes place facilita-

tion of dislocation bypasmng-.For th-e practical condition mini-

mizing this problem will help retain long-time creep resistance.

The coarsening rate of tf in nickel-base alloys changes with com-
r>- »* Iposition. M.rietwood[7J found tnat ripening rate of v- decreased

as chromium contant increased from 10 to 37%. Similar effect ob-

served J13~| at an additions of cobalt »molybdenum and columbium

/to about 5% Nb/.The loss of creep resistance during y coar-
\ "

sening depends on the volume fraction of V" .The alloys with

low volume percent V" /M-252/ weakens faster than, for example

Inconel 700 . Simultaneously flow stress is more sensitive to

changes in JT particles sizes. The main trends in the future of

superalloys are increasing in \r volume fraction and changes in

their composition e.g. through slow-diffusing elements such like

columbium and tantalum.

The starting material melted in vacuum induction furnace under

the pressure 799,8 Pa. In the same pressure prepared rods, by

casting into the metallic forms, with 16 mm o.d. and 100 mm long.

This drop-cast master alloy was placed in an alumina crucible

and was indirectly heated, using a graphite susceptor in order

to minimize induction stirring of the melt. The crusible with

the charge were unidirectionally solidified in an induction

furnace equipped with a water-cooled bottem chill. Growth rate

of the samples were 30,60 or 120 mm/h, which for this set-up

was equal to the rate of crucible lowering. Aft er polishing and
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etching the samples, an X-ray lAH-e-̂ aethod- was used to determine

the growth direction of the crystals/at the surface perpendicuf

lar to growth direction/.

Creep and stress rupture properties were determined on speci-

mens of 4 mm diams machined from the single crystals ]Ji-Cr5-

TI9-Mo6-A14-B and tested in 1248K at 200 MPa.The mean results

are given in Table I. The micro structures examined after unidi-

rectional solidification and creep tests "by using optical and

also scanning micro scop with replica method.

Alloy

Ni-Cr5-Ti9-
Mo6-A14-B

-

FTi-Cr14-W6-
TCo3-Ti2-
A12

Rate of
growth
.mm/h_

30

30

. 60

120

120

gravity
casting

Rupture
life
-Ji__

84,

84

62,5

76'-

111

34
58

I 16

Structure

"bicrystal

single
crystal
-«-

-"_
_n_

policrystal

"base alloys after

unidirectional so-

lidificatio.

Re suit s_and_discussim

The obtained single crystals have an orientation approximated

to /123^/fig. 1/,independent to the rate of solidification.

4-24-1-1 J_12-30-21

Orientations

of examined

crystals.
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The rupture l ife-of -specimens is however markedly differentia-

ted due to the solidification condition.The longest rupture life

showed single crystal achieved at growth rate 120 mm/h.Second

monobrystal obtained at same growth rate also single crystals

grown at 30 mm/h have lower rupture life.In one case obtained

columnar structure/two grains/ at 30 mm/h growth rate.Tin steady

structure is due to the- instability of the gradient temperature

at growth time.

The study of the relations between structures parameters and

creep properties was made mainly by use of metallographic exa-

mination.The data of table I and figures 2+T shew that creep-
\

rupture results depend on such effects like:coarsening of V"

particles in matrix, change s in size and morphology of 9" parti-

cles and formation other phases at service conditions /fig.2a/.

Pig. 2 Mornhology of particles in tested alloys:
a/Nl-Cr14-Ti?-Al4 , 1700X
b/Ni-Cr5-Ti9-A14-Mo6-B, 4TOOX, replica C-Cr

The effect of composition and growth condition on the /'shape

and its distribution is illustrated in fig. 2 and 3. In alloy

Ni-Cr14-Ti7-A.l4 /-precipitations are uniform arranged with

the cubical shape /fig.2a and 3/.In the interdendritic area

are located eutectic.In the alloy with raolibdenum and

boron the ̂ -particles are less regular /fig.2b and 4/ in the
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shape and size. Beside the coarsening of V" precipitation there

are another unprofitable process in the microstructure unidire-

ctionally solidified alloys.This is tendency/ to formation other

phases /fig.2a/.Micropro"be studies showed that in their compo-

sition there are 78%

of titanium and 6% of

carbon.The shape, of the-

se compoundes,formed in

the interdendritic and

in matrix places»points

out that they are pre-

cipitated from the melt

before the end of soli-

dification.

The morphology of V"

compared with the micro-

structure obtained after

creep testing showed,

that there is relation

between rupture life and

size of V" in the matrix.

The increase of creep

properties is due to the

coarsening of ̂ phase.

The fine ft particles ga-

ve longer rupture lifes

7111 hs at approximately

0,5ytm in diameter to 84 hs at 1*2 urn -fiĝ -T.Th'e 'ezisteaeo-'of

other phases in the alloy has less important meaning.The compari—

Pig.3.Morphology of particles
in the matrix of polycrystal,
grown at 120mra/h.Replica C-Cr

Pig.4.The particles of in the
M-Cr5-Ti9-Mo6-A14-B single
crystal grown at 30 mm/h.
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Pig.5.̂ " andV"-^ eutectic precipita-
tes in sample with 84 hrs rup-
ture life.

Pig.6.£l-particles after 111 hrs

rupture life

son a creep results be-

tween the sample with

two grains and single

crystals confirms this

conclussion /fig.5*6/.

The same results are

observed between tests

in rupture life of sin-

gle crystals.

1."The, results of this

study show that creep

properties are markedly

affected by changes in

^ size and their dis-

tribution in high tem-

peratures,

2. it the higher growth

rates there are greater-

possibilities to form

other phases in the mi-

cro structures of the alloys,

3.The elimination of grain bounderies by unidirectionally solidi-

fication is helpful in creep tests.The rupture life of the

alloy M-CrH-W6-Mo3-Ti2-A12 /used practically/ is two times

lower than the same data for nickel-base alloy with molibdenum,

prepared in the laboratory.

1.R.Decker -Strength.Mech.in Nickel-base Su-

peralloys,
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2.R.Decker,G.Sims

3.W.Hagel,H.Beat-tie
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ÜL3M3S-TS 0? MATERIAL STRUCTURE IN HYDROGEN TRANSPORT

IN METALS

J. A. Golczewski

Institute of Nuclear Physics, Cracow

Abstract :

Hydrogen trapping has been observed as an example of

dependence of hydrogen transport on material structure.

A summary of experimental approach to the observation

of trapping contribution in transport processes is given

and ilustrated by measurements of hydrogen permeation

in Incoloy 800. The measurements were performed by means

of electrochemical technique at room temperature. Time

transients of permeation current were measured for dif-

ferent hydrogen concentrations and time integral characte-

ristic t, was evaluated by various methods. The ana-

lysis of relation between t, a*ui steady state permeation
O0

current J is interpreted by means of nonsaturable trapping

of hydrogen atom clusters.
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I. Introduction .

Hydrogen transport and interaction in metals has attracted

special attention motivated by the ains of both basic as well

as applied research. The interaction of hydrogen in the bulk

of the material is usualy associated with surface phenomena

as a step preceding the diffusion. In many cases the hydro-

gen transport is even dominated hy the interaction of hydro-

gen atoms with outer scales of metal, eg. the formation of

an appropriate oxide scale is the main way of inhibition of

hydrogen permeation at high temperatures [1 j. Investigation

of the relation between the elements of material structure

and hydrogen transport is important for at least two reasons*

One is a possible degradation of material properties due to

hydrogen interaction and the other a possibility to reveal

the features of material internal structure using the mea-

surements of parameters of hydrogen transport. An ilustra-

tion of this second aspect of hydrogen transport was the aim

of the present work.

Therefore the modification of diffusional transport due

to hydrogen trapping is discussed and the summary of expe-

rimental approach to the observation of trapping is given.

/Sections II and III/ Results of these conciderations are

applied to the interpretation of hydrogen perraeat;ion measu-

rements performed by means of an electrochemical technique

for Incoloy 800. /Section IV/ The interpretation of expe-

rimental data provides an explanation of the phenomenology

of hydrogen trapping wich can be connected with features

of the microstructure of samples under study. /Section V/
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II. Interstitial diffusion modified by trapping .

Eydrogon trapping is a common name for a broad class of

effects due to the attractive interaction between structural

defects and hydrogen atoms diluted in crystal lattice .

Because of this interaction hydrogen not only can be stored

in lattice interstitials but it can also be cap-cured in some

extra positions genarally called traps. In such a case

the total concentration of hydrogen in a given volume V is:

Gtot = clat + ctrap

The flow of mass -?=• into this volume is given by

the integral :

Because of a very scarce distribution of available traps

in comparison with the density of lattice interstitials

"the direct jumps of solute hydrogen atoms from one trap

to another are not taken into account. It is assumed that

only the gradient of lattice concentration <^C a / 3 2

is the driving force of hydrogen transport. Therefore

the current of diffusing hydrogen regerdless the trapping

can be expressed by the sirale formula of the first ?ick%s

law:
-)c,lat

J = - D *£_ / 3 /
Dz

where D is the diffusion coefficient.
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This assumption, which specifies the approach to the problem

of trapping, is widely accepted [2 T .

The flow of mass of hydrogen outgoing through the boundary

surface of the volume 7 is equal :

/ , \out f ('(T
I at) = 4> J d<T = }i\div J dT / 4 /

2 7

The 'application of the law of mass conservation in the vo-

lume 7 leads directly to the modification of the second

Pick1 s law of diffusion :

lat

For the solution of this equation some additional as sum -

ptions concerning space and time dependence of c p are

necessary. The different forms of assumed function

ßtrrap x^ specify the particular models of trapping.

"̂ ""T*£1T̂
Assuming a simple local functional relation between C"1 -

latand G , which implies chemical equilibrium between

lattice dissolved and trapped hydrogen, equation ("5) can

be written in the linear form :

Ctra?(x,t) = CX Glat(:c,t) / 6 /

+OC) = DX72 Clat / 7 /x

Then the solutions of the second ?ick*s law, derived for

different boundary conditions specifying the process of

hydrogen diffusion, can be applied directly with D replaced
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by an apparent effective diffusion coefficient De = D(1 ""

It should be mentioned that the assumption of local chemical

equilibrium v/ith the regard to the problem of transport

seems to be a somewhot delicate point which deserves a sepa-

rate discussion [3] •

III. Steady state of diffusion and experimental

observables of trapping.

In steady state the current of permeating hydrogen reaches
<x>

the limiting value J = const. This is the consequence

of diffusion under constant boundary conditions. In the par-

ticular case of the boundary conditions of G = const for

x = 0 and 0 = 0 for x = L , where 0 is the hydrogen con-

centration maintained on both surfaces of a membrane of

thikness L , the steady state current is expressed by the

following formula / see eq. 3 /•

-r»
o D / 8 /

lat0 is the hydrogen solubility in the interstitial lattice

positions and D is the diffusion coefficient. In fact

the diffusion coefficients refers to the transport in trap

free material. The conclusion of eq.(8)is that the value

of the steady state current J is not sensitive to the con-

tribution of trapping in the process of diffusion. The ob-

servable sensitive to t;he trapping contribution is the time

integral characteristic ^ ia^ which is an effective measure

of ühe delay time for establishing the steady state permea-

tion rate. ?or an experimental estimation of t, the to-
-La6
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tal amount of permeating hydrogen G (t) is measured versus

time t t

G (t*) = \J t' dt' / 9 /
o

Vt the steady state the function G(t) has the limiting

form:

= J • t - B / 10 /

00

and t-, 3. is defined as the time for which G ( t) = 0

£f _A_ /
'lag - j 7

The t-, is direcrly measured at tha point of intersection
-L3g

OO

of the asymptotic line G ( t) with the time axis. For

the case of pure diffusion

- ^ / 12 /-

It is important to note that the derivation of t-, formulas

from the solution of the modified diffusion equation / eq.5 /

requires only some knowledge of the position dependence of

both the lattice dissolved and the,trapped hydrogen concen-

tration at the steady state of diffusion, .it steady stare
T o •** "f"T**3"O

C and C - are in fact in chemical equilibrium.

Different forms of equilibrium relations between C and

G ra? specify different models of hydrogen urap_oing.

-In important feature of eq. (10) is that the parameter 3 has

simple physical interpretation and can be measured indepen-

dently of t-, measurements.±ao
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At the steady state of diffusion a membrane is saturated

with some amount of hydrogen. This amount is equal QQ:

L

Q- = S

S is the active surface of the membrane in contact with

hydrogen. Q can be measured when at steady state the boun-

dary conditions are changed to C = 0 for both surfaces and

the current of rediffusing hydrogen is measured on both

sides of the membrane. Denoting these currents measured

on surfacec x = L and x = 0 accordingly as j£ and Ĵ  :

Using the typical apparatus for permeation measurements

it is simple to measure the amount CL of the hydrogen

which rediffuses on the side z = L because this measurement

is a direct extention of permeation measurement after boun-

dary conditions have been changed. The calculation of Q̂

from eq. (14-) and the parameter B from eq. (10) leads to

the conclusion that :

and c„ / J = t, / 15 /
"* I I 3 i~̂i xa^

This relation is not only valid for pure diffusion but,

under the assumption that the lattice concentration is

the only driving force of hydrogen transport which has

previously been discussed, is also relevant in the case



GO
- a -

of trapping independently of the model introduced.

In the case of calculation JV' for derivation the expli-

cit formula of Q<. the assumption of equilibrium relation

,-tween C and c p at steady state is only requi-

red like in the case of t, calculation. The main in-xag

formation concerning the mechanism of trapping to be dedu-

ced from measurements of the above mentioned independent

observables J , Q̂  and t-̂  is asymptotic equilibrium

relation between C and G ra^ , which specifies the

trapping models to be applied.

Generally two types of trapping models are considered :

nonsaturable and saturable traps i The class of models of

nonsaturable traps is summarized by the equilibrium relations

trap =7clat m . m = 1 2 ..... • 16

This model implies that hydrogen trapped concentration

increases without limit when lattice concentration increa-

ses. The integer number m represents the amount of hydro-

gen atoms clustered in the trap position. The case of

m = 2 , 7/hich corresponds to trapping of hydrogen molecules

or diatomic clusters at internal voids has been the subject

of most discussion. The general formula for t-, ^ derived

for this class of models has the form :

2
17

This formula implies that for m1^ 2 the measured value
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m = 1 the value of t-, remains constant and independent

of C . This means that nonsaturable linear traps / m = 1

cannot be distinguished experimentally from pure diffusion.

The saturable traps are connected with potential trapping

sites like dislocations, impurities and other deffects.

Because of a finite number of these types of craps in the

volume considered plausible physical arguments suggest that

avaiable concentration of the trapped hydrogen is also limi-

ted [4 [ . At the steady state of permeation the equilibrium

between the trapped and the lattice dissolved hydrogen

concentrations can be written as follows :

lat

where K is the equilibrium constant for trapping reaction,

NT is the density of interstitial lattice sites, N™ is

the density of traps, and n is the fraction of occupied

traps 0 <n< 1 . The following formula for t-, was de-

rived for this model :

T2 . r 6oo

Olat /

= K -
C1 - n) NL

For the lim ting case when traps are scarcely ocuppied,

it means wh^n (î &1 , the above formula is simply reduced to

t. = -
lag 5D

= K - • (̂  - n _ rr O
=
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Here t-, ̂  has a constant value independent of C":a .

The case of very much less than 1 fraction of occupied

saturable traps is similar to the case of linear nonsatu-

rable traps and in fact cannot by experimentally distinqu-

shed from pure diffusion. Genarally, in the case of satu-

rable traps, according to eq.(19")> l̂ae: cl-ec:reases 'A'ith
latincreasing C . For the limit of heavily occupied

traps this means ft» "̂  1 sq. (19) has the form :

las: 21lag

latThe dependence of t-, on C is the main experimental

feature of different models of trapping. A convenient way

to obtain information on trapping mechanism is by perfor-
OQ

ming the measurements of t-, ^ , J and Q^ as a fuction
latof hydrogen concentration CQ

IV. Measurements of hydrogen trapping in Incoloy 60C .

The investigation of hydrogen permeation in the Incoloy

alloy has been performed by means of an electrochemical

technique. This method offers a very convenient and accu-

rate way of transport measurements of electrolitically

generated hydrogen fj?j . The experimental apparatus used

v;as a typical construction of glass cells separated by

a membrane made of the material investigated. j?he block

diagram of this apparatus is given in fig. '! . The com-

psrtments of electrochemical cells were filled Tvath 0.1 N

sodiunhydroxide water solution. The overpot;ential tf) on

both sides of the specimen was controlled by separate



G11

- 11 -

potentiostats. The specimen was grounded and connected

as the common working electrode in both potenciostatic cir-

cuits. A saturated calomel electrode was used as a refe -

rence electrodo and bright platinum was applied as auxiliary

electrodes. The overpotential of the downstream side was

maintained constant ana anodic throughout time of the expe-

riment on the level T\ = 400 mV / versus calomel electrode /,

v/hich is a sufficient anodic potential to ionize any hydro-

gen atom arriving on the surface. Therefore hydrogen adatoms

are not adsorbed on the surface and the boundary condition

of h7/drogen concentration C = 0 on bhe downstream side

are defined and conserved. The pretreatment procedure of

the specimen v/as the application of anodic potential on both

sides of the membrane for 24- hours. Then the overpotential

of the input side was varied stepwise from the anodic to

various values of cathodic polarisation <fi within the

range (200 - 1200) raV / versus calomel electrode /

and so the boundary conditions C = C a ( Y| A were realized

on the upstream side of the membrane. The cathodically

generated hydrogen diffuses into membrane and the process

of diffusion leads to evolution of hydrogen atoms on

the downstream side. These atoms are ionised and in conse-

quence the tine transient of the current of the potentiostab

controling the anodic potential of downstream side is the

direct .iea:ure of the rat 3 of hydrogen pe^meai;ion.

The chsnges of polarizition of the input surface and adequate

time transient of hydrogen permeation as -neasured on the

dovmstresm side are ilustrated in fig. 2 .
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The samples investigated were prepared from two commercial

grades of Incolloy 800 as delivered by Int. ITickel llloy Co.

Both specimens '.vere disks of 60 mm in diameter. Due to the

construction of the specimen holder the central active area

in ciiitact v/ith the electrolite was limited to the circle

of 25 mm in disaster. The specimen denoted as A was cut

from the sheet C.5 mm thick and the specimen B was cut from

the sheet of original thockness 2 mm, but the active area of

this sample was machined up to thickness L = 0.65 nim.

For both samples similar series of measurements '.vere per-

formed. The time transient of anodic current increasing

after establishing cathodic polarization on the input side

was measured up to stabilization of steady state current J

Then the decreasing current JT'6>)due to switching of the

input side potential to anodic polarization was also mea-

sured. Prom these measurements the observables J . b^ .lag
and 5̂  were estimated for each value of the applied cathodic

potential. The accuracy of current measurements was taken

directly as the error of estimated J values. In rhe gi-

ven geometry of the apparatus applied the accuracy of abso-
_n

lute current measurements was of the order 10 ' A which

is equivalent to a stream of permeating hydrogen of the
—1 •*order of 5 x 10 -̂  gr.at./sek. It \vas also the main

source of experimental errors of estiaaced t, „, and Q.

values. The values of ouservables resulting from t;ne mea-

surements perf rmed are given in Table I and graphically

presented in fig. 3 . In that figure estimated values of

t-|Q0. as well as the ratio G,, / J are plotted versus J .
J-— Q I
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According to eq.(l5) the ratio Q^ / J should be equiva-

lent to independently estimated t-, ^ values. In the ex-

perimental results evident increase of tn „ with increasinglag
values of J is observed and the ratio '̂  / J agrees very

well with directly estimated t, ., . The latter is a mea-

ningful argument for regarding the experimental results as

reliable information about the hydrcgen transport, v/nile

the former observation suggests the nonsaturable brapping

of hydrogen in the samples of Incoloy 800 under study.

The equilibrium relation of C a and G for nonsa-^ o o
turable trapping was assumed with m = 2 /see eq. 16 / .

The formula of t, eq.(/!7)was fitted to the experimental

data. The result of the least squares fibbing procedure

is the solid line in fig. 3 and. the fitted parameters "̂

and D are given in Table II . Using eq. 16 with the
latcalculated « and D and m = 2 the concentrations G

and C c were c^lculatjed for each measurement. The es-

timated relation relation between concentration of lattice

dissolved and trapped hydrogen is plotted in fig. 4 •

V. Discussion .

Estimated values Ĉ and D are the characteristic parameters

of hydrogen transport under the assumption of the phenomeno -

logical model of nonsaturable trapping. D is supposed to be

diffusion coefficient in trap free pure lattice of Incoloy

and "36 is connected v/ith the equlibriun constant of the

trapping reaction. The values of D estimated for investi-

gated samples A and B are in rovgh agreement. The dis-

crepancy can be due to some differences in lattice structure
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possible in composed multicomponent alloys. A remarcable

difference of estimated parameters ~2t is observed. This

difference leads to evident difference between mutual rela-

tion of G and c*rap for sample A and B presented

in fig. 4 . The concentration of trapped hydrogen is one

order of magnitude higher than the lattice concentration

in the case of sample A , ana it is of the order of latti-

ce concentration in the case of sample B . All this sug-

gests that in the investigated samples the properties con-

nected with hydrogen transport are entirely different, in

important question is to what extent this difference can

ba correla t--d v;ith the structural properties or chemical

composition of the samples. The structure of the material

of specimens A. and B was investigated by means of an

electron microscope as '.veil as an optical microscope.

Chemical composition of these samples was also tested and

the result of this analysis is given in Table III. There

was no important difference in dislocation densities, and

in the structure as well as morphology of the precipitations

observed within the grains of crystal structure by means of

electron microscope. However, some difference is revealed

in the grain structure as seen in fig. 5 presenting a pictu-

res of metalurgical microscope / enlarg. 400 /. In the case

of material A the grains a^j evidently bigger than in

s s inple B . The comparison of chemical composition / see

Table III / shows the main difference in the content1 of

phosphorus and sulphup. Possible enhancement of precipita-

tions on grain boundaries due to the higher abundance of



G15
- "5 -

these elements caa cause tue grain boundaries in sample 3

to be less capable of trapping diatomic hydrogen clusters

than in sample I . She results presented are an evidence

of different hydrogen transport properties of tv;o grades

of Incoloy alloy in conditions as delivered. The investi-

gations v/ill be continued aiming to reveal the structural

properties responsibile for "Che .neenanism of hydrogen trap-

ping. Let the suggestion of application of measurements

of hydrogen transport for evaluation of structural proper-

ties be the closing remark of the present paper.
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' TABLE I

EXPERIMENTAL DATA OF HYDROGEN
STEADY STATE PERMEATION ' IN INCOLOY 800

G17

J°" JO'7 A Tlaq sec Q7 JO'4 C Q; /J°*sek

SAMPLE A L=3xlO~2cm

16 ± 2

20 ±2 '

24* 2

35 * 2
44* 2

370 * 50

420 * 50

500 * 60

600 + 80
820 * 90

7 * 1

8 * 1
13 * 1

21 * 1
39 * 1

436 * 60
400 * 60

542 * 60

600 * 70
900 * 60

SAMPLE B L=6xlO'2 cm

19* 2

23* 2

36*2

42*2

290 * 50

290 * 50

350 * 70
360 * 80

6 * 1
6 * 1

12 * 1
15 ± 1

316 * 60

261 * 60
333 *40
417 * 50

TABLE II

ESTIMATED PARAMETERS
OF HYDROGEN TRAPPING

n crr}2
u sek

- y in6
X IU • n/? t™3 Y in2

drZ .. x I U

SAMPLE A

1.2 4.9

SAMPLE B

2.9 0.9
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COMPOSITION OF INVESTIGATED SP3CLM3NS

0? INCOLOY 800

COMPOSITION 7/t

3L3M3WT

C

Ma

P

Ti

3

Si

Or

JTi

Pe

ample A

0.06

0.76

0.009

0.53

0.002

0.33

19.69

28.80

Bal

ample B

,0.08

0.69

0.02

0.47

0.012

0.35
19.50
29.04

Pal
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STATUS OF EXAMINATION OF HIGH TEMPERATURE REACTOR HEAT EXCHANGER MATERIALS

IN RESPECT TO HYDROGEN AND TRITIUM PERMEATION

R.Hecker, D.Stöver, H.P.Buchkremer, J.Schaefer
Institut für Reaktorentwicklung
Kernforschungsanlage Julien GmbH

5170 Julien, Postfach 1913, Federal Republic of Germany

ABSTRACT

In the frame of the German PNP-Reactor Project, different steels are
investigated with respect to their long term-behaviour under the conditions
prevailing in such a system. Because of the fact, that allmost all processes
forseen for being applied in such a future HTR-work with Hydrogen on the
"secondary side", we check also the permeation of Hydrogen through different
materials which could serve as "heat exchanger materials" in such an HTR.
The presence of Hydrogen permeated through the heat exchanger walls into
the primary circuit could cause unwanted corrosion effects with the graphite
structure of the pebble bed core, if not removed continuously by an effective
gas purification plant. To get data for the lay-out of such a gas prification
facility is therefore one of the aims of our present studies, as well as the
attempt to learn more about the hindrance of Hydrogen permeation by oxic1.
layers grown by corrosion effects on the secondary side of our heat exchanger.
It is well known that such oxidfilms can reduce hydrogen flow by sometimes
more than a factor of 100. Therefore one of our aims is of course to study
the conditions under which effective scales are produced during the process.

On the other hand Tritium is produced and released to the coolant - allthough
in relativ small amounts - in the core of the reactor during operation.
Typical pressures of Tritium observed e.g. in the AVR at Jülich are in the
range of 10~8 - 1O~9 bar.
This Tritium can now go to the opposit direction, and permeate to the
generated "process gas" which is distributed to the consumer. So it could
make a contribution to a radiologic burden of the environment, therefore
the process gas is only permitted to obtain 10 pCi/gr of process gas,
according to German safety regulations. Again we are interested in the
function of a good barrier.
Numerous tests have been performed in our institute with different materials
to study the Hydrogen permeation and the inhibitiv action of oxid scales in
the temperature range between 500 - 1OOO C. Hydrogen/steam mixtures were
applied to the material with concentration ratios and pressure ranges
typical for "process heat" applications. Permeation reduction factors in the
order of 40OO and more have been obtained under optimum conditions by
"in situ" grown oxide scales. Results are presented which give the oberved
influences of the different parameters, also on stability of the scales
against thermoshocks.
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FACILITIES AND EXPERIMENTAL CONDITIONS

Several experimental facilities have been built and operated to study
systematically Hydrogen and Tritium permeation through tube wall materials
with particular respect to the impeding effect of in situ grown oxide scales.
It is aimed to clarify the rate controlling mechanisms and to define the
optimal conditions for attaining well impeding layers. Two facilities and
their working conditions are being described in principle.

Hydrogen Permeation Test Rig (AUWARM)

With the facility AUWARM the effect of permeation decrease by naturally
growing oxide scales or by pretreated metal surfaces is measured as a
function of time, temperature, alloy and process gas composition.
The test rig consists of 2 independent, but interconnectable lines with
9 test units each. The first in each line is a small splitting tube which
provides the process gas at 30 bar, the composition of which is determined
by the chosen temperature. The orther units contain tube sections of
austenitic high temperature materials with maximum sample temperatures
of 95O C. The inside is exposed to the process gas (corresponding to the
secondary circuit of a nuclear process heat reactor), the outside is purged
by an Argon gas flow of 6 1 (STP/h) corresponding to the primary cooling
gas of the reactor) which carries the permeated Hydrogen to the gas
Chromatographie analyzer. The facility is designed for medium or long
term continuous test runs implying a high degree of flexibility and auto-
matization in operation as well as data processing. A more detailed des-
cription has been given earlier (Buchkremer, Röhrig, Schaefer, 198O) .

Tritium Permation Facility (TRIPERM)

The TRIPERM facility simulates the primary and secondary circuits of a
nuclear energy conversion system. This allows studying Tritium permeation
from the primary to the secondary side and in parallel Hydrogen permeation
in the opposite direction under conditions very close to reality of a high
temperature reactor. However, in order to avoid a laborious purification
and reconditioning of the gases, open circuits have been chosen. The primary
gas, containing Tritium is admitted to the outer surface of the tube sample,
while the secondary gas is led through the inside of the sample. Permeation
takes place in both directions. Hydrogen entering the primary gas loop
is detected by a sensitive gas Chromatograph. Permeated Tritium in the
secondary loop is measured by means of gas proportional counters and liquid
scintillation. Tritium waste disposal is accomplished by catalytical oxida-
tion to HTO which is then bound in molecular sieve filled cartridges.
The experimental parameters can be varied within a wide range thus making
it possible to handle Tritium concentrations in the primary gas of up to
10 Ci/m3 (STP) . The secondary side is designed for system pressures up to
3O bar, with any mixture of Ha, HaO, and Argon being used as a carrier gas.
Moreover, defined levels of impurity gas can be adjusted in both gas loops.
Further detals can be taken from a publication of Buchkremer, Hecker and
co-workers (198O) .
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Experimental Boundary Conditions

The permeation units consist of cylindrical tube samples with lengthes
between 15 and 30 cm, outer diameters ranging from 5 - 13 cm and wall
thicknesses between 0,3 and 1,1 cm. The experimental parameters are listed
in Table 1.

TABLE 1 EXFERIt-ENTAL PARAMETERS IN AIMW AND TRIPEFM TEST FACILITIES

TEST MATERIALS: AUSTEMITIC WROUGHT AND CAST ALLOYS
TEMPERATURE RANGE: W C - 950° C
DURATION OF TESTS: 1003 H - 3000 H

ATMOSPHERE

IFPURITIES

TOTAL PRESSURE

HT-PRESSURE

H2-PRESSURE

PRIfWY CIRCUIT
AR + HT + H2(-HDXIDANTS)

Ü2/N2/ H^ < 5-10 BAR

1,2 BAR

10~̂ -10~̂  BAR

10" -10 BAR

-5 • 10'2

SECONDARY CIRCUIT
H2 + H2Ü, OR PROCESS GAS

1-30 BAR

10̂ -30 BAR

10'8- 105

FLCW RATE 1.7 azwu. 1.7.300

Before applying process gas or Water/Hydrogen mixtures to the secondary
circuit, the tube can be operated with a pure Hydrogen gas flow at
enhanced temperature. This treatment carries away oxide surface layers and
the measured permeation rates are used to define the bare metal behaviour.
A subsequent flow of oxidizing atmosphere leads to the formation of oxide
scales with increasing thickness and variable structure and composition,
depending on the type of alloy and atmosphere.

The primary circuit is operated in general at an impurity level below the
limit of detection of the measuring system. Nevertheless there exists a very
low oxygen potential, so it remains questionable whether an oxide layer is
built up or not under these conditions.

RESULTS

We attempt to give a survey of the variety of the single results by separa-
ting between influences of temperature, and further parameters like oxygen
potential, type of alloy or pretreatment procedures.

Permeation and Temperature

In case of unoxidized steel surfaces the validity of atomic bulk diffusion
together with Sieverts law of solubility has been proved for different
materials (ferritics/austenitics, hydrogen isotopes (H,D,T) and a wide
temperature range. In the 60O - 950 C range the measured permeabilities
of many austenitic and ferritic alloys are in agreement within one order
of magnitude, so, the rate of permeation is scarcely influenced by material
composition. Many results in this field have been published by a lot of
investigators, e.g. (Deventer, 1980; Masui, 1979; Miller, 1975; Renner, 1979;
Van der Biest, 1979; Webb, 1965). At lower temperatures austenitic alloys
are advantageous due to their enhanced activation energy between 63 and
78 kJ/mol as compared to ferricitc steels.



In the case where oxide scales have grown on austenitic steel surfaces we would
like to distinguish between two temperatures. First the scaling temperature is
defined as the temperature at which the scale was created and grown. Second the
annealing temperature is defined as the temperature at which the permeation
rate is measured. In general scaling temperature and annealing temperature
will be different and care has to be taken in interpretations of the
temperature dependences of measured permeation rates.

Figure 1 shows measured Hydrogen permeation fluxes J in logarithmic scale in
cm3(STP)/cm2-s as a function of the reciprocal Kelvin scaling temperature.
The experimental run was performed as follows. Eight tube sections of
Incoloy 8O2 were oxidized under a pure water vapor atmosphere at a pressure
of 2 bar. The tubes were operated isothermally at different scaling tempera-
tures between 450 C and 95O C during oxide growth. After a period of
15 days oxidation an amount of O.I4 bar Hydrogen was added whereas the total
pressure remained constantly at 2 bar. The steady state permeation fluxes
were waited for and are shown in Fig. 1 as circles. An increase of the
Hydrogen pressure up to 1 bar leads to increasing Hydrogen fluxes as indicated
by triangles. The two actual triangles at each scaling temperature belong to
different periods during the course of the experimental run and gives
some information about the available degree of reproductivity of such
measurements. Moreover for the purpose of orientation two corresponding
Arrhenius lines, valid for the bare metal, are plotted.

bare metal
bar

Fig. 1: Hydrogen steady state permeation fluxes as a function
of receprocal Kelvin scaling temperature

All permeation fluxes of the oxide scaled samples, as indicated in Fig. 1
were found to be nearly independent upon the scaling temperature. The
enhanced mobility due to higher temperatures is over-compensated by the
effect of a more "dense" oxide structure. If oxide layers have grown on
austenitic steels in many cases the dependence of permeation flux on annealing
temperature doesn't change considerably compared to that of the pure metal.
A combined influence of annealing temperature and time has been observed
changing the position of the Arrhenius line without considerably altering
the slope (activation energy). Examples for this behaviour are shown in
Fig. 2 with the cast alloy IN 519. The Hydrogen flux J in logarithmic scale
is plotted against reciprocal Kelvin annealing temperature. The upper line
describes Hydrogen permeation through the bare metal at a partial Ha-pressure
of 1O bar which is the reference pressure also for the other measuring points
in this diagram. The activation energy found is 65 kJ/mol approximately.
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One sample was oxidized at a scaling temperature of 650° c under process
gas and revealed an activation energy of about 46 kJ/mol. Another sample
was scaled at 3OO C under Water/Hydrogen with lower permeation rates as
compared to the first one and exhibited 65 kJ/mol in the low temperature
range.
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Fig. 2: The temperature dependence of the Hydrogen
permeation flux through bare and oxide
scaled IN 519 samples

At enhanced annealing temperatures structural changes of the oxide layer
occur with the effect of deviations in the permeation flux from pure Arrhenius
behaviour. After repeated temperature cycling of this tube sample it finally
resulted in the steeper Arrhenius line characterised by an activation
energy between 125 - 142 kJ/mol indicating that diffusion through the
metal substrate is no longer the rate controlling step. The influence
of the oxide layer in governing permeation may be due either to surface
effects (solubility, sorption, recombination) or diffusion through the
oxide structure or both. This strong temperature dependence was measured
for Hydrogen and for Tritium permeating in opposite direction as well
(Hydrogen flow from oxide coated side, Tritium flow from unoxidized metal
side). From this experience we tentatively conclude together with the re-
sults of thermocycling experiments given below that temperature cycling
(1-2 degree/min) between 95O C and ̂  45O° C could be a useful method to
improve "in situ" grown oxide scales.
OurQthennocycling tests under more realistic conditions cooling down from
900 C to ̂  room temperature seem in contrast to destroy the scales as soon
as the temperature region is lowered to ̂  400° C or even less.
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We observe at that temperature a sudden increase of "acoustic emission"
when we monitor the sample with this method. Nevertheless we observe also
that after short annealing times the cracks have healed out and permeation
is going back to rates observed before thermocycling. But - as said before -
in this drastic way we never succeeded to get optimum reduction factors
(order > 1OOO) and scales with remarkable activation energies, we observe
is such cases medium reduction factors, an .activation energy in the neigh-
bourhood of that of the substrate and a p1 to p°"y dependence (Jonas et al.)

1000

2 4 6 3 10 12 14 0,2 0.5 1 2 10 20
pH2/bar

Fig. 3: Behaviour of Hydrogen
Permeation under "Thermo-
cycling" 9OO° C - 2O° C

Fig. 4: The dependence of the Hydrogen
permeation flux on upstream
pressure for IN 519 samples
with bare and oxide scaled
surfaces

Dependence on Hydrogen Partial Pressure

If atomic diffusion through bulk material is the rate controlling mechanism
then the rate of permeation should be proportional to the square root of
Hydrogen upstream pressure. This has been reported in the literature and
could recently be reconfirmed again by own measurements, e.g. for unoxidized
Incoloy 80O, in the range between 10~5 - lo~2 bar.
Considering oxide-covered metals, our main experience in the past was the
observation of a deviation from square root behaviour with pressure exponents
between 0,6 and 0,7. An attempt for a theoretical description of such
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a pressure dependence has been tried with some success (Röhrig, 1975;
Strehlow, 1974).
Herewith also the assumption of linear pressure dependence of solubility
was made, which unfortunately is in disagreement with seme newer findings
in the literature (Bell, 198O; Elleman e.g. 1978) reported a square root
dependence for solubility of Hydrogen in polycrystalline A12O3.
Figure 4 summarizes some of our measuring results concerning pressure
dependence of permeation flux at 8OO C annealing temperature. The measured
permeation flux is plotted over Hydrogen upstream pressure in a double
logarithmic scale. Samples A (dotted lines) were oxidized at 65O C
scaling temperature, sample B at 8OO C. The bare metal permeation develops
proportional to p .After oxidation sample A exhibits a permeation flux
proportional to pu°57. One of these samples had been preoxidi/ed before
starting the test run, but the net effect of this pretreatment was not
succesful as its measured permeation flux gives higher values than the
other sample A. Sample B in a first run gives a pu'G^-dependence, whereas
after some cycling of annealing temperature exhibited the lowest curve in
Pig. 4 with a pure p^behaviour above ca. 5 bar of Hydrogen pressure.
This linear pressure dependence was measured at 90O C as well and Tritium
permeation was found to behave quite similar. As this linear pressure
dependence is coupled with high activation energies (look Fig. 2) we suppose
in this case a strong influence of the oxide surface properties as being rate
controlling.

Influence of a Sample Pretreatment and the Type of Alloy

The retention capability of an oxide scaled alloy, can be measured if we
, _. . ,. _ ,bare , _ox , "Lbare . ,
derine an impeding factor: J /J where J means the steady
state permeation flux of the bare metal sample and J means the corresponding
permeation flux after oxidation of this sample.

TABLE 2 IMPEDING FACTORS OF VARIOUS UROUGHT AND CAST ALLOYS

SCALING TEMPERATURE

PREAfiNEALED IN Ho AT
950 °C

KROUGT ALLOYS

INCOLOY 800
INCOLOY 800 H
1NCOLOY 802
INCOLOY 807
IN 586
HASTELLOY X

CAST ALLOYS
IN 519
IN 538
IN 643
HK 40
,'IANAURITE 36X

650°C 800°C

NO YES HO

150 100

15 290
5 480 590

80/130

10/45 55 90
90

50
10/35
130

YES

1180
1000/1590
1270

115/115

100/1200
175/450

65/180

900°C

NO YES

1000

2100/3800

"50 970
510
840
470



All samples were of nearly identical geometry and the Hydrogen driving
potential was only slightly different in the single experimental runs .
Therefore the impeding factors can be used as an indicator for influences
of parameters like Hydrogen pre treatment and type of alloy.
The preannealing treatment of the samples with pure Hydrogen at 95O C for
approximately one day systematically enhances the impeding factors as can
be read from the impeding factors in Table 2. Therefrc;n we conclude that
pretreatment of steel alloys with pure hydrogen at high pressure (up to
30 bar) before oxidation improves the quality of the resulting oxide scale,
that means its ability of reducing Hydrogen permeation. This in our view
will be caused by an adventageous precleaning of the metal surfaces during
Hydrogen anneal, subsequently allowing the formation of good quality
chromium oxide layers. Moreover from Table 2 it can be deduced, considering
the mean value of all numbers a better retention capability for wrought
alloys as compared to cast alloys. Best results have been gained in the
Incoloy 800, 8OO H, 8O2, 8o7 alloys. Not included in Table 2 were the very
encouraging recent results concerning IN 519 which have been discussed in
the two preceding paragraphs. However here again we should mention that
there improved layers developed in the course of some temperature cycling,
whereas all results from Table 2 were received under isothermal process gas
conditions.
A further parameter was supposed to be of influence in the formation of good
quality layers, that is a mechanical or chemical pretreatment of the sample
surface before oxidation. This hope was not fulfilled as can be learned
from Fig. 5. The measured permeation flux under process gas at 800 C is
plotted against time for four samples, geometrically identical, but with
a different pretreatment.
The pretreatment procedures were as follows

sample 85: dressing of the inner surface + pickling in HNO^ and HF +
passivating in

sample 86: - dressing of the inner surface + pickling in HC1

sample 87 : dressing of the inner surface

sample 88 : sand blasting of the inner and outer surfaces

Sample 86 was removed in an early stage of the run for the purpose of a
metallographic post-investigation. All permeation fluxes exhibit a very
similar behaviour : a strong increase in the early stage of oxidation and
after having passed a maximum falling off slowly. Steady state conditions
are approximately attained after 2O days . Time behaviour and steady state
permeation rates of all samples agree completely within the limits of
uncertainty. So absolutely no influence of the described petreatment is
detectable. Figure 5 additionally gives further emphasis on a favourable
effect of temperature cycling as sample 88 shows a distinct decrease in
permeation rate induced by cyclina of the annealing temperature 4 times
between 75O° C and 95O° C with 1 °C/min.
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Manaunte 36 x

Sample No 35,36,87,38

Pos 202.203.20t.2Q5/Ot

120 hme[d]

Pig. 5: Hydrogen permeation fluxes as a function of
time under the influence of different
pretreatment conditions

Influence of the Oxygen Potential

The oxygen potential in the secondary circuit will be controlled by the
composition of the atmosphere, mainly by the partial pressures of Hydrogen
and Water or their ratios.
Table 3 summarizes some results for the alloy Incoloy 802 which had been
gained, in the course of several experimental runs under varying boundary
conditions.

TABLE 3 IMPEDING FACTORS AND ATMOSPHERIC COMPOSITION

SCALING
TEMPERATURE
900°C

800°C

650°C

H20-PARTIAL
PRESSURE

3 • 10"̂  BAR

2 BAR

10"1 BAR

2 BAR

11 BAR

2 BAR

11 BAR

H2-PARTIAL
PRESSURE

-
-

10"Z BAR

-

13 BAR

-
13 BAR

IMPEDING
FACTOR
460; 220
609;240;280

1300
138;270;200
1000; 1590

56; 27
480

At different scaling temperatures the impeding factors obtained are related
to the applied HjO vapor pressures and Hydrogen partial pressures. The
water vapor pressure fluctuates between 3*10 2 bar and the corresponding
impeding factors reveal no distinct dependence. Clearly visible however
are enhanced impeding factors in those cases where additionally Hydrogen was
present. One possible explanation for this finding could be seen in the
retarding influence of Hydrogen during the grow up process of the oxide
layer. A lowering of the oxygen potential by adding Hydrogen possibly leads
to more dense, more homogeneous oxides with less defective structures



of the polycristalline material.
We tend to conclude that the partial pressure of water vapor is not the
determining quantity for the production of high quality permeation barriers
while lowered oxygen potentials controlled with the aid of surplus Hydrogen,
can lead to improvements. This result seems to be contradictory to recently
published measurements of Bell (198O) who reported decreasing Tritium
permeation rates by a factor of 2 if the water vapor pressure is increased
from O,3 to 1 bar. This problem needs to be further investigated.

Analysis of the Corrosion Scales

The corrosion surfaces of several samples have been analyzed after some
thousand hours exposure to hte process gas. The main results of these
investigations can be summarized as follows.
All analyzed samples show a more or less pronounced intergranular oxidation
up to depths of 2OO ym for wrought alloys and 80 ym for cast alloys re-
spectively. The oxide scales show a non uniform structure, consisting mainly
of chromium oxide CraOa and spinels ofvarying composition with Cr, Mn and
Fe as the most important scale formers. The corrosion scales of Incoloy 80O H,
802, 807 showed a double layer structure. Near the boundary metal/scale
directly above the zone of intergranular oxidation it was detected an almost
pure CrzOa layer of some ym thickness with only a few amounts of other
elements. Above this dense, regular layer is found a second layer of spinel
structure with Cr, Mn and Fe as the main contributors. This spinel layer
is of irregular porous composition and is not assumed to be of any retentive
influence on Tritium/Hydrogen permeation. The cast alloys IN 519 and IN 638
have no clearly visible double layered structrue. Only one layer can be
identified with varying composition. But here also a thin Cr203 phase next
to the boundary metal/scale could be detected, at least at 800 C scaling
temperature.
In general wrought alloys form thicker scales than cast alloys under the same
conditions. This seems to be true not only for the whole thickness of the
corrosion zone but to some extent also for the chromium oxide layer, which
at this time is supposed to be of strong influence for the retention
capability of an oxide scale. In Table 4 the data derived from metallographic
post-investagtions of several samples are listed together with the corre-
sponding impeding factors as gained from permeation measurements.

The results indicate that good quality permeation layers could be achieved
if a c'&romium oxide layer of more than 1 ym thickness grows up next to the
metal surface. Layer thicknesses < 1 ym seem to be not sufficient as indicated
by lower impeding factors.
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TABLE 4 STATE OF CORROSION AND IMPEDING FACTORS

SAMPLE
NO, MATERIAL

INTERNAL
OXIDATION
DEPTH (um)

IN SITU OXIDIZED SAMPLES
29
23
25
35
32

INCOLOY 802
INCOLOY 802
INCOLOY 800H
IN 638
IN 519

200
125
120
30
8

IN SITU OXIDIZED SAMPLES
7
10
11
12
3
5

INCOLOY 802
INCOLOY 802
INCOLOY 800H
INCOLOY 120
IN 638
IN 519

30
150
125
120
35
80

CHROMIUM OXIDE
LAYER

THICKNESS (UM)
AT 650°C:

4
<1
4

<1
2

AT 800 °C:
3
3
3
2
1
2

DETERMINED
IMPEDING FACTOR

500
4

300
5
45

1000
1000
1200
1300
450
1250

CONCLUSIONS

We have presented some of our results concerning Hydrogen/Tritium permeation
measurements on oxide scaled austenitic steels. Main task thereby was to
summarize the state of our knowledge and to point to some findings, which
could be used for further improvements of in situ grown oxide films
with respect to their permeation behaviour.
To attain an effective permeation barrier in the temperature range between
650 C and 900 C/ it seems necessary to built up a pure chromium oxide
layer next to the metal surface. This layer should be some um in thickness,
with a regular structure and with the lowest possible numbers of defects.
Under in situ process gas conditions impeding factors in the range of
100 are easily attainable. In such cases however the oxide scale contains
numerous defects. This could be recognized best if the activation energy
for permeation of a scaled metal is compared and found to be similar to
that of the bare alloy.
Better impeding oxide layers have been identified with resulting impeding
factors of some shousands. One important parameter of influence seems to be
the oxygen potential, being controllable by the actual partial pressure of
Hydrogen and the pressure ratio of water vapor and Hydrogen.
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o
A pretreatment of the sample surfaces with pure Hydrogen at 95O C and
3O bar for one day results in enhanced impeding factors. Mechanical or chemical
pretreatments seem to be of negligable influence on the resulting oxide
quality. An other parameter of improving influence turned out to be a
procedure of careful temperature cycling. In general temperature cycling
leads to the formation of cracks within the oxide structure. But cracks
and other defects are able to be healed up at enhanced temperatures and
a regeneration appears with the result of an overall improved oxide structure,
leading to reduced permeation rates with completely modified temperature and
pressures dependences. This has been demonstrated in single cases and further
work is necessary for confirmation. Some of our results lead to the conclusion,
that the oxide film does not act as diffusion barrier - no significant
dependence on film thickness has been observed - but rather than a "solution
barrier". It impedes in some of our experiments apparently the solubility.
Different theoretical possibilities exist to describe the observed behaviour,
but more experiments are needed to give last insight into the way how
oxid films impede Hydrogen permeation through metals.
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CORROSION BEHAVIOR OF EXPERIMENTAL ALLOYS
IN CONTROLLED PURITY HELIUM

D.W. McKee1 and R.G. Frank2

ABSTRACT
A series of ten experimental alloys (basically

Ni-20Cr with additions of one or more of the ele-
ments Al, Ti, Si, Nb and Y) has been examined
after exposure to controlled purity helium for 1000
hours at 750° and 850° and for 1000 and 3000
hours at 950°C. The alloys exhibited considerable
variation in corrosion behavior over these test con-
ditions. In general, carburization was found to be
more severe at 950°C than at the two lower tem-
peratures. Alloys containing Al were particularly
susceptible to internal oxidation at all three tem-
peratures and to carburization at 950°C. Additions
of Nb to the Ni-20Cr binary appears . promote the
formation of protective scales at all three tempera-
tures. Although Si and Y also appear to promote
the formation of a protective scale at 750° and
850°C, additions of Si tended to form spalling
scales and additions of Y had a very deleterious
effect on corrosion resistance at 950°C.

INTRODUCTION
The advanced Gas Cooled Nuclear Reactor

Materials Evaluation and Development Program,
being conducted by the General Electric Company
for the United States Department of Energy, is part
of a larger effort in the United States designed to
utilize the high-temperature gas cooled reactor
(HTGR) as an energy source for process heat and
electric power, The main focus of the current pro-
gram is to provide a technical data base on the
long-term corrosion resistance, structural stability,
creep-rupture properties and low cycle and high
cycle fatigue properties of candidate structural
alloys in an environment which simulates the
impure helium coolant expected in the primary cir-
cuit of an HTGR.

In addition to the large number of commercial
alloys being evaluated in this program, a group of
selected experimental alloys also have been
included in the test matrix. The mam purpose of
this investigation is to provide a better understand-
ing of the behavior of the individual elements in
complex alloys and to form a basis for a general
interpretation of corrosion mechanisms in con-
trolled purity helium.

Although the results of a number of environ-
mental stability tests with commercial alloys in con-
trolled purity helium are available in the literature,
there is still no generally accepted theory or expla-
nation of the role of individual alloying elements
which has proven predictive value. The problem of
rationalizing the reported data is complicated by the
fact that widely different gas compositions have
been used by different groups of investigators.
Also, due to the complex nature and widely
different compositions of commercial alloys and the
interdependence and interactions of the alloying
constituents, generalizations based on the effects of
individual elements must be of somewhat limited
validity. In general, recent work has identified car-
burization as a more deleterious mode of attack
than internal oxidation, which was emphasized in
earlier studies. This is a reflection of the changing
gas chemistry used in the test programs over the
years, the higher test temperatures (900°-1050°C)
used in recent investigations and the increased
awareness of the effects of carburization.

A comparison of the conclusions made by Hud-
dle(1) in 1974 and by Bates, et al.(2) in 1976 shows
some significant differences with respect to the
effects of individual elements on the corrosion
resistance of commercial alloys. These differences
are due primarily to the widely differing oxidation
potential and carbon activity between the test
environments utilized by the two investigators.
Based on the earlier Dragon test, Ti was listed by
Huddle as a detrimental element, forming non-
protective oxides and carbide precipitates, whereas
Bates, et al., from more recent HTMP experience,
concluded that Ti was beneficial and increasing
Ti/Al ratios in an alloy enhanced resistance to
attack. Also, Si is an undesirable element, accord-
ing to Huddle, but beneficial according to Bates, et
al. Both authors agree, however, that Cr and Al
caused internal oxidation, whereas W, Mo and Nb

(1) Corporate Research and Development Center

(2) Energy Systems Programs Department
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appeared to be generally beneficial. Demel(3) also
showed additions of Nb or Mo to be beneficial with
respect to bulk C pick-up at 900°C and with little
effect of varying oxidation potential of the test en-
vironment.

This paper summarizes the results of the first of
a series of tests with experimental binary, ternary
and quartenary alloys. It is hoped that conclusions
concerning the effects of individual alloying ele-
ments on gas/metal reactions in simulated HTGR
environments will provide useful guidelines for the
future development of new corrosion-resistant com-
positions.

EXPERIMENTAL
Ten experimental alloys are being evaluated.

These alloys, whose nominal compositions are
listed in Table 1, are basically Ni-20Cr with the
addition of one or more of the elements Al, Ti, Si,
Nb and Y.

Table 1
EXPERIMENTAL ALLOY COMPOSITIONS

(Nominal wt%)

Table 2
NOMINAL COMPOSITIONS OF ALLOY

CONSTITUENTS

Ni-20Cr

NioOCr

Ni-20Cr-8Al

Ni-20Cr-8Al-2Ti

Ni-20Cr-2Al-8Ti

Ni-20Cr-2Si

Ni-20Cr-5SI

Ni-20Cr-5Ti

Ni-20Cr-lY

Ni-2QCr-2Nb

The alloys were prepared by melting in mag-
nesia crucibles in an argon atmosphere and then
casting into 1 in. diameter round bars in copper
molds. The metal grades used were 270 nickel,
Electrochrome chromium, yttrium chips (Michigan
Chemical Co.), niobium chips (EB Grade,
Dynamet, Inc.), 99.99% aluminum (Alcoa),
titanium sponge (Titanium West, Inc.), and silicon
(polycrystalline rod, Dow-Corning). The nominal
compositions of these materials are listed in
Table 2. Specimens for the corrosion tests were
machined longitudinally from the alloy barstock to
give pins 1-in. long x 1/4-in. diameter with a
1/16 in. diameter hole drilled near one end for

Ni

Cr

Y

Nb

Al

Ti

Si

C
Fe
Cu
Co

Mn

Si
C
S

Yb
Er

Dy
Tb
La
Si

Al
C

Ca
Cd
Co
Cr
Cu
Fe
Hf

Mg

Si
Fe
Ga

C
N

Fe

B

113 ppm
10
20
10
<10

0.019 w t %
0.015
0.006

10 ppm
5
56
38
30
10

<20 ppm
<30
<20
<5
<10
<20
<40
<50
<50
<20

0.006 wt %
0.002
0.004

0.013 wt %
0.01
0.03

<0.3 ppb

Cr
S

Si
Al

Al
Fe

Fe
Al
Ca
Ni
Cu
Ta

Ta
W
Zr
V
Ti
Sn
Si
Pb
Ni

Mn

Si
0

<10 ppm
<5
<10
<10

0.007 wt %
0.35

30 ppm
5
10
75
10
1000

191 ppm
18
<100
<20
<40
<10
<50
<20
<20
<20

0.003 wt %
0.05

supension purposes. The pins were machined using
low-stress grinding techniques to produce a surface
finish of approximately 16 rms.

The specimens were degreased with alcohol and
acetone and then weighed in a Mettler H51AR bal-
ance to ±0.01 mg before mounting in the aging
and corrosion (A/C) test stands. The test facility is
located in the High Temperature Reactor Materials
Testing Laboratory (HTRMTL) in Schenectady,
NY, and is described in detail elsewhere.(4) The
A/C stands consist of eight vertical furnaces; six
furnaces are equipped with 99.8% A1203 ceramic
retort tubes for use at 850°, 950° and 1050°C and
two furnaces are equipped with Inconel 601 metallic
retort tubes for use at 750°C. All retorts incor-
porate a A1203 ceramic support assembly from
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which the test specimens are suspended. The
ceramic retort tubes and specimen support assem-
blies are utilized in order to minimize impurity gas
depletion as the helium test gas passes through the
retorts, particularly CH4 and H20.

The test program consists of the exposure of
specimens at a series of four temperatures between
750° and 1050°C to a helium atmosphere contain-
ing controlled levels of hydrogen, water vapor, car-
bon monoxide, carbon dioxide, methane and
nitrogen in the parts-per-million range. The aver-
age composition of the atmosphere used in these
experiments is shown in Table 3. The gas environ-
ment is intended to simulate the primary coolant
chemistry in a high temperature gas cooled reactor
(HTGR) process heat plant containing an inter-
mediate heat exchanger.

Table 3
CONTROLLED PURITY

HELIUM GAS COMPOSITION

Impurity

Hydrogen

Water Vapor

Carbon Monoxide

Carbon Dioxide

Methane

Nitrogen

Oxygen

Nominal
/i-atm.

400

2

40

0.2

20

6

<10~14(a)

Normal
Operating

Ranges
/A-atm.

325-475

1-3

30-50

0.05-0.35

15-25

2-10

<0.1(b)

(a) Equilibrium Oxygen Level
(b) Below the level detectable by the loop

gas Chromatograph «.!/A atm.)

Following the exposure of the specimens to the
controlled purity helium environment (for 1000,
3000, 6000, 10,000 hours at each of the tempera-
tures 750°, 850°, 950° and 1050°C), the specimens
are cooled, removed from the furnaces, reweighed
and then examined oy standard metallographic and
electron microprobe techniques to determine the
extent and nature of the interaction of the various
alloys with the test gas environment. For this pur-
pose, photomicrographs in the as-polished condition
and after etching with Murakami's reagent (specific
for carbides) were prepared for each exposed alloy

specimen. Qualitative x-ray maps for the most
important metallic components and for carbon were
made across polished sections in the vicinity of the
surface of each mounted specimen. Vacuum
impregnation with epoxy resin before sectioning
and polishing sucessfully retained surface scales
that were present on the specimens after exposure.
In addition a 2-mm thick slice of each exposed pin
specimen was subjected to combustion analysis to
determine the bulk carbon content.

RESULTS AND DISCUSSION

Microstructure of Experimental Alloys
The microstructures of the as-cast experimental

alloy specimens before exposure to controlled pur-
ity helium are illustrated in Figures 1-10. In most
cases, the distribution of elements in the various
phases present was determined by qualitative elec-
tron microprobe analysis.

The Ni-20Cr alloy (Figure 1) showed a single
phased, coarse grained (200-500 ^m) structure,
whereas the NioOOCr alloy (Figure 2) exhibited a
two-phase morphology with dendrites (presumably
oc-Cr) dispersed in a Ni-rich matrix. Ni-20Cr-8Al
(Figure 3) had a two-phase structure with Al-rich y'
particles dispersed in the Cr-rich y matrix. In the
Ni-20Cr-8Al-2Ti (Figure 4) and Ni-20Cr-2Al-8Ti
(Figure 5) alloys, Ti was mainly associated with Al
in the y' phase. The Ni-20Cr-2Si (Figure 6) and
Ni-20Cr-5Si (Figure 7) alloys showed Cr suicide
particles dispersed within the Ni-rich matrix.
Ni-20Cr-5Ti (Figure 8) showed a dark Ti-rich phase
(probably T7-Ni3Ti) dispersed in the NiCr y matrix.
Ni-20Cr-lY (Figure 9) exhibited a filiform Y-rich
precipitate dispersed in the NiCr matrix.
Ni-20Cr-2Nb (Figure 10) exhibited a coarse grained
single-phase structure with some evidence of Nb
segregation along grain boundaries.
Weight Changes and Carbon Contents of -
Experimental Alloys After Exposure to Controlled
Purity Helium

Weight changes and C contents of the speci-
mens after exposure to the controlled purity helium
are summarized in Table 4. All specimens, with
the exception of Ni-20Cr-5Si alloys, exhibited
increases in weight. At 950 °C, there was a rough
correlation between the magnitude of the weight
increase and the final carbon concentration in the
specimens; weight gains (and C contents) were low
for Ni-20Cr, Ni-20Cr-2Si and Ni-20Cr-2Nb and
were large for the alloys containing Al and Y. A
comparison with the results obtained at 750 ° and
850 °C (1000 hours exposure) indicated that weight
gains were appreciably less at 950 °C for
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the Ni-20Cr-8Al-2Ti alloy but greater for
Ni-20Cr-8Al, Ni-20Cr-5Si and Ni-20Cr-lY at the
higher temperature. The most surprising result was
found for the latter alloy. Whereas specimens of
Ni-20Cr-lY showed only slight weight gains after
exposure at 750 ° and 850 °C, the weight increases
at 950 JC were very substantial and, as will be dis-
cussed later, were associated with the formation of
massive carbide precipitates throughout the speci-
mens. In most cases the weight gains and C con-
tents at 950 °C were greater following the 3000-
hour exposure than after 1000 hours, although
there were a few exceptions (e.g., Ni-50Cr,
Ni-20Cr-8Al).

Corrosion Morphology of Experimental Alloys
After Exposure to Controlled Purity Helium for
1000 Hours at 750 °C

Weight changes of the experimental alloy speci-
mens after exposure to the controlled purity helium
for 1000 hrs at 750 °C are summarized in Table 4.
All specimens exhibited measurable weight
increases which varied by an order of magnitude
from 0.09 mg/cm2 for Ni-20Cr-2Nb to
0.93 mg/cm2 for Ni-20Cr-2Al-8Ti. The largest
weight gains were observed for alloys containing Al
and Ti and the smallest increases were exhibited by
Ni-20Cr and Ni-20Cr with added Si, Y, and Nb.
However, as discussed below, the corrosion mor-
phology depended markedly on alloy composition.

The Ni-20Cr specimen showed only minimal
changes following this exposure. A very small

weight change was associated with the formation of
a thin (~-l /im) coherent scale of Cr203, which was
barely detectable by optical metallography (Fig-
ure 11), but could be observed in the SEM at a
magnification of 3000x. The Ni-50Cr alloy exhi-
bited a substantial weight gain (4-0.51 mg/cm2)
and a thick surface scale which was clearly denned
at low magnification (Figure 12). Microprobe
examination indicated that this scale consisted of
dense Cr2O3 with some voids beneath the scale.
The sub-scale region included a zone 6-8 ^m thick
depleted in the a-Cr dendritic phase.

The Ni-20Cr-8Al alloy showed a large weight
gain (+0.77 mg/cm2) and a corroded surface zone
10-15 pm deep (Figure 13). Microprobe analysis
of the affected surface layer (Figure 14) revealed a
band of porous A1203 beneath which the alloy sub-
strate was depleted in Al. A qualitative carbon scan
across the zone of internal oxidation failed to indi-
cate the presence of carbide particles, although the
sensitivity of this analysis was probably no greater
than ±0.2 wt % C.

A similar corrosion morphology was observed
with the Ni-20Cr-8Al-2Ti alloy (Figure 15) which"
also showed a substantial weight gain
(+0.55 mg/cm2). In this case, the zone of internal
Al oxide was 8-10/A m thick and the surface scale
enriched in Cr (Figure 16). The Ni-20Cr-2Al-8Ti
specimen showed somewhat different behavior. In
this case, although the weight increase was large
(+0.93 mg/cm2), a zone of Al oxide was not ob-
served. Instead, a thick, dense scale enriched in Ti

Table 4
WEIGHT CHANGES AND C CONTENT OF EXPERIMENTAL ALLOY
SPECIMENS AFTER EXPOSURE TO CONTROLLED PURITY HELIUM

Alloy

Ni-20Cr

NioOCr

Ni-20Cr-8Al

Ni-20Cr-8Al-2Ti

Ni-20Cr-2Al-8Ti

Ni-20Cr-2Si

Ni-20Cr-5Si

Ni-20Cr-5Ti

Ni-20Cr-lY

Ni-20Cr-2Nb

Exposure

750°C/ 1000 hrs
Wt. Change, mg/cm2

+ 0.1

+0.51

+ 0.77

+ 055

+0.93

+0.09

+0.17

+0.79

+0.13

+0.09

850°C/ 1000 hrs
Wt. Change, mg/cm2

+0.14

+ 1.48

+ 3.81

+ 2.58

+ 1.92

+ 0 18

-0.25

+ 1.57

+0.11

+0.27

850°C/1104 hrs
Wt. Change, mg/cm2

+0.15/+0.14

+ 1.59/ + 1.52

+ 4.47/+3.Ö7

+ 2.30/ + 2.38

+ 1.43/+0.98

+0.22/+0.15

-0.45/+0.01

+ 1.64/ + 1.43

+ 0.28/0.35

+ 0.25/+0.23

gSO-C/lOOOhrs1"'
Wt. Change,
mg/cm2 C%

+ 0.18 0.009

+ 1.58 0047

+ 7.78 0.339

+0.22 0.010

+ 0.22 0.011

+0.22 0.008

+0.46 0.016

+ 0.82 0.014

+ 5.04 0.366

+ 0.27 0.003

950"C/3000 hrs(o)

Wt. Change,
mg/cm2 C%

+0.24 0.004

+ 1.05 0.050

+ 5.49 0.184

+ 1.52 0.063

+ 2.09 0.022

+0.24 0.004

-rO.91 0.026

+ 1.37 0.013

+ 21.11 0.706

+0.22 0.004

(a) Initial C content Ni-20Cr alloy 0.002%.
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and Cr had developed (Figures 17-18). No car-
bides were detected in this specimen beneath the
surface scale, either visually or by qualitative mi-
croprobe scan.

The Ni-Cr-Si specimens showed small weight
gains ( + 0.09 and +0.17 mg/cm2 respectively) and
well-defined surface scales (Figures 19-21) consist-
ing of mixed Cr and Si oxides. No carbides were
detected in these specimens by metallographic ex-
amination or microprobe analysis. The Ni-20Cr-5Ti
alloy showed a large weight increase
( + 0.79 mg/cm2) and the development of a thick
dense scale, as shown in Figure 22. X-ray mapping
across the corroded surface of this specimen (Fig-
ure 23) indicated that the scale had a duplex struc-
ture with an outer Cr-rich layer and an inner Ti-
rich zone, which had penetrated into the alloy sub-
strate to depths of 15 /j.m. A qualitative C scan
across this surface region (Figure 23d) revealed in-
creased C concentrations in the Ti-rich zone, possi-
bly as a result of the presence of titanium carbide,
TiC.

The Ni-Cr-Y and Ni-Cr-Nb alloys showed only
small weight gains and the corrosive effects of the
exposure to controlled purity helium were minimal.
Ni-20Cr-lY (Figure 24) developed a thin surface
scale, which microprobe analysis (Figure 25)
showed to be Cr- and Y-rich. The Ni-20Cr-2Nb
specimen showed little change after exposure (Fig-
ure 26), but microprobe examination revealed a
very thin (—1 /xm) Cr-enriched scale at the sur-
face.

Corrosion Morphology of Experimental Alloys
After Exposure to Controlled Purity Helium for
1000 Hours at 850 "C

A second series of experimental alloy specimens
completed a scheduled 1000 hrs exposure in con-
trolled purity helium at 850 °C. The measured
weight changes are summarized in Table 4. Two
additional 850 °C A/C reports containing identical
series of specimens were terminated after
1104 hours of exposure. Weight changes are listed
in Table 4 for comparison purposes. It is evident
that the magnitude of the weight changes for the
different specimens are very similar for the three
850 °C tests. In addition, the corrosive effects pro-
duced and the scale morphologies were almost
identical in the three cases.

In general, weight gains were more marked at
850 ° than at 750 °C and, with the alloys containing
Al, the increases in weight were much greater at
the higher temperature. The magnitude of the
weight increase correlated well with the extent of
corrosive attack as determined by metallography
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and microprobe analysis. As before, alloys contain-
ing Al showed most degradation, whereas Ni-20Cr
and the alloys containing Y, Nb, and Si were least
affected. However, the Ni-20Cr-5Si alloy showed
some evidence of scale spallation following the
850 °C exposure, as indicated by weight losses
(Table 4) in two out of the three 850 °C speci-
mens, as well as loose flakes on the specimen sur-
faces.

The Ni-20Cr specimen again showed very little
change following the 805°C exposure to controlled
purity helium, and a thin scale of Cr203 could be
identified on this alloy by microprobe analysis. The
Ni-50Cr alloy showed substantial weight gains
(1.48 - 1.59 mg/cm2) and the presence of a thick
(3-4 /j.m) Cr203 scale. No carbides were detected
in this specimen by microprobe analysis beneath
the surface scale.

The Ni-20Cr-8Al alloy exhibited the largest
weight gain (3.67-4.47 mg/cm2 of the series and a
corroded surface layer 50-80 /im thick, resulting
from the conversion of the Al-rich y' particles to an
interconnected oxide network (Figure 27). The
corrosion product was predominately A1203 with
some Cr203 particles beneath, as shown by the
x-ray maps of Figure 29. Etching of the mounted
specimens with Murakami's reagent (ferricyanide
+ KOH) revealed the presence of other particles,
possibly carbides, in a band beneath the zone of
internal oxidation (Figure 28). These particles,
which were not positively identified, were not
present in the as-cast alloy. Murakami's etch is not
positive proof of carbides as it can attack other
phases (e.g., or). However, similar features were
exhibited by the Ni-20Cr-8Al-2Ti alloy (Fig-
ures 30-32) although the weight gains and the
thickness of the zone of internal oxidation were
somewhat less in this case than with the
Ni-20Cr-8Al alloy. It is possible that the presence
of Ti in the scale (Figure 32b) retarded the process
of internal oxidation to some extent. Thus, in the
case of the Ni-20Cr-2Al-8Ti alloy (Figures 33-35),
internal oxidation of the Al was much less marked
beneath a thick (10 /am) scale of mixed Cr and Ti
oxides (Figure 35). A similar thick, dense Cr,
Ti-rich scale also was observed on the Ni-20Cr-5Ti
alloy after the 850°C exposure with some rather in-
conclusive evidence of increased carbon concentra-
tion in the surface scale. Discrete carbide particles
could not, however, be identified.

Both alloy specimens containing Si showed
minimal evidence of degradation. The corrosion
resistance was undoubtedly due to a thin Si02 scale
which could be detected in the microprobe analysis.
With the Ni-20Cr-5Si specimens, some spalling of
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the surface scale was observed following the 850°C
runs, resulting in small weight losses with two of
the specimens. However, the scale was apparently
self-healing, as no internal oxidation or subscale
corrosion was observed with these specimens.

Finally, the Ni-20Cr-lY and Ni-20Cr-2Nb speci-
mens were very resistant to corrosion in controlled
purity helium. Very thin Cr-rich scales were
detected on both these alloys after the 850°C
1000-hr exposure.

Corrosion Morphology of Experimental Alloys
After Exposure to Controlled Purity Helium for
1000 Hours at 950°C

The Ni-20Cr specimen showed negligible change
following exposure for 1000 hrs at 950°C. The
small weight change was probably a result of the
formation of a thin coherent scale of Cr203 which
protected the alloy from corrosion by carburizing
gaseous species. The increase in C content was
very small and discrete carbide particles could not
be detected by microprobe analysis. The Ni-50Cr
alloy on the other hand exhibited a substantial
weight gain (+1.58 mg/cm2 and the bulk C content
after exposure was appreciable (0.047%). Metallo-
graphie examination showed a depletion of the o>Cr
phase near the specimen surface and microprobe
analysis indicated local concentrations of C, prob-
ably as chromium carbides, in this depletion zone.

The Ni-20Cr-8Al alloy (Figure 36) showed the
largest weight gain of the series ( + 7.78 mg/cm2

and an associated high C level after exposure
(0.339%). The corroded zone beneath the speci-
men surface was 50-60/u. m deep and consisted of
two well-defined regions - a band of dark stringers
of A1203 (Figure 37c) originating at the surface and
an Al-depleted band of Cr-rich carbide particles
(Figure 37b,d). Although a definite Cr-rich surface
scale was observed (Figure 37b), this scale also
contained high concentrations of C (Figure 37d)
and carbide precipitates were detectable throughout
the specimen thickness.

The Ni-20Cr-5Ti alloy (Figure 38) exhibited
much greater corrosion resistance with a modest
weight gain (+0.82 mg/cm2) and C content
(0.014%). By comparison with the microstructure
of the original alloy, a pronounced dendritic growth
of the T)-Ni3Ti phase had occurred on thermal
aging. This phase was absent in the surface zone
which consisted of the y-NiCr matrix phase.
Microprobe analysis of the exposed specimen (Fig-
ure 39) revealed a discontinuous Ti-rich scale on
the surface and some indication of finely dispersed
carbide particles (possibly TiC) in the dendritic

phase. However, there was little evidence for a car-
bon gradient near the surface and in view of the
low bulk C levels found with this specimen, the
evidence for carburization was not apparent.

The two Ni-Cr-Al-Ti alloys (Figures 40-43)
showed much less degradation in this series of
experiments than in the exposures at 750° and
850°C. Internal oxidation of Al was noticeably
absent and a continuous A1/D3 surface scale was
observed in both cases (Figures 41c, 43c). How-
ever, in spite of the low bulk C contents (0.01%),
chromium carbide particles were detectable
throughout the specimens (Figures 41e, 43e) with a
definite gradient in carbide particle density towards
the surface.

The two Ni-Cr-Si alloys were quite resistant to
the controlled purity helium at 950°C. In both
cases, weight gains (0.22-0.46 mg/cm2) and bulk C
contents were low (0.01-0.02%). The presence of
Si in the surface scale apparently hindered the in-
gress of C and no discrete carbide particles could be
identified in the sub-scale region.

The most interesting behavior was exhibited by
the Ni-20Cr-lY alloy (Figures 44-45). Although
this material showed minimal attack at 750° and
850°C, exposure at 950°C for 1000 hours resulted
in an extremely large weight gain ( + 5.04 mg/cm2)
and bulk C content (0.366%). Microprobe analysis
(Figures 45b,c) indicated the presence of a network
of Cr-rich carbide particles which were detectable
even at the center of the pin specimen (Figure 45).
The presence of Y apparently rendered the alloy
particularly susceptible to carburization at this tem-
perature.

In contrast, the Ni-20Cr-2Nb alloy was quite un-
reactive. The weight gain (+0.27 mg/cm2) and
bulk C content (0.003%) were low and discrete car-
bide particles were not distinguishable beneath the
Cr-rich surface scale.

Corrosion Morphology of Experimental Alloys
After Exposure to Controlled Purity Helium for
3000 Hours at 950°C

In general, the effects produced in 3000 hours
were similar but more pronounced than those
observed after the 1000-hour exposure, with
dramatic differences in behavior in a few cases.
The Ni-20Cr alloy (Figure 46) again proved to be
very resistant with minimal ( + 0.24 mg/cm2)
weight gain and bulk C content (0.004%). On the
other hand the Ni-50Cr alloy (Figures 47-48)
showed a substantial weight gain (+1.05 mg/cm2)
and an appreciable C content (0.05%) after the
3000-hour exposure. Microprobe analysis
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(Figures 48 b,c) revealed the presence of Cr-rich
carbide particles and the absence of a well-defined
Cr203 scale.

Again, the Ni-20Cr-8Al alloy showed exten-
sive degradation with a large weight gain ( + 5.49
mg/cm2) and associated C content (0.184%). A
surface zone of A1203 internal oxidation was super-
imposed on an Al-depleted zone 100 /xm thick
beneath which Cr-rich carbide particles were widely
dispersed. No obvious gradient in carbide particle
density was found and carbide particles were ob-
served even at the center of the pin specimen.

In spite of a fairly large weight gain
( + 1.37 mg/cm2), the Ni-20Cr-5Ti specimen
showed only minor evidence of corrosion. A thick
Ti-rich surface scale apparently protected the speci-
men from excessive rarburization and the bulk C
level remained low (0.013%).

The Ni-Cr-Al-Ti alloys (Figures 49-52) were
much more degraded after the 3000-hour test than
after the 1000-hour exposure. The
Ni-20Cr-2Al-8Ti specimen (Figures 48-50) showed
a wide range (60-70 /urn) sub-surface zone of Al
internal oxidation with a Ti, Al-depleted zone
beneath. Finely dispersed carcides were widely dis-
tributed (Figure 50e) and there appeared to be a C
gradient towards the surface of the specimen. Car-
burizaton was more marked with the
Ni-20Cr-8Al-2Ti alloy (Figures 51-52) with many
distinct Cr-rich carbide particles (Figures 52 b,e,)
beneath the zone of Al internal oxidation
(Figure 52c).

The Ni-Cr-Si alloys (Figures 53-55) again
proved to be quite corrosion resistant, although the
weight gains (0.24-0.91 mg/cm2) were somewhat
greater than after the 1000-hour exposure. Both al-
loys developed a continuous Si-rich surface scale
(Figure 55c) with little evidence of carbide particle
formation. However, these alloys did show some
tendency to form brittle spalling scales, an effect
that was observed also during the experiments at
lower temperatures.

Again, the most interesting corrosion morphol-
ogy was found for the Ni-20Cr-lY alloy
(Figures 56-57). After the 3000-hour exposure,
the weight gain ( + 2L11 mg/cm2) and bulk C con-
tent (0.706%) were both very large with widespread
chromium carbide precipitation throughout the
specimen thickness (Figure 57, b,d).

Finally, the Ni-20Cr-2Nb alloy (Figure 58) again
proved to be very resistant to corrosion. The
weight gain (+0.22 mg/cm2) and C content
(0.004%) of this specimen was very low after the
950°C/3000-hour exposure and there was no evi-

dence of either internal oxidation or carburization.
The general appearance of the pin specimens

following the two series of exposures at 950°C can
be summarized as: after the 1000-hour exposure at
950°C, the Ni-20Cr and Ni-20Cr-2Si specimens
remained bright and shiny, whereas the other speci-
mens had dark grey (e.g., Ni-20Cr-5Si), black (e.g.,
Ni-20Cr-2Al-8Ti) or greenish (e.g., Ni-50Cr)
scales. Following the 3000-hour exposure, all sam-
ples were coated dark grey or greenish scales with
the Ni-20Cr-lY specimen showing a curious mot-
tled appearance.

CONCLUDING REMARKS
The results obtained to date in the present pro-

gram are preliminary and, as exposure conditions in
this first series of tests have been limited to short
times, attempts to generalize from these early
results would be premature. However, there are
obviously striking variations in the corrosion resis-
tance of the various experimental alloys which must
be related to the composition and structure of the
scales which form in the controlled purity helium
environment.

For those alloys which showed marked degrada-
tion at 750° and 850°C, the dominant corrosion
mode was internal oxidation rather than carburiza-
tion. Alloys containing Al were particularly suscep-
tible to the formation of internal oxides, but there
was some limited indication that the presence of
Ti-rich scales inhibited the subsurface growth of
A1203 particles. The most corrosion-resistant alloys
were those containing Si, Nb, and Y, which ap-
peared to promote the formation of thin, dense sur-
face scales, which remained protective during the
short time exposure conditions at 750° and 850°C.

The patterns of corrosion behavior observed in
the series of experiments at 950°C were consistent
with those obtained with the same set of experi-
mental alloys at 750° and 850°C. The most corro-
sion resistant materials were the Ni-20Cr and
Ni-20Cr-2Nb alloys. Alloys containing Al were
very susceptible to internal oxidation and carburiza-
tion and the addition of Ti did not eliminate these
effects. Alloys containing Si were resistant to car-
burization but tended to form spalling scales. Of
particular interest was the highly detrimental effect
of Y which was not observed in the experiments at
the lower temperatures. The presence of 1 percent
Y resulted in massive precipitation of Cr carbides in
the Ni-20Cr alloy during the exposure to controlled
purity helium at 950°C.

Following the corrosion tests at 950°C. coarsen-
ing of the component precipitates was noticeable in
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some cases. These thermal aging effects, which
were probably unrelated to the effects of the gase-
ous environment, were particularly marked for the
Ni-20Cr-5Ti and Ni-20Cr-8Al-2Ti alloys.
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Figure 1. Optical micrograph showing microstructure
of as-cast Ni-20Cr.

Figure 4. Optical micrograph showing microstructure
of as-cast Ni-20Cr-8Al-2Ti.

Figure 2. Optical micrograph showing microstructure
of as-cast Ni-50Cr.

50-8

Figure 5. Optical micrograph showing microstructure
of as-cast Ni-20Cr-2Al-8Ti.
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Figure 3. Optical micrograph showing microstructure Figure 6. Optical micrograph showing microstructure
of as-cast Ni-20Cr-8Al. of Ni-20Cr-2Si.
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Figure 7. Optical micrograph showing microstructure Figure 10. Optical micrograph showing microstructure
of Ni-20Cr-5Si. of Ni-20Cr-2Nb.

Figure 8. Optical micrograph showing microstructure
of Ni-20Cr-5Ti.

8 ßm

Figure 9. Optical micrograph showing raicrostructure
of Ni-20Cr-lY.
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v. -^-ÄÄ
' ' ' • a.;̂  '̂ v^^« '̂

». •• ^ -vx^i ̂ ov*A\«i.*'•, "i1" **•*. ™ f**J^J
•iVV-^^W J

. :--^^A!f^
"*;̂ '!®tess@^^ttjiüÄ'ÄMEaSai:

m
m

m.
50.8 M"1

Figure 11. Microstructure of Ni-20Cr after exposure to
impure helium for 1000 hrs at 750 °C
as polished.
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Figure 12. Microstructure of Ni-50Cr after exposure to
impure helium for 1000 hrs at 750 "C
as polished.
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25.4 f 25.4 tun

Figure 13. Microstructure of Ni-20Cr-8Al after expo-
sure to impure helium for 1000 hrs at
750 °C as polished.

Figure 15. Microstructure of Ni-20Cr-8Al-2Ti after
exposure to impure helium for 1000 hrs at
750 "C as polished.

(a) (a)

(b) (c) (b) (c)

Figure 14. Microprobe analysis of surface of Ni-20Cr-
8A1 after 1000 hrs at 750 °C exposure,
(a) Back scattered image (b) Cr distribu-
tion (c) Al distribution -.

Figure 16. Microprobe analysis of surface of Ni-20Cr-
8A1-2T1 after 1000 hrs at 750 °C exposure,
(a) Back scattered image (b) Cr distribu-
tion (c) Al distribution .

11
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Figure 17. Mlcrostructure of Ni-20Cr-2Al-811 after

exposure to impure helium for 1000 hrs at
750 °C as polished.
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(a) (b)

Figure 18. Microprobe analysis of surface of Ni-20Cr-2Al-8Ti after 1000 hrs at
750 °C exposure (a) Ti distribution (b) Cr distribution!.

Figure 19. Microstructure of Ni-20Cr-2Si after expo-
sure to impure helium for 1000 hrs at
750 °C as polished.

25.4 j
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Figure 20. Microstructure of Ni-20Cr-5Si after expo-
sure to impure helium for 1000 hrs at
750 °C as polished.

25.4 /im

Figure 22. Microstructure of Ni-20Cr-5Ti after expo-
sure to impure helium for 1000 hrs at
750 °C as polished.

(a) (b)

10 pm

(b) (c)

Figure 21. Microprobe analysis of surface of Ni-20Cr-
5Si after 1000 hrs at 750 °C exposure, (a)
Back scattered image (b) Si distribution (c)
Cr distribution.

10 pm

(0 (d)
Figure 23. Microprobe analysis of surface of Ni-20Cr-

STi after 1000 hrs at 750 °C exposure, (a)
Back scatttered image (b) Cr distribution
(c) Ti distribution (d) C scan across sur-
face scale.
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Figure 24. Microstructure of Ni-20Cr-lY after expo-
sure to impure helium for 1000 hrs at
750 °C as polished.

25.4

Figure 26. Microstructure of Ni-20Cr-2Nb after expo-
sure to impure helium for 1000 hrs at
750 °C.

(a)

.';;'••-'*?<&•£
(b) (c)

Figure 25. Microprobe analysis of Ni-20Cr-lY after
1000 hrs at 750 °C exposure, (a) Back
scattered image (b)_Cr distribution (c) Y
distribution.

25.4/xm

Figure 27. Microstructure of Ni-20Cr-8Al after expo-
sure to impure helium for 1000 hrs at
850 °C as polished.

: • - . • " 25.4 Mm

Figure 28. Microstructure of Ni-20Cr-8Al after expo-
sure to impure helium for 1000 hrs at
850 °C. Murakami's Etch.

14
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(a)

(b) (c)

Figure 29. Microprobe analysis of Ni-20Cr-8Al after
1000 hrs at 850 °C exposure, (a) Back
scattered image (b) Cr distribution (c) Al
distribution.

Figure 30. Microstructure of Ni-20Cr-8Al-2Ti after
exposure to impure helium 1000 hrs at
850 °C as polished.

»-

25.4 urn

Figure 31. Microstructure of Ni.-20Cr-8Al-2Ti after
exposure to impure helium for 1000 hrs at
850 "C. Murakami's Etch.

(c) (d)

Figure 32. Microprobe analysis of Ni-20Cr-8Al-2Ti
after 1000 hrs at 850 °C exposure, (a)
Back scattered image (b) Ti (c) Al (d) Cr
distributions.

15
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Figure 33. Microstnicture of Ni-20Cr-2Al-8Ti after
exposure to impure helium for 1000 hrs att
850 °C as polished.

' 25.4 urn

Figure 34. Microstructure of Ni-20Cr-2Al-8Ti after
exposure to impure helium for 1000 hrs at
850 °C. Murakami's Etch.
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(a) (b)

(C) (d)

Figure 35. Microprobe analysis of Ni-20Cr-2Al-8Ti
after 1000 hrs at 850 °C exposure, (a)
Back scattered image (b) Cr (c) Ti (d) Al
distributions.

(a)

Figure 36. Microstructure of Ni-20Cr-8Al after exposure
to controlled purity helium for 1000 hours at
950 °C. (a) As polished (b) Murakami's etch.

16
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(a) (b)

S0.3 lim

(c) (d)

(b)

Figure 37. Microprobe analysis of Ni-20Cr-8Al after
1000 hrs/950 °C exposure, (a) Back scat-
tered image (b) Cr (c) AI (d) C distribu-
tions.'

.3 pun

Figure 39. Microprobe analysis of Ni-20Cr-5Ti after
1000 hrs/950 °C exposure, (a) Back scat-
tered image (b) Cr (c) Ti (d) C distribu-
tions.

(a)

Figure 40. Microstructure of Ni-20Cr-2Al-8Ti after
exposure to controlled purity helium for
1000 hours at 950 °C as polished.

(b)

Figure 38. Microstructure of Ni-20Cr-5Ti after expo-
sure to controlled purity helium for
1000 hours at 950 °C. (a) As polished (b)
Murakami's etch.

17
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(a)' (b) (c) (a) (b) (c)

(d) (e) (d) (e)

Figure 41. Microprobe analysis of Ni-20Cr-2Al-8Ti
aftei 1000 hrs/950 °C exposure, (a) Back
scattered image (b) CJT (c) Al (d) Ti (e) C
distributions.

Figure 43. Microprobe analysis of Ni-20Cr-8Al-2Ti
after 1000 hrs/950 °C exposure, (a) Back
scattered image (b) Cr (c) AJ (d) Ti (e) C
distributions.

(a)

W*- &"<-„* Mr^Q";? &&£!%&e>Ä -fjt--»rf|feVrf>*!r5l7ft{it.-;,eißW

^Äll̂ ^

(a)

Figure 42. Microstructure of Ni-20Cr-8Al-2Ti after
exposure to controlled purity helium for
1000 hours at 950 °C. (a) As polished (b)
Murakami's etch.

(b)
Figure 44. Microstructure of Ni-20Cr-lY after expo-

sure to controlled purity helium for
1000 hours at 950 °C. (a) As polished (b)
Murakami's etch.

18
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(a) (b)

(c) (d)

Figure 45. Microprobe analysis of Ni-20Cr-lY after
1000 hrs/950 "C exposure, (a) Back scat-
tered image (b) Cr distributions (c) C near
edge (d) C in specimen interior..

(a)

.25.4

(b)

Figure 46. Microstructure of Ni-20Cr after exposure to
controlled purity helium for 3000 hours at
950 °C. (a) As polished (b) Murakami's
etch.

Figure 47. Microstructure of Ni-SOCr after exposure to
controlled purity helium for 3000 hours at
950 °C as polished.

(a) (b)

50.8 /im

(C)

Figure 48. Microprobe analysis of Ni-50Cr after
3000 hrs/950 °C exposure, (a) Back scat-
tered image (b) Cr (c) C distributions.
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50.8 um

(b)
Figure 49. Microstructure of Ni-20Cr-2Al-8Ti after

exposure to controlled purity helium for
3000 hrs at 950 "C. (a) As polished (b)
Murakami's etch..

Figure 51. Microstructure of Ni-20Cr-8Al-2Ti after
exposure to controlled purity helium for
3000 hours at 950 °C as polished.

(a) (b) (c) (a) (b) (c)

SO.8 /xm

(d) (e) (d) (e)

Figure 50. Microprobe analysis of Ni-20Cr-2Al-8Ti
after 3000 hrs/950 °C exposure, (a) Back
scattered image (b) Cr (c) Al (d) Ti (e) C
distributions.

Figure 52. Microprobe analysis of Ni-20Cr-8Al-2Ti
after 3000 hrs/950 °C exposure, (a) Back
scattered image (b) Cr (c) Al (d) Ti (e) C
distributions.
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(a)
(a) (b)

SO.8 /im
(c) (d)

(b)

Figure 53. Microstructure of Ni-20Cr-2Si after expo-
sure to controlled purity helium for
3000 hours at 950 °C. _ (a) As^ polished (b)
Murakami's etch.

Figure 55. Microprobe analysis of Ni-20Cr-5Si after
3000 hrs/950 °C exposure, (a) Back scat-
tered image (b) Cr (c) Si (d) C distribu-
tions.

(a)
(a)

ßm

(b)
Figure 54. Microstructure of Ni-20Cr-5Si after expo-

sure to controlled purity helium for
3000 hours at 950 °C. (a) As polished (b)
Murakami's etch.

(b)

Figure 56. Microstructure of Ni-20Cr-lY after expo-
sure to controlled purity helium . for
3000 hours at 950 °C. (a) As polished (b)
Murakami's etch.
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(a) (b)

(c)

50.8 um

(d)

Figure 57. Microprobe analysis of Ni-20Cr-lY after
3000 hrs/950 °C exposure, (a) Back scat-
tered image (b) Cr (c) Y (d) C distribu-
tions.

(a)

(b)

25.4

Figure 58. Microstructure of Ni-20Cr-2Nb after expo-
sure to controlled purity helium for
3000 hours at 950 °C. (a) As polished (b)
Murakami's etch.
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INTERACTION OF METALS WITH PRIMARY COOLANT IMPURITIES:
COMPARISON OF STEAM-CYCLE AND ADVANCED HTGRs *

by

W. R. Johnson and G. Y. Lai
General Atomic Company

San Diego, California U.S.A.

ABSTRACT

The carburization behavior of Incoloy 800H, Inconel 617, and
Hastelloy X in helium containing various amounts of H«, CO, CH4, H90, and
C02 was studied. Corrosion tests were conducted in a temperature range
from 649° to 1000°C (1200° to 1832°F) for exposure times up to 10,000 h.
Four different helium environments, identified as A, B, C, and D, were
investigated. Concentrations of gaseous impurities were 150 Pa H2, 45 Pa
CO, 5 Pa CH4, and 5 Pa H90 for Environment A; 20 Pa H2, 10 Pa CO, 2 Pa CH4,
5 Pa H20, and 0.5 Pa C02~for Environment B; 50 Pa H2, 5 Pa CO, 5 Pa CH/.,
and <0.05 Pa H20 for Environment C; and'50 Pa H2,~ 5 Pa CO, 5 Pa CH4, and
0.15 Pa H20 for Environment D. Environments A and B were characteristic
of low-oxygen potential. The results showed that the carburization kinet-
ics in low-oxygen-potential environments (C and D) were significantly
higher, approximately an order of magnitude higher at high temperatures,
than those in high-oxygen-potential environments (A and B) for all three
alloys. Thermodynamic analyses indicated no significant differences in
the thermodynamic carburization potential between low- and high-oxygen-
potential environments. A qualitatively mechanistic model was proposed
to explain the enhanced carburization kinetics observed in the low-oxygen-
potential environments. The present results further suggest that control-
ling the oxygen potential of the service environment can be an effective
means of reducing carburization of alloys.

1. INTRODUCTION

Helium, because of its chemical inertness and attractive thermal
properties, is used as a primary coolant in high-temperature gas-cooled
nuclear reactors (HTGRs) designed in the united States, Germany, and Janan.
However, the primary coolant in an operating HTGR can be contaminated bv
small amounts (ppm levels) of gaseous impurities such as H9, H90, CH4, CO,
and COo from a variety of sources, such as reactions of ingresied water and
oil with the core graphite, outgassing of reactor materials, proton dif-
fusion through steam tubes, etc. Corrosion of metals by these gaseous
impurities at elevated temperatures can be quite significant. Recent stud-
ies (Refs. 1-5) have indicated that the corrosion of austenitic alloys by
these gaseous impurities includes both oxidation and carburization.

Work supported by Department of Energy, Contract DE-AT03-76ET35301.
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Carburization is believed to have a greater effect on material performance.
However, current understanding of these gas-metal interactions, particu-
larly their mechanistic and kinetic aspects, is still limited. Extensive
work is required to fully understand the corrosion behavior and how these
corrosive environments affect the long-term mechanical behavior of candi-
date HTGR materials before reliable criteria for material performance
under these special conditions can be established.

The HTGR can be used for electricity production through steam-
generating or direct-cycle gas-turbine systems and for process heat appli-
cations. The levels of helium coolant impurities are expected to be dif-
ferent for the different systems adopted for the HTGR. One of the major
differences lies in the oxygen potential (or oxygen partial pressure) of
the environment. In the case of a steam-cycle system where continuous
ingü.'.ss of low levels of water and steam into the primary coolant is pos-
sib'f., the environment is expected to have a relatively high oxygen poten-
tial (i.e., low ratios of H2 to ̂0). On the other hand, it is anticipated
that the helium coolant in direct-cycle gas-turbine or process heat systems
will be much "drier" (i.e., high ratios of H2 to HoO) owing to the lack
of potential sources of continuous water and steam ingress. This paper
reports the results obtained from corrosion tests in helium environments
that are characteristic of both steam-cycle and gas-turbine/process heat
systems and offers some insights on the mechanistic and kinetic aspects
of the corrosion with particular emphasis on carburization in these high-
temperature gaseous environments.

A *
The alloys investigated were Incoloy 800H, Inconel 617, and

v Hastelloy' ' X. These alloys are being considered as candidate materials
for the construction of many high-temperature structural components of
HTGRs.

2. MATERIALS AND EXPERIMENTS

Corrosion tests were conducted in four different helium environments
designated herein as A, B, C, and D. Concentrations of the gaseous impuri-
ties in each environment are shown in Table 1. Each test environment was
generated by first purifying high-purity nuclear-grade helium and then
adding controlled quantities of H~, CH-, CO, C00, and H00 to the purified
t -t . £ . < + £ . £ •helium.

Tests for Environments A, B, and C were performed in once-through
corrosion test systems (Refs. 1, 2) in which the gas mixture for each envi-
ronment was passed through a retort containing the alloy specimens and then
exhausted to atmosphere. Specimens were exposed in Environment D in a
closed-cycle recirculating loop at the Central Institute for Industrial
Research (CIIR) in Oslo, Norway (Ref. 6).

A
Incoloy and Inconel are registered trademarks of the International

Nickel Company, Inc.
AA
Hastelloy is a registered trademark of Cabot Corporation.
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Purification of the helium for Environments A, B, and C was
accomplished by passing commercial-purity helium through activated charcoal
and/or molecular sieve (5 A) at liquid nitrogen temperature, while the ini-
tial helium supply for Environment D (recirculating loop) was provided by
means of a special bypass purification section as described in Ref. 6. The
HO, CH^, CO, and CO.? concentrations for Environments A, B, and C were
established by adding controlled quantities of research-purity gases to
the purified helium by means of low-flow vacuum leak valves. H90 was added
to Environments A and B by a bypass flow through hydrated oxalic acid crys-
tals at room temperature and at a controlled flow rate, which was cali-
brated to yield the desired moisture level. No H70 was deliberately added
to Environment C and no C09 was added to Environments A and C.

The H2, CO, and HLO contents for the recirculating loop (Environment
D) were regulated by varying the amount of ̂ 0 injected into the loop as
well as the temperature and gas flow through a graphite furnace, where H00
was converted to CO and H?. CH, was injected into the loop independently.
No C0„ was deliberately added to this environment.

All test systems were leak tight with no detectable oxygen (by means
of gas chromatography) in the system. The test gas before and after pass-
ing through each retort was analyzed by a gas Chromatograph for H9 (except
for Environment D), CO, CH/^, and C02- The H2 level for the circulating
loop was monitored by converting it to HoO in a CuO furnace and employing
a ?2®5 Meeco Model W electrolytic H^O analyzer. HoO for Environments A,
B, and C was measured using an EG&G dew point hygrometer, while H2Ü for
Environment D was monitored with a Goldsmith PfO^ cell with extra-fine
platinum electrodes. Flow rates for the once-through and recirculating
loop systems were maintained, depending on the specific system (Table 1),
at 180 to 1000 cm-Vmin so that no significant changes or depletion in the
concentration of each gas impurity was observed between inlet and exit
streams of the test retort. Variations of the above impurities during
testing were generally ±10% of the nominal.

Alloys studied in the present investigation included Incoloy 800H,
Inconel 617, and Hastelloy X. The material forms, grain sizes, specimen
configurations, and chemical compositions for each alloy heat are shown
in Table 2. All specimen surfaces were in the as-machined condition (16
rms or better). The specimens were exposed isothermally at the tempera-
tures given in Table 1. Exposure times were up to 10,000 h. Following
exposure, the specimens were subjected to detailed metallurgical examina-
tions including optical metallography, electron microprobe analysis, scan-
ning electron microscopy, energy dispersive x-ray analysis, x-ray
diffraction, and bulk carbon analysis.

3. EXPERIMENTAL RESULTS

Interactions between the alloys and impurities in the controlled-
impurity helium environments occurred at all exposure temperatures and
times. These interactions were manifested as surface and internal oxide
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and carbide formation accompanied by alloy depletion and near-surface,
high-density carbide precipitation (carburization) . As a result of these
environmental reactions, the alloys exhibited varying degrees of surface
discoloration, scale formation, and increases in bulk carbon content.

Figures 1 and 2 show typical surface scales formed on the surface
of Incoloy 800H, Inconel 617, and Hastelloy X after long-term exposure
(>3000 h) in the "wet" (Environments A and B) and "dry" (Environments C
and D) gas mixtures, respectively. Mn- and/or Cr-rich oxide surface
scales, occasionally containing particulate Cr-depleted metal matrix
phases, were observed on the alloys after exposures in the "wet" environ-
ments, whereas mixed Mn- and/or Cr-rich oxide and Cr-rich carbide surface
scales were observed after similar exposures in the "dry" environments.
Oxide scales for each alloy in all four environments were analyzed by
x-ray diffraction and consisted primarily of C^Oß for Inconel 617 and
Cr2U3 and MnC^O/ for Incoloy 800H and Hastelloy X. For short exposure
times (MOOO h) , Mn- and/or Cr-rich oxides were observed on the surfaces
of all three alloys in all four environments.

Carburization, as evidenced by optical metallography and bulk carbon
content analysis, was observed for all three alloys in all four environ-
ments. An example of carburization observed for Hastelloy X is shown in
Fig. 3. Bulk carbon content increased at all exposure temperatures, and
values for each alloy generally increased with increasing exposure tem-
perature and time. Differences in bulk carbon content before and af.ter
exposure ranged from a low of 0.001 wt % (two specimens at low temperature
in Environment A), which is within the scatter or error of the measurement,
to a high of 0.221 wt % carbon increase.

For purposes of analysis, the results of bulk carbon content
measurements were expressed as mass of bulk carbon increase per unit sur-
face area (g/cm2), which was determined by the relationship

AM (g/cm2) = AC

where AM = mass of carbon increase (g/cm2) ,

AC = difference in carbon (weight fraction) before and after
exposure,

W = weight of unexposed specimen (g) ,

A = surface area of the specimen exposed to the test environment
(cm2).

Owing to the limited nature of the data, it x<:as not possible to
determine the kinetics of carburization for each alloy and environment.
Nevertheless, an attempt was made to examine the carburization rate in
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terms of carbon increase as a function of time for Hastelloy X tested in
Environments C and D. The gas chemistry of Environment C was essentially
the same as that of Environment D except for a lower moisture level. No
significant differences in carburization kinetics were observed between
these two environments. The same heat of material was used for both envi-
ronments. Accordingly, the data from both environments were plotted
together arid are shown in Fig. 4.

It was assumed, as a first approximation, that carburization of
Hastelloy X followed a law of the type AM = ktn, where AM is the mass of
carbon increase per unit surface area, t is the exposure time, and k and
n are constants. Both n and k were determined by a least-squares fit.
Values of the rate exponent (n) were slightly less than or about 0.5 (the
theoretical value for a parabolic rate) at 800°C (1472°F) and higher than
0.5 (between 0.5 and 1.0) at higher temperatures [e.g., 900° and 1000°C
(1650° and 1832°F)]. Values of n for Inconel 617 exposed in Environments
C and D varied from 0.37 at 800°C to 0.89 at 900°C.

The most significant observation made in the present investigation
is presented in Figs. 5, 6, and 7. In examining the kinetic data generated
for the four environments, it was found that the rates of carburization in
the "wet" environments (A and B) were significantly lower than those of
the "dry" environments (C and D). This difference became more pronounced
at higher temperatures [e.g., 900° and 1000°C (1650° and 1832°F)]. In
Figs. 5, 6, and 7, the carburization rates for each alloy, expressed in
terms of a parabolic rate law (t1'-) for convenience, are presented for
all four environments over the range of exposure temperatures used in the
study.

The data for Environments C and D and those for Environments A and B
can be grouped into two separate sets. As indicated in the figures, the
carburization rates obtained in the "dry" or low ̂ 0 environments (C and D)
were significantly higher than those in the "wet" or high t̂ O environments
(A and B) for all three alloys. Although a portion of the observed dif-
ferences may have resulted from heat-to-heat variations among the alloys,
it is suggested that the differences in carburization observed are related
to the relative difference in oxygen potential for the two types of envi-
ronments. For example, specimens of the same heat of Incoloy 800H tested
in a "wet" (A) and a "dry" (D) environment exhibited carburization rates
which were approximately an order of magnitude different, as illustrated
in Fig. 5. Tests conducted on two heats of Hastelloy X revealed no sig-
nificant heat-to-heat differences in carburization rates for both "dry"
environments (C and D). In addition, tests conducted on the same heat of
Hastelloy X in both "wet" environments (A and B) revealed similar
carburization kinetics.
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4. DISCUSSION

The helium coolant in an operating HTGR makes a complete circuit
(from the graphite core to the heat exchangers or gas turbines and back
to the core) in several seconds. The gas components in the coolant, via
reaction with the core and, to a more limited extent, with themselves,
will reach a steady state under this dynamic condition and may, in fact,
approach an equilibrium state with respect to the core. Equilibrium
between the metallic components within the reactor and the gaseous impu-
rities in the primary coolant helium is not expected to occur under these
very fast flow conditions. In order to simulate these conditions with
respect to the alloy specimens in the test environments, the flow rates
of the test gases were maintained at levels sufficient to provide a non-
equilibrium state, i.e., no depletion of each gas impurity during passage
through the test retort. This was verified by gas analysis of the inlet
and exit streams of each test retort, except for those cases where impurity
concentrations were below instrument detection levels (see Table 1).

Although the gaseous impurities in a primary coolant environment may
not be in equilibrium with themselves or with metallic components, driving
forces or potentials will exist that will cause gas-metal interactions
to occur, kinetics permitting, in the direction of thermodynamic equilib-
rium. Potentials for gas-metal corrosion reactions may be determined
through equilibrium thermodynamics by considering each individual chemical
reaction possible between the metal and individual gaseous impurities.

Carburization of the alloys by impurities in the gas mixtures may
be approximated by considering the possible gas-metal reactions which can
lead to carbon uptake:

CO + H2?=iC + H20 (1)

ZCOv^C + C02 (2)

CH4?=^C + 2H2 (3)

CH4 + CO Z=^2C + H20 + H2 (4)

COv^C + 1/2 09 (5)

The carbon activity in the gas phase for each of the five reactions
may be calculated from its equilibrium constant (k) via the partial
pressures (P) of each component:

PCO ' PHo
ac = k-| = , for Reaction (1)

PH70
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n

ac = k2
 (PCO) , for Reaction (2)

ar = k_ , . 9 , for Reaction (3)
3 C P '

ac - Ck4) _i___ , for Reaction (4)

ac = k CO for Reaction (5)

When the carbon activity in the gas phase (i.e., helium environment) is
greater than the carbon activity in the metal, carburization of the metal
is thermodynamically feasible; conversely, decarburization of the metal
is expected.

In the following analysis, the experimental results obtained in the
present study are compared with thermodynamic predictions based on the
five possible carburizing reactions through the use of carbon activity
diagrams. This method of analysis has been discussed in a previous paper
(Ref. 1). An example of such a diagram is shown in Fig. 8 for Reaction
(1). The carbon activity in the gas phase for each reaction [(1) through
(5) ] was calculated in terms of temperature and gas chemistry (partial
pressure ratio) . For those cases in which the impurity species in a par-
ticular environment was not detectable, the detection limit for that spe-
cies was used in the partial pressure ratio calculation. The carbon
activity in the metal was calculated by assuming equilibrium between carbon
in the metal and Cr-^oCg, using chromium activity data from Ref. 7 and free
energy data from Ref. 8. Cr-rich carbides have previously been observed
as the primary precipitating phase in the carburization zone of all three
alloys after exposure in impure helium (Refs. 8-11). These precipitating
carbides have been identified as M^Cf, carbides for Hastelloy X and Incoloy
800H (Refs. 10,11). Comparison of the experimental results with thermo-
dynamic predictions made using such carbon activity diagrams provides a
means of obtaining information regarding the possible dominating chemical
reaction (or reactions) that controls carburization in the alloys studied.

The comparison of experimental results and thermodynamic predictions
based on the previous assumptions is presented in Table 3 for all environ-
ments over the range of exposure temperatures. Carburization was observed
in all four environments at the test temperatures [649° to 1000°C (1200°
to 1832°F)]. The rates of carburization increased with increasing tempera-
tures. Comparison of the experimental results with thermodynamic predic-
tions indicates that Reactions (1) and (2) are not consistent with the
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observed behavior of the alloys over the temperature range of interest.
For example, Reaction (1) (CO + H2 ̂ C + H?0) , as illustrated in Fig. 8,
predicts decarburization in all four environments at 800° to 1000°C (1472°
to 1832°F). Reactions (1) and (2) therefore are not believed to control
the carburization behavior of the alloys. Reactions (3) and (4), on the
other hand, are in agreement with the experimental results and therefore

believed tu play a major role in the carburization process.

Carburization of austenitic alloys is also thermodynamically possible
via the simultaneous carburization and oxidation of chromium through
Reaction (5) , i.e. ,

6 CO + 27 Cr ICr23C6 2 Cr2°3 (5)

Carburization by means of this reaction will depend on temperature, CO
partial pressure, and chromium activity. For the alloys in this study,
which are expected to have chromium activities of ̂ 0.5 or greater (Ref. 7),
carburization is thermodynamically possible if chromium activities are
sufficiently high. Therefore, Reaction (5) may also be important in the
carburization process.

In addition to carburization-decarburization reactions, oxidation of
metals by gaseous impurities in helium may occur. Either one or both of
the following two chemical reactions can be responsible for the oxidation:

H20 1/2 (6)

CO, M/2 + CO (7)

The oxygen potential (PQ?) ̂ or tnese reactions may be determined via
their equilibrium constants (k) as shown below:

(P )
(

1/2

H2 , for Reaction (6)

'CO,
, for Reaction (7)

The oxides that are thermodynamically capable of forming on the alloys
in the present study are shown in Fig. 9, where the oxygen partial pressure
(?02) in equilibrium with the oxide is plotted as a function of tempera-
ture. Also included in the figure are calculated oxygen potentials of
the test environments based on Reaction (6) or P ^ ratios. These
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values were selected because calculations based on both oxidation reactions
over the range of temperatures in this study yielded significantly higher
?02 values for Reaction (6) for Environments A and B and similar values
for both reactions for Environments C and D. It has been assumed in the
present analysis that the higher calculated PQ2 values obtained from Reac-
tion (6) control the oxygen potential of the test environments. In those
cases where the concentrations of H20 and CC>2 could not be measured, the
detection limits for these species CMD.05 Pa) were used in the calcula-
tions.

As illustrated in Fig. 9, oxidation of elements in the alloys is
thermodynamically feasible when ?Q2 in the test environment is greater
than those in equilibrium with the oxides. Based on the foregoing assump-
tions and analysis, all of the four environments are predicted to be reduc-
ing to iron oxides (and less stable oxides of nickel, molybdenum, cobalt,
etc.) and oxidizing to chromium and elements more reactive than chromium
(manganese, silicon, titanium, aluminum, etc.). C^Oo and MnO are at the
borderline at high temperatures in Environments C and D, which exhibit a
much lower oxygen potential. Since the oxides observed on the surfaces of
all three alloys after exposure in the four environments were primarily
Cr- and Mn-rich, the experimental results are in agreement with the
thermodynamic predictions illustrated in Fig. 9.

From the foregoing analysis and discussion, it is apparent that gas-
metal reactions occurring in controlled-impurity helium are controlled by
both oxygen and carbon potentials. Depending on their combined potentials,
oxidation or carburization, or both, can occur at the gas-metal interface
to form a scale. The type of reactions and corrosion products can be
approximately predicted by thermodynamic stability diagrams. The most
important system in oxidation/carburization of austenitic alloys in these
high-temperature gaseous environments is the Cr-O-C system. The stability
diagram of the Cr-O-C system at 900°C (1650°F) is illustrated in Fig. 10
and defines the region in which the phases are stable and are expected
to form at the gas-metal interface. Superimposed on the diagram are the
equilibrium carbon activities obtained for the three pertinent carburiza-
tion reactions, (3), (4), and (5).

In the present investigation, carburization of all the alloys was
observed in all four environments. The carbon activities of these environ-
ments are therefore believed to be greater than those in equilibrium with
^r23^6» t^ie carbide type observed in the carburization zones for these
alloys. Otherwise, there would have been no driving force or chemical
potential for carburization to occur. As illustrated in Fig. 10 for 900°C
(1650°F) and confirmed by calculations for other temperatures, the calcu-
lated oxygen partial pressures for the "wet" environments (A and B) are
orders of magnitude higher than oxygen partial pressures in equilibrium
with both Cr2U3 and chromium carbides (Cr23C^, CryC^, and Cr3C9); i.e.,
P02 values lie far above the oxide-carbide stability line of the Cr-O-C
diagram. Chromium oxides are therefore predicted to form on the alloy
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surface at the gas-metal interface. This was confirmed in the present
investigation; scales found on all alloys exposed in the wet environments
consisted primarily of MnC^C^ and/or

For the "dry" environments (C and D) , the calculated oxygen potentials
are either slightly above or slightly below the oxide-carbide boundary s

and oxides or carbides are therefore expected to form on the alloy surfaces
during exposure. These predictions were also confirmed by the experimental
results; oxide scales were observed on the alloy surfaces after short-term
exposure (MOOO h) at 800° to 1000°C (1472° to 1832°F), and oxides and
carbides were observed after longer times. The following hypothesis is
offered to explain the co-existence of these phases. Assuming that PQ,-,
in the environment is slightly above the oxide-carbide stability line,
oxides are expected to form initially on the metal surface. After nuclea-
tion and some growth of the oxides, a gradient in chromium concentration
will develop in the alloy matrix near the oxide and in the oxide itself ,
and the chromium activity in the oxide at the oxide-gas interface will be
decreased from its initial value. This process has the effect of pushing
the oxide-carbide stability line in Fig. 10 to higher PQ2 values. For
sufficiently low chromium activities, the carbide will then become the
thermodynamically favored reaction product. The experimental results
suggest this type of growth process has occurred.

In the present investigation, the subsequent formation of surface
oxide and/or oxide-carbide scales accompanied by carburization of the
alloys, and the changes in surface scale character and increasing degree
of carburization with exposure time, indicate that carburization of the
alloys occurs by carbon penetration through the scale. A careful analysis
of the data and comparison with the thermodynamic predictions discussed
previously strongly suggest that the carburization behavior of the alloys
cannot be explained solely on the basis of the carbon activity of the
environment. As illustrated in Fig. 10, cases exist for all three car-
burization reactions, deemed as possible controlling reactions, for which
predicted carburization behavior for an alloy in "wet" and "dry" environ-
ments is exactly opposite of the experimental observations. For example,
carburization of all the alloys was greatest in the "dry" environments,
although calculated carbon activities for one or both "dry" environments
are nearly equivalent or significantly less than those calculated for one
or both of the "wet" environments. Therefore, it is suggested that the
observed differences in carburization rates between the "wet" (high-
oxidation-potential) and "dry" (low-oxidation-potential) environments are
not due to differences in the thermodynamic carburization potential, but
are primarily related to kinetic effects and the transport character of
the scales formed on the alloys during exposure.

Surface scales consisting of carbides and/or oxides were observed
to form on the surfaces of the alloys from exposure in the impure helium
environments. For both types of environments ("wet" and "dry"), carbon
from the environment would have to penetrate through the scale to carburize

10
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the underlying metal. However, for the "dry" environments, carbides in the
scale may act as additional sources of carbon and/or may significantly
affect the transport character of the scale with respect to carbon diffu-
sion. Local fluctuations in oxygen potential and/or chromium activity in
the scale may create a metastable condition with respect to carbide forma-
tion that favors carbide dissolution in the scale and therefore provide
an additional source of carbon for transport into the underlying metal.
This qualitatively mechanistic model is illustrated in Fig. 11 and is
offered to explain the enhanced carburization kinetics in those cases where
the scale formed on the metal surface consists of oxides and carbides.
The present model suggests that increasing the oxygen potential of the
environment to levels where only oxides form the scale (without carbides)
can significantly reduce carburization kinetics. Based on the results of
the present investigation, it is suggested that controlling the oxygen
potential of the service environment can be an effective means of reducing
carburization of this class of alloys.

5. SUMMARY AND CONCLUSIONS

The carburization behavior of Incoloy 800H, Inconel 617, and Hastelloy
X in four different helium environments (A, B, C, and D) at temperatures
from 649° to 1000°C (1200° to 1832°F) for exposure times up to 10,000 h
was studied. Environments A and B are characteristic of high-oxygen poten-
tial, while Environments C and D are characteristic of low-oxygen
potential. The major results and conclusions are as follows:

1. Carburization was observed in all four environments. Carburiza-
tion kinetics in the low-oxygen-potential environments (C and
D) were found to be significantly higher, approximately an order
of magnitude higher at high temperatures, than those in the high-
oxygen-potential environments (A and B) for all three alloys.
Thermodynamic analyses indicated no significant differences in
the thermodynamic carburization potential between low- and high-
oxygen-potential environments. It is thus believed that the
enhanced carburization kinetics observed in the low-oxygen-
potential environments are related to kinetic effects.

2. The scale formed on the metal surface in the high-oxygen-
potential environments consisted of oxides of manganese and/or
chromium, while the scale formed in the low-oxygen-potential
environments consisted of Mn- and/or Cr-rich oxides and Cr-rich
carbides. The carbides formed in the scale in the low-oxygen-
potential environments are believed to be in a tnetastable condi-
tion in those environments. Whenever dissociation of carbides
in the scale occurs due to increases in local oxygen potential
or decreases in chromium activity, additional carbon atoms become
available to carburize the metal underneath the scale. This
qualitatively mechanistic model is proposed to explain the
enhanced carburization kinetics observed in the low-oxygen-
potential environments. The present model suggests that

11
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increasing the oxygen potential of Environments C and D to levels
where only oxides form in the scale (without carbides) can
significantly reduce carburization kinetics.

3. The present results suggest that controlling the oxygen potential
of the service environment can be an effective means of reducing
carburization of austenitic alloys. The effect of increasing the
oxygen potential on the corrosion rates of HTGR core graphite
must be considered in evaluating the practical application of
this approach.
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TABLE 1
EXPOSURE CONDITIONS FOR ALLOYS UNDER INVESTIGATION

Test
Environment

A<*>

B(b)

c(c>

D<d>

Gaseous Impurities in Helium (Pa)

H2

150

20

50

50

CO

45

10

5

5

CH4

5

2

5

5

H2°

5

5

<0.05(e)

0.15

co2

<0.05<e)

0.5

<0.05(e)

<0.05(e)

Exposure Temperature
[°C (°F)J

649, 760, 871
(1200, 1400, 1600)

649, 760, 871, 900
(1200, 1400, 1600, 1650)

800, 900
(1472, 1650)

650, 800, 900, 1000
(1202, 1472, 1650,
1832)

Alloy (Heats) Exposed

flncoloy 800H (1); Inconel 617 (1);
\Hastelloy X (1)

llncoloy 800H (2); Inconel 617 (2);
\Hastello> X (1)

/Inconel 617 (3); Hastelloy X (2, 3)

i
flncoloy 800H (1); Inconel 617 (3);
\Hastelloy X (2, 3)

0.15-Pa helium pressure at a flow rate of M80 cm /min flowing through the test retort (5.08-cm-diameter
alumina retort).

/t \ O

0.15-Pa helium pressure at a flow rate of o-300 cm /min flowing through the test retort (5.08-cm-diameter
alumina retort).

0.15-Pa helium pressure at a flow rate of V500 cm /min flowing through the test retort (17.1-cm-diameter
Inconel 600 retort)^

' ̂ 0.17-Pa helium pressure at a flow rate of MOO cm /min flowing through the test retort (7.9-cm-diameter
Inconel 600 retort). <

Concentration was below the detection limit of the instrument (0.05 Pa).

to



TABLE 2
CHARACTERISTICS OF ALLOYS UNDER INVESTIGATION

Alloy

Incoloy
80011

Inconel
617

Hastelloy
X

Heat
I.D.

1

2

1

2

3

1

2

3

(Specimen Size)

1.9-cm-diam. round
(0.15 x 1.9 cm diam)
1.9-cm-diam. round
(0.13 x 1.25 x 2.54 cm)
0. 12-cm-tliick sheet
(0.12 x 1.5 x 2 cm)
0. 165-cm-thick sheet
(0.13 x 1.25 x 2.54 cm)
1 . 27-cm-diam. round
(2.54 x 0.63 cm diam)
0. 14-cm-thick sheet
(0.14 x 1.5 x 2 cm)
1 .27-cm-diam. round
(2.54 x 0.63 cm diam)
1 .27-cm-diam. round
(2.54 x 0.63 cm diam)

ASTM

Size

4

5

5

7

3

4

4

3

(a)
Chemical Composition (wt %)

C

0.07

0.07

0.08

0.07

0.07

0.08

0.08

0.09

Fe

43.6

45.9

0.5

0.19

0.15

18.7

19.1

18.8

Ni

33.4

31.7

54.5

55.9

54.7

Bal

Bal

Bal

Cr

20.4

20.1

22.3

21.8

22.3

21.3

21.5

21.5

Co

--

—

12.45

12.24

12.46

2.03

2.11

2.08

Mo

—

—

9.13

8.71

9.09

9.44

8.95

8.76

Al

0.43

0.25

0.89

0.99

1.06

—
—

0.22

Ti

0.46

0.35

—

—

—

—

—

0.01

Mn

0.77

0.80

0.03

0.03

0.02

0.61

0.71

0.61

Si

0.39

0.32

0.16

0.06

0.08

0.32

0.53

0.50

S

0.004

0.006

0.007

0.007

0.007

0.004

0.005

0.005

P

—

—

—

--

—

0.003

0.018

0.023

Other

Cu = 0.49

Cu = 0.53

W - 0.62

W - 0.45

W - 0.60
Cu - 0.16
B - <0.002

(a)
Vendor's analysis.
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TABLE 3
COMPARISON OF EXPERIMENTAL RESULTS AND THERMODYNAMIC PREDICTIONS

REACTION/EXPERIMENT PREDICTION/OBSERVATION

EXPERIMENT

ENVIRONMENTS

A B C D

T(°C)

700

800

(1) CO + H2 *» C + H20 T(0C)-

700

800

900

1000

(2) 2 CO *> C + C02 T(°C)

(3) CH4 - C + 2 H2 T(°C)

(4) CH4 + CO =*= 2 C + H20 + H2 T(oC)

LEGEND

(5) 6 CO + 27 Cr - Cr23Cg + Cr203 T{°C)

CARBURIZATION

DECARBURIZATION

CARBURIZATION OR
DECARBURIZATION
(DEPENDS ON Cr
ACTIVITY)
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ALLOY 800H, ENV. A INCONELALLOY617,ENV.A HASTELLOY ALLOY X, ENV. A

ALLOY 800H, ENV. B INCONELALLOY617, ENV. B HASTELLOY ALLOY X, ENV. B

Fig. 1. Optical photomicrographs showing typical oxide scales formed on metal surfaces of Tncoloy 800H,
Inconel 617, and llastelloy X after exposure to Environment A at 871°C (1600°F) for 5000 h (a,b,c)
and to Environment B at 900°C (1650°F) for 5000 h (d,e,f). Phases indicated by arrows were found
to be chromium-depleted metal matrix phases. Unetched.

(-4-x
D)



Ni PLATING CARBIDES

OXIDES \ Ag PLATING

Ni PLATING

CARBIDES

Ag PLATING

OXIDES
Ni PLATING

CARBIDES
Ag PLATING

OXIDES

*"OXIDES

ALLOY 800H, ENV. C INCONEL ALLOY 617. ENV. C HASTELLOY ALLOY X, ENV. C

Fig. 2. Optical photomicrographs showing typical oxide-carbide duplex scales formed on metal surftices
of Incoloy 800H (a) , Inconel 617 (b ) , and Hastelloy X (c) a f t e r exposure Lo Environment C at
900°C (1650°F) for 3000 h. Unetched.
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O 800°C HASTELLOY ALLOY X (Ht. 2)
A 9QO°C ENVIRONMENTS C/D

(*ENV. 0)

n = 0.81, k = 1.24 x ID6

A

n = 0.39. k = 1.22 x10~5

I I "5"
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TIME, 103 H
(a)

O 800°C HASTELLOY ALLOY X (Ht. 3)
A 900°C ENVIRONMENTS C/D
D 1000°C (*ENV. 0)

n = 0.59, k = 1.25 x 10~5

n = 063, k = 5.49 xlO~6

n = 0.5, k = 7.95 x 10~6

J I I I

10 12

TIME, 103 H
(b)

Fig. 3. Optical photomicrograph showing unetched surface
and internal microstructure of Hastelloy X after
exposure in Environment B at 900°C (1650°F) for
3000 h (differential interference contrast
technique)

Fig. 4. Mass of carbon increase as a
result of exposure in Environ-
ments C and D at various
temperatures and times for
Hastelloy X: (a) Heat 2,
(b) Heat 3
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ALLOY 8UOH

• ENVIRONMENT A

• ENVIRONMENT B

A ENVIRONMENT 0

m oo i co

n-5

n-6

INCONEL ALLOY 617 3 ENVIRONMENTS
O ENVIRONMENT C
A ENVIRONMENT 0

S
I

l/T »(r" K-l

Fig. 5. Rates of carbon increase in Incoloy 800H
as a resuiL of exposure to Environments
A, U, and D as a function of inverse of
exposure temperatures (absolute
temperatures)

Fig. 6. Rates of carbon increase in Inconel 617
as a result of exposure to Environments
B, C, and D as a function of inverse of
exposure temperatures (absolute
temperatures)
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Fig. 1. RaLes of carlon increase in Hastelloy X
as a result of exposure to Environments
A, 15, C, and D as a function of inverse
of exposure temperatures (absolute
temperatures)

Fig. 8. Calculated carbon activities in the
test environments for various
temperatures based on the reaction
CO + l]25=

iC + H90. Also plotted
are calculated carbon activities in
equilibrium with C^ßC^ in indicated
alloys.
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irr,

Fig. 9. Equilibrium oxygen partial pressure for various
metallic oxides as a function of 1 /T (K~1). Also
plotted are calculated oxygen partial pressures for
Environments A, B, C, and D based on the reaction
H0 0 + H
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Fig. 10. Stability diagram for the Cr-O-C
system at 900°C (1650°F). Also shown
are calculated oxygen partial pressures
in Environments A, B, C, and D and
calculated carbon activities for
Reactions (3), (4), and (5).

ENVIRONMENTS A/8 ENVIRONMENTS CIO

OXIDES

Fig. 11.

ALLOY SUBSTRATE

CARBIDES

WHEN THE LOCAL OXYGEN POTENTIAL IS HIGHER THAN THE

PfljIN EQUILIBRIUM WITH Cf203ANO CARBIDES, THE CARBIDE

DISSOCIATES RESULTING IN ADDITIONAL CARBON ATOMS

PENETRATING THROUGH THE OXIOE SCALE TO CAH8URIZE

THE SUBSTRATE ALLOY, FOR EXAMPLE,

2Cf23C6 + 690 - 23Cr203 112C.

Schematics of qualitatively mechanistic model for carburization
of metals in high-oxygen-potential environments (A and B) and
low-oxygen-potential environments (C and D)
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TH5 BEHAVIOUR OF HIGH TEMPSPATURE ALLOYS
DURING SXFOCUPS IfJ li-'.FUF.S HELIUM

by

L. VI. Graham*, K. G. S. Brenner* and K. Krompholz

ABSTRACT

A range of high temperature alloys which are potentiell candidates for
the construction of primary circuit components in helium-cooled process-heat
systems have been exposed for periods up to 10000 h in a helium environment
containing microbar quantities of H^, H O , CHj. and CO. The degree of
depletion or production of impurities caused by the gas/metal reactions
occurring at the metal surface can be related to the parameter A/F where A is
the surface area and F the volume flow. The depletion of water is especially
important since it is the prime species involved in forming oxide scales at
high temperature.

Results are presented which show that during exposure high temperature
nickel-base alloys containing about 20% chromium form thin, adherent, chromium-
based oxide scales. These scales give excellent resistance to carburisation
although there are variations in the detailed behaviour dependent on the
influence of minor alloying elements such as titanium, aluminium and manganese.

The influence of variations in gas impurity levels is discussed and
results are shown which illustrate that if the CH^/HpO ratio is unfavourable
enhanced carburisation occurs and if the C0/H?0 ratio is unfavourable
decarburisation is possible. However, it is proposed that in High Temperature
Process Heat systems both the CH^/H„0 ratio and the C0/H?0 ratio will be in
favourable ranges from the viewpoint of high temperature oxidation/carburisation
processes leading to stable oxide scales and only very low levels of
carburisation.

* HTMP, Winborne, U.K.

Incera-cm. Ber.sberg, r.R.G.



THE BEHAVIOUR OF HIGH TEMPERATURE ALLOYS
DURING EXPOSURE IN IMPURE HELIUM

by

L. W. Graham*, K. G. E. Brenner* and K. Krompholz

1. INTRODUCTION

Experimental work on the behaviour of materials in impure helium

environments attempting to simulate various types of HTR have been in

progress for more than ten years. At previous meetings in 1975/76 one of

the authors presented "state of the art" papers on the factors governing the

expected environmental conditions in HTRs and their influence on materials

behaviour, with results of work largely concentrated on the temperature range

600-800 C (1,2). At this time the emphasis of the work was beginning to

change towards determining the environmental effects at higher temperatures

(800-1000 C) because of the growing interest in the HTR for process heat

applications. At that time one of the prime concerns in the material

behaviour was to determine whether, in the light of the unusual character-

istics of HTR-Helium, high temperature carburisation would cause limitations

in component performance which would override the limits set by the

inherent mechanical strength of the candidate structural alloys. The unusual

characteristics referred to are the low levels of oxidising species, leading

to elements such as Fe, Ni, Co, Mo, W (and possibly Cr) becoming non-

oxidisable, coupled with the existence of CHj. in the helium which could be

a strong source of carburisation at the high temperatures of interest.

Continuation of the experimental work in the past years has resulted

in the accumulation of much more data and a clearer understanding of the

important factors governing the oxidation/carburisation behaviour at high

temperatures. Two key features of this better understanding which were not

always appreciated in some of the early work arise from the very low partial

pressures of the impurities in the helium. These are:

(1) The behaviour is dominated by reactions at the metal surface involving

single species of the gas impurities. In much of the early work (and

still in some papers today) a standard thertnodynamic approach is adopted

which assumes equilibrium conditions, ignores kinetic factors and which

erroneously implies that gas/gas reactions occur in the helium. It is

* HTMP, Wimborne, U.K.

Interatom, Gensberg, F.R.G.



not meaningful, for example, to speak in terms of the "oxidising" and

"carburising" potential of the gas in simple thermodynamic terms.

(2) Associated with the above, and fundamental to the experimental work is

the realisation that severe impurity depletion can occur inside test

chambers which can often lead to difficulties in simulating particular

environments. This phenomenon is most serious for H„0, the main

oxidising species at high temperatures, because of its very low level.

The purpose of the present paper is to present the results of recent

experimental work carried out at the higher temperatures by HTMP and IA. To

illustrate the principle findings, results obtained from the two nickel-base

alloys, Inconel 61? and Nimonic 86, have been chosen. Nimonic 86 represents

a group of alloys in which Cr alone dominates the oxidation/carburisation

behaviour while Inconel 617 illustrates the effects produced by the presence

of Al, which is much more strongly oxidisable. These alloys are amongst

the strongest wrought nickel-base alloys commercially available today and

possess the levels of strength of interest for process heat systems.

2. EXPERIMENTAL METHODS

2.1 Exposure Techniques and Method of Producing the Test Gas

Basically different methods have been used to expose the specimens and

produce the simulated HTR-Helium in the HTMP and IA laboratories.

At HTMP the exposures were

carried out in multi-specimen test

chambers, each containing approx-

imately 100 specimens 45 mm long and

5 mm diameter of many different

materials (Figure 1).

The test chamber is constructed

from another Ni-Cr alloy, Inconel

600. As will be shown later, the

volume flow rate of the test gas

through the test chamber is a

critical parameter and in the present

work was typically 14 1/min giving a

linear velocity over the specimens

of about 14 cm/sec.

The impure helium environment

is established in a closed loop

system which is initially filled Figure 1 - Specimen Array at HTMP
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with ultra-pure helium from a custom-built purification system and circulated

at high volume flows. The requisite levels of impurities are obtained by

injecting H„0 and CH. into the main loop. Some of the H O is converted to

CO and H in a hot graphite furnace which also promotes the breakdown of some

of the CH. to produce H„. Other important functions of this furnace are to

strip the helium of oxygen and to simulate the level of carbon-dioxide

relative to the carbon monoxide to be found in an HTR. The test chambers are

fed from the main loop and the gas is returned to it. The loop has a

controlled bleed from and to the purifier and by balancing the purification

rate against the rate of H„0 and CH. injection and the rate of consumption

of impurities in the test chambers, the concentration of impurities in the

loop is held constant. Impurity levels are measured in the main loop and at

the exit of furnaces. The water concentration is measured at levels down

to 0.1 /jbar using a specially developed electrolytic hygrometer.

The standard gas composition used in the HTMP loop was (in /ubar):

H2 450-550, H20 0.5-1.0, CO 15-20, CH^ 15-20, N2 3-7

A notable feature in achieving this composition was that to minimise

the CO level with the given level of H„0, it was necessary to reduce the

graphite furnace temperature to a value oelow 900 C and to introduce a by-pass

of the furnace. This shows that in a circuit containing hot graphite (such

as an operating HTR) there will be a discrete relationship between the levels

of H20 and CO.

At IA the exposures were performed in alumina tubes approximately 7 mm

I.D. containing only two specimens of the same material. The flow rate

through the test tube was 0.1 1/min. In contrast to the loop system at HTMP,

the test gas at IA was purchased as a premix and fed to the test tubes from

cylinders. As a consequence of the very low flow rate, the impurity

depletion effects, especially of H O , were significant over individual speci-

mens in the IA experiments and thus allowed special study of the effect of

variations in the H_0 concentration both above and below the concentration

used at HTMP.

Apart from this variation, exposures have also been conducted in a "high

CH." environment as discussed later.

2.2 Examination Methods and Materials Studied

Exposures were carried out in the temperature range 800 to 1000 C and

the following examination methods used. At HTMP specimens were weighed at

intervals of 1000 h and destructively examined after exposure times of

3000 h and 10000 h by optical metallography, EPMA, SEM and by chemical

analysis to determine the concentration of carbon. This produced a quantitative
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picture of the oxide build-up ana its composition together with the degree

of carburisation. Except for the intermediate weighings, the same procedures

were used to examine the specimens exposed at IA where a standard exposure

time of 3000 h was used.

Although a wide range of materials has been studied, the main results

are clearly illustrated by reference to two high strength nickel-base alloys

which are prime candidates for components such as intermediate heat exchangers

in process heat systems. Both these alloys are solid-solution strengthened,

containing about 20% Cr as well as strengtheners such as Mo. However, the

main difference from the viewpoint of the oxidation/carburisation behaviour

is the absence of aluminium in Nimonic 86 and its presence in Inconel 617

(see Talle 1).

Table 1 - Cast Analyses of Typical Heats of Inconel 617 and Nimonic 86 (wt. %)

Alloy

Inc. 617

Nim. 86

C

0.06

0.07

Cr

22.02

24.83

Ni

52.75

62.46

Fe

0.96

1.72

Mo

9.29

10.00

Co

12.20

0:08

W

0.27

0.06

Mn

0.03

0.11

Ti

0.26

0.14

Al

1.14

0.04

Nb

0.24

<0.01

Si

0.16

0.19

3. RESULTS AND DISCUSSION

3.1 Surface Reactions and Depletion of Impurities

At temperatures from 900 C upwards there were obvious visual signs that

impurity depletion was occurring in the test chambers especially in the IA

experiments. Figure 2 shows the appearance of an IA specimen located at the

inlet of the alumina tube following exposure at 950°C for 3000 h.

Figure 2 - Specimen Exposed in IA Rig for 3000 h at 950 C

Similar effects occurred in the HTMP experiments. For example, at 900°C

and referring to Figure 1 the specimens located in the lower level (inlet)

were generally green in colour while those in the upper (outlet) level were

grey/silver, a transition occurring in the middle level with a flow rate of

14 1/min through the test chamber. By increasing the flow, the green colour-

ation could be extended upwards to the top level, indicating that a flow
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rate dependent depletion was occurring. At IA, experiments showed that no

changes in gas impurity concentrations occurred when the alumina tubes were

operated without specimens, proving that changes in the concentration of

impurities in the test chambers were caused by reactions activated by the

metal surfaces and were not caused by gas/gas reactions. Impurity depletion

has been studied in considerable detail in terms of the surface reactions

occurring. Summarising this work it can be shown that after an initial

start-up period the concentration of impurities at the inlet and the outlet

of a multi-specimen test chamber can be expressed as In c 4./C. = k x A/F,out in
where c , is the outlet concentration, c. is the inlet concentration,out ' in '
A is the hot metal surface area, F the volume flow of test gas and k is a

reaction constant. The change in concentration of impurities as a function

of the parameter A/F is shown for a temperature of 900 C in Figure 3-

10
A/F(s mm 1)

LENGTH L!

AREA
VOLUME FLOW

Figure 3 - Change in impurity concentrations at 900 C
as a function of A/F for high temperature
alloys containing 20% Cr.

At the low partial pressures of oxygen prevailing, oxidation of nickel, iron

cobalt, molybdenum and tungsten can be neglected, and the main effects found

in the multi-specimen test chambers are caused by reactions between the

gaseous impurities and the chromium. At the effective activity of Cr in the

alloys (approximately 0.2) oxidation occurs under the prevailing partial

-5-



K7
pressures only by reaction with H„0:

iCr + H20 - $ 3Cr2°3 + H2 '-1'1

and the depletion of H O shown in Figure 3 is partially caused by this

reaction. Carburisation on the other hand is caused by the splitting of

CH^ at the metal surface

+ 2H 2

producing the observed depletion of CHj.. The generation of CO shown in

Figure 3 is caused by the further reaction of H O with the Cr C_ produced:

sCr^C + H20 - > iCr + CO + H2 13]

This reaction can occur above about 820°C and also involves the production

of free Cr metal which may in turn react with CH^.

The combination of the two surface activated reactions [2] and [3]

produces the summary reaction:

CH4 + H20 - > CO + 3H2 04]

which is the well-known "steam-reforming" reaction. However, at the prevail-

ing low partial pressures involved in HTR systems this reaction does not

occur in the gas phase but is the result of the two surface reactions between

individual impurities and the solid phases at the metal surface . The

equations clearly illustrate the consumption of H?0 and CHj. and the produc-

tion of CO and H in the test chambers as shown in Figure 3. The diagram

also shows that the plot can be used to estimate the impurity concentrations

at different points in the test chamber or to calculate the flow F. which is

necessary to operate a furnace of a given metal surface area A. within

specified concentration limits.

A point of interest is the plateau in the CO production shown in

Figure 3 . This corresponds to the thermodynamic equilibrium which is achieved

between H„0 and Cr,,C_ according to equation [3] .

Two further significant experimental facts concerning CO levels observed

in both the IA and HTMP experiments require comment. Firstly, in both sets

of experiments strong depletion of CO was observed during the heating-up to

the exposure temperatures. The heating period was of only a few hours

duration in the HTMP experiments but prolonged in the IA case, where it was

also observed that CO depletion persisted for a period following achievement

of the test temperature, and before the establishment of a steady-state

production, as shown in Figure 4.

This behaviour of CO can be rationalised in the following way: The

depletion of CO in the initial period is caused by the reaction:

[5]
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If Me and Me are both Cr the reaction becomes

[6]

which is thermodynamically only possible at temperatures below 1073 K

(800 C) , and accounts for a CO depletion occurring during heating up to

this temperature.

On the other hand, reaction [5] can occur both below and above 800°C

if Al, Ti or Si are available and this would account for the continuing

depletion of CO initially observed at temperatures above 800°C in the IA

experiments. However, this reaction with the more strongly oxidisable

elements ceases as soon as their limited supply at the surface is exhausted.

Another effect associated with the reaction of CO with Al, Mn, etc. is the

additional carburisation of the alloy caused by reaction of the released C

with Cr, i.e. in equation [5] Me(1) could be Cr and Me(2) Al. However, the

strong depletion of CH^ coupled with the production of CO at high temperatures

shows that in the present environment reactions [2] and [3] are dominant and

that the combined oxidation/carburisation deriving from reaction 05] is only

a short-lived, transient, situation.

A second point of interest concerning the behaviour of CO during

heating up is the observation of a large, but short-lived, burst of CO

-7-
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generation which occurred at a unique temperature estimated to be in the

range 920-930°C, termed the "A" or "Alf point" after its discoverer.

This strong burst of CO is explained by reaction [6] occurring in the

reverse direction:

3Cr + CO [7]

This is not a "solid/solid" reaction but the consequence of two sequential

gas/solid reactions:

§Cr [8]

CO + H [9]

Summary: aCr„C_ + |Cr 0 —> 3Cr + CO [7]

In effect one could view this reaction as being "catalysed" by the presence

of HpO and H?. Estimation of the equilibrium temperature for the reaction

from thermodynamic data and in the HTMP environment is approximately 925 C

corresponding to the burst of CO seen in furnaces being heated through this

temperature at low flow rates.

3-2 Oxidation/Carburisation of Alloys Inconel 617 and Nimonic 86

Results obtained for these two materials exposed at 1073 K (800°C) and

1173 K (900°C) during 10000 h at HTMP are illustrated in Figures 5 and 6.

It is emphasised that the exposures were conducted in the standard test

environment, care being taken to avoid the impurity depletion effects

mentioned above.

Figure 5 shows that in the case of Nimonic 86 thin scales of Cr?0_

are formed at both 800 and 900°C (the Ni-plate shown on the micrographs is

applied after exposure to preserve the surfaces). Following an initial,

very low uptake of carbon, Carburisation ceases, indicating that the thin

OpO scale is very protective. In Figure 6 a similar set of results is

shown for Inconel 617. Here a Cr-Ti oxide is formed with some internal

oxidation of aluminium. Evidently more carbon is taken up during the forma-

tion of this oxide than is the case with Nimonic 86. Nevertheless, the

absolute levels are still very low and the scale can be regarded as

providing effective prevention of Carburisation. Similar results have been

obtained at temperatures up to 900 C in the IA experiments.

In summary, the results of exposing the two nickel-base alloys to the

standard atmosphere are the formation of Cr-based oxide scales which

provide protection against the breakdown of CHj. and the attendant
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Figure 5 - Oxidation/Carburisation Behaviour Observed
in Nimonic 86 and Photomicrographs of
10000 h Exposed Specimens

carburisation. The level of carburisation occurring during the growth of

the oxide scales is so low that it should not have a significant effect on

the mechanical performance of the alloys. At temperatures above 900 C

increasing difficulty is experienced in maintaining H?0 levels due to its

rapid depletion. However, this can be minimised by increasing the flow rate

and reducing the metal test area, and in such experiments similar results to

those described above have been obtained in experiments at 950 C at HTMP.
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3.3 Influence of Variations in Impurity Levels

Variations in the H?0 level both above and below the standard concen-

tration used at HTMP were studied through the depletion effects occurring

in the IA experiments. In these experiments impurity levels for H„, CHu,

CO and N_ were the same as those at HTMP but the H?0 concentration varied

between approximately 3 /ubar at the furnace inlet to less than 0.1 /ubar at

the outlet, depending on temperature.

Specific experiments for periods up to 10000 h were also carried out

(a) by reducing the H„0 concentration to 0.1 /ubar (other impurities

as Table 1)

(b) by raising the CH^ concentration to 50/ubar (other impurities

as Table 1).
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Discussion of the effects which these variations produced is covered in this

section.

3.3-1 High H20

The results obtained for Inconel 617 in the in-furnace depletion

experiments at IA during exposure times up to 3000 h at temperatures of

850 and 900 C confirmed those of HTMP obtained in the standard environment,

i.e. a Cr/Ti oxide was formed with internal oxidation of Al and carburisation

occurred, showing that an increase in the H?0 concentration did not cause any

qualitative change in the behaviour. The level of carburisation was slightly

greater than that found at HTMP and this is attributed to the additional

contribution from CO during the prolonged approach to the teat temperature.

This is indicated by the CO depletion shown in Figure 4. However, it burned

out that at 950 C, high H 0 levels caused de-carburisation in Inconel 617.

This result is graphically shown on the left hand side of Figure 7,

representing

experiment.

representing the inlet specimen exposed to~3/uats of H^O in the IA

LU

O
CO
ex.
<
(J

FLOW DIRECTION

1(C) N. S
-U/
^J

0.06

0.04

CARBON ANALYSIS

£ 0.02

0

-0.02

1223 K
INCONEL

617

1
20 40 60

POSITION mm.
80

Figure 7 - Results of Exposure for 3000 h at 950 C
in IA Experiments.

The explanation for the decarburisation is that this occurs via carbon in

solution through equation ß] viz:
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3 soln

C + H O »CO + H„soln 2 2

§Cr + CO

Inspection of this reaction shows that it can only occur at low C0/H?0 ratios

(at const H„) which cannot occur in a real HTR plant because of the presence

of the graphite core, i.e. in a real plant the reaction of H?0 with the

graphite will occur in preference to the decarburisation of the metal.

3.3.2 Low H20

If the H_0 concentration is reduced so far that Cr?0_ cannot form then

very severe carburisation occurs. This is illustrated for Nimonic 86 in

Figure 8, showing the result of exposing a specimen for 10000 h in an

environment with an H„0 concentration below 0.1 yubar. The absence of

oxidising elements other than Cr in this alloy allows CH^ to react with Cr

at the open surface with the formation of Cr7C_ and associated internal

carburisation.

Ni plate

Matrix

Figure 8 - Enhancement of Carburisation on Nimonic 86
caused by Reduction in H O Concentration

If Inconel 617 is exposed under these conditions, it is sometimes

found that a thin continuous scale of Al 0_ is formed, sealing the surface

and minimising carburisation (Figure 9). However, the growth of such

protective Al 0_ scales is sometimes inhibited, possibly because of inter-

ferences with the scale formation during the very early stages of the test.
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N i plate

Matrix

AI203

f̂ê P̂Si

Figure 9 - Protective AI 0 scale formed on Inconel 61?
Exposed for 10000 h in a "Low H?0" Environment
at 1000 C

An example of this behaviour resulting in enhanced carburisation is the

outlet specimen in the IA experiment shown on the right hand side of

Figure 7- The relatively high carbon uptake suggests that a protective

A120 scale did not form because of the interfering effects caused by the

protracted heating-up phase.

3.3-3 High CH,)

The effect of changing thn balance between the CH. and H_0 concentra-

tions was studied in long-term experiments by raising the CH. concentration

to 50 yubar. A typical result of exposure to this environment is shown in

Figure 10. Relative to the standard environment, there is a very much

Ni plate

Matrix

Carbon uptake

Figure 10 - Enhanced Carburisation of Nimonic 86
Produced by a Raised CH,, Concentration



K15

enhanced level of carburisation coupled with the appearance of surface

crystals of Cr„C_ occluded in the O„0_ scale. A similar result is obtained

for Inconel 617 with the additional effect of internal oxidation of Al.

Summarising the effects of changing the relative concentrations of H?0

with respect to CO and CHj. the foregoing results show that the main corrosion

processes are controlled by three ratios: H
2/

H2° governing oxidation;

C0/H?0 and CH^/PLO governing decarburisation/carburisation.

4. CONCLUSIONS

Putting the present results into the context of the conditions expected

in an operating Process Heat HTR it is extremely unlikely that the sources

of H?0 in the system can ever be reduced to a level which would prevent the

oxidation of Cr in alloys of the type now being considered for component

manufacture. Given that Cr-containing scales will form it is then necessary

to consider the C0/H„0 ratio since this will determine whether decarburisation

occurs through the operation of equation [3] as described in section 3-3-

Since, in a real HTR, reaction of water with the graphite core must occur in

preference to the decarburisation of the metal, this process cannot be

considered as feasible in practice. In this case the corrosion behaviour is

limited to oxidation and carburisation and the latter is controlled by the

CH^/HpO ratio. In terms of the conditions which might be expected in a

Process Heat HTR, the CH^ level will probably be lower than in the test

environment used in the long-term experiments presently reported. This is

because proper allowance needs to be taken for the reduction in CHj.

concentrations as a function of the core graphite temperature. Consequently,

even the low levels of carburisation found to occur during the present long-

term experiments are probably an over-estimation of the carburisation

behaviour in a real Process Heat HTR.

The overall conclusion reached is that high temperature corrosion

processes will not produce any limitations on materials' performance in

Process Heat High Temperature Reactors.

5. REFERENCES

(1) L. W. Graham et al, "Environmental Conditions in HTRs ...", IAEA meeting
Jülich 1975, IAEA SM 200/82.

(2) L. W. Graham, "Materials for Advanced HTRs". Rev. Int. Htes. Temp et
Refract. 1976 T 13-

6. ACKNOWLEDGEMENTS

The authors would like to thank their colleagues both at GHT/IA and
at HTMP for many helpful discussions. Especial thanks are due to



K16

Mr. J. B. Pierick (IA) and Mr. A. J. Fairclough (HTMP) for their experimental
work.

The work has been performed under the terms of the cooperative
agreement between

Bergbau-Forschung GmbH
Gesellschaft für Hochtemperaturreaktor-Technik mbH
Hochtemperatur- Reaktorbau GmbH
Kernforschungsanlage Julien GmbH
Rheinische Braunkohlenwerke AG

dealing with the development of processes for the conversion of fossil
fuel with heat from high temperature reactors, with the assistance of the
Minister of Economics, Small Business and Transport of the State of North
Rhine/Westfalia and the Federal Minister for Research and Technology.



By acceptance of this article, the
publisher or recipient acknowledges
the U.S. Government's right to
retain a nonexclusive, royalty-free
license in and to any copyright
covering the article

L1

Relationship Between Carburization and Zero-Applied-Stress
Creep Dilation in Alloy 800H and Hastelloy X*

H. Inouye and P. L. Rittenhouse
Metals and Ceramics Division
Oak Ridge National Laboratory
Oak Ridge, Tennessee 37830

ABSTRACT

Typical HTGR candidate alloys can carburize when exposed
to simulated service environments. The carbon concentration
gradients so formed give rise to internal stresses which could
cause dilation. Studies performed with Hastelloy X and
Alloy 800H showed that dilations of up to almost 1% can occur
at 1000°C when carbon pickup is high. Dilation was normally
observed only when the carbon increase was >1000 ug/cnr and
ceased when the diffusing carbon reached the center of the
specimen.

INTRODUCTION

The gas-metal reactions which occur when typical HTGR candidate

alloys are exposed to simulated service environments at elevated

temperatures can result in the absorption of carbon by these materials.

Because gas-metal reactions are known to generate significant surface

stresses, it can be postulated that stress generation during carburization

superimposed on an applied creep stress should result ir accelerated

creep rates. This can be understood by examination of the general

expression for the creep rate of alloys (Eq. 1).

*Research sponsored by the Office of Advanced Nuclear Systems and
Projects, U.S. Department of Energy under contract W-7405-eng-26 with
the Union Carbide Corportion.
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(1)

where
•

e = creep rate

o~£ = total creep stress

n = stress exponent

k = materials constant

Q = activiation energy

R = gas constant

T = absolute temperature

In a neutral environment, ô  is identical to the applied creep

stress, oa, but in a corrosive environment â  = aa + a^, where â  is the

stress generated by gas-metal reactions. Thus, the creep rate

expression for alloys in HTGR helium would be that given in Eq. 2.

e = k (aa + a^n (exp _3/Ar) (2)

Equation 2, by inspection, indicates that large values of ua will

mask the contribution of ô  to the creep rate. Therefore, the effect of

carburization in HTGR-helium on creep behavior should be insignificant at

high creep stress but could become substantial at the low creep stresses

characteristic of design conditions.

Stresses generated by gas-metal reactions are the result of one or

both of the following. The absorbed impurity can remain in solution and

expand the metal lattice (with the expansion experienced being proportional

to the surface-to-center concentration gradient) and/or reaction products

less dense than the metal and mechanically interlocked by the substrate

can be formed. In any event, corapressive stresses are generated near the

surface and are balanced by equal tensile stresses (â ) to maintain

equilibrium. The magnitude of a^ has been shown to be proportional to

the concentration gradient.2""^ It goes through a maximum and then
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begins to decrease when the reacting impurity diffuses to the center of a

symmetrical specimen. (Also, a^ is decreased rapidly by creep relaxation

when the impurity supply is reduced to zero.) Therefore, both the test

conditions and the specimen dimensions influence the magnitude of â .

The study described in sections to follow was undertaken to

determine whether the gas-metal reactions occurring in HTGR-helium might

result in internal stresses (ô ) sufficient to accelerate creep rates.

The dilation experiments performed can be considered as a special type of
•

creep test in which the creep rate (e) is measured when the applied

stress (o"a) is zero.

Experimental Details

The dilation measurements were made after exposure to simulated

HTGR-helium on 6.35-mm-diam X 22-ram-long rod specimens machined from

1.2-cm-thick solution annealed Hastelloy X* and Alloy SOOH.t All

exposures were made in a double-walled mullite retort in which the test

gas was heated to the reaction temperature in the outer annulus (see

Fig. 1) and was then directed up the central tube in which the specimens

were fixed to 3.2-mm-diam nickel support rods with 0.5-mm-diam nickel

wire. The test gas was recirculated at 34.5 kPa gage pressure and its

composition at the retort exit was maintained by balancing the blending

rate of each pure gas with the venting rate of the gas mixture from the

loop. Flow rate was 1 1/min in all cases; velocity past the specimens

was 23 mm/s.

*Cabot Corporation Heat Number 2600-4-4282, 21.8 Cr/19.1 Fe/8.8 Mo/
2.4 Co/0.63 W/0.35 Si/0.59 Mn/0.06 C/balance Ni by wt %.

tHuntington Alloys Heat Number HH7728A, 19.5 Cr/46.1 Fe/31.8 Ni/
0.90 Mn/0.43 Al/0.42 Ti/0.24 Si/0.54 Cu/0.08 C by wt %.
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Five exposure runs were made, two of these (Runs 2 and 3) ir> more

than one stage. The time-compensated average test gas composition and

cumulative exposure time(s) for each are shown in Table 1. No t̂ O was

added during Runs 1, 2, 3, and 5 but ̂ 0 was maintained at an average

level of 1.4 uatm in Run 4. In Runs 1 through 3 the temperature profile

along the retort was 750, 1000, and 750°C at the inlet, middle, and

outlet, respectively. The temperature profile was changed for Runs 4 and

5 so that the test gas first reacted with specimens at 1000°C before

reaching downstream specimens at progressively lower temperatures.

Results and Discussion '>

The dilation (AL) data obtained for Hastelloy X and Alloy 800H are

summarized in Table 2 together with corresponding measurements of total

weight change (AW) and carbon change (AC). In general, all three

increase with the exposure time and temperature in a particular run but

comparison of data between runs leads to some conflicting results. Much

of the disparity in results can be attributed to the relative positions

of specimens in the retort and, therefore, to gas impurity depletion and

change in oxidation and carburization potential. As an extreme example,

Alloy 800H exposed for 2434 h at 1000°C in Run 3 dilated 0.526%, while an

Alloy 800H specimen exposed under essentially identical conditions in

Run 5 dilated only 0.061%. In Run 3 the specimen was at the mid-length

position of the retort with other specimens upstream at 850, 900, and

950°C; in Run 5 the specimen was at the test gas entrance with no
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specimens upstream. This correlates well with results on pure iron

strips which show that the test gas becomes more carburizing as it passes

through the retort, probably primarily because of depletion of 1̂ 0.

The relationship between AL and AC, while not that apparent from

Table 2, can be clarified somewhat by examination of Fig. 2. The plot in

Fig. 2 shows that most of the dilation data fall within a scatterband

showing the apr-oximate relationship AL ~ AC° with b < 1. Most of the

data associated with the scatterband are from specimens which were

interrupted during test for dilation measurements or for removal of other

specimens. The two curves above the scatterband represent data from

specimens in Run 2 with uninterrupted exposure in HTGR-helium. Stress

relaxation on cooling and reheating may account for the lower dilation

levels in these specimens than in those from interrupted tests.

Another characteristic of the observed dilation is exhibited by

Fig. 3, a plot of AL versus exposure time at 1000°C for interrupted tests

in HTGR-helium with £0.2 uatm F̂ O. The dilation for both alloys shows an

incubation period of about 1000 h, achieves maximum rates between 1500

and 2500 h, and then levels off to a constant value beyond 2500 h.

Carbon concentration gradients determined* for Hastelloy X showed that

the diffusing carbon had just reached the center of the specimen at 2000 h

and that no carbon gradient existed in the bulk of the cross section at-

4000 h. The disappearance of the carbon gradient between 2000 and 4000 h

coincides with the leveling out of the AL versus time curves.

*Gradient determined by analyses of a single specimen machined to
several smaller diameters. Carbon at a particular point from the surface
is calculated from the difference in carbon content between two adjacent
specimens.
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A number of alloys tested in creep at low stresses have been

observed to exhibit accelerated creep which correlates with carburization^

and this agrees in principle with the relationship shown in Fig. 2.

Further, the synergistic effect of aa and o£ on creep behavior can be

demonstrated by the creep results from specimens of different diameters.

Specimens of Hastelloy X with diameters of 0.48- and 0.95-cm have shown

markedly different creep curves when tested in HTGR-helium under

identical conditions-'. The steeper carbon concentration gradient and

higher relative value of ô  for the smaller specimen results in early

initiation of tertiary creep.

The internal stresses produced by carburization, even if relatively

small, represent an additional stress raised to the "nth" power in the

creep expression. Although such stresses, as seen from the data

discussed, will likely be transient in nature and not of significance in

heavy sections, they could be of concern in terms of distortion and

warping where carburization or section geometry are not uniform.

Although it is tempting to attempt to measure the magnitude of a^ under

various conditions, it is more important to establish the conditions

under which â  is zero or insignificant in value. In this respect, it

should be noted that the highest dilations observed in the experiments

reported herein were associated with 1000°C exposures and a AC in excess

of 1000 pig/cm2.

CONCLUSIONS

The study reported here has resulted in conclusions as follows.

1. Carburization can cause internal stresses which result in

dilation under zero-applied-stress creep conditions.

2. Dilation levels up to almost 1% can occur in continuously

exposed 6.35-mm-diam specimens of Hastelloy X and Alloy 800H.
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3. Internal stresses can be relaxed by periods of cooling and

reheating during exposure.

4. Internal stresses decrease and the rate of dilation slows when

the diffusing carbon reaches the center of the cross section.

5. No significant dilation occurred at levels of carbon change less

than 1000 u-g/cm2.
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Table 1. Gas Composition and Exposure Times for
Dilation Experiments

Run

1

2

2

3

3

3

4

5

Stage

1

1

2

1

2

3

1

1

Cumulative
Exposure

Timea

(h)

1200

2041

3997

1500

2434

3494

2496

2500

Gas Composition (uatm)

H2

504

505

502

506

501

502

499

501

CH4

49

50

50

51

50

51

50

49

CO

38

36

36

39

36

37

38

38

C02

0.04

0.03

0.04

0.03

0.01

0.01

0.00

0.00

H20

0.3

0.2

<0.1

0.1

0.1

0.1

1.4

0.2

He

bal

bal

bal

bal

bal

bal

bal

bal

aTimes listed are cumulative for a given run. For
example, Stage 1 of Run 2 was 2041 h and Stage 2 was 1956 h
for a total oT 3997 h.
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Run/Stage,
Time

(h)

l / l ,
1200

2/1,
2041

2/2,
3997

3/1,
1500

3/2,
2434

3/3,
3494

4/1,
2496

Hastelloy XTemperature
CO

850
900
950

850
900

1000

750
800
850
900
950

1000

850
900
950

1000

850
900
950

1000

850
900
950

1000

750
800
850
900
950

1000

AW2

516
609
364

710
752

8423

626
671
869
894

9296
17280

429
490
672

5467

565
706

1039
12470

698
764

1382
19286

129
381
592
987

1392
-267

AC*?

330
389
483

344
438

4347

432
536
699

1996
9923

15255

42
d
d

d
d
d
d

459
715

1593
17504

122
306
542
875

2090
-623

ALG

-0.140
-0.036

0.084

0.347
0.538
0.934

-0.07
0.00
0.16
0.23
0.47
0.60

-0.089
-0.140
-0.069

0.070

-0.089
-0.068
-0.070

0.364

0.007
-0.056
-0.063

0.644

0.027
-0.049
-0.067
-0.100
-0.040
-0.067

Alloy 800H

AW3

643
592
862

811
646

4963

545
931
910
497

3768
12850

756
490
744

3690

882
333

1078
6430

967
-75

1084
8337

405
576
548
520
888

-641

AC*>

390
314
383

102
364

5095

400
190
164
626

4396
13830

d
d
d
d

d
d
d
d

900
608

1526
8282

363
451
442
442

1453
-767

ALG

0.012
0.109

-0.024

0.240
0.286
0.741

0.02
0.28
0.04

-0.06
0.12
0.48

-0.068
0.027
0.053
0.205

-0.068
-0.048

0.013
0.526

-0.034
0.095
0.067
0.396

-0.054
-0.040
0.013
0.094
0.040
0.053
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Table 2. (Continued)

Run/Stage,

(h)

5/1,
2500

„ ,. Hastelloy XTemperature
CO

750
800
850
900
950

1000

AW*

237
591

1126
947

1756
12524

AC*>

122
314
687
558

1210
11167

ALC

-0.036
0.024

-0.024
0.061
0.120
0.636

Alloy 800H

AW3

395
867
789
746

1671
965

AC??

173
472
432
704

1219
731

ALC

-0.061
0.000
0.012
0.109
0.073
0.061

aAW is the difference in specimen weight before and after exposure
measured on a microbalance to six decimenal places (accuracy of
±0.000020 g). Units are in ug per cm2 of original surface area.

is the difference in carbon content before and after exposure
determined by the combustion-gas Chromatographie method. Units are in
ug of carbon per cm^ of original surface area. Carbon contents measured
before exposure were 810 and 795 ppm by weight for Hastelloy X and
Incoloy 800H, respectively.

CAL is the difference in length of specimens before and after
exposure using two notches approximately 21.6-mm apart (cut into the
specimen with a 0.015-mm diamond saw) as reference points. Length was
measured to ±0.0051-mm. Units are in %.

"These specimens carried through Stages 1 and 2 before carbon
analyses were made.
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Abstract

The friction-, adhesion-, thermal cycling- and corrosion per-

formance of several metallurgical coating systems have been

tested in a simulated HTGR-test atmosphere at elevated tempe-

ratures. The coatings were applied to a solid solution streng-

thened Ni-based superalloy.

Component design requires coatings for the protection of mating

surfaces, since under reactor operating conditions, contacting

surfaces of metallic components under high pressures are prone

to friction and wear damage. The coatings will have to protect

the metal surface for 30 years up to 950°C in HTGR-helium.

The materials tested were various refractory carbides with or

without metallic binders and intermetallic compounds. The coa-

tings evaluated were applied by plasma spraying-, detonation

gun- and chemical vapor deposition techniques. These yielded two

types of coatings which employ different mechanisms to improve

the tribological properties and maintain coating integrity.

Introduction

The wear and adhesion of materials is characterized by a variety

of synergistic phenomena. It has been estimated that there are

approximately lxE+6 mating joints in a typical HTGR-boiler (1).

Differential thermal expansion caused by thermal gradients induce

relative movement between mating components. The chemical and

mechanical conditions foster excessive wear, seizure and self

welding of mating surfaces of metallic materials because the

helium atmosphere prevents the formation of protective oxide

films on commercial high temperature Fe- and Ni-base alloys.

Normally these oxide films act as a diffusion barrier and/or as

a lubricant. Thus it is necessary to apply coatings to remedy

the friction and adhesion problems in this environment.
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The potential seriousness of this problem suggested that a de-

velopment program ought to be initiated to assess the severi-

ty and to screen various candidate coatings that could endure

this hostile environment. In addition, the multitude of mating

joints requiring protection necessitates the use of cost effi-

cient techniques for wear and self-welding protection in these

areas. These conditions could be met by thin coatings applied

by thermal spraying or chemical vapor deposition processes.

The performance of certain coatings applied to a wrought solid

solution strengthened Ni-base alloy in a simulated HTGR-helium

environment is reviewed in this paper.

Experimental

Wear restistance is not an intrinsic property of a metal and there

are no standard methods of evaluation. The friction and wear appa-

ratus used is, in effect, a vacuum container which allows the rub-

bing of loaded specimens within a heated, inert atmosphere. A re-

sistance heated tubular furnace surrounds the test chamber. The

friction couple, consists of a .05 x .05 x .018 m plate and a

.02 x .02 x .15 m block which rubs on the plate in a reciprocating

sliding mode at 1.67 x E-6 ms with a stroke of 5 x E-3 m.

The adhesion-, isothermal exposure- and the thermal shock test fa-

cilities consist of a vacuum container in which the plate and/or

block specimens are either stressed statically in compression or

exposed isothermally but unstressed respectively. In the case of

thermal cycling tests the block specimen is cycled between 200°C

and 950°C. Specimen geometries used here are identical to those

used in the friction and wear tests. The plate and block configu-

ration and the test method employed has been described elsewhere

(2).



M3

- 3 -

Test procedures

After installation of the test specimens the retorts are evacu-

ated to l x E-3 m Hg, "pop purged" and then purged with reactor '

grade helium for several hours prior to the application of heat.

Helium is circulated during the tests at an average flow rate

of 1.4 x E-6 m3s . The temperature is raised at a rate of

2.7 x E-2°C s except in thermal cycling test where the rates
—1 —1are 4°C s on heating and 2°C s on cooling.

The friction and wear tests were stopped after a total of 5 m (20m)

of sliding distance had been accumulated or the friction coeffi-

cient exceeded 1.0. The thermal cycling test run a maximum of

300 cycles, whereas the adhesion and the isothermal exposure

tests run up to 3000 h. The test atmosphere was monitored by a

hygrometer and a gas Chromatograph throughout the test. Shea-

thed thermocouples with their junctions touching the top and bottom

test specimens indicated temperatures within + 5°C from the nomi-

nal temperature. Load measurements for the friction and wear

tests were taken throughout the test and were converted to the

corresponding values of the friction coefficient.

Materials

Three classes of material species were evaluated:

Uncoated commercial high temperature structural alloys.

Thermally sprayed ceramic coatings applied to Inconel

625 substrates.

Chemical vapor deposited (CVD) intermetallic coatings

applied to Inconel 625.

The nominal chemical composition of these materials is presented

in Table 1.
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Results and discussion

Friction and wear tests.

Initially, uncoated structural material combinations were tried.

This would be the most economical way since the sliding veloci-

ties were low and total sliding distance was limited. However, all

uncoated high temperature alloys indicated a rather poor frictional

behavior.

As shown in Fig. 1, all uncoated materials yielded coefficients

of friction close to 1 in the wet HHT-atmosphere (nominal ly He-

50 (jbar H-, 50 pbar CO, 5 ubar CH., 5 pbar C02, 5 pbar H-O and

5 pbar N-). The sliding surfaces of the test specimens were severe-

ly roughened. In fact, in the more dry PNP-atmosphere (nominally

He - 500 [Jbar H2, 20 (jbar CH4/ 15 pbar CO, 1.5 |jbar H20 and

5 (jbar N-) the Hastelloy X specimens revealed evidence of strong

localized welding of surface asperities after thoroughly out-

gassing at moderate temperature. Massive particles approximately

5 x E-10m3 were sheared from the wear surfaces and redeposited so

that the test had to be aborted after a total sliding distance of

only 7.0 x E-3m.

The friction behavior of a cermet coating, i.e. Cr23C6+NiCr is

shown in Fig. 2. Maximum temperature capability is about 600°C,

if the cut off limit of a useful coating is set at 0.8. Up to

this temperature no evidence of adhesive wear phenomena was no-

ticed, except that a slight polishing of mating surfaces occured,

which is indicative of a decrease in surface roughness.

The results for several ceramic coating systems are shown in Fig.3.

These coating systems exhibited fairly low coefficients of friction

even at 950°C. In general, a slight decrease in surface roughness

was observed after testing. Fig. 4 shows the wear track of a

chromium carbide coating after rubbing at 950°C with 10 MPa nomi-

nal bearing pressure and 5 m sliding distance; N.B. the relative-

ly smooth area within the sliding track in comparison to the sur-

face asperities adjacent to it.



Table 1 Nominal chemical composition of test materials (wt%)

\Element

Material

Structural
materials:

Incoloy 800

Col money 6

Hastelloy
alloy X

Inconel
713 LC

TZh

Coatings:

Cr23C6+HiCr

Cr23C6+
Cr23C6+NiCr

TiC+Ni3Ti

ZrG2+MgO

Fe Ni Cr Zr to C Mn AI Ti W Cb Si B

Bai. 32 21 - - .05 .75 .4 .4 - -

3.5 Bai. 17 - 1.0 - - - - - 4.5 3.1

18 Bai. 22 - 9 .1 .65 .1 .1 .6 -

Bai. 12 .1 4.5 .05 - 5.9 .6 - 2

- - - .08 Bai. .01 - - .5 - -

82 18

82 18

78 22

Cr23C6 Cr23C6 TiC ZrO2
+HiCr + + +

Cr23C6 Ni3Ti MgG
+IIiCr

75/25

100+
80/20

100+
100

85+
15

Remarks (1)

dgun

dgun

cvn

Plasma

(1) Legende: dgun = coating applied by detonation gun orocess; CVD = coating applied by chenical vapor
deposition; Plasma = coating applied by Plasma arc.
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In comparison to the chromium carbide coating, the airconia coa-

ting had a lower coefficient of friction, Fig. 3. Microscopic exa-

mination of the wear surface did not disclose any gross deteriora-

tion as result of the friction and wear test.

This coating would certainly be preferred to the chromium carbide

coating, if the coefficient of friction were the only basis for

selection. Unfortunately, isothermal exposure at 950°C for

3000 h duration resulted in the complete spalling of the oxide

coating.

A C.V.D. applied TiC-coating was evaluated because of Tie's re-

putation for wear resistance. This coating system showed excellent

wear properties and a low coefficient of friction when subjected

to standard testing conditions, at 950°C, Fig. 3. Because of the

low, consistent values of friction, this coating is the leading

contender for unlubricated sliding in HTGR-helium at 950°C. Visual

examination of the wear track shows only light scratches while me-

tal lographic examination discloses that any significant surface

roughening did not occur.

Adhesion tests

An inherent problem with unprotected metallic materials is the ten-

dency to self-welding around 0.4-0.5 Tm (Tm = absolute melting point)

in an HTGR-environment during steady state power conditions. In Fig.

5, the coefficient of adhesion (i.e. self-welding), defined as the

ratio of the tensile stress at room temperature to separate the spe-

cimens to the compressive stress applied during isothermal exposure

is plotted as a function of a parameter of exposure time at tempera-

ture. This relation is identical to the one used to evaluate the re-

lative effects of time and temperature on the tempering of steels (3)

Holloman and Jaffe have shown that the relation between tempering

time and temperature for a given hardness is expressed by the follo-

wing equation: T(C + log t) = const.;

where T is the absolute temperature, C is a material constant and t

is the time. Since both tempering and creep seem to obey the rate

process theories, it was believed that this concept should be direct-

ly applicable in the adhesion behavior for the purpose of shortening
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It is evident from Fig. 5, that there is apparently little diffe-

rence between the cermet coating containing 25% ^7iCr-matrix and

unprotected materials for the HHT-environment. For parametric values

to the left of the curve very little adhesion would be expected.

Parametric values to the right of the curve would indicate a strong

tendency of self welding for a given coating system. At present the

few points for chromium carbide coating show the improvement gained

with this type coating. However, more work in this area is required

especially for tests running at low compressive loads at intermediate

temperatures.

Thermal cycling tests

An inherent problem with many coatings is a tendency to physically

disintegrate during thermal transients. Hence, a third part of the

present program involved tests designated to simulate temperature

fluctuations. A thermal cycle consists of holding a specimen at

950°C for one minute, quench to 200°C in 5 minutes, hold there for

one minute and raise to 950°C within 3 minutes. Specimens are ex-

posed in helium for 30, 100 and 300 cycles. Temperature cycling

effects are then determined metallographically.

Chromium carbide coatings have shown localized minute spalling in

the top coat which increased in severity with the number of cycles.

In addition an increase in the porosity level in both coating layers

is evident, Fig. 6. However, gross spalling was never observed.

TiC-coatings, applied by the C.V.D.-technique did not show any de-

gradation, whereas the thermally sprayed zirconia coating evidenced

an increased density of surface cracks with an increase in the num-

ber of cycles. Also here, no gross spalling of the coating was ob-

served.

Isothermal exposure tests

HTGR-helium compatibility tests were executed on titanium carbide,

chronium carbide and zirconia coatings at 950°C for 3000 h and in

one case for the chronium carbide coating at 1050°C for 100 h. Post

exposure examination consisted of light optical- electron optical-,

scanning microprobe- and x-ray-analysis.
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Visual examination revealed, that the zirconia coating disintegra-

ted totally, whereas the chromium carbide coating spalled only par-

tially. The TiC-coating, applied by C.V.D. did not show any deterio-

ration other then some discoloration due to surface oxide formation.

Structural examination on chromium carbide coatings showed that the

spallation of the top coat of the duplex coating was due to the syn-

ergistic effects of phase instabilities and locallized oxidation by

impurities in the test helium. The analysis revealed that the NiCr-

matrix was preferentially oxidized, since cracks at the top-coat

subsurface-coat interface were associated with large elongated oxides.

EDAX-analysis indicated a considerable chromium gradient developed

with exposure time in this particular area. The chromium content in

the cermet subcoat increased from 18% wt. to well over 50% wt. within

the initial 100 h of exposure.

Depth-composition profiles made in the top coat with the aid of Auaer

Electron Spectroscopy, indicated the depletion of chromium and carbon

and an enrichment in oxygen near the surface. Normal elemental distri-

bution was not obtained until a depth of 1.5 x E-4 m was reached.

Conclusions

Several conclusions seem to be justified upon the present experimen-

tal data described in this report:

Uncoated structural materials are definitively not recommended

as bearing surfaces over the whole temperature region in the

HTGR-environment under nominal engineering loads. Although the

tested materials are high temperature alloys, they can be ex-

pected to have coefficients of friction 2s 1. As a result, they

gall, roughen and self-weld when rubbed together. The adhesion

tests, however, indicate a considerable higher temperature ca-

pability of approximately 0.4 - 0.5 Tm.

On the other hand, cermet coatings performed well in the high

temperature helium environment up to approximately 600°C, when

tested under friction and wear conditions. From the adhesion

tests, it is evident that these coatings are only a slight im-

provement over uncoated alloys, because of the NiCr-matrix

phase present in the surface.
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Chromium carbide and titanium carbide coatings performed well

in the helium environment. Both coatings showed adequate values

in the coefficient of friction, wear properties and in the ad-

hesion characteristics.under thermal cycling conditions their

behavior was inadequate. Structural instabilities and oxidation

attack severely restrict the high temperature capabilities of

chromium carbide coatings. Data indicate, that the maximum tem-

perature for this type of coating should not exceed 800°C. At

the present time, no such limits have been observed for the

C.V.D-TiC-coating. Adherence of the coating to the substrate

was excellent. Diffusion layers or depletion zones were not de-

tectable.

Oxide ceramic coatings are very attractive materials for the

protection of mating surfaces. The zirconia coating system eval-

uated performed well under friction and wear conditions. The

coating had very low friction values and excellent wear resis-

tance in HTGR-helium in comparison to any other material tested.

However, after exposure at 950°C for 3000 h the coating totally

disintegrated during isothermal exposure.
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Abstract

The effectiveness of recently developed thin, dense sol-gel ceria
and CVD silica coatings to protect the 20% Cr/25% Ni/Nb stabilised
austenitic stainless steel has been examined in carbon dioxide at
825°C. Both coatings increased significantly the oxidation and

spallation resistance of the steel during extended exposures of up to
15Kh duration. This was not diminished by either thermal fatigue

induced by thermal cycling daily or mechanical strain from a
continuously applied load. The coatings worked by different
mechanisms. The CVD silica coating provided an impermeable barrier to

cation diffusion responsible for oxide growth, while the ceria coating

by becoming incorporated within the growing oxide, modified its
properties beneficially.

1. Introduction

An obvious approach to reduce any detrimental influence of the
interaction between the coolant and primary circuit alloys in

Gas-Cooled Reactors would be to modify the alloy surfaces by coatings.
Although many surface coatings and treatments have been investigated,

the limited number that have found service in reactor is a reflection
either of inadequate performance or economics of scale-up, rather than
lack of problem areas where this approach could provide the technologi-
cal solution. New coatings are being developed continuously and the

potential of those having appropriate properties always needs to be
evaluated. Such coatings could be the thin dense layer of ceria pro-
duced by new sol-gel technology techniques'*) or of silica formed
by a recently developed chemical vapour deposition procedure^ > 3).

The effectiveness of these two coatings in improving the oxidation

behaviour of the CAGR fuel cladding, the 20%Cr/25% Ni/niobium
stabilised (20/25/Nb) stainless steel, in carbon dioxide, has been
examined at 825°C.

2. Coating Procedures

(a) Ceria Sol-Gel Coating

Although results will be described only for ceria coatings, this



technique is extremely versatile and has been used to produce a range

of ceramic coatings. Essentially, it is based on the use of sols,
which consist of a stable dispersion of colloidal units of hydrous
oxides or hydroxides in a liquid. On drying, that is removing the

water between the colloidal units, the sol is converted to a gel. This
process is normally reversible and the gel can be reconverted to the
sol merely by the addition of water. However,on firing at higher
temperatures, the gel becomes consolidated as a ceramic, whose density
is dependent upon the degree of aggregation of the basic, colloidal
units in the sol. Non-aggregated colloidal units produce a ceramic

layer of almost theoretical density, whereas the same oxide derived
from aggregated units has a considerably lower density. In the
application of sol-gel coatings clearly the former have potential for
surface protection and the latter for adsorption and catalysis. All

coatings are laid down on the metal by application of the sol, followed
by drying and finally, firing at elevated temperatures, typically up to

850°C, for a short period.

Ceria coatings were applied to the 20/25/Nb steel in the standard
metallurgical condition (i.e. after annealing in tantalum gettered

hydrogen, at 930°C for 50 mins) either directly or after preoxldation
of the steel, in carbon dioxide, for 2h at 800°C. The thickness of the
precoating oxide film was ~ 1 urn, while that of the ceria coatings
ranged between 0.3-0.8 pm.

(b) Silica Chemical Vapour Deposition Coating

The two stage chemical vapour deposition procedure was developed
by the British Petroleum Research Centre^, 3). jt consisted of

preoxidation of the annealed 20/25/Nb steel in steam followed by the

deposition of silica produced by the decomposition of tetraethoxysilane
from a flowing steam carrier. Both stages were carried out at

800-830°C. The thickness of the oxide layer formed was ~ 2 pm, while
that of the silica coating increased with reaction duration. The

thicknesses of the silica coatings examined in the various experiments
ranged between 0.5-27 urn.

3. Results and Discussion

(a) Isothermal Oxidation

The weight gain-time curve for the essentially isothermal

oxidation, in carbon dioxide, at 825°C of ceria coated and uncoated
20/25/Nb stainless steel is shown in Fig. 1. The oxidation kinetics of

the uncoated steel were pseudo-parabolic, consistent with previous

observations^/. Ceria coatings applied directly to the annealed
steel had no significant effect, whereas those laid down on the

preoxidised steel reduced the extent of oxidation during the initial

- 2 -
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transient stage of oxidation but had little influence on the continuing
steady-state growth period. However, at the termination of oxidation,

after 6140h, the ceria coating had reduced the attack of the 20/25/Nb
stainless steel by a factor between 2-4.

EPMA indicated that the distribution of the steel constituents
across the surface oxide layers formed after 5200h oxidation on both
types of ceria coated as well as uncoated 20/25/Nb steel, were
comparable. The respective elemental X-ray traces for the same
traverse across a representative region of the ceria coated preoxidised

20/25/Nb steel are shown in Fig. 3. From the steel the scales were
characterised by an inner chromia rich layer, which was slightly

thicker on the uncoated and ceria coated annealed steel (~ 5 pm) than

on the ceria coated preoxidised steel (1-3 urn). This was underlaid by

an < 2 pm thick silica layer at the oxide-steel interface and was
overlaid by an outer, iron, nickel and particularly manganese bearing
spinel, which again was thinnest on the ceria coated preoxidised steel.
Irrespective of the steel substrate to which they were applied, the

ceria coatings after oxidation were incorporated within both the
chromia and outer spinel layers, particularly in the latter.

The importance of the steel substrate on which the ceria coating

was laid in governing its subsequent performance would suggest that

interfacial processes during coating formation were responsible for the
enhanced oxidation resistance. This could have resulted from improved
adhesion of the coating, which in turn allowed ceria to be incorporated
during the early stages of oxide film growth to effectively block fast

diffusion pathways for cation movement responsible for continuing scale
formation. The amount of ceria involved would have been extremely

small'5). Alternatively, an interfacial solid-solid reaction could
have formed a thin barrier film, which impeded cation movement more

effectively than the normal protection layer on the uncoated steel.

During cooling to room temperature to measure the extents of
oxidation a variable quantity of the oxide formed on the 20/25/Nb

stainless steel spalled. This was caused by the generation of
differential stresses between oxide and steel due to Differences in
their respective thermal expansion coefficients. The site of fracture
was the silica layer formed at the oxide-steel interface. The extent
of spallation increased approximately linearly with time (Fig. 2). All
the ceria coatings, irrespective of the initial steel substrate to

which they were applied, improved oxide adherence. This was
particularly apparent after extended exposures when spallation was
reduced by a factor of between 3-5. This derived from the
incorporation of ceria through the oxide scale and the resulting
beneficial influence on its physicochemical properties, reducing the

- 3 -
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thermal strains induced on thermal cycling.

The effectiveness of the CVD silica coatings upon the oxidation

behaviour of the 20/25/Nb steel was examined also at the same
temperature. The kinetics of oxidation of the silica coated steel
changed from pseudo parabolic, as on the uncoated steel, to effectively
linear, when the coating thickness exceeded 1.75 urn (Fig. 4).

Increasingly thicker coatings progressively improved the oxidation

resistance of the steel. For 2 and 11 urn thick silica coatings the
extents of oxidation after 5000h were lower by factors of 6 and 22

respectively than the corresponding average values for the uncoated
steel. Although limited spallation was measurable during the oxidation
of a 0.5-1.3 urn thick silica coated steel, the thicker coatings almost

completely inhibited spallatioa.

EPMA established that silica coatings *, 1.3 urn thick were degraded
by oxidation and became incorporated within the oxide scale formed on
the steel. Thicker coatings, however, inhibited oxidation. SEM and

ESCA analyses indicated that chromium, and to a lesser extent iron, had
diffused through an "-' 2 pro thick coating to form localised surface

oxide nodules, but this was inhibited completely when the silica
coating thickness exceeded 4 urn.

The precoating oxide film formed in steam was duplex in structure
and consisted of an inner chromia and an outer (Fe,Mn,Cr,Ni) bearing
spinel. During the prolonged heat treatment its composition beneath

silica coatings £ 2 urn thick changed dramatically, with the formation

of up to 7 pm thick metallic iron and nickel nodules located over an
inner manganese and chromium rich oxide (Fig. 5). This would suggest

that the coatings prevented oxidant ingress so that the oxygen
potential beneath the coating had been sufficiently low to enable the
iron and nickel constituents of the initial precoating outer spinel
layer to be reduced by chromium, and particularly manganese, from the

underlying steel to form a thermodynamically more stable (Mn,Cr)
oxide.

CVD silica coatings >, 2 urn thick reduced the attack of the

20/25/Nb stainless steel by providing a barrier, which restricted the
movement of cations outwards and oxidant inwards responsible for
continuing oxide scale growth. The improvement in oxide spallation was

attributable primarily to the reduced attack of the steel and
associated with the excellent adherence of the silica coating.

(b) Influence of Thermal Fatigue

In service the coatings could be subject to more frequent thermal

cycling. Previous work^) indicated that decreasing transients of

~400°C from the oxidation temperature of 850°C could form microcracks

- 4 -
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in the scale but that spallation was initiated only on cooling below

650°C. To separate these possible effects the influence of daily
thermal cycling was examined on the oxidation of ceria and silica
coated and uncoated 20/25/Nb steel, at 825°C. The ceria coatings were
laid down on preoxidised steel. During the initial 320 days exposure
the minimum temperature in the thermal cycle was 675°C and the
respective cooling and heating periods were about one hour. During the

subsequent 554 days the temperature was reduced to 275°C with a
corresponding lengthening of the cooling and heating periods to 2.7 and

3.6h respectively. At the same intervals as in the nominally
isothermal tests, the specimens were also cooled to room temperature to
determine the extents of oxidation, although this initiated the
measured spallation. The variation with time at oxidation temperature

of the extents of oxidation and spallation in the thermal cycling and
isothermal exposures are compared in Figs. 6 and 7 respectively.
Thermal fatigue induced by the 825-675°C transients did not appear to
have any significant influence upon either the oxidation behaviour of
the 20/25/Nb steel or the protection afforded by the coatings. The

increased thermal cycle immediately enhanced by a factor of o-3, the

rate of attack of the uncoated steel because, as expected, oxide
spallation was also enhanced. Nevertheless, these curves still fell

within the corresponding scatter bands for the isothermal exposures, at

least over their duration (12Kh). At longer times the extrapolated
isothermal curves possibly lay below the corresponding experimental

thermal cycled curves. The only noticeable influence of the enhanced
thermal strain upon coating behaviour was to increase slightly the

extent of oxidation of the CVD silica coated steel. Overall,

therefore, thermal fatigue arising from two thermal cycling regimes and
resulting in enhanced generation either of microcracks in or fracture
of the scale, did not appear to cause any marked deterioration in the
protection afforded by either sol-gel ceria or CVD silica coatings upon

the oxidation behaviour of a 20/25/Nb stainless steel, in carbon

dioxide, at 825°C. Because the respective control and coated curves
diverged, the factors by which the coatings reduced the extents of

oxidation and spallation from the uncoated steel increased with
exposure duration. The coatings continued to be effective even after
15Kh exposure.

(c) Influence of Mechanical Strain

To assess the influence of mechanical strain a constant load

initially 6.9 Nmm~^ was applied to the sol-gel ceria and CVD silica

coated and uncoated steel during oxidation in carbon dioxide at 825°C.
This load represented half that calculated to cause rupture after lOKh

at this temperature. For this experiment the ceria coating was applied
directly to the steel so that the influence of improved oxide adherence
could be assessed without any complication from modification in

oxide growth processes. During oxidation it was not possible to

measure the oxide spallation from individual specimens. However, the
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variation with time of the net weight changes (Fig. 8) were consistent
with the corresponding isothermal oxidation data. The negative weight

change on the uncoated steel implied that at least 35% of the oxide had
spalled. The weight gains on the ceria sol-gel coated steel were
greater than on the CVD silica coated steel and indicated that the

coatings had inhibited spallation. As only part of the specimen area

was stressed, surface analytical techniques (SEM, metallography and
EPMA) were employed to establish that the oxidation behaviour of both

the coated and uncoated 20/25/Nb steel had not been affected to any
significant extent by the applied stress.

During oxidation the creep rates differed considerably and
increased in the order CVD silica coated steel, uncoated steel, sol-gel

ceria coated steel (Fig. 9). For the same stress the creep rate of the
20/25/Nb steel was a factor of seven lower in argon than in carbon

dioxide (Fig. 10). The oxidation induced deformation has been

attributed'' >°' to a compressive stress building up in the oxide
during its formation, which then exerted a corresponding tensile force

on the steel. In the current experiments this would correspond to an
additional applied stress of 4.1 Nmm~~2. xhe equivalent compressive

stress in the oxide would have been 100 Nmm~^, a value which is in

accord with that (165 Nmm~^) obtained for the creep of the steel
induced by oxidation in air at 10000Ĉ ).

The creep rates of the ceria and silica coated and uncoated
20/25/Nb steel, in argon, were comparable, within experimental error

(Fig. 10). The sol-gel ceria coating, however, enhanced the oxidation

induced deformation of the steel (Figs. 9 and 10). This was consistent

with the incorporation of ceria within the oxide scale improving its
adherence and thereby preventing the stress relief, which resulted from
oxide spallation from the uncoated steel. As a consequence, a higher

compressive stress was generated in the oxide formed on the ceria

coated steel and was maintained throughout oxidation. The similarity
of the CVD coated steel creep rates in both environments (Fig. 10) was

not attributable to the coating exerting a strengthening role, as the
strain of silica in air and of the 20/25/Nb steel in argon were

comparable (Fig. 10). It was entirely consistent with the coating
providing an effective oxidation barrier.

4. Conclusions

(1) Thin, sol-gel ceria and CVD silica coatings improved significantly

the oxidation behaviour of the 20/25/Nb stainless steel during
15Kh exposure to carbon dioxide at 825°C.

(2) The coatings' protection was not diminished either by thermal

strain induced by daily thermal cycling or mechanical strain from
a continuously applied load.

- 6 -
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(3) The coatings operated by different mechanisms. The CVD silica

coating provided an impermeable diffusion barrier. The sol-gel

ceria coating was incorporated within the oxide scale formed on

the steel and modified its properties beneficially.
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PROPERTIES OF MATERIALS FOR THE HIGH TEMPERATURE H E L I U M T U R B I N E

UNDER MECHANICAL AND THERMAL LOADING

G. Raule and R. Bauer

Brown, Boveri & Cie AG, Mannheim ( F R G )

Central Materials Laboratory

Abstract

Controlled - impurity helium and air creep rupture and fatigue test
results of candidate blade and liner materials for application in the
HTGR direct - cycle helium gas turbine are presented.

Despite of severe microstructural changes due to internal carburization
no significant environmental effect on creep rupture strength or creep
strength at 1 % strain up to 40.000 h
the cast Ni-base alloy Inconel 713LC.
strength at 1 % strain up to 40.000 hrs at" 850 C was observed for

Vacuum arc - melted Mo-TZM exhibited a more than threefold higher
creep rupture strength compared to that of IN 713LC. During exposure
to simulated primary circuit helium Mo-TZM became covered with a
relative brittle Mo„C-layer, which however does not seem to initiate
critical cracks at steady-state conditions. Thus Mo-TZM is being one of
the most promising material to meet the high operational stresses
expected when using uncooled blades.

Considering the candidate hot duct materials IN 617 and Nimonic 86
creep rupture tests results indicate the favoured position of IN 617
with respect to long-term creep behaviour. In both cases no
environmental effects on creep rupture strength could be detected so far.

To simulate fluctuating service conditions, such as start-up,
shut-down or failure procedures, strain controlled low-cycle fatigue
tests with and without hold times were performed. Both materials
IN 713LC and IN 617 exhibited a strong cyclic hardening effect and a
considerable decrease of fatigue life with increasing hold time.

Load controlled high cycle fatigue data obtained from experiments
with IN 713LC showed good correlation in the push-pull mode at room
temperature, whereas at elevated temperatures low-cycle fatigue
resulted to lower stresses in the overlapping range of cycles to
failure.

...2
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1. Introduction

Within the scope of the advanced HTR-projects a lot of work has been

done on the HHT-project (high temperature reactor with helium turbine

of high capacity). Selected candidate materials were tested for their

mechanical, thermomechanical and corrosive loading capacity. Most

emphasis was on the behaviour of the metallic out-of-core components

such as turbine blades and hot gas ducts. To meet the extreme service

conditions the materials have to be tested for their long-term properties

under high stresses and temperature. Both the loading of normal

service conditions as well as failure conditions have to be simulated.

The creep rupture properties at operating temperature are one of the

most important selection criteria for long-time component design. Due

to the unavoidable helium impurities in the primary circuit additional

corrosion effects will occur, which possibly may influence the creep

rupture behaviour. In order to simulate start-up, shut-down and

vibration effects of the turbine, low-and high-cycle fatigue tests have

been performed.

2. Creep Rupture and Corrosion Testing

Refering to creep rupture tests, this report confines to results of the

turbine blade materials alloy 713LC and Mo-TZM in comparison to the

previously tested Nimonic alloy 80A and to the liner materials Inconelol?

and Nimonic 86.

All creep rupture tests have been carried out in multi-specimen

machines at 850 C. After definite time-intervals the tests have been

interrupted for creep strain measurements. Controlled-impurity helium

expected during steady-state condition or start-up conditions were

used as testing atmospheres (1 ) . All materials except Mo-TZM were

comparatively tested in air.

2.1 Creep and corrosion behaviour of IN 713LC

The controlled-impurity helium and air creep rupture test results at

850 C for the gamma-prime-strengthened vacuum-cast Ni-base alloy

IN 713LC are illustrated in fig. 1. Comparing data for the wrought

...3
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superalloy Nimonic 80A are also included. Test durations of about

44-000 hrs in air and 37.000 hrs in impure helium have been achieved.

No significant environmental effect on the creep rupture strength even

after long-term exposure can be deduced from this plot. All values well

fit into the inherent scatter band obtained from air test results.

Total creep strain of 1 % commonly used as a design criterion also

does not appear to differ significantly in air and in impure helium

(f ig . 2) (5 ) . Under nominal full power operating conditions stresses of
2

about 200 N/mm are anticipated to be induced in hot stage turbine

blades ( 2 ) . Here it is well to point out that on the basis of these

experimental results the expected service life of 100.000 hrs cannot be

realized using uncooled blades.

These environmentally unaffected helium creep rupture properties are

somewhat surprising because of the severe microstructural changes

as a result of interaction with the gaseous impurities. In addition to

the microstrutural changes due to thermal aging (e .g . coarsening of

intradendritic gamma-prime, primary carbide solutioning, precipitation

of intra-and interdendritic carbides) IN 713LC exhibited surface oxide

formation, subsurface depletion, internal oxidation and high-density

carbide formation (internal carburization) extending into the matrix.

Fig. 3 shows the surface condition after 20.000 hrs exposure at

850 C. The surface was covered with a discontinous oxide scale followed

by a V1-' -denuded zone. The SEM microprobe analyses indicates the

outer scale to be Cr-rich with small amounts of Titanium, whereas

the subscale denuded zone was found to be depleted in Cr and Ti.

Below this region mixed Cr/Al-oxides and internal Al-oxide stringers

were identified reaching a maximum depth of about 90 urn.

As can be seen from fig. L, significant internal carburization

occured manifesting itself as an extensive precipitation of

Cr„„C,--carbides (identified by means of electrochemical phase isolation

and X-ray diffraction methods) preferably orientated along the dendrite

boundaries ( 5 ) . This is accompanied by an increased gamma-prime

depletion adjacent to dendrite boundaries due to chromium depletion of

the matrix as a result of Cr00C,--formation, which increases the
2.5 o

solubility of - '-forming elements.
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Quantitative metallographic measurements of the volume fraction of the

inter-and intradendritically precipitated carbides show carburisation

profiles reaching the depth of about 25 % of the specimen diameter

after 20.000 hrs exposure at 850°C (f ig. 6).Despite of this severe

internal carburization no detrimental effects on creep rupture could be

recognized. One possible explanation may be the fact that the N/'-

replacing interdendritic carbides are acting as dispersion-strengthening

precipitates.

2.2 Creep and corrosion behaviour of TZM

Due to its high creep rupture strength compared to Ni-base alloys

Mo-TZM is the most favoured candidate blade material for application

in the helium gas turbine. Fig. 7 shows the 850 C helium creep

rupture test results of vacuum arc-melted Mo-TZM, 53 % worked,

exhibiting an extrapolated 100.000 hrs creep rupture strength of about
2

340 N/mm being more than threefold higher compared to that of

IN 713LC. No comparative air tests were performed because of the

catastrophic oxidation of Mo-TZM at this temperature.

The microstructural analyses revealed the formation of a continous

Mo„C-carbide layer on the surface exhibiting a columnar, epitaxial-

like grain structure perpendicular to the specimen surface ( f ig .5 ) .

The growth kinetics of this outer carbide layer is not yet clarified.

Both, a parabolic law or a logarithmic law of growth is possible to

be assumed, the latter indicating that the Mo2C-layer will become

less permeable to C-diffusion during growth ( f ig . 8). Metallographic

examinations showed no differences in internal microstructure (e .g.

grain size, grain shape) between long-term exposed creep specimens

and as-received material. The microprobe analyses however indicated

some subsurface oxygen pick-up which might be attributed to the

selective oxidation of the minor strengthening elements Zr and Ti.

Mo-TZM is reported to pick-up oxygen linearly with time of exposure

to helium containing traces of oxygen in the vpm-range, subsequently

resulting in the complete loss of ductility ( 3 ) -

...5
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)n the other hand the formation of a brittle Mo2C-layer (micro-

ardness 2000 HV) can produce an extremely notch-sensitive surface

dth accelerated crack initiation at certain operational stress levels,

'osenwasser et. al. observed severe embrittlement of Mo-TZM after

00°C exposure in controlled impure helium ( 4 ) . Tensile test

pecimens failed with nil ductility at about 60 % of their as-received

iltimate strength. In our own experiments after 36.000 hrs creep

esting Mo-TZM covered with the carbide layer also showed a

eduction of plastic strain to failure of about 2,4 % in room

emperature tensile test.As demonstrated in Fig. 9 no widespread

rack formation at the gauge length of this specimen was found,

ndicating the fact that immediate fracture failure must have occured

ifter first crack initiation at some critical strain,

lowever removing the carbide layer mechanically from another

pecimen with approximately 18.500 hrs exposure the room temperature

luctility was restored to about 28 % elongation. Otherwise from 500°C

ensile tests with a 35.000 hrs creep tested specimen it became

:vident that initiated cracks were stopped at the metal-carbide

nterface. It is concluded therefore that under operational conditions

10 critical effects on the blades have to be anticipated with exception

if start-up and shutdown procedures. Thus Mo-TZM is one of the

nost promising material to meet the high primary stresses expected

'or uncooled helium turbine blades.

1.3 Creep rupture behavior of IN 617 and Nim 86

Within the scope of this HHT Materials Development Program emphasis

sras also on both candidate hot duct materials Inconel 617 and

Jimonic 86. Fig. 10 shows the results of creep rupture testing in air

ind simulated helium for times up to more than 10.000 hrs. Compared
2

o the normal operating conditions of about 20 N/mm primary

stresses and an anticipated service life of 350.000 hrs at 850°C the

'avoured position of Inconel 617 with respect to long-term creep

-upture strength is well demonstrated.

...6
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3. Fatigue testing

During steady-state conditions turbine blades are exposed to primary

stresses. Due to temperature gradients and transients secondary

stresses are induced as well as fatigue stresses during start-up

and shutdown operations, all of these being in the low-cycle fatigue

range. Fatigue also arises from vibrations in the high-cycle fatigue

range. In order to simulate such thermomechanical cyclic loading

the following fatigue tests were carried out:

- strain controlled, low-cycle, less than 10.000 load changes
g

- load controlled, high-cycle, up to 10 load changes.

This paper discusses the results of low-cycle fatigue tests of alloy

IN 713LC, Inconel 617 and randomly tested Mo-TZM. All tests were

carried out with a reference strain rate of 6 % min . IN 713LC and

Inconel 6l7were tested in air at various temperatures up to 750 C,

while Mo-TZM was only tested at room temperature.

3.1 Low-cycle fatigue behaviour of IN 713LC

Fig. 11 indicates the low-cycle fatigue of IN 713LC at 20°C, 650°C,

and 750°C. A significant difference in the number of cycles to failure

between 650 C and 750°C cannot be deduced from this diagram.

Higher temperatures reduce the number of endurable cycles for strain

ranges in excess of 0,4 % when compared to room temperature data.

This diagram also includes the results of two low-cycle fatigue tests

on Mo-TZM at room temperature. Mo-TZM shows for total strain ranges

less than 1 % an increased number of cycles to failure compared to

alloy IN 713LC.

Fig. 12 outlines the stress-strain behaviour of IN 713LC at 750°C. A

pronounced cyclic hardening effect can be recognized when analysing

the respective cyclic and static stress-strain curves. This hardening

effects terminate at about 10 % of the number of cycles to failure at

the higher temperatures. After about 50 % of the failure life a

rectilinear relation exists between stress amplitude and number of

cycles at room temperature.

...7
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Relaxations effects, which occur during steady-state condition, were

studied by means of conventional hold time tests. IN 713LC was

investigated applying holding times of 5 and 20 min. at maximum

tension and compressive strain.

Fig. 13 illustrates the effects of holding times at 750 C.

Increasing holding time decreases significantly the number of cycles

to failure, i.e. holding time of 20 min. reduces the lifetime by an

order of magnitude. Due to limited test capacity low-cycle fatigue

tests with increased holding times could not be performed. However a

significant number of hold time tests, particularity in the lower

strain range are necessary in order to be able to extrapolate to the

extremely long intervals representative for operating conditions. SEM

analyses showed transgranular crack propagation mode with holding

time and interdendritic cracking without holding time.

3.2 Low-cycle fatigue behaviour of IN 617

Additional low-cycle fatigue tests with Inconel 617 at temperatures

up to 750°C were carried out and represented in fig. 14. It appears

from this diagram that the temperature has a considerable influence

on the number of cycles to failure. This alloy exhibits a strong

cyclic hardening effect as well, in some cases up to 75 % of its

lifetime. Here it has to be noted that Inconel 617 showed superior

behaviour in low-cycle fatigue when compared to Hastelloy X,

Nimonic 75 and Inconel 800 H, investigated up to now.

3.3 Correlation of low- and high-cycle fatigue results

As mentioned above, low-cycle fatigue stands for fracture in less

than 10 cycles, whereas high-cycle fatigue does represent failure

in excess of 10 cycles. Since the high- and low-cycle test

procedures are basically different with respect to stress and strain

parameters, it might be expected that they would yield different

fatigue curves in the overlapping range of cycles to failure.

... 8



08

- 8 -

Fig. 14 summarizes the IN 713LC low- and high-cycle fatigue results.

Defining a mean stress for low-cycle test conditions at half-life

the results of low-and high-cycle fatigue can be presented in the

same diagram. The high-cycle fatigue tests were carried out at

a frequency of 50 sec . At room temperature good correlation of

low- and high-cycle fatigue data can be seen in the push-pull

mode. At 750 C, however, low-cycle fatigue yields lower stresses

in the overlapping range of cycles to failure. This could arise

from the different work-hardening behaviour which occurs before

stable hysteresis loops are established. For comparison with the

results of push-pull high-cycle fatigue, the corresponding curve

of bend fatigue tests is also included in this diagram. Only in

excess of about 10 cycles to failure, a good agreement of the

results of push-pull mode with those of the bend mode could be

found.

In order to understand the interaction of the investigated para-

meters and to correlate different testing modes, more tests with

varied parameters like strain-rate, stress-rate and holding time

are necessary. For this purpose, combined low-cycle and high-cycle

fatigue tests are planned. The influence of longer holding times

in the low-cycle fatigue test will be investigated by combined

creep rupture and low-cycle fatigue tests. Such investigations will

also be carried out specially for damage accumulation in order

to proof the general damage rules. Characteristic material parameters

received from such rules will then allow a more exact and safe

design of the critical metallic components concerning the maximum

service conditions of advanced H T R ' s .

. . .9
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4. Conclusion

Controlled - impurity helium and air creep rupture tests were per-

formed with the candidate turbine blade materials IN 713LC and

Mo-TZM as well as with the wrought hot duct materials Inconel 617

and Nimonic 86 at the operating temperature of 850 C.

Strain controlled low-cycle fatigue tests with and without hold

times were carried out to study creep-fatigue interaction. A first

attempt was made to correlate these data with load - controlled

high-cycle fatigue test results.

The major results and conclusions are as follows:

1) Despite of severe microstructural changes due to internal

carburization no significant environmental effect on creep

rupture strength or creep strength at 1 % strain was observed

for IN 713LC up to 40.000 hrs exposure time.

2) Mo-TZM exhibited a more than threefold higher long-term creep

rupture strength compared to IN 713LC. Metallographically no

internal microstructure changes were found with 36.000 hrs creep-

tested specimens. Thus Mo-TZM is being one of the must promising

material for use as uncooled blades.

3) Inconel 617 showed superior long-term creep rupture strength

compared to Nimonic 86.

4) IN 713LC and Inconel 617 exhibited a strong cyclic hardening

effect up to 75 % of low-cycle fatigue life. At 750°C, a

considerable decrease of fatigue life did occur with IN 713LC

when introducing hold times at maximum tensile and compressive

strain.

5. Correlation of low- and high-cycle fatigue data of IN 713LC was

only possible at room temperature, not at elevated temperatures.

...10
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CRACK INITIATION AND GROWTH IN INCONEL 625 AS RECEIVED AND

AFTER AGEING AT HIGH TEMPERATURE IN HHT HELIUM

G. Ullrich v ', B. Panic v ' and W. Stumpp

^ ' Swiss Federal Institute for Reactor Research,

Würenlingen, Switzerland

^ ' Sulzer Brothers, Winterthur, Switzerland

Abstract

In the framework of HHT material technology, the decontamination (for

servicing purposes) of components is an area which must be considered.

The effects of chemical decontaminants may influence the mechanical pro-

perties of the materials.

Besides creep and high and low cycle fatigue on cylindrical specimens a

fracture mechanics program using compact tension specimens with notch

radius r = 0.1 mm and a/w ̂  0.35 (ASTM standard), but without pre-

fatigue cracks is being carried out.

In this work, results from crack initiation and growth in parent and

112 electrode weld metal in both the as-received and heat treated (800 C

in HHT helium) conditions are presented. The crack initiation was deter-

mined with a potential method and the crack growth was followed using

foil gauges using also a potential method.

The data of the crack growth/load cycle number (da/dN) and the stress

intensity factors AK, were determined at a constant stress ratio R. Of

particular interest is the threshold value AK .

The type of diagram da/dN = f(AK) is normally accepted.
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Finally the aim of this work is to find out a correlation between such

diagrams from the compact tension specimens of different radii with

those obtained with LCF and/or HCF methods with smooth and notched

specimens as far as a crack initiation is concerned.

The work described in this paper has been
performed ao part of the deve lopment program for a
Nuclear Power Stat ion w i t h a H i g h Temperature Reac to r
and High Power H e l i u m Turb ine carried out in
col laborat ion wi th the fo l lowing f i rna :

BBC AC BROWN BOVERI (BBC-CrO
B R O W N , BOVERI 4 CIE AC. ( B B C - 0 )
B O N N A R D 4 CARDEL S.A. ( M C )
SWISS FEDERAL INSTITUTE FOR REACTOR R E S E A R C H ( E I R )
SULZER BROS. AG (CS)
GESELLSCHAFT FUER H O C H T E M P E R A T U R R E A K T O R - T E C H N I K
HOCHTEHPERATUR-REAKTORBAU GmbH ( H R B )
KERNFORSCHUNCSAHLAGE JUELICH GmbH ( K F A )
N U K L E A R - C H E H I E U N D M E T A L L U R G I E GmbH ( N U K E M )
SCHWEIZERISCHE A L U M I N I U M A G ( A L E S A )
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INTRODUCTION AND EXPLANATION OF THE PROBLEMS

A large part of the work in EIR is done in the field of material research

in support of the decontamination program. For this, it is necessary to

have a large materials testing program in order to guarantee reliable

material properties before and after the decontamination treatments.

Fatigue and creep tests on smooth and notched specimens were started in

1973 in the HHT project. The last tests serve to detect eventual hydrogen
A

embrittlement, for instance in turbine components, up to at least 10 hours.

Relatively early on the testing program it was evident that stress corro-

sion cracking should be taken into consideration and so the fatigue pro-

perties on CT-specimens became increasingly important within this framework.

The extent of these investigations lead to a close co-operation with

Sulzer Brothers (one of our HHT partners) who have the relevant equipment

and experience in measuring crack initiation and propagation on notched

specimens for instance in ferritic materials. The main quantity of interest

in this test is the stress intensity factor K which is well known in frac-

ture mechanics. As is known, with this quantity it is possible to lay down

two asymptotic limiting values with the smallest(K0) and largest (K )

growth of crack for each change in load da/dN. Below K is the region

where an existing crack will not grow and any formation of a new crack is

not possible. Above K is the region where a fracture due to overloading

is possible. A material which is delivered with these known properties may

be drastically altered through chemical attack and/or structural changes

due to thermal ageing.

Crack formation and growth can be accelerated and even the value for K
L«

may be considerably reduced. The last mentioned case is the most severe

using short time experiments. A tensile test using a CT specimen in air and

in a decontamination solution containing sulphur for IN 625 in the as-

received solution annealed condition is depicted in Fig. 1. As comparison

we have found this typical behaviour for stainless steel in the classical

MgClg solution, known to cause stress corrosion cracking. In a tensile test

with notched specimens this phenomena was not observed (round specimen).
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On the other hand we have found a reduction in the stress intensity fac-

tor K when IN 625 has been thermally aged at specific temperatures,max
Therefore we have the opinion that K is a very important quantity to

characterise the structure of a material.

In this work, crack initiation and growth for short and long time tests

will be discussed, relevant to IN 625 from heats for the HHV-facuity*as

far as the hot gas ducts are concerned in the as-received condition and

also after thermal ageing at 780 - 800°C in HHT helium (Table 1) for 1000

hours.

METALLURGICAL ASPECTS

Some time ago IN 625 was removed from the general program of material

research because of its embrittlement at room temperature after ageing

within a certain temperature range. NIM 86 was then brought into the

investigation but we have now learnt that this material (and others) also

show an embrittlement; each material having its own specific temperature

range for thermal ageing.

For IN 625, a rough estimation of the temperature (^850 C) above which

no embrittlement is expected is given in Fig. 2. Specimens were aged at

700 C for 41 days and had a hardness of ̂  295 HB (compared to the as-

received hardness of * 215 HB). The specimens were then annealed above

>. 775°C to a* 255 HB, that is to the "half-time" condition. According to

these results we have to expect some brittleness for the selected tempe-

rature range of 780-800°C.

Micrographs, of the as-received and aged conditions of IN 625 originating

from the HHV-heatsare shown in Fig. 3a and 3b. The small quantity of

precipitates in the as-received solution annealed condition are of the

types MC and TiN; those in the aged condition of the types M-i-C (in the

grain-boundaries) and NigNbMo (within the grains). The difference in

hardness between both structures was small (230 and 244 HB).

*Hochtemperatur(H)-Helium(H)-Versuchsanlage(V) = High Temp. He Test Facility
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SPECIMEN FABRICATION

Plates from two different heats used for the HHV-facility (see Table 2

for chemical analysis) were welded with IN 112 electrode according to

the specification used for the HHV-facility. The notch of the specimens

designed after the standard compact tension (1 TCT) to determine the

crack start and growth speed, see Fig. 4 was cut into the basic material

and also the heat affected zone (HAZ) so that the crack propagation was

perpendicular to the rolling direction. The notch finishing of r ̂  0.1 mm

was performed using an electroerosive method. The specimen thickness was

either 7 or 14 mm.

METHOD OF TESTING

TEST MACHINES

The measurement of the crack initiation was carried out using a mechanical,

excentrically worked test machine. A constant elongation and a test fre-

quence of 0.1 and 1 Hz was used for up to 10 load changes.

The crack growth tests were carried out with the aid of a servohydrauli-

cally steered 5-Mp-MTS pulsator with a frequency of 25 Hz.
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ELECTRICAL MEASUREMENT METHODS

CRACK INITIATION

Optical / Potential Methods

An optically determined (with a 30 x magnifying glass) side crack of

0.2 mm was taken as a criterium for the crack start.

On the other hand an exactly regulated equal current of 10 Amp was

passed around the crack using attached current contacts on the front

of the TCT specimens. With crack growth the path of the current increa-

ses - consequently also the electrical resistance. The potential diffe-

rence can be measured via the welded-on contacts - see Fig. 5. The

change in the potential difference indicates the crack growth. A pre-

sentation of the potential change against number of cycles (or time)

is given in Fig. 6. The experiment ends when 10 uV £ 0.2 mm optically

is reached and extrapolated back to point I in Fig. 6.

FATIGUE CRACK GROWTH

The crack growth under different threshold loads was measured on 7 and

14 mm thick TCT specimens. The system FRACTOMAT 7609 (see literature 1

and 2) with measurement foils was used to measure crack development. A

thin electrically insulated metal foil (2) was glued onto the specimen

(1). This was subjected to a constant current and a corresponding voltage

U was developed. When the crack develops the value of U increases to

U + U . This is apparent at the outlet of the differential amplifier

and is directly registered as crack length with a plotter as a function

of time. The crack length in the foil is identical to that on the spe-

cimen's side. A foil with a 20 mm measurement length on a 1 TCT-specimeri

was applied.
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RESULTS

The diagram of da/dN as a function of AK is shown in Fig. 7. As we

can see the difference between the as received and He-treated condition

is smal1.

However there is a significant difference as far as is the thickness B

is concerned.

Further tests to reach the value AK are necessary.

But instead to make measurements until -^r = 10 or 10" , a new method
j

to find -7T7 = 0 is proposed by one of the authors.
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impurities

H„ uatm.

CO

co2

CH4 "

H20

expected values in

normal operation

50

50

5

5

5

inlet

48.4 ...50.1

48.5 .. .52.3

3.87... 6.0

5.3 ... 5.6

~~~

outlet

^ 60

< 10

1 ...8

1.7. ..3. 5

—

Table 1 Composition of HHT-helium.
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IN 625

IN 625

IN 112

C

0.03

0.02

0.06

Mn

0.1

0.05

0.6

Si

0.18

0.11

0.5

Fe

3.17

1.82

3.1

Cr

22.2

21.18

22.34

Al

0.11

0.16

-

Ti

0.29

0.3

-

Mo

9.06

9.36

9.56

Nb

3.44

3.87

3.56

Ni

balance

u

u

Table 2 Chemical analysis of two heats (for HHV-facility) and electrode 112.
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load Pmax

(kp)

3595.5

3748.5

3939.2

3403.7

2480

2616.3

2509.2

2402.1

2610

* 2850

thickness B

(mm)

14

14

14

14

7

7

7

7

7

7

Kq
-3/2kN mm

2.92

3.04

3.08

2.89

3.82

3.80

3.87

3.70

3.98

4.13

Table 3 Values K = K for He treated precracked specimens

of basic material. * as received



P13

1.5x10

opening Vg (mm)

Fig. 1 Tensile test with modified CT-specimen (a/w ^ 0,6)

a) in air, h) in a solution causing stress

corrosion crackin«
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Specimen 1 TCT(ASTM)

P1B

S2.5

W-50

, r- 0.10

Ha-20 —

o10

Fig. 4

Thickness B = 14 and 7 mm.

Machined from plates with B = 15 mm.
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10 amp

amplifier

Fig. 5 Position for potential sondes.
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Fig. 6
Representation for Crack Initiation
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A NEW METHOD TO DETECT CRACK INITIATION FROM

STUDIES OF CRACK-PROPAGATION Aa/AN
- ... i i— . -... . . - . .-..-. ... —— -

by G. Ullrich

The values of crack propagation (Fig. T-) da/dN are really a quotient of the

difference Aa/AN. In order to get the differential quotient (infinite ele-

ment with arbitrary unit)

lim ^ ,± = m = a, (1)

AN + 0 AN dN

at any point "Aa" it is necessary to have a function Aa = f(N) but this func-

tion is unknown. With the following method it is proposed how we can obtain

the number N. of cycles for crack initiation.

One obtains graphically the curve of Aa = f(N) when the total number of cycles

are summed up (integrated). It is evident that the correct trend is obtained

for Aa/AN decreasing with decreasing Aa or with increasing cycles N for a

givon arbitrary unit of Aa or AN respectively. To define da/dN at any point Q

on the curve, the tangent with slope m is necessary. However, the curve is

not fully mathematically defined and also one cannot draw the tangent graphi-

cally; this is only possible at the point of origin of the ordinate Aa = 0.

Here the slope m is exactly defined namely da/dN =m = 0. Next the abscissa is

taken for numbers of cycles and then ZN = N, . -, = 0' is attached at point 0'=E*

as shown in Fig. 1. This corresponds to the total Aa = 15 mm in this case.

Now descending from 0' to Q0 = N. in the contrary direction one cuts the axis

of numbers of cycles orthogonally with the slope m=da/dN =0 and thus at

point Q in Fig. 1 we get the number of cycles for initiation N.c.

In calculations, this operation is called an inversion (in German "Spiegelung")

and is found by substituting for example a given quotient q by -q .

Assuming a function of a = a(N), da/dN = a' = a(N) ̂ a/N one obtains the ortho-

gonal trajectories in (1) by substituting

a 1 by -I/a1 or a/N by -N/a (la)
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In Fig. 1 there exist in each point Q the accompanying bihedral formed
-*- - » - . » . - v

by the vector of unit t and the normal vector of unit n (n_i_t), turning
-»•

with a moving Q on the curve, t has the direction of the slope m.

The normal vector n belongs to the curve, which cuts orthogonally the

given function a = f(N) and n is at the same time the vector of tangent

for the inverted curve N = f(a) with a negative slope m* (m*j_m).

The relating fixed system of coordinates is defined as origin with the

point Q0 = N. with slope m^O.

Instead to go the indirect way from one point to another you can go

directly the way E*Q by a geodetic line.

PRACTICAL CONSEQUENCE WITH THE NEW METHOD

In case of a load controlled experiment with a given load Pi we have measured

crack initiation optically at 0.2 mm without extrapolation and have counted

23 cycles. We have then proceeded to Z 37 = 0' cycles and after breaking the

specimen, we have measured Aa ̂  2.3 ram, that means Aa = 2.3 mm =£37 cycles N.
Q

Using the proposed method as shwon in Fig. 1 we get initiation N^ after

12 cycles.

When this method is acceptable we can do mechanical tests without further

equipment and we can define initiation from a given crack growth at any

temperature or in chemical solutions where the application of foils is not

possible.

With this newly defined crack initiation (which probably starts as a nucleus

in the plastic zone) it is possible to plot the valid quantity KI£. as a

function of N. as shown in Fig. 2. In this case we take a =20 mm according

to machined length in Fig. 4 making an error «1 %, for calculating

K = -̂ f (a/w) (2)
BW ''

according to ASTM E 399. Tensile tests at N = 1/2*with only tension can be

also included,Fig.3a/b.In this case using a compliance method as a partial

*In case of tension and compression N = 1/4.
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elastic unloading method one doesn't detect any deviation before the maxi-

mum load; thus we have taken P for calculation of K . From work stemmingma X cj
from studies in the field of J-integral-measurement we have to assume that

crack initiation lies either before the maximum load point P or at P .

This throws still some doubt on existing K-values calculated with P asmax
load. Another problem existing at the moment in fracture mechanics is the

dependence of K on the thickness B: One can see at the ordinate from Fig. 2

that K decreases with increasing B-values.

CONCLUSION

With the Wb'hler diagram K = f(N.) one has the total spectrum of specific

tests for K from tensile test (fracture mechanics) over low cycle fatigue
3 4 f i 8

(10 -10 cycles) to high cycle fatigue until 1 0 - 1 0 cycles with simple

test methods.

At the moment the problems are:

- Crack initiation in tensile tests in function of thickness B for a given

structure of material

- The influence of frequency

- The behaviour of different radii with constant a/w with the aim to corre-

late with smooth specimens in order to convert stress intensity factor

AK +stress a.
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MECHANICAL CHARACTERIZATION OF METALLIC
MATERIALS FOR HIGH TEMPERATURE REACTORS

IN AIR AND IN HELIUM ENVIRONMENTS
02

I/INTRODUCTION :

The french program of research and development for high temperature

reactors which was realised together with General Atomic Company included the study

of materials for primary and secondary circuits. In this program, three metallic

alloys were considered as reference materials : steel Chrcmesco 3 with 2,25 % chro-

mium and the alloys 800 H and Hastelloy X, the compositions of which are given in

the following table.

Materials

Chromesco 3

Alloy 800 H

Hastelloy X

C

0.095

0.05

0.05

Cr

2.20

19.75

21.9

Ni

34.05

48.3

Fe

bal.

43.98

17.6

Mo

0.98

8.6

Mn

0.52

0.94

0.78

Si

0.235

0.35

0.73

W

0.8

Co

1.5

Cu

0.39

Al

0.16

Ti

0.31

Composition of alloys

As helium contains some impureties, the corrosion of the metallic materials as well

as the evolution of their mechanical characteristics had to be examined.

In addition to the corrosion tests realised in helium circuits under pressures of

2 bars and 50 bars (Aida loop), creep tests have been carried out in helium and also

in air for Chromesco 3 and alloy 800 H and just in air for Hastelloy X, the results

of which are given in the present paper.

2/EXPERIMENTAL CONDITIONS :

2-1 ~ Tests_in_helium.

These tests have been carried out under a pressure of 2 bars in a circuit with helium

circulation without recycling. The following table indicates the level of impureties

content.

H2

1500

H2°

50

CO

450

CH4

50

-6 atm) . "Composition of "design" helium (10

Gas conditioning includes :

- purification of helium by circulation on Cu - CuO at 350°C, through a molecular

seave at room temperature and finally on silicagel cooled by liquid nitrogen,

- systems for controlled addition of hydrogen, methane and moisture, a part of which

reacts with graphite at 9CO°C to form CO and H-.
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The impurety levels are continuously controlled with a gas Chromatograph and a hygro-

of
-1

meter. The helium flow in each test apparatus is of 1O l.min (NTP) , which assures

a circulation rate on specimens of about 1 run.sec

The creep apparatus contains three chains of five specimens. On each chain, separate

strain is applied, by mean of an external load, strain transmission and air-tightness

being assured by a metallic bellows. The heating system consists of three electrical

resistances, separately regulated, assuring temperature homogeneity of + 5°C.

Cylindrical creep specimens are of 25 rrm working length, demarcated by two off sets

for the measurement of elongation. The measurements were done at regular intervals at

room temperature and under strain. The specimen diameter is of 3 ntn for chromesco 3

steel and 4,5 mm for alloy 800 H.

2.2 - Tests_in_air.

Tensile tests were carried out with classical machines with specimen working length

of 20 mm and diameter of 4 mm. Creep tests v/ere realised either on the same apparatus

as those used for helium or on classical machines with only one specimen at a time.

In this case, the specimen diameter was 6 mm for Chromesco 3 and 4 mm for Hastelloy X

3/RESULTS :

3.1- Creeg_tests_gf_chromescg_3.

This material was tested, in the normalized condition (quenched and tempered).

Fig. 1 shows, in logarithmic co-ordinates, the evolution of rupture time with respect

to stress, at temperatures of SCO and 550°C and itapp^ears that the slopes of the

representative straight lines are very similar̂  At 5CO°C, rupture times in helium

seem inferior to those in air, such a tendency not being apparent at 550°C. For the

two temperatures, the average elongations in both environments are found to be bet-

ween 17 and 50%. The metallographic examination on the longitudinal cross section of

the fractured specimens reveals some differences in the morphology of creep associa-

ted oxidation (Fig. 2). In air, the oxide layer is important, its depth increasing

with stress, and cracks are visible, which do not affect the base metal. On the other

hand, oxidation in helium is selective and some oxide penetrations are observed in

the grain boundaries, which induce small cracks under the effect of stress. Consequen-

tly; the fracture in air is characterized by an oxyde scaling and the absence of crack;

whereas in helium environment cracks are observed and the profile is more perturbated

because of superficial grain decohesions.

The limited number of results do not allow us to assert that the differences observed

at 500°C in rupture times between helium and air are due to helium impurities or to

other causes such the type of apparatus or the different diameters of specimens in

air and in helium (respectively 6 and 3 mm).
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However, seen the micrographic observations, it would be interesting to verify if

the presence of oxide penetrations in C hromesco 3, could not induce prematured

ruptures for long operating times ( -̂  20 COO h) and thin specimens.

3.2 - Creeg_tests_gf_alloy_8OO_H.

At 700 and 750°C the representative straight lines of rupture time versus stress

are practically parallel and Fig. 1 show that no difference is apparent for' air or

helium. In these two environments the average elongations fall between 25 and 50 %,

at both temperatures. The metallographic examinations reveal an external oxidation

as well as oxide penetrations, the severity of both phenomena being temperature-

dependent and more important in air than in helium, as shown in Fig. 3 and 4.

The micropobe analysis indicates a chromium depleted zone under the oxide layer and

the concentration of Cr, Ti and Al in the oxyde layer. Under stress, the oxide

penetrations induce micro-cracks which are visible away from the rupture zone. No

difference is observed on the rupture facets in the two environments. The intergra-

nular voids grow with temperature but do not appear to be more numerous in helium

than in air, in desagreement with J. G CHOW, who obtained shorter rupture time in

helium. On the contrary the internal corrosion of alloy SCO H under "design" helium

atmosphere seems intensified by the stress as shewn in the following table.

Stress (MPa)

0

44

External oxide_,
thickness (10~ m)

8

8

Oxide penetration
depth (10 6m)

40

60

depleted zone,
thickness (10 m)

60

100

Influence of stress on the corrosion of alloy 800 H exposed for 10 SCO h
at 750°C.

Vfe note that, under the effect of stress, the depth of penetration and the thickness

of the chromium depleted zone increase whereas the thickness of the external oxide

layer remains pratically constant.

As for Chromesco 3, longer tests would be necessary for correct conclusions on the

influence of helium impureties on the creep behavior of alloy SCO H.

3.3 - Tests_gf_HastelloY_X.

3.3.1. Creep tests

This alloy was tested in the annealed condition (30 mn at 1 180°C followed by

air quenching). Fig. 5 (a) shows the time to rupture with' respect to the stress

between 70O and 850°C.

Two behaviors appear which are characterized each by a different slope.

J. G CHOW, P SCO, L.EPEL
Alloy 800 proceedings of the Petten International Conference N.H.P.C. 1978 p 331



The first one is related to 10w temperatures and all stresses and also to high

temperatures and high stres'ses (slope value = 6,5 to 7) . The second behavior corres-

ponds to high temperatures and lew stresses (slope value = 3) . Specimens tested at

high temperature and/low stresses are characterized by a reduction of rupture life

and inore numerous/intergranular decohesions, as shown by Fig. 6 (a) and (b) .
/

3.3.2. Effect of ageing treatment

The tr̂ nsile tests reveal that ageing heat treatments (10 000 h at 80O or
/

850°C) h/ive hardening and embrittling effects on Hastelloy X, up to 700°C, as shown

by Fig. 5 (b).

On the other hand, the creep tests made on these aged alloy she«// a reduction of creep

resistance connected with a decrease of rupture time (Fig. 5 (c) and (d)) and an im-

portant grain elongation (Fig. 6 (c) and (d)). This particular behavior could be due

to the precipitation induced by ageing. Optical and electron microscopy and also X..R.

diffraction reveal the presence of several types of precipitates : H, C carbide,

A> phase and a non-identified phase. The global analysis of these precipitates shows

an imporcant enrichment in Mo and W, compared to the matrix composition :

Element (Weight %)

Precipitates

Matrix

Mo

40

8.6

Cr

18

21.9

Fe

5

17.6

Ni

30

48.3

W

4

0.8

Si

2

0.7

The hardening of Hastelloy X observed in the tensile tests up to 7OO°C could be

explained by this precipitation. On the other hand, the improvment of ductility above

800°C, characterized by a reduction in creep resistance and a greater elongation to

rupture, is probably due to a modification of deformation and hardening mechanisms,

in connection with the depletion of hardening elements such as Mo and W from the

matrix. Thereby/ stress relaxation along the grain boundaries would be facilited

and consiquently longer elongation to rupture would resulted without intergranular

decohesion.

3.3.3. Effect of cobalt content

The cobalt contained in Hastelloy X can get activated under the effect of

neutron bombardment. Consequently, it is interesting to reduce the cobalt content ;

all the same the effect of cobalt on the mechanical properties has to be known.

Five laboratory-castings with cobalt contents between 0 and 5 % were elaborated for

this purpose. The tensile tests and the short time creep tests did not display any

effect of cobalt content as seen on Fig. 7, representing the elongation to rupture

versus cobalt content at different temperatures.

CONCLUSION.

This work could no be pursued owing to the interruption of the french research and

development program on high temperature reactors.
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In particular,long test were not possible and true conclusions regarding bhe in-

fluence of helium impure-ties on mechanical properties could not be reached.

However,in light of these tests the creep behaviours of Chranesco 3 and alloy

800 H are practically the same under helium or air. On the other hand the long time

ageing at high temperature of Hastelloy X seem to bring about important modifications

of mechanical properties warranting a proper study.
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WELDABILITY EVALUATIONS AND WELDMENT PROPERTIES OF HASTELLOY X*

J. F. King, H. E. McCoy and P. L. Rittenhouse
Metals and Ceramics Division
Oak Ridge National Laboratory
Oak Ridge, Tennessee 37830

ABSTRACT

Studies of weldability and weldment properties were
conducted on commerical heats of Hastelloy X. Weldment
preparation was done using several combinations of welding
techniques and filler metals. Evaluation methods employed
included hot cracking susceptibility and tensile and creep
properties measured both before and after aging at 593 to
871°C for up to 10,000 h.

INTRODUCTION

Hastelloy X, a wrought solid-solution strengthened Ni-base alloy, is

one of the prime candidate materials for high-temperature structural

components in HTGR systems of advanced design. In particular, it is the

reference alloy for Class B thermal barrier cover plates in -General

Atomic Company designs for steam cycle/cogeneration HTGRs. The materials

used in such applications must be weldable and the mechanical properties

of their weldments must be compatible both with those of the base metal

and the design requirements.

Although Hastelloy X is known to be a weldable alloy, the use of

this material for critical components of the HTGR makes it desirable to

more fully understand its welding behavior and the properties of its

weldments under expected service conditions. To this end, a number of

studies were undertaken. In the first of these, the heat-to-heat

variability of hot cracking susceptibility was evaluated by the Spot

Varestraint testing of nine commercial heats of Hastelloy X«^~fA typical

heat from these was selected for examination of the effects of welding

*Research sponsored by the Office of Advanced Nuclear Systems and
Projects, U.S. Department of Energy under contract W-7405-eng-26 with the
Union Carbide Corporation.
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method and filler metals on weldability and weldment behavior. The

weldments so produced were aged and/then mechanically tested. Both an

inert gas and HTGR- lium were used as aging environments. Weldment

properties and aging effects were evaluated by tensile and creep

testing. The details and results of these studies are described in the

sections which follow.

WELDABILITY TESTING AND WELDMENT PREPARATION

Weldability testing, was conducted on several commmercial heats of

Hastelloy X using the Spot-Varestraint hot cracking test.1- This was to

determine the extent of heat-to-heat variation in susceptibility toward

hot cracking. In this test, the specimen was subjected to a gas

tungsten-arc spot weld thermal cycle for sufficient time to establish

approximately steady-state thermal conditions. Concurrent with

interruption of the arc current, an augmented strain was applied to the

specimen by bending. Cracking data were obtained by measuring cracks in

the heat-affected-zone outside of the weld fusion zone.

A total of nine different heats of Hastelloy X plate material were

obtained for this comparison. Six heats were in the form of 9.5-mm-thick

plate and three were 12.7-mm-thick. The chemical composition of each

plate conformed to ASTM specification B-435. The results of this study

(Fig. 1), show that relatively large variations in hot cracking tendency

exist for these heats. No correlation of hot cracking tendency with

chemical composition was evident. The heat of Hastelloy X exhibiting

the most cracking has been used extensively in laboratory welding

experiments and has given no problems to date. Therefore, we concluded

that all other heats in this group should have good weldability and a

troublesome heat, if it exists, would show much higher levels of hot

cracking in the Spot-Varestraint test.

The base material selected for subsequent weldment mechanical

property studies was a heat of Hastelloy X (see Heat Number 4284 in

Table 1) that fell near the middle of the range of hot cracking

sue. 2eptibility previously described. Weldments were prepared using both

the shielded metal-arc (SMAW) and gas tungsten-arc (GTA) welding



processes. Hastelloy X was obtained both as bare wire filler metal and

as coated electrodes from the same heat (Heat Number 4345). This

allowed for direct comparison of weldment properties from two processes

without intentional compositional differences. Hastelloy S filler metal

(Heat Number 7180) was also used to join Hastelloy X by the GTA process.

Weldments were prepared in 12.7-mm-thick plates using these welding

processes and filler metals. Specimens were prepared from these

weldments for aging and mechanical property testing.

MECHANICAL PROPERTIES TESTING RESULTS AND DISCUSSION

Creep and tensile tests were performed on two heats of Hastelloy X

base metal (Heat Numbers 4936 and 2792) and the three Hastelloy X

weldments described above. Test samples had a gage section 3-min^diam by

25-mm-long with button ends for gripping. The samples were taken

transverse to the weld centerline and spanned the weldment so that the

gage length included weld metal, both heat-affected zones, and the base

metal. The creep tests were carried out in a simulated HTGR-helium

environment containing 337 uatm H2, 32 yatm CH^, 19 uatm CO, and 2 uatra

H20. The details of the testing techniques were described previously.2

Aging of test samples was performed in an inert argon atmosphere.

One of the methods used to evaluate property changes was a standard

tensile test run at a strain rate of 0.005 min"-1-. The tensile

properties at 25°C for aged specimens (538—871°C) of base metal are

shown in comparison with those of the unaged material in Figs. 2 and 3.

The strength changes due to aging were small at all conditions except for

the 2500 h exposure at 704°C where the yield stress increased about 50%

and the ultimate tensile stress increased about 30%. The values for

reduction in area (Fig. 3) show that aging at 538°C for up to 10,000 h

caused a slight increase in ductility whereas aging at 704 and 871°C
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caused significant decreases. The existence of larger ductility effects

at 704°C than at 871°C is probably associated with precipitate

morphology. Comparison of the strength data in Fig. 2 with the

ductility date in Fig. 3 reveals that the properties are not inversely

proportional as might be expected (i.e., the aging condition resulting

in the highest strength does not produce the lowest ductility).

Samples of the three weldments were aged for 2000 and 10,000 h in

inert gas at temperatures from 593 to 871°C. The results of tensile

tests on these samples and the unaged weldraents are presented in Figures

4 and 5. The property changes for the weldments are considerably larger

than those noted for the base metal. The greatest increases in the

yield and ultimate tensile stresses (60 and 45%, respectively) occurred

after aging at 650°C. Smaller increases resulted from aging at 760°C

and the changes after aging at 593°C were very small. Aging at 871°C

resulted in a decrease in yield stress of about 20% and a small decrease

in the ultimate tensile stress of some samples. Note that the yield and

ultimate tensile stresses of unaged base metal are lower than those of

unaged weldments (compare Figs. 2 and 4).

The tensile reductions in area measured for both the aged and

unaged weldments at 25 °C are shown in Fig. 5. There are considerable

differences in the ductilities of the three weldments in the as-welded

condition, but all had higher ductilities than the unaged base metal

(Fig. 3). Aging caused significant decreases in the ductilities of all

three weldments with the maximum changes occurring on aging at 760°C.

The property changes (tensile strength and ductility) are least when

Hastelloy S filler is used. The weldment prepared with Hastelloy X

filler metal and the SMAW welding process has much lower ductility after

aging than that prepared with Hastelloy X filler metal and the GTA

welding process. However, there is evidence that the ductility of the

SMAW weldment is improving with aging time at the two higher aging

temperatures. The possibility exists that some post weld heat treatment

could be used to stabilize the properties of all three weldments during

aging.
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The weldments were also subjected to creep testing in simulated

HTGR-helium and the results are presented in Figs. 6 and 7. (The curves

in these figures are average values from tests on base metal.) In the

as-welded condition the stress-rupture properties of all three weldments

fall close to those for the base metal. At 593 and 649°C the weldment

with Hastelloy S filler metal has the longest rupture life while at 760

and 871°C the longest rupture life is shown by the Hastelloy X

filler/GTA weldment. The Hastelloy X filler/SMAW weldment has the

shortest rupture life in every case. Aging for 10,000 h at 593 to 871°C

and creep testing at the aging temperature was found to reduce rupture

life. The ranking of strengths among the three weldments generally

agrees with that noted before aging. The reduction in rupture life due

to aging does not exceed a factor of four in any case and then only for

relatively short rupture lives.

The minimum creep rates of the weldments are compared in Fig. 7

with those for base metal and are found to be similar. However, there

are four low stress tests at 760 and 871°C which had a period with an

extremely low creep rate, indicating a possible trend for weldments to

have a much lower creep rate than the base metal at high temperatures.

There does not seem to be a significant variation in minimum creep rate

with weldment type.

The question of fracture strain in weldments is rather complex

because temperature, rupture life (strain rate), aging, and weldment:

type are all significant variables. Most of the weldments that used

Hastelloy X filler ruptured in the weld metal and most with Hastelloy S

filler metal failed in the Hastelloy X base metal. Approximate fracture

strains are listed in Table 2. All of the values less than 10% were

obtained for the Hastelloy X filler/SMAW weldment. Aging usually had a

beneficial effect on the creep fracture strain of Hastelloy X weldments.
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CONCLUSIONS

The results of this study on Hastelloy X weldability and weldment

properties permit the following conclusions.

1. Commercial heats of Hastelloy X show a relatively large

heat-to-heat variation in hot cracking susceptibility but even the

material exhibiting the most cracking could be welded satisfactorily

without special precautions.

2. The largest aging effects (i.e., tensile property changes) in

Hastelloy X base metal occur around 700°C.

3. Property changes resulting from aging are greater in weldments

than in the base metal and peak at a slightly different temperature,

650°C. Weldments prepared by the GTA process with Hastelloy S filler

metal are the most stable on aging (i.e., exhibit the least change in

tensile properties) and those prepared by the SMAW process with

Hastelloy X filler are the least stable.

4. The creep properties of weldments tested in the as-welded

condition are similar to those of the base metal.

5. Aging of the weldments prior to creep testing reduces rupture

life but improves rupture ductility. Fracture strains less than 10%

are found only for the Hastelloy X filler/SMAW weldment.
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1. H. E. McCoy, Jr., "Creep Behavior of Hastelloy X, 2 1/4 Cr-1 Mo

Steel, and Other Alloys in Simulated HTGR Helium," ORNL/TM-6822
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Table 1. Characterization of Hastelloy Test Materialsa

Heat
Number

4936*

2792b

4284fa

4345fo

7180C

Chemical Analysis

Form

12.7-mm (1/2 in

31.8-mm (1-1/4

12.7-mm (1/2-in

4-mm (5/16-in. )

1-mm (1/16-in. )

. ) plate

in.) bar

. ) plate

wire

wire

Ni

Bal

Bal

Bal

Bal

Bal

Cr

21.82

21.25

21.79

21.92

15.15

Co

1.68

1.94

2.40

2.09

0.06

Mo

9.42

8.99

8.82

8.85

14.46

Fe

19.09

18.96

19.06

18.81

0.44

Al Si

0.44

0.41

0.35

0.40

.25 0.38

C

0.07

0.10

0.06

0.08

0.006

Mn

0.58

0.57

0.59

0.70

0.47

S

<0.005

<0.005

<0.005

<0.005

0.006

W Other

0.63

0.56

0.63

0.42

<.10 0.019 La

aAll material expect wire solution annealed by vendor, Cabot Corporation.

^Hastelloy X.
cHastelloy S filler.



Table 2. Approximate Fracture Strains (%)

100 h Rupture

Test and Aging
Temperature

593

649

760

871

Base
As

Welded

Welded,
Aged Base

10,000 h

As
Welded

Welded,
Aged
10 000 h

40 10 6, 18

51, 39, 52 5, 26 15, 28, 34

4, 16, 10 30, 43, 47

10, 16, 23 6, 20, 20

4, 10, 30 12, 25

19, 42 8, 20, 18

48, 29 3

20

Welded,
As Aged

Base Welded 10,000 h

35,35 22

13 9

14 6

27

00

;a
CB
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Fig. 1. Spot Varestraint Hot Cracking Data for Nine Commercial
Heats of Hastelloy X Show Relatively Large Variations in Cracking
Tendency.
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180

1200

1100

1000

900

800

700

600

500

400

170

160

150

140

130

120

110

100

90

80

70

60

50

OPEN SYMBOLS -AGED 2,000 h
CLOSED SYMBOLS - AGED 10,000 h
O - x / x / x GTA
A - x / S / x GTA
O- x / x / x SMAW
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Fig. 4. Influence of Aging on the Yield and Ultimate Tensile
Stresses of Three Hastelloy X Weldments. Aged at the conditions
indicated and tested at 25°C at a strain rate of 0.05 min"-1-.
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Fig. 5. Influence of Aging on the Reduction in Area of Three
Hastelloy X Weldments. Aged at the indicated conditions and tested at
25°C at a strain rate of 0.05 min~l.
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Fig. 6. Stress-Rupture Properties of Three Hastelloy X Weldments.
Aged samples were aged and tested at the same temperature. Curves were
detemined from tests on unaged base metal.
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Fig. 7. Minimum Creep Rate of Three Hastelloy K Weldments. Aged
samples were aged and tested at the same temperature. Curves were
determined from tests on unaged base metal.
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Introduction

Hydrogasification is a process for converting coal into methane

with hydrogen in a fluidized bed at pressures of about

80 - 100 bar and at temperatures of 850 - 950 °C. The hydrogen

required can be delivered by combining hydrogasification with a

high temperature reactor. In this process part of the methane

produced is converted into hydrogen in a nuclear-heated steam

reformer (Pig. 1). This combined process involves a cut in coal

consumption of up to 40 percent and in addition has ecomomic

advantages. This gasification system imposes severe requirements

on the behavior of metallic materials in corrosive process gas

environments especially on those components which will have to

satisfy nuclear safety requirements at high operational

temperatures.

In a special materials evaluation program carried out in

cooperation with the Nuclear Research Centre (KPA), Julien, the

DECHEMA e.V., Frankfurt and the Austrian Research Center,

Seibersdorf, different reformer tube materials are being tested in

a corrosive atmosphere similar to the secondary loop of the

nuclear steam reformer. This report summarizes the investigation

and the evaluation of the corrosion behavior and of creep rupture

properties of high temperature alloys in simulated methane

reforming gas.

According to operational results of a helium heated single tube

steam reformer pilot plant operated by the Nuclear Long Distance

Energy Project a standard process gas composition has been

defined: 50 % H20, 35 % H2, 5 % CHj,, 5 % CO, 5 % C02,

(Pig. 2).
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This gas composition corresponds nearly to the thermodynamic
equilibrium at 40 bar and 850 °C on the base of a f^O/CH^ mol
fraction of the feed gas of 4 : 1. Oxygen activity and carbon
activity at atmospheric pressure and at 40 bar are similar.

The program includes the following evaluation tests in process gas
in the temperature range of 800 - 950 °C:

- corrosion tests up to 20.000 h
- thermogravimetric examinations

- creep rupture tests to be continued up to 30.000 h in single and
multi-specimen creep machines

- component tests in a high temperature tube test facility at high
pressure

Test materials are solid solution hardening steels and nickel base

alloys which are available or will be available in the near future
as wrought and cast reformer tubes (Table 1).

Corrosion behavior

Due to the high oxygen potential of the process gas and the high

chromium content of the alloys tested only oxidation phenomena

have been found. The depth of penetration of the internal and
selective oxidation determined from metallographic cross sections

increases with temperature and exposure time. Exposure with

intermediate cooling down to room temperature after every 500 h

contributes to a further increase of penetration. This effect was

found to be more evident at a test temperature of 800 °C than at
950 °C (Pig. 3).

The following micrographs (Fig. 4, 5) will demonstrate the effect

of the internal oxidation on different alloys and reveal the great
differences in corrosion behavior. After 10.000 h exposure oxide

formation at grain boundaries and selective oxidation penetrate up
to 260 /urn into the bulk metal of Incoloy 802. That is twice the

depth of penetration in the cast alloys and five times that
observed in Hastelloy X and Nlmonic 86 which do not suffer any
severe corrosive attack.
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The increase of the corrosion rate determined after exposure times
of 1.500, 5.000 and 10.000 h obeys a parabolic time la/*. The
gradients are in accordance with the results of thermogravimetric
measurements in a special thermobalance operated in process gas

atmosphere. The progress of weight gain as a function of exposure
time during continuous oxidation is shown in Pig. 6. The curves
can be directly compared with test results in air obtained by the
Fetten Establishment.

Determinations of the weight loss of specimens, whose oxide scale
was removed by pickling, show again a parabolic progress strongly

dependent on test temperature (Fig. 7). Weight loss can be simply
converted to corrosion or metal loss rates. Specimens corroded

with intermediate cooling show remarkably higher corrosion rates
than those corroded at constant temperature. Pig. 8 represents a
comprehensive analysis of the results of all test materials

exposed at 950 °C for 10.000 h. There we find a maximum metal loss

of only 0,02 mm for Alloy 802. Nimonic 86 and Hastelloy X show
again the best corrosion behavior. Both alloys, also, reveal good
adhesion of their oxide layer during electrochemical pickling.

Though the corrosive environment has a certain carbon activity
(a ~ 0,1) no distinct carburisation at any exposure temperaturec
can be found.

On the contrary a decarburized zone Just below the oxide scale

exeeds the depth of the internal or intergranular oxidation
(Pig. 9). Micrographs reveal that carbon deplation below the
surface is effected by the dissolution of carbides of the bulk

material. By forming an oxide layer with high chromium content at
the surface, chromium will diffuse to the surface while carbides
dissolve. The free carbon will penetrate to the base metal, where
the carbon activity is still low enough for the formation of

carbides. This mechanism explains the maximum of the carbon

content just below the depleted zone. This was detected by carbon
analysis in different levels of the specimens.
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Creep Rupture Properties

Creep rupture testing in a steam reformer atmosphere is being

carried out with the iron-based wrought alloys Incoloy 800 H,
Incoloy 802 and the cast alloys IN-519 and Manaurite 36X as
typical reformer tube materials. While at Rheinbraun, Cologne,
creep rupture tests are concentrated on weld joints, tests with

unwelded specimens are performed at the KPA-Julich. Both

laboratories use multi-specimen creep test machines for samples
with expected rupture times between 5.000 to 30.000 h. The

experimental data are completed with the results of creep tests in
single specimen creep test machines at the DECHEMA in Frankfurt.
The results in this paper refer to five heats of Incoloy 800 H,

four heats of Incoloy 802 and three heats of each cast alloy.

In Pig. 10 and 11 typical creep curves of Alloy 800 H and 802 are
shown. Pig. 10 indicates that with Alloy 800 H the variation of

creep behavior with increasing temperature is much greater than
with Alloy 802. It is obviously difficult to divide the actual

creep curve of Alloy 800 H at 900 °C into the classical parts of
primary, secondary and tertiary stage.

In comparision to Pig. 11 there is no change in the shape of the
creep curve of Alloy 802 at 800 °C and 900 °C.

The results to date of creep rupture tests on Alloy 800 H and
Manaurite 36 X in steam reformer atmosphere are shown in Pig. 12

and 13 as log stress-log rupture time curves. Points in the
diagrams refer to results of creep rupture tests in process gas,

the continuous curves refer to the everage of the scatter band
from tests being carried out within the project in air and in

simulated HTR-Helium environment and from published data.
Considering first Pig. 12, the creep rupture strength of
Alloy 800 H determined in process gas at 800 °C and 850 °C are in
good agreement with the mean values of the scatter band, points

refering to 900 °C and 950 °C are situated above this line. Taking

into account that the scatter normally associated with creep
rupture tests is about ̂ 20-30 %, we should not interpret these
results as an improvement of the creep-rupture properties in

process gas in comparison to air and helium.
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The effect is remarkable because metallographic examination of
creep specimens show a corrosive attack in process gas similar to

that in air and refering to oxidation more intensive than in
HTR-helium.

In Pig. 13 the results on Manaurite 3&X, tested in steam reformer
atmosphere are compared to those in air and helium. There is a

trend to similar creep rupture strength behavior in process gas as
it is determined with Alloy 800 H. Data of short time creep tests

are not yet analysed.

For comparison of the creep rupture properties of Alloys 800 H and
802 the creep-rupture strength in process gas at 850 °C and 950 °C
are summarized in Pig. 14. It may be concluded that the advantage

in strength of Alloy 802 is only significant up to 5-000 hours.
For test durations in excess of 5-000 - 10.000 h no significant

difference remains in creep-rupture strength between Alloy 800 H
and 802. This conclusion is supported by the results obtained from
tests in process gas.

The creep rupture behavior of welded specimen clearly differs from
that of unwelded ones, especially at high exposure temperatures.

At 950 °C all fractures are within the welded zone of Alloy 800 H.

Fig. 15 exhibits the decrease of creep rupture strength in

comparison to the data of unwelded specimens of the same heat. It

is caused by the different behavior of the nickel based filler

metal used. Tests with joints welded with filler metal 625 and
others are proceeding.

Morphology of oxide scales

Metallographic examination and microprobe analysis reveal a

comparable structure of oxide layers and of the internal oxidation
after exposure in steam reformer atmosphere for the wrought alloys

800 H and 802. Corrosion phenomena of the centrifugal cast alloys

IN-519 and Manaurite 36X are similar (Pig. 16).
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On the surface of the iron-based wrought alloys a Si-, Mn- and

Cr-enriched phase with a low content of Pe and Ti has been formed.
This outer scale with its Cr-concentration c" about 40 % and a

Mn/Cr ratio of 1/2 corresponds exactly to a spinel of the type

MnCro 0|. and Mn2 SiO^. The layer below consists mainly of

Cr2 0-, and is equally thick. The assumption of the formation

of spinels can be confirmed by microprobe analysis. At the
interface between chromium oxides and the base metal a

discontinuous strip of Si02 is formed. Below that we find the

chromium and carbide deplated zone and the area of internal
oxidation. Here grain boundary precipitation of A120~ is
accumulated.

Oxide scales formed on the cast alloys are similar. The upper
layer consists of spinels with areas of metal oxides partly mixed

with spinel phases below. Oxides penetrating the base metal are

mainly composed of silicon oxides.

Regarding the correlation between corrosion and creep in the steam

reformer atmosphere, we can confirm that grain boundary oxidation

initiates the formation of creep cracks (Pig. 17). On the other
hand, it can be assumed that strain rates will accelerate the
oxidation of grain boundaries. Creep cracks on the surface as well

as in the center of the creep sample are severely oxidized.
Spalling of the oxide scale can rarely be abserved. Even the

strained surface of a specimen is usually covered by a thin oxide
film which seems to heal quickly in that atmosphere after
cracking. Though strain and creep, grain boundary oxidation and

oxide scale formation in process gas will influence each other, an

effect of the steam reformer atmosphere on creep rupture
properties of high temperature alloys in comparison to HTR-hellum
or air has not yet been found.
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These laboratory test results on corrosion and creep-rupture
properties in steam reformer atmosphere are supplemented by
operational tests of tubes under pressure of 30 bar with high gas
flow. Different test runs up to 10.000 h or up to rupture
respectively did not reveal any differences in corrosion phenomena
or in strength compared to uniaxially stressed specimens.

Summary

Hydrogaslfication of coal is a process in which the hydrogen
necessary for the process can be produced by a nuclear heated
steam reformer.
The results of corrosion tests and creep rupture tests in methane
reforming gas on high temperature alloys were described. Test
samples exposed to the corrosive environment show a non-protective
oxide scale and internal and grain boundary oxidation up to a
depth of 0,25 mm at 950 °C and 10.000 h. The creep rupture
behavior in process gas is similar to that in HTR-helium and in
air. The systematic laboratory tests on reformer tube materials
are supplemented by operational tests in a high pressure tubing
device.

It can be assumed that corrosion in steam reformer atmosphere will
not be a severe problem for the construction of nuclear reformer
components.

The work discussed here has been performed undfir the terms of the co-operative

agreement between

Bergbau-Forschung GmbH

Interatom GmbH

Hochtempeatur-Reaktorbau GmbH

Kernforschungsanlage Jülich GmbH

Rheinische Braunkohlenwerke AG

dealing with the development of processes for the conversion of solid fossil

fuels using heat from high temperature reactors. Materials research and

development is sponsored by the Ministry of Economics, Small Business and

Transport of the state North Rhine/Westfalia.
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alloy

INC. 800 H

INC. 802

HAST. X

NIMONIC 86

INCONEL 617

IN 519

Manaurite

C

0,07

0,30

0,07

0,07

0,07

0^36

0,41

Ni

33,83

31,64

Rest

Rest

Rest

24,17

32,9

Cr

19,72

21,18

21,98

24,60

21,97

24,55

25,18

Mo

0,23

0,19

8,86

10,10

8,65

-

0,14

Co

0,04

0,03

2,05

0,81

12,12

-

-

Al

0,47

0,^3

0,24

0,05

1,12

-

-

Ti

0,42

0,87

0,01

0,02

0,26

-

-

Fe

Rest

Rest

18,7

-

-

-

-

Si

0,06

0,32

0,30

0,28

0,16

0,84

1,42

Tab. 1

Chemical composition of high temperature
alloys tested in steam reformer atmosphere

RHEINBRAUN

High Temp'
Reactor |

Steam
Reformer

Raw Gas
CH4

Production

H2O

Gas Cleaning
ShiftConversion

CO,H2

C02

.1 Dried
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^Hopper

Residual Char

Hydrogasification of Coal with Nuclear Process Heat ] RHEINBRAUN

Fig. 1
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Fig. 5
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Fig. 9
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HIGH-TEMPERATURE LOW-CYCLE FATIGUE AND TENSILE PROPERTIES T1

OF HASTELLOY X AND ALLOY 617 IN AIR AND HTGR-HELIUM*

J. P. Strizak, C. R. Brinkman, and P. L. Rittenhouse
Metals and Ceramics Division
Oak Ridge National Laboratory
Oak Ridge, Tennessee 37830

ABSTRACT

Results of strain controlled fatigue and tensile tests are
presented for two nickel base solution hardened alloys which
are reference structural alloys for use in several high temper-
ature gas cooled reactor concepts. These alloys, Hastelloy X
Inconel 617, were tested at temperatures ranging from room
temperature to 871°C in air and impure helium. Materials were
tested in the solution annealed as well as in the pre-aged
condition where aging consisted of isothermal exposure at one
of several temperatures for periods of up to 20,000 h. Compar-
isons are also given between the strain controlled fatigue
lives of these alloys and several other commonly used alloys
all tested at 538°C.

INTRODUCTION

Hastelloy X and Inconel 617, both solid-solution strengthened Ni-base

alloys, are currently reference materials for fabrication of a number of

high-temperature components of HTGR steam cycle/cogeneration and reformer

systems. The first of these alloys, Hastelloy X, has been used success-

fully for almost three decades in a variety of elevated-temperature appli-

cations requiring high strength. Its most extensive use in the HTGR is

expected to be as a thermal barrier cover plate material. Industrial

experience with the second alloy, Inconel 617, is much more limited but

this alloy does have the distinction of possessing very high creep

resistance at elevated temperatures. For this reason, it is considered

Research sponsored by the Office of Advanced Nuclear Systems and
Projects, U.S. Department of Energy under contract W-7405-eng-26 with
the Union Carbide Corporation.
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as the leading candidate for construction of the intermediate heat

exchanger associated with the reformer system.

The HTGR applications anticipated for these alloys require that low-

cycle fatigue data be available to satisfy demands relating to engineering

design data, codes (e.g., as in Section T-1400 of ASME N-47-17), and

licensing. In addition to the basic low-cycle fatigue data, information

is needed relative to the effects of service life and environment, par-

ticularly as carburization may be expected at elevated temperatures in

HTGR primary coolant helum. To satisfy the above, a program of

low-cycle fatigue testing was undertaken on Hastelloy X and Alloy 617.

The baseline data were determined on solution annealed (unaged)

materials. Specimens aged for up to 20,000 h at anticipated service

temperatures were then tested for comparison. Both air and HTGR-helium

were used as test environments.

MATERIALS CHARACTERIZATION

Materials used in this study came from several commercial sources and

are characterized in Table 1.

Hourglass shaped gage section fatigue specimens were fabricated from

blanks cut from the plate materials characterized in Table 1. The gage

diameter of the resultant specimens was 5.08 mm with a radius to diameter

ratio (R/D) of 6. The surface finish of the gage section was 0.20 to

0.28 um. Tensile test specimens were fabricated with a 6.35-mm-diam and

a 31.8-mm gage length. In addition to fabricating specimens in the

solution annealed condition, specimens were also fabricated from blanks

that had been aged in an argon environment for periods of either 10,000

or 20,000 h at 538, 704, or c(710C. All specimens for fatigue and ten-

sile tests were taken with their major axis parallel to the plate

rolling direction.

EXPERIMENTAL

Strain controlled fully reversed fatigue tests were conducted at

temperatures ranging from room temperature to 871°C and a cyclic strain
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rate of 4 X 10~^s~^ unless stated otherwise. Desired temperatures were

achieved by induction heating. Fatigue tests were conducted in air and

in a typical service environment for gas-cooled reactors which is impure

helium. The composition of the gas was 300 uatin H2, 30 uatm 014, 20 jiatm

CO, and 2 uatm ̂ 0, while the gas pressure in the environmental chamber

was 83 kPa gage (1.8 atm). Additional details concerning experimental

equipment used in conducting the fatigue tests can be found elsewhere.^

Tensile tests were conducted at a 0.004/min. nominal strain rate

[0.005 in./min. (0.13 mm/min.) crosshead speed] at temperatures ranging

from room temperature to 871°C.

RESULTS AND DISCUSSION

A comparison of the tensile properties for these two alloys is

given in Fig. 1. It is apparent for the indicated heats that these

materials have similar tensile properties in the solution annealed con-

dition. Hastelloy X showed a characteristic ductility^ minimum over the

temperature range of about 500 to 750°C in both the solution annealed

and aged conditions. Thermal aging did not significantly change the

ultimate tensile strength of Hastelloy X over the temperature range

studied, but there was some indication that aging for periods of about

2,500 h at 700°C increased the yield strength and ductilities. However,

continued aging tended to restore these properties to the original solu-

tion annealed values. In the case of Inconel 617 there was an indication

of a slight increase in tensile strength with aging time particularly at

700 and 871°C. Yield strengths increased at 538 and 700°C with increas-

ing aging times while ductilities dropped slightly.

Figure 2 contains a summary plot of all known United States load

and strain controlled fully reversed fatigue data generated in air and

available at room temperature for Hastelloy X.*» > These data, along

with other data to be generated at 427°C, will be combined and serve as

the basis for fatigue curves to be submitted to the American Society For

Mechanical Engineers (ASME) Code formulating bodies for consideration in

fatigue design in Sections III and VIII of the Code. In curve fitting

the data, load controlled data were omitted from the analysis if the •
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specimen did not fail or if failure occurred at cycle lives less than

10° cycles. Hastelloy X is a cyclic hardening material and it was felt

that load controlled data with cycle lives less than about 10" cycles

were influenced by a variable range in plasticity and, therefore, were

not equivalent to the strain controlled data. These data are quite

similar to those for the stainless steels.

Figure 3 contains additional strain controlled data for Hastelloy X

generated at several temperatures in air to 871°C. Data shown were

generated at ORNL* and by Jaske. A significant decrease in continuous

cycle fatigue life is apparent between room temperature and 538°C. Hence

additional data will be generated in air at 427°C before submitting the

data given in Fig. 2 to the ASME Code.

Figures 4 and 5 compare data generated from Hastelloy X specimens

in the solution annealed or solution annealed plus aged condition in

which the aging and test temperature were identical. Data plotted in

Fig. 4 were generated at 538°C in either an air or impure helium envi-

ronment. Little or no effect of the helium environment is seen on

resultant fatigue life in comparison to data obtained in air, but thermal

aging prior to testing can reduce fatigue life depending upon the prior

exposure time. Similarly, Fig. 5 shows that a thermal aging treatment

for 10,000 h decreases resultant low cycle life when the material aging

and test temperature are 871°C, but that cycle life is restored when the

thermal aging time is extended to 20,000 h. These changes are probably

due to subtle changes in the microstructue and resultant changes in duc-

tility. Most of the data given in Figs. 3—5 were fit as the sum of two

simple power law terms for the elastic and plastic components of the

total strain range. The results of this analysis are given in Table 2

for Hastelloy X.

Results of similar tests conducted on Inconel 617 are plotted in

Figs. 6—8 with power law fit constants given in Table 3 for data gener-

ated at 538, 704, and 871°C. With respect to the effects of thermal

aging, the results obtained to date indicate a mixed response. At 538°C
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there appears to be a clear trend that long term thermal aging results

in improved cycle life with increasing time. Aging for 10,000 h prior

to testing at 704°C appears to reduce fatigue life somewhat at this

temperature as is shown in Fig. 7, but aging for 20,000 h at this tem-

perature improved fatigue life slightly. Similar trends were noted in

the data generated at 871°C as shown in Fig. 8. These changes were

attributed to microstructural changes noted in post-test examination of

the specimens.

Comparing the data generated in impure helium with those generated

in air, Figs. 6-7, it is apparent that the helium environment was in no

case detrimental to fatigue life and, in fact, was usually beneficial.

Finally, Fig. 9 gives a comparison plot of these two alloys in the

solution annealed condition versus other commonly used structural alloys

showing the strain controlled fatigue life at 538°C. Differences become

particularly apparent in the high cycle region. It is also noted that

Hastelloy X has a higher fatigue resistance than Inconel 617 when both

are compared in the solution annealed condition. Fig. 10 compares

cyclic stress strain curves for these alloys based on Nf/2 values of

stress. Little or no difference is apparent between these two alloys

and no effect of thermal aging was noted.

CONCLUSIONS

A comparison was made of available strain controlled fatigue data

of Hastelloy X and Inconel 617 from room temperature to 871°C. Results

included continuous cycling data obtained in air and an impure helium

environment. Data were presented that had been generated on these alloys

in the solution annealed as well as in the solution annealed and aged

condition. Pre-aging of the alloys occurred for times up to 20,000 h.

We concluded the following:

1. Thermal aging did not significantly alter the ultimate tensile

strength of Hastelloy X; however, there were some indications of changes

in the yield strength and ductility properties depending upon aging time

and temperature. In the case of Inconel 617, thermal aging increased the
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tensile and yield strengths somewhwat while ductilities decreased slightly

again depending upon aging conditions.

2. Low and high cycle fatigue properties of Hastelloy X generated

at room temperature are similar to those of the austenitic stainless

steels. However, as the temperature is increased differences become

apparent, particularly out at the high cycle end of the curves with

Hastelloy X showing the superior resistance to isothermal fatigue.

3. Prior thermal aging of Hastelloy X at either 538 or 871°C was

seen to reduce fatigue life slightly depending upon the aging time.

Testing of this alloy in an impure helium environment resulted in no

significant change in low cycle fatigue resistance.

4. The influence of prior thermal aging on the elevated temperature

low cycle fatigue behavior of Inconel 617 was found to be dependent upon

time and temperaure and both small increases and decreases were found in

subsequent fatigue life. An impure helium environment was generally

beneficial or resulted in little or no change in fatigue resistance of

this alloy.

5. Hastelloy X shows low cycle fatigue properties superior to

those of Inconel 617 when tested at elevated temperatures (538°C) in an

air environment.
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Table 1. Alloy Characterization

Material

Inconel 617

Hastelloy X

Heat Source

XX01A3U5a INCOb

2600-3-49360 Cabot

Product
Form

1 2.7-mm
(1/2-in.)
plate

Heat Treatment

Solution annealed
at 1177°C followed
by a rapid cool

Grain Size
(pm2)

31.0 (ASTM 2)

7.8 (ASTM 4)

5̂7.35 Ni, 20.30 Cr, 11.72 Co, 8.58 Mo, 1.01 Fe, 0.76 Al, 0.16 Si, 0.07 C,
0.05 Mn, 0.004 S (wt %).

^International Nickel Company.
C21.82 Cr, 1.68 Co, 9.42 Mo, 19.09 Fe, 0.44 Si, 0.07 C, 0.58 Mn,

<0.005 S, 0.63 W, bal Ni (wt %).

Table 2. Values of Constants and Exponents Describing
the Best Fit Fatigue Curvesa for Hastelloy X

(Heat 2600-3-4936)

-a -b
Temperature Aet(%) = ANf + BNf

(°c; A a B b

Solution Annealed Material

22
538
649
704
871

538
871

538
871

56.75
201.3
87.70
50.35
67.2

Material Aged

56.3
60.8

Material Aged

192.3
53.1

0.489
0.753
0.730
0.623
0.657

10,000 hb

0.642
0.682

20,000 \\b

0.761
0.627

1.607
1.288
1.191
0.736
0.537

1.288
0.929

1.288
0.929

0.126
0.093
0.089
0.0631
0.065

0.093
0.125

0.093
0.125

aStrain controlled fatigue testing at a strain rate of
4 x 10~3/s.

''Aged in argon at the respective test temperature.
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Table 3. Values of Constants and Exponents Describing
the Best Fit Fatigue Curvesa for Inconel 617

(Heat XXX01A3U5)

Temperature
(°C)

538
704
871

538
704
871

538
704
871

A

Solution

67.9
70.8
128.0

Material

38.17
70.3

218.1

Material

106.9
72.7
245.9

Ae
t(%)

a

Annealed

0.687
0.738
0.843

Aged 10

0.606
0.774
0.983

Aged 20

0.693
0.792
0.941

-a -b
= ANf + BNf

B

Material

1.530
1.379
0.953

,000 hb

1.530
1.379
0.953

,000 hb

1.530
1.379
0.553

b

0.127
0.121
0.138

0.127
0.121
0.138

0.127
0.121
0.138

aStrain controlled fatigue testing at a strain rate of
4 x 10~3/s.

in argon at the respective test teraperatura.
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Fig. 1. Comparison of the Tensile Properties of Hastelloy X and
Inconel 617 in both the Solution Annealed and Aged Conditions.
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DATA SOURCE TEMP
SPECIMEN
GEOMETRY

A-JABLONSKI "OOM TEMP
O-ORNL ROOM TEMP
9-CABOTCORP ROOM TEMP
<>-CABOT CORP ROOM TEMP
A-CABOT CORP ROOM TEMP
• -CABOT CORP ROOM TEMP
»-CABOT CORP ROOM TEMP

HOURGLASS GAGE
HOURGLASS GAGE
HOURGLASS GAGE
UNIFORM GAGE
UNKNOWN
UNKNOWN
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CONTROL
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NO
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Fig. 2. Comparison of the Data Obtained from Several Heats, Product
Forms, and Test Techniques at Room Temperature for Hastelloy X. Note that
only load control data from tests that failed in excess of 1 x 10° cycles
were used in curve fitting.

10°

o ROOM TEMPERATURE
4 538°C (IOOO°F)
a 649°C (I200"F)
« 760"C ((400"F)
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Fig. 3. Total Strain Range vs Cycles to Failure for Hastelloy X
Tested in Air.
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INCONEL 6f7 (HEAT XXOIA3U5)

O-SOLUTION ANNEALED
A-SOL ANN * 10.000 h

AT 871 °C IN ARGON
——O-SOL ANN »20.000h

AT 871 "C IN ARGON

ENVIRONMENT-AIR

i l l i

(O1 IOJ 10"
CYCLES TO FAILURE

Fig. 8. A Comparison of the Low Cycle Fatigue Behavior of
Inconel 617 Tested in Air at 871°C.

I I I I I l i l | I I I I ] l \ T \ I I I I I l l l | I I I I I l l l | I I I M i l l ] l l M l i t t

€ • 4 X (0 Vsec

v ^̂ ^ ,_ 304 STAINLESS STEEL

- "̂ i-C"
' •- -^=--T INCONEL ALLOY 7(8

INCOLOY 800 (GRADE 2 AND H) =
HASTELLOY X

N f . CYCLES TO FAILURE

Fig. 9. Comparison of the Fatigue Behavior of Several Materials at
538°C. Lines represent best-fit values of actual data. Data for 304
stainless steel include tests conducted at 538°C and 566°C.
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Inconel 617.



U1

FATIGUE AND CREEP-FATIGUE BEHAVIOUR OF HIGH-TEMPERATURE ALLOYS

FOR HTR-APPLICATION

H.-P. Meurer, H. Breitling, E.D. Grosser

INTERATOM, D-5O60 Bergisch Gladbach, FRG

Abstract

The development of High Temperature Gas Cooled Reactors requires the evaluation of the

fatigue behaviour of those alloys which have been taken into account for possible use

as structural materials. Comparative fatigue tests of six wrought alloys at 85O°C

revealed differences especially at low strain ranges. The influence of the coolant

gas on Incoloy 800 H and Inconel 617 resulted in an increased fatigue life and for

Incoloy 800 H in changes of the deformation behaviour. Hold times introduced at maxi-

mum tensile strain reduced fatigue life considerably. The hold time data have been

evaluated following the rules of ASME Code Case N 47 and design curves for inelastic

and elastic analysis are suggested.
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l. Introduction

The development of a Prototype Plant for Nuclear Process Heat (PNP) is aimed at service

temperatures up to 950°C. At high service temperatures fatigue and creep-fatigue inter-

action become design problems of great concern, especially for nuclear power plants.

»Many experience with creep-fatigue interaction have been made among with the development

of the fast breeder reactors and can be applied for HTR projects. The extensive work on

the austenitic stainless steels which are used as fast breeder structural materials has

revealed that the fatigue behaviour is sensitive to parameters like temperature/ strain

range, type of material, and especially to the interaction with creep loads (1 - 4).

Because of the interaction in between these parameters a correct description of the

fatigue and creep-fatigue behavirur is very difficult. In the ASME Code Case N 47 e.g.

creep-fatigue interaction is accounted for by a linear accumulation rule. But many

experiments have shown that creep-fatigue interaction is far off from being linear.

The other attempts to describe the creep-fatigue interaction are not satisfactory in

all points, neither. As a consequence of these experiences and due to the lack of data

for the materials of concern (6, 7) an extended programme of fatigue tests have been set

up.

In a first step comparative tests have been performed with six wrought alloys at 850°C

in air to get a general impression of the fatigue behaviour at high temperatures. The

further tests concentrated on tncoloy 800 H and Inconel 617 which meanwhile turned out

to be among the favourite alloys in the PNP project. These alloys have been tested in

the temperature range from 75O°C to 950°C in air as well as in helium with PNP specific

impurities. For Incoloy 800 H the influence of hold times on the fatigue behaviour have

been examined with emphasis at 850°C. The fatigue data have been evaluated following the

linear damage rule of Code Case N 47 in order to check whether this rule is applicable

at very high temperatures or not. Corresponding hold time tests on Inconel 617 are

underway and will be reported later.

2. Materials and Experimental Procedure

Six wrought alloys have been tested, two of which are iron-based alloys and belong to the

Incoloy series whereas the others are nickel based alloys and belong to the Hastelloy,

Nimonic, and Inconel series, resp. The chemical composition and product forms are given

in Table 1. All six alloys have been delivered in a solution annealed condition.

The tests have been performed with closed-loop, computer-controlled, servo-hydraulic

systems in the strain co-.trolled mode. The specimen used is shown in Fig. 1. The strains

were measured axially on a gage length of 25 mm and varied between 0.3 % and 1.5 $ total

strain range. All tests were performed at a fixed strain rate of 4 • 10 s~ . In the

case of hold time experiments strain was kept constant either at maximum tensile or

compressive strain. The hold times varied between 1 and 60 mnutes. Test temperatures

were 75O°C, 85O°C, and 95O°C, resp., with an emphasis at 850°C. The air tests were per-

formed in a three zone resistance furnace whereas the helium tests were performed in a

pressure chamber with an induction heating. The helium atmosphere contained impurities

specific for the primary circuit of a PNP plant (later on called PNP-helium) . The com-

position of the helium atmosphere is shown in Fig. 2. The amount of the impurities was

controlled continuously at the inlet and the outlet of the pressure cnambers.
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3. Results and Discussion

3.1 Comparative tests in air at 850°C

Experimental results plotted in Fig. 2 illustrate the fatigue behaviour of the six wrought

alloys tested. Because only one heat of each alloy has been tested the discussion is re-

stricted to the general trends observed.

For each alloy and each strain range the data points are close together and the scatter

is less than a factor of two. This was observed during all other experiments, too.

The differences in the fatigue behaviour are dependent on the strain range applied. Gener-

ally at strain ranges above 0.6 % materials with a good ductility as Incoloy 80O H show a

better fatigue life. But since the correlation between fatigue life and ductility shows

considerable scatter additional effects like corrosion are likely to influence the fatigue

behaviour at high strain ranges.

At approximately 0.6 % total strain range the fatigue life of all six alloys is nearly

identical. With further decreasing total strain range the differences in fatigue life

are increasing. At O.3 % the alloys with the highest UTS, Inconel 617, Nimonic 86, and

Hastelloy S have been found to show a clearly better fatigue endurance. Furthermore the

differences in fatigue life at low strain ranges are more pronounced than at high strain

ranges, e.g. a factor of eight difference at 0.3 % total strain range compared to a factor

of three difference at 1.5 % total strain range.

3.2 Influence of temperature and environment

The further tests in which the influence of the parameters temperature, environment, and

hold time have been examined concentrated on Incoloy 80O H and Inconel 617 which are among

the favoured alloys for a PNP plant. Inconel 617 may be used for those parts with the

highest thermal loads whereas the use of Incoloy 800 H is restricted to lower temperatures.

In Fig. 3 the results of the continuous cycling tests of Incoloy 800 H at temperatures

between 750°C and 95O°C in air and in PNP-helium are shown. In air the continuous re-

duction of fatigue life with increasing temperature is dependent on the actual strain

range. At 1.5 % total strain range a difference in temperature of 20O°C makes hardly

any difference in fatigue life whereas at 0.3 % total strain range the same temperature

difference means a factor of ten in difference of fatigue life.

The fatigue tests in PNP-helium showed a much better behaviour than in air. At a strain

range of Aet = 0.3 % the cycles to failure in PNP-helium are at all temperatures approxi-

mately 5 times higher than in air. At high strain ranges it was found that fatigue life

is increasing with increasing temperature opposite to what have been found during the air

test.

As reported earlier (8) this effect is correlated to the ductility of Incoloy 8OO H which

increases with temperatures. The specimens tested in PNP-helium exhibited rhomboedrical

deformation patterns on the surface, Fig. 4 a, which indicates a considerable yielding

due to the high ductility of the material. It should be mentioned chat the surface of

the specimen is nearly free of oxide layers. On the surface of the specimens tested in

air no deformation patterns, Fig. 4 b, but only solid oxide layers have been found. So

it seems very likely that the oxide layers have suppressed a free yielding of the mate-

rial at the surface during the air tests. Thus ductility will become significant for the

fatigue behaviour only if the free yielding of the surface is not influenced by oxide

layers.
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The fatigue behaviour of Inconel 617 at temperatures between 750°C and 950 C in air and

in PNP-helium is shown in Fig. 5. As in the case of Incoloy 800 H the results of the air

tests indicate that the influence of temperature is dependent on the actual strain range.

At Ae. = 1.5 % nearly no influence of the temperature on fatigue life was found whereas at

ÄE. =0.3 % a difference in temperature of 200 C means a factor of ten difference in fatigue

life.

Environment does influence fatigue life of Inconel 617 not so much as it was found for In-

coloy 80O H. At a total strain range of 0.3 S fatigue life in PNP-helium is only a factor

of two better than in air. At 1.5 % total strain range no significant influence of the

environment on fatigue life was found. Especially at high strain ranges no increasing of

fatigue life was found. The specimens tested in PNP-helium, Fig. 6 a, as well as in air,

Fig. 6 b, showed no deformation pattern. The fracture path indicates that Inconel 617 is

relatively brittle up to very high temperatures.

Furthermore it was observed that Inconel 617 is much more resistant to corrosion attack

because in PNP-helium as well as in air the surfaces showed much less changes than In-

coloy 800 H.

Comparing the fatigue behaviour of Incoloy 800 H and Inconel 617 the later is superior at

low strain ranges. This is more pronounced in air than in helium and the differences in

PNP-helium are larger at 750°C that at 950 C. At high strain ranges Incoloy 800 H has a

better fatigue behaviour than Inconel 617, in air as well as in helium.

3.3 Influence of hold times

For Incoloy 800 H a series of hold time tests have been performed in air, mainly at 85O°C

but some additional tests have been performed at 750°C. The main emphasis was put on tests

at 8SO°C because other mechanical data possibly excludes the use of Incoloy 80O H at 950°C.

The additional experiments at 750°C have been performed to study the temperature behaviour

of creep-fatigue interaction. Parallel tests have been done in PNP-helium and will be re-

ported when the numerical and metallographic evaluations are finished.

In pre-tests it was found at all temperatures that tensile hold times are more damaging

than compressive hold times; this is valid for low strains as well as for high strains.

Therefore the main test series has been performed at maximum tensile strain only.

The results of the hold time tests are presented in Fig. 7 and 8 in log Nf vs. log t^ plots.

The introduction of 1 min hold time leads to a considerable drop in fatigue life which is

more pronounced at small strain ranges. On a double logarithmic plot the data for hold

times longer than 1 min show a linear decrease of fatigue life with hold times. Due to

the scatter of some data it cannot definitely decided if a saturation occurs at longer

hold times. But taking into account own but unpublished results in PNP-helium a saturation

is expected only for hold times longer than 60 min and probably will occur earlier at high

strain ranges than at low strain ranges.

The slopes of the decrease of fatigue life are not significantly influenced by strain range

and temperature. But at low strain ranges the absolute values of fatigue are higher at

750°C than at 850°C. The independence of the slopes on strain range and temperature may

be very helpfull for an extrapolation of the data to longer hold times.
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3.4 Evaluation of the hold time experiments

The data have been evaluated with respect to the generation of design values. Following

the ASME Code Case N 47 separate evaluations for elastic and inelastic analysis design

data have been made.

Inelastic_anal^sis

In the Code Case N 47 creep-fatigue interaction is accounted for by a linear summation

rule:

Z ̂  + S|£ = D (D
Nf CR

The first part of eq.(1) describes the fraction of fatigue loading (N: number of cycles

during combined creep-fatigue loading, N^: cycles to failure in a corresponding continuous

cycling test). The second part of eq.CI) describes the creep loading (it: time at certain

stress level, t : time to rupture at a corresponding stress level). For Incoloy 800 H and

temperatures up to 760 C Code Case N 47 assumes the damage sum D to be 1.

To be able to compute the creep part of the damage sum creep experiments have been per-

formed in air on the same heat of Incoloy 800 H as used for the fatigue experiments. The

rupture times varied between 5 and 4300 hours. The results could be fitted very well to

Norton's creep law with the following parameters: OR = 1O6.4/MPa • (tR/h)~ *

The creep damage during the hold times was computed by integrating the fraction of rupture

times during a relaxation period as proposed by Spera (9). The relaxation behaviour is

strongly dependent on strain rate. At high strain rates very high peak stresses are gen-

erated which relax within a few seconds to the same stress level as at low strain rates.

The peak stresses have been cut off when computing creep-fatigue damage because they are

not representative for the actual loading of a component. More details of the evaluation

are reported elsewhere (10).

The creep-fatigue damage interaction values are shown in Fig. 9. They generally decrease

with increasing hold times and become less than one. Most of the data can be covered by

a bilinear curve with a minimum damage value of D = 0.4. There are indications that for

longer hold times the damage values will increase.

The elastic analysis fatigue design curve is constructed on the basis of a fatigue life

curve which takes into account all reductions of fatigue life due to time dependent effects.

Because hold time experiments normally yield the highest reduction in fatigue life the elas-

tic analysis fatigue design curve at 850°C is constructed on this type of test. The exist-

ing data have been extrapolated to 1000 h hold time in two ways: First, the linear damage

rule with D = 0.4 has been used (symbol o in Fig. 10). This method has been chosen because

following Ma^umdar (11) it leads to the most conservative extrapolation compared to other

methods. Alternatively the linear decrease of log N- vs. log t„ in Fig. 8.has been extra-

polated to 1000 h hold time linearly, neglecting possible saturation effects (symbol o in

Fig. 1O). Both procedures yield nearly the same values. Because the procedure in both

methods is very rigorous the resulting curve in Fig. 10 is expected to be the average

minimum fatigue life curve including time dependent effects. For strain ranges lower

than 0.3 % only a rough estimation can be made.

The corresponding design curve was generated by applying the factors 2/20 on the average

of the expected minimum values of the hold time experiments. The suggested design curve



Üb

at 8SO°C is considerable lower than the design curve at 760°C, even at small numbers of

cycles. In Code Case N 47 the allowable strains at 538°C - 760°C coincide at 10 cycles.

At higher temperatures a decrease in allowable strains is expected at low numbers of

cycles comparable to that found for 304-type steels at lower temperatures.

4. Summary and Conclusions

Fatigue tests at 8SO°C have been performed to study the behaviour of six different wrought

alloys. For two alloys, namely Incoloy 800 H and Inconel 617, the influence of temperature,

air and PNP-helium and for Incoloy 8OO H additionally the influence of hold times have been

evaluated in more detail. A first attempt has been made to extend the existing design

rules for Incoloy 80O H to higher temperatures.

During the comparative tests in air it has been found that at high strain ranges the six

alloys tested show a different behaviour from that at low strain ranges. The largest dif-

ferences have been found at low strain ranges. Since low strain ranges are more design

relevant low cycle fatigue testing should be extended to strain ranges as small as possible

to grant reliable design data.

At low strain ranges UTS is a measure for the expected fatigue behaviour whereas at high

strain ranges the influence of ductility may be obscured by other effects like corrosion.

The fatigue tests in air and in PNP-helium have demonstrated that in the case of In-

coloy 800 H significant changes of the fatigue behaviour due to the environment may occur.

For Inconel 617 the changes have not been that significant. The failure mechanism is

strongly affected by the environment. Therefore the influence of the environment needs

careful examination. This will include the testing of pre-conditioned specimens to simu-

late the fatigue behaviour after extended service times.

During the hold time experiments performed with Incoloy 800 H considerable reduction of

fatigue life due to creep interaction was found. Up to 30 min hold time no clearly visi-

ble indication of a saturation of the hold time influence was found. The evaluation of

the results at 85O°C with the linear damage interaction rule, which is used in Code Case

N 47 for inelastic analysis, yielded damage values less than one. Most of the damage

values can be covered by a bilinear curve with 0.4 at the minimum. The evaluation was

fc -\ to be very sensitive to small changes in stress. Therefore the linear damage

ruli. jeems to be of limited value and needs further improvement. The elastic design

curve has been established with very conservative assumptions and falls below the values

of Code Case N 47 at 760°C. Future experiments and computations will show how far this

conservative treatment is justified.
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Table 1 Alloys tested, chemical composition/ product form

Alloy

Incoloy 800 H

Incoloy 8002

Hastelioy X

Hastelloy S

Nimonic 86

Inconel 617

Chemical composition in weight percent

C Si Mn Cr Mi Mo W Co Al Ti

0.071 0.33 0.9 19.95 30.47 0.22 0.01 0.05 0.32 0.42

0.32 0.24 0.79 20.19 31.55 0.23 0.01 O.O3 0.32 0.82

0.102 0.37 0.94 21.84 42.01 8.95 0.83 2.40 0.12 0.07

0.008 0.19 0.51 15.79 65.80 14.65 0.1 0.49 0.24 0.01

0.055 0.25 0.08 25.02 62.40 10.14 0.1 0.24 0.29 0.03

0.065 0.06 0.03 22.00 52.55 8.87 0.19 12.4 1.02 0.38

Product

form

plate

bar
bar
plate

bar
tube

Table 2 Composition of impurities in the helium atmosphere

H2 CH4 H2° C0 C02'

5 0 0 + 5 0 2 0 + 5 1 . 5 + 1 1 5 + 5 = 1

N2

•* 5 ubar

Pig. 1 Low-cycle fatigue specimen

01

^w^
^>rifc^^^^:

,

! ' '

intonil »IT O — . — . i . .t-

^S*o»*-™

10J

Fig. 2 LCF-behaviöur of different

alloys at 850°C in air
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Fig. 3 Influence of temperature and environment on the fatigue

behaviour of Incoloy 800 H

Fig. 4 a Fig. 4 b

Incoloy 800 H specimens tested at 950°C and 0.6 %

in air in PNP-helium



-Inconel 617-
PNP-HelJim Air

750 «c • o
850°C * — — i
950'C • — — o —

101 10'
Ni ——

Fig. 5 Influence of temperature and environment on the fatigue

behaviour of Inconel 617

Fig. 6 a Fig. 6 b

Inconel 617 specimens tested at 950°C and 0.6 %

in air in PNP-helium
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Creep-rupture behaviour, a criterion for the design

of metallic HTR-components with high application temperatures

by F. Schubert, H.J. Penkalla, G. Ullrich"1")

Abstract:

The success of the high temperature gas cooled reactor is dependent on the

evaluation and qualification of metals for heat exchanging components such

as the He/He-heat exchanger, which has to withstand long term exposure at

high temperatures in HTR environments.

The allowable service life is basically determined by the creep-rupture

behaviour. From experimental data of the alloys INCONEL 617 and NIMONIC 36

at temperatures between 750°C and 1000°C and exposure times of more than

10.000 h, scatterbands of the properties

1% -creep strain limit

creep-rupture strength

minimum creep rate

are given.

Numerical and graphical evaluations of these data for creep laws as well as
for long term extrapolations are mentioned and compared with the experimental
results.

Within the limitations of the scatterband, preliminary design data ( S^-values)
Ü

are determined, using the methods given in ASME Code, Case N 47.

As an outlook, creep stresses in tube components under multiaxial exposure are

given. With these means a qualification of the alloys INCONEL 617 and NIMO-

NIC 86 is performed in respect to the life-time for a He/He-heat exchanger.

These results demonstrate that concerning the creep-rupture capability of

INCONEL 617, a He/He-heatexchanger for service life-time of more than 50 000 h
s*

at design temperature of 950°C and stress intensities of about 5 Nmm" should

be possible.

' EIR-Wurenlingen, Schweiz

KFA-IRW, JUlich : F. Schubert, H.J. Penkalla



1. Introduction

The gas cooled high temperature reactor (HTR) is being intensively developed
in West Germany and to a certain extent in Switzerland.

The aim of these development programmes is to enable the high temperature
heat produced by the nuclear reactions in a HTR to substitute for fossile

fuel."1") In the prototype plant AVR++', it has been proved that with a pebble-bed
core, qas temperatures of around 950°C can be achieved and maintained over
long periods.1^ For the transfer of heat from the primary coolant in order to

supply process heat for

methane reforming in a tube furnace, followed by hydro-gasification of
1 ignite
steam gasification of coal using an immersion heater in a fluidised bed,
the heat being supplied by an intermediate heat exchanger via a secondary
helium circuit

materials are neccessary for application temperatures higher than 800°C.

As illustrated in Figure 1 the maximum temperature of metallic components
increase from around 320°C in the case of LWR up to 1000°C in the HTR-appli-
cation for nuclear steel making. This means in design of metallic components
a switch over from time-independent to time dependent design data, which
takes creep and fatigue behaviour into account. The success of the planned
projects is therefore dependent on the evaluation and qualification of me-
tals, which have to withstand long term exposure at those high temperatures.
The allowable service life of heat exchanging components is basically de-
termined by the creep-rupture behaviour of the materials. With the example
INCONEL 617 and NIMONIC 86 ( the chemical compositions are listed in Table 1)
the "potential" of metallic materials is discussed.

The reasons for selections these commercial alloys are

high creep resistance
good corrosion behaviour

at elevated temperatures. INCONEL 617 has a higher creep rupture strength than
NIMONIC 86, but NIMONIC 86 is more resistant against corrosion in PNP-Helium

+)Projects: HHT = Hochtemperatur Helium Turbine , PNP = Prototyp Nukleare
Prozeßwärme

++) AVR = Arbeitsgemeinschaft Versuchsreaktor



at temperatures below 900°C and tend to be not so sensitive for overaging

than IMCONEL 617.

2. Analysis of design-data for nominal service conditions

From the creep-rupture point of view, an alloy is sufficiently qualified,
when the long time creep-rupture data and the associated scatterband are
known ana the parameters for the design of components can be derived. Accor-
ding to ASME-Code Case N 47 ( Figure 2 )3/

creep rupture strength
1 % creep strain limit
onset of tertiary creep

for the service life required are to be determined from the creep data and
applying the specified safety margins, the allowable stress intensity limit
is calculated. For each component the expected stress intensity value is
calculated. If the calculated value is lower than the S. value, the design
is allowed; if not, the design must be modified.

In Figure 3 a set of available data for results concerning the 1% creep strain
limit and in Figure 4 concerni"v creep-rupture strength is given. Under HTR-specific
environment conditions the available data with test durations of around 10.000
to 15.000 h. show no significant effect of the HTR-helium. The rupture ductili-
ties measured in HTR-helium with high carburization potential are concentrated
in the lower part of the scatter band obtained in air.

Using these experimental data, from specimens tested in air and HTR-helium, as
well as data obtained by manufactures of alloys extrapolations to service life
times have been made.

For the extrapolation and evaluation of creep-rupture test data two approaches
are favoured (Figure 5):

graphical methods >

numerical methods based on time-temperature parameters, e.g.:
Larson-Miller-Parameter3)
Sherby-Oorn-Parameter ̂ )
Manson-Haferd-Parameter ?)



PLM = T ( C + log t )
PSD = log t - D/T

„ _ log t - log t.

( i - Ta )

T = temperature ( °C)

t = time
C, D, t . T = constants

a a

The graphical method ( following the procedure developed by the German Steel

companies working group (VDEh)+ ' ) , in wich the creep rupture curves from seve-

ral heats of the material are summarized by the graphical development of an

average curve, requires some expertise and is not independent of the analyst.

The Larson-Miller parameter combines temperature and time with a material de-

pendent constant "C" in the parameter "?,M". in our case the constant "C" is

mathematically determined by minimisation of the deviation of experimental

values from an average master-curve, in order to obtain the best fitting.

A metallurgical interpretation of this constant "C" as a function of acti-

vition energy, determined by these mathematical method is in our opinion not

possible, the method, however, is objective and mathematically practical.

From the metallurgical point of view the constant "D" of the Sherby-Dorn

parameter is a function of the activition energy for stationary creep too.

The Manson-Haferd approach at least, corresponds to a combination of the

Larson-Miller and the Sherby-Dorn parameter.

In Figure 6 as an example for INCONEL 617 and the temperatures 850 and 950°C

a comparison of experimental data and the inter-and extrapolated mean-values

is given.

There is fairly good agreement between all the four extrapolations. It seems

that the graphical method results in a rather different slope. The Larson-Miller

procedure predicts for low stress levels a longer rupture time than the both

other methods. For long term and high temperatures, the Sherby-Dorn method is

the most conservative one.

For the design a set of S t-values can be determined from the experimental

+) VDEh = Verein Deutscher Eisenhüttenleute



and extrapolated data according ASME Code Case N 47 using either

the minimum creep-rupture strength with a safety margin of 1,5
the average stress for 1 % creep strain with no safety margin.

The determination of the onset of tertiary creep is not possible at

temperatures above 800°C.

Using these procedures, the St- values for the alloys INCONEL 617 and NIMONIC
86 are given in Figure 7. The values up to about 10.000 h are fairly
well defined, those to longer times, e.g. 100.000 h, are very uncertain
and should be regarded as preliminary estimates. In Germany according DIN
50 118 a time factor for extrapolation of more than three will not be
accepted by safety authori es.

3. Analysis of Creep-Strain

After the comparison of service load and stress intensity data for several
components a strain analysis must be made. For this inelastic analysis
( Figure 8 ) creep laws or stress strain curves are necessary. With the creep
law total strain at the end of life is calculated and compared with allowed
strain limits which are depend on loading modes:

1 % for membrane
2 % for bending
5 % for local strain.

The coefficients of the different proposed equations that describe the creep
process are being determined from the creep curves, experimentally determined
in single specimen tests. Figure 9 shows some typical creep curves of
INCONEL 617 for 850°C. With increasing temperature the creep curves tend
to have a decreasing stage of secondary creep. Therefore, for high tempera-
tures in the £ / <y plot with temperatures as curve parameter ( Figure 10 )
often for " £ " the minimum creep rate has being used. For higher creep strain
it must be taken in account that the deformation of the specimen is associated
with a significant reduction of its cross section (Figure 11). The real stress
with constant load diverges from the "true" strain (which is defined as the
natural logarithm of the ratio of the instantanous length to the initial



length) and is concerned by the factor: exp (n £ ). With this correlationship
Norton's creep lav/ 3) is fulfilled if in a log£/£ -plot, the stationary creep

shows a straight line.

•

Figure 12 shows for example the log £ /£ -plot of some creep tests on INCONEL
617 at 850 °C. It indicates a large range of stationary creep in which the re-

lationship of Norton is fulfilled.

_4. Analysis of Multi-axial Creep

In a real component, however, the distribution of stresses is not the same
as in the uniaxial loaded specimens. For the analysis of the main stresses
within a tube-wall section the elastic and the inelastic analysis should be
distinguished. For the elastic type, as it is well known, no deformation law
is necessary, but for the inelastic analysis, creep-behaviour of the mate-
rial must be concerned. Figure 13 gives a comparison of the distribution of
the Stress intensity in a tube wall cross section for both cases.

For the inelastic analysis in this case it is assumed:

constancy of volume during creep deformation
reability of Norton's creep law

g\
invariance theory ( Mises ).

The stress intensity, which is the highest stress on the inner side of the tube, is
lower taking creep into account than if an expected one by elastic analysis is per-
formed. The dependence of mean stress on the exponent n in Norton's creep law
is shown in Figure 14. For different ratios of wall thickness (t) to outer radius
(r) the dependency varies. For a tube, such as a He/He-heat exchanger tube, the
ratio t/r is about 0.2. With a creep exponent n =^7, the stress intensity in creep
mode is only about eighty percent of the elastic stress intensity. It may be mentionec

With n — CD the pure plastic behaviour is reached.
With n — 1 the pure elastic behaviour is given.

These evaluation must be restricted to small total strain,e.g. not more than
7 to 10 %. The creep damages, however, are not involved in this consideration.

In the case of external pressure, e.g. emergency conditions, for valuation of
a component, the problem of creep collapse due to increasing shape-factors must



be considered °). The shape factor, given as the ratio of difference in cross
section diameters to mamimum diameter,chanaes with time undercreep conditions.
Assuming that the cross section variation can be described by an elliptical approach,
the diagram in Figure 15 gives the behaviour of a tube at 900°C with an external
pressure of 60 bar in dependence of different starting shape factors. The assymp-
totic approach to the vertical line reflects collapse.

5. Limitation of Time and Temperature Applicability of INCONEL 617 and
NIMONIC 86

The expected service temperature of heat exchanging components in advanced HTR's
presents no fundamental problem. However, the service life and some safety assu-
rance required for HTR components, gives the limitation for application of these
alloys.

For the estimation of the "potential" of these alloys it should be possible, as a
first approach, to use the damage accumulation rules of ASME-Code case N47
(Figure 16) .

Beginning with an expected loading history the creep and fatigue parts are con-
sidered seperately. For each stress and temperature level the damage fraction, given
by the ratio of loading duration to stress and temperature dependent rupture time,
is calculated and the sum of all these life fractions is added to the sum of frac-
tions of fatigue, which is calculated in a similar way, using the number of cycles.
This sum of damage is compared with the allowed damage factor "D".

In Figure 17 a comparison of the damage sums of INCONEL 617 and NIMONIC 86 is
given. For this graph three conditions are assumed:

Normal service condition (n)
Normal service condition and fatigue condition, that would be beyond the
third part of the damage sum ( n + f )
Normal service condition, fatigue condition and emergency condition with
a duration of 20 h per 140 000 h.( n + f + e )

It shows that the remaining potential of INCONEL 617 for upset conditions has the
higher level, expressed as a lower damage factor D, than NIMONIC 86 if the extra-
polated values for St are reliable. On the other side, even for materials tempera-
ture of 950°C, a service life of more than 50000 h should be possible even in a
nuclear plant from the standpoint of creep behaviour.



6. Conclusion

Based on the operating demands for heat supply at high temperatures the heat
exchanging components are very sincerely evaluated by time dependent design data.
One of the most important points are, according to ASME Code Case N 47, those
design rules which describe the creep behaviour. At the high operating tempera-
tures and for the long planned service lives, the suitability of a material
depends principally on demonstrating that it has sufficient resistance to the
imposed creep loadings.

The confirmation of the transferability of creep properties and laws to multi-
axial loadings and complex geometry must also be taken into account. A theo-
retical approach seems to be not sufficient, experimental tests on specimens of
component-related geometries are necessary.

Using damage accumulation rules according ASME Code Case N 47 even at design
temperatures of 950°C a service life of more than 50 000 h of those parts
with highest temperatures should be possible from the standpoint of creep.

The work discussing PNP-Problems has been performed under terms of the
cooperating agreement between

Bergbau-Forschung GmbH
GHT / Interatom GmbH
Hochtemperatur-Reaktorbau GmbH
Kernforschungsanlage Julien GmbH
Rheinische Braunkohlenwerke AG

dealing with the development of processes for the conservation of solid
fossile fuels using heat from high temperature reactors. The project is
sponsered by the Minister for Research and Technology of the Federal
Republic of Germany and by the State of Northrhine-Westfalia.
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Fig. 1: Material temperatures for metallic components in nuclear applications

NIMONIC 86
INCONEL 617

C
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Fe

<1.5

Ni
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Cr
25
22

Mo
10
9.0
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1.0

Co

12.5

Table 1: Nominal chemical compositions of the alloys
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Fi9- 13: Inelastic stress analysis for multiaxial load with Norton's creep
law
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IMPLICATIONS OF MATERIALS BEHAVIOR ON DESIGN CODES

bv

D. I. Roberts

General Atomic Company
San Diego, California

ABSTRACT

In the U.S., the design of Class 1 elevated-temperature components
of reactor systems is governed by the rules of ASME Boiler and Pressure
Vessel Cases N47 (design) and N48 (construction). The rules of Case N47,
in particular, are sophisticated and complex, and a substantial quantity
of materials behavior data is needed to design to these rules. Require-
ments include a detailed knowledge of creep, rupture, creep-fatigue, etc.
In addition, many other factors, including such aspects as the influence
on service performance of environment, welds, and fabrication-induced cold
work, must be considered in the design. This paper reviews the impact
of some recent HTGR materials data on design rules and approaches.

In the construction area, for example, recent data regarding the
elevated-temperature properties and behavior of cold-formed austenitic
materials such as Alloy 800H have resulted in rule changes. Observed
creep-fatigue behavior of Alloy 800H and 2-1/4Cr - 1Mo steel is causing
active review of the pertinence of linear damage summation approaches.
Consideration of the time-dependent properties of welds and weldments is
leading to an examination of the need to incorporate additional margins
in design. A significant amount of attention is also being given to the
influence of HTGR helium on behavior and the best means of accommodating
phenomena such as carburization. Where appropriate, design approaches
to each of these considerations are being developed.

j.

Uork supported in part by Department of Energy Contract
DE-AT03 76ET35301.



INTRODUCTION

One of the key features that distinguishes high-temperature gas-
cooled reactors (HTGRs) from the widely used light water reactors (LWRs)
is the much higher operating temperature of the HTGR (700° to 950°C for
the HTGR, 350°C for the LWR) . Many of the advantages of the HTGR are,
of course, derived from this temperature difference. However, the high
temperature has disadvantages in that components in an HTGR must operate
in the creep regime, whereas LWR components do not. The time-dependency
of behavior adds considerably to the complexity of design and analysis of
some HTGR components.

One difficulty in design of nuclear reactor components in the creep
regime is that, in the U.S., relevant design and analysis rules have less
maturity than the rules for design of reactor components at temperatures
below the creep range. Section III of the ASME Boiler and Pressure Vessel
Code, for example, has the benefit of many years of successful use and
application. Thus, while these rules (like any others) are always subject
to updating and improvement, they can be considered founded on a strong
basis of experience.

Rules governing design of elevated-temperature nuclear components
on the other hand, have a far smaller experience base and accordingly these
rules rely heavily upon experimental and theoretical considerations. As
a result these rules tend to be subject to more rapid change in response
to newly developed experimental data and analytical understanding. The
degree of change can be appreciated by consideration of the evolution of
the current Code rules governing high-temperature nuclear design and con-
struction. Design and construction of Class 1 components, for example,
are currently governed by the rules of Code Cases N47 and N48 '.Ref. 1).
These Cases (particularly Case N47) have undergone major changes since
the early Code Case 1331-4, which was utilized, for example, at the time
of design of the Fort St. Vrain HTGR. The current version of N47 requires
detailed analyses to be performed to assess strain accumulation, ratchet-
ing, and creep fatigue, as well as guarding against failure from the more
conventional tensile and rupture modes. The criteria upon which the allow-
able stresses of Case N47 are based also consider behavior aspects not
considered in other Code books. An example is the inclusion of considera-
tion of tertiary creep in the allowable stress criteria.

Because rules such as those of Case N^7 are sensitive to experimental
data, it is quite common for newly developed materials information to
cause reconsideration of current rules. Moreover, even though Case N47
requires detailed analyses, consideration of many other important factors,
such as the influence of environment on behavior, is still left to the
designers, which requires a great deal of materials information. Thus,
overall, new materials data can exercise a strong influence on reactor
design and construction codes; the intent of this paper is to highlight
a few instances x<rhere this has occurred.
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FABRICATION-INDUCED COLD WORK

It is often necessary, during fabrication of components such as heat
exchangers, to bend materials into required shapes. VHiere relatively
ductile materials, such as 300 series stainless steels and Alloy 800H, are
employed, it is common to do this bending cold. The material thus deformed
is strain hardened and contains residual stresses that may be significant.
If such cold deformed material is of the austenitic type, heat treatment
following working is not normally required, and for many construction
situations this approach is entirely satisfactory. However, in elevated-
temperature nuclear applications, the higher safety demands require that
this issue be scrutinized carefully.

In HTGR heat exchangers, it is necessary to form certain Alloy 800H
parts and this is, desirably, done cold. In order to assess the accept-
ability of such cold-deformed Alloy 800H, an evaluation program consisting
of the studies listed in Table 1 was performed (Refs. 2,3). As indicated
in Table 1, the overall program was too large to review in this paper.
However, important conclusions derived from the work were as follows:

1. The expected Bauschinger effect on tensile properties was
observed (Fig. 1).

2. An unexpected Bauschinger effect on rupture properties was
obsei'ved. Specifically, it was noted that, while tensile pre-
strain increased rupture life significantly, compressive prestrain
shortened life compared to comparable annealed material (Fig. 2).

3. Ductilities at rupture of material prestrained in compression
were very low, and the material was notch sensitive (also shown
in Fig. 2).

4. Residual stress levels in cold formed parts could be relatively
high, and patterns were complex.

5. It was noted that, with long exposure time, recrystallization
can occur at temperatures within the range of operational interest
(Fig. 3).

Overall, it was concluded that the precise modelling of the elevated-
temperature behavior of cold-formed parts is so complex, requires such
large amounts of materials data, and is subject to so many uncertainties
that it is too difficult to grapple with the problem. It was therefore
judged prudent to limit the amounts of fabrication-induced cold work per-
missible without heat treatment in elevated-temperature nuclear components.
Such restrictions have now been adopted into Code Case N48 for Alloy 800H
and other austenitic alloys that exhibit similar behavior.
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CREEP FATIGUE

One of the more complex phenomena which it is necessary to address in
elevated-temperature nuclear design is the interaction of creep and fatigue.
While an enormous amount of data on this topic has been developed during
the last 20 years, it is clear that our understanding of the phenomena
involved is still very limited. Code Case N47 requires that creep-fatigue
analysis be performed but does not mandate the use of a specific analytical
method. The Case does, however, describe one approach to analysis by using
the linear damage approach. In this method, the fatigue damage and the
creep damage (where the latter is computed by integrating the time spent
at different stresses during stress relaxation relative to the monotonic
rupture strength capability of the material) are summed linearly and the
method assumes that life has been exhausted when the damage sum, D, is
unity.

Experimental data generated in the last several years on both Alloy
SOOH (Ref. 4) and 2-1/4Cr - iMo steel have, however, cast some doubt on
the universal applicability of the method. An example of a set of data
obtained on Alloy 800H at General Atomic is shoxra in Table 2. The data
presented were obtained from tests at relatively low stress ranges approach-
ing those of interest in design. The material tested was a heat for which
accurate knowledge of the creep-rupture and continuous cycling fatigue
behavior existed. The creep and fatigue damage fractions shown were com-
puted by comparison with the actual properties of the heat under creep-
fatigue test. As indicated in the table, the total damage fractions at
failure arc significantly less than unity in many cases. Since similar
observations have been made for 2-1/4Cr - IMo steel, there is active con-
sideration of whether other methods (such as strain range partitioning,
damage rate theory, etc.) are more appropriate design tools for use with
these materials.

WELD PROPERTIES

It has long been recognized that the compositional and microstructural
differences between weld region and base metals will cause disparities in
the properties. At temperatures below the creep range, it is generally
true that these differences are in favor of the weld metal; that is, the
weld metal exhibits greater yield and tensile strength than the base metal
(Fig. 4). Thus, the weld region can be, to a considerable degree, ignored
from a design strength viewpoint. At temperatures in the creep range, on
the other hand, it is no longer always true that weld metals are stronger
than the base metal. In fact, some of the weld metals commonly used to
weld Alloy 800H, for example, show rupture strength inferior to that of
the base metal (Fig. 5). Likewise, 2-1/4Cr - IMo weld metal can have
properties inferior to the annealed base metal, particularly in cases
where low-carbon weld filler metal is employed (Fig. 6).
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The fact that welds may show inferior strength, and in some cases
ductility, was recognized early in the development of Code Case N47, and
permissible strain accumulations in welds were halved, relative to the
base metal, to account for this. However, as additional data on the
strength of welds are obtained, there is an increasing interest in attempt-
ing to account more explicitly for the behavior of individual weld mate-
rials through the development of strength factors that recognize the avail-
able creep and rupture data on weld metals. Factors of this type are
currently under active study in the U.S. with the current approach being
to derive these factors by ratioing the average rupture strength of the
weld and base metals. This is an approach rather similar to that employed
in Germany to derive weld factors for liquid metal fast breeder reactor
designs.

ENVIRONMENTAL EFFECTS
r

The coolants employed in any reactor system usually possess character-
istics unique to that reactor system. This is certainly the case for the
HTGR, where the primary coolant is helium containing levels of impurity
gases that will vary as a function of specific reactor design. Codes and
regulatory bodies, recognizing the specificity of coolant characteristics,
generally do not attempt to define detailed rules on how to handle the
potential interactions between coolants and structural materials. Code
Case N47, for example, requires the designer to consider the effects on
materials of environments specific to the reactor involved, but does not
suggest how this should be accomplished. The design organization is,
therefore, left with this difficult problem.

The difficulty arises because of the range and complexity of coolant/
materials/stress interactions - a situation that is particularly true at
elevated temperatures. It is known, for example, that HTGR coolant/
material interactions can:

1. Change the bulk and surface chemical composition of materials
with accompanying changes in property characteristics.

2. Influence surface-sensitive mechanical properties such as fatigue,
creep-fatigue, creep rupture, toughness, and crack propagation.

3. Produce effective loss of metal thickness.

4. Produce surface defects that act as notches.

Since there are usually s/nergistic interactions between these effects,
handling all of them is relatively difficult, and it is usually necessary
to make simplifying assumptions. From a design standpoint in the HTGR,
these effects are handled at General Atomic as described below.



Internal oxidation from helium/metal interactions can be handled as
a metal loss through application of corrosion allowances (Fig. 7).

The influence of environment on mechanical properties can be directly
accounted for through the application of factors. For example, if the
helium environment reduces creep-rupture life, then allowable stresses
can be reduced directly.

Where it is known that the helium environment changes the chemical
composition of structural materials, this must be accounted for. Two
effects are commonly encountered: carburization and decarburization. To
account for both of these, knowledge must exist regarding the kinetics
of interactions and the consequences of interactions. In the case of car-
burization of the wrought and cast austenitic alloys, a body of data exists
from which upper bound carburization rates can be derived (Fig. 8). Simi-
larly, since it has been observed that decarburization of 2-1/4Cr - iMo
in helium exhibits similar kinetics to decarburization in sodium (Fig. 9),
decarburization rates can also be estimated. In the case of decarburization
of 2-1/4Cr - IMo, extensive data currently exist to indicate the correlation
between strength loss and carbon loss, and such information can be employed
to compute the design consequences of this phenomenon. In the case of
carburization of wrought austenitic alloys, it is known that severe embrit-
tlement can be produced (Fig. 10) (Ref. 5). However, an accurate quantifi-
cation of the effects of carburization under HTGR conditions does not exist,
and several programs are currently under way to quantify, in fracture
mechanics terms, these effects. Similarly, programs to assess the effects
of carburization on other key design properties such as creep, rupture,
fatigue, and creep-fatigue are in hand. Once these data are available,
it will be possible to compute tolerable carburization levels.

One further aspect of carburization that should be noted in this
regard is that a growing body of data exists to indicate that carburization
can induce dimensional changes (e.g., cause swelling). If such effects
are confirmed and quantified, they will have to be given very careful design
consideration, since significant volume changes, particularly if they occur
nonuniformly in a structure as is likely if temperature gradients exist,
can produce stresses that are significant from a design standpoint.

CONCLUDING COMMENTS

In view of the limited experience underlying elevated-temperature
nuclear design and construction, and the large amount of materials research
under way in the world in support of gas- and liquid-metal-cooled reartors,
it is likely that design rules will continue to evolve in response to new
data and experience. In general, it is likely that the changes will be
greatest at the highest temperatures of interest, since this is the area
that poses the greatest challenge to materials and design engineers. How-
ever, presently ongoing programs x^ill provide a good basis for developing
the kinds of information needed to permit the ultimate derivation of
appropriate design procedures.
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TABLE 1
STUDIES PERFORMED ON COLD-FORMED ALLOY 800H

Material study parameters
Cold work in the range 5% to 20%
Working direction (i.e., compression versus tension)
Tests in the temperature range room temperature to 800°C

Materials properties characterized
Tensile flow and failure
Creep and rupture
Stress relaxation
Time-temperature recrystallization behavior

Structural evaluation
Residual stress and strain distributions
Time-temperature deformation behavior of loaded structures

Analytical Studies
Detailed analysis of behavior of cold-formed components
Modelling of residual stress distributions
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TABLE: 2
LOW STRAIN RANGE CREEP-FATIGUE TESTS ON ALLOY 8001!

Material
Condition^)

SA

S A

SA

SA

SA

SA

SA

SA

CW 10%
in tension

CW 10%
in tension

Aged 8000 h

Aged 8000 h

CW 102,
aged 4000 h

CW 102,
aged 4000 h

SA

SA

SA

SA

Temp.
(°C)

760
(1400°F)

760

649
(1200°F)

649

649

649

649

649

649

649

649

649

649

649

649

649

649

649

Strain Cycle History

(")

0 to 0.2
0 to 0.22
0 to 0.24

0 to -0.2
0 to -0.24
0 to -0.30

0 to 0.40

0 to -0.40

0 to 0.38

0 to -0.40

0 to 0.31

0 to -0.31

0 to 0.38

0 to -0.38

0 to 0.40

0 to -0.40

0 to -0.40

0 to 0.40

0 to 0.40

0 to 0.40

0 to 0.35

0 to 0.35

Cvcles

0 to 8,520
8,520 to 8,950
8,950 to 11,000

0 to 4,831
4,83! to 12,485
12,485 to 13,409

0 tn 25,811

0 to 10,000

0 to 14,090

0 to 7,986

0 to 33,680

0 to 18,250

0 to 9,000

0 to 10,000

0 to 12,300

0 to 7,000

0 to 9,800

0 to 11,000

0 to 5,500

0 to 3,300

0 to 8,322

0 to 3,606

Strain Hold
Sequence

10 min at 0.2%
10 min at 0.22%
10 min at 0.24%

10 min at -0.2%
10 min at -0.24%
10 min at -0.3%

1 min at 0.4'/

1 min at -0.4%

2.5 min at 0.38%

2.5 min at -0.4%

1 min at 0.31%

1 min at -0.31%

1 min at 0.38%

1 min at -0.38%

1 min at 0.4/=

1 min at -0.4%

1 min at -0.4%

1 min at 0.4%

1 min at 0.4%
1 min at 0.07.

2.5 min at 0.47,
2.5 rain at 0.0%

1 min at 0.35%
1 min at 0.0%

2.5 min at 0.35%
2.5 min at 0.0%

Creep
Damage

at Failure

1.45

5.08

n.45

0.19

0.23

0.17

0.55

0.0827

0.67

0.45

0.050

0.038

0.066

0.075

0.174

0.108

0.095

0.048

Fatigue
Damage

at Failure

0.0052

0.015

0.20

0.08

0.11

0.06

0.025

0.013

0.07

0.07

0.07

0.04

0.07

O.OS

0.055

0.033

0.011

0.005

Total
Damage

1.455

5.1

0.65

0.27

0.34

0.23

0.80

0.0957

0.74

0.52

0. IJ

(1.073

0. 13ft

0.055

0.229

o.i'^i

0. 106

0.053

(a)SA = solution annealed, CW = cold worked.
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Fig. 1. Effect of prior cold strain on the tensile curves of solution-
heat-treated Alloy 800H tested at 538°C (1000°F)
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Fig. 3. Temperature-time envelope for the onset of recrystallization in
20% prestrained Alloy 800H
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Fig. 10. Effect of carburization on the room-temperature tensile ductility
of Alloy 800H (Ref. 5)

13



- 8 -

A G E N D A

IAEA SPECIALISTS' MEETING ON

HIGH TEMPERATURE METALLIC MATERIALS FOR APPLICATION
IN GAS-COOLED REACTORS

VIENNA, MAY 4 - 6/ 1981

MEETING ROOM:

CHAIRMAN:

MONDAY, 4 MAY 1981

Vienna International Centre
Conference Building
Floor 7, Room 6

P. K.OSS Co-chairman 0. Demel

8.30

9.00

Chairman:

9.30

10.00

10.30 Coffee break

11.00

11.30

12.00 Lunch

Registration at IAEA reception desk

Opening of meeting

SESSION I - OVERVIEW OF PROGRAMMES

P. Koss

Advanced gas-cooled reactor materials
development program: overview
by D. H. Baldwin, 0. F. Kimball and R. G. Frank

Development and testing of alloys for
primary circuit structures of a VHTR
by T. Kondo

High temperature metallic materials
programme of the state Northrhine-Westfalia
by Th. Monsau

Current status of HTGR materials studies
at General Atomic Company
by D. I. Roberts
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Chairman:

14.30

15.00

15.30 Coffee break

16.00

16.30

18.15 Reception by IAEA

TUESDAY, 5 MAY 1981

SESSION II - MICRQSTRUCTURAL STUDIES

L. W. Graham

Correlation of mechanical properties with
microstructure of alloy 800 after annealing
at 800 - 1000 °C
by H. P. Degischer, 0. Demel, H. Aigner

Morphology of y" precipitates in single
crystals of nickel alloys at creep temperatures
by J. Glownia and B. Mikulowski

Elements of material structure in hydrogen
transport in metals
by J. A. Golczewski

Status of examinations with respect to hydrogen
and tritium permeation at high temperatures
by R. Hecker and D. Stover

Chairman:

8.30

9.00

9.30

10.00

SESSIDN III - CORROSION

T. Kondo

Corrosion behaviour of experimental alloys in
controlled purity helium
by 0. W. McKee and R. G. Frank

Interaction of metals with primary coolant
impurities: comparison of steam cycle and
advanced HTGR's
by W. R. Johnson and G. Y. Lai

The behaviour of high temperature alloys
during exposure in impure helium
by L. W. Graham, K. G. E. Brenner and
K. Krompholz

Relationship between carburisation and
zero-applied-stress creep delation in
alloys 800 H and Hastelloy X
by H. Inouye and P. L. Rittsnhouse

10.30 Coffee break
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Friction, adhesion and corrosion performance
of metallurgical coatings in HTR helium
by R. Engel and W. Kleemann

New ceramic coatings for high temperature
materials protection
by M. H. Bennett, M. R. Houlton and
J. P. Price

SESSIGM IV - MECHANICAL PROPERTIES

F. Schubert

Properties of materials for the high temperature
helium turbine under mechanical and thermal
loading
by G. Raule and R. Bauer

Crack initiation and growth in Inconel 625
as received and after aging at high temperatures
in HTR helium
by G. Ullrich, B. Panic and W. Stumpp

Departure of bus to Austrian Research Centre
Seibersdorf

Arrival at Seibersdorf and visit to facilities

Departure of bus to Vienna

20.00 Heurigenabend hosted by ÖFZS

WEDNESDAY, S MAY 1981

9.00

S.30

10.00

Mechanical characterization of metallic materials
for high temperature reactors in an air and in a
helium environment
by G. Saintfort, J. Sannier, M. Cappellaere and
J. Gregoire

Weldability evaluations and weldment properties
of Hastelloy X
by J. F. King, H. E. McCoy and P. L. Rittenhouse

Materials behaviour in methane reforming gas
by D. Schuhmacher and U. Bruch

10.30 Coffee break
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11.00 High temperature low-cycle fatigue of
Hastelloy X and Inconel 617 in air and
HTGR helium
by J. P. Strizak, C. R. Brinkman and
P. L. Rittenhouse

11.30 Fatique and creep fatigue behaviour of
high temperature alloys for HTR application
by H.-P. Meurer, H. Breitling and E. D. Grosser

12.00 Lunch

SESSION V - INTERACTION GF MATERIALS PRDPERTIES

AND DESIGN

Chairman: D. I. Roberts

13.30 Creep rupture behaviour, a criterion for the
design of metallic HTR components with high
application temperatures
by F. Schubert, H. J. Penkalla and G. Ullrich

14.00 Implications of materials behaviour on design
codes
by D. I. Roberts

14.30 Round Table Discussion
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