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PROGRESS REPORT 

Introduction 
As stated before the main purpose of this investigation is to 

determine the mechanism or mechanisms responsible for irradiation 
strengthening of b.c.c. metals and their alloys. The relevance 
of this investigation lies in the fact that an understanding of 
the phenomenon of irradiation damage is necessary for materials 
selection in the design of nuclear reactors. The effect of irradia-
tion damage on the mechanical properties of b.c.c. metals is not an 
isolated affect. The magnitude of the irradiation damage affect is 
strongly dependant on numerous other factors, the most predominate 
one is the effect of impurity interstitials. 

Also the purpose of this research is to expand the initial 
research on the effect of helium on the deformation characteristics 
of b.c.c. metals and their alloys. 

In the following summary some of the advances which have been 
made during the last year are discussed* but the rate of advance 
has decreased by - 46/80. In the summary/ brief comments will be 
made concerning investigations which have been prepared for publi-
cation or have already been published. Investigations which are 
still underway will be described in greater detail. 
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SUMMARY 
A. The Effect: of Neutron Irradiation on Hloh Purlfcv Vanadium 

and MinVH 11m. 

An investigation of the effect of neutron damage on the 
low temperature deformation characteristics of high purity 
vanadium (R30q 1/1*4,2 X " 1 1 0 0 ) w a s undertaken for two purposes. 
One purpose was to determine if reducing the impurity inter-
stitial content to a lower level would result in a large dif-
ference in the effective stress between irradiated and non-ir-
radiated samples. The results indicate that the difference 
increases as th-» impurity interstitial content is reduced. A 
second purpose was to determine the size and density of the ob-
servable defects by transmission electron microscopy. It was 
found that the density decreases and the size increases for 
the high purity vanadium. 

The data also indicate that neutron damage produces a change 
in the rate controlling mechanism, and that the defect responsible 
for this change is small, e.g. a divacancy, and of a high density. 
These results are discussed in greater detail in Appendix I. 

Preliminary investigations of the effect of neutron damage 
on the low temperature deformation characteristics of high purity 
niobium (R30q k/r4.2 k * 2 0 0 0 ) h a s shown that there is a large 

> 

increase in the effective stress .of the irradiated samples (t*^) 
at low temperature (Figure 1).. The increase in the yield stress 
at higher temperatures (373 X) due to neutron irradiation is al-
most zero. An analysis of the activation parameters of defonnation 
of the neutron irradiated samples again indicates that the defect 
is very small, e.g. a divacancy or di-interstitial. 
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Niobium samples containing various amounts of oxygen have 
been neutron irradiated and tested (more than 200 samples), but 
our confidence in these results is not great. However, in none 
of the intermediate oxygen samples was the yield stress of the 
irradiated samples less than that of the non-irradiated, as was 
observed in vanadium (Figure 2). 

B* Deformation Characteristics of Low Temperature Neutron-Ir-
radiated Niobium. 

An investigation of the effect of low temperature (77 K) 
neutron irradiation on the deformation characteristics of high 
purity niobium was undertaken. The samples were irradiated to 

18 2 a fluence of 10 n/cnr, but the increase in the yield stress 
• 2 

in the as irradiated condition was substantial, from 12 to 19 kg/mm 
et 77 X. (Figure 3). The change in yield stress at room temperature 
was small. Interestingly post-irradiation annealing at 373 K 
resulted in a further increase in the yield stress at 77 X (Figure 
4). in the case of vanadium irradiated at ^18 x post irradiation 
annealing produced a slight decrease of the yield stress at both 

(3) 
77 and 300 K . . However, the vanadium contained a total impurity 
interstitial concentration of about 85 wt-ppm, whereas, the high 
purity contains probably <5 wt-ppm impurity interstitials. 

The fact that the yield stress increased in the high purity 
niobium sample due to post-irradiation annealing supports the idea 
that the defect responsible for the change in the rate controlling 
mechanism of slip is a complex, e.g.* a divacancy or di-intersti-
tial. Also this increase would tend to support the idea that the 
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defect is a divacancy. For single self interstitials move at 
much lower temperatures (*20 X) 

These investigations are being carried out in conjunction 
with P. Groh at Grenoble. 

xl 
C. The Effect of He on the Low Temperature Deformation Charac-

teristics of Niobium. 
As reported p r e v i o u s l y , the initial attempt at tritium 

charging and decay resulted in zero effect on the strength of 
niobium, it was subsequently concluded that zero tritium got 
into the sample. 

A search was undertaken to determine where or if it was 
possible to tritium charge niobium at low temperatures (in the 
range of 300°C). Several discussions were held with R. van 
Konynenberg of L.L.L. and he said that L.L.L. could do the charging. 
However the cost per batch of samples (12 samples) was t$2,500. 
This price was very effective in eliminating that possibility. 
Discussions were also held with J. Donovan of the Savannah River 
Laboratory and it was concluded that the oxide layer was preventing 
the tritiunwfrom going into the niobium samples. It was then 
suggested that the samples be wrapped in a getter strip of a 
vanadium-titanium alloy. A group of four compression samples 
were wrapped in vanadium-titanium getter strips and exposed to 
tritium for 48 hours at 3 50°C at one atmosphere. In order to 
determine if the tritium had gotten into the samples, the samples 
were sliced and the slices placed on photographic plates (Nuclear 
Track plates) for various lengths of time. The conclusions ar-
rived at by examining the plates were two fold: one, tritium 
had gotten into the samples and secondly, it was uniformly dis-
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tributed. This can be seen by examining Figure 5. Also it was 
decided to take one of the tritium charged samples and dissolve 
it in HP and HN03 and then perform a count to determine the 
amount of tritium in the sample. If this can be consistently 
done, it will be possible to obtain well defined amounts of He*3 

in niobium. 
0. Electron Transmission Microscopy Investigation of the Nature 

of the Neutron Damage 
(i) 10 9 As reported elsewhere a neutron fluenee of 1.6 x 10 n/cro 

produced no increase in the yield stress of high purity niobium 
(5) 

and vanadium at 300 K. The analysis of Tucker and Wschsler ' 
and Loomis and Gerber^ would predict zero observable defects 
in these neutron irradiated high purity metals. The limit of • 
resolution on what is defined as an observable defect is %25 A. 

Zt was proposed that a transmission electron microscopy 
(TEM) investigation be undertaken to determine if observable 
defects occur in neutron irradiated high purity niobium. Also, 
it is proposed that a TEM of Fe-Ni alloys be undertaken for in 
this case the neutron irradiation damage produces a large increase 
in the yield stress at 300 K, i.e. 15 kg/mm2(7). 

The purpose of this investigation was to test the validity 
of the following equation which has been proposed by Loomis and 
G e r b e r a n d Tucker and w e c h s l e r : 

Aty - Kpb. ( E n ^ ) 1 ' 2 (1) 
where ATy is the increase in the yield stress at 300 K due to ir-
radiation, K is a normalizing constant, u is the shear modulus, 
b is the Burgers vector, nt is the number of defects of diameter 
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Figures 6 rnd 7 are electron transmission micrographs of 
niobium and vanadium respectively. In the case of niobium* the 
large loops are not dislocation loops but agglomerates of small 
defects* whereas in vanadium the loops are indeed dislocation 
loops. Along with the large loops in both vanadium and niobium, 
there are small defects. Upon increasing the oxygen concentration 
the density of defects increases significantly. The defects 
also appear to be all of the same size (Figure 8). Figure 8 is 
a micrograph of niobium; the defects in vanadium containing the 
same amount of oxygen are almost identical. Increasing the oxy-
gen content tc 1100 wt-ppm in vanadium increases the defect density 
still further* with a further slight reduction in defect size. 

It is possible to plot defect density and the yield stress 
of irradiated samples as a function of oxygen content (Figure 9). 
If the solid curve is considered (ATy) (the increase in yield 
stress at 300 X) then it is possible to derive an expression similar 
to equation 1 relating the increase in Axy and defect density. 
However* the change in At* (the difference in effective stress of 
irradiated and non-irradiate samples) cannot be accounted for by 
equation 1. 

In the case of molybdenum, a change in the carbon concentration 
from <5 to 27 wt-ppm has no detectable effect on the observable 

19 2 damage in samples irradiated in Cp-5 (fluence 1.6 x 10 n/cm * 
E > 1 MeV) (Figure 10). The change in the yield stress at 300 X . 

2 is very small 1-3 kg/mm due to this irradiation. However* if 
21 2 

the samples are irradiated in EBRII (fluence 3.65 x 10 n/cm * 
E > 1 MeV* and irradiation temperature M00°C) then an increase 
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in yield c'.ress of ^13 kg/ram2 occurs*8*, but the density of 
damage is much less (Figure 11). Equation 1 cannot apply to 
the case of molybdenum. 

Transmission electron microscopy investigations of Fe-Ni has 
proven to be difficult due to the magnetic effects of the sample 
on the beam. Hopefully these difficulties can be corrected by 
producing very thin samples with the hole right in the center. 
E. Post*Irradiation Annealing 

During the past year most of the effort in the area of 
post-irradiation annealing has been confined to studies of 
non-irradiated samples. A series of tests were conducted on 
samples containing an estimated 10-15 wt-ppm oxygen. One set 
of samples was placed in vycor tubes and evacuated (M.0 to 
10 torr) and then sealed. The tubes were annealed for two 
hours at 200, 400, and 600°C. 

The samples annealed at 200°C showed zero change in the 
yield stress at 77 K and 300 K. The samples annealed at 400°C 
exhibited almost zero change in the yield stress at 300 K, but 
at 77 K the annealing produced an increase in the yield stress. 
Similar results were obtained with samples annealed at 600°C, 
with a slightly larger increase in the yield stress at 77 K. 

There was some concern that the samples "picked up" some 
oxygen during the anneales at 400 and 600°C, so a second set 

of samples were annealed, but for this set, vanadium-titanium 
« 

getter strips were put into the vycor tubes. The results were 
almost identical to those obtained from the first set of samples. 

This observation may explain why post-irradiation annealing 
at higher temperatures (300°C) of intermediate oxygen content niobium 
results in an increase in t . 
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P. Microplasticity 
The early stages of flow of high purity molybdenum single 

crystals with central axial orientations have been studied by 
thermal activation strain rate analysis over the temperature 
range 80 X to 398 K. The results clearly demonstrate that it 
is necessary to independently measure the true plastic strain 
rate when analyzing deformation behavior in the early stages 
of flow. This is because a significant amount of plastio strain 
is required before the plastic and total strain rates approach 
the value dictated by the cross-head speed. Thermal activation 
analysis indicates that more than one dislocation mechanism 
operates at strains less than about 3%. These results are dis-
cussed in greater detail in Appendix II. 

An investigation of the activation parameters for plastic 
deformation in the microstrain region has been performed. Van-
adium single crystals with <491> axial orientations were tested 
in compression by strain rate cycling at various intervals over 
the strain range of 1 x 10~* to 2 x 10~3 at a strain sensitivity 
of 5 x 10 . Tests were conducted between 125 K and 300 K on a 
series of crystals containing interstitial solute concentrations 
in the range 486 at ppm to 1649 at ppm oxygen plus nitrogen con-
tent. 

The results indicate that in the microstrain region more than 
» 

one dislocation process is occurring. The results are consistent. 
with the theory that edge and nonscrew dislocations are the mobile 
species in the microstrain region at low temperatures. As defor-
mation proceeds, the mobile densities of the edge and nonscrew 
segments decreases and the transition to macroflow is associated 



with the onset of screw dislocation motion. These results are 
discussed in greater detail in Appendix III. 
G. Computer Simulation of Thermally Activated Dislocation Motion. 

A computer simulation model was developed to determine the 
nature of the synergistic effect between the lattic resistance 
to dislocation motion and impurity interstitial atoms. 

If a screw dislocation is considered in an elastic continuum 
manner in niobium and the oxygen interstitial interacts with the 
screw dislocation in an elastic manner, then the oxygen atoms can 
produce a reduction of the macroyield stress. These results are 
discussed in greater detail in Appendix IV. 
H. Production of High Purity Niobium, With Controlled Amounts 

of Oxygen 

During the 
year a great deal of effort was devoted to pro-

ducing high purity niobium samples. Numerous attmpts were made 
using the facilities at the University of Maryland, but with 
limited success. The procedure finally arrived at was as follows: 
A polycrystalline rod was decarburiz'ed by heating the rod in an 
oxygen atmosphere of 10~5 torr for 20 hours at *1200°C. Then 
the rod was given a molten pass in an oxygen atmosphere. The 
single crystal rod was removed from the electron beam zone melter 
and ground to sample diameter and cut into two and one half inch 
long sections. These sections are shipped to R. E. Reed of ORNL 
where he gives them a high temperature (2200°C) and high vacuum 
(10~10 torr) anneal for 24 hours. The resulting samples have a 
R 3 0 0/R 4 2 « 2000, and the limiting factor is the tantulum impurity 
in the sample. 

Also during the past year again a great deal of effort was 



expended in gas phase charging of high purity niobium to obtain 
samples of a given oxygen content. It was observed that two or 
three sections could be charged with the same amount of oxygen 
(using the apparatus at the University of Maryland) but not more 
than three sections. A minimum requirement is to have 18, two 
and one half inch sections, containing an identical oxygen con-
tent, so that a minimum of 60 compression samples can be obtained. 

Again we called upon R. E. Reed to lend assistance. For 
with his apparatus he can charge six sections at the same time. 
For, we have found that the sections have to be at exactly the 
same temperature in order for each section to have the same 
amount of oxygen. The first batch of 12 sections were a disaster, 
due to the fact that not. all of the oxygen in the sections from 
the decarburizing procedure was removed. A second batch of 12 
sections were given a long (24 hours) high vacuum, high temperature 
anneal prior to gas phase charging. We have not tested these 
samples as yet. 

I. Production of High Purity Vanadium 
During the past year the parts of the "iodide Process" 

apparatus have been assembled and leak checked, and one trial 
run was made to determine if all the components worked. 
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FIGURE CAPTIONS 

Fig. 1 Yield Stress vs Temperature of High Purity Niobium. 
Fig. 2 The Yield Stress of Vanadium Containing Various Amounts 

of Oxygen. The Samples were irradiated in several reactors 
(Cp-5 and ORR) at ambient temperatures. 

Fig. 3 The Yield Stress of High Purity Niobium Samples Irradiated at 
77*K. The samples were annealed at 373*K. 

Fig. 4 The Yield Stress of High Purity Niobium Samples Irradiated 
at 77°K. The samples were annealed at 373*K. 

Fig. 5 Autoradiograph of Tritium Charged Niobium. Magnification llx. 
Fig. 6 Transmission Electron Micrograph of Irradiated High Purity 

Niobium. 
Fig. 7 Transmission Electron Micrograph of Irradiated High Purity 

Vanadium. 
Fig. 8 Transibission Electron Micrograph of Irradiated Intermediate 

Purity Niobium. 
Fig. 9 Shear Stress vs Oxygen Concentration of Vanadium, where 

A t^ is determined at 300*K and A t* is determined at 77*K. 
Fig. 10 Transmission Electron Micrograph of a Molybdenum Sample 

Irradiated in Cp-5. 
Fig. 11 Transmission Electron Micrograph of a Molybdenum Sample 

Irradiated in EBRII. 
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Fi«, I Transmission Blsctron micrograph of Irradiated High Purity 
Miobiuau 
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Fig. 10 Transmission Electron Micrograph of a Molybdenum Sample 
Irradiated in Cp-5. 
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Fig. 11 Transmission Electron Micrograph of a Molybdenum Sample 
Irradiated in EBRII. 
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The Effect of Neutron Irradiation on 
High Purity Vanadium* 

J. Bressers 
Euratom 

Petten N.H. 
The Netherlands 

R. J. Arsenault 
Engineering Materials Group, and 

Department of Chemical Engineering 
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College Park, MD 20742 

ABSTRACT 
An investigation of the effect of neutron damage on the 

low temperature deformation characteristics of high purity 
vanadium (Rjqq 4 2 K " H00) w a s undertaken for two pur-
poses . One purpose was to determine if reducing the impurity 
interstitial content to a lower level would result in a 
large difference in the effective stress between irradiated 
and non-irradiated samples. The results indicate that the 
difference increases as the impurity interstitial content is 
reduced. A second purpose was to determine the size and 
density of the observable defects by transmission electron 
microscopy. It was found that the density decreases and the 

•This research was supported in part by the Energy Research 
and Development Administration under Contract No. AT-40-1-3612. 
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size increases for the high purity vanadium. 
Tha data also indicates that neutron damage produces a 

change in the rate controlling mechanism, and that the defect 
responsible for this change is small, e.g. a divacancy, and 
of high density. 

INTRODUCTION 

The changes in the yield stress at low temperatures produced 
by neutron irradiation appear to be a very sensitive function 
of the impurity interstitial c o n t e n t . ( i n all casss, yield 
stress refers to the resolved yield stress.) The magnitude of 
the increase in the yield stress (t^) at low temperatures increases 
as the impurity interstitial content decreases. If the yield 
stress is considered to consist of two componentst the effec-
tive stress (t*) and a long range internal stress (t^), then 
it is possible to examine the effect of the neutron damage on 
both components of t^. The effective stress of yielding for 

the neutron irradiated samples will be defined as T Jgg and th»- • 
effective.stress of yielding for the non-irradiated samples 
will be defined as t*. The difference of t * ^ - t * is defined 
as At*. The reason for the decrease in At* as the Interstitial 
content increases is net apparent. One possibility is that the 
neutron produced defect, which is the short range barrier (s.r.b.) 
to dislocation motion producing the increase in t*, is a complex, 
e.g. a divacancy or di-interstitial. As the single defects mi-
grate during and after irradiation to form these complexes, the 
single defect captures an impurity interstitial, and this type 
of comples has a low mobility ̂ . This mechanism could be 
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defined «• a prevention mechanism. Another possibility ia that 
the Impurity interstitial migrates to tha nautron produoed s.r.b. 
and "cancels" out it's effaet. For-example, if tha nautron 
produced defeat were a di-vacancy, than the di-vacancy would 
interact with the moving dislocation through a "modulus effect".*5* 
If the 0 2 atom diffuses into the defect then the modulus diff-
erence and the "modulus effect" are thereby reduced. This could 
be defined as a cancelation mechanism. The above two mechanisms 
are based on the assumption that T* of tha non-irradiatad b.o.e. 
metal is independent of impurities. If it la assumed that t* 
decreases upon decreasing the intarstitial concentration, than 
there ia another possible mechanism. Tha way in which this 
mechanism would work is schematically shown in rigure 1. In this 
oaae the yield stress of the irradiated samples at 77*1 changes 
by a small amount due to changing the interstitial concentration, 
but the yield atreaa of the non-irradiated samples at 77*K changes 
by a large amount due to a small increase of the intarstitial 
concentration• 

Previous tranamission electron microscopy investigations of 
intermediate purity vanadium revealed a high density of dafeets of 
a uniform size, about 130 A in diameter. Loomis and flerber*** 
have found, in the caae of neutron irradiated Mb, that the density 
of defecrs decreases as the impurity Interstitial content deereases 
for the same neutron fluence. They were able to relate the change 
in Ty at 300 °K due to neutron irradiations with the defect denaity 
according to the following eqn. 

* 

AT„ - Kyb (In4d4)* (1) 
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where Aty is the increase in tho yield * trass at 300*X 4us to 
irradiation* K is normalising oonstant* y is tha shear Modulus* 
b io tha Burgers vector* n^ is tha number of defects of diaswter 

The purpose of this investigation was twofoldi first to 
determine if reducing the iapurity interstitial oonteat to lower 
levels results in a further increase in At* at low l—ysraturosi 
seoondly to doteraino the siae and density of obssrvable defects 
by transmission elaetron niorosoopy. 
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ftmlftfwttl frwrtwrt 
fht ilnfU crystals used in this investigation wars prepared 

Ins double eleotro-refined vanadium dendrites obtained from the 
U.S. bureau of Hines. Tho dendrites were pressed into rods under 
a protective Ar«on atmosphsro to about to peroent of the theoretical 
4saslty and subsequently ds gassed and eleetron-boa* MM melted in 
•ltra-high viowb equipment in order to reduoe the interstitial 
M l avbatitutloftat impurity levels. 

Seeding converted the rod Into a single crystal having a 
Mfl> orientation. Following this i m t s M t the rod was spark 
lathed to obtain a uniform disaster of I am, oleotrolytioal ly 
polished and ssnosled at 1000*C durinf 1 hour in a vaouuai of 
better than 1.10~*Terr. k more detailed paper describing the 
purification and growth of high-purity vanadium aingle crystals 
has been published elsewhere(7). The parity was aonitorod by 
MMtriBf the residual resistivity ratio H^-lig^/li^. The result-
ing single crystal had an R M of 1100 which is equivalent to 
about 10 wt-ppm oxygen. 

The rod was out into oomprassion saaples which were partly 
testod in tho as groim and annaaiad condition and partly after 
irradiation in the CP-5 reactor at the Argonne National Laboratory 
to a finance of l.C 101,n/csi2 (OUIeV, irradiation temperature 
<100 0C). Tho compression saaples were deformed at a strain rate 
of •3.10~4S~1 at temperatures between 1S*X and 430*K. The Methods 
of temperature oontrol and determining the activation parameters 
have been described elsewhere. 
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Experimental Results 
The discussion of the experimental results will be divided 

into two major sections. The first section will be devoted to a 
consideration of the results obtained from non-irradiated samples. 
The second section will be devoted to a discussion of the results 
obtained from irradiated samples. 
I. Hon-Irradiated Samples 

The stress values choosen to generate the T VI T curves were 
those stresses where the plastic strain-rate reaches the same high 
fraction of the applied strain-rate or were at 0.2 pot strain. 
Both stress values proved to be nearly identical. 

Shear stresses were calculated by resolving the axial stresses 
on the primary slip system (101) [111]* although at lower tempera-
tures anomalous slip was observed in the non-irradiated samples. 
This was especially the case for the sample deformed at 77°K 
without prestrain at R.T. Apart from slip on the anomalous (Oil) 
plane which was the most prominent and is characterized by a 
Schmidt factor of about 0.25* slip on this same sample also occured 
on the primary (101) plane having a'Schmidt factor of about 0.5. 
Some faint slip traces belonging to the (101)[111] system were 
also present. 

Fig. 2 is a photomicrograph of the observed slip systems 
after deformation at 77"K. 

II. Irradiated Samples 
1. Deformation Characteristics 
The stress-strain curves of the neutron irradiated samples 

tested at 300*K were serrated and very similar to those obtained 
from neutron irradiated Cu single crystal samples. The magnitude 
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of the load drops decreased as tho tost temperature was de-
creased and the serrations disappeared completely at 77*K. In 
general a well defined yield drop occured at all tost tamperstures 
provided the sample was not pro-strained. A pros train of 1 - 31 
at 300*X was required to prevent twinning for test temperatures 
of 77#X and below. However* 20*K was the lowest test temperature 
below which prestraining did not prevent twinning. At 77*K it 
was possible to test several non-prostrained samples without 
noticeable twinning* and the lower yield stress was in agreement 
with tho yield stress obtained from the pre-strained samples. 

The slip lines wore examined both optically and with a scanning 
electron microscope, i t appears that the primary ( l o i ) was the 
operative slip plane in all cases* along with some secondary slip 
on (101) [111] system. 

Figure 3 is a plot of Ty vs temperature for both non-irradiated 
and irradiated samples. The discussion of the fifferences in yield 
stress between irradiated and non-irradiated samples will be con-
fined to where slip has occured primarily on the primary slip 
plane. It is evident that the difference in the xy between the 
irradiated and non-irradiated samples increases with decreasing 
test temperature. At 300*K the difference is about 1 kg/mm * 
whereas at 4S*K the difference is about 12 kg/mm . If the two 
components of are taken into account it is then possible to 
consider the effect of neutron damage on each component. The 

2 increase of t^ due to irradiation is about 1 kg/mm * the xi for 
2 

non-lrradiated-samples is about 1 kg/mm . The AT* due to 
irradiation is aero at 300°K and about 11 kg/mm2 at 45*K. (Fig. 4) 

The neutron irradiation results in a reduction of the activa-
tion volume (v*) [activation area (A*) x b] for all values of 
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T* (Pig. 5). However, irradiation results in an inerease of 
the activation energy (AH) (Pig. 6). The values of AH obtained 
from tho irradiated samples are slightly less than those obtained 
by Arsenault and P i n k * f o r their low 0 2 irradiated samples. 
For example, AHQ is about 0.6 eV whereas Arsenault and Pink11* 
obtained a value of AH_ of about 0.65 eV. o 
2. Transmission Sleotron Hicrosoopy 

llectron transmission foils were examined to determine if 
"channels" eaistsd and the nature of the observable defects. 
There appears to be two distinct sites of defeotss a small sise, 
•SOA in diameter and a larger sise, -740 A in diameter (Pig. 7). 
The density of defects both large and small is much less, i.e. 
orders of magnitude, than that observed in vanadium samples 

19\ 
containing a large content . it is much more difficult to 
find a "channel" in these higher purity samples as compared to 
samples containing a higher content. The reason for this 
difficulty is that the channels (Fig. 8} are not well defined. 
However, the nature of these channels was not affected by the 
test temperature. 
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PlWWMlPn 
As mentioned in ths introduction, previous investigations<l"3) 

hava Indicated that if the impurity interstitial content decreasss 
than neutron irradiation damage produces a large inoreaee in the 
effective atreaa (T*) at low temperatures. The present resulta 
obtained from higher purity vanadium Indicate that the difference 
(AT*) in effective stress between the irradiated end non-irradiated 
samples at low temperatures ia greater than that previously 
observed (Fig. 9). 

The decrease in At* at 779K with increasing Oj concentration 
la the reault of the large ohange in T* of the non-irradiated 
aamplea due to a relatively small ohange in O a concentration. 

2 For example* T* increases from 13 kg/mm for an 0 2 content of about 
2 10 wt-ppm, to 19 kg/mm for an o 2 content of about IS wt-ppm, and 

2 finally 24 kg/mm for an content of 61 wt-ppm. The neutron 
2 

damage reaults in increasing from about 23 kg/mm to 30 
2 

kg/mm in the same 0 2 range. 
The large values obtained from the higher purity 

neutron damage producea a change in the rate controlling mechanism 
of deformation at low temperatures. The differences in the valuaa 
of AHo between irradiated and non-irradiated samples, 6 eV and 
HeV respectively support the idea that neutron damage doea 
produce a change in the rate controlling mechanism. 

In order to determine if there is more than one rate controlling 
mechanism it is possible to obtain AHQ as a function of t*ZK|t as 
follows: 

AHC - AH(t*) + J v(T*)dT«. (2) 
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It there is a single rate controlling machaniem over the range of 
ooncern, then A«0 should be a oonstant. If there are two or more 
awohanisms, then AHQ will either increase or decrease upon changing 
T * W i r A p l o t o f A Mo v ® t # I M I (Fig* 1 0 ) i n d i c a t«* that AH0 is 
very nearly a oonstant Independent of t*1W(. (The maximum varia-
tion is 0*016 oV.) This result indicates that there is a single 
rate controlling mechanism operating over the entire range of 

The neutron produced defect must be small (e.g. a di-vacancy) 
for in comparison to Og in vanadium A0Q • .7 eV and in the case 
of neutron irradiated copper, AHQ « 3 eV. The defect in Cu is 
assumed to be a small dislocation loop, i.e. 10A diameter*11*. 
Frost a consideration of v+ it is possible to mske an approximation 
of the defect spacing. For small values of T* the following 
approximations hold for the inter-defect spacing. 

v* - b d X (3) 

where d is the width of the force distance diagram (2b) and X is 
defined as follows(12'13)for small values of T*I 

Mb i 2 x' 3 

X - K — , 2 - (4) 

where X is a constant « to 1 l is related to the concentration 
o 

(C) of neutron produced defects which act as short range barriers 
2 

(s.r.b.), and M is the shear modulus. The v* at T* • 1 kg/mm 
is 1.2xl0~21 cm"3 which results in an 10 - 6.9b. Now if 1 0 is 
defined as follows ( 1 4 ) 4 la - b (5) 

° (2/3 C) 1 / 2 

then the C is ~ 3.1 at «. 
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It appears that tha neutron produced defects which are 
the a*r*b, resulting in the increase in t*ZR]| are a random array 
of s.r.b. The increase of t #

I R R with increasing 0 2 concentration 
to 61 wt-ppm oan be explained in terms of a two s.r.b. strengthen-
ing model* i.e. the Og atoms and the neutron produced defects as 
shown by Arsenault end Cadman*15*. 

The neutron produced defects which are observable by electron 
transmission microscopy (smallest is about 50 A in diameter) do not 
produce the increase in t * i r r for these observable defects are too 
large and of too low a denaity. It is possible that the neutron 
produced defects can be effective in increasing t^. It would be 
possible to fit the increase in t^ due to neutron irradiation with 
a formulation developed by Loomis and Gerber^ and Tucker and 
*achsler<l6). 
Conclusions 

The present data indicates that the difference in effective 
stress between irradiated and non-irradiated samples increases 
with decreasing impurity interstitial content. The apparent 
reason for this increase is that the effective stress of non-
irradiated samples decreases significantly upon reducing the 
impurity interstitial content to a low level. The present data 
reconfirms previous results which indicated that the increase in 
t * i r r is due to change in rate controlling mechanism and that the 
defect responsible is small* e.g. a di-vacancy. 

The electron transmission microscopy results indicate that 
the observable density decreases with decreasing impurity inter-
stitial content and that some larger defects are visible. 
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FIGURE CAPTIONS 
Fig. 1 A schematic demonstrating a possible explanation of how 

changing the interstitial concentration results in an 
increase in At* due to irradiation. 

Fig. 2 A photomicrograph of a non-irradiated sample deformed at 
77 K exhibiting anomolous slip. 

Fig. 3 The resolved yielded stress of both irradiated and non-
irradiated vanadium as a function of temperature. 

Fig. 4 The difference in effective stress between irradiated 
non-irradiated samples as a function of temperature. 

Fig. 5 The activation volume as a function of effective stress. 
Fig. 6 The activation energy as a function of effective stress. 
Fig. 7 A transmission electron micrograph of irradiated high 

purity vanadium. 
Fig. 8 A transmission electron micrograph of a "channel" in 

neutron irradiated high purity vanadium. 
Fig. 9 The effective stress of irradiated and non-irradiated 

vanadium as a function of oxygen concentration. 
Fig. 10 The unassisted stress activation energy as a function of 

stress. 
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Fig. 1 A schematic demonstrating a possible explanation of how 
changing the interstitial concentration results in an 
increase in Ax* due to irradiation. 
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Fig. 6 The activation energy as a function of effective stress. 
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Pig. 8 A transmission electron micrograph of a "channel" in 
neutron irradiated high purity vanadium. 
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THE EARLY STAGES OF PLOW IN MOLYBDENUM SINGLE CRYSTALS* 
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ABSTRACT 
The early stages of flow of high purity molybdenum single crystals with 

central axial orientAtions have been studied by thermal activation strain 
rate analysis over the temperature range 80°K to 398°K. The results clearly 
demonstrate that it is necessary to independently measure the true plastic 
strain rate when analyzing deformation behavior in the early stages of flow. 
This is because a significant amount of plastic strain is required before 
the plastic and total strain rates approach the value dictated by the cross-
head speed. Thermal activation analysis indicates that more than one 
dislocation mechanism operates at strains less than about 3%. 

*This work was supported in part by the United States Energy Research and 
Development Administration under contract No. AT 40-1-3612. 
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INTRODUCTION 

The deformation behavior of molybdenum single crystals has been exten-
sively investigated in recent years in order to understand and characterize 
its low temperature flow properties (1-8). Investigators have met with 
partial success, but the complexity of their results indicates that many 
of the observed phenomena are not clearly understood. One such phenomena 
concerns the early stages of flow where there is a marked change in shape 
of the stress-strain curve of molybdenum single crystals with orientation 
and temperature. The general observations are that yield drops occur if 
the deformation axis is parallel to the <110> while crystals with <100> 
or central orientations show smooth flow curves which diverge with decreasing 
temperature. Furthermore, the rate at which the slope of the stress-strain 
curve decreases is a function of temperature and also a function of strain. 

Typically, the largest values for the resolved shear stress occur when 
the deformation axis is along the <110> - <111> boundary of the stereographic 
triangle. The smallest values occur for orientations near the <100> corner. 
Hie orientation effect increases with decreasing temperature and some inves-
tigators have reported as much as a factor of three difference in the mag-
nitude of the resolved flow stress between the <110> and <100> deformation 
axes at 77°K(l-3). These observations are contrary to Schmid's Law. 

Investigators studying preyield or microstrain phenomena (9-14) have 
long recognized the fact that differences in the shape of stress-strain 
curves cause a problem with the definition of the yield stress and thus 
the interpretation of the low temperature flow behavior. The problem arises 
because the flow properties of the b.c.c. metals are strain rate sensitive, 
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and the true plastic strain rate is a function of the shape of the stress-
strain curve through the value of its slope as described by the relation: 

S - v a - i S * « 

where £p is the true plastic strain rate, &T is the total strain rate, 
E is the apparent modulus, and (do/de) is the slope of the stress-strain 
curve (12). Therefore, materials which have differently shaped stress-strain 
curves at different temperatures or orientations may show widely different 
plastic strain rates at the same nominal values of plastic strain. Because of 
this, flow stresses at arbitraiy finite offsets are inadequate in describing 
the flow behavior of b.c.c. metals at low temperatures. In addition, the 
proportional limit as conventionally measured is a strong function of the strain 
sensitivity of the experimental setup and therefore, also, inadequate as a 
flow criteria. Instead, Arsenault, Crowe and Carnahan (13) suggest that a 
good definition of the yield stress is that value of the flow stress where 
the imposed strain rate approximately equals the true plastic strain rate 

. . in the material. This criteria separates the so called microstrain region front, 
the macrostrain region of the flow curve. Alternately, Pink and Arsenault (15) 
suggest that the yield stress can be defined as the stress value corresponding 
to the strain at which the activation area first becomes approximately inde-
pendent of strain for b.c.c metals. 

Both of the above suggested criteria for the yield stress are based on the 
connection between measured flow behavior and the theory of thermally acti-
vated plastic deformation. The first criteria arises because the correct 
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constant plastic strain rats. The second criteria is based on the obser-
vation that the activation area is in general independent of strain for 
b.e.c. metals in the macroflow region. Hie present work was performed to 
illustrate the importance of the definition of yield stress as related 
to the interpretation of the flow properties of b.c.c. metals at low 
temperatures. High purity molybdenum single crystals of <491> orientations 
were used in the study because of the pronounced divergence the flow 
curves with temperature for this orientation. The activation parameters 
for plastic flow were evaluated by strain rate cycling at various strains 
in the range 10"14 to 2 x 10"2, a range sufficiently wide to characterize 
the transition from micro to macro flow behavior. 
EXPERIMENTAL PROCEDURES 

A high purity single crystal rod with an axial orientation within 4° 
of the <491> was prepared from a low carbon, arc cast molybdenum rod by 
electron beam zone refining. The interstitial impurity content of the 
starting material was quoted by the manufacturer, Climax Molybdenum 
Company, as 10 to 40 wt-ppm carbon, 10 wt-ppm oxygen and 10 wt-ppm nitrogen. 
The arc cast rod was purified in the zone refiner by performing two solid 
state oxidation passes at 0.9 of the melting point in an oxygen partial 
pressure of * 6.6 x 10"3 Pa prior to a single molten zone pass at a 
vacuum less than 10"6 Pa at a zoning speed of cm/hr. Chemical analysis 
of samples after mechanical testing, performed by Ledoux and Co., Teaneck, 
New Jersey, showed final interstitial contents to be lower than the limits 
of detection for the various elements, i.e., <10 wt-ppm. 

Compression samples were cut, ground, and annealed to produce right 
circular cylinders with aspect ratios of approximately 2.S to 1. Cylinders 
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with faces parallel to within 30 seconds of arc wtre obtained using the 
procsdures described elsewhere (16). 

The specimens were tsstsd by strain rate cycling in conpression using 
a 10(000 Kg floor model Instron testing machine at various temperatures 
between 80°K and 398°K. Temperature control was maintained to within 
±0.15°K. The specimens were compresssd betwesn two hardened steel pistons 
Which slid accurately in a close fitting outer guids cylinder. Accurate 
positioning of the spscimen along the axis of ths pistons was achieved 
using an alignment disc and two 0-rings. Load was transmitted to the 
pistons via a loading train which mounted below the moving crosshsad of 
the Instron. The loading train was attached to a stationary Instron FM 
tensile load cell by means of a pushrod which kept the losd cell remote 
from the test assembly. Ths load train incorporated two hardened steel 
ball-bearings, a Brinell piste, and a universal joint to achieve axial 
loading free from bending moments. 

Displacement was measured using two Daytronics DS-200 linear variable 
differential transformers (LVDT'S) attached to the conpression pistons 
by mesns of rigid horizontal bars. High sensitivity load-extension curves 
were plotted on the Instron recorder using custom electronics to convert 
the recorder to an x-y plotter with an effectively infinite x-axis. The 
extension axis signal was taksn froa the LVDT'i, processed, and fed to the 
x-axis of the recorder to a sensitivity of 2 x 10'5 inches. This sensitivity 
was rather coarse for the experimental setup; its capabilities being two 
orders of magnitude more sensitive. The y-axis signal was taken froa the 
Instron load cell using an electronic clock and the pip marke* feature of 
the Instron. A schematic of the jig end measuring system is shown in 
Figure 1. 
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To obtain slower straining rates, tha crosshesd speed was controlltd for all 
tests by an external constant speed motor mounted to the front of the Instron 
pushbutton selector and attached through gearing to the Selsyn unit. Strain 
rats cycling was performed using nominal 5:1 changes in crosshesd speed. The 
base low strain rate was *4 x 10"* sec"1. 

Load extension curves were reduced to true stress-true strsln curves 
by calculating the stress, a, directly from the load, P, and separating the 
total strain cj, into elastic and plastic parts; c9 and cp, according to 
the relations: i 

Cp - CJ> - cc • Af t f / t 0 - P/AqB (2) 

which sre vslid for small strains. In these relations, B is the apparent 
elastic modulus, Atj is the total speciiMn length changes,'snd A0 and Aq 
are the initial specimen length sad cross-»ectlonsl area, respectively. 

The true instantaneous plastic strain rate, tp, was determined simul-
taneously using the superimposed independent timing mark on the force axis 
of the load-elongation record. The quantity was calculated using equation (1). 

Activation parameters were calculated in*the usual way using the 
relations 

A* - (kT/b) [Ala Cp/AtJj (3) 

for the activation area A* and 

AH « - M A * (8r/8T)4p (4) 

for the activation enthalpy where t is the resolved shssr stress. 
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RESULTS 
Axial stress-axial total strain curves aeaaured at tha high bast crosihead 

rata ara shown in Figura 2. On thsss curves ara labeled tha 0.004% offset 
flow stress, tha 0.2% offsat flow strati, and tha flow strass at a constant 
plastic strain rats of 1 x 10"8 sac"1. As can bt seen, ths total strain required 
to obtain a constant plastic atrain rats incrsasss with decreasing test temperature. 

Figura 3 shows a plot of the shear stress resolved on the (Toi) [111] 
slip system as a function of tenperature st various constant plastic strain 
ratss and at the two offest yield stresses of 0.004% and 0.2%. The 0.004% 
offset yield stress approximately corresponds to ths 1 x 10"* sec"1 constant 
plastie strain rate curve and the 0.2% offsat yield stress curve roughly 
to the 3.2 x 10"® sec"1 curve. The apparent temperature dependence of the flow 
strass is seen to increase with each of tho flow criteria as the associated 
strain increases. The curve at 3.2 x 10'* sec"1 sgrses with the data of Guiu 
and Pratt (1) st 3.0 x 10"* sec"1 for <491> crystals pullsd in tension to within 
spproximately 10%. Tha present data are on the low side at lower temperatures 
and on the high side st the higher teaperstures. It is difficult to compare the 
present results with much of the other data in the literature since these are' -
often reported in teres of a proportional limit or offset flow stress with 
unspecified sensitivity and true plastic strain rate. Usually, crosshesd rates 
are reported Instead of plastie strain ratss. In light, of aquation (l) and the 
results of Figures 2 and 3, this procedure is inadequate. 

The sctivstion area versus plsstic strain at the various test tespsratures 
is shown in Figure 4. These curves are not smooth with strain which makes it 
difficult to define s yield stress bssad on a constant activation area criteria. 
It is apparent, however, that an approximate constant activation area could 
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result for strains in tho rang* of 1-3%. This would give flow values slightly 
higher than those obtained at the constant plastic strain rate of 1 x 10"8 

•ec-1. 
Activation enthalpy vsrsus temperature curves at various plastic strain 

rates are shown in Figure S. The most obvious feature of these curves is the 
extreme linearity of ths 1 x 10"s sec"1 curve with temperature. The lower 
strain rate curves, however, show a strong convex curvature. 
DISSCUSSION 

The present results clearly demonstrate that it is possible to obtain a 
large variation in the temperature dependence of the yield stress for molybdenum 
single crystals (Figure 3) depending upon the definition of the yield stress. 
Also, the magnitude of the yield stress can vary considerably. For instance, 
at 80°K, the yield stress varies from *70 to 280 MPa, depending upon the 
definition of the yield stress. This is because molybdenum is a strain rate 
sensitive material which has different shaped stress-strain curves at different 
temperatures. Mien a given offset strain is used to define the yield stress, 
the plastic strain rate is not constant at all test temperatures and therefore 
the temperature dependence of the yield stress depends upon the yield criteria 
used. 

The results further demonstrate that the interpretation of data from tests 
where individual specimens have different shaped stress strain curves requires 
an independent knowledge of the true plastic strain rate. According to Pink (17), 
the orientation dependence of the critical resolved shear stress falls into this 
category. Pink analyzed the available data in terms of a constant activation 
area flow criteria and concludes that there is no orientation dependence of the 
flow stress within the limits of the scatter of the method. 
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Two general approaches have been taken to interpret the early stages of 
flow. The first approach assumes that a single mechanism operates throughout 
the stress-strain curve. Stein (18) has performed a computer analysis of micro-
strain behavior based on a dislocation dynamics treatment similar to one 
proposed by Johnston (19). According to this model, the rapid increase in 
stress is a consequence of the fact that the plastic strain rate is a small 
fraction of the total strain rate in the microstrain region. This is because 
of the low initial mobile dislocation density and low initial dislocation 
velocity. The model predicts a low temperature dependence of microflow stresses, 
with the temperature dependence increasing with increasing plastic strain. Two 
other important predictions for materials with high velocity-stress exponents 
are that little microstrain is expected prior to macroyield and the temperature 
dependence of the microflow stresses are almost the same as the temperature 
dependence of the macroflow stresses. 

The second approach taken to interpret microstrain phenomena is one in which 
there are different mechanisms operating over different strain regimes. In the 
current versions of this theory (13, 20-23), it is assumed that <111> screw 
dislocations are essentially sessile below macroflow stress levels. Yielding 
is related to the force necessary to move the screw dislocations and microflow 
is attributed to the motion of edge and other non-screw dislocation components. 
The reasons for this is that the Peierls stress opposing edge and non-screw 
dislocation motion is estimated to be smaller than that opposing screw dis-
location motion by a factor of somewhere between 3 and 1000 (23). This means 
that if the lattice controls the deformation rate for macroflow in the pure 
material, edge and non-screw dislocations are more mobile than screw dislocations. 
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Thus, it follows that ths activation volume and activation free energy deter-
mined in the microstrain region should be very different from those determined 
in the macroflow region. 

The present experimental results strongly suggest that more than one dis-
location mechanism contributes to the deformation of molybdenum single crystals 
for effective stresses loss than *98 MPa. This is an agreement with the 
conclusion of Meakin (10) that different dislocation mechanisms operate. This 
conclusion is based on the observations that the temperature dependence of the 
flow stress and the activation volume differ for the different regions of the 
flow curve. The present results are contrary to those of Prekel and Conrad (11) 
who attribute the large activation areas in the microstrain region to the stress 
sensitivity. These authors fit both macro and micro data to a single curve of 
logarithm activation volume versus logarithm effective stress and this lead 
to the conclusions that a single mechanism operated and the mechanism was the 
thermally activated nucleation of double kinks over a Peierls barrier. This 
interpretation has been criticized since the activation energies in the two 
strain regimes are different (24). This is also apparent in Figure 5. 
SUMMARY AND CONCLUSIONS 

The early stages of flow of molybdenum single crystals with central axial 
orientations have been examined by thermal activation strain rate analysis over 
the temperature range 80°K to 398°K with the following results: 

1. A 0.004% offset flow stress approximately corresponds to a constant 
plastic strain rate flow criteria over the termperature range investigated. 

2. Other offset flow criteria such as a 0.2% flow criteria do not correspond 
to constant plastic strain rates at different temperatures. Therefore, differences 
in the temperature dependence of the flow stress are to be expected for criteria 
other than those based on a constant plastic strain rate. 
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S. A significant amount of plastic strain of 1-3% is required before 
the plastic and total strain rates approach the value dictated by the cross-
head speed. 

4. Thermal activation analysis indicates that in the early stages of 
flow, more than one dislocation mechanism operates. At strains in the range 
1-3%, a single mechanism becomes rate controlling. The situation can be 
described as an extended microstrain region. 
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FIGURE CAPTIONS 

Figure 1. A schematic diagram of the stressing jig and measurement system. 
2. Axial stress-axial total strain curves measured at a base total 

strain rate of 2 x 10"5 sec"1. 
The (Toi) till] Resolved shear stress as a function of temperature 
at various constant plastic strain rates and offset flow stresses. 

4. Activation area versus plastic strain at various test temperatures. 
5. Activation enthalpy versus temperature at various plastic strain 

rates. 
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Abstract 

\ 

An investigation of the activation parameters for plsstic defoliation 
In the aicrostrain rsgion has been performed. Vsnadiun single crystals 
with <491> axial orisntations were tested in conqpression by strain rste 
cycling st vsrious Intervals over the strain range of 1 x 10"5 to 2 x 10~3 

st a strain sensitivity of S x 10'7. Tests were conducted between 125*K 
and 300*K on a series of crystals containing interstitial solute concen-
trations in the range 486 at ppm to 1649 at ppm oxygen plus nitrogen 
content. 

The results indicate that in the microstrain region more than one 
dislocation process is occurring. The results are consistent with the 
theory that edge and nonscrew dislocations are the mobile species in the 
microstrain region at low tenperatures. As deformation proceeds, the 
mobile densities of the edgo and nonscrew segments decreases and the 
transition to macroflow is associated with the onset of screw dislocation 
motion. 
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The data indicate that in the microstrain region edge and nonscrew 
dislocation nobility is strongly affected by solute interactions. In 
the macrostrain regions, however, flow rate is apparently controlled 
by screw dislocation-lattice Interactions. 
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Introduction 

It is now generally recognized that interstitial solutes affect 
the temperature dependence of microflow stresses more than macroflow 
stresses (1). Because of this fact, some attention has been directed 
toward studying b.c.c. plastic deformation in the microstrain region. 
Early observations of nicroplasticity were obtained using a load-unload 

> 

technique. These investigations, reviewed in detail elsewhere (2), 
V 

showed that significant amounts of plastic deformation could occur at 
small stresses and low temperatures in b.c.c. metals. The results were 
originally interpreted (5) as strong evidence that dispersed interstitial 
atoms controlled the macroscopic deformation Tate. This conclusion was 
reached by reasoning that if the lattice provided an intrinsic barrier 
to dislocation motion, then plastic deformation could not occur at small 
stresses and low temperatures where thermal activation could not assist 
the dislocations in suraounting an intrinsic type barrier. It has sub-
sequently been shown, however, that significant amounts of plastic 
strain can occur at low stresses and temperatures in metals exhibiting 
a large Peierls stress (4). 

Two general approaches have been taken to interpret the microstrain 
results, the first approach assises that a single mechanism operates 
throughout the stress-strain curve. Stein (5) has performed a computer 
analysis of microstrain behavior based on a single mechanism dislocation 
dynamics approach treatment similar to the one proposed by Johnston (6). 
According to this model, the rapid increase in stress in the microstrain 
region is a consequence of the fact that the plastic strain rate is a 
small fraction of the total strain rate in the microstrain region. This 
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is because of ths low initial mobile dislocation density and low initial 
dislocation velocity. The nodel predicts a low temperature dependence 
of microflow stresses, with the tespersture dependence Increasing with 
increasing plastic strain. 

The second approach taken to intexpret micros train phenomena is one 
in which there are different mechanisms operating over different strain 
regimes. In the current versions of this theory (7-10), it is assumed 
that «111> screw dislocations are essentially sessile below macroflow • 
stress levels. Yielding is related to the force nscessaiy to move the 
screw dislocations and microflow is attributed to the motion of edge 
and other non-screw dislocation components. The reason for this is 
that the Peierls stress opposing edge end non-screw dislocation motion 
is estimated to be smaller than that opposing screw dislocation motion 
by a factor of somewhere between 3 and 1000 (4). This means that if 
the lattice controls the deformation rate for macroflow 5.n the pure 
material, edge and non-screw dislocations are more mobile than screw 
dislocations. It therefore follows that the activation volume and 
activation free energy determined in the microstrain region should be 
vexy different from those determined in the macroflow region. 

There have been a few measurements of activation parameters in 
the microstrain region (11-16) and these generally show that the 
activation volice is much higher at snail strains. Most observations 
show a relatively smooth increase in the activation volume with 
decreasing strsin. In the case of oolybdenum, Prekel and Conrad (13) 
take a single mechanism approach and attribute the increase in the 
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activation volume to its stress sensitivity. These authors fit both 
macro and micro data to a single curve of logarithm activation volume 
versus logarithm effective stress and this led to their conclusions 
that a single mechanism operated and the mechanism was the thermally 
activated nucleation of double kinks over a Peierls barrier. This 
interpretation has been criticized since the activation energies in 
the two strain regimes are different (16). Some recent work on iron 
whiskers shows that the activation volume is not the same function of . 
the effective stress in the two regions and this observation also 
lends strong support to the two mechanism theory (14). 

There is additional support for the two mechanism approach. For 
instance, work on iron (17) shows that the temperature dependence for 
constant edge dislocation velocity corresponds to a micro rather than 
macro yield stress. Also, transmission electron microscopy studies 
on b.c.c. metals deformed at low tenperatures support this interpreta-
tion since a preponderance of screw dislocations is observed in the 
substructure f~8-21). 

Becau* "any controversial opinions concerning rate controlling 
mechanisms for plnstic deformation in the b.c.c. metals, this work 
•focuses attention on the deformation behavior in the microstrain region. 
Vanadium was, chosen as the b.c.c. metal for the study because of its 
large solubility for interstitial oxygen and nitrogen atoms and because 
previous work by Arsenault and Pink (22) suggested that there was a 
change in rate controlling mechanism for macroflow from a lattice 
mechanism to a dispersed interstitial mechanism at about 200 to 300 wt. 
ppm interstitial concentration. Later, however, Huang and Arsenault (21) 
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studied the dislocation structures developed during deformation in vana-
dium containing 15 wt. ppm and 1000 wt. ppm oxygen and thqy arrived at 
somewhat different conclusions. The significant finding in this work 
was that samples deformed at large effective stresses show a predominance 
of screw dislocations in the substructure irrespective of the oxygen 
content. These findings were taken as indicating that oxygen atoms do 
not act directly as rate controlling barriers to dislocation motion, % 
even at the high oxygen concentration of 1000 wt. ppm. " 1 -

A major objective of the current study is to examine by thermal 
activation analysis whether a single dislocation mechanism controls 
the rate of deformation at all strains and concentrations or whether 
different dislocation processes control the flow rate in the microstrain 
region for different concentrations of interstitial solutes. To accom-
plish this, methods were developed to accurately measure the activation 
parameters in the microstrain region and these parameters have been 
measured on a series of vanadium single crystals with varying inter-
stitial contents. The parameters were measured over the strain range 
from about 10"s to 10~2, a range sufficiently wide to Characterize dis-
location motion in the oicrostrain region as well as the transition 
from micro to macro flow behavior, 

i 

Experimental Procedures 
Materials and Specimen Preparation 

lite specimens used in this study were obtained from zone refined 
single crystal vanadium rods produced at the University of Maryland 
• Crystal Growth Facility from dendritic crystalline powder supplied by 
the Bureau of Mines, Boulder, Colorado. The powder was compacted in 
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s 0.75 in. diameter die at a pressure of 24,000 psi, solidified in an 
arc nelter under high purity vacuum, and then cold swaged in several 
passes into a 0.270 in. dianeter rod. The swaged rod was losded into 
tha zone refiner with a single crystal seed snd zone refined to produce 
high purity single crystal rods. The techniques used to grow the zone 
refined rods derive from those described by Besle and Arsensult (23). 
All zone refined rods had axial orientations within 5* of the <491>. 

> 

Specimens were prepared from the zone refined rods by centarless 
v 

grounding to a diameter of 0.189 ln. in increments of 0.0005 in., with 
care being taken to prevent heating. This slow rste of metal removal 
was used to niniaize hydrogen pickup during grinding. Ground rods were 
cut Into lengths approxinately IS zaa long on a low speed Buehler thin 
sectioning cut off wheel, again taking care to prevent heating. The 
resulting cylinders were chemically polished in a 1:1:1 HNO3-HF-H2O 
solution to renove approximately 0.002 in. from the diameter so that 
each cylinder nade a sliding fit into one of a series of reamed holes 
in a close tolerance grinding jog. A number of samples were positioned 
in the jig and their surfaces were precision ground to obtain parallelism 
of the faces. At the end of this procedure, the faces were parallel 
to within IS minutes of arc. The cylinders were mounted into a lapping 
jig and lapped on standard cetallographic equipment until the faces of 
the cylinders were parallel to within 2 minutes of arc as measured on 
an optical coaparator. Most of the specimens showed no measurable 
(i.e., <30 seconds of arc) departure from parallelism after this proce-
. dure. 



The cylinders were then annealed at high vacuum to remove any resi-
dual hydrogen and doped with varying amounts of oxygen. The finished 
ssmples were then kept in a vacuum dessicator until tested. 

Chemical analysis of the rod material was performed by Ledoux and 
Company* Teaneck, New Jersey, on coopression specimens sfter they had 
been tested. The results are given in Table I. In this table, the 
rods are listed in order of increasing oxygen plus nitrogen content. 
This is because of the similar effects of oxygen and nitrogen on the ' . 
flow stress (24) and the fact that control was not obtained over the 

t 
nitrogen content. 
Mechanical Testing 

The specimens were tested by strain rate cycling in compression 
using a 10,000 Kg floor model Instron testing machine at various tem-
peratures between 78*K and 298*K. Tenperature control was maintained 
to within 0.15*K. The specimens were compressed between two hardened 
steel pistons which slid accurately in a close fitting outer guide 
cylinder as shown in Figure 1. Accurate positioning of the specimen 
along the axis of the pistons was achieved using an alignment disc 
and two O-rings. Load was transmitted to the pistons via a loading 
train which mounted below the moving crosshead of the Instron. The 
loading train was attached to a stationary Instron FM tensile load 
cell by means of a pushrod which kept the load cell remote from the 
test assembly. The load train incorporated two hardened steel ball 
bearings, a Brinnel plate, and a universal joint to achieve axial 
loading free from bending moments. 
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Displacement was measured using two Daytronics DS-20Q linear variable 

differential transformers (LVDT's) attached to the compression pistons by 
means of rigid horizontal bars. High sensitivity load-extension curves 
were plotted on tho Instron recorder using custom electronics to convert 
the recorder to an x-y plotter with an effectively infinite x-axis. 

For about one half of the tests, the extension axis signal was taken 
from the LVDT's, processed, and fed to the x-axis of the recorder to a 
sensitivity of 4 x 10~7 inches. The y-axis signal was taken from the . 
Instron load cell using standard Instron circuitry. A timing mark was 
imposed on the y-axis using an electronic clock and the pip marker 
feature of the Instron. A scheaatic of the jig and measuring system 
is shown in Figure 2. 

The crosshead speed was. controlled for all tests by an external con-
stant speed motor mounted to the front of the Instron pushbuttom selector 
and attached through gearing to the Selsyn unit. Strain rate cycling 
was performed using noninal 5:1 changes in crosshead speed. The base 
low strain rate was 4 x 10~6 sec"* over the specimen gage. 

Load extension curves were reduced to true stress-true strain curves 
by calculating the stress, directly from the load, F, and separating 
the total strain, zj, into elastic and plastic parts, ee and ep, accord-
ins to the relation: 

ep « eT - ee « A4t/*o - F/AoE CD 

for small strains. In these relations, E is the apparent elastic modu-
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lus, A4j is the total specimen length change, and l0 and A0 are the 
initial specimen length and cross-sectional area, respectively. 

The true instantaneous plastic strain rate, ep, was determined 
simultaneously using the superimposed independent timing mark on the 
force axis of the load-elongation record. The quantity was calculated 
using Bernstein's relation (25), 

where do/dej is the slope of the stress strain curve. 
For the second half of the tests, an analog computing device was 

inserted between the transducer amplifier-indicators and the pream-
plifier-chopper. This device was designed to perform in situ data reduc-
tion according to equations (1) and (2). The use of this device 
decreased the overall strain sensitivity by a factor of two but was 
invaluable in solving procedural difficulties. 

Activation parameters were calculated in the usual way using the 
relations 

(2) 

A* « (kT/b) [A£n ep/At]T (3) 

for the activation area and 

AH* -bTA* ( 3 t / 3T)- (4) 

' for the activation enthalpy where t is the resolved <lll> (T01) shear 
stress. 
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Results 
Stress-Microstrain Behavior 

Figures 3 and 4 show examples of axial stress-microstrain curves for 
<491> single cxystal vanadium specimens at various temperatures for 
the high and low interstitial contents. The curves for Rod 238 in 
Figure 3 are for samples which had been prestrained from O.S% to 0.7% 
at the test temperature, whereas, the curves for Rods 160 in Figure 4 
were obtained on samples without prestrain. Prestraining was performed 
on the high oxygen Rod 238 samples because these specimens strained 
less than 2 x 10 when tested in the annealed condition before a 
rounded macroscopic yield drop occurred. 

Twinning occurred in all tests attempted below 12S°K. Many workers 
have reported that the trans.tion from slip to tw?nning in b.c.c. 
metals takes place at higher temperatures as interstitial solutes are 
removed, particularly in compression tests (26). tt is common practice 
to suppress twinning by prestraining at higher temperatures and by 
testing in tension. These methods were not used in the present inves-
tigation because prestraining alters the substructure of the crystals 
and therefore masks many of the effects under study. Tension testing 
was not performed because insufficient material was available from 
the zone refined rods and would require a different testing jig. 

Comparison of the stres?-microstrain curves of Figures3 and 4 
shows that microflow stresses of vanadium crystals are considerably 
lowered with decreasing interstitial content. Another important feature 
is that the shape of the curves is altered by both temperature and 
purity. As the interstitial content is lowered, the curves show a 
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nearly linear a - tp relationship. In some instances, the linear region 
is followed by a region where d2o/dc^ > 0. This becomes more pronounced 
as the temperature is lowered. The transition to macroscopic yielding 
becomes less well defined with increasing purity at all temperatures as 
the transition takes on a quasi-parabolic shape. The high oxygen Rod 
238 material showed a distinct transition from microstrain to macrostrain 
behavior even though the specimens had been prestrained at the test 
temperature to ensure an adequate supply of mobile dislocstions. 

All of the features described above have been observed in other 
aicrostrain studies in those instances where the material was of suffi-
cient purity. The only unique observation is the extent of the S shaped 
stress-micros train region. S shsped curves were observed by Chambers, 
et si (27), but the strain regime over which d2o/de| > 0 occurred at lower strains 
and temperatures and was much narrower in extent. 
Temperature Dependence of Microflow Stresses 

The temperature dependence of microflow stresses are shown in Figures 
Sa through Sd. These curves are plots of resolved shear stress versus 
temperature at various constant plastic strain rate levels. The shear 
stresses have been resolved on the <111> (T01) slip system using the 
Schmid factor for each rod orientation. 

One of the more salient features of these curves is the decreasing 
temperature dependence of the flow stress as the strain rate decreases. 
It is also apparent that as th* interstitial content increases, the 
temperature dependence of the stress increases more rapidly with plastic 
strsin rate. The effect becomes more pronounced for interstitial con-
centrations grester than 1160 at ppm 0 • N. 
Dependence of Strsin Rate on Strain 

The true plastic strain rate as a function of strain at 298*K and 



12S*K for Rod 148 is shown in Figure 6. This behavior is typical of all 
rods tested. As can be seen, tho plastic strain rate in the microstrain 
region is more than an order of magnitude less than the strain rate 
associated with tho crosshead speed. In most cases, the strsin rate 
remains nearly constant up to strains o f x 10~*, at which point a 
sharp rise occurs. The strain rate continues to incresse until it 
nears its limiting value where it again becomes independent of strsin. 

As the temperature is lowered, the transition to the limiting 
strain rate shifts slightly to higher strains. This reflects the more 
rounded stress-strain-curves at the lower temperatures. 

The true plastic strain rate vs strain curves for Rod 238, the 
high oxygen material prestrained at the test temperature, showed a 
more rapid transition to crosshead controlled flow. This reflects ths 
fsct that very little microstrain occurred during the deformation of 
this material. 

An important observation is that the low strain rate curve begins 
to rise at a lower strain than does the high strsin rate curve in all 
samples tested. At the point labelled A in Figure 6, the low rate 
approaches the high rate. This causes s rapIf' '.op in the experimental 
activation area as described later. This pinch-off effect can be 
understood by examining equation (2) and noting that the stress-strain 
curves for the high and low rates diverge over a limited strain region. 
In this region (do/dO^gh » (do/dc)low. This causes the low plastic 
strain rate to approach the high plastic strain rate even though there 
is s factor of 5 or 10 difference in the crosshead speed. 
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If the macroscopic yield point is defined as the point where the 
true plastic strain rate is approximately equal to the rate imposed 
by the crosshead motion, it follows from equation (2) that 

- U M U /H - (l/E) (do/dc)]} - eT (5) 
do/dc-*-A 

defines macroscopic yielding, where A is some arbitrarily small number 
t 

compared to E. It can then be said that the low strain rate curve 
yields at a lower stress than does the high strain rate curve. 

True plastic strain rate versus plastic strain curves very similar 
to those of Figure 6 have been reported by Parikh (IS) for sdcroplastic 
deformation of Ta and Ta-W alloys. 
The Strain Dependence of the Apparent Activation Area 

The apparent activation area as a function of plastic strain at 
various temperatures is shown in Figures 7 through 10. In general, 
the curves are broken into two plateau regions roughly corresponding 
to the separation of micro- from macro-strain. The value of the acti-
vation area in the aicrostrain region is high and relatively constant 
with increasing strain until the transition zone is readied. At this 
point the activation area decreases sharply to very low values. These 
low values are a direct result of the divergence of the high strain 
rate and low strain rate flow curves in this region and the constraint 
of equation (2) on the plastic strain rate. The divergence causes the 
Ala ip ten in equation (3) to decrease while Ax is Increasing. This 
produces the very low values. Although this feature has not been 
explicitly reported before, it eppears to be a feature of the data 
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reported by Meakin (12) in his study of microstraining of molybdenum. 
Meekin's curve, reported for room temperature date only, shows similar 
behavior except that ti.e transition occm-s at slightly higher strains 
and the value of the activation area in the macros train region is an 
order of magnitude smaller than the room temperature vanadium area. 

Another interesting feature in Figures 7 through 10 is the small 
hump occurring just prior to establishing the macrostrain value of the 
activation area. This hump is probably associated with dislocation 
generation. 

As the temperature decreases, the magnitude of the activation area 
decreases in both plateau regions. However, the temperature affects 
the macroflow value somewhat more than the microflow value. 
Examination of Data for a Single Mechanism 

The most direct indication of whether one or more rate-controlling 
mechanisms is operative is to determine the activation free energy or 
activation area as a function of effective stress. If the results fit 
single smooth curves with shapes consistent with expectations derived 
from the rate theory, then there is e strong Indication that a single 
rate-controlling mechanism is operative. It is therefore necessary to 
have a detailed knowledge of the local value of the stress, t«, to tost 
the results against specific dislocation models. This is so because 
Te is the stress component under which local dislocation motion occurs 
and therefore, the natural variable appearing in the work terms of the 
theory. Unfortunately, there is no general method to separate short 
end long range components of stress in the microstrain region. There 
is an indirect method, however, which can be used to indicate whether 



or not a single mechanism is operative. The basis of this method, 
according to Conrad et. al. (28), is to examine the temperature dependence of 
the apparent activation enthalpy to ascertain whether the measured 
values fall within a band, the width of which is determined by the 
maximum difference in plastic strain rate. Carnahan, et al, (11) use 
this procedure and consider the rate equation in the following form: 

YP - Yo exp[(-AH0 - /J« bA* (te) dte)/kT] (6) » 

This sssumes that the activation free energy, AG « AH and AH - AH(x0) 
It then follows that equation (6) can be written 

AH - KT in tfo/Tp) (7) 

For a single mechanism, AHq is independent of strain rate, so measured 
values of AH versus T must lie between the maximum enthalpy, AH0, and 
AH0 - kT Aln Yp, provided y0 does not change. 

Results from this analysis are shown'in Figures 11 (a) through (d). 
Except for Rod 238, the curves do not fit within the band indicated by 
the solid lines in the figures. This indicstes that more than one 
mechanism is rate controlling in Rods 160, 148, and 239. Since the data 
for Rod 238 do fall within the band, the results are consistent with a 
single rate-controlling mechanism in this alloy. If the low strain rate, 
low temperature data for Rod 239 is neglected, the results are the same 
as those of Rod 238. In fact, all the data are consistent with two 
rate-controlling mechanisms since they fall within two bands. It 
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should be pointed out, however, that the bands are quite wide because 
of the large strain rate range investigated and is not constant 
over the entire range of the tests. These facts limit the degree of 
confidence of the preceding analysis. 

Discussion 
In b.c.c. metals, the density of obstacles is not increased by 

deformation and therefore, the number of possible rate controlling 
mechanisms is limited. As mentioned in the introduction, it is now 
generally recognized that interstitial solutes affect the temperature 
dependence of micro flow stresses more than macroflow stresses. Further-
more, the deformation behavior of the b.c.c. metals is characterized 
by high macroscopic flow stresses which are markedly temperature, 
strain rate, and orientation dependent. While several possible ther-
mally activated dislocation medianisms have been proposed to explain 
the observed behavior, there are presently two predominant viewpoints. 
The first of these maintains that the low temperature strength is an 
intrinsic property of the b.c.c. lattice. The dislocation mechanism 
which controls the deformation is either'the interaction of moving 
dislocations with the Peierls potential via double kink formation or 
the recombination of mildly dissociated screw dislocations, under the 
action of an applied stress. The second viewpoint maintains that the 
low temperature strength is caused by a dispersion of interstitial 
solute atoms in solid solution. The strenthening mechanism in this 
case derives from the elastic interaction of moving dislocations with 
the strain fields of the dispersed barriers. The effects of impurities 
on the flow stress are readily explained by the interstitial models, 
their weakness being their inability to account for the slip geometry. 
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Even in cases where a dependence on Interstitial concentration is found, 
the lattice mechanism may still be important because there is an inherent 
concentration dependence embodied in some of the lattice models. 
Correlation with a Simple Dispersed Barrier Model 

Following the pioneering work of Nabarro (29) and Cochardt, Schoeck, 
and tfeidersich (30) on the mechanism of solution hardening, Fleischer (31) 
derived the theoxy for the temperature dependence of the flow stress 
when it is controlled by thermal activation of dislocations past dispersed 
localized obstacles with tetragonal symmetry. A comprehensive review 
of the original theory and its subsequent refinement through 1968 is 
given by Christian (32). According to this theory, the free energy of 
activation is 

AG - E(x2) - E(xj) - V*t (8a) 

" fl\ (PCx) " Te bt>dx (8b) 

where the values of E(x) or F(x) - dE(x)/dx are the appropriate energy 
and force interaction functions for solute atoms within b of the 
slip planes. The values of Xj and x2 and the ectivation volume ere 

F(xj) - F(X2) - bt (9) 
end 

V* • bt (x2 - xj). (10) 

where 1 * b/(2c)1^2 is the mean spacing of obstacles. 
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For the case of a screw dislocation in LiF, Floischer dorivcs 

F (x) - F 0 {(x/y)2 • fl(x/y)-l}/{(x/y)2 • 1)2 

which for analytical purposes he approximated as 

F (x) » F0a/{(x/y)2 • 1)2. ( U ) 

Combining equations (8b) and (11) gives 

AG - F0b[l - (te/t0)1/2]2. (12) 

Here, Tq - FQ/bt is a constant equal to the solute contribution to the 
flow stress at 0*K. Fleischer ignored the difference between AG and AH, 
so the temperature dependence of the flow stress may be written as 

(t,'-0)i/2 - l - cr /T 0 ) l / 2 (IS) 

for T £ T 0 at constant strain rate. T0 is a constant Which represents 
the temperature at which the thermally activated contribution to the 
flow stress becomes zero. The activation area is obtained from equa-
tion (12) by differentiating with respect to re and substituting the 
concentration for l to obtain 

A* - -l/b(«AG/«xe)T « -b2(2c)"1/2 [(t^ie)1'2 -I]. (14) 
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Although there are several refinements and modifications to this 

theory (33-37), the form of the equations derived by Pleisher are ade-
quate for the present correlations. According to Christian (32), a 
sensitive test of the theory is to examine the temperature dependence 
of the flow stress as a function of composition. According to the 
computer calculations of Kochs (38,39) and Foreman and Makin (40), 

t0 - (0.8Fo/b2)(2c1/2), (15) • 

which confines with equation (13) to give 

*« - (0.8Fo/b2)[l - (T/To)1/2]2 (2c1/2). (16) 

To correlate the present microstrain data with the dispersed inter-
stitial theory, Figures 12(a) and 13 show plots of t£ versus for 
strain rates of 3.2 x 10~7 sec"1 and 1 x 10"s so."1, respectively, at 
constant temperature. In these plots, it is assumed as a first approxi-
mation that TE • T£ • T - T (298*K) at the strain rate of interest. 
Taking F0 « ub2/8 and estimating T0 » 350*K at cp - 1 x 10-5 sec-l from 
Figures 5(a) through 5(d), the gradients of T. (T) against 

should 

be 122, 66, 32, and 4 at temperatures of 125*K, 173*K, 220°K, and 298*K, 
respectively, if equation (16) is valid. At Cp « 3.2 x 10-7 sec'1, 
T o 250*K and the gradients become 64, 21, 3, and 0 at the same tempera-
tures. These gradients are shown dotted in Figures 12(a) and (b). As 
can be seen, at ip « 1 x 10"5 sec'1 there is no correlation. At con-
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centrations above 868 at ppm, f'e is approximately independent of con-
centration. At 3.2 x 10"7 sec"1, however, the correlation is quite 
good for concentrations below 1160 at ppm, but at the high concen-
tration, Tg increases with c1/2 much more rapidly than predicted. 

Figures 13 (a) and (b) show the activation area plotted against 
c"*/2 at £p • 3.2 x 10-7 sec"1 and 1 x 10"5 sec"1, respectively. Accord-
ing to equations (13) and (14) these plots should be straight lines 
with slopes as indicated. Again there is no correlation. At the low 
strain rate the curves show a complex behavior, whereas, at the high 
strain rate the activation area is nearly independent of concentration. 

The data are somewhat consistent with the dispersed interstitial 
model at concentrations below 1160 at ppm in the microstrain region. 
The data are inconsistent with the dispersed interstitial models in the 
macrostrain region and are also inconsistent with a single mechanism 
theory. This is in agreement with the previous analysis of the tem-
perature dependence of AH. It is also apparent that interstitials 
affect dislocation mobility more in the microstrain region than in the 
macrostrain region, strongly suggesting that the dominant dislocation 
species is different in the two regions. 
Correlation with Lattice Model Theory 

There are currently two types of models which describe the inter-
action between dislocations and the perfect lattice. The first type 
of theory attributes lattice effects to the Peierls-Nabarro force, 
while the second asserts that sessile dissociated screw dislocations 
must recombine under stress to form a glissile configuration capable 
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of progressing to the next lattice position for dislocation motion to 
occur. The former theories, known as the double kink theories, will 
be discussed first. The latter theory, which applies to the motion of 
screw dislocations, will only be briefly discussed. 

The theory of the motion of a dislocation through a material with 
s high Peierls energy was introduced by Seeger (41) and has since been 
treated by many others. A critical review up to 1966 has been given 
by Gqyot and Dorn (42). The basic premise of double kink models is ' 
that the dislocation is thought to move across a series of Peierls 
barriers with the aid of applied stress and thermal activation. Under 
zero applied stress, dislocations tend to lie in low energy positions 
parallel to rows of atoas on the slip plane. In this position, the 
line energy of the dislocation is minimum. Motion of the dislocation 
takes place by the thermally assisted production of a pair of kinks 
which after nucleation move laterally to advance the dislocation. The 
nucleation of double kinks is considered to be the rate controlling 
step. The double kink is assumed to spread very rapidly so that the 
dislocation moves past a Peierls hill once the double kink forms. 

A good approximation for the activation energy is (43) 

where q varies from 1.5 for a parabolic barrier to 2.0 for a sinusoidal 
barrier and AG0 is a constant. The corresponding activation area is 

AG - AGq{1 - (te/Tp)}* (17) 

(18) 



The double kink theory has been modified in various ways. Dorn 
and Mukherjce (43) have used an assymetrical barrier to explain ob-
served assymetry of flow stresses. Mason (44), Arsenault (45), and 
Ono and Sommer (46) have considered double kink nucleation on finite 
dislocation line lengths. For the case of iron, Arsenault reports that 
the activation energy remains constant for 21 K 40b. Ono and Sommer 
assume that the end of the dislocations are pinned by dispersed inter-

> 

stitials. When an infinite line moves forward, the successive con-
figurations are identical and the total energy continually decreases 
because of the work done by the applied stress. For a pinned dis-
location of given length, however, the first minimum may be higher 
than the original' energy unless the stress exceeds a critical value, 
tc, and the line will return to its original position if the stress 
is lowered. The cutoff stress Tc increases with solute content and 
at high temperatures appears as an athermal component of the flow 
stress. However, the solute contribution is not additive with the 
thermal component since at low temperatures the stress is given by 
the Dorn-Rajnak model. 

The theory that the mobility of screw dislocations is controlled 
by the thermally activated sessile to glissile transformation of 
extended dislocations was first developed by Vitek (47), Vitek and 
Kroupa (46), and Escaig (49), and subsequently by Duesbexy (50) and 
Duesbery and Hirsch (51), all of whom used dissociated core models. 
The dislocations are thought to be dissociated into two or three 
partials enclosing stacking faults. There can be both sessile or 
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glissile configurations depending on whether the partials lie on one 
or more plants. The sessile configurations represent lower energy 
states and are, therefore, stable at zero applied stress. The motion 
of the screws involves the constriction of stacking faults and the 
reassociation of partials onto a single glide plane. 

The process can be thermally activated and the activation energies 
depend on the extent of splitting and hence on the stacking fault 
energies on various planes. Because these are different for various 
planes, it is possible to rationalize such effects as the predominance 
of {110} versus {112} glide to low temperatures and the assymetry of 
the orientation dependence of the flow stress. The predictions of 
this model are very similar to those of the double kink models and 
therefore, this description may be considered as an alternate to double 
kink formulations for screw dislocation motion. This approach, however, 
points out that there may be a somewhat larger resistance to lateral 
kink motion on screw dislocations than is predicted by a Peierls 
barrier model, since a stacking fault energy must be supplied in order 
to constrict the dislocation at the kink. . 
Correlation with Lattice Models 

The observations that t^ and A* are nearly independent of concen-
tration at ep » 1 x 10~5 sec'1 in Figures 12(b) and 13(b) are con-
sistent with the lattice mechanism controlling the deformation rate 
in the macros train region. 

Figure 14 shows the flow stresses at a plastic strain rate of 
1 x 10"5 sec"*, plotted as a function of temperature for various con-



centrations of 0+N soluto. The results are in good agreement with the 
Ono-Sommer model except for the lowest concentration, whc.'e the observed 
temperature dependence is considerably less than that predicted by this 
model. The data are similar to those on iron-nitrogen alloys obtained 
by Xeh and Nakada (52). 

Figure IS shows the flow stresses as a function of temperature for 
various concentrations of 0+N solute at a plastic strain rate of 3.2 x 
10-7 sec"1. The behavior at cp » 3.2 x 10" 7 sec"1 shows distinctly 
different characteristics from those observed at 1 x 10"5 se"1. The 
temperature dependence of the flow stresses are only slightly dependent 
on solute content up to concentrations of 1160 at ppm and then there is 
an apparent transition to a strongly temperature dependent flow stress 
at the highest solute content. This behavior is not consistent with 
the lattice models, leading' to the conclusion that this mechanism is 
not rate controlling in the microstrain region. It should be recalled, 
howtver, that the high concentration Rod 238 samples were prestrained 
at the test temperature. The behavior of this material in the micro-
strain region could be related to the fact that these samples probably 
contain very few edge and nonscrew dislocalin the structure. If 
the solute affects are primarily associated with edge and nonscrew 
dislocation motion and only indirectly » roci»ted with screw motion, 
then this increase in strength could be caused by % lack of mobile 
dislocations in the microstrain regie, These- sar;e samples in the 
initial unprestrained condition showed vexy J it tie r.truin prior to 

. the occurrence of a rounded yield drop again indicating that few mobile 

. segments existed in the structure. 
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Dislocation Mechanism in the Microstrain Region 

The major objective of this investigation is to examine by thermal 

activation analysis whether a single dislocation mechanism controls the 

rate of deformation at all strains and concentrations or whether different 

dislocation processes control the flow rate in the microstrain region 

for different concentrations of interstitial solutes. The present 

results clearly support the hypothesis that more than one mechanism 

contributes to the deformation prior to macroflow. On the other hand, 

microstrain results have been interpreted on the basis of a common 

mechanism of flow for the micro and macro regionr. The present results 

are contrary to this view except possibly for very high interstitial 

solute contents where the amount of strain occurring prior to macroflow 

is small. 

The hypothesis that the primary microstrain process is linked to 

the motion of edge and nonscrew dislocations has been discussed by 

several authors (1, 7-10). In order to explain how large microstrains 

occur in metals with large Peierls stresses, Arsenault (45) considers 

double kink formation as the rate controlling process. One of the 

unique features of the double kink model is that it predicts a spectrum 

of activation energies for dislocation motion. This is because the 

energy of formation of the double kink is strongly dependent upon the 

value of the Peierls stress which in turn is a strong function of 

dislocation character. Unfortunately, theoretical estimates of the 

magnitude cf the Peierls stress are rather poor which makes an exact 

calculation impossible. Even so, relative changes in the magnitude 

can be predicted from changes in the physical constants which appear 
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in all expressions of the Pcicrls stress. Typical expressions are as 

follows (53). For a scrcw dislocation, 

• (abp/2c) exp (-ird'/c) (19) 

and for an edge dislocation, 

- lbp/2c(l-u))exp[-ird'/(l-u)c] (20) 

where a is a constant related to the force law used and has values ranging 

from 0.5 to 1, d' is the distance between slip planes, u is Poisson's 

ratio, and c equals b for an edge dislocation and 1/3 b for a screw 

dislocation. The parameter d'/c can be defined as the width of the 

dislocation. The Peierls stress for a screw dislocation on a (110) slip 

plane is thus as much as 10^ larger than for an edge dislocation. The 

activation energy of formation of a double kink varies as the square 

root of tp, so, there may be a factor of about 30 difference in the 

activation energies of formation of doublfe -kinks for the two types of 

dislocation. 

From this analysis, Arsenault concluded that the events which 

describe the movement of dislocations in the microstrain region could 

be as described below. First, the motion of geometric kinks occurs, 

then double kink formation on edge components takes place. Edge com-

ponents are able to move fairly large distances leaving behind trails 

of relatively immobile screw dislocations. The supply of edge com-

ponents becomes exhausted, resulting in an increased stress required 
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for further straining. This effect has been tenned "exhaustion har-

dening" by Soloaon and McMahon (S) who use a sinilar model to explain 

microstrain phenomena in iron. At the end of the nicrostrain region 

and towards the beginning of nacroflow, the formation of double kinks 

on screw components takes place and aacroflow is controlled by this 

process. 

The concept of double kink formation on edge dislocations in the 

b.c.c. lattice requires further consideration because these disloca-

tions do not lie along >a close packed direction. According to the 

theory of the Peierls stress, the lattice provides an appreciable 

barrier to dislocation cotion only if the dislocation line lies 

parallel to a lattice period vector. Therefore, the resistance to 

edge motion is expected to be snail. There is a mixed dislocation, 

however, which is predominately edge and which lies in a <111> close 

packed direction. This dislocation is 71° off the screw orientation 

and the Peierls stress is approxinately a factor of three smaller 

than that of the screw dislocation. 

If the general direction of the dislocation does not lie along a 

close packed rov, it is expected that the line contains kinks. The 

resistance to cotion for the dislocation then reduces to the resis-

tance to kink cotion and this also is appreciable only- if the kinks 

are parallel to another close packed row or are forced by high energy 

stacking fault constrictions. Neglecting kink-kink interactions, the 

kink barrier has been calculated by Schottky (54) as 

Tk « (-192/-V 3H(l-v)/(l+o)]Cb/Kk)(Tp/i02u (21) 
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where t^ is the stress required to cause the kink to cross the barrier 

and w^ is the width of the kink. The value of the energy barrier is 

given as 

AGk - Tkb3/5 (22) 

Arsenault, Crowe and Carnahan (9) consider the two cases where 

1) a single mechanisra operates and that mechanism is the dispersed 

barrier mechanism as described by Fleischer, and 2) multiple mechanisms 

operate and these are double kink nucleation on four types of dis-

locations on the slip plar.e. The types are edge, screw, 71° mixed, 

and general mixed charact cr. For case 2), they write the instantaneous 
plastic strain, ep, as 

Cp * ob2tu0i|1 Pi ex?[-JLGi(x*)/kT] (23) 

where t is the time of the load. By assuaing limitations on the 

amount of strain that edges, 71°, and general mixed dislocations 

contribute to the s:rain and reasonable activation energies for 

notion of each species consistent with a lattice model, they predict 

x* versus T curves in excellent agreement with Fignie 5(a) for low 

concentrations of interstitial solutes. As the interstitial solute 

concentration increases, a transition to behavior in excellent 

agreement with Figure 5(d) is predicted. At first glance, it is 
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tempting to correlato the present results with this theory without 

further analysis. However, Figures 13(a) and 13(b) show that pre-

dicted activation areas are not consistent with a dispersed barrier 

model over the large concentration and strain range investigated. 

Sceger and Sestak (10), using similar ideas, predict in detail 

stress-microstrain relationships in the proyield region. Their pre-

dictions are based on the extended core model for scrcw dislocations 

in which the motion of <111> screw dislocations requires a local 

change from a sessile to glissile configuration. Secger and Scstak 

describe how a dislocation segment of arbitrary orientation moves 

as the applied stress is gradually increased. Tho sequence of events 

is shown in Figure 16 and starts with the movement of nonscrew dis-

locations and the formation of immobile geometric kinks on scrcw 

dislocation segments. As the applied stress is further increased, 

the kinks cove along the screw dislocations and the nonscrew segments 

bow out, presumably by a double kink mechanism. The critical point 

is that kink motion along the screw segments may have a somewhat 

larger activation energy than does double kink nuclcation on the non-

screw segments. Further increases in stress eventually enable the 

nucleation of double kinks on screw dislocations and macroscopic 

flow begins. 

Using this sequence of event., Seeger and Sestak conclude that 

stress-aicrostrain curves should contain an inflection point at the 

lower temperatures. The inflection point is associated with the 

exhaustion of pre-existing geometric kinks in a manner similar to 
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that described by Alcfcld, el al (55). Sceger and Sestak further pre-

dict that solute atoms affcct microflow only above ^O^K. This is 

because of the small activation energy associated with lateral kink 

motion and double kink nucleation on edge and nonscrew dislocations. 

Above 'vSO'K these processes are expectcd to be conpletely thermally 

activated (i.e., T > Tc for these processes). 

Unfortunately, twinning in the specimens studied in this inves-

tigation at test temperatures below 125°K prevented checking the 

latter predictions. 

Estimates of Activation Paraneters and Other Correlations 

To relate the present work to the ideas described above, it is 

instructive to consider some theoretical estimates of the activation 

parameters associated with the relevant elemental processes and to 

coioparc then with measured quantities. It is also instructive to 

consider the amount of strain which can be expected from each process. 

The first elemental process is associated with lateral kink motion. 

From equations (21) and (22) with tp/y * 10-2, b/wfc = 1/10, and v • 

S.2 x 10" dynes/cm2, * 0.294 kg/nra2 and £G'K » 7 x 10~5 ev. The 

corresponding activation area is A* e 10b2. Clearly, this process is 

completely thermally activated over the temperature range investigated. 

If, as suggested by Seeger and Sestak (10), the kinks are abrupt, b/wfc = 1 

and AG); then equals 7 x 10"4 ev: still too snail to be considered as 

rate controlling. For to equal as much as 0.5 ev, b/wfc = 700, which 

is indeed abrupt. 

The question arises, however, as to whether all the microstrain 

can be achieved by motion of pre-existing kinks without the necessity 
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of nucleating new kinks. Consider the strain result inf. from a density 

Pit of kinks moving a distance Lk. The strain ejj, is 

e£ - PkbLk (24) 

Assuming Lk is 10"^ cm, which is about 1/10 the average distance between 

dislocation tangles, a plastic strain of 1 x 10"5 gives ~ 4 x 107, 

which is reasonable. For jaicrostrains of 8 x 10~4f however, p^ must 

equal 3 x 10®, which is rather high since the total line length per 

cubic centimeter in as-grown and annealed crystals is estimated as 

*v»3 x 10s 

cm" . Furthermore, a stress-strain curve for a material where 

only kink notion is occurring should be highly non-linear because of 

the depletion of the nirrber of kinks with increasing strain. According 

to Alefeld (55), there should be a region ..here the stress-strain curve 

is convex. This condition is observed in this study, but it occurs 

at strains too large to be associated with this process. Alefeld pre-

dicts strains of approxinately 10"s for geometric kink motion. Thus, 

we conclude that pre-existing geometric kink notion is not important 

in the microstrain curves neasured in this study. The second process to be considered is the novenent of edge and i 
nonscrew dislocations. If the movement of these dislocations is 

associated with the anisotropic expansion of dislocation loops in 

which screw segments are sessile, there can be no general dislocation 

multiplication until the screw segments beconie mobile and thus the 

- stress-strain behavior is clearly a form of exhaustion hardening. 

During the expansion of the loop, the screw density should increase 
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as the nonscrew density decreases and there should therefore be a 

limit to the total strain which can occur without dislocation multi-

plication. If there are initially N edge segments per unit volume 

of mean length x, this maximum microstrain, fnax» 

c n a x = Nx'.b (25) 

where the slip distance, A, is equal to or less than the dimensions 

of the crystal. With N x = 3 x 10s cm'2, and A = 10"1 cm, e m a x « 

7.9 x which is in excellent agreement with the location of the 

transition in the A* versus tp curves of Figures 7 through 10. The 

corresponding screw density produced as a result of this microstrain 

is 

p s * 2XA = 2emax/xb. (26) 

Kith x «= 10"4 cn, ps « 6 x 108 en"2, which is a reasonable number that 

compares with the electron microscopy results of p$ » 1.5 x 10® cm"2 

obtained by Solomon and McMahon (8) in iron after a 1% strain at 77*K 

and ps « 1 x 10® cm'2 obtained by Lawley and Gaigher on molybdenum (56) 

after a 5 x 10"3 strain at 77°K. It should be pointed out, however, 

that the values chosen for the above calculations require N = 3 x 10® 

cm"3 which is a high value. Christian (57) performs a similar calcu-

lation and concludes that some sourccs most likely operate prior to 

macro flow. 
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The above calculations indicate that n convex jtri-ss-microstrain 

curve may result fron the exhaustion of cc'̂ o and nonscrew segments. 

The location of the upsweep would be expected to oc~ur in the strain 

range 10"4 < Cp < 10~3. This is observed. In contrast, the ranp.c 

Cp 10~5 is expected fron the Seeger-Sestak (10) model where the 

emphasis is placed on the low mobility of ki."xks in scrcw dislocations. 

The rate controlling mechanism for the notion of the edge and 

nonscrew segments coul«' he either double link nucleation or solute 

interactions or a combination of these. A good approximation for 

double Uink nucleation processes are the relations 

AGDk » 2 b 2 r y 2 ( T p - te)1'2 (27) 

and 

A* « b:1/2(Tp - Te)"1/2 (28) 

due to Friedel (58). Here r© s ub2/2 is*the line tension and tn is 
m 

the value of the Peierls stress for the particular species of dislo-

cation of interest. Assuming 30t® = 3-p* * t | « SO kg/ron2, where 

the sub or superscripts e, 71, and s refer to edge, the 71° mixed, 

and screw dislocation respectively, iG^k = 0.811 ev, A G ^ » 0.363, 

and 0.148 ev at zero effective stress. The corresponding acti-

vation areas are Ag = 10b2, A ^ » 23b2, and A* = 55b2. Although the 

values of the activation energy are reasonable, the values of the 

activation area are considerably smaller than those measured in the 

microstrain region. The values, however, are in goud agreement with 
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the Measured parameters in the nacr-strain region. 

According to the dispersed uarricr nodel of Fleischer £31), tC,Q -

F0 b where I'0 is the r.axinum force exerted on the dislocation at 0°K. 

If the dislocation is assuned to be edge, the theory predicts 

F0 - ptub2/2.9 (29) 

Using en * 0.3, FQ «• "72 10" 5 dynes. This gives £G0 • 0.611 ev. 
This value is also a reasonable estinate. 

From equation (15) the values for t0 for each cf the test crystals 
are expected to be 14 Kg/nn2 for Rod 160, 19 Kg/nm2 for Rod 148, 22 

Kg/ren2 for Rod 239, and 26 Kg/m2 for Rod 238. As can be seen by 
examining Figure 15, these are veiy reasonable estimates for te at 
0°K for microflow at £p = 3.2 x 10"7 sec-*. This is good evidence 
•;hat the nobile species in the nicrostrain region are edge and non-
scrcw dislocations. 

It should be pointed out that 5t is difficult to estimate a value 
for A* in the microstrain region for a dispersed hairier model 
because in the nicrostrain region ?e is always snail up to the 
anelcstic limit. According to equation (14), A* is expected to be 
large for snail ie. Equation (14) predicts that A*+ »as ie + 0, 
but this cannot occur in any real situation. 

The behavior observed during this investigation is therefore 
consistent with the multiple mechanisn theory of nicrostrain in 
which edge and nonscrew dislocations ~re core nobile than screw 
dislocations. The rate controlling process for the edge and nonscrew 
motion is consistent with the thercally activated jumping of dispersed 
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interstitial solute atons. Processes of double-kink nucleation on 

edge and nonscrew dislocations are cor.plctcly thcnally activated in 

the temperature range Jnvestigated. Lateral kink notion is apparently 

not important as a rate-controlling cechanisn. Macroflow is controlled 

by screw dislocation interaction with the lattice. The results ave 

consistent with double-kink nucleation on screw dislrcations pinned 

to finite lengths by inferstitial solute atons as described by the 

model of Ono and Socaer (-16). This is also consistent with the trans-

mission electron nicroscopy results of Huang and Arsenault (21) and 

at variance with the results of Arsenault and Pink (22). 

The only observations not consistent with the above picture are 

the results on Rod 160 in the r.acrcstrain region. These results are 

consistent with other experimental work (59, 60), but they are not 

consistent with the Ono-Somer ncdel. One possible explanation for 

this could be that the presence of a snail anount of interstitials 

increase the lattice resistance to dislocation notion by increasing 

the Peierls stress. Such an effect would be related to electronic 

effects associated with dissolving snail quantities of interstitials 

into solid solution. 

SUMMARY AND CONCLUSIONS 

The principal results of this investigation and the conclusions 

which are drawn from then are as follows: 

1. Mathods for perforning dynamic nicrostrain tests in compression 

in the nicrostrain region at temperatures down to 77°K have 

been developed. The activation parameters for plastic flow 
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in the nicrostrain region have been evaluated cn a scries 

of vanadiix-i single crystals containing interstitial contents 

ranging fron. 4SG to 1649 at ppn 0 • N at various temperatures 

between 123°K and 2a8"K over the strain range 10-5 to 2 x 10"3. 

because the true plastic strain rate in the microstrain region 

is a function of strain, a flow criteria based on a fixed 

offset strain is inadequate in relating measured flow stresses 

to theories of thmally activated flow. Flow criteria based 

on constant plastic strain rates were used in a parametric 

analysis of the observed behavior. Flow criteria based on 

constant plastic strain rates are more closely related to the 

dynamics oi individual dislocations and therefore thermo-

dy.i2.\-.ically r.ore appropriate in relating theory with experiment. 

Activation parameter neasurenents Indicate that a single 

dislocation ncchanisn: does not operate continuously as a 

function of strain over the entire micro to macro strain 

region, except possibly at very high interstitial contents. 

Activation enthalpy values do not fall within a single mecha-

nise band and activation areas as a function of strain exhibit 

discontinuities. Both of these observations are inconsistent 

with a single nechanisn theory. 

Flow stress as a function of interstitial concentration 

at all temperatures in the microstrain region are consistent 

with the idea edge and nonscrew dislocation are the mobile 

species in the nicrostrain region and the dynamics of the 

dislocations are controlled by solute interactions. 
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Flow stress as a function of interstitial concentration at 

all temperatures in the cacrostrain region are consistent 

with the idea that screw dislocation motion predominates, 

the dynanics being controlled by double kink nucleation of 

screw segments whose ends are pinned by dispersed interstitials 

according to the r.odel of Ono and Somner. 
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Figure Captions 

Figure 1. A Schematic of the Compreesion Jig 

2. A Schematic of tho jig and measuring system. 

3. Axial stress-microstrain curves for the high interstitial 
Rod 238 at various test temperatures. 

4. Axial stress-microstrain curves for the low interstitial 
Rod 160 at various test temperatures. 

5. The temperature dependence of the microflow stresses at 
various constant plastic strain rates: (a) low interstitial 
Rod 160, (b) low intermediate interstitial Rod 148, (c) 
high intermediate interstitial Rod 239, and (d) high inter-
stitial Rod 238. 

6. A typical true plastic strain rate versus true plastic 
strain curve. 

7. Apparent activation area versus plastic strain at various 
test temperatures Rod 160. 

8. Apparent activation area versus plastic strain at various 
test temperatures Rod 148. 

9. Apparent activation area versus plastic strain at various 
test temperatures Rod 239. 

10. Apparent activation area versus plastic strain at various 
test temperatures Rod 238. 

11. The apparent activation enthalpy versus temperature at 
various constant plastic strain rates for (a) Rod 160, 
(b) Rod 148, (c) Rod 239, and (d) Rod 238. The straight 
lines define a strain rate band consistent with a single 
dislocation mechanism. 

12. Approximate effective stress versus the square root of 
concentration for constant plastic strain rates of (a) 
3.2 x 10-7 sec-l and (b) 1 x 10-5 scc-l. 

13. Apparent activation area as a function of the inverse 
square root of the concentration at a plastic strain 
rates of (a) 3.2 x 10-1 and (b) 1 x 10-5 sec 1. 

14. The temperature dependence of the flow stress for various 
interstitial concentrations at a constant plastic strain 
rate of 1 x 10*5 sec-1. 
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Figure 15. The temperature dependence of the flow stress for various 
interstitial concentrations at a constant plastic strain 
rate of 3.2 x 10"7 sec"1. 

16. Schematic of the sequence of configurations describing 
dislocation notion in the nicrostrain region (adapted from 
reference 10). 

i 

\ 



TABLE I 
CHEMICAL COMPOSITION 

CONCENTRATION IN WEIGHT ppm 'ATOMIC 
CONCENTRATION 

0 + N ROD CARBON NITROGEN HYDROGEN OXYGEN 

'ATOMIC 
CONCENTRATION 

0 + N 

160 8 23 N.D. 126 .000486 

148 45 120 N.D. 135 .000868 

239 68 310 -=0.5 10 .001160 

238 63 340 « 0 . 5 129 .001649 

0 + N = (3.19 Wt ppm 0 * 3.64 Wt p n m N)10 6 

N.D. = Not detected 
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3. Axial stress-microstrain curves for the high Interstitial 
Rod 238 at various test temperatures. 



4. Axial stress-nicrostrain curves for the lew interstitial 
Rod 160 at various test temperatures. 
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ROD 160 
PLASTIC STRAIN RATE 

o H O " 5 SEC-1 

D 3.2-10"6 

a M O " 6 

+ 3.2-10'7 

200 
TEMPERATURE. K 

5. The temperature dependence of the microflow stresses at 
various constant plastic strain rates: (a) low interstitial 
Rod 160, (b) low intermediate interstitial Rod 143, (c) 
high intermediate interstitial Rod 239, and (d) high inter-
stitial Rod 25S. 
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100 150 200 250 300 
TEMPERATURE. K 

5. The temperature dependence of the microflow stresses at 
various constant plastic strain rates: (a) low interstitial 
Rod 160, (b) low intermediate interstitial Rod 148( (c) 
high intermediate interstitial Rod 239, and (d) high inter-
stitial Rod 23S. 
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5. The temperature dependence of the microflow stresses at 
various constant plastic strain rates: (a) low interstitial 
Rod 160, (b) low intermediate interstitial Rod 148, (c) 
high internediate interstitial Rod 239, and (d) high inter-
stitial Rod 238. 
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5. The temperature dependence of the microflow stresses at 
various constant plastic strain rates: (a) low interstitial 
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high intermediate interstitial Rod 239, and (d) high inter-* 
stitial Rod 238. 
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11. The apparent activation enthalpy versus temperature at 
various constant plastic strain rates for (a) Rod 160, 
(b) Rod 143, (c) Rod 239, and (d) Rod 238. The straight 
lines define a strain rate band consistent with a single 
dislocation mechanism. 
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TEMPERATURE, °K 

• 

11. The apparent activation enthalpy versus temperature at 
various constant plastic strain rates for (a) Rod 160, 
(b) Rod 14St (c) Rod 239, and (d) Rod 238. The straight 
lines define a strain rate band consistent with a single 
dislocation cechanlso. 
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various constant plastic strain rates for (a) Rod 160, 
(b) Rod 143, Cc) Rod 239, and (d) Rod 238. The straight 
lines define a strain rate band consistent with a single 
dislocation mechanism. 
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• 
11. The apparent activation enthalpy versus temperature at 

various constant plastic strain rates for (a) Rod 160, 
(b) Rod 148, (c) Rod 239, and (d) Rod 238. The straight 
lines define a strain rate band consistent with a single 
dislocation mechanism. 
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(ATOMIC CONCENTRATION 0+N)1/2 x 103 

12. .Approximate effective stress versus the square root of 
concentration for constant plastic stTain ratesi of (a) 
3.2 x 10-7 sec-l and (b) 1 x 10-5 sec-1. 
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(ATOMIC CONCENTRATION O+N)"1^ 

13. Apparent activation area as a function of the inverse, 
square root of the concentration at a.plastic'strain 
rates of (a) 3.2 x 10-1 and (b) 1 x 10"5 sec"l. 
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(ATOMIC CONCENTRATION O+N)"'^ 

13. Apparent activation area as a function of the inverse 
square root of the concentration at a.plastic strain 
rates of (a) 3.2 x 10-1 and (b) 1 x 10-5 sec"1. 
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1. In i t i a l c o n f i g u r a t i o n 
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2 Movement of non screw 
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B 
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by solute interactions 
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Schematic of Schematic of the sequence of configurations describing 
dislocation notion in the microstrain region (adapted from 
reference 10). 
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Tho Effect of Impurity Interstitials on the 
Lattice Resistance to Dislocation Motion.* 
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Engineering Materials Group, and 
Dept. of Chemical Engineering 
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T. W. Cadman 
Dept. of Chemical Engineering-
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ABSTRACT 
A computer simulation model was developed to determine the 

nature of the synergistic effect between the lattice resistance to 
dislocation motion and impurity interstitial atoms. 

If a screw dislocation is considered in an elastic continuum 
manner in niobium and the oxygen interstitial interacts with the 
screw dislocation in an elastic manner, then the oxygen atoms can 
produce a reduction of the macroyield stress. 
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Introduction 

The elastic interaction of an impurity interstitial atom 
(a tetragonal distortion) with a dislocation has been the subject, 
of numerous i n v e s t i g a t i o n s . The reason for this interest is 
that impurity interstitials affect the yield stress of b.c.c. 
metals. However, the detailed mechanism or mechanisms by which 
the impurity interstitials affect the yield stress is the subject 
of some controversy.^ One mechanism is based on the assumption 
that the strengthening due to thelattice resistance and that due 
to interstitials can be a d d i t i v e 7 ) ; is zero<8,j while still others 
have contended that the impurity interstitials can not have a 

(5) 
direct effect on the macroscopic yield stress of b.c.c. metals 
Although all of these mechanisms have been examined in greater 
d e t a i l n o n e have been based on a consideration of the random 
array of interstitials which takes into account the fact that the 
interaction between the interstitial and the dislocation can be 
e ier positive or negative. 

There have been several computer simulations of the effect of 
random array defects on the stress required to move the dislocation 
through the a r r a y . All of these simulation investigations 
have assumed that force distance - diagram of the defect has only a 
positive component, and that there is also no lattice resistance. 

The purpose of the present investigation was to determine the 
nature of the synergistic effect between the lattice resistance to 
dislocation motion and impurity interstitial atoms. 
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Procedure 

The intrinsic lattice resistance can be the Peierls' stress 
for a screw dislocation, or the constriction of the extended core 
of a screw dislocation. The mechanism for overcoming this resis-
tance is either by nucleating a couble kink or constricting the 
extended core over a short segment of the dislocation line. After 
the nucleation step, the single kinks or the constriction would move 
laterally at a high velocity, athermal motion, an.: the screw dis-
location would have moved forward on Burgers vector (b). It is 
possible to approximate the acitvation energy of the double kink 

(14) mechanism as follows 

AG - 40 oU - (1) 
P 

where T is the applied stress and the long range internal stress is 
zero. The applied stress is therefore the effective stress, rp is 
the Peierls' stress and AGQ is the activation force energy at t « 0. 
Equation 1 can be ocnsidered as a simplification of the formulation 
Duesberry**5^ proposed for the constriction mechanism. In the 
following discussion no distinction will be made between the double 
kink and constriction mechanisms, both will be defined as the double 
kink mechanism. 

The interaction between a tetragonal distortion (an impurity 
interstitial in a b.c.c. metal) and a dislocation has been considered 

(1—4) (4) by numerous investigators . Arsenault and deWit have shown 
that an interstitial does not produce a torque of any consequence 
on the dislocation. Also, they have shown that for all practical 
purposes the interaction is confined to a segment of <10b long on the 
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dislocation. Doughwaite and Evans^ have determined the total 
Interaction force for an anisotropic crystal, and their formulation 
of the force distance diagram will be used. 

The actual computer simulation model involves generating a 
random array of interstitial on a slip plane which has a periodic 
lattice resistance. Fig. 1 is a schematic representation of the 
slip plane with the interstitials located on it. The vertical solid 
and dashed lines represent the effective range in the Y direction of 
the force distance diagram, the solid portion of the line represents 
a positive force (a force acting in the minus Y direction), and 
the dashed line represents a negative force (a force acting the 
plus Y direction). An arbitrary cutoff distance of 4b was applied 
to the force distance diagram. The force at 4b is ~10% of the 
maximum force. 

The dislocation starts at YL = 0, and if no interstitials 
contact the dislocation line of length XL, i.e. the width of the 
slip plane, then a double kink can nucleate anywhere along the dis-
location line. The time required for riucleation is defined by the 
following eqn: 

A G O U - ~ ) 2 

toKN " *o e X p kT (2) 

where tQ = d/(vDL); d is the width of a double kink, i.e. = 20b(14); 
12 -1 

vD is the Debye frequency, 10 sec ; and L is the dislocation full 
length, the dislocation length between interstitials which contact 
the dislocation line as shown in Fig. 1. If the dislocation line 
doe's not make contact with an interstitials, then L = XL. The 
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dislocation moves forward by nucleating double kinks until it makes 
contact with an interstitial. If the force distance is initially 
negative, then the interstitial can aid in the formation of a double 
kink. At t2 the time required to form a double kink is determined 
by the following eqn.: 

2 

has " e x p kT (3) 

where t„ « which accounts for fact the double kink is confined s vDd 
a specific segment for nucleation 
and 

T e • erb 2ob 
(4) 

where(3) 

bv 
6TIS ̂ T T 2 | / 2 l e a + V 2 e c > s i n 2 0 + ^3(ea-eb)cos20]+ (5) s^U-6) y L . 

+ 5 {2/2t<e* + eK ~ 2e ) (2sin80-Sin40) 4(1-dcos 30) 

V3(ea-eb) (cos40-3cos60+2cos80)) + ^ - f (ea+eb-2ec) (sir20-2sin40+3sii\60)+ 
i s 

+ «̂ 3(ea - eD) (Cos20 + 2Cos40 - 3Cos66)] 

• /S' \ 2 
** ( s ^ - V 1 (ea+eb+ec) ( 2 s i n 4 G - •in29)]l- 3 6 s i n f A 
15 X 33 / a o C j 8(l-6cos 30i 
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/2l(e +e K-2eJ (cos40-cos80) • ( 1 a D c 

8' 
(8in4O-2ain60+sin80)] +.§4±[<e|+eb-2e ) (l-co820+cos40-cos60}+ 

11 

+/3(ea-eb)(sin20 + sin40-sin60J + 

- l) (<e
a
+eb

+ec) (cos20-cos40) ]}J 

• 2 1 
S S 

and sin 6 - | cos 0 - r - (X2 + y2)*, 5 - — — ^ " — r j — 
S44(S11 S33"S13) 

and values of S ^ are given in table I, and the volume of the 
defect. 

Also, a double kink can nucleate on the right or left side of 
the interstitial. The time required to nucleate these double kinks 
is given in or with eqn. 2. At this point three double kink nuclea-
tion times have been determined. The method used to select which 
double kink is to nucleate, i.e. which event is to occur, is a 
minimum time criterion. The possibility exists that two or more 
events have the same minimum time; in this case, all minimum time 
events occur. It was found thcit this selection criterion, which 
consumes less computer time, was a good approximation of a binomial 
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distribution selection criterion*165. 

The dislocation moves forward to t̂ i where it encounters the 
positive portion of the force distance diagram. Now a double kink 
will form on the right side, because L is longer than for the left 
side and t is smaller. After the double kink has nucleated it is 
necessary to calculate the included angle A determination of 0 
is necessary for the calculation of the time required to "jump" 
the positive portion of the force distance diagram. 

Two different cases were examined for the determination of 
The first is based on an elastic continium calculation of the 
dislocation shape at interstitial. The shape is obtained from a 
force balance as defined by the following eqn. 

where r is the line tension ), v is the shear modulus, and (4 ) 

4Ul-v)r 
buv 

5 y z ( 3 - 4\> - 5 < ^ y
r * 2 ) 

+ 2 / 2 v y z j . - i ( E 2 2 + E 3 3 ) { z X ( 9 + 2\> - 5 ( •2 Y + X ) + 2/2 v y z j r 

tc22 " ( 

1 5 2 V ) - /5vx(v - 1^)}] 
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2 2 2 >* 

where r = (X + V + Z ) , e^^ are the strains which are given in 
table 1/ and v is Poisson's ratio. Eqn 7 was solved with the follow 
boundary conditions. 

3l o 8 

X = 10b y = lb 

• f 

where X and y are defined in Fig. 2. The solution of eqn 7 yields 
the configuration of the dislocation, and the angle <|> is then defined 
as shown in fig. 2a. 

The second case assumes that the single link is abrupt, as a (17) 
computer simulation has indicated '. The kink can be treated as 
a segment of an edge dislocation lb long. It is necessary to cal-
culate the interaction force between the interstitial and an edge 
dislocation lb long. This calculation proved to be very involved, 
so an assumption was made; i.e., the kink stops 5b for the interstitial 
and <j» is then defined as shown in fig. 3. 

If more than one double kink nucleates on the right side, then it 
is necessary to determine this new configuration. The interstitial 
has an almost zero affect on the second kink or any subsequent kinks. In the continium case the configuration has been determined by 

racc 
(18) 

(14) Arsenault . The kink-kink interaccion for this abrupt case can 
be obtained from the following eqn 

. y b3 Xi j (8) 
T D = 4X(l-2) > , 213/2 [U^-Xj)2 ( Y ^ Y ^ i (Y.-Y .) 

j 
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For a given value, the spacing between kinks can be determined. 
It is possible that q (defined in fig. 2b) could be <5b. 

After determining <t> it is possible to determine the force on 
the interstitial by the following equation, 

2 + (9) 
p s yb cos "2 

The time required to "jump" the positive portion of the inter-
stitial was determined by the following equation: 

AGi (10) 
e eoj e*p 

w h e r e fcoj = ^ b 

and 

AG / F(y) dy - FAy 
• V (11) 

where F(y) is defined by eqn 5, and Ay is the width of the force 
distance diagram at the static equilibrium point, as shown in Fig, 4. 
After determing the "jump" time, the minimum time criterion is then 
applied to determine which event is going to occur, i.e. double kink 
nucleation on the right or left side of the interstitial, or the 
"jumping" of the interstitial. 

After the dislocation has "jumped" the interstitial and pro-
gressed to t4, then three double kink nucleation times are calculated, 
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and the double kink nucleates where the nucleation time is a minimum. 
There is a possibility that the double kink may not have a 

minimum nucleation time at the negative portion of the force distance 
diagram. If the double kink nucleates at t5, then the single kink 
moves laterally to the next positive portion of a force distance 
diagram. 

The average velocity is determined by the following equation: 

where YL is the distance traveled by the dislocation and t ^ is 
the minimum time at a given configuration. This summation of minimum 
times does not include the time required for the single kinks to 

-12 
move laterally. The time required for lateral motion is about 10 
less than that required for the nucleation of a double kink. 
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Results 

The computer simulation model developed is general to the 
extent that it can handle values of Peierl's stress from 0 •*• 
tetragonal strains from 0 -»• and interstitial concentrations from 
0 * 10/000 ppm. The results to be considered will be limited 
primarily to the case of oxygen in niobium. The abrupt kink-kink 
interaction will be treated as a special case. The values of the 
parameters employed in this investigation are listed in Table 1. 

A. Configuration of the Moving Dislocation 
The dislocation moves across the slip plane almost as a straight 

line for low interstitial concentrations (<400 ppm). Increasing the 
interstitial concentration results in an increased tendency for the 
dislocation to bulge and bow out, and for even larger interstitial 
concentrations, a "wave" (large scale un-zipping) moves laterally 
which can be 200b high. 

The boundary conditions necessary to obtain a steady state were 
determined. The criteria of steady state have been defined elsewhere^^ . 

B. Stress - Temperature Relationship 
The stress obtained for a given set of parameters, temperature, 

interstitial concentration x_,AGo etc, is that which is required to P * 
produce a given average velocity. The given v is cm/sec., and 
the reason this v is chosen is that it corresponds to a strain rate 

—5 8 —2 
of -10 , assuming a mobile dislocation density of 10 cm . The; 
dislocation velocity can be easily calculated for the case of only 
lattice resistance as follows: 
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b T 2 
v - r 2 exp - AG (1 - f-) 

° xp (13) 

The solid line in fig. 5 was determined by eqn 13. The line was 
also determined by the computer model for zero interstitial con-
centration. 

The addition of 100 ppm of oxygen results in a small increase 
2 in t, i.e. ~.3 kg/mm at all temperatures. The addition of 1500 ppm 

2 

of oxygen produces a reduction of t at all temperatures of ~4kg/mm . 
If the abrupt kink-kink interaction case is considered, then 

there is an increase in the stress for both concentrations for 1500 2 ppm T increases by ~1.5 kg/mm. 

C. 8tress vs Concentration, Slip Plane Width and Tetragonal Strain. 
The effect of a wide range interstitial concentration on the 

stress was determined by choosing a particular temperature (77*K) and 
slip plane width (3m). The stress initially increases slightly, then 
decreases, remains relatively constant, and increases again as the 
interstitial concentration increases (Fig. 6); and at ~6500 ppm 
oxygen the stress is equal to that at zero oxygen concentration. 

If the abrupt kink-kink interaction case is considered, then 
T increases monatomically with increasing oxygen concentration* 

If the slip plane width is increased from 3M to 9M, the oxygen 
concentration required to produce a reduction of t decreases by 
•1/3 from 450 to 150 ppm. (Fig. 7). 

The magnitude of the reduction in T is strongly dependent upon 
the value of Ac (Fig. 8). If Ac is reduced below .1, then the 
attractive force due to the interstitial is less than the Peierl's 
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force. Also if Ac is increased above then there i a no 
reduction of t, but instead a slight increase. A value of 
Ac » .39 corresponds to carbon ln iron. 

D. Activation Parameters 
The activation parameters were determined by the differential 

technique. The activation energy was obtained by the uso of thu 
following eqnt 

is, .36 eV. Since it has been assumed that entropy ie zero, then 
AG - AH. 

The activation area was obtained by using the following eqn: 

(14) 

• 2 
and for t • 12 kg/mm and an oxygen concentration of 900 ppm 
AH - .355 eV; whereas, AG, obtained from eqn 1 for T * 12 kg/mm' 

2 

(15) 

2 
at T • 12 kg/mm the A* determined is good agreement with obtained 
from the following eqn: 

i » c . i oo r. * i 
» - - b n • st; [l t;J (16) 
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The activation parameters reflect the change in stress due to 

the oxygen addition. 

E. The Effect of the Peierl's Stress 
The above discussed results were obtained for a fixed value of 

Tp and for a screw dislocation. It is also necessary to consider the 
effect oxygen has on edge and screw dislocation in the absence of a 
lattice resistance. 

Fig. 9 is a plot of T VS concentration for both edge and screw 
dislocations. The value of t for the case of « 30 kg/mm2. This 
result indicates that the oxygen interstitials per se are not directly 

2 the rate controlling barrier to screw dislocation if t « 30 kg/mm . r 
Arsenault and deWit1 ' have determined that the maximum inter-

action force between a given tetragonal destination and an edge 
dislocation is 2.1 times greater than that of a screw dislocation. 
For an edge dislocation Ac .573 eV, the concentration dependence 

w does not follow a C relationship which is the oxygen concentration? 
w The reasons for this non C dependence are not obvious. It is 

interesting to note that for low concentrations the average L is in 
(19) 

agreement with the spacing predicted by the Friedel relationship 
As the interstitial concentration increases, L becomes less than 
that predicted by the Friedel relationship, i.e.. L approaches that -h k 
of L • C . To completely understand the non C^ relationship wxll 
require additional study. 

If it is assumed that macroscopic yielding is controlled by the 
motion of the type of dislocation (i.e. edge or screw) which requires 
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the larger T, then there can be a change in type of dislocation 
which is controlling macroyielding. At 77°K the screw dislocation 
is the rate controlling type of oxygen concentration <900 ppm 
independent of slip plane width. For concentrations >900 ppm 
then the edge dislocations are the rate controlling type. 

If the abrupt kink-kink interaction case is considered, then 
thti change from screw to eidge occurs at an oxygen concentration 
of ~1400 ppm. 
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Discussion 

If the screw dislocation is treated in an elastic continuum 
manner and the oxygen interstitial interacts with the screw disloca-
tion in an elastic manner, then the oxygen can result in a reduction 
in the stress required to maintain a given dislocation velocity. 
The magnitude of the reduction is related to value of Ae in the 
following manner. If eqn 9 is considered, the "breaking angle" 
(angle at which AG = 0 and zero time is required to "jump" the 
interstitial) can be determined. For oxygen in niobium the breaking 
angle is 147°. It is observed that two double kinks can nucleate 
at either side of the positive portion of the force distance diagram 
before the force length of dislocation encounters another positive 
portion of face distance diagram. The probability of three double 
kinks nucleating is small. 

2 
It is now possible to determine the $ for t = 12 kg/mm and 

for two single kinks on one side of the positive portion of the force 
distance diagram. The time required to jump (t^) is less than for 
double kink nucleation. (tDKN or tDKg). If a single kink is on 
either side of the positive portion of the force distance diagram, 
then $ is larger than 147° and t., is >t D R N or t D K g. 

The changes in t due to changes in Ae can be explained in terms 
of the above discussion, if Ae is increased, then T has to increase 
so that <f> will decrease which results in t^ - t D K N or tDKS« The 
computer model results indicate that if Ae is increased from .273 
to .39 then there is no reduction of T, but slightly increases for 
an oxygen concentration of 900 ppm. This slight increase is due to 
an -increase in t_, because L decreases. If Ae is reduced to .1, 
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2 then the reduction in T is large (from 16 to 1.3 kg/mm). The 

reason for this large reduction is that the breaking angel in-
creases to 168° which means that if a single kink forms in both 
sides or two on one side, then tj is << t D R N or t D K g. 

The effect of slip plane width on the concentration dependence 
of the reduction of x is not related to <t>, but is related to the 
probability of the dislocation line encountering a negative portion 
of a force distance diagram. The probability of the dislocation 
contacting a negative portion of the force distance diagram in-
creases as the dislocation line length increases; for if a double 
kink nucleates at the negative portion of the force distance diagram, 
the entire force length moves forward lb. 

The subsequent increase in t at larger oxygen concentrations 
is not due to a change in the mechanism, i.e. from double kink 
nucleati *n to "jumping'* of the oxygen interstitial. For the t 

2 

required at 77°K for the case of T° = 0 is -10 kg/mm at an oxygen 
concentration of 3000 ppm; whereas, the T required when T « 30 kg/mm tr 0 is 12.5 kg/mm . The reason for the strengthening in the large t^ 
case is due to the reduction of L, for it has been shown that there 

(14) 
is a minimum L required for the formation of a double kink. 

A change in rate controlling mechanism does occur if it is 
assumed that macroyielding involves the motion of both types of 
dislocations. For the continuum case for oxygen concentrations 
<900 ppm, the double kink nucleation on screw dislocations is the 
rate controlling mechanism, and for oxygen concentrations >900 ppm, 
edge dislocations "jumping" oxygen interstitials is the rate controll 
ing -mechanism. 
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Conclusions 
If a screw dislocation line is considered in an elastic 

continuum manner in a niobium lattice and the oxygen interstitial 
interacts with the screw dislocation in an elastic manner, then 
the oxygen atoms can produce a reduction of the macroyield stresr. 
The oxygen concentration required to produce the reduction i- t ..SJ 

is dependent upon the width of the slip plane or the: length of thii 
dislocation. The wider the slip plane or the longer the dislocation, 
the smaller the oxygen concentration required. 

If it is assumed that the single kink® are abrupt, then addi-
tion does not produce a reduction of the stress but a monotonic 
increase with increasing oxygen concentration. 

A change in the type of interstitial, for example a self 
interstitial with a tetragonal strain of .1, produces a large reduc-

2 
tion in stress: at 77°K the stress decreases from 16 to 1.3 kg/nun . 
If the interstial is nitrogen, then there is no reduction in stress 
but a monotomic increase. 

The results from this computer simulation model strongly indicate 
that the interaction between the screw dislocations in the niobium 
and oxygen is a simple elastic interaction, for when macroscopic 
yielding is controlled by the motion of screw dislocations, there is 
a large increase in the macroyield stress at 77°K with increasing 
oxygen concentration (Fig. 10) 
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TABLE 1 

VALUES OF PARAMETER 

Peierl's Stress 
kg/mm2 

AGo 
eV 

M 
dynes/cm2 

b 
cm 

30 1 2.97x10 2.859xl0"8 

a 
cm 

ea h> ec eT J 4 4 2 dynes/cm 

3.3xl0~8 -.02 1 -.02 -.313 .273 -.85 2.345X1012 

c • 15 2. 
e • 
1 3 2 

S33 2 
dynes/can dynes/cm dynes/cm 

.400xl0"12 -.506xl0-12 1.277xl0"12 
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FIGURE CAPTIONS 

Fig. 1. Schematic of the motion of a screw dislocation by the double 
kink mechanism. 

Fig. 2. Schematic of the configuration of the dislocation for the 
continuum case at an interstitial. 

Fig. 3. Schematic of the configuration of the dislocation for the 
abrupt caso at an interstitial. 

Fig. 4. Force distance diagram as determined for eqn. 5. 
Fig. 5. The5stress required to maintain an average velocity of 10~ cm/sec. as a function of temperature. 
Fig. 6. The stress required to maintain an average velocity of 10 ^ 

cm/sec. as a function oxygen concentration. 
Fig. 7. The stress required to maintain an average velocity of 10 ^ 

cm/sec. as a function of oxygen concentration for two different 
slip plane widths. 

Fig. 8. The stress required to maintain a given average velocity of 
10~5 cm/sec. as a function of tetragonal strain. 

Fig. 9. The stress required to maintain a given average velocity 
of 10~5 cm/sec. as a function of oxygen concentration 
for a small value of Peierl's stress. 

Fig. 10. The experimentally determined yield stress of Niobium - oxygen 
alloys at 77°K. 
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Fig. 1. Schematic of the motion of a screw dislocation by the double 
kink mechanism. 
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Fig. 2. Schematic of the configuration of the dislocation for the 
continuum case at an interstitial. 
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Fig. 3. Schematic of the configuration of the dislocation for the 
abrupt case at an interstitial. 
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Force distance diagram as determined for eqn. 5 
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Fig. 5. The,.-tress required to maintain an average velocity of 
10*" cm/sec. as a function of temperature. 



Fig. 6. The stress required to maintain an average velocity of 10~5 

cm/sec. as a function oxygen concentration. 
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Pig. 7. The stress required to maintain an average velocity of 10 
cm/sec. as a function of oxygen concentration for two different 
slip plane widths. 
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Fig. 9. The stress required to maintain a given average velocity 
of 10"5 cm/sec. as a function of oxygen concentration 
for a small value of Peierl's stress. 
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Lg. 10. The experimentally determined yield stress of Niobium - oxygen 
alloys at 77°K. 
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Appendix V 

Talks Presented 
1. The Thermally Activated Dislocation Motion in the Neutron 

Irradiated Iron-Nickel Alloys. 
C.T.K. Kuo and R.J. Arsenault, Engineering Materials Group, 
and Department of Chemical Engineering, University of Maryland 
Pall Meeting of AIME, 1974. 

2. The Kinetics of a Dislocation Surmounting Two Different 
Strength Barriers. 
R.J. Arsenault, Engineering Materials Group, and Department 
of Chemical Engineering, University of Maryland and T. W, 
Cadman, Department of Chemical Engineering, University of 
Maryland 
Pall Meeting of AIME, 1974. 

3. A Consideration of the Mobile Dislocation Density. 
R.J. Arsenault and H. Perelsztein, Engineering Materials Group, 
and Department of Chemical Engineering, University of Maryland 
Pall Meeting of AIME, 1974. 

4. Mechanical Properties of V-Ti-0 Alloys 
H. Perelsztein and R.J. Arsenault, Engineering Materials Group, 
and Department of Chemical Engineering, University of Maryland 
Pall Meeting of AIME, 1974. 

5. Microplasticity in Vanadium Single Crystals 
R. Crowe and R.J. Arsenault, Engineering Materials Group, and 
Department of Chemical Engineering, University of Maryland 
Spring Meeting of AIME, 1975. 

6. Morphology of Neutron Produced Defects in Nb, V, Mo, and Fe-Ni 
C«A „ Yin and R.J. Arsenault, Engineering Materials Group, and 
Department of Chemical Engineering, University of Maryland 
Spring Meeting of AIME, 1975 
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I. THE THERMALLY ACTIVATED DISLOCATION MOTION IN THE 
NEUTRON IRRADIATED IRON-NICKEL ALLOYS* 

C.T.K. Kuo and R.J. Arsenault 
Engineering Materials Group, and 
Dept. of Chemical Engineering 

University of Maryland 
College Park, Maryland 2074 2 

ABSTRACT 
Polycrystalline samples of iron-nickel alloys with various inter-

& 19 2 stitial impurity levels were irradiated to a fluence of 1.6x10 n/cm 
(E > 1 MeV). The temperature and strain rate dependence of the yield 
stress of the alloys have been investigated in the temperature range 
of 77°K to 580°K. The activation parameters have also been evaluated 
and used to identify the rate controlling mechanisms of the dislocation 
motion. It was observed that above 300°K the thermally activated dis-
location motion over the neutron-produced obstacles is the rate con-
trolling mechanism for the irradiated samples. This observation is 
in agreement with a prediction made by Arsenault. The effect of post-
irradiation annealing on the temperature dependence of the yield stress 
becomes significant above 400°K; therefore, by the single strain rate 
change tests there is no way to determine the; athermal stress for the 
irradiated samples. The motion of double kinks in dislocations over 
the Peierls' stress hill is the lower temperature rate controlling 
mechanism before and after neutron irradiation. 

* This research was supported by The United States Atomic Energy 
Commission under contract No. AT(40-1)-3612 
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2.. THE KINETICS OF A DISLOCATION SURMOUNTING 
TWO DIFFERENT STRENGTH BARRIERS* 

R.J..Arsenault 
Engineering Materials Group 

and 
Department of Chemical Engineering 

and 
. T.W. Cadman 

Department of Chemical Engineering 
University of Maryland 

College Park, Md. 20742 

ABSTRACT 
An investigation was undertaken to determine the effect of short 

range barriers of two different strengths on the thermally activated 
motion of a dislocation through a random array of these barriers. The 
values of the activation energies and activation volumes indicate that 
there is synergistic affect, i.e. a coupling effect, between the strong 
and weak barriers. It was observed that the activation energy is not 
a mean value of the activation energy associated with the strong and 
weak barriers, but is larger than that associated with the strong barrier. 
The stress required to maintain a given average velocity also indicates 
that there is a synergistic effect between the strong and weak barriers. 

* This work was supported by The United States Atomic Energy Commission 
under Contract No. AT(40-1)-3612. 
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3. A CONSIDERATION OF THE MOBILE DISLOCATION DENSITY* 

R.J. Arsenault and H. Perelsztein 
Engineering Materials Group 

and 
Dept. of Chemical Engineering 

University of Maryland 
College Park, Maryland 20742 

ABSTRACT 
If it is assumed that yielding occurs at the minimum value of 

the applied stress, (T ) and that the T can be divided into two a a 
components T*(the effective stress) and x^(the long range internal 
stress) then the mobile dislocations increase from zero at absolute 
zero to some finite value at higher temperatures. The effect of this 
change in the mobile dislocations density on the activation entropy 
for Mg and Nb were considered. The mobile density in Mg is several 
orders of magnitude less than for the case of Nb. This observation 
can be used to explain why the pre-expontential term for Mg is 3 
orders of magnitude less than for Nb. 

* This Research was supported by The United States Atomic Energy 
Com. under Contract No. AT(40-1)-3612 
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4. MECHANICAL PROPERTIES OF V-Ti-0 ALLOYS* 

H. Perelsztein and R.J. Arsenault 
Engineering Materials Group, and 
Chemical Engineering Department 

University of Maryland 
College Park, Maryland 20742 

ABSTRACT 
Single crystal rods of various V-Ti-0 alloys were grown and machined 

into compression specimens. These were tested over a large temperature 
range. The Critical-Resolved-Shear-Stress (C.R.S.S.) and activation 
volume were measured to establish the effect of the titanium and oxygen 
on the thermal component of the yield stress of vanadium. Additionally, 
internal friction experiments were made so as to check the conclusions 
from the compression tests. It was found that titanium alone decreases 
the thermal component of the C.R.S.S. over that of pure vanadium. But 
the addition of oxygen to the V-Ti alloy increases the thermal component. 
The decrease of T* over that of pure vanadium was explained in terms of 
double-kink mechanism. The increase of the thermal component T* due to 
the oxygen addition can be explained either on the basis that all oxygen 
forms Ti-0 complexes or compounds and these particles are the short-range 
barriers (s.r.b.) to dislocation motion, or that hhe Ti-0 particles do 
not act as the s.r.b. directly but influence the intrinsic lattice stress. 
An anomalous increase of T* was observed in the high temperature region 
of V-0.32%Ti alloy. T ris phenomenon was explained by the Stress-Induced 
Ordering (S.I.O.) of interstitial atoms by the stress yields of moving 
dislocations. 

* Research supported by the United States Atomic Energy Commission 
under Contract No. AT(40-1)-3612 
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5. MICROPLASTICITY IN VANADIUM SINGLE CRYSTALS* 

R. Crowe and R. Arsenault 
Engineering Materials Group 

University of Maryland 
College Park, Md. 20742 

ABSTRACT 
An investigation of the activation parameters for plastic 

deformation in the microstrain region has been performed. Vanadium 
single crystals with <491> axial orientations were tested in com-
pression by strain rate cycling at various intervals over the strain 
interval from 1 x 10 to 2 x 10 at a strain sensitivity oil 5 x 10 
Tests were conducted between 125°K and 300°K on a series of cyrstais 
containing interstitial solute concentrations from 160 wt ppm z.o 

1200 wt ppm oxygen plus nitrogen. 
The results of the thermal activation analysis are consistent 

with the theory that microflow results from the motion of edge and 
non-screw dislocations. The data indicates that edge and non-screw 
mobility is controlled by solute interactions in the micro-option 
region whereas in the microflow region, flow is controlled by screw 
dislocation lattice interactions.' 

* This research was supported in part by The United States Atomic 
Energy Commission under Contract No. AT-40-1-3612 
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6. MORPHOLOGY OP NEUTRON PRODUCED DEFECTS IN Nb, V, Mo and Fe-Ni.* 

C.A. Yin and R. J. Arsenault 
Engineering Materials Group 

University of Maryland 
College Park, Maryland 20742 

< 

ABSTRACT 

An investigation was undertaken to determine the effect of impurity 
content on the size and density of neutron produced defects as observed 
by electron transmission microscopy in Nb, V, Fe-Ni and Mo. The 
irradiations were preformed in Cp-5 to a total fluence of 1.6xl019 n/cm2. 
In the case of high purity Nb and V there are two distinct sizes of 

e 
defects, one size is very small 10-50 A and the other is large 1000-

o 
2000 A. At higher interstitial contents, differences in size are not 
readily detected but in the general size decreases with increasing 
interstitial concentration and the density increases. 

If the very small defects are ignored in high purity Nb and V 
then it is possible to correlate the increase in yield stress at 300°K, 
due to neutron irradiation with increase in defect density. However 
this correlation can not be extrapolated to account for the changes in 
yield stress at lower temperatures or to other neutron irradiated metals, 
e.g. Mo or Fe-Ni. 

* The research was supported by The United States Atomic Energy 
Commission under Contract No. At-40-1-3612 


